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ABSTRACT

An investigation was carried out on a
"MULTIPHASE" type alloy, designated PROTASUL10; this
contains 35wt%Co - 35wt%Ni - 20wt%Cr - 10wt%io, and
small Ti additions. Two levels of Ti were studied, i.e,Wwt%,
0.15 and 0.745. This type of alloys when solution treated
consist of a metastable fcc solid solution. High strength

can be produced by deformation.

Studies were made by means of X—fays and
transmission electron microscopy on the work-strengthening
due to deformation at room and sub-zero temperatures,
observing the transformations (fcc + hcp and twinning)
taking place during these deformations and on further
annealing between 425°C ana 650°C. The precipitation and
recrystaliization processes taking place between 700°C and

850°C were also analysed.

An extensive study was performed on the
mechanical properties from room temperature to -196°C,
using tensile tesgting and impact testing, for materials in
the solution treated condition and previously deformed 45%
by rolling at room temperature. The strength at elevated
vtemperatures was studied using compression testing for
materials in the solution treated, solution treated and
aged (600°C/5 hrs), 45% deformed and 45% deformed and aged
(600°C/5 hrs), conditions. The relationship of mechanical

properties to the microstructure was also analysed.



The alloy in the solution treated condition
has a metastable fcc structure. Deformation causes profuse
deformation twinning and some € martensite formation,
which increases in amount with decreasing temperature.
Both are responsible for the strengthening effects
observed. Further strengthening 1s obtained by ageing the
material in the range of temperature 474°C-650°C, This was
attributed to ¢ formation and to diffusion of molybdenum

atoms towards stacking faults and € platelets.

Dynamic strain ageing effects occur within
the temperature range 360°C-700°C and are attributed to
the interaction of solute atoms, mainly molybdenum atoms,
with dislocations. The strongest D.5.A. effect was

observed at 550°C.

Tensile testing from room temperature to
-196°C showed high ductility values, which indicated
similarities with the TRIP steels. The modes of fracture
were analysed by scanning electron microscopy. Ductile
failure was observed from room temperature to -111°C and

intergranular separation at -196°C.



CHAPTER I

INTRODUCTION

MULTIPHASE alloys form a family of cobalt-
nickel base alloys which contain 20pct Cr, and 10pct Mo.
The cobalt-nickel proportions vary from 60Co:10Ni to
30C0:40Ni. These alloys possess a very useful combination
of proberties namely, high strength,'ductility, and

excellent corrosion resistance.

The alloy under consideration (PROTASUL 10)%*
belongs to the family of the MULTIPHASE alloys. It is a
wrought alloy which has developed from MP35N** zlloy
by adding different Ti contents (0.15-0.745) to enhance
forgeability. These alloys are used for hip joints
endoprostheses. Therefore the requirements of properties
for its selection is ra%her demanding. The material must
have high strength, good ductility, high fatigue strength,
since the implant is subjected to a series of fluctuating
stresses, good wear resistance énd from the point of view
of inertness the ideal implant should be capable of
dissolution only in the passive mode when immersed in body
fluids. It should be compatible with other alloys without

provoking galvanic corrosion and should be resistant to

* Registered trademark of Sulzer Brothers Ltd, Switzerland

** Trademark of Standard Pressed Steel Company, USA



micromechanical corrosion.

" Its use has also been extended to the
aerospace industries, for high strength fastening elements,
and to the marine industry for valves, shafts and other
‘highly loaded parts where long lasting corrosion

resistance to salt water is a key requirement.

Unlike most cobalt base alloys which are
hardened by precipitation of intermetallic compounds
or stable carbides; the MULTIPHASE alloys derive their
strength mainly from mechanical deformation which induces

phase transformation in the material.

In the solution treated condition these alloys
are single-phased and possess a face centred cubic
structure which is stable above ~ 480°C-980°C depending on
the alloy composition. Below 'b270°C;740°C the hep is the
stable structure. However the high temperature fcc structure
pérsists on cooling to room temperature and below because
transformation is sluggish. In the case of MP35N the fcc
structure is stable above 650°C and the hep structure is

stable below 425°C.

Transformation is induced by'deformation, the
amount of the transformed product being a function of the

temperature and amount of deformation.

In the past, the high strength of the worked
material has been entirely attributed to the strain induced
hcp phase. A more recent study attributes the strength

only to deformation twinning.




These controversies existent in the literature
have led the present research in a direction to try to
throw some light on this matter. Also detailed studies
. on the mechanical properties at low and at high
temperatures had not been reported prior to the present
work, Therefore, it was thought that would be interesting
to cover the whole range of temperatures from sub-zero
temperatures, i.e., ~196°C, to elevated temperatures,
i.e., 950°C. Special reference to the temperature
transformation ranges of the fcc 5'hcp was given, trying
to obtain a relationship between mechanicai prbperties,

phase transformations occurring and microstructure.

In order to fulfil this programme of work,
plastic deformation at room and sub-zero temperatures
(from ~ 2% to ~ 80%) was carried out to study the
transformations that occur, in particular the formation
of € phase and/or twiﬂs. The annealing characteristics of
such plastically deformed material and of the undeformed
solution treated material were also studied. Recovery,
precipitation and recrystallization were analysed for

the higher temperature treatments.

X-ray analysis, optical and electron
microscopy techniques were used to try to follow the

changes occurring during the various treatments.

g



CHAPTER II

© LITERATURE SURVEY

In order to understand the transformations
undergone during deformation and on annealing, in the
particular cobalt-based alloy considered in the present
study, a general background is given on cobalt, its
crystal structure and allotropic transformation and the

role of alloying additions.

The phase diagrams that relate to the alloy
studied, binaries, ternaries and quaternary are very

briefly reviewed.

.The work done on MULTIPHASE alloys, with
partiéular attention tq MP35N strengthening mechanisms and
mechanical properties is also summarised. Finally, the
basic theory of dynamic strain ageing and general fracture

- processes 1s briefly summarised.

II.1 The allotropic transformation in cobalt

Pure cobalt undergoes an allotropic transforma-
tion upon heating, from hexagonal closed packed (g) to
facé centred cubic (o) (i), The e phase is stable at
temperatures below 4179C and the o form is stable at higher
temperatures up to the melting point. The lattice

parameters (A) for both allotropes are given below:



€ cobalt (h.c.p.) %cobalt (f.c.c.)
a c c/a a

2.5071 4.0686 1.6228 3.5441

The gg2o. transformation is sluggish; the
fundamental reason is to be found in the very low free
energy change associated with the transformation. Much of
the high temperature phase (&) is retained on cooling
through the transformation temperature. However, the
retained o may be transformed at room temperature by

plastic deformation ( 2) (3 ) (%),

The o + € transformation is martensitic, and
is characterised by the following features:

1. The transformation is essentially athermal
in nature.

2. In a thermal cycle of cooling and re-
heating, the transformation is found to be reversible with,
however, hysteresis being observed in the transformation
temperatures. The temperatures at which the
transformation begins on heating (430°C) or cdoling
(390°C) are independent of the heating rates.

3. The amount of the hcp € cobalt which forms
from the o cobalt is independent of grain size of the
starting material. |

4, The transformation occurs by shear with
surface tilts being commonly observed. The crystallo-
graphic relationship between fcc and hcep phases are

{1113, //{oo01} ¢ 1 <110>,  // <11§O>€



II.2 The effect of alloying elements on the

allotropic transformation of cobalt

Binary systems

The temperature at which the transformation
from hep to the fec occurs is influenced by alloying
elements. Therefore, alloying elements can be classified
into two categories (5): 1) s stabilisers, ii) o

stabilisers.

Giamei et al ( 5) proposed two types of
equilibrium diagrams for the effect of alloyingAadditions
to cobalt (Fig. II.1). The full lines represent equilibrium
phase boundaries and the dashed lines represent martensitic
transformation temperatures. The modg of allotropic
transformation chéracterized by the Ms and As temperature
lines is a shear type diffuéﬁonless martensitic reaction.
In Fig. II.1l.a (type 1),'the transformation will probably
occur by a nucleation and growth mechanism, whereas in
(type 2), the reaction temperatures are so low at higher
solute concentrations that the only mode of transformation

observed is the martensitic mode.

If the transformation temperature is raised,
the fcc phase field is said to be constricted, while
depression of the transformation leads to an enlarged

a -field.

Fig. II.2 summarizes the change in transforma-

tion temperature produced by 1 atomic per cent of solute

—rm——



metal, in terms of the atomic number of the solute ( 6 ),

Fig., II.3 (1) (7 ) summarizes the types of
cobalt-rich equilibrium diagram produced by the solution
of various solutes. In class I, the transformation
'temperatures are lowered.These are divided into class I.A,
when there is a completely "open" o field where continuous
s0lid solution between the terminal elements exists, and
class I.B, where there is an "expanded" but "limitedqd"

oo field, 1f continuous so0lid solution formation is

prevented by one or more intermediate phases.

The alloying additions which tend to stabilise
the ¢ phase are iron, nickel, carbon, manganese, etc.
While chromium, molybdenum, tungsten, etc. tend to

stabilise the € phase.

Fig. II.l.c, is a schematic representation of
the type of phase diagram expected for cobalt alloyed
with the refractory metals. Depending on the particular
cobalt-refractory metal system, the Ms temperature may
fall to below room temperature with increasing solute
concentration. In alloys where the Ms lies below room
temperature, the fcc o phase may occur at room
temperature as a metastable phase'due to suppression of
the perictectoid reaction by rapid cooling. In such
alloys deformation of this metastable fecc o phase may

result in the transformation to the hecp € phase.

It can be seen in Fig. II.4 ( 7) that
the addition of molybdenum causes the temperature of the

martensitic'fccé+hcp transformation to fall and that of
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Co %>

Fig., II.l.a - Type 1
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~—

Fig. II.1.b - Type 2
Enlarged & field
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TEMPERATURE,
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Cr 960 38 41 CoCr
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Ta 1000 3 4 CoTa
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ATOMIC % X

Fig. IT.l.c Schematic equilibrium
diagrams for cobalt alloyed with
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the reverse transformation to rise. In alloys containing
more than 12at% Mo the temperature‘of the martensitic

fcec ~»hep transformation falls to below room temperature
which can cause the fcc phase to occur as a metastable
phase at room temperature. In this system it appears that

the equilibrium constitution is represented by o +Co3MosE

Fig. II.5 shows the Co-Cr phase diagram.
This provides an'examplé of a system where the martensitic
fec to hep temperature lies above room temperature even for
high alloy additions (up to 40%wth). Apparently the
allotropic transformation proceeds sufficiently rapidly
in the alloys containing more than 1Swt%Cr so that the
reaction goes to completion before the Ms temperature is
reached ( 9 ). This can be seen by looking at the TTT curve

for the Co~-Cr (7 ) (Fig. V.12.a).

The Co-Ni' system is shown in Fig. II.6.
Nickel forms a series of solid solutions with fcc cobalt.
The € and o two-phase region is shown in this figure,

although its width is in dispute.

II.3 The ternary systehs

The Co-Ni-Cr system

.The isothermal section at 1200°C of this
systém is shown in Fig. IL.7 (11) (¥2), At this
temperature there is a very extensive face—cehtred cubic
(o ) solid solution representing solution of chromium

in the cobalt-nickel alloys. The bece solid solution of
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cobalt and nickel in chromium ( 8) is less extensive. The
cobalt-chromium ¢ -phase dissolves appreciable quantities
of nickel and a small three-phase triangle exists as

shown.

The Co-Ni-Mo system

This system as investigated by Beck (12)
(Fig. II.8) at 1200°C is shown in Fig. II.8. At this
temperature the face-centred cubic ternary solid solution
is extensive; it may enter into equiiibrium either with
MoNi containing a relatively small amount of cobalt (g )
or with MogCo, containing more than 20% nickel (). The
fce ‘solid solution based on the cobalt-nickel & phase eXx-
tends to 36% molybdenum on the nickel-molybdenum side and
to 22.5% sn the cobalt-molybdenum side of the diagram.
The corner of the three-phase field on the o boundary is

placed at 10% cobalt, 35% molybdenum, 55% nickel.

The Co-Cr-Mo system (Fig. II.9)

Fig. II.9 is an isothermél section at 1200°C
of the Co-Cr-Mo (12) (13). The ér-Mo 6- phase extends
approximately half—way across the isothermal section in a
field roughly parallel to the chromium-molybdenum side of
the diagram, It will be recalled that the Co-Mo system
contains a o phase stable between 1620°C and 1250°C, while
there is a similar phase stable from 1470°C to room
temperature in the Co-Cr system. A ternary phase,

designated R, is observed between the ends of the ¢ and
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u phases. At 1300°C the solid solution between the two

0o phases arises.

The Ni-Cr-Mo system (Fig. II.10)

Fig. II.10 shows the isothermal section at
1200°C as determined by Beck (1% ). About three-quarters of
- the area of the diagram is covered by solid solutions of
the o phase in the: nickel corner and by the two-phase
and three-phase fields in which o coexists with &, 0, P,
andd phases. a , ¢ and 0 coexist in a three-phase field
whose boundaries are as follows: ¢ corner 43%Cr, 53.5%Ni
and 3.5 Mo; O corner 49% Cr, 28% Ni and 23% Mo, and =
corner 60%Cr, 29.5% Ni and 10.5% Mo (wt%). The 0 phase
field is approximately parallel to the chromium-molybdenum
side of theudiagram, cdmpri;ing a range of about 23 to
45% Cr. As molybdenum rgplacé chromium in the o structure,

the lattice parameter expands.

IX.4 The Quaternary system (Co-Cr-Ni-Mo)

This system has been investigated by Beck et
al (1#*), At constant temperature a quaternary phase
diagram is represented by a tetrahedron, each corner
point of which corresponds to 100% of one component, the
four faces of the tétrahedron, then, are isothermal sections
of the four ternary systems and the six edges are
isothermal binary systems. Fig. II.12 is a tentative
construction of mrt of the gquaternary Co-Ni~Cr-Mo system,

at 1200°C (1s).
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In the quaternary Co-Ni-Cr-Mo at 1200°cC,
sections of constant molybdenum content are triangular
sections through the tetrahedron parallel to the Cr-Ni-Co
‘facé. As the amount of molybdenum incredses, the size of
the equilateral triangle becomes smaller. Fig. II.11 shows
- an isothermal diagram at 1200°C in which the o phase
boundary for the 5% Mo section through the Co-Ni-Cr-Mo

system is plotted.

To identify the phases which coexist with the
alpha phase in the quaternary system ( 1s) some'general
statements can be made from observations of the Cr-Co-Mo
and Cr-Ni-Mo ternary systems at 1200°C (Figs. II.9 and
IT.10). In the Co-Cr rich region of the diagram, the MNo
content of g('phése coexisting with‘o phase ranges from
0 to approximately 1225% Mo. The Mo content coexisting
With R phase ranges from 12.5 to ~16% Mo. Above 16% Mo,
the u phase coexists with ¢ . On the chromium-nickel side
of the diagram, the o phase coexists with g from O to
57 Mo, and with the ternary ¢ phase between 5 and 19%.
The ternary P phase coexists with o on the chromium-
nicKel side between 19 and 33% Mo. The § and quaternary
o Dphases coexist over very limited compositional ranges,
above 33% Mo. As the cobalt content increases, the
gsolubility of molybdenum in the o phase decreases from
36% in the nickel-molybdenum binary sjstem at 1200°C to
22.5% Mo in the cobalt-molybdenum system. Both the ¢ and

u phases, which cdexist.with o in the Co-Ni-Mo system

v
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at 1200°C (Fig.IIL.8) are very hard, although their presence
in o alloys does not appear to have nearly so drastic an
effect on toughness as that of the sigma phase. The
occurrence of the brittle inter-metallic.g phase in alloy
systems involving the transition elements is interesting.
The presence of ¢ , even in small amounts, in high
temperature alloys is undesirable because of the briftleness
which it imparts. The composition ranges over which sigma
(o) exists are, therefore, important. In the Cr-Ni-Mo
ternary system at 1200°C, the o phase coexists with ¢ in
alloys containing from 3.5 to 19% Mo. However, éolid
‘'solutions of the cobalt-chromium ¢ phase penetrate deep into
the 1200°C isothermal section of the Co-Cr-!o ternary

system, in this system 0 coexists with o below 13% Mo.

The overall effgct of molybdenum additions to
the Cr-Co-Ni ternary system, is to decrease the extent of
fec (o) solid solution, e.g. in the 10% Mo section.

0 phase coexists with the o solid solution at both chromium-
cobalt and chromium-nickel extremes of the ¢ -phase
boundary. The a phase also coexists with € and ¢ in a

three-phase field near the chromium-nickel side of the

diagram,

1I.5 . MULTIPHASE alloys - Mechanical properties
and strengthening mechanisms

II.5.1 | General Characteristics

The strengthening mechanisms inAthe MULTIPHASE

19 -

-----
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alloys have been studied by a number of workers (18-19 ),

For example,Graham and Youngblood (18 ) studied the effect

of swaging to about 20 pct at temperatures where the hecp
‘'phase is thermally stable (e.g. from 400°C to 900°C

depending on composition). They observed an increase in

the yield strength by more than a factor of two, compared

to that of specimens swaged where the fcc polymorph is the
only stable phase; The increase in strength is caused by
deformation of the alloys and not a precipitation

phenomenon, because the yield strength of the solution treated

specimens which were not swaged did not increase.

Summarising, MULTIPHASE alloys consist of a
single phase with a fcc structure. Working at room
temperature by swaging, drawing, rolling.or other cold
forming techniques increases the yield strength to about
three- to five-fold compared with the fully annealed
condition, while maintaining a good ductility. There is a
significant change in the microstructure that accompanies
the pronounced increase in yield étrength, which has been
associated with the formation of hcp platelets in the fcc
grains (16,1718 ) or twinniné (20 ). It has also been
observed that the increase in yield strength depends ﬁpon
composition., As shown in Fig. II.iS as the nickel content
increagses the yield strength decreases, for MULTIPHASE

alloys, for the same amount of deformation.
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II.5.2 Strengthening Mechanisms

II.5.2.a Deformation-induced Strengthening

Several authors ( 1s-19) have related the
deformation induced strengthening of MULTIPHASE alloys to
the formation of fine g hcp platelets in the fcc grains,
which depends 6n the relative stability of the @ and €
phases at room temperature. Although the ¢ phase is stable
up to 425°C in MP35N, under equilibrium conditions (Fig.
V.1), air cooling from the annealing temperature makés it
possible to obtain an essentially fcc metaétable structure
at room temperature. The room temperature stacking-fault
energy, vy, is rather low (25 mJ/ma), and the Ms
temperature for the martensitic-type a-+e transformation
is somewhat below room temperature..The martensitic
transformation from the metastable fcc structure to the
stable hep structure éah be achieved by mechanical
deformation at room temperature. The extent of the a » €
transformation increases with theamount of cold work and

depends on the original grain size.

The @& * &€ transformation occﬁrs on the close-
packed {111} planes of the fcc structure and results in the
formation of thin hcp platelets which are coherent with
the matrix (16). The coherency'strains promote the formation,
in each grain, of networks of ¢ platelets on intersecting
sets of {111} planes. The presence of these networks leads
to an increase in the material's strength, since the
mobility of imperfections.in the ch'matrixvis considerably

decreased.
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The 0.2% offset yield strength is given by the

-1/n
relation 0 = 0, + K d i
. o y (1)

where n=2 or 3, and d is the € platelet interspacing

which decreases as the amount of cold work increases.

This relationship is similar to the Hall-

Petch type; it has been concluded (18 ) that the e platelet
interspacing, d, ;s the parameter that controls the
deformation-induced strengthening of MP35N (35C0o-35Ni-
20Cr-10Mo). However, Viatour et al (21) have shown that
the phase transformation does not begin until a certain
deformation near to 18% has been exceeded. Above this, the
amount of phase transformed rises linearly (10% increase
in plastic deformation leads to a 5% volume increase of the
hep phase).TEgseauthorsmade an attémpt to investigate the
mechanism responsible for the alloy hardening by means of
microplasticity and déﬁsity'measurements. They found the
microplasticity curves show three distinct zones:

(i) The first is linear and is characterized by g = E. € ,
Hooke's Law.( 0= stress, €= strain); (ii) In the second,
microstrains start to occur when the stress exceeds a
cértain value, 00, and increase'linearly with deformation
according to a law of the o = E.e type; this zone
corresponds to the displacement of existing dislocations;
(iii) The third is characterized by a parabolic'increase
of the microstrains; it extends beyond a certain stress
01, and it corresponds to the coming into play of the

dislocation sources.
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They found a relationship of the same type as

the Petch law, except for the exponent.

The reasoning considers the operation of
dislocation sources located at a grain boundary, and it is
supposed that the first of them becomes active at stress

O 4 corresponding to a shear stress made up of the
following components:(1i) The stress required to move the
generated dislocations. (ii) The stress which balances the
‘'opposing shear stress to the dislocations already generated,
and to the grain boundary towards wﬁich the generated

dislocation is moving.

In addition, to calculate the microplastic
deformation, use is made of the equation: ep = %bLu
b = Burgers' vector; L = length of free dislocations per
unit volume which contribute to the strain; u = mean

distance crossed by each -dislocation.

All this eventually leads to a relationship

between the microstrain ep and the applied stress ¢ of the

form:
_ 3/4 9/4
(1) ey = Kgd ' “(o-0)
K3 = a constant which depends on the material and on the

law according to which the length of active source increases

with increasing applied stress.

If designates the 0.2%-offset yield

9.2
strength, substitution in equation (1) gives:

(0902 4/9 -1/3

Kg

(2) 00,2 = oy ¥
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The comparison of this theoretical expression
with the experimental results showed slight differences.
Therefore, since the theoretical model was based on a
deformation mechanism in whicH the distance between hecp
platelets is the only parameter involved, it is likely that
other mechanisms contribute to the material's plastic

deformation.

IT.5.2.b Ageing-induced Strengthening

The structural changes 6bserved on holding
the MP35N alloy in the o +e& field (425°C -~ 650°C) have
been attributed (1) to segregation of solute atoms on
preferred sites. Depending on the time the cold-worked
material is held in this temperature. range, the following
reactions have been reported to take place at the interfaces
between the o matrix and the deformation-induced €

lamellae: i) segregation'of Mo atoms; ii) formation of an

fcc compound (a=3;54i), possibly a metastable allotrope of
CogMo; iii) formation of the CogMo equilibrium compound

(ordéred hexagonal DO,q, a = 5.138, ¢ = 4712A)

Localisation of the'segregated Mo atoms, at
the interfaces between o matrix and the primary ¢ platelets
retards the intervention of the dislocation sources; this
acddunts.for the improved strength. The decrease in the
lattice parameter of the o matrix during ageing agrees with
this mechanism, since the atomic diameter of Mo is distinctly

greater than that of cobalt, nicKel and chromium;



26

the decreased parameter also indicates that it is the Mo

atoms that diffuse towards the € platelets (19).

II.5.3 Structural variables associated with the

formation of hep platelets in MULTIPHASE alloys

Some of the structural variables which have
been associated (18) with the work strengthening and the
stress-induced formation of the hcp platelets in
MULTIPHASE alloys are:

a) c/a ratio of the hcplphase,

b) mechanical twinning of the hcp platelets,

¢) mechanical twinning of the fecc¢ phase

II.5.3.a c/a ratio of the hcp phase

The c¢/a ratio of 1.67 measured (18) for the
hep phase in cold worked 50C0:20Ni (20CrlOMo) alloy is
significantly greater than the ideal ratio 1.633 for the
close-pacKed spheres. The high c¢/a ratio could account for
the thinnesslof the hep platelets and the high yield
strength of MULTIPHASE alloys. Calculations based on X—ray
data indicate that the interatomic'spacing a on the close-
packed {0001 } hecp plane is the same as that on the {111}
plane of the parent foé‘phase.'Therefore, the high c/a
ratio,is‘the result of an expansion in the ¢ axis or the
[0001] hep direction. As a result of this expansion, the
fcc phase between the first set of parallel hcp platelets

formed would be in compression. The thicker a platelet
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becomes, the greater is the compressive stress. The
magnitude of the compressive stress on the fcc phase due
to the high c¢/a ratio of two parallel hcp platelets can

‘be estimated from the equation:

s

Oc :E [(c/a) actual - (c/a) ideali t

[(c/a) ideal] s

E = Young's modulus,233.2 x 103 MWm2 for MULTILPHASE
alloys

ot
1t

the thickness of the hcp platelets

S = the average platelet spacing

This compressive stress would tend to inhibit
the formation of additional hcp platelets on {111} fcc
planes parallel to the initial platelets. However, it would
promote the formation of hcp platelets on an intersecting
set of {111} fcc planes on Which it has a high shear
cdmponént. Because of the closely-spaced, intersecting
network of hcp platelets developed in this manner within
each grain, the movement of dislocations over large
distances would become extremely difficult. It appears that
the initial and major mode of deformation involves the
formation of the hcp plateleté. After sevére deformation,
the build-up of high internal stresses, locked in by the
platelet network, should make further formation of
additional hcp phase extremely difficult. Additional
plastic strain could occur by twinning and ordinary slip,

which do not increase the amount of hcp phase.
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II.5.3.b Mechanical twinning in hep platelets

A compressive stress perpendicular to the
{0001} planes of a hcp platelet would favour the formation
‘of mechanical (10T2) twins. In cold worked MULTIPHASE
alloys, those mechanical twins could prevent an increase
in the thickness of an existing hcp platelet by a stress-
induced transformation. This transformation in pure cobalt
and cobalt-rich alloys occurs by the passage'of partial
dislocations on the {111} planes of the parent fcc that
are parallel to the {0001} plane of‘the existing hcp
platelet. This parallel alignment ({0001}hcp// {111} fcc) is
a necessary requirement for the easy mo%ement of these
partial dislocations. A (1012) mechanical twin would be
a barrier to the passage of the dislocations because the

{0001} plane of the twin is, almost perpendicular to the

" {111} fcc habit plane.

II.5.3.c" Mechanical twinning in fcc phase

' These mechanical twins are easily distinguish-
ed from annealing twins which afe much wider than the area
of a grain selected for electron diffraction. Graham and

Youngblood (18) reported evidence of their existence.

Remy and Pineau (22) studied the influencé
of the SFE on plastic deformation modes in binary
Co0-33/35Ni, ternary Co-(30/35/40/45)Ni-14Cr and quaternary
Co—(ZO/SO)Ni - 14Cr - 5Mo. They found a relationship

between SFE values and the prevailing mode of deformation



29

(slip, twinning and/or o +g martensitic transformation).
This is discussed in Chapter V in relation to the results

of the present work.

Measurements of the stacking fault energy
values in the Co-Ni-Cr system have been made by several

workers (23) (2+) (25) (26); this is shown in Fig. II.14.

- The transformation-induced product has also
been studied (22) in relation to nickel content,
temperature and amount of deformation.In the quaternary
alloy Co-Ni-15Cr-5Mo twins and hep platelets, co-existed
in some temperature range below Md such that the domains

of twinning and hcp martensite overlapped.

I1.5.4 Mechanism of hep nucleation

A nucleation mechanism for the transformation
in Co-Ni alloy has been proposed (55). Cold-work enhances
the nucleation process of the bhase by introducing
glissile a/2 <110> dislocations which may dissociate into
a/6 <211 partial dislecations which bound a stacking
fault, as suggested by Cohen and Weertman (2¢ ). The motion
of the primary partial dislocation distorts the close-
packed plane. The strain at the dislocation core and the
change in lattice paramefer help to nucleate a second
partial dislocation two close-packed planes away. This
creates two additional planes of product phase that will
grow since the stacking fault energy ig negative during

the phase change.

o
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I1.5.5 Mechanical properties of MP35N and Protasul-10

The mechanical properties of the quaternary
35C0-35N1i~20Cr-10Mo alloy (MP35N) and Protasul-10 (the
same composition but with approximately 1% Ti added) have

been investigated by several authors (16-19 ) and (27 -40).

Figs. II.15 and II.16 show the strength and
ductility for the cold-drawn MP35N as a function of the
percentage of reduction and the effect of ageing

. respectively.

Figs. II1.17 and II.18 compare MP35N and
MP159 (another MULTIPHASE alloy: 36C0-25Ni-19Cr-9Fe-7Mo-3T4i)
with some commercial alloys to show the comparison in

properties.

MP35N can be strengthened to above 1,793 MN/m?
( o) tensile strength with éood ductility, by combining a
phase transformation that is induced by cold work and an
ageing reaction. Although the low temperature deformation
has not been extensively studied, Montana has reported (40)
the mechanical properties of MP35N cold worked 49% and
aged. These results are given-in Figs.II.19 and II.20. In
these figures can be observed the relatively high ductility
and notch toughness at sub-zero temperatures. Similar
resulfs have been found in a study of the deformation
characteristics of metastable B-phase in a Ti-15wt%io (4%)
alloy, in which enhanced ducﬁility and strengthening at

low temperatures were attributed to twin formation.

o —
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II.6 Theoretical background to mechanical testing

II.6.1l.a Strain Ageing

When solute atoms are sufficiently mobile
to be able to diffuse to dislocations, they can slow down
the freely moving dislocations by forming an 'atmosphere'
ardund them. An increase in yield stress occurs, on ageing
or during straining, being classified as 'static strain

ageing' and 'dynamic strain ageing' respectively.

Numerous detailed studies of strain ageing
caused by inﬁerstitial and substitutional atoms have been
conducted in different materials having different crystal
structures. The effects of substitutionai solutes were
fully reviewed by Brindley and Worthington (ss) and
interstitial atom effects were reviewed by Baird (s6 ). In
both cases the general characteristics are: a) increase in
yield stress, b) rise in the duqtile/brittle fracture
temperature, c) high work hardening rate, d) serrated flow
(The Portevin le Chatelier effect), e) plateaux or peaks in
the‘femperature dependeﬁcé of flow or proof stress curve,
f) very low (or negative) strain-rate sensitivity, g) very
low relaxation stresses, h) very low creep rate. Most of
these effects can be explained as arising from the
segregatién of solute atoms to dislocations, producing -

pinning of the dislocations (us).

Some of these effects are summarized in Fig.

IT.21 (s5), where a constant temperature is employed.

g~



Mo yield point is obhaocwrvad on re--loading after roesting the
niabeorial under siress for short times, (Fie TH.21.b); over-
straiving ASHICEAR the yield elflcels,. However, whnon the test
is stopped for longer times, the yield point returnsz on
restarting the test (static strain-ageing), and the yield

discontinuity is purely transient (Fig. II.21.c).

If precipitation or recovery occur during this
period, thcn the level of the stress/strain curve will be
raised (Fig. IT.21.d) or lowered (Fig. IT.21.e)
respectively, If the test is performed at temperatures where
solute diffusion can occur, the interaction of solute atons
with moving dislocations will produce repeated fluctuations
in stress, and a serrated flow on the stress-strain curva
will appear (Fic., IT.21.f). This is termed dynamic strain

ageing (DSA).

IT.6.1.b Characteristics of dynamic strain azcing (DSA)

Dynamic strain-ageing effects occurring during
the test can increase Che tensile properties, fatigue
strength and creep strength at moderately high tempera-
tures (ve). As has been mentioned above, DSA is character—
ized by the apprearance of serrations in the stress/strain
curve, It has been proposed that the onset of serrations
coincides with the point at which effectively all mobile
dislocations become locked by strain ageing at stages during
the test, so that the stress increases until deformation

is nucleated locally, with a sudden drop in stress when

dislocation multiplication occurs. The fresh dislocations

48]
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are then pinned by diffusion of solute atoms and the process
1s repeated. At high temperatures the atmospheres'become
sufficiently mobile to move with dislocations so that

they are never fully locked.

Three different types of serrations have been
reported (4#s). Type A serrations rise above the general
level of the stress/strain curve and are periodic in nature.
Type B serrations, oscillaté about the general level of the
stress/strain curve and occur in rapid sucdéssion. Type C
serrations fall below the general levél of the stress/strain
curve, All these different serrations appear in the alloys
studied in the present work for certain temperatures and
ceértain alloy conditions. Fig. II.22 (45 ) shows
schematically the different types of serrations; the
mechanisms by which they arise with different test
conditions are dealt with in the Discussion Chapter.
Therefore, only a very brief summary of fthe theoretical

basis behind these effects is given here,

The solute.atmospheres exert maximum drag on

the dislocations when they move at some critical speed,
4D

V¢, given by (us) Ve =
h
D = diffusion coefficient of the solute

h = effective radius of the solute atmosphere.

A critical strain rate exists, given by

gc. = bbvc = [_4_1?3] D
h

p = mobile dislocation density

Py
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If the moving dislocation density is
considered to be strain dependent then a modified equation
is given as: -§¢= K .éc' (m+8 )
where, K, g and m are constants given by the variation of
vacancy concentration with strain Cy = B.gm

and the variation of dislocation density with strain

P= NEB

As indicated above DSA effects cén arise from
the presence ofinterstitial or substitutional atoms. The
main difference is the high diffusion coefficients and
high interaction energies with dislocations, presented by'
interstitial solutes compared with substitutional solutes.
Thus, interstitial atoms produce marked strain-ageing
effects in shorter times and at comparatively lower

temperatures.

Dynahid'strain—ageing due to interstitial
atoms can occur at around room temperature in slow tensile
deformation (us) at very high interstitial solute levels.
However, at very high strain rates such as obtained in
impact deformation, the effects appear at 400-670°C.
Carbon and nitrogen are the main intefstitial elements for

DSA.

In substitutional alloys, it. is found that
a certain strain is required for the onset of serrations
and this depends on the composition and the grain size. The
higher the solute content the smaller the minimum strain

to the onset of serrations. This minimum strain increases =
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with increasing grain size. At high temperatures the
serrations disappear. The dislocation atmospheres are
sufficiently mobile to exert little drag on the dislocations

at the velocity involved.

IT.6.2 Thermally Activated Deformation -~

Activation Parameters

Plastic deformation may be thermally assisted
depending on time, temperature and strain rate. The
determination of the possible rate céntrolling mechanisms
involved has been extensively reviewed by Evans and
Rawlings ( 47). The most relevant points will be briefly

outlined below.

II.6.2.a Force on a dislocation and thermal activation

The maximum force requifed to move a
dislocation through a slip plane corresponds to the sum of
long-range forces (Fu) due to obstacles like dislocations
on parallel slip planes.or second phase particles, plus
short-range forces (F*), which act over a few atomic
distances only, e.g. motion of jogs on a screw dislocation
or overcoming interstitial atoms. More energy is generally
required to overcome a long range obstacle than a short

range one.

- The applied stress at 0°K is givenby

*

Dt

T = Fu +
p.b
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At any temperature above 0°K atomic thermal
fluctuations can assist the applied stress in overcoming
obstacles and at sufficiently high tehperatures all short-
rénge obstacles can be overcome by thermal fluctuations,
and the applied stress equals the stress to overcome long
range obstacles, Tu. Because of this temperature
dependence t* is called (#7) the thermal stress and Tu

is termed the athermal stress.

On this basis the activation parameters are
cdlculated (#7). The most important of these parameters
are activation volume (V*), activation area (A*) and
activation enthalpy ( AH) and the total activation enthalpy,
A Hgy Depending on the value of these parameters it is
possible to identify the rate controlling deformation

mechanisms.

Ir.6.2.b Experimental techniques of determination of

the activation parameters

Evans and Rawlings ( «7) converted their
activated parameters equations so that they contained only
experimentally measurable quantities, i.e., temperature,

strain rate and tensile stress.

Thus, activation volume and activation
enthalpy can be determined from differential creep,
differential constant strain rate tests and from stress
relaxation experiments. These are shown schematically in

Fig., II.23.
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However, some requirements have to be met
for the validity of the experimentally determined
paramqfers, i.e., in a constant strain rate test, the
equations are only valid if the applied stress is a

unique function of temperature and strain rate.

The values for the thermal and athermal
components of stress can be evaluated from the stress
relaxation tests (Fig. II.23.c). However, relaxation can
never be complete in a finite time, so, over the long
relaxation period required, either récdvery.or
dislocation pinning is likely to occur providing erroneous
values of the athermal stress. On the other hand, the
thermal stresses can only be determined unambiguously if

the mobile dislocation density is stress independent.

The activation '‘parameters are only sigﬂificant
if one type of obstacles controls the deformation rate.
In general there are several types of obstacles in
existence in a lattice and these may or may not contribute
to the stress. If AHy is found to be stress-dependent,
positive identification of the rate-controlling obstacles

is not possible.

The variation of the thermal stress with strain
and the possible variations of activation volume and
enthalpy, is important because it indicates whether the
thermal mechanism depends in any way uéon the disiocation
density, point defect density, etc., or whether the

mechanism itself changes with strain..
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Most workers have assumed that the mobile
dislocation density is stress independent and that the
stress is a unique function of strain-rate and
‘temperature. However, Evans and Rawlings- (4¥7) have
conducted careful experiments to verify the various parts
of the theory they proposed and they found close

agreement between both.

II.6.3 Fracture Mechanisms

The macroscopic and micfoscdpic'features of
the fracture surfaces give an insight into the ductility
of a material and the mechanisms operating during fracture.
This subject has been widely studied and reviewed by many
authors (*8)-(51). Therefore only a bfief summary of the
types of fracture is given here. The type of fracture
relateé to its mechanics, that is, how the loads are applied
to the structure and how they are redistributed during
the fracturing process. The kinds of fracture are:

ductile, brittle, creep, fatigue and adiabatic shear.

Ductile fracture means the fracture proceeds
slowly as the éxternal loads subply énergy to extend the
crack. This process involves considerable plastic flow of

the material adjacent to the crack.

Brittle fracture means the crack spreads
rapidly and there is little plastic deformation during
crack propagation. In creep fracture the crack is

produced by applying the_ioads for a very 1bng time and
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in fatigue fracture it 1s formed by the repeated
fluctuations of the load. Adiabatic shear fracture is
produced by very rapid loading such that the heat generated
by plastic straining has no time to flow- throughout the

crystal.

In a ductile material by altering the
temperature, state of stresses or rate of loading, a

brittle kind of fracture may be induced.

In bec materials there is a strong
temperature dependence of the modes of fracture. This is
not so in fecc materials which fracture mainly in a
ductile mode. However, phase transformations can notably
influence the fracture mode. Very high elongation values
and high strength may accompany phase transformations during
plastic straining, and this‘-has been studied extensively
in TRIP steels (s3) - (ss5). Suppression of necking and
suppression of the initiation and propagation of micro-
cracks by relaxation of stress concentrations due to the
formation of the strain-induced martensites are
characteristic of this effect. Fatigue crack propagation
has also been étudied in austenific'étainless steel (57 ),
and crack growth rate was found to be relatively low when

martensite was produced at the crack tip.

Maxwell (52 ) in a fractographic analysis in
TRIP steels found that failure was strongly dependent on
the presence of both strain-induced and stress-assisted

martensite, and suggested-that the mechanisms of failure
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vere: a) cleavage across the stress-assisted martensite
plates, and b) decohesion at the interfaces between
austenite and strain-induced martensite with subsequent
‘'void formation. Monteiro and Fonseca (58) observed ductile
failure in 310 type alloy and an intergranular mode of
fracture reléted to inclusions at the grain boundarieé.
However, in type 302 alloy, three different types of
fracture were observed, at necking for each temperature.
At 779K fracture took place in a ductile manner with the
martensite helping in the nucleation and propagation of
cracks. At 193°K and above, strain-induced marfensite
relates to an éffective blocking of necking and the fracture
surface appears brittle. At higher temperatures 273 and
298%K, the fracture surface showed cleavage facets. In
spite of the apparently brittle fracture, the uniform
elongation was high, which gndicates the large effect of

the phase transformation on the ductility of this material.
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CHAPTER III

EXPERIMENTAL PROCEDURE

"IIT.1 Alloy Preparation

Table III.1 lists the alloys compositions.
These alloys were provided by SULZER BROTHERS LTD.,
Winterthur, Switzerland, in the form of 25.4 mm diameter
bars, one metre long. The chemical analyses given in
Table III.1 were provided by SULZER. The main difference
in composition between the two alloys was in the titanium
content. Sulzer obtained the alloys as wrought material
from the Latrobe Steel Company (U.S.A.), then subjected
them to a special forging process; such bars are finally
processed by Sulzer into an implant material known under
the name'PROTASUL—lo (registered trademark of the Sulzer-
treated‘and finish-machined MP35N material). Since about
1975, Sulzer has been using only the alloy with 0.7% Ti,
because the material can be consequently processed much

better without the risk of cracks (*'3.

III.2 ; Specimen Preparation

The material was received in the recrystallized-
annealed (1050ilO°C) condition; this is a totally austenitic
structure with low hardness. The as-received bars were cut
in small pieces of about 7 cm length, and each piece was
hot-rolled at 1100°C, with a reduction of 2 mm in each

pass, to a final thickness of 5 mm. After this hot-rolling,



ALLOYS COMPOSITIONS

TABLE III.1

wte % C Si Mn Cr Ni Mo w Ti Co
Alloy B 0.026 1 0.066 0.036 20.0 35,68 10.0 0.1 0.15 Bal.
Alloy A 0.01 0.05 0.024 20.5 35.5 9.5 0,09 0.745 Bal.

TR )

VA%
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'xhe long strips were cut to about 5 cm long and 1.5 c¢cm
wide. Each small piece was ground to remove the oxide
layer and surface irregularities and to make it flat and

. of uniform thickness (v 3 mm).

These specimens.were homogenized at 1100°C
for one hour in a furnace wifh an argon atmosphere, and
water quenched. A cross section of a specimen heat treated
in this way was examined to observe the thickness of the
oxide layer, and microhardness tests were also carried out.
It was found that the oxide layer was very,small, easily
removed by simple grinding in silicon carbide waterproof
grinding paper. It was decided therefore that there was
no necessity to seal these specimens in evacuated silica

capsules for heat treatment annealing at 1100°C (% hr).

After homogenization, these strips of an
initial 3 mm thickness were rolled at room temperature,
with interstage annealing, for 30 min at 1100% in an
érgon atmosphere, to obtain samples to be subsequently.
given various degrees of deformation (0 to 87%), rolling
at room temperature and at sub-zero temperatures, and to
finish with a standard thicknes$ of 0.5 mm strip. This

time all the samples were sealed in silica tubes.

The samples were finally rolled at different
temperatﬁres: 20°¢, -70°C, -196°C, with reductions of 5%,
10%, 20%,30%, 40%, 50%, 65%, 80% and 87%, respectively,
to give strips 0.5 mm thick. Sub-zero temperatures were

achieved using different mixtures of acetone or methanol
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and liquid nitrogen. The reductions during each rolling
pass were quite small (e.g. 0.070 mm each pass) in order
to minimize the increase in temperature. In the interval
' between passes, specimens were kept in the liquid

medium which was held at the required temperature.

Hardness measurements, optical microscopy,
X-ray analysis and electron microscopy were carried out on
a sample of each strip of each different pct of deformation
of each alloy.Since the compositions of both alloys were
closely similar, except for Ti contént, it was decided
to perform further heat treatments and structural studies
on only one of them; alloy A was selected. Howevér, for
mechanical properties tests specimens from both alloys
were prepared and tested to observe.the effect of Ti on

the mechanical properties.

Reversion -treatments of the deformed alloy
(using times between 2 min and 30 min) were carried out
in a salt bath at temperatures between 464°C and 700°C.
These temperatures were chosen to take account of the
fact that the transformation temperature (fcc = hcp) for

MP35N lies in the range 425°C to 650°C.

The salt bath.used was a mixture of sodium
nitrate (NaNQ3) and potassium nitrate (KNOz). One specimen
for each‘pct of deformation at room temperature and one
specimen of 50% deformed at -70°0C weré taken. The whole
batch of deformed samples was introduced together into

the salt bath for each time-temperature treatment, in
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order to keep the same conditions for all the specimens.
After the treatments, the specimens were quenched in water
as rapidly as possible, For treatments of 2 minutes,
‘specimens rolled at -196°C (liquid nitrogen temp.) 65% and

80% were also included in the batch.

Hardness measurements, X-ray analysis and
optical microscopy examination were carried out on each of

these samples.

After rolling, the strips were cut into small
samples. (5 mm x 10 mm x 0.5 mm), using a Macrotome 2
precision cutting machine. Each required sample was
surface ground on water-cooled emery wheels down to 600

grade paper.

Furfher heat treatmenté of duration from 5 hrs
to 100 hrs were carried out on samples from each degree of
deformation for specimehs previously rolled at room
temperature and at -196°C. The specimens were wrapped in
molybdenum foil and sealed in argon filled silica capsules.
The molybdenum foil.was used for preventing specimens from
sticking together. After heat treatments the capsules

were broken under water to ensure a rapid quench.

Optical and electron microscopy, X-ray
- diffraction analysis and hardness measurements were used

to study each of these samples.

IIT.3 Hardness Measurements

The specimens were ground to remove the thin
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oxide layer formed on quenching, on a water cooled rotary
grinding wheel, using waterproof silicon carbide paper

600 grade.

Hardness measurements were made on each
‘"deformed sample, using a Vickers' testing machine with a
20 Kg load. For each specimen, the mean value of 10
readings was taken. The standard deviation was assessed
using the relationship:

5td

D = ‘
4n v n-1

standard deviation
deviation from mean value

D
d
n number of measurements

The standard deviations calculated from the

results obtained were of the order of +1 to +3 units.

IIT.4 Metallography

Samples from each different deformation were
examined by optical microscopy. The final polishing was
done on horizqntal wheels with "selvyt cloth" impregnated
with 3 and 1 p diaménd-pasfe. The specimens were very
difficult indeed, to attack. Several solutions were tried,
chemically and electrolytically. Finally one solution was
found which gave good'results for revealing the general
stfucture. This was | HCl(S ml), HN03(0.5 ml), glycerin
(2 ml), cupric chloride (50-150 mg)] chemical etching

solution ~ 2% minutes.

Photo-micrography was carried out for the

most relevant microstructures.

.......
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III.S X=ray Analysis

X-ray analysis was carried out for each
sample from each different deformation from each ageing

temperature.

The instrument used was a Phillips p w 1050/25
diffractometer with a monochromator attached in order
to select the waveiength diffracted from the sample rather
than the primary beam, to improve resolution’and to
eliminate unwanted X-rays from the tube target. The output
‘goes to a fast-acting automatic recorder. The paper chart
'on the recorder moves at a constant speed so that the
distances along the length of the chart are proportional

to 20.

The "d" values are determined from each
reflection by measuring the Bragg angle 6 and using the

Bragg Law: A = 2d sino (%)

Copper Kﬁ and cobalt radiation were used; the values of

X GuKe, = 1542, and A Co = Koa=1.79021, Ka = 1.78092

Ko = 1.79278. An anode voltage of 40 KV and a current
.2 .

of 35 mA were used for all the analyses. The relative
intensities were estimated by chart inspection. The "d4d"

values for the fcc matrix were calculated by:
a - A
4= WRTRZeiT © Zsino

e -
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Cobalt radiation was used to compare with
previous analysis done using copper radiation. Precise
lattice parameter measurements (* ) were calculated for

‘each condition, by computing "a" for each peak on the

pattern and plotting against (60329 + coszé); a

sin © a]
straight line results and a,, the true lattice parameter
value is found by extrapolating the line to zero values.

This expression holds quite accurately down to very low

values of 6.

III.6 Transmission Electron Microscopy

Samples of ~ 0.5 mm thick were thinned to
0.2 mm by grinding on water-cooled emery wheels down to
800 grade paper. 3 mm diameter discs were prepared by
spark cutting from the thinned material. Electropolishing
was carried out by a two stage technique. The first
polishing stage was made using a vertical jet of about
1.2 mm diameter. The electrolyte was supplied through a
vertical inlet tube by gravity feed from a reservoir. The

electrolyte was recirculated by the use of a minipump.

The electrolyte used in.the first stage was
1.Hcl4 + 10 acetic acid, maintained at about 15°C; the
applied potential was 80 volts and the current was
cdntrolléd at 20 mA. The polishing rate was calcuiated to
be about 20um/min. . The profile was made on both sides
of the specimen to have a thickness in the centre of the

disc of approximately 10 um. The second stage of the
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electropolishing was made by holding the disc with a pair
of tweezers in a beaker containing the electrolyte (with a
stainless steel strip serving as the cathode). The second
.stage electrolyte was 80 ml methanol, 20 ml concentrated

64 :

) _
H280 and 5 ml of 85% H3PO4E maintained at about 10°C3 the

4
applied potential was 4 + 1 volts and the current was kept
at 0.08 A. A light was held behind the beaker., Electro-
polishing in these conditions was carried out until the
moment of perforation, signalled by a flash of light. At
this point, the polishing current waé interrupted and the
éample was removed, throroughly rinsed and dried,
Subsequently, foils were prepared using a Struers automatic
apparatus. A thin foil is produced by electrolytical

removal of metal from both sides. When a hole is produced,
it is detected by a photocell and the process is interrupted
and at the same time an "alarm" is activated. The specimen
was then removed very quickly and immediately immersed in

a clean solution of ethanol. The foils were passed through
three sets of clean ethanol to ensure absolute removal of
the electrolyte, before being allowed to dry, The
electrolyte used was 1 part of perchloric acid + 10 parts

of acetic acid at room temperature.

The foils were examined using a Philips

EM301, ldoKV transmission electron microscope.

- In order to identify some of the particles
present in some foils an extraction replica technique was

applied and the replicas were examined in the Philips TEM.
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III.7 [Mechanical Properties

ITI.7.2a Tensile testing

Initially small flat tensile specimens were
made of the dimensiohs shown in Fig. III.l.o. These
specimens after stamping were annealed for 30 min at 1100°C
in an argon atmosphere, and water quenched. The edges of
the specimens were‘ground té avoid crack initiation sites
and the surfacés along the gauge length were electro-‘

polished to obtain a good surface finish.

Tensile tests on these specimens were
unsatisfactory; giving considerable scatter in the tensile
properties. After testing up to fracture, the 'grip!
portions of the specimens were very deformed and the holes
elongated, therefore, these specimens were discarded for
tensile test. However, they‘were used to give relatively
small percentages of deformation (2%, 5%, 10%, 17%, 20%,
25% and 30%) at room temperature and -196°C to compare
with the samples rolled approximately the same amounts, by
transmission electron microscopy. A 3 mm disc was cut in
the spark machine from the centre of the gauge length
and examined by transmission electron microscopy and
optical microscopy to see the appearance of the slip lines

on the surface.

Round tensile specimens British Standards
No. 12, dimensions given in Fig. III.l.p were made and
tested. To prepare these specimens the original bars were

hot rolled at 1100°C to a final thickness of 1 cm and then

-~

T .



homogenized for 30 min to 1100°C in an argon atmosphere.
The specimens were machined so that the gauge lengtﬁ was
parallel to the rolling direction. These specimens when
‘tesfed at low temperatures proved to be too strong for the
stainless steel grips available and the grips cracked

before the specimen fraétured.

Accordingly a third choice of specimens was
selected, the British Standards No. 11 double headed
round tensile specimens, dimensions shown in Fig. III.l.c.
These specimens were machined from the same bars as the
previous ones. Since these specimens proved to be
satisfactory, in order to compare deformed and undefofmed
material, other set of specimens were prepared. The hct
rolled plus annealed at 1100°C bars were cold rolled 45%;
0.2 mm was taken off in each folling pass. Care was taken
that the temperature did not :rise above room temperature.
This was done by immersing the specimens in cold water.

In this case, as in the previous ones, the specimens

were machined so that the gauge length was parallel to the
rolling direction. Impéct teét specimens and compression
specimen were also prepared from these bars so that the

larger dimension was parallel to the rolling direction.

Both materials deforméd 45% and undeformed
solution treated from both alloys A and B were tested at
various temperatures from room temperature to -196°C

(i.e., 20°c, 2°, =-12°c, -35°c, -50°c, -70°c, -80°cC,

L
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-105°c, -111°c, -196°C). A sample from the received material

BN et
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was also tested at these temperatures. Most of the tests
were duplicated for checking, and good agreements were

obtained most of the times.

The fracture surfaces of both alloys from
each test temperature were examined under a Cambridge
scanning electron microscope. In order to determine the
composition of certain particles and features observed
in the fractured samples, the Jeol 35 scanning electron
microscope was used, which by means of a wavelength
dispersive X-ray spectrometer permité micro-area X-ray
analysis. This provides only qualitative information of .
the chemical elements present but not quantitative.
Different degrees of deformation were also performed in
the specimens (from 10% to 50%) at room temperature and
from 10% to 30% at -196°C. Piscs were prepared from the
centres of the gauge length cut at 45° to the tensile
éxis, in a slitting wheel machine; these discs were ground
to about BOO_ym thickness. 3 mm diameter discs were cut
from them, to prepare specimens to be examined by
transmission electron ﬁicroséopy. This aimed to study “
deformation processes in the plane of maximum shear stress.
Also it was intended tp compare the effects of these
deformations with those resulting from rolling to the

same percentage deformations.

- All the speéimens were tested in an Instron
machine, at a cross—head speed of 0.05 em/min, i.e., an

initial strain rate € = 4.34 x 1073 sec !, where strain

o

rate, € = crosshead speed/gauge length. For the specimens
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tested at low temperatures the whole jig was immersed in
a flask filled with different mixtures depending on the
required temperature; i.e. for temperatures down to —-20°C
a "cdrdice" mixture was used (COs) and fér temperatures
down to -120°C, mixtures of liquid nitrogen and acetone

and liquid nitrogen and methanol were used.

True stress - true strain curves were plotted
from the load—elﬁngation charts. A computer pngram was
written (Appendix IV) to calculate these values directly
from the load-elongation graphs. The program makes
corrections for the elastic contribution of the machine
and calculates the values of true stress and true strain,

elongation and reduction of area, as follows:

L
True = — (g + 1)

A, P €hirue Ln (8+1)

L = Load
A = initial area of the specimen
e _ = conventional linear strain or engineering
strain

d x XS

CS x Lo

d = distance from the chart

XS = cross-head speed

' CS = chart speed

Lo = initial gauge length

The true stress and true strain at fracture

are calculated from log go i £ = —90 =2In o
LA L oa D

£ iy £
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where Lf load at fracture

Il

Do = initial diameter

Df = final diameter - diameter of the neck
after fracture

q = reduction of area =

Af area after fracture

these values of @ were checked with the relationship of

true strain at fracture, i.e., € = Ln 1
f 1-.q

and were

in good agreement.

Elongation values were calculated by 1f - lo
‘ lo
1f = final gauge length, and these values were checked

with the values obtained from the load-elongation charts,

giving also good agreement.

ITT.7.b Impact Testing

Impact testing using notched specimens
described in Fig. III.E, was carried out on both alloys,
homogenized and 45% previously deformed. The tests were
made at different temperatures ranging from room
temperature to -196°C. A Hounsfield balance impact machine
was used. The specimens were immérsed in different mixtures
for about 15 min or until the desired temperature was
reached and then they were immediately placed in the machine

and the test was performed.

The fracture surfaces of several specimeéens

tested at different temperatures were examined in a
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Cambridge scanning electron microscope.

ITI.7.c Compression Testing

Compression speéimens of dimension 2.5 x
2.5 x 6 mm were prepared from the homogenized bar and from
the 45% cold work material; for both alloys the specimens
were prepared so that the longer dimension (6 mm) was in
the rolling direction. One set of specimens from each of
the conditions for both alloys was chosen to be aged at
600°C for 5 hrs. These specimens weré sealed in evacuated
silica capsules‘containing a third of an atmosphere of
argon and water quenched after the treatment. The
specimens were tested in the range from room temperature
to 800°C, at intervals of 50°C from 350°C to 700°C.
Each specimen was ground at_both ends using an "adapted
grinding jig" to assure flat opposite parallel sites,

before the test.

Test Procedure

This test was performed following the same
procedure of previous works £°%). The compression
sbecimens were tested in a5 Ton Instron Universal teséing
machine fitted with a special rig.and furnace attachment
on the underside of the crosshead. The specimens were
positioned between the main alumina rams of the machine
separated from them by hot pressed silicon nitride

spacing blocks. They were left in the furnace for 20 min
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to obtain a stable temperature. The temperature was
measured using a thermocouple attached to one of the
alumina rams with the tip at the same level as the
‘specimen. For tests above 550°C a continuous slow stream
of high purity argon was passed througﬁ the specimen

chamber.

Once the specimen reached the required
temperature, the crosshead was started at a Speed of
5 x 10-3 em/min, ( & approx.1.4 x 10=4 sec -1), A full
scale deflection of 100 Kg was used énd the test trace was
kept on the chart, by using the stepped zero suppression

facility of the machine (in 100 Kg steps).

In the post—yield,region the cross-head and
chart speeds were simultaneously incfeased by a factor of
10. After about 6 cm in the chart, both cross-head and
chart speeds were returned to the original settings,
- (to determine the strain rate dependence of the flow stress).
The chart was ldi to run for 2 cm and stress relaxation
tests were carried out by stqpﬁing the crogss-head for a
period of 10 min, at the end of which the initial strain
rate was again applied and the entire cycle was performed
once more. See Figs. IV.63 to IY:GG for a diagrammatic

representation of the test.

Including the heating up period the entire
test took about an hour for each sample. At least 2
specimens were tested at most of the temperatures for each

alloy, for each condition.

s,

et
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ITI.7.d Grain Size Measurements

Grain size measurements were done by means of
a fully automated device, Bausch & Lomb Omnicon 3000,
" which consists of a microscope and a TV video scan,
controlled by a minicomputer Nova/4c. Software determines
feature boundaries, areas and perimeters, makes an
statistical calculation and gives the standard deviation

values for grain size area.

Errors can arise in machine counting, e.g. -
the machine could take twin boundaries as grain boundaries,
and/or could fall to count some grain boundaries
intersections from areas of low contrast. In order to
avoid these errors drawings of the micrographs were made
on tracing paper, taking only the grain boundaries features;
to account for the thickness of lines drawn, the area was

calculated as A

Am + Pm x % gbt

it

gbt

. Am = area of grain

grain boundary thickness

Pm = perimeter of grain

The method used gives the percentage of error,
according to the number of grains intercepted, and to the

total number of grains in the whole field observed.

e
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CHAPTER IV
"EXPERIMENTAL RESULTS
Iv.1. Deformation
IvV.l.a Structural Features

The specimens were deformed by rolling,
giving different amounts of deformation, from 2% to 87%,
at room temperature and sub—zero temperaturés (~70°C &
~196°C). Figs. IV.1 to IV.4 show optical micrographs for
different deformations at -196°C. Figs. IV.3 & IV.4 are
micrographs of specimens very heavily deformed (50% &
80% at -196°C and room temperature, respectivelyk
Specimens rolled to the samé amount of deformation, but at
different temperatures, (-70°C, -196°C) showed very
similar structures. Fig. IV.1 shows the annealed material
1 hr at 1050°C;the structure contains a large number of
-annealing twins. Slip lines appear inside the grains with
small amounts of deformation (Fig. IV.2, 10% deformation
at -196°C). As the amount of deformation
increases, the grains become eldngated in the rolling
direction, and various features are observed inside the
grains, i.e., slip lines, very fine striations and
deformation twins. Figs. IV.é. to IV.4, show these features
quite clearly. At very high deformations (80%, 87%) the

structure becomes extremely complex (Fig. IV.4.).

.....



Iv.l.b Hardness

Table IV.1 gives the hardness values,
corresponding to the different rolling schedules. These
values have been plotted in Fig. IV.5. It is observed
that the hardness increases as the amount of deformation
increases. The values for rolling at room temperature
and at -70°C are vefy similar; while rolling at -196°C
gives higher values. Alloy B (0,75 Ti) showsvslightly

higher values than Alloy A (0.15 Ti).

Iv.l.c X=-ray Analysis. Deformed Samples

X-ray analysis were performed on the samples deformed
at -196°9C and room temperature, looking for the formaticn
of hep ¢-phase and possible changes in lattice parameter

with deformation.

In the deformed samples no new peaks were
observed in either alloy for any of the deformation
temperatures. There was however a large broadening of the
peaks with deformation, due to sftrain effects. Shift of
peak positions were also observed, with deformation. All
peaks shifted towards smaller angles with respect to -the
only annealed (undeformed) material; (Fig; IV.6). In the
annealed material peak doublets were observed but not in‘
the deformed samples, The peak positions (200) and (311)

presented the most marked broadening.

In the very heavily deformed material, (65%

& 80% at -(196°C) the position (200) disappears completely.
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X-ray results were repeated using cobalt
radiation since this has been reported to give better
results in detecting the hcp phase. However no difference
‘was found either in relative peak positions or in detection

of any new peaks.

Table IV.2 shows a summary of these results.
The arrows indicate the peak shift direction relative to
the annealed sample. No definitive conclusion can be taken
from X-ray analysis about the presence of hcp phase, since
the peak broadening makes it very difficult to detect any
hep positions, which would be very close to, or overlap .
the fcc positions. The peak broadening is very irregular;
and for the heavily deformed samples (65% & 80%) there is
a slight change in the peak slope at the 26 hcp positions,
which could be taken as a peak. Therefore, X-rays alone
cannot confirm the presence or absence of e-phase.

Lattice parameter values were also calculated. Accurate

cos?e cos?s
] +
sin“ o 0

values were obtained by plotting 'a' against (
which approaches zero as 0 approaches 90°. These values
are shown in Table IV.2 and Table IV.9. The lattice
parameter does not change with amount of deformation and
has a value of 3.585 + 0.005A which is the same as the
homogenized material, which consists of a single phase fcc
structure. The material deformed at room temperature
presents the same lattice parameter values as the material

deformed at -196°C.
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Fig. IV.1 - Microstructure of
Co-Ni-Cr-Mo wrought alloy in
recrystallized condition agter
annealing in value at 1050 C/1hr

X 200

Fig. IV.3 - Alloy deformed 507 at
-196°C X 345

6 7

Fig. IV.2 - Alloy deformed 107 at

-196°C

X 375

Fig. IV.4 - Alloy deformed 807 at

room temperature

X 125
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TABLE IV.I

VICKERS HARDNESS HV

% deformation RT rolling -70  °C rolling liquid nitrogen (~196 °C) rolling

Alloy Alloy Alloy Alloy Alloy Alloy

B A B A B A

% 200 - 206 -

5% 230 - 216 -
10% 265 270 - 271 282 288
20% 315 ° 320 - 325 351 353
30% 341 359 354 381 397 420
50% 391 443 402 450 465 490
65% 412 466 424 469 493 535
80% 427 473 430 480 520 549

87.5% 439 - -

Annealed sample (1100 °C) 1 hour:

As received material (fully homogenized and hot forged): 453 HV (in the form of hip joint from Alloy A)

Alloy A: 177 HV

-~ Alloy B: 188 HV
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HARDNESS (HYV)

500

400

300

200

100

....... Liquid Nitrogen (L.N.~196°C )

Room Temperature (RT)
- ——=—-70°C |

10 20 30 40 50 60 . 70 80
| % DEFORMATION

FIG.I¥.5 Hardness vs. deformation for different rolling temperatures.
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TABLE IV,2

X~-RAY RESULTS -~ DEFORMED MATERIAL

Cobalt radiation Ka', = 1,79021
Ko, = 1,79028

nk1 ] 26 d {vn |1 a 20 a v, |1 a 20 alwr |1 a 20 alur, |1 a
ANNEALED 10% DEFORMATION AT L N 20% DEFORMATION AT L N 30% DEFORMATION AT L N
111} s1.7] 2.05 | 100 }100 ] 3.556 | s1.a | 2.06 | 7a)37)3.568 | s1.1] 2.07 | 100] 85 J3.585 | s1.2 |2.07 | 34]22 |3.s85
200 60.3)1.78 | 65| 65]3.564) 60.1 | 1.787] 40|20 |3.574 | s5.8| 1.795] 29] 25 |3.50 | s5.8 |1.795] 7| s |3.59
220 90.4{1.26 | 271 17]3.568 | 90 1,265} 100 | 50 | 3.578 | 89.7} 1.27 | 29|25 |3.59 | 89.75]1.27 | 100} 65 |3.59
a11 | 112.4] 1,08 | 42| 42{3.57 {112 1,08 so{25|3.58 [112.4]1.08] 29]25|3.58 |111.8 |1.08] 30]20 |3.58
292 | 119.8} 1,04 | 17| 12]3.88 |10 1.04 | 10] s)3:6
50% DEFORMATION AT I N 65% DEFORMATION AT L N BE: DEFORMATION AT L N
111 s1.5]2.06 | 38| 25| 3.568| s1.a | 2.06 | 100]8s|3.568 | s1.4]2.06 | 100} 20 |3.568
200
2201 90.1| 1.265| 100 | 65]3.577] 90 1.266] 70|60 |3.58 | 89.9{1.267] 39| 35 |3.58
311 {12 108 ] 15| 10]3.58 {112 1,08 2] 2]3.58
30% DEFORMATION AT R T 50% DEFORMATION AT R T 65 DEFORMATION AT R T 80% DEFORMATION AT R T
111} sT.aj2.06 | 15| 10]3.568| 51.5 | 2.06 | 30{30]|3.568 | s51.5] 2.06 | 39| 3s |3.568 | siias{2.06 | 35|30 |3.572
200 sB.8f1.795] 7] sl3.s0 | sd.05| 1.7902] 10{10}{3.583 {60 |1.791 10{10{3.58 { s9.05f1.,792] s 5 {3.583
220| 90 | 1.266] 100] 70}3.58 | od.1 | 1.265} 10097 |3.577 | 90.1)1.26 | 100] 85 |3.577] %o 1.266] 100 |80 |3.88
«~ = peak shift direction

04
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Iv.l.d Transmission Electron Microscopy Analysis

IvVv.l.d.1 Introduction

Very many difficulties are encountered in the
analysis of the diffraction patterns fqr positive
identification of mechanical twins from hcp-¢ -phase;
this‘is due to the fact that deformation structures
involving microtwins or thin e -platelets or both, show
very similar morphologies, and in some cases identical

diffraction patterns.

In the case of thin hep platelets and micrq-
twins, the diffracted intensity distribution in reciprocal
space 1s extended into streaks perpendicular to their habit
planes, causing the diffraction spots to be analyzed to
change position continuously during a specimen tilt. In
practice because of intensiky streaking combined with
double diffraction,or because more than one platelet habit
may contiribute to the diffraction pattérn, it may be

difficult to recognize the exact orientation.

Kestenbacﬁ (59).has constructed composite
diffraction patterns for analysis of thin twin or/and hecp
plates in a fcc matrix. He surveys the orientations in
which twins and hcp plates may or may not be distinguished.
Table IV.3 is a summary of his work, It is seen that no
distinction is possible if the beam enters the matrix
along<100>,<211>, or¢310y directions. In these cases, twin
and hep electron diffraction patterns are identical and

overlap with the matrix spots. Thus, the composite
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diffraction patterns are the same as the matrix patterns
alone., For all the other cases in which twin and hcp may
be distinguished, the composite diffraction patterns are

reproduced in Figs. IV.7.a, b and c.

The electron diffraction pattern from the
material deformed 50% at (-196°C) temperature (Fig. IV.8)
is a good example of a composite fcc - twin - hcp and the
beam direction fits Kestenbach's model; however, double
diffraction is present and even though the spots were
indexed in agreement with Fig. IV.7,‘an ambiguity due to
double diffraction is present; this happens for matrix
orientations of the <123 > and <012 > types. In these
orientations double aiffraction may produce all hcp spots
from twin spots and wviceversa; therefore, spots 3 and 4 in
Fig. IV.8 could either be twins or ¢ -phase. Due to the
large inclination of the plates with respect to the
electron beam in these orientations, double diffraction
from the regions adjacent to the interfaces is difficult
to distinguish even by dark field techniques. Fig. IV.9
is. a 50% deformed matefial af room temperature and shows
another good example of a composite fcc -~ hep-twin with
an [012] matrix orientation; in this case, however, it
was possible to distinguish between the twins and the hep

€ -—phase.

It is important to realise that the diffraction
patterns of twins or e plates may in many cases be

identical, and the apparent identification of one may not



TABLE IV.3

Exact Orientations in which Election Diffraction can or cannot
distinguish between twin and hcp plates of (111) - Habit in fecc

matrix (s9).

- Beam Total Variant hkl Number of
direction Number ‘in which Variants in
<hk1) in of distinction is which distinction
Matrix Variants possible is possible
110 6 110, 101, 011 3
100 3 - 0)

211 12 - o
310 12 - 0
111 4 111 3
321 24 321, 312, 231 12

213, 132, 123
321, 312, 231
213, 132, 123

411 12 . 411, 141, 114

210 12 210, 201, 120
' 102, 021, 012

221 12 221, 212, 122 9

511 12 511, 151, 115 Not determined

521 24 215, 152, 125 Not determined
' 521, 512, 251

741 24 741, 714, 471 Not determined

417, 174, 147
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Fig. IV.7.a - Composite FCC-twin-~-HCP electron
diffraction patterns with extra spots due
to twinning on (111) matrix planes. Indices
in parentheses refer to reciprocal lattice
planes. Plate orientation in foil indicated
by angle between incident beam and plate normal (59)
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Fig. IV.7.b - Composite FCC-twin-HCP electron
diffraction patterns with extra spots due
to HCP plates on (111) matrix planes. Plane
indces and plate orientation as in Fig. IV.7.a (59)
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Material deformed 50% at -196°C

Bright field 30 K
HRDF from spots 5 and 7, showing matrix 30 K
HRDF from spots 1 and 2, showing twins 30 K

HRDF from spots 3 and 4, showing HCP bands 30 K

HRDF from spot 6, reflection from a different

grain 30 K
Diffraction Pattern

Key of interpretation of D.P.



Fig. IV.8.6

Fig. IV.8.5 Fig. IV.8.3

Fig. Iv.8.4
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Fig. IV.9 -~ Material 507 deformed at room temperature

Fig. IV.9.a - Bright field 30 K

“Fig. IV.9.b - HRDF from spot 6 in D P, showing twins 30 K

Fig. IV.9.¢c - HRDF from spot 4 in D P, showing e-hep bands 30 K
Fig. IV.9.d - HRDF from spot 5 showing twins 30 K |

Fig. IV.9.e - HRDF from spot 2, HCP reflexion 30 K

Fig. IVv.9.f - HRDF from spot 1, showing twin bands, the same as
from spot 3

Fig, IV.9.g - HRDF from spot 7, showing matrix 30 K

Fig. IV.9.h - Key of interpretation for Diffraction Pattern

m = matrix
t = twin
h = hcp phase

% = common to all phases

o
N

double diffraction spots
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exclude the presence of the other.

In the present work examples have been
carefully selected to avoid ambiguity and they are shown

in further sections (2.a and 2.b).

Iv.1.d.2 Electron Diffraction

IV.1.d.2.a Deformation at room temperature (Figs. IV.10

to IV.17)

For very small amounts of deformation (5%)
the material shows dislocations (Fig. IV.10); as the
amount of deformation increases (i.e. 10%) the matrix
becomes faulted and dislocation networks and stacking
faults can be observed (Fig. IV.11). Figs. IV.12 and IV.13
show the material deformed_BO% and 50% respectively, the
matrix is very faulted'with twins. For higher deformations
the structure becomes extremely complex. The effect of
stacking faults, dislocations, twins and other features
produces very complicated structures which, of course, are
manifested in the diffraction patterns, showing streaks
and satellite spots. Fig. IV.17 is an ekample of this; it
shows a very streaky pattern, presenting a matrix twinned
in two axes and satellite spots. This corrésponds tQ a

material deformed 80% by tension at room temperature.

Very few examples of hcep € —-phase were found
with deformation at room temperature, and these were only
after 50% deformation. Fig. IV.14 shows one of these

.examples in a material deformed 65%. The typical
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orientation relationship fcec/hep (111)//(0001), shown
in the diffraction patterns, and ¢ -platelets can be seen

in the HRDF taken from the hc¢p spots.

Figs. IV.15 and IV.16 show examples of twins

in 65% and 80% deformed samples at room temperature.

Iv.l.d.2.b Deformation at liquid nitrogen (-196°C)

temperature (Figs. IV.18 to IV.25)

For deformation at subzero temperatures, a
similar process happens; dislocations, stacking faults
.and deformation twins increase in number as the amount of
deformation increases. However, comparing deformation at
this temperature with deformation at room temperature, for
smaller deformations the structures show greater numbers
of dislocations and stacking faults. Fig. IV.18 is a
material deformed to a Very small strain (ébout'2% at
-196°C) . However, quite a number of dislocations are
shown. At 20% deformation the structure, already, looks
very complex, with dislocation networks ahd twins in two
directions crossing each other (Fig. IV.20). Even at
deformations as small as 10%, mechanical twins are seen
(fig. IV.19). The material deformed by tension did not
present a structure as complex as the material deformed
the samekamount by rolling, thevdislocations seemed to
get aligned. It has to be noted that these foils were
'prepared from sections cut at 45° to the tensile axes.

Figs. IV.21 and IV.22 show samples deformed by tension
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Fig. IV.10 - Bright field image of a sample
deformed approx. 57 4t room temperature
showing dislocations

Mag. 58 K

Fig. IV.11 - Bright field images from a sample deformed 10% at room
temperature

Fig. IV.1ll.a - 24 K

. d £
Fig. IV.11.b - is same area as 'a' but at
higher magnification 80 K, showing
stacking faults and dislocations lying
on (111) plane




Fig. IV.12.a - HRDF showing a very faulty
matrix. Mag. 80 K

Fig. IV.12.b - CDF showing twins
Mag. 100 K

Fig. IV.12 - Material deformed 30Z by rolling at room temperature

Fig. IV.13 - Bright field from material
deformed 50% by tension at_rocm Lemperature,
showing twins lying on (111) plane.
Mag. 130 K
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Fig. IV.l4.a - HRDF from faint hcp - ~
: R . 0_ _ o017 -
spots in diffraction pattern ?20: /P - \O SNe022
showing €- plates Mag. 27 K ! e \ :
Jo10¢ \
L. p . \ + yotd
Fig. IV.14.b - Diffraction Pattern : b, y i
Fig. IV.l4.c - Key of D.P. showing 0236 N4 I
typical orientation relatiomnship \\\07‘) .1"00’;"220
fce/hep (111)//(0001) Mg -
\./’
202
c. & matr ix
* €& phase

Fig.

Fig. IV.15.b - Diffraction
Pattern indicating
spot for a

IV.15.a - HRDF showing
twins. 38 K

Material deformed 657 by rolling at room temperature
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Fig. IV.16.a - H.R.D.F. shows matrix (spot 1)

Fig. IV.16.b -
Diffraction Pattern Fig. IV.16.c - Key of
Diffraction Pattern

Fig. IV.16.d — HRDF from spot 2 showing
twins lying on (111) plane |

Material deformed 807 in tension at room temperature.



Fig. IV.17 - Material deformed by tension 807 at room

a -

b -

c -

d -

09
i

temperature
BrightField 38 K
HRDF from spot 3, showing matrix

Diffraction Pattern, showing twins (t) satellites spots
and streaking B [110]

Key of diffraction pattern
HRDF from spot 1
HRDF from spot 2

HRDF from spots 1 and 2 togebher

87
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Fig. IV.13.a - Bright field showing aligned
dislocations and stacking faults
Mag. 18 K

Fig. IV.18.b — Bright field showing dislocations
at higher magnifications Mag. 48 K

Fig. IV.18 - Material deformed 27 at -196°C

Fig. IV.19 - Material deformed 107 at
-196°C. Showing dislocations and
twins. Mag. 80 K

€9



Fig. IV.20.a — Bright field showing twins

crossing each other

Fig. IV.20.b - Diffraction

Pattern

Mag. 24 K

IV.20.c - Key of Diffraction
ematrix Pattern

ot,

otz

Fig. IV.21 - Material deformed 177 by tension at -196°C

3™ :%!E“t

v
‘
Fig. IV.21.a - Bright field

100 K

Fig. IV.21.b - Bright field
showing dislocations and

stacking faults
Mag. 48 K
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Fig. IV.22.1 - Bright field, material deformed
27% by tension at -196 C, showing dislocations Mag. 100 K

- 1 AN

Fig. IV.22.2.a - Bright fie%d, material deformed
307 by tension at -196 C Mag. 43 K

Fig. IV.22.2.b

Fig. Iv.22.2.c

Figs. IV.22.2.b & IV.22.2.c - HRDF showing twins in different (111)
planes Mag. 58 K



'ig.

58 K

IV.24.a - Bright field

showing phase and a

coarse precipitate
Mag. 24 K

Fig.

oJio
i1go

B8 40001

IV.23.b - HRDF from small

area indicated in a. Mag. 180 K
usingg spot not shown in DP

/

showing ¢ - phase
Mag.

Fig. IV.24.b - HRDF from a

140 10

Key of D.P.

24 K
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Fig. IV.25.a — HRDF from spot 1 showing the
matrix Mag. 30 K

o
7
', ,4//,}';;»-71%/
/,/;/ ///}/'l/, J! i

, / fa@.ﬂ{ b

Fig. IV.25.b — HRDF from spot 2 showing
e-phase Mag. 30 K

Fig. IV.25.d - _Key of Diffraction
Fig. IV.25.c - Diffraction Pattern Pattern (1210)//(110)

Fig. IV.25 - Material deformed 657 by rolling at -196°¢C



different amounts in liquid nitrogen.

At 50% deformation by rolling at -196°C there
is clear evidence of the presence of hcp phase formed as
" platelets. Fig. IV.?S,b shows an hep platelet taken from
a very small section shown in the bright field photograph
giving an hep (0001) diffraction pattern. Fig. IV.24.b is
another example of an hcp pattern, beam direction [1213]
with satellite spots, showing a very fine hcp phase.
Fig.IV.24.c shows the presence of twins in the same
material, and a particle surrounded by a high dislocation
density. At higher deformation the structure becomes
extremely complex and a great number of twins are present
to accommodate the stresses of the matrix. Fig. IV.25
shows the presence of € at this deformation; as fine
platelets. The similarities with twin morphology may be

noted.

Iv.z2. Ageing Treatments

Ageing treatments were carried out for short
-times (2 min, 5 min, 30min) at different temperatures,
and long time ageing treatments for 5 hrs, 30 hrs, up to
150 hrs at the same temperatures (464°C, 5550C, 640°C and
700°C). For treatments at higher temperatures (i.e. 850°C,
950°C only long time ageing was performed (2 hrs to

95 hrs).

Iv.2.a Short Time Ageing Treatments

The materials previously deformed from 10%

94



up to 80% were aged in a salt bath.

Figs. IV.26,b and c¢ show optical
micrographs from a 50% previously deformed sample at room
temperature and aged for short times at 555°C, 640°C and
70009C. The grains appear elongated due to the previous
deformation. All the structures look quite similar.
However, at 640°C after holding the material for 30 min,
some of the slip linés have‘disappgared; sohe recovery is
taking place, which agrees with the'slight drop in hardness
shown at thes temperatures (600°C, 640°C) (Fig. IV.28).
.Fig. IV.26.a shows the homogenized sample aged at 555°0C
for 2 minutes. No change is observed in this sample

compared to the annealed (not aged) material.

IV.2.a.1 Hardness Values

Table IV.4 gives the hardness values for the
material previously deformed by different anmounts and
aged for short times at different temperatures. Figs.
IV.27 and IV.28 show the graphs of hardness vs ageing time

and hardness vs temperature,. respectively.

The material hardens very rapidly after
holding for very short times, even for small amounts of
deformation, thésevalues remain fairly constant or slightly
increase (up to 30 min for 464°C). However, on ageing at
555°C and 640°C, the heavilj-deformed matefial seems to
show a hardness peak between 2 and 10 min and then the

hardness decreases (up to 30 min). Comparing hardness vs

95
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temperature for different ageing treatments (2', 15', 30')
Fig. IV.28, for low deformations, the hardness decreases
with increase in temperature for the different times;
however, the more heavily deformed material presents a
hardness peak between 550° and 600°C and decreases at
700°C for all the ageing times.

The hardness values for the homogenized sample

did not change with ageing time and temperature.

Iv.2.a.2 X-ray Analysis - Rapid Heating

Two samples were examined in the rapidly
heated conditionjthese were both 65% deformed at room
temperature and aged for 2 min at 464°C and at 700°C. The
X-ray analysis results for these samples are shown in

Table IV.5 below (for cupper radiation).

TABLE TIV.5

X-ray analysis for rapidly heated material

(capper radiation) A

bnnealed material | O JeTared BE OO0 |03k Aot 2 oate |

hk1 26 a 26 | 1AL a 26 |1/12 a

111 44 3.565| 438 | 100 | 3.580 | 43.8 | 90 | 3.s80

200 51.2 3.569 | 50.6 5 | 3.608 | 50.5 5 | 3.61

220 75.1 3.574 | 75 60 | 3.582 | 75 50 | 3.582
75.3

311 91.2 3.576 | 91 5 | 3.585 | 90.8 5 | 3.501
91.42

202 96.47 | 3.576 | 96.5 5 | 3.580 | 96.5 5 | 3.58
96.8




In the aged material there was é shift towards
smaller angles with respect to the annealed material.
(shown by an arrow in Table IV.5). And the lattice
" parameter values are the same as those of the material
deformed but not aged. (Table IV.2), probably the short
ageing treatment (2 min) is not affecting the 1attice

parameter values.

Iv.2.a.3 Diffraction Analysis

Short time ageing (rapid heating 2 min to

30 min)

Holding the material previously heavily
deformed (50% and higher), even for a short time 15 min
at 464°C, showed the presence of hép phase. At this
temperature it is expected'from the Multiphase alloys
diagram (Fig. 'V.l.)thét the hexagonal phase will be stable
(below transformation region). Fig. IV.29 shows a sample
treated at this temperature, twins are present as well as
€ ,and both effecﬁs cause streaking in the diffraction
pattern. At 640°C, within the fecc + hcep region some hexago-
nal phase is present. Fig. IV.30 is a sample previously
very heavily deformed 65% at room temperature. Fig. IV.31
shows the hep platelets formedAin a sample previogsly

deformed 50% at (-196°C) and aged at 640° 15 minutes. The
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platelets showed large numbers of dislocations (Fig.IV.31.b).

In the material aged at 7000C even for very
short time 2 min, twins were observed but not the hcp phase

(Fig. IV.32).
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Fig. IV.26.a - Material homogenized

and aged 2 min at 555°¢ 5 5z
X 4/0

Fig. IV.26 -
Short time ageing
treatments.

Fig. IV.26.b - Material previously deformed
507 at room tgmperature and aged
30 min at 640 C X 345

Fig. IV.26.c - Material previously deformed
507 at _room temperature and aged 2 min
at 700°C X 345
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TABLE IV.4

HARDNESS VALUES FOR SPECIMENS RAPID HEATED IN A SALT BATH AT DIFFERENT TEMPERATURES

Deformed 464°C 5550C 6400C 7000C
BT not heat

% Deformation treated |2 min} 15 min] 30 min J2 min} 15 min] 30 min |2 min] 15 min | 30 min | 2 min
% 200 - 241 . 251 - 241 210

5% 230 271 273 243 253 - 243 239 230 251 210

10% 268 337 337 339 323 331 339 - 296 - 300

20% '315 420 425 408 444 454 413 430 418 421

30% 341 463 470 496 487 501 475 471 A66 455

50% 391 509 493 513 526 505 520 532 504 502 490

65% 412 509 513 520 557 538 513 530 534 493 483

80% 427 513 544 549 562 560 569 542 513 528 513

50% (rolled at =70°C) 470 444 463 476 485 492 485 471 483 476
65% (rolled at LN) 603 - - 600 - - 593 - - 588
80% (rolled at LI) G605 - - 612 - - 613 - - 590

66
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FIG.I¥. 27 Hardness vs. heating time for different deformations.
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I"ig. IV.29 - Material 50% deformed at room temperature and heat treated
at 464°C 15 min

Fig. 1IV.29.a - HRDF from spot 2, showing hcp phase
Mag. 30 K

Fig. IV.29.b - HRDF from spot 1 showing twins

Fig. IV.29.c -

Diffraction pattern Fig.IV.29.d. Key of Diffraction Pattern

(I10)M//(1§.0)H
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Fig. IV.30.1.b - Diffraction pattern
(111)// (o001)

Fig. IvV.30.1l.a - Bright field.

Mag. 58 K

Fig. IV.30.2.a - HRDF showing Fig. IV.30.2.b - HRDF showing
twins hep phase
Fig. IV.30 - Material previously deformed 65% at room temperature.

Heat treated at 640°C 15 min
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Fig. IV.31l.a - Bright field

Mag. 18 K

Fig.

IV.31l.c - Diffraction
pattern B [0001]

Fig. IV.31.b - HRDF from spot
indicated in D.P., showing
hcp platelets. Area from
central part of Fig. a

Mag. 48 K

Fig. IV.31 - Material deformed 507
at 5196“0. Heat treatment at
640 C 15 min

Fig. IV.32 - same deformation as
above. Heat treatment at
700°C 2 min. Showing twins

Mag. 80 K
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Iv.2.b Long time ageing treatments

Figs. IV.33 to IV.35 show optical micrographs
of the deformed material ' 3 . aged at different

temperatures for different times.

For thé heavily deformed material (50%)
ageing at 600°C, after long times (100 and 150 hrs) does
not show very marked differences from the samples givén
shorter ageing (5 hrs); some striation mark disappeér,
but very few. Fig. IV.36.d shows a scanning electron
micrograph from a sample 50% deformed at room
temperature and aged at 600°C for 147 hrs. Very deep
striation marks can be observed, tHeAsame effect is seen
in Fig. IV.36.c, which shows éscanningelectron micrograph
from a sample previously deformed 50% at liquid nitrogen
temperature and aged at 600°C for 100 hrs. At this
deformation temperature the effect is much more marked,
and these deep striations will act as siteé for precipitates
as can be seen in Fig. IV.37, which shows the same-
deformation treatment but ageing at 700°C for 100 hrg. On
ageing at 700°¢C recovery in most of the grains has oécurred,
and some recrystallized grains can be observed. Little
difference in the structure is seen with ageing tiﬁe. It
is only after 100 hrs that sdOme precipitate is present. On
ageing at 850°C for 95 hrs the material completeiy

recrystallizes. A very small recrystallized grain size and
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the presence of a Cr, Mo rich precipitate along the grain
boundariés, are observed, Figs. IV.38 and IV.39 are

optical and scanning microgr;phs for the material aged at
this temperature. The precipitate particle size is about

70 um .,

Grain growth is observed after ageing for

2 hrs at 950°C (Fig. IV.39).

Iv.2.b.1 Hardness values after long ageing treatments

Long time ageing treatments were performed
on the material previously deformed from 2% to 80% at
room and liquid nitrogen temperatures. Table IV.6 gives
a summary of the hardness wvalues for the differént
samples, and Figs. IV.40 to IV.42 show the variation of
hardness with deformation, ageing time and temperature

‘respectively.

The specimens previously deformed at room
temperature and aged, showed lower hardness values than
those deformed at liquid nitrogen temperature and aged.
However, in general, the ageing behaviour for both types
of deformation treatments was very similar. The hardness
values increase with ageing for all temperatures, the
specimens with higher deformations have the higherv
hardness values for all the ageing times and temperatures

(Fig. IV.40).

Specimens given prolonged ageing showed lower

hardness values than those given short ageing treatments.



Comparing hardness changes as a function of ageing time
for constant temperatures (Fig. IV.41), Zt is observed
that at 470°C for deformation from 50% upwards the
hardness increases with ageing time. At 600°C, there are
scatter and fluctuations of hardness values with ageing
timeithis effect was observed as well for rapid heating
treatments at 555°C. For the reom temperature deformed
material the hardness either remains constant or
decreases slightly up to 30 hrs, and then remains fairly
constant up to 100 hrs ageing time. For the liquid
nitrogen temperature deformed material the hardness
increaees slightly up to 30 hrs after 30% deformation
end then remains fairly constant or slightly decreases
up to 100 hrs. On ageing at 700°C the hardness decreases

with ageing time for the material deformed up to 20% at
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liquid nitrogen temperatufe; however it increases with ageing

time for the heavily deformed material (50% and 65%). For
the material previously deforﬁed at room temperature the
hardness slightly increases or remains almost constant
for small deformations (up to 20%) decreases up 50% and
again increases for the heavily deformed material (65%
and 80%) . Compaeing changes in hardness with temperature
for consfant ageing times it is observed that hardness
decreases with increase 1in temperatures, this effect
being quite marked at 85000, in which the material shows

just slightly higher values than the origihal homogenized

sample. After 5 hours ageing treatment the hardness values

are fairly similar for the different ageing temperatures
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(4709c, 600°C, 700°C).

No change is observed in the homogenized

material either with ageing temperature or time,

Iv.2.b.2 X~-ray analysis - Long time ageing treatments

X~ray analysis was carried out on samples
deformed and aged for long times, as well as On the
annealed plus aged material. Special attention was given
to those samples in which precipitation was observed by
means of optical and scanning electron microscopy, (such
as the ageing treatments 700°C/100 hrs and 850°C/95 hrs),
in order to identify the precipitate and observe the

changes in lattice parameter with ageing time.

Table IV.7 shows a sumﬁary of the wvalues
obtained. The peaks in these samples were fairly
symmetrical and the broadening disappears with higher
temperatures; as an indicatioﬁ of recovery and
recrystallization at 850°C, the peakswere very narrow
and symmetric at 950°C, at which temperature the material
is completely recrystallized. On ageing at 700°C for
100 hrs new peaks are observed as an indication of some
precipitation, and for higher deformations at the same
temperature more peaks are present; the same effect is
observed for higher temperatures and higher deformations
(i.e. the number of peaks present increases at 850°C/950°C),
The peak positions for the deformed plus aged material

shift towards larger angles with respect to the deformed
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material; but in most samples they remain at about the
same position as in the annealed material. The chemical
composition of the precipitates was also studied by means
of the Jeol 35 scanning electron microscope. This

apparatus gives qualitative but not quantitative analysis.

The chromium content of the matrix varied
from one site to another, especially near grain
boundaries. Particles rich in Cr and Mo were found, and
some Ti rich particles. Using data from the ASTM index
cards, the possible precipitate types are listed

in Table IV.8.

The lattice parameter decreases with ageing
time (Table IV.,9). This effect is more marked in the
samples previously deformed at -196°C, than in the samples
previously deformed at room temperature. No change is

observed in the homogenized material with ageing time.

Iv.2.b.3 Results of grain size measurements

Grain size measurements were made in the
annealed material and also in deformed and deformed
plus aged material. For the deformed material the grains
elongated in the rolling direction with the increasing
amounts of deformation. The measurements were made to
cOmparé with the grains after ageing, Tor the material
deformed, from -10% to 50% at -1969C. The results are

given on the next page.
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Grain size in um2 (area)
Amount
of Not Ageing Treatments
. Def. Aged
600°C 700°C |850°C |1050°C
5 h. 100h. 100h: |95 h. 1h
50% LN 1941 2041 4021* 2067 219.8
30% LN 1025 251.6
10% LN 839.2 271.6
Annealed 1268

* this value dbes not follow the general behaviour

As can be seen, as the amount of deformation
increases the recrystallized grain size (after 850°C/95 hs
ageing) decreases. Even after 10% deformation, the
material recrystallizes. It is apparent that at 700°C

some part of the material has started to recrystallize
since the average grain size is smaller than the material
aged at 600°C/100 hs.

IV.2.b.4 Diffraction anélysis for long time ageing

treatments (5hs to 147 hs)

For samples previously deformed by small
amounts (i.e. up to 20% at room temperature and liquid
nitrogeh) after heating for 30 hours and 100 hours at
470°C no presence of hcb phase was detected by means of
IV,43 shows a

transmission electron microscopy. Fig.

bright field of a sample deformed 20% at -196°C and aged

amss
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at 470°C for 30 hs. Stacking faults and dislocations are
observed., However, for the material deformed 20% at liquid
nitrogen and aged at 600°C for 100 h the presence of

hep phase was observed (Fig. IV.47). Only after long

time ageing the hcp phase was found, for prior 20%
deformations at -196°C. After 5 hours at 600°C only twins
were observed, with internal dislocations Fig. IV.44.

The matrix from this material presents many stacking

faults (Fig. IV.44.c).

In the material heavily deformed in liquid
nitrogen (50% and 65%) hcp phase was observed after
ageing at 600°C for 5 hrs and 30 hrs (Fig. IV.45). Some
recovery is observed in the long time treatments (100 h.)

at 600°C, Fig. IV.46,

At 700°C, after long time ageing treatment,
(80 h- and 100 h ), some recovery has taken place, but

still twins are observed (Figs. IV.48 and IV.49).

IvVv.2.b.5 Recrystallization

On ageing at 850°C the material presents
complete recrystallization, and the presence of a
precipitate a chromium molybdenun compound (Figs. IV.50
and IV.51); the matrix presents stacking faults and some

dislocations Figs.IV.50.1.b and IV.50.2.

The precipitates are observed along grain
boundaries (Fig. IV.51.b) and probably along an old grain
boundary Fig. IV.51.a. The diffraction pattern from one

particle is shown in Fig. IV.Sl;c.



Fig. IV.33.a - Material pgeviously Fig. IV.33.b - Material pgeviously
deformed 507 at —é96 C and deformed 507 at -198 C and
aged 5 hrs at 600 C X 345 aged 100 hrs at 600°C X345

'i' / —,_‘A e b
BN o U R ‘b J ¥ 8 N
Fig. IV.33.c - Material previously Fig. IV.33.d - Material previcously
deformed 507 at room temperature deformed 507 at room temperature
and aged 30 hrs at 600°C X 345 and aged 147 hrs at 600 C
X 345

Fig. IV.33 - Long time ageing treatments at 600°C
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Fig. IV.35.a - Material previously Fig. IV.35.b - Material previously

deformed 507 at room deformed 507 at room
temperature and aged 5 hrs tempergture and aged 30 hrs
at 700°C X 345 at 700°C X 345

Fig. IV.35.c - Material pgeviously Fig. IV.35.d - Material previously
deformed 507 at —198 C and deformed 207 at room tgmperature
aged 100 hrs at 700 C X 345 -and aged 30 hrs at 700°C . X 345

. : . o
Fig. IV.35 - Long time agelng treatments at 700 C
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Fig. IV.36.a X 500 Fig. IV.36.b 1K

Figs.

IVv.36.a, b and ¢ - gaterial previously deformed 507 at -196°C and
aged 100 hrs at 600 C

9
F . 7o
B o

™

Fig. IV.36.c 5 K Fig. IV.36.d - Material previously

Fig.

deformed 507 at room temperature
and aged 147 hres at 600°C
2 K

IV.36 - Scanning electron micrographs



Fig. IV.37.a - X 500 Fig. IV.37.b - X 2 K

Fig. IV.37.d - 10 K

Fig. IV.37 - Scanning electron micrographs

Material previously deformed 507 at -196°C and aged 100 hrs
at 700 C. Showing precipitates lying on grain boundaries and
striations inside the grains.



Fig. IV.38 - Recrystallization
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'ig. IV.38.1.a - Material previously Fig. IV.38.1.b - Material previously
deformed 27 at room deformed 507 at room temperature
temperature X 375 X 375

Fig. IV.38.2.a - Material pgeviously Fig. IvV.38.2.b - MaterialopreviOUSIy
deformed 27 at =196 C deformed 507 at -196 C
S.E.M. X 2 K S.E.M. X 2K

Fig. IV.38 - Material aged at 850°C 95 hrs

Fig. IV.39 - Material previously deformed
50% at -196°C. Aged 2 hrs at 850°C
+ 2 hrs at 950°C SEM. X 2 K




TABLE IV,.6
HARDNESS VALUES FOR LONGER TIMES HEAT TREATMENTS AT DIFFERENT TEMPERATURES

T = 470°C* T = 700°C T = 600°C
taterial Rolled|iaterial Rolled |Material Rolled} Mater.Rolled Material Rolled tfaterial Rolled
at R T at -196°C at R T at -1960C at R T at -196°C
* * » *

Sh . 30h 116h |5h 26h 116h |5h 30h 100h | 23h 30h 100h} Sh 30h 112h 147h}| 5h 30h 10Chr
Undeformed
SeTa - - - 171 172 170 169 =~ 172 |166 - - - - 180 175 {174 - 166
_ 2% -~ = = Jear 213 211 |~ ~. ~ 294 - 208 | - - - - | 192 200 213
1 5% - - 244 - - - - 229 212 - 214 226 |216 235 238 . - - 212 212
2 10% | - 296 - - 299 285 |277 248 268 |286 204 280 | 298 286 315 - 322 315 293
3 20% -~ 367 381 |394 381 426 |387 358 343 |362 369 374 | 399 404 400 376 | 379 374 386
4 30% 460 466 456 - - - 450 407 388 | - - - 447 466 463 445 - - -
5 50% 450 470 516 |532 549 677 [463 435 412 | 490 490 501 | 498 466 480 476 | 505 532 532
6 65% 466 509 520 [509 593 618 453 457 457 | 532 528 516 | 494 501 498 490 | 557 575 566
7 80% - 505 536 |575 618 628 |S05 463 460 | 549 549 520 | 509 503 - 498 - 613 615
8500/95h 263 (10% & 20% RT def)//238 (80% & 50% RT def)

950°/1h 273 (50% del RT)
1000%/2h 200 (80% def RT)

SeTe

)

Solution treated

a~e coolinstp R T

LT
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! ' | ' |

O—a R.T Shrs.
A5 RT 30hrs.

o——o0 RT 120hrs.

&-—-@ L.N. 5hrs.

L

| ! | ' | '
| (b) 600°C

A—ART 30hrs.
o——o RT 12hrs.
n--—.-m L.N. bhrs
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| L I

1 (¢)700%C
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100 |- - 4
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FIG. IV. 40 Hardness vs. deformation for different ageing times and temperatures.
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TABLE IV.7

X-ray Analysis Long Ageinm Treatments

(cobalt radiation)

Ageing at 600°C

Ageinr at 7009C/100hrs

hk1l 26 d a 20 d a 20 d a 20 d a 20 d a 20 d a
Annealed + Aped 30% def L N 50% def at L N
7000C/100h + Aged 600°C/30h + Aped 600°C/100hr 2% def L N 50% def L N S0% def RT
27.,2% 1 3,8067 34 3,062 45,6% 2,31 44,7* 2.35
28,2* | 3.6743 50,.5*] 2.106
111§ 51.4 | 2,064 | 3,575 | 51.8 | 2,049} 3,549 | 51.6 {2,057 | 3,563 51,4 |[2,064 |3,575]52,2 |2,035] 3,524 {51,6 | 2,057 { 3,562
200| 59,95} 1,7935] 3,587 | 60.,2. | 1,785 | 3,57 59,95 11,792 | 3,584 60 1,79 3.580
220} 90 1,266 | 3,580 | 90,1 1.265) 3,578 1 90,2 {1,264 | 3,575 ]89,95 § 1,266 | 3,581 | 90.8 §1.257 | 3,555 90,2 | 1.26 | 3.571
80% def L N 2% def R T 80% def R T 50% def BT + 2% def RT +
+ Aged 700°C/100hr + Aged 850°C/95hr | + Aped 850°C/9Shr | 8500C/95h+9509C/2h {A500C/95h+9500C/2h
27.6* | 3,753 3a» | 3,062
44,8%§ 2,35
50.6*{ 2,09
111} 51.55} 2,06 3,568 1 51,5 2,06 3,568 | 51,5 | 2,06 3.568 |51,4 24,06 3.568 | 51,6 | 2,057 ] 3,563
53* 2.006 53+ 2,006
54,6*] 1,95 54,5% 11,95
56.8* | 1.88
57.4% ] 1,86
2001 60,2 | 1,78 3,57 | 60 1,79 | 3.580 } 60,1 {1.79 ] 3,580 |60 1.79 |3.580 60,2 |1.785] 3,57
2201 20,2 1.264 3,575 90,05 1,265 | 3,578 | 90.2 | 1.26 3,572 |90 1,266 | 3.681 | 90.2 [ 1,264} 3,575
90.4

* new peaks

Te1



TABLE IV,.8

X-ray Diffraction Analysis of possible Precipitates found during Ageing

Ageing temp. *Cogllo (Mo,Cr) 4C Coo Mog Cr-Ni-Mo**
at which PPT d i FCC a=5,138 | Mo3 Cq Mg C |a,=2.982 Tetrag. phase
was observed Matrix c=4.128 | a:10.628 | ay11.024]c.=28.81 a;9.23/Co=4.83 Tetr (&)
700°/100hrs 3.8067 111 Jalues
7000/100hrs 3,753 022 '
700°/100hrs 3.6743
700°/100hrs
850°/95hrs 3,062 10.1 222
3 2.35 20,2 024 422 015 2.32 | 311
: 2.106 11.1 333 018 212
2057 111 00.2 !222 411 2,056 | 330
8500/95hrs 2,006 311 2,004 | 202
8500/95hrs 1.95 20.1 440 1010,0015 222 1.964 | a11
950°/2hrs 1,88 10.2 044 442 ‘ 312 1,864 | 331
1,79 200 135 1,789 | 312
1.26 220 024 551 1,263 | 631

* Drapier et al (6)
** Rideout and beck (5

(AN



TABLE IV.9

Values of trwe lattice parameter (3 ) for different alloy conditions and different ageing temperatures

AGED
Material 700°C 8500C 950°¢C
No Aged
treatment 30hrs 100 hrs 100 hrs 95hrs 2 hrs
Annealed (1100°C/1hr) 3.585%
2% 3.585 3,573
10% 3,585
T .o 20% 3,585
g (o]
é'ﬁ Q 30% 3.585 3.584
l'-l N
g 50% 3,585 3,583 3.565
65% 3,585
80% 3,585 3,566
2% 3.578 3.577
g 30% 3,585
Ep® 50% 3,586 3,563 3,578
8(00:
) . 65% 3,584
(o]
80% 3.585 3.576

€cT



Fig. IV.43 - Materlal previously deformed 207
at -196°C and aged 30 hrs at 470°C

Mag. 100 K

Fig. IV.44.b - Diffraction
Pattern

Fig. IV.44.a - HRDF showing very faulty twins
lying on (111) plane Mag. 48 K B[011)

Fig. IV.44.c - Structure showing stacking faults
Mag. 80 K

Fig. IV.44 - Material previously deformed 20% at -196°C and aged 5 hrs
at 6000C




Fig.

Fig.

Fig.

Fig.

IV.45.a - HRDF from spots 5 & 3
showing matrix Mag. 38 K

IV.45.c - Diffraction Pattern
for a and b

IV.45.e - HRDF from inner spots

showing hcp phase Mag. 48 K

Fig. IV.45.b - HRDF f{rom spots 1,2 &
4, showing hcp phase Mag. 38 K

; ¢
11
e W 0 L
~ *@2 ) = &
g . i ?
o T e ®1 '
- ™~ | . =
o > | 33
7 0.0. '
[ I8 3&.//” &
111 |
L

Fig. IV.45.d - Key of D.P.c

® cogmon to all three

% ftwin

¢ hcp
‘123|m
1321 't
‘§4§th

Fig. IV.45.f - Diffraction
Pattern (111)//(0001)

)
IV.45. - Material previously deformed 65% at -196°C and aged 5 hrs

at 600°C



Fig.

Fig. IV.45.a 8 K

Fig. IV.46.b - 38K

Fig. IV.46.c - 80 K

1V .46 S Material previously deformed 507 at -196°C and aged 100 hrs
at 600 C. a, b, and c are bright field views from the same area at
different magnifications, showing a twin within a twin



Figs. IV.47.a & b - Are different magnifications from the same area;

Iig.

Iig.

showing matrix with stacking faults
a) 58 K b) 80 K

V.47 - Materigl previously deformed 207 at -196°C and aged
100 hrs at 600 C

Fig. IV.48.b - HRDF showing
twins on (11}) 48 K

58 K

Iv.48 - Matergal previously deformed 207 at -196°C and aged
30 hrs at 700°C

1




Fig. IV.49.a - HRDF showing twins Mag. 30 K

Fig. IV.49.b -~ HRDF showing a faulted twin at
higher magnification Mag. 80 K

Fig. IV.49 5 Material previously deformed 507 at -196°C, aged 100 hrs
at 700°C

|2



Fig.

Fig. IV.50.1.a - Bright field showing matrix
recryst allized 8 K

Fig. IV.50.1.b - Bright field from a different
area of the same sample showing stacking
faults and dislocations 8 K

IV.50.1 - Material previously deformed 307 at room temperature

Fig. IV.50.2 - Material previously deformed 807
at room temperature; bright field showing a
more faulty matrix than above. Some stacking
faults and dislocations are seen. Mag. 58 K

Fig. IV.50 - Ageing Treatments at 850°C - 95 hrs.

1

29
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B,

Fig. IV.51.a - 8K

Fig. IV.51.b - 24 K

Fig. IV.51.c - 58 K

Fig. IV.51 - Ageing treatments at 9500C 2 hrs. Material completely
recrystallized, showing precipitate particles lying probably
along an old grain boundary and on the new ones

e



Iv.3 Tensile Test Results

Table IV.10 shows the results for the two
alloys A and B in the solution treated and deformed

conditions tested from room temperature to -196°C.

The behaviour of both alloys is very similar
at all temperatufes except for alloy B which when tested
at room temperature, in the deformed condition, showed
lower values df proof stress and strain hardening;
however, this was the only case in which this behaviOur
was observed. In all the other cases the behaviour of
both alloys is very similar, the values of proof stress,
tensile stress at instability and fracture stress
increase with decreasing temperature, whilé the reduction
‘of area and elongation valueg remain fairly constant
~with temperature for the solution treated condition.

For the deformed condition the elongation increases from
25% to 35% for alloy A tested at 111°C and to 30% for

alloy B tested at -196°C.

Alloy A (higher Ti content) shows slightly

131

higher values of proof stress, tensile stress at instability

and fracture stress than alloy B, for all conditions.

As is expected the deformed material shows
much higher values of stress and 1ower values of
ductility than the solution treated material. For most

of the cases duplicate .tests were performed and these
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showed very good agreement. Figs. IV.52 - IV,55 show the
true stress -~ true strain graphs for both alloys (solution
treated and deformed), tested from room temperature to
~196°C. The strain hardening exponent was calculated
from the slopes of the graphs log true stress - log true
strain (Figs. IV.56 and IV.57). These graphs did not show
a straight line, but there was only a small difference

in the slope for the solution treated material tested
from room temperature to -196°C. However, the mean value
of all points was in good agreement with the values of

n calculated at instability, which are showed in Table
IV.11. This behaviour was not observed in the previously
deformed material, Which show a straight line at all

test temperatures with the same value of strain hardening
éxponent, which is in very good agreement with the values
lof n showed in Table IV.il for the same conditions.
Table IV.11l shows the.values of n obtained from the
graphs; n, is the slope of a mean line through all the

points.

The solution treated material shows almost

~ the same value of strain hardening exponent as measured
from the strain to instability for all the test
temperatures; the variation is between 0,55-0.46, and the
slopes obtained from the graphs for just one average line
through a;l the points have approximately_these values,
The deforﬁed material presents slightly greater

differences in the n values, as measured from the strain
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at instability, however they vary between 0.10-0.21. The
values from the graphs agree fairly well'with these
.values; they are 0.12-0.13. The value of the strain
"hardening exponent of alldy B deformed and tested at R T,
of 0.35 can be considered as an anomalous value, since
it'does not agree at all with the general behaviour, in
any case this test is not to be considered since it
presented rather low values of general level of stresé,
only for this condition. A dupliéate of this test was
not available, therefore it can be GOnsidered as an

anomalous test.

Iv.3.a Analysis of the graphs of work hardening

rate vs True plastic strain

Work hardening rate values were calculated
over Qery short intervals of the curve true stress -
true strain. These values were plotted in . log-log
graph for the solution treated material (Fig. IV.58),
tested at room temperature, -49C, -80°C and -196°C.

The data for the deformed material tested at room.
temperature, -50°C, ~111°C and =196°C were also plotted
(Fig. IV.59). Appendix III shows tables A,.III.1 to 3
with the values of work hardening rate vs true plastic

strain.

Observing Fig. IV.59, very little change is obtained
in the slope of the work hardening rate vs strain graph, for the

deformed material at any temperature, moreover the rate of change



d(do/de)/de 1s approximately the same for.the different test

temperatures; this behaviour i1s observed in both alloys
A and B, although the data shown is only for B. This

" observation could be deduced as well from Fig. IV.57.

The solution treated material shoWs'a rather
different situation; as was observed in Fig. IV.56 the
log true stress - log truestrain graph did not show a
straight line, plotting the work hardening réte vs true
strain, - it is also observed in Fig. IV.58 that a
"multiple stage" work hardening occﬁrs. The work
hardening rate decreases at all temperatures with
increasing strain,up to approximately a common value of
strain about 0.14; thereafter, the (dg/dc) value
changes to a lower value; this is so g;r all temperatures
exéépt for -196°C which presents a sharp inérease in work
hardening rate after 0.4 plastic strain. The material
tested at room temperature presented only two different
stages, while in fhe material tested at subzero
temperatures three stages were observed, except the test
at -196°C which showed a fourth stage. For the subzero
temperature tests, the first change in the slope of the
work hardening rate vs true plastic strain plot is a£
about 0.03 plastic strain and thé second at about 0.14
plastic strain, as was mentioned before,

Iv.3.b Summary of Mechanical Properties vs

temperature

Figs. IV.60 and IV.61 show the variation of

134
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strength (i.e.02% proof stress tensile stress-at instability
and fracture streés) and ductility with temperature for

the solution treated material (Fig. IV.60) and for the
deformed material (Fig. IV.61). for the solution treated
condition for both alloys it is observed that the strength
increases as the temperature decreases. However the values
of reduction of area, and elongation remain fairly

constant with decreasing temperature.

. For the deformed material the tensile stress
and proof stress increase as the temﬁerature decreases,
however, the fracture stress seems to reach a maximum
and then decrease for very low temperatures (-196°C and
-111°C) the reduction of area followsa behaviour similar
to the solution treated material, remaiﬁing fairly
constant with decreasing temperature. However, the
elongation values increase slightly (about 10% increase)
for the very low temperatures (-111°C and -196°C). Both

alloys show similar behaviour.

IV.4 Impact Testing

Fig. IV.62 shows the energy absorbed at
ffacture vs temperature for both alloys in the solutién
treated and deformed conditions. The energy absorbed
remains élmost,cdnstant for alloy B, solution trea%ed
from room temperature down to -196°C. Alloy A shows a

slight decrease beginning at about -80°C.

For the deformed material the values decrease



TABLE 1IV,10

TENSILE TEST RESULTS

True Strain

0.2% Proof Tensile stress Fracture Reduction Elonzation
Alloy Test stress at instability at instability Stress of
Condition Temper (MN/m2) (MN/m?) (M) (1 /m2) Area (%) (%)
As received RT 503 2042 0.80 2035 a7 70
Alloy A-ST RT 408 1 548 0,54 2 154 a7 79
Alloy B-ST RT 399 1352 0,51 1388 38 76
Alloy A-Def RT 1206 1367 0.11 2025 44,4 24
*Alloy B-Def RT 653¢ 928+ 0.35% 1114 38,3 23
Alloy B=ST - 49¢ 407 1423 0.50 1800 a4 75
Alloy B-Def ~ 20C 1198 1389 0,10. 2628 38 25
Alloy A<Def - 2% 1212 1422 0,13 2500 43.8 25
Alloy B-ST - 12°C 314 1271 0.55 1660 a7 a2
Alloy A-Def -~ 120C 1152 1305 0,10 2243 a1 24
Alloy B-Def ~ 189C 1011 1217 0,16 2214 40,6 29
As received - 239¢C 423 1250 0.47 2000 37,9 67
Alloy B-~ST "« 300C 456 1429 0.51 1900 43,8 75
Alloy A-ST ~ 35°C 490 1466 0.49 2402 44,1 72
Allaoy A-Def - 279¢ 1163 1428 0,16 2500 38 29
Alloy B-Def - 27% 1161 1391 . 0412 2571 37.5 25
Alloy B=ST - %0°C a14 1394 . 0,50 1750 37.5 74
Alloy R=Def ~ 50°C 1294 1458 0,10 2750 33,3 24
Alloy A-Def - 50°C 1158 1436 0,13 2642 37.5 26
Alloy A-ST ~ 700C 430 - 1494 0.49 2143 37,9 71
Alloy B=Def - 700C 1172 1527 0,102 2857 43,8 20
Alloy R=ST - 80°¢C 449 1606 0,575 2143 43,8 79
Alloy A=ST -1050¢ a87 1607 0.50 2442 44,1 73
Alloy A-Def -111°¢ 1200 1607 0.21 2314 37.9 a5
Alloy B=ST ~196°C 572 1963 0,46 2487 37.9 74
Alloy B-Nef -196°C 1339 1850 0.20 3008 35,4 30

ST = material solution treated
Def= material previously deformed
g(’_l' = Tegt at room temperature

= This test showed anomalous behaviour

9¢T
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TABLE IV,11

a, n-Values of strain hardening exponent

Test Solution Treated Deformed

Temp Alloy A Alloy B Alloy A Alloy B
RT 0.54 0.51 0.11 0.35%
- 40C - 0.50 0.13 0.10
- 129C - 0.55 0.10 0.16
~ 30°cC 0.49 0.51 0.16 0.12
- 50°C - 0.50 0.13 0.10
-~ 70°C 0.49 0.57 C - 0.10
-105°C 0.50 - 0.21 -
~1960C - 0.46 - 0.20

(n = values of true strain at instability)

b. n Values from graphs log true stress - log true strain

Solution Treated Deformed
Sub-zero Sub-zero
RT Temperatures RT Temperatures
np 0.50 0.50 0.12 0.13
ny, 0.19 0.40 - -
nz 0,55 0.65 - -

(both alloys had similar behaviour in this cése)

n

ng

na

slope of the first straight line

slope of second straight line

slope of mean line through all points
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slightly with decreasing temperatures. However, alloy A
deformed, seems to show a peak at about -40°C and then

decreases slightly down to -196°C.

IV.5 Fractographs

The fracture surfaces of both alloys
solution treated and deformed material, tested under
tension and by impéct testing, from room temperature to
-196°C were studied by means of scanning electron
microscopy. Micrographs showing similarities and/or
differéncés between both alloys, and between the
different test temperatures'are shown in Figs. IV.71 to

IV.90, | .

Micfographs IV.71 to I§.81 show the tensile
fracture surfaces of the solution treated alloys A and
B from room temperature to -196°C. Micrographs IV.82 to
IV.86 show the deformedvmaterial tested under tension
from room temperature to -196°C. Figs. IV.87 and IV.88
are low magnification views of the tensile fracture
surfaces of the solution. treated and deformed material
for different test temperatures; Finally micrographs

Iv.89 to IV.QQ are the impact fractures.

IV.5.a Tensile Fracture Results

" No differenceé  in fracture mode was
observed between alloy A and B. On the contrary they

appeared to be very similar as can be observed in the
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micrographs, when both alloys are shown at the same test
temperature as a matter of comparison. Figs. IV.71 and
IV.72 show alloys B and A respectively, in the solution
treated condition tested at room temperature, a ductile
mode of fracture is observed, with numerous dimples and
micfovoids; and very few inclusions present. The general
appearance of the walls is very wavy. These characteris-
tics are observed in the tensile fracture surfaces from

room temperature to -80°C (see Figs. IV.71 to IV.76).

For the test performed ét -1059C a.different
general appearance of the fracture surface is observed,
and although there are still a large amount of dimples,
the structure presents a rather more flattened appearance
(Fig. IV.77.a and b). At -196°C this ‘behaviour is more
pronounced, Fig. IV.78 shows, the low magnification of
the fracture surface, indicating the different areas
observed at high magnifications in Figs. IV.79 to IV.81.
As can be seen a shear mode is observed in area D. It
appears as if a different phase has formed which separates
along the boundaries; this is especially clear in area A
(Fig. IV.79), some intermetallic particles are also
observed which were identified to have high Ti content.
Fig. IV.80 which shows a high magnification of area B,

shows tearing of this region.'

The material in the deformed condition
tested from room temperature to -196°C is shown in

Figs. IV.82 to IV.85. The test at room temperature did
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not show very significant differences from the solution
treated condition tested at room temperature, except for
the form of the inclusions which looked deformed due to
" the previous deformation by rolling given to the material;
a general ductile mode of fracture with the characteristic
dihple appearance 1s observed. As the test temperature
decreases although ductile fracture is still observed
down to -70°C, in .general the dimples even their conical
shape, as can be seen in Fig. IV.84 which shows shallow
dimples. At -111°C, although voids can still be observed
(Fig. IV.85 ) the surfacé has become flat. This effect
is more pronounced at -196°C (Fig. IV.86) which is again
very similar to the structure of the solution treated
material tested at the same temperature; again the phase
present separates at the bogndaries. However, there is a
differehce from the solution treated condition which
shows intergranular separation which was not observed
before (Fig. IV.86.a, b and c), Looking at the micro-
mechanisms of fracture at low magnifications (Figs. IV.87
and IV.88), with decreasing temperature, it is observed
that down to-35°C, both solution .treated ahd deformed
materials are characterized by the formation of a fibrous
zone, surrounded byAa shear lip zone. Radial marks are
observed in the solution treatéd material tested at
-30°C (Fig. IV.87.c) and at -50°C. _ - .. In the
solution treated material tested at —-105°C a small
fibrous region is present.which,consists of a series of

circumferential ridges (Fig. IV.87.d). The ridges lie
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normal to the direction of crack propagation from the
orligin towards the periphery of the specimen. The
previously deformed material tested at -111°C still

" showed a very small fibrous region also with a large,
shear zone and some very coarse radial marks (Fig.

_ Iv}sa,d). The test at -196°C for both conditions showed
predominantly a shear mode of fracture and intergranular

separation (Figs. IV.87.e and IV.87.f and Fig. IV.88.g and h).

IV.5.b Impact testing fractographs

Figs. Iv.ég to IV.90 show the fracture
surfaces of the solution treated and deformed material
tested from room temperature to -196°C. Only room
temperature and -196°C temperature tests are shown, due
to the great similarities for all the conditions and

temperatures.

Fig. IV.89 shows the low magnification
fractufe mechanisms, which as can be seen do not change
with decreasing temperature for the solution treated and
deformed conditions. It is a ductile mode of fracture
and a very extended fibrous zone is observed. At high
magnifications Figs.JIV.90.1to IV.90.2microvoid coalescence
is observed at all temperatures for both solution treated
and defofmed material. The specimen tested at -196°C
presents a more rough abpearance, and many features are
seen in the walls, i.e., microvoids and slip lines (Figs.

IV.90.1.c, IV.90,1.d and IV.90.2.b).
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Iv.6 Compression Testing

In order to describe the different type of
serrations observed during the compression testing, the
classification given by Brindley and Worthington ( *%)
was followed. This has been described in the literature
review (Chapter II) and therefore will not be stated here
again. However, thé definition of each type of serration

will be given as they appear during the test.

Figs. IV.63 to IV.66 show schematically the
complete compression test procedure, indicating changes
of straln rate and relaxation periods for both alloys,
in the four different conditions, i.e. solution treated
(Fig. IV.63), solution treated and aged (600°C/5hs)
(Fig. IV.64), deformed (Fig. IV.65) and deformed and
aged (600°C/5hs) (Fig. IV.68); tested from room
temperature to 800°C. No significant differences were

- observed between alloys A and B.

IV.6.2a Description of behaviour during compression

tests at different temperatures

Room temperature

At room temperature both alloys for all
conditions had similar behaviour. The stress increases
with an increase in strain rate (at point A); when the
strain rate is decreased to its original value (8, ), the

stress goes down and then follows the original stress-

strain curve at point C. At point D the cross-head is
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gstopped and the stress starts to decrease as é result of
relaxation; at point E the stress is applied again and
the curve follows the projection of fhe original curve,
" and the whole process is repeated again. However, the
deformed and aged material shows a slight drop after
relaxation (points I and J) before the projection of the

original curve is reached again,

As the temperature increases this behaviour
does not follow; and depending on the alloy condition

and the temperature different procésses take place.

360°C_~ 450°¢

At this.temperature'the‘solution treated,
and solutioﬁ treated and aged material show a similar
béhaviour. When the strain rate is increased at point A,
the curve shows a slight increase but immediately drops
- following the original stress strain curvé; in this case
there is no incréase in stress after increase in strain
rate as in room temperature test. When the stréin rate
is changed to its original yalue at point C there is a
small stress drop but the curve increases again,C D E,
.followed by sérrations up to point F. These serratiéns
are very small; they are type A (*%) serrations, i.e.
they rise above the general level of the stress sfrain
curve and are periodic in nature. At point F the cross-
head is stopped and relaxation takes place. In the

soiution treated and aged material a stress drop is



155

observed after relaxation, afterreapplying stress, H I J,
and for the lower strain rate, type A serrations are
observed but not for the higher strain rate,.this

‘material behaves in a similar way at 450°C.

The deformed and deformed and aged materials
behave sihilarly to one another at 360°C. Up to the
second change in strain rate (point B) they show a
similar beha&iour to the solution treated material.
However, when the strain rate is set to its original value

g s the stress increases to a value higher than the

1

projection of the original 0-€curve, A stress drop is
observed at point C until again the curve slowly recovers
to the smooth shape,up to point E where the cross head

i1s stopped for relaxation; after which the curve comes
back following the smooth ¢-e curve; for the deformed
material, a stress drop is observed again after relaxation
for each strain rate change. The material deformed
behaves similarly at 450°C as at 360°C however, this is
not the case in the deformed and aged material in which,
aftér the second strain rate change, the stress comes to

the same value as that before the change (i.e. the stress

is independent of the strain rate).

550°¢

~ At this temperature both alloys in all
conditions present yleld point phenomena (*°) (i.e. a

larger stress is required to initiate deformation by slip



than to continue it and this is observed as a drop in
load at the start‘of yielding). The serrations start
immediately after the elastic region of the stress strain
curve; the solution treated and solution treated and aged
material respond similarly to changes of strain rate
before and after relaxation but show serrations of
different types. The solution treated material presents
type A serrations throughout the test, only of larger
size after relaxation. The solution treated and aged
material presents type B serrations for the lower strain
rates; i.e., these type B ére serrations which oscillate
about the general level of the stress/strain curve and
occur in rapid sﬁccession. For this particular condition
(solution treated and aged) the serrations are large and
periodic. Type A serrations are observed for the higher
strain fate. After relaxation a stress drop is observed.
The deformed and deforméd and aged materials behave
similarly. They show type B serrations for the higher strain
rate ahd type C serrations for the lower strain rate.
Type C are serrations which fall below the general level
of the stress strain curve; for these particular
conditions they are very large'and periodic in nature.
For the deformed and deformed and aged conditions the
stress falls below the stress-étrain curve after the.
increase in strain rate giving a negative strain rate
sensitivity."After relaxation the stress cohés back to a
high value following the projection of the curve before

relaxation but the process is followed by a progressive

156
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decrease in stress; this is not so marked for the
deformed and aged material, in which the serrations
(type C) are not so large and the decrease in stress is

"smaller.,

650°c - 680°¢C

At this temperature the solutioﬂ treated
material shows a large yield drop with increase in strain
rate., Alloy A shows type B serrations for the higher
strain rate, but alloy B does not sﬁow serrations. The
stress is independent of the strain rate change (Fig.IV.63.e).
In the deformed material the stress falls sharply with
increase in strain rate and comes back to follow the
original projection of the{ce ) curve on returning to
the original strain rate value 31 ; after relaxation the

stress decreases with strain rate increase, and does not
go back to follow the stress/strain curve when the strain

rate is returned to the original wvalue.

The deformed plus aged material follows the
same behaviour, except that type C serrations, extremely
large and periodic, are observed for the higher strain

rate before relaxation.

700°¢C

The solution treated material shows type B
serrations before relaxation and type C serrations after

relaxation with a stress drop when the strain rate is
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increased (Fig.IV.63.f).The stress is independent of the
strain rate change. The solution treated plus aged
material shows similar behaviour except that alloy B

" shows serrations only after the increase of strain rate

and these were type C serrations Fig. IV.64.d).

The deformed material does not show
serrations except for alloy B after relaxation for the
higher strain rate. For this condition the stress
increases with strain rate increase and decreases with
strain rate decrease. However, theré 1s a difference from
‘the lower temperatures behaviour (R.T.) since it seems
to take more time to reach the smooth stress-strain
curve (Fig. IV.65.e). The deformed and aged material
showed a very different behaviour to.the deformed material,
type C serrations are observed for the higher strain rate,
with extremely large periodic serrations. The stress
decreases with strain rate increase giving negative
strain rate sensitivity. After relaxation type C
serrations are observed throughout the rest of the

process (Fig. IV.66.e).

800°cC

At this temperature all the conditions
behave éimilarly. No serrations are observed, and the
stress largely increases with strain rate increase and

decreases with strain rate decrease.



Iv.6.b The temperature dependence of the 0.2% Proof

Stress, the strain rate sensitivity, and the

relaxation stress

The 0.2% proof stresses, critical strain
(i.e., strain at first serration), Ao, relaxatioh after
1 min and after 10 min and the strain rate sensitivity
values are given in tables IV.12 and IV.13 for both alloys
solution treated, solution treated and aged, deformed and
deformed and aged, from room temperature to 800°C. The
deformed and deformed and.aged material showed much higher
values of stress than the solution treated and the solution
treated and aged materials. Figs. IV.67 to IV.70 show
these values graphically. As can be seen from Fig. IV.67
and Tables V.12 and IV.13, all the coﬁditions showed
higher values of stress at about 550°C. However, some
scatter was also obtained at this temperature. The
solution treated and solution treated and aged materials
showed positive values of strain rate sensitivity at
room temperature which falls to zero at 360°C and becomes
negative at 460°C; it goes to zero again for 550°C and
keeps this value up to 7009C. The deformed and the
deformed and aged materials showed negative strain rate
sensitivity values in the range 4509C — 650°C and 4500C —
700°C, respectively; followed by a sharp increase at
higher temperatures (Figs. IV.68 and IV.69). Low relaxation
stresses values were observed in the range 360°C - 550°C
for all conditions. The smallest was shown at 460°C for

the solution treated materials and at 550°C for the

159
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deformed and deformed and aged materials (Fig. IV.70). All
the conditions shéwed serrated yielding at 550°C. The
critical strain, i.e., strain at first serration is very
small in the temperature range 450° - 5500C, raﬁging from
0.05 to 0.5, however thé&sevalues vary depending on the
material condition. The values of the activation parameters
were calculated for alloy A, for the different conditions
and temperatures. Table IV.14 shows the k%%)g values,
Tables IV.1S and IV.16 show the calculated values for
activation enthalpy and activation volume. The 0.2% proof
stress values at room temperature for all conditions are
in good agreement with the same values from the tensile

test at room temperature.

IV.6.c Calculation of Activation Parameters

Calculation of the activation parameters is
done on the basis of the equations given by Evans and

Rawlings (4’ ). The results are\shown in Tables IV.15 and

IV.16.
Activation volume V¥ = 2KT Lné)
. paN-2
"/
Activation ‘enthalpy AH = K2 (A 1n é) <Ao~)
NAC /g AT &€
Alné _ 4 K = 1.38062 x 1072350k
AE ) T A

jiGJ is calculated from the different values of proof
T

stress at different temperatures. These values are shown;

for different temp intervals for alloy A,in Table IV.14.
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TABLE IV,12

TEMPERATURE DEPENDENCE OF 6.2% PROOF STRESS RELAXATION STRESS AND STRAIN RATE SENSITIVITY

Material Solution Treatad Material Solution Treated & Ared
Ee (%) Ec (%)
Critical Relaxation X, Critical Reloxation 2.
Strain 0,2 % Strain strain
0.2% Proof| strain at Ao 1 min 10 min (M11/m2) Proof strain at | Ao 1 nin{10 min| prate
Temp,. Stress 1st R R atrain rate stress 1st R R sensit,
(°C) § Alloy | (MN/m2) serration | (MN/m2) 11/m2 MN/m2 {sensitivity | (MN/m2) serration | (MI/m2) | uN/m2| MN/m2| ¥M/m2
RT A 408,08 - 11,6 11,6 - 18,9 5,04 334,4 - +7.27 - - 3.16
. 407,08 - 11.6 11.6 18,9 5,04 /367,83 - +7.,27 - - 3,16
360° 334.4 - 0 - - 0 327 0 4,36 | 8,7 | 0
B
2509 313 - =1,45 4.4 17,5 ~0.63
269 - ~2.9 2.9 19 ~1.26
A "297 0.08 0 4,36 23 0 312 0,08 0 2.9 26 0
494,3 1247
550° 276
' B 450,7 0,05 0 4,36 17,4 0 5320/508 0,08 0 5.8 7.2 { O
565°/276 0.08 0 7.2 33,4 | 0
680° 225 2.7 0 10.17 36,35 o
B 327 - o 10,17 36,3 o
A 257 0,05 (o] 10,17 37.8 o 276 0 0 5,8 10.17] o
700°
B 218 0,05 0 7.3 29 o 250 2,8 o] - - 0

S91



TABLE 1IV,13

TEMPERATURE DEPENDENCE OF 0,2% PROOF STRESS RELAXATION STRESS AND STRAIN RATE SENSITIVITY

Material Deformed . Material Deformed and Ared
€e (% €c (%) A
Critical Relaxation l Critical Relaxation
0,2% Strain A - 0,2% Strain
Proof strain at ] 1 min 10 min | strain rate] Proof |strain at Ao 1 min 10 min strain rate
Temp. Stress 1st R R gsensitivity| Stress 1st R R sensitivity
(°c) | Alloy ] (itti/m2) serration] (Mii/m2) ] (M1/m2)§ (MN/m2) (MN/m2) (MN/m2) [serration| (MN/m2){ (4itt/m2) | (rit1/m2} {21/ m2)
a | 1204 - +13’ 24,7 +5.7 14786 - +16 24,7 | 40.7 +6,95
RT 1527 - +11 +6,94
B 1352 - +17.4 27.6 | +7.6 1352 - +14,5 21,8 36,4 +6,3
1293 | - +13. +5.7 1400
3600 A 1272 0/+11,67 : 0/+5% 1378 0/+13* 0/+5,7%
3
A 44071090 - -1,4 10,17 -1.9 952 - o 0
1243 : - )
4500
n 1218 - -4,4 10.17 17,5 -1.9 400° /1217 - 0 0
A 1061 0.05 ~10 11.6 23 -4,42 1303,5 0,5 ~10,2 11,6 20,3 ~4,42
1182 :
5500
B 1236 0.5 ~-13 8.7 33,4 =5.65 1243 0.5 -10,2 10,2 19 -4,42
650° A 1105 0.5 ~17,45 40,7 126,5 =7.6 1163 1.5 -17,45 37.8 100 =7.6
1151.5 1 =14,5 23,3 93 -6.3
200° 1090 - +26 68 +212 +11,3 475.4 3.8 -2,9 14,5 33,5 -1.3
1105 - -1 +29 74 +214 +12,6 . -
8000 A 531 — +102 +44,3 509 - +116 +50,4

* at second strain rate chanre gz.. 1

997
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TABLE IV.14

AoS/AT £ VALUES (MN/m2°c)

(°c) Solution Sol., Treated ' l_)eformed
Temperature Treated and aged Deformed and aged
RT - 360 4,2 =0,02 ~0,06 -0,30
350 - 450 =0,21 =~0,05 =0,36 -4,73
460 — 550 (+1.81 -0.24 g(55020) -0,61 +3.56

-0,18 {700%C)
550 - 650 -0,55 -0,77 -1,45
650 - 700 +1.6 =03 -13,75
700 « 800 =5,59 +0,.34

T2



ACTIVATION PARAMETERS MATERIAL SOLUTION TREATED ALLOY A

TABLE IV,15

T (9K) 0.2Proof Stress As. KT2 1/x A'H Ve
(HN/m2) (1y/ r_%goc.)

293 408 4.2 713.74 0,198 ~71.6 +0,96
633 334 -0.21 3331.3 0 o] o]
733 314 -0.18 4467 ~1.59 +1278 ~19.4
823 297 ~0,55 5631 0 0 0
953 +1.6 7551 0 0 0
973 225 7871 0 ) 0
1073

ciT



TABLE IV,16

ACTIVATION PARAMETERS

Material Deformed A Material Deformed plus amed A
T(OK)|0,2%P.S, Aa/ AT KT2 1/ AH v 0,2%P.S. Ao/Ag KT2 1/ AH Ve
(MN/m2°C) : "~ [MN/m<OcC

293 1294 -0.06 | 713,74 | 0.176 | -7.49 [ 0.85 1479 | -0.30 713,74| 0.14 =30 0,68
633 1272 -0.36 | 331,3 ) ) 0 1378 | -4.73 331.3| © 0 )
723 1243 -0.61 | 4467 ~0.53 | +1444 | -6.4 952 | +3.56 4467 0 ) )
823 | 1182 0,77 5631 0,23 | +997 -3.15] 1309 -1,45 5631 ~0,23 | +1878 | =3.15
923 1105 -0.3 7083 ~0,13 +27é -2, 1163 |-13,75 7083 -0,13 | +12661) -2,
973 | 1090 -5.59 | 7871 +0,09 | -3960 | +1.5 475 | +0,34 7871 0,76 | -2034 | -12,3
1073 531 -5.59 | 9572 +0,02 | -1070 | +0.4 509 | +0.34 9572 +0,02 | +65 +0,4
AH = activation enthalpy (KJ/mole)

V* = activa;tion volume

k = Boltzmann's Constant

€LT



Fig. IV.71 - room temperature test, Fig. IV.72 - room temperature test,
Alloy A Mag. 5 K Alloy B Mag. 2 K

'ﬂ;}."‘:
Fig. IV.73 - Alloy B, tested at -12 °C Fig. IV.74 - Alloy 4, tested at -J5°C
1K X 500

Fig. IV.75 - Alloy A, tested at -50°C Fig. IV.76 - Alloy B, tested at -50°¢C
X 500 X 500

Fig. IV.77a- Alloy A, tested at -105°C Fig. IV.77b- Alloy A, tested at -105°¢
1K X 500 |
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Fig. IvVv.78 - Two log magnification views of Alloy B, solution treated
tested at -196 C X 50

Fig. IV.79.a - 1 K

Fig. IV.79.b - 2.7 K

Fig. IV.79 - Higher magnification from area A in IV.78
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Fig. IV.80 - Two views of area B in IV.78

Fig. IV.80.a - showing area B and Fig. IV.80.b - area B, showing tear
C X 100 features X 1K

Fig. IV.81 - Two views of area ¢ in IV.78 and IV.80.a

Fig. IV.8l.a - X 1 K Fig. IV.81.b - X 1.5 K



Fig. IV.82.a - Alloy A tested at room Fig. IV.82.b - higher mag. same area,
temperature 2 K showing particle 10 X

Fig. IV.83.a - Alloy A tested at -12% Fig. IV.83.b - closer view, showing
showing voids at grain boundary particles X 10 K
X 2 K

Fig. IV.g& - Alloy A, tested at
-18°C

Fig. IV.85 - Alloy A tested at -111°C

Fig.lv82-1v85- Material previously deformed by cold rolling 45%. Tensile
test at different temperatures
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IV.86 - Alloy B, tested at -196°C showing flattened structure and

intergranular separation

Fig.

Iv.86.a - X 750

Fig.

Iv.86.b - 1.5 K

Fig.
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Iv.86.c - 2.7 K

Fig.



Fig. Iv.87.a - R T

s

N

Fig. IV.87.e - -196°C

Fig. Iv.87.b - -12°%

Fig. Iv.87.d - -105°C

Fig. IV.87.f - -196°C

Fig. IV.87 - Fracture surfaces at low magnification.
treated. Tensile test, dif ferent temperatures

Material solution



Fig. IV.88.a - room temperature Fig. IV.88.b - 12°¢C

Fig. IV.88.c - 30°C Fig. Iv.88.d - 111°C

‘&sﬂﬁ-‘

Fig. IV.88.e ~ =-111C Fig. IV.88.f - -196°C

Fig. IV.88 - Fracture Surfaces at low magnification. Material previously
deformed. Tensile test at different temperatures. X 50



Fig. IV.89.1 - Material solution treated

a) room temperature test

Fig. IV.89.2a- Material previously deformed 452

a) room temperature test

b) test at -196°C

b) room temperature test

Fig. IV.89.2b- Material previously deformed 457

c) test at -196°¢C

d) test at-196°C

Fig. IV.89 - Fracture at low magnification. Impact test at

different temperatures

X 20




Fig. IV.90.1.a - X 100 Fig. IV.90.1.b - X 500

Tested at room temperature

Fig. IV.90.1.c - X 2 K Fig. IV.90.1.d - 5 K

Tested at -1960C

Fig. IV.90.1 - Material solution treated

IV.90.2.a - room temperature
X 2K

Fig. IV.90.2 - Material previously deformed
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CHAPTER V
- DISCUSSION
V.l ‘ Deformation Behaviour
Velea Work sﬁreggthening at room and sub-=zero
temperature
Introduction

The equilibrium diagram given in Fig. V.1
corresponds to the range of gpmpositions for MULTIPHASE
alloys (*%). In the case of the alloy studied in the
present work (which has the same composition as MP35N but
with Ti added between(O.S—;%) the fcc structure is stable
above 650°C, while fhe hep structure is stable below
425°¢., However, the fcc — hep transformation is very
sluggish and does not occur by cooling below the lower
transformation temperature (18) (18) (*3). The fcc
structure occurs at room temperature as a metastable
phase. In such alloys, in which the Ms lies below room
temperature (° ), deformation of metastable fcc phaéé may

result in the transformation to the hep ¢ -phase,

On thisbasis, some studies have been carried
out in the past on the strengthening of MULTIPHASE alloys
which has been attributed to the formation of the € -phase

by deformation at room temperature (16) (*%). A more
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recent study (2°) has reported that specificélly for MP35N
(35C0-35N1-20Cr-10Mo) alloy cold worked 59%, the presence
of e-phase was not detected and the strengthening
-mechanisms were attributed to increasing dislocation
density and formation of deformation twins. A similar result
was obtained on an Fe-25Ni-21C0-20Cr-8Mo alloy (°°) cold
drawn up to 75%, with a deformed structure remarkably
similar to the iron-free MP35N alloy. Remy (2?) examined
the influence of various deformation modes on Co-Ni,
Co-Ni-15Cr and Co-Ni~-15Cr-5Mo alloys and reported that

low temperature plastic deformation induces thea (fcc) =

e (hep) martensitic transformation.

At higher temperatures, twinning occurred
whereas at still more elevated temperétures, the plastic
deformation proceeded only by the propagation of

undissociated dislocations.

Mechanical twinning and the formation of an
hep phase have much in common. The difference between a
perfect fcc twin and a perfect hcep structure is one of

staking sequence. A succession of stacking faults on

foe

every (111) plane results in a twin ;aﬂthe fce structure,
while faulting on alternate (111) planes gives a hcp
phase. Themorphologies of twins and e phase is very much
the same, On the other hand, high deformations make\the
structure very complicated, giving diffraction patterns
inwhich spots become very elongated (streaking effects)
and tend to form rings, which makes very difficult the

clear and unambiguous interpretation. All these facts
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could explain the contradictions found in the literature

on the identification of £ or twins.

In the present work, from transmission electron
'microscopy observations, no ephase is present at small
deformations (up to 30%). However, € was observed for
much larger deformations (~ 65% at room temperature and
50% at —-196°C). The ‘discussion of the results from X-ray
analysis, hardness, optical microscopy and transmission

electron microscopy is given below.

X-ray Analysis

X-ray analysis of the deformed material by
different amounts did not detect the presence of any
new phase, neither were changes of lattice parameters
obéerved. This is in agreement with the observations of
Graham and Youngblood'( 18%) who reported that for
MULTIPHASE alloys with a Co:Ni ratio smaller than about
45:25, the hcp-»fcc transformation could not be detected
by X-ray diffraction analysis. Peak shifts towards
smaller angles were observed as well as broadening
especially of the 200 and 311 hkl reflections, with
déformation. Patterson (°°) nas shown that stacking faults
on the (111) planes of an fcc material produce a line
broadeniﬁg and also a small peak shift, On this baéis
Warren (66) shows a direct determination of the stacking
fault probability independent of particle size and
distortion broadening. This is directly proportional to

relative changes in angular distance between the { 20C }
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and {111} diffraction peaks, i.e., 426,.. — 426

200 111 T
deformed . annealed
(20,450 = 20444) (20,50 = 26714) .

According to this, the values of stacking fault probability
calculated for the different amounts of deformation at

room temperature and ~196°C are given in Table V.1.

TABLE V.1
Stacking fault

Deformation probability
10% (-196°C) 0.10

20% (-196°C) 0.10

30% (-196°C) 0

30% RT 0.20

50% R T 0;15

65% R T ' 0.10

80% RT 0.10

As more and more faults occur in a fcc
material, so there are more and more regions that
resemble twins and hexagonal regions; therefore the (III)
and (I11) peaks will shift away from the origin to the
higher 28 values of a hexagonal material, but the 200 and
300 will move toward the origin. The same conclusi9n was

reached by the previous authors %y (¢%)

; i.e., the
effect of stacking faults is to shift (111) outward, i.e.
toward higher angles, and (200) inward, i.e. toward

smaller angles. This effect is shown diagrammatically in

Fig. V.2, where the arrows indicate the direction of
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displacement, and the indices indicate the position of
the reflection from perfect material. However, this.
applies only to the ideal case in which each crystal

contalns only one parallel set of faults.

BA 52@4,@%

Fig. V.2

Téble IV.2 shows the shift directions
observed in the present work. Shifts towards smaller
angles for all peaks for all deformations were obtained
indicating the greater probability of hep formation with
increasing amounts of ‘deformation and decreasing
temperature. This is confirmed with the calculations of
stacking fault probability, shown in Table V.l1. The
stacking fault probability decreases with the amount of
deformation, and probably more twins and € are formed.
However, from this analysis aione we cannot draw any

definitive conclusions.

V.1.b ‘ Structural Features ) -

1. Dependence of‘deformation modes on

temperature and amount of deformation

It has been observed, that rolling at room

a————
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and sub-2ero temperatures resulted in a tWo—to—three fold
inerease in the hardness values with deformation and
decreasing temperature; this is in agreement with

observations in previous work (*®) (*®).°

The factors affecting strengthening seem to
change with increasing deformation and decreasing
temperature. For small amounts of deformations up to 5%
only dislocations ére observed at room temperéture (Fig.
IV.10) and a few stacking faults are present in the v 2%
deformed material at -196°C, together with aligned
dislocations (Fig. IV.18). For 10% deformation at room
temperature, dislocations and a large number of stacking
faults lying on the {111} planes are present (Fig. IV.11),
while after 10% deformation at -196°C twins are already
observed as well as stacking faults (Fig. IV.19). At 20%
only twins are observed.in this material; however in the
material deformed the same amount at room temperature
, mainly stacking faults are present. For higher reductions
up to 50% at room temperature the deformation occurs only
by twinning (Fig. IV.13). After about 50% deformation at
-196°C there is clear evidence of the presence of hcp
phase (Figs. IV.23 and IV.24) which is not so clear in the
deformed material at room temperature. After 65% deformation
both treétments produce hcp phase and many deformation
twins (Figs. IV.14 to IV.17 for R T and Fig. IV.25 L N ).
Table V.2 gives a summary of the deformation modes found
for different amounts of deformation at room temperature

and -19600. From these observations it is inferred that



the strengthening effect cannot be attributed to the
presence of e-phase alone, but deformation twinning
seems to be a more important contributing factor to the

"strengthening mechanism.

Obviously there is a relationship between
the deformation modes and the temperature. As the
" temperature decreases twins occur at smaller applied
strains, and for higher deformation, the fcc - hcp
transformation occurs at lower temperature;the orientation

relationship fece/hep is (111)a //(0001)c ; <1105//<1120 ae.

190

TABLE V.2
Deformation at Deformation at
room temperature -1960C
% Deformation % Deformation
mode mode
up to 5% only 2% dislocations and
dislocations a few stacking
faults
. o - stacking o _ twins and
up to 20% faults 10% 20% stacking faults
30% -~ 50% twins . 20% - 50% twins
50% mainly twins 50% twins and ¢
65% mainly twins 65% inereasing
and some € twins and ¢

Remy (2%) (%2) studied the transformation

induced structure in binary Co-Ni alloys, ternary Co-Ni-Cr

acasa-
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and quatenary Co-Ni-Cr-Mo alloys, (although Qith higher

Co contents than the alloy studied in the present work
(Table V.3)), in relation to nickel content, temperature
‘and amount of deformation. Their work is éummarised in
Figs. V.3 and V.4. At low temperatures e-martensite and/or
twinning Operate, while at high temperatures only slip 1is
obsérved. Below Mg, (maximum temperature at which the a>e
can be induced), € is observed after small applied strains.
Above Md, the alloy deforms by slip and twinning. Around
Md., twinning occurs at the beginning of plastic
deformation, whilst at higher temperatures it appears at
progressively larger applied strains. In the quaternary
alloy Co-Ni-15Cr-5Mo these authors reported to have found
twins and E-platélets co-existing in somé temperature
range below Md such that the domains of twinning and e€-

martensite overlapped.

Although in the present work the volume
ffactiqn of martensite could not be measured, a similar
trend to the Remy et al. results can be obéerved, in
relation to amount of deformation and temperature. These
authors establish a relationship between stacking fauit
energy and deformation modes which is summarised in

Fig. V.5.

For stacking fault energy values between 10
and 15 mJ/m2 the J&*e martensitic transformation is
induced by plastic deformation. At about 20 mJ /m2 twinning

occurs as a prevailing deformation mode up to 50 mJ/mZ2.
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Fig. V.5 (23) Deformation structures observed near room
' y temperature as a functionof stacking fault

energy at room temperature

From about 30 mJ/m2 twinning occurs together with
dislocations. There is a small range of SFE around 15 mJ/m2
in which both twins and £ martensite are bbserved; a
similar observation has been made in stainless steels (°?)
(7°) (7') (72) and in the Co- 6.5Fe System (7). The
stacking fault energy values at room temperature, calculated
by different authors (%) (23%) (2*) rfor different Co-Ni
alloys are given in Table V.é. The variatioh of the SFE
with temperature in the Co-35Ni-15Cr alloy is illustrated

in Fig. V.6 (2?), and Fig. V.7 (%%) for the Co-35Ni alloy.
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Fig. V.7 - Variation of SFE
with temperature for
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TABLE V.3

STACKING FAULT ENERGY VALUES FOR DIFFERENT Co-Ni ALLOYS AT
ROOM TEMPERATURE

Alloy Composition Ref. (mJ/m2)

67Co 33Ni (") 15

65Co 35Ni . G*) 20.5.

56Co 30Ni 14Cr (¢3%) © 15.5

50Co 35Ni 14Cr (2%) : 24.7

45Co 40Ni 15Cr ¢*) 38

40Co 45Ni 15Cr %) 48

55Co 25Ni 15Cr  GSMo ¢3) 11.7

50Co 30Ni 15Cr  5Mo RSP | 17.7

35Co 35Ni 20Cr 10Mo @8 ) 25

vFor different binary Co-Ni alloys measurements of the
temperature dependence of the SFE are in quite good
agreement by different authors (3 ) (8% and give a value
of 0.03-0.05 mJ/m29°K in the temperature range 100-800°K.
Considering these values are applicable to the alloy
studied in the present work, since in the quaternary
system Cr & Mo decrease the SFE, then ErSFE of 25mJ/m2
reported (16) at room temperature reduces to ~ 7-11

mJ/m? atr-196°C. Therefore in accordance with Fig.

V.5 it would be possible to obtain € at this temperature

(=196°C), and twinning would be the prevailing deformation

mode at room temperature, which is in good agreement with
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the observations made by means of transmission electron

microscopy.

Ericsson (8% ) showed the existence of a
.direct relationship between the fcc - hcp transformation
and the decrease in stacking fault energy with témperature,
working on a Co-Ni alloy. This investigation. relates the

stacking fault energy to the Gibbs free energy difference

between the hcp and fcc phases, AG fee » hcp. For a

fece » hep

temperature close to the temperature To at

which AG fec + hep = 0O he shows that:
Asfcc+hcp2 1 3y
24 oT
where, S = entropy
d = distance between { 111} « planes

Y = stacking fault energy

.

Lecroisey and Pineau (70)’ showed, however,
‘that the opposite is not true, i.e., the existence of an
fcé » hep transformation in steels is not a necessary

condition for a strong variation of SFE with témperature.

2, Conditions for twin formation and

fce » hep

Transformation;inducéd by plastic deformation

Several authors (’*) (®) have shown that
deformation twins in fcc are only produced after the
application of a critical stress. Venables (%) has

proposed that the critical stage for the nucleation of



twins is the formation of a semicircular loop'of stacking
fault, and that the twinning stress is approximately a
parabolic function of SFE, given by

noe =y + ub

by 2a,
n = local streés concentration factor
4o = radius of the source
pyoo= shear modulus of the metal
b = 1g the Burgers vector of a slip dislocation

The dislocation configuration in the
neighbourhood of the source is shown schematically in

Fig. V.8.

Loe

Fig. V.8 Schematic drawing of a dislocation distribution
near the twin source. The dislocations BC form

apile-up of length L. The + and - signs indicate

forest dislocations crossing the twin plane. The
resolved shear stress for slip J, is sufficient
to push the leading dislocation of the pile-up
to within a distance, d, of the twinning

dislocation which is thereby bent to a radius, as

In alloys with low stacking fault energy, ¥,
the nucleation of faults is easy, whereas, propagation of
twins through the forest dislocations is difficult; the

twins grow slowly by breaking down interactions with the

197
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forest dislocations. This approach for twinning formation
proposed by Venables (5“) is shared in a modified way by
Cohen and Weertman (*!) and Hirth (7%). Cohen and
"Weertman (*!) suggested that the glide of Shockley
dislocations onthe appropriate {111} planes could lead to
the formation of overlapping but separated intrinsic
stacking faults. Since the process occurs in . several
regions, it is possible that an ordered stéking fault
arrangement required for the twin formation may evolve.
Mahajan and Chin (?’7), however, working on a Co-Fe alloy,
found their results were not compatible with Venables and
Cohen-Weertman's models. They proposed (’7) an alternative
dislocation reaction for the nucleation of deformation

twins, based on: (1) a three~layer twin is the basic
: nucleus

(ii) two co-planar glide dislocations
of different Burgers vectors are
involved in the nucleation

(iii) thickening occurs by random
amalgamation of these basic nuclei

3. Initial stages of g»¢ formation

The role of twinning in the o*e martensitic

transformation

The theories of martensitic transformation
predict that an additional deformation must accompany the
strain which converts the pafent structure into the product;
this additional deformation has been proposed (’?) to be

twinning on a fine scale. However, it is very difficult to
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determine the process of initiation of martenéite
experimentally, and it is not suggested that the present
work has done this; nevertheless, it is clear from the
experimental evidence that the deformation process creates
dislocations, stacking faults, twins and emartensite in
that order. Therefore, it appears as a fact that stacking
faults and twins intgrvene in the mechanism of formation

of the emartensite.

Fujita and Veda (%?) studying 18-8 stainless
steel concluded that the nucleus of ephase induced by
plastic deformation is formed by overlapping of stacking
faults; however, evidence of this initiation was not
obtained in the present work from the transmission electron
microscopical results, e.g. Figs. IV,11 and IV.21, in which
great numbers of groups.of stacking faulté are present,

did not show evidence of hcp reflections. Of course the
determination of the initial stages of formation of €
martensite is very difficult considering that the fcc
structure with stacking faults in every other {111 }is the

same as the ephase.

From the experimeﬁtal observations, ephase
was clearly identified at very high deformations and oﬁly
after clear evidence of twins had-been observed. Other
factors are affecting the clear identification of the two
phases. First of all the morphology of both is so similar
that just by bright field techniques identificatioqvis
impossible; furthermore electron diffraction patterns

exhibited intense streaking of reflections as a
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consequence of high stacking fault density and twins and
as a result of the parallelism between close-packed planes
and close-packed directions in both phases (fcec and hep);
dislocations also influence the shape of diffracted spots,
and the spot acquires a disc-type halo perpendicular to
the line direction of the dislocation. All these factors
made it quite difficult to positively identify the presence
of ¢ in the initia} stages of formation, in which, becéuse
of the small volume fraction, very few reflections might
have been expected. Bollman (®?) directly observed the
behaviour of stacking faults in thin foils 6f Co and
proposed that the ¢ was formed at fault intersections; of
course, the behaviour of pure Co is different than that of

a complex alloy.

In the present work, with deformation at
-196°C sets of twins intersecting each other were observed
before € formation (Fig; IV.20); perhaps the € starts to
form at these intérsections, although no clear evidence
for this is established. At room temperature the situation
is quite different and it seems as if the twins grow wider
with increasing deformation (Fig, IV.15) and the relation
to € formation is not so clear., Therefore, more
transformation occurs at lower temperatures, the free energy
change favouring the formation §f martensite becomes larger
at lower temperatures, moreover, the nature of nucleatidns
céntres is such that more nucleation eventsroccur at

higher driving forces.
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Lecroisey and Pineau (’°) showed that in
austenitic alloys containing 18Cr-12Ni, 16Cr-13Ni, 18Cr-14Ni,
the tendency to nucleate an = platelet rather than an
austenite twin cannot be rationalized in terms of intrinsic
stacking fault energy only. They proposed, based on the
work of Cohen and Weertman (') that the value of
extrinsic stacking fault energy and of small contractions
associated with the fcc - hep transformation are important
in controlling the nucleation process. They made a rough
calculation showing that € nucléation is easier than twin

nucleation when

Yomy(1-x) > V2 £2 £ 220 £ ¢ (1)

ub u
with

Yo = Iintrinsic stacking fault energy at the
temperature To fee » hep ore ag TG - hoP _

(1+x) = ratio between extrinsic and intrinsic
stacking fault energies

b = Burgers vector of a Shockley dislocation

£ = contraction normal to the (111) ¢ plane

during the fcc =+ hcep transformation

a = parameter of the order of 0.1 to 1,
depending on the geometry of the site with
respect to the applied stress

o) = applied stress

They establish that this relation can account
for the following:
1) the fact that ¢ platelet nucleation is

preferred to twin nucleation at lower temperature, since
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SFE increases with temperature,

ii) the coexistence of twins and e platelets,
as the right hand term in eq. (1) is a function of the

‘orientation of the site through £,

Although there is relatively‘little‘difference
between € and twin formation in terms of violations of
the stacking sequence of the atoms in the{ 111} planes of
the fcc lattice, the observations of mucﬁ more extensive
twinning compared to € , imply that there are fundamental

differences in the dislocation mechanisms.

4., Kinetics of strain-induced martensitic

transformation and of fcec deformation twinning

The kinetics of theqg (fcec) + ¢ (hep) strain-
induced martensitic transformation in Co alloys are still
poorly documented C® ) (7% . However, there is extensive
literature on steels based on the Fe-Cr-Ni system ( 3°) (*9)

( '®) and also on manganese containing steels (%% (°%1).

Remy ( ®5 studied this problem for a high
mangénese steel and proposes a model, which extends to the
predeformed condition. This is a most suitable model to
apply to the situation found in the present work, since
prestrains introduce numerous stacking faults and @wins,
which act as nuclei for the strain-inducéd o + ¢
transformation; however at the same time they act as
obstacles which can provide effective barriers to the

growth of € platelets. Unfortunately in the present work
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lack. of wvolume fraction data make it impossible to prove

the model quantitatively. The model is as follows:

For a strain increase, dg, the number of

'plates formed per unit volume of austenite is proportional
to the number of stacking faults present. The probébility
that a stacking fault could form an € plate is pdg; p is
assumed to be independent of the strain ¢ and to depend
only upon the stacking fault energy, the'lower the stacking
fault energy the higher the. probability pdg for a stacking
fault forming an & plate. The number of martensite plaﬁes

per unit volume of specimen
dNv = (1-f) (P,+Pr)pds

Where

faults present beforé deformation = Kz}

P,
Pz

faults introduced by strain = Kg

As the amount of pre-strain 3 , induces a

volume fraction of twins
dNv = (1-¥T-F) (zs+z) Adcg

]

fr volume fraction of twins

A

p.K is a decreasing function of the SFE

the volume fraction of_platelets is related to the volume

fraction of emartensite formed V = Vo (1 -Kfo -Kf)2

After arranging equations, and defining other
terms, he finally arrives at the expression obtained after

integration:

atle?+2z7¢) = @

k*(F*J
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~kf* *
(£*)= — 1 1gg LZKE* , Kk _f

(k-1)2 1-F* k-1 1-kf*

¢

k

Whepe,q{(f*), the volume fraction of fhe strain~induced
martensite is a function of the applied strain aﬁd depends
upon the constant K and upon three parameters = (1-fp)
volume fraction of untwinned austenite, g! which is a
decreasing function of the sgtacking fault enérgy and ¢
which accounts for the stacking faults introduced by

prestrain.

The same author in another work (% ) on a
cobalt-nickel alloy proposed a model for the kinetics of
twinning similar to the model previously discussed for the
strain-induced e martensite. In this the twin nuclei
evolve from the interaction of perfect slip dislocations
and the number of nuclei is taken to be proportional to
the overall dislocation density; the reaction is only
possible for a suitable critical stress levelZ. , as
discussed by other authors also. Finally, he arrives at
the.following expression: @k(fT] =a (g2 - . ?)
this is, the volume fraction of twins fp is an implicit
function of strain, which depends upon the critical strain
at the onset of twinning, anda which is a decreasing
function\of the stacking fault energy and is proportional

to the volume fraction of the first twins which form.
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V.l.c Low temperature strength

It can be seen in Fig, IV.60 and IV.61 that
the strength increases with decreasing temperature. This
Eehaviour was observed for both alloys iﬂ both conditions,
solution treated and deformed, this effect being much
more pronounced in fhe material previously deformed 45%.
The general level of strength was slightly higher in the
alloy containing the higher Ti content (alloy A). The
reduction of area for the solution treated and for the
previously deformed material remains fairly constant with
decreasing temperature, decreasing slighfly at -196°C for
both conditions. The value of reduction of area is very
similar for both conditions, being only slightly lower in
the deformed material (about 5%) with respect to the
solution treated condition. -The elongation was higher
(about 75%) for the solution treated material remaining
fairly constant with decreasing temperatures. For the
previously deformed material however the elongation is
much lower (about 25%) and also remains fairly constant
with decreasing temperature down to about -100°C. From
this temperature an increase in elongation (of about 10%)

is observed down to -196°C.

There are no data available in the literature
for the méchanical properties at low temperatures of the
solution treated material.However, thefe is a report (%%)
on some of the low temperature mechanical properties of
the previously 49% c.w. alloy MP35N (without any Ti

content) which agrees reasonably well with the results of
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the present work,

Work Hardening Behaviour

The stress/strain curves from the tensile tests were
analysed based on the Ludwick equation o=ke" , which
can be made linear‘by logarithmic transformation log o =
log kK + n log e. n 1is the slope of the resulting straight
line and it can be' shown that is mathematically equivalent

to the true strain at maximum load.

However, for the present results this equation
fails to describe the plastic behaviour at lower strains
for the solution treated material tested from room
temperature to -196°C. The flow curve is'cdncave.upwards when'
plotted on logarithmio coordinates, and lies at higher
strains than the extrapolation of the straight line defined
by that relation to low.strains. This behaviour has been
observed (}?) (®*?) for austenitic stainless steels and fcc'
metals with low stacKing fault energies. Ludwigson (°°)
proposes a modified model of the Ludwick relation which
takes account of the initial deviation at low strains and
is given by 6 = ky e My gk2 gnae
where K4 is the strength factor and njg is the strain

hardening exponent, (this is the same as in the Ludwick

equatiOn)
g2 = is the true stress value extrapolated to
zero true strain. (This is the stress at
which plastic flow begins in terms of this
model)
na = is the slope of the line given by

Ln A = k2 + NLE
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where A 1is the difference between the observed true stress
at low strains and the stress represented by Ludwick

relation.

This model can be used to ekplain the deviation
from the straight line observed at low strains in the
present work for tﬁe solution treated material tested at
all temperatures (e.g. Fig. IV.56). However, the deviation
from the straight line observed at high strains in the test
performed at -196°C can not be accounted for by this model.
The deviation at high strains from the extrapolated
straight line has been observed in 316 stainless steel (91)
at low températures, and was attributed to the occurrence
of the austenite-martensite transformation during plastic
deformation. The difference in stress between the

experimentél curve and the exfrapolated line at any value
of plastic strain is considered to be the contribution of
-the martensite formed to the flow stress at that value of
strain.

In the present work, the electron microscopy
observations of the material deformed by rolling at room
temperature and-196°C, provide clear evidencé of ¢
martensite forming at ~196°C at high deformations, from
50% onwards. In Fig. IV.56 the deviation from the straight
line occurs at about 0.42 plastic strain. This behaviour -
was not observed in the room temperature test, although
some ¢ Was observed by transmission electron microscopy.
However, the evidence for € formation fof this temperéture

was muchH more difficult to obtain. It was only detected



for higher deformations than those observed at -196°9C, and
in smaller amounts. Therefore it could be argued that at
room temperature the amount of martensite formed is not
‘high enough to make any appreciable contribution to the

flow stress.

The previously deformed material did not show
this deviation from linearity, either for low or high
strains, up to instability. This is due to the deformation

already existent in the material prior to testing.

From the fact that it d@es not show deviation
for higher strains up to instability it could be argued -
that for the amount of previous deformation given (45%),
the martensite has already started to form, (as was
observed by transmission electron microscopy for 50%
.deformation), and therefore. there is not a certain strain
at which the martensite starts to contribute to the flow
étress, since it is already contributing from low strain

values for this condition.

Looking at the values of work-hardening rate
in'Appendix III, it is seen that there is a steady
increase in work hardening rate (assessed from the slopes
of the true stress/true strain curves) with decreasing.

temperature. This can be explained by the fact that the

number of stacking faults and twins increase with decreasing

temperature, constituting strong obstacles to dislocations
resulting in extra work-hardening. This is consistent with

the decrease of stacking fault energy with decreasing

temperature.

208
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Lecroisey (7°) studied the transformations
taking place during plastic deformation in the Fe-Ni-Cr-C
system, in relation with the stacking fault energy, the
‘conditions for appearance of twinning and of fcc -+ hcp and
fcc *+ beec martensitic transformations. The variation of
SFE with temperature in relation to the fcc -+ hep
transformation has been discussed in the previous section
(V.1.b). Lecroisey has pointed out that nucleation of both
twins and hexagonal platelets is promoted by low values of
SFE, but € platelet nucleation is preferred to twin

nucleation at lower temperatures.

The large values of elongation obtained and
the fact that it remains almost constant with decreasing
temperature and increases from about -100°C (in the
_previously deformed material) is a characteristic of the
phenomenon called transformation-induced-plasticity, TRIP,
thch has been observed in steels (°%) having an excellent
combination of strength and elongation. They are
characterized by a large uniform elongation and supbression
of necking, which has geen aftributed to the formation of
martensite. The necked region is hardened more by strain-
induced martensite than the rest of the specimen, so
incipient necking no longer grows and deformation occurs in

the adjacent region. -

Guimaraes (°%%) developed a method which allows
the tensile necking condition to be correctly predicted in

materials which display transformation induced plasticity.
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He proposes that the total elongation has twd components.
One is a uniform strain due to plastic deformation (slip)
of the material. The other is due to the (localized)
-deformation provided by the transformation strain
thus, do=o(deu + ¢SdF)
Where ¢ is effective tensile strain associated with
the deformation
€ = uniform strain
f = volume fraction of transformed phase at some

point in the elongation process

the total engineering strain, €7 , is written

ey =g, * @SF (1+eu)
and therefore the true strain is

e = €, * In (1 + ¢SF1‘

Coﬁsidering that the reaction occurs progressively during

deformation, he arrives at the relation:

99 - 6 (1+ §2F df/de)

de 1+ o_f |
and this equation was in agreement with the experimental

data for TRIP steels. Although 1in the present work this
model cannot be applied quantitatively, since the volume
fraction values could not be measured, it can be inferred
from the transmission electron miéroscopy observations
(Figs. IV.16, IV.17, IV.22), that f could be considered

not only as the volume fractign of martensite formed, but
also the volume fraction of twins formed during deformation
plus the volume fraction of martensite. Since the elongation

values for the solution treated material did not change
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vVery much with decreasing temperature, the high elongétion
values are not necessarily dependent only on the total

amount of martensite formed, which increases in content

"with decreasing temperature for equal amounts of

deformation.

The results of strain hardening exponent
values (equal to the true strain at instability),in the
present work, for the solution treated material range

between 46-57%, which are in good agreement with the

- values observed in some TRIP steels (*®) which. range

between 40-55%. Tamura et al. (5“) have shown in Fe-30Ni
and in Fe-13Ni-15Cr that with decreasing test temperature
the strain hardening exponent decreases slowly down to

the temperature at which the maximum elongation is obtained

and increases near Ms, then is almost constant below Ms.

This is shown in Fig. V.9.

The'presentvresults do not agree with these
observations. The previously deformed material showed
maximum elongation from about -1059C together with an
inc#ease in strain hardening exponent. For the solution
treated and the deformed matefial there was a
small drop in the strain-hardening exponent at -196°C but
no significant increase in elongation was observed. On
the contfary, although variations were small, larger
elongation values corresponded to larger strain hardening
exponent values. This disagreement is difficult to explain,

but it is possible that different mechanisms are taking
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place, since Tamura et al. ( 5%) established that the pre-
fequisite for maximum elongation is that deformation of
austenite occurs at early stages of deformation without
martensitic transformation and then martensite is
progressively formed little by 1little during deformation up
to fracture. However, in thepresent work an increase in
elongation was observed in the previously deformed material
which already had some martensite present due to the

previous deformation treatment.

Tensile Fracture Mode Analysis

During the tensile test the material suffers
considerable deformation (elongation and necking) prior to
fracture. Cracking in tension originates near the centre
of the specimen and propagates towards the surface, ending
with a conical shear lip (Figs. IV.87 and 1IV.88)., A
fypical ductile mode of fracture was observed for both
conditions of the material from room temperature down to
-1119C, The fracture mechanism was characterized by slow
crack growth at the centre creating a fibrous zone and
the shear lip around this zone (Figs. IV.87 and IV.88). As
the test temperature was decreased the fibrous zone
became smaller. At -30°C a radial zone was obsefved»
emanating from the periphery of the fibrous zone,
indicating a change from slow crack growth to rapid
unstable crack propagation which coincides with the
general direction of crack extension. At lower temperatures

(-111°C) the radial marks are very coarse,similar to those
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Found in the fractures of medium-strength steels with
martensitic structures when broken at or near room
temperature (*°%. These coarse radial marks are shear
'elements, which may be caused by high normal tensile
strength resulting from the separation of the radial
surfaces along the plane of maximum shear (450 ). A closer
look at all the fracture surfaces dwn to this temperature
shows microvoid coalescence. Microvoids are initiated at
interfaces between matrix and particles such as carbides,
precipitates and inclusions, and alsb at imperfections

- such as microporosity and microcracks. They grow under the
triaxial stress conditions ahead of the crack tip and
expand untilbthey coalesce to leave behind on the fracture
surface the familiar hemispheroidal cavities, known as
dimples (Figs. IV.71 to IV.77 and IV.82 to IV.85). As the
test témperature decreases the shear zone becomes larger
énd a flattening of the over-all fracture surface is
observed. At -196°C the fractufe surface appears fairly
smooth and has a fine texture with vefy uniform features,
showing a predominant shear mode of fracture. (Fig. IV.78
to IV.81 and IV.86). Intergranular separation was also
observed at this temperature in previously deformed material

(Fig. IV.86.a).

Concerning crack nucleation it is well
eétablishedtha;twinning can nucleate cracks (°7).
Deformation twins cannot propagate across a grain boundary
and a large stress concentration will be produced at the

boundary. In addition,except for one specific twin-twin
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orientation, a twin cannot propagate across another twin
and again a large stress concentration is produced. The

strain is relieved in a number of ways:

i) nucleation of a new twin'on the opposite
side of the intersected twin;
ii) slip in matrix and in twing;

1ii) crack formation.

Because of the large amount of tWinnihg
observed to occur during plastic deformation, in fhe presént
work, it is reasonable to infer that.twinning is one of the
causes of crack initiation. However, the role of twinning
in fracture cannot be easily discussed Sinée the situation
is not clear for a simple case of brittle fracture in bcc
crystals. The case of fcc crystals is much more difficult

due to the ductile fracture .exhibited.

The intergranular separation observed at very
low temperature, especially at -196°C (Fig. IV.86) may be
attributed to both €-martensite forming preferentially at
the grain boundaries and to twin impingement on grain
bounaaries. Thus, grain boundary cracking occurs as

relieving the stress concentrations (113.

Although -196°C was the test temperature which
showed clearly intergranular ffacture, plastic intergranular‘
fracture (this is, formation and coalegcence of micro-
voids along the grain boundaries) was obser?ed from much
higher - temperatures (Figs., IV.73, IV.74, IV.76, IV.77,

IV.83 and IV.86), this effect becoming more.pronounced with
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decreasing temperature.

In high nicﬁel TRIP steels with varying carbon
contents, Maxwell (3°2) found that one of the reasons of
‘failure was decohesion at the interfaces between austenite
and strain-induced martensite with subsequent void
formation. And also intergranular failure was observed

when martensite initiated at grain boundaries.

Fracture Mode During Impact Testing

The energy absorbed dufing impact testing
remains fairly constant with decreasing testing temperatures,
as can be seen in Fig. IV.62. This is in good agreement
with the fracture surfaces analysed (Figs. IV.89 to IV.90),
The fracture mechanism does not change with decreasing
temperature being a ductile. mode. It can be seen from the
low magnification fractographs (Fig. IV.89) that the
deformed material, tested at room temperature, shows a
conical fracture shape indicating that the fracture occurs
through the plane of maximum shear stress at 459, in a
very ductile manner. This is the only noticeable difgerence
between the different tests. It is interesting to notice
that the modes of fracture resulting from the tensile
testing at -196°C and the impact testing at the same
temperature are not the same. While in the impact testing
tﬁe fractufe is very ductile, showing‘micfovoids and slip
lines, in tension testing the very fine even structure
and intergranular separation show that different mechanisms

occur. This may be only'a consequence of the much higher
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,strain rate in the impact tests than in tensile tests. In
impact testing with the higher strain rate less &

martensite may form.

V.2 Annealing Behaviour

V.2.2 Ageing Induced Strengthening

Ageing at temperatures between 450°C and
6509C causes the Hardness to increase, provided the
material has been previously cold wqued. This has been
reported ( }8) (!®) for several MULTIPHASE alloys. During
rapid heating treatments,after deformations greater than
30%, the hardness increases very rapidly (within 2 min)
and reaches a maximum at about 15 min and then either
decreases or remains fairly constant up to 30 min. For
long time ageing treatments: (from 5 hrs to 100 hrs) the
hardness increases with ageing time for temperatures up
to 650°C; however it decreases with ageing time for
higher temperatures. These effects can be interpreted in
relation to the phase diagram given in Fig. V.1 (“3);
The‘temperature of 700°C is above the range of the fcc—+-
hep transformation, therefore the hardness is expected
to decrease, bécause of the complete transformatioh of the
¢ phase to fcc and because some recovery is taking place
at this femperature (Fig. IV.35). Observing the structural
changes bréught about by ageing the previously deformed
material, in the range ~ 474°C-650°C, which lies within

the fce + hep region, (Fig. V.1), € phase was observed
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to form even after very short time ageing tréatments (15 min)
in the very heavily deformed materials (from 50% onwards)
(Figs. IV.29 to IV.31). However it was not observed in

the undeformed material after holding, in this temperature
range, for very long times. Neither was it observed on
ageing the material with low previous deformation (up to
20% at room temperature and -196°C). This shows the
sluggishness characteristic of the fce 4 hep transformation,
However, on ageing for longer times € was observed more
easily at deformations atwhich € was very difficult to be
detected in the non-aged material. These observations
suggest the formation of new ¢ as a result of annealing.
Probably both processes are occurring, i.e., some € formed
during prior deformation persists after annealing and new

€ platelets are formed because of annealing.

On the other hand, Drapier (16) has shown that
‘the stacking—fault energy, y, derived from the nodes of
dissociated dislocations, observed after ageing the
annealed material decreases with ageing temperature (within
the 'transformation range), lying between 10 and 14mJ/m2.

This is shown in Table V.4.

This is in agreement with Ericsson's (%*)
obgervations on Co and Co-Ni alloys, which are summarized
in Fig. V.10,

In the previous section (V.1l.a) the relation-
ship between deformation modes and stacking fault energy

was discussed and Fig. V.5 showed a summary of this. As
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RESULTS OF STACKING-FAULT ENERGY MEASUREMENTS

ON HEAT-TREATED MP35N ALLOY

Heat Treatment

1050°C - 1 h, A. C.
(Annealed)

) Annealed +
550°C - 4 h, A. C.

Annealed +
550°C -~ 100 h, A. C.

Annealed +
6000C -~ 100 h, A. C.

* The shear modulus of MP35N (G = 0.886 x 109 -

Number
of
nodes

Mean

radius,

184

410
370

437

Stacking-fault

energy,y ¥

mJ/m2
Screw Edge
nodes nodes
26.3 24,3
12.8 10.5
14,1 12.2
12.2 10.3

J/ m2) was

derived from the value of Young's modulus, E, using a

Poisson's ratio, v, of 0.30
t- —-— -
Vo T
t \' pCcAh rece
fr W .
[ .\,
- -\' )
E‘ » i ~ . ‘:
w B 1
. !
i Co
i 9
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Fig. V.10 -

Temperature , K

and Co-Ni alloys (**)

Variation of S.F.E. with temperature for Co
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could be seen in this fig. the fcc -+ hcp transformation
occurred in the range of stacking fault energy values
between 10-15 mJ/m2, and around 15 mJ/m2 twins and e were

observed.

Drapier (1°) shows that ageing in the fcc +
hep regions produées an fcc structure whose stacking fault
energy is in the favourable range for e formation. Several
authors (2 ) (5 ) ( ?) have tried to explain the nature
and mechanisms of the fcc - hep transformation in cobalt
alloys. The thorough study by Giamei ét al. () of the
kinetics of the transformation in the Co-WC and Co-W
systems has established that, for the particular compositions
and temperatures used, the reaction occurs in three stages:

1. Massive transformation of supersaturated
a Phase to metastable ¢ phase.

| 2. Decomposition of the metastable € phase By
céllular separation

3. Peritectoid formation of the equilibrium

hep € phase.

This is shown in Fig. V.11l.b. Precipitation of
. CogW directly from the fcc o solid solution in a Cd—BSwt%w
alloy would result in-a lowering of the free energy from
state a to the metastable state ¢. Final equilibrium would
be obtainéd by a peritectoid reaction between the depleted
fce o phase and the CogW fo form the equilibrium hcp

¢ Phase. It is also possible for the ¢ matrix to undergo

amassive transformation to metastable hcp € phase (state b)
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without a change in composition.

The equilibrium diagram of the Co-Mo system
(Fig. II.4 ) is very similar to the equilibrium diagram of
the Co-W system (Fig. V.l1l.a). The true equilibrium is
represented by g+Co3Mose . Therefore the hypothetical free
energy curves could be similar, for both systems. However,
~the kinetics of the reaction, in the present alloys, seem
to be more similar to the Co-Cr system, in which the
allotropic transformation occurs very rapidly ( ). The
rapid nature of the allotropic transformation in the Co-Cr
system can be demonstrated by comparing the T-T-T curves
for. the Co-Cr and Co-W systems (Fig. V.12.a and V.12.b,
- respectively). For the Co-25wt%W alloy (Fig. V.12.b) the
maximum rate of transformation occurs somewhere in the
region of 700° and 800° and requires an incubation périod
of approximately 10 min. For the Co-20wt%Cr alloy, bélow
éOOOC the reaction begins in less than 6 sec. The rapid
increase in hardness observed in the present work, after
2 min, could be explained on the basis of the above

observations.

Giamei et al. ( ) found in the Co-35wt%W
alloy a maximum in hardness occurring after very short times
(Fig. V.13) corresponding to the onset of the massive
transformations. Hecp regions forming at the fcec grain
boundaries will be an effeckive barrier to dislocation
motion since slip is limited to one plane in these hcp
regions. For long time ageing treatments (between 470°C

and 600°C) and deformations above 20%, the hardness
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increases with ageing time as has been pointed out before,
(Figs.IV.41 and IV.42), and more e phase was observed by
T.E.M. X-ray analysis could not detect the presence of

hcp phase for any of the ageing treatments. This has been
a problem in the past ('®) for MULTIPHASE alloys with Co:Ni
ratios less than 45:25. However, a decrease in lattice
parameter with ageing treatment was observed (Table IV.9).
It has been suggested (1°®) that this is due to segregation
of chromium and molybdenum atoms on stacking faults, which
being &-stabilizing elements (5 ) contribute to the &
formation and also to the decrease in stacking'fault energy
observed (%) with ageing. Giamei et al. (? ) also. report

a decrease in lattice parameter in the Co-WC system with
ageing time, which they atribute to phe o phase parameter
decreasing towards that of pure cobalt while the parameter
of the ¢ phase would increaée since this phase is predicted
to increase in W and C éontent with increasing ageing time,

in that case.

Concerning the observations that the solution
treated undeformed material did not show any significant
increase in hardness, this could be explained on‘the basis
that since only a few stacking faults are present for this
condition (and no ¢ phase),.segregation which is restricted
to the stacking faults ié too small to cause any appreciable

strengthening.

On ageing at high temperatures (7000C) some
recovery was observed with the expected decrease of hardness;

hcp phase was not observed at this temperature, but the

 ——
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matrix still showed many stacking faults and twins (Figs.
iV.48 and IV.49) which account for the relatively high

values of hardness at this temperature. On holding at

700°C for longer times (100 hrs) the presence of a precipitate
was observed (Fig. IV.37), however from X-ray analysis

there was some doubt as to the exact nature (Table IV.8),
since the d values fitted several possible precipitates.
Drapier et al. (%) identified this precipitates as CogMo.
The presence of some carbides was also deteoted by X-rays

and transmission electron microscopy; these were MgC or

Ms3Cg carbides, both being possible phases in cobalt alloys.

Some recrystallized grains were observed at
7009C after ageing for 100 hrs. However recrystallization
was only complete at 850°C (Fig. IV.38 and Fig. IV.50).
The larger the previous deformation given to the material,
the smaller the recrystallized grain size obtained; On |
égeing at 9500C for 2 hrs a grain growth process is

observed.

V.3 High Temperature Strength

The general behaviour during compression.
testing from room temperature to 800°C, for the two alloys
A and B, for the four different conditions, i.e., solution
treated,\solution treated and-aged (600°C/5 hrs), 45%
deformed (at room temperature), 45% deformed and.aged
(600°C/5 hrs), is discussed below for the different test

temperatures ranges, based on the shape of the stress-strain
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curves (Figs. IV.63 to IV.66) and on the strain ageing
theory for substitutional alloys. The temperature

dependence of the 0.2% proof stress, the strain rate

" ‘sensitivity and the relaxation stress is. discussed later.

V.3.1 General Compressive Deformation Behaviour

V.3.1.2 . Room Temperature

At po‘int A (Figs. IV,.63.a to IV.66.a), the
strain rate is increased, which results in an increase in
the applied stress. This is in accordance with'the
equation &= pbv (1039; when the strain rate increases, the
dislocation velécity v must increase to accommodate the
applied strain rate and, since the dislocation velocity
can be expressed as a function of thé stress by v=(0/0,)",
therefore the applied stress$ increases (A-B). At point B,
the strain rate is reduced to its original value,gl,
and a reverse process takes place. At point D the cross-
head is stopped and the stress starts to fall as a result
of relaxation of dislocations. At point E the original

]

strain rate, ¢ is applied and the stress goes up

1 ’ 9
reaching point F, which is the projection of the original

stress—-strain curve.

It is interesting.to note that in the
deformed and agedbmaterial, at every change of strain rate,
after relaxation, the stress overshoots (Fié. IV.66.a);
this is due to the very sharp change in dislocation

velocity. If the strain rate is suddenly inbreased, most of
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the dislocations are retarded by their atmospheres and

the stress must increase in order thagthéavailable
dislocations can move fast enough to éccommodate the applied
‘"strain rate. When the stress reaches a critical value,

(F or I in Fig. IV.66.a), either the pinned dislocations
break free from their atmospheres (unpinning) or there is
creation and multiplication of dislocations and deformation
continues by the motion of free dislocations and therefore
at a lower stress (G-H and J-K). On reducing the strain
rate to its original value, the mobile dislocations are
still free and the applied stress falls (to C and L, Fig.
IV.66.a) because of a reduced dislocation velocity. Fresh
atmospheres are formed rapidly and they impede further
dislocation motion with a corresponding rise in the stress
returning to the smooth stress-strain curve. This explanation
is valid at any temperature for those small stress drops
6bserved at every change of strain fate. The fact that this
effect is more pronounced in the deformed and aged material,
indicates that there are more "atmospheres'" present in

this condition which impede the movement of dislocétions.
Probably this is due to the ¢ phase, forméd during thé
previous ageing treatment (5 hrs at 600°C), which would

act as obstacles for dislocation movement.

V.3.1.b . Elevated Temperatures

V.3.1.b.1 Introduction

The response at higher temperatures is more



228

complicated, since serrations appear and it is deduced
that dynamic strain ageing is occurring. The mobility of
atoms increases with temperature and therefore the solute
.responsible moves fast enough to slow down freely moving
dislocations by forming an atmosphere around them. The
solute atmospheres exert maximum drag on the dislocations
when they move at some critical speed.vC (*3), given by

._ 4D
h

Ve

w)
I

diffusion coefficient of the
solute

'h = is the effective radius of
the solute atmosphere

Thus, there is a critical strain rate given by

° _[4p
o = o (740
b

i

Burger's vector

mobile dislocation density

This subject has been reviewed in the
literature (“5) and a summary was given in Chapter II
(Literature Survey). Therefore further details here would

be redundant.

The solute responsible for the pinning of
dislocations is believed to be molybdenum; which segregates
towards the defects (*®). This is discussed further in the

next section, : )

The stronger D.S.A. effects were observed in
the range 450°¢-550°¢ for the solution treated and solution

treated and aged materials (Table IV.12 and Figs.IV.63 and

e
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IV.64) and 550°C-650°C for the deformed and deformed and
aged materials (Table IV,13 and Figs. IV.65 and IV.66),
L.e. negative strain rate sensitivity, largest drops of
‘stress (Ao) with increase in strain rate, smallest
relaxation stresses and strongest serration effects, were
shown in these ranges of temperatures. Within these
temperature ranges the main differences between the four
material conditions and between both alloys were the shape

of the serrations,.

The interpretation of tﬁe shape of serrations
is important in relation to dislocation movements,
temperature, strain rate and composition. On this basis
a classification (given in Chapter II) and analysis of
gserrations has been made by Worthington ¢ (*% and
Solar-Gomez and Tegar (*°9,.in substitutional fcc alloys.
A brief summary of the general characteristics and

- conditions for their appearance is given below.

Type A serrations occur at lower strains and

low temperatures. The stress rises above the general level
of the stress/strain curve because the diffusion rate is
such that some solute atoms can migrate to the moving
dislocations and cause 'a small amount of locking, therefore
the mobile dislocation density is reduced and a higher
stress ié required to maintain the applied strain rate.
During fhis rise in streés, new dislocations are
continually being produced and at some critical stress

dislocation movement occurs causing the "breakout" of slip



across the whole specimen and a drop in stress.

Type B serrations occur at higher strain than

type A serrations or at smaller strains as the temperature
'is increased. They are associated with a higher rate of
diffusion than type A. When the "breakout" of slip occurs
the dislocations in the deformation bands are locked
before they have completed their movement through the

_ specimen. A new deformation band has to be formed to
continue deformation, giving rise to a rapid succession of

fine serrations.

Type C serrations occur at higher strain thén

tyﬁe B for the same temperature. As the temperature is
increased they commence at smaller strains. This behaviour
was not always observed in the preseht work;‘qonetheless,
discussion of these observations is given in the next
section.

Type C serrations are explained in terms of
dislocation unlocking. When the temperature is high
enough for splute atoms to migrate with dislocations at
the start‘of deformation, stress concentrations within the
material may result in parts of the specimen deforming
at a higher rate than the overall étrain rate, and
serrations can occur in these regions with an enhanced rate

of deformation and large drops in stress.

" In the present work the three fypes of
serrations were observed in both alloys for different

temperatures and strains. (Figs. IV.63 to IV.66). The

230
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discussion of these observations is given below.

V.3.1.b.2 Discussion of observations at elevated

temperature

360°C - 450°C

Figs. IV.63.b and ¢, IV.64.b, IV.65.b and
IV.66.b show the changes occurring at these temperatures
for both alloys in the different conditions (S.T., S.T. &

aged, deformed, deformed and aged, respectively).

The solution treated and the solution treated
and aged materials showed similar behaviour at 360°C.
The stress is independent of the applied strain rate which
is a characteristic of dynamic strain ageing, (the curve
from A to B is a smooth curye) and deformation occurs by
creation and multiplication of dislocations with the usual
work hardening taking place. When the strain rate is changed
to its original lower value ;1 , at point B, the dislocation
velocity is slower and the dislocations are more easily
pinned and therefore solute atmosphef&;are formed;
theréfore éhe stress should inénease to méintain the applied
strain until it is high enough for unpinning the pinned
dislocations or multiplication of moving dislocations and

this is how serrations are formed.

At this temperatures (360°C) both interstitial
and substitutional solutes would be able to take part in
the strain ageing process, although the carbon and silicon

contents are very small (Alloy B - 0.026C/0.0668i; Alloy
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A - 0,01C/0.0581i) these two elements could act as
interstitial and substitutional D.S.A. agents respectively,
at this temperature. The pair carbon-silicon may act as a
D.S.A. agent, sinceé the combination carbon-silicon (**9

is unique in pairing the small and always interstitial C
atom with a much larger but homologous and also
quadrivalent Si atom; no study has been found on the effect
of this particular pair on D.S.A. However the strongest
effect is probably due to the segregation of molybdenum
atoms at this temperature. Drapier (5 ) has deduced that
segregation of Mo is quite strong at 300°C in the solution

treated material,and at 550°C in the deformed material.

The deformed and the deformed and aged materials
showed similar behaviour to the solution treated material
up to point B (Figs. IV.65.b and IV.66.b), when the strain
rate is changed to its original value 21 . However, on
decreasing the strain rate the .stress increases above the
projection of the original 035 curve. The explanation
yould be the same as for the solution treated material,
although thetpinning effect in this case is stronger,
probably due to the deformation previous to testing already
existent in the material, which provides a higher density
of dislocations and therefore more probability of

atmosphefe formation. Therefore higher stresses are

required for the unpinnihg or multiplication of dislocations.

At 450°C the deformed material and the solution

treated and aged behaved similarly as for 360°C. The

deformed and aged material showed a reasonablysmooth
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stress-strain curve throughout the test (Fig. IV.66.,b)
with flow stress independent of the strain rate. The
solution treated material showed a stronger D.S.A. than at
- 360°¢C (Fig. IV.63.c). Type A serrations were observed
throughout the o-¢ curve and started immediately after
the elastic region for alloy A; negative strain rate
sensitivity was observed before relaxation. Alloy A and
alloy B showed slight differences in the shape of the
serrations (Fig. IV.63.c); especially for the higher
strain rate alloy B did not show serrations and showed

. slightly larger negative strain rate sensitivity and

slightly smaller relaxation stresses.

5500C "~ 650°C

. As the test témperaturé is raised the
mobility of atoms increases and therefore the probability

of atmosphere formation increases.

At 550°C test temperature the strongest
dynamic'strain ageing effects are observed for both alloys
for all conditions; i.e., negative strain rate sensitivity,
low relaxation stresses and very strong serrations occur

throughout the stress-strain curve.

Serrationé started almost immediately after
the elastic region of the stress/strain curve, at this
temperature for all conditions. The solution treated
material showed type A serrations throughouf the stréss/
strain curve, and the stress was strain rate independent.

A yield point phenomena was observed after relaxation
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after strain was applied; that 1s, a larger stress is
required to re-initiate deformation than to continue it,
therefore, a large increase in stress is observed followed
By a stress drop until the normal stress/strain curve takes
over again. The solution treated and aged material showed
in general the same behaviour, only the shapes of the
serrations were different and they were strain rate dependent.
The alloys showed different types of serrations with

respect to one another (Fig. IV.64.c). Alloy B did not

show serrations up to point A; with iﬁcrease of strain rate
very fine type B serrations appear, which become larger
with decreasing strain rate (;2+;1 )3 this could be due

to the higher solute level of alloy B. At high solute levels
the diffusion distance to effect pinning is decreased, so
those serrations begin at a higher strain rate (*%). On
decreasing the strain rate the dislocation velocity is
decreased and therefore pinning of dislocations is easier;
at tﬁe same time a larger stress is required for the
unpinning or creation and multiplication of dislocations
for the deformation to continue by the motion of a higher
density of free dislocations. The usual rate of work
hardening is intensified by this creation and multiplication
mechanism. Alloy A shows type C serrations for the lower
strain rates and large type B serrations for the higher
strain rate. This behaviour is rather peculiar since 1t is
expected to find type C serrations at higher strain rates
(*3). However, this could be due to higher stress

concentrations within this material. The deformed and the
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deformed and aged materials showed egtremely large type C
serrations throughout the test, indicating the presence of
very large stress concentrations, probably due to
deformation and ageing treatments prior to testing. At
this temperature the segregation of molybdenum atoms
towards the material defects has been shown ( *®) to be
greater than for lower temperatures in the deformed
materialy therefore there is more probability of
atmosphere formation and dislocation movement is more
difficult. Higher stresses are required to free the
dislocations and when the critical stress is reached at
which formation follows by creation and multiplication of

dislocation large drops in stress are observed.

Molybdenum atoms have a-very strong pinning
effect»in view of the fact that the atomic diameter of
molybdenum is distinctly greater than that of cobalt,
nickel and chromium, i.e. Mo 2.81%, Cr 2.583, Co 2.51 &,
Ni 2.50R., It has been suggested (t!'!) that D.S.A. was the
consequence of interaction between dislocations and solute
atoms due to the elastic misfit of the solute and the

lattice atoms.

After relaxation the deformed and the deformed
and aged materials showed a continuous decrease of stress
with stréin (Figs., IV.65.c & IV.66.c) indicating that
the solute atoms are so ﬁobile that the atmospheres are
able to move with the dislocations and no significant drag

can be exerted on the dislocations.
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At 650°C the deformed and the deformed and
aged materials showed the largest negative strain rate
sensitivity. However no serrations were shown by the
‘deformed material, and only serrations for the higher
strain rates were observed in the deformed and aged

material.

650°C is approximately the temperature at
which the € present should fully transform to fcec (Fig.
V.1l). Therefore there is less pinning effect to act against
the movement dislocations. This is inferred also from the
large relaxation stresses observed at this temperature
(Table IV.13) and from the decrease in stress for the

higher strain rate after relaxation.
- 700%¢

Dynamic strain.ageing effects are still
observed at this high temperature. The solution treated
and the solution treated and aéed materials showed similar
behaviour, i.e., stress independence of strain rate and
serrations throughout the test (Figs. IV.63.f and IV.64.d).
Lafge relaxation stresses are observed at this temperatﬁre,
indicating that the dislocations are not pinned as the
dislocation velocity félls during the relaxation period,
therefore indicating the absence of certain obstacles that
were acting at lower femperatures. This "absence" could be
that the initial € phase has completely'trénsformed to
fcc phase and this effect seems to be greater in the

deformed (not aged) material in which there is very little

et
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D.S.A, effect (Fig. IV.65.e) present. On the other hand

the deformed and aged material still shows strong D.S.A.
effects (negative strain rate sensitivity and sérrations).
‘The remarkable difference in behaviour for these two
material conditions is probably due to the greater initial
content of ¢ in the deformed and aged material. Possibly
some € remains at 700°C during the period of the test-and
segregation of Mo to € may retard the € —» o¢ transformation.

Drapier ('°

) observed serrated yielding in
tensile testing at 500°C in a specimén aged for 4 hours

ét 550°C, however serrated yielding was not observed at
550°C in material previously deformed 47.5% by cold
drawing. This is in disagreement with the results from the

present work, since at 550°C the strongest D.S.A. effects -

were observed for all conditions.

Serrations had been observed (*°% in Ni~Co-C
alloys, Fig.V.14, and they were attributed to the presence
of carbon causing pinning by elastic interactions between
solute atoms and dislocations. Richmand and Bollin (*®?)
studied fhe dynamic responses of Fe-Ni-C, and assumed the
similarity of austenite transformation to mechanical y
twinning,'postulating that martensite is indeed a problem
for dislocation motion; they related the martensite
transformation to serrated yielding and estabiished this
effect had been misinterpreted as dynamic stréin ageing

arising through carbon interaction with dislocations. It

is not suggested here that the same approach could be
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curves of nickel and nickel-cobalt alloys.
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taken but there may be the probability of an overlapping

of € martensite formation and solute segregation occurring.

V.3.2 The temperature dependence of the 0.2% proof

stress, the strain rate sensitivity and the

relaxation stress

Figs. IV.67 to IV.70 show the temperature
dependence data for both alloys for all conditions tested.
It can be seen in Figs. IV.67.a,b,c and Tables IV.12 and
IV.13 that the stress shows a small decrease with increase
in temperature up to 360°C for all the conditions,'showing
a small plateau between 360°-450°C and a peak at 550°C
followed by a sharp stress decrease for the higher
temperatures (700°C-800°C). In the raﬁge of temperatures
in which the plateau and peak stresses were observed the
strain rate sensitivity became zero or negative (Figs. IV.68
and IV.69) accompanied by a fall in the relaxation stresses
(Fig. IV.70). At higher temperatures 6800C-800°C) the
strain rate sensitivity became positive (for the deformed
and the deformed and aged materials) and very large
relaxation stresses were obséfved. The temperature
sénsitivity of the proof stress below 360°C. and above.
650°C (for the solution treated conditions) and 7009C (for
the deformed conditions) suggests that the deformétion is
a thermally activated process _in these ranges of

temperature.

It was not possible to calculate meaningful

values of activation parameters to analyse the thermally
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activated deformation. However an attempt was made assuming
that all the theoretical requirements (105 were met. Tables
IV.15 and IV.16 show these results. As can be seen the
calculated activation enthalpy, and activation volume
values are meaningless, since they are either negative,
zero, or very large numbers. In fact, if thermal activation
analysis is to be carried out certain conditions must be
fulfilled. From the experimental results it is noted that
work hardening occurs during the relaxation periods for

all test temperatures (this is manifested by an increase

in the flow stress after the relaxation period, compared

to .the flow stress before relaxation).

As can be seen from Figs. IV.63 to IV.66 the
stresses after relaxation follow the projection of the |
original stress/strain curve, and this contributes to
the athermal component of the flow stress. The density of
dislocations and dislocation substructure81nax_change due
to the fce » hep transformation occurring at low
temperatures and hcp -» fccvtransformétion and some recovery
processes taking place.at hiéh temperatures. Therefore it
can be concluded that in the present work the stress
relaxation test results are not valid for the thermal

activation analysis.

However, the variation of the proof stress
with temperature can be explained as follows. In the
range of temperature up to ~360°9C, only interstitial atom

barriers are probably present which do not represent very
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strong obstacles, at these temperatures. Therefore
dislocations move freely and the stress decreases with
increase in temperature. Between approximately 360°C and
'650°C, the segregation of molybdenum atoms and the
transformation hcp - fcc (taking place in the range 425°C-
650°C) play a part in making difficult the moving of
dislocations; the appearance‘of D.S.A. processes
contributes to the-athermal component of the flow stress,
which may be responsible for the observed decrease in the
temperaturé sensitivity of the proof'stress_as'the
temperature is raised. The very sharp fall in the strain
rate éensitivity vs temperature and the relaxation stresses
vs temperature, support this suggestion, i.e. barriers ére
opposing dislocation motion and these barriers become
stronger as the temperature_is raised. The sharp fall in
the proof stress for high temperatures (700°-800°C)
indicates that these barriers to dislocation movement have
become weaker or have almost completely disappear.
Probably the molybdenum atoms move so fast at thése
temperatures that they do not exert any appreciable drag
on the diélocations. Also these temperatures are above

the hcp » fce transformation range for the present alloy
(Fig. V.1). Therefore, there is no ¢ phase which could act
as an obstacle for dislocations. This is supported by the
large relaxation stresses observed in this range of

temperature.
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CHAPTER VI

CONCLUSIONS AND SUGGESTIONS FOR FUTURE WORKS

1, Conclusions

1. In agreement with other works (%) (%),
deformation of the material at room temperature and at
sub-zero temperatures results in a large increase in

strength.

2. This deformation-induced strengthening
does not originate entirely from the allotropic
transformation fcc » hep of the initial solid solution,
but deformation twinning also plays é very important part.
In fact, both € phase formed during deformation, (higher
content at -1969), and deformation twinning are responsible

for the strengthening observed.

3. Ageing of the previously deformed
material at temperaturés between 474°C and 650°C, within
.the fcc + hep region of the equilibrium diagram, even for
very short times, causes further strengthening; the higher
the previous deformation the higher the strengthening
obtained. This was attributed to the rapid nature of the
allotropic transformation on annealing after heavy

deformation.

On ageing for longer times (up to 100 hrs)

the hardness slightly increases and this was attributed to



243

formation of new € phase and to diffusion of Mo atoms to

the € platelets.

4, On ageing at higher temperatures the
previously deformed material, some recovery takes place at
700°C and precipitation occurs after holding for longer
times (100 hrs) at this temperature; the main precipitate
was a cobalt-molybdenum compdund, probably CogMo, and

some carbides were also present.

5. Recrystallization takes place on ageing
at 850°C the material previously deformed 30% upwards.

Grain growth occurs on ageing at 950°C for 2 hrs.

6. The solution treated matefial showed
very high elongation values (70% - 80%) on tensile testing
from room temperature to -196°C. Thefe was also a large
differencé between the 0.2% proof stress ( "~ 400-500 MN/m2)
and the tensile stress af instability (~ 1300-1900 MN/m2)
revealing a high work-hardening coefficient. Deviation
from linearity in the log true stress - log true strain
plot at high strains, 6bSerVed in the solution treated
material tested at -1960C was .attributed to € martensite

formation.

7. The previously deformed material (45% at
room temperature) showed much higher values of 0.2% proof
stress ( ~ 1200-1340 MN/m2) than the solution treated

material on testing from room temperature to -196°C, but

smaller values of elongation (20%-35%). .

8. The highest elongation values were shown
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between -100°C and -~196°C and this was believed to result
from e formation taking place at these temperatures. From
this stand point the MULTIPHASE alloys can be compared

"to the TRIP steels.

9. A very ductile mode of fracturé in tension
was observed from room temperature to about -111°C.
Intergranular separation was‘observed at -196°C, which
may be attributed to both € martensite forming,
preferentially at the grain boundaries, and to twin

impingement on grain boundaries.

10. The energy absorbed during impact
testing remained fairly constant with decreésing
temperature. A ductile mode of fracture was observed from

room temperature to -196°C.

11,  On testihg at elevated temperatures
dynamic strain ageing waé observed within the range of
temperatures 360°C-700°C. The strongest D.S.A. effect was
observed at 550°C for all the conditions, manifested by
the strongest serrations, negative strain rate sensitivity

and low relaxation stresses.

12. In the temperature range in which
D.S.A. was observed a plateau and a small peak (at ~
550°C ) occurred in the temperatufe dependence of the flow

stress.

13. The dynamic strain ageing effects were
attributed mainly to segregation of substitutional

molybdenum atoms.
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14, The differences between the alloy with
higher titanium content (0.745) and the alloy with lower
titanium content (0.15) were very small. They were mainly
‘manifested by slightly higher values of proof stress,
tensile stress at instability and elongation, for the

alloy with the higher Ti content.

2. Suggestions for further work

1. Measurement of the volume fraction of
twins and martensite formed during deformation and ageing
would be interesting to make in order to test the
quantitative validity of the models considered for the
kinetics of € and twin formation. However, this seems
to be a rather difficult ta§k since X-ray analysis is
unable to detect the presence of hcp phase for this
parficular alloy. Probably a f;ner grain size material
could be used and different X-ray techniques. Perhaps
a radiation with a longer wavelength like CrKo may
improve the accuracy of d-spacings measurements for the

low index reflections.

2. The exact nature of the flattening of
the fracture surfaces in tensile testing at -196°C was
not clear. Further transmission electron microscopy from
the fracture surfaces of specimens tested at this

temperature should be made.

3. Dynamic strain ageing in tension should

be interesting to perform in. the range of temperétures
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425°C to 700°C, to examine the microstructure by
transmission electron microscopy to obtain a better

understanding of the processes taking place.
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APPENDIX I

X-ray analysis were made by using the Bragg
(61)
Law and applying the corresponding equations for face
centre cubic crystals and for hexagonal closed packed

crystals, respectively.

i.e.,
Bragg Law A = 2d sin 6
for Cubic Crystals sin26 = * (n2 4+ k2 + 12)
4a2

for hexagonal closed packed crystals

sin®e = 3, n2 + h k + k2 , 12
3 : a2 c?

The calculated.29 values for these crystal

structures are given in Table A.I.
Cobalt and Copper radiations were used.

The wave lengths for these radiations are:

CoK o 1.79021 A

CuK o

Il

1.542 A

The line positions shown in Table A.I were:



TABLE A,1

FCC HCP
hkl 20 (Acu) 206 (X\co) hk.1l 208 (Acu) 286 A (co)
111 43,75 51,2 10,0 41 48
200 50,97 59,93 10.1 50,06 56.18
00,2 56.58 56,58
10,2 72,24 - 77.3
*220 74,96 89,88 *11,0 74,76 89,6
311 91,04 111.85 20,0 89 108,9
10,3 104,86 110
222 96.35 119.8 20.1 95,46 115,9
11,2 100,74 116,.3
00.4 142,83 142,83
* overlapping
Calculated with lattice parameter values taken from the literature: = 3.584 A
= 2,54 A
= 4,22 A

1214
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APPENDIX ITI

Indexing Diffraction Patterns:

The classical orientations relations between

fece matrix and hep €© martensite are:
<11 -// <1120 >  or <0I1> // <ol
(111) // (0001)

from the literature the values of the lattice parameters

for 35Ni-35C0-20Cr-10Mo, are:

a

fec = 3.5858

@hep = 3.544 c/a = 1.67A
o

Chep = 4.22A

the average camera constant value was
2AL = 5.19

From the data d values were calculated and
its equivalent in cm, knowing that

for féc d = 2 and

/Y h2 + k2 + 12

These values are shown in Table‘A.II.l



TABLE A,TI.1

F.C.C. CRYSTAL STRUCTURE

hk1 N ai D (cm)
111 3 2.07 2.5
200 1.79 2.899
220 8 1.268 4,09
311 11 1,08 4,80
222 12 - 1.03 5.03
400 16 0.89 5.83
331 19 0.82 6.338
420 20 0.8024 6.468
422 24 047317 7.093
424 36 0.5975 8.65

250
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For the hcp system

L o2 meimks+w) + 1 12

d2 3a2 c2

‘angle between planes (hpkjli) and (hpkply)

1 1 1 '
2 hiho + B2 kiko + o2 1,1

cos § =
. 1,
i §2 hy 2+ %2 k1 2 + %2 1,20 4 éz hp? + %2 ko + %2 1,21 )%
hikiiqly h2koisly Anglel!©) d ' D (cm)
0001 1018 14
1017 15
1016 18
1015 21 :
1105 21 0.7879 6.6
1105 159
1104 26
1014 26 0.951 5.468
1103 154
103 33 © 1,185 4,398
1103 147
5205 38
2025 38 0,669 7.757
2205 - 142
1102 24 1.52 3.414
1102 - 136
2203 52
2023 52 0.865 6
2203 128
1011 63 ,
i101 63 1,95 2,654
1101 117
2011 74
2201 74 1,06 4,896
2iol 106
1010 o 2,20 2,359
1100,1300 °
0002 0 2.11 2,459
0002 180
1010 2130 19
: 1120 30
0110 60
1210 1230 0 1,27 - 4,086
1210 180 :
1321 16 0.815 6.368
2311 164
02321 : 33 1,06 - 4,896

2501 A 147
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b, Twinning systems in an fcc structure under tension

(K1)

(111)
(111)
(ii1)
(111)
(111)
(111)
(111)
(111)
(117)

0111
1io01
1232
3212
1132
2iie
2023

ni

[123]
1211]
(i=21]
[211)
[211]
(121)
[211]
[121]
12}

Stress

(001}

L - - A

Angle!©

40
140
52
128
62
115
90

Axis
[111]

X

1,95
0,772
1.09

0,865

[011)

252

D (cm)
2.654
6,722

4,76
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TABLE A.ITI.1

WORK HARDENING RATE @o/dep MN/m2) vs STRAIN FOR THE SOLUTION TREATED MATERIAL

ALLOY B . ALLOY A
RT -4°¢ -80°C LH ~70°¢C -105°¢
dep dg/dep | dep do/dep | dep do/dep | dep do/dep dep do/dep | dep do/dep
0.02 19971 0,01 40736 0,02 2245)1 0,01 57198 0,01 429673 0.02 24360
0.04 11620 0,03 15371 0.03 16710 0,05 14930 0,03 17825 0,06 10846
0,15 4683 0.14 5227 0.07 8637 0.12 7907 0,07 9203 0.09 8316
0,21 4017 0.21 4185 0.10 6895 - 0,15 6945 0,10 7299 0,13 6358
0.28 3471 0,27 3771 0.17 4978 0,22 5541 0,17 5266 0.16 5727
0.35 3163 0.34 3421 0.24 4151 0.34 4198 0.21 4636 0.20 5034
0.41 2054 0.39 3206 0.27 3944 0,40 4152 0.24 4367 0.23 4705
0,46 | 2807 0.44 3040 0.30 3761 0,46 4267 0.27 | 41s 0.29 4205
0,51 2651 0.47 2922 0.36 3458 0.94 2646* 0.33 3742 0.3% 3834
0.95 146° 0.50 | 2846 0.39 3326 0,36 3576 0,41 3545
1.16 155 F 0.45 3118 0.42 3302 0,46 3357
0,49 3019 0.47 3121 0.50 3213
0.54 2877 ‘ 0.49 3048 1.28 2064F
0.57 2818 1,16 1847F
1.15 1863"

F= Value at fracture, the previous value to this, corresponds to the work hardenins rate at instability

IIT XIaNEddv
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TABLE AIII.2

WORK HARDENING RATE (du/depMN/mz) vs STRAIN FOR THE PREVIOUSLY DEFORMED MATERTAL

ALLOY A ALLOY B
RT -50°C -1119C =500C -700C -~1969C
dep do/dep dep do/dep| dep do/dep| dep do/dep | dep do/dep dep do/dep
" 0,03 40213 57881 0.02 0,01 119955 43119 0.03 0.03 39052 0,01 133066
0,07 18711 26408 0.05 0.05 26553 27773 0,05 0.05 36700 0.04 33130
0.10 13503 15374 0.09 0.09 15672 16042 0.09 0.06 24396 0.08 20233
0.11 12425 11042 0.1 0.13 11301 14575 0.10  0.10 15266 0.12 14132
0.94 2154F 220gF 1.15 0.16 9566 2330F 1.18 1.15 2484F 0.15 11796
0.21 7650 0.20 9249
0,95 2436F 0,96 3136F

‘F = Value at fracture, the previous value corresponds to the instability

14°T
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oldsrloy SDELX
toldrrlotss
READY .
list
APPENDIX IV
81/06/12. 19.192.58.
PROGRAM PLOTSS
PROGRAM PLOTSS(OUTFUTy TAPESG=0UTPUT+DIATA» TAFES=DATAy INPUT» TAFE?=IN
+PUT» STORE=131B»TAFE20=8TORE)

c THIS PROGRAM WILL GIVE TWO ARRAYS!TRUE STRESS(TSTRES)VS.

c XXETRUE STRAINCTSTRAIN)» READY TO BE USED FOR PLOTTING

c AXKINFUT IS GIVEN VIA DIGITIZER FROM THE ELONG.VS.LOAD GRAPH

c XXXINPUT TO THIS FPROGRAM HAS THE FORMAT?

c XXXCHART SFEED(CS)» CROSS HEAD SFEEN(XS)s SCALE OF E/L GRAPH(SCALE)

c XXXINIT.DIAM.OF GAUGE(DI)y FINJDIAM.OF GAUGE(DF)» GAUGE LENGTH(GL) °
REAL MEMAX'LsMrMEsLCyLPS
LOGICAL FLAG

c EXAMEMAX=MAXIMUM MACHINE ERROR

c XNkl =L0ADrAS READ FROM GRAFH FOR EVERY ELONGATION

. *EXH =GLOPE OF CURVE AT ANY POINT
€ XRXME =MACHINE ERROR

DIMENSION D(100)sL(100),CDC100)s4(100)
DIMENSION TSTRES(100) s TSTRAIN(100)
DIMENSION HEAD(12)
PRINT 600
" 600 FORMAT(XXXENTER ANY HEADING IF REQUIREDX%x%)
READ(791000) (HEAD(J) » J=1,12)
WRITE(691000) (HEAD(J) »J=1+12)
1000 FORMAT(12A6)
c XXXLPS=LOAD(FROOF STRESS)$ DPS’DISTANCE(ELONGRTION PROOF STRESS)
LPS=DPS=M(1)=CD(1)=ME=0,0
c XXXINITIALIZE ARRAYSITSTRESSsTSTRAIN
B0 12 1=1,100
“TSTRES(I)=TSTRAIN(I)=0.0
12 CONTINUE
c XXXSET COUNTERS & FLAG
N=0
I=1
FLAG=,FALSE.
A¥AREAD :CHART SPEED(CS),CROSS HEAD SFEED(XS)sSCALE OF E/L GRAPH(
XXX INITIAL DIAMETER SAMPLE(DI):FINAL DIAMETER(DF) »GAUGE LENGT
"READ(SrX%)CSyXS»SCALE
READ(S+X)D1,DF »GLs INT
PI=4,%ATAN(1,)
[ EXXCALCULATE INITIAL AND FINAL AREAS
v A0=(DIXX2XPI)/4
: AF=DFXX2.%XP1/4 :
c ¥X*CALCULATE THE .2 OF TOLERANCE
PERC=(0.002%CSXGL ) /XS
CALL DEBUG1

an

c X%XXHERE BEGINS LOOFX%xX
DO ¢ J=1,100
c XXXREAD NEXT POINT

READ(S»¥)L(J) »D(J)
IF(J.6T.2) GO TO 2
IF(J.EQ.1) GO TO 1
LC=SCALE/1000.

- IFC(L(2).,LT+1000.) GO TO 3
MEMAX=(D(2)-D(1))/CS
L(1)=L¢2)=D(1)=D(2)=CB(1)=CH(2)=0
1=1
G0 7O 1 o

3 MEMAX=1 v
PRINT 200
200 FORMAT(XXXNO MACHINE ERROR ENTEREDXX)
PRINT 300
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NO=1I
GO0 TO 13
1 CONTINUE
CALL DEBUG2(JrIsL(I)yD(I)sCDC(I)»MEILPSyDPSIM{I)» TSTRES(I-N)»TSTRA
+INCI-N))
9 CONTINUE
13 CONTINUE
CALL QUTI1(CSyXS»SCALEYME»DIrAO»IF rAF »GL/NOyNsHEAD,L +DsChsLPSy»
+ TSTRES:TSTRAIN,Q)
sTOP
END
SUBROUTINE DEBUG1
WRITE(6,800) .
800 FURHQT(IX»3(/)v4X11HJv3Xv1HIv4Xr4HL(I)v3X04HD(I)! 2X2SHED(I) 93X HH
+E SX9s3HLFPS» 2Xs IHDPS s 4Xr4HMCI) s IXsFHTSTRES(N) » 1X» 1OHTSTRAINI(N))
RETURN
END
SUBROUTINE DEBUG2(J»I»LsD»CDIyME/LFS»DFS)» My TSTRES» TSTRAIN)
REAL LyMsMEsLPS )
HRITE(S9900)I»IsLsDyCDIMESLPSsDPSyMy TSTRESy TSTRAIN
P00 FORMAT(1XsI49rI49F8e20F7¢29F7421F5.29F842¢F5.29F7e¢2¢/F10:2yF6,3)
RETURN
END .
SUBROUTINE FITI1(PI»I»X»Y »SLOPE,CONST)
DIMENSION X(30)»,Y(30)
SUW2=CWX2=SWY2=0WXY2=8UWX22=0.0
DO 7 N=1,1
IF¢I.LT7.2)G0 70 7
-W2=1.0
BW2=5u2+U2
SUX2=SWX2+W2%xX(I+1-N)
SWY2=SWY2+UW2XxY(I+1-N)
SWXY2=SWXY2+U2RkX(T+1-NIXRY(I+1~N)
SWX22=SWX224U2X (X(I+1-NI*%2)
7 CONTINUE
SLOPE=({SWXY2XSW2-SUX2KSWY2) /(SWXD2XSW2~ (SWX2%¥%2))
CONST=(SUXY2KSWX2-SWY2XSWX22) /7 ((SWX2XX2)~SW2XSWX22)
RETURN
END
- SUBROUTINE OUT1(CS»XSsySCALE»ME+DIsAQ,DFyAF»GLINO»NsHEADsL»DsCDiy
+ LPSsTSTRES» TSTRAIN»Q)
REAL ME»L.LPS
DIMENSION HEAD(12)»L(100)+D¢100)sCDB(100)» TSTRES(100)» TSTRAIN(100)
WRITEC6»1000) (HEAD(J)»J=1,12)
1000 FORMAT(12A4)
WRITE(62100)
100 FORMAT( *MACHINE CONSTANTS®)
URITEC45200)CS»XS»SCALEYME
200 FORMAT(1X+2(/) ¢ *CHART SPEED = 'F14 02Xy "CM/MIN® /
+*CR0OSS HEAD SFEED = "»F9.2,2Xs"CM/MIN"/
+°*°SCALE = "sF20,2+2Xy»*KGS"/
+*MACHINE ERROR AT MAXIMUN LOAD = "»F4.292Xs*CM /7))
WRITE(&9300)
300 FORMAT(*GAUGE CONSTANTS®*)
WRITE(69400)DI A0y F r AF »GL
400 FORMAT(1X»3(/)»"INITIAL DIAMETER="sFA.29*CM"s1X»"INITIAL AREA="),
+F74392X»"SQ.CH*/ "FINAL DIAMETER= "sF7.3+2Xs"CM" »12X»
+*FINAL AREA= ®sF7.32"SQ.CHM*//* GAUGE LENGTH = * »F7.3+*CM*///)
WRITE(6s500) ' .
S00 FORMAT(*GRAFPH L/D")
WRITE(69102) :
1v2 FORMAT(14X,"* LOAD “929X2 *DISTANCE *»9Xs*CORRECT *)
DO 91 I=1,NO
WRITE(65103)L(I)»D(I)»CD(I)
103 FORMATC11X»3(F12,394X))
91 _CONTINUE



300
400
700

500

10

11
15

1200

14

17

1201

Pl

801

- 802

FORMAT (XXXMACHINE EnrUR ASSUMED=10MM/1000KGS*XX)
PRINT 400

FORMAT (X¥XDO YOU WANT TO ALTER VALUE? Y OR N+7 XXX)

READ(7»700)RESP
FORMAT (A2)
IF(RESP.NE.1HY)GO TO 8
PRINT 500
FORMAT(XXXMACHINE ERROR IN MM/1000KGS=x%)
READ(7»X)MEMAX
MEMAX=MEMAXXSCALE/100
CONTINUE .
I=J-1
LC1)=L(1)xLC
© CD(LY=D(L)Y
CALL DEBUG1

- 1mI41

L(I)=L(J)xLC
ME=(MEMAX/SCALEYXL(T)

D(I)=D(D)

CD(I)=(D(I))-ME

TFCLCD) JLTL(I~1)%0,8)G0 TO 6
IF(INT.EQ.0)GO TO 4
IF(CD(I)>10,10,11
En(I=0

H{I)=0

GO 70 1
IF(LPS.NE,O0)GO TO 4

IFCDPS.NE.O) GO TO S
HCD=(L(I)-L(TI-1))/(CD(I)-CD(I-1))
IFC(MCI) «GE.M(I-1)) GO TO 1
IF(M(I-1).GEMC(I-2)) GO TO 1
IF(M(X).CT.0.2%M(I-1)) GO TO 1
"CALL FIT1(PI»I,L,CDySLOPE»CONST1)
WRITE(691200)SLOPE»CONSTE

FORMAT(1X¢3(/) 710Xy "SLOPE = "9FB.3r10Xy» "CONSTL = ®9F8.3)

DPS=FERC+L (I)*SLOPE

"IF(DPS.LT.CD(I)) GO TO 14

IF(FLAGYGO TO 15

FLAG=. TRUE.

60 70 1

IF(FLAG)GO TO 17

I=I-1

60 10 S

11=1-1
CALL FIT1(PI»2yL(II)sCD(II)sRANPCONST2)

*WRITE(691201)RAMPyCONST2

FORMAT(1X» *RAMP =°sF8.3/°CONST 2 =*»F8.3)

.. .. LPS=(PERC-CONST2)/(RAMP-SLOPE) .

PPS=PERC+L PSXSLOFE

I=1+1

L{Id=LPS
CD(I)=DPS
D(I)=D(I-1)
N=I-1
E=(CD(II%XS)/(CS*GL)
S=14E
" TSTRAINCI-N)=ALOG(S) .
TSTRES(I-N)=(L(I)%?.086565%S)/A0
G0 T0 1
WRITE(6s801)L(I) v (I-N)
FORMAT(*LOAD AT FRACT.= "sF1042910Xs " (I-N) ="»1I3)
TSTRESCI-N)=(L{I)%XP.08665)/AF
TSTRAIN(I-N)=2XALOG(DI/DF)
WRITEC(SrBO2)TSTRES(I-N) » TSTRAINCI-N)
FORMAT(*FRACT. STRESS =°+F10.2/"TRUE FRACT. STRAIN
a={A0-AF) /A0

=*9F10.2)

257
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NO1=NO-N : !

WRITEC&E»700)
700 FORMAT("RESULTS®)

WRITE(67101)TSTRES(1),Q
101 FORMAT(1X»*.2 PROOF STRESS="sFZ.2¢15X»*(N/SQ.CH)"/1X>s

+°DUCTILITY = ®9F7.3)

PRINT 800
800 FORMAT(2Xs"I°+8Xs"TRUE STRESS (N/SQ.CM)°¢8Xs"TRUE STRAIN(CM)®)

WRITE(65900) (12 TSTRES(I) r TSTRAIN(I)»I=1»NO1) '

WRITEC20,900) (L» TSTRES(I) y TSTRAINC(I) »I=1,yNO1)
900 FORMAT(1X»13+8XsF10.2,18XsF10.2)

RETURN :

END

READY.

bue

UMCJ067 LOG OFF. 19.24.01.
uMcCJO06? CP 0,007 SEC.
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