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Abstract

Since the 1980s, small additions of rhenium have been found to markedly
improve the creep properties of nickel based superalloys. However, the un-
derlying causes for this effect are not yet fully understood. In this work, a
variety of experimental and modelling techniques have been used to evalu-
ate possible mechanisms improving creep properties at high temperature.
Ab initio modelling (via the Density Functional Theory) has shown that
rhenium clusters are unstable in the nickel lattice. This observation was
confirmed by Extended X-ray Absorption Fine Structure, which showed
that rhenium atoms are dispersed in the nickel lattice. Atom Probe Tomog-
raphy also found no clusters in Ni-Re alloys and in CMSX-4, a commercial
single-crystal superalloy.
Atom Probe Tomography, in conjunction with Phase Field Modelling, was
also used to show that the rhenium enrichment close to the γ/γ′ interfaces
is formed upon cooling from service temperature. Thus means that the
rhenium enrichment observed with the atom probe does not play a role in
the strengthening effect played by rhenium. Finally, ab initio modelling
(via the Density Functional Theory) was used to investigate the effect of
rhenium on the stacking fault energy of nickel to ascertain whether rhenium
content could increase the spacing between Shockley partial dislocations.
The present work shows that rhenium clustering, the rhenium enrichment
close to the γ/γ′ interfaces and the rhenium effect on stacking fault energy
cannot be the mechanisms underlying the rhenium-effect in nickel based
superalloys. It therefore appears that single atoms of rhenium may slow
down dislocation motion in the γ phase of nickel based superalloys. This is
supported by the observation that rhenium is the slowest diffusing element
in nickel and it is therefore expected to slow down all diffusion activated
processes, such as the well-established climb-assisted glide of dislocations
in the γ phase of nickel based superalloys.
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CHAPTER1
Introduction

In the present work, a variety of experimental and simulation techniques are

used to investigate the origin of the so-called rhenium-effect. Since the early

1980s, rhenium has been added to single-crystal nickel based superalloys – used

in the hottest parts of gas turbines – as this element was found to improve markedly the

creep properties of these materials. To date, the mechanisms underlying the rhenium-

effect are still unknown.

1.1 The gas turbine

Gas turbines are amongst the most efficient heat engines known to man. Indeed,

modern gas turbines can reach a thermal efficiency of up to 50% [25]. Due to their high

power-to-weight ratio, they are used in the aerospace industry for the propulsion of civil

and military airplanes (jet engines). Thanks to their high efficiency, gas turbines are

also commonly used to power electricity generators, helicopters, tanks and ships. As

with every engine based on the Carnot cycle, a higher operating temperature results in

greater propulsive efficiency. In gas turbines, the flame temperature in the combustion

chamber reaches up to 2300K, causing the surface of turbine blades to reach up to

and beyond 1300K [108], close to the melting temperature of the best heat resistant

superalloys. At such high temperatures, advanced materials design becomes crucial to

improving the service life of components.

Broadly speaking, all gas turbines have a compressor, a combustion chamber and

23
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Figure 1.1: A schematic view of a military jet engine [2] and the temperature variation across the
engine.

a turbine (see Figure 1.1). The compressor consists of several discs of blades used to

compress air into the combustion chamber. In the combustion chamber, air is mixed

with fuel and ignited. The ignition causes the hot gases to expand through the turbine,

thereby generating kinetic energy. The different stages of the turbine extract some of

the energy to rotate the front compressor stages by means of shafts running through

the core of the engine [108]. The compressor and turbine sections of the engine are

often divided into sub-stages (e.g. low pressure and high pressure compressor). The

temperature inside the engine rises sharply in the combustion chamber, and air cools

as it moves through the turbine stages (see Figure 1.1). The engine design differs

slightly depending on the performance requirement of the application:

• High-bypass Turbofan engines are used for civil aerospace applications and take

their name from the high bypass ratio. Most of the air sucked in by the entry fan

passes beside the engine and only some of the air goes through to the combustion

chamber. This design improves fuel efficiency for subsonic speeds as well as

dramatically reducing noise pollution for flights over urban areas.

• Low-bypass Turbofan engines are used for military aerospace applications and
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Figure 1.2: A schematic view of a civil jet engine and the materials used [104].

have a much lower bypass ratio compared with engines used in civil aerospace

applications. Low-bypass engines often have afterburners positioned after the

last stage of the turbine to burn-out remaining oxygen and increase thrust. This

design allows more efficient supersonic speeds but also results in much higher

operating noise.

• Turboshaft or Turboprop engines are used for power production units, heli-

copters, tanks, ships as well as some planes. They have no bypass ratio and

have an additional turbine stage to convert all jet thrust into kinetic energy

which can be used to drive propellers, rotors and power generators. This type

of engine, mounted as a Turboprop on a plane, can be extremely efficient at low

air speeds (< 400mph).

All materials used in jet engines are at the forefront of research and they are

carefully designed to match the required properties of each component (see Figure 1.2).

The front fan, made from high-grade titanium alloys, must resist impact with foreign

objects as well as high rotational speeds. Composite materials are used to build outer

protective shells such that component failures are contained within the engine. Cheaper

materials, such as steel and aluminum alloys, are used for the very few non-critical parts
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of the engine. Nickel superalloys are used in the hottest parts of the engine: in the

combustion chamber, the last few compressor stages before the combustion chamber

and, most importantly, in the turbine stages (see Figure 1.2). The only factor imposing

limitations on the operating temperature, and therefore on the propulsive efficiency,

is whether or not the materials in the hottest parts of the engine can withstand such

temperatures. Given that the propulsive efficiency of the jet engine increases with the

turbine entry temperature [25], the importance of nickel superalloys becomes apparent.

Therefore, nickel superalloys play an important role in the operation of gas turbines

since they are the only materials able to withstand the high stresses and temperatures

present at the core of the engine. Ultimately, the safety and environmental impact

of gas turbines are directly affected by the design of new grades of nickel superalloys

and better nickel superalloys are needed to make flying more environmentally and

financially sustainable.

1.2 Nickel superalloys

The nickel superalloys that are used today have been developed over many years.

Nowadays, such alloys contain approximately 60-70wt.% nickel and ten or more alloy-

ing elements in varying composition, such as Cr, Co, Mo, W, Al, Ti, Ta, Nb, Re, Ru,

Hf, C and B. Each additional element has a key role in improving the overall prop-

erties of the alloy. Therefore, each manufactured component, according to its specific

application and location, has a particular composition and microstructure which must

be optimised for best performance [104].

In general, two phases are predominant in all components: the γ phase has a

simple fcc crystal structure whilst the γ′ phase has a L12 structure based on the Ni3Al

intermetallic (see Figure 1.3 and Figure C.2). Other phases, such as γ′′, carbides,

borides and tcp phases, are also present in minor quantities. Each phase may be

favourable or un-favourable depending on the type of application the alloy has been

designed for. For example, carbides and borides improve creep properties of discs when

present at the grain boundaries in small quantities, but they worsen creep properties

when present in single-crystal blade alloys [104].



Chapter 1 · Introduction 27

γ phase - fcc γ′ phase - L12

Ni Al

Ni

Figure 1.3: Arrangements of nickel and aluminium atoms in γ and γ′.

Nickel superalloys can be divided in two broad categories: those used for the pro-

duction of discs and those used for the production of blades. These two classes have

entirely different composition, microstructure, production route, failure and deforma-

tion mechanims and, as such, they should be treated separately.

1.2.1 Disc alloys

Turbine discs are subjected to high stresses as they hold the blades and transmit the

rotational force from the blades to the central shafts. As they are not directly exposed

to hot gases, turbine discs only have to resist intermediate temperatures in a relatively

low oxidising environment. Thus, creep deformation and component oxidation are not

major concerns in the design of discs. On the other hand, the high stresses that discs

have to withstand mean that fatigue is a major concern [108].

Turbine discs are typically forged or produced via a powder metallurgy route [7].

A fine grain microstructure is necessary to achieve high yield strength as well as to

reduce fatigue crack growth. Elements such as carbon and boron are added to the

composition to form small carbides and borides which pin grain boundaries. Rhenium

is not added to the composition as it would segregate to the grain boundaries and

embrittle the component [104].

Discs are considered to be critical components and disc failure usually results in

serious damage to the engine itself as well as to the airframe, since the protective

KevlarTM shells around the engine are not strong enough to contain a failed disc. For
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Figure 1.4: The standard cast blade, the directionally solidified blade and the single-crystal blade.

this reason, each disc is carefully selected and inspected to make sure no defects are

present. Since disc alloys do not contain rhenium, these are not relevant to the present

study.

1.2.2 Blade alloys

Blades are amongst the components reaching the highest temperatures; but, unlike the

combustion chamber, they also have to withstand high stresses. Many years of devel-

opment highlighted that grain boundaries constitute a weakness in a high temperature

environment. Thus, blade alloys have developed in a different direction compared with

disc alloys. During the 1970s, the detrimental effect of grain boundaries in creep con-

ditions provided a strong drive to move away from blades with equiaxed grains (see

Figure 1.4) [104] and directionally cast blades, which have columnar grains, became

gradually more common. Since the 1980s, single-crystal superalloy blades have been

widely used in the hottest parts of the engine [108].

The switch to single-crystal metallurgy allowed a major re-optimisation of alloy

chemistry, such as the dismissal of carbon and boron which were used to stop grain

boundary sliding. The general trends in composition across the years can be seen in

Figure 1.5. Some important changes in alloy composition have occurred over the years.

Aluminum content has increased steadily since it stabilises γ′, which has been recog-
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Figure 1.5: Variation in composition for the nickel superalloys across several decades [104].

nised as a strengthening phase at high temperature. Chromium content has decreased

since it promotes the formation of detrimental tcp phases. In the past chromium

played an important role in limiting oxidation, but new processing technologies, such

as the application of Thermal Barrier Coatings (TBC), have made the use of chromium

obsolete. At the end of the 1970s, rhenium was found to improve creep resistance con-

siderably [133], justifying the increase in rhenium content since then.

New single-crystal blades are produced via investment casting and a single grain

is allowed to grow into the blade cast using a pig tail grain selector [132]. Blades

are grown so that the 〈001〉 direction is aligned along the length of the blade. This is

done to exploit the creep anisotropy observed in certain single-crystal superalloys [104].

Additionally, aligning the 〈001〉 direction to the length of the blade also improves the

fatigue life of the component because the stiffness along the 〈001〉 direction is lowest

[104]. Typically, a miss-orientation of approximately 20◦ leads to an increase in stiffness

of 10-30%.

Single-crystal superalloys are not single-crystal from a strictly theoretical point of

view: the microstructure consists of two different phases, γ and γ′, and dislocations

and defects are frequent. In blade alloys, the γ′ phase grows as cuboidal precipitates

inside the γ matrix phase (see Figure 1.6). Both phases have considerable amounts



30 Chapter 1 · Introduction

1μm

Figure 1.6: Scanning electron image of CMSX-4 showing γ′ cuboidal precipitates (darker) in the γ
matrix (lighter) (courtesy of Despina Hadjiapostolidou).

of alloying elements in solid solution: some elements tend to partition to the γ′ phase

(e.g. Ta, Ti, Co) while others tend to partition to the γ phase (e.g. Re, Fe, Mo) [89].

An example of how elements partition between the two different phases for a CMSX-4

alloy is provided in Table 1.1 (see §1.6). All elements are substitutional to the host

lattice, both in γ and γ′, meaning that no atoms take interstitial lattice sites. In the γ′

phase, elements usually have a strong preference for either nickel or aluminium lattice

sites [37].

Although two phases are present, the single-crystal definition of nickel superalloys

is adopted because there are no grain boundaries and the γ matrix phase is a single-

crystal. Additionally, the lattice parameters of the two phases are extremely similar

and the γ′ precipitates are grown coherently within the matrix phase. In most com-

mercial alloys, approximately 60-70% of the volume consists of γ′ phase precipitates,

surrounded by thin γ phase channels (see Figure 1.6). The relative fraction of γ′ phase

as well as the size and distribution of γ′ precipitates are major factors in improving the

performance of the alloy because of how dislocations interact with the γ′ precipitates

[104].

Designing new alloys is complicated since most elements have positive as well as
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negative effects on alloy performance. The main criteria to be taken into account when

designing a new alloy are:

• Creep resistance – the alloy should resist relatively high stresses at temperatures

close to its melting temperature.

• Castability – the alloy should be suitable for component production via invest-

ment casting.

• Stability – the alloy’s composition should be stable to avoid brittle phases forming

at high temperatures.

• Coatability – the alloy should create a strong bond with the oxides used as TBCs.

In the past, the optimisation of these compositions was usually obtained experi-

mentally, by trial-and-error based procedures [99]. However, empirical procedures are

costly and time consuming and considerably delay the entry of new alloys into service

in gas turbines. It is apparent that a detailed understanding of the mechanisms con-

ferring the desired properties will lower the cost of developing new alloys and permit

a more fundamental approach to their design [99].

1.3 Creep deformation

Creep is a deformation process occurring at high temperature and at stresses below the

yield strength of the material. A good creep resistant alloy is able to resist stresses at

temperatures close to its melting point (> 0.5 · T ). Several deformation processes are

concurrent in causing creep, and dominant deformation processes depend on loading

conditions, temperature, alloy composition and many other factors [104]. Broadly

speaking, creep is divided into three stages, to help distinguish active deformation

processes as a component deforms over time [3]:

• Primary creep – the strain rate is high and decreases with time because of work

hardening processes which slow down dislocation movement

• Secondary creep – the strain rate is constant as a balance is reached between

work hardening and annealing
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• Tertiary creep – the strain rate increases exponentially because of necking and

voiding, until the component fails

The fraction of component life spent in the three stages of creep varies from alloy

to alloy and is strongly dependent on loading and temperature. Typical isothermal

constant-load creep data for a single-crystal CMSX-4 specimen is shown in Figure 1.7.

At low temperatures and high stresses (see Figure 1.7a), a substantial amount of

primary creep can be observed. This particular stage is characterised by a large number

of dislocations sweeping the microstructure, shearing the γ′ precipitates and gliding

within the γ phase. The shearing of the γ′ precipitates requires large amounts of energy

which is why this particular creep regime only happens in high loading conditions.

Primary creep is usually followed by secondary creep, where the strain rate remains

approximately constant: at this stage, dislocation density is high and work hardening

and annealing processes are balanced [97, 102, 101, 133].

At intermediate strains and temperatures (see Figure 1.7b), tertiary creep defor-

mation is dominant and the creep rate increases monotonically without ever reaching

steady-state creep. Generally, no microstructure degradation is observed. In this stage,

dislocations are confined to the γ phase and the γ′ precipitates are not deformed or

sheared by the dislocations. High strain results in large numbers of dislocations piling

up at the γ/γ′ interfaces and bending in the γ channels between the γ′ precipitates.

Eventually, necking and voiding are observed and the component fails [97, 96, 64, 116].

At temperatures beyond 1300K (see Figure 1.7c), the creep rate remains stable

before it increases catastrophically, with specimen rupture occurring soon after. This

particular regime is characterised by rapid microstructure degradation, termed ‘raft-

ing’, consisting of the coalescence of γ′ precipitates. Eventually, the alloy will display

a continuous γ′ matrix phase. This is caused by dislocation networks close to the

γ/γ′ interfaces acting to relax the local lattice misfit between the two phases and

accommodate the accumulated strain [97, 67, 105].
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Figure 1.7: Typical isothermal constant-load creep data for an oriented CMSX-4 single crystal specimen
at a) low temperature and high stress, b) intermediate temperature and intermediate stress and c)
high temperature and low stress.
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1.4 Dislocation theory

Dislocation processes in nickel superalloys can be very complicated. Deformation mech-

anisms, indeed, change with loading conditions and temperature and are affected by

microstructure and its evolution through service life [97]. In this section, a description

of the most common and established deformation mechanisms is provided as a key to

understanding subsequent chapters and also why nickel superalloys have exceptional

creep properties.

1.4.1 Dislocations in the γ phase

Deformation in the γ phase occurs, as in any other fcc metal, by the glide of a

a/2〈11̄0〉{111} edge dislocation. However, it is well established that the movement

of an edge dislocation at high temperature occurs by the passage of two Shockley

partial dislocations [104] with the reaction displayed in Equation 1.1.

a/2〈1̄10〉{111} → a/6〈2̄11〉{111}+ a/6〈1̄21̄〉{111} (1.1)

The Burgers vector for the full dislocation is a/
√

2 while the Burgers vector for the

two partial dislocations is a/
√

6. When the two Shockley partial dislocations become

dissociated, a planar stacking fault is generated between the two dislocations on the

close-packed {111} planes. The first Shockley partial dislocation causes an intrinsic

stacking fault while the second Shockley partial dislocation removes it.

The spacing between the two partial dislocations will depend upon the Stacking

Fault Energy (SFE). Therefore, the SFE is very important for the strength of the alloy.

This is because the two Shockley partial dislocations need to meet locally to allow the

full edge dislocation to climb – the mechanism used by dislocations to move around

obstacles. A high SFE will reduce the distance between the two partial dislocations

thereby giving the full dislocation a higher mobility. On the other hand, a lower

SFE would be desirable as it increases the spacing between the two Shockley partial

dislocations thereby hindering the movement of the full dislocation through the γ phase

[79].
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1.4.2 Dislocations in the γ′ phase

Due to the ordering of the γ′ phase, the full dislocation for the L12 Ni3Al structure is,

on the {111} planes, a〈11̄0〉{111} which has Burgers vector equal to a
√

2. However,

the shortest lattice vector in the L12 is a〈100〉, which means that, at intermediate and

low stresses, the preferred slip system would be a〈100〉{001} [104]. In practice, it is

not clear whether the preferred slip system is a〈11̄0〉{111} or a〈100〉{001} especially

because both full dislocation in γ′ dissociate into two dislocations of the type a/2〈11̄0〉.

Therefore, when a full dislocation in γ reaches the boundaries of a γ′ precipitate, it

will need a second full dislocation in order to enter the γ′ phase [104], as seen in

Equation 1.2.

a/2〈1̄10〉{111}+ a/2〈1̄10〉{111} → a〈1̄10〉{111} (1.2)

The full dislocation in γ′ is often referred to as a superdislocation, which splits into

the two superpartial dislocations. The first superpartial dislocation will introduce a

planar defect referred to as the Anti-Phase Boundary (APB), which is then removed

by the passage of the second superpartial dislocation. As for the γ phase, the move-

ment of a superpartial dislocation occurs by its dissociation into two Shockley partial

dislocations [104]. The first partial dislocation will introduce a stacking fault, which

will be removed by the second partial dislocation.

The reactions that define a dissociation of a full dislocation into several partial

dislocations are more complicated in γ′ than in γ. This is because the Burgers vector

of a dislocation in γ′ is much longer than in γ. The dissociations result in the creation

of several types of planar defects, in addition to the APBs described earlier: Super-

lattice Intrinsic Stacking Faults (SIFS), Superlattice Extrinsic Stacking Faults (SEFS)

and Complex Stacking Faults (CFS) [104]. The dislocation mechanisms in γ′ become

even more complicated in extreme loading conditions, as more slip systems activate to

accommodate deformation [97].

The resulting behaviour is that, at intermediate and low stresses, dislocations bow

in the γ channels, while getting pinned by the γ′ cuboid [106]. Dislocations only sweep

the γ′ particles when the load is sufficient to overcome the high energy associated with
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the creation of planar defects [102]. The movement of the dislocations in the γ′ phase

is slowed down considerably by the fact that an ensemble of dislocations is needed for

glide to happen and by the fact that local reordering of the atoms at the planar fault

is often necessary for planar defects to be stable [55]. The combined creep behaviour

of the γ and γ′ phases is what makes nickel superalloys the obvious choice for use in

jet engines and gas turbines.

1.5 The rhenium-effect

Since the 1970s, small additions of rhenium have been found to markedly improve

the creep resistance of nickel superalloys. In this section, the role and behaviour of

rhenium in nickel superalloys is explored and theories on the mechanisms underlying

the rhenium-effect are described.

1.5.1 Rhenium in nickel superalloys

Rhenium content of single-crystal superalloys has been steadily increasing since the

1980s up until the year 2000. Now, the average rhenium content of nickel super-

alloys has plateaued for largely two reasons: first, a higher fraction of rhenium so-

lute atoms facilitate the formation of brittle tcp phases; second, the cost of rhenium

(∼500US$/100 g) provides a strong incentive for industry to reduce or replace rhenium

in modern alloys. Indeed, rhenium often contributes up to half the cost of raw materi-

als that are needed for a standard single-crystal superalloy. Current nickel superalloys

contain 3-6wt.% rhenium and the performance of these alloys is so dependent on rhe-

nium that reducing its use is proving to be a difficult task [133]. These reasons have

contributed to an increase in research carried out regarding the mechanisms underlying

the rhenium-effect [133, 11, 52, 148], which are still largely not understood.

It is known and accepted that rhenium strongly partitions to the γ phase while the

γ′ phase is depleted of rhenium content. These conclusions are based on atom probe

results [127, 122] (see §3.3), but also on SEM- and TEM-based Energy Dispersive

Spectroscopy (EDS) [85, 125]. Indeed, it can be observed that almost no rhenium is

present in the γ′ phase of CMSX-4, as shown in Table 1.1. Thus, it is fair to assume that
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the mechanisms leading to the rhenium-effect occur in the γ phase. This statement

is strengthened by observations that alloys with a lower partitioning coefficient for

rhenium also have reduced creep properties [52]. Accordingly, studies have mainly

focussed on the distribution of rhenium in the γ phase and on the effect of rhenium

on microstructure evolution [105]. The scientific community agrees that rhenium does

not play a role in the strengthening of the γ′ phase [133].

Early work with the atom probe detected small inhomogeneities in the ladder

diagram for rhenium (see §3.3) [12, 13]. These inhomogeneities were thought to indicate

the presence of rhenium clusters, ∼ 1 nm in size, distributed in the γ phase [12, 13].

Ladder diagrams and concentration profiles were used elsewhere to corroborate these

initial results and to strengthen the theory that rhenium clusters hinder dislocation

motion [127, 109, 11]. More details on atom probe analysis of nickel superalloys is

given in §3.3.

Rhenium also forms a large pile-up at the interfaces between the γ and γ′ phases.

This enrichment is found on the γ side of the interface, extending up to 10 nm into the

γ channel [131]. The result is that the local concentration of rhenium very close to the

γ/γ′ interfaces can be up to 50% higher than the average concentration of rhenium

in the γ phase. The enrichment of rhenium close to the interface is relatively more

pronounced than those of other elements. Such pronounced enrichment is due to the

high partitioning coefficient of rhenium and the slow diffusivity of rhenium in nickel

[131, 133]. It is not clear whether the enrichment forms during the heat treatment of

the alloy – and is present at service temperature – or whether the pile-up is formed

upon cooling from service temperature – and is not present at service temperature

[131].

Rhenium additions result in a negative lattice γ/γ′ misfit – meaning that the unit

cell size of the γ′ phase is smaller than the unit cell of the γ phase. This is, naturally,

a consequence of the fact that rhenium is slightly larger than nickel and strongly

partitions to the γ phase, increasing its lattice parameter. Therefore, rhenium is

expected to slow the growth of the primary and secondary γ′ particles. Additionally,

it would be expected that a misfit would hinder dislocations entering the γ′ precipitates

as highlighted by Zhang et al [147].
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Before proceeding any further, it is important to define what the rhenium-effect is

usually considered to be within the literature. What is usually meant by rhenium-effect

is the strengthening effect that rhenium generates on alloys during their primary, sec-

ondary and tertiary creep regimes when dislocations sweep the γ phase. It is recognised

that rhenium also has an effect on the microstructure evolution of nickel superalloys:

most importantly, rafting processes are slowed down by the presence of slow diffusing

elements in the γ phase [39, 134, 105, 143, 144]. Nevertheless, it is generally agreed

that rhenium has been widely adopted in second and third generation nickel super-

alloys because of its positive effects on creep life during the primary, secondary and

tertiary regimes [62, 104, 133]. Rafting is a complicated process with most elements

affecting its mechanisms. Rhenium is thought not to play an essential role. Indeed,

some rhenium-containing alloys, such as CMSX-4, display a very rapid rafting process

while they retain their high creep properties thanks to the addition of rhenium.

1.5.2 Possible mechanisms underlying the rhenium-effect

Over the years, several theories have been formulated to explain the rhenium-effect.

These are:

1. Rhenium clusters in the γ phase, particularly close to the γ/γ′ interfaces, could

generate strong barriers against dislocation motion

2. Local enrichment of rhenium content near the γ/γ′ interfaces could have a large

impact on the topology of the interface, thereby introducing some dislocations

to relax the lattice misfit and making it difficult for other dislocations to enter

the γ′ precipitates

3. Rhenium could decrease the stacking fault energy. A lower SFE would mean that

dissociated Shockley partial dislocations would be located farther apart, thereby

making dislocation climb difficult

4. Interactions between dislocations and single rhenium atoms distributed in the

lattice could hinder dislocation motion, given that rhenium is the slowest diffusing

element in nickel superalloys
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The first theory, which is also the most widely discussed [109, 133, 52, 11], was first

proposed by Blavette et al [12, 13]. The theory is largely based on the observation

of inhomogeneities in the ladder diagram for rhenium. Wanderka et al [127] repeated

these studies and found similar discontinuities in the ladder diagrams. The same con-

clusions were reached by Rüsing et al [109] when observing the inhomogeneities along

a one-dimensional rhenium concentration profile obtained from a three-dimensional

dataset. Recently, Zhu et al [148] adopted classical MD simulations with purpose-

built EAM potentials to show that rhenium clusters 1.2 nm in size are energetically

stable in the nickel lattice. It follows that such small clusters would pin dislocations

and considerably extend the creep life of components. The clustering of rhenium is still

a controversial topic in the superalloys’ community and will be described in further

detail in §3.2.

The second theory was first proposed by Warren et al [131]. It was suggested that

the larger content of rhenium at the interfaces would increase the lattice parameter

of the γ phase so that dislocations would have to overcome a higher energy barrier to

enter the γ′ phase [29, 148]. It has also been suggested that a more negative lattice

misfit between the γ and γ′ phases could slow down the rafting of the γ′ precipitates

while in service and therefore retard tertiary creep [39, 134]. There are two problems

with this theory. First, several studies [128, 4, 54], including the present one, show

that the length of Ni–Re bonds is very similar to the length of Ni–Ni bonds. It is

expected that rhenium will increase lattice misfit, but not to the extent required to

generate noticeable mechanical effects. Second, it is the opinion of the author that the

rhenium enrichment local to the interface is due to the growth of the γ′ precipitates

upon cooling: rhenium would be ejected from the cuboidal precipitates into the γ

channels. With this consideration in mind, it is apparent that the enrichment would

not be present at service temperature and cannot play a role in the rhenium-effect.

Whether or not the rhenium enrichment close to the γ/γ′ interfaces has an impact on

creep resistance is still a matter of debate.

The third theory was explored experimentally on several occasions. Rae et al [100]

suggested that the simultaneous additions of Co and Re would lower the stacking fault

energy enough to justify the rhenium-effect. A later study by Diologent and Caron
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[29] calculated the SFE for the γ phase of several non-rhenium-containing commercial

alloys and compared it with two single phase model alloys containing Re and Ru. The

study showed that the SFEs were comparable across all alloys, thereby invalidating the

theory. However, the results must be treated with caution due to the approximations

and uncertainties in these calculations. Recently, Yu et al [146] studied the effect of

solute elements on the SFE and looked at how the different SFEs would affect climbing

velocities. The effect that rhenium has on SFE remains open to question.

The fourth theory was proposed by Fu et al [36], and based on the work done by

Janotti et al [45]. This work underlined that rhenium, amongst the elements in the

5d series, is the slowest diffusing atom in the nickel lattice. It was observed that the

energy barrier for the rhenium/vacancy exchange was higher than for other elements.

This suggests that atomic-scale mechanisms controlling dislocation motion are slower

in the presence of rhenium atoms. Rhenium could directly act on dislocations in two

separate ways. First, rhenium atoms could slow down dislocation glide by pinning the

line defects. Second, rhenium atoms could slow diffusion activated processes required

for climb to happen. Both mechanisms could be relevant as it has been reported that

deformation in the γ phase occurs by climb-assisted glide of dislocations [104].

1.6 Samples and materials

In the current work, some experimental techniques were adopted to gain a better

understanding of the behaviour of rhenium compared to other solute atoms. The aims

and objectives of the experimental work carried out within this project will be discussed

in more details in §1.7. In this section, the information necessary to understanding

subsequent chapters is provided. Further details on specimen preparation and data

collection are also provided in Appendix A. Two sets of samples were analysed in this

project: a set of crept and uncrept CMSX-4 specimens and a set of Ni-10wt.% X

binary alloys where X was taken to be Ta, W, Re, Ir and Pt.
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Table 1.1: Solute content of CMSX-4 γ and γ′ phases measured with the atom probe and nominal
composition of CMSX-4 [106] in at.%.

Elements (at.%) Cr Co Mo Al Ti Hf Ta W Re Ni

CMSX-4 7.47 9.78 0.44 12.83 1.36 0.03 2.18 2.11 0.95 Bal.
CMSX-4 [106] 6.61 11.25 0.26 11.62 0.93 0.03 1.87 1.70 0.97 Bal.

γ 21.70 19.37 0.73 3.03 0.17 – 0.22 2.27 3.40 Bal.
γ′ 2.10 9.03 0.25 18.10 1.78 – 2.84 1.81 0.39 Bal.

1.6.1 CMSX-4 superalloy

The CMSX-4 samples were taken from crept and uncrept areas of single-crystal creep

specimens which had been tested at 1423K and 100MPa (tertiary creep regime) for

several hundred hours by Reed et al [106]. The nominal composition of CMSX-4, along

with the measured composition of the γ and γ′ phase via the atom probe experiments,

is shown in Table 1.1.

1.6.2 Ni-X binary alloys

The binary Ni-X alloys were prepared in the form of 400 g ingots using the vacuum

induction melting process. Each binary alloy contains 10wt.% of one of Ta, W, Re,

Ir and Pt. The solute concentration was chosen to match the Re concentration in the

γ phase of CMSX-4. Re was included as the solute of prime interest, but the other

alloying elements, chosen from the 5d row of transition metals, were included to allow

a systematic examination across the periodic table. Homogenisation was achieved by

annealing the ingots at 1523K for 7 days in flowing argon [48, 49]. No additional heat

treatment was performed and the alloys were allowed to furnace cool. The composition

of the binary Ni-X alloys measured with the atom probe is shown in Table 1.2.

1.6.3 Nickel superalloys vs. UHS steels

Most of the techniques used in this project to detect rhenium clusters in nickel su-

peralloys (see §1.7) have also been used to characterise the formation of copper and

nickel clusters in Ultra High Strength (UHS) steels used for pressure vessels in nuclear

reactors. Although the problem of nano-sized cluster formation might carry some sim-
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Table 1.2: Solute content of the binary alloys measured with the atom probe in at.%.

Elements (at.%) Ta W Re Ir Pt Ni

Ni-Ta 3.70 – – – – Bal.
Ni-W – 4.40 – – – Bal.
Ni-Re – – 3.12 – – Bal.
Ni-Ir – – – 3.40 – Bal.
Ni-Pt – – – – 3.35 Bal.

ilarities between the two families of alloys, there are some critical differences which

should be considered in order to understand why certain data analysis methods may

be more suitable when applied either to nickel superalloys or to ultra high strength

steels.

Both nickel superalloys and ultra high strength steels are multi-component systems

with up to 10 alloying elements. The composition is finely tuned to maximise perfor-

mance at high temperature. While rhenium clusters are thought to have a positive

impact on alloy properties, nickel and copper clusters in ultra high strength steels make

the components brittle and lead to catastrophic failure. In ultra high strength steels,

these nano-sized clusters are formed when the materials are in service: radiation dam-

age means that large amounts of vacancies are created and these vacancies promote

the formation of clusters. Furthermore, whereas the concentration of rhenium in the

γ phase of nickel superalloys is ∼ 3 at.%, the concentration of copper in ultra high

strength steels is usually within 0-0.5 at.%.

1.7 Explaining the rhenium-effect

The objective of this project is to use a broad range of techniques to understand

the atomic scale mechanisms leading to the rhenium-effect. The question of rhenium

clustering has been one of the most controversial topics in the superalloys’ community.

Many scientists seem to agree that small rhenium clusters in the γ phase would pin

dislocations and slow creep deformation thereby resulting in the rhenium-effect [133,

11]. Given the wide adoption of the rhenium clustering theory within the community,

it follows that the question of rhenium clustering should be answered once and for
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all within this project, using simulations and experiments. Currently, the rhenium

clustering theory is based upon the observation of discontinuities in the ladder diagrams

and concentration profiles for rhenium obtained with the 1D and 3D atom probe by

Blavette et al [12, 13, 11] and Wanderka et al [127, 109]. No in-depth analysis was

performed to look at the precise size and distribution of these clusters using more

advanced clustering detection algorithms applied to datasets obtained with the latest

atom probes.

Since the initial studies on the clustering of rhenium in nickel based superalloys,

atom probes have undergone considerable development so that their analytical capa-

bilities have improved markedly [69]. Most evidently, modern atom probes are able to

produce three-dimensional images of the sample on a routine basis, with the field-of-

view and, consequently, dataset size increased by several orders of magnitude (up to

and beyond 100 million atoms). The pulse repetition rate has also increased by several

orders of magnitude, enabling significantly faster data acquisition. The large size of the

volume of analysis, along with commonly available high computational power, make

statistical analysis of the presence of Re clusters more accurate than ever before; and

will therefore help to determine whether rhenium forms clusters in nickel superalloys.

In addition to revisiting the rhenium clustering problem with the atom probe, it

was deemed important to apply other techniques to establish the presence of rhenium

clusters in nickel superalloys. Extended X-ray Absorption Fine Structure (EXAFS) is

an experimental method that can accurately probe lattice site occupation and crystal

structure within 5Å from an atom of interest. This would allow the detection of

rhenium clusters in the nickel lattice. Furthermore, ab initio modelling via the Density

Functional Theory (DFT) can be used to investigate the stability of rhenium clusters

in nickel and calculate the binding energy between two rhenium atoms in the nickel

lattice. This is deemed important in order to be able to critique the work of Zhu et al

[148].

Atom Probe Tomography (APT), in conjunction with Phase Field Modelling, can

also be used to investigate the formation of the rhenium enriched areas close to the

γ/γ′ interfaces in single-crystal nickel superalloys. The objective would be to show

whether the rhenium enrichment is formed upon cooling from service temperature or
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whether the enrichment is formed upon the heat treatment of the alloy [131]. The

former would mean that the enrichment would not be present at service temperature

and therefore would not play a factor in the rhenium-effect.

Finally, ab initio modelling can also be used to investigate the effect of rhenium on

the stacking fault energy of nickel [146]. If rhenium is shown to have an abnormally

large effect on stacking fault energy, then it follows that dislocation climb would be

slower when rhenium is added to nickel superalloys [100, 146]. Therefore, investigating

the effect of rhenium on the SFE would provide useful insight into the mechanisms

underlying the rhenium-effect.



CHAPTER2
X-ray Absorption Spectroscopy

2.1 Theory of EXAFS

Extended x-ray absorption fine structure (EXAFS) is not widely known

or appreciated in the metals research community. This is probably due to

the focus that EXAFS has on atomic structure and lattice site occupation.

Indeed, general x-ray absorption spectroscopy techniques are used more extensively

in the ceramics and semiconductors research community. Traditionally, metallurgy

has focused on microstructure and processing of materials rather than their atomic

structure, which partly explains the relative scarcity of EXAFS research in metallurgy.

However, nickel superalloys push the boundaries of metallurgy so far that interactions,

structure and defects at the atomic scale are key factors underlying the properties of

such materials. These factors make EXAFS a useful technique to deepen our under-

standing of this system.

EXAFS allows determination of crystal structure and lattice site occupation within

5Å of an absorbing atom. In other words, EXAFS is able to yield the atomic structure

surrounding a rhenium atom and detect the presence (or absence) of clusters embedded

in the host lattice. The results are obtained by closely examining the oscillations in

x-ray absorption arising when a x-ray beam is absorbed by the atoms in the examined

sample [103].

45
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Figure 2.1: A schematic view of the experimental apparatus at the beamline.

2.1.1 Data processing

The experimental data is usually collected at a synchrotron radiation facility. Coherent

monochromatic x-rays are shone through the sample while the x-ray energy (E) is

increased at a steady rate using tilting single crystal silicon mirrors. The x-ray energy

is chosen such that, when increased, the absorption edge for the atomic species of

interest will be encountered. A schematic view of the beamline instruments is shown

in Figure 2.1.

In the simplest experimental setup, the x-ray intensity is measured using ion cham-

bers before and after the specimen. Using these measurements, the absorption coef-

ficient of the sample, µ, will be given by Equation 2.1. I0 and I are respectively the

x-ray intensities before and after the sample, as measured by the ion chambers, and x

is the thickness of the sample.

µx = − ln I0
It

(2.1)

Alternatively, the the absorption coefficient of the sample is proportional to the

fluorescent x-ray intensity, as shown by Equation 2.2.

µ ∝
If
I0

(2.2)

The energy of the x-rays is determined by the inclination of the monochromators,

which is recorded simultaneously with the x-ray intensity measurements. Sometimes

the data is recorded as the tilt angle of the single crystal silicon mirrors, θ. In this
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Figure 2.2: The K-edge absorption and subsequent oscillations for a pure Ni foil.

case, Bragg’s law can be applied to convert the values to x-ray wavelength, λ, as shown

in Equation 2.3.

nλ = 2d sin θ (2.3)

The distance between the scattering atomic planes, d, of the silicon crystal is known

and n is an integer determined by the order given (n = 1 in this situation). The

relationship between Energy (E) and Wavelength (λ) is established in Planck’s Law,

and expressed in Equation 2.4, where h is Planck’s constant and c is the speed of light.

E = hc

λ
(2.4)

EXAFS analysis consists of studying the oscillations in x-ray absorption, µ(E), just

above the absorption edge (see Figure 2.2). The oscillations of µ(E) from 20-30 eV up

to 500-1000 eV above the absorption edge of interest [107] are normalised with µ0(E),

the ‘bare atom’ absorption background, to obtain χ(E), the normalised, oscillatory

part of the x-ray absorption (see Equation 2.5).

χ(E) = µ(E)− µ0(E)
µ0(E) (2.5)

Next, the energy-independent function, χ(k), needs to be obtained from χ(E). The
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Figure 2.3: The kχ(k) function for a pure Ni foil, obtained from the data in Figure 2.2.

photoelectron energy, E, can be substituted with the photoelectron wave-vector, k, so

that data from different absorption edges can be compared (see Equation 2.6).

k =
√

2m
~2 (E − E0) (2.6)

In Equation 2.6, E0 is the ionisation energy of the absorbing atom, ~ is Dirac’s

constant and m is the mass of the electron. Note that the raw χ(k) is usually weighted

using a factor kn to avoid the rapid damping of the EXAFS oscillations. Different

schemes of kn-weighting can be applied, and n can take several values in knχ(k).

Usually, a value of n = 1 is used. Higher factors can be used to look at longer

scattering paths in greater detail. A typical kχ(k) dataset, obtained from a pure Ni

foil during the present study, is shown in Figure 2.3.

The mechanisms controlling the amplitude, frequency and damping of these oscil-

lations are so complicated that it is practically impossible to work out the underlying

lattice structure directly from experimental data. In the past, extraction of results

concerning the fine structure found near the atom of interest, such as co-ordination

and lattice site occupation, required the comparison of the kχ(k) experimental data

with kχ(k) of known structures in order to distinguish key features in these oscilla-

tions. Nowadays a deeper knowledge of electronic theory and advances in computing

power allow scientists to simulate the x-ray absorption oscillations of any crystal and
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gain an understanding of complicated lattice structures.

2.1.2 The EXAFS equation

Sayers et al [111, 112] developed a quantitative EXAFS equation based on single point

scattering theory to model the absorption oscillation. Starting from a simulated crystal

structure, Equation 2.7 can be used to obtain χ(k).

χ(k) =
∑
j

NjS
2
0 |fj(k)|
kR2
j

exp
[−2Rj
λ(k)

]
exp

[
−2σ2

jk
2
]

sin [2kRj + δj(k)] (2.7)

Here, the amplitude of the oscillations as a function of k is calculated as a summa-

tion function across all possible different scattering atoms, j. The term S2
0 is a factor

to scale the overall amplitude of the EXAFS oscillations. The other parameters are

path dependent: N is the number of equivalent scatterers; fj(k) is the backscattering

amplitude which depends on the backscattering atom; Rj is the interatomic distance;

λ(k) is the photoelectron’s mean free path; σ2
j is the mean-square deviation in bond

length due to lattice vibration and lattice disorder; δj(k) is the phase shift of the

photoelectron caused by the potential backscattering atom. Small modifications to

Equation 2.7 allow the calculation of contributions from scattering paths involving 3

or more atoms.

Therefore, if we know fj(k), δj(k) and λ(k), we can determine N , Rj and σ2
j .

It is important to notice that fj(k) and δj(k) depend on the atomic number of the

backscattering atom, which is why EXAFS can be used to detect chemical identities of

the neighbouring atoms. Usually, atomic numbers can be detected up to an accuracy

of 5. It is also worth mentioning that the relationship between Rj and χ(k) is such

that EXAFS can only probe the atomic environment close to the absorbing atom.

2.1.3 Fourier transform analysis

Sayers and co-workers also pointed out that, based on Kronig short-range order theory,

the Fourier transform of χ(k) with respect to k results in a spectrum with peaks that

can be related to the original crystal structure of the sample [112]. In actual fact, the
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Fourier transform of χ(k) yields a complex function made of a real and imaginary part.

The magnitude of the Fourier transform of χ(k), also referred to as |χ(R)|, results in

a distribution of possible photoelectron scattering paths. An example of |χ(R)| for a

pure nickel foil is shown in Figure 2.4; it should be noted that the real and imaginary

part of χ(R) are not shown. Direct scattering paths, those that involve only the

absorbing atom and one scattering atom, are usually dominant. The first peak seen

in Figure 2.4, occurring at a path length of 2Å, is generated by the direct scattering

paths from the first shell of neighbouring atoms. It may be noted that the distance

between two nearest neighbours in the Ni fcc lattice is ∼2.5Å. The shift between the

real interatomic distance and the first peak on the |χ(R)| graph is due to the phase

shift δj(k). A shift of −0.5Å is typical.

The second, third and fourth peak (at 3.3Å, 4Å and 4.7Å respectively) can also

be explained by looking at direct scattering paths from neighbouring shells of atoms.

However, the observation that peaks in the spectra correspond to shells of neighbouring

atoms becomes weaker at higher path lengths. This is due to three-legged scattering

paths, those that involve 3 or more atoms, playing a greater role. Additionally, the

relationship between peaks and shells of neighbouring atoms may fail depending on

the atomic number of the elements present in the sample. The shape of the peaks

is dependent on the electronic structure of the scattering atoms, which explains how

EXAFS can be used to establish the lattice site occupation around the absorbing atom.

For example, the direct scattering paths between nearest neighbours taken from the

5d row of transition metals will yield a double peak instead of the single peak observed

for Ni in Figure 2.4.

The analysis of EXAFS data via the Fourier transform method has been partic-

ularly useful, since relevant photoelectron paths can be easily identified making the

process of matching possible crystal structures to the experimental data much faster.

Today, much of the EXAFS work builds on the model developed by Sayers and co-

workers and there are several software codes that help scientists with modelling and

fitting experimental data. FEFF is amongst the most established codes for modelling

EXAFS interactions [86]. The success of FEFF may be due to the fact that it is a

simple theoretical code which can be integrated in third party analysis packages. The
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Figure 2.4: The Fourier transform of kχ(k), |χ(R)|, for a pure Ni foil; with a corresponding Ni (fcc)
fit obtained from FEFF. The arrows mark the fitting range.

code has been integrated into an analysis and fitting package called IFEFFIT [87].

Using FEFF and IFEFFIT, it is possible to simulate the EXAFS oscillations from

the predicted photoelectron scattering paths, and use these to establish the crystal

structure of the specimen.

2.1.4 Fitting procedure

In practice, after the absorption data is processed as described in §2.1.1, the |χ(R)|

spectra is obtained by performing a Fourier transform on knχ(k) within the desired

ranges (i.e. excluding the oscillations nearest to the edge and those at the highest

energies). The EXAFS equation can then be used to build a simulated |χ(R)| for a

given crystal by summing all the contributions from each scattering path. An accurate

fit between the experimental and simulated |χ(R)| can then be achieved by modifying

the values for E0 in Equation 2.6 and S2
0 , σ2

j and Rj for each scattering path j in

Equation 2.7. In IFEFFIT this is done by allowing the definition of four parameters

for each scattering path j:

• ∆E0 is a correction to the ionisation energy of the absorbing atom. Although

the fitting software allows for the user to set a different ∆E0 value for each

scattering path j, it can be argued that there is no real physical meaning in
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defining a different ionisation energy for each scattering path. Therefore, only

one ∆E0 value should be set for all scattering paths.

• ∆R is a correction to the nearest neighbour interatomic distance. Similarly to

∆E0, there should be only one ∆R for all scattering paths. This last statement

is only valid if all the atomic sites in the material analysed are equivalent and

if the analysis does not focus on the relaxation around point defects. Although

generally ∆R is mostly used as a lattice scaling factor, it may be necessary

in some systems to set a different correction in nearest neighbour interatomic

distance.

• S2
0 is a scaling factor to control the importance and contribution of each path to

the final spectrum. It is rather common to set different values of S2
0 for different

paths, following a predetermined scheme. One such scheme encompasses defining

a different S2
0 for different types of paths in order to control the importance of

each type of path on the final spectrum (e.g. direct scattering paths versus three-

legged scattering paths).

• σ2 is the mean square deviation in bond length, as highlighted in Equation 2.7.

This parameter is used to control the effect of lattice vibration and lattice disorder

on the EXAFS spectrum. Also in this case, different σ2 are set for different paths,

following a predefined scheme. In some cases, σ2 is defined as a function of path

length or calculated following a Debye model.

The number of independent parameters that can be obtained from a periodic signal

is given by Equation 2.8 [15, 63].

n ≈ 2∆k∆R
π

(2.8)

In Equation 2.8, ∆k is the range over which the Fourier transform is performed in

k-space and ∆R is the range over which the fit is performed in R-space. Given that

∆k ≈ [2–12] ≈ 10Å−1 and ∆R ≈ [1–5] ≈ 4Å, then n ≈ 25 although it may be that

n ≈ 10 if smaller ranges are used for the Fourier transform and fitting procedure. In
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principle, it is best to keep the number of independent parameters as low as possible,

by defining some extra parameters as algebraic expressions of independent ones [86].

2.1.5 Chemical resolution and limitations

There are two factors that should be taken into account when determining whether

a system can be analysed using EXAFS. First, the absorption edge of the relevant

element must be isolated from the absorption edges of other elements in the system

studied. This is because the absorption oscillations following the absorption edge of

interest should be free of interference from other absorption edges: collecting data

from the Re L3-edge of a system containing Re and Hf may not be possible since the

Hf L2-edge is only 200 eV above the Re L3-edge. Second, the chemical resolution of

EXAFS is relatively low and it is almost impossible to distinguish backscattering atoms

of similar atomic number. The atomic number of backscattering atoms can usually be

determined to an accuracy of ±3 [107]. Therefore, it is impossible to distinguish Cu

and Ni atoms when investigating Cu clusters in UHS steels [17, 18].

2.2 EXAFS and metallurgy

Although examples of the application of EXAFS analysis to metallic alloys is scarce,

initial attempts to look at the crystal structure surrounding solute atoms in binary

alloys was done as early as 1980, within a variety of systems, and results are described

by Gurman [40].

Lengeler and Eisenberger [61] used EXAFS to make a comprehensive study on

the interatomic distances and coordination numbers of Al and Cu in simple binary

alloys. In this study, the authors focussed on the α (Al), θ (Al2Cu) and θ′ (Al2Cu,

metastable) phases. The samples used to study the α phase contained 0.5 at.% Cu,

which remains in solid solution. Interatomic distances were established to an accuracy

of 1%, whereas the coordination numbers could only be evaluated with an accuracy of

20%. The same authors suggest that such high errors in the evaluation of coordination

numbers is due to the fact that no reliable theoretical method was available to calculate

EXAFS amplitudes, limiting the methodology to the comparison of EXAFS spectra
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to known references [31].

The ability to simulate EXAFS spectra from desired crystal structures, and fitting

them to spectra obtained at the beamline, has considerably increased the amount of

information that can be obtained from EXAFS. Balasubramanian et al [5, 6] used

EXAFS to probe the local structure and lattice relaxation surrounding dilute Co and

Fe solute atoms in γ′-Ni3Al. The use of simulations allowed Balasubramanian et al

to calculate how the EXAFS spectra would appear for each solute atom in both the

Ni and Al sublattice. The results showed that Co is coordinated by 8 Ni atoms. No

Al backscattering was observed, although this would be expected since Co is known

to occupy the Ni sublattice and therefore should be coordinated by 8 Ni atoms and

4 Al atoms. The results for Fe showed only Ni backscattering, although Fe should

occupy both the Ni and Al sublattice. The authors suggested that the absence of Al

backscatter is due to lattice distortions in the Al sublattice surrounding the Co and

Fe atoms.

Soon after the work published by the author [84], Koteski et al [54] published a

study of lattice relaxation around refractory atoms in nickel using EXAFS. In this

work, varying amounts of solute atoms from the 4d row (Mo and Ru) and 5d row

(Hf, Ta, W and Re) of transition metals were added to Ni. The work of Koteski et

al focusses on the lattice relaxation, as they argue that lattice mismatch between the

γ and γ′ phases is an important parameter when controlling the properties of nickel

superalloys. The problem of Re clustering was neither mentioned nor discussed. The

samples analysed in this work included Ni-2 at.%Ta, Ni-5 at.%W, Ni-2 at.%Re and Ni-

5 at.%Re. Koteski observed that the interatomic distance to the first shell of nearest

neighbours was 2.54Å for Ni-2 at.%Ta, 2.52Å for Ni-5 at.%W, 2.50Å for Ni-2 at.%Re

and 2.51Å for Ni-5 at.%Re, which follows the expected trend and is predicted correctly

by ab initio modelling via DFT. For both Ni-Re alloys, a very good fit was obtained by

simulating a single rhenium atom embedded in the nickel lattice, which would suggest

the absence of any Re clusters.
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2.2.1 Detecting clusters with EXAFS

EXAFS has also been applied to metals in order to study clustering reactions or the

initial stages of phase separation [40]. Maeda et al [65] used EXAFS to investigate

Cu clustering in a supersaturated solid-solution of Al, containing 1.9 at.% Cu. The

samples were annealed, as the study was focussed on the formation of clusters. The

methodology used consisted of comparing the |χ(R)| spectra obtained from the alloys

of interest to Al2Cu references. Using this method Maeda et al were able to show that,

after annealing, Cu atoms are coordinated by a mix of Cu and Al atoms, showing a con-

siderable degree of clustering [65]. These results are in agreement with those discussed

by Lengeler and Eisenberger [61]: evidence of considerable Cu–Cu backscattering was

also observed in their annealed Al alloys with 0.5 at.% Cu content.

A similar method was adopted by Fontaine et al [34] to study Al alloys containing

2-2.5 at.% Cu. After quenching and annealing, most Cu concentrates in the vicinity of

Guinier-Preston zones. By comparing the |χ(R)| data to known references, the authors

were able to identify the structure of the Guinier-Preston zones. In contrast with the

work of Maeda et al, Fontaine et al found no evidence of Cu clustering. It is argued

by Gurman [40] that the discrepancy is due to the different heat treatments applied

to the samples analysed in the two separate studies.

Frenkel et al [35] made a comprehensive study on the crystal structure and bond

lengths of gold based alloys. The authors selected two systems, AuxCu1−x and AuxAg1−x,

in order analyse binary alloys with high and low atomic size mismatch. The authors

used Lennard-Jones potentials to simulate a range of geometries, including a com-

pletely disordered fcc geometry and some geometries with clustered Cu and Ag atoms.

Their results showed a tendency of Cu to form clusters, with clusters of 105 Cu atoms

best reproducing the features of the EXAFS spectrum. On the other hand, the EXAFS

data for the AuxAg1−x alloys was best matched by a disordered fcc structure.

More recently, EXAFS was used to investigate the clustering of Cu and Ni solute

atoms in UHS steels and Fe alloys. As mentioned in §1.6.3, the process of solute

clustering in these alloys is a major topic of research as this is the underlying mechanism

causing the embrittlement of Fe-based alloys under irradiation conditions. Earlier
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studies in this field have been made with the 1DAP and 3DAP, and these will be

discussed in §3.2. Kuri et al [59] used EXAFS to study the presence of sub-nanometer-

sized Cu clusters in non-irradiated Fe-0.3wt.% Cu and Fe-1.0wt.% Cu. The effect of

ageing was also investigated by annealing and quenching a set of specimens at 775K

for 1 hr. The EXAFS analysis was performed by comparing the first peak of the

experimental EXAFS spectra (i.e. the one corresponding to the first shell of nearest

neighbours) to several simulated EXAFS spectra of model geometries based on the Fe

bcc lattice. All specimens showed some Cu clustering as Cu-Cu backscattering had a

significant impact on the first peaks in the EXAFS spectra.

A comprehensive EXAFS study on the structure evolution of irradiated UHS steels

was also performed by Cammelli et al [17, 18]. In this study, several non-irradiated,

irradiated and irradiated and annealed steel samples were analysed using both XANES

and EXAFS. Instead of using the IFEFFIT code to simulate the |χ(R)| spectra from

different configurations, the analysis focussed on comparing the |χ(R)| spectra for the

Ni and Cu K-edge from the different samples, taken at different stages of irradiation

and annealing. This allows to analyse the evolution of the crystal structure surround-

ing absorbing atoms with greater details. This is a very reliable method as it does not

require the use of a theoretical model and a number of fitting parameters. Instead,

the crystal structure surrounding Cu and Ni atoms is probed at each stage of mi-

crostructure evolution and changes are highlighted and interpreted readily. The study

shows that irradiation generates reduced backscattering from the first shell of near-

est neighbours, suggesting large amounts of vacancies are created. As the specimens

are exposed to high temperature, the local atomic structure surrounding Cu atoms

changes and higher amount of Cu–(Cu, Ni) backscattering was observed, suggesting

cluster formation. The atomic structure surrounding Ni atoms remained unchanged,

suggesting a difference in behaviour between Cu and Ni. An additional irradiation

and annealing treatment resulted in Ni atoms clustering as well. Due to inherent lim-

itations of EXAFS, it was almost impossible to distinguish Cu and Ni backscatterers.

The results obtained with EXAFS were compared to observations made with APT on

the same samples by Miller et al [74].
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2.2.2 Coupling EXAFS with ab initio simulations

It is worth mentioning the growing tendency to couple ab initio simulations with

EXAFS analysis. When comparing the experimental EXAFS function to the simulated

EXAFS function, the crystal structure used to obtain the simulated EXAFS function

is very important. EXAFS is now moving away from investigating the crystal structure

of relatively well defined systems. Therefore, as an added tool, ab initio modelling can

be used to predict ionic relaxation of a desired crystal structure. The relaxed atomic

positions can then be used, instead of the initial system, to obtain a more accurate

EXAFS function.

2.3 Experimental procedure

2.3.1 Data collection

The EXAFS studies were conducted at Station 9.3 of the Synchrotron Radiation Source

(SRS) at Daresbury Laboratory, UK. At the SRS, the Wiggler I source enables experi-

ments to be carried out in the range 6-30 keV, but for the present purposes the minimum

and maximum values employed were 9.5 and 15.5 keV respectively. A 1m long toroidal

Pd-coated mirror situated 18m from the source was used to collect and focus the x-ray

beam. A silicon 〈220〉 double crystal monochromator was used throughout the exper-

iment with a beamline angle of 9mRad. Inchworm positions of the monochromator

were set up to be 1:-233, 2:-3260 and 3:-3560. Prior to the measurements on the binary

alloys, windows were calibrated against foils of pure Ni, Pt, W and Ta. During the

characterisation of the binary alloys, the Ni K-edge and solute element L3-edges were

measured for all specimens by two fluorescence scans at 620 seconds per scan. Due to

the polycrystalline nature of these specimens, samples were scanned under spinning

conditions. The composition of the binary alloys is shown in Table 1.2.

2.3.2 Analysis procedure

To aid in the accurate interpretation of the EXAFS data, a knowledge of the extent

to which each solute atom relaxes within the host (nickel) lattice is required. For this
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reason, all non-standard crystal structures used for the EXAFS fits were simulated

with an ab initio total energy minimisation via DFT, using the VASP code [57, 41].

A 2x2x2 supercell (32 atoms) was used, as a single solute atom in such a supercell

matches the solute concentration of the binary alloys used in the experiments. More

details about these calculations can be found in §4.4.1.

In order to reduce noise and the amount of artifacts present in the data, several

χ(k) datasets were averaged together to obtain a more reliable χ(k) dataset for the

analysis.

In order to make the interpretation of the EXAFS spectra more transparent, we

have used only four fitting parameters altogether (∆E0, S2
0 , σ2 and ∆R), keeping

each parameter fixed for all scattering paths. We believe that this method is best

to investigate rhenium clustering in nickel, although the final fitting may not be as

accurate as it could be obtained by adopting more parameters. By contrast, Koteski

et al [54] defined an independent σ2 for different scattering paths, obtaining a better

agreement between the simulated and experimental EXAFS spectra.

2.4 Results

2.4.1 The Ni-Re system

To investigate the fine structure around a solute atom of rhenium and to detect any

possible clustering of this element, the absorption data of the Re L3-edge for the Ni-Re

binary alloy is investigated. The Fourier transform of the oscillations of this edge will

probe the local structure around the Re atoms, by providing a radial distribution of

photoelectron paths from the absorbing atom, rhenium, and the surrounding scattering

atoms.

The |χ(R)| spectrum for the L3-edge of Re in the Ni-Re alloy is shown in Figure 2.5.

The spectrum can be compared with simulated EXAFS spectra obtained from different

crystal structure. The data ia initially be compared to spectra obtained from a rhenium

hcp crystal (the stable phase of pure Re) and from a rhenium fcc crystal (the native

structure of Ni) – as seen in Figure 2.5a. The similarities between the hypothetical

rhenium fcc crystal and the Re L3-edge data at the third and fourth peak (at 4.0Å
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Figure 2.5: The |χ(R)| spectra obtained from the Re L3-edge of a Ni-Re sample. The experimental
data is compared to a FEFF fits from a) a pure Re crystal in the fcc and hcp configuration, b) a single
absorbing Re atom in a Ni fcc lattice and c) a Re atom with 12 Re neighbours and a Re atom with
12 Ni neighbours.
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and 4.8Å respectively) confirm that the underlying lattice of the sample analysed

is fcc, consistent with the native nickel crystal structure. Discrepancies at low path

lengths (1-3Å), where the peak arising from the scattering paths from the first shell

neighbours in the experimental data is matched by double peaks in both the hcp and

fcc simulated structures, would suggest that the first shell of neighbouring lattice sites

are not occupied by rhenium.

The |χ(R)| spectrum is then compared with a fit obtained from the simulation of a

single Re absorbing atom embedded in a Ni fcc lattice – as shown in Figure 2.5b. The

apparent similarities within the fitting range, marked by the arrows, indicate that this

is the most likely atomic structure in the vicinity of an absorbing Re atom. The peaks

observed at 2.1Å, 3.2Å, 4.0Å and 4.8Å of the experimental data are matched in the

simulated spectra, confirming that the underlying lattice of the sample is indeed a fcc

structure. Interestingly, the first large peak, which was not matched by the simulated

pure rhenium structures in Figure 2.5a, is clearly reproduced by simulating a single

rhenium atom embedded in a nickel fcc lattice. Given that the first peak of the |χ(R)|

spectrum arises from the direct scattering paths to the first shell of neighbours, it is

clear that this peak is the most relevant to the scope of this study. Careful examination

of this first peak will reveal whether the absorbing Re atom is surrounded by a shell

of Ni atoms, a shell of Re atoms, or a shell of both Ni and Re atoms. For this reason,

the first peak of the |χ(R)| spectra is examined in greater detail.

The fits shown in Figure 2.5c are obtained by taking into consideration only the

direct paths to the nearest neighbours, those that involve a photoelectron travelling

from the absorbing atom to a nearest neighbour and back to the absorbing atom, for

the Re fcc structure and a Re atom embedded in the Ni fcc structure. The simulated

spectra therefore show the direct backscattering from 12 Ni atoms and from 12 Re

atoms. This is because three-legged scattering paths and direct paths to outer shells

of atoms do not contribute to the first peak arising in this |χ(R)| spectra. Only the first

peak of the experimental data is being examined here and hence no fitting has been

done for the spectra between 3-6Å. The simulated spectra suggest that the double

peak arises when the Re atom is coordinated by 12 Re atoms, while this is not true

when the Re atom is coordinated by 12 Ni atoms. The experimental data reveals only
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a single, well-defined peak thus confirming that the Re atoms are surrounded by Ni

atoms only. The characteristic double peak is also observed in the spectra obtained

at the beamline from pure Pt specimens, suggesting that the feature arises from the

backscattering amplitude function, f(k), and phase shift, δ(k), of a pair of atoms taken

from the 5d series of transition metals.

2.4.2 Ni-X systems, X=Ta, W, Ir and Pt

The behaviour of Ta, W, Ir and Pt in nickel was also studied to observe trends across

the periodic table. Ta and W are widely used in nickel superalloys, whereas Ir and

Pt are not commonly used. The objective is to find if any clustering trend can be

observed across the periodic table. In particular, W is an element of interest since it

is also believed to be a creep strengthening element, although not quite as potent as

Re. Investigating differences between Re, W and the other 5d elements will help to

narrow down the source of the rhenium-effect.

Indications of whether these elements form clusters in nickel can be obtained by

studying the first shell peak of |χ(R)|, as it was done in §2.4.1 for the Ni-Re alloy.

The data obtained from the L3-edge of the Ni-Ta, Ni-W, Ni-Ir and Ni-Pt are shown

in Figure 2.6. All datasets are compared to a fit obtained from pure solute atom fcc

lattice and to a fit obtained from a single solute atom embedded in a nickel fcc lattice.

The characteristic double peaks observed in the fits for the pure 5d crystals are

incompatible with the single peak observed in the experimental |χ(R)| from the four

binary alloys. On the other hand, the peak obtained from a single solute atom embed-

ded in a nickel fcc lattice is much closer to the experimental datasets, which display a

single first peak. This is confirmation that none of the elements examined form clusters

when dissolved in nickel.

2.5 EXAFS and rhenium clustering

The results presented in §2.4 would indicate that rhenium is not prone to clustering

when present as a solute in the nickel lattice. The detailed analysis of the spectra

obtained from the Ni-Re samples shows that Re is coordinated by 12 Ni atoms and
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Figure 2.6: The |χ(R)| spectra obtained from the X L3-edge of the Ni-X binary alloys where X is a)
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that no Re backscatter is present in the short range area of the EXAFS spectra. A

similar behaviour is observed for Ni-Ta, Ni-W, Ni-Ir and Ni-Pt. It would be safe to

conclude that, at these concentrations, these elements are not clustered in the nickel

lattice. Given the difference in backscattering between Ni and the elements from the

5d row of transition metals, any backscattering from the latter should be clearly visible

in the EXAFS spectra.

The work of Koteski et al [54] seems to agree with our conclusions. Although the

problem of rhenium clustering is not discussed in their studies, it appears that the

EXAFS spectra obtained from the Ni-2 at.%Re and Ni-5 at.%Re specimens showed

no Re–Re backscattering. In fact, the simulated EXAFS spectrum for a single rhe-

nium atom embedded in a Ni fcc lattice provides an excellent match to the EXAFS

spectra obtained at the beamline, suggesting that no Re clustering should also be ex-

pected in Ni-5 at.%Re. The data for Ni-Ta and Ni-W also shows no Ta–Ta and W–W

backscattering respectively. It is worth mentioning that the EXAFS spectra obtained

by Koteski et al from their Ni-2 at.%Ta samples does not appear to agree with our data

in the range 3-6Å, however this could be due to that fact that our samples contain

almost twice the amount of solute, which could significantly affect the data.

With these considerations in mind, and the results presented in §2.4, it seems

necessary to revise the conclusions presented by Blavette et al in his original work

[12, 13]. The binary Ni-X alloys and CMSX-4 should be studied using APT to inves-

tigate the presence or absence of rhenium clusters. Since the 1980s, atom probes have

considerably improved and modern computational power also allows a better statisti-

cal treatment of the data. It is important to determine whether modern atom probe

equipment and analysis techniques would corroborate the results obtained by Blavette

et al [12, 13], or whether these would strengthen the results observed with EXAFS.
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CHAPTER3
Atom Probe Tomography

3.1 The atom probe

Atom probe tomography (APT) is a technique which has been continu-

ously expanding since a 1-dimensional atom probe (1DAP) was adapted

into the first 3-dimensional atom probe (3DAP) by M. K. Miller in 1986

[69]. APT causes the field evaporation of atoms from the surface of a needle-shaped

specimen using a strong electric field. The chemical identities and positions of the

evaporated atoms are detected, thus producing a 3D mapping of the atoms present

in the specimen and achieving ‘true atomic resolution’. As such, APT has been a key

technique in expanding our knowledge of materials.

3.1.1 Early developments

The first successful attempts to view atoms occurred in 1941, when E. W. Müller dis-

covered that reversing the bias voltage on the emitter of a Field Emission Electron

Microscope (FEEM) would force positively charged ions to leave the surface of the

sample. In these conditions, the amount of ions emitted is limited. Therefore traces

of hydrogen or helium were introduced into the system to act as an ‘imaging gas’ and

enhance the image on the phosphor screen [77, 69]. These molecules are attracted to

the specimen’s surface and hop on the surface until field ionisation of the gas molecules

occurs by tunnelling electrons to the surface of the specimen. The positively charged

ions then travel towards the phosphor screen, following a trajectory roughly perpen-

65
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dicular to the surface of the specimen. The first Field Ion Microscope (FIM) image

of a tungsten specimen with atomic resolution was achieved in 1955, after the FEEM

was modified to allow the sample to be cooled with liquid nitrogen [77].

Although FIM generated the first real atomic resolution pictures, the species of the

ions viewed could not be detected. This is because the imaging gas ions would strike

the phosphor screen and, therefore, no chemical information on the surface atoms of

the specimen could be obtained. Consequently, the FIM went through a further stage

of development. The first 1DAP consisted of a FIM with a mass spectrometer attached

to it so that chemical information about the evaporated ions could be obtained [78, 69].

Although a single machine could carry out both experiments, there are several differ-

ences between a FIM experiment and a 1DAP experiment which renders impossible

performing both experiments at the same time. First, the AP experiment has to be

carried out in a vacuum – without the use of an ‘imaging gas’ – since the gas molecules

would affect the chemical analysis of the specimen. Second, the AP spectrometer can

only analyse one atom at a time, resulting in only 0.1% of the evaporated atoms being

detected [69]. For this reason, a small aperture was placed in front of the specimen

to limit the number of atoms reaching the spectrometer. Additionally, the use of an

AC voltage pulse, rather than a simple DC voltage gradient, was introduced so that a

controlled number of atoms could be removed at defined timesteps [69].

3.1.2 From 1D to 3D atom probes

In 1986, the 1DAP was developed into the first prototype of 3DAP by M. K. Miller

[69]. In this first implementation, the spectrometer was removed to make space for

a pair of microchannel plates. When an ion hits the inside of one of the channels

on the first microchannel plate, a cascade of electrons is generated and the amount

of electrons is multiplied as these travel through the plates. At the other end of the

plates, a beam splitter allowed to direct the small electron beam towards two separate

detectors: the first, an array of photodiodes, determined times of flight of the ions;

the second, a CCD camera, detected their position. The idea was further developed

to obtain the Position Sensitive Atom Probe (PoSAP) by Cerezo et al in 1988. In this

second implementation the photodiodes and CCD camera were replaced by a wedge-
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Figure 3.1: The diagram shows the setup of a Local Electrode Atom Probe (LEAP).

and-strip or backgammon anode. Since then, several designs have been proposed, all

having different acronyms.

At present, all modern atom probes have a detector which employs a pair of mi-

crochannel plates: differences arise in the detector used to back the microchannel

plates. Most modern atom probes use a crossed delay-line detector. In this configura-

tion, two folded copper wires (see Figure 3.1) are oriented perpendicular to each other

in order to detect the time-of-flight and x and y position of the signal. These data,

together with the order of detection, are used to reconstruct the original x, y and z

position of the atoms along with the mass-to-charge-state ratio. In some instruments,

the superimposed voltage pulse is applied between the specimen and an annular elec-

trode placed just in front of it, resulting in much smaller pulses and a finer control on

evaporation rates (see Figure 3.1) [69].

3.1.3 Recent developments

The 3DAP is currently undergoing heavy development [51]. Since 1986, AP research

and development led to major improvements in detection efficiency, speed of acquisi-

tion, dataset size and spatial and chemical resolution. Amongst all the changes that
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led to these improvements, two developments have had a major impact on APT and

are therefore worth mentioning.

Modern instruments are sometimes fitted with a wide-angle reflectron lens, or an

energy compensation device. Most traditional 1DAP incorporated an energy compen-

sation lens in their spectrometer but these were not part of the new 3DAP designs [69].

Modern atom probes include a refrecton lens which consists of several curved annular

field electrodes with increasing potentials. Ions entering the reflectron are slowed down

and then accelerated back towards the detector. The purpose of wide-angle reflectron

lenses is twofold. First, the use of this lens allows to achieve a wide angle field of view

(up to 43 deg). Second, and most importantly, using a reflectron lens considerably

improves the mass resolution of the instrument. Unfortunately using the reflectron

lens also adversely affects the detection efficiency of the instrument. The advantages

and limitations provided by the reflectron lens are discussed in more detail in §3.1.5.

The option of using a laser pulse, instead of a voltage pulse, to evaporate the atoms

from the specimens’ surface is also becoming more common [50, 51]. In this configura-

tion, a pico- or femto-second laser pulse is directed at the tip of the specimen in order

to control the evaporation of the atoms from the surface (i.e. thermal evaporation

instead of field evaporation). This addresses one of the main limitations of standard

atom probes: poorly conductive specimens can now be analysed thanks to the use of

a laser pulse (see Section 3.1.5).

3.1.4 Sample preparation

In order to obtain the necessary field strengths (20-40V/nm) to evaporate ions from

the surface of the specimens at reasonable applied voltages (5-20 kV), the sample should

be a very thin needle with an end tip radius of about 10-100 nm. Ideally, the sample

should approach a cylinder with a spherical cap. In reality, most samples look like a

truncated cone with a spherical cap and a taper angle of ∼ 10◦ or less [69]. Smaller

taper angles are desirable as the initial and final specimen’s radii should be as close as

possible to collect larger datasets [69]. The specimen should be ∼5mm long, but only

the initial ∼ 200 nm are usually necessary for the experiment. Oftentimes, the same

specimen may be used in multiple runs, after some re-polishing at the end of every
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run. There are mainly two methods to prepare an atom probe specimen.

The electropolishing route is the simplest and most traditional method to obtain

atom probe specimens [69]. The first step is to obtain a square cross section column

which is < 1mm thick and ∼10mm long. Usually, the edges of the column are rounded

so that the specimen approximates a round cross section column as much as possible.

The initial electropolishing is usually performed via the ‘double layer’ technique. This

consists in suspending a thin layer of electrolyte on top of a dense inert liquid. The

specimen is inserted through the electrolyte layer, so that the central section of the

column is etched until necking and fracture occur. Then, pulse polishing may be used

to finely etch the specimen. Pulse polishing consists in suspending a drop of electrolyte

in a small loop, and inserting the needle-shaped specimen inside the loop. Using this

method, specific areas of the specimen can be polished more precisely by moving the

specimen up and down through the loop while controlling the electropolishing current

with a switch and constantly monitoring the process using an optical microscope. This

technique is cheap, fast and relatively simple, but limited to metallic samples [69].

Additionally, it is almost impossible to position interesting microstructural features

close to the apex of the specimen, unless these are large enough to be seen with an

optical microscope [69].

The Focussed Ion Beam (FIB) milling route is increasingly common, although it

is considerably more expensive and complicated than electropolishing. The success

of this sample preparation technique arises from the fact that specific microstructural

features (e.g. grain boundaries, precipitates, etc.) may be placed near the apex of the

needle shaped specimen, with a desired orientation [51]. Usually, three trenches are

cut around the desired region and before performing a lift-out. The specimen is then

attached to a substrate and an annular mask is used to mill the specimen down to the

desired dimensions. The main limitation of this technique is that considerable beam

damage may be observed. Limiting beam damage is possible by using a lower ion beam

energy and current and minimising imaging times. However, this would considerably

increase the time necessary to produce each sample.
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3.1.5 Efficiency, resolution and limitations

In order to evaluate APT results, it is important to understand the main limitations

of this technique. First, the detection efficiency of modern atom probes will be limited

to 66% as long as microchannel plates are used as the primary detectors. An ion is

detected only when it hits the inside of one of the channels on the microchannel plate.

If an ion hits the surface between the channels, or web, the instrument cannot yield

any information about that ion. Given that the channels cover approximately two

thirds of the microchannel plate surface, the maximum possible theoretical detection

efficiency is 66% [69]. To overcome this major limitation, a high transparency biased

copper mesh is sometimes placed in front of the microchannel plates, in order to trap

the secondary electrons produced by an ion hitting the plate’s web and accelerate

them back towards the detector. It has been estimated that a biased copper mesh may

increase the theoretical detection efficiency to as much as 72%. Yet, it also produces

a shadow in the data and increases the noise levels [51].

The use of microchannel plates also leads to some minor losses when ions follow

a trajectory which is exactly parallel to the channels of the first microchannel plate.

These ions would travel through the first plate without hitting the side of the chan-

nels and therefore produce little or no signal. Standard microchannel plates have the

channels angled at ±8◦, which is optimal for standard use (i.e. when most particles’

trajectories are perpendicular to the plates). In an atom probe, however, some ions

reach the microchannel plates at an angle of ±8◦ and fly through the first microchannel

plate [69]. The number of ions flying through the detector is very small compared to

the overall number of successful hits. However, these non-hits occur in a small area

of the detector, creating a visible area of low atomic density on the atom map. Using

larger plates and placing the detector further away from the specimen limits this effect

[69].

Other loss mechanisms strongly depend upon the type of machine used, as well

as on specific detector configuration. The presence of a wide-angle reflectron lens

causes 30-40% of the atoms to be lost before they reach the microchannel plates

[51]. This is due to the copper mesh that is placed in front of the reflectron lens:
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some of the atoms entering and exiting the reflectron lens will hit the mesh instead

of continuing flight. Additionally, the simple two-wires crossed delay-line detector

can only detect single-hit events, meaning that only 90% of detected atoms can be

successfully analysed, positioned and recorded. Some detectors adopt a third delay-

line, positioned at 45◦ with respect to the other two wires, in order to detect dual-hit

events correctly and allowing up to 98% of detected atoms to be analysed successfully

[51]. Broadly speaking, an atom probe without a wide-angle reflectron lens has an

overall 55-60% detection efficiency, while an atom probe with a wide-angle reflectron

lens has an overall 40-50% efficiency [51].

APT also has some limitations in spatial resolution. Studies have shown that

the reconstructed x and y positions of the atoms can be scattered up to 5Å from

the original position in the specimen [126]. The same studies showed that the spatial

resolution in the z direction is considerably more precise and reaches almost true atomic

resolution. There are two causes for what are usually called trajectory aberrations.

First, the trajectory of an ion leaving the specimen’s surface is highly dependent on

the local crystal structure surrounding the evaporating ion [69, 51]. The trajectory will

be different whether the ion evaporates from the edge or the middle of an atomic plane.

The trajectory of the ions is also affected by the chemical environment surrounding

the evaporating ion. The effect of crystal structure can be readily observed as datasets

obtained from some specimens will display lower density areas corresponding to par-

ticular crystallographic directions. Oftentimes, the crystal structure and orientation

of the specimen can be determined by observing the atomic map of raw hits during

evaporation.

Second, trajectory aberrations also arise due to changes in the local radius of curva-

ture of the specimen’s tip [69, 51]. Indeed, the reconstruction of 3DAP data is based on

the assumption that the tip of the specimen is perfectly spherical, which is rarely the

case. This is particularly true for multiphase samples where the phases present have

very different field emission coefficients, resulting in areas of the specimen evaporating

faster. This ultimately leads to local magnification effects where precipitates in the

reconstructed dataset appear to be larger or smaller than their ‘shell’ in the matrix,

thereby overlapping with the matrix or resulting in a region of lower atomic density
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surrounding the precipitate (i.e. a depleted region). Trajectory aberrations render

almost impossible the determination of lattice site occupation and crystal structure

via APT. They also profoundly affect the chemical characterisation of the interfaces

between two phases with different field emission coefficients.

Mass resolution is also problematic, especially when analysing complicated alloys.

In the present case, for example, the 59Co2+ peak can almost disappear in the tail of the

larger 58Ni2+ peak [27]. This problem originates because atoms may evaporate from

the surface at any time while the voltage pulse is strong enough to cause evaporation.

Therefore, ions leave the surface with slightly different kinetic energies since the voltage

pulse may provide some additional acceleration. Long peak tails can be observed on

the final time-of-flight spectrum. In modern atom probes, this is usually addressed by

adopting a wide-angle reflectron lens, which ‘time-focusses’ the traveling ions [70]. Ions

with a higher kinetic energy travel deeper into the reflectron, whereas ions with a lower

kinetic energy follow a more shallow trajectory. This creates a trade-off between higher

mass resolution and detection efficiency. Ideally, it would be best to choose whether

to use a reflectron lens in every experiment, depending on whether one is interested

on detection efficiency or mass resolution. This is often not possible because it would

be necessary to have two separate atom probes since the machines’ design is radically

different. The problem of mass resolution can also be addressed by the adoption of

laser-assisted evaporation. Thermal emission, rather than field emission, of the ions

allows the acceleration of the particles not to be biased by a voltage pulse. Therefore

the peaks on the time-of-flight spectrum remain well defined.

The final limitation of the atom probe is that only a limited number of materials can

be analysed with this technique. Until recently, samples had to be highly conductive

so that a voltage pulse could be applied between the sample and a counter electrode

[70]. With the advent of laser-assisted evaporation some poorly conductive and non-

conductive specimens can be analysed. However thermal conductivity also needs to

be taken into account: the specimen needs to be cryogenically cooled at 60K in order

for the experiment to work and the heat generated by the laser beam needs to be

dissipated fast [70]. Therefore, only materials with a high electric conductivity or a

relatively high thermal conductivity can be analysed using a laser pulse in a modern
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atom probe. Amongst metals, nickel superalloys perform rather poorly when choosing

laser-assisted evaporation as the correct experiment conditions cannot be maintained.

Despite its limitations, APT is a powerful technique which can be used to study

the local chemical composition and microstructure at a very fine scale. Computa-

tional techniques can help in yielding more results: atom probe simulation codes and

statistical algorithms can be used to maximise the potential of 3DAPs. Finally, all

inaccuracies and limitations of this technique are heavily dependent on the materials

analysed and the instruments used and as such should be evaluated on a case by case

basis.

3.2 Detecting clusters with atom probes

The detection and analysis of clusters is a prominent subject of debate in the atom

probe community. For this reason, there are a wide variety of methods available in

the literature, all having weaknesses and strengths. Describing all the methods would

be impossible as most research groups adopt slightly different methodologies. In this

section, only the most relevant techniques are described.

3.2.1 Visual observation

Perhaps the simplest technique for clustering detection is looking at atom maps of

2D slices to obtain visual evidence of solute clustering. Some studies to evaluate the

sensitivity of this method were carried out by Miller and Reed [73]. They showed that

clusters are not visible in atom maps except when bigger than approximately 1 nm in

alloys with 3-4 at.% of solute atoms. The ability to observe clusters heavily depends

on the relative concentration of solute atoms in the matrix: the higher the content of

solute atoms, the harder it is to obtain visual evidence of small clusters. Furthermore,

at higher solute concentrations, more solute atoms will appear to be in very small

embryonic clusters, even when randomly distributed. Therefore, this method can only

be applied to detect clustering of very dispersed species, at concentrations less than

1 at.%. Since all studies arguing for rhenium clustering in nickel superalloys found

evidence of clusters ∼1 nm in size, and given that the average rhenium content in the
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γ phase is 3-6 at.%, this technique cannot be applied reliably in this case. Indeed, no

rhenium clusters are visible to the naked eye when observing 2D atom maps of rhenium

in a dataset obtained from CMSX-4 specimens.

3.2.2 Ladder diagrams

It is now widely accepted in the atom probe community [69, 82] that ladder diagrams

(or cumulative profiles) are seldom suitable at detecting clusters of solute atoms. Yet,

since ladder diagrams were a common technique used to analyse clustering 1DAP

datasets, it was deemed necessary to describe it here. A ladder diagram consists in

the count of atoms of a particular species plotted against all atoms collected. As

such, ladder diagrams are the integral of the concentration profile along the direction

of analysis. It follows that the local slope on a ladder diagram plot is equal to the

local concentration of the element analysed. Ladder diagrams can also be obtained

from 3DAP datasets: a suitable long and thin section of data can be cropped from the

original 3D dataset to emulate results similar to those coming from 1DAPs. Ladder

diagrams have shown remarkable results when looking at strong short range order-

ing and even lattice site occupation [127], nevertheless they may lead to the wrong

conclusions when searching for solute clustering [12, 13, 127]. In order for the ladder

diagrams to be reliable, they have to abide by several criteria [69]:

1. the concentration of solute atoms must not be affected by large microstructural

details,

2. the spacing between the planes should be uniform,

3. similar numbers of atoms must be detected on all the atomic planes which are

analysed, and

4. the overall slope of the data must match the average composition of the sample.

Therefore, ladder diagrams may be suitable to detect clustering in simple single-

phase alloys, but may be misleading when examining more complicated systems, as the

variation in composition due to large microstructural features may affect the results.

Since the introduction of more reliable methods, ladder diagrams are not used to detect
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solute clustering any longer. Nevertheless, the detection of inhomogeneities in ladder

diagrams obtained by Blavette et al [12, 13] and Wanderka et al [127] is still cited as

the proof of rhenium clustering in nickel superalloys [11, 133]. All these studies are

described in detail in §3.3.

3.2.3 Binomial distribution method

This method is based on the principle that a random distribution of solute atoms

should follow a binomial distribution, as highlighted by J. W. Christian [23]. The

most common implementation of this principle is a grid-based frequency distribution

analysis [80]. The technique, in 3D, involves segmenting the data into small blocks

and computing the concentration of solute atoms in each block. The concentration of

solute atoms in each block should follow a binomial distribution [80].

Two important things should be kept in mind when segmenting the dataset. First,

the blocks should have the same volume and contain similar numbers of atoms [81].

This may prove a hard task as the atomic density across 3DAP datasets is not constant.

As a result, blocks of constant volume are selected and scarcely populated blocks may

be discarded. Second, the blocks should be as close to a cubic volume as possible [81].

Given a cuboidal block with 2 solute atoms occurring at the opposite, further apart

ends of the block, it is apparent that the solute atoms are less likely to be correlated

than those found at the opposite ends of a cubic block of equal volume [81]. A 2D

implementation of this technique was used by Rüsing et al [109] to look at rhenium

clustering in nickel superalloys, as described in §3.3

3.2.4 Maximum-separation method

The most commonly used cluster detection algorithm is the maximum-separation

method [44, 124, 22]. In this method, solute atoms are part of the same cluster when

they are located within dmax from each other. The specific details on how the al-

gorithm works will be explained in more details in §3.4.2. The maximum-separation

method is at the core of most clustering detection algorithms used in the literature

[22, 72, 70, 119].

Cequerra et al developed a detection algorithm based on the Markov Random Field
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(MRF) and the maximum-separation method [20]. MRF is an n-dimensional extension

to Markov Chains. When applied to atom probe tomography, the nearest-neighbour

atoms surrounding a central solute atom are considered in defining solute clusters. At

present, the algorithm is still in development and Ceguerra and co-workers have agreed

to allow the testing of their method on the clustering of rhenium in nickel. However,

no specifics were provided into the inner workings of the algorithm.

In reality, given a 3D dataset, any code that explores the three dimensional space

around a solute atom should be able to easily detect clusters in the sample. This is

because uncertainties arise from the dataset obtained through APT rather than from

the algorithm used to analyse the data. The question to be asked is not whether the

algorithm used is able to detect clusters, but whether it is feasible to view the desired

features in the given AP dataset.

3.3 Atom probe, nickel superalloys and the rhenium-effect

Nickel superalloys have been examined with atom probes since the emergence of atom

probe analysis [113]. Possibly because of their complicated chemistry and fine mi-

crostructure, and their great impact on engine performance, nickel superalloys are

an interesting topic for the AP community. The first AP study of the superalloys is

dated 1979, and was performed at the University of Oxford by M. K. Miller et al [28].

Subsequently, most of the early work on superalloys was carried out by Blavette and

co-workers from 1984 to 1990 [9, 10, 8, 13]. These early studies focused on describing

the partitioning of alloying elements between γ and γ′, as well as composition at the

interface between γ and γ′ phases. The atom probe was primarily used to study two

aspects of the behaviour of rhenium, in an effort to try and explain the mechanisms

underlying the rhenium-effect. First, 1D and 3D atom probes were used to investigate

the presence of rhenium clusters in the γ phase of nickel superalloys. Second, the 3D

atom probe was used to study the distribution of rhenium at the γ/γ′ interfaces in

nickel superalloys.
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Figure 3.2: The discontinuities in the ladder diagram for a Re-doped PWA1480 superalloy in the early
analysis by Blavette et al [12, 11].
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Figure 3.3: The discontinuities in the ladder diagram for Re, as detected in CMSX-4 by Wanderka et
al [127].

3.3.1 Rhenium clustering in the γ phase

The rhenium clustering problem was first approached by Blavette in 1986 [12, 11] by

looking at the ladder diagrams for rhenium in a nickel based superalloy. The same

type of analysis was also used by Wanderka in 1995 [127] to examine the distribution

of rhenium and other elements in nickel-based superalloys.

The results observed by Blavette et al [12, 11] and Wanderka et al [127] are shown

in Figure 3.2 and Figure 3.3, and the discontinuities present in the data are highlighted.

In this seminal work, the authors proposed that clusters could explain the discontinu-

ities observed in the data. However, deviations from linearity in the ladder diagrams
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– such as those marked in Figure 3.2 and Figure 3.3 – are arbitrarily selected and, as

such, there is no information on the size and distribution of clusters that would have

generated similar results. Additionally, ladder diagrams are unable to differentiate

between real clusters (i.e. those forming due to a systematic clustering reaction) and

random clusters (i.e. those forming due to the random occurrence of neighbouring so-

lute atoms). Indeed, it can be shown that for an alloy with 3 at.% solute concentration

and a completely random distribution of solute atoms, only 90% of the solute atoms

are expected to be isolated in a single atom configuration, i.e. with no other solute

atom as nearest neighbour. The remaining 10% of the solute atoms will have one or

more solute atoms as nearest neighbours, in an embryonic cluster.

Furthermore, several factors could have influenced the results obtained by ladder

diagrams from a 1D atom probe. Most significantly, microstructural features, such as

the γ′ precipitates, the γ matrix and the γ/γ′ interfaces, generate strong compositional

variations across the alloy which will result in a locally uneven solute distribution. In

the early studies, this particular problem was sometimes addressed by analysing model

alloys which had a composition belonging to the field of the γ matrix phase. However,

nanoscale fluctuations in solute distribution could be generated by incipient secondary

γ′ precipitates as the γ′ phase becomes more stable at lower temperatures. More-

over, the fluctuations in solute concentration detected by ladder diagrams could result

from fluctuations in solute concentration within the alloys arising from incomplete

homogenisation. Finally, it is also important to acknowledge that ladder diagrams

obtained from a 1D atom probe examined only a few thousand atoms, whereas the 3D

technology now available allows the collection of hundreds of millions of atoms, and

the analysis can be carried out in all three dimensions.

Although ladder diagrams may not be the most suitable tool to examine clustering

at very fine levels, it must be stated that ladder diagrams have provided great insights

into superalloy metallurgy. In 1995, Wanderka et al [127] and Vanbakel et al [122]

performed a comprehensive study on the atomic structure of nickel superalloys both

in the γ and γ′ phase. These studies were carried out on γ and γ′ samples which

had been oriented to align the [001] directions with the aperture. This meant that,

when analysing the sample of γ′ phase, planes containing 100% nickel atoms would
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Figure 3.4: An example of the results on the lattice occupation in Ni3Al by Wanderka et al [127] and
Vanbakel et al [122].

evaporate first, followed by planes containing 50% nickel and 50% aluminium atoms

(see Figure 3.4). Using this technique, Wanderka was able to obtain evidence that

cobalt tends to occupy Ni lattice sites in the L12 Ni3Al lattice structure.

The quest for the detection of Re clusters in nickel superalloys continued, using dif-

ferent methods of analysis. Rüsing et al [109] used the 3DAP to look at the distribution

of Re. The analysis method involved cutting a long thin section – 1.5×1.5×90 nm –

from the 3D datasets and obtaining the concentration profile for Re along this section.

As described earlier, such 1D concentration profile is the derivative of a 1D ladder di-

agram. The rhenium concentration was computed in 0.5 nm thick slices, and the final

profile is shown in Figure 3.5. Since the concentration would sometimes fall above

2σ, Rüsing and co-workers argued that deviations from average concentrations were

large enough to be an indication of the presence of rhenium clusters. A χ2 test was

also performed to check whether the rhenium concentrations in all the blocks analysed

followed a binomial distribution, and the authors concluded that there was an inho-

mogeneous distribution of rhenium atoms in the samples analysed. In conclusion, the

study suggested that rhenium clusters 1 nm in size are present in nickel superalloys.

A few factors should be taken into consideration when evaluating these results. The

method does not exploit the fact that larger 3D datasets are now routinely obtained

from atom probes. The statistical analysis was performed on ‘blocks’ containing only

∼ 45 atoms, and was based on a sample size of less than 200 blocks. Therefore the
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Figure 3.5: The Re concentration profile obtained by Rüsing et al [109] from a square cross section
column, 1.5 nm wide and 90 nm long. Concentrations are computed at intervals of 0.5 nm. The dashed
line shows the average rhenium concentration.

analysis was performed on only ∼ 8000 atoms. Finding 5Re atoms dispersed in a

block containing 45 atoms cannot be considered an indication of rhenium clustering,

as clusters 1 nm in size would contain 25 solute atoms. Also, as explained in §3.2, the

blocks should be cubic for the analysis to be reliable – Rüsing et al adopted blocks of

dimensions 1.5×1.5×0.5 nm.

3.3.2 Rhenium distribution near γ/γ′ interfaces

The atom probe community did not just focus on the clustering problem when investi-

gating the rhenium-effect. Warren et al [131] used the 3DAP to study the distribution

of rhenium in RR3000, a commercial nickel superalloy. The authors of the study

observed an appreciable enrichment of rhenium close to the matrix/precipitate (γ/γ′)

interfaces and concluded that these enrichments could arise during the cooling phase in

their experiments, while the γ′ is growing and expelling Re into the γ phase. However,

they also suggested that a similar but broader ‘bow wave’ of Re would also be gener-

ated during the lower temperature heat treatment of the alloy and still be present at

service temperature. In their study, they speculated that such enrichment could have

an effect (a) on misfit at the γ/γ′ interface and (b) on the climb of dislocations during

high temperature deformation processes, either of which could lead to hardening [131].

Warren et al did not base their theory on rhenium enriched areas observed with the
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atom probe, as it is suggested that these areas form upon cooling from service tem-

perature. Rather, they seem to infer that a larger ‘bow wave’ should form during heat

treatment and should be observed at service temperature [131], however their theory

cannot be confirmed with atom probe experiments.

Proximity histograms [42] were also adopted to study the distribution of rhenium

close to the γ/γ′ interface. Proximity histograms are a plot of local atomic concentra-

tion versus the distance to the chosen interface. Once an isoconcentration surface is

defined, the method calculates local atomic concentrations of several layers of constant

thickness, moving further and further away from the interface. The method can be

very useful in investigating the concentration profile of solute elements around precip-

itates in all directions. Yoon et al [141, 142] adopted this method to investigate the

concentrations of solute elements across γ/γ′ interfaces of a René N6 alloy. Similarly

to what was observed by Warren et al [131], Re was found to segregate near the γ/γ′

interface, forming ‘bow waves’ ahead of the interface. The authors, however, make

no speculations as to how the enrichment forms and whether this plays a role in the

strengthening effect provided by rhenium in nickel superalloys.

Rüsing et al [109] also studied the distribution of rhenium across γ/γ′ interfaces

using both linear scans and proximity histograms. Their analysis was performed on

a model nickel based superalloy (Re31) that displayed a much lower Re partitioning

coefficient than Re-containing commercial superalloys such as RR3000 and CMSX-4.

The authors of the study suggested that the enrichment observed by Warren et al

[131] and Yoon et al [141, 142] could be caused by stress-induced diffusion arising

during the rafting process [109]. However, it should be noted that, although the

samples used by Warren et al [131] were crept, Yoon et al [141, 142] used samples

that only received a simple heat treatment and therefore displayed no rafting of the γ′

precipitates. The lower partitioning coefficient of rhenium could instead explain the

absence of the rhenium enrichment, and the lower partitioning coefficient could be due

to the model composition of the Re31 superalloy, a quaternary alloy containing only

Ni, Al, Ta and Re.

More recent studies looked at the distribution of rhenium and its effect on the

temporal evolution of the microstructure of a Ni-Cr-Al model superalloy [143, 144]. In
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the first part of the study, 3DAP was used to investigate the distribution of rhenium as

a function of ageing time and to investigate how this affected microstructure evolution

[143]. The partitioning coefficient of rhenium between the γ and γ′ phases was found to

increase with ageing time, from about 1.2:1 to almost 3:1. The values obtained for the

model alloy are much lower than those usually observed for Re containing commercial

superalloys, which approach 20:1. Whereas some Re segregation was observed near

the γ/γ′ interfaces, the amount of segregation was considered too small to have any

effect on the mechanics or kinetics of the system [143].

In the second part of the study, Yoon et al [144] compared the results obtained

with APT to PrecipiCalcTM simulations [47]. By modelling the coarsening behaviour

of γ′ precipitates, the authors were able to show that slow diffusing elements play an

important role in the structural evolution of the system. Amongst these slow diffusing

elements, rhenium has the largest impact in retarding the coarsening of γ′ precipitates

[144]. The authors also stated that γ′ nuclei precipitate at compositions that do

not match the thermodynamical equilibrium of the system and that the compositions

in both γ and γ′ change considerably over time [144]. Yoon et al, however, did not

speculate as to whether these mechanisms influence the strengthening effect of rhenium

additions in nickel superalloys.

3.4 Data analysis

3.4.1 Experimental procedure

All alloys described in §1.6 were analysed using the local electrode atom probe (LEAP)

instrument at Oak Ridge National Laboratory. The instrument has a local electrode

(as described in Figure 3.1) and a detector composed of a pair of microchannel plates

and three crossed delay lines (as shown in Figure 3.1). During the experiment, a

voltage pulse repetition rate of 200 kHz was chosen to limit preferential evaporation.

The pulse had an amplitude of 20% of the standing voltage, and the specimen was kept

at a temperature of 60K. The LEAP at ORNL has no reflectron lens and therefore

has a ∼60% detection efficiency.

More than thirty datasets – each containing hundreds of thousands of rhenium
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atoms – were collected from the CMSX-4 samples to ensure adequate characterisation

of both γ and γ′ phases and the γ/γ′ interfaces. A similar amount of data was col-

lected from the binary Ni-X alloys, resulting in several datasets containing hundreds

of thousands of solute atoms. The compositions of the Ni-X alloys determined with

the atom probe are given in Table 1.2. The nominal composition of CMSX-4, along

with the compositions of the γ and γ′ phases measured with the atom probe are given

in Table 1.1.

3.4.2 Clustering analysis algorithm

A purpose-built computer code based on the friends-of-friends maximum-separation

method [119, 72, 124] was used to investigate clustering in the atom probe datasets.

As described earlier, this algorithm is usually at the core of many clustering detect-

ing methods such as the envelope method [69, 72] and alternatives to it [119]. The

algorithm defines solute atoms as part of a cluster when two or more solute atoms are

found within a distance dmax from each other (see Figure 3.6). The algorithm sequen-

tially explores the surroundings of every solute atom until all the nearest neighbour

relationships have been established. Then, a count of clusters which are n-atoms in

size is generated. Sometimes, nmin and nmax parameters are used in this algorithm to

limit the number of solute atoms that are defined as nearest neighbours. When dmax

is chosen correctly, there is no need to provide the lower and upper limit. Once the

number of atoms present in each cluster is known, the relative fraction of all solute

atoms in each pure-solute cluster of given size can be obtained.

Some algorithms may choose to discard certain clusters depending on their mor-

phology, however this functionality was not included in the present code. Additionally,

it should be noted that the algorithm does not attempt to evaluate whether any other

atom belongs to a given cluster based on its position relative to the ‘linked’ solute

atoms. This is often the purpose of more advanced algorithms based on the friends-

of-friends maximum-separation method [119] and it was not deemed necessary for the

present work.

The number of clusters detected depends sensitively on the value chosen for dmax

[119, 22, 72]. A small value leads to no clusters being detected (false negative result)
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Figure 3.6: a) The algorithm checks for the presence of neighbouring solute atoms within a radius
dmax. b) If one or more solute atoms are found, the algorithm proceeds to check for more neighbouring
atoms, until no more neighbouring solute atoms can be found. c) The algorithm will then look for
neighbours around other solute atoms, until d) all nearest neighbour relationships are established.

whereas a very large value would lead to unrealistically large clusters being detected

(false positive result). Depending on the type of system under investigation, different

values of dmax may be adopted [119, 22, 72]. The sensitivity of the algorithm to different

values of dmax is explained in more detail in §3.5.1.

The number of detected clusters also depends upon the local density and concen-

tration of the solute atoms. Some variation in atomic density across a 3DAP dataset

cannot be avoided, but the algorithm should be applied judiciously when investigating

clustering in datasets which include separate phases of different composition. This is

the case of CMSX-4, which include primary and secondary γ′ precipitates in the γ ma-

trix phase. To solve the problem and facilitate the analysis, volumes of interest were

selected from the original datasets by excluding any primary or secondary γ′ precipi-

tates and avoiding any sharp change in solute concentration. Therefore, the analysis

of rhenium clustering in CMSX-4 was performed in the γ phase, away from the γ/γ′

interfaces where no secondary γ′ are present [131].

In order to differentiate between randomly occurring clusters and true solute clus-

ters, the results obtained from each atom probe dataset must be compared to results

that would be expected for a random distribution of solute atoms. The ‘reference’ data

can be obtained in two ways. The first method consists in using a simulation software
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to calculate how many clusters would be detected given a random distribution of solute

atoms, the typical detection efficiency of the atom probe and the scattering in atomic

positions [83]. The second method consists in producing a ‘random reference’ for each

dataset by randomly re-arranging the elemental identities of all atoms in that dataset,

thereby giving a random mass-to-charge-state ratio to each atomic location [119]. The

end result is an atom probe dataset in which the m/n spectra and the atomic po-

sitions match the original dataset, but none of the compositional variations due to

microstructure, such as clusters and precipitates, are preserved. This second method

is more accurate: the original dataset and its random reference share some of the ar-

tifacts which are common in 3DAP datasets, such as areas of higher or lower atomic

density caused by trajectory aberrations. It follows that, if the clustering detection

algorithm is applied to the original atom probe dataset and its own random reference,

any solute clustering above the levels expected for a completely random distribution

of solute atoms will be highlighted.

3.4.3 Atom probe simulations

As explained in §3.1.5, detection inefficiencies and trajectory aberrations severely trans-

form 3DAP data compared with what the original lattice structure would be. As a

result, much of the information that could be obtained from a ‘perfect’ dataset is

lost. It is therefore necessary to assess the effects of detection efficiency and trajectory

aberration on the structural features of interest, in order to determine whether such

features are visible in the transformed dataset. This can be done by simulating an

atom probe dataset.

The first AP simulator was coded by Miller and Hyde [71]. It aims to create a 3D

dataset which has similar features to a real atom probe dataset, including the effect

of detection efficiency and trajectory aberrations. Additionally, it makes it possible

to influence the positioning of the atoms so that clusters and precipitates can be

simulated. The simulation code creates a atom probe dataset in steps (see Figure 3.7).

1. The desired volume is filled with lattice sites following a given crystal structure

and lattice parameter
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a b c d

Figure 3.7: a) The lattice points are populated with a desired concentration of B atoms (solute) with
the desired distribution of clusters. b) The remaining lattice points are populated with A atoms (host).
c) Some atoms are randomly deleted to match a desired detection efficiency. d) The remaining atoms
are displaced in the x, y and z direction following a gaussian distribution.

2. Given a solute concentration, B atoms (solute) clusters of desired size and distri-

bution are created at random positions. The remaining B atoms are randomly

placed at free lattice sites until a desired composition is achieved (see Figure 3.7a).

3. The remaining lattice sites are populated with A atoms (see Figure 3.7b).

4. To simulate detection efficiency, ∼40% of the atoms are deleted at random (see

Figure 3.7c).

5. Each remaining atom is displaced according to a Gaussian distribution of desired

variance from the perfect lattice point (see Figure 3.7d).

Following this procedure, different simulated datasets with similar properties (i.e.

efficiency, solute content, scatter) but different microstructural features (i.e. size and

distribution of precipitates) can be created and analysed with the friends-of-friends

maximum-separation algorithm. The results can be compared to test the ability of the

algorithm to detect clusters of various sizes.
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Figure 3.8: The detection of solute clusters of diameter 1 nm (∼50 atoms), in simulated datasets with
an overall solute content of 3 at.%.

3.5 Solute clustering in the γ phase

3.5.1 Algorithm validation

Before analysing the atom probe data, the ability of the computer code to detect

in principle any small nano-sized clusters was proven. This was necessary since it

is expected that the detection efficiency and position scattering of the atoms have a

major impact on any ability to detect small clusters, if these are present. Therefore, the

analysis technique was tested on simulated datasets with a known density of clusters

of a given size. All simulated datasets consisted of hypothetical binary alloys with

a 3 at.% solute concentration – similar to the rhenium concentrations in the binary

alloy and in the γ phase of CMSX-4. Different datasets were created with several

combinations of cluster size and density. Solute atoms not belonging to a cluster were

randomly distributed within the volume, as described in §3.4.3. These datasets were

analysed with the algorithm to determine whether the clusters could be detected.

Initially, several simulated datasets with clusters 1 nm in diameter – similar to

those observed by Blavette et al [12, 13], Wanderka et al [127] and Rüsing et al [109]

– were generated with different numbers of solute clusters. These were analysed with

the friends-of-friends maximum-separation algorithm. The results from this first set

of simulations are shown in Figure 3.8. The dashed line represents the data obtained

when all solute atoms in the simulated alloy are part of a cluster. The graph shows
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Figure 3.9: The detection of solute clusters of diameter 0.5 nm (∼6 atoms) at different number densities
and the ideal random solute distribution, in simulated datasets with an overall solute content of 3 at.%.

a cluster distribution which peaks at ∼27 atoms, the expected cluster size (in atoms)

given the ∼60% efficiency. The second, smaller peak occurs because the high density of

clusters leads to some clusters impinging on each other, forming clusters twice as large

as expected. In a second test, indicated by the continuous line in Figure 3.8, a much

lower number of clusters was created. In this case, fewer than 1% of the solute atoms

are part of the clusters while the remaining 99% is randomly distributed. Nevertheless,

a large peak can be observed in the distribution obtained from the friends-of-friends

maximum-separation algorithm. This means that if clusters ∼1 nm in size are indeed

present in the experimental datasets, they would be detected by this analysis.

As a next step, the detection limit of the algorithm was tested. In other words, the

lowest size and distribution of clusters detectable using this algorithm was determined.

For this purpose, different number densities of clusters of 0.5 nm diameter were placed

in datasets with the same overall solute concentration. The results were compared to

a dataset in which all solute atoms are randomly distributed on the host lattice. The

results of these tests are given in Figure 3.9. For a random distribution of solute atoms,

the results are predicted to lie on a straight line with the slope inversely proportional to

the overall solute content of the simulated alloy. It can be observed that the detection of

the smaller clusters is much weaker than in Figure 3.8: no peak appears in the graph.

Instead, small positive deviations from the straight line (representing a completely

random distribution of solute atoms) are seen. When more clusters are present, the
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Figure 3.10: The dependence of the results of the friends-of-friends maximum-separation algorithm on
different choices of dmax.

deviation from linearity is larger. It can be concluded that this type of analysis is

expected to fail only when the clusters’ size approaches the typical scattering length

and when the clusters’ density is comparable to the density of randomly occurring

clusters. Additionally, it must be noted that the detection efficiency of the atom probe

heavily affects the ability to detect sub-nano-sized clusters. For this reason, atom

probes with higher detection efficiencies, such as a 3DAP without a reflectron lens, are

better suited for clustering analysis [60]. However, energy-compensated instruments

provide a more accurate quantification of concentration variations such as those of the

solute elements across the γ/γ′ interfaces of the CMSX-4 datasets.

As introduced in §3.4.2, the number of clusters detected by the maximum-separation

method is heavily dependent on the value chosen for dmax [119, 22, 72]. To test how

results vary depending on chosen values of dmax, the same Ni-Re #5120 dataset was

analysed by the algorithm using values of dmax in the range 0.1-0.5 nm. The results

are shown in Figure 3.10. When dmax = 0.1 nm, the analysis determines that 99.4%

of the solute atoms do not have any other solute atom as nearest neighbour. By con-

trast, choosing dmax = 0.5 nm means that only 66% of the solute atoms do not have

any other solute atom as nearest neighbour. The remaining 34% of the solute atoms

are part of a cluster of 2 atoms or larger. When dmax = 0.5 nm, even clusters larger

than 10 atoms are detected. Although a choice of higher dmax results in the detection

of a much larger number of clusters, the distribution of clusters’ sizes still follows a
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logarithmic decay.

A survey of the literature studying copper clustering in UHS steels reveals that the

dmax parameter is usually taken within the range 0.5-1 nm. It is important to note that

the Cu content of UHS steels usually lies within the range 0-0.5 at.%. Moreover, these

studies focus on the detection and characterisation of copper rich precipitates. By

contrast, Re content in the γ phase of nickel superalloys is ∼3 at.% and other studies

have primarily looked at the presence of pure solute clusters. Therefore, dmax should

not be larger than the expected lattice parameter for fcc-Ni. In this study, the dmax

value was chosen to be the average between the first and second neighbour distances

for a fcc-Ni crystal, assuming a lattice parameter of 3.52Å, or dmax = 3Å.

3.5.2 Ni-Re and CMSX-4

At this point, with confidence established in the analysis technique, the algorithm was

applied to the datasets obtained from the LEAP at ORNL. First, the data from the Ni-

Re binary alloy was examined for the presence of clusters. The maximum-separation

method was first applied to the original Ni-Re dataset and then to the random reference

obtained from the same dataset.

The results of both analyses are shown in Figure 3.11. The data shown here was

obtained from dataset #5120, which contains more than 1million solute atoms. No

clusters larger than 6 atoms were observed and there is no large peak corresponding

to clusters ∼ 1 nm in size, as seen in Figure 3.8. The absence of a peak at higher

clusters sizes and the lack of the detection of clusters larger than 6 atoms in a sample

containing 1million solute atoms make a strong case that clusters ∼ 1 nm in size or

larger are not present in this binary alloy.

The data can then be compared to the results obtained from the random reference.

Both datasets appear to have clusters smaller than 6 atoms, suggesting this is expected

for a random distribution of solute atoms. Furthermore, it appears that the results from

the original dataset deviate negatively from those obtained from the random reference.

Indeed, all the Ni-Re binary datasets analysed consistently show lower amounts of

clusters than what would be expected given a random distribution of solute atoms.

Such deviations from linearity could be interpreted as weak short range ordering of Re
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Figure 3.11: The results obtained when analysing dataset #5120 of the Ni-Re binary alloy, compared
to the random reference.

in Ni at these concentrations. However, these deviations are too small to provide any

clear indication of a systematic ordering reaction.

The algorithm was then applied to datasets obtained from the CMSX-4 single-

crystal superalloy. In this case, sections were cut from the datasets in order to ensure

that the regions of interest corresponded to the γ phase only. Additional care was taken

to make sure that no secondary γ′ particles were present within the chosen volumes,

hence all sections were cut from the region near the γ/γ′ interface, on the γ phase

side, which is depleted of secondary γ′ particles. The results from the analysis of the

CMSX-4 #4230 dataset are compared to the random reference (see Figure 3.12). Once

again, no clusters larger than 7 atoms have been detected in the volume analysed. The

slightly higher number of clusters, compared to the Ni-Re binary alloy, is due to the

fact that the Re content of the γ of CMSX-4 is 3.4 at.%, higher than the Re content

in the Ni-Re binary alloy.

When comparing the above results to those obtained from the random reference, it

can be observed that the experimental data does not deviate from the dashed line rep-

resenting a random distribution of solute atoms, thus confirming that no Re clustering

is present. In the case of CMSX-4, no indication of short range ordering is observed.

Instead, the results from the original dataset and the random reference are a perfect

match. Therefore, it can be concluded that no rhenium clusters ∼ 1 nm or larger are
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Figure 3.12: The results obtained when analysing dataset #4230 of the γ phase of CMSX-4, compared
to the random reference.

present in the γ phase of CMSX-4. This contrasts with the conclusions drawn from

previous work carried out with the 1DAP [12, 127] and 3DAP [109]. It is also possi-

ble to assert that no rhenium clusters have been observed above the minimum size of

clusters detectable with the 3DAP and the maximum-separation algorithm.

3.5.3 Ni-X systems, X=Ta, W, Ir and Pt

The remaining Ni-X binary alloys were similarly analysed with the maximum-separation

method and each dataset was compared to a random reference. The results of the anal-

ysis on datasets of Ni-Ta, Ni-W, Ni-Ir and Ni-Pt are shown in Figure 3.13. The data

gathered from all the Ni-X binary alloys shows that no clusters larger than > 9 atoms

were detected – equivalent to a spherical diameter of 0.6 nm. Also, results for Ni-Ta

and Ni-W (see Figure 3.13a and Figure 3.13b) confirm that the datasets contain fewer

clusters than expected for a completely random solute distribution. However, similarly

to the case of Ni-Re, the deviations are too small to indicate the occurrence of short

range ordering in Ni-Ta and Ni-W.

Ni-Ir, see Figure 3.13c, is the only alloy in which the solute atoms display a very

small degree of clustering at all: 3 clusters of 7 atoms in size are detected – one more

than those detected in the random reference. The same argument made for Ni-Ta

and Ni-W is also valid here: such small deviations from a perfect random distribution
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cannot be considered proof of a systematic clustering reaction in the Ni-Ir alloy. Finally

the results for Ni-Pt (see Figure 3.13d) show that Pt matches the random solute

distribution of the random reference almost perfectly. Therefore, broadly speaking, the

data collected from all binary alloys confirm that no significant clustering (or ordering)

reactions occur when any of these 5d elements are placed in nickel. All deviations from

the random distribution line obtained from the random reference can be explained by

considering the size of the datasets examined, since the total number of solute atoms

is many orders of magnitude larger than the solute atoms generating the deviation.

Furthermore, no cluster > 9 atoms was found during our experimentation and analysis

– meaning that no nano-sized precipitates were detected.

3.6 Rhenium enrichment at γ/γ′ interfaces

3.6.1 Phase field simulations

In order to investigate the formation of the rhenium enrichment close to the γ/γ′

interfaces, the APT data can be compared to predictions of element partitioning ob-

tained with the phase field method. The phase field simulations were performed by

N. Warnken at the University of Birmingham, using the MICRESSTM simulation soft-

ware [30, 118, 117]. It can be hypothesised that the rhenium enrichment observed close

to the γ/γ′ interfaces forms upon cooling from service temperature to room temper-

ature, as the γ′ precipitates grow ejecting rhenium ahead of the interface. Therefore,

it can be assumed that the rhenium enrichment would not be present near the γ/γ′

interfaces at service temperature and consequently plays no part in the rhenium-effect.

The phase field method was used to predict the microstructure evolution during

cooling from 1223K to 923K, assuming that diffusion would be too slow for the sys-

tem to change between 923K and room temperature. Two sets of simulations were

performed. For the first set of simulations, it was deemed sufficient to model the evo-

lution of the γ and γ′ phases (and the interfaces separating them) in 1D during cooling

from 1223K at 1K/min, 10K/min and 100K/min. Although 10K/min is regarded as

the realistic cooling rate which was applied to the specimens analysed with the atom

probe, there is necessarily some uncertainty in it and the higher and lower rates pro-
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Figure 3.14: A schematic of the 2D domain for the phase field simulations.

vide a useful range for the purposes of comparison. The initial size of the primary γ′

precipitates was assumed to be 500 nm. The simulation domain covered one-half the

width of the γ channel (125 nm) and extended the same length into the γ′ precipitate,

measuring 250 nm overall.

The second set of simulations, made in 2D, took into account nucleation of sec-

ondary γ′ precipitates in the γ channel (see Figure 3.14). These calculations were

performed at a cooling rate of 10K/min only, since the 2D domain results in much

longer calculation times. The parameters of the nucleation model were chosen such

that the distribution of the secondary γ′ precipitates at the end of the simulation run

would match typical values observed in the 3DAP datasets. The objective of these

calculations was to observe the effect of secondary γ′ nucleation on the kinetics of the

γ/γ′ interfaces which define the limits of the primary γ′ precipitates. Both 1D and

2D systems are in equilibrium at the start of the simulation, with equilibrium solute

concentration in the γ and γ′ phases at 1223K computed with the Thermo-TechTM

TTNi database [110] version 6 via the TQ Thermo-CalcTM interface. Sharp interfaces

between the γ and γ′ phase were assumed.

All calculations were fully coupled to the Thermo-TechTM TTNi database [110] ver-

sion 6 via the TQ Thermo-CalcTM interface, so that the calculated phase fractions and

elemental solubilities determined will be consistent with this well-established database.

Estimates for the kinetic terms needed for the diffusion calculations for the γ phase

were taken from the NIST Ni superalloy mobility terms [19]. In the absence of better

experimental data, diffusion in γ′ was approximated by using the diagonal term of the
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Figure 3.15: Displacement of the γ/γ′ interface while cooling at different rates (solid lines) in compar-
ison to cooling in equilibrium conditions (dotted line) and in the presence of nucleation of secondary
γ′ precipitates (dashed line).

γ phase diffusion matrix reduced by a factor of 10. A very similar assumption was

made recently by Nijdam and Sloof [88].

Predictions obtained using the phase field method for the displacement of the

primary γ/γ′ interface during cooling from 1223K to 923K are given in Figure 3.15.

The continuous lines display the data from the 1D simulations at cooling rates of

1K/min, 10K/min and 100K/min whereas the dashed line represents the data from

the 2D simulation, which includes the secondary γ′ nucleation. The dotted line shows

the interface displacement when the simulation domain is cooled under equilibrium

conditions. It can be seen that interface displacement below 1000K is negligible at all

cooling rates. This is because the diffusion processes required for the solute atoms to

migrate across the γ/γ′ interface become much slower. It is also important to point out

that the overall interface displacement changes considerably depending on cooling rate:

a 1K/min cooling rate results in the γ/γ′ interface moving 25 nm, whereas a 100K/min

cooling rate results in the γ/γ′ interface moving 5 nm. This is a clear indication that

the growth of primary γ′ precipitates is diffusion-limited, since lower temperatures

and faster cooling rates result in reduced growth. Indeed, for high cooling rates the

diffusion of solute elements is not fast enough to allow equilibrium growth.

The growth of the primary γ′ precipitates is also affected by the nucleation of

secondary γ′ precipitates. The displacement of the γ/γ′ interface at a cooling rate of
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10K/min is much slower in the presence of secondary γ′ precipitates (see dashed line

in Figure 3.15). In this case, the overall interface displacement is comparable to that

observed at a cooling rate of 100K/min for a system that does not include secondary γ′

precipitates. The nucleation of secondary γ′ precipitates allows the relative fraction of

the γ and γ′ phases to reach stability sooner, thereby stopping the growth of primary γ′

precipitates. Also, the presence of secondary γ′ precipitates leads to ‘soft’ impingement

of solute concentration profiles generated by the growth of primary and secondary γ′

precipitates, thereby shortening the diffusion length. Consequently, the displacement

of the γ/γ′ interface at 10K/min is halved.

3.6.2 APT compared to phase field simulations

The calculated results confirm that the concentration trends of individual elements

across the γ/γ′ observed with the atom probe are fairly well reproduced by the 1D

and 2D simulations at the 10K/min cooling rate (see Figure 3.16 and Figure 3.17).

All phase field simulations correctly show that Al, Ti (see Figure 3.16) and Ta (see

Figure 3.17 exist in higher concentration in the γ′ phase, as these are γ′ stabilising

elements. For these elements, a depletion zone is sometimes observed near the γ/γ′

interface, on the γ′ phase side. The depletion area is much larger for Ta, as this element

diffuses slower in Ni than Al and Ti. The opposite trend can be observed for Cr, Co

(see Figure 3.16), Mo and Re (see Figure 3.17), as these elements strongly partition

to the γ phase. For these elements, an enrichment area is sometimes observed near

the γ/γ′ interface, on the γ phase side. The enrichment area is relatively much larger

for Re, as this element is the slowest diffusing amongst all elements usually added to

nickel superalloys. Tungsten, on the other hand, has no strong partitioning behaviour

(see Figure 3.17). A slightly higher concentration of W is expected in the γ phase

but no enrichment area is predicted by the phase field simulations. This difference

in behaviour can be explained by the fact that the W equilibrium concentration in γ′

increases considerably between 1273K and 923K. As the system cools and the γ/γ′

interface moves, tungsten – similarly to Al, Ti and Ta – diffuses towards the γ′ phase,

against the movement of the interface.

The relative concentrations of each element in the γ and γ′ phases are also repro-
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Figure 3.16: The concentration profiles of Al, Ti, Cr and Co across the γ/γ′ interface in dataset #4230
measured with the atom probe and compared to predictions obtained from the 1D and 2D phase field
simulations, with 10K/min cooling rate.
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duced by the phase field simulations with the exception of cobalt and molybdenum.

The predicted Co concentration in the γ′ phase is 30% lower than that measured with

the atom probe. A higher bulk Co concentration in the sample would not cause the

discrepancies observed, since this would result in higher Co concentrations in both the

γ and γ′ phases. Possible mass resolution errors caused by the vicinity of Co and Ni

peaks do not play a role here as these would affect the measurements of Co concentra-

tion both in the γ and γ′ phases. On the other hand, the predicted Mo concentration in

the γ phase is 30% higher than that measured with the atom probe. Also in this case, a

lower bulk Mo concentration or mass resolution errors cannot explain such differences.

Therefore, the difference in Co and Mo content in the γ′ and γ phases between phase

field simulations and atom probe experiments could either be caused by the solubility

of Co and Mo being affected by other solute elements or else by underlying errors in

the thermodynamic database used for the simulations.

The sharpness of the γ/γ′ interface is well predicted by 2D simulations, whereas

1D simulations predict a broader interface at the same cooling rate. This is because

the 2D simulations include the nucleation and growth of secondary γ′ precipitates,

whereas the 1D simulations do not take these into account. Therefore, the nucleation

and growth of secondary γ′ precipitates in the middle of the γ phase channel play an

important role in the evolution of the microstructure and in the concentration of solute

elements at the interface between the two phases.

The Re concentration profile across the γ/γ′ interface can now be looked at in more

detail (see Figure 3.17). It is apparent that when secondary γ′ precipitates are taken

into account in the 2D simulation, the rhenium concentration profile has a sharper

interface resulting in a better match to the interface observed with the atom probe.

Additionally, the ‘bow wave’ predicted by the 2D simulation is on the order of ∼10 nm

leaving the Re concentration in the middle of the γ channel unaffected. In contrast,

1D simulations predict a ‘bow wave’ extending up to ∼ 30 nm into the γ channel.

These aspects suggest that including the nucleation of secondary γ′ precipitates leads

to a closer match to the experimental data: the width of the interface measured with

the atom probe is ∼ 2 nm and the enrichment region extends less than ∼ 10 nm into

the γ channel. However, equilibrium Re concentrations in γ and γ′ calculated with
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Figure 3.17: The concentration profiles of Mo, Ta, W and Re across the γ/γ′ interface in dataset
#4230 measured with the atom probe and compared to predictions obtained from the 1D and 2D
phase field simulations 10K/min cooling rate.
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the simulation are lower than those observed with the atom probe. The predicted Re

concentration in the primary γ′ precipitate is 0.13 at.%, in contrast with an observed

concentration of 0.39 at.%. Similarly, the Re concentration observed with the 3DAP

within the γ channel is 3.39 at.%, higher than the theoretical equilibrium content ob-

tained with the 2D simulation, 2.89 at.%. This is considered to be an indication that

the CMSX-4 samples used for the 3DAP experiments have a higher overall Re content

than the ideal CMSX-4 concentration used in the phase field simulation. Alternatively,

this could be a consequence of the low chemical accuracy of the 3DAP used for these

experiments – a 3DAP with no reflectron lens. Indeed, the vicinity of the 181W peak

to the 182Re peak means that a fraction of W atoms could be interpreted to be Re

atoms. Unfortunately, it is not possible to use the atom probe to determine the bulk

concentration of CMSX-4 with accuracy, since the field of view is not large enough to

provide a representative volume. Finally, the discrepancies observed could also be ex-

plained by taking preferential evaporation errors into account. However, it is thought

that preferential evaporation cannot be the cause of the higher Re content in the γ

phase because the types of materials examined and the fast alternating voltage pulse

(200 kHz) make it unlikely that preferential evaporation has a large effect on these

results [70].

3.7 APT, ladder diagrams and the rhenium-effect

The results presented in §3.5.2 exclude the possibility of nano-sized clusters of rhenium

being present in nickel superalloys. The number of solute clusters of smaller size,

namely 4-7 atoms, in the binary Ni-X alloys has been shown to be no more than would

be expected for a random distribution of impurity atoms. A similar analysis was carried

out on datasets obtained from the commercial CMSX-4 single-crystal superalloy, with

the same conclusions drawn. These findings contrast with suggestions made in previous

papers [12, 13, 127, 109] where the observed discontinuities in rhenium ladder diagrams

and concentration profiles were explained by postulating that rhenium clusters were

present. However, APT results are consistent with results obtained with the EXAFS

method and via ab initio calculations (see Chapter 2 and Chapter 4).
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Given these findings, it is of interest to determine whether ladder diagrams recon-

structed from the LEAP datasets measured here – despite their not being the preferred

method of analysis for clustering – would indeed display the discontinuities found in

earlier work. For this purpose, ladder diagrams were constructed from a thin rectan-

gular section cut from the γ phase of dataset #2314 obtained using the 3DAP, see

Figure 3.18a. The dimensions were 2×2×48 nm, so the ladder diagrams must be

regarded as an integral of the concentration profile of the volume along the longest

dimension. Analysis was carried out for both Re and W, to ascertain whether any

discontinuities in the slopes of ladder diagrams were present for elements other than

Re. Tungsten was chosen as a reference because the concentrations of Re and W in the

γ phase are comparable and because there have been no suggestions in the literature

so far that W forms clusters in nickel-based superalloys. Ladder diagrams for Re and

W were obtained from the random reference of the same region of the dataset. The

identities of the atoms in the thin rectangular sections were shuffled to simulate a ran-

dom distribution of species in the datasets. The ladder diagrams obtained in this way

are given in Figure 3.18b. One can see that the ladder diagrams for both Re and W are

nominally straight, but if one examines them on a finer scale, discontinuities are indeed

present – despite our more detailed analysis in §3.5.2 which confirms that clustering

of Re (and indeed W) is not present. It can also be noted that the ladder diagrams

obtained from the random references display a similar amount of discontinuities.

It follows from the above that ladder diagrams should not be used to determine

whether clustering is occurring at such fine levels, since they are not able to differentiate

between randomly occurring areas of higher solute content and real solute clusters.

Undoubtedly, small discontinuities are observed in the ladder diagram for Re, both in

the original dataset and in its random reference. However, one cannot deduce from

a ladder diagram whether any discontinuities found are clusters or whether they are

expected for a random distribution of solute atoms. Possible explanations for the

occurrence of discontinuities in ladder diagrams in general have been discussed in §3.2

and §3.3. Here, since care has been taken to use 3DAP data from only the γ phase so

that no γ′ particles or nuclei are present, it seems probable that the discontinuities on

the ladder diagrams [12, 13, 127] are due to random deviations in local chemistry.
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Figure 3.18: a) A ladder diagram can be obtained by cutting a thin long section from the γ phase
of dataset #2314. b) The ladder diagrams obtained for W and Re, compared to ladder diagrams
obtained from the random reference.
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Concerning the composition profiles measured using APT close to the γ/γ′ inter-

faces, phase field modelling has shown conclusively that the enrichment of Re can

be explained by the movement of the γ/γ′ interface which occurs due to the greater

supersaturation arising during cooling from service temperature. It appears that the

cooling rate plays a very important role in the growth of the primary γ′ precipitates.

Additionally, it is apparent that the nucleation of secondary γ′ precipitates in the mid-

dle of the γ channel can profoundly alter the kinetics of the primary γ′ growth during

cooling, and thus the movement of the γ/γ′ interface. In the presence of the secondary

precipitates, the final interface region is much sharper and the diffusion profile ahead

of the interface extends less far into the γ channel, resulting in a much better match

to the atom probe data. Finally, it is important to note that the interface examined

with the atom probe for this study is perpendicular to the direction of evaporation,

thereby minimising local magnification effects which are assumed to be the cause of

broader interfaces usually observed with the atom probe. It is therefore reasonable to

assume that the sharpness of the interface observed with the atom probe is accurate.

In conclusion, the APT analysis seems to confirm the EXAFS results, and rhenium

is expected not to form clusters in nickel superalloys. Therefore, clustering is not the

mechanism that allows rhenium to provide its strengthening effect. It appears that

rhenium atoms in the γ phase of CMSX-4 and in the binary alloys are distributed

randomly. Furthermore, it has been shown that the Re enrichment near the γ/γ′

interfaces forms upon cooling from service temperature, and is not present at service

temperature. Therefore, the enrichment does not play a role in the strengthening effect

of rhenium.



CHAPTER4
Ab initio Modelling

4.1 Density functional theory

Density Functional Theory (DFT) is an electronic structure method

that allows to obtain information on a given atomic system from first

principles (ab initio). This means that the energy of a crystal structure

and, subsequently, the interatomic distances and forces are calculated starting from

first principles, without the inclusion of empirical parameters or parameters obtained

from other modelling methods. The simulation work in this project has been done

using the Density Functional Theory as implemented in the VASP code [41]. DFT

is an ab initio technique although, strictly speaking, the practical implementation of

DFT is not. Indeed, some parameters (i.e. the exchange-correlation energy of a free

electron gas) are used to fit the exchange-correlation functionals.

DFT is based on the principle that the ground state energy of a system can be

expressed as a functional of the ground state electron density, n0(r). This means that,

in principle, only three variables (x, y and z) are necessary to specify the electronic

energy instead of the much larger number of variables which are needed to compute

wave function. This method considerably reduces the amount of computational time

required to compute the energy of a given system.

Hohenberg and Kohn [43] first proved the theorems upon which DFT is based. The

first theorem states that for a system of interacting particles in an external potential

Vext(r), the potential is entirely dependent on the ground state electron density n0(r).

105
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Vext(r) HK⇐= n0(r)
⇓ ⇑

Ψi({r}) ⇒ Ψ0({r})

Figure 4.1: The Hohenberg-Kohn theorems complete the circle and link the external potential, Vext(r),
to the ground state electron density, n0(r). This allows all the properties of the system to be computed
once the ground state electron density, n0(r), is known [66].

Therefore, the Hamiltonian can be determined given only the ground state electron

density n0(r) and, as a result, all properties can be computed once n0(r) is known.

The second theorem states that for a particular Vext(r), the ground state energy

of the system is the global minimum of a functional E[n] and the electron density,

n(r), corresponding to the minimum of the functional, is equal to the ground state

electronic density, n0(r). Therefore, the ground state electron density, n0(r), can

be used to compute the external potential, Vext(r), which determines the state of

the system, Ψi({r}). In principle, the ground state of the system, and the ground

state electron density, can be determined by minimising the energy functional (see

Figure 4.1). Unfortunately, the exact form of the E[n] functional is not known. The

solution to this problem is provided by the Kohn-Sham ansatz [53].

4.1.1 The Kohn-Sham ansatz

The Kohn-Sham ansatz [53] provides a viable route to solving the problem of determin-

ing E[n]. Within this approach, the unsolvable problem of minimising the energy of a

system of N interacting electrons in an external potential, Vext(r), is circumvented by

substituting the original system with an auxiliary system made of N non-interacting

electrons in an external potential, VKS(r), such that the ground state electronic density,

n0(r), is the same in both systems.

At this point, the ground state electron density of the auxiliary system can be

obtained by solving a single-particle equation (see Figure 4.2). The complicated many-

body terms can then be included in the exchange-correlation energy functional of the

density, Exc[n], which allows to obtain the energy functional of the original system,

E[n]. Therefore, the exact exchange-correlation functional would allow one to calculate
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Vext(r) HK⇐= n0(r) KS⇐⇒ n0(r) HK0=⇒ VKS(r)
⇓ ⇑ ⇑ ⇓

Ψi({r}) ⇒ Ψ0({r}) ψi=1,Ne(r) ⇐ ψi(r)

Figure 4.2: The Kohn-Sham ansatz helps to solve the full many-body problem by substituting the
original system with a system of non-interacting particles with the same ground state electron density,
n0(r)[66].

the ground state properties of the system with high precision. Unfortunately, the

exact form of Exc[n], let us call it Etrue
xc [n], is unknown and some approximations are

necessary.

4.1.2 Exchange-correlation functionals

The approximation adopted for the exchange-correlation functional, Eapprox.
xc [n], is one

of the most important terms of DFT. DFT calculations are only accurate to the extent

that the Eapprox.
xc [n] of choice describes Etrue

xc [n]. The strength of DFT is that, for

metallic systems, Eapprox.
xc [n] can be defined as a local functional of the electron density

or as a local functional of the electron density and its gradient, and good results are

obtained. Therefore, there are mainly two available approximations for the exchange-

correlation functional: the Local Density Approximation (LDA) and the Generalized

Gradient Approximation (GGA).

LDA is the simplest and oldest approximation available to Etrue
xc [n] [66]. Within

this approximation, ELDA
xc [n] is obtained by integrating the exchange-correlation en-

ergy per particle of a Homogeneous Electron Gas (HEG) at the local density, times the

local density, over all space [21]. The exchange-correlation energy per particle of the

HEG can be formulated in terms of the whole electron density, or in terms of two sep-

arate spin densities, as in the Local Spin Density Approximation (LSDA). GGA is an

alternative to LDA, which is often preferred as it usually leads to more accurate results

[66]. In this approximation, EGGA
xc [n] is formulated in terms of the electron density

and the magnitude of the gradient of the electron density at each point. Actually, the

term GGA describes a family of functionals all based on the same principle but using

different forms for the exchange and correlation functionals. The two most prominent
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forms are those formulated by Perdew and Wang (PW91) [92] and by Perdew, Burke

and Ernzerhof (PBE) [91].

The accuracy of DFT calculations is dependent on the approximations adopted for

the exchange-correlation functional: this is both a strength and a weakness. On the

one hand, DFT can be made more accurate by adopting new functionals and some

functionals can be particularly accurate for different sets of materials. On the other

hand, DFT is not, strictly speaking, ab initio, as the exchange-correlation functionals

are parameterised on some reference systems. The work within this chapter has been

done using the VASP implementation of the GGA-PBE functional [41]. The GGA-

PBE was chosen because it is numerically reliable and provides accurate results for the

transition metals [66].

4.1.3 Pseudopotentials and the Projector Augmented Waves

As explained above, DFT allows to obtain all the properties of a system from the

ground state electron density. However, describing the electron density by considering

each electron explicitly is computationally very intensive. It is also important to note

that only valence electrons are affected by, and responsible for, the bonding to other

atoms, and as such only these need to be represented explicitly. Core electrons are

highly localised and do not participate in the bonding to other atoms.

Pseudopotentials are the oldest scheme to describe the electronic structure within

DFT. The main idea behind pseudopotentials is that the core electrons are kept ‘frozen’

and that the nucleus and core electrons are represented by an effective potential, while

only the valence electrons are explicitly described [95, 66, 33]. Because much fewer elec-

trons are described explicitly, a considerable amount of computational time is saved.

However, maintaining accuracy requires complicated functions to describe the inter-

actions with electrons and, therefore, simulation times are still long [58]. The most

successful approach to produce accurate pseudopotentials, while maintaining low com-

putational times, is the development of ultrasoft pseudopotentials by Vanderbilt [123].

One alternative to pseudopotentials is the adoption of Projector Augmented Waves

(PAW) potentials [14, 58]. In contrast to pseudopotentials, PAW potentials are an all-

electron method, i.e. there are no ‘frozen’ core electrons and both core and valence
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electrons are treated explicitly. In PAW potentials, projector functions are used to

augment wave functions inside the core radius. Generally, PAW potentials are more

accurate than ultrasoft pseudopotentials [58], as they require a smaller core radius

and allow the full Kohn-Sham wave function to be reconstructed, instead of being

represented in the core region by a pseudo wave function. The work within this chapter

has been done using the PAW potentials distributed with the VASP code [14, 58, 41].

4.2 DFT applied to metallurgy

Considering the complicated chemistry of most structural metallic materials and the

complicated electronic structure of transition metals, it can be appreciated that ap-

plying DFT to metallurgical problems is a daunting task. Nevertheless, due to higher

computing power and more efficient codes, there is a growing interest in the applica-

tion of DFT to larger and more complicated problems of metallurgy. Furthermore,

the advent of PAW potentials made it possible to describe accurately transition met-

als, within acceptable computational timescales. The scope of DFT in metallurgy is

wide-ranging. Here we describe only work that is most relevant to the study of the

behaviour of solute atoms and deformation mechanisms in metallic alloys.

4.2.1 Clustering and ordering

Ab initio calculations can help to investigate the stability of various solute configura-

tions in the host lattice. For the nickel superalloys, several studies have looked at the

γ/γ′ partitioning behaviour of various solute elements. Yun-Jiang Wang and Chong-

Yu Wang [129] used VASP to investigate the partitioning coefficients of Cr, Co and Re

and how these change with additions of Ru. As expected, all three additional elements

are found to partition to the γ phase. Furthermore, it was observed that the addition

of Ru reduces the high partitioning coefficient of Cr and Re by about one order of

magnitude [129]. In a second study [130], the two authors investigate the lattice site

preference of Re and Ru in γ′ and their effects on the partitioning of Mo and W. Their

results show that, whereas Ru has no effect on the partitioning coefficient of Mo and

W, Re acts to increase W partitioning to the γ′ phase [130].
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DFT can also be used to calculate the binding energy between various solute atoms

and defects, in order to investigate the early stages of clustering. In aluminum alloys,

the binding energy between solute atoms is important as it reduces the diffusion of

Cu and hence slows down the ageing processes that lead to Cu clustering and GP

zones. Wolverton [135] used DFT to compute the binding energy between a vacancy

and various solute atoms in the aluminum lattice and confirmed that Sn, Cd and In,

which slow down ageing when added to aluminum alloys, had large binding energies.

Wolverton also predicted that Si, Ge and Au would also slow down ageing, basing the

predictions on the solute–vacancy binding energy. Shin and Wolverton [114] used the

same method to investigate the solute–vacancy binding energy in magnesium alloys.

Similar studies have also been carried out for Fe based alloys, where the embrittlement

of certain UHS steels is controlled by vacancy diffusion and affected by solute–vacancy

binding energies [90].

4.2.2 Dislocations and solute atoms

Studying the interaction between solute atoms and dislocations (or other point, linear

and planar defects) is also a prominent area of research for ab initio techniques such

as DFT. The objective is to understand and describe the atomic scale mechanisms

that lead to mechanical properties. Unfortunately, investigating dislocations – partic-

ularly dislocations interacting with solute atoms – with DFT is not simple. Therefore,

most studies of dislocation mechanisms in metals involve the use of empirical or semi-

empirical interatomic potentials which are often tailored to reach high accuracy for

a specific system. Nevertheless, a few attempts have been made to study dislocation

motion within an ab initio framework [120].

Softening and hardening mechanisms arising from solute additions have been ex-

plored by Trinkle and Woodward [121]. Particularly, the study looked at Re and Pt

solute atoms and their effect on bcc-Mo, using DFT with flexible boundary conditions

to simulate a single straight screw dislocation [136]. Using this method, the authors

were able to qualitatively evaluate hardening and softening processes observed with

different concentrations of solute atoms. Woodward [136] also highlights the difficul-

ties arising from modelling dislocations with DFT using periodic boundary conditions.
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Because of long-range elastic interactions it is necessary to couple the dislocation core

and the long-range elastic field self-consistently. To solve the problem, Woodward [136]

developed a technique, the First-Principles Green Function Boundary Condition (FP-

GFBC) method, in which the dislocation core is embedded in a region that produces

a bulk-like response stress field through the lattice Green Function [115].

The alternative to replicating the long-range stress fields through the Green Func-

tion is the development of hybrid methods. Within these methods, a ‘quantum’ region

is embedded in a much larger system, simulated with interatomic potentials. However,

in such methods dealing with the boundary conditions between the two regions is a

complicated problem [24]. Csanyi et al addressed this problem by simulating the whole

system with interatomic potentials and augmenting the potential within the core region

using extra information obtained from quantum calculations [24]. Although simulating

a dislocation within an ab initio framework is still a complicated endeavour, DFT can

be used to gain information on how solute atoms affect deformation processes.

4.2.3 Lattice distortions

It is generally accepted that deformation mechanisms may be affected by lattice dis-

tortions. In nickel based superalloys, lattice mismatch between the γ and γ′ phases

plays an important role in microstructure evolution as well as on the dislocation’s

ability to cut across the γ′ particles. Additionally, it is believed that solute atoms at

the γ/γ′ interface exert pinning forces on misfit dislocations. Thus, many studies have

investigated the effect of solute atoms on the lattice parameter of γ and γ′. Chong-Yu

Wang et al [38, 145, 130] studied the effect of Ta, W, Re and Ru on the stability of a

dislocation core at the γ/γ′ interface by looking at the lattice relaxation around solute

atoms in the γ′ phase. The authors suggest that such effects could partly explain the

rhenium-effect. However it must be noted that the γ′ phase has almost no rhenium

content: it is reasonable to assume that rhenium affects deformation mechanisms in

the γ phase instead.

Tao Wang et al [128], instead, looked at the lattice relaxation surrounding various

solute atoms in fcc-Ni. In this study, DFT was used to calculate equilibrium volumes

of super-cells of Ni107X1, where X is one of several solute atoms present in nickel based
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superalloys. This study found that Re, along with all the other solute elements, would

only generate small distortions in the lattice. Ni–Re bonds would be no more than 1%

longer than than Ni–Ni bonds. Similar results were obtained by Koteski et al [54] who

used DFT to obtain the relaxation around solute atoms in much smaller supercells

(27 atoms). Such small supercells were deemed sufficient as the work of Koteski et al

focussed on comparing simulated lattice distortions to results obtained from EXAFS

experiments on specimens with 2-5 at.% solute content.

It is often believed that the rhenium-effect may be explained by large lattice dis-

tortions generated by rhenium close to the γ/γ′ interface [131, 133], however this

hypothesis has no foundation, as shown by several ab initio methods and experiments

[128, 54, 84].

4.2.4 Diffusion of solute atoms

Since creep deformation is diffusion controlled, it is reasonable to assume that slow

diffusing solute atoms will have an effect on deformation rates at high temperatures.

It was shown experimentally, by Karunaratne and Reed [49], that transition metals

of similar size to nickel are the slowest diffusing elements in a nickel lattice. This is

surprising since, traditionally, larger atoms are expected to be slow diffusers. Using

DFT, Janotti et al [45, 36] were able to study the diffusion of several transition metals

in the nickel lattice. The diffusion energy barrier and the vacancy formation energy

adjacent to a solute atom were calculated for several solute elements in the nickel

lattice. These were used to obtain the diffusion activation energy for each solute

element in nickel.

Janotti et al were able to confirm that larger atoms diffuse much faster than smaller

atoms. Rhenium, one of the smallest elements of the 5d series, was found to have a

diffusion coefficient more than one order of magnitude lower than W and Ir. It was

suggested that this behaviour was due to the directional d bonds: the higher the degree

of bonding directionality, the harder compression becomes [45, 36]. The compressibility

of the bonds for 5d elements was looked at in more detail. Solute atoms were placed

in a fcc nickel lattice and a local pressure was applied by displacing the first shell of

neighbours towards the solute atom while leaving the rest of the atoms free to relax.
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The strain energy was found to differ between different solute atoms, being higher for

rhenium.

Therefore, DFT was able to show and helped to explain why rhenium diffuses slowly

in the nickel lattice. It was previously described, in §1.4 and §1.5, that the motion of

dislocations at intermediate temperatures and loadings occurs by climb-assisted glide.

It was also mentioned that dislocation climb, in creep conditions, is highly diffusion

controlled [104]. Hence, rhenium could have a large effect on creep properties simply

due to its lower diffusion coefficient in nickel. No other element usually added to nickel

superalloys diffuses slower than rhenium in the nickel fcc lattice.

4.2.5 Stacking Fault Energies

Finally, deformation mechanisms are affected by SFEs. Indeed, a lower SFE would

result in Shockley partial dislocations being further apart, which in turns slows down

climbing mechanisms (see §1.5). Estimating the effect of solute atoms on the SFE ex-

perimentally is a hard task and results are very inaccurate [100]. In the past, empirical

and semi-empirical potentials have been used to calculate the effect of solute atoms on

stacking fault, but the inaccuracies involved in these simulations are also high. DFT,

as an ab initio technique, is able to evaluate the effect of solute atoms on SFEs with

much higher accuracy.

Qi and Mishra [98] evaluated the effect of solute atoms on the SFE. In their study,

Qi and Mishra looked at the SFE of pure Al and how it changes with small additions

of transition metals and other elements [98]. Fe was found to increase the SFE of Al

considerably, whereas Ge was found to decrease it. Cu, the fcc metal with the lowest

SFE, has no effect on the SFE of Al.

Yu and Wang [146] adopted a similar method to investigate the effect of Cr, Co,

Mo, Ru, W and Re on the SFE of nickel. In this work, a single stacking fault was

placed in the middle of 11 close-packed (111) planes. The effect of each solute atom

was evaluated by measuring the energy difference between two relaxed structures: one

with a solute atom at the stacking fault, in the middle of the supercell, and one with

a solute atom far from the stacking fault, at the edge of the supercell. Their results

show that the presence of Mo, W or Re at concentration of ∼8% at the stacking fault
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Figure 4.3: Convergence of a) total energy and b) lattice parameter at different cutoff energies for the
PAW potentials.

reduces the SFE by 15-20%. The study also tries to evaluate how the SFE and energy

barrier for vacancy diffusion may affect the velocity of dislocation climbing. Results

show that although Re significantly reduces dislocation climbing velocity, Ru, Mo and

W seem to be more effective at reducing the speed of dislocation climbing in the nickel

lattice.

4.3 Convergence tests and DFT parameters

The Vienna Ab initio Simulation Package (VASP) was used for the present work

[41, 57]. The Generalized Gradient Approximation (GGA) for the exchange-correlation

functional developed by Perdew, Burke and Ernzerhof [91] was used for most calcu-

lations but the Local Density Approximation (LDA) was also used as a reference in

the convergence tests [21]. The Projector Augmented Wave (PAW) method was cho-

sen over using Ultrasoft Pseudopotentials (USPP) to describe the electronic structure

of the atoms [14, 58]. The PAW potentials provided within the VASP package are

considered to be reliable across several systems [58]
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Preliminary calculations were performed to establish the cutoff energy and k-points

density required to ensure convergence. A cutoff energy of 300 eV was considered

sufficient for the PAW potentials of Ni, Re and W provided in the VASP package

(see Figure 4.3). The k-points generation followed a Monkhorst-Pack grid, and the

dimensions of the grid were chosen so that the maximum separation between k-points

would be 0.02Å−1. The self-consistent loop was considered converged when the total

energy difference between two consecutive steps fell below 10−5 eV, as suggested by the

VASP manual [56]. The atomic positions were deemed to be converged when forces on

all atoms fell to under 0.01 eV/Å.

Calculations of 2×2×2, 3×3×3 and 4×4×4 cubic fcc supercells were performed

to test the convergence of point defect energies in each supercell. A 3×3×3 cubic fcc

supercell was chosen as this allowed for reasonable computational times while keeping

interactions between point defects across the periodic boundary conditions to a mini-

mum. Both spin and non-spin polarised preliminary calculations were carried out to

evaluate the effect of spin on the total energy of the system and the lattice parame-

ter. Results showed that the difference between the total energies of the systems were

∼0.01 eV/atom and the equilibrium lattice parameter of a cubic fcc unit cell changed

by ∼ 0.01Å, or ∼ 0.3% (see Figure 4.3). Therefore, most calculations are non-spin

polarised unless otherwise stated.

The Methfessel-Paxton method [68] of order 1 was chosen to determine the filling of

partially occupied bands, as this is suggested to be most accurate for evaluating forces

in metals [56]. The smearing was set to be 0.2 eV, as this kept entropy contributions

to the total energy negligible. For supercell calculations, projection operators were

evaluated in real-space to reduce computational time.

4.4 Results

4.4.1 Lattice relaxation

The extent of lattice relaxation surrounding solute atoms is important since it is ex-

pected that alloying with elements taken from the 5d row of transition metals will

profoundly affect the lattice parameter of γ and γ′. Furthermore, in order to improve
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Table 4.1: Relaxation of the lattice surrounding various solute atoms in a 3×3×3 nickel supercell
compared to results obtained by Koteski et al [54] and Wang et al [128].

Current Work Ref. [54] Ref. [128]

Rnn (Å) ∆Rnn (%) Rnn (Å) ∆Rnn (%) Rnn (Å) ∆Rnn (%)

Ni 2.489 — (a)2.489(a) — 2.498 —
Ta 2.527 1.51 2.515 1.01 (b)2.539(b) 1.66
W 2.504 0.60 2.500 0.44 (b)2.517(b) 0.79
Re 2.496 0.27 2.494 0.20 (b)2.513(b) 0.61
Ir 2.515 1.04 — — — —
Pt 2.544 2.22 — — — —
(a)Estimated from graph within [54].
(b)Estimated ∆Rnn values from table within [128].

the quality of the EXAFS fits observed in §2.4, relaxed structures obtained from an

accurate DFT code can be used as input to obtain more accurate simulated EXAFS

spectra. In the present study, the relaxed interatomic distances were obtained for sev-

eral 3×3×3 fcc supercells containing 107 nickel atoms and 1 solute atom. These were

compared to the relaxed interatomic distances obtained from a 3×3×3 fcc supercell

containing 108 nickel atoms (see Table 4.1).

When inserted into the nickel lattice, 5d row transition metals generate a systematic

outward relaxation on the surrounding atoms. These range from 0.27% for Re to 2.22%

for Pt when compared to nearest neighbour distances in the pure host. These results

are compared to previous work carried out by Koteski et al [54] and Wang et al [128] in

Table 4.1. When looking at the results obtained by Koteski et al [54] it is important to

note that the authors do not provide a value for RNi–Ni
nn : the value shown in Table 4.1 is

an estimate obtained from one of the graphs in their published work [54]. When looking

at the results obtained by Wang et al [128] it is important to state that the authors

only provide the absolute value for ∆RX–Ni
nn in pm. Furthermore, it appears that Wang

et al performed spin polarised calculations for their pure Ni system, while adopting

non-spin polarised calculations for their simulations of relaxation surrounding Ta, W

and Re. It is also unclear from their publication whether they calculated ∆RX–Ni
nn by

comparing spin polarised and non-spin polarised calculations. Consequently, the values

shown in Table 4.1 for RX–Ni
nn are an estimate based on the value for RNi–Ni

nn obtained
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Figure 4.4: Relaxation of nearest neighbour distances across the 5d row of transition metals compared
to results obtained by Koteski et al [54] and Wang et al [128].

from spin polarised calculations within their published work [128].

The results are consistent across all studies: the same trend is observed across

the 5d row of transitions metals and the magnitude of relaxation is consistent across

all three sets of calculations (see Figure 4.4). It can be observed that Re produces

the smallest outward relaxation amongst all the elements in the 5d row of transition

metals. The distance between the Re substitutional solute atom and the first shell of

nearest neighbours is 2.496Å, 0.27% longer than the nearest neighbour interatomic

distance in the pure fcc-Ni lattice calculated with the same parameters.

The results shown in Table 4.1 and Figure 4.4 are in strong disagreement with the

work of Zhu et al [148], in which a ∆RRe–Ni
nn of 4.09% was determined. Such a large

value for the outward relaxation surrounding a Re atom in the fcc-Ni lattice – many

times larger than that calculated with DFT in several studies [54, 128] – cannot be

found anywhere else in the literature. Zhu et al obtained the published results from

a classical MD simulation of a fcc-Ni 40×40×40 supercell with one Re substitutional

atom [148]. The work of Zhu et al will be discussed in further detail within §4.5.

4.4.2 Binding energies and clusters

The binding energy between two point defects, EX–X
bind., in a supercell containing n atoms

can be obtained using Equation 4.1, as described by Wolverton [135].
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Table 4.2: Binding energy between two rhenium atoms in the nickel lattice.

Supercell size No. of atoms ERe–Re
bind. (eV)

2×2×2 32 −0.418
3×3×3 108 −0.421
4×4×4 256 −0.424

EX–X
bind. = 2 · E(Nin−1X1)− [E(Nin−2X2) + E(Nin)] (4.1)

In Equation 4.1, E(Nin) is the total energy of a pure nickel supercell, E(Nin−1X1)

is the total energy of a supercell containing a single point defect and E(Nin−2X2) is

the total energy of a supercell containing two point defects in a desired configuration.

In agreement with the literature [135], a negative EX–X
bind. means that the binding of the

two point defects is energetically unfavourable and that the two point defects should

repel each other.

The convergence of EX–X
bind. with supercell size was checked to make sure that inter-

action effects between point defects across periodic boundary conditions is kept to a

minimum. Therefore, ERe–Re
bind. was calculated for nearest neighbour pairs in 2×2×2

(32 atoms), 3×3×3 (108 atoms) and 4×4×4 (256 atoms) cubic fcc supercells (see

Table 4.2) to make sure such effects are negligible. A 3×3×3 fcc supercell provides

accurate results while converging within reasonable computational times. Therefore,

all binding energy calculations were performed within 3×3×3 fcc supercells containing

108 atoms.

The binding energy between two solute atoms in various configurations can then

be calculated. The total energies of several supercells containing two rhenium solute

atoms positioned at various lattice sites (see Figure 4.5) were computed using the

parameters described in §4.3. The calculations were performed for Re–Re pairs and

for W–W pairs, in order to provide a reference.

The binding energies between the six distinct nearest neighbour pairs of Figure 4.5,

along with the X–X interatomic distances, are shown in Table 4.3. It can be observed

that the binding energy between two rhenium nearest neighbours is −0.41 eV and that
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Figure 4.5: The six nearest neighbour pairs considered in the current study.

Table 4.3: The Binding energies and relaxed interatomic distances for different Re–Re and W–W pairs
in a 3×3×3 fcc Ni supercell containing 108 atoms.

Re–Re W–W

Ebind. (eV) Rnn (Å) ∆Rnn (%) Ebind. (eV) Rnn (Å) ∆Rnn (%)

1st NN −0.415 2.596 4.32 −0.598 2.787 11.99
2nd NN −0.449 3.591 2.03 −0.013 3.558 1.07
3rd NN −0.424 4.354 1.00 −0.022 4.355 1.02
4th NN −0.402 5.019 0.82 −0.067 5.069 1.83
5th NN −0.363 5.581 0.29 −0.002 5.584 0.33
6th NN −0.369 6.112 0.25 −0.011 6.117 0.33
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Figure 4.6: The binding energies between different Re–Re and W–W pairs in a 3×3×3 fcc Ni supercell
containing 108 atoms.
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the Re–Re interatomic distance is 4.32% longer than the standard nearest neighbour

interatomic distance in the pure host lattice. It can also be observed that the binding

energy between two tungsten nearest neighbours is −0.60 eV, and that the W–W inter-

atomic distance is 11.99% longer than the standard Ni–Ni nearest neighbour distance.

A negative binding energy for both Re–Re and W–W nearest neighbour pairs means

that both Re and W pairs would repel when positioned as nearest neighbours in the

fcc-Ni lattice.

As the two solute atoms are placed further apart, Re and W display different

behaviours (see Table 4.3 and Figure 4.6). The binding energy between two rhenium

atoms remains relatively stable, whereas the binding energy between two tungsten

atoms drops as soon as the atoms are placed as second neighbours. The behaviour

of W may be explained with reference to the several stable intermetallics in the Ni-

W system (see Figure C.4), which would indicated a tendency to achieve localised

ordering. In contrast, there are no stable intermetallics in the Ni-Re system (see

Figure C.5).

To complete the study, the binding energy of several different clusters can be calcu-

lated to check whether these clusters would be stable in fcc-Ni. Like in Equation 4.1,

the binding energy of a cluster is calculated using Equation 4.2.

Eclust.
bind. = m · E(Nin−1X1)− [E(Nin−mXm) + (m− 1) · E(Nin)] (4.2)

In Equation 4.2, n is the total number of atoms in the supercell, E(Nin) is the

total energy of a pure nickel supercell, E(Nin−1X1) is the total energy of a supercell

containing a single point defect and E(Nin−mXm) is the total energy of a supercell

containing m solute atoms in a desired configuration. Therefore, Eclust.
bind. is the energy

difference associated with having the solute atoms dispersed in the fcc-Ni lattice rather

than clustered in a given configuration. A negative binding energy means an energy

advantage in having the solute atoms dispersed in the fcc-Ni lattice [135].

The results for the nearest neighbour clusters are shown in Figure 4.7. It can

be observed that 3- and 4-atom nearest neighbour clusters are unstable in the fcc-Ni

lattice, since DFT calculations yield a negative Eclust.
bind. . The results for the second+
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neighbour clusters are shown in Figure 4.8. Because of the limitation on computational

resources, these calculations could not be done in > 3×3×3 supercells. As a result,

the binding energies of 5-, 6- and 7-atom 2nd neighbour clusters could not be reliably

obtained due to interaction across the periodic boundaries. All cluster configurations

yielded a negative binding energy and are unstable in the fcc-Ni lattice.

It is worth mentioning that the binding energies for two Re nearest neighbours and

for a 4-atom nearest neighbour cluster are in strong disagreement with results obtained

by Zhu et al [148] using AEAM potentials. These results discussed in further detail in

§4.5.

4.4.3 Database for bond order potentials

A database of the formation energies of several compounds and structures of Ni-X,

where X is Ta, W, Re, Ir and Pt, was created. This was done for several reasons:

1. The energy of formation of compounds rich in nickel will suggest whether an

ordering (or clustering) reaction will take place at low solute concentrations.

2. The energy of formation of all the compounds can be used to parameterise the

bond-order potentials which are being developed at the University of Oxford by

Pettifor et al within the same EPSRC research consortium.

The formation energy, ∆Ef , of the NimXn compound can be obtained using Equa-

tion 4.3.

∆ENimXn
f = ENimXn

tot −
(

m

m+ n
· ENi

tot + n

m+ n
· EX

tot

)
(4.3)

In Equation 4.3, m and n are the numbers of Ni and solute atoms respectively,

ENimXn
tot is the total energy of the compound (in eV/atom) and ENi

tot and EX
tot are the

total energies of the reference pure structures (in eV/atom).

The results for the Ni-Ta, Ni-W, Ni-Ir and Ni-Pt systems are shown in Figure 4.9.

It can be observed that the formation energies of the different compounds qualitatively

follows the analytic rectangular band model formulated by Pettifor [93]. The analytic
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Figure 4.9: Formation energies of several crystal structures of Ni-Ta, Ni-W, Ni-Ir and Ni-Pt.

rectangular band model predicts that the heat of formation of an intermetallic is given

by Equation 4.4.

∆Hf = f
(
N̄
)
· (∆N)2 (4.4)

In Equation 4.4, N̄ is the average band filling of the intermetallic and ∆N is

the difference in the number of electrons associated with the A and B atoms in the

intermetallic [93, 94]. In other words, the energies of formation of intermetallics across

the Ni-Ta system should be lower than the energies of formation of intermetallics across

the Ni-Pt system. It appears from the results shown in Figure 4.9 that some of the

intermetallics in the Ni-Ta and Ni-W systems have very low energies of formation,

suggesting that several ordering reactions may occur in those systems. Therefore

several intermetallics may be thermodynamically stable in the Ni-Ta and Ni-W systems

– see Figure C.3 and Figure C.4. It follows from the above that the Ni-Ir and Ni-Pt
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Figure 4.10: Formation energies of several crystal structures of Ni-Re.

systems are expected not to have stable intermetallics – see Figure C.6 and Figure C.7.

The formation energies of several intermetallics of the Ni-Re system are shown in

Figure 4.10. Since Re has a lower band filling than Ir, the formation energies of the Ni-

Re intermetallics will be in general lower than those of the Ni-Ir intermetallics. There

are negative energies of formation over the whole range of composition in the Ni-Re

system, suggesting that some ordering reactions may take place and that clustering of

Re in nickel is unlikely.

4.4.4 Rhenium effect on SFE

Two fcc supercells were built by stacking several {111} planes following the · · ·ABC · · ·

stacking order. While the first supercell was kept as a perfect crystal and consisted of

30 {111} planes and 120 atoms, two intrinsic stacking faults were created in the second

supercell by shifting the top 15 {111} planes by a/
√

6 along the 〈112〉 direction.

The stacking fault energy can be calculated using Equation 4.5 [146].

Esf = ∆E
A

= E
w/ sf
tot − Ew/o sf

tot
A

(4.5)

In Equation 4.5, Ew/ sf
tot and E

w/o sf
tot are the total energies of the supercells with

and without the stacking faults respectively and A is the surface area of the fault.

After relaxing the volume, the xy area of the supercell is 21.253Å2, resulting in a total

stacking fault area of 42.505Å2 (two intrinsic stacking faults). The calculated SFE for
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pure nickel is 0.0084 eV/Å2, or 135mJ/m2 – in agreement with published experimental

and ab initio values [29, 146].

Next, the effect of rhenium on the SFE was calculated using the method described

by Yu and Wang [146]. A supercell with a single stacking fault was obtained by remov-

ing a single {111} plane from the middle of the perfect crystal supercell. Therefore,

the new supercell consisted of 29 {111} planes and 116 atoms. A single rhenium atom

was either positioned on the stacking fault (configuration A) or at the edge of the su-

percell (configuration B). The two supercells were relaxed to obtain the ground state

total energy. The effect of the rhenium solute atom on the stacking fault energy was

calculated using Equation 4.6 [146].

∆ERe
sf = EA

tot − EB
tot

A
(4.6)

In Equation 4.6, EA
tot and EB

tot are the total energies configuration A and B respec-

tively. The reduction in total energy per unit area of stacking fault of the supercell

is −0.0019 eV/Å2, or −31mJ/m2 which is 25% greater than the value obtained by

Yu and Wang [146]. Such a discrepancy would be expected since the concentration of

rhenium on the stacking fault layer is 25% in the current work compared to 8.3% in

the work of Yu and Wang [146]. Furthermore, the distance between the rhenium atom

and the stacking fault layer in the current work is ∼28Å whereas it is only ∼12Å in

the work of Yu and Wang [146]. Despite this discrepancy, both the current work and

the work of Yu and Wang [146] confirm that Re lowers the SFE of nickel. However, it

must be pointed out that other elements, such as Cr, Mo, Ru and W produce a similar

effect on the SFE of pure nickel [146].

4.4.5 Rhenium versus tungsten

To try and explain the rhenium-effect, it appears necessary to investigate differences

in behaviour between rhenium and tungsten at the atomic scale. We have seen that

rhenium clusters in the γ phase, the rhenium enrichment near the γ/γ′ interfaces and

the rhenium effect on the SFE of the γ phase cannot be the underlying cause of the

rhenium-effect. Assuming that slow diffusion may not be the only explanation for the
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extraordinary strengthening effect of rhenium, then the cause of the rhenium-effect

should be sought elsewhere.

As introduced in §1.4, deformation in the γ phase occurs with the glide of edge

dislocations. These dislocations glide by nucleating a pair of kinks and by propagating

these kinks along the dislocation line. Each atom poses an energy barrier to kink

propagation. The stable configuration at the bottom of the barrier, before the jump,

will consist of a near-bulk situation with the given atom in a 12-coordinated position.

The unstable configuration at the top of the barrier will consist of a disordered situation

with the given atom being under-coordinated. The configuration will then proceed to

the stable state again. The movement of the kink will require bond breakage before

the barrier and bond reformation after the barrier. It follows that a single solute atom

with stronger bonds compared to those of the host lattice will result in a larger energy

barrier.

If true, this theory would imply that W and Re, which are very similar in size,

electronic structure and bond strength, would have a similar effect when used as solute

strengtheners in the γ phase. Yet, rhenium is thought to improve creep properties

substantially more than tungsten does, suggesting that other factors play a role in

increasing the energy barrier. A possible hypothesis is that rhenium, due to its native

hcp crystal structure (similar to fcc, 12-coordinated), may stabilise the bottom of the

barrier (which is 12-coordinated). On the other hand, tungsten, due to its native

bcc crystal structure (8-coordinated), may stabilise the under-coordinated top of the

barrier thereby lowering the energy difference comparatively to rhenium.

It follows that a Re solute atom must be more stable than a W solute atom in fcc-Ni

while a W solute atom should be more stable than a Re solute atom in a hypothetical

bcc-Ni lattice. To investigate this, DFT calculations were done to compute the energy

differences between different systems as follows. First, fcc and bcc supercells should

be large enough for the interaction between single point defects across the periodic

boundary conditions to be negligible. Also, these two supercells should be similar in

size. Therefore, as already seen in §4.4.2, a 3×3×3 fcc supercell (108 atoms) will be

sufficient and a 4×4×4 bcc supercell (128 atoms) is the obvious choice. The energy

difference due to substituting a nickel atom with a solute atom, X, in the fcc-Ni lattice
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Table 4.4: The calculated values for ∆Estruct.
X , ∆∆Efcc/bcc

X and ∆∆∆Efcc/bcc
Re/W .

Solute atom Structure ∆Estruct.
X (eV) ∆∆Efcc/bcc

X (eV) ∆∆∆Efcc/bcc
Re/W (eV)

Re
fcc −7.483

−0.305
−0.095

bcc −7.178

W
fcc −8.410

−0.210bcc −8.200

will be given by Equation 4.7.

∆Efcc
X = −Efcc(Ni108) + Efcc(Ni107X1) (4.7)

Similarly, the energy difference due to substituting a nickel atom with a solute

atom, X, in the bcc-Ni lattice will be given by Equation 4.8.

∆Ebcc
X = −Ebcc(Ni128) + Ebcc(Ni127X1) (4.8)

It follows that, comparatively, the energy difference between a system where the

element X is in a fcc crystal rather than a bcc crystal will be described by Equation 4.9.

∆∆Efcc/bcc
X = ∆Efcc

X −∆Ebcc
X (4.9)

Therefore, the relative energy between having Re in a fcc rather than bcc and W

in a fcc rather than bcc will be given by Equation 4.10

∆∆∆Efcc/bcc
Re/W = ∆∆Efcc/bcc

Re −∆∆Efcc/bcc
W (4.10)

If this theory is correct, then ∆∆Efcc/bcc
Re < 0 while ∆∆Efcc/bcc

W > 0 which yields a

very strong ∆∆∆Efcc/bcc
Re/W << 0. If also ∆∆Efcc/bcc

W < 0, then it is still expected that

∆∆∆Efcc/bcc
Re/W < 0. In other words, rhenium is expected to stabilise fcc-Ni relative to

bcc-Ni more when compared to tungsten.

The results of this set of calculations are shown in Table 4.4. The substitution of

Ni for both a Re and W atoms stabilises the fcc-Ni more than the bcc-Ni structure and

∆∆Efcc/bcc
X is −0.305 eV and −0.210 eV for Re and W respectively. When comparing
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these values, it can be observed that ∆∆∆Efcc/bcc
Re/W = −0.095 eV, suggesting that Re,

compared to W, would stabilise the fcc-Ni configuration more.

4.5 DFT and the rhenium-effect

The results discussed in §4.4 are further circumstantial evidence for the conclusions

reached in Chapter 2 and Chapter 3. First, similarly to what was observed with

EXAFS in Chapter 2 and in the work of Koteski et al [54], rhenium produces a small

outward relaxation in the nickel lattice – the smallest amongst all the elements in

the 5d row of transition metals. The distance between a rhenium atom and its shell

of nearest neighbours is only ∼ 0.3% longer than the standard distance between two

nearest neighbour nickel atoms. Wang et al [128] also reached the same conclusions

using DFT.

Second, DFT results suggest that rhenium does not form clusters in the fcc-Ni

lattice: a binding energy of −0.41 eV between two neighbouring rhenium atoms means

that these would repel each other to lower the total energy of the system. A negative

binding energy for higher order neighbour pairs, as well as for small clusters of 3 or

more rhenium atoms, help build a stronger case that rhenium does not form clusters

in nickel superalloys, confirming the work presented in Chapter 2 and Chapter 3.

These results are in strong disagreement with the work of Zhu et al [148]. Zhu et

al used analytic embedded atom method (AEAM) potentials [46] which have been pa-

rameterised using functions fitted to some properties obtained from DFT calculations,

however:

1. Calculations made with EAM potentials are, by design, less reliable than ab initio

calculations. For example, EAM potentials fitted to the Ni3Re system may be

very reliable for Ni3Re and lead to the wrong results when applied to study other

phases.

2. Zhu et al do not provide any information about which DFT calculations were used

to parameterise the potentials. There are no details explaining which properties

and structures were used in the parametrisation.
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3. Zhu et al validate their potential only by showing agreement with DFT calcula-

tions of the L12-Ni3Re system, which may be one of the few structures – if not

the only structure – used in the parametrisation of the potential.

The results of Zhu et al should therefore be assessed carefully. Their calculations

showed that substituting a Re atom in fcc-Ni (γ phase) yields a decrease in total

energy of 2.38 eV, while the total energy of the L12-Ni3Al (γ′ phase) system decreases

by 2.47 eV and 3.62 eV when a rhenium atom is placed on the nickel and aluminum

sublattice respectively. From these values, Zhu et al concluded that rhenium stabilises

both the γ and γ′ phase and that rhenium has a preference for the Al sublattice in the

γ′ phase [148]. These conclusions are speculative, since it appears that no reference

energy for Re was taken into account. Furthermore, according to the present work and

the work of Wang et al [128], the substitution of a Ni atom with a Re atom in fcc-Ni

should result in a reduction in total energy of ∼7 eV, three times the value published

by Zhu et al [148].

Focussing on the rhenium substitution in the γ phase, Zhu et al [148] obtained an

outward relaxation of 4.09% of the first shell of nearest neighbours – an unexpectedly

large figure which does not agree with the current and published work [54, 128]. Zhu

et al also studied the the clustering of rhenium in the γ phase by obtaining the total

energies of several 40×40×40 supercells (256, 000 atoms) containing from 2 to 225

rhenium atoms in both dispersed and clustered configurations [148]. The difference

between the total energies of the supercells with two clustered and two dispersed

rhenium atoms respectively, ∆E = Eclust.−Edisp., is simply the negative of the binding

energy between two rhenium atoms, so ∆E = −ERe–Re
bind. .

The binding energy between two nearest neighbouring rhenium atoms, as calculated

by Zhu et al, is 0.27 eV [148]. Zhu et al [148] also calculated that the binding energy

of a 4-atom cluster is 1.17 eV. In other words, according to these results, rhenium

atoms would cluster in the fcc-Ni lattice. This is in strong disagreement with the

present work, since DFT predicts a −0.41 eV and −1.64 eV binding energy for the 2-

and 4-atom cluster respectively. The study continues by defining the clustering energy,

Ec = ∆E/NRe, and by suggesting that the clustering energy plateaus at the minimum
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cluster size. Zhu et al conclude that the minimum size of rhenium clusters in the fcc-Ni

lattice would be 12.2Å in diameter, or 43 atoms [148].

The results shown in §4.4, supported by the work presented in Chapter 2 and

Chapter 3, and supported by the work of Koteski et al [54] and Wang et al [128], make

a strong case that:

1. rhenium produces small relaxations in the fcc-Ni lattice, smaller than any other

element in the 5d row of transition metals, and

2. rhenium does not form clusters in the fcc-Ni lattice, and certainly no clusters

made of 43 atoms, which would be visible in the atom probe analysis.

Finally, the results presented in §4.4.4 confirm that Re lowers the SFE of pure nickel

by 18-23% when present at a concentration of 8-25 at.% on the stacking fault plane,

in agreement with the literature [146]. However, it appears that such effect on SFE

is comparable to that of other solute atoms such as Cr, Mo, Ru and W. Furthermore,

it should also be considered that the SFE of the γ phase of nickel based superalloys

has been experimentally shown to be 20-30mJ/m2 [29, 100], much lower than the SFE

of pure nickel (130mJ/m2). Such a reduction to the SFE of pure Ni can only be

explained by considering that all solute elements, and particularly Cr, Mo, Ru, W and

Re, contribute to lowering the SFE of the γ phase.



CHAPTER5
Conclusions

In the present work possible mechanisms underlying the rhenium-effect have

been explored using a variety of methods. Extended X-ray Absorption Fine

Structure (EXAFS), Atom Probe Tomography (APT) and Density Functional

Theory (DFT) have been adopted to study the distribution of rhenium in the γ phase of

nickel based superalloys and the atomic scale phenomena resulting from small rhenium

additions to nickel based superalloys.

5.1 Clustering in the γ phase

Since 1986, the theory of rhenium clustering in the γ phase has been dominant in

explaining the extraordinary strengthening effect of rhenium in nickel based superal-

loys. The theory is solely based upon results obtained with the atom probe. In 1986,

Blavette et al [12, 13] used ladder diagrams (or cumulative profiles) to examine data

obtained from a 1DAP. Small discontinuities in these ladder diagrams were considered

proof of rhenium clustering in nickel based superalloys. Adopting the same method,

similar conclusions were reached by Wanderka et al [127]. In 2002, Rüsing et al [109]

used a 1D adaptation of the binomial distribution method to show that rhenium may

form clusters in a model nickel based superalloy. Part of the scientific community still

considers clustering as the only valid explanation for the strengthening effect of rhe-

nium [11, 133], citing the seminal studies by Blavette et al [12, 13]. Recently, Zhu et

al [148] used classical MD to support the rhenium clustering theory, however the work

131
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presented sheds little light on the parametrisation of the EAM potentials used for their

simulations, which renders their work unreliable. All these studies claim that rhenium

clusters > 1-1.2 nm should be present in the γ phase of nickel based superalloys.

In the current work, it has been shown that:

1. APT and EXAFS show that rhenium does not form clusters when added to

nickel at concentrations similar to the usual rhenium content in the γ phase of

nickel based superalloys. The same behaviour is observed across the 5d row of

transition metals: Ta, W, Ir and Pt also do not form clusters in nickel.

2. DFT modelling predicts a negative binding energy between two, three and four

rhenium atoms when positioned as first and second nearest neighbours in the

nickel fcc lattice. This is in strong disagreement with the work of Zhu et al [148],

in which classical MD leads to different results.

3. APT shows that rhenium does not form clusters in the γ phase CMSX-4, a

commercial nickel based superalloy. Several 3D datasets obtained from crept

and uncrept specimens with a state-of-the-art LEAP were analysed using the

maximum separation method to show that rhenium clusters are not present in

the γ phase of nickel based superalloys.

Therefore, rhenium is expected to be randomly distributed in the γ phase of nickel

based superalloys and no clusters ∼ 1 nm are expected to form according to EXAFS,

APT and DFT. The clustering of rhenium cannot be the mechanism underlying the

rhenium-effect.

5.2 Enrichment near γ/γ′ interfaces

The second theory to explain the rhenium-effect, introduced by Warren et al [131],

stipulates that the rhenium enrichment close to the γ/γ′ interfaces plays a role in

the strengthening effect of rhenium additions in nickel based superalloys. Warren

et al suggested that a larger content of rhenium at the interfaces would result in a

higher lattice misfit and hinder the entering of dislocations in the γ′ phase. It has

also been suggested that a higher – more negative – lattice misfit would slow down
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rafting processes and retard the onset of tertiary creep [29, 134, 39]. This theory is

also supported by the work of Zhu et al [148] in which classical MD simulations were

adopted to show a high amount of lattice distortion resulting from adding rhenium to

the nickel lattice.

In the current work, it has been shown that:

1. The enrichment of rhenium near the γ/γ′ interfaces forms upon cooling from ser-

vice temperature, as the γ′ phase becomes more stable and the primary γ′ pre-

cipitates grow, expelling rhenium in the γ phase. These conclusions are strongly

supported by the comparison of APT data of solute concentration across the γ/γ′

interfaces with phase field simulations which show that the ‘bow wave’ observed

ahead of the interface is compatible with a diffusion profile.

2. The effect of rhenium on the lattice parameter of the γ phase, and therefore

on the lattice misfit between the γ and γ′ phases, is less than what generally

assumed in some of the literature [133, 148, 131]. DFT calculations as well as

the EXAFS analysis univocally show that Re–Ni interatomic distances are only

∼0.5% longer than Ni–Ni interatomic distances, in agreement with the work of

Koteski et al [54] and Wang et al [128]. Other elements, particulary W, have a

much stronger effect on the lattice parameter of the γ phase.

It follows from the above that a higher concentration of rhenium near the γ/γ′

interfaces cannot explain the rhenium-effect since such enrichment is not present at

service temperature and only appears at room temperature, after components cool

down. Furthermore, it is important to recognise that rhenium does not generate strong

distortions in the lattice and that other elements, such as W, have a stronger effect on

the lattice parameter of fcc-Ni. Undoubtedly, rhenium affects the lattice misfit between

the γ and γ′ phases, but the lattice parameter of the two phases also depends on all

the other elements added to nickel based superalloys and the fine balance between all

the solute elements yields the correct misfit which results in the best creep properties.
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5.3 Stacking Fault Energy

The third theory formulated to explain the origin of the rhenium-effect was based on

the concept that a lower SFE would result in the two Shockley partial dislocations

being spaced further apart. This, in turn, would make it harder for the full edge

dislocation to climb to another plane, since both Shockley partial dislocations would

need to meet locally in order to climb. If rhenium is the main element responsible for

the lowering of the SFE of the γ phase of nickel based superalloys, then this could help

to explain the rhenium-effect. Some work in this area was done by Rae et al [100], who

suggested that the simultaneous addition of Re and Co would lower the SFE enough

to justify the rhenium-effect.

In the current work, it has been shown that rhenium is expected to reduce the

SFE of pure Ni by 18-23% when present at concentrations of 8-25 at.% on the stacking

fault plane. These results are in agreement with the work of Yu and Wang [146].

Furthermore, the work of Yu and Wang [146] shows that the effect of rhenium on the

SFE of pure nickel is comparable to other elements such as Cr, Mo, Ru and W. It has

also been shown that whereas the SFE of pure nickel is 130 ± 10mJ/m2, the SFE of

the γ phase of nickel based superalloys is usually 25 ± 5mJ/m2. Therefore, alloying

with elements such as Cr, Mo, Ru, W and Re has a major impact on the SFE of the

γ phase. However, this does not explain yet why rhenium has a particularly strong

creep strengthening effect when compared to other elements.

5.4 Mechanisms underlying the rhenium-effect

Finally, some conclusions can be drawn as to what mechanisms cause the rhenium-

effect. It has been conclusively shown in this work that the clustering of rhenium in

the γ phase, the rhenium enrichment close to the γ/γ′ interfaces and the the effect

of rhenium on the SFE of the γ phase cannot explain why rhenium improves creep

properties of nickel based superalloys compared to other solute elements. Therefore,

the reason for the rhenium-effect must be sought for elsewhere. It is important to

consider the following facts:
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1. Rhenium strongly partitions to the γ phase of nickel superalloys. Adding rhenium

at a concentration of 1 at.% to nickel based superalloys results in a rhenium

concentration of the γ phase of 3-4 at.%. Therefore, rhenium partitions to the γ

phase much more strongly than any other element usually added to nickel based

superalloys.

2. The majority of creep life is spent at intermediate strains and temperatures,

where tertiary creep deformation is dominant. In this stage, deformation occurs

by dislocations sweeping through the γ phase without entering the primary γ′

precipitates. Therefore, rhenium strategically partitions to the phase with the

highest dislocation activity.

3. Rhenium is the slowest diffusing element amongst all elements usually added to

nickel based superalloys [36, 45]. Therefore, rhenium is expected to slow down

all diffusion-controlled deformation processes.

To conclude, it can be deducted that the so-called rhenium-effect originates from

the fact that small additions of rhenium to the bulk concentration of nickel based

superalloys are enough to considerably increase the rhenium concentration in the γ

phase, so that rhenium in the γ phase is present at concentrations similar to tungsten.

Once in the tertiary creep regime, it is believed that single atoms of rhenium would

provide enough pinning forces to slow down dislocations gliding in the γ phase and

climbing around γ′ precipitates. However, further detailed experiments and modelling

will be required to put these ideas onto a firm quantitative basis.

5.5 Future work

Some further work is necessary in order to pinpoint the causes of the rhenium-effect in

an irrefutable manner. It is still unclear whether rhenium has an extraordinary creep

strengthening effect when compared to tungsten. In other words, rhenium and tungsten

may have the same effect on creep resistance, but rhenium is much more effective simply

because it strongly partitions to the γ phase, where most of the dislocation activity

occurs.
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Experiments should be done to test the effect of Re and W on creep resistance.

Some binary Ni-Re and Ni-W single-crystal alloys could be cast with different solute

concentrations in the range 0.1-4 at.%. These alloys could then be creep tested at

873K, 1073K and 1273K. If single atoms of Re and W act to slow down dislocation

activity, then the resulting creep life should increase linearly with solute concentration.

Additionally, these tests will yield the precise contribution of Re and W to the creep

resistance of the γ phase. The creep resistance of the Ni-Re alloys is expected to

be slightly higher due to the lower diffusion coefficient of Re in Ni. Nevertheless, no

remarkable differences in creep life are expected. Some further tests could also be

done by producing single-crystal Ni-Re-W alloys with equal concentrations of Re and

W and a total concentration of solute atoms in the range 1 4at.% to investigate any

coupling between Re and W.

Simulations could also help to understand how rhenium acts to slow down dis-

locations. First, the movement of an edge dislocation in nickel can be studied to

establish how the kink moves and investigate the local coordination at the core of

the dislocation. Some preliminary work was done using Molecular Dynamics (MD)

with Embedded Atom Method (EAM) potentials for the Ni-Al system [76, 75]. Brom-

mer [16] extended these potentials to the Ni-Al-Re system using the Force Matching

Method (FMM) [32]. These potentials were tested to qualitatively show that rhenium

exerts some pinning forces on the Shockley partial dislocations. However, no compar-

ison with other elements was possible and no quantitative evaluation of the effect of

rhenium on dislocations could be obtained.

Unfortunately, MD with EAM potentials cannot provide and accurate, quantitative

evaluation of how rhenium affects dislocation movement, and how rhenium compares

to tungsten as a creep strengthener. On the other hand, DFT is unable to simulate a

full edge dislocation within reasonable computational times. Therefore, it is necessary

to adopt a hybrid simulation technique. Amongst these, Learn-On-The-Fly (LOTF)

[24] could be a suitable choice. In LOTF, a large system can be simulated using EAM

potentials and DFT can be used to ‘augment’ the potentials in the ‘quantum zone’ at

each step of the calculation. This methodology would be able to simulate a full edge

dislocation moving in fcc-Ni, while retaining high accuracy near the dislocation core,
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and provide the final answer to the question at the centre of the present work: why

does rhenium improve creep properties in nickel superalloys?
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APPENDIXA
Specimens & Samples

This project is based on experiments aiming to gain a better understanding

of the behaviour of rhenium compared to other solute atoms. For this

reason, two sets of materials were analysed with different techniques. A

set of binary Ni-10wt.%X alloys – where X was taken to be Ta, W, Re, Ir and Pt

– were analysed using the LEAP at ORNL and the EXAFS beamline at Daresbury

Laboratory in the UK. Additionally, crept and uncrept areas of CMSX-4 single-crystal

creep specimens were analysed using the LEAP at ORNL. In this appendix, some

reference information is provided to show the amount of data collected with the atom

probe and at the beam line.

A.1 Ni-X binary alloy samples

The binary Ni-X alloys were prepared in the form of 400 g ingots using the vacuum

induction melting process. Each binary alloy contains 10wt.% of one of Ta, W, Re,

Ir and Pt. The solute concentration was chosen to match the Re concentration in the

γ phase of CMSX-4. Re was included as the solute of prime interest, but the other

alloying elements, chosen from the 5d row of transition metals, were included to allow

a systematic examination across the periodic table. Homogenisation was achieved by

annealing the ingots at 1523K for 7 days in flowing argon [48, 49]. No additional heat

treatment was performed and the alloys were allowed to furnace cool.
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A.2 CMSX-4 superalloy samples

The CMSX-4 samples were taken from crept and uncrept areas of single-crystal creep

specimens used in a previous study by Reed et al [106]. These creep specimens were

machined from rods 1 cm in diameter obtained by Rolls-Royce plc. Six creep specimens

(A, B, C, D, E and F) were creep tested at 1423K and 100MPa (tertiary creep regime)

for several hundred hours. Testing of specimens A and B was interrupted before rupture

at 10 hrs. and 100 hrs. respectively. The remaining specimens – C, D, E and F – were

tested until rupture which occurred after 550 hrs., 695 hrs., 1060 hrs. and 1170 hrs.

respectively.
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Table A.1: List of datasets obtained with the atom probe from the Ni-X binary alloys.

EXAFS – Binary alloys

Alloy Edge Windowed by Dataset # Conditions

Ni foil Ni K-edge Ni foil r40668 Non-spinned

Pt foil Pt L3-edge Pt foil r40644 Non-spinned

Ni-Ta

Ni K-edge
Ni foil r40681 Spinned
Ni foil r40683 Spinned

Ta L3-edge
Ta foil r40693 Spinned
Ta foil r40694 Spinned

Ni-W

Ni K-edge
Ni foil r40677 Spinned
Ni foil r40678 Spinned

W L3-edge
W foil r40665 Spinned
W foil r40666 Spinned

Ni-Re

Ni K-edge
Ni foil r40670 Spinned
Ni foil r40671 Spinned

Re L3-edge
Ni-Re r40657 Spinned
Ni-Re r40657 Spinned
Ni-Re r40658 Spinned

Ni-Ir

Ni K-edge
Ni foil r40675 Spinned
Ni foil r40676 Spinned

Ir L3-edge
Ni-Ir r40661 Spinned
Ni-Ir r40662 Spinned

Ni-Pt

Ni K-edge
Ni foil r40673 Spinned
Ni foil r40674 Spinned

Pt L3-edge
Pt foil r40647 Spinned
Pt foil r40646 Non-spinned
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Table A.2: List of datasets obtained with the atom probe from the Ni-X binary alloys.

APT – Binary alloys

Alloy Dataset # Specimen ID No. of Ions Description

Ni-Ta

4844 ms7b 42, 882 Insufficient data
4847 ms7br1 13, 375, 787
5115 ms7br2 39, 755 Insufficient data
5118 ms7br3 60, 049, 363

Ni-W

4840 ms7a 5, 493, 555
5112 ms7ar1 106, 311, 331 Failed on voltage stop
5113 ms7ar1 1 Insufficient data
5114 ms7ar1 270 Insufficient data

Ni-Re

4826 ms6a 13, 567, 170
4827 ms6b 720, 118 Central 〈111〉 pole
4828 ms6b 3, 858, 394
5011 ms6ar1 8, 255, 777 Tip is blunt
5119 ms6ar2 779, 703 Insufficient data
5120 ms6br1 26, 148, 284

Ni-Pt

4834 ms6d 6, 145, 172
4835 ms6c 5, 658, 174
5116 ms6cr1 25, 915, 028
5117 ms6dr1 50, 547, 215

Ni-Ir

4838 ms6e 4, 740, 172
4839 ms6f 3, 641, 402
4841 ms6er1 1, 560, 103
4842 ms6fr1 24, 510, 624 Tip broke
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Table A.3: List of datasets obtained with the atom probe from sample C of CMSX-4, crept for
550 hours.

APT – CMSX-4 – Sample C

Orientation Dataset # Specimen ID No. of Ions Description

Longitudinal
1502 lp5br7 9, 081, 655 All γ′

2286 lp5br9 13, 056, 195 γ/γ′ and sec. γ′

Transverse

1590 lp4br5 9, 543, 416 All γ′

1641 lp4br6 3, 813, 857 All γ′

1643 lp4br6 2, 152, 439 All γ′

2222 lp4br7 4, 672, 272
2302 lp4br9 7, 075, 337
2320 ko3br3 5, 240, 612 Ruptures
2325 ko3br4 1, 020, 162
2337 ko3br6 1, 180, 331

Uncrept

2291 ko3c 2, 770, 685 Ruptures
2300 ko3cr1 8, 054, 406
2314 ko3d 14, 757, 886 γ/γ′ interface
2317 ko3e 21, 632, 376
3839 lp7br3 106, 000, 000
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Table A.4: List of datasets obtained with the atom probe from sample D of CMSX-4, crept for
695 hours.

APT – CMSX-4 – Sample D

Orientation Dataset # Specimen ID No. of Ions Description

Longitudinal

1303 lp5ar1 1, 894, 005 All γ′

1493 lp6ar6 2, 783, 574 γ′ with γ at the edge
1498 lp6ar7 7, 443, 153 All γ′

4220 lp6br2 5, 748, 222 γ/γ′ interface – very nice
4244 lp6br4 4, 540, 019 Ruptures

Transverse
1504 lp9br7 2, 318, 602 γ with sec. γ′

1505 lp9br7 2, 108, 661 γ with sec. γ′

4221 lp9br11 43, 311, 180 All γ′

Uncrept

1322 lp7ar1 1, 844, 525 All γ′

1326 lp8ar1 30, 159, 473 γ′/γ/γ′ with sec. γ′

2145 lp8ar3 11, 566, 683 γ/γ′ and sec. γ′

4578 lp8ar7 28, 689, 826
4579 lp8ar7 36, 959, 900
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Table A.5: List of datasets obtained with the atom probe from sample E of CMSX-4, crept for
1060 hours.

APT – CMSX-4 – Sample E

Orientation Dataset # Specimen ID No. of Ions Description

Longitudinal

1681 lp6cr2 15, 088, 927 γ/γ′ with sec. γ′ – very nice
4228 lp5cr7 18, 333, 630 All γ′

4235 lp5cr8 4, 882, 172 All γ′

4245 lp5cr10 19, 830, 130

Transverse

1684 lp9cr2 9, 396, 032 γ with sec. γ′

2285 ko3a 13, 275, 738
4231 lp9cr10 3, 351, 735 Ruptures
4242 lp9cr13 8, 049, 645
4247 ko3ar6 19, 056, 959
4250 ko3ar7 2, 296, 755

Uncrept

1660 lp7c 518, 632 All γ′

1682 lp7cr1 2, 727, 790 γ/γ′

2103 lp7cr2 1, 009, 121 All γ′ – atomic planes
2108 lp7cr2 1, 112, 865 All γ′

4227 lp7cr4 68, 853, 320 γ′/γ/γ′
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Table A.6: List of datasets obtained with the atom probe from sample F of CMSX-4, crept for
1170 hours.

APT – CMSX-4 – Sample F

Orientation Dataset # Specimen ID No. of Ions Description

Longitudinal

2120 lp4dr6 1, 173, 717 All γ′

2242 lp4dr8 2, 250, 493
4236 lp4dr11 4, 049, 621 All γ′

4243 lp4dr12 3, 709, 302
4246 lp5dr5 11, 922, 430
4253 lp5dr6 16, 235, 271

Transverse

4233 ac9c 6, 913, 660
4238 ac9cr1 11, 238, 557
4248 ac9cr3 18, 615, 061 All γ
4322 ac9cr5 1, 867, 791

Uncrept
1615 lp7d 3, 480, 376 All γ′

1663 lp7dr2 1, 237, 195 All γ′

4230 lp7dr6 94, 953, 224 γ/γ′ with sec. γ′ – very nice



APPENDIXB
APTo

In the present work, a large amount of data was collected with the LEAP

at ORNL. Most of the data analysis was carried out by feeding the collected

datasets either to a code to perform the maximum-separation friends-of-friends

analysis or to a code to randomise the identities of all the ions in each dataset. It was

necessary, however, to be able to view and interact with the datasets in order to check

for artefacts, perform concentration analysis and select regions of interest. Usually,

these tasks are performed with IVAS, a software sold by Imago Scientific Instruments

– the company founded by Professor Thomas F. Kelly.

IVAS is software written in Java that allows to reconstruct atom probe datasets

(*.pos files) from the raw data obtained with the atom probe (*.rhit files). Furthermore,

IVAS allows to analyse the *.pos files, perform different types of concentration analysis,

examine the mass-to-charge-state ratio spectra, along with many other features. The

license for the IVAS software costs GBP3000-5000 – deemed too expensive for the

current project. Access to the software was granted while at ORNL and for a brief

time at Imperial College London, but most of the work had to be carried out without

the use of IVAS.

APTo was developed by the author of this thesis in order to avoid purchasing

the IVAS license. APTo, which stands for ‘Atom Probe Tomography, open-source’, is

open-source software designed to view, explore and analyse data obtained from the 3D

atom probe. It is distributed completely free, under the GPL license, and it is available

on Sourceforge [137]. APTo was developed according to the following guidelines:
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1. it had to be free and open-source (IVAS is not),

2. it had to be completely cross-platform and work on Windows, Mac OS and Linux

(IVAS only works on Windows),

3. it had to require low memory in order to be used on most machines,

4. it had to be graphically very efficient in order to be able to view the largest

datasets on a laptop,

5. it had to support the use of multiple screens (IVAS does not),

6. it had to be well structured so that other people could modify the source code

easily, and

7. it had to be easy to install and use.

For these reasons, APTo was written in C++ and great care was taken to make

sure every bit of code was compatible with all operating systems. The user interface

was handled by Qt [140], a cross-platform library that allows the creation of multiple

dock widgets which can either sit within the main window or be dragged to the second

monitor. The 3D graphics is handled by OpenGl [139], via the libQGLViewer libraries

[138].

The most challenging task was to make the graphics fast enough so that tens of

millions of atoms could successfully be viewed in 3D on a standard desktop computer.

This was done by populating single 1Ds array with all the coordinates of the atoms

with a particular mass-to-charge-state ratio and using glDrawArrays() to draw the

data on the screen in an efficient manner. Furthermore, two optional functionalities

can be selected by the user in order to reduce the amount of computational power

required to draw the graphics. The ‘Fastdraw’ option reduces the amount of ions

displayed on the screen when the user interacts with the 3D rendering window so that

the user can move and rotate the object and zoom more rapidly. The ‘Level of Detail’

option progressively reduces the amount of ions displayed on the screen as the user

zooms out, so that only the necessary ions are displayed.
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APTo can also perform some chemical analysis. The chemical composition of the

dataset can be obtained and the mass-to-charge-state ratio spectra can be displayed in

a separate dock widget, where the user can zoom in and out to examine the fine details

of each peak. Peaks on the spectra and ions in the 3D rendering window are colour

coded according to the data provided in the *.rng file, a standard format also used by

IVAS. In the 3D rendering window, the user can select which elements to display and

whether to draw some elements as larger spheres in order to highlight them.

APTo is not intended to be a substitute for IVAS, which has got far more advance

features. Instead, it is meant to be used as a tool to view any dataset on any machine,

quickly and cheaply. It was also meant to stimulate exchange of open-source code in the

atom probe community, which has lacked to the present day. In that it has succeeded

and the International Field Emission Society (IFES) plans to launch a website where

standard datasets, open-source code and best practices can be shared. Within that

framework, APTo would gain a much wider user-base as outsiders will be keen in

learning more about atom probe at no extra cost. Since APTo was launched in March

2009 (12 months), its source code or redistributable has been downloaded 125 times,

exceeding the expectations of the author.
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APPENDIXC
Reference material

In this appendix, some useful information is provided as a reference. A periodic

table, highlighting relevant elements is shown in Figure C.1. A list of isotopes

and relative abundances is shown in Table C.1. The phase diagrams for Ni-Al,

Ni-Ta, Ni-W, Ni-Re, Ni-Ir and Ni-Pt are shown in Figures C.2-C.7.

151



152 Appendix C · Reference material

Figure C.1: Periodic table of the elements [26].
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Table C.1: List of isotopes and their abundance [27].

Isotope Abundance

1H 99.985
2H 0.015

3He 0.000137
4He 99.999863

6Li 7.5
7Li 92.5

9Be 100

10B 19.9
11B 80.1

12C 98.90
13C 1.10

14N 99.634
15N 0.366

16O 99.762
17O 0.038
18O 0.200

19F 100

20Ne 90.48
21Ne 0.27
22Ne 9.25

23Na 100

24Mg 78.99
25Mg 10.00
26Mg 11.01

27Al 100

28Si 92.23
29Si 4.67
30Si 3.10

31P 100

32S 95.02
33S 0.75
34S 4.21
36S 0.02

35Cl 75.77
37Cl 24.23

36Ar 0.337
38Ar 0.063
40Ar 99.600

39K 93.2581
40K 0.0117
41K 6.7302

40Ca 96.941
42Ca 0.647
43Ca 0.135
44Ca 2.086
46Ca 0.004
48Ca 0.187

45Sc 100

46Ti 8.0
47Ti 7.3
48Ti 73.8
49Ti 5.5
50Ti 5.4

50V 0.250
51V 99.750

50Cr 4.345
52Cr 83.789
53Cr 9.501
54Cr 2.365

Isotope Abundance

54Fe 5.8
56Fe 91.72
57Fe 2.2
58Fe 0.28

55Mn 100

58Ni 68.077
60Ni 26.223
61Ni 1.140
62Ni 3.634
64Ni 0.926

59Co 100

63Cu 69.17
65Cu 30.83

64Zn 48.6
66Zn 27.9
67Zn 4.1
68Zn 18.8
70Zn 0.6

69Ga 60.108
71Ga 39.892

70Ge 21.23
72Ge 27.66
73Ge 7.73
74Ge 35.94
76Ge 7.44

74Se 0.89
76Se 9.36
77Se 7.63
78Se 23.78
80Se 49.61
82Se 8.73

75As 100

78Kr 0.35
80Kr 2.25
82Kr 11.6
83Kr 11.5
84Kr 57.0
86Kr 17.3

79Br 50.69
81Br 49.31

84Sr 0.56
86Sr 9.86
87Sr 7.00
88Sr 82.58

85Rb 72.165
87Rb 27.835

89Y 100

90Zr 51.45
91Zr 11.22
92Zr 17.15
94Zr 17.38
96Zr 2.80

92Mo 14.84
94Mo 9.25
95Mo 15.92
96Mo 16.68
97Mo 9.55
98Mo 24.13
100Mo 9.63

93Nb 100

Isotope Abundance

96Ru 5.52
98Ru 1.88
99Ru 12.7
100Ru 12.6
101Ru 17.0
102Ru 31.6
104Ru 18.7

102Pd 1.02
104Pd 11.14
105Pd 22.33
106Pd 27.33
108Pd 26.46
110Pd 11.72

103Rh 100

106Cd 1.25
108Cd 0.89
110Cd 12.49
111Cd 12.80
112Cd 24.13
113Cd 12.22
114Cd 28.73
116Cd 7.49

107Ag 51.839
109Ag 48.161

112Sn 0.97
114Sn 0.65
115Sn 0.34
116Sn 14.53
117Sn 7.68
118Sn 24.23
119Sn 8.59
120Sn 32.59
122Sn 4.63
124Sn 5.79

113 In 4.3
115 In 95.7

120Te 0.096
122Te 2.603
123Te 0.908
124Te 4.816
125Te 7.139
126Te 18.95
128Te 31.69
130Te 33.80

121Sb 57.36
123Sb 42.64

124Xe 0.10
126Xe 0.09
128Xe 1.91
129Xe 26.4
130Xe 4.1
131Xe 21.2
132Xe 26.9
134Xe 10.4
136Xe 8.9

127 I 100

130Ba 0.106
132Ba 0.101
134Ba 2.417
135Ba 6.592
136Ba 7.854
137Ba 11.23
138Ba 71.70

133Cs 100

Isotope Abundance

136Ce 0.19
138Ce 0.25
140Ce 88.48
142Ce 11.08

138La 0.0902
139La 99.9098

141Pr 100

142Nd 27.13
143Nd 12.18
144Nd 23.80
145Nd 8.30
146Nd 17.19
148Nd 5.76
150Nd 5.64

144Sm 3.1
147Sm 15.0
148Sm 11.3
149Sm 13.8
150Sm 7.4
152Sm 26.7
154Sm 22.7

151Eu 47.8
153Eu 52.2

152Gd 0.20
154Gd 2.18
155Gd 14.80
156Gd 20.47
157Gd 15.65
158Gd 24.84
160Gd 21.86

156Dy 0.06
158Dy 0.10
160Dy 2.34
161Dy 18.9
162Dy 25.5
163Dy 24.9
164Dy 28.2

159Tb 100

162Er 0.14
164Er 1.61
166Er 33.6
167Er 22.95
168Er 26.8
170Er 14.9

165Ho 100

168Yb 0.13
170Yb 3.05
171Yb 14.3
172Yb 21.9
173Yb 16.12
174Yb 31.8
176Yb 12.7

169Tm 100

174Hf 0.162
176Hf 5.206
177Hf 18.606
178Hf 27.297
179Hf 13.629
180Hf 35.100

175Lu 97.41
176Lu 2.59

180Ta 0.012
181Ta 99.988

Isotope Abundance

180W 0.13
182W 26.3
183W 14.3
184W 30.67
186W 28.6

184Os 0.02
186Os 1.58
187Os 1.6
188Os 13.3
189Os 16.1
190Os 26.4
192Os 41.0

185Re 37.40
187Re 62.60

190Pt 0.01
192Pt 0.79
194Pt 32.9
195Pt 33.8
196Pt 25.3
198Pt 7.2

191 Ir 37.3
193 Ir 62.7

196Hg 0.15
198Hg 9.97
199Hg 16.87
200Hg 23.10
201Hg 13.18
202Hg 29.86
204Hg 6.87

197Au 100

203Tl 29.524
205Tl 70.476

204Pb 1.4
206Pb 24.1
207Pb 22.1
208Pb 52.4

209Bi 100

232Th 100

234U 0.0055
235U 0.7200
238U 99.2745
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Figure C.2: The Ni-Al phase diagram [1].

Figure C.3: The Ni-Ta phase diagram [1].
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Figure C.4: The Ni-W phase diagram [1].

Figure C.5: The Ni-Re phase diagram [1].
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Figure C.6: The Ni-Ir phase diagram [1].

Figure C.7: The Ni-Pt phase diagram [1].
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