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Abstract  
 
Carbon fibre reinforced polymer (CFRP) tanks are attractive for liquid hydrogen (LH2) storage, 

but cryogenic matrix microcracking can increase gas permeability and compromise reliability. 

This work investigates an epoxy matrix modified with core–shell rubber (CSR), nanosilica and 
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polysulphide in carbon fibre reinforced epoxy (CFRE) laminates, providing a multiscale 

assessment linking cryogenic microcrack resistance and hydrogen permeability with in-situ 

observation of microscale damage mechanisms. The modified CFRE showed no transverse 

cracking up to 100 cycles and a 58% lower crack density than the unmodified system after 250 

cycles between −196 °C and +55 °C. Preliminary hydrogen (H2) permeation data suggested 

that, after 250 cycles, microcracking increased permeability mainly through higher diffusivity 

rather than leakage, with X-ray computed tomography (xCT) showing no through-thickness 

interconnected crack network. Cryogenic scanning electron microscopy (cryo-SEM) showed no 

microscale matrix cracking or fibre–matrix debonding under rapid thermal shock or gradual 

cooling. Additional focussed ion beam–scanning electron microscopy (FIB-SEM) analysis 

provided evidence that isolated fibre damage can extend into the fibre interior. Under combined 

thermo-mechanical loading at −155 °C, the minimum measured stress at first crack was 204% 

higher in the modified CFRE. Overall, cryogenic microcracking mitigation in the modified CFRE 

depends on suppressing thermally induced microscale damage initiation, rather than on 

cryogenic matrix toughness or coefficient of thermal expansion (CTE) mismatch alone. 

 

Graphical abstract 
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1. Introduction 

 
Carbon fibre–reinforced polymers (CFRP) are widely used in aerospace and other weight-

critical structures due to their low density, high specific strength and stiffness, and the ability to 

tailor properties through laminate design and anisotropy. These attributes have driven 

increasing interest in CFRPs for cryogenic propellant storage, particularly for liquid hydrogen 

(LH2) in zero carbon-emission aircraft, as well as in ground-based transport and storage 

applications [1, 2]. Although storage pressures are lower than in compressed hydrogen 

systems, LH2 introduces an extremely low-temperature environment (−253 °C) that places 

significant demands on the storage material. Traditionally, metallic tanks have been used, 

particularly in space applications; however, metals can suffer from hydrogen embrittlement and 

associated performance limitations [3]. CFRP tanks, by contrast, offer a potential weight saving 

of around 20–40% compared with metallic tanks, although their performance is instead limited 

by thermally induced damage and hydrogen permeability, both of which must be controlled for 

reliable and safe operation [4, 5].  

Transverse matrix microcracking is one of the primary damage mechanisms experienced by 

CFRPs in cryogenic environments, thought to be driven by thermally induced residual stresses 

arising from thermal expansion mismatch at both the constituent and ply-level scales [6]. At the 

constituent level, the mismatch is significant, with epoxy matrices typically having CTEs of ~50 

µm/(m·°C), while carbon fibres have a longitudinal CTE of ~ −1 µm/(m·°C) and a macroscopic 

transverse CTE of ~ 8 µm/(m·°C) [7, 8]. To better understand cryogenic damage mechanisms 

that result from this anisotropic thermal response, a range of in-situ characterisation techniques 

have been recently developed and used [9-17]. These include cryogenic in-situ optical 

microscopy with video capture of microcrack formation under tensile loading using a 3D-printed 

cryostat with a viewing port [9-11], and cryogenic tensile testing combined with in-situ optical 

microscopy on cross-ply thin-ply CFRP laminates using a Gifford–McMahon cryocooler [12]. 

Acoustic emission monitoring has also been employed, including fibre-optic sensor-based 

systems for in-situ damage detection in woven CFRP under cryogenic conditions, as reported 

by Su et al. [13, 14] and Ma et al. [15]. In addition, cryogenic in-situ micro-computed 

Jo
urn

al 
Pre-

pro
of



4 
 

tomography (μCT) tensile testing has been used for three-dimensional damage assessment in 

both quasi-isotropic CFRP laminates and glass/epoxy woven fabric composites, as reported by 

Li et al. [16, 17]. While these methods enable in-situ visualisation or monitoring of damage 

development, cryo-scanning electron microscopy (cryo-SEM) has more recently been shown to 

directly resolve damage at the fibre–matrix scale [9]. This included continuous, high-resolution 

visualisation of fibre–matrix interfacial debonding, matrix cracking, and fibre cracking on cooling 

in a CFRP with a commercial, untoughened epoxy matrix. This combination of mesoscale and 

microscale damage characterisation provides a basis for the present study, which examines 

damage formation in a modified epoxy matrix for cryogenic applications. 

A major barrier to the adoption of CFRP for cryogenic storage is the increase in gas 

permeability caused by thermally induced damage, a challenge highlighted early during preflight 

proof testing of the Lockheed-Martin X-33 vehicle, where failure of the sandwich CFRP LH2 tank 

was linked to cryogenic microcracking of the inner skin and subsequent hydrogen infiltration into 

the core [18]. Since then, numerous studies have examined how cryogenic thermal fatigue 

affects gas transport in fibre-reinforced polymers [19-24]. Bechel et al. showed that lay-up and 

thermal-cycle hold temperatures strongly influence crack initiation, propagation and the 

formation of through-thickness gas-flow paths [19]. Choi and Sankar reported that cryogenic 

cycling increased gas permeability in graphite/epoxy laminates, while textile composites 

remained less permeable than laminated composites after cycling [20]. Flanagan et al. 

investigated CF/PEEK laminates for cryogenic tanks and showed that permeability was affected 

by cryogenic cycling, manufacturing route, constituent materials, pressure and laminate 

thickness [21]. Saha et al. reported that stitching can increase permeability in 3D stitched 

carbon/epoxy composites through cracking in resin-rich seam regions, with microcrack density 

increasing with thermal cycling, while their later thin-ply study showed that incorporating thin 

plies into stitched laminates suppressed cryogenic microcracking and reduced gas permeation 

[22, 23]. More recently, Koord et al. reported that, for IM7/8552 laminates cycled up to 10 times 

in liquid nitrogen (LN2), microcrack density increased on cycling, while helium permeation 

remained unchanged [24]. The great majority of studies linking purely cryogenic cycling and 

microcracking to gas permeation use helium as the permeant gas [19-24], largely for reasons of 
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convenience and safety, since hydrogen is flammable above 4 vol% in air and detonable above 

18.3 vol% [18, 25].  

For LH2 storage applications, however, helium remains a proxy for the gas of interest. 

Hydrogen leakage and permeation have been measured in mechanically damaged, loaded or 

tank-derived composite materials [18, 26, 27], but hydrogen transport after cryogenic thermal 

cycling alone is less widely reported, particularly for matrix-modified CFRP. This is important 

because studies have shown helium and hydrogen do not necessarily give the same transport 

response. When investigating helium and hydrogen leakage through X-33 tank test panels, 

Rivers et al. found that the two leak rates did not correlate [18]. Schultheiß observed that, 

across a range of CFRP, lined CFRP and PVC systems, helium permeability was higher than 

hydrogen permeability in all but one material, by 0.7-28 times, and helium diffusivity was 3.3-5.8 

times higher [25]. Similarly, Humpenöder reported that helium diffusivity exceeded hydrogen 

diffusivity by 2.4-3.1 times, whereas permeability differences were smaller and material-

dependent, with hydrogen permeability slightly exceeding helium in most of the fibre-reinforced 

and polymer systems examined [28]. In addition, Koord et al. reported helium permeability to be 

3.1 times higher than hydrogen in HDPE [24]. These differences motivate the present study, in 

which hydrogen rather than helium was used for permeation measurements in the modified 

CFRE. 

 Given the link between cryogenically induced matrix cracking and subsequent gas 

permeation, matrix modification to improve microcrack resistance has been widely investigated 

for CFRPs intended for cryogenic storage applications [29-37]. Islam et al. employed 

polydopamine (PDA)-coated nanoparticles with low or negative thermal expansion, namely 

nano-cupric oxide and zirconium tungstate [29, 30]. In both cases, after a single 45 min 

immersion in liquid nitrogen, CFRP laminates containing the coated nanoparticles showed 

suppressed microcracking, whereas laminates containing the uncoated nanoparticles exhibited 

cracking. Wang et al. used the same 45 min cryogenic immersion on their block copolymer 

(BCP) modified epoxies to demonstrate the improved resistance to microcracking at an optimal 

loading of 2.5 wt% BCP in CFRP laminates [31]. Qu et al. toughened an epoxy matrix using two 

hydroxyl-terminated polyurethanes. After 200 cycles between −196 °C and room temperature, 
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the resulting CFRPs showed 15.9% and 7.1% lower microcrack densities than the untoughened 

CFRP, although all materials cracked early in the cycling regime [32]. He et al. modified an 

epoxy matrix with graphene oxide (GO) and Fe₃O₄/GO in one study [33], and three 

thermoplastics (polyether imide, polycarbonate, and polybutylene terephthalate) in another [34]. 

In both studies, after five cycles between −196 °C and room temperature, all modified CFRE 

laminates showed reduced crack densities compared to the unmodified system. In earlier 

studies, Nobelen et al. reported that increasing additions of carboxyl-terminated butadiene 

acrylonitrile (CTBN) liquid rubber reduced, and in some cases eliminated, microcracking over 

five cycles [35], while dispersed CSR particles reduced microcrack density by ~50% after five 

cycles [36]. Timmerman et al. also found that nanoclay addition reduced microcracking by ~50% 

compared to the unmodified control laminate, although higher nanoclay loadings led to 

increased microcracking [37].  

Despite substantial work on cryogenic damage characterisation, hydrogen permeation 

and matrix modification in CFRP, their combined investigation in a modified CFRE system has 

not, to the authors’ knowledge, been reported. The present study addresses this gap through a 

multiscale assessment of the modified CFRE, linking laminate-scale crack mitigation, hydrogen 

transport behaviour, xCT-resolved internal cracking and in-situ microscale damage observations 

to explain how the matrix modification suppresses cryogenic damage initiation. The study  

begins by assessing the resistance of the modified CFRE to thermally induced matrix 

microcracking during repeated thermal cycling between −196 °C and +55 °C. The effect of 

microcracking on hydrogen permeability is then examined directly, with xCT used to assess 

internal cracking and whether a through-thickness interconnected crack network formed within 

the permeation-tested specimens. To understand the underlying damage mechanisms, cryo-

SEM is used to visualise in-situ microscale damage formation in the modified CFRE under both 

controlled cooling and thermal shock conditions. A separate FIB-SEM analysis is used to 

assess whether localised fibre damage following cryogenic exposure can extend into the fibre 

interior. Temperature-dependent fracture testing of the matrix is then used to provide matrix-

level context for the observed laminate and microscale behaviour. Finally, the implications of the 

matrix modification under combined cryogenic and mechanical loading are assessed through 
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determination of the tensile stress at first crack, allowing the results to be considered in the 

context of LH2 storage tanks. Throughout the study, several references are made to methods, 

data and images first reported in our previous work characterising the unmodified CFRE under 

cryogenic conditions [9]. These are reproduced or adapted here for comparison with the 

modified CFRE. 

 

2. Materials and methods 

 

2.1. Materials  
 
 

RS-M135 (PRF Composites, Poole, UK) was used as the epoxy matrix. The formulation is 

based on the diglycidyl ether of bisphenol A (DGEBA; CAS No. 1675-54-3, 75–90 wt%) with 

1,6-hexanediol (CAS No. 933999-84-9, 10–20 wt%) and has an epoxy equivalent weight (EEW) 

of 176 g/eq. The core-shell rubber toughener used was Kane Ace MX-150 (Kaneka, Belgium), 

which contains a polybutadiene rubber (PBR) core as a pre-dispersed masterbatch (40 wt% in 

DGEBA) (EEW = 307 g/eq) with 100 nm and 200 nm particles. The nanosilica modifier used 

was Nanopox F400 (Evonik, Germany), supplied as a pre-dispersed masterbatch (40 wt% in 

DGEBA) (EEW = 314 g/eq). The epoxy-terminated polysulphide modifier used was Thioplast 

EPS35 (Nouryon, Sweden) (EEW = 625 g/eq). The amine curing agent used was RS-MH137 

(PRF Composites, Poole, UK), containing poly(oxypropylene) diamine (CAS No. 9046-10-0) 

(50-75 wt%) (AEW = 52 g/eq) and 3-aminomethyl-3,5,5-trimethylcyclohexylamine (CAS No. 

2855-13-2) (25-50 wt%). The modified matrix formulation was selected from a wider matrix-

development study reported separately [38]. HexTow IMA-GP 12 K fibres (Hexcel 

Reinforcements, Dagneux, France) were used as the unidirectional carbon fibre reinforcement. 

 

2.2. Manufacturing and specimen preparation 
 

 

Unmodified epoxy specimens for fracture testing and thermomechanical analysis were 

prepared by mixing RS-M135 and RS-MH137 in a ratio of 100:30 by weight. Modified epoxy 

specimens were prepared by mixing RS-M135, EPS35, MX-150, and F400 in a ratio of 

Jo
urn

al 
Pre-

pro
of



8 
 

40:10:25:25 by weight at 60 °C to achieve a 10 wt% concentration of each modifier. A 

stoichiometric amount (a ratio of 100:21 by weight) of the RS-MH137 hardener was added 

based on the calculated EEW of the blend. The blends were degassed for 10 minutes before an 

initial room temperature cure for 24 hours was followed by a post-cure at 70 °C for 20 hours in 

silicone moulds with dimensions tailored to each characterisation method.  

Unmodified CFRE laminates were manufactured by double bag vacuum-assisted resin 

transfer moulding (VARTM), as first reported in [9]. This manufacturing method was chosen to 

minimise the level of voids in the laminate because higher void fractions have been observed to 

significantly influence microcrack density during cryogenic cycling [39] and act as initiation sites 

for microcracks on cycling, increasing the gas leak rate of CFRPs [40]. In the current study, the 

modified CFRE laminates were laid up in the same manner, with an 8-ply [02/902]s stacking 

sequence, and the dry fibre stack left under vacuum for 24 hours at 40 °C to allow consolidation 

and moisture removal. This lay-up facilitated the tensile stress at first crack measurements 

described in Section 2.3.7, as transverse matrix microcracking in 90° plies is typically the 

earliest damage mode under axial loading in the 0° direction [41]. The lay-up also represents a 

severe configuration for thermal cycling, as the 0°/90° ply mismatch promotes laminate-level 

residual stresses during cooling and therefore increases susceptibility to transverse 

microcracking [6]. The resin system was subsequently weighed, mixed and degassed prior to 

infusion under vacuum at 40 °C. While the unmodified epoxy (RS-M135) could be readily 

infused at room temperature, the modified epoxy had a higher viscosity. Therefore, a 40 °C 

processing temperature was selected after dynamic and isothermal rheology was performed 

(Supplementary Figures S1a and b), to achieve sufficiently low viscosity (0.47 Pa·s) for effective 

fibre wet-out, whilst still maintaining a sufficient pot life (23 minutes) and infusion working time 

(20 minutes), according to the suggested upper limit of 0.8 Pa·s by Wadsworth [42]. Following 

infusion, the laminate was cured at room temperature for 24 hours and then post-cured at 70 °C 

for 20 hours. CFRE specimens were extracted and prepared for thermal cycling and H2 

permeation (25 mm × 25 mm), tensile stress at first crack testing (205 mm × 13 mm), and cryo-

SEM analysis (3 mm × 5 mm), following the procedures described previously [9] and illustrated 

in Figure 1. The thickness of the specimens varied from 2.40 mm to 2.47 mm. 
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Figure 1: CFRE specimen manufacturing and preparation: a) VARTM layup; b) thermal cycling specimen 
extraction; c) tensile stress at first crack specimen extraction, d) polishing and e) tabbing. 

 
 

2.3. Materials characterisation 
 
 

2.3.1. Rheology and thermomechanical analysis 
 

Dynamic and isothermal rheology was performed using a TA Instruments Discovery 

HR-10 rheometer and 25 mm ETC aluminium disposable parallel plates. Dynamic temperature 

sweeps were conducted from 25 °C to 140 °C at a heating rate of 2 °C min-1. 

Thermomechanical analysis (TMA) was used to characterise thermal expansion behaviour via a 

TA Instruments Q400 fitted with an expansion probe. Calibration of temperature and 

dimensional response was performed using indium and aluminium standards, respectively. 

Specimens were cured into cubes (8 mm × 8 mm × 8 mm) and tested from -75 °C to 20 °C at a 

heating rate of 5 °C min-1. Mean coefficients of thermal expansion (αm) were calculated from the 

total measured length change (ΔL) across the full temperature range (ΔT) using Equation (1), 
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where L₀ is the initial gauge length which was measured by the instrument prior to data 

acquisition. 

 

       𝛼𝑚 =  
1

𝐿0
 

∆𝐿

∆𝑇
      …(1) 

 

2.3.2. Thermal cycling 
 

 

Thermal cycling was carried out according to the method first reported in [9]. In brief, 

three specimens were thermally cycled between −196 °C and +55 °C using an automated 

immersion rig with LN2 and a heating chamber. Cycle timing was calibrated by embedded 

thermocouple measurements, and a 490 s cycle including 60 s LN2 immersion was applied for 

250 cycles. Optical micrographs using a Zeiss Inverted Axio Observer were collected from two 

adjacent polished edges of each specimen at 0, 1, 10, 50, 100 and 250 cycles to assess 

thermally induced microcracking.  

 
 

2.3.3. Hydrogen permeability  
 
 

Room temperature hydrogen permeation was characterised using a static differential-

pressure method. The experimental methodology followed BS ISO 15105-1:2007 Plastics — 

Film and sheeting — Determination of gas-transmission rate — Part 1: Differential-pressure 

methods [43], in which a constant gas pressure was applied upstream of the specimen while the 

downstream side was held under static vacuum. Permeation was quantified by monitoring the 

rate of pressure rise in the downstream volume under controlled temperature and fixed volume 

conditions. The system comprised a gas and vacuum manifold equipped with capacitance 

manometers, vacuum transducers, thermocouples, and a turbomolecular pump, connected to a 

custom-designed permeation cell (Figure 2). The cell consisted of a pressurised upstream 

chamber and two evacuated chambers (downstream and side chambers), separated by the 

mounted specimen and deformable indium seals. The downstream chamber measured through-

thickness hydrogen flux, while the side chamber was used to assess seal integrity and detect 
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any lateral gas leakage before and during testing. Each chamber was independently 

instrumented with pressure sensors and relief valves. 

 

 

Figure 2: a) Hydrogen permeation apparatus and b) Representative cross-sectional schematic of the 
permeation cell assembly showing the mounted specimen (yellow) and indium seals (blue). 

 
Hydrogen permeation measurements were carried out on as-manufactured specimens and 

specimens subjected to 250 thermal cycles, as described in Section 2.3.2. Prior to testing, each 

specimen was installed in the permeation cell body and compressed between indium wire seals, 

thereby isolating the upstream, downstream, and side chambers. Although each specimen 

measured 25 mm × 25 mm, the effective permeation area was smaller due to the permeation 

cell geometry and the presence of the indium wire seal. The active area was determined from 

pixel measurements of the nominal 19 mm diameter indium seating indent from the permeation 

cell and the further reduction caused by indium overlap on the specimen surface. The 

permeation region was assumed to remain circular, acknowledging the indium residue after 

removal from the permeation cell. This yielded the reduced permeation areas as reported in 

Table 1. The assembled cell was connected to the manifold and placed in an environmental 

chamber. To degas the permeation cell and sample, a 24 h dynamic vacuum was applied using 

a turbomolecular pump, with the cell heated to 40 °C to assist outgassing. Target pressures of ≤ 

1 × 10⁻³ mbar in the upstream chamber and ≤ 1 × 10⁻⁵ mbar in the downstream and side 

chambers were achieved before cooling to ~22 °C. Each chamber was then isolated, and 

vacuum-decay tests were performed; assemblies exhibiting leak rates greater than 1 × 10⁻⁵ 
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mbar s⁻¹ were dismantled and reassembled. Baseline downstream leak rates were typically ~1 

× 10⁻⁸ mbar L s⁻¹ and were recorded for background correction. 

Following sample installation validation, the downstream and side chambers were re-

evacuated (< 1 × 10⁻³ mbar), isolated, and allowed to stabilise. The upstream chamber was 

initially pressurised with hydrogen to 2 bar and monitored for 1 h to confirm the absence of 

positive-pressure leaks, before being increased incrementally to 50 bar. Pressures in all 

chambers were logged at 30 s intervals. Testing proceeded until steady-state permeation was 

reached, identified by a linear increase in downstream pressure. Permeability, diffusivity, and 

solubility coefficients were then determined using the time-lag method. The hydrogen 

permeability coefficient, P (mol H2·m / (m²·s·Pa)), was calculated from the steady-state pressure 

rise rate (dp/dt) using Equation (2), where dp/dt represents the steady-state rate of pressure 

rise in the downstream chamber, V is the downstream volume, d is the specimen thickness, A is 

the effective permeation area, T is the test temperature, R is the universal gas constant and pu 

is the applied upstream pressure. 

 

𝑃 =
𝑉𝑑

𝐴𝑅𝑇𝑝𝑢
(

𝑑𝑝

𝑑𝑡
)     …(2) 

 

The diffusion coefficient, D (m²/s), was obtained using the time-lag approach, in which 

the extrapolated x-intercept of the linear steady-state pressure time response defines the time 

lag, t′, which is related to D through Equation (3). 

𝐷 =
𝑑2

6𝑡′      …(3) 

 

The solubility coefficient, S (mol/(m³·Pa)), was then calculated by Equation (4). 

 

𝑆 =
𝑃

𝐷
      …(4) 
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2.3.4. X-ray computed tomography 
 

X-ray computed tomography (xCT) was performed on specimens approximately 25 mm 

x 25 mm x 2.4 mm in size using a Zeiss XRadia Versa 520 system. Scans were acquired at 80 

kV, 7 W with no filtering and with an exposure time of 3 s per projection during rotation of the 

specimen. The detector was operated with an optical magnification of 0.398x, resulting in an 

effective voxel size of 14.5 μm. xCT 3D reconstruction and segmentation were performed using 

Dragonfly 3D World (Object Research Systems (ORS) Inc., Montreal, Canada). 

 

2.3.5. Cryogenic, ambient and focussed ion beam-scanning electron 
microscopy  

 
 

Rapid cooling cryo-SEM imaging was performed using a FEI Quanta 200F FEG-SEM 

equipped with a Gatan Alto 2500 cryo-preparation system. Secondary electron images were 

acquired at 20 kV. Samples were mounted on a cryo-transfer holder, sputter-coated with ~10 

nm Au–Pd, immersed in slush nitrogen (SN2, ~−207 °C) for 60 s, and returned to the 

preparation chamber to sublime surface ice at −95 °C for 3 minutes. Specimens were then 

transferred directly to a pre-cooled SEM chamber and imaged at −130 °C. Slow-cooling cryo-

SEM imaging was conducted using a Quanta 650 FEG-SEM (FEI UK Ltd., Cambridge, UK)  

fitted with a Gatan C1003 nitrogen cooling stage (Gatan Inc., CA, USA). Specimens were 

cooled with nitrogen gas at ~6 °C min⁻¹ to −138 °C, held for approximately 9 minutes then 

warmed at ~2 °C min⁻¹. Secondary electron images were acquired at 20 kV after sputter-coating 

with gold (~10 nm), with 721 images collected at six frames per minute. 

FIB-SEM was conducted on a ThermoFisher Scientific Helios 5 Hydra CX Plasma FIB 

microscope equipped with an Elstar Electron SEM column with UC+ and a multi-ion species 

plasma FIB column oriented at 52° relative to the SEM column. The specimen was positioned at 

a working distance of 4.1 mm, and the stage tilted to 52° so that the specimen surface was 

normal to the ion beam during milling. A thin platinum protective layer was deposited over the 

region of interest prior to milling to minimise surface damage. Fiducial markers were milled 

adjacent to the target region to enable alignment correction during automated slice-and-view 
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acquisition. Serial sectioning was performed using an argon ion beam with accelerating voltage 

of 30 kV and a beam current of 1 nA, with a nominal slice thickness of 25 nm. SEM images of 

the exposed cross-section were acquired for every slice using an accelerating voltage of 15 kV. 

SEM images of single-edge notched beam fracture surfaces were collected on the same 

instrument at 20 kV. 

 
 

2.3.6. Matrix fracture toughness 
 
 

Fracture toughness (KIC) and fracture energy (GIC) were measured by single-edge 

notched beam (SENB) testing at room and cryogenic temperatures. Specimens were cured to 

the geometries shown in Supplementary Figure S2, with W = 2B. Notches and sharp pre-cracks 

were introduced using a fresh razor blade, with crack lengths satisfying 0.45 < a/W < 0.55 and 

verified post-test by optical microscopy (Keyence VHX-6000f). Crack-tip stress relaxation was 

achieved by heating at 70 °C for 30 minutes prior to testing. Fracture tests were conducted on 

an Instron 3366 (10 kN load cell) at 10 mm min-1. For −196 °C tests, specimens were immersed 

in liquid nitrogen for 10 minutes before loading. At least three specimens were tested per 

condition. Force-displacement data were analysed in accordance with ASTM D5045 [44] to 

determine KIC using either Pmax or Pq (Equation (5)), with test validity assessed using Equation 

(6), where σy = 0.7 times the compressive yield stress. 

 

𝐾𝐼𝐶 =
𝑃max 𝑜𝑟 𝑞 𝑓(𝑥)

𝐵𝑊1/2      …(5) 

𝐵, 𝑎, (𝑊 − 𝑎) > 2.5 (𝐾𝑞/ 𝜎𝑦)    …(6) 

 

Fracture energy (GIC) was calculated using Equations (7) and (8) from the calibration 

factor (φ) and corrected energy (U), where U is the difference between the integrated load–

displacement area to Pmax for the notched specimen (Uq) and that of an unnotched correction 

specimen (Ui) at the same temperature. 

𝐺𝐼𝐶 =
𝑈

(𝐵𝑊φ)
      …(7) 

𝑈 = 𝑈𝑞 − 𝑈𝑖      …(8) 
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2.3.7. Tensile stress at first crack 
 

Room temperature and cryogenic temperature quasi-static tensile testing to measure 

the tensile stress at first crack was performed on an Instron 5980 series universal testing 

system equipped with a 250 kN load cell, using the method first discussed in [10, 11] and then 

subsequently described in [9]. In brief, at room temperature, specimens were loaded with the 

polished edge facing a camera for in-situ microcrack observation via continuous video 

recording. For cryogenic tests, specimens with attached thermocouples were mounted in a 3D-

printed cryostat and cooled with nitrogen gas to −155 °C ± 5 °C, held for 5 minutes, before 

tensile loading was applied at 2 mm min⁻¹ with continuous video recording. Five specimens 

were tested at each temperature. Transverse cracks were identified visually from video 

recordings and matched to their initiation stress using Imetrum software. Crack density (D) was 

calculated over a 9 mm observation length (A) using Equation (9), where N is the number of 

visible cracks. 

 

     D = N / A        ...(9) 

 

 

3. Results and discussion 
 
 

3.1. Thermal cycling and transverse microcracking 
 

To assess the capacity of the modified CFRE to resist thermally induced matrix cracking, 

three 25 mm x 25 mm specimens were subjected to 250 cycles between −196 °C and +55 °C 

with optical microscopy imaging at 0, 1, 10, 50, 100, and 250 cycles. For each specimen, two 

adjacent polished edges were inspected, with Figure 3 presenting the images from both edges 

of one specimen (TC_3) at 0, 100, and 250 cycles.  
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Figure 3: Microcrack evolution in the modified CFRE specimen subjected to thermal cycling between 

−196 °C and +55 °C: a), e) Schematics indicating the observed edges, where a) corresponds to edge 1 
and e) to edge 2; b), f) prior to cycling; c), g) after 100 cycles, with no cracks observed; and d), h) after 250 

cycles, showing one crack on edge 1 and two cracks on edge 2. 

 
After 250 cycles, the observed transverse microcracks depended on the orientation of the 

inspected face. The laminate stacking sequence was [02/902]s, comprising two 0° outer plies 

and four blocked 90° inner plies. Depending on the inspected edge, different ply orientations 

were exposed at the surface. In edge 1 (Figure 3a), the central 90° block was visible through 

the specimen thickness with 0° plies at the outer surfaces. In edge 2 (Figure 3e), the 

perpendicular cross-section exposed the 90° plies at the specimen surfaces and the 0° plies in 

the interior. Average microcrack densities were determined from the total number of 

microcracks counted along two adjacent 25 mm edges of each specimen. Only transverse 
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cracks extending across at least three-quarters of a ply were included in the density 

calculations, following the criterion proposed by Bechel and Kim [39] and also used by Saha et 

al. [23]. After 100 cycles, no cracks had formed in either edge 1 or edge 2 in any of the three 

modified CFRE specimens cycled, as shown in Figure 3c and g for TC_3. However, by 250 

cycles, cracks had formed in five of the six inspected edges, as illustrated in Figure 3d, in which 

one transverse crack was observed in the central 90° layer of edge 1 and in Figure 3h, where 

two cracks were observed in the 90° surface plies in edge 2.  

In our previous work, thermal cycling using the unmodified epoxy as the CFRE matrix was 

reported, with cracks appearing as early as the first cycle in edge 2 of one specimen [9]. Figure 

4 presents a plot of crack density as a function of the cycle number for the unmodified and 

modified CFRE. As shown in Figure 4, the crack density increases at every cycle increment for 

the unmodified CFRE, reaching 0.47 cracks per centimetre by 100 cycles. In comparison, the 

modified matrix exhibited no cracking by 100 cycles. After 250 cycles, the crack density of the 

unmodified CFRE was 2.06 cracks per centimetre, while the modified CFRE was 58% lower, 

with 0.87 cracks per centimetre. Comparison with the literature on in-house matrix-modified 

CFRE laminates is not straightforward, due to differences in manufacturing method, lay-up and 

thermal cycling conditions, all of which can influence cryogenic matrix microcracking. Several 

studies on modified CFREs reported effective crack mitigation in [0/90₄]s laminates produced via 

VARTM after a single 45 min immersion in liquid nitrogen [29-31], while other studies reported 

reduced crack density after a small number of cycles between −196 °C and RT [33, 36, 37]. In 

work extending to 200 cycles between -196 °C and RT, matrix modification was shown to 

reduce crack density even when cracking initiates early in the cycling sequence [32]. The 

present results add to this literature by showing suppressed cracking up to 100 cycles and 

reduced crack density after 250 cycles between −196 °C and +55 °C, compared with the 

unmodified CFRE. 
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Figure 4: Crack density following thermal cycling between −196 °C and +55 °C for the unmodified and 
modified CFRE. 

 

 

3.2. Effect of microcracking on hydrogen permeability 
 

To investigate how the thermally induced cracking affected the hydrogen (H2) permeability 

of the modified CFRE, 0-cycle (uncracked) and 250-cycle (cracked) specimens were subjected 

to room temperature H2 permeability experiments, with the results detailed in Table 1. Additional 

H2 permeation repeats were attempted, however, given the technical challenges associated with 

this kind of testing, only a limited number of tests produced datasets suitable for analysis. The 

results are therefore interpreted as trends in transport behaviour rather than definitive absolute 

permeability values. 
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Table 1: Hydrogen permeability data for 0-cycle (uncracked) and 250-cycle (cracked) modified CFRE specimens.  

Specimen Thermal 
cycles 

Edge crack 
density 
(cm⁻1) 

Thickness 
(mm) 

Permeation 
area (mm²) 

Time 
lag 
(h) 

Permeability coefficient  
[x10-16 mol·m/(m²·s·Pa)] 

Diffusion 
coefficient 
[x10-11 m²/s] 

Solubility coefficient  
[x10-6 mol/(m³·Pa)] 

TC_1 0 0.0 2.40 158 16.31 1.33 1.64 8.11 

TC_2 0 0.0 2.42 157 14.58 1.48 1.86 7.98 

TC_3 250 0.6 2.44 177 10.56 1.58 2.61 6.06 

TC_4 250 1.6 2.47 149 9.29 2.33 3.05 7.63 

 

Following 250 thermal cycles, the mean H2 permeability coefficient increased from 1.41 ± 

0.11 × 10-16 mol·m/(m2·s·Pa) for the uncycled specimens to 1.96 ± 0.53 × 10-16 mol·m/(m2·s·Pa), 

while diffusivity increased from 1.75 ± 0.16 × 10-11 m2/s to 2.83 ± 0.31 × 10-11 m2/s, with greater 

scatter in the thermally cycled specimens. In contrast, solubility remained of similar magnitude 

across all samples. Although the small number of valid tests means that these values should be 

interpreted as preliminary trends, the increase in diffusivity suggests that the higher permeability 

is associated primarily with damage assisted transport through the laminate rather than a 

substantial change in polymer–gas thermodynamic interactions caused by the thermal cycling. 

This is also reflected in the measured time lag (t′), which decreased from 15.45 ± 1.22 h in the 

uncycled specimens to 9.93 ± 0.90 h in the cycled specimens. The individual pressure–time 

curves for each valid permeation test are shown in Figure 5 and exhibited a clear time lag 

followed by a linear steady-state region, consistent with Fickian transport behaviour under the 

conditions tested. This characteristic supports reporting the present data in terms of 

permeability, diffusivity and solubility, rather than as leak rate, since permeability values derived 

from Fick’s law are only meaningful in damaged composites where Fickian behaviour is retained 

[45]. Although permeability is reported here following the principles in ISO 15105, the authors 

recognise that for fibre-reinforced laminates exhibiting thickness-dependent microcracking, 

permeance may be a more appropriate descriptor when comparing laminates of substantially 

different thicknesses, because thickness can influence the extent and connectivity of cracking 

and, consequently, the total gas transmitted through the laminate [45]. In the present study, 

specimen thickness varied only marginally (2.40–2.47 mm) and all specimens were derived 

from the same laminate; the observed trends are therefore attributed primarily to differences in 

damage state rather than thickness effects.  
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Figure 5: Individual H2 pressure–time permeation curves for a) TC_1 and b) TC_2 after 0 cycles and c) 
TC_3 and d) TC_4 after 250 thermal cycles between −196 °C and +55 °C. 

 

The relationship between microcrack density and transport coefficients is illustrated in 

Figure 6. TC_3 (0.6 cracks cm-1) exhibited a 12% increase in permeability and a 49% increase 

in diffusivity relative to the uncycled mean, whereas TC_4 (1.6 cracks cm-1) showed larger 

increases of 66% and 74%, respectively. Potential sources of scatter in H2 permeation 

experiments can include sealing integrity, system stability and specimen-to-specimen 

inhomogeneity. Specimen variability was reduced by testing specimens taken from the same 

laminate, while sealing and system-related effects were controlled using deformable indium 

seals, a separate side chamber to assess seal integrity and detect lateral gas leakage, vacuum-

decay testing, baseline leak-rate correction and positive-pressure leak checks. Differences in 

local damage state are also reflected in the observed scatter, with the higher permeability of 

TC_4 coinciding with its greater edge crack density, suggesting that the variation between the 

thermally cycled specimens is at least partly related to differences in microcracking. 
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Figure 6: Permeability and diffusion coefficient as a function of edge crack density. 

 

This trend is consistent with a damage-assisted transport mechanism, in which increasing 

microcrack density may reduce laminate tortuosity and thereby increase H2 transport, primarily 

through higher diffusivity. This is consistent with previous studies reporting that increased 

thermal cycling leads to greater matrix microcracking and corresponding increases in gas 

permeability [19-21], although those studies used helium (kinetic diameter ca. 260 pm) rather 

than hydrogen (kinetic diameter ca. 289 pm). The crack densities in Table 1 were measured by 

optical microscopy along two adjacent polished specimen edges, as described in Section 3.1. 

They should therefore be viewed as edge-based indicators of relative damage state, rather than 

direct measurements of internal crack volume within the reduced permeation area. Even so, the 

clear difference in crack density between the two cycled specimens provides useful context for 

the corresponding changes in transport behaviour. However, once an interconnected crack 

network forms through the laminate thickness, transport may transition from permeability-

controlled diffusion to leakage, for which the resulting flux can be orders of magnitude higher 

than that associated with permeation, as discussed by Koord et al. [24]. The Fickian behaviour 

of the pressure-time data in Figure 5 suggests that transport in the cracked specimens 
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remained diffusion-controlled under the test conditions, rather than via leakage through an 

interconnected crack network from one face to the other. To further investigate this, xCT was 

carried out on the cracked specimens, given its established value for assessing internal 

laminate damage, including intra-ply cracking, in composite laminates [46]. Figure 7 presents 

representative 3D reconstructions of TC_3 and TC_4. 

 

 

Figure 7: 3D xCT volume renderings of a), c) TC_3 and b), d) TC_4. Cracks shown in purple are 
transverse to the fibre direction in the inner 90° plies, while cracks shown in blue are located in the outer 0° 

plies. 

 
In TC_3, two cracks were resolved in the same outer 0° plies and two within the inner 90° 

block, one of which extended only a small distance along the specimen length. In TC_4, one 

crack was resolved in the outer plies and four within the inner 90° block, with two of the latter 

extending only part way along the specimen. In both specimens, the resolved cracks occupied 

only part of the laminate thickness, and no continuous through-thickness crack path was 

observed in the xCT reconstructions. This is consistent with the Fickian behaviour of the 

permeation curves in Figure 5. However, the xCT scans resolved only the larger cracks 

spanning the blocked 90° plies or outer 0° plies. Smaller cracks identified by optical microscopy, 

including those used in the crack density values in Table 1, Figure 4 and Figure 6, could not be 

resolved at the available xCT resolution, even when the field of view was reduced to the 

smallest practical area around the reduced permeation zone. Given their limited extent, with the 
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optical crack-density criterion including cracks extending across at least three-quarters of a ply, 

and the fact that the H2 permeation curves remained Fickian, these smaller cracks are not 

thought to form an interconnected leakage path from one face of the specimen to the other. 

They are, however, likely to contribute to the increase in H2 transport by increasing the local 

void space available for diffusion and thus the effective diffusivity.  

The xCT reconstructions therefore show that cracking extended into the specimen interior 

and was not confined to the polished edges. They also provide information that could not be 

obtained from 2D edge observations alone, reinforcing the need for correlative damage 

assessment in microcracked laminates. This agrees with previous leakage work, where 

correlating leak rate with damage state required quantitative leak measurement alongside 

complementary assessment of laminate damage using edge inspection and polished cross-

sections [27].  In the present study, the three cracks visible optically in TC_3 were all identified 

in the xCT reconstruction, while the scan also revealed a further transverse crack that 

propagated only part way into the specimen and was therefore not visible on the polished edge. 

This highlights the value of xCT in identifying partial internal cracks that do not intersect a 2D 

surface, while also illustrating the difficulty of resolving cracks of only a few tens of microns 

within specimens of millimetre-scale thickness and centimetre-scale length. 

 

3.3. Thermal loading and microscale damage formation  
 

 
Our previous work demonstrated the use of cryo-SEM to visualise microscale damage 

formation in an unmodified CFRE under both controlled cooling and thermal shock via cryogenic 

immersion. Under both regimes, widespread damage was observed, including fibre–matrix 

debonding and microscale matrix cracking, which likely acted as initiation sites for the larger 

transverse matrix cracking detected after a single thermal cycle and contributed to the 76% 

reduction in stress at first crack [9]. Given that no transverse cracking was observed in the 

modified CFRE up to 100 cycles, as discussed in Section 3.1, this raised the question of 

whether similar microscale damage was forming in the modified system. To subject the modified 

CFRE to thermal shock via rapid cooling, a 3 mm x 5 mm specimen was immersed in slush 
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nitrogen (SN2, ~−207 °C). Identical regions were imaged before and after immersion, with post-

immersion scans acquired at −130 °C using the SEM cryo-stage. Figure 8a shows area 1 prior 

to immersion and Figure 8b after immersion at −130 °C. Further examples are presented in 

Supplementary Figure S3.  

In contrast to the unmodified CFRE, no matrix cracking or fibre–matrix interfacial debonding 

was observed following immersion. Although the matrix and interfaces remained intact, several 

new fibre cracks were visible after immersion, highlighted by the blue arrows in Figure 8b and 

Supplementary Figure S3d. Comparison with the corresponding pre-immersion cross sections in 

Figure 8a and Supplementary Figure S3c suggests that many of these cracks formed in fibres 

that previously appeared undamaged. However, the cross sections marked by the yellow 

arrows indicate that fibres containing pre-existing defects exhibited further damage, suggesting 

that thermal shock can exacerbate existing fibre defects. Within this system, the retention of 

matrix and fibre–matrix interfacial integrity alongside fibre cracking highlights the robustness of 

the modified matrix under cryogenic thermal shock. These findings suggest that, under these 

conditions, the fibres may be the more susceptible constituent during cooling, as further 

discussed in Section 3.4, whereas the matrix and fibre–matrix interfaces remain comparatively 

resistant to damage formation. 

 

  

Figure 8: SEM micrographs of a) area 1 pre-immersion and b) area 1 post-immersion in slush nitrogen 
(~−207 °C) and imaged at −130 °C using a cryo-SEM stage. No damage was observed in the matrix or 

fibre–matrix interface post-immersion, but new fibre cracks were observed (blue arrows), and pre-existing 
fibre damage was exacerbated (yellow arrows). Additional examples are shown in Supplementary Figure 

S3. 
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In our previous work, slow cooling had a more pronounced effect on microscale damage 

formation in the unmodified CFRE, with 94% of the fibres in the SEM field of view exhibiting 

some degree of fibre–matrix debonding across 331 observed fibre cross-sections [9]. To 

investigate whether the modified matrix had similar resilience to slow cooling as it did with 

thermal shock, the modified CFRE was cooled in-situ in the SEM chamber at ~6 °C min⁻¹  to 

−138 °C, held for around 9 minutes then rewarmed at ~2 °C min⁻¹. In-situ cryo-SEM enables 

continuous imaging during controlled cooling and re-warming, allowing detailed microscale 

damage initiation and growth to be tracked in real time at substantially higher spatial resolution 

than X-ray-based approaches that primarily resolve larger internal defects. Video 1 compiles 

721 SEM images recorded during the thermal cycle, shown alongside the corresponding 

temperature profile, focusing on a local region within the central 90° ply block at the polished 

specimen edge. In Figure 9, individual micrographs taken from the sequence at distinct 

temperatures are presented. 

 

 

Figure 9: SEM micrographs acquired during gradual cooling of the modified CFRE: a) RT pre-cycle; b) 
−70 °C; c) −138 °C at the lowest temperature during the thermal cycle and d) at RT post-cycle. Yellow 

arrows indicate areas of matrix deformation and blue arrows indicate exacerbation of fibre defects. The full 
sequence of 721 SEM images is shown in Video 1 alongside a corresponding temperature profile. 
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Across the sequence in Figure 9a-d, no matrix cracking or fibre–matrix debonding was 

observed at any stage of the thermal cycle. In the room temperature pre-cycle image (Figure 

9a), the fibres are uniformly embedded within the modified epoxy matrix, the interfaces appear 

intact, and several fibres exhibit pre-existing defects within their cross-sections. As the 

specimen is cooled to −70 °C (Figure 9b) and then to −138 °C (Figure 9c), contrast changes 

appear within the resin-rich regions between fibre clusters, with examples highlighted by the 

yellow arrows. Given the use of a secondary electron detector, which is sensitive to surface 

topography, these evolving bright and dark regions are attributed to deformation associated with 

constrained thermal contraction of the matrix within the fibre reinforcement, as the temperature 

is decreased [47]. The features are diffuse rather than sharply defined, and no interfacial gaps 

or crack-like discontinuities are observed, indicating that the matrix accommodates the thermal 

strain without fracturing. During cooling, several fibres with pre-existing defects show clear 

worsening of those flaws at low temperature, with examples highlighted by the blue arrows. 

These cracks remain confined to the fibres and did not propagate into the adjacent matrix or 

lead to interfacial debonding. After rewarming to room temperature (Figure 9d), much of the 

matrix contrast variation diminishes (yellow arrows), indicating partial recovery of the thermally 

induced surface relief, whereas the fibre cracks persist and in some cases are worsened (blue 

arrows). Overall, slow cooling to −138 °C leads to partially reversible deformation within the 

modified epoxy matrix but irreversible damage within susceptible fibres, while the fibre–matrix 

interfaces remain intact. This suggests that local strain accumulation within susceptible fibres 

may contribute to the observed fibre damage. This interpretation is considered further in Section 

3.4, in the context of X-ray diffraction (XRD) based measurements showing that transverse 

lattice strain develops within embedded carbon fibres during cooling [7]. The damage evolution 

in the modified CFRE is in clear contrast to the unmodified CFRE, which, despite being cooled 

only to −85 °C, exhibited severe microstructural damage, as shown in the higher-magnification 

post-mortem images of both materials acquired at room temperature after the thermal cycle 

(Figure 10). 
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Figure 10: SEM images acquired at room temperature after one thermal cycle: a) unmodified CFRE, 
showing widespread microscale damage, including matrix cracking and fibre–matrix debonding (adapted 
from [9]); and b) modified CFRE, showing localised matrix deformation but no evidence of fibre–matrix 

interfacial debonding or matrix cracking. 

 

Consistent with our earlier observations, slow cooling in the present study produced a more 

pronounced effect on the microscale morphology of the modified CFRE than thermal shock. The 

extended thermal exposure during gradual cooling provided sufficient time for strain to 

accumulate as a result of the transverse contraction mismatch between the higher-CTE matrix 

and the carbon fibres, leading primarily to areas of matrix deformation. In contrast, rapid 

immersion imposed abrupt thermal loading, generating steep temperature gradients over a very 

short time interval; despite this sudden temperature change, no comparable matrix deformation 

was observed. Importantly, during gradual cooling, these changes were diffuse rather than 

discrete fracture features, with no matrix cracking or fibre–matrix interfacial debonding observed 

in the modified CFRE, unlike in the unmodified CFRE. Together with the partial recovery of 

matrix contrast after rewarming, this suggests that cooling-induced strain was accommodated 

locally within the modified matrix rather than being relieved through matrix fracture or fibre–

matrix interfacial separation. Although only local regions of the specimens were captured in the 

SEM field of view, the lack of visible microscale matrix cracking or debonding suggests fewer 
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crack-initiation sites in the modified CFRE, helping to explain the delayed onset of larger 

transverse cracks during thermal cycling compared with the unmodified CFRE.  

Despite the higher measured CTE of the modified epoxy, of 66.4 µm/(m·°C), compared to 

55.4 µm/(m·°C) for the unmodified epoxy, the greater CTE mismatch between the fibres and 

matrix did not translate into increased damage. This indicates that CTE mismatch alone does 

not dictate damage initiation in this system. Rather, the modified matrix appears capable of 

accommodating thermally induced strain without generating the localised stress concentrations 

required for matrix cracking or interfacial debonding. This suggests that although epoxy 

toughening with particles such as CSR can lose effectiveness at low and cryogenic 

temperatures as behaviour becomes increasingly matrix-dominated [48], incorporating 

components with low glass transition temperatures could be advantageous when modifying an 

epoxy matrix and should be considered alongside efforts to limit CTE mismatch when designing 

cryogenic matrices. In the modified epoxy, the MX-150 additive containing polybutadiene-based 

CSR particles (core Tg = −76 °C [48]) and the long-chain aliphatic segments in EPS35 (Tg = 

−20.6 °C [38]) may help accommodate strain at reduced temperature. 

 
 

3.4. FIB-SEM investigation of fibre damage 
 
 

While cryo-SEM observations showed that matrix cracking and fibre–matrix interface 

debonding on cooling were suppressed in the modified CFRE, both fibre cracking and the 

exacerbation of pre-existing fibre defects were observed in the unmodified CFRE [9] and 

modified CFRE. Such fibre damage associated with cryogenic exposure is rarely reported, as 

thermally induced damage in CFRP is typically concentrated within the matrix and at the fibre–

matrix interface. Where fibre damage has been observed, it is generally linked to the 

propagation of transverse cracks rather than occurring in isolation; for example, Timmerman 

reported fibre splitting during transverse crack growth in nanoclay-modified CFRE laminates 

under cryogenic cycling [37].  

To provide a mechanistic follow-up to the fibre damage observed during cryogenic 

exposure, focussed ion beam (FIB) milling was carried out on fibres within the unmodified CFRE 
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to determine whether isolated surface cracks were confined to the polished cross-section or 

extended into the fibre interior. Figure 11 illustrates the workflow used for these experiments. 

First, a large cross was milled into the polished edge of a 3 mm × 5 mm specimen using argon 

ion milling. This cross served as a positional reference to allow the same region to be relocated 

following thermal cycling. A series of SEM images were then collected across the region of 

interest and stitched together to produce a large-area map of the specimen edge. Figure 11a 

shows a section of this stitched image, with Figure 11b highlighting a fibre that was later found 

to sustain cryogenic damage. The specimen was then removed from the chamber and 

subjected to ten thermal cycles by repeated immersion in LN2 followed by warming to room 

temperature. After cycling, the specimen was returned to the SEM chamber, and the previously 

acquired stitched image map was used to relocate the same region of the polished edge. The 

new SEM images were compared with the original stitched dataset to identify fibres that had 

sustained damage during thermal cycling. Figure 11c shows one such fibre, where a small 

wedge-shaped surface crack developed as a result of the thermal cycling. To investigate 

whether this damage extended into the fibre interior, the SEM stage was tilted by 52° and a thin 

protective layer of platinum was deposited over the fibre surface (Figure 11d). FIB milling was 

then performed transverse to the fibre axis to progressively expose the fibre cross-section 

beneath the damaged region. Figure 11e-g show the progression of milling, revealing that in this 

instance the damage was confined to the fibre surface and did not extend into the fibre interior. 
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Figure 11: SEM images of the workflow used to investigate fibre damage formed during thermal cycling of 
the unmodified CFRE: a) identification of a region of interest (ROI); b) higher magnification of the ROI prior 

to thermal cycling; c) the ROI post-cycling with fibre damage identified; d) protective platinum (Pt) layer 
being applied to the fibre surface; e–g) FIB milling.  

 
The same workflow was repeated on a second fibre, as shown in Figure 12. Figure 12a and 

b show the fibre before and after thermal cycling, respectively, where a similar wedge-shaped 

surface crack is visible. During subsequent FIB milling, a narrow hairline feature became visible 
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extending from the base of the wedge crack into the fibre (Figure 12c). For clarity, the matrix, 

fibre and fibre–matrix interface are labelled in the milled pillar. 

 

 
 

Figure 12: SEM images showing a) the region of interest (ROI) prior to thermal cycling of the unmodified 
CFRE; b) the same ROI following thermal cycling; c) focussed ion beam (FIB) milling of the damaged fibre, 

with the fibre, matrix and fibre–matrix interface indicated and revealing a hairline crack within the fibre 
interior. d-f) 3D reconstruction from the FIB–SEM dataset showing the crack (purple) within the fibre (grey). 

 
 

One possible explanation for such features during FIB preparation is curtaining, a common 

milling artefact that appears as streaks on the milled surface due to differential sputtering rates 

during ion beam removal [49]. This is common in multiphase materials such as composites, 

where milling rates can vary due to the local variation of material characteristics in different 

phases [50]. In the present case, however, the feature observed here is unlikely to be 

curtaining, as it is not aligned with the milling direction, appears as a single discrete feature 
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rather than periodic streaking, and is confined to the fibre rather than extending across both 

fibre and matrix. Segmentation of the FIB-SEM image stack showed a narrow planar hairline 

crack within the fibre interior, located beneath the surface wedge crack and running broadly 

along the longitudinal axis of the fibre (Figure 12d–f). Carbon fibres can also exhibit internal 

thermal expansion mismatch within their microstructure: the highly oriented fibre core typically 

exhibits a negative axial coefficient of thermal expansion, causing it to expand along the fibre 

axis during cooling, while the outer, amorphous regions exhibit a more disordered structure and 

positive coefficient of thermal expansion [1, 51].  Cooling to cryogenic temperatures can 

therefore generate internal stresses between the core and outer regions of the fibre, with 

previous work by Zhang et al. reporting increased fibre surface roughness following cryogenic 

exposure, attributed to cracking and partial loss (“shelling off”) of the outer layer [52]. In that 

study the fibres were cryogenically treated without a surrounding matrix and the observed 

reduction in fibre diameter with increasing treatment time was attributed to progressive removal 

of this outer disordered layer. In the present study, the fibres are embedded within an epoxy 

matrix, introducing an additional constrained thermal strain state during cooling.  

Recent XRD measurements by Srisuriyachot et al. showed that PAN-based carbon fibres 

develop measurable transverse lattice strain on cooling, and that this strain is greater in 

embedded fibres than in dry fibres due to constraint from resin contraction. At −70 °C the 

reported transverse fibre strain increased from approximately −2700 µε in dry fibres to −3000 µε 

in a quasi-isotropic CFRP laminate and −3700 µε in a unidirectional CFRP laminate [7]. 

Although measured over a less severe temperature range than the present cryogenic cycling 

experiments, these findings demonstrate that the fibre lattice is itself strained during cooling, 

with greater deformation expected at lower temperatures. The hairline crack observed in the 

present study may therefore be associated with local strain accumulation in the fibre, 

particularly where microstructural heterogeneity acts as a stress concentrator. However, it 

should be noted that although the surface wedge crack was generated during thermal cycling, it 

cannot be determined with certainty whether the internal hairline crack formed during cycling or 

represents a pre-existing flaw within the fibre. This uncertainty arises because FIB-SEM is a 

destructive technique and prevents internal imaging of the same fibre both before and after 
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thermal exposure. Within the current study, the purpose of the FIB-SEM analysis was to 

determine whether surface fibre damage observed after thermal cycling was confined to the 

polished cross-section or extended into the fibre interior. A systematic comparison of uncycled 

and thermally cycled fibres would therefore be valuable in future work to determine whether 

such internal features are pre-existing or develop during cryogenic exposure. 

 
 

3.5. Temperature-dependent fracture behaviour of the matrix 
 

The cryo-SEM observations in Section 3.3 showed that microscale matrix cracking and 

fibre–matrix debonding were suppressed in the modified CFRE, despite the increased CTE 

mismatch between the modified matrix and carbon fibres. However, these observations do not 

establish whether the matrix itself has greater resistance to crack growth at cryogenic 

temperature. To isolate the temperature-dependent fracture behaviour of the matrix, the neat 

resins were therefore evaluated using SENB testing at +23 °C and −196 °C, with the results 

summarised in Table 2. 

 

Table 2: SENB data for the unmodified and modified epoxy. 

  KIC (MPa·m1/2) GIC (kJ/m2) 
 

+23 °C −196 °C +23 °C −196 °C 

Unmodified epoxy* 1.17 (±0.09) 2.86 (±0.20) 0.47 (±0.06) 2.34 (±0.34) 

Modified epoxy 2.60 (±0.05) 2.70 (±0.04) 2.75 (±0.08) 2.57 (±0.28) 

* Data for the unmodified epoxy are reproduced from [9]. 

 

As previously reported, the unmodified epoxy exhibited a strong temperature dependence: 

fracture toughness (KIC) increased from 1.17 to 2.86 MPa·m1/2 and fracture energy GIC from 0.47 

to 2.34 kJ/m2 at −196 °C [9]. This fracture behaviour is typical of unmodified, crosslinked 

thermosets, where reduced free volume within the network on cooling brings polar functional 

groups closer together, increasing intermolecular forces and the polymer’s resistance to crack 

propagation [53-55]. On the other hand, the modified epoxy showed minimal change with 

temperature. KIC remained effectively constant (2.60 to 2.70 MPa·m1/2), and GIC varied only 

slightly (2.75 to 2.57 kJ/m2), remaining within experimental scatter.  
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Optical and SEM images of fracture surfaces from SENB specimens tested at −196 °C and 

+23 °C are shown in Figure 13. At both temperatures, the unmodified epoxy exhibits smooth 

fracture surfaces in the optical images (Figure 13a, c), with river lines evident in the 

corresponding SEM micrographs (Figure 13e, g), indicative of brittle, unstable crack 

propagation. For the modified epoxy at −196 °C, the optical image appears relatively smooth 

(Figure 13b), while the SEM micrograph reveals an angular, stepped fracture surface with grain-

like morphology (Figure 13f). At +23 °C, the modified epoxy shows pronounced stress whitening 

and a rough fracture surface in the optical image (Figure 13d), consistent with increased 

toughness compared to the unmodified epoxy at the same temperature, with the corresponding 

SEM micrograph displaying a rough, tortuous morphology (Figure 13h). 

 

 

Figure 13: Optical microscopy images of SENB fracture surfaces for a) unmodified epoxy at −196 °C; b) 
modified epoxy at −196 °C; c) unmodified epoxy at +23 °C; and d) modified epoxy at +23 °C, with e–h) 

corresponding SEM micrographs of the fracture surfaces. 

 

Figure 14 presents high-resolution SEM images of the fracture surfaces of the modified 

epoxy at −196 °C and +23 °C. These images were selected from regions representative of the 
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fracture-surface morphologies observed across the tested specimens. At −196 °C (Figure 14a), 

the fracture surface exhibits CSR particle debonding and pull-out, evidenced by well-defined 

cavities and relatively smooth cavity walls, indicative of interfacial failure with limited matrix 

deformation. In contrast, at +23 °C (Figure 14b), the irregular, enlarged voids and localised 

matrix deformation are consistent with CSR particle cavitation and plastic void growth, as 

reported for rubber-toughened epoxy fracture mechanisms [56-58]. While the measured fracture 

properties remain relatively stable between the two temperatures, the contribution from particle-

related toughening diminishes at cryogenic temperature. The epoxy network therefore has a 

greater influence on the fracture response, as reflected by the temperature-dependent changes 

in KIC and GIC  observed in the unmodified epoxy. 

 

 

Figure 14: SEM images of the modified epoxy SENB fracture surfaces at a) −196 °C, showing particle 
debonding and pull-out, and b) +23 °C, showing cavitation and plastic void growth. 
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3.6. Transverse cracking under combined thermo-mechanical loading 
 
 

Although resistance to thermally induced microcracking is important for cryogenic 

composite applications, tank structures must also withstand combined thermal and mechanical 

loading without transverse cracking. To investigate the capacity of the CFRE to do this, quasi-

static tensile tests were conducted at both room and cryogenic temperatures, with in-situ video 

recording of cross-sectional damage as load was applied. Figure 15 presents a series of video 

stills at the applied loads when cracks formed, for representative specimens of the unmodified 

(Figure 15a) and modified CFRE (Figure 15b) at −155 °C, with the images for the unmodified 

CFRE specimen adapted from [9]. The final image on the right of each series shows the 

damage state just prior to failure and the yellow arrows indicate the first transverse crack 

forming in each case, at the respective applied tensile stress. 
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Figure 15: Video frames of transverse microcrack development and delamination with applied tensile 
stress, for a) the unmodified CFRE at −155 °C, adapted from [9] for comparison with b) the modified CFRE 

at −155 °C. The yellow arrows indicate the first transverse crack formed at the corresponding applied 
stress, with the final frame on the right of each series depicting the extent of damage just prior to failure. 

Experimental results for all specimens tested are included in Supplementary Table S1. 
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As shown in Figure 15a, the first microcrack appeared at 68 MPa in this unmodified CFRE 

specimen with further cracks and significant delamination appearing until failure at 674 MPa. In 

the modified CFRE specimen (Figure 15b), the first crack was observed at 177 MPa, with 

further cracks forming until failure at 809 MPa. Figure 16 shows the evolution of transverse 

crack density with applied stress for both CFREs at +23 °C and −155 °C. Each data point 

corresponds to the formation of one or more additional cracks at a given stress, with full 

experimental details provided in Supplementary Table S1. 

 

 
Figure 16: Transverse crack density as a function of applied tensile stress, for the unmodified and modified 

CFRE at +23 °C and −155 °C. Each coloured trace corresponds to an individual specimen within the 
indicated material and temperature condition. The black marker with horizontal bar indicates the start and 

completion of stable propagation of the only fully transverse crack observed in the modified CFRE at 
+23 °C, whereas all other data points correspond to instantaneous transverse crack formation. The data 

for each specimen at both temperatures is included in Supplementary Table S1. 

 

In the unmodified CFRE specimens at +23 °C and −155 °C and modified CFRE specimens 

at −155 °C, cracks formed instantaneously as tensile stress was increased, while in contrast, 

the modified CFRE at room temperature exhibited very different behaviour, with four of five 

specimens showing no cracking within the gauge length prior to failure. In the remaining 

specimen, depicted in Supplementary Figure S4, a single crack initiated at approximately 530 

MPa, with local 0°/90° delamination also visible, before propagating by stable, tortuous growth 

to traverse the blocked 90° layer by around 870 MPa; two smaller cracks were also observed. 
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This progression is shown in Figure 16, where the black horizontal bar represents the onset and 

completion of crack development. As seen in Figure 16, the ability of both the modified and 

unmodified CFRE to resist cracking was reduced at cryogenic temperature, with the crack 

density traces initiating at lower applied stress values. The average stress at first crack for the 

unmodified CFRE was 116 ± 45.5 MPa [9], whereas the modified CFRE exhibited a 50% higher 

value of 174 ± 10.1 MPa. The lowest recorded stress at first crack was 53 MPa in an unmodified 

CFRE specimen, compared with 161 MPa in a modified CFRE specimen, an improvement of 

204%. As indicated by the first data point on each crack density trace in Figure 16, the spread in 

first-crack stress was substantial for the unmodified CFRE, with a coefficient of variation of 39%, 

while the modified CFRE showed a much narrower range, with a coefficient of variation of 6%. 

Since the imaging system captured only 9 mm of the 115 mm gauge length, cracks forming 

outside the monitored region were not recorded. The wide scatter in the unmodified CFRE data 

therefore suggests that crack initiation may occur at lower applied stresses than directly 

observed, meaning that the improvement in the modified CFRE could be underestimated when 

using the average stress at first crack, particularly given the tight distribution and greater 

reliability of the modified system’s mean value. While cracking behaviour at cryogenic 

temperature remained more brittle than at room temperature, the absence of pre-existing 

thermally induced microscale cracks and interfacial debonding from cool down, as illustrated by 

the cryo-SEM imaging in Section 3.3, appears to delay crack initiation under applied load in the 

modified CFRE. In contrast, the unmodified CFRE, which developed widespread matrix cracking 

and fibre–matrix debonding during cooling, exhibited lower and more variable first-crack 

stresses. This suggests that the suppression of thermally generated microscale damage prior to 

mechanical loading plays a critical role in improving crack resistance at cryogenic temperature 

under thermo-mechanical loading.  

The matrix fracture results in Section 3.5 provide further context for this behaviour. Although 

crack initiation was delayed and higher stresses were reached before the first transverse crack 

formed during tensile testing of the modified CFRE, propagation at cryogenic temperature was 

rapid and unstable compared to the slower, more tortuous growth observed at room 

temperature. This shift does not indicate a reduction in measured fracture toughness, but rather 
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a reduction in the matrix’s ability to deform at the crack tip as the fracture behaviour becomes 

increasingly matrix-dominated and the CSR toughening becomes less effective with decreasing 

temperature [48]. Consequently, energy dissipation mechanisms active at room temperature are 

reduced, and crack propagation becomes more abrupt despite the relatively stable measured 

fracture parameters. The improved cryogenic crack resistance of the modified CFRE therefore 

arises primarily from the suppression of thermally induced microscale damage before 

mechanical loading, as demonstrated in Section 3.3, rather than from greater resistance to 

crack propagation once cracking has initiated. While the modified matrix does not show the 

same apparent increase in cryogenic toughness observed in the unmodified epoxy, it resists 

microscale damage formation during cooling and maintains a relatively stable fracture response. 

This reduces the number of available crack-initiation sites and contributes to the improved 

performance under combined thermo-mechanical loading. 

The internal pressure of tanks storing cryogenic propellants is commonly controlled at 0.2-

0.3 MPa (2-3 bar) to ensure the fuel remains liquid [4, 59], significantly below the storage 

pressure of gaseous hydrogen tanks (350-700 bar [60]). To place the measured minimum 

stress at first transverse crack in context, a simple scaling exercise was carried out using LH2 

tank dimensions quoted by the UK’s Aerospace Technology Institute FlyZero reports (2–5 m 

diameter) [61]. For a thin-walled, closed-end cylindrical tank the hoop stress is σθ = pr/t, while 

for a thin-walled spherical tank the hoop stress is σs = pr/(2t) [62], where p is internal pressure, r 

is vessel radius, and t is wall thickness. Using the FlyZero diameter range (r = 1-2.5 m) and the 

tested laminate thickness (t = 2.41 mm), the estimated stresses are: approximately 83–208 MPa 

for a cylindrical tank and 42–104 MPa for a spherical tank at 0.2 MPa pressure; and 

approximately 125–311 MPa for a cylindrical tank and 62–156 MPa for a spherical tank at 0.3 

MPa pressure. The modified CFRE (minimum first-crack stress: 161 MPa at −155 °C) exceeds 

the estimated cylindrical vessel stress for several pressure–diameter combinations considered 

here and marginally exceeds the upper end of the spherical vessel stress range. In contrast, the 

unmodified CFRE (53 MPa at −155 °C) falls below the cylindrical range entirely and meets only 

the lowest-stress spherical configurations, reflecting a substantially diminished margin against 

transverse microcracking. It should be noted that this comparison is intended only as an order-
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of-magnitude assessment and not a tank-design assessment. It does not account for factors 

such as (i) the lower LH2 service temperature (~−253 °C), (ii) tank heads, bosses, openings and 

other geometric discontinuities, (iii) biaxial and multiaxial stress states and associated local 

stress concentrations, or (iv) laminate thickness, ply-angle and stacking-sequence optimisation 

for hoop-dominated tank loading rather than the cross-ply specimen behaviour considered here. 

 
 

Conclusions 
 
 

This study investigated the cryogenic damage resistance of a CSR, nanosilica and 

polysulphide-modified epoxy matrix CFRE, linking laminate-scale transverse cracking with 

hydrogen permeability, microscale damage formation, and matrix fracture response. The key 

findings and conclusions are as follows: 

1. Compared to the unmodified CFRE, the modified CFRE showed substantially improved 

resistance to thermally induced transverse cracking under repeated cycling between 

−196 °C and +55 °C. No cracks were observed up to 100 cycles and the crack density 

after 250 cycles was 58% lower than in the unmodified CFRE. 

2. The H2 permeation data indicate that increased microcracking after thermal cycling 

increased hydrogen permeability mainly through higher diffusivity. The pressure–time 

curves showed a clear time lag followed by a linear steady-state region and xCT 

showed no through-thickness interconnected crack network, indicating diffusion-

controlled transport rather than one dominated by leakage. Given the limited number of 

valid tests, these findings should be interpreted as a preliminary data trend rather than a 

statistically definitive comparison. 

3. Cryo-SEM showed that matrix cracking and fibre–matrix debonding were suppressed in 

the modified CFRE during both rapid thermal shock and gradual cooling, despite its 

higher matrix CTE relative to the unmodified matrix. However, isolated fibre cracking 

and worsening of pre-existing fibre defects were still observed. This indicates that CTE 

mismatch alone does not control cryogenic damage initiation; strain accommodation 

within the matrix is also critical. 
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4. FIB-SEM showed that fibre damage formed during thermal cycling can remain confined 

to the exposed cross-section, but one examined fibre also contained a hairline crack 

extending into the interior. Although it cannot be determined whether this internal 

feature formed during thermal cycling or was pre-existing, its presence shows that fibre-

scale damage associated with the observed surface features is not necessarily limited 

to the exposed cross-section. Local strain accumulation during cooling, fibre 

microstructural heterogeneity, or both, may therefore contribute to the observed fibre 

damage. 

5. Under combined thermal and tensile loading at −155 °C, the modified CFRE increased 

the mean stress at first crack from 116 ± 45.5 MPa to 174 ± 10.1 MPa, and the 

minimum measured value from 53 MPa to 161 MPa. This improvement was attributed 

primarily to the suppression of thermally generated microscale damage during cooling, 

which reduced the number of available crack-initiation sites when tensile load was 

subsequently applied. 

6. Matrix fracture testing showed that the modified epoxy maintained relatively stable KIC 

and GIC between +23 °C and −196 °C, but SEM fractography indicated reduced 

toughening activity at cryogenic temperature. This helps explain why crack propagation 

in the modified CFRE remained abrupt once initiated, even though first transverse crack 

initiation under tensile loading at −155 °C was delayed by the suppression of thermally 

induced microscale damage during cooling. 

Overall, this work demonstrates a promising route for modifying CFRE matrices for LH2 

storage and shows that cryogenic microcracking resistance cannot be predicted from matrix 

fracture toughness or CTE mismatch alone. Matrix designs should therefore include low-

temperature strain accommodation to prevent microscale matrix cracking and fibre–matrix 

debonding under cryogenic thermal loading. The preliminary fibre damage findings also warrant 

further investigation into carbon fibre damage during cryogenic thermal cycling and its 

implications for laminate performance. 
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• The modified CFRE prevented cracking up to 100 thermal cycles and reduced crack 

density by 58% after 250 cycles.  

• H2 permeation increased after 250 thermal cycles, with xCT showing no through-

thickness leakage path.  

• In-situ cryo-SEM showed suppressed matrix cracking and fibre–matrix debonding.  

• Minimum recorded stress at first crack increased by 204% at −155 °C in the modified 

CFRE.  

• Cryogenic microcrack resistance depended on suppressing microscale damage 

initiation, rather than matrix toughness or CTE mismatch alone. 
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