STUDIES OF THE DIFFUSION CHARACTERISTICS AND

MECHANICAL PROPERTIES OF NiGa

Thesis

Submitted for

The Degree of Doctor of Philosophy

by

Andrew T. Donaldson

MAY 1974 Depariment of Metzallurgy

Imperial College of Scierce
& Technology

University of London



CONTENTS

CHAPTER ONE: Synopsis

1.1

S

Abstract

CHAPTER TWO: Introduction & Literature Survey

N

.1

.2

N

N
.

2.3.1
2.3.2

20303

2.4.1
2.4.2
2.4.3
2.4.4
2.4.5
2.4.6
2.5

2.5.1
2.5.2
2.6

2.6.1
2.6.2
2.6.3
2.6.4
2.7

2.7.1

2.7.2

Intermetallic Compounds - a General Introduction
The Phase Diagram of the Nickel-Gallium System
Intermetallic Compounds with the CsCl Structure
The CsCl Structure

Order-Disorder in.Intermetallics‘with the CsCl Structure
Order-Disorder in NiAl & NiGa

Structure Defects in CsCl Intermetallic Compounds
Composition Dependent Defects

Complex Constitutional Defects in NiAl
Température Dependent Defects

Thermal Defects in the Stoichiometric Compound AB

Thermal Defects in Off-Stoichiometric Compositions

‘Thermal Defects - a Summary

Defects in NiGa

Composition Dependent Defects
Thermal Defects

Diffusion

Diffusion lMechanisms in Solids
Interchange & Ring Mechanisms
Interstitial Mechanisms
Vacancy lMechanisms

Diffusion Equations

Fick's Laws

Modifications of Fick's laws

1
12
15
19
21
22
22
23
27
27
28
28

29

30
31



2.7.3 Diffusion Coefficients
2.7.4 Partial Diffusion Coefficients

2.7.5 The Solution of Diffusion Equations

2.8 Theoretical Evaluation of the Tracer Diffusion Coefficient

2.8.1 The Temperature Dependence of the Diffusion Coefficient

2.8.2 Zener's Theory of Do

2.8.3 Anomalous Diffusion Behaviour

2.9 Diffusion Mechanisms in B2 Compounds
2.9.1 Kext Nearest Neighbour Vacancy Jumps
2,9.2 Divacancy lotion

2.9.3 Correlated Vacancy Motion Mechanisnms

2.9.4 Theories of the Correlation of Diffusivities Arising

from Nearest Neighbour Vaqancy Motion
2.9.5 Correlated Diffusivities - a Summary
2.10 Creep
2.10.1 The Phenomenon of Creep
2.10.2 Variable Affecting Creep
2.10.3 The General Equation Describing Creep
2.10.4 The Stress Dependence of Steady State Creep
2.10,5 The Temperature Dependence of Steady State Creep
2.10.6 Effect of Elastic lModuli & Stacking Fault Energies
on Steady State Creep
2.10,7 High Temperature Creep ifechanisms
2.11 Creep in Ordered Alloys

2.11.1 Creep in B2 Intermetallic Compounds

CHAPT=R THRERM: ULxperimental Procedure

5.1 Alloy Preparation
3.1.1 Inexrt Tlectrode Electric Arc ifelting

31,2 Radio Frequency Induction Melting

33
34
35
36
39
41
42
43

45
AT

48
54
56
56
57

59
61

63

66
69
71
73

78
78
78
78



3.2 Alloy Analysis 79

3.2,1 Estimation of Nominal Composition from Charge Weight 19
3.,2.2 Chemical Analysis 80
3.3 Alloy Metallography 80
3.3.1 Arc Melted Alloys | 81
30302 Ipduction Melted Alloys _ 81
3.4 X-Ray Techniques 82
3.4.1 Debye-Scherrer Powder Phoiographs 82
3.4,2 Debye-Scherrer Film Computer Analysis 83
3.5 Alloy Density Determinations 84
3.6  Diffusion Experiments - 86
3.6.1 Specimen Preparation 86
3.6.2 The Radio-Isotopes of Nickel & Gallium 87
3.6.3 Electrodeposition of Radio Isotope Tracers ' 87
3.6.4 Diffusion Annealing 91

3.6.5 Boundary Conditions for the Solution of the Isotope

Penetration Curve , 94
3.6.6 Penetration Analysis of Nickel-63 Diffusion 95
3.6.7 Penetration Analysis of Gallium-67 Diffusion 97

3.6.8 Evaluation of Diffusion Coefficients & Activation Energies 100

3.1 Creep Experiments 103
3.7.1 Preparation of Creep Specimens 103
3.7.2 The Creep Testing Apparatus 104
3.7.3 Creep Tests _ 105
3.7.4 Analysis of Creep Data 107

3.7.5 Calculation of Stress Exponents & Creep Activation

Energies 108



CHAPTER FPOUR: Experimental Results 110

4.1 Alloy Analysis ' 110
4.2 Alloy Metallography 110
4.3 Lattice Parameter lMeasurements 110
4.4 Theoretical & Experimental Density Values 112
4.5 Diffusion Results ' 113
4.6  Compression Creep Results 7 114

CHAPTER FIVE: Discussion | 116
5.1 Constitutional Defects in NiGa 116
5.1«.1 The Direct Substitution Model (NiGa plus GaNi) 117
5.1.2 The Direct Vacancy Model (Z;%i plus Z;Ea) 118
5.2 The Proposed Constitutional Defect Model for NiGa 120
5.3  Diffusion Behaviour of NiGa- 126

5.3.1 The Compositional Dependence of Ni-63 Diffusion in NiGa 126
5.3.2 The Compositional Dependence of Ga-67 Diffusion 131
5.3.3 A Comparison of DNi with DGa in NiGa 133
5.3.4 The Compositional Dependence of the Activation Energies

& Frequency Factors of Diffusion in NiGa - 139
5.4 Creep in the Intermetallic Compound NiGa 153
5.4.17 The Stress Dependence of Creep in NiGa | 154
5.4.2 The Apparent Activation Energies of Creep in NiGa 156

5¢4.3 The Compositional Dependence of the Activation Energy
of Creep in NiGa 158

5.4.4 The Creep Behaviour of NiGa - a Summary 163

CHEAPTER SIX: Conclusions & Suggsestions for Future Work 165

N
.
—

Conclusions 165

o
.
o

Suggestions for Future Work 166

|



T. ACKNOWLEDGEMENTS ~ - 168

8. APPENDIX ONE: The Constitutional Defect }Model in NiGa 169
I-X

9. REFERENCES 179



CHAPTER 1: Synopsis

1.1 Abstract

The constitutional defect structure in NiGa has been examined by
X=-ray and density techniques and has been found to vary continuously
throughout the phase field of the compound. An empirical constitu-
tion defect model has been derived which shows no abrupt change in
defect mechanism at fhe stoichiometric composition.

The tracer diffusion coefficienté of nickel=63 and gallium-67
have been measured in alloys in the composition range 47-18 to 52-4
atomic % nickel over the temperature ranges 978°K to 1380°K and 1084%
to 1384°K respectively. _ The results for both species, have been
interpreted in terms of linear Arrhenius dependences and the activation
energies of diffusion (of both species) compared with diffusion data
reported previously in similar compounds.

Compreésion creep experiments have been conducted in alloys in the
composition range 48496 to 52+27 atomic % nickel over two separate
temperature ranges, namely 732o to 887°K and 953° to 1077°K. Stress
exponents and creep activation energies have been evaluated, from
variable stress tests and variable.temperature tests respectively, in
each temperature range.

The diffusion activation energies and the creep activetion eﬁergies
have been compared and discussed in the light of the proposed consti-

tutional defect model.



CHAPTER 2: Introduction and Literature Surveg

2.1 Intermetallic Compounds - a General Introduction

Engineering advances, in recent years, have resulted in an
increasing demand for materials suitable for use under extreme service
conditions, such as high stresses coupled with high temperatures. As
a consequence increasing attention has been paid to intermetallic
compounds. These‘are attractive for structural applications for

three broad reasons.

(1) Their mechanical properties; a general characteristic of
many intermetallics is a high intrinsic yield strerngth at
high fractions of the melting point often coupled with é
high strain hardening. Furthermore, many intermetallics
have good deformability at low homologous temperatures,
although this often cannot be easily realised because of

their susceptibility to grain boundary embrittlement.

(2) Diffusion properties; diffusion rates in ordered'materials
tend to be lower than for disordered alloys of the same
composition. This is important in high temperature
applications because it contributes to microstructural
stability with respect to both grain growth and to the
dissolution and agglomeration of dispersed phases. It also
helps with respect to oxidation and corrosion behaviour in the
unprotected condition by slowing the kinetics of the process
of attack, and in coated parts by slowing the degradation of the
coating by interdiffusion with the substrate. Furthermore,
low diffusion rates improve high temperature mechanical

properties by retarding those atomistic deformation processes



which are diffusion controlled (e.g., dislocation climb).

(3) Intermetallic compounds genexrally show a high degree of
compatability with the matrix in two-phase alloys. This
is because most multi-phase alloys incorporating inter-
metallic compounds are equilibrium or quasi-equilibrium .
structures and therefore do not tend to degrade by interaction
with the matrix. Thus alloys may be so designed that the
composition of»the matrix is either very similar or very
different from that of the dispersed intermetallic with
different attendant - advantages in each case, Finally a
large contiibution to the strenéth of alloys for long time
moderate temperature service, may be attained by dispersing
ordered intermetallics with an optimised degree of coherency

“of the intermetallic with the matrix by control of both

conposition and heat treatment.

Intermetallic compounds have found applications is such.diverse
fields as gas turbines (superalloys which contain NisAl), semiconductors
(Gaas), superconductors (Nb3 Sn) and supermagnets (SmCos). Other
applications may arise from such phenomena as superelasticity (Aqu).
and mechanical memory -~ the return to original shape, after deformation,
by a low temperature phase transformation - as in NiTi.

Many of the unusual properties of intermetallic compounds arise
from the fact that they exhibit an ordered crystal structure, which is
often retainzd to very high hologous temperatures. Furthermore,
although typified as compounds and assigned specific formulae (e.g.,
NiBAl, Fe,liv, GaAs) they can often exist at compositions other than the

stoichiometric proportions defined by their respective formulae.



Non-stoichiometric compositions are achieved by the introduction of
composition dependent (constitutional) defects. The compound Agilg,
for example, at stoichiometry, has a structure which consists of two
interpenetrating simﬁle cubic lattices (called sub-lattices), one
exclusively occupied silver atoms and the other by magnesium atoms.
Silver rich alloys are achieved by the excess silver atoms replacing
some magnesium atoms on the magnesium sublattice. In magnesium rich
alloys the reverse substitution occurs. [ 61, 33 ]

The history of the dgvelopment of alloys which contain or are
based upon intermetallic compounds, together with a review of theif
physical properties, structural.applications and future dévelopment

potential has been compiled by Westbrook (1969) [354] .

2,2 The Phase Diagram of the Nickel-Gallium System

The phase diagram of the nickel-gallium system, shown in Fig. 2.1,
is that due to Hansen (1958) [[66] . The diagram was constructed
largely from the data of Hellner & Laves (1947) [ 68 _] and Hellner
(1950) [ 67 ] - '

Several intermetallic compounds have been identified in the system.
The compound centred about the equi-atomic composition and characterised
by the formula NiGa has a CsCl (B2) structure. It is stable over a
wide range of composifion, on either side of stoichiometry, at high
temperatures. The phase field extends from approximately 40 to 65
atomic % nickel at'some BQOOC. The phase range at room temperature
is more restricted, extending from about 45 to 53 atomic % nickél.

The compound NiGa has a congruent melting point, near the nickel
rich limit of its stability range, at a» 64 atomic % nickel and a
temperature of 1220°C. The melting temperature of the compound falls
with decreasing nickel content. The solidus curve falls more rapidly .

than the liguidus so that alloys'solidify over an increasing temperature
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interval as compositions move to lower nickel content. For example,
the 55 atomic % nickel composition solidifies between A 1180° .and 1160°C

while an alloy containing 45% nickel solidifies over the interval

A 1140 - 1050°C.

2.3 Intermetallic Compounds with the CsCl Structure

2.3.1 The CsCl Structure

The CsCl (B2) structure consists of two interpenetrating simple
cubic lattices with the lattice points of one lattice lying at the cube
centres of the second lattice. In intermetallic compounds of the
type AB which exhibit the CsCl structure, at stoichiometry the A atoms
exclusively occupy the lattice sites of one simple cubic lattice
(henceforth the A-sublattiée), while the B atoms occupy the lattice.
sites of the second simple cubic lattice (the B-sublattice). The
resultant structure is ordered body centred cubic with one species (A
atoms) occupying the cube corners and the other species (B atoms)

occupying the cube centres [?ig. 2.2] .

2.3.2 Order-Disorder in Intermetallies with the CsCl Structure

The most widely used and powerful technique in elucidating the-
crystal structure of materials is that of X-ray diffraction. X~ray
studies on the compound AgMg have shown that it has the CsCl structure
at low temperatures and that this ordered structure is retained up to
its melting point at about 820°¢C E 155, 14:[ . Similar iﬁvestigations
on the compounds AuCd E 148:] and NiAl E 13 ] have indicated that these
too remain ordered (CsCl) up to their respective melting temperatures.

Diffusion studies on Agig [ 61, 33 _| have shown no discontinuity

in the Arrhenius curve for the activation energy of diffusion which
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could be attributable to an order~disorder transformation, thereby
supporting the results of X-ray studies. Similar diffusion data in
AuCd ]: 57 ] also indicate that the compound remains ordered up to its
melting temperature.

The compound FeCo is found to undergo an order-disorder tranéformaé
tion at about 730°C [[ 111] while the compound CuZn becomes disordered
above 470°C ]: 5, 121 :I . Diffusion studies on the latter compound
[: 95, 86:] have shown that below the critical ordering temperature
Tc, diffusivities were considerably 19wer than diffusion rates in the
disordered structure. Furthermore the activation energy of diffusion
was higher below Tc’ in the ordered structure, than above Tc where the
structure is disordéred [:37] .

Investigations intq the effect of order on creep deformation rates
in CuZn [16] have revealed a discontinuity in the temperature dependence
of the strain rate near Tc' In the compound FeCo the ductility of the
material is found to change rapidly with the degree of order, with
material quenched from above Tc and hence retainiﬁg a disordered structure,
showing a far greater ductility than material quenched from just below
T, which has an ordered structure E 81 j .

Studies on many intermetallics with the CsCl structure have shown
that in general they remain ordered up to high homologous temperatures
often close to the melting temperature. The order-disorder trans-
formations observed in both CuZn and FeCo illustrate the considerable

effect of order on material properties.

2.3+3 Order-Disorder in NiAl and NiGa

The compounds NiAl and NiGz may most usefully be compared for the
purpose of assessing the likely ordering behaviour of the latter because

both have the A element (nickel) in common while their B elements,



aluminium and gallium respectively are chemically very similar. X-ray
diffraction studies on NiAl [[ 13 _] and NiGa [[ 145_] have shown that both
of these compounds exhibit the ordered CsCl (B2) structure at room
temperature. Other work on density measurements and lattice parameters
has indicated that the two compounds maintain their stability over their
respective phase fields by similar constitutional defect mechanisms

E see section on constitutional defects :l .

More recent investigations into the temperature stability of the
ordered structure of NiAl E75:] have shown that long range order remains
complete up to 1000°C (m Q-7 T.,) and is substantial right up to the
melting temperature (TI,[). Bradley (1951) [ 12 ] studied fhe
ternary system Ni-Fe-Al metallographically and found two fs-phases, one
ordered (B2) and the other disordered (A2), were present in some ternary
alloys. However the binary compound NiAl was found to be single »phase
and ordered (B2) for all temperatures investigated.

A number of physical properties of NiAl, which are affected by the
degree of long range order, have been investigated as a funcfion of
temperature but no discontinuities attributable to an order~disorder
transformation have been reported. The properties studied include
elastic constants up to 800°c E142:| s 8lip systems up to 800°¢ E 3 :] ,»
resistivity up to 1200°C [[ 59 ], diffusion coefficients up to 1350°C
E 8, 65 ] and elevated temperature deformation mechanisms (creep) up to
1475°%¢ [1407] . A1l these studies suggest that the compound NiAl
remains ordered to very high temperatures close to its melting point.

Data on the degree of order in NiGa at_ high temperatures is less
plentiful. However X-ray studies E 145] on the intehsity of the first
superlattice line {100} of the ordered CsCl (B2) structure in NiGa
indicated that the relative intensity ratio of this first sv.ﬁerlattice

line to the first fundamental line {110}, C t100/1,,, J 4id not vary



appreciably between room temperaturerand the'highest temperature studied,
860°¢ (~ 0.7 TM)‘ It was concluded fhét the degree ofrlong range order
in NiGa did not vary significéntly between room temperature and 860°C
and that the compound probably remained ordered to temperatures close to
its melting point. |

In conclusion, the close similarity of NiGa and_NiAl together with
the evidence that the latter compound remains ordered up to its melting
temperature, support the view that NiGa too is ordered to temperatures

close to its melting pbint.

2.4 Structure Defects in CsCl Intermetallic Compounds

2.4.1 Composition Dependent Defects

Many CsCl intermetéllic compounds exist over a wide composition range,
usually centred about the ideal (1:1) stoichiometric composition.
Non~-stoichiometric compositions are maintained by the introduction of
composition dependent (constitutional) defects. Although the overall
symmetry is retained and the crystal structure remains the same, the
lattice perfection is strongly affected by the presence of defects.

The compound AgMg, for example, exists in silver rich compositidns
by the excess silver atoms substituting for magnesium atoms onto the
Mg-sublattice, while in magnesium rich alloys excess magnesium substitutes
for silver onto the Ag-sublattice [: 61, 33 :l . This type of defect
structure is known as the substitution or anti-structure (order/disorder)
defect mechanism.

Other B2 compounds maintain off-stoichiometric,compositions by the
introduction of vacancy defects. The.compounds Nial [:13 :],

NiGa [[145] and aucd [[144 ] are all thought to contain constitutional

vacancies on one side of the stoichiometric composition (in the compound



AB, vacancies occur in B-rich alloys), and substitutional (anti-structure)
defects on the other side of stoichiometry (A-rich alloys).

In NiAl, the ideal structure is realised only at stoichiometry.

The introduction of excess ﬁickel, which has a smaller atomic size and
greater atomic weight than aluminium, results in a contraction of the
lattice parameter and a rise in the density of the compound E 13 ] .

The difference in the X~-ray atomic scattering factor between nickel
and aluminium allows the manner in which nickel replaces aluminium in
nickel-rich alloys, to be determined quantitatively from diffraction
line intensitites. - It has been found that the Ni-sublattice is .
entirely filled by nickel atoms while the Al-sublattice is filled as
far as possible by aluminium atoms and the remaihing sites are occupied
by the excess nickel atoms E13:[ .

In aluminium rich alloys, direct substitution of pickel by the
larger, lighter aluminium atoms should result in an increase in the
lattice parameter and a fall in density. In fact the lattice
parameter does increase and the density fall as'exﬁected up to a
composition of » 51 atomic % aluminium. Thereafter, with increasing
excess of aluminium the lattice parameter falls while the density
decreases more rapidly than before [ 13, 23 ].

The theoretical density, calculated from the lattice parameter,
may be correlated with the observed density and the compositional dependence
of the lattice parameter (in Al-rich alloys) may be explained if the Qnit
cell is supposed to contain fewer than two atoms. Between stoichiometry
and a2 composition contazining about 51 atomic % aluminium the number of
atoms per unit cell is very close to 2¢00, indicating direct substitution
of nickel by aluminium. In more aluminium rich compositions the number
of atoms per cell falls éontinuously to a minimum of 1.84 near the phase

boundary. This suggests that constitutional vacancies occur on the
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Ni-sublattice in compositions containing more than 51 atomic % aluminium.
X-ray diffraction line intensities have confirmed the presence of
nickel anti-structure atoms in nickel rich alloys and some limited
substitution of nickel by aluminium between 50 and 51 atomic % aluminium
followed by nickel vacancies in still more aluminium rich alloys [___ 13 :] .
Lattice parameter and density studies on NiGa E145,129] have been
interpreted as indicating a NiAl type of defect structure. However,
unlike NiAl, the calculated number of atoms per unit cell does not
reach 2+00 at the stoichiometric composition nor at sﬁme g2llium rich
composition, In fact the average'rmmber of atoms per unit cell is
only 1-98 in the 52-4 atomic % nickel alloy, and 1-89 in the 47.4 atomic
% nickel composition E145:| . At the stoichiometric composition the number
of atoms per unit cell is about 1.96. These results suggest that the
stoichiometric composition and even nickel-rich alloys may contain
constitﬁtiona.l vacancies, as well as gallium-rich alloys.
The presence of consititional defects at the stoichiometric
comﬁosition has been reported in Fe2Nb where iron substitutioral atoms
have been identified (in the stoichiometric alloy) by M8ssbauer tech-
niques D32___[ . | |
It would seem then that while constitutional vacancies and anti-
structure atoms probably occur J:.n NiGa [:145] there is no clearly defined
change, in the type of defect present, at the stoichiometric composition.
Rather that nickel vacancies, present in gallium-rich alloys, decrease
in number with increasing nickel content, and that in nickel-ric.h alloys,
nickel anti-structure atoms begin to occur. Thus constitutional defect.
nixing may take place. Theoretical considerations [143_] and experimental
studies on AuCd I_—_144_—_| have already indicated that constitutional and
thermal defects may interact to result in defect equilibria and mixed

defect structures.
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It has been found that two effects control the ordering and hence
the iikely constitutional defect structure in CsCl compounds, namely
the atomic size factor and the electron to unit cell ratio [104]. 1In
NiAl and NiGa, which are ﬂ—phases, the electron to atom ratio correspond-
ing to Hume-Rothery's rule [ 77 ] is 1-5; the ratio for which the Fermi
surface is first expected to touch the Brillouin zone is 1.48, but in
practice it is found that ﬁ -phases are stable with respect to other
structures for an electron to atom ratio up to 1+5 or even higher'[122j .
According to Hume-Rothery's rule for phases containing transition metal
atoms (in this case Ni), the transition metal is assumed to make no
electronic contribution and an electron to atom ratio of 1+5 is achieved
at stoichiometry. This corresponds to 3.0 electrons per unit cell and
consequently if this value is not to be exceeded in B-rich (aluminium
in NiAl, gallium in NiGa) alloys it is necessary fdr nickel atoms to be
replaced by vacant sites and not by B atoms.

In fact the limiting value of the electron to unit cell ratio has
been found to be 3-00 for CoAl and 3.04 for NiAl, suggesting that only
in the latter compound is there some limited substitution of the
transition metal by aluminium [237].  No similar data is available
for NiGa.

Studies of electric and magnetic properties in NiAl and CoAl have
indicated that limited substitution of nickel by aluminium occurs [18] y
in accordance with earlier predictions based on lattice parameter

measurements E 13, 23 ] .

2.4.,2 Complex Constitutional Defects in NiAl

The compositional dependence of the defect structure in NiAl may be
summarised as follows: nickel-rich compositions contain exclusively

nickel anti-structure atom defects, the stoichiometric composition



12

contains no defects, aluminium-rich alloys contain a limited number of
aluminium anti-structure atoms and nickel vacancies [ 13, 23 :l .

It has been suggested that the constitutional nickel vacancies, in
aluminium~rich alloys, may form clusters. Defects observed in
aluminium rich NiAl with the electron microscope have been interpreted
as platelets of aluminium atoms between layers of nickel vacancies.

This aggregation of vacancies was thought to be preparatory to the
formation of the compound d- N12A13 E 2 :l .

Evidence has been reported for the-existence of an ordered defect
structure, where nickel vacancies ( // ) occur on a regular array,
resulting in compounds such as ﬁi 48 01 6 Al6 4 E31 ] » Additionally
there is some evidence that local microscopic regions of Sl-NizAl3
occur in aluminium rich compositions of P-NiAl, nominally considered to
be the single phese B2 structure [ 94 ].  These data illustrate the
difficulty in spééifying the true nature of the compound (NiAl) and
locating the limit of the phase field, at least in Al-rich compositions.

While no similar observations have been carried out on NiGa it is
apparent that the constitutional defect structure may be complex and
that a number of different constitutional defect types, whose concentra-
tion and distribution varies as a function of composition, may occur

across the phase field.

2.4.3 Temperature Dependent Defects

It is now generally established that in pure metals and random
s0lid solutions, with close packed structures, mono-vacancies are the
predominant thermelly formed defects. But investigations on a
number of B2 intermetallic compounds have shown that the activation
enexrgy of wvacancy foﬁnation EF is very low \-{hen based on the assumption

that mono-vacancies can form independently on either sub-lattice. For

example the value of EF in copper is ~83-9 kj/mole (0+87 eV per atom)
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while in the compound AuCd the vacancy formation energy By lies between
38-6 and 57+9 kj/mole (0-4 to 0-6 eV/atom) [ 148, 146, 118 .

Furthermore the activation energy of motion EM in B2 compounds has
been found to be rather low and to depend upon the conditions under which
it was defermined. Among other factors EM appears to be a function of
temperature. For example, in quenching experiments on Au-49% Cd EH
varied between 33-8 and 56+90 kj/mole (0-35 fo 0+59 eV) depending upon the
quench temperature E1 20:] .

In monatomic lattices there is good agreement between data for the
sum (EF + EM) and the activation energy of self-diffusion Q. This
suggests that the random motion of thermally formed mono-vacancies by
nearest neighbour jumps is the predominant rate controlling diffusion
mechanism in pure metals (and probably random solutions). In an ordered
(B2) intermetallic compound such a diffusion ﬁechanism ignores several
constraining factors inherent to the structure. It assumes that the
energy of formation of a vacancy is the same on either sub-lattice and
that nearest neighbour motion can occur irrespective of the resultant
disordering. Furthermore it does not consider the correlation between
fhe diffusivities of the two species, necessary to maintain the structure.

There is little reason to expect that the sum (EF + EM) should equal
Q@ in B2 compounds unless account is taken of suchk factors as the possible
change in EF as a function of the type of lattice site, the dependence of
EM on defect type and the particular diffusion mechanism which Q rspresents.
Fuorthermore the vaiious factors affecting EF’ EM and Q are likely to vary
as a function of composition and temperature, still further complicating
the relationship beiween the three energies.

Again taking the compound AuCd as an example, the sum (EF + EM) has
been reported with values of 92+6 kj/mole (0-96 eV) [148 ] and between
- 70-4 and 93-5 kj/mole (0-73 to 0-97 eV) [146, 120 ] for an Au~-497Cd alloy.

115 198

The activation energies of diffusion for the two species C4 and Au
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have been reported as 117.7 kj/mole and 117+7 kj/mole respectively in
the stoichiometric alloy [ 78 ] and 130-2 and 125-3 kj/mole for the

9 2na au'?? respectively in an Au-49%Cd alloy [56 ). These

species Cd1
data illustrate the discrepancy between the sum (EF + EM), determined
on the assumption of monovacancy formation and motion, and the
diffusion activation energy Q.

A number of thermal defect types, which would comply to the

constraints of structure symmetry, have been proposed for an ordered

(B2) intermetallic of the type AB[93 ]

(1) An interstitial atom A, together with an A-sublattice vacancy

[;g to give the defect (Ai + [jk)

(ii) An interstitial atom B; together with a B-sublattice vacancy

Z:g to give the defect (B; + []g)

(iii) Interstitial atoms Ai and an equivalent number of interstitial

atoms B, (A, + B.)
i Vi i

(iv) A atoms substituted onto the B-sublattice (AB) plus an
equivalent number of B atoms on the A-sublattice (BA) to give

the order/disorder defect (A + B,)

(v) Vacant sites on the A-sublattice ([73) and an equivalent
number of vacant sites on the B-sublattice ([:%) giving the

two vacancy defect ([:Q + [:%).

The activation energy of formation of interstitial atom defect
is large in close packed structures and consequently the probability
of thermal defects containing interstitial atoms being formed is low.

Interstitial defects will not be considered in the following analysis.

The order/disorder defect (AB + BA) does not involve the formation
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of new lattice sites while the two vacancy defect ( [7; % Z;g) involves
the formation of one new lattice site on each of the sublattices. The
free energy and entropy of these two defect types may change both as a
function of composition and temperature thus so too might their relative
concentrations., For example the order/disorder defect may occur to a
significant extent when the ordering energy is low relative to the
vacancy formation energy. FPurthermore, thermal defects may interact
with other thermal defects or constitutional defects to produce more
complex defect types [343:l. This leads to the question of defect

mixing and defect equilibria which will now be considered.

2.4.4 Thermal Defects in the Stoichiometric Compound AB

If at absolute zero the stoichiometric composition is perfectly
ordered (contains no defects), then for a total of N lattice sites
there are N/2 A~sublattice sites exclusively occupied by A atoms and
H/2 B-sublattice sites exclusively occupied by B atoms. As the
temperature is increased thermal defects are progressively introduced
into the lattice; their type and number depends on their formation energy.
From structure symmeitry any defect involving lattice sites on one
sublattice must be balanced by an equivalent number of sites on the other
sublattice. There is no constraint that the type of defect (anti-
structure atom or vacancy) must be the same on each sublattice.

When n, defects of the order/disorder type are formed, n, anti-

1
structure atoms ocecur on each sublattice. For small deviations from
perfect order (n1<ﬁ( N) at the equilibrium temperature T the additional

configurational entropy S1, due to the defects, is given by:-

S, = 2kn, 1In (H/2n1)

where k is Boltzmann's constant.
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Also the concentration of these defects(?1/N) is given by:

n
1 1 E \
-3 exp(B2L ) exp(- Bl )
N 2k 2T

/
where E, is the energy of formation of the (AB + BA) defect and / S,
is the vibrational entropy factor (arising from the change in lattice
vibration frequencies caused by the anti-structure atoms).

A similar line of reasoning for the case of the two vacancy defect

( Zjl + ng ) yields:

S, = 2k n, ln(N/2n2)
np 4as, 2
and g = % explgt) exp(- 57 )

where nz/N, S5 [\SQ and E, are the defect fraction, the configurational
and vibrational entropies and the energy of formation of the ( Z;A +[:% )
defect respectively.

The two vacancy defect results in the introduction of one new site
on each of the two sublattices, each site being vacant. However, the
same balance may be achieved if a vacarcy on the A-sublattice is accompanied
by an A atom moving into a new B-sublattice site. One new lattice site
has been formed on each sublattice but the nature of the defect type is
different on either sublattice.

This situation is effectively the case of a B-sublattice vacancy
combining with an A atom. Thus if the energy of formation of the
two vacancy defect E2 is considered to be the sum of the energy of
formation of a vacancy on the A~-sublattice E?:7Aband the energy of
formation of a vacancy on the B-sublattice E /__/B then the vacancy 0}3

may degenerate into a vacancy ij plus an A antistructure atom if:

g+ 4, => [+ [f if: E[73:> B/, * By
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where EAB is the energy of formation of an antistructure atom AB on the

B-sublattice.

The two vacancy defect thus degenerates into a new triple (lattice

site) defect according to:
Ly + L) + 8y —> 2[J, + iy

if E, | > E /7 + Eap

The structure balance of the lattice is preserved, since each
sublattice has acquired a new site; but instead of one vacancy on
each sublattice there are two vacancies on the A-sublattice and an
anti-structure atom AB on the B-sublattice. Suck a triple defect
would be favoured by a large difference in the energy of vacancy forma-
tion on each of the sublattices. This is thought to be the case, aé
evidenced by the compositional variation in the nature of the
constitutional defect structure, in both NiAl and NiGa.[ﬁ43, 145] .

As a result of the above analysis the existence of a third type
of thermal defect, namely an asymmetrical triple (lattice point) defect
of the type (2/—7A + /_73) has been proposed for B2 compounds E143] .
The configurational entrdpy of this defect (33) and its concentration

%3/ ) can be evaluated in the same way as the other two thermal defect
1] )

types already considered. Again assuming small deviations from perfect
order:
S, =3k n, In */n
3 3 3
and

n AS B
2 2 e em(- )
N 3k 3kT
3/
where N, SS’ AS3 and E3 are the defect fraction, configurational and
vibrational entropy contributions and the energy of formation of the

triple defect respectively.
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If the vibratidnal entropy factors ( S values) for fhe three defect
types are of the same order as in monatomic lattices, and approximately
equal, then the relative concentrations of the three types can be
evaluated E101:] . The ratios of the concentrations of the three
defect types can be expressed in terms of their energies of formation
and as a function of temperature (assuming S, = S, = S3 [101])

1 2
according to the equations:

Mfn, = exp [ (BB, )/2k7 ] 2.1
n 3 Es £

ing = % exp °fy exp [ (°/3xT) - (/2xT) ] 2.2
3 B3 Fa

"2/ng = % exp °/, exp [ (°/3k1) - ( “/2) ] 2.3

Using equations 2.1 to 2.3 shows which type of thermal defect will
predominate in the structure as a function of temperature and how these
relative defect fractions are affected by the energies of formation of
the three defect types.

On the assumption that E, € B, € E, it has been shown that the

3
order/disorder defect is predominant at low temperatures and that the

ratio n1/n2 is always greater than unity except for the limiting case
E, = E, (see equation 2.1) [143] . Also the relative importance of
the triple defect increases steeply with £emperature because both the
ratios n1/n3 and n2/n3 fall with increasing temperature (see equations
2.2 and 2.3). p

g+ E2 % E3 the triple defect

—

A point of interest is that if E

becomes the most stable because of the energy gain from the reaction:

([, + ) + (3 + 3) — ([T, + &) + 3
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It also follows that whenever 2E; < 3E;, 2E; < 3E, or Es <{E, +E,,
significant defect mixing takes place, although the absolute number

of defects may be quite small. Finally, because equilibrium condi-
-tions are more readily reached at high temperatures - where the triple
defect is favoured - it has been suggested that a higher proportion of
triple defects may be retained at lower temperatures than required by
equilibrium conditions, The triple defect may effectively be
quenched in and hence present in larger concentrations than expected
at low temperatures E143] .

This entire analysis of thermal defect types and equilibria is
based on the assumption of small deviations from perfect order and
consequently small defect fractions. When a significant amount of
disordering occurs, at high temperatures, defect formation energies
become dependent upon the degree of order rather than constant E55 ]'.

In conclusion, since CsCl type intermetallic compounds can exist
at non-stoichiometric compositions where constitutional defects occur,
the effect of defect interaction in non-stoichiometric compositions

on defect equilibria must be considered.

2.4.5 Thermal Defects in 0ff-Stoichiometric Compositions.

Non-stoichiometric compositions contain constitutional defects
which may significantly affect the energies of formation and equilibria
of thermzl defects. In an AB compound, in which the prgdominant
constitutional defects are assumed to be A-sublattice vacancies (Z;i)
in B-rich alloys and AB anti-structure atoms in A-rich alloys (the
defect structure proposed for NiAl and NiGa) the two constitutional
defect types may be expected to have different effects.

On the B-rich side of stoichiometry the fraction ("2/y) of the

two vacancy defect (Z;Q + Z;g) mnay be reduced because of the consti-
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tutional vacancies (Z;Q) already present. This is likely because the
energy of formation E2 of the two vacancy defect should rise with
increasing B content and departure from stoichiometry (where Z:%
vacancies are not constitutionally favoured). Furthermore the triple
defect (2[;2 + AB) might be favoured (relativé to stoichiometry) in
view of the apparent high energy of formation of BA anti-structure atoms
(not favoured constitutionally) Eﬁ4i] .

The high énergy of formation of BA anti-structure atoms means
that the energy of formation E1 of the order/disorder defect will also
be high in B-rich alloys. Thus both E1 and E2 are likely to rise with
increasing excess of B and the triple defect (2[;& + AB) may be favoured

because of the reaction

(ag + By) + (L) + L) — (L], + 43) + By

if E + E > E

1 2

3

However it has been suggested that while E2 may be raised, E3
should be lowered, relative to stoichiometry, with increasing excess of
B[143]]. But, on the assumption that the introduction of thermal

vacancies onto a lattice already containing large numbers of constitu-

tional vacancies would be difficult, the formation energies E, and E

2 3
may béth be expected to rise, although the triple defect may be
favoured.

The only means by which the energy of formation of the triple
defect E3 could fall, in B-rich alloys, would be if the energy of
formation of an anti-structure atom AB falls more rgpidly with increasing
B than the energy of formation of two A-sublattice vacancies (Z;g) is

expected to rise. In such a case the sum energy of formation of two

vacancies (2[;&) and one anti-structure atom (AB), that is 23 the energy
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of formation of the triple defect (2[:£_+ AB) may fall with excess of B.
However the suggestion that the formation of AB defects becomes
progressively easier in alloys deficient in A seems unlikely.

On the A-rich side of stoichiometry, anti-structﬁre atons AB are the
predominant constitituional defect. The lattice is full and the
introduction of thermal vacancies into a defective but full lattice is
likely 'l;o be easy E143] . Thus the defect formation energies E2 and
E3 are both decreased relative to the stoichiometric composition, while
E1 may be raised in view of the fact Fhat the introduction of additional
anti-structure atoms.may be difficult.

In summary, it can be seen that thermal defect formation energies
vary as a functiog of alloy composition. The two vacancy defect and
possibly the triple defect are favoured by the presence of anti-
structure atoms and full site occupancy (as in A-rich alloys); in
B-rich alloys only the itriple defect may be favoured, relative to the

other two, by the presence of constitutional vacancies.

2.4.,6 Thermal Defects - a Summary

As a result of the analysis of thermal defects in the preceeding

two section (2.4.4 and 2.4.5) a number of conclusions may be drawn:

(i) In AB compounds, structural symmetry requires that thermal
defects occur in pairs rathex than as point defects. In some
compounds asymmetrical triple defects, consisting of two
vacancies on one sublattice and an anti-structure atom on the
other, may be stable.

(ii) Defect formztion energies as conventionally determined on the
assumption of ﬁonovacancy defects are low by a factor of two

or three. The ensrgy of formation EF mey vary with composition
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within the range of stability of the structure and will
depend on the typeé of defect formed.

(iii) The conventionally determined mobility energies EM may be
strongly dependent on both composition and quenching
temperature (since defect equilibria are probably a
function of both composition and temperature). The

temperature effect might itself be composition dependent.

2.5 Defects in NiGa

2.5.1 Composition Dependent Defects

Lattice parameter measurements on NiGa have indicated a lattice
spacing maximum in the 52.0 atomic % nickel alloy at 970°C and in the
51.8 atomic % nickel alloy at 870°C [ﬁ08:]. The composition at which
the lattice spacing maximum occurs can be seen to vary with temperature
(due to thermal defects) and it has been suggested that this composition
tends towards stoichiometry with decreasing temperatures [345:].

Nevertheless, unlike NiAl [[13 ], in NiGa the composition of the
lattice parameter maximum occurs on the nickel-rich side of stoichiometry.
This suggests that no gallium substitution (for nickel) occurs in
gallium-rich alloys but that vacancies, on the nickel sublatticé, occur
directly in such non-stoichiometric alloys.

Lattice parameter and density measurements on NiGa [345,129:]
have confirmed nickel sublattice vacancies as the constitutional defects
present in gallium rich alloys and indicated that nickel anti-structure

atoms may be the predominant defects in nickel-rich alloys.
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2.5.2 Thermal Defects

Density measurements on quenched and slowly cooled NiGa alloys
have indicated that very high thermal vacancy concentrations may easily
be quenched-in. Thermal vacancy formation has been found to occur to
a significant extent for temperatures above SOOOC. The thermal
vacancy fraction is of the order of 1 atomic % for a quench temperature
of 850%¢ [145] .

The thermal vacancy fraction has been found to vary with
composition, with the largest concentrations occuring in the stoichio-
‘metric and nickel-rich alloys while nickei deficient alloys, where large
nunbers of constitutional vacancies are already present, contain fewer

thermal vacancies.

Lattice parameter measurements have shown that the composition at
which the maximum lattice spacing occurs varies with temperature [ 108 ] .
This suggests that the compositional.dependence of the thermai vacancy
concentration also varies with temperature; effectively that the
activation ehergy of vacancy formation varies with composition and that
defect mixing and equilibria occur (which has already been proposed on
theoretical grounds, sections 2.4.4 and 2.4.5).

It has been suggested that with increasing temperature nickel
atoms f%ll some or most of the thermal vacancies on the gallipm sub-

lattice _145_ giving rise to a new nickel anti-structure atom and an

I ; )
additional nickel sublattice wvacancy. This is in fact the reaction

proposed in the formation of the triple defect (2[;% AB) [143] .

The energy of formation (EF) of thermal vacancies has been computed
by assuming that the lattice parameter contraction due to wvacancies is
linearly proportional to their concentration (n/ﬁ) and that the gquench

retains the high temperature concentration of vacancies. Then:
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(a,-a)/a, =% oo exp(- F/,00)

where a, is the equilibrium room temperature lattice paraméter, ais
ths parameter actuaily measured at room temperature after quenching
from the temperature T(OK). The factor 2 in the exponential is
required in the B2 structure because each defect formed consists of two
vacancies.

Vacancy formation energies computed from this equation, for NiGa,
are found to increase with nickel content from 63-2 kj/mole (151 kcal/
mole) in the 47+4 atomic % nickel alloy to a maximum of 711 kj/mole
(17+0 kcal/mole) at stoichiometiy and thereafter to decrease again
to 63-2 kj/mole (151 kcal/mole) in the 52.4 atdmic % nickel composition
C145] .

The variation in the energy of defect formation with composition
in HiGa has been accounted fpr as follows:

(1) In the stoichiometric composition the initial thermal defects
may be either twe vacancy defecis or order/disorder defects.
The stable constitutional defects in NiGa are known to be
nickel vacancies ngi and nickel anti-structure atoms NiGa’
while gallium vacancies and anti-structure atoms are thought
to have high energies of formation. This may lead to the
formation of triple defects (z/_7Hi + NiGa). The equilibrium
defect structure, at elevated temperatures, should consist of
nickel sublatticz vacancies, a small number of gallium sublattice
vacancies and some nickel antistructure atoms, In effect a
mixture of the two vacancy defect and triple defects, whose
relative proportions would vary with temperature.
The experimentzl activation energy of formation EF’ based

on the assumption of itwo vacancy defects would only be an
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(iii)
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approximation. The true value would depend on the extent of
the interaction between, and the activation energies of the
various defect types.

In nickel rich compositions nickel anti-structure atoms are tﬁe
predominant constitutional defects; the full but defective
lattice is thought to favour thermal vacancy formation |:143:| .
Both the two vacancy and triple defects may occur, but the
constitutional anti-structure atoms may impede the introduction

of still further nickel anti-structure atoms and depress the

7 Ga)'
fact the introduction of nickel anti-structure atoms may be so

formation of the usual triple defects (2[;%i + Ni In
restricted that they may react with the nickel vacancies (of the
two vacancy defects), to result in the formation of a nickel
atom on the nickel sublattice and a gallium sublattice wvacancy,
thereby lowering the total defect energy. The normally high
energy gallium vacancy is stzbilised and a new triple defect
(Wig, + ZZSEa) is formed which is not stable at stoichiometry
nor at low temperatures [:145] .

The probability and extent of formation of such a defect is
directly related to the change in the energies of formation of
gallium sublattice vacancies and nickel antistructure atoms
relative to each other as a function of composition and tempera-
ture. Thus again the overall defect formation energy is seen
to depend on defect equilibria. | |
In gallium rich compositions nickel sublattice vacancies are the
predominant constitutional defects and these tend to favour the
triple defect (2/—7Ni + NiGa) formation [ see section 2.4.5 ] .
Once zgain defect mixing isrlikely and the defect formation

energy will depend on defect ecuilibria.
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It is ciear that throughout the phase field of the compound NiGa,
conventionally determined values of the energy of defect formation EF
will depend upon the proportions and interaction between the defects
formed. Defect interaction is likely to be most marked in off-
stoichiometric compositions where large concentrafions of constitutional
defects occur. In consequence the apparent vacancy formation energies
observed experimentally are likely to be low throughout the phase field
and most markedly so in non-stoichiometric compositions. Finally the
maximum in EF need not occur at stoichiometry but at that composition
in which minimum defect interaction oécurs. This composition is
likely to be temperature dependent and in NiGa is thought to lie on the
nickel rich side of stoichiometry, where only small numbers of triple
defects are possible Eﬁ4i] .

The activation energy of motion EM of thermal defects in NiGa has
been found to depend upon the fraction of defects remaining (f =
n(t)/n(c.)) at some time t during the annealing out of quenched-in
defects. In the stoichiometric material values of EM were 179.9 kj/
mole (43-0 kcal/mole), 146-4 kj/mole (350 kcal/mole) and 25+5 kj/mole
(300 kcal/mole) for remaining defect fractions (f) of 0.8, 0.5 and 0-2
respectively'Eh4i] .

The change in E, with defect fraction suggests that more than one
defect tyﬁe is involved in the relaxation mechénism and that defect
mobility varies with defect fraction indicating that different defects
are annealed out at different rates. Similar behaviour has been
reported in AuCd [:1 20, 56 j and in both this compound and NiGa defect
equilibria are likely to be responsible.

In conclusion it is evident that thermal defect mixing and defect
equilibria in NiGa may account for the fact that energies of formation

and motion can be composition devendent and also temperature dependent.
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2.6 Diffusion

2.6.1 Diffusion Mechanisms in Solids

Crystalline solids have a regular array of lattice sites which are
energetically favoured positions for atoms. Atoms diffusing through a
crystal thus tend to Jump between lattice sites, although jumps may
occur in more or less random directions. The type of lattice sites
involved in such jumps and the nature of the jumps themselves define the
particular diffusion mechanism.

It is known that the regularity of the lattice structure breaks
down in the vicinity of line defects (dislocations) and surface defects
(gr2in boundaries and free surfaces) with the consequence that atomic
packing is not as dense as in the bulk material. Thus while the
particular mechanisms by which atoms move within the field of such
defects may be the same as in the bulk material the more open, less
regular nature of the matrix may allow diffusion to occur more rapidly.
This leads to the conclusion that distinct regions can exist within a
solid where diffusion may occur by similar mechanisms but be restrictead
by different boundary conditions.

There are several such diffusion 'classes', namely diffusion along
line defects called dislocation pipe diffusion, diffusion at surfaces
(both internal and external) called grain boundary and surface diffusion
and diffusion in the bulk material called volume. Diffusion rates in
the first three classes are less temperature sensitive than volume
diffusivities, and in general their diffusivities are high but
activation energies low. Thus dislocation pipe, grain boundary and
d;rface diffusion are important at low temperatures but less so at high
 temperatures where volume diffusion predominates.

A number of diffusion mechanisms, applicable particularly to volume
diffusion, havé been distinguished in solids. They are characterised by
the type of elementa“y jump which takes the atom from one equilibrium lattice

site to another. These diffusion mechanlsms will be outlined briefly in
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the following sections.

2.6.2. Interchange and Ring Mechanisms

In these mechanisms the diffusing atom moves by interchanging its
position with that of another lattice atom by a correlated rotation of
two (direct interchange) or more (ring mechanism) atoms about a common
centre [:See FIG. 2.3, A & B:I .

Both of these mechanisms have high activation energies dbut in the
ring mechanism the énergy is minimised for either 4 or 6 atoms partici-
pating in the ring, depending upon cfystal structure [_—_160:| . Values -
calculated for copper are 964-4 kj/mole (10 eV) for the-pair interchange
and 385-8 kj/mole (4 eV) for a ring involving 4 atoms [ 97 ] .

The ring mechanism has been invoked to explain certain anomalies

of diffusion behaviour in some b.c.c. transition metals [3253 .

2.6.3 Interstitial Mechanisms

In interstitial mechanisms the diffusing atom may move by jumping
between two adjacent interstitial positions (the direct interstitial
mechanism), bu pushing a neighbouring atom from a normal lattice site
into an interstitial position (interstitialcy mechanism) or by a
correlated motion of a line of displaced atoms (the crowdion mechanism)
[see FIG. 2.3, C, D & E].

The direct interstitial mechanism is thought to be restricted to
the movement of atoms which are small relative to the lattice atoms.
Carbon and nitrogen diffuse in iron by this mechanism [}63, 11, 46] .
If the interstitial atoms are comparable in size to the lattice atoms
the interstitialey or crowdion mechanisms are preferred.

The calculated activation energy for an interstitialey mechaniém
in copper is 482-2 - 964-4 kj/mole (5 to 10eV) [97 ] which is still high
in comparison to the observed activation energy for self-diffusion.

In fact in most cases where the diffusing species is similar in size
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to the matrix atoms vacancy mechanisms are prefered to any of the inter-

stitial mechanisms.

2.6.4 Vacancy Mechanisms

The simple (singie) vacancy mechanism inﬁolves the exchange of
positions between the diffusingratom and an adjacent vacancy'E:see
Fig. 2.3, F :]. If there is a binding energy between vacancies,
diffusion may involve the movement of vacancy complexes containing two
or more vacancies. However vacancy complxes lack the symmetry of
monovacancies and are more restricted in their movement, although
di-vacancies may be important in diffusion at very high temperatures.

A further modified vacancy mechanism is the relaxion mechanism
I: see Fig. 2.3, G :] where the atoms surrounding a vacancy are
sufficiently displaced from their equilibrium positions to be comparable
with a region of localised melting. Atoms in a relaxion can diffuse
by an irregular jostling motion similar to that for atoms in a liquid.

In general, in close packed lattices, with all atomic species of
about the same size the single vacancy diffusion mechanism has the
lowest activation energy and is predominant. The caiculated energy
for a vacancy mechanism in copper is 144-7 10 270-Q0 kj/mole (1.5 to

2.8 eV) [97] .

2.7 Diffusion Equations

Lattice defects are known to play an important role in the transport
of matter through crystals, but in some mechanisms (e.g. the interchange
mechanism) the influence of 1atti¢e defects may be ignored while in
others (e.z. the vacancy mechanism) the diffusion rate constant is a

function of the concentration of laitice defects, The effect on the
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diffusion equations derived for the two éroups of mechanismé has been
reviewed by Compaan and Haven (1957) [123 ] .

In general, diffusion equations have been developed to describe
mathematically a particulér diffusion mechanism. Usually such
. equations are applicable only to volume diffuéion where the regularity
of the lattice allows such factors as the type and number of defects,
the jump frequency and the size and shape of the potential energy
barrier that the diffusing species must cross in the course of a jump,

to be evaluated.

2.7.1 Fick's laws

B& an analogy with heat transport, Fick (1855) [[45 ] developed
two general relationships to describe mass flow in solids.

Under steadj state conditions of unidirectional mass flow in a
so0lid, the concentration(bi) of a species i at any given point is
independent of time (t). The mass flux (ji) of the species i passing
through a unit area of plame (perpendicular to the flow direction) in

unit time is given by Fick's first law as:

Jg = -Dig (%) 2.4

Where x is the distance in the flow direction and Dﬁx is the
diffusivity of the species i in the direction x and has the dimensions
(L2 T-1) usually cmz/sec.

Similar equations may be written to describe the steady state flow
of species i in the directions y and 2z yielding two more diffusion
coefficients Diy and Diz' The three diffusion coefficients are usually
assumed equal in cubic materials.

Under conditions of non-steady state equation 2.4 can be differentiated

with respect to time to give Fick's second law:
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In the special condition that the diffusion coefficient Dix is

indpendent of position equation 2.5 reduces to:

2
3C1 3¢
—— = Dl 5 206
bt Bx

A complete analysis of the derivation of Fick's laws is given by

Reed-Hill (1967) [125] .

2.7.2 Modifications of Fick's. Laws

According to Fick's laws diffusion is expected to occur only down
a concentration gradient, but there are many instances (e.g. precipita-
tion of a second phase) where diffusion takes place up a concentration
gradient. This anomaly has been overcome by considering that
diffusion proceeds down a chemical potential gradient (é“i/AX).
Furthermore, the chemical potential (ﬂ%) of a speciés i is itself defined
in terms of the activity (ai) of the species in a system. Finally the
activity (ai) of the species in a system. Finally the activity (ai)
of a species is proportional to the concentration (ci) or atomic fraction
(Ni) through the activity coefficient (b’i ) according to the relation:

a, = Xi N, 2,7

Fick's first law can be rewritten in terms of activities to give:

a.
ji = = Di (')S_f') 2.8

And differentiating w.r.t. time and substituting from equation

2.7 gives an alternative statement of Fick's second law:
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The expression of equation 2.9, derived by Birchenall & Mehl
(1947) [:11:] s, reduces to the simple statement of Fick's second law
(equations 2.5 and 2.6) when the diffusing system is an ideal solution

It can also be shown that the atom flux ji is dependent upon the

diffusing atom mobility Gi and that Fickls first law then becomes

[ 28, 100] :
lo
J; = =6 kT[ ) gYi)] . 2.10

1og N

Comparing equations 2.4 and 2,10 shows that:

)logyi

D, = GkP[ 1+ ( )] 2,11
)10g N,
1
It is apparent from equation 2.11 that the diffusion coefficient (Di)
is a function of the mobility of the diffusing species (G;) but it is
also a function of the ideality (Yi) of the solution
Finally, equation 2,10 can be differentiated with respect to time

for non-steady state conditions to give:

Wi b Cexr(1 + élc)g){i) Wi:] 2.12
Bt x ) log Ni dx

This expression only reduces to the simple statement of Fick's second
law (equation 2,6) if the solution is both thermodynamically ideal
(¥, = 1) and the mobility G, is not a function of position [ 28, 100] .

It is apparent then that the diffusion coefficient is not merely 2
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measure of the mobility of the diffusing species but depends upon the
ideality of the solution, which in turn is a function of the type and
strength of the various interatomic bonds within the solution (diffusing
system). The mobility of the species is itself dependent on such

factors as the lattice parameter, jump frequency and correlation factor.

2.7.3 Diffusion Coefficients

Fick's first law can be used to define a number of diffusion
coefficients, the nature and significance of which depend upon tﬁe
conditions in which the equation is applied.

The simplest case is that of tracer diffusion in a homogeneous
crystal where diffusion occurs purely as the result of the vanishingly
spall concentration gradient of the tracer itself. The coefficient
D; is termed the tracer diffusion coefficient. In.the special case of
the tracer and crystal matrix atoms being of the same species the
concentration gradient vanishes and self-diffusion occurs by random
nixing because of the change in free energy of the system from the
change in entropy upon mixing.

A second diffusion coefficient méy be derived when a driving force
imparts a drift velocity (v?) to the diffusing species which contributes
an additional mass flux of ci(vF) to the diffusive flux. If the
driving force znd hence the drift velocity are proportional to the

concentration gradient it can be shown that:

c.(v.)
.} - p - A E | 2.13
1 1 (scl/xx)
where DiI is the new (intrinsic) diffusion coefficient.

*
Fuarthermore, if Di is equal to the tracer diffusion coefficient

irrespective of driving forces and the mobility of the species at any
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given composition is the same irrespective of the concentration gradient

then the intrinsic diffusion coefficient DiI is related to the tracer

*
diffusion coefficient Di by the expression [:29] :

I * ylogY, )

D, = D, (1 2.14
. . BlogNi

A third diffusion coefficient, namely the interdiffusion coefficient
D can be defined to measure the rate at which two species (A and B) of

atoms intermingle. The interdiffusion coefficient can be expressed in

terms of the intrinsic diffusivities Di and D% and the atomic fractions

NA and NB of the two species to give the Darken equation E29j H

- I I
D = Ny D, + N, Ip _ 2.15

If the component B is an isotope of A there ié effectively only
one species (A) and the interdiffusion coefficient D becomes equal to
the intrinsic coefficient Di . FPurthermore since the isotope and
matrix are now the same species the interdiffusion coefficient D
(equal to Db is also equal to the tracer diffusion coefficient DZ for
self-diffusion.

Of the three diffusion coefficients considered so far the tracer
diffusion coefficient may be most readily evaluated theoretically in
terms of such factors as jump frequencies, lattice parameters and

correlation factors [___ see section 2.8 :] .

2.7.4 Partial Diffusion Coefficients

In multicomponent systems Fick's first law yields a diffusion
coefficient dependent not only on the concentration of the diffusing
species i, temperature and pressure but zlso on the concentration

gradients of other species present. The atomic flux ji can then be
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expressed as:

ij = -Xk D, Y 2.16

Bquation 2.16 allows for the possibility that the flux ji of the
species i may depend on the concentration gradient (Bck/sx) of a species
k through the cqnstant Dik termed the partial diffusion coefficient.
Normally the constant Dik for i not the same species as k is small
compared with i identical to k and are often considered zero (so that
the diffusion of i does not depend on the concentration of k except
when k = i).

Non-zero values of the cross.terms Dy (i # k) result in a series
of phenomenological equations to describe the diffusion behaviour.
Such equations are of particular significance when the diffusion of a
given species is correlated to another species and the diffusion
mechanism requires the movement of more than one species oxr of defect
complexes. The phenomenological equations of diffusion have been

extensively reviewed by a number of authors [324, 74, 28, 97:].

2.7.5 The Solution of Diffusion Equations

The differential equations relating the tracer diffusion
coefficient to concentration as a function of position and time can be
solved for a number of boundary conditions E27 :l .

When the initial distribution of the diffusing species can be
represented at time t equals zero by the expression of Fick's second
law (equation 2.6) at position x equal zero then the solution of the
expression is:

c

0 -X
c = -—_—.I.: exp(—.—-— 2.17
2(RDt)? 4Dt
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where s is the original concentration per unit area at the plane x equals
zero and D is the tracer diffusion éoefficient.

In most diffusion experiments radio-acti&e species are used as the
tracer diffusing species. The tracer is applied to the specimen in a
sufficiently thin layer for the assumption thét diffusion into the
specimen surface is instantaneous to be valid and hence Fick's law
applies. The concentration of tracer can be related to the radio-
active intensity and the diffusion coefficient D can be evaluated by
plotting the logarithm of the concentration (or radio-active intensity)

against the square of the diffused distance (x2).

2.8 Theoretical Evaluation of the Tracer Diffusion Coefficient

Atomic flux during self-diffusion originates solely from random
atomic movements through the lattice and consequently may be described
by the theoxry of the random walk, The diffusion coefficient may then
be evaluated in terms of atomic processes.

In the simplest case of the random walk the jump frequency /7> is
independent of the Jjump direction. The flux j from one plane,
containing n, atoms of the diffusing species per unit area, to a second

plane containing n,, is given by:
2

J = (n1 = 2)/— 2.18

The atom concentrations per unit area (n) can be related to the concentra-
tion per unit volume (c) by the equation (n =Ac) where A is the distance
between nelghbouring planes; Equation 2.18 can then be written in

terms of concentration (c)

j = =N/ & 2.19

X
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In a2 cubic system all nearest neighbour jumps are equaliy likely and
2ll other jumps are unlikely. The total jump frequency ¥ 1 is thus
the product of the individual Jjump frequency /_ and the number of nearest
neighbour sites z. In the simple cubic lattice z is six and equation

2.19 can be written:

j = -16 A 2.20

Comparison with Fick's first law shows that:

D = %Iﬂ A2 2.21

The random jump frequency /{1 has been expressed as:

4/1=n4(f

where n is the total number of independent jumps, each having a
probability (frequency)# and f is the probability that any jump is
statistically independent of the previous jump and is called the
correlation factor. The diffusion coefficient (D) is then given by
L19]

D=t Nanwrs 2.22

..

1
6

If a specific diffusion mechanism is considered, the jump distance
(M) can be related to the lattice spacing (a) (e.g. for b.c.c.

= (%) ,[—3_‘9. for nearest neighbour jumps) E98] .

‘Furthermore the correlation factor (f) can be expressed as E 4, 20 ] :
f=(1+Cos®8)/(1-Cos®)

where Cos © is the average value of the cosine of the angle between

successive jumps (©). The correlation factor has been found to be
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unity for interstitial and interchange mechanisms E109:l while for
vacancy mechanisms it is a function of crystal structure (f = 0.72 for
b.c.c; f = 0.78 for f.c.c.) E20___] .

In most metal systems diffusion is thought to involve defects
(usuwally vacanciés) and so the diffusion coefficient depends upon
defect concentration and the jump probability between -lattice sites and

defect sites. The diffusion coefficient can be expressed as E102] :
2/~ ,
D = oL a / [ 2023

where « is a geometric factor depending upon the number of nearest
neighbours, a is the lattice parameter and T is the average time
between successive jumps. The factor T is related to the jump

frequency ¥ by the expression:
1 AG
= = b4 exp(- 73 2.24

where p is the number of equivalent paths for diffusion. Thus the

diffusion coefficient can now be written:
D= ocazp '\/exp(-%% ' 2.25

where A G is the jump activation energy.

If diffusion occurs by a vacancy mechanism it can be shown that
E19_-_] H
2 ACy

D = &a"p ¥ £ exp(- —) exp(- — 2.26
RT RT
where A GF and AGM are activation energies of vacancy formation and
motion respectively and f is the correlstion factor. The geometric

factor () is equal to the reciprocal of the path multiplicity factor

(p) and so their product is unity and they may be omitted from equation
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2,26 which may be rewritten:

AGg +¢AGM )
RT

o
1

a2/V'f exp - (

ASF + ASM

2

or D=a f exp (

A + A
e i

RT

) exp - 2.27

The jump frequency ¥ ' is the frequency with which an atom jumps from
an activated complex (i.e. the atomic configuration around an atom at
the top of the activation potential barrier) [___ see Fig. 2.4 :[ to an

equilibrium site. It is usually equated to the Debye frequency E102:[ .

2.8.1 The Temperature Dependence of the Diffusion Coefficient

Over a wide range of temperatures experimentally measured diffusion

coefficients are often found to fit the Arrhenius relation:
- AQ_ ‘
D =D, exp(-~ RT) 2.28

where both G, the activation energy of diffusion, and Do’ the frequency
factor, are assumed independent of temperature but depend on the
identity of the diffusing species and the composition of the matrix
crystal.

The Arrhenius relation is found to apply best when the tracer
diffusion coefficient is meésured. A comparison with LeClaire's
expression [:103] given in equation 2,27 shows that:

ASF + ASM

a24’ f exp(—-——}-t——-—) 2.29

L=]
]

'
]
[s1)
O
L]

AHF + AHM ' 2.30

Both Do and { are usually assumed constant since all the terms
from which they are formed are effectively constant, and agherence to

the Arrhenius relation is said to characterise ‘normal' diffusion. 1In
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fact both DO and Q may vary with temperature giving rise to ‘'anomalous!
behaviour.
There are three essential features which are said to characterise

"normal' diffusion:

(i) The temperature dependence of D is accurately described by
the Arrhenius relation.

(ii) The activation energy Q is independent of the ambient mpera-
ture but is proportional to the melting point TM of the
material, or the solidus température in the case of alloys.
The empirical correlation for self-diffusion is generally
found to be, to within % 20%, @ = 34 Ty (Q in célories/mole,
T in %).

(iii) The frequency factor D, is uwsually in the range 0-1 to 10-0

cmz/sec.

Anomalous diffusion behaviour, where the diffusion coefficient
does not obey the Arrhenius expression and a curvature is observed in
the log D vs (1/T) plot can arise for a number of reasons. Typical
examples include the breakdown of the Arrhenius relationship near the
ordering temperature ‘I‘c E95___] seen in CuZn, anomalies linked with the
temperature dependence of the elastic constants seen in F ~Zr and P-Ti
[338, 139:land the general case where more than one independent
diffusion mechanism may be operating over the same temperature iange
(e.g. grain boundary and volume diffusion).

Frzaquently an analysis of the factors comprising the frequency

factor Do can account for apparently anomalous diffusion behaviour.
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2.8.2 Zenexr's Theory of Do

Deparfures from the Arrhenius relation may arise from a temperature
dependence of the frequency factor D,. The most important contribu-~
tion to such a case .is likely to come from the exponential entropy
term [: see equation 2.29 ] .

In the case of an interstitial diffusion mechanism where no defects
are required (AsF = 0) the term ASM can be evaluated [ 153, 152,162 ] .

By definition A S, is given by:

YAG AGy/ A

AS1 =28 _Ac EB(——G'M)] where AG} is the

T Ve ° Y u

energy of motion and AGO is the value of AGM at absolute zero (1=0K).
It has been shown that the energy requivred to move an atom to

the top of the potential barrier into the activated complex confugra-

tion (i.e. 4 Gy) is given by [162] «

2
Ag, 2 EO/LL

where £ ° is a measure of the elastic strain of the lattiice around the
activated complex and S is the elastic shear modulus,

The entropy of motion A SM is then given by:

AB
By =-p g o | 2.51
M
(M/p)
where /B = _B__T/:___/ﬁo__ and TM is the melting point. The enthalpy
(/)

of motion AHO at 0% is equal to 4 G, - The factor /5 is usually
negative while the factor g is a positive constant less than unity to
allow for the fact that not all the work done in forming the activated
complex goes into straining the lattice.

Since all the factors, /5 , g and T,, are constants for a given

M

solvent the entropy of motion ASM is proportional to the enthalpy of
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motion AHM (24 Ho). Furthermore since /B is negative and all other
factors are positive the entropy .of motion is a136 positive.

A similar treatment has been applied to the case of vacancy
diffusion, where the entropy of formation ’_lSF was assumed proportional

to As,, to give the expression [[161] :
AH
As = 45, + A S - 2.32
Sp * S8y £§ T

where AH = AHF + AHM.

The factor A SF was founci to be positive and consequently A4 S
was predicted to be positive. Zener's theory is found to be in good
agreement with interstitial diffusion mechanisms but in poorer agree-
ment in the case of defect mechanisms where negative activation

entropies have been consistently found in some systems.

2.8.3 Anomalous Diffusion Behaviour

In 'anomalous' diffusipn curvature is observed in the linear
relationshiﬁ predicted by the Arrhenius relationship an.d activation
energies and frequency factors are often far below values predicted for
'normal' diffusion. Furthermore negative activation entropies are
common in such systems.

Zener's theory (of Do) has been modified to allow negative
entropies. The activation entropy A S is considered as the sum of
two contributions; the first A S, arises from the reduction in
vibrational frequencies near a wvacancy and is positive, the second
A 82 arises from the increase in frequency in the region of an
activated complex and is negative [ 32, 79 ]. Thus if /4 S,/ >/ 4 S,/
then their sum A S is negative.

Negative activation entropies may also occur, even in Zener's
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original theory, if the temperature dependence of the shear modulus is

not negative and hence the factor IE is also not negative [: see equations -
2.31 and 2.32 :]. Some b.c.c. transition metals have been found to
exhibit an anomalous temperature dependence of the elastic shear

modulus [ﬁBﬁ] in the same temperature range in which anomalous diffusion
behaviour is observed E138, 1 j .

Finally it has been found that even systems which are usually
considered to exhibit normal diffusion behaviour, a curvature in the .
Arrhenius plot can be detected if the temperature range is sufficiently
wide. TFor example the activation energy for the self diffusion of
nickel has been found to increase slowly with temperature. This has
been explained in terms of an increasing contribution to diffusion from
di-vacancies and multiple vacancies resulting in an increase in the
defect entropies [ 127 ] . The activation energy varies with temperature
because several mechanisms are occuring simultaneously. |

In ordered compounds where lattice symmetry imposes constraints on
random diffusion and the diffusivities of the component species are
likely to be correlated it may be expected that diffusion behaviour

may not be straightforward and apparent anomalies may be observed.

2.9 Diffusion Mechanisms in B2 Compounds

One of the principal mechanisms of diffusion in both pure metals
and a2lloys is the vacancy mechanism. In pure metals and random solid
solutions diffusion may occur by the random motion of mono-~vacancies
in nearest neighbour jumps. In ordered alloys and intermetallic
compounds such random motion of single vacancies is energetically less

favoured because it may result in the disordering of the atomic arrangement,



Many B2 intermetallic compounds are known to contain constitu-
tional defects in off-stoichiometric compositions (see section 2.4.1),
which may contribute to diffusion. Furthermore, thermal defects in
such compounds are.not monovacancies but may involve several lattice
sites (see sections 2.4.4 and 2.4.5). In addition thermal defects
are not randomly distributed among the available lattice sites.

By virtue of the fact that these compounds contain more than one
atomic species, any mechanism which involves the movement of more.than
one species is likely to impose corrglation constraints on the
© diffusivities of these species. In other words the diffusion
coefficient of one species is likely to be related to or include the
effect of the diffusion of the other species.

A number of diffusion models, based on vacancy motion have been
proposed for B2 intermetallic compounds. As will be seen in the
following sub-sections all these models allow atom movements by

vacancy mechanisms while retaining the overall order of the structure.

2.9.1 Next Nearest Neighbour Vacancy Jumps

In a B2 compound AB the nearest neighbour sites to a given atom
site belong to the opposite sublattice to that of the said a2tom. Thus
a vacancy (Z:Q) on the A-sublattice has B atoms on the B-sublattice as
nearest neighbours. A nearést neighbour jump by such a vacancy would
result in the formation of an anti-structure atom BA' Subsequent
Jumps wduld tend to increase the disorder in the structura.

If, however, vacancies may move by next nearest neighbour jumps
then both the intial and final lattice site occupied by the vacancy,
upon making a jump, is of the same sublattice. Such a mechanism

would thus confine motion within the sublattice of origin of the

vacancy and would not result in any disordering. Furthermore, since



45

the atoms on one sublattice are all of the same species (assuming full
order and considering the stoichiometric composition) the mechanism
would not regquire the movement of a second species.

There is some support for next nearest neighbour jumps from the
kinetics of ordering and disordering in B2 structures. If only nearest
neighbour jumps are allowed, equilibrium long range order takes
unreasonably long times to achieve, but when next nearest neighbour
Jjumps are also allowed ordering occurs at a more realistic rate E48] .

It has been suggested that as nearest neighbour vacancy motion
is predominant in pure metals while in cexrtain ionic compounds ions
diffuse only along their respective sublattices, intermetallic compounds,
whose bonding has both metallic and ionic characteristics, may follow
both courses of action E60:] » However calculations of energies of
migration for various diffusion mechanisms in AgMg have indicated that
the energies of migration of silver and magnesium sublattice vacancies
by next nearest neighbour jumps (at 216-0 and 179+4 kj/mole respectively)
are considerably higher than for nearest neighbour jumps (at £5-3 and
90-7 kj/mole respectively) [:15@] . This suggests that next nearest
neighbour vacancy motion is energetically less favoured than nearest

neighbour jumps, at least in AglMg of the B2 compounds.

2.9.2 Divacancy Motion

It is known, from structure symmetry requirements, that thermal
vacancies are formed in twos. These thermal vacancies, one on each
sublattice, may be associated in pairs and hence constitute a
divacancy. However several constraints would arise from the diffusive
movement of diwvacancies.

If divacancies moved by a nearest neighbour exchange mechanism

they would introduce disorder into the structure in the same way as
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the nearest neighbour movement of mono-vacancies. Furthermore, two
vacancies which are nearest neighbours (and so constitute a divacancy)
cannot each move into nearest neighbour sites and still remain in their
mutual nearest neigbour configuration. In other words the divacancy
would dissociate upon making a jump. .

A divacancy might however move by next nearest neighbour jumps,
in which case it could move withouf dissociating or causing disorder.
Such a mechanisﬁ might be favoured, in preference to a ﬁext nearest
neighbour motion of single vacancies, if a divacancy could move
through the saddle.point (the activat;d complex state) between two
equilibrium positions more easily than a single vacancy.

Calculations have been made to evaluate the energy of divacancy
motion in AgMg. It has been found that magnesium atoms may exchange
positions with next nearest neighbour vacancies (on the Mg-sublattice)
quite readily. However a silver atom in moving to exchange positions
with a next nearest neighbour silver vacancy (of a divacancy) becomes
trapped at the saddle poiht, in the site of the nearest neighbour
magnesium vacancy (of the divacancy). In other words the silver atom
makes a nearest neighbour jump, onto the magnesium sublattice, in
preference to the longer next nearest neighbour jumﬁ entirely within
the silver sublattice. Only one of the two species can exchange
freely with its own vacancy while the other becomes trapped and
divacancy motion by mext nearest neighbour jumps is arrested[:1553 ;
diffusion camot occur by next nearest neighbour divacancy motion.

Finally the trapping of a silver atom at the site of a magnesium
vacancy in attempted divacancy motion results in the degeneration of
_ the divacancy into two silver vacancies and a silver anti-structure
atom. This triple lattice point (defect) configuration in Agilg is

similar to the triple defects postulated in NiAl and NiGa.E]45, 145] .
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2.9.3 Correlated Vacancy Motion Mechanisms

In 2 highly ordered (B2) structure the number of nearest neighbour
Jjumps possible which can cause disordexr greatly exceeeds the number which
would result in re-ordering. Hence the probability of a disordering
Jump occuring is fax greatexr than the probability of an ordering jump
if random nearest neighbour vacancy motion is'aliowed.

Nevertheless nearest neighbour motion can occur under the constraint
that the disordering jumps are balanced by order restoring jumps such that
the overall degree of order remains unchanged. VWhile the passage of a
single vacancy through the ordered structure by nearest neighbour jumps
would result in disoider, a second vacancy following in the wake of the
first aiong the same path can restore order. The second vacancy need
not be closely associated with the first and may originafe from the same
or the opposite sublattice to that of the first, in any event order would
be restored. Indeed a single specific vacancy may introduce disorder and
then restore order by traversing a cyclic path such that a net mass trans-
port would be affected without any change in the overall degree of order.

The simplest case of a cyclic path is that of an atom exchanging
with a vacancy, thereby causing disorder, followed by the reverse jump
which re-establishes oxder. In this case no net atomic flow oc;urs.

One example of a cyclic path where no net disordering occurs but mass
transport is affected is the six jump cycle [33, 78:]. There are three
distinct geometric forms of the six jump cycle possible in the B2 structure
[ﬁee FIG. 2.5] . One results in a net transport of a vacancy across a
4110 > face diagonal and is referred to as a.[ﬁ1d] -tyﬁe cycle. The
other two forms result in 2 net transport of a vacancy across a <100)
cube edge. One of these cycle paths lies entirely in one plane and is
knovn as the straight EﬁOQ] -type, while the other follows a folded path

and is known as the bent E100] ~-type cycle [:1 58:] .
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In all three cycles, the first three vacancy jumps displace atoms
-onto the wrong kind of site with an accompanying disorder and increase
in energy of the éystem. The latter three jumps progressively restore
order. The [310[]-type site results in a greater net displacement
distance of the vacancy than either of the other two varieties. This
susgests that unlesé the activation energies of the three cycles are
different the Eﬁ1d] ~type cycle which yields the fastest diffusion
rate (largest displacement) is likely to be rate controlling.

In Agllg an analysis of the activation energies of the jumps
involved in a six jump cycle has shown that the mechanism has a lower
activation energy than either the divacancy or mono-~vacancy next nearest
diffusion mechanisms, despite the high ordering energy of the compound
[ﬁSd] . Furthermore, the activation energy of diffusion for each
species was found to depend on the geometric form of the six jump cycle.

The minimum energy for silver diffusion corresponded to a.[ﬁ1d]-—
type cycle, while magnesium diffusion favoured the bent EﬁOOE]-type
cycle. These findings suggest that a complete closed six jump cycle
is unlikely in Agdlg but that isolated nearest neighbour jumps occur
through the compound in such a way that order is maintained. Such

jumps can then be idealised as a six jump cycle [ﬁsdj .

2.9.4 Theories of the Correlation of Diffusivities Arising from

Kearest Neighbour Vacancy Motion

Analysis of the jump sequence involved in the six Jjump cycle
[:see Fig. 2.5 :]shows that atoms belonging to the sublattice on which
the vacancy originates make two jumps, while those on the other
sublattice make four jumps during the course of one complete cycle.
Furthermore since the vacancy returns to its sublattice of origin,

subsequent six jump cycles would perpetuate the same jump frequency
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ratio of the two diffusing species. In other words, the species from
whose sublattice the vacancy originated would have half the diffusivity
of the species on the other sublattice.

In fact, at stoichiometry, equal numbers of thermal vacancies
might be expected to exist on either sublattice (the two vacancy defect)
and the ratio of the two diffusivities would then tend to unity.
However it is kmown that the constituti;nal defect structure in B2
compounds (which may include vacancies) varies with the degree of non-
stoichiometry'[:13, 145] .. Additionally thermal defect equilibria
vary with both composition and temperature[:Asee sections 2.4.4 and
2.4.5 :]and consequently the assumption of equal numbers of vacancies
being present on each sublattice, even at stoichiometry is likely to be
invalid. Thus the ratio of the diffusivities of the two species may
not be unity and will probably vary with both composition and tempera-
ture.

Calculations bhased on a six jump cycle mechanism have suggested
that for the stoichiometric AB alloy the diffusivities ratio should

lie in the range E 40, 39 :] :
D
e ¥ My 2 %

Diffusivity ratios falling within these limits have been observed in

the B2 compounds Agllg |:34:| y AuCd |:78:| and CuZn |:95:] and have been
concluded to be indicative of a six jump cycle mechanism being diffusion
rate controlling. However the correlated motion required for nearest
neighbour vacancy diffusion in B2 compounds makes it difficult to

assess the value and significance of an experimentally determined
diffusion coefficient of one of the constituent elements in isolation,

and to relate it to fundamental atomic motion.
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A maximum- path probability method has been developed and applied
to diffusion in the B2 compound 4B [ 83, 84, 85, 86 | . The theoretical
model made no assumptioﬁs concerning any correlation between the dif-
fusivities of species, The model did assumevthat diffusion occured
exclusively by nearest neighbour atom-vacancy exchanges and considered
the motion of four species; A, B and B* (an isotope of B) atoms and
vacancies.

The model yielded an expression for a diffusion coefficient change
variable (ﬁé) which was related to the diffusion coefficient DB. The
importance of ﬁB lay in the fact that it permitted changes in the
diffusion coefficient DB to be expressed in terms of changes in
cgmposition and concomittant changes in order, bond energies and defect
distributions. The relation between‘%B and DB was given by the

expression [ 86 ] :

Dy = D13/c g 2,33

B

where the factor ¢ involved such variables as lattice paraméter, path
probabilities, ordefing parameters, bond energies and temperature.

The factor wg in equation 2.33 is the jump probability for a unit jump
of a B atom into an adjacent vacancy and was assumed to be inherent to

the B atom, independent of surroundings. The jump probability W

B
may be expressed in terms of the standard relation:
Us
Wy = 6g exp(-—) 2.34
kT

where GB is the vibrationzl contribution to the jump frequency and UB

is the jump activation enexrgy of a B atom.

The model was then used to calculate the compositicnal dependence
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of the diffusion cdefficient‘SB as a function of three major parameters,
8, U and TR which will be consideréd presently. Additionally thermal
vacancy concentrations on either sgblattice could be evaluated as a
function of compound composition for various values of these three
parameters. Two examples, taken from the data of Kikuchi & Sato (1969)
[86 ] are shown in Fig. 2.6, A and B.

The three parameters were defined by the expressions:

BE o5 exp(—UB/kT)

(i) e = = C 2,35
W, 8, exp(- A/kT)

where WE has been defined in equation 2.34 and WA obeys a similar

relation.
(11) U= (€ - Eml/e 2.36
where 'E is given in turn by the expression
E=1(2 EAB - EAA '633)

The factors €,;, £,,, €5 ave the bond energies of the (A-B), (A-A) and

(B~B) bonds respectively.
ces T
(iii) | Ty = /TC ' o 2.37

where T is the ambient temperature and Tc the critical ordering

temperature.

The effect of these three parameters was detailed as follows:

(a) The effect of ©
In a disordered binary solid solution, two processes compete in
the wvacancy mechanism of diffusion: the jumping of an A atom into an
adjacent vacancy with the probability wA and the jumping of a B atom

with the probability WB. The diffusion constant D then depends on
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these two mechanisms in a rough qualitative mamner in the form Eeéj :

D &« WA 2.38

"5/ (W, + WB)
From this expression it was deduced that since both A and B atoms move
for diffusion to occur, the slower species determined the rate of dif-
fusion. The diffusion coefficient DB depends qualitatively on WA
and WB in a similar manner but the diffusion coefficient change variable

~
g (see equation 2.33) is a function of Dy divided by Wy.  The

FAS
qualitative dependence of DB should have the form:

W
B« G (e 2.39

A A
Thus if 6 < 1, Dy is not very dependent upon 6, and for © >1, Dy
N
decreases as © increases. The general behaviour of D'.B as a function

of composition for various values of 8 is shown in Fig. 2.7, A & B.

(b) The effect of TU.

The difference between & ap and Egp does mot influence the ordering
behaviour in the equilibrium stzate since the latter is a function of
only,;'/\('see equation 2,36). However, the value of U affects kinetic
processes very sensitively. The curves in Fig. 2.8 show that as U
decreases, (B-B) bonds become easier to break and thus ,]\)B increases on
the B~rich side of stoichiometry. At the same time, as U decreases
the (A-A) bonds become harder to break; the decrease of /]\)B with decrease

in U for A-rich compositions reflects the greater number of (A-A) bonds

in such compositions.

(¢) The effect of Ty
The effect of TR was primarily on the degree of order present in
the struciure. In the limiting case of total disorder the diffusion

coefficient became dependent upon the jump probability of the slower
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moviné species E see equation 2,38 :l and did not vary greatly with
composition. The curves of Fig. 2.9 (A & B) reflect this trend of
a smaller compositional dependence with increasing temperature.

The fact of a compositional dependence of the coefficient %B was
explained for the symmetrical case of 6 = 1 (so that W, = B) and
U =0, The jump of an atom to an adjacent vacancy became harder when
more (A-B) bonds had to be broken in the process. In consequence
atomic migration was easier in non-stoichiometric compositions which
were more disordered and hence contained fewer (A-B) bonds than the
stoichiometric compound. The diffusion coefficient % had a V-shaped
compositional dependence with a minimum at stoichiometry.

In fact the curve was found to be asymmetrical with the minimum
occuring to the A~rich side of stoichiometry. This occured because
more (A-B) bonds had to be broken on the A-rich side than on the
B-rich side of stoichiometry in order for B* atoms to move. Secondly
it was known that fewer vacancies were present on the A-sublattice in
A;-rich a2lloys than in B-rich alloys E see Fig. 2.6, A ] . Thus the
jump of a B* atom into a vacancy on the A~sublattice was considered to
be rate controlling because it required the breaking of more (A-B)
bonds than the reverse jump into a B-sublattice vacancy. Consequently
the migration of B* atoms became harder on the A-~rich side of
stoichiometry.

It is evident that from a similar a?gument, the migration of A?
atoms will show a minimum in the compositional dependence of%A dis-
placed to the B-rich side of stoichiometry.

Finally the theory was applied to evaluate the diffusivities ratio
(DB/DA) and examine how much information the ratio may yield concerning
the diffusion mechznisn. The two diffusion coefficients were expressed

by the relations:
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: 1
DB = WB f(NA - B! U! Q, /kT)

2.40

-1 1
D, =W, f(NB-NA, -u, 6, /kT)

where the functions £(N, - Ny, ...) and £(Ny - N, «-.) are equivalent
A N 't' E 't' ]

to (cDB) and (cDA) respectively [ see equation 2.33 ], and N, and Ny

are the concentrations of A and B Trespectively.

In many experiments it has been found that:

1>A/1)]3 =1 vhen N, = Ny 2.41.

This relation occurs when U = 0 and © = 1 which is the condition tacitly
assumed in the analyses of Elcock and McCombie (1 958) E40:] . However,
equation 2.41 does not regquire the assumption of U=0, ©=1 since other
combinations of these two parameters may also make the equation valid
[86]. 1In fact it was concluded that the validity of equation 2.41
did not necessarily support any particular diffusion mécha.nism. The
curves of F:ig. 2,10 shows the diffusivities ratio (DB/DA) as a function
of composition for data taken from Fig. 2.9 (4 & B).

In conclusion the model was used to predic“t the compositional
kd%)endence of the diffﬁsion coefficient (DAg)' in Agig and compared with

the experimental data of Domian & Aaronson (1964)_]: 33:[ and Hagel &

Westbrook (1961) [ 61_] and found to be in good agreement.

2,9.5 Correlated Diffusivities - a Summary

Analysis of diffusion by nearest neighbour vacancy motion in B2
compounds has led ‘l;<; the suggestion that diffusivities of the two
spacies will be correlated. |

One particular correlated mechanism suggested to be rate controlling

in such compounds was the six jump cycle [ 33, 18 ] which imposed the
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restriction [ 40, 39 | that:
3, Y Amy, 7Yy
2 Ps 3

A more rigorous analysis by a path probability method indicated
that the diffusion coefficient of either species was dependent largely
on three variables; O‘which was a relative jump probability factor,

U which was. a measuré of bond energies and 'I'R which was a reduced
temperature [ 86 ] .

The theory predicted that the compositional dependence of the
diffusion coefficient ﬁB (or ’ﬁA) varied markedly with the value of the
U parameter. Furthermore large differences between the compositional
dependencies of the two diffusion coefficients'ﬁg and SA were possible
especially for values of U and © not equal to zero and unity respectively.
The theory also indicated that the diffusivities ratio (DA/DB) could
vary markedly with composition, temperature and the values of U and 6.
It was concluded that particular values of the diffusivities ratio
(e.g. in the range predicted by the six jump cycle) were not necessarily
indicative of any_particular mechanism,

A particular problem not covered by the path probability theory
[:86:]was the case of large numbers of constitutional vacancies since
only anti-structure atom defects were considered and the total vacancy
concentration was assumed small at all times. It seems likely that

congstitutional vacancies may result in even less need for diffusivity

correlation within the range envisaged for the six jump cycle mechanism.
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2,10 Creep

2.10.1 The Phenomenon of Creep

Creep is the continuing plastic deformation of a material when
subjected to a constant stress at constant temperature. The rate at
which such deformation occurs, known as the creep strain rate ( é )y
may be used as a measure of the performance (creep resistance) of a
material under given conditions,

Under constant test conditions the creep strain rate has been
found to vary with time. Apart from the instantaneous strain which
accompanies initial loading a total of three distinct time dependent
regions of the creep rate have been identified between initial loading
and the failure of a material. The first region, called primafy creep,
is generally characterised by a high creep rate which diminishes with
time, gradually approaching a constant value. In the second region,
called steady state creep, the creep rate is constant and independent
of time (and hence also of éreeb strain). Finally in the third region,
called tertiary creep, the creep rate accelerates with time until
cracking and subsequent failure of the material occurs. Under real
conditions one or more of the time dependent regions described above
may be missing, depending upon the stress and temperature.

It ﬁas been suggested E36:| that since during creep a consta.nt.
stress does not produce an indefinately increasing creep rate, some
internal friction mechanism must operate within the materizl to limit
the deformation rate to a certain value.. Three classes of mechanism

which could account for creep behaviour have been postulated EBG:] :

(1) True frictional forces so that the creep rate is controlled
by viscous flow.
(ii) Thermally activated processes.

(iii) Quantum tunnelling effects.



57

The majority of creep experiments indicate behaviour consistent
with thermally activated processes, which generally involve the
(thermally activated) migration of dislocations, grain boundary
shearing and diffusion of vacancies [312:]. Furthermore, because of
the great versatility of dislocations and the numerous interactions
they may undertake with one another, additional lattice defects, and
various substructural details, a number of different dislocation
mechanisms can control creep. .

Much of work done in formulating theories to account for creep
behaviour has been concentrated on steady state creep. Many empirical
equations have been proposed to describe the dependence of the creep
rate (é) on such parameters as stress (Y¥) and temperature (T) and
attempts have been made to rationalise these equations in terms of

specific atomic deformation processes.

2.10,2 Variables Affecting Creep

Macroscopically the creep strain rate is known to depend upon
both the stress and temperature. On the atomic scale this reflects
the mobility of dislocations as a function of stress and temperatura.
However the stress and temperature dependence of dislocation motion is
itself a function of the type and concentration of dislocations present,
the planes on which they move and the interactions they undergo among
themselves and with other lattice defects.

In other words a primary consideration in evaluating the creep
behaviour of a material is a knowledge of its crystal structure and the
dislocation mechanisms involved in its deformation.

In pure metals and random solid solutions the dislocations present
are unit dislocations. These are knowﬁ to dissociate into partial

dislocations separated by stacking fault in the case of f.c.c.
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materials [:76, 126] . It has'also been reported that the core of a
dislocation in a b.c.c. material may be dissociated to a certain extent
E:76, 92] . The extent of the dissociation of a.unit dislocation into
partials plus a region of stacking fault is governed by the elastic
modulus and the stacking fault energy on the slip plane (in which the
unit dislocation lies) [ 24 ] .

In the case of ordered alloys, superlattice disleccations occur
which may dissociaté into unit dislocations separated by a region of
antiphase domain boundary. The unit dislocations may themselves
become extended (dissociated). For.example, in an AB3 (f.c.c.) super-
lattice the (superlattice) dislocation consists of two extended (unit)
dislocations separated by an antiphase domain boundary[:11d] « The
actual equilibrium separation between the four partials depends upon
the enérgy of the stacking faulf and the energy of the antiphase
domain boundary which in turn depends upon the degree of order.

The importance of extended dislocations in respect of creep
properties lies in the fact that such dislocation motion mechanisms as
thermally activated. cross~slip oxr diffusion controlled dislocation
climb would result in the introduction of additional faulted material
unless the extended dislocations were first constricted. Hence the
creep activation energy may include a constriction energy term and the
creep rate may depend upon the elastic modulus, the stacking fault
energy and the ordering enexrgy.

In general, alloying has been found to significantly affect (lower)
the creep rate in materials. Three mechanisms have been proposed to
account for this l: 52] :

(i) +the reduction of dislocation mobilities
(ii) the 'pimnning' of dislocations by solute 'atmospheres’

(iii) the stabilisation of dislocation arrays by slowing climb and
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recovery.

Each of the three mechanisms reflect the changes in such factors
as bonding energies, stacking fault energies, elastic constants and
diffusivitiés which occur upon alloying.

Another facto? vhich has been found to affect the steady state creep
rate is the subgrain size which is developed dﬁring testing, and which
although independent of temperature, depends upon stress. Conseguently,
the effect of stress may not be easily separated from the effects of
coincident substructural changes [ 112 ] .

In addition the substructure developed during creep is not an unique
function of the creep strain, for the same strain may be produced by a
low density of highly mobile dislocations or by large numbers of slow
moving dislocations. The substructure developed in either case is
unlikely to be the same [ 36 ] .

Finally the proportion of grain boundary shearing to the total
creep strain increases with décreasing stress. Since the former may
ﬁave a different stress dependence of the strain rate compared to ﬁulk
deformation the overall effect would be to produce a stress sensifive
stress dependence of the creep rate E 36, 112, 52 :] .

It is apparent that many parameters, some external (e.g. stress
and temperature) and some intrinsic to the material (e.g. elastic
constants) may affect the creep strain rate and that their effects may

be inter-related and possibly not separately resolvable.

2+10.3 The CGeneral Equation Describing Creep

Experimental evidence shows that creep flow is thermally activated;
local thermal activation provides added energy, beyond that supplied

mechanically, to dislocations to enzble them to overcome barriers to
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their movement, The applied stress aids in overcoming these barriers
and imparts a direction to the resultant flow.

A generalised function relating the creep rate ( é ) to the stress
(v), the temperature (T) and the structure (S) for a given deformation
mechanism (i) has been developed from fhe theory of thermodynamic
-fiuctuations. The relatioh is given by the expression l: 36, 51 ] :

AH (T, 5)

f' =Zzi(lf’ T, S) V;-_(Ts S) exp E - j 2.42

where the function Zi may depend upon the temperature (T) and contains
the normal frequency for unit flow (4 ), the entropy chahge upon
deformation (exp A Si/R) and a structure texrm (S). The stress function
V}_may depend upon temperature and structure. The factor 4 Hi is
the activafion enthalpy of the ith process governing the creep rate and
may be temperature and structure dependent.

In fact it has been found that the same creep mechanism can appear
to give rise to a different creep response in different materials.
This has led to the normalisation of stresses and temperatures so that
creep data for various materials méy be more readily compared.
Normalised temperature may be defined as the ratio of the test tempera-
ture to the melting temperature (T/xm) while normalised stress is the
ratio of the applied stress to the elastic shear modulus (Y/4). As
a result of this development similar creep mechanisms in different
materials could be compared under a unified scheme for widely different
test conditions.

It has also been found that in general above 0.5 TM 2 single
deformation mechanism may be rate controlling and an unique activation
energy can be evaluated. Below 0-5 TH several mechanisms mey contribute

to the creep rate and the apparent activation energy is then a weighted
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mean of these contributions and may vary with temperature. This has
led to a distinction between high and low temperature creep mechanisms
with the former generally diffusion controlled. while the latter are not
diffusion controlled.

The complementary nature of the relation of stress and temperature
in providing the energy required to surmount barriers to creep deforma-
tion has also resulted in the idea of high and low stress coﬁditions.

Finally it has been found that particular groués of creep mechanisms
predominate in each of the four areas of creep conditions (namely high
and low temperatures and high and low stresses) although there is con-

siderable overlap between them DSO] .

2.10.4 The Stress Dependence of Steady State Creep

The stress dependence of the creep rate can usually be expressed by

one of the following three relations [:130:] :

(i) The Linear law € = AT
]
(ii) The Power Law E=A'g? 2,43
]
(iii) The Exponential Iaw € =A" exp B

In fact all three relationships have been expressed in terms of a single

function E 50] :

¢ = A" '(sioh o V)P 2.44

"
where various values of the constants A , A & n result in equation

2.44 reducing to one of the three simple stress laws.
Each of the three stress laws pertains to a different stress level
and as applied to high temperature (diffusion controlled) creep it has

been found that typically the linear law is valid for low stress levels
!

where (f/:D (102).
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The power law has been found to apply for intermediate stress levels
where (102 g /3 < 109), while the exponential law has been found
valid for (€/y > 10°)[130].  The factor D is the diffusion
coefficient.

As a rule most experimental creep tests c':omply with the conditions
of the intermediate stress level where the power law is valid. The
stress exponent n (equation 2.43) is generallj substantially constant
over a wide range of stress and temperature. The factor A' is
independent of stress but is a func’ci_on of temperature (ef. equation
2.42).

The value of the exponent n generally falls between about 3 and
T for various solid solutions and pure metals [___112:] . However values
a8 high as 10+5 have been found, for example, in the intermetallic
compound NiAl [[159] and even higher values (n = 40) have been reported
for the creep of thoriated nickel E1 56:] although the physical signifi-
cance of such unusually high values is not clear.

The stress exponent (n) has been found to be higher at high
stresses than expected from extrapolations of lower stress data, in -
keeping with the trend towards an exponential stress dependence with
increased stress E130:| . Additionally it has been found that the
transition from a linear stress dependence to a power law is shifted
to higher values of (é/D) and stress (V") when the grain size is
decreased below ~ 0-1 mm[:130] . Furthermore the stress exponent n
has been found to show an increasing trend with increasing grain size
E 52, 53 ] » which may reflect a higher stress sensitivity in bulk
deformation as opposed ’co‘ grain boundary shearing.

Jfore recent reviews have suggested that the observed variations
in n for metals show no systematic relationship with crystal structure,

grain size, stacking fault energy or any other known factor E112:] .
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In conclusion, the stress dependence of the creep rate has been
found to obey a number of empirical laws, the most widely applicable of
which is the stress power law. There is currently no clear relation-

ship between the stress exponent n and other material parameters.

2.10.5 The Temperature Dependence of Steady State Creep

Creep is generally controlled by thermally activated processes and
as such the temperature dependence of the creep rate may be expressed
Cri2] - |

£ = £(r) exp(- =) | 2.45
' RT
where the stress function f(¥°) is assumed independent of temperature and
the apparent activation energy of creep Qc’ is independent of both stress
and temperature.

Equations 2.43 and 2.45 may be combined to give the general

relation:
£ = K¢ exp(- =) 2.46
RT
where K is some constant assumed independent of both stress and temperafure.

The apparent activation energy of creep Qb can be evaluated from
equation 2.46 for creep tests carried out at constant stress over a
range of temperature. If a single deformation process is rate control-
ling, a comparison of equations 2.42 and 2.46 shows that a single
particular stress function v~ (equal to 71) occurs and that the constant
K is egual to the structure factor Zi (divided by the entropy term).

The apparent activation enthalpy of creep AHc (equal to QC-TASC) can
then be identified unambiguously with the activation enthalpylkHi of a
single mechanism.

Howaver vhen several mechanisms operate concurrently Qc cannot be
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related to any specific mechanism AHi (see equation 2.42) but becomes
some mean value of the activation energies of the mechanisms involved.
Under these conditions Qc is found to be both temperature and stress
dependent.

It was mentioned earlier that different creep mechanisms are found
to be deformation rate controlling for different temperature ranges;
hence the distinction between high and low temperature creep behaviour.
This infers that the activation energy of creep will change with
temperature, although it may remain constant within the temperature
range of a specific rate controlling mechanism.

In pure aluminium, for example, the temperatui:e dependence of the
activation energy of creep has been found to fall into three distinct
ranges D 30:] . Between 0+5 and 1.0 TM the activation energy of creep
Qc increases slightly with increasing temperature, and this is due to the
fact that the elastic modulus decreases with increasing temperature (the
modulus effect will be comsidered later). The creep activation energy
in this range is found to be nearly equal to that of self-diffusion.

Two rate controlling mechanisms have been postulated for this range,
dislocation climb |:149___l and the nonconservative motion of Jogs in screw .
dislocations [ 6 ] .

Between 0«3 and 0-4 TM the activation energy is less than that
for self-diffusion and the rate controlling process is believed to involwve
the cross-slip of dislocations [80].  While below about 0.3 T, the
activation energy of creep has been found to fall almost linearly with
decreasing temperature. The rate controlling mechanism in this
temperature range is thought to involve dislocation intersection
processes E 22] .

Similar work in copper L__43:| , cobalt [: 44] and tin [: 149,151] has

in each case shown that the activation energy of creep increases with
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increasing temperature until at high temperatures ( > 0.5 TM) it becomes
effectively independent of temperature and approximately equal to the
activation energy of self-diffusion.

Data on both the activation energies of high temperature creep and
self=-diffusion in pure metals have been collated and compared by Dorn
(1956) [[35_] and Garofalo (1968) [ 52] . It was found that in most
cases there is good agreement beiween the two quantities, There were
however some notable exceptions, usually found in the transition metals
and those which exhibit anomalous diffusion behaviour. For example, in
® =titanium, the activation energy of diffusion has been reported in the
range 129-7 to 2050 kj/mole (31 to 49 Kcal/mole) [ 9 | while creep data
give an activation energy of about 251-0 kj/mole ( ~ 60 Keal/mole) [ 35 ] .

In the case of alloys and compounds each constituent species has
associated with it a diffusivity and diffusion activation energy.
Consequently high temperature creep may show more than one diffusion
dependent activation energy. Alternatively one species (in a compound)
may diffuse by a different mechanism in different temperature ranges so
resulting in more than cne diffusion activation enexrgy (for the same
species). Thus creep may be controlled by the diffusion of one species
and yet show mors than one diffusion ?%endent creep activation energy.
This has in fact been observed in NaClI:13d] . Between 0.5 and 0.75
TH the activation energy of creep is about equal to that fbr chlorine
ion diffusion in high dislocation density single crystals. Between
0+75 - 0-95 TH the activation energy for cieep is equal to that for
chloxrine ion diffusion, when not controlled by the presence of
divalent cation impurities, and so represents intrinsic behaviour.

Spme diffusion and high temperature creep activation energies,
for a number of ordered alloys, are shown in TABLE XII. These data will

be considered in detail in the discussion (see chapter 5, section 5.4 ).



TABLE XE Creep@C)& diffusion (QD)activation energies in some

Intermetalic compounds
Q. Q

COMPOUND [DFFUSING | =D REF | °C REF

SPECES  |KJ/Mole KJ/Mole
CuZn Cu * 150-6

Zn 1506 95 |160 6973

Cul 92:0

Zn 78-7 % {9791 73
Fe Co Fe % 5565 :

Co 556-5 164 | 6904 173

Fe T 230'1 p)

Co 251-0 164 |3954 73
NigAl Ni 3001-3061 | 64 | 6862 91
Nig(ALTi)  |Ni 2955-2667 | 64 | 5565 147
AgMg Ag 138-9-1887 %{gﬁ’

Mg 1987 34 | 2125 16
Nj Al N; 1778-3071 | 65 |[23t5-306-01159

A

NiGa Nj U31-175-3 | THIS 194-3—288-6’8 THIS

Ga 146-5—22-0° | STUDY|164-7— 262-37STUDY

% =ORDERED ALLOY
T =DISORDERED ALLOY

A = 800K CREEP SERIES
B = 1000K CREEP SERIES
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In summary the temperature dependence of steady state creep may

be outlined by the following points:

(1) Creep is a thermally activated process and as such shows an
"Arrhenius relation' temperature dependence. Consequently
apparent activation energies of creep may be evaluated.

(ii) Different deformation mechanisms may be creep rate controlling
at different temperatures; those with the highest activation
energies being rate controlling at the highest temperatures.
Consequently the apﬁarent acfivation energy of creep may be
temperature dependent.

(iii) 1In general at high temperatures ( ) 0.5 TM) a single (diffusion
controlled) deformation mechanism is creep rate controlling so
that the activation energy of creep may be identified with that
of a specific flow mechanism.

(iv) In pure metals the activation energy of high temperature creep
is found to equal that of self-diffusion. 1In ailoys and com="
pounds there is a multiplicity of diffusion activation energies
and diffusion controlled creep may thus have several activation

energies.

2.10.6 Effect of Elastic Moduli and Stacking Fault Energies on Steady

State Creep

It has been found that the steady state creep rates among various
metals and alloys can be more effectively correlated if a2 normalised
gstress (VVG) [}ee section 2.10.j] is used in place of the applied stress
(v-) in the general expression for the creep rate (equation 2.46). The
new relation becomes E112:] :

=k (D en(- 22 o 2.47
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vhere G is the shear modulus of elasticity.

However equation 2.47 is not dimensionally correct and does not
fully reflect the requirements for thermally activated processes. A
more appropriate relationship has been suggested, given by the

expression E1 1 2:] :

' n-~1 H
£=1@ G exp(-2) 2.48

where the factor (Z—,’;Z) indicates the fact that the expected exponential
stress dependence of the activation energy of creep Qc reduces to the
linear case; Sl is the activation volume and Hc the activation enthalpy
of creep.

Good agreement is found between Hc and H’D (the activation enthalpy
for self-diffusion) for high temperature creep in pure metals. In
fact on the assumption that high temperature creep is invariably dif-
fusion controlled, steady state creep rates may be given by the

expression EI 12:' :

1 " n
t=r & o | 2,49

where D is the diffusion coefficient and b the Burger's vector.
A second factor which may effect the creep rate is the stacking
fault enexgy (Y). Thus in pure polycrystalline f.c.c. metals the

creep rate has been found to follow the expression [:7 j :

1 - .

£=10 v (P | 2.50
where A is a constant arnd E is Young's modulus. The exponent of the

stress term in equation 2,50 was a mean value of the stress exponent n

(2ssumed to be constant for all metals).



But equation 2.50 has been criticised because of the physically
unacceptable implication that creep rates would be infinite for metals
with infinite stacking fault energies. A modified version of
equation 2.50 has been proposed by A. Mukhexrjee et al. (1968)[312:]:

€ = AD (E) g [i} (%)n 2.51
kT Gb
vhere A is some constant and @ G%J is a function of the stacking
fault energy (¥ ), the shear modulus (G) and the Burger's vector (b).

Nevertheless, returning to equation 2.50 it has been shown that

130 ] ¢
q - - Hn £ =_Rd;‘LnD+5Rd11nE_3-5R<;11nX
a /e a /o a'/m a'/r

But the term (-Rd 1n D/d'/T) is equal to Qy» the activation energy of

self~diffusion. Hence:

5Rd InE _ 3.5 Rd 1n¥
d1/T d1/T

Q,c = QD + 2.52
It can be seen from equation 2.52 that the apparent activation energy
of creep may be dependent upon both the elastic modulus and the stacking
fault energy through a temperature dependence of these two parameters.
In géneral the stacking fault energy is aséumed independent of tempera-
ture while the elastic modulus falls with increasing temperature and
hence Qc ), QD’ although the effect is usuzlly smzll. In oxrdered
materials a further term may occur in equation 2.52 from the contribu-
tion of antiphase domain boundaries (and hence ordering energy).
Finally, it is evident that the creep behaviour of a material does
not depend merely upon the external variables, siress and temperature.
The elastic moduli and stacking fault energies of the materizal are likely

to be of considerable importance. Tndeed since creep involves the
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the movement of dislocations, any of the multitude of factors which

affect their movement must be considered in evaluating creep behaviour.

2.10.7 High Temverature Creep Mechanisms

In puré metals Q, at high temperatures ( > 0.5 TI-I) has been found
to be nearly equal to the activation energy of self-diffusion Q’D E 130,
35 :] while in alloy systems it is usually found to be nearly equal to
the activation enexrgy of the element exhibiting the lowest diffusivity
Cs2].

A number of diffusion controlled mechanisms have been suggested és
rate determining for high temperature creep. They include dislocation
climb E149:| s the nonconservative motion of jogs in serew dislocations
E 6, 49 ] s Vviscous glide E149:| and diffusion creep [: 70, 157:] . The
various mechanisms plus modifications theresof have been extensively
reviewed by Dorn (1961) [ 36_] , Mukherjee et-al. (1968) [[112] ana more
recently by Klahn et al. (1970) E89] . The various models will now

be considered briefly in turn.

(i) The dislocation climb model predicts that the steady state creep

rate is given by the expression E89___] :

t
: 4+2 to 67
%—if ) 2.53

v

where DV is the volume diffusivity and X is some constant. The model
is found to be in good agreement with experimental data and is further
supported by the observation that typically most of the dislocations

within subgrains and subgrain boundaries are in edge orientation E107] .

(ii) The nonconservative motion of jogs in screw dislocations yields

several relationships, depending on the wvacancy model used. The vacancy
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absorbing jog model gives [:112:] :

2
, 1,b
Yo = (S 6D {1 - exp(~ %-?P—) } 2.54

where )"a is the steady state shear strain rate (based on the vacancy
absorbing jog model), U is the shear stress and (S’ lj and D refer to
the density of mobile screw dislocations, the mean distance between jogs
and the volume diffusivity respectively. The Jog models are found to
require untenably high densities of screw dislocations in order to

predict the observed stress sensitivity l:112:l .

(iii) The viscous glide model predicts that [ 89 ]

: 3.0 to 3¢5
EXL_ . (@ 2.55

I)S Gb
where DS is the solute atom interdiffusivity. This model suggests
that dislocations have solute atmospheres associated with them which
hence control their motion by viscous drag. The model is thought to

apply at intermediate and low stresses EBG:] .

(iv) The diffusion creep model, which is thought to apply only at

very high temperatures and low stresses predicts that E89] :

2
kT b &
oo’ Em 2.56
Dva
where I)V is the volume diffusivity and 4 is the mean grain size.
In conclusion, current theoretical models of high temperature creep
have been largely developed from the creep behaviour of pure metzls and

dilute alloys. The observed steady state creep rate has been most

accurately paralleled on ths basis of a diffusion controlled dislocation

c¢limb model.
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2,11 Creep in Ordered Alloys

Investigations into the creep behaviour of CuZn [:16, 69, 15, 55 ]
have shown that the formation of long range order is accompanied by a
decrease in the steady state creep rate and an increase in the creep
activation energy {calculated from the expression of equation 2.46).
Tracer diffusion data for CuZn [:95] have been obtained for both the
ordered and disordered conditions. It has been found that there is
good agreement between the activation enerzy of creep and the activation
energy of diffusion (of copper) for both the ordered and disordered
alloys.

Other studies on NiFe C 90, 3077, FezAl [967], FeCo [ 92, 73 ]
and MgCa [133_] have all confirmed the findings in CuZn in that the
creep rate decreased and the activation erergy of creep increased upon
ordering, but diffusion data are not available for comparison. However
both high temperature creep activation energies and diffusion activation
energies are available for a number of intermetallic compounds, which
remain ordered up to their respective meliing points.

Diffusion and creep activation energies are shown in TABIE XII
for the compounds Agig [ 61, 33, 34, 116 ], mis1[ 65, 1597 , i Al
and I-IiB(AlTi) C- 64, 91, 147 _] and NiGa [ present study _] together with
the data for CuZn [:95, 16, 69:lin both the fully ordered and dis~
. ordered state. In general the reported creep activation energy is
found to be appreciably grezater than that of diffusion. However
usuzlly the diffusion activation energy of only one species is known
while the creep rate may well be controlled by the diffusion of the
other species, which ma2y have 2 higher activation energy.

Few high temperature creep models nave been proposed specifically

o

for ordered alloys and in general they assume cr=ep to be diffusion
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controlled with the creep activation energy equal to that of diffusion.

One model [___47:‘ proposed that climb of the antiphase boundary in a
superlattice dislocation, biased by stress, is rate controlling.
However the creep activation energy Qc shows an abrupt change at Tc and
is not a continuous function of the degree of order (8). Consequently
it has been shown that the model could apply only if an alloy remained
ordered up to its melting point or if the character of the superlattice
dislocations did not change with the degree of oxder [:134] .

A second model, which does not depend upon the character of the
dislocations present, proposed that fhe c¢limb rate controlling mechanism
is the thermal creation of wrong bonds, biased by stress, ahead of a

dislocation. This model predicted that [ 96 ] :

£ - &2 - 2.57
APB :

where A is a (stress dependent) constant, D is the diffusivity and

EAPB is the antiphase boundary energy. But since EAPB is proportional
to the long range order parameter squared (82), the creep rate should
vary continuously with S and the model cannot account for the abrupt
discontinuity observed at Tc'

However it has been suggested that on the compression side of the
stress field of an edge dislocation a high degree of oxrder may be
maintained (since unlike bonds have smaller interatomic distances) even
close to Tc’ Thus for dislocation climb, the thermal creation of wrong
bonds may require the same energy as diffusion in the fully ordered
lattice [134_] until T equals T

In conclusion, the mechanisms which determine high temperature
creep in ordered alloys and intermetallic compounds are thought to be

diffusion controlled. However the limited data available for diffusion

and creep activation energies in ordered alloys indicates that agreement



73

between the two energies is less good than that found in pure metals.

The theoretical models developed specifically to describe creep
behaviour in ordered alloys have been based on diffusion controlled
(extended) dislocation climb. But they have been unable to account
fully for the abrupt change in the creep activation energy observed at
Tc’ purely on the basis of a change in diffusivity.

As a rule the general theories of creep, developed for pure metals
and disordered alloys [: 36, 112, 149, 89, 25 :l (see also section
2.10.7) have been used to interpret creep data in ordered alloys
[:140, 96, 55, 115, 72 :]. Finally, high temperature creep data,

which have been noxmzlised according to the expression:

! n
£T _ )
D

2.58
G

where D is the diffusivity (see equations 2.49, 2.53 and 2.55), have

been collated and compared for a number of ordered alloys by Strutt &

Doada (1969) [135] .

2.11.1 Creep in B2 Intermetallic Compounds

Among the B2 intermetallic compounds,.the creep behaviour of Aglig
[ 89, 116,115,117, 114 ] and NiaL [ 140, 159, 72, 136, 137, 82 ]
hzve been most extensively studied.

In Agllg several different deformation mechanisms have been found to
be rate controlling, depending on the stress and temperature. At low
temﬁeratures (T £ 300°K) the behaviour has been found to obey a
thermally activated Peierls mechanism E 117,114] . The activation
energy is that for the nucleation of a pair of kiﬁks and is equal to
39-54 kj/mole (0-41 V) [114] .

In the intermediate temperature range (300° £ T £ 650%K) a

different thermally activated mechanism has been found to be rate
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controlling E117:\ « However this mechanism did not have a unique
stress dependence of the strain rate; plots of 1n E' vs 1n ¥V proved to
have an increasing slope with increasing stress. No activation energy
was evaluated for this range, and furthermore the data could not be

. correlated with any of the existing theories of creep E117] .

At high temperatures (T » 650°K) the creep behaviour in AgMg has
been found to conform to the requirements of a thermally activated
dislocation c¢limb mechanism E116] (see equation 2.53). The stress
dependence of the strain rate follows the power law (equation 2.43) and
gives a stress exponent n ~v5.7. 'I;:lle activation energy of creep in
this temperature range has been evaluated as 212-55 Kj/molé (50.8 Keals/
mole) E116] .

The creep activation energy is somewhat higher than the accepted
values for the activation energy of silver diffusion which are in the
range 125.5 to 167-4 Kj/mole E 61, 33 :] . However it is in fair
agreement with the single determination of the activation energy of
magnesium diffusion [ 34 ] which gave a value of 198.2 Kj/mole.
Unfortunately the value of the activation energy of silver diffusion
determined in the same study [ 34 | proved to be high (at 188-7 Kj/mole)
in comparison with accepted values, This may reflect on the validity
of the magnesium diffusion energy result.

As in Agllg, several different regions of creep behaviour can be
distinguished in NiAl, depending upon the stress and temperature. 1In
the intermediate temperature range 7480 £r €1 O48°K creep has been
found to be controlled by a thermally activated mechanism whose activation
energy j.s considerably less than that of diffusion Esz :] . It has also
been found that the stress dependence of the creep rate, expressed in>
terms of the power law (equation 2.43), vields values of the stress

exponent n that are temperature dependent E 140,159] .
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The activation energy of creep in the temperature range where the
stress exponent is temperature dependent has been found to decrease both
with increasing stress and temperature. This disqualifies such

.mechanisms as viscous glide and diffusion controlled dislocation climb
where the creep activation energy is stress (and temperature) independent
C140] . In fact it has been suggested (at least for the stoichio-
metric alloy) that the creep rate controlling mechanism is that of
thermally activated cross-slip[ 82 ] .

Electron microscope studies on stoichiometric NiAl, for specimens
deformed at intermediate temperatures, have revealed the presence of
dislocation loops. It has been suggested that these form as the
result of double cross-~slip of screw dislocations by glide on {100}
and {110] planes with common <100 > Burger's vectors Esz:] .
Comparable studies in CoAl E72:] have shown that similar dislocation
loops occur, but at higher homologous temperatures. These too, have
been interpreted as indicating cross-slip.

At temperatures, where the stress exponent is temperature dependent,
it has been found that the general trend is for the stress exponent to
increase with decreasing temperature Eﬁ4o, 15j] . For example, in the
56 atomic % nickel alloy the exponent n has been found to increase from
4.0 at 1298°K to 7.2 at 1073°K [340:]. However, over certain tempera-
ture intervals, the stress exponent may decrease with decreasing
temperature, within the overall trend of an increasing exponent with
decreasing temperature. Thus in the stoichiometric alloy the exponent
first rises from a value of 49 at 1273°K to 104 at 1068°K, then falls
to 9.1 at 1023°K befors rising again to reach 11-6 at 861k [136] .

At high temperatures, all alloy compositions (of NiAl) have been
found to follow a power law stress dependence of the cxeep rate. Each

composition has a constant, stress and temperature independent, stress
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exponent. But below some critical temperature (i.e. the boundary of
thé intermediate temperature range), which is composition dependent,
the stress exponent has been found to be temperature dependent E 140,
159 ] .

For example, below 1223°K for the stoichiometric alloy, 1123°K for
the 51 atomic % nickel alloy and about 973°K for the 49 atomic % nickel
alloy the stress exponent (n) is found to be temperature dependent |:159] .
Above these critical temperatures, the exponent becomes constant and
has values of 4.6, 4.7 and 45 respectively E159:[ .

For high temperatures (where n is constant) the activation energy
of creep has been found to be in good agreement with that of nickel
diffusion for alloys in the composition range 48 to 55 atomic % nickel.
One alloy containing 46 atomic % nickel was found to have a creep
activation energy considerably higher than that of diffusion E159] .

The fact that at high temperatures the creep activation energy is
not a function of stress has been interpreted as indicating that either
viscous glide or dislocation climb must be creep rate controlling E140:] .
Furthermore since the stress exponent values of about 3.5 were obtained
for all compositions it was suggested that Weertman's model of viscous
glide [:149] which predicts n equal to 3+6, tilustrated the rate control-
ling mechanism [_-_140:[ . Other workers E159] have found that compositions
considerably removed from stoichiometry yielded stress exponent wvalues
in agreement with a mechanism of viscous glide.  However it has also
been found E159, 136] that alloys containing 49, 50 and 51 atomic %
nickel respectively yielded stress exponents of about 4-5. It was
suggested that the rate controlling process in these alloys was a
dipole recovery mechanism [:1 59:] .

In summary the creep behaviour of ordered (B2) intermetallic

compounds, based on observations made in Agiiz and MNiil, max be outlined
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as follows:

(i) As in the case of pure metals the activation energy of creep
depends upon the particular rate controlling mechanism and
consequently varies with temperature as different mechanisms

become predominant.

(ii) Creep at high temperatures is probably diffusion controlled
but the agreement between the activation energies of creep

and diffusion are not as good as in pure metals.

(1ii) In Agdig the high temperature creep rate controlling mechanism

is thought to be that of dislocation climb [ 116 ] .

(iv) In NiAl, high temperature creep properties have been found to
vary markedly with deviation from stoichiometry, suggesting
rate controlling mechanisms that are composition dependent
[ﬁSQ] . The rate controlling mechanism for compositions far
remnoved from stoichiometry has been suggested as compatible
with viscous glide.E340, 159:]. For near stoichiometric
compositions a diffusion conirolled glide mechanism, based on
‘dislocation dipole recovery, has been postulated as the rate

controlling mechanism [:1 59:' .

Finally, it is clear from (iii) and (iv) above that one particular
(B2) compound cannot be assumed as reprasentative of the creep behaviour
of the class. Indeed no particular cozposition of a given compound is
nacessarily representative of the creep behaviour of the compound as a

whole.
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CHAPTER THREE: Experimental Procedure

3.1 Alloy Preparation

3.17.1 Inert Electrode Electric Arc Melting

Weighed quantities of nickel (99.99% pure) and gallium (99-9% pure)
were separately melted under a reduced pressure of purified argon in a
water-cooled, copper hearth electric arc furnace fitted with an inert
tungsten electrode. The metal ‘butions' were then reweighed and
examined (visually) for metal losses and contamination respectively.
Both the nickel and gallium ‘buttons' were found to be clean and bright
and weight changes resulting from melting were insignificantly small.

Alloys of any required composition were then prepared by melting
together weighed 'butions' of nickel and gallium. The prepared alloys
were melted several times to ensure homogeneity and were then cast into
bar form. The 'as cast'alloys were reweighed and estimates of errors
in nominal composition were calculated from weight changes[: see section
3.2.1 :] . | Total charge weight were about 50g for each alloy prepared.

The *as cast'ingots were found to be lightly contaminated by a
surface oxide scale. One alloy with heavy contamination was rejected.
The surface'scale was removed from the ingots by grinding before any
subsequent treatments were carried out.

All the alloys prepared were in the nominal composition range 43%+5

to 54-5 atomic % nickel.

2.1.2 Radio Frecuency Induction Melting

Some alloys were required with a large zrain size and a wniform

4 o
ingot cross-section (round) for subsequent diffusion experiments. A
high frequency induction furnace arranged as a modified Bridzman apparatus

(as designed by tcDonnell et al. (1967) [1067] ) was used to prazars
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induction melted ingots.

The ingots were prepared from arc melted alloys. The apparatus
was evacuated and outgassed with purified argon. Crystal growth was
achieved by passing the crucible containing the alloy charge through
the induction coil by means of a mechanical drive. The required
operating temperature was maintained by controlling the power supply
to the induction coil.

The ingots produced were found to be clean and bright with little
oxide scale evident. Some ingots required more than one melting to
remove porosity and improve ingot shape. One alloy with 43.5 atomic
% nickel (nominal composition) remained persistently porous despite
repeated melting and was subsequently used only for powder and metallo-
graphic specimens. -

All alloys preparéd by induction melting were slow cooled under

argon in the apparatus.

3.2 Alloy Analysis

3.2.1 Estimation of Nominal Composition from Charge Weight

The nominal atomic composition of the as cast arc-melted alloys
was determined from the constituent element charge weights (before
alloying). The atomic fraction of nickel Fy. in a given alloy is

given by the expression:

P = Toi %ca /

(31 Aca * fea Ay
where fNi and fGa arz the nominal weight fractions and Aﬁi and AGa the

atomic weights of nickel and gallium rasgeciively.
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The probable errors in the calculated nominal composition were
evaluated by assuming that all the weight losses which occured on
alloying were attributable to first one element and then the other,
New values of the Qeight fractions fNi and fGa were determined for the
two limiting cases and hence the likely range of the atomic fraction
FNi was evaluated. It was found that the errors were generally no

larger than I 0.5 atomic % (nickel).

3.2.2 Chemical Arnalysis

Small samples were cut, at intervals along the length, from each
of the arc melted alloys after surface grinding to remove oxide scale.
Generally three sections were taken from each ingot and the total sample
weights (for each alloy) were between 0-25 and 1.0 grammes.

All the samples from each alloy were dissolved and duplicate

aliquot portions of the stock solutions were analysed using wed

chemical and elzctrogravimetric techniques. The alloys were analysed
for nickel, gallium and copper content. Errors in the mean alloy
composition were estimated to be ¥ 0.1 atomic % nickel. The results

of the chemical analysis are shown in TABILE I.
The compositions determined by chemical analysis were equal to those
estimated from charge weights within the X 0.5 atomic % nickel error

estimated for the latter nominal compositions.

3.3 41loy Metallography

Small transverse sections were taken from each arc melted and each
induction melted ingot and prepared for optical metallographic examina-
tion in the usual manner. The sections were etched in alcoholic ferrie

chloride solution to rewveal the microsiructure.
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'3.3.1 Arc Melted Alloys

All the alloys were found to be single phase and showed a chill
cast grain morphology. Some porosity was evident in most cases, with
the alloy of lowest nickel content (43.98 atomic %) showing extensive
micro porosity as well as the usual random larger voids.

The grain size was found to deecxease with falling nickel content.
However the grains were quite large and columnar, with the long axis up

to 3 mm and the short axis up to 1 mm for all alloy compositions.

34342 Induction Melted Alloys

All the alloys examined were found to be single phase with exception
of the two alloys furthest away from stoichiometry (43-98 and 54-59 atomic
% nickel) which were two phase. In the two phase alloys, the second
phase in each case consisted of fine precipitate particles dispersed
throughout the large matrix grains.

No evidence of porosity was found in the alloys with the exception
of the 4398 atomic % nickel composition which remained porous despite
repeated meltings.

The grain morphology of all the alloys was found to consist of very
large grains, columnar along the long axis of the ingot and equi-axed
in transverse section. The long axis of the grains sometimes extended
the entire length of an ingot (up to 5 cm.) particularly in nickel rich
alloys. The transverse grain diameter was between 2 and 5 mnm. Some
grain refinement was observed in going from the base to the top of the
ingots (that is in the direction in which fhe alloy charge was passed
through the induction coil). Also the grain size was found to fall
with decreasing nickel content.

The metzllography of both arc melted and induction melted alloys

is summarised in TABLE IT,
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5.4 X-Ray Techniques

3.4.1 Debye-Scherrer Powder Fhotographs

Powvder samples, prepared by filing, were {aken from the arc melted
2lloys (in the "as cast and surface ground condition") and also from
each of the induction melted alloys (surface ground). Any steel file
chippings were removed magnetically.

The powder samples were annealed for 1 hour at 1073°K, to remove
cold work effects due to filing. For the heat treétment, each powdexr
sample was held in a closed end alumina tube and encapsulated in silica
under a reduced pressure of purified argon. After heat treatment,
samples were allowed to air cool while still encapsulated.

The annealed filings were sieved (350 mesh) and'placed in a thin
walled quartz capilliary tube (~ 0°3 mm 0.D.). The tube of filings
was then X-rayed, using a standard Debye-Scherrer camera, with mono-
chromatic Cu K, wradiation at 40 Kv and 20 mA. | The total exposure
rtime for each sample was two hours and no filters were used either for
the incidenti beam or within the camera.

The films were developed and dried using a standard procedure.

The line positions of the diffraction lines on each film were determined
(from an arbitrary zero line) using a Vernier-scale ruler. The line
patterns were analysed and the struciure and lattice parameter deter-
mined with the aid of a computer programme [ﬁee section 3.4.2] .

All the films, both of arc melited and induction melted samples,
proved to have single phase CsCl structures, with the exception of the
lowest nickel composition (43.98 atomic & Ni) which proved to be two
phase in both instances. These results contrast with the metallo-
graphic observations, where no second phase was evident in any of the

chill cast specimens while both the 43.958 and 54.59 atomic % nickel
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alloys were two phase in the induction melted condition.

The discrepancy was thought to arise from the 1073°K annealing
treatment the powder samples had received. At these temperatures the
phase diagram (see section 2,2) [66 | shows that the nickel rich
composition (54-59%) is single phase while the nickel deficient compo-
sition (43.98%) is two phase. The heat treatment was thought to be
long enough to produce the at temperature equilibrium structure. . But
the subsequent cooling was not sufficiently slow to produce the two
phase structure observed in the induction melted 54.59 atomic % nickel
composition.

The results of the lattice parameter evaluations are given in the

results [ see GRAPH G.1 ] .

3.4.2 Debye-~Scherrer Film Computer Analvsis

A programme was cevised and written to pexrform gll the steps made
. in a manual computation of the lattice parameter. The data for the
programme was in the form of line positions, taken in pairs, for each
diffraction angle with the first datum pair corresponding to the {100}
line of the superstructure.

The programme was able to select the lines of a given structure
from a two phase alloy provided the first datum pair chosen belonged to
the strﬁcture of interest and the diffraction lines of the two phases
were not superimposed.

The programme evaluated a lattice parameter from each pair of lines
of the structure. These laitice parameter values were plotted against
the Kelson-Riley function and a best straight line was determined using
a least squares fit. The best estimate of thellattice parameter was
then evaluated from the intercept of the line with the lattice parameter

ordinate.
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The final computer print out yielded the best estimate of the

lattice parameter plus an error in its estimation.

3.5 Alloy Density Determinations

The density of alloy samples was determined by an Archimedes
buoyancy technique. Density measurements were carried out on bulk
samples cut from induction melted ingots. All the induction melted
alloys were used except the 43.98 atomic % nickel composition, which
was porous [bee TABLE ﬁ] .

Prior to sectioning, each ingot was heat treated for 1 hour at
1073°K under the same conditions used for X-ray powder specimens (see
section 3.4.1). This was to allow a direct comparison between experi-
mental density values and those calculated from lattice parameter measure-
ments,

Metallographic examination showed that all the alloys remained
single phase with the exception of the 54.59 atomic % nickel alloy
which was two phase before and after heat treatment. This latter alloy
was thought to remain two phase, unlike its powder counterpart, because
the larger bulk of the ingot specimens resulted in a slower cooling
rate than in the powder specimens, with the consequence that reprecipi-
tation in the nickel-rich alloy could occur.

After heat treatment each ingot was cut into two or three sections
of roughly equal length (~1:5 cm). These sections were designated
bottom, centre and top, in the order in which the ingot had been passed
through the induction coil. This was done to allow a chsck on any
compositional segregation which might have occured during melting.

The sections were then ground and polished to a 1/L(diamond lapping

paste) finish. The mirroxr finish of the entire section surface area



85

allowed the detection of any porosity (which was not observed) and also

minimised the entrapment of air when the section was immersed in liguid.
The buoyancy liquid used was dibromoethane. - Its density was

determined at a number of temperaturzss using mercury as a standard of

known density.

The procedural sequence for determining the density of alloy

sections was:

(1) Weigh‘the sample container; suspended from the arm of a beanm
balance, in air (whose density is kmown from tables).
(ii) Weigh the container plus alloy sample in air.
(iii) VWeigh the container plus sample in dibromoethane.
(iv) Weigh the container in dibromoethane.

(v) Repeat steps (i) and (ii).

The entire procedure was repeated several time fdr each sample while
efforts were made to keep ambient temperatures constant, so that the
subsequent a2lloy densities would be known all at the samé temperature
(~23°).

Density values

; NiCa YeTe then determined by solving the two

. L
simultaneous equations:

. wE(NiGa'(’Air:l

s 3.1
Air (wica
WBI. -y E (I=.‘iGa —CBr ] 3.2

(wica

where W, wAir’ wBr are the weight of thes alloy sample in a2 vacuum, in
ai in dibromoethane respectively; and £... ( . and ( are
r and : 3 NiGa’ \ Air Br

the densities of the alloy, air and dibremozthane respectively.
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Dividing 3.1 by 3.2 and solving for CNiGa gives:

o =[ (pse {pr = Ve € Air):l 5.3

(wAir - wBr)

The values of alloy densities calculated from equation 3.3 are given in

the results [ GRAPH G.2] .

3,6 Diffusion Experiments

3.6.1 Specimen Prevaration

A total of nine alloy compositions which had been induction melted
and had densities determined were used for the preparation of diffusion
specimens [ﬁee TABLE I :]. The density sections of these alloys were
cut into parallel sided disc specimens (of round cross-sections), about
2 mm thick. The relative position of each disc specimen in its
respective alloy ingot was noted because alloy density had been found to
vary slightly along any given ingot. Compositional segregation was
thought to account for this wvariation in density. But the compositional
dependence of the density (GRAPH G&Q suggested that the composition change
along the length of any given ingot was probably less than the uncertainty
of the chemical analysis (i.e. = O-1 atomic %‘ nickel).

Each disc specimen was set in a cold setting resin (plastic) in =
mould which consisted of a metal pistoﬁ Vhich could move co-axially
inside a metal cylinder. The face of the piston and the end of the
cylinder thus remained in parallel alignment as the piston was moved
inside the cyiinder'E}ee FiG. 3.1:]. This jig was used to grind both
sides of th2 disc specimens flat and parallel, After grinding each

specimen was marked with an identifyingz number on cne face and had
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location holes drilled through its plastic mount. The latter operati§n
was to allow mounted specimens to be attached to an electrode for subsé-
quent electroplating of radio-active tracers [}ee FIG. 3.2:].

The specimens were then polished to a mirror finish on one side.
Thus the finished item consisted of a flat, parallel sided disc with
one surface highly polished. For the first diffusion experiments the
polished surface of specimens was etched in alcoholic ferric chloride
solution to remove any remaining deformed material from the surface,'
prior to tracer deposition. This practice was later discontinued as
etching tended to produce an uneven surface finish. Specimens were

then plated in the as polished condition.

3.6.2 The Radio-Isotopes of Nickel and Gallium

The isotope of nickel used as a tracer in this study was nickel-63
vhich decays by the emission of ﬂ-particies with an energy of 0.067
YeV. The isotope has a half life of 92 years.

The gallium isotope used was gallium~67 which decays by electron
capture and the subsequent emission of ¥ -rays with an eﬁergy spectrum
of 0093 to 0.4 MeV. The isotope has a half-life of 78.1 hours.

The much higher radiation energy and far shorter half-life of the
galliun isotope led to a radically different technique being used for

gallium diffusion analysis compared with that of nickel.

3.6.3 Electrodeposition of Radio Isotope Tracers

Both nickel and gallium can be electroplated from aqueous solutions
but the quantities of tracer actually reguired on a specimen are very
small and in fact it is not possible to plate only active atoms from an
'as=supplied' tracer solution because the dilution is too great. In

practice the tracer solution is mixed with a solution containing a non~
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active isotope of the same element and the two isotopes are plated
together, with the latter acting as a carrier. The required activity
mzy be plated onto a specimen in the form of a large plating bulk (of
active and inactive material).

Nickel-63 was plated from an approximately 1 XN solution of nickel
sulphate and nickel chloride with added boric acid to act as a buffer
agent (this is a standard nickel plating solution). The plating
apparatus consisted of a glass container with a platinum anode sealed
into the glass at the base. Additions of boric acid or ammonium
hydroxide could be made to the plating solution from side reservoirs to
nzautralise excess acid formed during plating. The entire plating
apparatus was held in a water bath to maintain the required deposifion
temperature of 40 ¥ 10°C [:see FIG 3.3] .

The specimen to be plated was screwed on%o the cathode [}ee
FIG 3.?] . The current density used was approximately 50 mA/sq. cm
(of cathode). The deposition time was adjusted to plate a layer of
approximately 0-5 to 1.0 &4 m thick.

Gz21llium can be electroplated from an aquéous solution of sodium
gallate [ 63, 88 :I . This was prepared by dissolving gallium metal
in a mixture of concentrated nitric and hydrochloric acid and then
neutralising the excess acid with ~ 3 N sodium hydroxide solution until
a precipitate of gallium hydroxide was produced. Further sodium
hydroxide solution was then added to redissolve the precipitate. The
final solution consisted of sodium chloride and nitrate, sodium gallate
and excess sodium hydroxide. The preparation of the solution can be

sumnarised by the equations:
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2 Ga + 6 HC1 —_ 2 Ga(:l3 + 3 H, (1)
GaClB + 3% NaOH —=> 3 NaCl + c;a.(OH)3 ‘ PPT (i1)
(3,::1(011)3 + NaOH —> Na [ Ga(oH) 4] . (i1i)

The solution was then made up to a standard volume, contained abput 4 g
of gallium metal per litre, and was ~ 0.25 N with respect to sodium
hydroxide.

The 'as-supplied'! (Radio Chemical Centre, Amersham) carrier free
ga2llium-67 tracer was added to about 50 ml of the standard sodium gallate
to provide a plating solution of the required specific activity. The
plating bath consisted of a glass container with a platinum anode. The
diffﬁsion specimens were maunted for plating as in the case of nickel
plating. The plating bath was maintained at a temperature of about
10°C o ensure the deposition of solid gallium. The current density
used was about 150 mA/sq cm (of cathode) and the deposition time was
adjusted to plate a layer of <0:54m thick.

In order to evaluate.the required specific activity (in mCi/g of
deposited plating) of the plating solution (for both nickel and gallium
deposits) a number of assumptions and boundary conditions were used.
Pirstly, after diffusion, the penetration profile-must be sufficiently
active to a reasonable depth to aliow its shape to be determined and
hence the diffusion coefficient to be evaluated.

The method used for determining the penetration profile involved
measuring the activity of successive parallel layers removed from the
specimen. As a rule these layers were some 10 to 20um thick and a
minimum of ten such layers were required to determine the diffusion
penetration profile. Thus a penetration depth of QOO/u.m was chosen
to define the limit of diffusion, at which point the tracer activity

fell to zero.
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The penetration profile was then assumed to be defined by a straight
line and the activity at half the limiting penetration depth (of 200 m)
IA was taken as ten times the known background (cosmic) activity.
The activity I, was that of a layer of unit thickness (the unit being the
thickness of layers removed during penetration anzalysis, i.e. 20/ﬁcm).

The total activity under the profile ITOT is thus given by:

X
Inop = Iy - T

where x is the total penetration depth (200/u1n) and 1 is the thickmess
of each layer (20 u m).

The value ITOT is the activity of the layer that must be plated
onto a specimen such that after diffusion the penetration profile is
measureable. However this value makes no allowance for the decay in
activity during the time of diffusion annealing and it assumes 100%
efficiency of the counting apparatus. In general, counter efficiency
is usuwally quite low ( ~ 10%), while activity decay is insignificant in
the case of nickel-63 but must be allowed for in the case of gallium-67.
The activity IT is the value of ITOT after corrections are made for
counter efficiency and activity decay (IT )2 ITOT)°

Thus IT is the required activity of the layer plated onto a specimen
and is related to the total activity IS in the plating solution by the

expression:

IT/IS = wl/"ls 3.4

where Wy is the weight of the plated layer and W is the weight of
“tracer plus carrier in the plating solution.

Finally the plated layer was assumed to be 1um thick so that its
weight per unit area (Ql) was known. Hence, sincé I, is the total

activity of the solution is egual to the known activity of the as-suprlied
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tracer, the required specific activity of the plating solution (Is/ws)
may be calculated from equation 3.4.

The procedure outlined above was used to determine the amount of
carrier which had to be added to the tracer to produce plated layers of
the necessary bulk and activity (i.e. specific activity).

Preliminary plating experiments with non-active solutions were done
to establish calibration curves of deposit weight against plating time
for given current densities. These calibration curves were used to
select the plating time required to produce a laye: of the necessary
thickness on diffusion specimens. The specimens were weighed before
and after plating (for both nickel and gallium diffusion experiments)
to afford a check on any gross errors which mizht occur during plating.

After tracer plating, specimens were removed from their plastic
mounts and their sides and back surface were lightly abraded to remove
any tracer deposits other than on the polishéd face. The specimens

were then ready for annealing.

3,6.4 Diffusion Annealing

In the case of nickel diffusion the long half-life of nickel-63
allowed long diffusion anneals (if required) and plenty of time for
subsequent penetration analysis. Consequently batches of specimens,
with two of each composition placed with active faces in contact, were
wrapped in molybdenum foil and annealed for the required time at given
temperatures in a vacuum furnace. )

The design of the furnace was that of B.R. McDonnell (1969) EﬁOi]
and it consisted basically of a resistance heated furnace tube held
vertically in an evacuated can [}TGW 34:]. The specimens were placed

on 2 platform (in a tray) which could be pushed into the hot zone of
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the furnace [:FIG B.i] . This arrangement minimised heating up and
cooling down times.

After annealing, the specimens were removed from the hot zone of
the furnace and allowed to coollin vacuo befo;e removal for penetration
analysis. The use of the vacuum furnace minimised the risk of
specimen oxidation. The placing of specimens in pairs, with active
faces in contact, was to prevent evaporation losses of plated tracers.
But high temperature anneals resulted in specimen welding in some cases
and later anneals were carried out with specimens placed singiy with
active faces uppermost in the tray. The evaporation of nickel tracer
for either single or paired specimens has been found to be negligible
[331:]even at the highest temperatures used in this study. Finally:
the use of molybdenum foil wrapping was to prevent sticking of specimens
to the tray and each other,

The annealed specimens were found to be clean and bright. In the
case of paired specimens, oxidation of the active face was negligible
but single specimens did show some slight contamination of the active
face.

Inrthe gallium=-67 diffusion series time waé of the paramount
importance because of the short half-life of the isotope. Consequently
several different furnaces were used so that batches of specimens could
be treated, each at a different temperature, over the same period of
time,

One batch of gallium-67 plated specimens were annealed in the
vacuum furnace in the same manner as ths nickel series except that all
specimens were paired. 411 other batches were anneéled in conventional
tube furnaces., - TFor these latter heét {treatments the specimens were
placed in pairs with aciive faces in contact and then wrapped in molyb-

denum foil, The paired specimens were then stacked in a cylindrical
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arrangement and each batch wrapped in molybdenum foil like a tube of
sweets. The prepzared batches were then sealed in silica under a
reduced pressure of purified argon. Each sealed batch was then
inserted into the hot zone of the furnmaces used and upon completion of
the anneal, removed and allowed to air cool while encapsulated.

On the question of tracer evaporation, it had been found that after
plating, the gallium film was difficult to remove mechanically, even at
hot water temperatures, presumably because of a solid/liquid diffusion
interaction which 'fixed' the gallium film on the specimen surface.

In consequencé it was thought unlikely that the gallium tracer would
melt and flow away from the specimen during the annealing treatment.
Furthermore gallium does not boil until 2523°K and it was thought that
evaporation losses at the highest annealing temperature of n/1373°K
would bé small. A check on the non~active surfaces of specimens,
after amnealing, failed to detect any active species suggesting that
evaporation losses were probably small,

After annealing, the vacuum furnace specimens were clean and bfight
with very 1ittle contamination. The silica sealed specimens were
appreciably more oxidised, especially those annealed at the highest
temperatures. Some high temperature syecimens were welded and difficult
to separate. Occasionally specimens were broken during separation
attempts however these could often be salvaged for analysis. In some
cases specimeﬁs could not be separated and attempts were made at anélysis
by removal of layers from the back surface towards the active face.

In summary all the nickel diffusion anneals were carried out in a
vacuum furnace, The specimens were clean with little oxidation,
Welding problems were overcome by using single specimens rather than
pairs. One diffusion annsal of gallium spacimens in the vacuum furnace

yiellad clean, uncontaminated specimens, Other batches were annealed
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sealed in silica; low temperature anneals yielded good specimens
although somewhat more oxidised than their vacuum counterparts, high
temperature anneals produced specimens that were welded and often

difficult to separate but nevertheless they were useable.

3,6,5 Boundary Conditions for the Solution of the Isotope Penetration

Cuxve

A number of techniqgues are available for determining the diffusion
penetration curve. The most widely used are the sectioning technique
and the residual activity technique. In both cases successive parallel
layers are removed from the active surface of the specimen. In the
former method fhe activity of the removed layer is measured while in the
latter the residual activity of the exposed surface is determined, The
major disadvantage of the sectioning technique is the need to retain all
the material removed in each layer. The drawback of the residual activity
technique is the error introduced by the contribution to the surface
activity of atoms below the surface.

The sectioning technique is usually used for intermsdiate and high
energy decay radiations while the residual activity technique is most
often used for weak radiations. In fact it may be used for diffusion

analysis for three distinct conditions.

(1) The energy of the radiation is so weak that the absorption
coafficient (/u) of the méterial is high and effectively only surface
atoﬁs contribute to the activity measured at the surface. The condition
describing this case is (14u_<22 JDt) where D is the diffusion coefficient
and % the annealing time (2 N Dt ax where x is the total penetration
depth). This condition is fulfilled by ths weak radiation of
nickel-63, and the residual activity technique was used for nickel dif-

fusion a2nalysis.
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Errors from below surface intensity contributions can be corrected
if these (contributions) originate from depths less than the section

thickness removed for each layer L__10:| .

(ii) When the energy of the radiation is so high that the absorption
coefficient is low enough for all the atoms from the entire diffusion
zone to contribute to the surface intensity, thus (14u $2,/Dt). The

activity of a given layer is hence known by difference.

(iii) The diffusion coefficient may be evaluated by the residual
activity technique for the intermediate radiation enérgy condition

(1éu 22 {Dt), which is the case for gallium~67 radiation, but the
mathematics are complex [341:] . Hence a modified sedtioning technique

was employed for the analysis of the gallium-67 penetration curves.

3,6.6 Penetration Analysis of Nickel-63 Diffusion

The diffusion specimens were brittle and not machineable and so
could neither be turned to produce round disc specimens of known surface
area nor to remove successive parallel layers from the active face.
Consequently specimens were cut using high speed resin bonded SiC wheels
to produce discs of known square cross-section. The cutting operation
also removed the former outside surfaces from the sides of each specimen
and hence any contributions from surface diffusion.

Fach square disc specimen was glued onto the end of a hollow perspex
cylinder so that the zctive face was uppermost and parallel to the end
face of the cylinder (ard perpendicular to its longitudinal axis).
Layers of thickness between 10 and 20/Atm were then removed successively
from the specimen's active face using a precicsion grinding block
similar to that employed by Einsen & Birchenz21l (1957) [:38:] . The

grinding arrangement was very similar to that outlined in *TG, 3.1
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except that the metal piston was replaced by the hollow perspex piston
(cylinder) to which the specimen was permanently attached.

The specimens (plus cylinder) were weighed before and after the
removal of each layer and from the weight change and the known density
and cross-sectional area the thickness of the layer removed was determined.
The residual activity of the ground face of the specimen was coPnted with
a scintillation counter consisting of a phosphor sensitive to,; particles,
and a photomultiplier tube mounted in a lead shielding castlééﬁ‘ The
count was recorded on a decade scalar and the activity was calculated
from the mean of several fixed time counts. The counting'time used
depended on the ratio of the specimen activity to that of the background
and was adjusted to maintain the same relative exrror for all activities.

The inside of the lead counting castle was modified to accommodate
a jig which consisted of a fixed brass sleeve designed to hold the
perspex cylinder and attached specimen coéxially with the photomultiplier
tube so that the active face of the specimen was parallel to the phosphor
surface (cf. the grinding block arrangement FIG. 3.1). Furthermore,
since all specimens did rot have the same section area, a window of
fixed circular geometry, punched in lead foil, was interposed between
the specimen and phosphor. Consequently only the activity from a
circular area in the centre of each specimen's active face was counted.
Thus the exposed area and geometry of all specimens was kept constant.

The thickness of the lead foil was large enough to ensure that the
activity contribution from screened portions of the specimen at the
phosphor was ( 5% Care was taken to expose the specimen in exactly
the same geomztry for every count taken during any one venetration
analysis., It has been estimated that the interposition of a foil
window reduces the specimen counting geometry from 2 A to 1:98 " and
that such 2 sm211 reoduction does not contribute meésurable inaccuracies

in specimen counts [105, 17 ] .
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3.6.7 Penetration Analysis of Gallium-67 Diffusion

The technique used for the penetration analysis of gallium diffusion
specimens was a modification of the standard sectioning technique. The
residual activity method was considered unsuitable because of the
ralatively high energy of the isotope's X'radiation and its short half-~
life which made speed of operation essential_[}ee section 3.6.5:].

As in the case of nickel penetration analysis, square section
specimens of known area were first prepared. Bach specimen had its
active face coated with a thin film of releasing agent (Vaseline) and was
placed active face down onto the face of the steel piston of the grinding
jiz [F16. 3.1] and cast in cold-setting resin.  The back surface of the
mount was then ground away to expoée the non-active face of the specimen.
The releasing agent on the front face of the specimen ensured that while -
being cast in resin the spzcimen remained flat and parallel, in contact
with the steel piston.,

On removal froﬁ the grinding jig (mould) each specimen consisted
of a square section alloy disc, embedded in plastic, with the ground
back surface and the as annealed active front surface exposed and parallel.
The plastic mounted specimens then had location holes drilled to allow
them to be attached to an electrode forx electro-etching (see preparation
of diffusion specimens, section 3.6.1).

An electro-stching technique was used to remove successive layers
(and simultansously collect in solution the material removed) from the
exposed active surface of the specimen. Tne plastic mount of the
specimen protected the side surfaces from attack by the etchant. The
surface of the specimen was firmly in contact with the anode and periodic
examination failed to reveal any signs of atitack of this surface.

The etching solution used has been described by Seybolt & Westbrook

(1964) [1297] . + consisted of HC1 (15 ml), Hzro3 (10 m1), CH,COOH (10 ml),

3
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Hzo (35 ml) and a small amount of ferric chloride. This mixture‘was
further diluted in the ratio three parts of mixture to two of water for
etching purposes.

Preliminary éxperimeﬁts indicated that a current density of
approximately 400 mA/sq cm maintained for about three minutes removed
about 20 w m of material and produced a smooth polished finish on the
specimen surface. The temperature of the etching solution was kept
below 15°C by the use of an ice bath.

The etching bath consisted of a §mall glass beaker, a platinum
cathode and the mounted specimen as an anode. The anode [ﬁee FIG.
3.2] was hand held and used as a stirrer. The volume of electro-~
etch used for each layer removed was 25 ml, measured out with a pipette.

Kfter etching the specimen/anode was removed from the beaker and
washed with distilled water. The washings were collected in the
beaker. The platinum cathode was similarly treated. The solution
was then transferred to a counter container, the bezker was washed and
the washings added to the container. The solution in the container
was then made up to a standard mark corresponding to 40 ml., The
activity of the solution could then be counted.

The solution container consisted of a perspex tube cut and ground
so that its ends were flat and parallel and perpendicular to its longi-
tudinal axis. At one end a circular sheet of P.V.C. of uniform
thickness ("V2O/Lm) was glued to form a closed~end tube container.

The activity of the solution was counted with a scintillation
counter consisting of a thallium~-doped Nal phosphor crystal, sensitive
to X-rays, and a photomultiplier tube mounted in a2 lead castle shield.
As in the case of nickel diffusion a decade scalar was used to record

the activity.
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Again as in the case of nickel diffusion the inside of the lead
castle was modified, in this case to accommodate an aluminium jig
designed to hold the perspex solution holder in a fixed aspect, with
the P.V.C. window parallel to the phosphor surface. The counter
geonmetry thus remained the same for each section of all specimens.

Yo lead foil windows were used during these anzlyses since specimen
solutions were held in containers of identical cross-sectional area and
geonetry.

The short half-life of the gallium-67 isotope precluded the use of
long count times, but these were unnecessary in view of the high specimen
activities. Several short, fixed time counts were made for each
section a2nd the zctivity determined from the mean value, No attempt
wzs made to vary the count time as a function of activity in order to
maintain a constant relative error. The time of entry and removal of
each solution from the counter was noted, with the start time (zero time)
being taken zs the time of starting the analysis of the first section of
a given specimen. This was to allow for a correction for the decay in -
intensity of the gallium-67 isotope during counting. The corxected
count was then determined from the observed count and elapsed time.

After analysis, a given solution was diécarded and the container
washed in readiness for the next solutfion. A periodic check of both
the background activity and any residual activity in the solution
containers was made.

The mounted specimens were weighed before and after each electro-
etching and from weight differences and the known density and cross-
sectional arsa values the thickness of each layer removed was determined.
It was found that there was a tendency for the specimen surface to etch
mors rapidly arount the edges of a section producing a convex iﬁstead

of z flat surface profile. Also some grains were found to etch more
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rapidly than others, producing a stepped surface. All such irregulari-
ties are known to produce errors in the final estimate of the diffusion
coefficient E17] but were unfortunately inherrent to the etching
technique. |

A few specimens which could not be separated were analysed by
removing layers from the non-active surface and approaching the active
face. In general for two welded specimens the one (of the pair)
analysed from its back surface towards the active face yielded results
with very large errors in the estimate of the diffusion coefficient.
However the second specimen of the pair which was subsequently analysed
from its active face gave good results, Little difficulty was
experienced in locating and identifying the interface between two such

welded specimens,

3.6.8 Evaluation of Diffusion Coefficients and Activation Energies

The solution to Fick's second law of diffusion may be expressed in
terms of the count intensity (I) (replacing the concentration c; see

equation 2-17) as a function of diffusion distance (x) by the relation

Ce2]:

L ¥ S SN S .5
M yx (xDt)% P 4Dt 3

where/u,is the linear absorption coefficient, D is the diffusion coefficient,
K is 2 constant and t is the time of isothermal diffusion (annealing time).
For the czse of the weak F -radiation of nicke1-63/a_is very large

and I (1///.) (l];) thus equation 3.5 reduces to:

dx

I=X"exp -

2
X

4D'%

3.6

Furthermore in the sectioning technique ths activity of the removed layer
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is measured directly and consequently the absorption coefficient of the
material Q/L) does not enter into the expression relating I and x, and
equation 3.6 can be applied directly.

The diffusion coefficient (D!') can be evaluated from equation 3.6
from the linear plot of InT against x2 (both experimentally known).
In the case of the residual activity technique a better estimate of D
can be made by differentiating equation 3.6 and evaluating the term
(BI/b x) and subsequently plotting In[ I - (1414) (BI/Ax)j against x2,
to obtain a new value of D. The procedure can then be repeated as
required [ 627] . |

In this study equation 3.6 was applied directly to experimentai
values of count intensity (I) as a function of penetration depth (x)
for the case of nickel-63 diffusion. No correction for the contribu~
tion of the absorption coefficient (/L) was attempted since its value
was not known. Values of the diffusion coefficients (DNi) for the
various compositions at given temperatures are shown in the results
(TABLE II).

In the case of gallium-67 diffusion two corrections were ma@e to

the raw experimental data befors applying equation 3.6. These were:

(i) The measured activity values I, were corrected for isotope decay
to a stendard base time (td = 0). The corrected activity Io(> It) may
be calculated from the activity observed It at time td from the

expression:

T =It exptfln’iz 'td:l 3.7

(o)

~
whare ( is the isotope half-life,

(ii) After corrsction for isotope decay the (corrected) measured

)
it

was the tot2l activity within a ziven layer {(of thickness
o o ]

-

v235 assumed thzt the aetivity profile within each layer
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P

removed was linear so that the activitxiat the mid-position of a
given layer Im was also the mean activity of the said layer. Then

Im can be expressed in terms of the corrected measured activity Io by

the relation:

I = To/ax 3.8

But the depth x defines the penetration depth after the removal of a
given layer, therefore the activity Im refers to a depth (x -455).
Thus substituting these values into equation 3.6 and substituting for

Im from equation 3.8 gives:

Axy2 |
Io (x -3
-_— = K exp E— —j 3'9
Ax 4Dt

Thus a plot of 1n (Io/lix); wgich is the logarithm of the corrected
activity of a layer per unitdihickness of that layer against (x __ééi )2,
the square of the mean penetration position of the layer, yields a
straight line from whose slope the diffusion coefficient D , can be

G.
calculated.

Values of the diffusion coefficients (DGa) for the wvarious compo-
sitions at given temperatures are shown in the results (TABLE IV ).
The values of the diffusion coefficients DFi and DGa at various

temperatures T were then used in the Arrhenius equation to yield the

activation energy of diffusion QT

7] and QGa respectively. .The expression
1

used was (see equation 2.28 ):
- -2
D =D exp( kT) 3.10

The activation energy Q was evaluated from the slope of the linear plot

of I1nD versus (1/T).

The activation energies of diffusion Qﬂ; and QCa for the various

alloy compositions are shown in the results (TABI=S III & IV)
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3.7 Creep Experiments

The extreme hardness and brittleness of NiGa alloys at room tempera-
ture prohibited the use of specimens which required extensive machining;
for this reason creep experiments were carried out in compression on

simple cuboid polycrystalline specimens.

3.7«1 Preparation of Creev Specimens

Polycrystalline material for compression testing must have a fine
grain size, hencé chill cast (arc melted) material was selected although
even in this condition the grain size was known to be fairly large (see
section 3.3.1). Cold working and subsequent racrystallisation to
produce z finer grain size (than arc melted samples) was precluded by
the brittleness of the material. Other methods of melting and solidi-
fication, such as induction melting or resistance heating were found
to produce a coarser grain structure than that achieved by arc melting.

The arc melted samples were checked for porosity and remelted until
good density was achieved. The ingot bars were then cut into slices
to produce transverse sections about 2-5 to 3-0 mm thick. These
slices were then further cut to produce cuboid specimens of the approxi-
mate dimensions 6 by 3 by 3 mm. The long axis of each specimen was
parallel to the columnar axis of the chill cast grains (of the micro-
structure),

The specimens from esach ingot were then mounted in plastic in
- groups of up to a dozen (a2ll from the same ingot) in the grinding jig
[:see FIG. 3,1, A :] used for the preparation of diffusion specimens
in reazdiness for electroplating. The two faces of each (cuboid)
specimen parallel to the surfaces of the mount were then ground flat

and parallel to ezch other. The specimeus were then removed from the
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nounting plastic and remounted so that a second two faces could be
ground. Finally the procedure was repeated to grind the ends of the
specimens.

The use of this grinding proc_:edure allowe-d equal sized specimens
with accurately parallel faces to be made in Batches. Also the sup-
port afforded by the plastic matrix cut down the incidence of specimens
being chipped at an edge or corner and thereby rendered useless. The
final size of the finished specimens was between 5 and 6 mm for the

long axis, and between 2 and 2.5 mm for each of the short axes.

3.7.2 The Creep Testing Apparatus

Specimens were tested in compression using a direct 1oading
apparatus designed by Evéns (1967) E42] . Tests were carried out at
temperature in air.

The cresep apparatus is shown sohematically in FIG. 3.6. It consisted
basically of a fixed alumina ram located in the hot zone of a water
cooled resistance heated furnace. A second alumina ram, above and
aligned with the first and co-axial with the furnace tube was allowed
to move down into'contact with the lower fixed alumina iam. A flat.
loading platform was attached to the top of the upper ram and both it
and the ram were suspended from pulleys and held in position by counter-
balance weights.

Specimens were compressed between fhe two alumina rams under the
load placed on the loading platform while at the temperature of the hot
zone of the furnace. The deformation strain of a compressed specimen
was measured by a transdﬁcer which monitorad the movement (downwards)
of the upper compression ram. The strain data (in fact not strain but
deformation, with units of length) was rscorded as a continuous function

ol time on a chart recorder. The recorder was also used to keep a
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continuous record of the temperature of the specimen as determined by a

thermocouple placed close to the specimen E see FIG. 3.6 ] .

3.7+3 Creep Tests

The specimen to be tested was measured with a micrometer and its
dimensions recorded. It was then placed between the two alumina rams
of the testing apparatus, with its long axis aligned with the rams.

The upper ram and loading platform were counterbalanced so that the
specimen was under zero load. A small load was placed on the loading
© platform and the furnace was switched on and brought up to the required
temperature. The purpose of the small load on the specimen was to
prevent the possibility of it toppling during the heating up period.

Once the specimen and apparatus had reached equilibrium conditions
at temperature, the transducer was adjusted to give a zero reading, the
temperature was noted, the required load applied and the chart recorder
switched on to commence the creep test.

The chart recorder produced a continuous record of the specimen
length change and the specimen temperature, The fixed chart speed
allowed the recorded length change of the specimen to be interpreted in
terms of a length change per unit time, and knowing the specimen
dimensions this in turn yielded the compression creep réte.

During the course of a test the conditions were periodically
changed to investigate the effect of changing load at constant tempera-
ture and changing temperature at constant load. In all'cases of a chanée
in conditions the creep rate was 2l1lowed to reach steady state conditions
before any furthsr changes were made. The load, temperature and time
wara ﬁoted immediately before and after a change in conditions. In
general a test was terminzted when a specimen had undergone between

5 and 10)% deformation.
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On completion of a test the final time, load and temperature were
noted, the chart recorder was switched-off, the specimen load was removed,
the top ram lifted and the specimen was gllowed to cool under zero load
by switching off the furnace. After cooling, the specimen was removed
from the furnace and its new dimensions were ﬁeasured and recorded.

Two series of tests, carried out in an air atmosphere, were
performed for a number of alloy compositions; in the firstrseries
specimen temperature changes were confined to the range 746°K to 887°K
and in the second series they were in the range 9530 to 10838°%%. In
general, two specimens of each alloy composition were tested in each
creep series (a total of four specimens for each alloy in all).

It was found that upon the start of a2 test primary creep continued
to about 0¢3 ~ 0+5% strain. Thereafter steady state creep was
achieved after only a small amount of primary creep whenever the test
conditions were changed.

Load changing tests were carried out at constant temperature and
as a rule load values were increased and decreased alternately, with
the initial loading conditions being repeated at least oﬁcefdnring. i
This was to afford a check on the strain and structure dependence of
the stress sensitivity.

Temperature change tests were carried out at constant load and
again the initial test conditions were repeated in the course of a test.

In general, it was found that several variable load tests could be
carried out at different constant temperatures within the limitation of
some 5% total strain before terminating a creep run on a given spacimen.
Similarly sevaral change of temperature tests could bz vexformed at
different constant loads. In practice one wvariable lozd test and two

or more variable temperature tests were carried out during the courss
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of a creep run on a single specimen, to yield one stress exponent and

several values of the creep activation energy.

3.7.4 Analysis of Creep Data

After a creep test the total deformation strain of a specimen was
determined by direct measurement of its dimensions. This valﬁe was
found to be in good agreement with the total deformation strain calculated
from the chart record.

The length change produced by creep under any set of constant test
conditions was determined for each part of the test. ~ Hence the specimen
length at the beginning (1) and end (1~241) of a given part of a test,
under given conditions of load and temperature, was known. Assuning
constancy of volume during deformation and using the mean length (1-41)
of the specimen, a mean cross-sectional area of the specimen was
calculated for each part of the test. In other words if one set of
test conditions prevailed while a specimen deformed from a length (1)
to a length (1-2 A1) then its cross-sectional area was calculated by
assuming its true length to be (i-Al) and volume constant.

A correction was also applied for ‘the change in specimen dimensions
as the result of tharmal expansion (when temperature conditions were
changed).

The true stress borne by z specimen was then calculated from the
known applied load and the calculated true specimen dimensions (i.e.
corrected for deformation and thermal strain).

A mean steady state extension rate, for each set of test conditions,
was calculated from the slope of the chart recorded data (which printed
extension as a function of time), Zach steady state extension rate was

then exprassed as a true steady state creep strain rate on dividing by
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the calculated true length (1~ Al) pertaining to each set of test con-
ditions.

These calculations thus yielded a serieé of true creep strain rate
values corresponding to tesf conditions of known true stress and applied
temperature. In this form the creep data waé then used to evaluate

crzep stress exponents and creep activation energies.

3.7.5 Calculation of Stress BExponents and Creep Activation Energies

Stress exponents were evaluated from the creep data (true stress,
true strain rate and temperature) determined during change of load tests
t
at constant tempgrature. The creep strain rate (€£) is dependent on

the stress (V) according to the relation:
1
£ = kT8 3,8

where n is the stress exponent. Tne exponent n was evaluated from the
gradient of the linear plot of 1n é versus In¥, using a least squares
best straight line computer programme.

Stress exponents determined by this method for the various alloy
compositions and fixed temperatures are given in the results [ﬁ%BLES v
& VIL] .

The general creep equation relating the creep strain rate with
both stress (V') and temperature (T) is given by (see equation 2.46)

£ KT (-2 3.9
kT :
where Qc is the apparent activation energy of creep. But the change
of temperature tests were carried out at constant load and not constant

stress and hence the stress term is not constant.

dowever equation 3.9 may be written:
J
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t

&) = & exp(-2) 5.10
™ KT

Now at constant load the stress changed because of the change in speci-
men dimensions due to deformztion and temperature changes. However

the true stress values correcting for these effects are known[:see
section 3.7.4] . Also the stress exponent was evaluated experimentally
and hence also known. Conseq?ently the activation energy of creep Q,c
was calculated by plotting In(€/¢n) versus (1/T) and determining the
gradient of the resultant straight line by means of a least squares

best straight line fit computer programme.

It was noted that this plot would only yield a linear relationship
on the assumption that the stress exponent (n) was not temperature
dependent.

Activation enexrgies of creep determined from equation 3%.10 for
variogs alloy compositions and constani loads {actually given as

nominal stresses) are shown in the results E@ABLES VI & VIIi] .
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CHAFTER 4: Fxperimental Results

4.1 Alloy Analysis

The chemical compositional analysis of all the alloys used in this
study are shown in TABLIE I. The same table also includes a schematic

outline of the experimental observations carried out on any given alloy.

4.2 Alloy Metallography

All the alloys Qere metallographically examined under an optical
microscope in both the chill cast (arc melted) condition and in the
induction melted condition. The findings were reported in the experi-
mental procedure [}ections 3+3.1 and 3;3.23 .

A number of the alloys were also analysed by Debye-Scherrer X-ray
photography and both crystal structure and lattice parameter determined.
The results of both X-ray and optical metallography are shown iﬁ
TABLE II. '

4.3 lattice Parameter lMeasurements

Alloy powder samples, taken from both arc-melted and induction
m2lted ingots, were X-rayed and lattice parameter values were determined
from the resultant diffraction patterns [ﬁections 3.4.1 and 3.4.2] .

' The variation of the lattice parameter as a function of composition
for all X-rayed samples is shown in GHAPHvi (G.i.).
The observed compositional dependence of the lattice parameter can

not be accounted for on the basis of differences in quenched-in thermal



TABLE 1

ALLOY COMPOSITION AT %/ USE MADE OF ALLOY

Ni Ga Cu  |Arc Melted Induction Melted
43.98 |56.02 M X M X
4718 52.82 M X MXD GA
47.28 52.72 M X MX D N
48.76 51.2 M X M X D NIGA
49.33 50.67 oM X MX D NI
50. 01 49.99 QM X MX D NIGA
50.45 ) | 49550 M X MX D NI
5073 % | 4927 9 2 M X M X D NI GA

@
5.01 © | 28990 = |M X MX D NiGA
5240 2 | 4760 e [M X M X D NI GA
oo |5z | Slmo o |
4903 5 | 5097 & Z (M  c
5017 * | 4983 2 = | M C
5037 & | 4963 & W M C
5.00 & | 4900 & L | M C
5227 47.73 M C
KEY - OPTICAL METALLOGRAPHY

X =
Nl =
GA=

X-RAY PHOTOGRAPHY
EXPERIMENTAL DENSITY
DIFFUSION OF Ni- 63
DIFFUSION OF Ga-67
COMPRESSION CREEP




TABLE I

X-RAY METALLOGRAPHY

Alloy Compn OPTICAL METALLOGRAPHY

Atomic®/oNi | Arc Melted Induction Melted Arc Melted Induction Melted
43.98 LGS 2P Porous Two phase-ordered BC.C matrix
4718

47.28 SINGLE PHASE SINGLE PHASE

48,76 SINGLE PHASE

4933 CHILL CAST: VERY LARGE GRAIN

50.01

50.45 COLUMNAR - SIZE.GOOD DENSITY

50.73 GRAINS ORDERED BCC.

51.01

52.40 SOME POROSITY

5459 Very LGS 2P Dense

48.96 IN ALL CASES - NOT X-RAYED

49.03 NOT

5017 .

50.37 INDUCTION

51.00

5227 MELTED

KEY.  2P= TWO PHASE

LGS= LARGE GRAN SIZE
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defect concentrations as a function of composition. This is because
all the alloy samples were quite slowly cooled after annealing and
consequently retained thermal defect fractions are likely to Ee small.
Indeed the same trend in the compositional dependence of the lattice
parameter has been observed both for furnace cooled and water quenched
powder samples E145:| .

Furthermore, although large numbers of quenched-in defects have
been reported in NiGa (up to 1% for quench temperatures of 1133°K)
[:145] even these concentrations are insufficient to account for the
compositional dependence of the lattice parameter. Consequently it
has been concluded that constitutional defects are responsible.for the
observed lattice parameter variation.

In order to afford a comparison with the experimental lattice
parameter data, a theoretical lattice parameter, based on Vegard's law,
was calculated assuming two atoms per unit structure cell and using the
Goldschmidt atomic radii of (zy; = 1-25 %) ana (zpy = 1°35 2) for nickel
and gallium respectively. The lattice parameter 'av' was then given -
by

A
a, = ; L - ™ns * fea * Taad
=3

where fNi and fG are the atomic fractions of nickel and gallium respec-
tively.

Now Vegard's Law assumes full site occupancy and is hence a direcf
substitutional model. Consequently the compositicnal dependence of the
lattice parameter predicted by Vegard's law is that for a direct substiiu-
tion (constitutional) defect rodel.

A second theoretical lattice parameter was evaluated Tor the case
of constitutioral vacancy dsfects. 1t was assuﬁed that no defects were

rresent 2t stoichiometry and that in the limiting case a vacancy had zaro
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volume. Then, cénsidering vacancies as a third substitutional species,
the maximum variation of the lattice parameter with composition was
evaluated from a modification of Vegard's law. Then for the compound
Ni(x) Ga(1_x) the lattice parameter allowing for vacancies-az was given

by:

v X
& T T [(_‘I_-;) ] +rGa:| * \<0'5

(cf. the vacancy density model in Appendix 1)
The compositional dependences of these two theoretical lattice
parameters (the substitutional model and the vacancy model) are shown

in GRAPH 1 (G.1) for comparison with the observed values.

4,4 Theoretical and Exverimental Densitv Values

Experimental density values were measured for bulk samples taken
from induction melted ingots [%ee section 5.5] . ) The compositional
dependence of the density is given in GRAPH/ZJ(Q;é).

The observed compositional dependence of the density was not due
to changes in quenched-in defect concentrations with composition, since
the effect of these latier was too small. Furthermore the compositional
dependence of the density did not merely reflect 2 change in the degree
of alloy porosity with composition. Althouzh some porosity was observed
in all samples there was no evident change in the degree of porosity with
composition. In addition the compositional dspendence of the density
measurad in the bulk samples was in good agrsement with measurements

reported for powder szmplss, whare porosity would be less important[:14§] .
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It was concluded that the observed compositional dependence of the
density arose from the presence of constitutional defects.

A theoretical density ((%h) was calculated from experimental lattice
parameter values (ao) on the assumption of two atoms pexr unit cell.

The theoretical density (fth) is given by the expression:

¢t = %Myca / 4.1
/ NA(ao)3

vhere NA is Avogadro's number and MﬁiGa is the mean atomic weight of the

specias occupying the lattice (see Appendix 1).

In the case of the direct substitution modelMNiGa is given by the

expression (Appendix 1):

Myica = fmi i * fea - %

where f,,. and £, are the atomic fractions and A, ., and A, +the atomic
Hi Ga i Ga
weights of nickel and gallium respectively.
The experimental density and the theoretical density are shown as a

function of composition in graph (G.2).

4.5 Diffusion Results

One example of the diffusion penetration profiles detérmined by
radio~tracer analysis is given for each of the two tracer svecies used;
a penetration profile for nickel-63 is shown in graph G.3 and a penetra-
tion profile for gallium~67 is shown in graph G.4. Both profiles were
plotted as a count activity {counts/unit time} against the diffused
distance (in micro-metres) [ﬁee sections 3.6.6 to 3.6.5] .

One example of the penetration profile rlotted 2 the log of the

. os . . 2y .
count activity (In I) versus the penetration depih squared (x°) is shown
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TABLE IL DIFFUSION OF NICKEL-63

ALLOY DIFFUSION COEFFICIENT AS FN. TEMPERATURE X101 Q EQ D, | ED,
coMP  978°K 1080° K 1192°K | 1285° K 1380° K |

%Ni | O ED| D ED | D ED | D ED D ED |KJ/moe|KJ/mole

47.28| 446  0.07| 4355 334| 15468 1844 | 61245 7510| 712.81 139.94|1431 | 127 | 0.0029| 0.0038
48.76| 671 027 42.12. 330 374.05 10213 | 567.32 6159181256 7128|143 | 89 | 0.0126| 00117
49.33| 572 004| 5008 1.99] 12846 2632 186498 9749|1560 | 138 | 0.0130| 0-0192
50.01| 454 005| 4366 162|383.78 9292 (658.13 5556 (257336 20411(172:5 | 125 | 0.0936| 01220
50.45| 588 0.07| 4609 283|288.28 7049 3223.16 36278{1753 | 82 | 0.1353| 0.1187
50.73| 5.82 00| 4593 3.15{323.90 9436(55446 325020666 27572|B82 | 46 0.0174 | 00084
51.01| 5.28 007| 5728 352{192.11 3739|58270 65-21|1603.13 90.28|1537 | 87 | 0.0107 |0-0095
52.40| 7.23  0.08| 4378 384 229-03 16.2365082 4549[183419 32532|83-9 | 29 | 0.0121 |0-0037

KEY:  Q = ACTIVATION ENERGY D = DIFFUSION COEFFICIENT Do = FREQUENCY FACTOR
EQ= ERROR IN Q ED= ERROR IN D EQs= ERROR IN O,




EQ=ERROR IN Q

ED= ERROR IN D

ED,=ERROR IN D

TABLEI  DIFFUSION OF GALLIUM - 67
ALLOY DIFFUSION COEFFICIENT AS EN. OF TEMPERATURE, X101 Q EQ Do ED,
coMPT  1084°K 1180°K 1279°K 1384°K
%N | D _ED | D ED D ED D ED_ |KJ/mole|Kifnole
4718 | 6.56 0-11] 3814 '3.57{294.26 45.04 |398.23 33.21 {1915 | 127 0.-1230| 0.2317
4876 | 6-39 0.03| — 98319  134.16]2094 | — | 0.7874) ——
50.01 | 846 0.29| 3891 3.28 324.40 . 54.31 1465 | 188 0.0010| 0.0019
50.73| 8-41  0.25| 9399 7.10|172.79 25.84|558.74 87.64 | 1664 | 274 0-0122| 00329
51.01( 9.07 0.21] 35.73 3.37(191-01 24.38{949.17 312401896 | 253 0.1087| 02656
52.40| 8.59 0.12|107.66 13.40(465:94 229.12|2776.31 559.96 | 2220 | 340 5.1430| 20.9524

KEY: Q@ = ACTIVATION ENERGY D = DIFFUSION COEFFIENT D, =FREQUENCY FACTOR
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for nickel-63 and gallium-67 diffusion in graphs G.5 and G.6 respectively.
The diffusion coefficients DNi and DCa were evaluated from the slopes
of the resulting straight lines [ﬁee section 3.6.8:].

The compositional dependence of the diffusion coefficient DNi of
nickel-63 is shown for the various amnealing temperatures in graph G.7.
The corresponding data for the diffusion coefficient DGa of gallium-67
is shown in graph G.8.

The activation energy of diffusion Q was determined for each alloy
composition from the gradient of the straight line plot of 1ln D versus
(1/T). .One example of this plot‘is shown for nickel-63 and gallium-67
diffusion in graphs G.9 and G.10 respectively.

The compositional dependence of the activation energy of nickel
diffusion QNi and gallium diffusion QGa is shown in graph G.11.

Finally the diffusion data, diffusion coefficients and activation
energies of the various alloys, for nickel diffusion are summarised in
TABLE III while the corresponding data for gallium diffusion are

summarised in TABIE IV.

4,6 Compression Creep Results

Two series of compression creep test were carried on specimens cut
from arc melted alloys [}ee TABLE i] « In the first sefies, hereafter
termed the 800°K series, tests were conducted within the temperature
interval 7460 to 887°K and in the second series, hersafter termed the
1000 X series, tests were conducted in the temperature interval 953°K
to 1038°K.

In both series of tests, constant temperature variable load tests

ware used to evaluate stress exponents from equation 3.8 (see section

3.7.5). Similarly constant lozd variable temperature tests allowed the
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TABLEY Stress Exponents as a function of Comp" 800K creep series

Alloy Corrd|Exponent | Error Termp | Stress Range Mean N
% Ni N EN °K MN/M & error
4896 | 4-09 | 041 |779 | 32:1— 477 | 45%03.
473 0-38 |782 | 20-1 — 40-1
4-69 01 |84 | 109— 434
49-06 | 371, | 010 |76 | 251—43-8 | 37£0¢
1-37 — 798| B4-491 | |
50-17 3-59 015 | 763 | 352— 499 | 47+05
5-93 048 | 769 | 203- 306
466 106 |791 | 317 - 472
51 -0 351 1-03 | 753 | 204-553 | 43:06
403 020 | 759 | 458 -1028
5 4] 062 | 771 | 3-5—936 |
52-27 | ns0T| 030 |772|1052-1962 | 3609
3-59 085 | 781 | 187- 376

% : only 2 data ponts — value not used I calculatlng mean N
T: high stresses — ; " '



TABLE ML Creep Activation Energies Qc as a function

of composition. 800 K series

Alloy Comp) Qc Errorot Stress| Temp Range | Mean Qc
hNi |K)/mole |Ki/moe MNMZ °K & error
4896 | 1753 325 | 203 | 782— 854 |2472:229
232-3 150 | 354 | 765— 838
333-8 22 | B2 | 56— 82%
4303 | M-8 | 602 | 251 | 46— 855 |1943+93
233 n-2 | 327 %7 — 840
197-8 108 | 346 | 751 — 828
5017 | 1649 | 262 | 322 | 751— 852 |251%250
232-0 131 389 | 65— 842
278 3 357 | 499 | 59— 783
5-0 | 2448 50-6 | 208| 53— 835 2886434
324 362 | 35| 771 — 805
5227 | 2801 | 563 | 289| 770— 887 |2842%:%19|
3150 236 | 302|781 — 8%2
2575 758 |1267 | 72 — 831




TABLEMIL Stress Exponents as a function
of composition 1000K series

Alloy Comg'|Exponent | Error Temp |Stress Range  [Mean N
°/o Ni N EN °K MN / M2 & error
48-96 7-54 275 1005 | 81— 942 | 70*14
628 1-14 11002 | 491 — 834
6-59 1-06 {1063 | 4-91 —10-40
7-66 053 |1063 | 471 —1089
49-03 643 0-84 | 965 | 5-00— 922 |66 % 10
5-75 145 [1014 | 540 — 863
7-55 068 {1041 | 510 — 7-65
50-17 5-64 0-91 | 99t | 412~ 873 | 5706
5-67 062 (1005 | 3-04 — 579
5-81 026 |1051 | 530 —10-40
51 -0 312 1-07 1008 | 441 — 804 |41 % 12
5-07 127 (107 |44 — 647
52 27 5-09 077 {1027 | 3% — 598 |51 =08




TABLE YIL Creep Activation Energes Q¢
as a function of composition 1000K series

Q

Aloy Comp | ¢ Error 3¢ [Stress|Terp Range  [Mean Q¢
%, Ni KJ/mole KJ /mde MN/M2 °K & error
48-96 380-7 92-8 4-92 11022 — 1063 | 2623409
236-7 731 566 {1020 — 1075
2585 28-4 7'13‘ 991 — 1077 |
2968 17 -0 838 | 940— 1061
2571 | 49 |94 | 989—1049
4903 2851 77-6 516 965 — 1053 [2219*529
214-6 -1 545 | 989 —1068
188 -0 Ll 4 6-:94 11014 — 1088
199-8 12-6 744 | 953 — 1051
50-17 311-8 376 435 970 - 1066 |[2570+28-3
180 4 139 575 | 967 — 1053
266-3 468 777 | 965— 1068
2695 14-8 1036 979 — 10H
51-0 238:5 50-0 4% | 963— 1068 {2132 * 421
187-9 3441 6:45| 965— 1068
5227 151 -9 18-7 451 974— 1063 (1647 %240
177-5 292 5-971 974 — 1063
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activation energy of creep Q,c to be evaluated from equation 2.10 (see
section 3.7.5).

One example of the linear plot of the logarithm of the strain rate
(logé’) versus the logarithm of the stx;ess (log7) at constant tempera-
ture is given for each of the two creep_series in graphs G.12 and G.13
for the 800 K and 1000 K series respectively.

Similarly one example of the straight line relation between
(log é) and the reciprocal temperature (1/T) at constant load (corrected
for varying stress) is shown in graphs G.14 and G.15 for the 800 K and
the 1000 K creep series respectively.

The compositional dependence of the (mean) stress exponent n for
both the 800 X and the 1000 K creep series is shown in graphs G.16 and
G.17. The compositional dependencé of the (mean) activation enérgy of
creen is shown in graph G.18 for the 800 K series and graph G.19 for the

1000 X series.

Finally the creep data for all the creep experiments is summarised

in TABIES V, VI, VII and VIII.
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CHAPTER 5: Discussion

5.1 Constitutional Defects in NiGa

The fact that the compound NiGa can exist at non-stoichiometric
compositions indicates that constitutional defects must occur in the
compound. Furthermore the number and type of such defects must vary
with the composition of the compound.

Four constitutional defect types may occur in NiGa; wvacancies
Zj&i and ZJEa on the nickel and gallium sublattices respectively and
substitutional atoms NiGa and Ga.Ni on the gallium and nickel sublattices
respectively. FPurthermore these defects may be divided_into two
groups: those which affect the nickel sublattice (Z;%i and GaNi) and
those which affect the gallium sublattice (Z;ea and NiGa).

Wow the two defects, Z;%i (which indicates a deficiency of nickel)
and Gay, (which indicates an excess of gallium) can account only for an
extended phase field on the gallium-rich side of stoichiometry.' This

is because structure symmetry demands that the number of Ni-sublattice
sites equal the number of Ga-sublattice sites and since thetwo defects
([3%1 and GaNi) do not affect the latter sublattice, it will always be
filled by gallium atoms. Hence the atomic fraction of gallium cannot
fall below 507 as the result of these defects being present.

Similarly the two defects Z;Ea and NiGa affect only the Ga-
sublattice and can account only for nickel-rich compounds.

It can be seen that for the compound ¥iGa to exist at compositions
on either sije of stoichiomatry at least two constitutional defects, one
affecting eacn sublattice, must occur. If, for ths moment, only two
defects are assumed to occur, then there are four possibie combinations

which could account for the entirs phose field of KiGa. These defect
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combinations are; NlGa plus GaHi (direct substitution), Z;%i plus

Z;Ea (two vacancy defects), Z;%i plus Nig, and finally Z;Ea plus Ga,.
The first combination results in direct substitution throughout the

phase field while the second in constitutional vacancies on either side

of stoichiometry. The third and fourth combinations are complex

models.

5.1.1 The Direct Substitution Model (NiGa plus Ga,.)

In this model, neglecting thermal vacancies, both sublattices are
entirely full throughout the phase field and the unit (structure) cell
contains two atoms for all compositions.

The model predicts that the compositional dependence of the lattice
parameter should follow Vegard's law'[bee section 4.4:[. Thus with
increasing nickel content the cell size should fall, since the nickél
atom is smaller than the gallium atom.

In fact it is found that the experimentally determined lattice
parameter increases with increasing fraction of the smaller nickel species,
on the gzallium rich side of stoichiometry. In nickel rich alloys the
lattice parameter continues to increase with iﬁcreasing nickel content
but in compositions well removed from stoichiometry a2 reverse in the
trend is suggested with the lattice parameter beginning to fall with
further excess of nickel Esee graph G.Z:._] .

It can be seen then that the substitutional model pradictions and
experimental values are entirely at variance in gallium-rich compositions
and consequently gallium anti-structurs atoms Gaﬂi are unlikely to be the
predoninant constitutional defect in these alloys. | In nickel-rich
alloys theoretical and obssrved latiice parameter values are in poor
agreement, exc2pt in very nickel-rich compositions. It is not clear

whether nickel anti-structure atoms are the predominant constitutional
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defects in these alloys. However in view of the 1imited agreement
between model and experiment this defect cannot be rejected.

Theoretical densities were calculated assuming direct substitution
and using the experimental values of the lattice parameter (see
Appendix 1). The theoretical density was found to fall continuously
with increasing nickel content throughout the phase field although in
nickel-rich alloys the density became almost constant, The experimental
density was however found to increase continuvously with nickel content
[ﬁee graph G,éj .

Thus the theoretical density and experimental density show entirely
different compositional trends in gallium-rich alloys. Once more GaNi
defects are suggested to be unlikely. In nickel-rich alloys the
predicied and observed compositional dependence of the lattice parameter
begin to correlate. Again Fig, defects may occur.

In conclusion, model and experiment do not agree in gallium-rich
alloys, sugqesting that GaNi defects are not the predominant constitu-~
tional defect typs in gallium rich alloys. However there is some
inconclusive correlation betwesn model and e#periment in nickel-rich
alloys. Thus it seems likely that NiGa defects do occur but may not

be the only constitutional defect type in nickel-rich alloys.

5.1.,2 The Direct Vacancy Fodel (Z_/Hi plus /—703.)

In this mod=sl the unit cell doss not contain two atoms, except at
the stoichiometric composition. The nickel sublattice is full only
in nickel-rich alloys while the g2llium sublattice is full only in
galliun rich alloys.

Tha model predicis that the lattice paramster will be a maximum at

stoichiomatry; an excess of nickel results in a fall of the parameter
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as does an excess of gallium. The limiting case in which the vacancies
are assuﬁed to have zero volume (in other words complete lattice relaxa-
tion) has been used to evaluate the maximum variation in the lattice
parameter with composition (see section 4.3). The resultant compositional
dependence of the theoretical lattice parameter is shown in graph G.1.

It can be seen that the compositional trend in the theoretical
lattice parameter and the observed lattice parameter are in good agree-~
ment in gallium-rich alloys. This suggests that the predominant
constitutional defect type in these alloys may well be (Z;%i) vacancies
on the nickel sublattice.

In nickel-rich compositions the model and experiment are entirely
at variance with the former suggesting that the lattice parameter should
£all rapidly from a maximum at stoichiometry while the latter shows that
the lattice parameter in fact increases continuously with increasing
nickel content. This suggests that the constitutional defects Z;Ea
postulated by the model probably do not occur in any great numbers.

A theoretical density was evaluated on the basis of the constitu-
tional vacancy model (see Appendix 1) and plotted as a function of
composition as shovm in graph G.2.

Again it can be seen that in gallium-rich alloys both the theoretical
and observed density increases with increasing nickel content up to the
stoichiometric composition. However although the trend in the compo~
sitional dependence is the same for both model and experiment the
absolute values yielded by the model are not in good agreement with those
observed.

This sugzgests that although the constitutionzl defects Z:éﬁ
postulated by the model for gallium rich alloys are likely to be present
they may not be the oniy constitutional defects to occur in these alloys.

In nickel-rich alloys it can be seen that the itheoretical density
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f2lls rapidly with increasing nickel content whereas the observed density
in fact increases continuously with excess of nickel. This difference
between model and experiment infers that the defects‘[;ea suggested by
the model probably do not occur constitutionally to any grezt extent.

In conclusion, both lattice parameter and density measurements
indicate that the gallium sublattice vacancies‘[jea are not the pre-~
dominant constitutional defects in nickel rich alloys. On the othex
hand nickel sublattice vacancies Z;%i do occur in gallium rich alloys

but may not be the sole constitutional defects present in these alloys.

52 The Provosed Constitutional Defect Model in NiGa

It can be seen from sections 5.1.1 and 5.1.2 that the predominant
constitutional defects which account for non-stoichiometric compositions
in NiGa whilst conforming to the observed compositional dependence of the
lattice parameter and density are nickel wvacancies Z:%i in gallium rich
alloys and nickel anti-structure atoms NiGa in nickel rich alloys.

This defect combination was one of the four mentioned in section 5.1 and
is the one generally reported for NiGa.[345:]. However this does not
mean that the other constitutional defects, galliﬁm vacancies Z;Ea and
gallium anti-structure atoms GaNi do not occur, but simply that they
probably occur only in very small concentrations and are therefore of
lesser importance.

While the two conztitutional defects Z;;i and Ni, are said to

ua

account for the phzase field of HiGa.[345:]it has also been tacitly

sthar on crossing ths stoichiomstric composition, furthernore it is

azzsum2d that the concentration of either conziitutionzl defect tends to
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zero at stoichiomztry. But, although the two defects Z:%i and NiGa
are able to account for the observed trend in the compositional
devendence of both the lattice parameter and density, the detailed
‘agreement between the model and experiment is poor.

Especially significant is the fact that both the obsérved lattice
parameter and density do not show the sharp discontinuity at stoichio-
metry predicted by the model. Additionally the rate of change of both
of these gquantities as a function of composition is found to be far less
rapid than indicated by a defect model which consists of only one defect
on one side of stoichiometry, no defects at stoichiometry and then a
second different defect on the other side of stoichiometry.

It would seem reasoﬁable to suppose that both the defects Z:%i and
NiGa are present simultaneously in varying vroportions throughout the
phase field (on either side of stoichiometry). Thers is then no
abrupt change from one constitutional defect type to another at
stoichiometry. The trend would still be, as in the simple modell:14j] s
that in gallium-rich alloys nickel vacancies predominate, but a small
fraction of nickel anti-structure atoms would also be present, while in
nickel-rich alloys nickel anti-structure atoms predominate although a
small ﬁumber of nickel vacancies also occur.

In this new model, the stoichlometric composition contains both
nickel vacancies Z:%i and nickel antistructure 2toms NiGa and further-
more it need not be the composition which contains the minimum consti-
tional defect fraction. This latter composition will depend upon the
variation of ths two defect fractions as a function of composition.

The first conseguence of this new defect model, that an inter-
metallic compound may contain more than one constitutional defect type
in a given composition is not new in that it has already been put

forward in the czse of MiAl. In this latter compound aluminium rich
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compositions have been found to contain both aluminium anti-structure
atoms and nickel vacancies[: 13, 23 :]. Furthermore the idea of mixed
defects has been analysed in some detail for the case of thermal defects
and defect equilibrial:142, 41 :Iand their interaction with constitutional
defects. ‘

Also the new constitutional defect model indicates that the
stoichiometric composition in WiGa contains constitutional defects. In
fact a similar situwation has been found in Fe2Nb where iron anti-
structure atoms were identified by M8ssbauer spectroscopy in the stoichio-
metric compositioh|:132] . Furthermore the present study aﬁd earlier
work on NiGa [ﬁ4i]‘has indicated that the unit cell does not contain
two atoms at stoichiometry, which suggests constitutional wvacancies
are still present (and hence from structure symmetry so too are anti-
structure atoms).

Having established that a mixed constitutional defect model for
UiGa is feasible the detailed structure of the model has been developed
as follows. The only constitutional defects which are assumed to be
present are Z;%i and Ni 2 the other two defect tjpes GaNi and Z:éa
are assumed not to occur'[ﬁee sections 5.1.1 and 5.1.2] . It can then
be shown (see Appendix 1) that the number of nickgl vacancies N%i and
the number of nickel anti—structure‘atoms Ngi in N(x) lattice sites at
the composition x (equal to the atomic fraction of niékel) are given by

the expressions:

qV - .X;}.C. T

.LIHi = ( < ) I.(X) 5.1
¥i - ’

TT- = - . T’.. .

i (2x-1) 0-5 e _ 5¢2

i is the value of N(Y) at the composition X (atomic fraction of

nicksl) wnich contains no (constitutiona

}d
~—
<
a
¢
)
]
Q
b=
)
0]
.
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Theoretical densities were calculated for any alloy composition
(x) from the known defect fractions (given by equations 5.1 and 5.2)
- predicted by the model, using arbitrary values of X and the experimental
lattice parameter values. This yielded a series of curves (of different
fixed X) for the compositional dependence of the'theoretical density
[@ee graph G.éﬂ .

It was then assumed that, at the composition where a theoretical
density curve of given X intersected the experimental density curve,
the defect (structure) fractions of the two constitutional defects
Z;%i and NiGa defined by X were identical to the actual defecf structure
present, Thus X could be determined for several different compositions
(x) and then the compositional dependence of X was evaluated by the
Legrange method (see Appendix 1).

The defect fractions fgi and fgi of nickel vacancies and nickel
anti-structure atoms were then expressed seolely in teims of the
composition x (equal to atomic fraction of nickel). The two relevant

expressions are:

v 2
fNi = % = 695 -~ T7.81x + 220
fgi = f = 2-91x2 - 2.30x + 0+44

The compositional dependence of these two functions (and hence of nickel
vacancy and nickel anti-structure atom concentrations) are shown in
graph G.21. It can be seen that the afomic fraction of nickel vacancies
decreases continuously with inecreasing nickel content throughout the
phase field (the Z funetion in the grach) but does rnot show a discon-
tinuity at stoichiometry. Furthermore the fraction of wvacancies does
not fall to zero even in nickel-rich compositions. It is still of the

order of 17 in very nickel=rich alloys ( ~ 54-55 atonic & nickel).
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Similarly the predicted variation in the fraction of nickel anti-
structure atoms is a continuous decrease with increasing gallium
content, again with no discontinuity at stoichiometry (the @ function
in the graph). The fraction of anti-structure atoms does not fall to
zero at stoichiometry, in fact the model suggests that anti-structure
atoms remain present up to a composition of 46-3 atomic % nickel.

The total constitutional defect concentration,vgiven by-:he sum of
the Z and @ curves, as a function of composition is also shown in
graph G.21. The minimum total constitutional defect concentration is
found to occur not a stoichiometry but in the 51:25 atomic % nickel
composition.

In summary, a constitutional defect model which contains the
defects Zj%i and NiGa has been proposed for the intermetallic compound
NiGa. Thé compositional dependence of the two defect types was
determined empirically from experimental values of the lattice parameter

and density. The detazils of the model may be outlined as follows:

. . . s olem] . ] -

(i) Nickel vacancies Z;%i and nickel anti-structure atoms Ni, are
the two predominant constitutional defects which account for the extended
vhase field of the compound NHiGa. This is in agreement with the findings

of Wasilewski et 21. (1968) [145] .

(ii) Since there is no discontinuity in the compositional dependence
of either the lattice parameter or the density of the compound at stoichio-
netry it was concluded that there is no discontinuity in the change from

vacancy to anti-structure atom defects with composition.

(11i) Thus both vacancies and anti-siructure atoms occur simultaneously
throughout the phase field of the compound. On increasing the nickel

centent from thze extireme zallium rich limits of the phase field through
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to nickel-rich alloys the fraction of nickel vacancies decreases
continuously while that_of anti-structure atoms increases continuously
[see Z and ¢ functions of graph G.21 . The existence of a mixed
constitutional defect structure has already been proposed in aluminium-

rich NiA1 [ 13, 23 ] .

(iv) The stoichiometric composition in NiGa contains both vacancy and
anti-structure atom defects. A similar situation has been found in
Fezﬂb where the stoichiometric composition contains iron anti-

structure atoms [3323 .

Furthermore the stoichiometric composition in MiGa does not contain
the minimum total constitutional defect coﬁcentration. On this point,
it has been found that in both NiAl [ 65 ] and NiGa [ 145 ] the composition
in which the minimum overall total defect concentration (constitutional
plus thermal) occurs does not coincide with stoichiometry but varies
with temperature. Thus depending on the change in the compositional
dependence of the thermal defect concentration with changing»temperature
a non-stoichiometric composition conﬁ;}g}gg_pgﬂﬁhgrﬁal defects and hence
only constitutional defects may be found to contain the minimum total
defect concentration.

Finally the present constitutional defect model was derived
erpirically from experimental values of lattice parameter and density.
How it is known that quenched-in thermal defects may affect the former
and these defects and alloy porosity may also affect the latter quantify.
However it was concluded that the variation of both lattice parameter
and density with composition resulted from thez presence of constitutional
defects | sea sections 4.3 and 4.4:]. Consecuently the ferm of the
constitutional defect model proposed for ¥Nilz is justified.

Kevertheless while porosity was considersd not to affeet the shagpe
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of the compositional derendence of the density it undoubtedly does
affect the actual values determined for the density. Therefore the
absolute values of defect fractions predicted by the defect model are

likely to be somewhat high.

5.3 Diffusion Bshaviour of NiCa

In the course of the following discussion the diffusion behaviour
of WiGa will be compared with that of other B2 intermetallic compounds
of the type AB. The diffusion coefficients of the A elements (e.g.
nickel in NiGa, silver in Aglg, etc.) will be compared with one another
as will the diffusion coefficients of the B elements (e.g. gallium in
¥iGa, magnesium in Agllg, cadmium in AuCd).

Furthermore all data will be compared at homologous temperatures
TH (equal to the ratio of the measured temperature T and the melting
temperatﬁre TM). Finally since it is known that the diffusion behaviour
in these compounds is dependent upon composition, any comparison between
the diffusion coefficients of species in different compounds will be
made for compositions of egquivalent deviation from stoichioméfry.

The particular variation of the diffusion coéfficients of both
nickel (DHi) and gallium (DGa) in ¥iGa as a function of alloy compo-
sition will be discussed in detail in the following sections. Suggestions

concerning vossible diffusion mechanisms will be outlined.

5.3.1 The Compositional Devendence of Ni-63 Diffusion in NiGa

With the possible axception of tha highest diffusion annealing

= 0-99), the diffusion results of this study

1

)
temperature 1384 K (T,

»

indicate that the diffusiocn coefficient of nickel DFi does not change
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markedly with composition in NiGa.[}ee graph G.T:]. This behaviour is
in marked contrast with data for the diffusion of nickel in NiAl [:65] ’
silver in Aglig [ 61, 33, 34, 62_] and gold in 4uCd [ 57, 78, 56| where

the diffusion coefficient is found to fall to a minimum at or near
stoichiometry.

The compositional change in the diffusion coefficient of nickel in
HiAl, for example, may approach two orders of magnitude; it increases
from approximately 1+0 X 10”2 at stoichiometry to about 5:0 X 1071
(cmz/sec) in the 58 atomic % nickel composition, for a temperature of
1273°K (7, = 0-67) [65] -

The diffusion coefficient of nickel DNi in NiGa has been compared
with that of nickel in NiAl, gold in AuCd and silver in AgMg for various
alloy compositions and homologous temperatures. For the comparison
the phase field of each alloy was divided into A-rich compositions,

stoichiometry and B-rich compositions. Selected data are shown in

TABLE IX. Each portion of the phase field will now be considered in turxn.

(i) In A-rich alloys, the diffusion coefficient of nickel in NiGa
is larger than that of nickel in NiAl énd gold in AuCd for éll
temperatures in the range 0-7 £ TH £1.0. The difference is most
marked at low temperatures but becomes progressively smaller with
temperature. The diffusion coefficient of silver in Agilg is about an
order of magnitude smaller than that of the A elements in the other

three compounds [ see TABLE I%] .

(ii) At stoichiometry the situation is much the same with the
diffusivity of nickel in NiGa again being the most rapid. But in this
case the difference between the diffusion coefficient in NiGa and those
found in the other compounds is considerably gr2ater than in A-rich

alloys, although azzin this difference bacomes less marked with



TABLEIX. A comparison of the diffusivities(%& DB) in various B2 alloys as a function
of normalised temperature T (equal T/TM>

Compound&Comp” Normalised Temperature T
. A elernent 07 077 085 091 099
DA bg Oy D5 Dy O DBy D DA Dg
TNi Ga 52:4 | T23xE-N —  |438xE-I0 8B9xE-111229xE-9 1-08xE-S {65I1xE-9 466xE-9 [1:83xE-8 278xE-8
XNi Al 532 |1-3xENl  — |1:2xE10 — [Hx E59 — — — — —
°AuCd 525 |462xE-1  —  [260xE-10 17x E10|229xE-9 135xE-9 [68KE-9 685xE-9 | — e
“AgMg 542 |30IXE12  — [36XxENM —  |28%EN — |70xE0 — | — -
tNi Ga 5001 |4B4xE-l —  |437XE-10 846X BNl |3B4XE-9 389XEA0 [55BXE9 114X E-9 |257XE-8 324XE-9
XNi Al 500 |4-6XE12  — |&5xEN —  [B7XEQ — — — — —
° AuCd 50-0 |257xE-N 3-0xE-N {2:2x E-10 3-0 x E-0|146xE-9 2:0x E-9 |5-0xE-9 70X E-9 B-0BXE-8 B17XxE-8
5 AgMg 502 {92XE13  —  |80XET2 10x E-I|65IXE-N 1:0x B0 |40XE10 80x E-0| —  336xE-9
TN Ga 4876 |67IXxENl  — - |421x E-10 639x E-N |37/4xE-9 439xE10|56KE-9 253xE-9 [1BIxE-8 G83XE-9
*Ni Al 486 |70xE-12 — 34x BN —  |17x E0  — - — — —
° AuCd 495 | — — 4-0x E-10 6:0x E40|20xE-9 30x E-9 |84xE-9 13xE-8| — —
SAgMg 480 |[2BxER2 —  |18xEN —  |94BEN —  |[TOXxE-0 — — -
Powers writtenin E format eg. 10n=E-ﬂ + =Data from this study
X =Data from ref. 65
o =Data * "57,78
8 —Data " " 3334662
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increasing temperature.

(iii) In B-rich alloys the situation is a repeat of the A-rich case
with nickel diffusion in NiGa being the most rapid but less markedly

so than at stoichioumetry.

These data suggest that in comparison with the other three compounds
the diffusivity of nickel in NiGa is large, while its compositional
dependence (graph G.7) shows that it is effectively constant and
independent of composition.

In general the compositional dependence of the.diffusion coefficient
- in B2 compounds has been explained in terms of the compositional change
of the bonding energy and in terms of a change in atomic jump
frequencies [:86:]. For example the jump frequency (of nearest neigh-
boui vacancy jumps) may be greater in non-stoichiometric compositions
because a greater degree of intrinsic disorder (dus to constitutional
defects) already exists in such compositions. Furthermore the presence
of constitutional défects, especially vacanciss as in aluminium rich
mia E 13, 23 :I » will almost certainly contribute directly to an
increase in the diffusion coefficient.

The fact that DNi in HiGa is both large, in comparison with
similar compounds, and compositionzally invariant may be accounted for

by three possibilities, namely:

~~
'.h
e

little change in bond energies as a function of 21loy composition,
(ii) a high concentration of thermal vacancies across the phase field,
(iii) constitutional vacancies occur at all compositions and take

pars in diffusion.

The first condition is vunlikely in view of the fact that 6iGa is
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far frdm a thermodynamically ideal solution. The activity of gallium
a,, 1is found to change markedly with composjidxn1[32d] . For example
3, has the values 0.02, 0.-05 and 0+12 in the compositions containing
48+4, 50-4 and 59-0 atomic % nickel respectively. Thus bonding
energies may .be expected to change appreciably with composition in the
compound, and consequently the diffusion coefficient of nickel DNi
would be expected to show a compositional dependence.

The fact that the diffusivity of nickel is found to be independent
of composition suggests that the bonding configuration around a diffusing
nickel atom cannot affect the unit atomic jumps of the diffusion
mechanisn. A more realistic supposition would be that the bonding
configuration before and after 2 uwnit jump remains the same and so its
net effect on diffusion is zero.

Such a situation can be realised for the case of next nearest
neighbour diffusion; nickel diffusion may take place entirely within
the nickel sublattice. Thus the diffusivity of nickel may be
independent of any compositionzl changes in bonding energy.

»The second consideration is thet large concentrations of thermal
vacancies may occur throughout the phase field of NiGa. This has been
found to be the case. Quenching experiments have shown that the thermal
vacancy concentrations at 1133°K are as high as 1+53, 168 and 1-73% in
alloys containing 48.25, 50+0 and 52°40 atomic % nickel raspectively.
Furthermore extrapolation of these data has indicated that the
corresponding fractions at the solidus temperature would be 3.2, 3-1 and
3+57% respectively E145] .

Additionzlly it has beern posiulated that thermal defect equilidbria
occur in B2 compounds and that thermal triple defects, consisting of two

vacancies on one sublattics and a

e

anti-structure ator on the other

sublattice, may rredominzte at high ftempernturss [ﬁ43, 145, 4f] (see
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These defects arise when thermal vacancies

4.5).

sections 2.4.4 and 2.4
ce have a high energy of formation and may degenerate

on one sublatti
into a vacancy on the opposite sublattice plus an anti-structure atom

8y
(on the first sublattice) with a saving in energy.
In NiGa triple defects of the type 2[;%1 Ni. , formed by the

degeneration of gallium sublattice thermal vacancies, have been postu-
This together with the

lated as predominant at high temperatures.
high thermal defect fractions found in the compound suggests that very
large concentrations of thermal vacancies oécur, the bulk of which are
present on the nickel sublattice while on the gallium sublattice the

predominant thermal defects are nickel anti-structure atoms.
The fact that the thermal vacancy concentration in NiGa is large

throughout the phase field of the compound and also largely confined to
sion and may account for

the nickel sublattice would favour rapié diffu
the absence of a compositional dependence'of the diffusion coefficient

of nickel (Dﬂi)'
The third factor which was considered as having a bearing on the

diffusion of nickel in NiGa was the presence of constitutional defects.
It was suggestad earller'[}ee section 5.2] that iGa contains nickel

sublattice vacancies and nickel anti-structure atoms and that both

types of constitutional defect occur throughout the phase field of the
i ?

The high constitutional vacancy concentrations present

compound.,
even in nickel-rich alloys (see graph G.21), may well account for the
gh observed valuss of the nickel diffusion coefficient (D,.)
Both the thermal wvacsncy and constitutionzl vacancy models in
the observed high value of D}‘1 but in each case the
vith composition; consequently

LI

isolation explain
acanecy concentration is k¥nown to vary
mizht be expected. However the
content

<t

som2 compositional dependence in D,Y
tional vacancy fraction decreasss with increasing nickel

constit
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(see graph ,21) whereas quenching experiments have shown ‘that the
thermal vacancy fraction increases with nickel content[:14ﬁ] . The
two factors complement each other so that the overall vacancy concentra-
tion (largely confined to the nickel sublattice) becomes less composition
dependent than would otherwise be expected. Consequently nickel
diffusion, assuming that vacancies are involved, may be both rapid and
compositionally invariant.

Finally both constitutional and thermal nickel anti-structure atoms
NiGa may well play a significant role in the diffusion of nickel, by
facilitating nearest neighbour and next nearest neighbour vacancy jumps.

(This consideration will be dealt with later.)

5.3.2 The Commositional Devendence of Ga-57 Diffusion

Unlike the diffusion of nickel in NiGa the results of the diffusion
of gallium do show a compositional dependence. With the exception of
the lowest diffusion temperature 1084°K (TH = 0-77), where the diffusion
coefficient of gallium DGa remzins effectively constant throughout the
phase field, DGa follows the more usual compositicnal dependence [:see
grarh G.8 :]; the coefficient passes through a minimum value close to
stoichiometry.

Again, as in the case of nickel, the diffusion coefficient of
gallium DGa in NiGa has been compared with that of cadnmium in AuCd and
magnesium in Aglig for various 21loy compositions and homologous
temperatures E:see TABLE Ix:] . For the purposes of comparison the
phase field of each alloy was divided into A-rieh compositions, stoichio-
metry and 3-rich compositions. Fach portion of the phase field will

now be considsred in turn.
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0-77 $'TH £ 0.91. The difference is greatest at the lower temperatures
but decreases with increasing temperature. There are no appropriate

diffusion data available for further ccmparison with other B2 compounds.

(ii) At stoichiometry the diffusion coefficient of gallium is found
to be smaller than that of cadmium in AuCd but larger than that of
magnesium in Agllg over the temperature range 0-77 £ TH £ 0-99. The
difference between DGa and DCd increases with temperature while the
difference between DGa and DAg falls with increasing temperature. This
indicates that the diffusivity of gallium is less sensilive to tempera-

ture than the diffusivities of cadmium or silver in their respective

stoichiometric alloys.

(iii) PFinally in B-rich alloys the situation is zgzin similar to the
A-rich case with gallium diffusion being slower (in NiGa) than that of
cadmium in AuCd. Also, as in A-rich alloys, the difference between
the two diffusivities decreases with increasing temperature indicating
that gallium diffusion is more temperaturs sensitive than cadmium

diffusion in their respective alloys.

These data show that gallium diffusion in NiGa is relatively slow
particularly for the stoichiometric composition. Non-stoichiometric
compositions are far more temperature sensitive tﬁan the stoichiometric
composition. The effect ﬁf devarture from stoichiomefry on DGa is
far less marked in gallium rich alloys than in nickel rich alloys[:ﬁee
graph G.8 a2nd TABLE IV] .

In other words the diffusion of gallium in HiGa is slow in the
stoichiometric composition for all temperatures. In non-stoichiometric
zlloys DGa is small at lovw temperatures dbut increases rapidly with

increasing tempsoraturs.
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In the case of nickel diffusion, three possibilities were put
forward to account fo; the absence of a compositional dependence in
DNi’ It was concluded that nickel diffusion may not require the
breaking of unlike bonds (A-B) and hence will not vary with composi-
tion. Alternatively (or additionally) thé large defect fractions
(thermal and constitutional) present throughout the phase field might
account for the observed diffusion behaviour,

The fact that gallium diffusion is composition dependent and slow

may arise for two reasons:

(i) fThe large concentrations of thermal and constitutional vacancies
known to occur on the nickel sublattice are not involved in the diffu-~

sion mechanism of gallium.

(1i) Alternatively if théy are involved the over-riding factor in the
case of gallium atomenickel vacancy (nearest neighbour) exchanges is
the makiné and breaking of unlike bonds (Ni-Ga). In other words the
diffusivity of gallium will depend upon bonding energy and hence will

vary with composition (see also section 2.9.3 and reference | 86 ] ).

5¢3.3 A Comparison of DHi with ])Ga in NiGa

It is generally recognised that diffusion in pure metals and alloys
occurs by random vacancy motion. In ordered alloys and intermetallic
compounds the requirement that the material remains ordered precludes
simple random vacancy motion and imposes correlation restrictions on
diffusion paths. A number of suggestions have been made as to the
mechanism of diffusion in CsCl type intermetallic compounds.

One such mechanism is the six jump cycle Eﬁee FIG. 2.5] which
allows diffusion to occur exclusively by nearest neighbour jumps[:78,

79 :]. The first three jumps result in disorder while the latter
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three jumps restore atoms to their correct sites. It has been suggested
that the ratio of the diffusivities of the two elements in a stoichio=-
metric CsCl (B2) Compound AB, in which diffusion occurs by the six jump
cycle, should fall within the limits >/2 7 “A/pg 2 2/3[40, 39 7.

However it has also been pointed out that the six jump cycle is
merely an idealised geometrical representation of nearest neighbour
vacancy motion in a B2 compound and that in fact the only correlation
restriction on such motion is that the overall degree of order is
maintained during diffusion. A detailed theoretical analysis of
nearest neighbour vacancy motion by Kikuchi et al. (1969) [:86:]indicated
that a particular diffusivity ratio (DA/DB) was not necessarily indicativé
of any particular diffusion mechanisnx[}ee FIG. 2.1@] .

Nevertheless diffusion data for CuZn [:95:[ y Agllg E34:| and AuCd
[:57:] have all been found to comply with the suggested limits proposed
for the six Jjump cycle.

An alternative mechanism proposed for diffusion in B2 compounds is
that of next nearest neighbour vacancy jumps E 48, 60 :l . Such a
mechanism involves no disordering since atom movements are confined
within one sublattice. Furthermore this mechanism does not impose
any correlafion between the diffusivities of the fwo elements..

A comparison of the diffusivities of nickel and gallium in NiGa
shows that the ratio (DGa/DNi) does not fall within the limiting valués
proposed for the six jump mmem;ét very high temperatures and large
deviations from stoichiometry. In fact for the stoichiometric
composition the ratio does not exceed 0:2 even a2t the highest diffusion
temperature (T, = 0-99) [see TABLE xIIL] .

The variation of the diffusion ratio with both composition and
temperature may reflect a compositional dependence of the factors

6 and U which represent atomic vibrational frequencies and bond energies



TABLEXIL The variation.of the diffusivity ratio DGa / DNl’

Aloy Composition

Values of the diffusivity ratio DGa/ DNi as a function of temperature

o, Ni 1082°K - 1186°K 1282°K 1382%
472 015 025 0-48 0-56
4876 015 — — 054
50-01 0-19 010 — 0-13
5073 018 0-29 0.3 0-25
51 01 016 019 0-33 0-59
52-40 0-20 0-47 0-72 151




135

respectively EBG] (see section 2.9.3). Alternatively the diffusion
mechanisms responsible for nickel and gallium diffusion may change
(with composition and temperature). A change in the diffusion
mechanism across the phase field of the compound has been suggested to
account for diffusion behaviour in NiAl E55:l .

It seems likely, in view of the large difference between the
diffusivities of nickel ard gallium together with their radically
different compositional and temperature dependencies that nickel and
gallium diffusion may occur by separate and uncorrelated mechanisns.

In the case of nickel diffusion, the absence of a compositional
dependence in DNi in spite of changes in bonding energy suggests that
the atomic configuration around a diffusing atom either has no bearing
on diffusivity or does not change. The latter condition was suggested
as being satisfied by next nearest neighbour vacancy motion (of nickel)
entirely within the nickel sublattice. Such a mechanism would be
favoured by the large vacancy concentrations known to be present on the
nickel sublattice. | _

An alternative possibility which may account for the rapid diffusion
of nickel in NiGa is an uncorrelated nearest neighbour vacancy mechanism.
This could arise because both nickel sublattice vacancies Z:%i and nickel
anti-structure.atoms NiGa can be present simultaneously (as the result
of thermal defect egquilibria and from the constitutioﬁal defect model
of WiGa [see section 5.2:]). " In such 2 case nickel atoms may diffuse
by successive nearest neighbour jumps involving the exchange of nickel
anti-structure atoms and nickel sublattice vacancies without any move-
ment of gzllium atoms. ' Such a mechanism has been postulated for B2
compounds for compositions containing a high concentration of anti-

structure atoms E26] .

This mechanism cannot by itself account for the large diffusivity
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of nickel in NiGa because its unit jump requires that a nickel anti-
structure atom and a nickel sublattice vacancy are nearest neighbours.
The probability of this configuration occurring.is a function of the
product of the two respective defect fractions and consequently remains
quite low even for high defect fractions. Thus the diffusion rate
resulting from this mechanism alone is likely to be low. However it
may contribute to nickel diffusion by acting in parallel with other
mechanisms.

The uncorrelated nearest neighbour nickel anti-structure atom -
nickel vacancy exchanges may act together with the six jump cycle
mechanism, acting as a short circuit for the latter. The nickel diffu-
sion coefficieﬁt may then be larger than expected purely from the
diffusivity of gallium and the usual diffusivity ratio imposed by the
six jump cycle. But the contribution of the former mechanism is
unlikely to be large enough to account for values of the diffusivity
ratio (DGa/DHi) as low as those observed.

On the other hand nickel anti-structure atoms and the uncorrelated
nearest neighbour nickel diffusion mechanism may be important operating
in parallel with a next nearest neighbour vacancy mechanism. This
combination of nearest and next neérest vacancy jumps has been suggested
to account for the relatively rapid diffusion observed in some B2
compounds [ 60 ] .

Compared with nickel the diffusion of gallium is slow, particularly
in compositions near to stoichiomefry and at low temperatures. Also,
unlike nickel the diffusivity of gallium is very composition dependent.
Hence, it seems likely that the two species diffuse by different types
of mechanism.

The fact that the gallium sublattice contains very few vacancies

suggests that gallium diffusion by a next nearest neighbour vacancy
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mechanism, entirely within the gallium sublattice, is unlikely. Conse-
quently a nearest neighbour mechanism may be favoured. Furthermore,
the large concentrations of vacancies on the nickel sublattice are
available for the initial nearest neighbour gallium atom-vacancy
exchanges and so support the suggestion of a nearest neighbour (gallium)
diffusion mechanism. However subsequent jumps by gallium atoms (on the
nickel sublattice) into vacancies on the gallium sublattice would merely
reverse the initial jumps and result in no net diffusive flux unless
vacancies on the gallium sublattice are permitted to move by exchanges
with nickel atoms. In other words gallium diffusion by nearest neigh-
bour jumps requires the correlated movement of nickel atoms, effectively
the condition of the six jump cycle.

Assuming that a nearest neighbour mechanism is responsible for
gallium diffusion the reason for the observed low diffusivity of gallium
cannot lie in a lack of nearest neighbour (nickel sublattice) vacancies
nor in the co-operative diffusivity of nickel atoms which is large.
Consequently it seems that the breaking of unlike bonds (Ni-Ga) required
in nearest neighbour exchanges must be the rate determining factor.

In such a case, the diffusion of gallium may then be more rapid
in non~-stoichiometric compositions because the general disordering of
the lattice due to consfitutional defects means that fewer unlike bonds
need to be broken during diffusion in such compositions. The compo-
sitional dependence of the diffusion coefficient will then show a
characteristic V-shaped curve with a minimum 2t or close to stoichio-
mefry [ss ] .

If a nearest neighbour motion, specifically the six jump cyele,
is the gallium diffusion rate controlling mechanism and since nickel
sublattice vacancies are in plentiful supply, it is reasonable to

suppose that cyecles start with vacancies originating on the nickel sub-
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lattice. This infers that four jumps in each complete cycle will involve
gallium atom-vacancy exchanges and ohly two will involve nickel atom jumps
[see FIG. 2.5 . Thus the resultant diffusivity ratio (DGa/DNi) should
lie towards the top of the range suggested by Elcock & McCombie (1958) [ﬁdj .
But the obsexrved ratio is below the bottom of the suggested range in some
of the alloys investigated in this study'[bee TABLE XIIi] .

The observed diffusion data cannot be explained by the operation of
a six Jump cycle mechanism in isolation. Gallium diffusion may well
occur exclusively by nearest neighbour jumps (the six jump cycle) and
. consequently be closely correlated with nearest neighbour diffusion jumps
made by nickel atoms. However nickel is probably able to diffuse by
next nearest neighbour jumps, which are not correlated with gallium jumps,
as well as by nearest neighbour jumps. '~ Consequently the overall correla-
tion between the diffusivity of the two species is not evident., In effect
the correlation factor becomes decomposed into two components each related
to only one sublattice (and hence largely to one species).

It has been found in the course of a theoretical derivation of a
. diffusion coefficient in a binary (B2) ordered alloy that precisely this
situation occurs, namely that the correlation factor decomposes into two
components related to the two sublattices [ 87 ] .

In summary, the diffusivities of nickel and gallium DNi and DGa
respectively together with their vratio may be accounted for as follows:

(i) The diffusion of nickel is rapid and compositionally insensitive pro-
bably because a next nearest neighbour diffusion mechanism is predominant.
(ii) Nickel is also likely to diffuse in part by nearest neighbour atom-

vacancy exchanges. These Jjumps may invqlve either only nickel antistructure
atoms and nickel sublattice vacancies and so be uncorrelated with = gallium
atom jumps or they may be part of a six jump cycle secuence and so be

correlated with gallium diffusion.

(iii) Callium diffusion probably occurs exclusively by a nearest neighbour
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(six jump cycle) mechanism and as such is closely correlated with nearest
neighbour nickel atom jumps.

(iv) The independence of nickel diffusion from that of gallium diffu-
sion allows the diffusivity ratio to take on values well outside the range
predicted when a six jump cycle is considered as the sole diffusion rate
controlling mechanism. In effect the diffusion correlation factor de-

composes into two components related to the two sublattices[}?i].

5¢3.4 The Compositional Devendence of the Activation Energies and

Frequency Factors of Diffusion in NiGa

The activation energies QNi and QGa and the frequency factors Dﬁi

and Dga of nickel and gallium diffusion show markedly different composi-
tional dependencies[:ﬁee'graphs G.1a, A& ﬁj . - This difference in
‘behaviour offers support to the sarlier suggestion that the two species
may diffuse by separate (different) mechanisms.

The compositional dependence of lﬁkghows a minimum close to stoichi-
ometry but there are insufficient data in gallium-rich>alloys to determine
the composition of minimum diffusion activation energy with any confidence_
[ﬁee graph G.11:]. The minimum does however appear to lie somewherevto
the gallium-rich side of stoichiometry. This behaviour does not parallel
in any way the compositional dependence of the activation energy of
cadmium in Aqu.[Bf] y which shows a maximum close to stoichiometry.

No data are available in other B2 compounds to allow furthexr comparison.

Both the activation energies of nickel and gallium diffusion con-
form reasonably well with the general empirical relationship Q = 34 TH
(% 20%4), where Q, the activation energy, is in calories per mole and
Tﬁ, the solidus temperature, is in degrees Kelvin[ZSd] . However, the
compositionzl dependence of the activation energy of either species
cannot be directly attributed to the variation of the solidus temperatﬁre,

which falls continuously with increasing galliuﬁ content throughout the
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phase range of NiGa.

It has been suggested that the compositional dependence of the
elastic constants, which influence the activation energy of motion EM
of point defects may account for the variation of the diffusion activa-
tion energy observed in compounds. Calculations based on the variation
of elastic constants have been used to predict the compositional
dependence of the diffusion of zinc in CuZn.[bs:]with some success.

But similar calculations in AuCd [Bf] did not correlate particularly well
with the observed compositional dependence of the activation enexgy.

The explanation of the observed compositional dependence of both
Qy and Q. found in NiGa must lie in the changes in the formation and
motion energies of the vacancies which take part in the diffusion rate
controlling mechanisms.

As was reviewed earlier the energieé of formation of thermal defects
in B2 intermetallics ére based not on monovacancies but on defects
involving two or even three lattice sites. Furthermore the ehergies
of motion determined from resistivity experiments have been found to
depend yion the fraction of defects annealed out, because of defect
equilibria [ 120, 146, 145 ] .

The energy of formation EF of thermal defects (assumed to be two
vacancy defects) has been determined in NiGa as a function of composi-
tion and has values of 63+2, 70-1 and 632 kj/mole for the compositions
containing 47.4, 50-0 and 52-4 atomic % nickel respectively'[ﬁ4i] .
However it was also found earlier that’the formation of vacancies on the
gallium sublattice was difficult while on the nickel sublattice it was
easy. It is evident then that the measured defect formation energy,
assuming a vacancy is formed on eithexr sublattice, is the sum of the
formation energy of a (single) nickel sublattice vacancy (Egi) and the

formation energy of a gallium sublattice vacancy (Ega)’ and that
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Thus in the case of nickel diffusion, which has been postulated to
occur predominantly by a2 next nearest neighbour mechanism involves only
nickel sublattice vacancies, the energy of vacancy formation contribu-
tion to the activation energy of nickel diffusion QNi is likely to be
small., Furthermore constitutional wvacancies occur on the nickel sub-
lattice throughout the phase field of NiGa.[ﬁee section 5.1.2:].
Consequently nickel diffusion may occur without requiring the formation
of thermal vacancies. In such an event the compositional dependence
of the diffusion activation energy of nickel QNi may reduce to the
dependence of the activation energy of motion EH'

A similar argument has been put forward for the diffusion of nickel
in nickel-deficient NiAl,[b:]. The vacancy formation energy was assumed
zero and consequently the activation energy of diffusion Qs (in NiAl)
became egual to that of wvacancy motion EM and did not vary greatly with
conposition in these aluminium-rich alloys.

In the case cf gallium diffusion no constitutional vacancies are
present on the gallium sublattice, and so the diffusion activation energy
QGa may contain an energy of vacancy formation term.  Furthermore this
contribution may be quite large because gallium sublattice vacancies are
difficult to form (i.e. Ega is high). However if gallium diffusion
occurs by a six jﬁmp cycle mechanism which involves (constitutional)
nickel vacancies the thermal formation of further vacancies may not be
reqﬁired for g2llium diffusion. Consequently, the activation energy
of ga2llium diffusion may not contzin an energy of vacancy formation term.

The second factor contributing to the activation energy of diffu-~
sion is that of the energy of wvacancy motion. Values of the activa-
tion energies of motion E. have been determined in HNiGa as a function

of composition[:145] . They were found to vary with the residual
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fraction of defects [ f = n(t)/n(o):]. For example in the stoichio-
metric composition values obtained were: E, (f = 0-8) 179:9 kj/mole,
(£ = 0-5) 146-6 kj/mole and (f = 0:2) 125.5 kj/mole.

Now at a given diffusion temperature diffusive motion will occur
within a structure containing the equilibrium defect structure charac-
teristic of the said temperature. In order to determine the energy
of motion a high temperature defect structure is retained at low
temperatures by quenching. The retained defects are subsequently
annealed out at some intermediate temperature (TA) while changes in
resistivity are measured as a function of time. The activation energy
of motion is then evaluated from the rate of change of resistivity as
a2 function of annealing temperature (TA)' But this energy is found
fo change with remaining defect fraction.

The true energy of motion will‘be that measured in a structure
containing the equilibrium number of defectsvcharacteristic of the gquench
temperature. In other words it will be equal to the measured activa-
tion energy of motion for the limiting condition of the remaining
defect fraction being equal to unity (i.e. no defects annealed out).
Thus the energy of motion (during diffusion) will equal thé upper
limiting value of the energy of motion evaluated from quenching and
subsequent annealing experiments. But the value of EM so determined
will be characteristic only of the particular cuench temperature used.
In fact EM will vary with quench temperature because of its dependence
on defect fractions and hence also defect equilibria.

Values of E (for £ = 1) have been determined in NiGa for a quench
tewperature of 923°K for a number of alloy compositions; EH was found
to have 2 value of 179-9 kj/mole at stoichiomsiry and in gallium rich
ccmpositions, in nickel rieh alloys it had values of 136.2 and 95-9 kj/

rmole for the compositions containing 51+25 and 52-4 atomic % nickel
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respectively E145:] .

The energies of defect formation EF and motion EM taken from the
data of Wésilewski et al. (1968) [345:Ihave been evaluated as a function |
of alloy composition in NiGa. These and their sum (EF + EM) are tabu-
lated with the activation energies of diffusion QNi and QGa for
comparison in TABLE X. -  The compositional dependence of the sum
(EF + EM) shows a small maximum near stoichioﬁetry. This trend is
similar to that found for QNi of nickel diffusion but the agreement
between the absolute values is poor and the correlation may be fortui-
tous. There is no apparent agreement between the sum (EF + Eﬁ) and
QGa either in compositional dependence or in absolute values.

The generally poor correlation between the sum (QF + EM) and the
two diffusion activation energies is not unexpected in view of the
difficulty in evaluating appropriate values for the activation energies
of vacancy formation and motion from quenching and annealing experiments.

In fact the model, based on the theory of absqlute reaction rates,
used to express the activation energy of diffusion Q in terms of defect
formation and motion energies entailed a number of simplifying assump-~

tions. The diffusion coefficient D was given by’[ﬁSB, 99, 1(H:]:
2 .
D=Ya Py 4; 5.3

where X’is a numerical constant a is the lattice parameter, is the

Pa
probability that a defect exists adjacent to a diffusing atom éndaYs is
the jump frequency (see section 2,8 and 2.8.1). The probability Dy
was then evaluated, assuming that the defects (vacancies) were randomly
distributed throughout the lattice in thermal equilibrium, from the

expression

p, = exo(- = 5.4

where A.QF is the activation energy of defect formation.



TABLEX A comparison of the energies of formation<EF> & motion (EIVD of thermal defectsin NiGa

with the energies of diffusion QNi & OGa) & creep O‘C
x x )

Alloy Comph Ep Em Er g Em Oy T| 9a T|9c(soo0 T| Sc ook
lo Ni K/moe | KJ /mole | KJ/moe [Ki/moe | Kifmole | KJ/mde | KJ/mde
47-2+0-2 | 6318 179:91 24309 1431 1915 — —
48:5* 0-5 | 69-04 179-91 248- 95 1543 209-4 — —
49-3: 01 | 71 179 -91 251 -04 156-0 — 2207 2421
501+ 01 | 70-08 179- 91 249-99 1725 1465 225 2570
51-1¢ 0-2 | 6883 136:19 20502 1537 1896 288 -6 213 2
52-3% 01 6318 95 - 94 159-12 1539 22-0 2842 164 7

% Data from ref 145
T Data from this study
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Also the jump frequency Afg was evaluated by assuming that the
diffusional jump was equivalent to the reversible motion of an atom
across a potential barrier of height W (equal to [XGH) in thermal equi-
librium, while the atom vibrating with a constant frequency 1’0, was
constrained to a plane perpendicular to the direction of motion. The

jump frequency was then given by:

AGy

Vi = &, exp(- 57 5.5

J

Bquations 5.4 and 5¢5 were substituted into 5<3 which was then compared

with the Arrhenius relationship to give:

F:»)
i

ARy + A4H, 5.6

AS., + AS
s = Yo, exp( FR =) 5.7

D

n

where A}%,(equal to EF) and AI%’(equal to EM) are the activation
enthalpies of defect formation and motion.

In NiGa thermal vacancies are known to be largely confined to the
nickel sublattice and consequently the equation (5-4) froﬁ vhich the
probability pd was derived is not applicable. Also diffusion is not in
fact a thermodynamically reversible process D9:| and consequently
equation 5.5 for the jump frequency‘Ys does not strictly apply. It can
be seen then that there is no fundamental reason for an equality between
the activation energy of diffusion Q and the sum of the defect formation
and motion erergies (EF + EH)' Consequently the activation energy
of nickel diffusion QNi and that of gallium diffusion QGa need not
follow the compositional dpendence of the sum (EF + Eig.

In the case of nickel diffusion the plentiful supply of constitu-

. tional nickel sublattice vacancies present in all alloy compositions

studied may mean thai the activation energy of nickel diffusion is equal

to that of vacancy motion (and contains no EF term). t vwas also
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suggested earlier that nickel diffusion probably occurs largely by next
nearest neighbour jumps together with some nearest neighbour jumps.

The compositional dependence of QNi may then reflect the compositiOnai
devendences of the energies of motion of the two jump types and will
‘derend upon any relative changes in their contributions to diffusion as
2 function of composition.

If particular values of the diffuéivity ratio-(DGa/DNi) are
indicative of a correlation between the diffusion mechanisms of the two
species rather than merely the ratio of two independent diffusion
coefficients, a number of inferences and conclusions may be drawn with
respect to diffusion mechanisms in NiGa.

For example the ratio (DGa/DNi) is found to tend to fall within the
linits predicted by the six jump Cycle.for off-stoichiometric compositions.
This sugzests that nickel nearest neighbour jumps become more prevalent
(compared with next nearest neighbour jumps) in these compositions.

But in general a nearest neighbour jump ﬁ;y be expvected to have a 1owe;
activation energy than a next nearest neighbour jump. This in turn
would result in a decrease in the activation energy of diffusion QNi

as nearest neighbour jumps became more prevalent (i.e. in going to

of f-stoichiometric compositions).

If in fact two mechanisms are operating in the diffusion of nickel
then the frequency factor Dgi may be expected to show a compositional
variation in keeping with compositional changes in diffusion mechanism.
It can be seen (graoh G.11, B) that close to stoichiometry where largely
next nearest neighbour jumps are considered to account for nickel
2iffusion the frequency factor falls within the limits 10-0 > Dﬁi > 0.1
associated with 'normzl! diffusion (that is diffusion coxztrolled by a
single thermally activated mechanism). Away from stoichiometry

nearest neighbour jumps begin to contribute to diffusion and two
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mechanisms are thus operative. The frequency factor correspondingly
becomes anomalously low Esée graph G.11, B and TABLE IIi:I .

Unfortunately the frequency factor data are subject to very large
errors and suggestions based upon them are necessarily speculative.
Furthermore if nickel diffusion does in fact become correlated with that
of gallium in a six Jump cycle then both species will have the same
barriers to diffusion and hence will have the same (or at least similar)
activation energies and compositional dependences thereof. Since in
fact the activation energies of nickel and gallium are not similar and
their compositional dependences are totally unalike it must be concluded
that their respective diffusion mechanisms are not closely correlated.
Consequently particular values of the diffusivity ratio (DGa/DNi) merely
reflect the relative values of the activation energies of diffusion
QNi and QGa and the temperature at which diffusivities were determined.

In the case of gallium diffusion the frequency facfor Dga is found
to fall within the limits 10-0 2 D(::a 2 0-1 for all compositions, con-
forming to the conditions of ‘normal! diffusion;[éee graph G.11.B and
TABLE IV] .  This supports the suggestion that gallium diffusion
occurs entirely by one mechanism, possibly nearest neignbour jumps (in
a Six jump cycle).

If in fact gallium diffusion is considered to occur by the six
Jump cycle mechanism the observed compositional dependence of the
gallium activation energy may be rationalised as follows. First of all,
cycles may start with the motion of constitutional vacancies originating
on the nickel sublattice so that the activation energy of gallium
diffusion might not contain a contritution from the energy of defect
formation (EF) and hence will equal that of the.activation energy of

motion.
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Now diffusion by a six jump cycle can be viewed in two separate
ways. .In the first case all six Jjumps of a cycle must be completed in
a correlated sequence before diffusion is effected and hence the dif-
fusion energy is that required to move through a complete sequence.
Alternatively the six jump cycle may be considered simply‘as a resultant
geometrical representation of the (six) various jump types under the
boundéry condition that disordering Jjumps are balanced by an equal
number of re~ordering jumps [ 86 | (see sections 2.9.3 and 2.9.4). In
this case the slowest jump of the six will be rate controlling and the
activation energy of gallium diffusion will equal the activation energy
of this rate controlling jump.

In the first instance the activation energy of diffusion will vary
with composition in the same manner as the compositional dependence of
the activétion energy for traversing a complete cycle. It has been
calculated in Agiig that the different geometric forms of the six jump
cycle [}ee FIG. 2.5:] have different activation energies. Hence it
may be that the compositional dependence of the activation energy of
diffusion (by a six jump cycle) arises from 2 change from oné geometric
form of the cycle to another as a function of composition. Ceftain
cyclesrcan occur only in non-stoichiometric compositions [33, 34] .

It seems, however, more probable that a particular nearest neighbour
Jump (whicﬁ occurs in a cycle) may be diffusion rate controlling and then
the activation ensrgy of diffusion will vary as a function of composition
in the same way as the energy of that jump. Alternatively other Jjumps
with different activation energies may become rate controlling as
composition is changed.

A recent theoretical derivation of the diffusion coefficient in B2
compounds [ﬁ?:}suggests that nearest neighbour jumps depend on a par-

ticular vacancy availability factor which is not the szame for 211 jumps
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(see the probability factor Py in equation 5.3). Forthermore, different
Jjumps were suggested to have different jump frequency factors and
consequently each different nearest neighbour jump had a . unique activa-
tion enexgy. This analysis favours the supposition that a single

jump rather than a sequenc of jumps (such as the six jump cycle) is
probably diffusion rate controlling.

In NiGa there are four possible nearest neighbour atom-vacancy

exchanges:
Ligs + Cagq — ey + [T, 5.8
[jéa + Mg — Nig, * Zj%i 5.9
L, + Gay; ~— Gag, + (s | 5,10

/—7111 + Hi.,

— Nig, + /_7Ga 5.11

where [J;i, Nipi and GaNi are a vacancy, a nickel atom and a2 gallium

atom on the nickel sublattice respectively and Z;Ea’ Ni. and GaGa are

Ga
the equivalent species on the gallium sublattice. In the case of a

complete six jump cycle wnick starts with the movement of a nickel sube-
lattice vacancy the Jjumps 5-8 and 5-10 occur twice.
In attempting to determine which of these four jumps may be dif-

fusion rate controllinz several factors need to be considered:

(i) The availability of an adjacent vacancy with which a diffusing

atom may exchnange positions. This fector will be termed F for further

reference.

(ii) The ch=nge in energy between the two equilibrium states at the

beginning and end of a jump. This term will be called A B (equal to
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E, - E2) vwhere E, and E, are the free energies of state of the equili-

brium conditions at the beginning (E1) and end (E2) of a jump.

(iii) The activation energy barrier to motion for the jump. This
factor EHOT will be assumed for the purposes qf the current analysis to
be proportional to fhe ratio of the projected area of the diffusing atom
(7(r§'where r, is the A atom :adius) to the area in the {111} plane
between the three B atoms comprising the saddle point for diffusion in

a <111 directionntéee FIG. 5.1:1. The saddle point area SA is

given by:
23 2 Y4
SA = %(B%ao - RArg")

where a, is the experiméntal lattice parameter of NiGa and ry

atomic radius of the B atom. When a nickel atom is diffusing (rA = Ty

is the

and ry = IGa) when a gallium atom is diffusing (rA - T, and rp = rNi)
assuming perfect order (i.e. an A atom moving between three B atoms).
When anti-gtructure atoms occur ry is altered proportionally to account
for the possibility of the saddle point atoms containing an atom of the
same species as that which is diffusing. Thus for perfect order:

2
2 KT
Byop (A atom) o A /(s a? - xr’)

and similarly:

2
e (B atom) 2 Ar 1 ,
EDLOT °< B /( 3 2 ao2 -~ rA2 )

These energies of motion are then normalised to give a ratio E according

to the expression:

By =

EMOT (B atom) B = gallium
E.op (A atom) ‘ A

3 Al
T nickel



FIG 51 The Saddle Point Geometry for (i) Diffusion in NiGa
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The three factors ¥, A E and E can be qualitatively evalued for
the four types of diffusion jump and their compositional dependence
estimated. The values expressed as a fraction of their value at
stoichiometry are shown in TABLE Xl‘for stoichiometry, nickel rich
gallium rich alloys. The energy terms A E and E have been expressed
using the convention that if energy must be supplied for a reaction the
value is positive (thus E, the ensrgy of mbtion, is always positive).
Note that EB the energy to move a gallium atom is greater than EA the

energy to move a nickel atom.



TABLE XTI

Qualitative estimates of the factors ¥, AE & E

(normalised w.r.t. the value at stoichiometry)

Reaction Frequency
Factor
Equation F

(1) Stoichiometry

5:8 (Gay,) Large (1)
59 (NiNi) Small (S)
5°1O(Ga.Ni) Small (S)

5:-11(Ni,, ) Iarge (L)

(ii) Nickel Rich

5-8 Less large (KL)
5-9 Larger (>S)
5-10 Larger (>S)
511 Less large (K1)

(iii) Gallium Rich

5.8 larger (> L)
59 Smaller (£ S)
5+10 Smaller (< S)
510 / Larger (D L)

Energy of State
AE

Large positive (L)
Small negative (-S)
Large negative (-L)

Small positive (4S)

larger positive (DL)
Less negative ( ) -8)
Less large negative ()-L)

Smaller positive (¢S)

Less large positive (KIL)
Larger negative (<-S)
More large negative ({-L)

Larger positive (> S)

Znergy of
Motion

Eg (>E,)

? By

<E

< By
JE
¢
’E
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TABLE XI can be used to suggest which of the diffusion jumps may
be rate controlling for nearest neighbour gallium diffusion. Thus
while the diffusion jump of a gallium atom into a nickel vacancy (5-8)
has a large availability frequency factor F at stoichiometry its large
activation energy (A E + E) may make it the rate controlling step.

In nickel-rich compositions the frequency factor of jump (5-8) has
fallen while its activation energy has increased suggesting that it is
even more likely to be the rate controlling step than at stoichiometry.
Thus the diffusion activation energy QGa may be expected to increase
in nickel rich compositions.

In gallium-rich compositions the situation is less clear but it
would appear that the gallium diffusion step (5.8) becomes easier and
may no longer be rate controlling. It is likely that reaction 5-11
may become rate controlling in preference to 5-8 bescause while both
reactions produce the high energy defect ZJEa’ the latter (5-8) also
results in the formafion of gallium anti-structure atoms which may now
be favoured in gallium rich compositions.

In conclusion the compositional dependence of both the nickel and
gallium activation energies of diffusion in NiGa may be summarised as

follows:

(i) The activation energy of nickel diffusion in NiGa is low
throughout the phase field and not very sensitive to composition. This
is because constitutional nickel vacancies occur throughout the phase
field and hence the diffusion activation energy does not require an
energy of vacancy formation term.

In comparison with NiAl [3453 the activation energy of ni;kel dif-
fusion in NiGa is very low (abéut half) in nickel rich alloys (where the

former compound contains no constitutional vaczncies) but roughly com-
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parable in nickel deficient alloys (where both NiAl and NiGa contain

constitutional vacancies).

(ii) Nickel diffusion in NiGa probably involves more than one
mechanism, namely n=arest and next nearest neighbour vacancy Jjumps.

The latter is postulated to be predominant throughout the phase field

of the compounds.

(iii) Gallium diffusion is suggested to occur exclusively by the
various types of nearest neighbour atomic jumps. These are considered
to be interdependent but not closely correlated in the geometrical sense

of a six jump cycle path..

(iv) The compositional dependence of the activation energy of gallium
diffusion is very marked in comparison with that of nickel. It may be
qualitatively explained in terms of the compositional dependence of the
activation energy of the particular rate controlling nearest neighbour
Jjump or alternatively in terms of a change from one rate controlling

Jump to another with composition.

5.4 Creep in the Intermetallic Compound NiGa

Experimental data obtaiﬁed from steady state compression creep tests
were used to evaiuate two creep parameters, namely the stress exponent
n and the apparent activation energy of creep Qc’

Specimens tested over the temperature interval 732 - 887°K (0-52 -
0-63 TM) belonged to one series called the 800X series. In a second
series 1000 tests were carried out in the temperature interval 953 -
1077°K (0-68 ~ 077 Ty)-

The equations used and the corrections applied to the experimental
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data when evaluating the stress exponents and activation energies of
creep are detailed in section 3.7.5. The values obtained for n and
Qc are tabulated as a function of alloy composition for both the 800 X

and the 1000 K creep series in the results E see TABLE V to VIII :] .

5.4.1 The Stress Depgndénce of Creep in NiGa

In a given creep series individual values of the stress exponent
vere determined over the same stress ranges at various constant
temperatures for all alloys.. Consequently any variation of the
exponent as a function of composition did not reflect a stress sensi-
tivity of the stress exponent.

Furthermore the constant temperatures used during the stress change
tests from which stress exponents were evaluated were roughly equal for
all the alloys tested within a particuiar creep series. Thexefore it
was assumed that changes of the exponent as a function of composition
did not reflect a temperature sensitivity of the stress exponent.

Hence the wvariation of the stress exponent determined a number of
times for a given alloy in a given creep series was attributed to
random scatter. Consequently, a mean stress exponent was evaluated
from the individual values determined for each alloy composition for
both the 800 K and 1000 K creep series. The compositional dependence
of this mean stress exponent is shown for both the 800 X and 1006 K creep
series in graphs G.16 and G.17 respectively.

In the 800 K (~0-6 TM> series the stress exponent reaches a
maximum of 47 in the nickel rich composition 50-17 atomic % nickel
[}ee graph G.16] . A similar compositional dependence of the stress
exponent has been observed in NiAl (at the homologous temperature 0.6 TH)
where a maximum in the value of the stress exponent occurs at compositions

close o stoichiometry (i.e. between 49 & 51 atomic 3 nickel) [136, 140,
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159 ] .

The compositional dependence of the stress exponent in NiGa for the
1000 K (~0-73 TM) shows a curve which passes through a minimum of 4.1
at the 510 atomic ¢ nickel composition [ﬁee graph G.Ti] . Data for
the compositional dependence of the stress exponent in NiAl show that
the maximum observed at T(~0-6 TM) becomes progressively less pro-
nounced with increasing temperature [359:]. Furthermore at very high
temperaturss (~0.91 TM) the data of Vandervoort et al. (1966)[140_]
exhibit a minimum value for the exponent n near stoichiometry (in NiAl).

The markedly different compositional dependencies of the stress
exponent in NiGa as determined for the 800 K and 1000 K creep series
suggest that the stress exponent varies with temperature (as well as
composition). In fact a comparison of the values of the exponent (n),
for a fixed composition, for the 800 X and 1000 K series indicates that
the stress expoment (n) increases with increasing temperature. * ’

In most materials the stress exponent shows a decreasing value
with increasing temperature until at very high temperatures and low
stresses the linear law (n = 1) is followed. The creep strain rate
is then linearly proportional to the stress and 'diffusion creep! is
rate controlling [119, 70:| .

In NiAl the overall trend is one of a decreasing stress exponent
with increasing temperature, until at high temperatures the exponent
becomes constant and temperature insensitive [ﬁ40, 15%] . The tempera-
turs at which the stress exponent reaches a constant value is dependent
on alloy domposition.

However, it has also been found in INiAl that over a restricted
temperature range the stress exponent may increase with temperature.

In the stoichiometric composition, for example, the exponent increases

from a value of 9.1 at 1023°k (~0-54 TM) to 10-4 at 1068°K (~ 0-56 TM)
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[ﬁBé] . It was also reported by the same authors that the same efféct
has been observed in AuZn and that it has been atti@buted to the presence
of structural (constitutional) lattice defects [136].

It would seem reasonable to suppose that the compositional depen-
dence of the stress exponent may depend on the defect structure in NiGa.
But the defect structure (constitutional plus thermal) in the compound
is known to vary with temperature as well as cbmposition [ﬁ4i] .
Consequently the stress exponent may be expected to be temperature
dependent and its temperature sensitivity may be determined by the defect
equilibria which occur in the compound.

In summary the stress dependence of the creep rate in NiGa as

defined in terms of the stress exponent may be outlined as follows:

(i) The stress exponent varies with composition. The compositional
dependence shows a small maximum near stoichiometry for the 800 K
(~0.6 TM) creep series. At higher temperatures (~0-73 TM) in the
1000 X series the compositional dependence of the exponent shows a

minimum at the 51+0 atomic % nickel composition.

(ii) The stress exponent is also temperature dependent and is found
to increase with temperature over the range spanned by the two creep

series (0-53 £ T/TI'I £0.77).

(iii) Both the compositional and temperature dependence of the stress
exponent are probably due to the presence of constitutional and thermal

defects, and defect equilibria.

5.4.2 The Apvparent Activation Energies of Crzep in KiGa

Values of the apparent activation energy of creep Qc'were determined
from steady st:te, change of temperaturs, creep tesis conducted at

constant load and corrected for changes in stress (see section 3.7.5).
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A mean activation energy of creep was evaluated from the individual
values determined for each given alloy composition in both the 800 K
and 1000 K creep series. The compositional dependence of the mean
activation energy of creep is shown for both the 800 K (~0-6 TM) and
1000 K (v 073 ‘I‘M) creep series in graphs G.18 and G.19 respectively.
It was seen in the previous section that the stress exponent n was
found to vary with temperature, at least over the limited temperature
range covered by the two creep test series. Consequently the stress
factor of equation 3.9 cannot be assumed independent of temperature.

The equation may be reformulated ass

. Q
ﬁn- = A exp(- =) : 5.7
v kT
hence
1 Q‘c
In € ~nlnv =1n4A -— 5.8
kT »

t .
where £ 1is the creep strain rate, 7 the stress, A is some constant

and k is Boltzman's constant.

How if the stress exponent n increasés with temperature then the
term (n 1nv") will also increase with temperature. Hence as the
temperature T increases ( & 1/T falls) the true value of the left hand
side of equation 4-4 (i.e. ln‘é - n 1ln v ) is smaller than the value
expected if the stress exponent is assumed constant. Qualitatively the
slope of the Arrhenius plot is reduced because of the temperature
dependence of the stress exponent. Consequently the true activation
energy of creep Qc is lower than that computed when assuming the stress
exponent is constant (when it is in fact varying).

YWihen this correction was attempted it resulted in Arrhenius plots

which curved rapidly with temperature and consequently a true activation



158

energy could not be determined. This curvature may have occured '
because the estimate of the temperature dependence of the stress
exponent (assumed tc vary linearly between the values determined for the
800 K and 1000 K creep seriés) was incorrect. Alternatively (and more
 significantly) the stress factor, as written in equation 5-8, varies in
magnitude depending upon the units used to express the stress. In
fact the stress would be bhetter expressed in dimensionless units
(divided by the elastic modulus for example).

The Arrhenius plots from which the activation energies of creep
were initially determined (e.g. graphs G.14 and G.15) did not reveal
any apparent curvature, which suggests that the erroi in assuming the
stress exponent was temperature invariant was small, On this basis
the uncorrected 'as determined' values were used for comparison with
other data (such as diffusion activation energies, etc.). Nevertheless,
the analysis outlined above does suggest that these creep activation

energies may be somewhat high.

5.4.3 The Compositional Dependence of the Activation Energy of Creep

in NiGa

The compositional dependence of the activation energy of creep in
NiGa for the 800 K (~0-6 TH) series [ see graph G.18] shows a minimum
10 the gallium rich side of stoichiometry. The data in gallium rich
alloys suggest that the composition of minimum creep activation energy
lies between 49°0 and 50-0 atomic % nickel.

The compositional trend of the activation energy of creep (in the
800 K series) closely parallel that of gallium diffusion QGa [ﬁee graphs
G.11, A and G.1d] . But the creep energy values are somewhat higher

than valuss for the activation energy of gallium diffusion, with the

difference rsaching a maximum of 307 at the stoichiometric composition.
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The compositional dependence 6f the activation énergy of'creep in
the 1000 X (~0-T3 TM) series [see graph G.19 ] shows a continuously
decreasing value of Qc with increasing nickel content. The variation
of Q,c with composition does not parallel the qompositional dependence
of either the activation energy of nickel or gallium diffusion. | In
general the activation energy of creep is considerably higher thaq that
of diffusion of the two species (nickel and gallium), although in the
composition containing 52-27 atomic % nickel the activation energies of
creep and nickel diffusion become nea;ly equal,

It is however interesting to note that the compositional dependence
of the activation energy of creep for the 1000 XK creep series follows _
precisely the same trend as the sum activation energy of thermal vacancy
formation and motion (EF + EM) determined from quenching and resistivity
'experiments (for quench temperatures of 950°K) [345:](see section
5.3.4 and TABLE X). Furthermore agreement between the twd values Q,c
and (EF + EM) is excellent over the phase range studied (i.e. 48-96 to
52-27 atomic % nickel). The possible reason for this correlation will
be considered presently.

In NiAl it has been found for nickel rich alloys that the activation
energy of high temperature creep is equal to the activation energy of
nickel diffusion[:15§]'but in aluminjum rich alloys the creep activation
energy is somewhat higher than that of nickel diffusion.[ﬁ40, 15j] .

This may indicate that, in aluminium rich NiAl where constitutional
vacancies occur, and in NiGa where similar vacancies are present through-
out the phase field, the creep rate is not conirolled simply by self-
diffusion and that the creep activation energy may contain an additional
term. |

It has been suggested that a diffusion controlled glide mechanisn

is creep rate controlling in compositions close to stoichiometry in
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NiAl Eﬁ59:]. The microstructure in these alloys (after creep) has been
found to consist primarily elongated dislocation loops and dipoles with
sub«boundary networks at Higher temperatures, Consequently a dipole
recovery mechanism via their dissolution to form loops which then shrink
in size Eﬁ59, 14i] was postulated as the par{icularrcreep mechanism,

This mechanism predicted a stress exponent of 4:0 [359[]which is in
reasonable agreement with the observed values of 47, .4:6 and 45 at
0.6 TM for the NiAl alloys containing 51°0, 50-0 and 49-0 atomic %
nickel respectively. |

In non-stoichiometric compositioﬁs, both in Ni-rich and Al-rich
alloys, the stress exponent has been found to be about 3-6 and a viscous
glide mechanism has been suggested as rate controlling [340, 159:].
However, the micro-structures observed in nickel rich alloys were
markedly different to those found in aluminium rich alloys.

For example in the 55 atomic % nickel alloy both the microstructure
and dislocation density were found to vary with temperature at a given
constant stress, Thus at 973°K («'0-51 TM) the microstructure consisted
of long screw dislocations, at 1073°K (~ 0-56 TM) dipoles were observed
and elongated loops were also present and at 1173°K (~0-61 ?M) high
densities of dislocation loops were observed emanating from large jogs
in the screw dislocations. In aluminium rich alloys on the other hand
the structure was characterised by prolific faulting[:15§] .

Now comparison beitween the creep behaviour of NiAl and NiGa may be
used to offer suggestions as to the creep rate controlling mechanisms in
the latter. For instance at the homologous temperature of 0:6 TH the
compositional dependence of the stress exponent in HiAl (T¢311500K)
shows a small maximum near stoichiometry having values of 37, 4.6 and
3.6 in the alloys containing 48-0, 50-0 and 55-0 atomic % nickel respec-

tively’[ﬁBi] . Similarly in NHiGa at zbout 800%x (0.6 Tﬁ) the exponent
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rises to a maximum near stoichiometry; it has wvalues of 4+1, 4.7 and
3.6 for the alloys containing ~49.0, 50+17 and 52.27 atomic % nickel.

Furthermore at these temperatures (0-6 TM) the creep activation
energy in NiAl is equal to that of nickel diffusion in all but very
aluminium rich alloys EﬁBﬁ] . Likewise in NiGa the creep activation
energy Qc follows the compositional dependence observed of the activa-
tion energy of gallium diffusion QGa although the absolute values of Qb
are somewhat higher than those of QGa'

.It would be reasonable to postulate that the creep rate controlling
mechanism in NiGa at these temperatures (0.6 TM) is the same as that
found in NiAl, namely viscous glide in compositions well removed from
stoichiometry and dipole recovery for near stoichiometric compésitions.
FTurthermore the micro-structural details may well be similar for the two
c§mpounds.

However, in NiAl the stress exponent has been found to become
constant and independent of temperature above 06 TM'[ﬁ4O, 159, 136]
whereas in HiGa it remains temperature sensitive in the range 0:54¢

m
L/E} £ 0-78. Furthermore the activation energy of creep and its

compositional dependence is markedly different in the 1000 K series
(~0-73 T}Q in.cémparison with the 800 X series, This suggests that
the creep rate controlling mechanism changes over the temperature
interval covered by the two cieep series.

Nevertheless in NiAl the stress exponent and activation energy of
crezep have been found to be temperature dependent in the range 0-48 £

m
t /D

[ 4
i1

£ 0+61 for near stoichiometric and nickel rich alloys and the
micro-structure has been found to change with temperature [ﬁSi] . Thus
it may be possible to 2valuate the likely creep behaviour of NiGa at
highef tenperatures (~0-73 TM) by extrapolating the trend in the change

in micro-structure (observed in NiAl) to higher temperaturss and
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applying it to N¥iGa.

At intermediate temperatures (0-4 ”$T/TM £ 0-54) thermally activated
doui)le cross-slip has been postulated as the rate controlling mechanisn
of creep in NiAl [159, 12, 82:] . It has also been postulated for CoAl
at somewhat higher temperatures [72:] . Such a mechanism is known to
resui_l.t in the formation of jogs in the screw dislocations |:76:| .

But it has been shown that the motion of jogged screw dislocations
can be divided into three distinet classes dependent upon the height
of the jog. For very small jogs with heights of one or two atom spacings,
the screw dislocation may drag the jog along creating point defects
(either vacancies or interstitials). For very large jogs, where the
distance between the two (screw) dislocation segments is large enough to
prevent their mutual interaction, the dislocations will behave separately
as single ended sources. In the intermediate case of medium sized
Jjogs, dislocation dipoles will be formed E54:[ .

The situation becomes more complicated when the jog segment of the
dislocation can lower its energy by dissociating into partial disloca-
tions, because the jog will have to constrict before it can glide. In
'i:he case of vacancy producing jogs all the energy required for constric-
tion must be supplied by thermal activation E76, 71:] . At high tempera-
tures, vacancy jogs leave a trail of vacancies which can diffuse away
.and therefore the movément of the dislocation involves essentially the
creation of individual vacancies which is assisted by thermal activation
[re] -

Néw at high temperatures in NiAl () 0-6 TI'I) the microstructurs has
been found to contain both dipoles, indicating jogs of intermediate
height, and loops emanating from large jogs [:1 59:] .~ Consequently small
'jogs can be expected to be present as well. Furthermore, the non-

conservative motion of dislocations containing these small jogs raquires
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the thermal formation and movement of vacancies. Therefore if the non-
conservative motion of screw dislocations containing vacancy producing
jogs is rate controlling, the creep activation energy Qb will be equal
to the energy of vacancy formation and motion (EF + EM). This in turn
is normally assumed equal to the activation ehergy of diffusion.

But it was suggested éarlier that in NiGa the diffusion activation
energies of nickel QNi and probably gallium QGa as well do not contain
a vacancy formation energy term because of the presence of constitutional
vacancies. Thus the activation energy of creep, for the non-conservative
motion of jogged screw dislocations, may be greater than that of the
activation energy of diffusion in NiGa.

The fact that the compositional dependences of the activation energy
of creep Q, for the 1000 X (~0.73 TM) series and the sum (EF + EM) are
very similar, together with the clése agreenent between the absolute
values of the two energies_(see TABLE X) suggests that the non-conservative

motion of jogged screw dislocations may be the creep rate controlling

mechanisnm.

5.4.4 The Creep Behaviour of NiGa - a Summary

The creep behaviour of NiGa over the temperature interval 0.53 {

T/TI"I € 0-78 may be outlined as follows:

(1) In the temperature range 0-53 £ T/TM £ 0-64 (the 800 K series)
the compositional dependence of the stress exponent in NiGa shows a small
maximum near stoichiometry; +the exponent has values of 4-1, 4.7 and 3+6
for the alloys containing 49-0, 50-17 and 52.27 atomic % nickel
respectively.

These data are verj similar to both the compositioqal dependence and

the absolute values of the stress exponent found in Niil at 0+6 THAEBBQJ .
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(i1) The compositional dependence of the creep activation energy
Qc for this temperature range follows the trend observed for the activa-
tion energy of gallium diffusion in NiGa. In NiAl at comparable
temperatures (0.6 TM) the cfeep activation energy was equal to that of

nickel diffusion for all but aluminium rich alloys [ 159 ] .

(iii) By comparison with the creep behaviour of NiAl at 0-6 Ty it was
suggested that the creep rate controlling mechanisms in NiGa may be
viscous glide for compositions well removed from stoichiometry and a

dipole recovery mechanism in near stoichiometric alloys.

(iv) In the temperature range 0.68 & T/TM £ 0-78 (the 1000 K series)
the compositional dependence of the stress exponent shows a minimum to

the nickel-rich side of stoichiometry.

Stress exponent data in NiAl at very high temperatures (> 0.9 TM)
suggest that the exponent may fall to a minimum value in near stoichio-

metric alloys [140] .

(v) The activation energy of creep Q. in the temperaturé range
0-68 £ E7ﬁ¥l~é 0-78 shows a markedly different compositional dependence
than either of the diffusion activation energies QNi and QGa in NiGa.
Furthermore the values of Qc are generally higher than either QNi or
QGa' However the compositional dependence of Qc is very similar to
that for the sum (EF + EM)’ the energy of formation and motion of a
thermal vacancy. Also the absolute values of G and (EF + EM) are

in good agreement.

(vi) It is tentatively suggested that the non-conservative motion of
jogged screw dislocations may be the creep rate controlling mechanism

in NiGa.
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CHAPTER SIX: Conclusions and Suggestions for Future VWork

6.1 Conclusions

Lattice parameter and density measurements have suggested that the
compound NiGa contains defects whose type and number vary as a function
of composition. But it is known thét thermal vacancies may affect both
the lattice parameter and denSity values so the influence of these defects
was analysed. It was concluded that constitutional nickel anti-
structure atoms and nickel sublattice vacancies were responsible for the
observed compositional dependence of the lattice parameter and density.

Furthermore detailed anzlysis suggested that the constitutional
defect structure included both defect types within any given composition.
The relative proportions of the two defects changed with composition and
even the stoichiometric composition contained constitutional defects,

In diffusion experiments it was found that high standards of
atmosphere control were required to prevent specimen oxidation during
diffusion anneals, |

The short half-life and relatively high radiation energy of gallium-
67 required the use of short diffusion anneals and an electro-etching
technique for subsequent penetration analysis. Both these limitations
resulted in increzsed errors in the estimates of gallium diffusion
coefficients compared with the data for nickel diffusion. Nevertheless
results of the log D versus 1/T plots indicated that the simple
Arrhenius-type relationship applied to the diffusion of both species.

A comparison of the diffusivities and activation energies of the
two species suggested each may diffuse by a different separate mechanism.
The diffusivity ratio (DGa/DNi) did not fall within the limits suggested

for a correlated six jump cycle diffusion mechanism.
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It was concluded that the apparently independent Eehaviour of the
diffusivities of the two species (in relation to each other) was a
consequence of the presence of constitutional vacancies throughout the
phase field of the compound. Furthermore the diffusion activation
energies of both species did not contain a thermal energy of vacancy
formation term. Consequently the activation energy of diffusion QD
does not equal the sum of the energies ofrvécancy formation and motion.

Compression creep experiments indicated that both the stress
exponents and creep activation energies were temperature sensitive over
the temperature range investigated (0.53 £ T/TI-I £ 0-78). It was
concluded that this arose as the result of a change in creep rate
controlling mechanism with changing temperature,

In the temperature range 053 £ T/TI § 0-64 a comparison of the
creep activation energy with those of nickel and gallium diffusion
indicated that creep deformation was controlled by the diffusion of
gallium,

At higher temperatures, 0-68 £ T/TM £ 078 the creep activation
energy was not equal to that of diffusion of either species fut appeared

to depend on the formation and motion of thermal vacancies (EF + EM)'

6.2 Suggestions for Future Work

The usual trends observed for the diffusion and creep behaviour in
other B2 compounds have not been closely reproduced in this study on
NiGa. However both the diffusion and creep behaviour of NiGa are
devendent onr the unusual constitutional defect structure of the compound.
Consecuently it is felt that further study of this compound could most
usefully be concentrated in a re-evaluation of the defect structure in

-

WiGa.
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X~ray data could usefully be extended to higher temperatures to
establish whether the compound remains ordered up to the solidus tempera-
ture. While analysis of superlatitice line intensities at low temperétures,
in terms of atomic scattering factors, along the lines of Bradley and
Taylor's analysis (1937) [ﬁB:]in NiAl, may reveal the presence of
constitutional nickel anti-structure atoms in gallium-rich alloys (as
suggested by the empirical defect model).

It may also be possible to identify nickel antistructure atoms in
NiGa by M8ssbauer spectroscopy. This techniqua has already shown that
iron anti-structure atoms occur at stoichiometry in Fe,lib [132]. |

It is unlikely that a repétition or extension of the diffusion
behaviour of NiGa would be necessary or desirable until the appropriate
defect model is firmly established. But the creep data of the present
study are not conclusive and would bear both repetition and extension.

Hence detailed evaluation of both the stress exponenf and activa~
tion energy of creep and their variation with temperature would be of
interest, particularly if coupled with electron microscope studies of
the resulting deformed microstructures. Such data could then establish
or refute the observation that the creep activation energy is generally
higher than that of the diffusion of either nickel or gallium in HiGa.

Furthermore creep studies might be usefully extended to ineclude a
re-examination of the creep behaviour of aluminium rich NiAl alloys where
the creep activation enexrgy has also been reported to exceed that of

(nickel) diffusion [ﬁ5§] .
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APPENDIX{ ONE

The Derivation of a Constitutional Defect Model in NiGa

The following defect model is based upon experimental lattice
parameter values and chemical composition value, from which theoretical
- densities may be calculated. A comparison of theoretical density
values, which assume particular constitutional defects are present,
with experimental density values then allows the actual defect

structure present to be identified.

Theoretical density valueiZi#h are computed from the relation:

2 .
m MﬁlGa (1)
Ve N, (a,)’

where MNiGa is the mean atomic weight (per lattice site) of the species
occupying the lattice sites in the compound HiGa; NA is Avogadro's
number and a, is the measured lattice parameter.

Since both NA and a  are known the problem in evaluating the theo-~

retical density reduces to one of determining MNiGa for various defect

structures.

The mean atomic weight per lattice site is given by:

Nyi Nea
Myica 5 Ayiste * c AcastTE (2)

where hNi and NGa are the number of sublattice sites, and AHISITE and

. N . . . . s
AcasiTR 2T the mean atomic weight per sublattice site of the Ni

sublattice and the Ga-sublattice respectively; N is the total number of

lattice sites.

Since NiGa is a B2 compound then from structure symmetry:

Ny, = Ny, = 057 (3)
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Equation 2 may now be re-written:

Myica = 99 Ayggrom * 0°0 st

(4)

Now the effective atomic weight per sublattice site on the Ni-sublattice
is given by:

Ni Ga v
Avistte = fwiBwi tIwidee tTm v (5)
where fgi, fg? and fv

Ni are the fraction of Ni-sublattice sites

occupied by nickel and galljium atoms and vacancies respectively. The
subscripts refer to the sublattice on which the species reside and the

superscripts refer to the identity of the species. The factors ANi’
AGa and AV are the atomic weights of nickel and gallium atoms and

vacancies respectively.
Similarly for the Ga~sublattice:
A fGa

i v
casITE = fga %ga t fga Ay tig A&

(6)

where the same nomenclature convention is used as before.

Now the site fractions occupied by the various spedies on the

Ni-sublattice may be expressed in terms of the number of sublattice

sites occupied by each species:

1 Ga v
N Ny Lo _Mwoov o Mm 1)
moT L ot T mT g

Ni Hi Ni

where Ngi, Ngi and Hgi are the number of Hi-sublattice sites occupied

by nickel and gallium atoms and vacancies respectively.
Y
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Again similarly for the Ga-sublattice:
Ga Nga i G; V') NX; '
gl o G A1 G Y (8)
Ga N Ga N Ga NG .
Ga Ga

Substituting for NNi and NGa from equation 3 into equations 7 and

8 and then using the results in equations 5 and 6 gives:

r-‘

Ayrsime = 15 [ + M Ao, + Ky Av]
| (9)

1 11 -
AcasTTR = Oosw I:Ga Aga * Nr a M * Nea AV]

Consider now the compound Ni(x) Ga(1_x), where x is the atomic

fraction of nickel.

(i) ILet direct substitution be the consitutional defect model

throughout the phase field such that no vacancies occur

(N§i = Nga = 0). The general expressions of equation 9 become:

ANrsiTE = Oe5% [NNi Am Ni Ata
(10)

1 i
AcASITE = 0.5N Ga Ga + NN a Awi —l

Now the atomic fraction of nickel (x) is defined by the

expression
My + Ve, My + Vg,
X = = (11)
R o U L X

Ni Ni Ga Ga
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Iv
Similarly:
Ga Ga
N + Noo
1 = 21 (12)
N
Substituting from 11 and 12 into 10 gives:
1 Ga
AyisiTE = Go5m I: Ayg + (=N - 5G)) AGa.:]
(13)
-1 Ga i
Moastrs = 555 | Yoa fga * ON - Nyp) Am:‘
Substituting from equation 13 into 4 and simplifying gives:
Mysca = ¥ + (1) 4, ] (14)
(ii) Consider the case of a direct vacancy mechanism such that no
substitution occurs (Ng; = Iﬁa = 0). The general expressions
of equation 9 become:
1 i \')
Ay1siTE = Ge5§ [Ngl Bys + Mg Av]

(15)

v
AcasTrE = GosN l:NGa Aca * Vea Av]

- As before:

(i
NN O L g0 L
Nhl + Wi . Ca * Ga N
‘Ga
jGa
and Tex = ,.Ga
aE o yGe
K Ga
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But

Ni | .Ga v v
Mgy + Ng, = N-Ng. - N, (16)

Assuming that the two vacancy types camnot occur together in the same

composition the equation 16 becomes:

i Ga v
Wor o+ Noo = N-N) x €05
(17
i Ga v
Ngi * Ngg = N-Ng, x 70-5
Considering the case of x £ 0-5 and using the equations defining x
gives:
i X Ga
w = =) Y (18)
Ga
But for x £ 0.5 N,, = 0-58
Substituting from 18 into 17 gives:
x v
0-5N [(1_x) + 1] = N-Np,
v x
.s hNi = Q5N |1 - (;:;) (19)

Substituting into 15 from 18 and 19 gives:

]
I_‘

(o
-
N
b2

AxISTTR

[0.51\7 () 4y + 0o58 (32 Av:‘

!—*.

Agastes = Gesn [O'SN AC—a] ' (20)

=4
L



Because NVG = 0 for x £ 0.5,
a
But the atomic weight of a vacancy Av is zero.

Substituting from equation 20 into 4 and simplifying gives:

Mysca = 05 | (Fop) Ay + AGa:] for x £0-5.

Similarly

for x 7 0.5

i

<

wn
.1
ot
'—l

+
T

>
F

Myica

Equations 14 and 21 define the change in the effective
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(21)

(21)

atomic

weight per lattice site with composition (x). Hence from equation 1

the change in density with composition, for the case of direct substitu-

tion (eqﬁation 14) and for the case of the direct vacancy model

(equation 21) can be evaluated.

(iii) Consider now the case where nickel vacancies and nickel anti-

structure atoms are the only constitutional defects present

Ga v

(thus Ny; = Ng, = 0 for all compositions). The general

- relations of equation 9 become:

Ay1siTE = O 5N[ g+ My Av]

1

i
AGASTTE = To5H [ Moo Aca * Toa Ay ]

(22)

Consider now the compound Ni(x)Ga(1€x) and let X = x() 0-5) be some

nickel rich composition which contains only nickel anti-structure atoms;

the lattice is then entirely full.
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Let Nl;i and Nlé; be constant for all x £ X.  Thus the number of
nickel atoms on the Ni-sublattice and the number on the Ga-sublattice
are fixed and compositions (x < X) are achieved by the introduction of
equal numbers of vacant Ni-sublattice and galliuﬁ filled Ga-sublattiice
sites. Hence for a fixed number of nmickel filled lattice sites the
total number of all lattice sites increases with increasing gallium
content. '

let the total number of lattice sites at x = X be N(X) (equal to

the sum Ng; + Ng; + Ng:). From structure symmetry:

v A
vi * Oy = O9N(x)

(23)
Ga i
Mg + Nga = O°SW(y)
But Ngi = 0 from the definition of X. Then by definition:
i i Ni. i
x_Nllgi"'Nga _ Niri‘“nléa (24)
- NI i Ga
Nisri + Nga + 8o ¥x)
Rearranging 24 and substituting from 23 gives for x ='X;
i
g - oy
i .
Nea = (2X-1) 0-5N(,, (25)
Ga _
N, = (1-X) II(X)

Consider now compositions x < X, thus Néi £ O. The total number
of lattice sites N(x) containing the fixed number of sites occupied by
nickel atoms has changed because new sites have been added in going

from composition (X) to (x). =quation 23 now reads:



Ny 4+ Ny

Ni

Ga

But Ny + N

Ni

Substituting 27

Substituting 28 into 26 and rearranging gives:

Summarising

NHi

Ni

Ni
Naa

Ga
1\'Gat

v
Nys

N(x)

results of 27, 28 and 29 and substituting into 26 gives:

Ni

Ga

(

=)

)

O.SN(x)

X N(X)

into 24 and rearranging gives:

X N(X)

(®)

MERIY)

(2x-1) 0-5N(X3

(A=

=)

X N( )

X-x\ .-
( =) B(X)

(

2X=x

" ) N(X)
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(26)

(27)

(28)

(29)

(30)



177
X

Using equations A to D in equation 22 and putting Av (the atomic

weight of a vacancy) equal to zero gives:

ANISITE = Oe5N, < 5N [:0 N x) Am]

AGASITE = 0_5;‘(]{) [(1;:() m(x) AGa + (2)(-1) O’SN(X) A.Ni]

Substituting for N(x) from E and simplifying gives:

Avistre = (G
(31)

1—x '
Aowsrre = (oan) [2KCFD) Agy + (1) 4]

Substituting 31 into 4 and simplifying gives:

Myiga = (“2?}1{3?) [:x Ay + (1) Aca] (52)

It can be seen that equation 32 simplifies to the case of simple
substitution (equation 14) at x = X, which is consistent with an original
boundary condition of the model (that Ng; =0 at x =X).

Finally equation 32 can be used in conjunction with equation 1 to
determine theoretical density values for given values of X. Note that
only if X is equal to 0.5 is the condition that vacancies and anti-
structure 2toms do not occur simultaneously, observed.

Densities calculated for fixed values of X are plotted as a function
of alloy composition in graph . It is assumed that the composition

at which a given fixed X plot and the measured density coincide, the

defect structure defined by the X plot is the one actually present at
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the composition of coincidence, The legrange method was then used
to determine X as a function of the composition (x).

The defect fractions of nickel vacancies and antistructure atoms |
were then evaluated as a function of composition from equations B and D.
The specific functions Z and § defining the variation of the defect
fractions with composition are thus known [_-_see discussion: defect.

structure in NiGa] .
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