The study of flow behavior and governing mechanisms of a titanium alloy during superplastic forming
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Abstract
TA15 (Ti–6Al–2Zr–1Mo–1V) is a near-α titanium alloy and has wide applications in the aerospace industry because of its high strength to mass ratio, good weldability, and superior creep resistance at high temperatures up to 550°C, compared to other titanium alloys. This study investigates the flow behavior and microstructural evolution as functions of temperatures and strain rates during deformations under the superplastic conditions at 880°C /0.01s-1, 900°C/0.01s-1, 880°C/0.001s-1, and 920°C/0.0005s-1. Results showed that this alloy exhibit excellent superplastic behavior for all selected temperatures and strain rates. The maximum tensile elongation of 1450% is achieved at 880°C with a strain rate of 0.001s-1. Flow softening is observed under deformation conditions of 880 °C/0.01s-1 and 900 °C/0.01s-1, while strain hardening is observed at deformation conditions of 880°C/0.001s-1 and 920°C/0.0005s-1. These complex flow behaviors are rationalized by characterizing the underlying microstructures on the interrupted tensile samples using electron backscatter diffraction (EBSD) and backscattered electrons (BSE). The geometrically necessary dislocations (GNDs) density, which is caused by lattice rotation and misorientations and plays a vital role in the plastic constitutive behaviors, was for the first time, systematically revealed. Together with other key microstructures, i.e. grain sizes, texture, phase fractions, the results show that the dominant deformation mode changes at initial, intermediate, and final stages of the deformation. The probable deformation mechanisms, such as grain boundary sliding (GBS) under different deformation conditions, are discussed in terms of grain morphology, GNDs, and texture evolution. Also, it is observed that the β-phase transformation is accelerated during deformation and contributes to the enhancement of superplasticity.
1. [bookmark: _Hlk34041740]Introduction
[bookmark: _Hlk34042944]Titanium alloys are widely used for superplastic forming (SPF) of complex shape aerospace components [1].  Nearly 80% of titanium production is consumed by aerospace industries [2]. For example, in the United States, titanium alloys occupy 34% of F-15 fighter body structural material, mainly used in the fuselage, wings, skins, and other load-bearing components [3]. Similarly, the use of titanium alloy on civil aircraft is ~10% to 15%, of which the Boeing 787 body titanium alloy dosage is ~15%. In terms of the manufacturing method, SPF is the most commonly used technique to achieve complex-shaped sheet parts [4, 5].

The superplasticity of material is intrinsically linked to its microstructures [6-8], where the evolved microstructures concurrently affect the deformation mechanisms and hence govern the superplasticity of the material during SPF. Additionally, the final distributions of the microstructures on the post-formed parts also determine the in-service mechanical performances [9-12] and the structural integrity of the parts. For instance, the grain size < 10μm of the SPF component is considered to benefit the component fatigue life. Therefore, examining the microstructure evolutions during the deformations are essential for developing optimized processing windows to achieve better formability and the desired final microstructures and in-service performances. 
Comprehensive studies on the microstructure evolutions have been performed on α/β type alloys, such as Ti–6A1–4V [13], in superplastic deformation. However, rare studies were performed on the TA15, which is a promising alloy that has been increasingly used in the high-speed lightweight aircraft. 
TA15 is a near-α titanium alloy, which is recently designed as a potential candidate for the aerofoil blades and discs [14-19], due to the increasing demands of high-speed aircraft design with lightweight structures. Compared to the Ti-6V-4Al alloy, an additional small amount of Zr and Mo elements are added to TA15 alloy (Ti-6.5Al-1Mo-1V-2Zr) to control the α/β phase fraction and improve its corrosion and creep resistance. The large-scale integralTA15 components with thin web and high rib complex shapes (e.g. bulkhead) were produced to reduce the weight of the parts and improve the structural performance [20-21].The deformation temperatures of the near-α titanium alloys are usually 30–50 °C below the β-transus temperature (i.e. ~ 985 °C for TA15) to achieve high ductility and thermal stability during SPF and the equiaxed microstructures after SPF [22]. These suggested deformation conditions drive the needs for detailed investigations of both the superplastic behaviors and the associated underlying deformation mechanisms and microstructures of the near-α alloys, which have not been focused on, but are greatly significant for the material flow behavior and the in-service performances.
This paper provides a better understanding of the superplasticity phenomena required to perform SPF via a detailed study of the tensile deformation behavior and the microstructure evolutions of TA15 alloy. Moreover, the investigation above 900°C is particularly relevant for the industrial application of superplasticity due to the possibility of combining superplastic forming with diffusion bonding for producing a hollow multilayer sandwich structure such as rocket exhaust nozzle, jet engine casings or turbine blades. Such understanding can be potentially translated into validated materials models, which can accurately reflect the underlying mechanisms of superplasticity with reasonable accuracy. Consequently, this work could contribute to widening the industrial applications of this promising alloy.
With the above in mind, the main objectives of the present study are as follows:
i. To evaluate the superplastic flow behavior of TA15 titanium alloy at temperatures ranging from 880 °C to 920 °C and stain rates ranging from 0.0005s-1 to 0.01s-1.
ii. [bookmark: _Hlk36292637][bookmark: _Hlk34043429]To investigate the grain size, texture, phase, and GND evolutions. 
With the aforementioned objectives, this study addresses the following main gaps in the literature.
i. Other than being the first comprehensive microstructure evolution investigation during superplastic deformation, the novelty of this work lies in the use of interrupted tensile data for grain size, texture, and GND evolution.
ii. There is no comprehensive study to date, which uses a consistent framework across multiple microstructural attributes (i.e. phase change, grain size, grain orientation, texture, and GND) in superplastic deformation.






[bookmark: _Toc32392419][bookmark: _Toc32419632][bookmark: _Toc32419775][bookmark: _Toc35789893]2.  Materials and Methods 

2.1. Material, specimen design and thermal mechanical testing
The current study used a rolled TA15 alloy sheet with a thickness of 2 mm. This thickness corresponds to the practical SPF in industries. The β-transus temperature of this material is 985°C. The energy dispersive X-ray technique has been used to determine the elemental composition of the alloy, and results are shown in Table 1. 

Table 1. Chemical compositions of TA15 alloy.
	Element
	Al
	Zr
	Mo
	V
	Ti

	Mass%
	6.78
	2.0
	1.24
	1.32
	Bal.

	Impurity
	Fe
	Si
	C
	N
	

	Mass%
	0.050
	0.01
	0.0072
	0.0038
	



The superplastic tensile tests were performed using LETRY-5kN electro-hydraulic servo mechanical testing machine produced by Lichuang Machine Company, Xi’an, China (Fig. 1a). The pull rods of the machine was equipped with cylindrical bearings at both bar ends: upper and lower. This allows the specimen to sit parallel to the applied tension load. The specimen grip boxes were joined to the pull rods using short, double-threaded link rods. The sample dimensions were provided in Fig. 1b. Superplastic tensile specimens with a gauge length of 15 mm, a width of 6 mm, and a thickness of 2 mm were cut in parallel to the rolling direction of the sheet. The dimensions of the tensile samples were determined according to the tensile test setup. Before the tensile testing, the gauge range of each sample was mechanically polished using a series of grinding silicon-carbide papers and finished with the 600 grade. 
In preparation for the superplastic tensile tests, the surfaces of the tensile specimens were coated with oxidation-resistant glass before the tests to avoid the formation of the alpha case layer, which is a surface hardened layer that may be formed at high solubility of oxygen environments [23] The alpha case layer will affect the mechanical properties and lower the tensile ductility during the superplastic tests, and hence reduce the reliability of the tests.  On the other hand, to ensure the accuracy of the controlled temperatures, a conventional three-zone furnace was used to guarantee the uniformity of the temperatures. The temperature was monitored with the attached thermocouples, which were spot-welded on different positions of tested samples inside the upper and lower grip boxes. Additionally, the temperature was recorded and feedback-controlled to ensure that the testing temperature is within ±3°C of the target temperature. This enables higher accuracy of the tests, where the ASTM standard for superplastic testing allows a tolerance of ±6°C. The load cell was installed on the bottom fixed crosshead to avoid any heat input due to the radiation from the furnace and enable more accurate load records. 

[image: ]
Fig. 1. (a) Hot tensile testing system used in this study (b) dimensions of the uniaxial hot tensile specimen (c) schematic representation of the thermo-mechanical processing route.
The detailed procedures of the superplastic tensile testing and heat treatment are presented in Fig. 1c. The heating rate is determined based on the average heating rate of a conventional furnace heating, whilst avoiding any possible temperature overshooting issues. The specimens were firstly heated using 10 °C/min to a temperature that was 100 °C lower than the target temperature. Then a slow heating rate, 3 °C/min, was applied until the specimens achieving the target deformation temperature, Ttarget. Subsequently, the specimens were held at Ttarget for 15 minutes to eliminate the thermal gradient of the sample and enable the furnace to attain an equilibrium temperature distribution. Finally, the specimens were superplastically deformed at the designed temperatures and strain rates to various strain levels, followed by water quenching to freeze the deformed microstructures. 
To ensure the superplasticity, the deformation rate must be constant. Thus, the machine must increase the cross-head speed as the sample is subjected to elongation. Assuming constant volume, the machine cross-head velocity V was determined as 


Where  is the initial gauge length,  is the engineering strain defined as  and  is the target or total strain-rate and can be decomposed in different terms as 

where  is the sample plastic strain rate,  is the sample elastic strain rate and  is the elastic strain rate of the different parts of the loading machine. Since the applied load and strain-rates were relatively low, and the load frame has high rigidity, the elastic strain rate term for the machine was excluded. The sample elastic strain-rate was also omitted since this was estimated a couple of orders of magnitude lower than the plastic counterpart. The target strain rate () was achieved by measuring and recording the instantaneous length () of the specimen in real time and then adjusting and controlling the instantaneous cross-head velocity V of the specimen through the PID control system. 

The deformation temperatures are 880°C and 920°C and strain rates are 0.01s-1, 0.001s-1 and 0.005s-1. The full matrix of the testing conditions (i.e. deformation temperatures, strain rates, and strain levels) are given in detail in Fig. 2. For clarity, the tests under each condition were firstly stretched to fracture to obtain the total elongation and the viscoplastic stress-strain curves. Then tests under identical conditions were interrupted at selected strain levels, as given in Fig. 2, aiming to examine the microstructure evolutions and distributions.
[image: ]
Fig.  2. The interrupted thermomechanical Testing conditions for microstructure examinations

2.2. Microstructure Observation
The deformed and as-received samples were subjected to a scanning electron microscope (SEM), and electron backscatter diffraction (EBSD) characterization to reveal the superplastic deformation mechanism. The microstructure characterization samples were cut along the transverse direction, as shown in Fig. 1b. These samples were mechanically grinded using 2500 and 4000 grit papers followed by polishing with 70:30 colloidal silica (40 nm particle) and hydrogen peroxide solution. The samples for SEM backscatter characterization were subsequently etching by Krolls reagent (1-3mL HF, 2-6mL HNO3, and 100mL water) for 10 seconds. 
EBSD can measure the grain orientation, grain size, and texture variation by point-to-point interrogating and indexing the formed electron diffraction patterns. Also, regarding the stored dislocation density measurement, the EBSD technique can reveal the geometrically necessary ones, which cause geometrical lattice rotation in the crystal lattice. In contrast, the statistically stored dislocations are not accessible by EBSD. Even EBSD cannot reveal the total dislocation density; it is probably the most appropriate technique to quantitatively evaluate the stored dislocation density (GND) in a statistically representative volume as it allows both the observation of the dislocation structures and in the meantime gives quantitative average dislocation density value over a relatively large mapping area [24]. A reasonable correlation was achieved between the EBSD recovered GND density and total dislocation density by comparing various dislocation characterization techniques, such as TKD-TEM [25] and Pitting techniques [26]. This confirms the representability of the EBSD estimated GND density for the total stored dislocation density. Thus, EBSD is chosen as the characterization tool in this study.  
The EBSD analysis was performed with a step size of 0.4 µm and a scan area of 248.4 × 186.9µm. The alpha grain size, orientation maps, pole figures (PFs), inverse pole figures (IPFs), and geometrically necessary dislocations (GND) density were calculated. The EBSD scan surface is on the rolling free surface (RD-TD). Table 2 shows the value of parameters specified by the standard for grain measurements using EBSD [27].
The GND densities were calculated from the EBSD measurements via the MTEX toolbox using a methodology outlined below. Due to the existence of hard and soft orientations in the predominant HCP α phase [28] at a deforming temperature of 880-920°C, the local deforming mechanism is complex. The local deformation mechanism at the microstructural level can be investigated by calculating GND density and the distribution in individual grains [29].  The state of dislocations represented by a second-order dislocation tensor proposed by Nye [30] was resolved by studying the rotation gradient tensor from EBSD measurements. As the conventional 2D EBSD can only collect information on the specimen surface, only lattice rotation gradients along  and  directions are measurable. The GND calculation process is based on the method described by Pantleon [31] using six available curvature tensors (five dislocation density tensors and one difference between two dislocation tensors). 

[bookmark: _Hlk33545625]The GND density was calculated using MATLAB™ toolbox MTEX with self-developed routines. A total of 33 potential dislocations are likely to present in  phase: 3 types of<a> edge on basal planes; 3 types of <a> edge on prismatic planes; 6 types of <a> edge on pyramidal planes; 3 types of <a> screw; 12 types of <a+c> edge on first-order pyramidal slip planes; 6 types of <a+c> screw (The list of slip systems can be seen in work done by Jun et al [32]. Different dislocation types have different line energies and contributions to the total energy of the dislocations in the material. The line energy of each kind of dislocations was used as weights; the objective function was to find the minimal weighted sum of all dislocation densities. According to Frank’s rule,  (where  is a constant,  is the shear modulus,  is the magnitude of the Burgers vector), the energy of a < a+c > edge dislocation is bigger than a <a> edge dislocation by a factor of 3.51. The energy of a < a > edge dislocation shall be bigger than < a > screw dislocation by a factor of 1/(1-) [31], where is the Poisson’s ratio. 
Table 2. EBSD operating parameters [33]
	Description
	Value

	Grain misorientation
	5 degrees

	Points per grain
	>100

	Cleanup (dilation)
	<10% of points modified

	Scan area
	>50 whole grains

	Total no. of grains
	>500



The EBSD measurements were performed by Hitachi S-3400N at an operating voltage of 25kV, an aperture size of 120 μm, a working distance of 20 mm and a step size of 0.4 μm. These images were used to quantify the αan β-volume fraction as the amount of β phase retained at room temperature in near αalloy is very low, and it is hard to index this phase reliably using EBSD [34]. Note that the α-phase can be either αp (primary alpha), which is present at high temperature or αs (secondary alpha) which forms when the β phase transforms during the subsequent cooling. This αs was used to quantify the β volume fraction at the hot superplastic deformation stage. The ImageJ software was then used to measure the relative percentages of α and β grains by the large contrast between these phases.
[bookmark: _Toc32392420][bookmark: _Toc32419633][bookmark: _Toc32419776][bookmark: _Toc35789894]3. Results 
3.1. [bookmark: _Toc32392421][bookmark: _Toc32419634][bookmark: _Toc32419777][bookmark: _Toc35789895] Microstructure of the as-received material
According to the BSE micrograph (Fig. 3a), the initial as-received microstructure typically consists of a two-phase structure of α (dark region), and β (bright region). The volume fraction of α and β phase are estimated to be 94% and 6% respectively, and β-phase is randomly distributed in α-phase matrix. The histogram map in Fig. 3b and EBSD map in Fig. 3c displays the grain size distributions, where the initial material mainly consists of fine equiaxed grains with an average grain size of less than 4μm. The grain size distribution of the as-received materials, varying from 0.1μm to 11.5μm.
[bookmark: _Hlk28804505]Fig. 3 (c, d & e) depicts the EBSD Inverse Pole Figure (IPF) Z results, showing grain orientation and texture distribution of the as-received material. It can be seen that the initial microstructure consists of fine equiaxed grains but with a preferred orientation, which may be attributed to the pre-rolling and subsequent insufficient annealing treatment. It can be observed that the microstructure of the as-received sheet exhibited strong rolling textures, which is dominated by basal texture direction [0001] with the maximum texture intensity of 4.9 multiples of random distribution (MRD). The GND density distribution map of this cold-rolled titanium is shown in Fig. 3f, which demonstrates that the initial material has a high stored dislocations density as the average GND density is calculated as 3.47 x 1014 m-2.
[image: ]

[bookmark: _Toc34912819][bookmark: _Toc35792457]Fig. 3. SEM and EBSD analyses of the microstructures in the initial material: (a) BSE image (b) grain size distribution (c) grain orientation map (d) inverse pole figure (e) pole figure (f) GND density map

3.1 Viscoplastic behaviors under superplastic conditions
i. The true stress-strain curves for the hot tensile tests conducted at 880 °C / 0.01s−1, 900 °C / 0.01s−1, 880 °C / 0.001s−1 and 920 °C / 0.0005s−1 are presented in Fig. 4. The effects of temperature on viscoplastic behavior under the superplastic condition can be evaluated by comparing the flow stress curves of880 °C / 0.01s−1and 900 °C / 0.01s−1. Whereas the effects of strain rates can be investigated by comparing 880 °C / 0.01s−1 and 880 °C / 0.001s−1. 920 °C / 0.0005s−1 is an extreme condition with the highest temperature and lowest strain rate as a reference. All flow stress curves exhibit excellent superplastic behavior, and the achieved elongations are tabulated in Table 3. A graphical analysis of the curves confirms the following: 
ii. No steady flow stress was observed under all testing conditions, where significant strain-hardening and -softening behaviors present, depending on the strain rates and temperatures. 
iii. Strain-softening dominants at higher strain rates(i.e. 0.01/s-1), while strain-hardening dominants at lower strain rates (i.e. 0.001/s-1 and 0.0005/s-1).
iv. The morphologies of the strain-softening flow curves (i.e. under 880 °C / 0.01s−1 and 900 °C / 0.01s−1) could be classified into (a) elastic phase, (b) transition phase (c) flow softening phase, and (d) localized necking phase.
v. The morphologies of the strain-hardening flow curves (i.e. under 880 °C / 0.001s−1 and 920 °C / 0.0005s−1) could be classified into (a) elastic phase, (b) transition phase (c) work hardening phase, and (d) localized necking phase.
vi. At the lowest temperature (880°C) and the highest strain rate (0.01s-1) the flow curve exhibits continuous flow softening;
vii. At medium temperature (900°C) and the highest strain rate (0.01s-1), the work hardening overcome the flow softening between the true strain of 0.5 (the stage D) and 1.5 (stage E). 
Further rationalizations of the stress-strain relationships are discussed in section 4.

[image: ]
[bookmark: _Toc32437770][bookmark: _Toc34912820][bookmark: _Toc35792458]Fig. 4. Viscoplastic behaviours of TA15under the deformation conditions: 880 °C/0.01s-1, 900 °C/0.01s-1, 880 °C/0.001s-1 and 880 °C/0.0005s-1. Note that labels A to L denote the interrupted stages of the tensile tests, corresponding to Fig. 2.
.





Table 3. Percentage elongation during superplastic deformation of TA15

	[bookmark: _Hlk26871036]Temperature (°C)
	Strain rate (s-1)
	Elongation δ

	880
	0.01
	749%

	900
	0.01
	800%

	880
	0.001
	1470%

	920
	0.0005
	1400%



To calculate the strain rate sensitivity and activation energy, the relationship between the flow stress (), strain rate () and temperature (T) during hot deformation can be expressed using the below Arrhenius equation:

where  is the strain rate, σ the flow stress, A is a material constant, R is the universal gas constant, T is the absolute temperature in kelvin, Q is the activation energy and n is the stress exponent, which is the inverse of the strain rate sensitivity m:

Taking natural logarithm on both sides of Eq (1), it can be expressed as follows: 

For a constant strain rate  and applying partial derivative of Eq. 3, the activation energy, Q, can be expressed as:

The schematic representation of the results derived from Eq. 2 and Eq. 4 are shown in Fig. 5.
	[image: ]
[bookmark: _Toc32437771][bookmark: _Toc34912821][bookmark: _Toc35792459]Fig. 5. (a) Strain rate sensitivity (b) activation energy
Further rationalizations of Fig. 5 are discussed in section 4.

3.2. [bookmark: _Toc32392423][bookmark: _Toc32419636][bookmark: _Toc32419779][bookmark: _Toc35789897][bookmark: _Hlk26874174] Evolution of Beta phase
[bookmark: _Hlk25419376]The microstructure of undeformed material mainly consists of the α-phase (HCP) with 6% retained β-phase (BCC). All tensile tests are performed in the temperature range from 880 to 920 °C, hence phase transformation, from the α to β, may occur. After water quenching, the β-phase will be entirely or partially transformed into a martensitic type α, called as secondary αs. This secondary αs is used to quantify the β-phase transformation during thermomechanical tests. Fig. 6 shows the evolution of β-phase using SEM-BSE micrographs for different strain rates and deformation temperatures. For the temperature 880 °C and strain rate of 0.01s-1, it can be observed that at the early the stage of the deformation, the β-phase increases by 10% from the stage A to the stage B. At stage B, the quantitative fraction of the β-phase is 17% and at fractured point C it is quantified as 20%, so the increase is just 3%. At the same time, the corresponding flow curve shows a sharp drop of stress value from 70 MPa to 10 MPa, and this drop alone can’t be attributed to the increase of β-phase. 
For the deformation conditions of 900 °C and 0.01s-1, it is revealed that at stage D, E and F, the β-phase fraction is quantified approximately as 19%, 25%, and 49% respectively. From the initial stage to stage D, the fraction of β-phase increases by ~13%. 
For the strain rate of 0.001s-1 and temperature 880 °C condition, the fraction of β-phase at stage G, H, and I is quantified as 18%, 25%, and 32%, respectively. There is an increase ~7 % in the fraction of β-phase in the transition from stage G to stage H, the stages which lie relatively close to each other, as shown by the morphology of the corresponding flow curve. While on the other hand, the increase in β-phase is also 7% between the stages H and I, the stages which are relatively highly departed in contrast to the stages G and H. Similarly from the flow curve it is evident that there is continuous strain hardening beyond the stage G. Keeping in the view of the softness of β-phase and the relatively low transformation of β-phase from the stage G to I, this strain hardening can be potentially due to the grain growth. For this flow stress curve, the maximum elongation has been reported. The literature [35] suggests the optimum α/β ratio of 80:20 for grain boundary sliding (GBS) to be the dominant mechanisms for superplastic deformation, as the sliding resistance analyzed for the different boundaries is lowest in the α/β boundary, and increases on the order of α/β≪α/α∼β/β [36]. Therefore, the features of these results (α/β ratio 75:25) found in this study suggest that the optimal GBS was achieved and, as a result, the maximum elongation. 
Finally, for the strain rate of 0.0005s-1 and temperature 920 °C case, the fraction of β-phase at the stage J, K and L are quantified as 15%, 15%, and 40%, respectively. Like the flow curve of 880 °C and 0.001s-1, the stage J and K on the curves are relatively close to each other, and the fraction of β-phase remains approximately constant, while from stage K to the stage L, the fraction of β-phase is increased by 25%. Moreover, for the said flow curve, the second maximum elongation has been achieved, which can be attributed to the high fraction of β-phase, 15% at stage K, and almost evolved to 40% at the point of fracture.
By comparing the phase transformation for 880 °C/0.01s-1 to 900 °C/0.01s-1, it can be observed that in the final fractured samples, the phase transformation considerably increased from 20% to 49% which means that for a specific strain rate, the increase in the deformation temperature can significantly accelerate the evolution of β-phase. 
Referring to the results at 880°C/0.001s-1, the evolution of β-phases changes from 20% to 30%. At a constant operating temperature of 880 °C, as the strain rate varies from 0.01s-1 to 0.001s-1, the microstructure of the specimen changes in two aspects. One is that the grains of α and β phases grow with decreasing strain rate, and the other is that the volume fraction of the β-phase increases with decreasing strain rate. The phenomena of α and β phases grains growth are the main possible cause for the increase in stress level for the flow stress curve representing the superplastic deformation at 880°C and strain rate of 0.001s-1. Being having BCC structure, the β-phase requires relatively low flow stress values at higher temperatures due to its abundant slip system in contrast to α phase (HCP structure) [37]. Thus, the increase of β phase fraction is of benefit to the decrease of the flow stress. The elongation of the specimen increases with the increase of the β phase fraction at a strain rate of 0.001s-1(880 ℃), which shows that the β phase fraction increase improves the superplasticity of TA15 alloy. It is generally believed that the α/β and β/β boundaries increase and α/α boundary decreases with the β phase fraction increase; thus the superplastic formability increases owing to the contribution of α/β boundary sliding [36]. When the fraction of β-phase reaches about 30% (at 880 ℃/0.001s-1& 920°C/0.0005s-1), the superplasticity of TA15 reaches the highest value. However, the increase of β volume fraction can also induce microstructural changes associated with static and dynamic grain over-growth, which leads to the deterioration of superplasticity [38]. When the temperature is 900 ℃, 49% β-phase is attained. This high β-phase volume fraction leads to a decrease in the elongation. In all of the deformation stages, the morphology of the phases following very high elongation remained equiaxed, which is a typical characteristic of superplasticity [39, 40].



[bookmark: _Hlk32331864][bookmark: _Toc32437772][bookmark: _Toc34912822][bookmark: _Toc35792460][image: ] Fig.  6. BSE images of phase structure evolutions during deformations at stages A, B, C, D, E, F, G, H, I, J, K & L of stress-strain curves.



3.3. [bookmark: _Toc32392424][bookmark: _Toc32419637][bookmark: _Toc32419780][bookmark: _Toc35789898]  Grain size evolution 
A quantitative description of grain size distributions and the average grain sizes under the studied conditions are shown in Fig. 7. It can be observed that moving forward from stage A to C for the deformation conditions of 880°C/0.01s-1, the average grain sizes decrease from 7.92μm to 3.90μm, which is in good agreement with the flow softening behavior of the corresponding stress-strain curve. At the stages, A, B, and C, the major area fraction of grains are covered by the sizes of 3.7μm, 3.5μm, and 4μm, respectively. Overall as the deformation continues from stage A to stage C, the volume fraction of the larger grain size increases while the volume fraction of smaller grain size decreases. Similarly, moving from point D to F for the deformation condition of 900 °C/0.01s-1, the average grain size varies from 6.2μm to 4.91μm, which again is in agreement with the flow softening behavior for the corresponding stress-strain curve. No apparent grain growth (compared to the grain size in the initial microstructure) is observed for the specimens deformed with a strain rate of 0.01s-1 and at temperature 880 °C and 900 °C. 
On the other hand, among the specimens tested at the lower strain rates of 0.001s-1 and 0.0005s-1, exhibit significant grain growth estimated as ~116% and ~301% to the initial as-received microstructure, respectively. Significant dynamic grain growth is found for points G, H, I and J, K, L which corresponds to the deformation condition of 880°С&0.001s-1, 920 °С &0.0005s-1, respectively. It can be seen from Fig. 7 that the grain growth for these conditions is initiated at the beginning of the superplastic deformation and the grain size increases with an increase of the strain. Further rationalization of the grain size evolution is discussed in detail with the correspondence of GND evolution in section 4.



[image: ]
[bookmark: _Toc32437773][bookmark: _Toc34912823][bookmark: _Toc35792461][bookmark: _Hlk32332628]Fig.  7. Evolution of grain size in TA15 during deformation stages (A, B, C, D, E, F, G, H, I, J, K & L) illustrated in Stress-Strain Curves.
3.4. [bookmark: _Toc32392425][bookmark: _Toc32419638][bookmark: _Toc32419781][bookmark: _Toc35789899]  Texture Evolution
During the superplastic deformation process, the sliding surface and sliding direction of the grains gradually shift in the main deformation direction and progressively change the original crystal orientations. Such a phenomenon is termed as texture evolution. It is well known that the anisotropic mechanical properties of a material are significantly affected by its texture [41] and the texture evolution also reflects the occurrence of grain boundary sliding mechanism. Therefore, studying the texture evolution and distribution during the superplastic deformation is of value. 
[bookmark: bf0040][bookmark: bf0045]Texture analysis has been used to study the mechanisms of superplasticity in various alloys. [42-46]. Fig. 8 shows the grain orientation maps, and the corresponding inverse pole figures and pole figures with different deformation levels are presented in Fig. 9. The colors in Fig. 8 represent the crystal orientations of the alpha phase, where  color key is provided. The pole figures, as given in Fig. 9 of  <0001> contain both the maximum and the minimum texture intensities under all conditions. The texture intensities from the color bars are expressed in multiples of random distribution (MRD) and multiples of the uniform density (MUD) for the inverse pole figures and the pole figures, respectively.
[bookmark: _Hlk32318919]Considering the texture evolution of 880°C/0.01s-1 (i.e. stages A, B and C), it can be observed from Fig. 8 that at a low strain value of 0.25 (i.e. stage A), the microstructures retained sharp textures, which is dominated by [0001] basal textures (Fig. 9), and the maximum texture intensity is estimated as 6.7 (MUD). Further deformation slightly weakened the texture (i.e. stage B), where the maximum texture intensity to 5.8. At the fractured stage C, the grain orientation distribution significantly randomized with a maximum texture intensity of 2.4, as shown in Fig. 9. Considering the grain sizes, as shown in Fig. 8, the initial coarse grains at the stage A are refined from 5.66 µm to 3.9 µm at stage C. The concurrently refined grain sizes may facilitate the grain rotation and sliding and lead to a weaker final texture. Moreover, the retention of the basal plane [0001] for all three deformations, the stages, i.e., from stage A to fractured stage C, can be attributed to the slow grain rotation during superplastic deformation. These results provide evidence to support that the GBS is active, and the grain rotation acts as a strain accommodation mechanism.
For the deformation conditions of 900°C/0.01s-1 (i.e. stage D, E and F), it can be observed that the maximum texture intensity monotonously decreases from 4.2 to 1.4 (MRD), which leads to the randomization of the initial texture, as shown in Fig. 9, indicating the occurrence of the grain boundary sliding mechanism. As shown in Fig. 9, the strong basal plane textures [0001] at stage D is completely disappeared at the stage F. From the grain orientation map in Fig. 8, the average grain sizes reduced from 6.2 µm (i.e. stage D) to 4.24µm (i.e. stage E), and then 4.91 µm (i.e. stage F). The smaller grain sizes during the deformation may contribute to the grain rotation, and leads to weakened textures. It is worth mentioning that the texture intensity at stage E closely matches that at stage C (the fractured stage). This suggests that GBS and grain rotation can be considered as a prime deformation mechanism at the deformation conditions of 900°C/0.01s-1.

For the deformation condition of 880°C/0.001s-1, the initial stage G has an average grain size of 5.1μm, and the texture intensity decreases from the initial undeformed 11 to 6.2, which indicates the phenomena of GBS/grain rotation. The drop in the texture intensity to 4.5 at the next stage H is much bigger for a corresponding small variation in true strain from 0.16 to 0.43, which suggests that at this stage, the GBS/grain rotation is the dominant mechanism. The average grain size at stages H and I are 5.64μm and 8.07μm, respectively, which can still be considered as favorable for the GBS/grain rotation to occur at the deformations of 880°C/0.001s-1 so consequently the texture is randomized at fracture stage I. 

For the deformation conditions of 920°C/0.0005s-1 (i.e. stage J, K and L), the maximum texture intensity significantly dropped at the early stage of the deformation from the 4.9 (the initial undeformed material) to 2.6 (stage J). As the deformation continues from stage J to L, a slightly drop in the maximum texture intensity was observed from 2.6 to 2.1. The evolution of the texture intensity values indicates the facilitated GBS at the early stage of the deformation (before stage J), while the contribution of the GBS reduces at the later stage of the deformation (stage J to L). 

Referring to the corresponding stress-strain curve in Fig. 8, the phenomenon of continuous strain hardening was observed for the deformation conditions of 920°C/0.0005s-1.  In addition, referring to the evolution of grain size in Fig. 8, it can be inferred that there is a continuous grain growth. Thus, the relatively weak drop in textural intensity from stage J to stage L may be attributed to the grain growth, which limits the extents of GBS and grain rotation, hence a strain hardening behavior. It is worth noting that the significant randomization of the texture is achieved at the very first the stage (before stage J) rather than at the fracture stage, which was observed in the other cases of the deformation in this study. The soaking time of 15 minutes at this high temperature is believed to be the reason for the observed behavior. Exposing the as-received material to a temperature of 920°C for 15 minutes, the possibility of dynamic recovery (DRV), and dynamic recrystallization (DRX) can be very fast, and the ideal grain size required for GBS can be achieved during the soaking period. In addition, when the sample is pulled at 920°C with a relatively low strain rate of 0.0005s-1, the GBS/grain rotation can work efficiently, and the initial texture of 4.9 is considerably reduced to 2.6 just at the beginning (the stage J) of the stress-strain curve. There is continuous grain growth, which will lead to slow grain rotation and GBS and increases with the flow stress. At a high annealing temperature of 920°C, the recrystallized grain growth occurs and results in a weakening of cold rolling texture. Therefore, at the start of the tensile deformation, the texture components intensities were dropped.
Moreover, the optimum strain rate for superplasticity increases with decreasing grain size when grain boundary sliding (GBS) is the dominant process [47]. If the grain size is small (as in the case of 880 ℃/0.01s-1 and 900 ℃/0.01s-1), then the corresponding superplastic region shifts to a relatively higher strain rate of 0.01s-1. Similarly, if the grain size is large (as in the case of 880 ℃/0.001s-1 and 920 ℃/0.0005s-1) then the corresponding superplastic region shifts to a relatively lower strain rate of 0.001s-1 and 0.0005s-1. Consequently, the randomization of texture is observed for both insignificant and significant grain growth scenarios. 
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[bookmark: _Toc32437774][bookmark: _Toc34912824][bookmark: _Toc35792462]Fig.  8. Grain Orientation maps of TA15 during deformation stages (A, B, C, D, E, F, G, H, I, J, K & L) of stress-strain curves.
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[bookmark: _Toc32437775][bookmark: _Toc34912825][bookmark: _Toc35792463]Fig.  9. Texture evolution of TA15 during deformation stages (A, B, C, D, E, F, G, H, I, J, K & L) illustrated in stress-strain curves.




3.5. [bookmark: _Toc32392426][bookmark: _Toc32419639][bookmark: _Toc32419782][bookmark: _Toc35789900]  GND Evolution
Geometrically necessary dislocation (GND) density is high in the as-received materials and the average GND value is quantified as 3.47 x 1014, as shown in Fig. 10, which means that the initial material has high stored strain energy. Furthermore, it can be observed that the GND distribution of the as-received material has a channel-like structure which tends to form the cellular patterns. As described in Section 2.1, prior to hot tensile deformation, the samples are soaked for 15 minutes at the corresponding deformation temperatures (e.g. 880 °C, 900 °C and 920 °C), where annealing will be triggered with significantly reduced dislocation density due to the static recovery process [48].
For the deformation condition of 880°C/0.01s-1, after annealing for 15 minutes, when the as-received TA15 alloy is pulled at a strain rate of 0.01s-1 till the stage A, the average GND value is quantified as 8.89 x 1013m-2. As shown in Fig. 10, the detailed observation of the GND map at stage A indicates that there are some large grains without dislocations, which is signified by the blue color. Also, some dislocation-free small grains can be observed which support the creation of new recrystallized grains. In addition, these channel-like GND distribution, can be seen in the form of cellular or sub-grain patterns/structures, which implies the occurring of continuous dynamic recrystallization (CDRX) process. These results are consistent with the literature which reveals that CDRX is a recovery dominated process and proceeds by continuous absorption of lattice dislocations, generated during the deformation process, into sub-grains boundaries (without a change in the sub-grain size) [49-51]. As the deformation continues to stage B, the average GND drops to 6.80 x 1013 m-2, which leads to the dropped flow stress from stage A to stage B (Fig. 10), where dislocation glide dominates the deformation with negligible GBS, as evidenced by the rarely changed texture in Fig. 9. While moving from stage A to stage B, the grain refinements are observed, which implies that the impingement of large dislocation-free grains and the onset of grain refinement. At the fracture stage C, the average GND further drops to 5.0 x 1013 and the GND distribution is different from the stages A and B, which implies that the deformation mechanism from the stage B to C differs from the stage A to B. This may explain that from the stage A to B, the process of dynamic recovery and recrystallization occurs, and the grain refinement is attained somewhere between the stages B and C. These refined grains would accelerate the process of grain boundary sliding, which can be supported with the corresponding texture evolution shown in Fig. 8 and 3.9. 
For the deformation condition of 900°C/0.01s-1, after annealing for 15 minutes, when the as-received TA15 alloy is pulled till the stage D, the average GND value is quantified as 6.20 x 1013m-2. The trend and characteristics of GND evolution at stage D resemble to stage A. At stage E, the number of GND increases by 18% to 7.30 x 1013m-2. As the deformation continues to the fracture stage F, the average GND drops to 5.70 x 1013m-2, which shows a decrease of 22% and 8% compared to the corresponding value of GND at the stage E and D, respectively. It can be observed that at the fracture stage F, the distribution of GND is almost the same as at stage E. This can be explained as that from stage D to E there is a process of dynamic recovery. 
For the deformation condition of 880°C/0.001s-1, after annealing for 15 minutes, when the as-received TA15 alloy is pulled till the stage G, the average GND value is quantified as 5.60 x 1013m-2, which is considerably lower than that at stage A (deformed at the same temperature but at higher strain rate 0.01s-1). This infers that the lower strain rate provides more incubation time for DRV and DRX. During the initial stages of deformation, there is an increase in the flow stress as dislocations interact and multiply. Moving to stage H the GND further drops to 4.20 x 1013m-2and the dislocation distribution is almost similar to stage G but with some deformed grains. As the deformation continues to stage I, both the GND value and distribution remain practically constant.
For the deformation condition of 920°C/0.0005s-1, after annealing for 15 minutes, when the as-received TA15 alloy is pulled till the stage J, the average GND value is quantified as 2.79 x 1013m-2 which is the lowest GND value among all the corresponding the stages (i.e. A, D, G). At the deformation continues to the stages K and L, the GND almost remain constant with a slight drop.
[bookmark: _Toc35792464][bookmark: _Toc32437776][bookmark: _Toc34912826][bookmark: _Hlk32333914][image: ] Fig.  10. GND evolution of TA15 during deformation stages (A, B, C, D, E, F, G, H, I, J, K & L) of Stress-Strain Curve 
[bookmark: _Toc32392427][bookmark: _Toc32419640][bookmark: _Toc32419783][bookmark: _Toc35789901]4. Discussion
In this section, the overall superplastic results presented in the above six subgroups (section 3.1 – 3.6) are integrated, as shown in Fig. 11 and discussed to provide a better understanding of the underlying deformation mechanism of TA15 alloy during superplastic deformation. Theoretically, different processes can occur such as (i) grain boundary sliding accommodated by dislocation slip/creep, diffusion creep and grain rotations [39, 52, 53] (ii) dynamic recovery and recrystallization [12, 14, 42, 53-56], and (iii) dynamic grain growth [57-59]. It is widely accepted that grain boundary sliding is the main mechanism for superplasticity of Ti alloys, and grain boundary sliding is accommodated by diffusion creep, and dislocation slip/creep or both [42; 46, 59-66].
The detailed microstructural analysis of the deformed TA15 alloy reveals that the predominating deformation mechanism varies as a function of true strain, strain rate, and deformation temperatures. Superplastic deformation mode of grain-boundary-sliding is also evolved in relation to β-phase transformation, the occurrence of continuous dynamic recrystallization process, and grain-growth during deformation.
[bookmark: _Toc32437777][bookmark: _Toc34912827][bookmark: _Toc35792465][image: ]Fig.  11. Quantitative illustrations of the results presented in section 3: (a) true stress-strain curves (b)  β-phase evolution (c) Grain size evolution (d) texture evolution, and (e) GND evolution 

It is demonstrated from the experimental results that the deformation conditions of 880°C/0.01s-1 and 900°C/0.01s-1 show some similar deformation behavior. It can be inferred that for the deformation behavior from stage A to C and stage D to F; there is a continuous process of dynamic recovery (DRV), dynamic recrystallization (DRX), and grains refinement. It is because of initial fine grain size (which stores high store energy in the form of dislocation) and adiabatic heating, which locally increase the temperature at a high strain rate of 0.01s-1. In addition, the high strain rate leads to cavity initiation at α/β grain boundaries [67], rapid propagation and ultimate fracture so that the steady-state cannot be easily maintained [68]. Another explanation for this cavity initiation is that at a temperature of 880 and a strain rate of 0.01s-1, there is not enough β phase to accommodate the sliding of grains [53]; as a result, the cavities are left which leads to fracture. The presence of such cavities at a high strain-rate can be supported with the microstructure of the fracture stage C near the necking region (Fig. 12). 
At 900°C/0.01s-1, the formation of cavities is minimal (Fig. 12), which can be attributed to a relatively high-volume fraction of β-phase (49%) at given conditions. The soft β-phase accommodates the GBS to reduce the propensity for cavity nucleation at a triple-junction of grains and, thus, delays the fracture process [69]. Consequently, the drop in the flow stress at 900°C/0.01s-1 can be attributed to the presence of higher β-phase.
[image: ]
[bookmark: _Toc32437778][bookmark: _Toc34912828][bookmark: _Toc35792466]Fig. 12.SEM micrographs of void formation in the neck region of the fracture stage  sample

As shown in Fig. 3, the initial average grain size of as-received material is 3.8μm, and most of the grain distribution fraction is covered by grain size smaller than 1.7μm. This fine grain size itself is very unstable. In order to lower its energy, it will try to grow in size. Similarly, the existence of pre-deformation dislocations and the high stacking fault energy of titanium alloys at such high temperatures will enhance the process of the dynamic recovery by dislocation glide and climb. At the stages A, B and D, there is a heterogeneous distribution of GND, implying that there are grains with and without accumulation of GNDs. The GND density is high in some of the small grains, and its structure is similar to the initial material. This characteristic implies that there is a process of DRV and DRX at initial and intermediate the stages of deformation where some GNDs are annihilated and recovered, which resulted in relatively larger grains without dislocations while some are still in the process of recovery and recrystallization. From the textural analysis (Fig. 8 and Fig. 9), it can be inferred that at the deformation the stages A, B and D, the microstructures still exhibited strong textures, which is dominated by [0001] basal plane texture and the maximum texture intensity is estimated as  3.4, 3.6 and 4.2 (MRD) respectively, which implies that GBS/Grain rotation was minimal for the initial deformation the stages of A and B. In Fig. 4, the sharp increase of the stress from the undeformed the stage to the stage A can be attributed to strain rate hardening as it can be seen that dislocation density is dropped from initial 3.50 x 1014 m-2 to 8.89 x 1013 m-2 due to the process of dynamic recovery (DRV) which means that work hardening is not a dominant mechanism for the increase in the yield stress and this increase can be attributed to the strain rate sensitivity. It is reported that the reduction in the GND density negates the occurrence of strain hardening, which is usually coupled with the increase in dislocation density [70, 71]. At high strain rates, the dislocations do not have sufficient time to slide or climb [72]. Similarly, for the deformation stage D, it can be observed that the peak stress of the alloy decreased from 94 MPa (Point A) to 58 MPa (Point D) when the temperature increased from 880 °C to 900 °C at a strain rate of 0.01s-1. This might because of the increased mobility of grain boundaries and the promoted annihilation of dislocations at higher temperatures [73].

[bookmark: _Hlk29802194][bookmark: _Hlk29490731][bookmark: _Hlk29802249]From the grain size analysis (Fig. 7), it can be seen that the initial average grain size is 3.8μm increases to 5.66μm and 6.2 μm at stage A and stage D, respectively. This increase can be explained as due to the adiabatic heating which will locally increase the temperature, and hence expedite the process of dynamic recovery and grain growth till the stage A and the stage D. Similarly, from the stage A to B there is a slight grain refinement 5.13μm, but a significant drop of stress from the stage A to the stage B. This drop in stress can be attributed thermal softening caused by adiabatic heating which offsets the work hardening effect [74] by converting most of the plastic work into heat [75] and hence expedite the process of grain refinement. From stage B to stage C, grain refinement is achieved, which will make it easier for the GBS/grain rotation to occur and will complete the randomization of texture. In addition to grain refinement, the GND distribution at stage C (the fractured the stage of the sample) is substantially different from that of stage A and stage B, which signifies that the deformation mechanism is changed from the stage B onward. The deformation mechanism change from stage B to stage C can also be explained with the help of analyzing the texture analysis as it can be seen that the texture intensity is dropped from 3.6 to the maximum of 2.1. This texture drop is associated with nearly random crystal orientations of the grains, indicating the presence of no or very weak texture. The observed changes of texture and intensity are closely related to grain boundary sliding (GBS) phenomenon [12, 76-79] because random sliding events give rise to a homogeneous decrease in texture intensity [80]. In general, GBS, as such, does not need any change in the crystallographic orientation [81]. However, along with GBS grain, rearrangement, or grain rotation can occur during the superplastic deformation, which leads to a weakening of texture [82]. Therefore, these results support that the texture analysis can also be used to investigate the deformation mechanism [42, 44]. Moreover, from stage B to stage C, the stress-strain curve is dropping in two slopes i.e., for stage B at a true strain of 1.0 to the true strain of 1.5, the slope is different from the slope available at the true strain of 1.5 to 2.5. It can be assumed the first slope from the stage B to the true strain of 1.5 is due to grain refinement and the ease of GBS/grain rotation due to fine grain size while the second slope is due to cavities as shown in the microstructure at the neck region (Fig. 12).

As shown in Fig. 10, the β phase at stage A, B, and C is quantified as 16%, 16%, and 20%, respectively, which implies that there is an average of 14% of β phase transformation from the initial 6% β phase. Therefore, it can be concluded that at the deformation conditions of 880 °C/0.01s-1, there is a considerable change in the transformation of β-phase, and this β-phase evolution does contribute to the flow softening.

[bookmark: _Hlk29482945]When grain boundary sliding is obstructed by an unfavorably orientated grain, the resultant stress concentration may be relaxed by dislocation motion in the blocking grain. There are two typical models for activating the boundary sliding: the Ball–Hutchison model [83] and Gifkins Core–Mantle model [84]. Ball-Hutchinson model considers that grains slide in bigger groups, and the rate of accommodation is governed by grain boundary dislocations, which pile up at a triple point. While, in the Gifkins Core–Mantle model, it is proposed that groups of grains slide as a unit. The resulting stress concentration is relaxed by the dissociation of the leading dislocation into dislocations capable of moving in the other boundaries which make up the triple point, and/or into lattice dislocations which accommodate sliding. It is reported [36, 85] that superplastic deformation-mechanism of titanium alloys with an average grain size of more than 3μm could be summarized in relation to the Gifkins Core–Mantle model. From the above discussion, it seems reasonable to believe Gifkins Core–Mantle model as dominant deformation mode from stage A to C due to the characteristic of heterogeneous GNDs distribution at stage C and that GNDs are strongly accumulated or accommodated mainly at grain boundaries. This is in good agreement with the superplastic deformation mechanism of two-phase titanium alloy with a fine grain size of 3μm [36] and an ultrafine grain size of 0.4 μm [56].
[bookmark: _Hlk30154221]The aforementioned deformation mechanism can be further supported with the activation energy analysis (Fig. 3.5b), where it can be observed that at the stage A and B the activation energy is 256 and 276 kJ/mol respectively which is somewhat higher than the self-diffusion activation energy values of both α-Ti (204 kJ/mol) and β-Ti (161 kJ/mol) [37]. However, these values lie in the range of activation energy values for dislocation creep of α-Ti (200–360 kJ/mol) [86]. Therefore, it may be inferred that the dominant mechanism at the stages A and B can be attributed to the GBS accommodated by dislocation glide/climb. At the fracture stage C the calculated activation energy (548 kJ/mol) is much higher not only than self-diffusion activation energy values of α and β phases but also from the activation energy of dislocation creep. Furthermore, the stress exponent value (9.1) at stage C is also much larger than those during deformation controlled by diffusion and dislocation (~1-6) [87]. Such a high value of activation energy involving dynamic recrystallization [88] in the deformation can be observed as the flow softening at stage C. 

Similarly, from the stage D to E there is a grain refinement 6.2 to 4.2μm, and the grain size is uniformly distributed which implies that before the stage E, almost complete refinement of the grain is attained and causes the GBS/grain rotation process much easier to happen which can also be supported by the corresponding texture intensity drop from 4.2 to 2.8 (MRD) along with a relatively slow drop in stress from point D to E. Unlike the fracture stage C where grain refinement is observed, at the fracture stage F, slight grain growth of 4.24 to 4.9 μm occurred. The physics of this grain growth can be explained with the significant increase of β-phase at the fracture stage F, where it is quantified as 48%. It is known that an increase in β-phase stimulates grain growth during the superplastic deformation [89]. From Fig. 6, it can be observed that as the deformation continues from stage D to stage E, the fraction of β-phase increases from 25% to 49%. Referring to the morphology of the corresponding flow curve (Fig. 4) it can be observed that there is a sharp drop of stress from the stage E to the stage F. As β-phase has a BCC while α has HCP crystal structure due to which each phase exhibit different deformation behavior and diffusion characteristics [13]. It is known that at the elevated temperatures like 900°C, BCC β is considerably softer than HCP α [53, 90, 91]. This effect is generally attributed to a higher diffusivity and more active slip systems of dislocations in β-phase than α-phase. The highly deformable β phase is mostly distributed along α phase grain boundaries, which results in weakening grain boundaries and improving grain boundary sliding (GBS) during deformation [92]. In addition to the increase in β-phase at stage E, it would be reasonable to assume that it is the volume fraction of β-phase, which plays a critical role in the grain growth from stage E to stage F. Moreover, from the microstructure of the fracture stage F at the neck region (Fig. 12) cavities can be observed so together with the evolution of β-phase, the cavitation can be held responsible for the stress drop from the stage E to F. The large-size cavities formed during the superplastic forming are most harmful to the overall properties of the post-SPF materials, and the presence of these cavities may impose significant limitations on the commercial use of superplastically formed components. 
To summarize the deformation behavior of the TA15 alloy with these considerations, grain boundary sliding is the dominating mode, and the equilibrium β-phase is precipitated from the supersaturated α-phase, resulting in the contribution to the further enhancement of grain boundary sliding. Again, like points A, B, C, the Gifkins Core–Mantle model is supposed to be the dominant mode for the deformation stage D to F due to heterogeneous GNDs distribution and accumulation, especially at grain boundaries at stage F. 

It is demonstrated from the experimental results that the deformation conditions of 880°C/0.001s-1 and 920°C/0.0005s-1 shows some similar deformation behavior. For the deformation conditions, 880°C/0.001s-1 and 920°C/0.0005s-1, the evolution of GNDs at the stages G to I and J to K are lower than the stages A to C (at 880°C/0.01s-1) and D to F (at 900°C/0.01s-1) which means that at slower strain rate the deformation mechanism is changed. This is because a lower strain rate provides a longer time for the accumulation of deformation energy, which reduces the amount of plastic deformation per unit time and lengthens the corresponding steady-state the stage. Therefore, the additional time allows dynamic recovery to reduce dislocation density [93]. At stage G with a true strain of 0.16, which is very much close to initial the stage, the average GND is reduced by 84% as compared to the as-received state and also lower than the GND average values at stages A, B, C, D, E, and F. 

[bookmark: _Hlk32389506]As compared to the higher strain rate 0.01s-1, the GND distribution is relatively more uniform at lower strain rates of 0.001s-1 and 0.0005s-1. The average grain size is 5.1m and much uniform distribution, and the texture intensity is dropped to 3.6, which means that during the apparent elastic region (from initial to point G) the GBS/grain rotation is initiated and as much of the GND is accumulated along the grain boundary, that supports Gifkins Core Mantle model. Unlike the higher strain rate 0.01s-1, where there is no considerable change in grain size, for deformation stages G to I, a significant (112%) grain growth is noted. The increase in grain growth is attributed to higher annealing duration at the elevated temperature and strain enhanced grain growth. Both of these factors i.e. annealing time and degree of deformation, are much high as compared to deformation the stages A to F where no significant change in grain size is observed. This can be further supported by the texture evolution (Fig. 9), where it can be observed that as the deformation continues from stage G to I, the maximum texture intensity monotonously decreases from 3.6 to 2.1, which results in nearly no texture. The slightly high texture intensity at stage I (the fractured point at 880°C/0.001s-1) compared to the texture intensity at the fracture stage C (2.1 MRD) and F (1.4 MRD) can be attributed to the grain growth, which causes the growth of the grains. This is mainly due to the sampling size. However, a large sampling size will considerably increase the EBSD capturing time and make the characterization work become less feasible. The phenomenon of such grain growth can be supported by the findings of the orientation map (Fig. 8). The grain growth kinetics for the deformation condition of 880°C/0.001s-1 and 920°C/0.0005s-1 can also be explained due to, (a) the difference in the dislocation energy between two sides of the grain boundary. The large grains become larger, and the small grains become much smaller. As a result, the large grains consume the smaller grains [94], (b) Grains consumption at the expense of others, especially at the cost of smaller grains, and also (c) the curved border usually migrates to its center of curvature. From the above discussion, the grain growth is believed to be responsible for the strain hardening in flow stress curves at the deformation the stages G to I and J to L, which is in agreement with the previous works [13, 95-97].

Moreover, at the fracture stage I and L, the GND is significantly dropped as compared to the GND value at the fracture stage C and F. The concentration of GND along the grain boundaries at stage I & L, supporting the Gifkin-Core-Mantle model. For both cases i.e., deformation the stages G to I and J to L, there is a continuous increase in flow stress which is due to the continues grain growth which makes it difficult for the GBS/grain rotations to occur and ultimately the stress reaches the critical value where the intragranular deformation is initiated which leads to the fracture. This phenomenon can be supported by the SEM micrograph (Fig. 12), and also by the deformation bands observed in the GNDs maps (Fig. 10) at the stages I and L showing fracture of the alpha phase. Moreover, unlike the higher strain rate (0.01s-1), where cavitation is observed at the fracture stage  C, and F confirming the ductile failure, at lower strain rates (0.001s-1 and 0.0005s-1) not cavitation is found at the fracture stage I and L instead cracks perpendicular to the tensile axis are observed which confirms the brittle failure.
Based on the above discussion, the following schematic (Fig. 13) can be used to describe the various deformation phenomenon occurring during superplastic deformation TA15 alloy.
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[bookmark: _Toc32437779][bookmark: _Toc34912829][bookmark: _Toc35792467]Fig. 13. Composite schematic of the possible deformation phenomenon in the present study

5. [bookmark: _Toc32392428][bookmark: _Toc32419641][bookmark: _Toc32419784][bookmark: _Toc35789902]Conclusions
The superplastic behaviors of a near-α TA15 titanium alloy have been examined in terms of deformation kinetics, microstructure and texture evolutions. The following main conclusions could be drawn:
i. TA15 alloy exhibit excellent superplastic behavior in the temperature range of 880–920°C with strain rates of 0.0005 – 0.01s-1, and all tensile elongations exceeded 700%. The optimum superplastic conditions are 880°C/0.001s-1 with the maximum elongation of 1470%and optimized microstructure distributions (i.e. ~70%α and ~ 30% β).
ii. The maximum elongation of 1450% achieved under the deformation conditions 880 ℃/0.001s-1 is attributed to the low dislocation density and the insignificant grain growth. At deformation conditions 880 ℃/0.01s-1 and 900 ℃/0.01s-1, although the grains are refined, the dislocation density is increased locally, which facilitates cracking at the triple-junctions of grain area, resulting in low elongation. At 920℃/0.0005s-1, although the dislocation density is the lowest, the grain growth is the highest, resulting in high elongation, but lower than the deformation conditions 880 ℃/0.001s-1. Therefore, it can be concluded that the elongation depends on the dislocation density and grain growth, where the influence of dislocation density is greater.
iii. The degree of the superplasticity (% elongation) and the hardening and softening of the stress-strain curves are predominantly depended on the strain rates, where strain-softening occurred at higher strain rates (i.e. 0.01s-1) and strain-hardening occurred at lower strain rates (i.e. 0.001s-1 and 0.0005s-1). 
iv. Grain boundary sliding accommodated by the dislocation glide/climb is the dominant mechanism under all deformation conditions (i.e. 880°C/0.01s-1, 900°C/0.01s-1, 880°C/0.001s-1, and 920°C/0.0005s-1). This has been confirmed by the continuously weakened texture evolutions, the GND distributions, and the analyzed activation energy values during the deformation,
v. The strain hardening at lower strain rates is mainly attributed to the dynamic grain growth, which concurrently hinders the GBS process. While the strain-softening at higher strain rates is attributed to a combined effect from grain refinement, dynamic dislocation recovery, and the high strain rate induced adiabatic heat generation. 
vi. The ductile fracture was observed for higher strain rate deformation (i.e. 0.01s-1) with apparent cavities, while brittle fracture was observed for slow strain rate deformation with the observed intergranular fracture. 
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