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ABSTRACT

An investigation inte the effect of exposure of .Al-Zn-Mg alloys
to water vapour has shown that hydrogen, produced by the reaction is
absorbed by both the alloy grain boundaries and matrix. The amount
of absorbed hydrogen depends on the local chemistry at the metal/oxide
interface and is influenced by alloying additions. Attainment of a
critical concentration of dissolved hydrogen in the boundaries leads to
brittle intergranular fracture on the subsequent application of stress.
Attainment of a criticai hydrogen concentration in the matrix leads to
transgranular cleavage fracture.

Depending upon.the alloy composition and heat treatment bubbles of
gaseous hydrogen can be formed at suitable sites within the alloys such
as grain boundary particles. The formation of grain boundary bubbles
reduces embrittlement by feducing the local concentration of dissolved
hydrogen.

It is proposed that the interaction of stress and environmental

variables with the above criteria governsthe environmental failure of
A1-Zn-Mg alloys in aqueous and water vapour containing environments.

It is suggested that such failures are hydrogen embrittlement dominated. -
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INTRODUCT ION

The mechanism of environment-sensitive fracture in high strength
aluminium alioys is subject to controversy at the present time.
In spite of the very extensive past research into the metailurgical,
mechanical and environmental aspects of the phenomenon there is no
consensus as to the mechanism involved. '

Two basic and fundamenta]ly different mechanisms of failure have
been advanced.  The first, and perhaps most widely accepted, identifies
_ the process of failure as one of a highly localised anodic dissolution
reaction under the combined influence of stress and environment. ‘
The alternative model postulates that the phenomenon is controlled by
a hydrogen embrittlement event. Hydrogen is believed to be generated
as a consequence of the alloy/environment interaction, absorbed into the
alloy and be responsibie for the brittle fracture event.

Many variations on the basic theme of electrochemical dissolution
introduced by E.H. Dix in the "1949 Edward DeMille Campbell Memorial
Lecture” (Trans. A.S.M. Vol. 42 p.1057 1950) have been presented in the
intervening years and many workers have 1n¥erpreted their results via
the dissoTution control models. These vary from the metallurgically
"biased preferential dissolution of grain boundary precipitates (62)
or precipitate free zones (14) through oxide film rupture and dissolution
(86-90), including effects of coplanar slip (30, 31) models, to theories
of stress (85) or strain (86) assisted dissolution. Similarly a
range of hydrogen embrittlement theories have been extended to Al-Zn-Mg
alloys from other systems covering such concepts as hydrogen adsorption
(214) hydrogen absorption (92) and void pressurisation (168).

A view that is rapidly gaining support among many workers is the
one that considers that both dissolution and hydirogen mechanisms {with
the appropriate modifications for any one system under consideration)
can operate either in parallel or in competition. Certainly the
- available 1iterature would not contradict such a view.

The aims of the current study were to examine the conditions of
generation, entry and effect of hydrogen on the environment-sensitive
fracture event in a water vapour environment and to establish the
mechanism of failure. It wa$ further proposed to assess the potential
of any developed mechanism to explain other resu]ts reported in the

1iterature.



The study has been confined to three alloys based on the Al-Zn-Mg
system (7000 series alloys). A high purity A1-6%Zn-3%Mg alloy was
examined‘together with two quaternary compositions, based on the above,
containing copper and chromium additions respectively.

The investigation has been largely based on electron microscopical
techniques. Both standard and ‘specialised transmission electron
microscopy techniques were employed to study the alloy/environment
interaction. In particular, "in-situ" high voltage electron microscopy
was used extensively to monitor directly the reaction of the experimental
alloys with water vapour, both in the presence and absence of stress.

The technique was shown to be a most powerful tool of investigation and
furnished direct evidence of hydrogen penetration into Al-Zn-Mg alloys.

Susceptibility to embrittlement was assessed by extensive mechanical
testing of samples exposed to water vapour and fractographic studies
using high resolution scanning electron microscopy.

On the basis of the presented results a model of failure, derived
from previous proposals (42,77), was developed. In its basic form
it is capable of explaining mahy of the observed phenomena. It
indicates that an absorbed hydrogen embrittlement mechanism can
satisfactorily explain the environmental failure behaviour of Al-Zn-Mg
alloys under most conditions.



2. 'LITERATURE REVIEM

The Titerature on the environment sensitive failure of high
strength aluminium alloys (H.S.A.A.) is extensive and has been
comprehensively reviewed (1, 2, 3, 4, 5, §). In'the'presence of these
recent and detailed reviews it would serve 1ittle purpose to present an
extended literature review heré. It is proposed instead, to generally
confine this review to specific topics with immediate relevance to iie
experimental techniques and results whilst still employing the wealth
of information available in the overall disctission.  Throughout this
review it will be assumed to some extent that the reader is familiar
with the basic concepts of stress corrosion cracking behaviour of the
Al-In-Mg system. More specialised topics However, such as "in-situ"
High Voltage Electron Microscopy will, where appropriate, be discussed

in more detail.

The contributions to the literature may be broadly divided into
three main categories:

(1) Those dealing with tﬁe metallurgical variables such as alloy composition
and microstructure (3,5).

(2) Those dealing with the mechahica1 aspects of the phenomendn both on
the macro and micro scale (e.g. applied stress and crack tip stress
intensity) (1, 2, 6).

. (3) Perhaps the most vo]uminous;those dealing with environmental effects
(e.g. solution chemistry, app]iéd potential, etc.) (1, 2, 4, 6).

In the following literature review an outline of all of the above
will be given. In particular the generation of hydrogen as a result
-of the environment/stress/alloy interaction and its subsequent
absorption/evolution will be examined.



2.1. Alloy Microstructure

The mechanical properties of the Al-Zn-Mg system are derived from
a precipitation hardening sequence of (7)

Supersaturated Solid

Solution + G.P. Zones -+ Intermediate Phase =

Equilibrium phase.

Despite copious 1iterature the exact precipitation sequence and
phases present at any temperature are in dispute (8,9). In the more
commercially important alloys (those containing up to 6% Zn and 3% Mg)

_the sequence of precipitation is generally accepted as being (7)

Supersaturated Solid

Solution + G.P. Zones > n' » n(Manz) -+ T(Mg3Zn3A12)

The Guinier-Preston zones are spherical or elliptical segregations
of Mg and Zn of a size between 20-35A. Their presence has been reported
by many workers either as a result of direct or indirect measurements
(7,10,12,13,14,15,11). At low temperatures (22°C) the presence of two
types of zones has been suggested (16). On continued ageing the zones
are replaced by platelets or rods of n' (7,11,8,17,18,19). The
orientation relationship between the n' and matrix is given as (17)
(0001)n.//(1~T1)m . (101‘0)n.//(110)m
The structure of n' is hexagonal and the suggested composition is given
as Mg,Zny A1 (17). |

The equilibrium n (Manz) phase is formed by transformation from n'
(8) and also exhibits a hexagonal structure. A large number of variants
have been reported (7,8,9).

n Al n Al
(100)//(001) (001)//(110)
(001)//(177) (100)7/(110)
(001)//(117T) (110)//(110)
(001)//(110) (T120)//(177)
(T20)//(177) (302)//(110)
(T20)7/(177) (201)/7/(172)
(120)/7(117) (104)//(110)
(120)//7(172) (001)//(317)
(T20)//(001) (001)//(110)

The T phase (actual composition (A]Zn)49Mg32 and not the ZnBMg3A12
comionly referred to (7)) forms oniy during sicw cootiing from the

Iy



solution treatment temperatures. fAn intermediate T' rhase has also
been discussed by some workers (7,9,11,20,21). No reports of T phase
precipitates have been made regarding material quenched and aged in the
temperature range of 100-150°C.

Grain boundary precipitation occurs very rapidly on ageing in
quenched Al-Zn-Mg alloys. Only the equilibrium n (Manz) or T ((A]Zn)49
Mg32) phases are formed (22). It is possible for nucleation to occur
during the quench, leading to a bi-modal precipitate size distribution
of grain boundary particles (22). The size and density of the precipitates
is a function of grain boundary type. Unwin and Nicholson (22) found
that the nucleation density was related to the deviation from boundary
coincidence. Few particles were observed at very Tow angle (<2°)
boundaries or in high angle boundaries where the misorientation was
close to a coincidence site lattice relationship. The greatest number
of particles were found on random high angle boundaries.

The growth of the grain boundary precipitates involves the cooperative
transport of solute along the boundary and diffusion from the adjacent
matrix (21,23). Butler and Swann (23) using a High Voltage Electron
Microscope were able to show conclusively that the size and dehsity of
the grain boundary precipitates was insensitive to the presence of
excess vacancy defects. They concluded, along with Unwin and Nicholson,
that the differences in the grain boundary precipitate nucleation rate
and initial growth between different solution heat treatment temperatures
are due to changes in the level of solute segregation.

The development of grain boundary precipitates is associated with the
formation of precipitate free zones (P.F.Z.) adjacent to the grain
boundaries. Considerable interest has been expressed in the origin of
these zones (15,24,25,26). " P.F.Z.s in rapidly quenched material are
formed as a result of vacancy diffusion and annihilation at grain
boundaries. The loss of excess vacancies to the boundary from the
immediately surrounding matrix gives rise to a vacancy concentration
profile.  The extent of the vacancy depletion depends on the solution
heat treatment temperature and the quench rate (15) (Figure 2.1). Since
the nucleation cf G.P. zones, at any temperature, below the G.P. solvus
(25) is dependernt on the existence of a critical concentration of excess
vacancies, precipitation will not occur in the zones adjacent to the
grain boundaries. Due to the Toss of the vacancies to the boundary, these
sites are not sufficiently vacancy supersaturated. The resulting precipitate
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Ccrit = critical vacancy concentration to nucleate
precipitates.

Cr = equilibrium vacancy concentration at the solution

S treatment temperature.

CT] = equilibrium vacancy concentration at the quench.
interruption temperature.

CT] = equilibrium vacancy concentration at the ageing
temperature.

For short interruption times t] and t2 a narrow P.F.Z.
is formed but this widens with increasing holding time
until at interruption fime t4 Ccrit is not exceeded and
only heterogeneous nucleation occurs.



free zone is solute supersaturated. On subsequent ageing this solute
diffuses to the grain boundary (20,21,22,23) and contributes to the
growth of the grain boundary precipitates. The solute content of

the P.F.Z. therefore in a quenched and aged sample should vary with
ageing time and temperature. ‘

In slowly cooled or quench interrupted samples a solute profile is
established in addition to the vacancy profi]é. Under these cenditions
the solute diffuses to the boundary and is precipitated out as large
grain boundary pretipitates. Thus a solute depleted zone is formed.

The width of the P.F.Z. is determined by the type of grain boundary
present via the effect the latter has on the growth of the grain boundary
precipitates. The exact mechanism of solute-vacancy interaction is in
dispute {25,26) but both of the advanced models arrive at the same
qualitative conclusions. With the advent of microanalysis techniques
many workers (21,11,27,28) have examined the P.F.z. of A1-Zn-Mg alloys
using X-ray microanalysis and energy loss spectroscopy, and the results
are in agreement with the ideas of Lorimer et al (26) and Jacobs and
Pashley et al (25). Solute depletion as a result of quench interrﬁption
and ageing has. been found.

2.2. Mechanical Strength and Deformation Behaviour

Peak strength in the Al-Zn-Mg system occurs with a microstructure
consisting predominantly of G.P. zones mixed with n', n being present at
the grain boundaries (1,2,3). This corresponds to a heat treatment of
rapid quench from the single phase region and subsequent ageing at 120°C
for 25 hours (T6 temper).

It is a common observation that during deformation of the peak
strength microstructure slip is concentrated in narrow bands. (16,29,30,
31,32). Dislocation motion involves the shearing of the matrix
precipitates (G.P. zones and n'). Planar slip is developed on ageing;
the as quenched structure exhibits a fairly homogeneous distribution of
dislocations. Overaged microstructures revert to a less heterogeneous
deformation behaviour ("wavy'slip)

Preferential deformation has not heen found to occur in the P.F.Z.
(16,30,29,32). High fracture toughness is favoured by a low yield
stress and ié associated with high proportions of transgranular fracture.
(33,34). It is insensitive to the width of the P.F.Z.  The proportion
of intergranular fracture increases with increasing area fraction of
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grain boundairy precipitate. The intercrystalline fracture surfaces
are dimpled indicating ductile failure (33,34). The proportion of
intergranular fracture increases with increasing grain size (35).

2.3. Quaternary Alloy additions

The ritnor alloying elements added to the Al-Zn-Mg alloys can have
two effects; . _
(a) Form intermetallic particles which pin grain boundaries and stabilise
the wrought structure (i.e. reduce recrystallisation and severely
inhibit grain growth), and/or
(b) Affect the precipitation of the second phase by altering the kinetics
and morphology of the precipitation sequence.

Elements in group (a) inciude Cr, Mn, and Zr but both Cr and Mn
give rise to heterogeneous second phase (n) precipitation, the intermetallic
particles écting as favourable sites for nucleation (36,37,38).
Zr additiors produce more homogeneous dispersoids and result in higher
fracture toughness (39,40). Less of the original cast structure is
retained in Zr containing alloys (41). Fracture toughness is also
increased if impurities such as Fe and Si, normally .present in commercial
alloys, are kept to a minimum (3,4,39).

It is interesting to note that small additions of In and Cd
(<0.01 at%) give rise to grain boundary embrittlement of A1-Zn-Mg alloys
(36). The crack path was found to run'along the precipitates on the
grain boundary" and within the P.F.Z. (cf. S.C.C.cracks). No
additional precipitates were found and the author concluded that
embrittlement was caused by grain boundary segregation by these elements
(36). Embrittlement was insensitive to heat treatment.

The most notable minor alloying addition belonging to group (b) is
copper. Copper additions are made to the majority of commercial alloys
and,provided they are at the 1% level or above,improve the strength,
ductility and stress corrosion cracking resistance significantly (1,2,3,
4,5). Copper encourages the formation and stabilisation of G.P. zones
and n'. It substitutes into Man2 to form Mg(CuZn)z. (1,2,11,37,38).
The overall precipitation processes in Cu containing alloys are not
significantly different from those found in the ternary system. Small
quantities of S phase (A12CuMg) have been reported in alloys containing
more than ~2.0%Cu (11). Copper is only omitted from commercial alloys
due to its adverse effect on weldability (3). Silver acts in a similar
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manner (38,41). It is believed that silver atoms cluster at a fast
rate and enhance the formation of G.P. zones. Ag imparts severe
quench sensitivity to commercial alloys (3,5).

A large number of other alloying additions either intentionally
added or present as impurity traces have been examined. For a recent
review the reader is referred to the review of Mondoifo (7) and the work
of Yoshi Baba (36,38)

2.4. Environment Assisted Fracturé

The major Timitation to the use of high strength Al-Zn-Mg based
alloys arises as a result of their susceptibility to premature failure
in the presence of an aggressive environment. The most common
corrosive agent is water but specific ions such as halides accelerate the
failure.  This phenomenon has come to be known as stress corrosion
cracking. This name had in the past been taken to imply failure in
aqueous solutions, often containing halides, exclusively, but the current
use of the term incompasses environment assisted failure in other environ-
ments, (liquid metals, cathodic charging, etc.). In this work the
term stress corrosion cracking (S.C.C.) will be used according to the
latter definition, implying environment sensitive failure,

The fracture path fn environment sensitive failure is almost
exclusively intergranular (1,2,3). The only direct evidence available
on the crack propagation path is that of Montgrain and Swann (42) and
it is clear from their results that failure occurs along the grain boundary
particle/matrix interface. It does not involve precipitate dissolution
or significant dislocation production (even though some dislocations
may have been lost from the thin foils examined). Middleton and Parkins
(43) concluded that the crack path was coincident with the grain boundaries
rather than the adjacent precipitate free zone. Decohesion along the
precipitate/matrix interfacewas reported by Watkinson and Scully (44).
Discontinuous propagation (with audible cracking!) was also reported by
those workers,  Gruhl (45) had already noted such behaviour and was
able to record the signal using an ordinary microphone/audio recording
system.  Astonishingly the above researchers (44,45) came to opposite
conclusions. Gruhl attributed the discontinuous cracking events to.
hydrogen embrittlement, whilst Watkinson and Scully favoured a dissolution
model which they could not pinpoint. ("The corrosion process directly
responsible for cracking has not been determined in this study.")
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In a recent study using high resolution scanning microscopy
Scamans (46) found that samples of an A1-5%Zn-2.5%Mg alloy (7017, 7018)
exhibited striations on essentially brittle fracture facets, if stressed
under a variety of environments including distilled water and sodium
chloride sclutions. '

The striations were interpreted in terms of a discontinuously grow-
ing crack which did not cause the dissolution of either grain boundary
precipitates or intermetallic dispersoids. The mechanism believed to
be operative was one of hydrogen embrittiement. Hydrogen generated as
a result of the surface reaction between the environment and alloys is
absorbed into the boundary. When sufficient hydrogen has accumulated
the cohesive strength of the boundary reduced to a value below the applied
stress and brittle fracture occurs. The observed striations are
believed to be the crack arrest sites where further corrosion must
take place before further crack growth (46).

Similar striations were earlier reported by McEvily, Clark and Bond
(47). These were interpreted as resulting from a repetitive two-stage
dissolution process involving film formation and rupture.

Transgranular cleavage-type fracture in environment sensitive
failures of Al1-Zn-Mg alloys has been reported by Scully (48) and Nelson
and Pugh (49). Some evidence also appéars in Alani's thesis (50).
Brittle transgranular fracture was observed by Gest and Troiano (51)
after cathodic charging. The occurrence of cleavage in the f.c.c.
structure is rather difficult to reconcile with the existence of multiple
slip systems available and is more characteristic of Tower symmetry
structures such as b.c.c. or h.c.p. Nelson and Pugh attributed their
results to intragranular hydrogen and using etch pit techniques concluded
that the cleavage planes were either of {100} or {110} types. They
also suggested that the cracking process was discontinuous.

It is interesting to note that the reported cleavage plane in
gallium wetted single crystal aluminium is of the {100} type (52).
This is predicted from Gilman (53) but the criterion of Burton and
Jura (54) suggests that for most metals including aluminium the {111}
type planes are of iowest energy and thus these would be expected to
cleave first. In a very recent communication 0O1d and Trevena (55)
using single crystals were able to essentially reproduce the results of
Westwood et al (52). It is interesting to compare the effect of ageing
of high strength aluminium alloys on toughness and 1iquid metal embrittlement



(Figure 2.2.). . The closely related increase of resistance to embrittlc-
ment with an increase at ageing times of ~10 hours at 160°C suggests

that the 1iquid metal embrittlement phenomenon, generally believed to

be due to an adsorption/decohesion event (52) is sensitive to microstruct-
ural variations produced after heating at 160°C.

Accepting Westwood's ideas that L.M.E. is an adsorption-decohesion
event then the crucial parameter must be the 'decohesion' (or interfacial)
‘energy. Significant changes in this 'decohesion energy' must therefore
be associated with precipitation of the second phase particles.

2. 5. Effect of Metallurgical Variables on Environment-SensitiVe

Behaviour

2.5.1. Microstructure

The environment-sensitive behaviour of Al-Zn-Mg alloys is strongly
dependent on their microstructure. On the macroscopic grain structure
scale, it is well estab]iéhed that commerciaily available alloys with
an elongated grain structure (wrought products), exhibit severe stress
corrosion cracking sensitivity when stressed in the short transverse
orientation (1,2,3,4). Much slower crack propagation ratcs are observed
when they are stressed in the longitudinal or long transverse directions.
High purity alloys normally have a comp]ete1y recrystallised structure
and the anisotropic properties are not found. Grain size is an
important variable; the larger the grain size the greater the susceptibil-
ity to stress corrosion (47,56). High purity, fully recrystallised
alloys are the most susceptible to stress corrosion cracking.

The beneficial effect of most additions can be attkibuted, at least in
part, to the grain refining role that such impurities may play. This
is in addition to any specific effect that a particular element may have
on the mechanism of failure be it anodic dissolution or hydrogen
embrittlement.

2.52. Alloy Content

With regard to the effect of the two major alloying elements
as a broad generalisation it can be stated that increasing the total
amount of solute which can be put into supefséturated solid solution
increases the susceptibility to S.C.C. (2,3,4,5,35).

The stress corrosion cracking susceptibility is also influenced by
the ratio of Zn/Mg and optimum properties are found when this is in the
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region of 2.7 - 3 (35). Gruhl has deduced from this that it is the Mg
and Zn content and distribution in the boundary that determine the embrittle-
ment.

Minor alloying element additionsimprove the stress corrosion resistance
of the alloys by either decreasing the grain size (35) or by specifically
modifying the microstructure. For instance copper additions result in
limited substitution of zinc by copper atoms in Man2 and this is believed
to be beneficial. The exact mechanism by which copper additions improve
S.C.C. resistance is not known.

Doig et al (57) have suggested that it is the copper depletion of the
PEZ. in the overaged condition that is responsible for the improvement.

This is quite clearly wrong because it does not explain the beneficial
effect of copper in underaged material. In any case an improvement in
S.C.C. behaviour is obtained by overaging alloys without copper additions
(see below).

Silver is believed to reduce S.C.C. susceptibility by affecting the size

and distribution of the hardening precipitates (G.P. zones and n') (41).
In this respect the silver additions act in the same manner as copper.
Both stabilize the intermediate precipitate structure (2,3,7,8); The
exact mechanism by which a more stabilized intermediate structure imparts
greater stress corrosion cracking resistance is not known. Indeed an
intermediate precipitate structure would be predicted by several theories
(29,30,31) to be more susceptible . This is because an intermediate
precipitate structure would favour planar slip and the above theories

associate S.C.C. susceptibility with the occurrence of such planar slip.
’ Gruhl (58) found that additions of chromium to Al-Zn-Mg alloys signif-
icantly raised the time to failure of stressed samples (Figure 2.3).

The interpretation of their results was based partly on the indirect
effect of Cr additions on the grain structure but a direct effect was
also noted which they could not identify. The modification of the
precipitation process, involving the n' and n phases, by the chromium
additions was not considered to have any influence (58).

2.5.3. Solution Heat Treatment Temperature

Some workers indicate that a beneficial effect is obtained if the
solution heat treatment temperaturé (S.H.T.) dis raised (12,59,60).
Scamans et al (77) found that the room temperature pre-exposure embrittlement
characteristics of an A1-6%Zn-3%Mg alloy were adversely affected if samples
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were solution treated at 475°C.  Both higher and Tower tmperatures (500
and 450°C) resulted in more resistant alloys. Increasing the exposure
temperature to 70°C eliminated the S.H.T. dependence

Current work on Al1-Mg and A1-Zn-Mg alloys (60) suggests that
susceptibility to water vapour embrittlement is related to S.H.T.
Specifically the Tower the temperature *the greater the susceptibility.
" This is believed to be related to magnesium segregation effects (60).

It is difficult to understand why in a well annealed sample there
should be a S.H.T. dependence. Quench ratz would be expected to be of
greater importance (see below) and the S.H.T. effect may simply reflect
differences in the attained quench rates. However, if the S.H.T.

. dependence is real then two explanations can be advanced: Firstly it

is possible that the effect is related to the oxide film that forms during

solution treatment. Different temperatures may lead to differences

in oxide chemistry and structure. In a mildiy aggressive environment

- small differences in oxide character may play a significant role in the
environmental failure by influencing crack initiation. (This would be
most pronounced in smooth specimens). The second possible explanation
may indeed involve segregation effects. However, segregation due to
solution temperature alone would only result if the samples received
short treatments (i.e. if not enough time was available for diffusion to
even out any concentration profiles). This would be most 1ikely if the
S.H.T. was very close to the second phase solvus (m350°C) The
recommended S.H.T. range in commercial Al-Zn-Mg alloys is 400- 500°C (4).
Solution treatment in this temperature range is believed to result in the
optimum distribution of intermetallic particles of Cr Zr and Mn which
retard recrystallisation and grain growth. Heating above 500°C results
in agglomeration of the Cr rich particles and leads to less efficient
inhibition of recrystallisation (4).

2.5.4, Quench Rate

It is well documented that stress corrosion cracking sensitivity
of H.S.A.A. increases with increasing quench rate (4) (Figure 2.4.).

The effect of the quench rate is considered to be important for a
number of reasons: Firstly it will determine the composition of material
immediately adjacent to the boundary. Slow quenches will result in
solute depletion of the P.F.Z. whilst fast cooling rates will produce
solute supersaturation. The grain boundary particle character will also

be determined by the cooling rate. Slowly cooled material exhibits Targe
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precipitates while a cold water quench results in precipitate free boundaries.
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Fast cooling rates are normally necessary in order to attain high
strength. However, quench sensitivity (decrease in attainable tensile
properties with decreasing cooling rate) is increased by alloying additions.
(e.g. Cr, Zr, Mn) Silver is particularly harmful in this respect and
this together with its high cost has inhibited its use in commercial
alloys (3).

2.5.5. Ageing

Resistance to stress corrosion cracking is a strong function of the
ageing condition in Al-Zn-Mg alloys. In general a maximum susceptibility
is exhibited by structures consisting of G.P. zones and n'. This is
normaliy found just before peak strength (Figure 2.5). Many attempts
have been made to correlate the variation of S.C.C. susceptibility with
metallurgical parameters which are known to vary with ageing conditions.
These include: _ :

(1) grain boundary precipitate size (8,43,44,61,62,63,64).
(2) grain boundary precipitate spacing (20,44,61,65,66).
(3). precipitate free zone width (14,67).

(4) preferential slip in the P.F.Z. (47,68,69).

(5) solute profile in P.F.Z. (8,20,61,57,70,71).

(6) matrix precipitate size/distribution (29,30,44,64,72).
(7) deformation characteristics (matrix) (29,30,31).

It is not the intention here to discuss in detail all of the above
relationships. The reader is referred to the recent review by Bernstein
and Thompson (3), which deals with the metallurgical variables of environ-
ment-assisted failure. The mechanisms proposed are also briefly discussed
by the above authors in a different review (5).

Several points, however, need tc be outlined at present. Specifically
it should be appreciated that very few, if any, of the above parameters
can be varied independently. For example, during the ageing of a
quenched sampie all of the above would be expected to vary. Consequently
correlation of S.C.C. susceptibility with one parameter does not necessarily
exclude the possibility of dependence on the others. (A detailed discussion
of the effect of ageing on the environment-assisted failure will be given
later under "Discussion") |

0f the direct observations reported in the literature those of Montgrain
and Swann (42) and Ward and Lorimer (70) clearly show that grain boundary
precipitate dissolution does not take place during the propagation of a
stress corrosion crack. More recently Scamans (46) was able to match the
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two faces of ai intergranular stress corrosion crack perfectly and came to
the conclusion that no material was lost, i.e. no dissolution had taken
place. His results certainly show that no particle dissolution had

taken place. Many other authors have, in the past, come to the conclusion
that very little corrosion is'necessary for crack propagation to occur
(2,3,43,44). ’

2.6. Mechanical Aspects

Stress corrosion cracking as implied by its name is dependent on the
interaction of stress, environment and material. Aqueous S.C.C. constitutes
the most important variant of the environmental failure phenomenon which
also includes liquid metal embrittlement (L.M.E.) and embrittlement
following exposure to aggressive media in the absence of the simultaneous
action of stress. In this last category are included the "pre-exposure
embrittiement” work of Gruhl et al (73,74,75) and Swann and co-workers
(42,76,77), together with the cathodic charging experiments of Gest and
Troiano (51) and others (78,79,80).

2.6.1. Stress Effects

On the "macro-stress" scale it is well esfab]ished that ihéreasing
the stress leads to a reduced component 1ife (1). Time to failure (T.T.F.)
tests show an increase in component 1ife as the tensile stress is decreased
(1). A threshold stress below which no cracking occurs is often quoted
(2). Using smooth specimens Gruhl (80) was able to correlate the Tife-
time of a sample (L) with the stress level ¢ via a relationship:-

%—= K] exp(K2 o)
where K] and K2 are constants.

The effect of stress has been more quantitatively established using
pre cracked specimens of the double cantilever beam type (D.C.B.) (2,6,81).
These have emphasised the importance of crack tip stress intensity
(Figure 2.6).

The characteristic three region crack velocity vs crack tip intensity
(V-K) curves (Figure 2.6) have been found ina variety of environments
including 1iquid metals (6). Region III is normally regarded as being
environment independent and is associated with ductile failure (at KIC)'
The stress intensity independent region II extends over a large range of
stress intensities and is followed by the stress intensity dependent
region I which obeys a relationship of the form

V= Vo(exp C]K )  where

9]
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Figure 2.6.
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crack velocity

stress intensity

It is sometimes reported that a threshold stress intensity exists
(K] $.C.C ) below which no crack growth occurs (6,2).

The ciack growth rate versus stress intensity curve is sensitive
to alloy composition, ageing condition and environment (2,4,6). - For
instance overageing of alloys markedly displaces region I of the curve to
higher K values. The same treatment also transfers the plateau region
II to Tower crack velocities but this effect is of lower magnitude (6)
(Figure 2.6). In contrast to this environmental variables tend to have
~a more pronounced effect on the stress intensity independent regime (6).
Some of the environmental aspects will be outlined in section 2.7.

The localised effects of the applied stress on an existing crack
constitute the basis of most theories of stress corrosion cracking and
some of these will be briefly outlined below. Before examining these
however, it is fruitful to consider the stress state of a propagating crack
in a thick sample.

Continuum plasticity solutionsgpredict that stress Tevels ahead of
cracks in a material-under a tensile stress and plane strain, are much in
excess of the tensile yield strength S (Figure 2.7) (82,83). The peak
in stress occurs at a distance of approximately 28t ahead of the crack tip

PiM

where §t is the amount that the crack has been opened by plastic deformation.

These high stress levels, however, cannot exist at the crack tip as the
triaxial stress conditions necessary for their existence cannot be
maintained at the free surface. Plastic deformation at this region
therefore establishes a "plastic zone" at the stress level approximating
to the yield stress under uniaxial tension (co)._ The radius of the
plastic zone (r ) is given by

rp =Am(o ) where K = stress intensity and is typically
v 40um at Ky g ¢ a2 __2
(Assuming that Ki s.cc™ B MNm and oy = 350 MNim )

It is conceivable that this deformed region constitutes an active
path where dissolution may occur preferentially. This argument forms the
basis of the dissolution control theories that are mainly concerned with
the effect of stress. They propose that as a result of the applied stress
and hence existence of a plastic zone, the energy barrier for dissolution
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is reduced leading to the preferential lossc 6f the deformed metal (84,85,
86).

Others workers propose that the action of stress, and in particular
localised deformation, provides a means of oxide film breakdown 1eading
to accelerated dissolution (47,87,88,89,90). The most recent of these
(90) attribute critical importance to the oxide film repair process
following the breakdown of the existing film (see section 2.4.3.).

The existence of the high stresses ahead of the crack tip also
constitutes the basis of the hydrogen embrittlement theories which are
based on Troiano's so-called decohesion model (91) and its later-
modifications (92,93). Originally given as a mechanistic explanation of
hydrogen embrittlement in steels the theory postulates that dissolved
hydrogen accumulates in the region ahead of the crack tip as a result of
the high triaxial stress that exists there. The cohesive strength of
the lattice is then thought to be reduced by the presence of a critical
hydrogen concentration.  Crack growth occurs when the local tensile
stress exceeds this lower level of strength (Figure 2.8). Crack extensicn
is discontinuous and is caused by the repeated attainment of the critical
hydrogen concentration (91). Under stress corrosion cracking conditions
the hydrogen is generated as a result of the corrosion reaction and is
transported to the region ahead of the crack tip by diffusion (91,92,93).
The driving force for diffusion is provided by the assumed increased
solubility of hydrogen at the region under triaxial stress (91).

Green et al (82)‘have carried out experiments in which the stress
corrosion cracking susceptibility was assessed as a function of loading
under torsion (mode III) and tension (mode I) conditions (Figure 2.9).

They have argued that under torsional (mode IIT) loading conditions\no
hydrostatic stress distribution exists ahead of the crack tip (Figure 2.9)
and thus if the 5.C.C. of Al-Zn-Mg alloys is governed by a hydrogen
embrittlement mechanism, then the alloys should be less sensitive to
attack under those conditions. Their results are shown in Figure 2.10.
In agreemeht with the above suggestion they show that susceptibility is
greater in tension (mode I) than torsion (mode III). These results
constitute some of the strongest evidence in support of a hydrogen
embrittlement mechanism dominating in the environmental failure of Al-Zn-Mg
alloys. It is generally considered (82,3) that a dissolution controlled
failure should not be sensitive to lcading mode thus no differences would
be expected between the different stressing geometries. (This appears

to be true in other systems such as a-brass in ammoniacal environments

(82)).
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There are two more points worthy ot consideration in Green's results:
Firstly, it is clear that whilst susceptibility under torsion is severely
reduced it is not eliminated. This suggests that ‘there is a contribution
to failure from some form of anodic dissolution process. Secondly, addit-
jon of arsenic (hydrogen recombination poison) to the saline solution was
found to have opposite effects under the two different conditions (Figure
2.10). LUnder tension it was detrimental but under torsion beneficial (82).
Green and co-workérs rationalised this observation as follows: Under
tensile loading arsenic additions are detrimental because they enhance the
absorption of atomic hydrogen into the alloy. Segregation of the hydrogen
ahead of the crack then enhances the embrittlement phenomenon. Under
torsional loading however, there is insufficient hydrostatic stress to
cause local concentration of hydrogen (and therefore embrittlement) and
thus the dissolution mechanism controls the behaviour of the alloy. Under
these conditions the arsenic restricts the cathodic reaction (i.e.
2H" + 2e7> H2) and via this the anodic (dissolution) reaction. Thus it
is beneficial.

2.6.2. Strain Rate Effects

The effect of strain rate on the environment-sensitive behaviour of
aluminium alloys has attracted much attention and strain rate tests have
been utilised by various workers to examine both the internal hydrogen
embrittlement behaviour (51,77,78,96), and the oxide film breakdown and
repassivation process (44,90,95). Strain rate dependence in internal.
hydrogen embrittled systems is related to the time available for diffusion
of hydrogen to the region of high triaxial stress as discussed previously
(91,92,93). Under stress corrosion crack propagation conditions, much
attention has been focussed on the dynamic breakdown of the surface oxide
under a constant slow strain rate (44,90,94).

Slow strain rate tests have been used as accelerated tests .for S.C.C.
susceptibility and much useful information has been obtained for a variety
of alloy systems /environment combinations (94)

Ugiansky et al (95) reported that the stress corrosion behaviour of
7075 plate is sensitive to strain rate (Figure 2.11). It is of interest
to note that the sensitivity was only apparent in the metallurgically
susceptible state, viz T6 condition (see section 2.4.) Their results
confirm the previously reported work of Watkinson and Scully, who
examined a high purity A1-6%Zn-3%Mg allcy (44) (Figure 2.12). In that
work it was found that samples aged for 24 hours at 12000, i.e. T6 condition,
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were most embrittled under slow constant rate straining in aggressive
environments (Figure 2.12). Some very important points are evident
from that work:
(i) Degree of embrittlement depends on heat treatment.
(i1) Loss of ductility in samples tested in organic environments (MeOH)
. is related to the water content of such media. '
(111) Loss of ductility is greater if samples are exposed to 3%NaCl
solution prior to testing.
(iv) Anodic polarisation in general results in the lTowest elongation
values. '

Furthermore, Watkinson and Scully (44) reporti no environmental
sensitivity at strain rates greater than 3 x 1073571, Hardie et al
(96) have tound strain rate sensitive behaviour in ar 7179 alloy (Figure
2.13). AL strain rates of &10-7 s-] complete embrittlement is reported.
Increasing the temperature of the corrosive medium (Newcastle tap water!)
resulted in increased embrittlement.

The validity of the slow strain rate tests as a measure of S.C.C.
susceptibility has been discussed by Buhl (97). Three possible types of
behaviour are described by Buhl of which only 2 are attributed, at least
partly, to S.C.C. (Figure 2.14). In cases where S.C.C. is involved there
exists a critical strain rate above which no effect is observed (Figure 2.14).
The explanation advanced for the insensitivity of the strain to fracture
at very high strain rates to the environment is that the corrosion process
cannot keep up with the very fast straining. This is quite reasonable.

In cases where a minimum in the strain to fracture is observed at an
intermediate strain rate (Figure 2.15) the explanation proposed is that
this is due to variations in the repassivation rate. To verify this the
author (97) postulates that if the minimum is sensitive to "environment,
material, solvent, aggressive or inhibiting ions, electrode potential, etc."”
“then it is the repassivation rate that is "responsible" for the phenomenon.
The author also pre-supposes that failure occurs by an anodic dissolution
mechanism.  Whilst the repassivation rate is almost certainly sensitive

to the above variables and may b]ay an important role by determining the
amount of corrosion taking place as discussed by Scully (90), the rate
Timiting step may be quite different if a hydrogen embrittiement mechanism
operates. For instance Scamans et al (77) Parkins et al (96) and Gest

and Troiano (51) have all found that pre-corroded samples recover their
ductile properties if not mechanically tested immediately upon removal from
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the environment generating hydrogen. It i< possible therefore that the
observed minimum and subsequent increase in elongation values at very low
strain rates is related to the Joss or the internal re-arrangement of
hydrogen and the effact of this on ductility. A second possibie influential
step under some conditions in a hydrogen embrittlement mechanism may be

the adsorption/absorption event. This may well be related to the

. repassivation rate (90,99).

Gest and Troiano have reported strain rate sensitive behaviour of
cathodically charged 7075 samples (51), whiist Scamans et al (77) were
unable to detect such sensitivity in a high purity A1-6%Zn-3%Mg ailoy
that had been exposed to water vapour.

In their pre-exposure embrittlement tests Parkins et al (96) found
that the phenomenon was strain rate sensitive,a result shared with
later work by Scamans (98).

The implications of strain rate sensitivity of pre-exposed samples
will be discussed later but it should be borne in mind that such sensitivity
following cathodic charging constitutes some of the strongest evidence
in support of hydrogen embrittlement mechanisms. in iron base alloys (3;147).
The occurrence of such phenomena in high strength aluminium alloys (51,
78, 79, 80) are strong dindications in favour of a similar mechanism
operating in this alloy system. '

2.7. Environmental Aspects of Failure

2.7.1. O0Oxide Films

It is generally accepted that the oxide film covering Al-Zn-Mg alloys
plays an important role in their stress corrosion cracking behaviour.

The breakdown of the oxide and subsequent repassivation of the bare
metal under the influence of the environment forms the basis of a number
of variants of the "dissolution control" model (86, 87, 88, 89, 90).
Some of the authors (87,86) regard the breakdown step as crﬁtica] while
others consider the repassivation kinetics to be of primary importance
(88,89,90). The early theories of Logan and Hoar postulated the absence
of an oxide film at the crack tip as a result of continuous yield. This,
it was believed, led to a very localised corrosion reaction. The later
modifications of the above theories (47) dealt with the objection that under
most S.C.C. conditions the crack tip would not be expected to remain bare.
It was therefore suggested that repeated breakdown and growth of the oxide
occurs.  Further, to accommodate the intergranular nature of the process
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it was postulated that this behaviour was restricted tc the softer

- precipitate free zone (47).  Much subsequent work has failed to provide
evidence in support of such preferential deformation in the P.F.Z. (1, 2,
3, 44, 72).

Localised destruction of the oxide by emergent dislocations could
easily occur at crack tips or other disrentinuities before general break-
down.  The occurrence of planar slip in the most susceptible condition
would favour such a breakdown mechanism. However, the existence of non-
susceptible tempers and alloys exhibiting planar slip suggests that whilst
breakdown would appear to be necessary it does not seem to be a sufficient
criterion for S.C.C. (99).

The subsequent reformation of the oxide and in particular the repass-
ivation kiretics are considered to be of extreme significance (90,99).
It has been argued by Scully that since the stable configuration of the
surface is that it is covered by an oxide film, as soon as bare metal is
revealed oxidation will commence. The time between the breakdown e'vant
and complete re-oxidation will control the amount of corrosion damage
incurred by the alloy. The total charge associated with a particular
breakdown/repassivation event will determine the amount of dissolution
taking place (anodic reaction). However, it will also determine the
amount of hydrogen produced as a result of the cathodic reaction. Hydrogen
discharge is the cathodic reaction occurring in the vicinity of a
propagating stress corrosion crack (oxygen starvation situation). Thus
one or both of these processes could affect the stress corrosion cracking
characteristics of the alloy.

Knowledge of the oxidation characteristics of the alloys at service
conditions is therefore of interest. In the absence of any information
on the low temperature oxidation of Al-Zn-Mg alloys a brief summary of the
oxidation characteristics of pure aluminium is given below.

It is reported that an amorphous layer of alumina, 108 thick, is
formed as a result of room temperature oxidation of aluminium in dry oxygen
(100). Coverage is complete within minutes. A similar film of comparable
dimensions has also been found by Hunter and Fowle (101) following storage
in laboratory air. De Brouchere (102) in an eiectron diffraction study,
was unable to detect any oxide film on pure aluminium which had been
oxidised at room temperature and concluded that thz thickness be less than
1008. A value of 40% is put forward by Vernon (103).



On the theoretical side the modsls of film growth are based primarily
on Wagner's assumptions (104). He proposed that during oxidation both
metal jons and electrons diffuse fhrough the oxide and react with oxygen
at the oxide/air interface. The electrons are thought to penetrate the
oxide via the quantum-mechanical tunnelling effect up to a maximum distance
of 55A. Mott {105) points out that since thick oxide filmson aluminium
can only be obtained by anodising, a condition which requires the passage
of aluminium ions through the superficial layer and electron trénsfer via
the external circuit, then it is reasonable to assume that at room
temperature aluminium ions can diffuse through A1203 but free electrons
cannot do so.

It is suggested that low temperature thin films on aluminium show
an abnormally high metal/oxygen ratio (106). This has been attributed to
excess aluminium ions in the normally vacant cation sites (y-alumina
contains a very high proportion of uncharged vacant cation sites; only
21 1/3 of the available 24 sites in the spinel structure are occupied).
Electrical neutrality is maintained by trapped electrons (106). The
jonic defects that exist in the low temperature oxide can have significant
effects on the properties of the film. In particular they can determine
the nature of the dominant mobile species (106, 107): Alloying elements
added to aluminium would be expected to modify the defect structure of the
oxide by incorporation in the oxide film and would thereby influence the
mobility of specific species. For instance doping of a.A]ZO3 with
magnesium leads to the introduction of oxygen vacancies and/or aluminium
interstitials (108). It is well known that the high temperature oxidation
kinetics of A1-Mg alloys are significantly accelerated in comparison to
pure A1 (109, 110, 111).

With reference to Tow temperature oxidation, attention must also
be given to the effect of the environment and in particular of specific
species such as hydroxyl ions, chlorides, fluorides, etc. on the character
and rate of film formation. The modification of the oxide by particular
agents could be responsible for the acceleration of S.C.C. under specific
conditions. A decrease in repassivation rate or even complete replacement
of the oxide may lead to a change in the mechanism of attack.

Modification of the oxide by chloride and fluoride solution has been
reported by Prior and co-workers (112, 113, 114) and more recently by
Vallant and Nilson (115). Their resulis were interpreted on the basis
of an increase in the number of defects in the oxide films due to exchange
of oxygen ions from the oxide lattice with chloride, fluoride and hydroxyl
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ions. The effect of the incorporated ions according to Beck et al (112)
was to lower the ionic but not electronic resistivity of the film.

The complete replacement of the oxide at the crack tip by a chloride film
has- been proposed as being responsible for the accelerated stress corrosion
cracking behaviour of aluminium alloys in chloride environments (116, 117).
Whilst there is no direct evidence to support the existence of such a
chloride layer, the existence of a concentrated, acidified A1C13 sclution.
at the crack tip would appear to be well founded (2, 118, 119, 120).
Alternatively it might be that the existence of such an environment at

the crack tip is sufficient to modify the oxide characteristics or
repassivation rate (90, 99) sufficiently to be responsible for the
acceleration of the phenomenon. Since the solubility 1imit of A1C13 is
low (2) the possibility of a chloride layer forming at the crack tip cannot
be excluded.

Scully (121) has tentatively suggested that the formation of a stable
halide film of the crack tip influences the hydrolysis reaction and
thereby modifies S.C.C. behaviour. Resistance to hydrolysis by fluoride
films is suggested as the reason for the beneficial effect of fluoride.

Before conclusion of this section a brief reference should be made
to the high temperature oxidation characteristics of Al-Zn-Mg alloys.
High temperature oxides are important in as much as they may influence the
initial step of the environment sensitive behaviour of the alloys. The
pr%mary role of the high temperature oxide is likely to be restricted to
the initiation of a stress corrosion crack. Once the crack has been
established repassivation will occur at the service temperature (normally
below 120°C). The subsequent growth of the crack will depend on the
environmental and mechanical factors'existing at the service conditions and
thus the crucial reaction must still be regarded as the low temperature
oxidation.

In A1-Zn-Mg alloys oxidation in the range of 400—520°C results in the
formation of Mg0 crystallites particularly at the grain boundaries
(122, 123). It 1is conceivable that such regions constitute more reactive
sites where preferential chemical attack may occur and where Mg diffusion
to the surface is more rapid. -
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2.7.2, Aluminium-YHater Reaction

The aluminijum-water system has received considerable attention and
the voluminous 1iterature has been recently reviewed (124). ‘

Depending upon the existing conditions,the products of the reaction
have been reported as being bayerite, gibbsite or nordstrandite (A](OH)B),
boehmite or diaspore (A]OQH), and Y—A1?03 and corundum,

Some authors believe that the reaction involves the dissolution of
the oxide, normally present on the aluminium substrate, and the subsequent
precipitation of a hydroxide phase (125), whilst cthers believe that the
reaction is one of condensation-polymerisation of the existing air formed
film (126). This so called "ageing" process is thought to foilow the
sequence: '

Oxide » amorphous hydroxide -+ oxyhydroxide Pseudoboehmite (
bayerite

gibbsite

nordstrandite

The amorphous hydroxide is colloidal in nature and consists of discrete
crystals, roughly spherical, with a diameter range between 30-200A (124).

boehmite
d; ) »>
jaspore
trihydroxide (

Pseudoboehmite is the most kinetically accessible phase and it is the
initial crystalline product. It forms in preference to the equilibrium
boehmite/diaspore ﬁhases. It is an aluminium oxyhydroxide of a structure
similar to that of boehmite but contains.significant amounts of excess
water (124, 127). The extra water is bound with hydrogen bonds between
the layered structure of boehmite. The layers of boehmite are formed as
a result of the octahedral arrangement of oxygen atoms around the metal
atoms. The octahedra are interlocked to form a double layer and adjacent
layers are linked by hydrogen bonds (Figure 2.16)(124).

The morphology of pseudoboehmite is characteristic and consists of
very thin platelets which appear as fibrils (124, 125).

Bayerite is always present in a well developed crystalline form and
exhibits diverse shapes. The structure of bayerite consists of a close
packed hexagonal hydroxyl lattice with the aluminium atoms occupying two-
thirds of the octahedral interstices.

Gibbsite and Nordstrandite have not been found in the absence of an
alkali oxide or organic additives and there i5 no evidence to suggest that
they constitute major products in aqueous solutions (124). Gibbsite takes
the form of hexagonal plates or rods while Nordstrandite appears as a
collection of very thin rectangular laths.



Figure 2.16.

4 ; ' S

Boehmite structure. Hy&kogen bonds 1ink the octahedral
arrangement of oxygen atoms around the metal atoms.
Figure after Alwitt (124).
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It is generally accepted that the reaction of aluminium with water
results in a duplex surface film, consisting of an outer hydrated layer
together with an amorphous barrier layer immediately adjacent to the
metal (125, 127, 128). The hydrated oxide is most probably pseudoboehmite
under most conditions (124) whilst the barrier oxide is commonly regarded
as being amorphous. This amorphous layer has been compared to the oxide
formed in air (125).

The mechanism of film growth is in dispute. Some authors (124, 128)
regard the inward diffusion of hydrated species to be critical whilst
others (125) consider that the rate 1imiting step to be the outward
diffusion of aluminium jons.

The growth kinetics of the oxide formed on aluminium following
immersion in water are as follows:-

(i) Incubation Period.

There exists an incubation period between the time of immersion and
any visible reaction. This incubation period ranges from an interval
of over 10 minutes at 40°C to a few seconds at 80°C (124).

The events responsible for this behaviour are not associated with the
development of a particular solution chemistry within the 1iquid phase but
rather with a nydration event at the solid surface. This has been
clearly demonstrated in specimens which received successive immersiors of
individual periods less than the incubation period while the total time
of exposure was greater. The net reaction was identical to -that found
if the specimens received one immersion treatment of total duration
equaling the sum of the individual immersions (128). The duration of the
incubation period is insensitive to solution pH variations over a wide
range. It does, however, depend on the prior surface preparation treat-

ment (128).
(ii) Rapid Growth Period.

Following the induction period film growth occurs at a rapid rate.
This has been attributed to the redeposition of the dissoived oxide on
the surface (125). Alwitt in hﬁs review concluded that both the induction
period and initial rapid growth stage are controlled by the nucieation and
spread of hydrolysis sites over the oxide originaily present on the surface

(124).



(i1i) Slow Growth Period.

Following the rapid growth period the rate of growth is reduced.
Vedder and VYermilyea (125) consider that the rate 1imiting step here is
the outward diffusion of the a]umiﬁjum ions through the oxide which react
at the oxide/environment surface, whilst Alwitt (124) suggests that it is
the inward diffusion of water (perhaps as H" and OH™) that is the rate
limiting step.

The cathodic reaction occurs primarily at the metal grain boundaries
and this has been attributed to an increased electronic conductivity
of the oxide film (125). The segregation of impurities at these sites
is believed to be responsible (125). o

Prolonged exposure of the pseudoboehmite film to water at temperatures
up to 110°C results in the formation of bayerite (124). The bayerite
crystals form on the surface of the pseudoboehmite and appear to grow
independently of the pseudoboehmite (124, 128). Recently Rehal and
Scamans (129) however, on the basis of microscopical studies,have suggested
that the bayerite crystals were imbedded in the underlying metal.

The aspect of the A]-H20 reaction most pertinent to this work,
however, concerns the second product of the reaction, hydrogen.

Assuming that the reaction
2A1 + 3H20 = A1203 + 3H2
occurs the pressure of the evolved hydrogen can be calculated.

Using textbook values in the expansionO
- AHO - 3aH
fA1203 fH20
exp |-
0 _ 3RT

P, =P
H2 H2
0 : 0 . .
where AH £A1.0 and aH fH0 2re the heats of formation of alumina and

water respec%iée]y (and tﬁe activity of aluminium and water are taken as
unity) the resulting calculated equilibrium pressure of hydrogen at 293K
is of the order of 1040 atmospheres. Whilst this is an upper limiting
equilibrium value and is generally unlikely to be achieved it clearly

wf

demonstrates that the metal/environment combination is capable of significant

hydrogen production. It is also noteworthy that this value is not
significantly affected by the activity of the water.  Traces of water
being sufficient to generate large amounts of hydrogen. Furthermore, the
production of hydrogen is unlikely to be 1imited by high pressures.

The formation of hydrogen as a result of the reaction of aluminium with

water containing environments opens the possibility of part of the hydrogen
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being absorbed intc the material rather than evolved as gas. It is this
step that forms the initial (and crucial) aspect of the "pre-exposure
embrittlement" tests and hydrogen embrittlement theories advanced by

Gruhl and Swann. Pickup of hydrogen as a result of the above reaction

has been accepted for many years (at least at high temperatures) and

as early as 1957 Draley and Ruther (130) proposed a mechanism for hydrogen
penetration of aluminium. An essentia®ly identical mechanism was proposed
later by Swann and cc-workers to explain their pre-exposure embrittiement
resulte (76). The basic mechanism of Draley and Ruther is outlined in

Figure 2.17.

The oxidation (corrosion) reaction is assumed to occur by ionic migrat-

ion through a barrier film.

The anodic processes occur by either outward A13+ cation diffusion
through the oxide or by inward 0" anion migration.

The corresponding cathodic reactions proceeds by the outward diffusion
of electrons and/or inward diffusion of protons. Draley and Ruther regard
the last procesé as contributing significantly to the cathodic reaction
whilst the anodic reaction is believed to involve the outward migration
of A13+. The driving forces for proton migrafion are cited as the potential
gradient tdgether with a proton concentration gradient. Hydrogen is
believed to be absorbed in the metal only in the atomic form (130).

The predictions and implications of the above mechanism are:
(i) Hydrogen uptake by the metal as a result of the reaction,
(i1) Formation of gaseous hydrogen at the metal/oxide interface causing
increased corrosion provided the pressure is sufficiently high to cause the
oxide to blister and rupture, and
(iii1) Hydrogen in the metal increased by cathodic polarisation.

Draley and Ruther (130) provided evidence to support all of the
above. A "considerable" increase in hydrogen content was reported in a
sample exposed to water at 350°C for a "fow" hours and acute surface
damage was apparent. The above authors found that the addition of 1% nickel
to their samples was sufficient to reduce the hydrogen pickup, under
similar conditions, to non-detectable values. They attributed this
beneficial effect to the ability of nickel to catalyse the formation of
hydrogen gas which was believed lost to the environment (130). However,
the authors were not able to determine whether the effect was due to the
combination of H atoms beneath the oxide before atomic hydrogen could
diffuse into the metal or whether the active liberation sites were at the

oxide/moist environment interface.
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Figure 2.17. The essential steps in the introduction of hydrogen

into aluminium following reaction with water.

from Draley and Ruther {130).
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In support of ine previous ideas several authors provide evidence
showing that at high temperatures (120-5200C),
(i) the oxidation rate of aluminium is significantly increased in water
vapour containing environments (131, 132, 134, 135).
(ii) the hydrogen content of samples oxidised in the presence of water
vapour is appreciably increased (132, 133, 135, 136, 137).
(iii) surface blisters and internal hydrogen bubbles are formed in
aluminium follcwing attack by moist environments. Discontinuities such
as grain boundaries act as preferential nucleation sites (131, 132, 133,
134, 137). )

Cochran (138) examined the ability of various surface film to catalyse
the atomic to molecular hydrogen reaction and thus inhibit hydrogen
diffusion into the metal. Using an electrical glow discharge at reduced
pressure of hydrogen he was able to show that films of tungsten, iron,
cobalt, nickel, molybdenum and chromium reduce the permeability of
hydrogen through the oxide. An aluminium-nickel alloy formed a film
which was impermeable to hydrogen (138). Cochran has suggested that
elements of high hydrogen overpotential catalyse the reaction,

H+ H- H, ' ,
and thus reduce the amount of hydrogen absorbed in the metal. Andreev et
al (139) carried out permeation studies in hydrated aluminium oxide films
at high temperature and from their results concluded that hydrogen only
diffuses via the defects that exist in the oxide. Indeed the role of
the defects present in the oxide appear to play a crucial role in the
transport characteristics of aluminium oxide. For instance it has been
recently reported that additions of 0.2% Mg0 to a-A1203 increase the
diffusion coefficient of tritium by "4 or 5 orders of magnitude" (140).
The preferential oxidation of magnesium in Al-Zn-Mg alioys (102) is
1ikely therefore to influence significant]y'the entry of hydrogen through
the oxide. '

There does appear to be some evidence in support of the proposal that
diffusion of hydrogen through alumina is governed by the defect structure
(139).  Both Cochran (138) and Blackburn and Gulbransen (133) found
that pre-treatment of aluminium samples with fluorides reduced hydrogen
permeability and inhibited blister formation when such samples were
oxidised at high temperatures under moist conditions. The effect of the
fluoride ion was considered to be such that it inhibited the entry of
hydrogen by producing an impervious surface layer of oxide/fluoride (130,
133, 138).  Somewhat surprisingly pre-treatment with chloride (IM HC1
solution) was also found to result in reduced blistering and hydrogen

)



absorption in the case of high puriiy aluminium (133). Eborral and Ransely
(111) on the othér hand, on examinaticn of an A1-7% Mg alloy, found that
inhibition of the blistering reaction was achieved by fluoride but not
chloride treatments. Similarly Leidheiser and Nas (136) measured
significant concentrations of hydrogen in aluminium following exposure

to a 3.5% NaCl solution at 100°C for 24 nhours (Table I). This value
represented a substantial increase over the hydrogen content measurec when
similar specimens were immersed in distilled water (136) (Table I).

It appears therefore, that fluoride modification of the oxide results
in a more "Protective" film which reduces hydrogen permeation. The
behaviour of chloride modified oxide is less straightforward since it
exhibits resistance to hydrogen permeation at high temperatures but
appears to enhance hydrogen permeability in aqueous solution at lower
temperatures. The low temperature behaviour can be rationalised in terms
of the pitting phenomena which occur when aluminium is immersed in chloride
solutions (116, 118). These result in breakdown of the oxide locally
which then allows the cathodic reaction (H production) to introduce
hydrogen into the metal.

The role played by HC1 in the suppression of blisters at high
temperatures is not clearly understood. Btackburn and Gulbransen (133)
suggested that the treatment in hydrochloric acid may dissolve the impurit-
ies present in the oxide thus making it more protective. Alternatively
they suggest that a chemisorbed layer of A1C13 may form,which inhibits
hydrogen permeation. The first suggestian is considered uniikely,
especially in the 1light of Eborrals and Ranselys (111) results but there
appears to be 1ittle evidence to guide comenton the second suggestion.

The fact that blistering is not restricted in A1-Mg alloys would cast doubt
on the existence of anA1C13 layer but it is not possible to accurately
estimate the effect of the magnesium addition on the behaviour of the
surface reactions. The existence of a chloride layer in aqueous solution
is still unresoived (120, 121) but it is possible that no protection is
afforded by such a layer in aqueous solutions due to a continuous hydrolysis

reaction.

The observations outlined above would more clearly support a view
which considers that it is the modification of the oxide by small
amounts of incorporated chloride ions that control the permeability of
hydrogen.  Since hydrogen permeability is dependent on the defect structure
of the oxide (139) it appears that in the caselof pure aluminium chloride
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TABLE I

HYDROGEN EXTRACTED FROM PURE ALUMINIUM AFTER EXPOSURE TO LIQUID WATER.
(from Leidheiser and Das (136)) '

Temperature Exposure Penetrated Hydrogen in ml at STP/100 g of Aluminium
of vater Time Individual Expt. Values Average Values
60° 24 hrs. 0.146, .090, .132, .105, .097, .150 ‘ 0.12
100° 10 min. 0.3159, .155, .138, .136, .201, .148 0.156
100° 30 min. | 0.156, .167, .201, .135, .140, .161 0.160
100° 6 hrs. | 0.130, .144, .192, .202, .168, .154 0.165
100° 24 hrs. { 0.172, .155, .162, .156, .170, .205 0.170
100°
(3.5%NaCl) 24 hrs. | 0.442, .378, .540, .480, .385, .315 0.42




incorporation is sufficient to reduce or eliminate the defect mobilitypro-
cesses, which control the migration of hydrogen. In the case of the Al-

/Mg alloy it would appear that the number of defects encouraging hydrogen
mobility dominate even in the presence of chloride ions in the lattice.

As outlined previously chioride ions, present in solution, strongly accelerate
stress corrosion crack growth rates (1,26). Similarly additions of .

bromide and iodide (at concentrations greater than 10_2 moles/1itre)

increase S.C.C. susceptibility. In contrast to these the fluoride ion

is conspicuous by its marginally beneficial effect (6).

These observations are consistent with the previous discussion. It
seems that influencing hydrogen entry via the modification of the surface
layer by the various anions induces changes in the stress corrosion
cracking behaviour. Solutions that cause pitting, i.e. local oxide
film breakdown (chlorides, bromides and jodides) increase the rate of
attack whilst fluoride, which does not cause pitting is slightly beneficial.

Environment sensitive failure is independent of hydrogen ion concentrat-
ion in chloride environments between pH values of 0-11 (6,2) (Figure 2.18).
Above pH 12 general corrosion occurs, This behaviour properly reflects
the theoretically predicted (118, 120) and expérﬁmenta]1y observed (119)
phenomenon of constant pH within an aluminium crack at 3.5. Sedriks
et al (68) have associated this with the formation of A'I(OH)3 ("hydfo]ysis"

reaction).

2.7.3. Direct Evidence of Hydrogen Entry into Aluminium- Zinc-Magnesium
Alloys in Aqueous Systems ‘

Direct evidence of hydrogen entry into Al-Zn-Mg alloys during stress
corrosion conditions in aqueous systems has been provided by a number of
workers (141, 142, 143, 144).

Electron microscopical studies by Alani and Swann (141) and Scamans
(142) have shown that following exposure of Al-Zn-Mg alloy samples to water
vapour at 70°C internal hydrogen bubbles are formed at grain boundaries.
These were preferentially associated with second phase particles or dislcc-
ationsif present {141). The bubbles were surrounded by strong elastic '
strain fields. It is also reported that bubble formation is enhanced
if samp]és are exposed under a tensile stress (141).

The agent inside the bubbles was positively identified as hydrogen
by mass spectroscopy following fracture -of the samples in an evacuated
chamber (77). |
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Haynie and Boyd (143) using an autoradiographic technique were
able to detect hydrogen (iritium) enrichment at the boundaries of an Al-Zn-
Mg alloy following exposure to a sodium sulphate solution containing
Tritiated water. They also report that the application of stress to
their samples increased the concentration of tritium at the grain boundaries.
.Cracking of some boundaries was evident in samples under stress (143).

In a similar study Grzemba and Gruhl (144) also detected tritium
at the grain boundaries of a related alloy. However, they were only
able to observe tritium enrichment at grain boundaries which exhibited
fine cracks (144). In view of this it is not possible to establish
the contribution of tritiated water to the autoradiographic labelling, and
thus their results must be treated with caution (144).

From the results presented here and in the previous section (2.7.2.)
it appears that hydrogen uptake can and does take place in environments
which cause stress corrosion cracking of Al-Zn-Mg alioys. What needs to
be resolved is the effect, if any, of the absorbed hydrogen. This will
be examined in detail at a later stage, but it is interesting to note
that, environment sensitive mechanical failure can occur if the prevailing
conditiors favour the entry of hydrogen (see subsequent sections).

2.7.4. Gaseous Environments

The effects of gaseous environments on the stress corrosion cracking
behaviour of Al-Zn-Mg alloys have been summarised by Speidel (6).
The main observations are:
(1) Stress corrosion cracks neither initiate or propagate in dry gases.
(ii) Stress corrosion cracks initiate immediately from deliberately
introduced pre-cracks in samples stressed tp near KIC and exposed to wet
gases (Figure 2.19).
{iii) The path of stress corrosion cracks filled with moist gases is
almost exclusively intergranular (similar to liquid metal, aqueous
solution or organic solvent environments).
(iv) The general shape of the V-K curve is similar to the shape of the V-K
‘curves in the other environments listed above.
(v) Region 1I (plateau) crack growth rate depends strongiy on the water
vapour partial pressure in the gas (Figure 2.20).
(vi) Metallurgical parameters have only a mild influence on region I1

crack growth.



Figure 2.19. Effect of the introduction of water vapour on the crack
- growth rate of different aluminium alloys in hydrogen.
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(vii) The stress dependent crack velocity in region I of the V-K curve

for aluminium ailoys is strongly infiuenced by the metallurgical para-

meters (see section 2.5).

(viii) Argon, nitrogen, oxygen and air all lead to the same kinetics of
subcritical crack growth provided the humidity is the same.

It is evident from the above summary that the agent responsible for
~ S.C.C. in gaseous environments is water vapour (Figure 2.19). In
particular Speidel (149) has argued that the variation of crack velocity
with relative humidity in region II (Figure 2.20) represents strong
evidence that hydrogen, produced as a result of the reaction of water
vapour with the alloy, is responsible for S.C.C. of Al-Zn-Mg alloys.

He proposes that since condensation of water would not be expected at
relative humidities below 30% then anodic dissolution cannot be responsible
for crack propagation. The absence of any change in the behaviour at
relative humidites greater than 30% suggests that a change of mechanism
does not occur when condensation does occur in the crack. Therefore

the mechanism must still be one involving hydrogen embrittlement (149).
The close similarity of the stress intensity versus crack velocity curves
for the majority of environments and alloys (2,6) has further suggested
that the mechanism of failure under most conditions is of the same type.

2.7.5. Organic Liquids

Available results show that S.C.C. velocities in organic liquids fall
into the same scatter band as those for tests in distilied water (6,44).
Furthermore observations indicate that reduction of the water content of
ethyl alcohol and acetone results in reduction of crack velocity. This
strongly suggests that the subcritical crack growth in organic liquids is
associated with the presence of water in such media. Arguments similar
to those proposed for gaseous environments in support of a hydrogen
embrittlement mechanism (section 2.7.4.) can be advanced here.

The fact that only traces of water give rise to crack growth rates (6)
and embrittlements (44) approachin@ those found in distilled water is
correctly predicted from the discussion in Section 2.7.2. In that it was
shown that the pressure of hydrogen generated as a resuit of the A]/HZO
reaction does not greatly depend on the activity of the water.

2.7.6. Electrical Potential

It has been known that under cathodic polarisation the S.C.C.
susceptibility is reduced (2) and this has been a major argument in favour



of an anodic dissolution mechanism operating in Al-Zn-Mg alloys.

However, more recent results show that the crack growth rate of a
cathodically nolarised sample can be directly related to the hydrogen
permeability (6,51,146) (Figure 2.21).

The correlation between hydrogen permeability and crack growth rate,
including the minimum at intermediate potentials, is a classic observation
in high strength steels where there is general agreement that hydrogen
embrittlement is responsible for the environment-assisted failure (3, 145).
It is believed that the variation in permeability to hydrogen is governed
by the oxide produced locally as a result of cathodic charging. Klimowitz
and Latanision (147) suggest that cathodic chatging results in the modificat~
jon of the oxide which influences the access of hydrogen to the metal
substrate. To support their view they have presented evidence which
show that cathodic charging imposes severe embrittlement only if the
electrolyte pH is allowed to rise (the oxide is believed to be Tess
protective in highly alkaline solutions). (147).

Similar arguments were previously employed by Powell and &ully to
explain the cathodic charging behaviour of titanium alloys (148).

The cathodic protection against S.C.C. at the intermediate potentials
(Figure 2.21) has been attributed by Speidel (149) to a reduced dissolution
(anodic) reaction with a concomitant reduction in the hydrogen production
(cathodic reaction) process. Attention must also be drawn to the voltage
drop (IR drop) that may be expected in a polarised sample containing deep
cracks. The application of a particular potential at the surface of the
specimen does not necessary imply attainment of that level of polarisation
at the crack tip. The difference between the'app]ied potential and that
actually existing at the crack tip depends on the solution chemistry via
the dependence on R.

The increase in hydrogen permeability and crack growth rate at anodic
potentials is accommodated in the hydrogen embrittlement argument by
advocating that enhanced corrosion, diséo]ution or pitting (expected
under anodic conditions) leads to acidification and enhanced hydrogen
evolution (149). Qualitative support for such a conjecture is furnished
by the well known phenomenon of hydrogen pickup during electiopolishing
of metallic samples. (Anodic voltages run into tens of volts in most
cases, and yet significant hydrogen pickup can occur.)

Discrimination between anodic dissolution and hydrogen embrittlement
_mechanisms cannot therefore be satisfactorily made on the evidence of
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polarisation tests.  On examination of the electrochemical processes within
cavities Ateya and Pickering (150} concluded that the electrode potential

at the bottom of a cavity or crack converges toward a common value for
either anodic or cathodic polarisation conditions at the outer surface.

It is clear from their analysis that the nature and progress of the
electrochemical processes in cracks wouid generally be different from

those at the surface.

The effects of cathodically introduced hydrogen in Al1-Zn-Mg alloys
reported by Gest and Troiano (51) have been discussed (79) and successfully
reproduced (78). The main observations are listed below:

(a) Absorbed hydrogen leads to brittle transgranular fracture.

(b) The degree of embrittlement is both strain rate and temperature
dependent.

(c) The embrittiement is reversible.

(d) A lattice parameter expansion is associated with the uptake of hydrogen
following polarisation. :

(e) The permeabflity of hydrogen is polarisation dependent.

(f) Crack propagation is discontinuous.

(g9) Ducti]ﬁty is restored by outgassing at room temperature.

These phenomena are classic observations of the hydrogen embrittlement
behaviour of high strength steels (145, 91).

It is clear from the above fesu]ts that one of the major objections
to hydrogen embrittlement in A1-Zn-Mg alloys, that of cathodic protection,
has been disposed of. The behaviour of the cathodically charged sampies
simply cannot be explained by any form of dissolution mechanism. However,
the question "to what extent do the above relate to the S.C.C. case of
these alloys?" can be raised.. The relationship between cathodically
charged samples and stress corrosion behaviour is probably quite distant,
but nevertheless the importance of these results is not diminished.

They conclusively prove that provided hydrogen has access to the allnys
it will penetrate and cause embrittlement. An important step in the
process is the transition between any adsorbed to absorbed hydrogen.

The correlation between permeability and embrittlement is very important
and indicates that the surface related processes are of significance.

Once hydrogen absorption occurs it is héidlintragranu1ar1y. This
gives rise to an increase in 1attice parameter.  The straining of the
lattice results in its embrittlement and upon application of stress
brittle fracture is exhibited. The strain rate dependence and reversibility



of embrittlement suggests that the hydrogen is mobile and not associated
with a hydride phase as suggested in a recent article (151). The
operative mechanism would appear to approximate quite closely to Troiano's
(97) original criterion which requires ditfusion of hydrogen to the crack
tip leading to discontinuous propagation.

2.7.7,"SfreSS'Coffosibn'Créck'GFOWth in Hydrogen Atmospheres.

Nucleation and growth of subcritical cracks in high strength aluminium
alloys has not been reported in dry hydrogen (2,3). This has been a
significant objection to the involvement of hydrogen in S.C.C. in the
past years. However, recent results show that under high pressures of
high purity hydrogen (&300 Atmospheres) predeformed 7075 suffers a ductility
Toss when compared to samples exposed.to helium (152). Koch (153)
reported that the fracture surfaces of a 7075 alloy stressed in ionised
hydrogen gas were very similar to those produced in a 3% NaC1 solution.

The author concluded that the failure mechanism was common to both environ-

ments and that it involved some type of hydrogen embritt]ement_effect.

It seems therefore that hydrogen gas may under some conditions induce
embrittlement and fracture similar to that found in more traditional
stress corrosion tests. - Once again there appears to be a correlation
between the opportunity of hydrogen to enter the alloy and the observed
embrittlement. It should be noted that the results of Fidelle et al
(150) could be regarded as achieving oxide film breakdown in the presence
of hydrogen. The procedure consists of making the alloy of interest
into a membrane which separates two evacuated chambers. The one chamber
is filled with dry helium until the membrane is plastically deformed into
a bow shape and the chamber is subsequently evacuated. Hydrogen is
then pumped into the other chamber at high pressures so that the membrane
is now deformed back towards the first chamber and the observed deformation
compared to that observed if He is used instead of hydrogen. Embrittlement
is not detected if hydrogen is simply pumped into one chamber till
fracture without prior pressurisation from the opposite side. It is
therefore 1ikely that the deformation of the metal in the core of the
membrane disrupts the oxide film on the outside surface which is damaged
and thus allows entry of hydrogen when this is subsequently introduced.



2.8, Pre-exposure Embrittlement

Many of the results of the pre-exposure embrittlement tests have
already been given, but since it was chosen in this work to assess S.C.C.
susceptibility by employing such tests a summary of the previously reported
results will be given below.

Typically during pre-exposure embrittlement tests the sémp]es are
separately exposed to the desired corrosive environment and subsequently
mechanically tested to failure (42, 73-77, 80, 96). The resulting
mechanical properties are then related to the combined but not simultaneous
effect of stress and environment. The tests offer a number of advantages
which include convenience and versatility. Post fracture corrosion is
eliminated in these tests and thus fractographic and other metallographic
techniques can be employed. to examine specific aspects of the fracture.
The tests also allow detection of any reversible effects of pre-corrosion.
For this reason they have been most successful in detecting hydrogen
embrittlement phenomena, such as reversibility of embrittlement and strain
rate dependence of ductility (77, 96).

The pre-exposure embrittlement phenomendn was first reported by
Gruhl (73) who found that exposure of'A1—Zn-Mg samples to a 2%NaCl
solution markedly reduced their stress corrosion Tifetime during subsequent
stress corrosion tests. The effect became more pronounced if stress was
applied during the exposure treatment and could be eliminated by repeating
the heat treatment cycle (73, 80). In other tests traces of water in.
non-ageuous soiutions were shown to be responsible for a similar effect.
Gruhl considered that hydrogen was adsorbed onto the samples as a result
of the corrosion reaction and that under the influence of the subsequently
applied stress it diffused into the grain boundaries leading to embrittlement.

A similar pre-exposure effect has been reported by Watkinson and
Scully (44) who found that exposure of an A1-6%Zn-3%Mg alloy to either
a 3%NaCl solution or distilled water markedly reduced the recorded
elongation of samples during subsequent slow strain rate tests.

The effect was attributed to surface pitting which provided suitable
nuclei for crack initiation upon the subsequent application of stress. _
It is not possible to ascertain if hydrogen effects as previously suggested
by Gruhl (80) played a role in this behaviour. It is not reported if
storage after pre-exposure had any effect on the mechanical behaviour.

Swann and. co-workers (42, 76, 77, 141) carried out mechanical tests
on samples of a high purity A1-6%Zn-3%Mg alloy which had been previously



exposed to water vapour containing environments. Severe embrittlement of
the samplies was found. The authors concluded that deep penetration of
hydrogen along the grain boundaries occurrad which led to some form of

Tow energy decohesion along the matrix/grain boundary precipitate
~interface (42, 76, 77). |

The presence of hydrogen was shown by spectroscopically analysing the
~gas evolved upon fracture (42, 77) and by direct observation-of hydrogen
bubbles at the boundaries in an electron microscope (141). Similar

observations were subsequently reported by Scamans (142).

The degree of embrittlement was found to be dependent on the temperat-
ure and relative humidity of the environment and was reduced to zero when
samples were mechanically tested in vacuum (77). Quaternary additions
of chromium and copper to the base alloy reduced the rate and degree of
embrittlement. In the case of the chromium bearing alloy recovery of
ductility could be achieved by storage in laboratory air (77). The rate
of recovery was much higher than the rate of embrittiement. In agreement
with the results of Gruhl the embrittlement was completely eliminated by
repeating the heat treatment cycle. Embrittlement was not found to -be
strain rate sensitive.

The proposed mechanism (47, 76, 77) involves the penetration of
hydrogen through the oxide film via a mechanism identical to that proposed
by Draley and Ruther (130) which is outlined in section 2.7.2. The
permeation of protons through the oxide film was assumed to be facilitated
by the presence of Mg0 crystaliites at the grain boundaries. The presence
of an amorphous layer of A1203 produced by electropolishing of the samples
was considered to act as a more efficient barrier to proton diffusion.

In contrast to Gruhl's proposals (80) the action of stress was not
considered to be necessary for hydrogen penetration of the grain boundaries
whjch was assumed to occur by an accelerated diffusion mechanism.

Atomic hydrogen was considered as the damaging species (42, 77, 141).

In a later study Scamans and Tuck (154) carried out pre-exposure tests
on Al-Zn-Mg and A]-Mg-S} alloys. They found that exposure to water-
vapour saturated air at 70°C Ted to the development of a "brittle ring"
in the A1-Zn-Mg alloy but not in the A1-Mg-Si. " The "brittle ring"
consisted of a zone of intergranﬁ]ar failure growing from the edge of
the sample and was a function of sample heat treatment. The more
metallurgically susceptible the alloy the greater the degree of brittle
front penetration (154). The extent of the brittle front was related
by the authors to a "zinc enrichment” of the boundaries which was caused



by the preferential oxidation of magnesium and aluminium at the surface.
This,it was suggested,established zinc enrichment at the surface and
under the influence of the resulting concentration profile zinc
diffusion occurred back down the boundary. Zinc was assumed to increase
the chemisorption of hydrogen ieading to embrittiement. ‘

In a very recent study Hardie et al (96) carried out experiments.in
an attempt to reproduce the results of Swann and co-workers in a commercial
alloy. Their results which included immersion in various solutions
before mechanically testing were in very good agreement with those eardier
reported by Swann et al (77). Embrittlement of the samples was detected
following immersion in water for periods in excess of five hours.
Embrittlement was most easily detected at slow strain rates (below ]0'55'])
and was completely reversible in vacuum and even in laboratory air, provided
sufficient holding time was allowed (100 hours). The recovery of
ductility was associated with a change in fracture mode (intergranular
to 'ductile'). The rapid recovery under vacuum reported by Scamans et al
(77) was also reproduced, suggesting rapid hydrogen removal (96). Both
from their embrittlement and recovery rates Hardie et al calculated a
hydrogen diffusion coefficient in the range of 9 x 108 - 1077 em? 571, _
The lowest value is considered as an underestimate because it refers to the
time necessary to observe intergranular fracture in the centre of the samples
and does not take into account the incubation period necessary for the
alloy/water reaction to occur (96). However, this should be short
~1 minute (124). The major deviation between Hardie's (96) and Scamans'
et al (77) results is the strain rate sensitivity observed in the former
case (Figure 2,22). A possible explanation for this deviation will be
given in "Discussion" and it.is believed that this is related to the
difference in grain size between the alioys, It should be pointed out
here that the tests of Hardie et al were carried out on a commercial alloy
whilst Swann and co-workers dealt with high-purity samples. Significant
differences in grain size should therefore be expected between these
alloys (&150 um in the high-purity alloy whilst the grain size of 7178 is
unlikely to be more than 50 um (on the basis of the presented micrograph
- this appears to be ~25 um. No grain size measurements are given by
the authors.)

During their pre-exposure tests Scamans and Tuck (154) investigated
the penetration of hydrogen thrqugh a membrane of an Al-Zn-Mg alloy
separating two gas tight chambers. The membrane vas exposed to water
vapour on one side and maintained dry on the other. Following exposure

i~



times of 5-10 days hydrogen was detected in the dry chamber. This was
attributed to the penetration of the membrane by hydrogen which was
produced in the "wet" side as a result of the corrosion reaction between
the alloy and water vapour. . From their measurements the authors (154)
calculated a diffusion coefficient at 70°C at 10710 cm®/sec.  This is
comparable to the values given by Gest and Troiano (51) (2 x 107 cmz/sec)
from their cathodic charging experiments and Montgrain and Swann (42)

(5 x 10']0 cmz/sec) from their pre-exposure embrittlement results.

Significantly no nydrogen penetration was evident if the membrane
was made up of an AlMgSi alloy even though hydrogen generation had occurred
(this was shown by analysis of the gases in the "wet" cell) (154).
ATMgSi alloys do not suffer from S.C.C. (2). Furthermore, the
buildup of hydrogen in the dry half-cell was increased when the Al1-Zn-Mg
membrane was heat treated to a stress corrosion susceptible condition.

The implications of these observations are important. Firstly, they
indicate that non-susceptible alloys are not penetrated by hydrogen.
Furthermore, susceptibility is related to the ease of permeation by
hydrogen, a correlation not unlike that found from the polarisation tests
(2, 51, 146) (see Section 2.7.6). It is not clear from Scamans and
Tucks (154) results if the rate limiting step is the diffusion of hydrogen
through the oxide or the metal and therefore it is not possible to establish
whether non susceptible alloys and tempers restrict diffusion of hydrogen
by modification of the microstructure or inhibit hydrogen uptake at the
hydrated oxide. ‘

2.9. Electron Irradiation Induced Corrosion

A substantial part of the work carried cut during the course of this
‘Iesearch programme has been concerned with the examination of the Al-Zn-Mg/
H20 reaction "in-situ" in a high voltage electron microscope. As a |
consequence of the use of such a technique the corrosion reaction occurs
under the influence of the electron beam and the effect of electron
irradiation on the observed reaction must be considered. A detailed
description and discussion of the experimental technique and ‘possible
irradiation effects is given in the appropriate sections in chapters 3 and
5 and thus will not be discussed now. Hﬁwever, an outline of the phenomenon
will be given here.

The only previously reported work is that by Flower and Swann (155)
and Flower (156). The examinaticn of the A1-Zn-Mg/H,0 system to be



reported in this work forms an extension of the work reported in the above
papers (155, 156) and during the discussion of the results extensive
reference wiil be made to them.

The initial work on the electron irradiation induced corrosion
phenomenon (155) was carried out on single crystals of silicon. It was
found that at low temperatures the silicon substrate reacted with the
deliberately intfoduced moisture in the electron microscope environmental
cell (Chapter 3) under the influence of the electron beam. As a result
of electron irradiation under the moist environment it was found that a
surface reaction occurred which produced hydrated silica and hydrogen (155).
The colloidal silica produced formed surface blisters which were internally
pressurised by the hydrogen. The phenomenon was interpreted as
arising from an ionisation damage mechanism operating on the Si-0 bonds
which involved the passage of water molecules through the silica and their

subsequent reaction with the silicon surface.

Subsequent work on aluminium and magnesium (156) has shown that the
phenomenon is not unique to silicon. The damage process responsible
for the.observed reaction (growth and blistering of the surface oxide)
was identified as again involving ionisation damage to the oxide which
is.accompaniéd by Towering of the metal/oxide bond strength. This
led to decohesion of the growing oxide under the influence of the high
pressure hydrogen produced by the reaction(156). = The critical blister
diameter for decohesion was shown to be inversely proportional to temperature.
It was shown in that work (156) that assuming that the decohesion of the
oxide does not involve plastic deformation and using the standard Griffith
equation, the pressure, P, of hydrogegrrequired for decohesion is given by

p=4d KX p732
m

where
blister thickness

Youngs modulus

metal/oxide interfacial energy

blister diameter

o < M o
1]

Furthermore by relating fhe amount of hydrogen produced to the amount
of oxide reaction product it-was also shown that

_ 6n dp RT
P=—y5— where
p = oxide density
M = oxide molecular weight _
n = number of moles of hidrogen produced per mole of oxide



. Combining the above equations it was shown (156) that the blister diameter
at decohesion was given by

6EME

b . =
decohesion 91rn2 pZ’ RZ TZ

This equation correctly predicted the experimentally observed blister:
diameter/temperature dependence.' An approximate surface energy value
(v) was also obtained from the above equation (& 1J/m2); It was
observed in the above work that at any temperature initial, observable
corrosion was detected at a constant total electron dose regardless of
the dose rate (156).



3. EXPERIMENTAL PROCEDURE

3.1. Alloys and Heat Treatménts

The alloys used in this investigation were based on a high purity
A1-Zn-Mg alloy supplied by Alcan (UK). The compositions are shown in
Table II which also shows the compositions of some related cqmmercia11y
available alloys. ' /

25 mm slabs were sliced from the supplied cast billets and hot rolled
to a thickness of 1 mm. The entry temperature was 450°C. Following
homogenisation at 450°C the alloy strips were cold rolled down to a
thickness of 0.50 mm,

The oxide formed during the working sequence was removed by chemical
polishing either in a concentrated sodium hydroxide solution at 70°%C or
in a mixture of 15% Nitric acid and 85% Phosphoric acid at 85°C.  The
sodium hydroxide solution produced slight grain boundary etching.

Sheet tensile specimens of 15 mm gauge length were stamped out and .
given a further short polishing treatment, followed by a vigorous wash
in successive baths of distilled water and finally ethanol. A1l samples
were then given a final degreasing wash in an ultra-sonic cleaner using
"inhibisol". '

The standard heat treatment, following the working sequence consisted
of a solution treatment at 450°C for 1 hour followed by a cold water
quench.  Selected samples of the copper bearing quaternary alloy were
solution treated at SOOOC, furnace cooled down to 450°C, held for 1 hour
and then cold water quenched. This heat treatment wes carried out in
order to increase the grain size of the 6/3 Cu alloy to a value close to
that of the high purity base material.

A11 solution heat treatments were carried out either under a flowing,
dry, high purity argon atmosphere in a horizontal furnace (45000
treatments), or in sealed glass tubes containing dry argon (SOOOC
treatments). A1l subsequent heat treatments were carried out in sealed

tubes containing dry argon or dry air.

3.2. Exposure Tests

During the entire course of this work there was a firm commitment to
minimise the time that samples were exposed to water vapour containing
environments sucih as Taboratory air, moist solvents, etc. other than as a
result of deliberate experimental exposure. Such deliberate exposure was



TABLE TI

Compositions (wt%) of experimentai alloys and reiated commercially

available alloys.

Alloy . Cr Cu Fe Mg Mn Si Ti In
High Purity : 1 :
Base 0.01 |0.002f 0.01} 2.9 | 0.002} ¢.01| 0.01{ 6.1 |Balance
(6/3) : Al
Cu containing
experimental {0.001{1.7 0.02{ 3.0} 0.,001| 0.01{ 0.01] 6.3
‘alloy (6/3 Cu)
Cr containing .
experimental |0.14 [0.003] 0.01| 2.99] - 0.02| - 6.11
alloy (6/3 Cr)
Commercial
7075 0.11 | 1.4 0.3 ] 2.6} 0.2 0.15} - 6.2
Commercial
7079 0.2 (0.6 0.4 | 3.3] 0.2 0.3 { 0.1 | 4.3
Commercial : .
7178 0.08 A2.O 0.5} 2.5 0.3 0.4 1 0.2 |6.5




carried out by p1ecing samples above a pool of distilled water in sealed
vessels.  The environment was therefore water vapour saturated air
(w.v.s.a.). Dry control specimens enclosed in sealed glass tubes were
placed in the same vesse]s at positions adjacent to the exposed ones.

Two temperatures of exposure were used: 70°C and 120°C.  The 120%
exposure tests were carried out in an autoclave at a steam pressure of
2.06 bars. Temperature control was between +1 and -3%.  The 70%
series of tests were carried out in an oven with a temperature stability
of +1.5°C. '

3.3. Cathodic Charging

Selected tensile samples were cathodically charged as a way of
introducing hydrogen into the specimens. A current density of 0.2 A/cm
was used in a 2% solution of H2504 with a small amount of sodium arsenate
as a hydrogen recombination poison. No potentiostatic control was

employed.

3.4. Mechanical Testing

Immediately following their heat treatment (either wet or dry) the
samples were tested in an "Instron"tensile testing machine. The majority
of tests were carried out in laboratory air at a strain rate of 1073571,

A small number of tests were carried out using a range of slower strain
rates down to 10'5531. During these tests the samples, both wet and dry,
were surrounded by magnesium perchlorate powder ih order to minimise

the effect of any water vapour in the testing environment.

At Teast four samples were tested for each condition of heat treatment
and exposure to water vapour. The larger grained high purity alloy
showed the greatest scatter and it was deemed necessary to carry out at
least six tests on material exposed at 120°C in order to increase the level
- of confidence in the results. '

3.5. T.E.M. Specimen Preparation Techniques

Specimen preparatior. for transmission electron microscopy was carried
out using standard surface preparation techniques. Two solutions were
used " ¢ (i) 20% perchloric acid in ethanol at -20°C at a potential
of 20 volts and (ii) 30% nitric acid solution in methanol. The
temperature was kept below -30%C and the potential was contro]ﬂed in the
range of 12-13 volts. The perchloric acid solution resulted in excellent
foils when used for the high purity and Chromium.containing alloys but was
less satisfactory when used to polish copper bearing samples.



Copper was found to be redeposited on the surface of the foil. The 30%
solution of nitric acid in methanol on the other hand performed equally
well in all the alloys: therefore this was used to produce all subsequent
foils employed. No copper redeposition was evident using this electro-

lyte.

The majority of thin foils examined were prepared by the "window"
technique. Whilst this is a rafher slow procédure it offers greater
control of the thinning process and normally results in very large
electron transparent areas. A small number of "disc type" thin foils
were prepared using commercially available thinning equipment. A 20%
solution of nitric acid in methanol at -20°C was used. The resulting
foils were of good quality and would be adequate for most routine invest-
igations. Grain boundary etching and oxide film thickening were the
most common defects, but these could be kept at a minimum by utilising
Tow temperatures. ' |

In order to determine whether the surface preparation techniques
affected the results by introducing artifacts into the samples a number
of specimens were ion beam thinned using an argon beam at 5.6 kV. The
~ eélectron transparent foils resulting from this technique were of lower
quality, due to displacement damage and oxidation by residual traces
of oxygen in the chamber. - - | .

3.6. Electron Metallography

Electron metallographic techniques were used extensively in order
to:

(1) Investigate hydrogen bubble formation in exposed material,

(2) Follow the microstructural changes that occurred as a result of
ageing and exposure at 120%.

(3) Examine "in-situ" the reaction between the alloys and water vapour.

and _
(4) To relate the above to the "bulk" reaction between the alloys and

water vapour.

Three instruments were employed. An AEI EM7 high voltage electron
hicroscope (H.V.E.M.), a Philips EM301 and a JEOL 100 CX TEMSCAN. The
instruments provide & range of facilities and between them offer the
opportunity to carry cut high resolution conventional transmission
microscopy (CTEM), high resolution scanning and scanning transmission
microscopy (SEM and STEM) and "in-situ" transmission microscopy.



3.6.1. Hydrogen bubble formation and microstructural changes

Standard teéhniques'in transmission electron miciroscopy were used
to examine the -phenomenon of bubble formation and precipitation as a
" result of ageing treatments. High resolution CTEM of the samples was
carried out in the Philips 301 and JEOL 100 CX microscopes but a large
number of thicker foils were also examined in the HVEM.

A11 specimens used for hydrogen bubble investigations were prepared
from material which had been exposed to water vapour containing environ-
ments in the bulk form, i.e. they were not less than 0.2 mm in thickness.
The majority of examinations were carried out on specimens which were
thinned from the standard tensile specimens used in mechanical testing.

Examination of thick foils was carried out in an attempt to minimise
any atypica1‘resu1ts arising from the use of very thin foils. Thin foils
can give rise to atypical results as a consequence of their high surface/
mass ratio. In particular, during in-situ experiments there exists a
critical specimen thickness that must be exceeded before bulk- behaviour
can be anticipated. For instance recrystallisation of deformed aluminium
does not occur at the foil edge and bulk characteristics are only found
in regions of 1.5um in thickness or greater (157). Additionally,
depletion of a reactive alloying element in the course of a surface
chemical reaction wiil be éXpected to occur more rapidly in thin foils
than in thick ones. '

Excessive loss of hydrogen to the surfaces of very thin foils, is
another, specific example of a possible disadvantage relevant to this

work.

A substantial increase in specimen penetration and hence maximum
usable foil thicknﬁ%ﬁ}&ﬁé achieved by using high accelerating voltages
in the AEI EM7. AnAincreaSe in specimen thickness is possible for
equivalent resolutions between 100 and 1000 kV (158). In the environ-
mental in-situ experiments where it was necessary for the beam to
penetrate the test atmosphere as well as the sample the advantages of
higher voltages were significant. However, accelerating voltages are
limited by radiation damage effects which occur as a result of electron
irradiation. These are of several types. = Atomic displacement damage
occurs if electrons are of sufficient energy to displace atoms from their
lattice positions. There exists a threshold potential below which atomic
displacement damage is not encountered (158). .Above the threshold the rate

of damage increases with electron energy. The primary defects produced



are vacancies and interstitials. In the case of aluminium it is
reported that the threshoid potential is 166 kV. In common with other
crystalline solids it is orientation dependent (158).

The primary defects may éo]lapse and form interstitial or vacancy
loops and/or voids (secondary defects) which are visible in the electron
microscope.  The distribution of secondary defects is not uniform
throughout the foil thickness as point defects generated close to the.
foil surfaces can escape to the surfaces and be annihilated (159).

Ionisation damage is a different form of damage that may occur.
This involves the excitation of bonding electrons. It occurs at all
accelerating voltages but since the ionisation cross-section decreases
with increasing incident electron energy this form of damage decreases
with increased operating voltage. The forms of visible damage that can
result include polymerisation and depolymerisation of organic molecules
and bond rupture and loss of crystallinity in inorganic and covalently
bonded crystals.

Great care must therefore be exercised when carrying out in-situ
experiments where the above effects could influence the reaction taking

place.

In this work the primary objective was to simulate bulk behaviour
and to obtain an insight into the mechanism of the phenomenon of environ-
ment sensitive failure. Possibleaypical behaviour of very thin foils
was therefore undesirable and examination of thick foils was mandatory.
This inevitably required the use of accelerating voltages above the
threshold for displacement damage. A compromise accelerating potential
‘of 500 kV was generally employed with 1imited experiments at 300 kV
and 100 kV to examine the influence of displacement damage. Operation
at 500 kV allowed penetration of relatively thick samples (4um) without
excessively fast build up of visible displacement damage.

3.7. In-situ High Voltage Electron Microscopy

The in-situ examinaiion of A]-Zn-Mg/H20 vapour reaction.in the gas
reaction cell of the HVEM formed a substantial part of this work. A
comprehensive review of the state-of-the-art in in-situ microscopy has
recently been published and reference may be made to that for detailed
discussion of the currently available techniques (160).

The experimental technique employed is based on the use of a
differentially pumped, iture type environnental celi, wnhich can be

ape
placed in the objective pole piece of the microscope. A schematic

o



representation of the arrangement is shown in Figure 3.1.
3.7.1. 'Environment

The experimental arrangement allows the environment of interest to
be introduced into the specimen directly as shown in Figure 3.2. The
specimen chamber forms part of a large reservoir as indicated in Figure

3.1. The large volume (&500 m1) associated with the reservoir is needed
to give good pressure stability at steady state conditions.

The pressure was varied by Contro]]ing the rate of gas entry into
the reservoir by means of a needle valve. Measurement of pressure was
carried out at the inlet port of the cell.

The first two apertures, above and below the specimen are of 100um
diameter and limit the leakage of gas into a differentially pumped region
(Figure 3.2.) Differential pumping was carried out using a turbomolecular
pump mechanically isolated via a bellows arrangement to minimise vibration.
The use of a turbomolecular pump was preferred over other types (e.g.
diffusion pumps) due to its relative cleanliness.

The differentially pumped region is jtself separated from the high
vacuum in the microscope column by two 200um apertures. These reduce
the leak rate into. the column to a value which can be dealt with by the
column pumping system. The high pressure region was therefore maintained
at a state of dynamic equilibrium by balancing the gas flow with the leak
rate through the apertures.

The particular cell used during the course of this work can be
used at pressures approaching one atmosphere .(161). However, the pressure
used was limited to a value which was subjectively judged as providing
adequate image resolution and contrast while maintaining environmental
conditions not too far removed from those employed in the bulk studies.

Water vapour was introduced into the cell by using helium as an
inert carrier gas. Electron scattering by helium is low and is associated
with single scattering events as opposed to gases of higher atomic number
where multiple effects a2 significant (161). Under these conditions &
total gas pressure of 100 torr was employed. The partial pressure of
water vapour present at any temperature is shown in Figure 3.3.

Specimen tilt of x20° about the specimen rod axis was possible
together with normal translation facilities. Tilting is essential as
the contrast mechanisms operative result from diffraction. Diffraction
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data however, were confined.to Bragg angles less than about 1072 radians
due to the 1imits set by the cell apertures. It was therefore not
possible to identify the hydrated film resulting from the reaction.
Normal bright field operation was not affected.

3.7.2. Temperature
In conjunction with the environmental ceil both cooling and heating

stages may be used (160, 161). A liquid nitrogen cooled stage was
used, in this work.

) There were a number of factors that made use of the cold stage
desirable. Firstly it allowed accurate control of the specimen temperature.
This was .considered important in view of the fact that excessive beam
heating effects were undesirable and could not be easily accounted for.
Secondly use of subzero temperatures led to reaction rates that were
sufficiently slow to allow easy image recording. This also permitted

the examination of the early stages of the reaction.

The lower 1imit of usage was set by the heating effect of the gas
which entered the chamber at a temperature of about 293K. Heat gains
due to-the 1ight heljum gas are significant and contribute to the radiation
and conductive heat gains from the pole piece that are dominant when '
éd]d stages are used under high vacuum conditions. '

The temperature of the moist environment also determines the equilib-
rium activity of the water vapour in the system. At room temperature the
vapour pressure of water is 22.87 torr (2340 Pa). This is reduced to 2.5
torr(260 Pa) at -10°C and to only 3 x 1072 torr (3.95 Pa) at -50°C.
(Figure 3.3.) Therefore a variation in temperature of the stage not
only leads to a change in the reaction kinetics via the "1/RT" factor
of the Arhenius equation but it also changes the activity of any water
vapour present in the system.

A temperature of 253K was generally used with selected experiments
over the temperature range of 213-293K. The estimate of the vapour
bressure inside the cell is difficult since the pressures read from
Figure 3.3. represent values expected to be found if the entire system
were at any particular temperature. Clearly that condition was only
fulfilled during experiments carried out at ambient temperature. Under
all other conditions the system was under non equilibrium conditions where
the inlet temperature of the gas was c]ose to room temperature while the
specimen was at the lower set temperature. It is Tikely that the cell



walls were also at high temperature, i.e. the temperature of the objective
iens pole pieces (20°C). The values of water vapour pressure indicated
in Figuré 3.3. therefore represent the lower limit of the existing vapour
pressure and would only be true for gas immediately in contact with the
body of the stage. Since the'reaction occurs between the sample and

any water moleculas which are in-contact with it, however, these values
would be expected to be gcod appfoximations to the relevant vapour
pressure,

.

Temperature measurement was obtained by means of a thermocouple
placed in the stage body adjacent to the specimen. It is likely that
the specimen was at a slightly higher temperature as the 1imiting heat
transfer process is conduction between the stage body and the clamping ring
holding the sample. Estimate of the temperature difference is difficuit
but is 1ikely to be very small due to the proximity of the thermocouple
to the specimen and the high conductivity of the all metal system at
that point.

3.7.3. Electron F1UX:Dehsity

The electron flux density was controlled and generally kept at a
value of 5 x 1O+3 A/m2 or less. Local beam heating at this flux density .
is minimal and any temperature rises are small. Fukamachi and Kikuchi
(162) concluded from their experiments that at a current density of 3 x 103
A/m2 the temperature rise in an aluminium sample ‘was less than 10K.
Makin (163) using a copper sample recorded a temperature rise of less
than 1K of a result of direct beam heating. This was considered
negligible compared to the contribution from radiant heating from the
objective aperture which was. found to be several times greater.

The rate of any irradiation damage processes is also directly related
to the electron flux density. The effect of this on the reaction will
be discussed in detail at a later stage.

3.7.4. Image Recording

Video recordings on an IVC recorder, of the specimen image was
carried out using a JAI 730 camera. This provided a continuous record
of the reaction enabling successful recording of rapid changes, e.qg.
dislocation motion. A degree of image intensification was obtained in
the system used. The minimum useful screen intensity which could be
used was increased by a factor of 100 (164). This was important as it
facilitated examination of thick regions and minimised electron beam
induced phenomena,



3.7.5. ‘Contamination

The most common source of contamination in electron microscopes is
0il vapour originating from the diffusion pump and O-ring grease.
Carbon is deposited on samples as a result of a complex interaction
between the 0il molecules beam and specimen surface.

In the EM7 HVEM silicone o0il vapour is found in the camera chahber
which travels up to the specimen area. With the gas reaction cell
installed the diffusion of such vapour into the specimen chamber was
‘considerably reduced as a result of the limiting effect of the cell apertures.
Two other factors helped to reduce contamination in the gas reaction cell.
Firstly the outward flow of gas from the high pressure region virtually
eliminates "back streaming" of oil vapour past the apertures. Secondly,
the cold stage holder acted as an excellent "cold finger" in a similar
manner to that of cold traps in conventional microscopy. The fact that
the holder was at a slightly lower temperature than the specimen increased
the probability of contaminants depositing on the stage in preference
to the thin foil.

Any residual contamination in the gas.reaction cell is derived from
the translator and aperture drives (156). To minimise such contaminants
'0vernight pumping of the entire system was carried out prior to any
serijes of tests.

. 3.7.6. "In-situ" straining

The opportunity of applying a stress to the sample in the presence
of water vapour in the gas reaction cell offers a unique facility for
studying stress corrosion cracking of Al-Zn-Mg alloys. It was the
purpose of this part of the research programme to assess the feasibility
of such experiments. ’

A straining stage made by GATAN Inc. was examined and its performance
in the environmental cell was investigated. The load is applied to the
_specimen by a relatively strong spring which is relaxed by the thermal
expansion of a wire. The wire is heated by the passage of a regulated
DC current which can be accurately controlled. A load of 2 Kg is
possible and the maximum crosshead displacement is of the order of 1000

microns.

The most crucial aspect of "in-situ" deformation studies is
specimen preparation and insertion into the stage. Samples must be
thin enough to be electron transparent and allow realistic levels of strain
to be attained but at the same time be sufficiently robust for handiing.



_Handling damage of the thin foils proved the 1imiting process.
The most satisfactory specimen geometry is shown in Figure 3.4.  Follow-
ing spark machining of the grip holes the samples were chemically polished
down to a thickness of 0.1 mm. They were then electropolished using a
commercially availabie system to produce electron transparent regions.
The resulting geometry allowed easy handling of the sample due to the
thick material surrounding the thin areas. The thick material at the
edge however, considerably reduced the amount of strain that could be
applied for the maximum load. Cutting of the thick edge by a surgical
scalpel was unsatisfactory and led to considerable deformation of the
foil.

The stress distribution in a sampie with a central perforation under
tension is non uniform and is shown schematically in Figure 3.5.
The stress distribution in the sample was further complicated by the
presence of notches or discontinuities which acted as stress concentrators.
These were present on most foils and were due to the surface preparation

technique.

3.8. Bulk Surface Stud%es

The samples used to examine the surface reaction between the alloys
and water vapour were given the standard surface preparation treatment
outlined in section 3.5. and then stored in a dry dessicator for 24-72
hours. In order to ensure that standard "clean", surfaces were indeed
present.a large percentage of the specimens was examined using secondary
electron imaging in the JEOL 100CX microscope prior to exposure. To
investigate possible artifacts introduced by electron irradiation of the
surfaces during scanning electron microscopy at this stage, the results
from these samb]es were compared to those that were not examined. No
differences were found,

Exposure of the samples was carried out as before in sealed vessels
at 70°C, or in an autoclave at 110%C. (The . Timitation to a temperature
of 110%C during the surface reaction studies was imposed as a result
of equipment failure). Specimens were simply placed in clean, open
ended tubes which allowed free access to water vapour. They were then
removed, dried in a vacuum dessicator and inspected in the JEOL 100 CX
microscope under secondary electron imaging conditions. Use of thinned
material permitted examination of samples in the transmission mode.
Diffraction data could thereby be obtained.
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Figure 3.4. In-situ straining sample geometry.
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Figure 3.5. Stress distribution in a sample with a central
under tension.
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Some samples were examined and then re-introduced to the test
environment for continued exposure while others were examined only at
the end of the test period. Possible artifacts produced by test
interruption could therefore be assessed.

It was found that following prolonged exposure tests the hydrated
oxide formed on the surface gave rise to significant charging of the
specimen. It was then necessary to vapour deposit a layer of gold
(m150-ZOOR thick) to obtain satisfactory images.

G U



4. RESULTS

4.1. Expoéure:Test§_

4.1.1. Isochronally aged 6/3 base alloy exposed at 70°c

In order to investigate the effect of ageing condition on the
exbosure characteristics of the6/3 base alloy solution treated tensile
samples were agéd dry for 24 hours in the temperature of 70-200°C and
then exposed to water vapour saturated air (wvsa) at 70°C.  The time of
exposure was fixed at 72 hours. Tensile tests were then performed on
these samples and similarly aged dry control specimens.

The results are summarised in Figure 4.1. It was apparent that
embrittiement of the underaged alloy had occurred as a result of the
exposure to wvsa. The ductility of the "wet" samples appeared to be
significantly lower for all treatments up to 140°C but above this temper-
ature there was no difference, within experimental error, between the
dry and wet sets of data. .

The change in ductility of the dry samples is caused by the
precipitation reactions which take place on ageing. Minimum dry
elongation was observed in specimens aged at about 120°C for 24 hours:
the alloy is close to peak strength at this ageing condition. Figure
4.1. shows that the insensitivity of the alloy to the exposure environment
is closely related to the onset of overageing which occurs as a result of
the treatments at 140°C or higher. This observation is in very good
agreement with results reported in the l1iterature concerning resistance

to stress corrosion cracking (1,2,3).

Transmission electron microscopy showed that the only significant
difference between dry and wet material was the presence of a strain field
image (characteristic of "bubbles" (141, 142)) on grain boundary particles
in sampies which had been aged above 120%C (Figure 4.2.) No bubbles were
detected in material aged at lower temperature and bubble formation in
material aged at 120°C was sporadic. At all times bubbles were associated
with grain boundary particles.

The average grain boundary precipitate sizes were found to be
approximately 70A at 70°C, 200A at 120°C and 350A at 150°C. At 200°C
the particle size increased to a value greater than 750A. Accurate
measurements of particle sizes were difficult since their size was a
function of the character and orientation of the'grain boundaries on
which they were formed. For instance high angle boundaries exhibited
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Figure 4.2. (a) Hydrogen bubbles at gfain bourdary precipitates of an
A]-6%Zn;3%Mg-a110y tensile sample dry aged at .120°¢C for
24 hours and subsequently exposed to w.v.s.a. for 72 hours.
Note that not all grain boundary precipitates exhibit hydrogen

bubbles.

(b) Hydrogen bubbles at the grain boundary precipitates of a
similarly exposed bulk sample but previously aged at 200°¢C

for 24 hours.
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larger precipitates than low angle interfaces. A distribution of sizes
around a peak was found and the figures quoted are mean values taken over
a number of inclined boundaries. . Inclined boundaries oriented away from
Bragg conditions offer the most accurate sites for measurement since '
under these conditions contrast depends primarily upon atomic number and
thus the true size of the zinc rich particles is ciearly defined.

4.1.2. Isothermal exposure of ‘6/3 base alloy at 120°C: * ‘solution treated

condition.

Isothermal exposure tests, at 120°C, were carried out on material
initially in the solution treated condition immediately after quenching.
In accordance with the procedire adopted in the isochronal tests, control
samples sealed in tubes, were placed in the same autoclave.

At 120%C precipitation from the supersaturated solid solution occurs
leading to an age hardening effect. This is clearly shown by the mechanical
behaviour of the dry samples (Figure 4.3). The precipitation processes
occurring involve the formation of a uniform dispersion of the metastable
n' phase in the grain interiors with a narrcw precipitate free zone adjacent
to the grain boundaries which contain a dispersion of larger n particles
(Figure 4.4.).

The mechanical behaviour of the specimens exposed to water vapour at
120°%C is significantly different (Figure 4.3.). Up to a time period of
6 hours the recorded elongation of the wet samples closely follows that
of the dry. Beyond this exposure time the two sets of data deviate, the
wet samples exhibiting progressively lower ductility values. This
region of falling ductility is termed stage 1. The corresponding fracture
stress values over this region show a steady increase and reflect the
progress of the precipitation hardening reaction.

At exposure times between 10 and 24 hours the wet samples are
essentially brittle. The recorded elengation is constant and less
than 1% (typically 0.3-0.5%). This is significantly lower than the
ductility of the dry samples (typically 2-3%) but indicates that some
plastic deformation precedes fracture. The fracture stresses determined
in this regime, desigrated as region 2, are effectively constant (Figure
4.3.).

After about 24 hours there is an abrupt recovery of ductility, the
elongation values now being very close to those measured for the dry samples.
This stage, region 3 extends up to 36 hours. The fracture stresses of
both dry and wet samples are comparable in this region.
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| Figure 4.3. (a) Variation of ductility of “as quenched" samples with
time of exposure to steam at 120%¢ (open squares). Similarly
treated dry controi samples (sealed in glass tubes and
placed in the same autoclave) exhibit the elongation values
shown by the filled squares. 4 4
Each point represents an average of six experimental values.
Error bars indicate the standard deviation calculated for
each set of data.

(b) Corresponding fracture stress values.
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Figure 4.4. (a) Bright and Dark field micrographs of a sampie aged
dry at 120°C for 8 hours showing precipitation of n (MgZn,)
at grain boundaries.

(b) Bright and Dark field micrographs showing grain boundary
and matrix precipitation foliowing 38 hours ageing at 120°¢.

(c) [100] zone in an aged sample of Al-6Zn-3Mg alioy.
(2 hours at 12006). Weak n’reflections appear along the
[220] matrix directions.
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At the end of region 3 the samples revert to a totally brittle
character. Fracture occurs at very low stresses and no measurable
‘ducti1ity is recorded, i.e. they are elastically brittle. Considerable
‘variation in fracture stress -was found in region 4 (Figure 4.3.)

The degree of embrittlement in any of the four stages of behaviour
was not found to be a function of the strain rate employed during the
mechanical test. No reproducibie differences between the recorded _
elongation at different strain rates were detected in any partially or.

fully embrittled specimens in the region of 1055 - 107571,

Embrittiement under all conditions was fully reversible. Full
ductility could be restored by repeating the heat treatment cycle at
any stage.

Fractography of the samples used in these experiments revealed some
fundamental differences between different samples.

Dry control specimens show a normal ductile transgranular dimpled
fracture surface in the as quenched condition.. This progressively
transforms to a mixture of ductile intergranular and transgranular fracture.
The percentage of intergranular failure increases with increasing ageing
time but dimpling of the fracture is observed in all cases.

Wet specimehsrof region 1 exhibit fracture modes closely relating
to the dry ones but with an increasing number of intergranular facets.
The intercrystalline failure mode takes over as region 2 is encountered
and persists completely through this region without any evidence of ductile
dimpling.  However, there is some evidence of microplasticity in the
form of emergent slip steps (Figure 4.5.). Plastic deformation appears
to have been very limited, the majority of fracture surfaces exhibiting
a "clean" faceted failure. At times approaching 24 hours evidence of
transgranular crack initiation was found but the favoured fracture mode
appeared to be one of grain boundary decohesion (Figure 4.6).

The abrupt recovery in ductility at the end of stage 2 was found to
be associated with a change in the fracture mode. Fractography of samples
in region 3 revealed that the fracture surface consisted of three distinct
regions (Figure 4.7). At the periphery the fracture remained brittle
and intergranular. Then followed a band of transgranular brittle fracture
whilst the specimen inierior exhibited a transgranular ductile fracture
mode.

The onset of region 4 was associated with a further change in failure
mechanism. The fraciure was found to have reverted back to an
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Figure 4.5. Fractography of exposed samples corresponding to
exposures in region 2 of Figure 4.3.

(a) Intergranular fracture in a sample exposed to steam at
120°C for 18 hours. Note microplasticity.

(b) Higher magnification of same sample showing emergent
slip steps and grain boundary precipitates.

Figure 4.6. Fracture surface of sample exposed to steam in the autoclave
for 22 hours.
Transgranular crack nuclei present but fracture stiil
dominantly intergranular.
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Figure 4.7. Fracture surface typical of failure in region 3 of Figure 4.3,

Figure 4.8. Intercrystalline failure in region 4. Fracture surface
contains a large number of crater shaped depressions.
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intercrystalline form (Figure 4.8). In contrast to region 2 however,
significant yielding was not apparent as evidenced by the absence of slip
steps. The fracture surface was not smooth however, and contained
precipitates, some of which were surrounded by crater shaped depressions.

Transmission electron microscopy showed the deVe]opment of the
metastable n' precipitates in the matrix during exposure at 120°C.
Grain boundary precipitation of the edui]ibrium n phase also occurs and
the n particles reach an average size of about 200A after a treatment of
24 hours. (This again represents an average size measured from a number
of different boundaries.)

Careful examination of thinned bulk tensile test samples in regions
1, 2, 3 and 4 was carried out using CTEM. No hydrogen bubble formation .
was detected in either region 1 or 2, but bubbles were found in samples
from region 3 (Figure 4.9). At the beginning of stage 3 not all n particles
were associated with bubbles when initially examined, but subsequently
developed them after some seconds exposure to the electron beam (Figure
4.10). Considerable care was .therefore required to positively confirm
the existence of bubbles prior to electron irradiation. The standard
procedure adopted was to select a grain boundary and tilt to the appropridate
diffracting condition (e.g. g = 220) with the electron beam confined to
a narrow region of the boundary. Photography was then carried out on
the immediately adjacent area at a low electron flux density. In this
way the presence or absence of bubbles and any growth under the beam could
be assessed. -

At late times in stage 3 and throughout stage 4 bubbles were present
"ab initio" on the majority of grain boundary particles (Figure 4.11).
It was also found that in samples exposed to steam for periods greater
than 24 hours, i.e. up to region 3 or longer, intragranular dislocation
loops were formed on examination under the electron beam at 100 kV
(Figure 4.12). This was similar to displacement damage effects found in
dry samples but only at accelerating voltages above the thresho]d for
displacement damage, 160 kV. (See section 5.4.1.). ‘

Additionally bubbles were observed on dislocations attached to grain
boundaries in samples that had been exposed to water vapour (Figure 4.13).

4.1.3. Isothermal exposure of 6/3 base alloy at !20°Ci"aged condition.

It was cleariy significant that the recovery in ductility in stage 3
is associated with the development of the grain boundary n particle
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Figure 4.9 (a) Transmission electron micrograph of tensile sample
' exposed to water vapour in the autoclave for 26 hours.
Hydrogen bubble formation at grain boundary particles.

(b) Hydrogen bubbles at boundary of similarly treated sample.
Majority of grain boundary particles exhibit hydrogen bubbles.

Figure 4.10. Development of bubbles at grain boundary particles as a
result of exposure to the electron beam. Bulk sample exposed
to water vapour in the autoclave for 24 hours.
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Figure 4.11. (a) Hydrogen bubbles in a tensile sample exposed to water
vapour- in the autoclave for 32 hours. Noteveryhigh
density of bubbles.

(b) Hydrogen bubbles in a sample taken from region 4
exposure times (5€C hours at 12000). '






Figure 4.12.

Intragranular dis]pcation loops induced by electron
irradiation with 100 kV electrons in a sample exposed

for 26 hours in the autoclave. No such Toops were noted
in non-exposed samples.
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Figure 4.13. Hydrogen bubble strain fields on dislocation Tines in an
exposed sample. Hydrogen bubbles also visible along the
grain boundary. '

Figure 4.16. Hydrogen bubbles in a tensile sample aged dry for
18 hours at 150°C and subsequently exposed to water vapour
in the autoclave for 23 hours.
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dispersions and the growth of bubbles on these particles. Both
precipitation and exposure to water vapour were taking place simultaneously
in the experiments reported in the previous section since samples were
initially in the as quenched condition and thus supersaturated with solute.
In order to separate these variables some samples were pre-aged under

dry conditions either for 18 hours at 150°C or for 92 hours at 125°Cf

The average grain boundary precipitate sizes resulting from these

heat treatments were 250A and 800A respectively. Thus both microstructures
exhibited particle sizes greater than the minimum size previously noted

to be associated with bubble nucleation. Both microstructures would be
expected to be relatively stable on exposure at 120°C. Samples were

then exposed to water vapour at 120°C and mechanically tested. The
results of such exposure tests are shown in Figures 4.14 and 4.15.

It can be seen that the prior heat treatment of 92 hours has resulted in

a microstructure which is highly resistant to embrittlement. Within

the 1imits of accuracy of the measurements no embrittlement occurred for
exposure times up to 120 hours.

The behaviour after ageing for 18 hours at 150°C however, was
distinctly different. Yield strength, fracture stress and elongation
remain constant up to about 30 hours exposure. There follows a rapid
drop in ductility to zero and a corresponding reduction in fracture stress
to a level comparable to the yield strength of the material (Figure 4.15).
In these experiments electron microscopy showed clearly the presence of
bubbles on the grain boundary precipitates within the ductile failure
regime as well as in the embrittled condition (Figure 4.16).

4.1.4. Isothermal Exposure of 6/3 Cu alloy at 120°C

The as quenched condition of the copper containing alloy exhibited
an equiaxed structure but with a smaller grain size than that found in
the high purity alloy (30um in comparison with 100um). Microstructurally
the two alloys behaved in a similar maaner on ageing, i.e. a sequence of
supersaturated solid solution + metastable phases -+ stable phase with the
generation of larger grain boundary precipitates at the interfaces which
are associated with precipitate free zones (Figure 4.17). Copper
enhances the precipitation kinetics of the G.P. zones and stabilises the
metastable n' phase at temperatures below 120%¢ (see Section 2.3). The
grain boundary precipitates were still the equiiibrium phase. The
only difference between the 6/3 base and 6/3 Cu alloys was the occurrence
of very large particles in the latter only visible under the light
microscope at Tow magnificationé. It is possible that they were S phase
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Figure 4.17. Sample from 6/3 Cu alloy showing grain boundary precipitates,
a narrow P.F.Z. and matrix precipitation.  Solution
treated at 450°C, quenched and aged at 120°C for 7 hours.

Figure 4.18. [100] zone in overaged sample of the 6/3 Cu alloy with
associated diffraction pattern. Precipitate stops show
the presencé of both n and n'.  Sample solution treated
at 450°C, cold water quenched and aged at 120°C for 174 hours.
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intermetallics which did not dissolve during solution heat treatment (8).
None were observed under the electron microscope and thus positive
identification could not be made. Figure 4.18 shows the matrix precipitates
and aséociated diffraction pattern of an overaged 6/3 Cu alloy.

The exposure characteristics at 120°C of this alloy are shown in
Figure 4.19. Within experimental error no embrittlement was detecied
even under prolonged exposure times.  Both dry and wet samples show
similar elongation values which are considerably highef than those of the
high purity alloy.

Extensive fractography showed that the dominant mode of fracture
in the absence of water vapour was one of ductile intergranular failure
associated with ductile dimpling (Figures 4.20 and 4.21).

Samples exposed to water vapour differed from the control specimens
in a number of ways. Firstly for any given time at 120%C the proportion
of intergranular failure was greater for wet samples (Figure 4.22).
Secondly, over the range of 20-92 hours the occurrence of transgranular
cleavage type fracture was detected (Figure 4.23). This was limited
to the periphery of the specimens (Figure 4.24). The greatest proportion,
of such cleavage fracture was found in the regioﬁ of 40-56 hours with
only minute amounts at 92 hours. Such cleavage fracture was first detected
in samples exposed for 20 hours (Figure 4.25).

No such cleavage fracture was found in any dry samples under any
conditions. '

The third and vital difference between the wet and dry specimens was
the density of subcritical surface cracks (i.e. cracks that did not
contribute to fracture). Wet samples were found to contain significantly
greater numbers of such cracks compared to dry specimens (Figure 4.26).
These cracks were both of an intergranular and transgranular form and in
specimens exposed to steam for long periods virtually all grain boundaries
were cracked.

Close examination of the subcritical cracks revealed that they were
not caused by intergranular corrosion. This is evident in Figure 4.27,
which shows only slight evidence of intergranular corrosion. Slip steps
and grain boundary precipitates are clearly visible and show no signs of
attack.

The surface of exposed samples was found tc be covered by a thick
hydrated oxide film of pseudobcehmite {see Section 4.4) (Figuire 4.28).
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b

ot

Figure 4.20.

Figure 4.21.

Ductile intergranular failure of 6/3 Cu sample aged dry at
120°C for 12 hours.

\

High magnification of the fracture surface of a 6/3 Cu
alloy aged at 120°C for 12 hours showing extensive dimpling.
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Figure 4.22.

Comparison between "dry" (a) and “"wet" (b) fracture
surfaces in the 6/3 Cu alloy treated for 250 hours at 126°C.
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Figure 4.23. Transgranular cléayage failure in the 6/3 Cu alloy.
Solution treated, water gquenched and exposed to water
vapour at 120°C for 56 hours. '
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Figure 4.24. Transgranular cleavage fracture at the periphery of sampies
of the 672 Cu alloy exposed to water vapour at 120%C.

(a) 26 hours exposure
(b) 48 hours exposure

(c) 92 hours-exposure
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Figure 4.25. Range of occurrence of transgranular cleavage fracture
in the 6/3 Cu alloy.
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Figure 4.26. (a) Extensive grain boundary cracking following pre-exposure
and mechanical testing of 6/3 Cu samples.
Cracks not present'before the application of stress.
6/3 Cu alloy exposed to water vapour in the autoclave for
56 hours.

(b) Higher magnification of same sample showing both
intergranuiar and transgranular surface cracks.






121

Figure 4.27. Intergranular subcritical cracks in the 6/3 Cu alloy
showing very 1ittle intergranular corrosien attack.
Grain boundary particles and slip steps clearly visible.
Surface hydroxide is cracked following the application

of stress.
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Figure 4.28. (a) Surface cracking of a 6/3 Cu alloy exposed to water
vapour at 120°C. Note crystallographic nature of trans-
granular cracks. '

(b) Similar transgranular cracks on both sides of a grain
boundary that intersects the surface. Note that different
cleavage planes crack in each grain.

(c) Stereo pair of surface cracking showing very thick
columnar hydroxide which has cracked as a result of cracking
in the underlying metal. '
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It is significant to note that this oxide has been cracked along
crystallographic directivns (Figure 4.28) which can be correlated with
transgranular cracks running along the underlying metal.

'A11 exposed samples examined by transmission electron microscopy
exhibited hydrogen bubbles at the grain boundaries {Figure 4.29).

In order to compare directly the effect of copper on the embrittlement
characteristics, experiments were carried out using 6/3 Cu samples which
had a grain size similar to that of the high purity &/3 base alloy.

This was achieved as outlined in Section 3.1 by soiution treating such
éamp]es at 500°C followed by a period at 450°C. It was considered
necessary to equilibriate the system back at 450°C in order to minimise
differences in the vacancy concentration, quench rate and resultant
solute profiles at interfaces, between the above samples and the 6/3 Cu
samples treated at 450% only. It appears however, that this was not
entirely successful as it was noted that the size and density of the S
phase was greater, in the 500°C solution treated material.

Exposure of samples was then carried out in the normal manner. The
results of the tensile tests are shown in Figure 4.30, which also includes
the results from the 450°C treated samples for compar1son purposes.

It was c]ear in these experiments that the large grain (100um) samples
of the copper bearing alloy were now severely embrittled following exposure
to steam. The ductility of the dry samples also decreased with the
increasing grain size but these values were consistently higher than
those of the wet samples which became completely brittle after about
40 hours exposure (Figure 4.30). It is of interest to note that this
time is very close to that found for complete embrittiement in the 6/3
base alloy. C

4,1.5. Isothermal exposure of the 6/3 Cr alloy at 120°¢C

Exposure of the Cr containing alloy to water vapour at 120°C'was'
found to have a minimal effect on ductility if samples were subsequently
tensile tested at a strain rate of ~10 5571,

Deviation from the results of the dry samples was slight and only

apparent after prolonged exposure times (m 50C hours) (Figure 4.31).

However, the fractography carried out in the SEM revealed differences
between dry and wet material. The wet samples of the Cr bearing material
showed multiple surface cracking (Figure 4.32) but no significantly greater



Figure 4.29. Hydrogen hubbles in the 6/3 Cu alloy.
~(a) Exposed to water vapour at 120°C for 22 hours.

(b) Exposed to water vapour at 120°C for 53 hours.
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Figure 4.30. Variation of ductility with exposure of 100um grain size
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Figure 4.31. Variation of ductility of 6/3 Cr alloy samples with
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‘m\

N2
0

Figure 4.32. Surface cracking in’exposed and tensile tested samples of
the 6/3 Cr alloy.
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amounts of intercrystalline fracture (Figure 4.33), than the corresponding
dry controls.  Both transgranular and intergranular crack nuclei were
found but i% was evident that all transgranular cracks propagated in a
ductile manner; |

Selected samples of this alloy were tested at strain rates below

o with appropr1ate precautions to exclude laboratory

the normal 10™3s

air moisture (see Section 3. 1). At strain rates below 10 45 -l
found that significant embrittlement of the alloy could be detected
(Figure 4.34). Similarly treated dry samples did not show any such
embrittlement thus eliminating the testing environment as the cause of
the effect. Fractography of these samples revealed a more clearly

brittle intergranular fracture surface (Figure 4.35).

it was

No cleavage type failures were found in any samples (dry or wet) of
the Cr bearing alloy at any strain rates.

4.2. Cathodic Charging

Selected samples of the copper containing alloy were cathodica}]y
charged. These were given the standard solution treatment at 450°¢C
followed by a cold water quench and naturally aged at room temperature
for three weeks. They were then cathodically charged using the conditions
described previously, thoroughly washed and immediately mechanically
tested.

The results of the tensile tests are shown in Figure 4.36. It was
found that as a result of cathodic charging a drop in elongation was
apparent together with a corresponding reduction in the fracture stress.

4.3. "In-situ" Electron Microscopy

The "in-situ" react1on between all. the alloys and water vapour saturated
heljum was found to occur preferentially at sites under electron irradiation
(Figure 4.37). The reaction, in the first instance, took the form of a
blistering reaction whereby the oxide partially decohered from the metal
substrate forming hemispherical surface blisters (Figure 4.38). On
further exposure to the electron beam internal bubbles were formed
(Figure 4.39). These were identical to those found in the bulk sample
experiments described previously and were contained within the foil surfaces.
The occurrence of the internal bubbles was a function of alloy composition
and heat treatment (see below). The réqction was found to occur at all
accelerating voltages employed. Neither was there a measurable difference
in the rate of the reaction when using potentials in the range of 100-500 kV.
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Figure 4.33. Comparisons between dry (a) and wet (b) fracture surfaces
of 6/3 Cr samples show no significant difference in fracture
mode even after prolonged exposure.

Dry samples (a) Aged'dry at 120°C for 237 hours.
Exposed samples (b) Exposed in the autoclave at 120°C for
229 hours. '
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Figure 4.34. Strain rate sensitivity of ductility in 6/3 Cr alloy _
samples exposed to water vapour in autoclave for 120 hours.
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Figure 4.35, Fracturé surface of 6/3 Cr alloy samples exposed to water

vapour at 120°C for 120 hours and tensile tested at a
strain rate of 5 x 1072 77,
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Figure 4.37. (a) and (b) Surface reaction regions in the. environmental
cell under the influence of a 500 kV electron beam and
water vapouﬁ.' The reaction is confined precisely to the
area under the electron beam and consists of a very large
number of surface oxide blisters.
Electron flux density = 5 x 1073 A 2

Temperature = 253 K

Figure 4.38. A S.T.E.M./S.E.M. pair taken on the JEOL 100 CX microscope
showing surface blisters induced by reaction in the environ-
mental cell of the H.V.E.M.  Blisters form on both sides of
the foil.
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Figure 4.39. Internal hydrogen bubbles produced as a result of the
"in-situ' reaction between water vapour and the 6/3 Cu

alloy. _
Electron flux density = 5 x 1073 A 2
Temperature = 233 K

Figure 4.40. Fast, continuous surface blistering as a 6/3 base alloy

foil irradiated in the environmental cell for 30 seconds.

2 2

Electron flux density = 107 A mm~

Temperature = 273 K
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The rate of the reaction, however, was critically dependent on
the temperature. The reaction at ambient temperature was very fast.
In the 6/3 base alloy reaction was detectable after irradiation times of
less than 10 seconds at 293K, but this was increased to values greater
than 60 seconds at 233K. "Accurate evaluation of the onset of the reaction
was difficult due to the background image information contained in the
foils. Contrast from the second phase particle dispersions was the
main contributor to the "background noise" in the aged.samples. The
"incubation period" values, therefore, are given with reserve and should
only be treated as gualitative measures of surface reactivity.

High electron flux densities significantly reduced the incubation
period for the superficial reaction, and led to increased reactivity.
Comparison of data, such as incubation periods and rates of growth,
between the different alloys could therefore only be made at comparable
electron flux densities. For this reason the electron flux density was
generally kept in the region of 107°-5 x 107> A mn™2. At high flux
densities (or high temperatures) continuous blister formation fracture
and reformation was observed. (Figure 4.40). This occurred at a fast

rate and is only clearly visible on the video recordings.

At the Tow chosen electron flux densities the rate of growth of
blisters was reduced sufficiently to allow subsequent measurement of their
rates of growth. This was carried out by measuring the diameter of the
blisters recorded on photographic plates as a function of time. A
typical set of resulfs is shown in Figure 4.41. In this Figure the
average diameter of 10 different blisters is plotted against irradiation
time. The origin of the time scale measurement was taken as the onset
of the surface reaction, i.e. at the end of the incubation period.
Blisters showed large variations in size and the results were "normalised"
by dividing the voluire of any one blister at any time, by the volume of
the same blister at the time of the final measurement. This limits the
ordinate scale to a range of zero to unity. Furthermore, in order
to allow comparison between the rates of growth between the different
alloys the time scaie was also normalised by dividing a1l times by the
time of the Tast measurement. Two points on the curve, the origin and
(1,1), were therefure fixed.  Figure 4.42 shows & pool of results from
all three alloys treated so that a normalised volume (d3/d3max) is plotted

against a normalised time parameter (-t/tma Each point represents an

)-
X
average of not less than 10 different blisters growing under an electron

. o =2 - . o . . - .
flux density of 0 ~ A i 2 and at 233K. It is evident from this graph
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that the experimental points fall on the straight Tine joining the fixed
points indicating that the volume of the blister is directly proportional
to the irradiation time.

The blister size, at any.time, was a function of temperature.
High temperatures gave rise to larger blisters. It was a frequent
observation in all alloys that the blisters at the periphery of the reaction
area exhibited larger diameters than those in the centre region.

4.3.1. 6/3 base alloy

The first indications of an interaction between examination and
hence irradiation of.the 6/3 base alloy came in the form of a very fine
blistering reaction (Figure 4.43). As mentioned earlier the onset of
the reaction was difficult to determine accurately due to the "masking"
effect of the underlying microstructure. Further variations between
different foils were also evident possibly due to slight variations in
initial oxide, temperature and electron flux density.

There appeared to be a degree of preferential attack at the grain
boundaries (Figure 4.44). In the absence of large particles at the
grain houndary (the sample of Figure 4.44 was solution treated and
quenched only) the increased chemical reactivity in this region could be
due to segregation effects or a reduction in the activation energy for
attack at thehigh energy site of a grain boundary/surface intersection.

In overaged samples it was found that in addition to the surface
blisters internal grain boundary bubbles were formed (Figure 4.45 ).
These were confined to grain boundary particles. No such grain boundary
bubble formation was detected in underaged material and it was apparent
that no bubble nucleation occurred in the 6/3 alloy in the absence of
grain boundary precipitates below a size of about 200A. This was in
agreement with the results of the bulk exposure tests reported in Section
4.1. ZSamples with grain boundary particles larger than the critical
size exhibited an abundance of bubbles following reaction under the
electron beam.  Air ccoled and subsequently aged samples were particu]ar]y
good in stimulating bubble formation (Figure 4.46),

Figure 4.47 shows the behaviour of a very large grain boundary
particle on exposure to the e]éctron beam. Blistering occurred preferent-
jally at the particle during the early stages of the reaction (arrow 1).

As the reaction proceeded general attack and oxide thickening occurred
over the entire irradiated area. (This thickening is difficult to
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rigure 4.43. In-situ sequence showiﬁg the development of blisters
following irradiation under the electron beam.-

1073 A 2

253 K

6/3 base ailoy solution treated at 450°C, cold water

quenched and aged at 120°C for 23 hours.

Electron flux density

Temperature

Figure 4.44. Sequence showing preferential attack at the grain boundary/

surface intersections in an as quenched 6/3 base alloy

3 2

Electron flux density = 10 ° A mm_

Temperature =233 K






Figurel4.45. Stills taken from a video sequence showing the development
‘ of internal hydrogen bubbles in an overaged 6/3 base alloy
- sample.

Note that hydrogen bubbles form exclusively on grain
boundary particles. '

Electron flux densjty = 5 x 1073 -2

233 K

A mm

Temperature






Figure 4.46. Stills from a video sequence showing the development
of internal hydrogen bubbles.
6/3 base alloy solution treated at 45000 air cooled and
subsequently aged at 150°C for 72 hours.
Electron flux density = 10?4 A mn~?
Temperature = 233 K
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Figure 4.47. Stills from a video sequence showing the reaction events
~ in an air ccoled 6/3 base alloy sample.

Blistering reaction first starts on the grain boundary
precipitate {Arrow 1). Bubble nucleation first occurs on
the smaller grain boundary’partic]e (arrow 2) and at the
tip of the large grain boundary precipitate (arrow 3).
Electron flux density = 1073 A/nﬁm2
Temperature = 253K
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distinguish on the video monitor due to the automatic gain control on

the camera compensating fcr the reduction in image intensity as the

oxide buildsup.) It is ‘also.evident from this sequence that bubble
nucleation occurs first on the smaller precipitate (arrow 2) and at the
tip of the large grain boundary particle (arrow 3). The Tatter bubble
appears to be deflated after atht 250 seconds, as evidenced by the
contraction of the strain field, which is subsequently partially restored.
The loss of the strain field could be due to the loss of hydrogen
(presumed to be the agent causing the high pressure inside the bubble and
hence the strain field) to the surfaces of the foil. An alternative
explanation is-that bubble grows very rapidly, due to the very high
pressure inside it, by decohering a greater part of the matrix/particle
interface. The Targer volume would then be expected to be at a lower
pressure-leading to a reduction in strain field image width. On further
exposure the pressure inside the bubble would be expected to increase if
more hydrogen is introduced into the void. A second example of strain
field image reduction and subsequent growth is shown in Figure 4.48.

An interaction between existing dislocations and internal bubbles
was noted. Figure 4.49 shows that after the formation of bubbles on
the grain boundary precipitate a strain field develops on an adjacent
dislocation 1ine. Dislocations away from grain boundary particles did

not show such strain fields.

4,3.2. 6/3 Cu alloy

The reaction between the experimental alloy containing copper (6/3 Cu)
and water vapour in the environmental cell, was initially found to be
hampered by the presence of extensive copper depcsits on the foil surfaces.
These were traced to copper redeposition during sample thinning in the
20% perchloric acid-ethanol solution. (Similar effects have been reported
by other workers (165, 166)). Experimentation using different electrolytes
indicated that this effect could be reduced to negligible proportions if
a solution of 30% nitric acid in methanol was used. In order to minimise
any differences in the nature of the oxide surfaces hctween the experimental
alloys, and thus make comparisons possible, all samples used in the
environmental cell were polished in the latter electrolyte under identical

conditions.
Whilst showing an overall similar behaviour the progress of the reaction

between the 6/3 Cu alloy and water vapour showed some important differences
from that of the 6/3 base alloy. Firstly, it was found that at all
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Figure 4.48.

Stills frem a video sequence showing the collapse and

subsequent growth of a grain boundary hydrogen bubble.

- Temperature

6/3 base alloy solution treated atlasooc, cold water quenched
and aged at 150°C for 72 hours. |
5x 10
233 K

3 -2

Elactron flux density A mm
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Figure 4.49. Sequence from a video recording showing the gradual build
up of strain filed on a dislocation Tine close to the grain
boundary. Note that no such strain field develops on
dislocation Tines away from the grain boundary. . ‘

5 x 1075 A/mn”2

253 K

Electron flux density

Temperature
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temperatures thé incubation period for any visible reaction was increased
when compared to the 6/3 alloy. The increase showed significant
variations between individual foils but was qualitatively reproducible.
The initial stégé of the reaction showed preferential blistering at grain
boundaries (Figuré 4,50). Selective attack in this alloy was more '
pronounced than in the 6/3 base alloy. As shown by Figure 4.50 selective
attack is 1imited to the early stages of the reaction. After prolonged
irradiation no distinction could be detected between grain surfaces and
the boundary sites. ' |

The most striking difference between the base alloy and the copper
bearing quaternary was shown in the bubble formation characteristics.
Bubbles were found under all ageing conditions inciuding the as quenched
state. Figures 4.51, 4.52, 4.53 are sequences showing the development
of bubbles in as quenched, underaged and overaged material respectively,
of the 6/3 Cu alloy.

The incubation period for‘the formation of internal bubbles was
significantly longer in this alloy. (Typically 3-4 minutes at 273K and
5x 107 A mm'z)

It was clear from the results of both 6/3 base and 6/3 Cu alloys
that the growth of any particular bubble was not unlimited. Figure
4.54 shows that following the development of the large bubble smaller
.bubbles nucleate at closely adjacent sites, and these grow at a faster
rate than the large bubble.

In other cases growth of bubbles resulted in the production of
dislocation loops (Figure 4.55). These were "punched out" as a result
of bubble growth and indicate that the pressure inside the bubbles was
sufficiently high to cause local plastic deformation.

4.3.3. 6/3 Cr alloy

-The Chromium bearing alloy was set apart from the others by its
acute blistering characteristics. The superficial reaction was both
very pronounced and associated with short incubation periods (Figure 4.56).
It was sometimes observed that the oxide completely decohered from the
parent metal {Figure 4.57). In common with the other alloys the blister
size was found to be a function of temperature. Figure 4.58 shows that
on the same foil two adjacent reaction areas produced at different
temperatures exhibit distinctly different.blister morphologies. The
fact that the foil surfaceé, orientation to the electron beam, and
pressure were identical clearly shows that the effect is one of temperature.



Figure 4.50. Preferential blistering reaction at the grain boundaries
of the 6/3 Cu alloy. Blisters form on both sides of the

boundaries.
Electron flux density = 10f3 A mm_2
Temperature = 233 K






Figure 4.51. (a) Sequence showjng the developmient of grain boundary
bubbles in an as quenched 6/3 Cu alloy sampie.
Electron flux density = 5 x 10f3 A 2
Temperature =273 K

(b) Hydrogen bubbles clearly visibie at a grain boundary
of a different as quenched 6/3 Cu sample irradiated for
4 minutes at 273 K.
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Figure 4.52. Sequence showing the development of hydrogen bubbies in an
6/3 Cu alloy sample aged at 120°C for 22 hours.
Electron flux density = 1073 A o2
Temperature =773 K
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Figure 4.53. Sequence showing the development of hydrogen bubbles in
an overaged 6/3 Cu alloy.
Solution treated at 450°C cold water quenched and aged at
150°C for 136 hours.

Electron flux density -3

1077 A mm_.2

253 K

'Temperature
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Figure 4.54, Stills from a video sequence showing the development of
' : grain boundary bubbles in an air cooled and aged sample of

the 6/3 Cu alloy. Note that the rate of growth of the Targe

bubble is reduced on growth and that smaller bubbles nucleate

at closely adjacent sites. '

107° A mm
253 K

3 -2

Electron flux density

I}

Temperature
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rigure 4.55. Stills freom a video sequence showing the production of
dislocation loops during growth of a grain boundary bubble.
There is a movement of dis]ocations between the still at
4.45 seconds and 4.48 seconds. (This is clearly visible on
the origina] video recording.) Schematic below shows
the movement and direction of one of the d1s]ocat1on loops.
Electron flux density = 5 x 10 A/mm
Temperature = 253 K
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Figure 4.56. Stills from video recording showing the progress of the
superficial reaction on the 6/3 Cr alloy.
‘Electron flux density = 3 x 1073 A mm2
Temperature =233 K

=~
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Figure 4.57 (a,b) Complete oxide decohesion following electron
irradiation in the environmental cell.
(a) 6/3 Cr alloy solution treated at 450°C air cooled and

subsequently aged at 150°C for 18 hours:

-

(b) 6/3 Cr alloy solution treated at 450°C, cold water
quenched and aged at 120°C for 38 hours.

Figure 4.58. Variation of blister size with temperature. The oxide
behaves quite differently at the higher temperature giving
a significantly larger surface blister size.






The blistering reaction of the 6/3 Cr alloy was not found to exhibit
any tendency for preferential attack at the grain boundaries. However,
if large grain boundary precipitates were present close to the surfaces
of the foil then preferential reaction was found at the particles (Figure
4.59).

Bubble formation in the 6/3 Cr alloy was severely restricted.
Bubbles were only observed after prolonged irradiation times (Figure
4.60). The detection of bubbles after such high doses of radiation and
substantial surface reaction was difficult. In some cases it was
observed that bubbles had nucleated some distance away from the main
reaction area (Figure 4.60). However, it was not possible to positively
confirm the absence of any surface reaction over these sites.

In agreement with the observation made on the 6/3 base alloy any
bubbles formed were found only on grain boundary particles. These
were either large intermetallic particles or smaller n precipitates
produced during ageing treatments (Figure 4.61).

4.3.4. In-situ straining

~ As mentioned in section 3.7.6 the main limitations in the in-situ
straining experiments were set by specimen preparation and handling.

The specimen geometfy arrived at (section 3.7.6) allowed sample
handling but severely restricted the amount of strain that could be put
upon the sample. (Yield stress of the alloys was typically in the.
region of 300-500 MN/m°).

Samples stressed to the maximum deflection of the stage showed no
evidence of plastic deformation and the reaction with water vapour appeared
to be insensitive to the presence of the Tow elastic s*tresses present.

Samples which were thinned over the entire gauge length were found
to have been damaged during loading into the stage so that the additional
stresses imposed in the microscope were small by comparisun.  However,
a number of expected results were apparent. Firstly, it was clear that
in the region immediately ahead of a crack (produced either ex- or in-situ)
considerable deformation occurred (Figure 4.62). The deformation appeared
to be contained within a band. . '

It was not possible to induce a grain houndary to decohere in situ.
Hence no information was obtained concerning intergranular fracture.
However, it was cbseived that in scme of the strained samples grain
boundaries showed pronounced preferential attack (Figure 4.63).



Figure 4.59. Sequence shcwing a preferential attack at large T phase
grain boundary precipitates produced by air cooling from
the solution heat treatment temperature. .
6/3 alloy solution treated at 450°C air cooled and subsequently
aged at 150°C for 56 hours.
Electron flux density = 10~
Temperature =233 K

34 mm'2
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Figure 4.60. Hydrogen bubbles in a heavily irradiated 6/3 Cr sample.
Hydrogen bubbles visible away frcm the main reaction zone.
Exposure time = 600 seconds.
Electron flux density = 5 x 1073 A mn 2
Temperature . = 253 K

Figure 4.61. (a) Hydrogen bubbles on n precipitates in a 6/3 Cr alloy.
Time of irradiation ~800 seconds.

5 x 107°

273 K

A ™2

Electron flux density

Temperature

(b) Hydrogen bubble on a chromium intermetallic in a sample
of the 6/3 Cr alloy. '

Electron flux density -2

5x 1075 A mm
253 K

Temperature
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Figure 4.62. Large nlastic zone associated with a ductile crack possibly
introduced into the sample during loading into the stage.
Straining stage crosshead displacement ~A500m.

Figure 4.63. Preferential surface attack at the grain boundary of a
stressed sample in the environmental cell.
Microcracks are evident in the boundary.
Straining stage crosshead displacement &400ﬁm.
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These appeared to contain microcracks.

In cases where tearing .of the samples had occurred it was found
that the crack faces constituted very reactive sites (Figure 4.64).
This is most probably due to the breakdown of the oxide at these regions.

4.4. Surfaée Reactidh

4.4.1. Reaction of A1-Zn4Mg'(éd7Cf)'A1]oys'with'water vapour

The surface reactidn studies were carried out on disc type samples.
These were chosen because they could be polished under standard conditions
(using a nitric acid solution in methanol) and allowed examination of
both thick areas (>0.1 mm) and electron transparent regions.

As outlined in Section 3.7 precautions were taken to ensure that as
far as possible the initial surface condition of &ll samples was identical.
A11 discs were allowed to dry in a dessicator after electropolishing for
a period of 24-72 hours. They were then exposed to the water vapour
environments and subsequently examined in the JEOL 100 CX microscope
using secondary electron imaging techniques.  The thinned area of the
samples could also be-examined in scanning transmission and conventional
TEM. ‘
The initial step of the reaction between the experimental alloys and
water vapour, both at 110°C and 70%C, was found to be one of surface
blistering (Figure 4.65). This was not unlike the behaviour found
in the "in-situ" reaction (see Section 4.3) and consisted of the decohesion
of parts of the initial oxide film from the underlying metal. Blistering
was found to occur after a short incubation period, typically 2-5 minutes
during which the oxide thickened. It did not show any preference for
specific sites at 110°C but slight attack at grain boundaries was noted
at 70°C (Figure 4.66).

The blistering reaction was commcn to all alloys and heat treated
conditions.

Combined SEM/STEM work produced some evidence of reaction products
within what appeared to be unbroken blisters, (Figure 4.67). However
it was not possible to positively confirm the absence of cracks in the
blister wall which would have allowed subsequent access of water vapour
to the metal. Reactibn products inside blisters could easily be seen
using secondary eiectron imaging techniques in cases where the blister
wall had clearly been broken (Figure 4.68). Further evidence of oxide
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Figure 4.64 (a,b) Preferential surface reaction at the crack faces.

The cracks were produced by tearing during specimen loading
into the stage. '

Specimen temperature = 293 K
Electron flux density = A1073 A mm 2
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Figure 4.65. Surface blistering in a bulk sample of the 6/3 base alloy
exposed to water vapour in the autoclave for 2 minutes.

Figure 4.66 (a,b) Slight tendency for preferential attack of the grain
boundaries in thin foils exposed to w.v.s.a. at 70°C.
10 minute exposure.

Figure 4.67. S.T.E.M./S.E.M. pair showing reaction products inside
blister (Arrow),Whilst the blister appears intact in S.E.M.
it is evident from the S.T.E.M. micrograph that this is not so.
There appears to be no preferential blistering at the underlying
alloy boundary. |
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Figure 4.68. Reaction products clearly visible inside the blister.
Secondary electron micrograph from a 6/3 base alloy sample
exposed to water vapour in the autoclave for 5 minutes.

Figure 4.69. Stereo pair showing a broken blister.
Plate 1ike hydroxide is clearly visible inside the blister
part of which has collapsed over the fibrils.
Note that the blister wall itself transforms to a product
similar to that found inside the blister.
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growth within blisters is seen in Figure 4.69. This is a stereo pair
and shows that part of the blister has collapsed over a layer of an
'underlying reaction product which‘appears as a mat of fibrous growth
made up .of thin blades or lamellae.

On further exposure the blistered areas developed into "islands" of
the reaction product (Figure 4.70). The resulting surface then exhibited
a series of reaction sites which were surrounded by less reactive regions
of relatively featureless oxide. The boundary between the two being
sharply marked by the positions of the broken blister walls (Figure 4.71).
The blister wall material itself transformed to a morphologically similar
hydroxide product irrespective of whether it still formed part of the
wall connected to the sample surface or had simply collapsed on the
surface (Figure 4.72).

It was clear from stereo microscopy that the blister skin was
lying above the fibrous hydroxide layer and appeared to be supported by
the latter (Figure 4.73). It was also evident that the blister skin
was transformed into the fibrous hydroxide phase at a later stage than
the material inside the base of the blister.

Away. from the hydroxide islands formed at broken blisters it was
found that film thickening had occurred. The oxide appeared to transform
into a g]obu]ar‘form'which was morphologically different from that found
in hydroxide islands (Figure 4.74). At longer exposure times (1-2 hours
at 110°C) it was found that platelets of a reaction product, were found
to have been formed, (Figure 4.75). These appeared morphologically similar
to the fibrous phase present inside the islands but the fibrils were
significantly coarser in size (Figure 4.76).

At even longer times (+12 hours at 110°C) the entire surface of the
samples was covered by the fibrous hydroxide phase (Figure 4.77).
However, it was clear from stereo microscopy that the history of the
reaction was recorded on the surface. Firstly, the transformed remains
of the dome walls were found to protrude from the surface, whilst the
hydroxide within the islands was clearly of a finer size (Figure 4.78).

The overall sequence of the reaction is shown schematically in
Figure 4.79 (a-e)

Identification of the fibrous hydroxide was achieved by employing
transmitted electrons from the edge of the disc foil samples to form
diffraction patterns. It was found that at these regions the metal was
speedily consumed to form a disc of the reaction product.
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Figure 4.70 (a,b,c). Reaction 'islands' developed from broken blisters.
Micrograph (a) shows remains of the collapsed blister wall
over the reaction product.
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Figure 4.71. Stereo pair showing that reaction site contained within the
 blister wall. Very Tittle corrosion occurs outside.
The blister wall has collapsed over an outgrowing hydroxide
product.

Figure 4.72. Stereo pair showing complete transformation of the blister
wall to the hydroxide phase. The metal inside the blister
has been consumed leaving a very uneven surface. Note
also the outgrowing nature of the hydroxide platelets.

Figure 4.73. Stereo pair showing that the collapsad blister skin is
supported by the underlying hydroxide.



193




194

Figure 4.74 (a,b) Oxide -away from reaction islands showing distinctly
different morphology from that exhibited by the reaction
islands.

Figure 4.75. Micrograph showing that the thickened oxide away from the
reaction islands gradually transforms to a reaction product
very similar to that found inside the reaction islands.
Exposure time 1 hour at 110°C.
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Figure 4.76. Micrograph showing that the reaction product inside blister
. is finer than that found outside.

Figure 4.77. Complete coverage by hydroxide after ~12 hours in the
autoclave.”

Figure 4.78. Stereo pair taken after a continuous 12 hour exposure to
water vapour of a 6/3 base alloy showing that there exists
a clearly visible size difference between the reaction product
inside and outside the reaction island. The remains of the
blister wall are also evident.
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Points

Local reaction: surface
oxide not reacted:no
evidence of reaction

within blister.

Collapse of blister walls:
beginning to transform
but surface not reacting.

Development of hydroxide
islands. Reaction on
overall surface evident.

Growth of pseudoboehmite
outside blister. Collapsed
blister wall indistinguish-
able from underlying
reaction product.

Growth of bayerite
Crystal both at metal
interface + blisters.

Schematic representation of the overall surface

reaction progress.



This exhibited severe charging under the electron beam. However, some
images and diffraction patterns were obtained. Figure 4.80 shows
typical bright field images together with the relevant selected area
diffraction patterns (SADPs).

The diffraction maxima in the patterns initially consisted of
continuous diffuse rings, but became sharper and more spotty with increas-
ing exposure time (Figure 4.81), '

Analysis of the SADPs revealed that the rings were closely related
to those reported for the boehmite structure (y-A100H) in the ASTM
X-ray powder diffraction file.

A11 alloys exhibited the same oxyhydroxide phase but there were
evidence in the 6/3 Cr alloy of additional diffraction maxima. These
could not be correlated with either boehmite or any other hydrated
oxide that may be expected to form (Figure 4.82).

The morphology of the oxyhydroxide was characteristic as shown in the
previous Figures (4.73-4.80). At least initially the structure of the
crystallites was one of very thin curved lamellae (Figure 4.83). These
lame1lae were very thin and transparent to 100 kV electrons.

When v{ewed_jn stereo, using secondary electrons, the platelets
were found to grow out of the surface of the samples (Figure 4.84).
The needle like appearance in mono images arises as a result of the
specimen orientation to the electron beam. Most of the photographic
recordings were taken with the specimen surface perpendicular to the
~electron beam (for depth of focus considerations) and thus the most
prominent aspect of the lamellae was the thickness-width edge.
This resulted in the apparent "needle-like" morphology.

Following prolonged expoéure to the wet envircnment however, the
outermost parts of the lamellae divided into several fractions and gave
rise to true needles or rods (Figure 4.85). Whilst showing variations
between individual samples the development of the true needle or rod
morphology was dependent on alloy composition. The 6/3 Cr alloy
maintained the lamellae for longer periods than either the 6/3 base
alloy or the 6/3 Cu alloy. Further a mprpho]ogica] difference between
the oxyhydroxide formed on the 6/3 Cr alloy and the others was also
apparent. It was found that in the Cr containing alloy isolated parts
of the boehmite grew to substantially larger dimensions. Growth occurred
from specific points on the surface and exhibited 2 "radiating star"
shape (Figure 4.86). It was clear from transmission microscopy that
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Figure 4,80 (a,b,c) Typical brigﬁt field images of the hydroxide phase
together with associated diffraction patterns.
(a) 6/3 Cu alloy
(b) 6/3 base alloy
(c) 6/3 Cr alloy
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Figure 4.81. S.A.D.P. showing well defined boehmite diffraction pattern.
Note the inner ring at 6.2 A.
A1-6%Zn-3%Mg alloy. Exposed for 10 hours at 110°C.

Figure 4.82. S.A.D.P. from a 6/3 Cr sample showing diffraction maxima
not consistent with the boehmite structure.
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Figure 4.83. Very thin, electron transparent lamellae of hydroxide
produced at the edges of the disc samples
(a) 6/3 Cu alloy |
(b) 6/3 base alloy

Figuer 4.84. Secondary electron stereo pair showing the very thin electron
transparent lamellae making up the hydroxide over the thin
regions of the samples. ' A
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Figure 4.85. (a) Secondary electron image showing the transformation of
the lamellae into needles or rods.

(b) Stereo pair showing that transformation occurs at the
outermost parts of the lamellae

(c) Stereo pair showing complete transformation of the
plate 1ike hydroxide to rods.
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Figure 4.86. Stereo pair'showing the morphology of the hydroxide product
on the 6/3 Cr alloy. Certain areas of nydroxide grow
preferentially into a ‘radiating star' shape.

Figure 4.87. Transmission electron micrograph showing the nuclei of
the radiating star growth particular to the 6/3 Cr alloy.
The nuclei for such growth are not associated with grain
boundary particles, or intermetallics.
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growth had occurred from specific.nuclei (Figure 4.87). Figure 4.87
shows an area where attack was slight and clearly reveals that the
nuclei associated with this mode of reaction are not related to grain
boundary precipitates or intefmeta11ic particles nor any other obvious
surface defect. As in the case of the more common pseudo-boehmite
crystals during the initial stages of the reaction, these Tamellae

were very thin and electron transparent. It was not possible to ‘
separate the two morphologically different forms of hydroxide using the
available diffraction data. The "radiating star" shaped colonies were
maintained after prolonged exposures and appeared to grow preferentially
(Figure 4.86). '

-

Adhesion of the pseudoboehmite phase to the metal substrate appeared
to be weak. The surface layer could be easily removed by adhesive
tape or indeed by rough specimen handling. Stereo pairs taken from samples
that had been damaged so that the metal/oxide interface was visible
showed that the pseudoboehmite lamellae did not penetrate into the metal
substrate (Figure 4.88).

In the Tater stages of the reaction there existed a second reaction
product which was found in the 6/3 base and 6/3 Cu alloys alone
(Figure 4.89). -This took the form of highly faceted crystals roughly
triangular or hexagona]icrystak;or plates (Figure 4.90). The crystals
grew to heights exceeding seVera]'microns (Figure 4.90).

The existence of these crystals at 110°C was sporadic but Targe
numbers were found at 70°C.  The occurrence of this phase was Timited
to the thick areas of the disc samples and it was not possible to
obtain diffraction data from the crystals. Identification was there-
fore limited to matching the characteristic morphology to that reported
in the literature. On this basis it was identified as bayerite.

In the majority 6f cases it was found that the bayerite crystals
were formed at sites where there were discontinuities in the pseudo-
boehmite layer (Figure 4.91}, but in others the existence of a discontinuity
was not immediately eviaent (Figure 4.92).

During the early stages of their formation some of the bayerite
crystals appeared to be inverted cones (Figure 4.93). The apex of the
cones formed the base of the crystals which grew from the same level as
. the fibrous hydroxide. However, there were cases where the crystals
formed on the surface of the partiaily or completely transformed blister
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Figure 4.88 (a,b) |
(a) Stereo pair showing that the pseudoboehmite phase does
not have direct access to the underlying metal.
There exists a layer of a thin relatively featureless oxide
between the oxyhydroxide and the metal.

(b) Stereo pair from a broken sample which clearly shows
that the underlying surface film protruding over the edge.
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Figure 4.89

Highly faceted crystals formed on the surface of the
samples and identified by their characteristic morphology
as bayerite.
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Figure 4.90 (a,b,c-) Stereo pairs showing bayerite crystals in the 6/3
base alloy (a,c) and 6/3 Cu alloy (b). '
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Figure 4.91. Bayerite crysta1s forming at discontinuities in the pseudo
boehmite layer (reaction island periphery)

Figure 4.92. Bayerite'érysta1s forming at sites where there do not appear
to be any discontinuities in the pseudoboehmite layer.
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Figure 4.93. Stereo pair showing bayerite formation over remaining blister
skin. It is clear that no access to the underlying metal
is possible for those parficu1ar crystals. However, the
bayerite crystals within the reaction island appear to grow
from the same level as the pseudoboehmite phase.

Figure 4.94. Pseudoboehmite hydroxide phase in & chemically polished
bulk tensile sample after 32 hours exposure (6/3 Cr alloy).
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oxide (Figure 4.93). It seems therefore that whilst the formation of
bayerite is favoured by access to the underlying metal it can also grow
from the boehmite -alone.

4.4.2. Surface oxide'Onftéﬁsgjeiéahp1es'expOsed'to moist environments
The bulk tensile samples used for mechanical testing exhibited
very similar boehmite structures to those found in electropolished
samples (Figure 4.94). The boehmi te layer was found to have grown
substantially and depending upon the time of exposure for any given alloy
the surface exhibited a morpho}ogy of rods, lamellae or a combination of
both (Figure 4.95). The occurrence of bayerite crystals in bulk samples
was severely restricted but isolated examples were found (Figure 4.96).
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Figure 4.96. 6/3 Cr bulk tensile sample exposed to water vapour at 120°%C
for 56 hours showing both plate and rod 1ike morphology
of pseudoboehmite.

Figure 4.96. Bayerite éf}sta]s on the surface of a high purity sample
exposed to water vapour saturated air at 7Q°C for 72 hours.
Note that the pseudoboehmite phase is less well crystallised
than that produced at 120°C. |
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5. DISCUSSION

It was the principal aim of this work to assess the mechanism of
environment sensitive failure of Al-Zn-Mg alloys from a 'metallurgical’
point of view. In this respect therefore the actual environment/
susceptibility evaluation test used was substantially immaterial provided
it fulfilled the necessary criteria for environment sensitive fract@re
to occur.  The choice of water vapour as the corrosive agent was made
because, as shown previously (Section 2.7), under most conditions, it is
the presence of water meclecules that is essential for S.C.C. to occur.
In so doing it was not the intention to disregard the possibility of a
change in mechanism of failure in different media and the question as to
whether any conclusions/mechanisms arrived at from this work can be
extended to other environments will be given due consideration in the
subsequent discussion. '

The employment of 'pre-exposure' tests for evaluation of the
environmental susceptibility facilitated metallographic examination of the
samples. No post fracture corrosion occurred and fractography could be
carried out on clean surfaces. More specifically the role of hydrogen
could be examined by utilising 'delayed' effects such as reversibility
of embrittlement, strain rate sensitivity of ductility, etc. Consideration
will be given to the pofnt that the absence of the simultaneous action
of stress during pre-exposure embrittlement tests possibly eliminates one
factor in the environment-sensitive failure phenomenon. Thus it is
proposed to examine the relevance of the mechanism proposed to account for
" pre-exposure embrittlement to stress corrosion cracking and to consider
modifications which might be needed to extend the mechanism to S.C.C.

5.1. Proposed Mechanism of Failure

On the basis of the experimental results a mechanism has been-
developed that is capable of satisfactorily explaining the majority.
of the available data on the environment-sensitive failure of Al-ZIn-Mg
alloys. In the interests of clarity the mechanism will be outlined here.
In so doing it is not implied that alternative explanations and mechanisms
will not be examined during the discussion of the results. It merely
is hoped that this approach will permit a more concise presentation.

The mechanism is based on the proposals made by Swann and co-workers
(42, 76, 77) and considers that failure occurs by a dissolved hydrogen

embrittlement event.

N
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The essential steps are shown in Figure 5.1.

5.1.1. "Hydrogen production -
" The hydrogen‘prodUCtion:event constitutes the primary effect of the

environment.  Hydrogen is generated as a result of the overall reaction,

2A1 + 3H20 = A1203 + 3H2 -

This reaction is energetically favourable and occurs rapidly (i.e.
the rate constant K] is large (Figure 5.1)). It involves a number of
steps, beginning with the hydration of the initial film present on the
alloy and the subsequent development of a duplex surface film; an
amorphous (alumina) inner layer and a hydrated outer product. (pseudoboehmite).
The gaseous hydrogen product is generated at very high pressures; (estimated
pressure from results >1dl atmospheres; calculated equilibrium pressure
1040 atmospheres). Hydrogen discharge occurs at the metal/oxide interface
and leads to oxide decohesion and surface blister formation. '

The mechanism of hydrogen production involves the transport of ionic
species across the amorphous oxide film existing immediately adjacent to
the metal under the influence of a concentration profile and an electric
field. This mechanism is closely related to that proposed by Draley
and Ruther (130). However a hydration step, involving the migration of
wéter, through the outer layer 1is required. A schematic representation
of the proposed events is shown in Figure 5.2.

The hydration event is an essential part of the reaction. It is
necessary in order to consume the emerging aluminium ions and constitutes
a basic requirement for hydrogen generation to occur. '

The diffusion processes through the "amorphous" barrier layer depend
on the defect structure. The alloying additions influence the defect
structure and thereby the reaction character and kinetics. External
sources of defects (e.g. irradiation damage) increase the rate of the
reaction by affecting the generation and mobility of the reacting species.

5.1.2. Hydrogen adsorption

A fraction of the hydrogen atoms produced by the reaction at the metal/
amorphous oxide interface (Figure 5.2) are considered as "adsorbed"
at the instant of the discharge reaction. The exact 'physorption” event is
unknown and the adsorbed state of hydrogen is 1ikeiy to be transient.

The number of hydrogen atoms adsorbed at the metal surface depends
on tne values of the rate constants__K2 and K3 (Figure 5.1). No information
regarding these values was obtained, but provided the value of K3 is not
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orders of magnitude lower than K2 the high pressure of the gaseous
product will ensure that significant amounts of hydrogen will be so adsorbed.

5.1.3. Hydrogen absorption

The adsorbed hydrogen may only follow one of two avenues. Atoms
may recombine, form hydrogen gas and be evolved. (An event governed by
the rate constant K4.) A]ternative]y they may be absorbed into the
substrate. (An event governed by the rate constant K5.) (Figure 5.1.)

The partition of hydrogen between these two alternative paths depends
critically on the local surface chemistry. Conditions and agents which

catalyse the reaction.
..K4

H" + H" = H2 (i.e. increase the ratio Kg)

reduce the amount of absorbed hydrogen. Under conditions where the
hydrogen entry step is controlling the environment sensitive failure of
the alloys, such catalysis is beneficial. Conversely conditions which
favour absorption of hydrogen result in greater susceptibility to
embrittlement. On the basis of the present work it is proposed that
chromium additiors markedly catalyse the recombination of hydrogen and
inhibit entry.

The absorption of hydrogen at the surface results in a considerable
Tocal supersaturation. Under the influence of the concentration profile
thus established,diffusion of hydrogen into the alloy substrate occurs.

There exist three diffusion paths, only two of which are possible in
the absence of an applied stress (Figure 51). These are matrix, and
grain boundary diffusion. (Hydrogen transport via dislocation sweeping
is the third transport mechanism, but this is only possible under the
combined influence of an applied stress and the water vapour environment.)

Both of these processes do occur as a result of exposure to water
vapour. The rates of diffusion are determined by the values of matrix
and grain boundary diffusion coefficients, DH

matrix
Grain boundary diffusion is rapid and leads to a shallow grain boundary

and DHg.b’ respectively.

concentration profile whilst matrix mobility is restricted. Thus, a
steep intragranular hydrogen concentration profile is established.

Hydrogen in intergranular solid solution may; under certain conditions,
precipitate and form molecular hydrogen bubbles. In the ternary Al-Zn-Mg
system, bubbles are formed exclusively at second phase grain boundary



precipitates of a size above a critical value (200A). However, quaternary
additions of copper induce bubble formation even in the absence of second
phase particles. ' ‘

The formation of hydrogen bubbles results in the local depletion of
dissolved hydrogen in the adjacent grain boundary regions. They therefore
act as traps for the embrittling.hydrogen and reduce susceptibility to
embrittlement (see below, section 5.1.4.)

The growth of bubb]éﬁ depends on both the supply of hydrogen and the
resistanceto theirexpansion offered by the surrounding metal.

There exists a quasi-static equilibrium between the pressure inside
hydrogen bubbles and the concentration of hydrogen in solution at the
grain boundary. The higher the pressure of the gaseous hydrogen inside -
the bubble the higher the concentration of dissolved hydrogen in equilibrium
with it.

5.1.4. Effect of'absorbedfh§drbgen'0n the mechanical behaviour

There exists a critical concentration of dissolved hydrogen (i.e.
in solution) both in the matrix and grain boundaries which once attained
will induce prittle fajlure. The attainment of the critical hydrogen
cancentration in the matrix, C%E;Zs’ Teads to brittle transgranular,
cleavage type failure. The attainment of a critical hydrogen concentration
in the boundary, C%ﬁiT, results in low energy decohesion of the boundary.
Formation of bubbles therefore increases resistance to embrittlement by

reducing the local concentration of dissolved hydrogen.

The stress necessary to induce intergranular decohesion is lower than
that needed for intragranular lattice plane separation when both C%E;Is
and C?EiT are exceeded under the conditions of hydrogen entry and partition

that prevail.

The embrittlement by the absorbed hydrogen arises as a result of a
reduction in the cohesive strength across a grain boundary/matrix interface
(intergranular fracture) or due to a weakening of the bonds between
cleavage planes (transgranular cleavage). There possiily exists a dislocat-
ion/dissolved hydrogen interaction which inhibits significant dislocation
ejection at the crack tip: this applies to both transgranular and inter-
granular fracture.

Intergranular decohesion is achieved as a consequence of the development
of some critical stress conditions at a hydrogen weakened boundary.
These can be accomplished by the creation of a microcrack either as a result
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of the establishment of a disiocation pile up at the boundary or by the
formation of a hydrogen bubble.  However, fracture will only occur if '
such crack nuclei can propagate unstably through an embrittled boundary.
In a non embrittled boundary plastic deformation leads to crack blunting
and ductile failure. The existence of grain boundary hydrogen bubbles

therefore will only be detrimenta] if they are accompanied by the attain- ‘
ment of C?ﬁiT by the dissolved hydrogen at the boundary. Under these
conditions the brittle fracture criteria are satisfied and low energy

failure occurs.

Intragranular decohesion (cleavage féi]ure) occurs under anal -gous
conditions. Hydrogen supersaturation interferes with the normal
ductile processes and on attainment of a critical stress/strain state,
lTow energy lattice plane separation occurs.

5.2. Discussion of Experimental Results: Surface reaction during exposure

The reaction between the experimental alloys and water vapour at both
temperatures examined produced remarkably similar results under all
conditions investigated. The essential steps of the reaction are shown
in Figure 4.79. The initial step is one of oxide film thickening and
the formation of surface blisters. The blisters are produced as a result
of the decohesion of the oxide film from the metal substrate.

The occurrence of blisters, clearly visible 'in all alloys under all
conditions examined has been attributed to hydrogen produced by the
reaction: |

2R1 (ZnMg) + 3H,0 = (A1(Zn-Mg) )203 + 6H.

The occurrence of blisters suggests the formation of hydrogen gas at the
metal/oxide interface. The decohesion of the oxide by the hydrogen
implies that the pressure within the blister is sufficiently high to
overcome the oxide/metal interfacial bond strength.. The existence of
hydrogen at the metal/oxide interface could be established by one or more
of the following events: ’ '

(a) Water (either as a molecule or as OH 1ons) penetrates the existing
oxide filmlto react with the underlying metal to yield an oxide and
hydrogen.

(b) Hydrogen atbms produced at the environment/oxide interface diffuse
through the existing oxide, combine and form hydrogen gas which pressurises
the blisters, or ' ' ,

(c) Hydrogen ions (protons) penetrate the oxide and are discharged at the
inner interface producing atomic and subsequently molecular hydrogen



(Figure 5.2.).

The resu]ts»preseﬁted earlier support the third alternative, which
constitutes a low- temperature extension of the mechanism'prOposed by
Draley and Ruther (130) (Figure 2.17).

Penetration by water molecules and subsequent reaction at the metal/
oxide interface requires that a reaction product should be formed inside
the blister. No such evidence was obtained by combined SEM-STEM
imaging techniques._ In the cases where reaction products could be
clearly observed within the blister in the electron microscope the
blister walls had been broken and the 'pseudoboehmite’ phase present
was most probably produced by direct access of water vapour after the
formation and destruction of the oxide layer making up the blister. Also
there is no obvious mechanism available for H20 or OH™ migration through
the barrier oxide layer to the metal. Thus, mechanism (a) is unlikely.

Mechanism (b) is also unlikely since there is no driving force for
hydrogen atoms to migrate through the oxide. Recombination to form
hydrogen molecules at the oxide/environment interface would surely occur.
However, proton entry would be driven by the potential gradient generated
across the oxide by the build up of electron at the metal/oxide interface
as A]3+
A1203 at Tow temperatures is very low (112)) This is the mechanism of

jons form and migrate outwards (the electronic conductivity of

Draley and Ruther (130) and is consistent with the observations of hydrogen

entry during cathodic charging (51, 78, 79). Also of particular interest
here are the observations of Koch (153). He suggests that the embrittlement
detected in his samples was due to hydrogen being absorbed from an

jonised hydrogen atmosphere. The well known observation that dry molecular
hydrogen does not cause failure suggests that it is the jonised species
(protons) which diffuse through the oxide and not the neutral hydrogen
atoms.

The available literature (section 2.7.1. and 2.7.2.) therefore would
not be inconsistent with a mechanism of proton diffusion outlined above
(Figure 5.2.) However, no direct proof has been obtained in support of
the proton entry mechanism.

The hydration event (Figure 5.2) i.e. the transformation of the initial
'amorphous' (most 1ikely microcrystalline) oxide ‘to pseudoboehmite is
important and it is this process that makes water molecules available for

the subsequent reaction with aiuminium.

5
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The .generally accepted view that there exists a barrier layer
between the hydrated oxide and aluminium substrate received some
support in this work. The examinations by secondary electrons certainly
showed that the pseudoboehmite plates do not have direct access to
the alloy and that a continuous oxide layer exists between the metal and
the pseudoboehmite flakes. A schematic representation of the system.
is shown in Figure 5.3. which also shows the postulated mobile species.
It should be noted that the proton diffusion step (i.e. the Draley and
Ruther mechanism) operates across the barrier layer. The diffusion of
water through the outer pseudoboehmite layer forms an essential part
of the overall reaction and can occur via the interstices within the
structure of the pseudoboehmite (Figure 216), or via the macroscopic
pores between the pseudoboehmite plates (Figure 5.3.).

The total reaction involves the oxidation of the aluminium to AT100H.
The above is a possible mechanism by which the overall reaction may |
occur given that the oxide consists of a duplex layer in which the mobile
species in one are ]ikeiy to be quite different to those operating in
the other. A possible set of reactions are shown in Figure 5.2,
‘The movement of A13+ is driven by the concentration profile across the
amorphous layer and is most probably aided by the apparent excess of Al
in amorphous alumina (106). Some magnesium substitution for the aluminium
ions may occur in Al-Zn-Mg.  The substitution of aluminium by magnesium
in alumina markediy increases the hydrogen (tritium) permeability at
Teast at high temperatures (140), and this may further stimulate the
entry of hydrogen into the a]]oys. This may be the rationalisation
of the Scamans et al (77) conclusion that regions of high magnesium
concentration in the oxide film (Mg0) promote hydrogen entry.
The occurrence of sTight preferential attack at the grain boundaries

3+

on exposure to w.v.s.a. at 70°C may be indicative of the presence of
higher concentrations of magnesium at these sites perhaps as a result
of a solute sunersaturation in the underlying alloy grain boundary.

The actual hydrogen diffusion step through the barrier oxide
probably occurs through the defect structure (139). It is perhaps
worth noting that the oxide would be microcrystg]line and not truly
amorphous and that the boundaries between such microcrystals may
offer additional paths for diffusion..
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The hydratéd.film itself was found to be pseudoboehmite
(A100H) with evidence of some transformation to the Bayerite hydroxide
(A](OH)B) phése after longer exposure times. The morphology of the
hydroxide (i.e. one of outgrowing plates) suggests that growth
occurs as a result of outward growth rather than a dissolution-
precipitation event as suggested by some workers (125)} This
is important in that it indicates that such plates grow outwards
as a result of the reaction of aluminium at the amorphous layer/
pseudoboehmite “interface and thus is consistent with a mechanism
postulating the outward movement of A13+ through the barrier layer
to be available at the reaction site. The corresponding cathodic
reaction (H+ production) can then be achieved locally at a site within
the hydrated oxide film - presumably at or near the interface with
the barrier film where the hydrated oxide is in contact with_A]3+
ions and the H™ can enter the barrier layer. -

The rationalisation of the occurrence of the reaction islands

observed is that at some pressure of hydrogen the blisters are
ruptured which then allows access of water to the alloy.
Oxidation (corrdsion) then occurs rapidly with the subsequent
formation of the duplex oxide/hydroxide film. - Further growth
then occurs by diffusion through the established films. Such
behaviour is consistent with the three stage behaviour of the
A]-Hzo reaction system (124):

Stage 1 (incubation period) is consistent with the nucleation
and growth of hydrogen filled blisters. Subsequent bursting
of blisters exposes reactive metal and fast reaction (stage 2).
Stage 3 occurs after the establishment of the pseudoboehmite layer
and results in the growth of the blade 1ike platelets.

Bayerite then forms either due to a direct transformation
from pseudoboehmite alone or more frequently by having access to
both pseudoboehmite and metal. |
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The formation of boehmite lamellae away from broken blisters after
prolonged expesure may have two explanations. Firstly it is possible
that hydrogen penetrates the amorphous oxide as described previously but
instead of forming blisters escapes via some microscopic defect. Alternat-
ively it may be that water, perhaps as OH™ ions is able to diffuse
throuéh the microcrystalline barrier layer and form pseudoboehmite.
Whichever of these does operate %t is evident that the contribution from
this mode of growth is small compared to the blister rupture event.

It is evident from the results that the surface reaction between the
alloys and water vapour can be influenced by the presence of quaternary
additions. Specifically it appears that chromium induces a morphological
change in the pseudoboehmite while not, apparently, changing the reaction
behaviour. The presence of unidentified oxide rings in the diffraction
data indicates that there may be ar effect on the structure of the hydroxide
product but more data on backpolished samples are needed before positive
jdentification can be made. (The diffraction data were obtained from
regions of the foil which had been completely oxidised to produce the
hydroxide and may therefore be atypical.) No such effect was noted in
the copper containing alloy (6/3 Cu). It therefore appears that chromium
additions exert an influence on the surface events and as shown by the
'in situ’ experimehts one effect is the catalysis of the recombination
of adsorbed hydrogen to form gaseous hydrogen at the oxide metal interface
(see Section 5.4). i . ' |

The evidence for hydrogen entry into Al-Zn-Mg alloys following exposure
to water vapour containing environments has already been presented (Section
2.7.3.). It is found that following exposure to water vapour Al-Zn-Mg alloys
absorb hydrogen (42,_76, 77). Hydrogen was identified both by inference
and direct measurement (42, 76, 77). Later it was shown that prolonged
exposure leads to the development of internal hydrogen bubbles (141).
Extensive, similar observations were made in the present work. In view
of the very good correlation between the exposure work of Alani and
Swann (141) and Scamans (142) and the present investigation no discussion
of comparisons between dry and wet samples is considered necessary here.

It is simply pointed out that the results reported in the above publications
were routinely verified. Hydrogen bubbles were vound exclusively in .
samples that were exposed to water vapour. )

It is possible that such bubbles have been seen in other work also
but have gone unnoticed. For instance some exceiient examples of hydrogen
bubble characteristic strain fields on second phase grain boundary
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precipitates can be found in tHe'paper by Unwin and Nicholson on the grain
boundary précipitafion in Al-Zn-Mg alloys (Reference 22 page 1385).

Most surprising the authors completely overlooked the presence of these
strain fields which are clearly not associated with the grain particles
themselves. ~ (Hydrogen was most probably introduced into their foils as

a result of accidental exposure to water during specimen heat treatment,
preparation or storage.) '

Penetration of.hydrogen in A1-Zn-Mg alloys as a consequence of
exposure to water vapour at room and mildly elevated temperatures, '
therefore merely demands the extension of the accepted high temperature
behaviour of aluminium (see Section 2.7.2.)

Finally, it is concluded that the 'exposure' step of the current
experiments gig_accomp1ish its primary objective; it led to the introduct-
ion of hydrogen into the samples. The subsequent fracture under a tensile-
stress must therefore be considered in the context of a hydrogen presence
and the question as to whether it has any effect on failure is addressed
below.

5.3. Pre-exposure Embritf]ément'Tests

5.2.1. Isochronal Exposure

It is evident from the results presented in section 4.1 that the
mechanical behaviour of underaged samples of the 6/3 base alloy is
significantly affected by exposure to water vapour saturated air. "Wet"
material exhibits lower ductility than comparably treated dry samples.
Overaged samples are insensitive to exposure.

The loss of ductility in the underaged samples could be rationalised
by two alternative mechanisms:
(a) Intergranular corrosion/pitting occurs as a result of dissolution of
the metal. This produces microcracks which act as sharp notches causing
stress concentrations and a reduction in recorded elongation. (Watkinson
and Scully (44)). This proposal identifies the anodic reaction Al - A'l3+ + 3e
as responsible for the observed behaviour.

(b) Ductility is reduced due to an embrittling effect of absorbed hydrogen
which is produced as a result of the reaction of the alloy with water
vapour.  (Swann et al (42, 76, 77)). In this case it is the cathodic
event, hydrogen production, that is considered to be more important.

The second suggestion is favoured in the preéent case for the following
reasons: '



(i) No significant grain boundary corrosion was apparent before tensile
testing. . | |
(i1) Ductility of samples could be fully restored by repeating the heat
treatment cycle.

(iii) Chemical/electrochemical polishing of samples prior to tensile
testing had no effect on the recorded elongations. '

The anodic dissolution mechanism is at variance with the above.
Once a crack has been esfab]ished by dissolution there is no avenue for
restoring ductility. Furthefhore removal of the surface.1éyer containing the
crack by chemical polishing should reverse embrittlement. No such
behaviour was noted. In contrast to this a hydrogen embrittlement event
consisting of deep penetration of the samples by hydrogen is capable of
explaining all of the above.

Hydrogen produced by the reaction between the alloy and water vapour
enters the alloy and causes brittle fajlure during the subsequent application
of stress. Embrittlement is insensitive to the removal of the surface
~material because deep penetration of hydrogen, i.e. rapid diffusion along
grain boundaries, is capable of establishing a sufficient]y high concentrat-
jon of hydrogen throughout the section of the sample. (This is
qﬁite 1ikely since the thickness of the samples is only 4 or 5 grain
diameters.) Reversibility of embrittlement by resolution heat treatment
and ageing allows hydrogen to outgas and thus leads to the re-establishment
of ductility.

The insensitivity of the overaged samples to water vapour exposure
at 70°C can also be explained by the two alternative mechanisms. It
could be argued that pitting/intergranular corrosion does not occur in
the overaged samples and thus no reduction in ductility occurs.

This is indeed the case. No significant attack of the boundaries was
noted.  However, when considering the overall behaviour it is difficult
to expTain why Tocalised intergfanu]ar corrosion processes should not '
give rise to susceptibility in overaged alloys which have large anodic
particles and yet be detrimental in underaged alloys.

The hydrogen mechanism offers an explanation of the observed behaviour
if overaged samples are more tolerant to the presence of hydrogen.
The surface reaction studies (section 4.4) have shown that blistering,
i.e. hydrogen generation occurs over.the entire span of the ageing
treatments employed.  Furthermore, direct observaiion of hydrogen bubbles
in the overaged exposed samples have shown that hydrogen penetration does occur.
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It is significant however, that the onset of insensitivity to exposure

was concurrent with the formation of grain boundary bubbles. It may

be therefdre, (and evidence for this will be given below) that the
increased tolerance of the overaged structures is related to the ability

of the microstructure to form hydrogen bubbles.  If the embrittlement is
caused by a critical concentration of atomic hydrogen in the boundary as
suggested by Swann and co-workers (42, 76, 77); then the nucleation of
gaseous hydrogen bubbles will increase the total amount of hydrogen that
needs to be introduced into the samplie to reach that critical concentration.

The absence of any hydrogen bubbles in underaged samples indicates
that their formation is a function of microstructure. Since no noticable
differences in the H generation stage (i.e. surface reaction) were observed
© the implication is that bubble nucleation is affected by the size of the
grain boundary precipitates that exist. These reach a size of approximately
200A before hydrogen bubbles are observed. .

The behaviour shown -in Figure 4.1 can therefore be explained as

follows: :
Hydrogen generated as a result of the reaction between all the samples
and water vapour enters the material. In underaged samples the presence

of hydrogen causes. embrittlement of the grain boundaries. This occurs
by the mechanism proposed by Swann and co-workers (42, 76, 77). These workers
found that formation of hydrogen bubbles was preceded by total embrittle- '
ment and from this deduced that it was the atomic hydrogen in the structure
that was responsible for the observed damage. It is believed that these
ideas form a satisfactory basis for explanation of the embrittlement found
in underaged samples in the current experiments. The occurrence of
hydrogen bubbles however, in overaged samples before any embrittlement
could be detected (Figure 4.2) suggests that embrittlement only preceds .
bubble formation if there are no suitable sites for bubble nucleation.
In cases where precipitates above a certain size do exist (as a result of
prior ageing) bubbles form before complete embrittlement. Using this
argument the results of Alani (141) can be understood. In his underaged
samples lack of suitable (precipitate) sites inhibited the formation of

bubbles until such time as the hydrogen concentration was sufficiently
| high to cause hydrogen bubble nucleation in their absence. In point of
fact, it is 1ikely that the hydrogen bubbles he observed did nucleate at
second phase particles. This is because his as qUenched samples were
exposed to w.v.s.a. at 70%C for periods exceeding several days. Under
these conditions grain boundary precipitate nucleation and growth would
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be expected. The need for exposure of periods of several days before
bubble formation (50) may therefore be related to the need to grow the
grain boundary particles to the critical size durihg exposure itself.
Attainment of this Size then results in the nucleation of bubbles after
embrittlement by atomic hydrogen has taken place.

Overaged samples do not show embrittlement due to their increased
tolerance to the presence of hydrogen. This tolerance may be directly
related to the nucleation of hydrogen bubbles at grain boundary particles
above a critical size and/or some other microstructural parameter such
as a softer matrix. The data of the isochronal exposure tests alone do
not permit the relative importance of the two alternatives to be assessed.

It is of interest to note that the variation of susceptibility
(i.e. elongation of ‘wet' samples) to pre-exposure embrittlement with
ageing condition is very similar to that which may be expected from more
traditional S.C.C.tests (1, 2, 3). This highlights the link between
pre-exposure embrittlement and S.C.C. ' )

5.3.2. Isothermal expOSUré

The results of the isothermal exposure tests on the 6/3 base alloy
at 120°C (Section 4.1.2., Figures 4.3-4.13) are crucial to the development
of the failure mechanism. The mechanical properties measured (Figure
4.3) preclude any possibility of interpreting the embrittlement at 120°C
and subsequent recovery of ductility in terms of an anodic dissolution
mechanism. A crack formed in such a way could reduce the ductility as
shown in stages 1 and 2. However, in the absence of substantial changes
in fracture toughness on continued ageing at 120°C there is no way in which
recovery of ductility could be obtained. The yield stress, fracture
stress and ductility data for dry samples clearly indicate that no such
change in fracture toughness may be expected in the region of the stage |
2/3 transition. It should also be noted that no significant cracks
were detected at grain boundaries in exposed samples. Even in the worst
cases only some preferential shallow attack at the boundaries was observed.
The interpretation of the behaviour shown in Figure 4.3. based on the
hydrogen embrittlement mechanism is as follows:

During stage 1 exposure ductility of the samples falls partly as a
consequence of the age hardening reaction and partly as a result of
hydrogen accumulation in the grain boundaries. This eventually reaches
a critical concentration at which the boundaries become fuliy embrittled
and stage 2 commences.



The brittle intergranular failure in stage 2 is considered to be
due to the attainment of this critical concentration of dissolved hydrogen
throughout the thickness of the sample. The hydrogen concentration
profile along the thickness of the sample is considered as shallow as a
result of high grain boundary diffusivity. This is quite reasonable
since the grain boundary diffusion coefficient of most metals is reported
as being several orders of magnitude greater than the bulk diffusion
coefficient (167). '

The absence of any hydrogen bubbles in samples exposed for times
up to the end of region 2 shows that embrittlement is due to "dissolved”
hydrogen and not due to a "planar pressure" effect of the bubbles as
suggested by some workers (168). '

It is also evident from Figure 3.4 that fracture in region 2 does not
initiate until the stress level applied slightly exceeds the yield stress.
This is considered to be due to the need to attain a critical strain at
the grain boundary leading to the dynamic nucleation of a crack which then
propagates in an unstable manner through the embrittled boundary.
Microstructurally this may be viewed as the attainment of a critical
dislocation "pile-up" at the grain boundary. The planarity of slip
produced by the ageing may be significant in this regard.

Kawata and Izumi (32) have recently analysed the mechanism of
microcrack {'ledge') formation at grain boundaries in an A]-G%ZnQZ.S%Mg
alloy and concluded that propagation of such cracks should lead to the
separation of the grain boundary itself. Furthermore their observations
indicated that ledges in underaged material (such as that in stage 2) have
sharp edges. These are developed as a consequence of the planar slip
which occurs in underaged Al-Zn-Mg alloys.

The basic assumption at this point is that the dissolved hydrogen
in the grain boundary encourages the propagation of the crack initiated '
at small strains. Since planar slip also occurs in dry samples but no
brittle fracture is observed this demands the reduction of the grain
boundary matrix cchesive strength (as postulated by a number of workers
previously (42)). Assuming that the Griffith equation is satisfied:
i.e. when the surface or cohesive energy of the boundary Yh is reduced
sufficiently the crack will grow spontaneously from the crack nucleus
generated by slip: )

INT 2B 3
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where
E = Youngs modulus’

¢ = Crit. crack.length
T = grain boundary- surface energy (interfacial energy).

By using this standard Griffith criterion a critical fracture stress
gNT may be calculated for a range of values of Y (surface energy) -

and ¢ (crack length) as shown in Figure 5.4.

The observed (constant) fracture stress in region 2 was ~400 MN/m2

and therefore a combination of ¢ and 1 is needed which W111 give a
ogN' of approximately 400 MN/m2. If Yp is taken as 1 J/m (typical of the
surface energy of many metals (171)) then the crack nucleus that needs to
exist in order to give brittle failure is approximately 2 x 10-7 m

(2000 A) (Figure 5.4.) This is much too large to be generated by slip.
It can be seen from Figure 5.4. that a Y value of 0.1 J/m2 would require
a more reasonable value for a critical crack length of N2 X 10—8 m (200 A)
to initiate brittle fracture. This may well be attained by a dislocation

pile up at a boundary.

If the above ana]ysis applies, then the implication is that hydrogen
reduces the value of the grain boundary surface energy by one order of
magnitude from that of the lattice. (The surface energy of the aluminium
lattice is given as 0.840 J/m2 (169) and the grain boundary energy will
not therefore exceed this value.) This represents a reduction of
~90% and may just be attainable for the case of an embrittled grain
boundary. (Large reductions ~50% in grain boundary surface energy have
been reported by Hondros (171) due to the segregation of small amounts
of bismuth at copper grain boundaries.) Inherent in this ana]ysfs is the
presumption that the normal crack b]unt1ng processes. are inhibited or
restricted.

In a most elegant and more rigorous analysis McMahon and Vitek (172)
have recently shown that the segregation of impurities to grain boundaries
of almild steel can lead to reductions in fracture toughness of the order
of 95%. They have argued that 0y is the principal variable which govefns
intergranular fracture toughness. It would appear, therefore, that
whilst the above system is quite removed from the case under consideration
presently, very large reductiors in fracture energy are, in certain cases
possible as a result of intergranular segregation.

In his theoretical analysis Rice (169, 170) .has identified a
theoretical regime of conditions that can possibly sustain a brittle
“cleavage" interface separation. From these he has calculated that a



242

- o - | Xb[vlm-zl
900 A | B o 001

1DDIYUD

1 1 - o ol
800 4 . | x 1 -
04 4 o ¥ -
1 | | E |
- 0 é) - : ' : g
500 - | ’ wt | ®
_ T ="\~ \""7 "7 7=""" (ﬁ (r‘egionB’) ‘;_‘n
400 - = e e e O/FINT(regionZ) é
| 1 o Z
300 - | ? E
| —--—-—-—-——\--—-\---—— - —mm oo - o/I (regions)|

200 -

100 - | \

| _ \ \
109 108 10-7 10-6 10-5 104 103
Critical crack length “(c)[m]

Figure 5.4. Variation of fracture stress with critical crack length
for a range of vaiues of grain boundary surface energy
(Yb). (Based on the Griffith Equation)



243

reduction of approximately 40% in the value of Yp is necessary for

embrittiement to occur. This value is pot too dissimilar from that
predicted from Figure 5.4.

It should be noted that bqth Rice's analysis and that given previously
based on the Griffith criterion, merely establish the conditions that
render a boundary capable of brittle decohesion. Fracture needs to be
‘initiated from a sharp crack. This jmplies that the conditionsin
region 2 must be such that a sﬁarp crack can be established and propagate.
The above discussion has”sﬁown how such conditions can be developed in
the presence of hydrogen.

Accepting that the embrittlement in region 2 is caused by the pene-
tration of hydrogen through the entire thickness of the samples then
the hydrogen grain boundary diffusion coefficient at 120°C can be
calculated. Using the standard d = /Dt relationship and taking d as 0.Zmm
(half the thickness of the samples),and t as 10 hours (onset of region 2),
the value of D is found to be &10'8 amZsec!. It is only slightly
higher than the values quoted from other pre-exposure embrittlement work
at 70°¢ (]0"8 - 10710 cmzsec'1) (42, 96, 15¢). It is in good agreement

with the value calculated from the Eichenauer and Pebbler relaticnship (173)

D = 0.21 exp(-10900/RT)

where R is in cal/mol and D in cmlsec™ .

Talbot corrélation, (174)

In contrast, the Ramsley and

D = 1.2 x 10°, exp(-33500/RT) .

gives a value of 10714 emPsec™].

The discrepancy is possibly due to the fact that Ramsley and Talbot's
work refers to bulk hydrogen diffusion whilst Eichenauer and Pebbler's
appears to refer to grain boundary mobility.

The estimates of the hydrogen diffusion coefficient in aluminium at
room temperatures given by E11s and Evans (175) and Foster, Jack and
Hi11 (176) are ~10710 emlsec™!.  This is in good agreement with
reference (173). Not unreasonably grain boundary diffusivity'appears

to dominate at Tow temperatures (167).

It should however be noted that hydfogen will, none-the-less,
penetrate the interior of the grains while the metal is exposed to water
vapour and although the concentration achieved at any time will be
orders of magnitude lTower than that at the grain boundaries it would be
unwise to igﬁore the effect (see later discussion).



- The onset of stage 3, i.e. the recovery of ductility, in Figure 4.3
js clearly associated with the onset of bubble formation (Figure 4.9).
In the absence of.a significant change 1in fracture toughness on continuin
ageing at 120°C the. transition to stage 3 can only be explained by a
hydrogen redistribution mecﬁahism. The redistribution is thought to
occur as a result of hydrogen bubble formation at suitable nuclei.
These are the grain boundary n ﬁartic]es which, significantly, attain
a size of about 200A in diameter at the onset of stage.3. This is in
excellent agreement with the observations in isochronally exposed pre-
aged samples and puts on a firm footing the suggestion that a critical
size of n particles is necessary for bubble formation.

Formation of bubbles involves the take up of hydrogen from solution
at the grain boundaries and its deposition in a gaseous form. If
nucleation occurs over a sufficiently short period, the diffusion of
hydrogen down the grain boundaries will not be able to cope with the
effective "loss" of hydrogen and for a short period of time the boundary
will experience a sharp reduction in the concentration of diséo]ved_
hydrogen.  The concentration of hydrogen in stage 2 cannot be far in
excess of that required for full embrittlement since this is initially
achieved after ~10 hours ageing while stage 3 begins after only about
twice this time. Therefore even a relatively small reduction in the
concentration of dissolved Hydrogen would be sufficient to allow the
alloy to revert back to its normal ductile mode of failure. This is
indeed the observed behaviour.

The most intriguing aspect of failure in region 3 is the appearance
of the three discrete regions of fracture:- Intergranular, transgranular
cleavage and ductile (Figure 4.7).

The explanation for the outer intergranular layer may be that it is
caused by intergranular corrosion during exposure as suggested by some
workers (44) or due to hydrogen embrittiement. The latter hypothesis is
favoured because of the previously noted absence of corrosion induced
cracks and the complete recovery in ductility obtained by resolution
treatment. The intergranular zone simply represents the region of
highest hydrogen concentration which results from its proximity to the
hydrogen source (the surface).

The .existence of the transgranular cleavage in the zone'adjacent
to the outer intergranular. periphery, suggests that the hydrogen
absorbed by the matrix during exposufe_1eads to the embrittlement of the
grain interiors.  Absorption of Hydrogen by the aluminium matrix was

~ a8
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demonstrated by Gest and Troiano (51) who recorded a reversible increase
in the lattice parameter of cathodica11y charged 7075 sémp]es Nelson
and Pugh -(49) associated the occurrence of transgranu1ar cleavage 1n
their samples with the existence of" 1ntragranu1ar1y held hydrogen.

In this work some indirect evidence for 1ntragranu1ar1y held hydrogen is
provided by the observation of radiation damage of exposed samples with
100 KV electrons (Figure 4.12). Radiation damage phenomena will be
discussed in detail subsequently, but it is important to note that
aluminium does not damage fo11ow1ng electron irradiation if bombarded
with electrons accelerated through 166 KV or Tess (see Section 5.4).
Therefore, the irradiation damage observed at 100 KV could not have

been caused as a result of direct electron-aluminium collision. Wolfenden
(177) hes recently shown however that if aluminium is supersaturated

with helium then subthreshold damage can occur via an indirect knock on
event, in which an absorbed He1ium atom itself displaced by an incident
electron, displaces an aluminium atom. A parallel is therefore drawn
between Wolfenden's ideas and”the present resuits. It is suggested that
as a result of exposure hydrogén is absorbed into the matrix of the
samples. During the subsequent irradiation by 100 KV electron absorbed .
hydrogen acts in a similar manner to that proposed by Woifenden (177).
Hydrogen atoms are displaced by h1gh energy electrons and on collision
with aluminijum atoms transfer enqugh energy to dispiace the latter.

In agreement with the previous work therefore (49, 51) it is proposed
that it is the absorbed hydrogen that is responsible for the occurrence
of the transgranular cleavage failure in region 3.

The occurrence of the three mode fracture in stage 3 is rationalised
by consideration of the hydrogen concentration profiles present in both
matrix and grain boundaries.

A schematic diagram showing the form of the hvdrogen concentration
profilez consistent with stage 2/3 behaviour is shown in Figure 5.5.
The assumptions implicit in this figure are:

(i) A shallow hydrogen concentration profiie at grain boundaries
resulting from a nigh hydrogen grain boundary mobility,
(i1) A very much steeper profile of hydrogen in the matrix reflecting
the significantly Tower mobility of hydrogen in.the grain interiors,
(ii1) Much lower concentrations of hydrogen in the grain interiors
than at grain boundaries resulting from the lower matrix mobility.
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(iv) That thére exist critical concentrations of hydrogen both in
the grain boundaries and matrix (¢%E%T and C?EA&S) which once exceeded
will give rise to.brittle intergranular decohesion and transgranular
cleavage respectively. '

CRIT CRIT
(v) That Cirans < CINT ,?and

(vi) That when both critical concentrations are exceeded

O'F <0 .
INT TRANS
‘Under the conditions such as those illustrated in Figure 5.5 the
concentration of hydrogen at the grain boundaries in region 2 is assumed
to have exceeded the critical value C%ﬁ%T throughout the section of the

sample and thus failure is purely intercrystalline (Figure 4.5).

In stagé Q_tHe nucleation and growtﬁ of bubbles leads to a reduction
in the dissolved hydrogen in the boundary. Since the formation of
the bubbles is directly related to the attainment of a critical grain
boundary particle size, then a rough]y equal uptake of hydrogen into
bubbles should occur thrpughout the sample. (Note that since the distance
that the hydrogen has to diffuse in order to form a bubble is small
(interprecipitate spacing) this transition should be reasonably abrupt.)
In the centre of the sample therefore (where the concentration of
hydrogen is already lower than the surface) it is possible that the
uptake of hydrogen into the bubbles is sufficient to reduce the dissolved
concentration below C%E%T and therefore a normal ductile intergranular
failure may be expected. Away from the centre region (the exact
boundary depending on the re]qtive values of DHg.b and DHmatfix) a
situation can develop where the concentration of hydrogen at the boundaries

. . CR . ., ~CRIT .
is still Tower than CIN%T but in the matrix CTRANS is exceeded. (No

bubble formation takes place on the sma]]er'fntragranu1ar precipitates.)
This results in transgranular brittle fracture.

~
At the periphery the concentration of hydrogen remains above CEE%T

and since the stress needed for intergranular failure is lower than that
for transgranular cleavage brittle intercrystalline failure occurs. '
Hence the observation of the three zone fracture surface.

As exposhre continuss hydrogen continues to be partitioned between
the grain boundary bubbles, solution in the boundary and the grain
interior. As the bubbles grow the strain they produce in the matrix
increases as.evidenced by the_incréase in-strain-fie]d contrast and the

eventual plastic deformation of the matrix (Figure 4.55).



This implies that the pressure in the bubbles is steadily increasing.
This will necessarily result in an increase in the level of Hydrogen

in solution at the grain boundary in equilibrium with this gaseous
hydrogen. Eventually the hydrogen concentration in solution will again
rise to the embrittling level C%ﬁ%T. This triggers the onset of stage 4
when intergranular -brittle fracture is again observed. Because of the
shallow form of the grain-boundéry concentration profile the level of
EE%T) will be exceeded
throughout the majority of the section of the material at approximately
the same time of exposure. Hence the stage 3/4 transition will be abrupt.

In contrast to region 2 fracture in region 4 takes place below the

hydrogen necessary to induce brittle fracture (C

macroscopic yield stress, indicating that the fracture cracks grow from
pre-existing flaws in the material (i.e. no plastic strain is needed to
nucleate the crack). The grain boundary bubbles may well act as such
crack nuclei and thus serve to lower the fracture stress although not
being themselves directly responsible for the embrittlement phenomenon.
The crater 1like depressions seen in Figure 4.8 result from the growth
of cracks from bubbles during the tensile test. '

It is important to appreciate the difference between the effect of
bubbles in region 3 and 4. It has already been indicated that the Tow
energy grain boundary decohesion event is affected by two factors.
Firstly the unstable crack must be hucleated and secondly the energy
criterion for the propagation of the crack must be satisfied. Therefore
whilst both region 3 and 4 can be regarded as having the necessary
nucleation points (bubbtles/dislocation pile ups) the propagation event
is only possible in region 4 where the re-established dissolved hydrogen
concentration has reduced the surface energy (yb) sufficiently to make
decohesion energetically favourable.

It is not known to what extent the pressure inside the bubbles
themselves contributes to the final fracture stress in region 4, but since
no - "planar pressure" (168) effect was noted in region 3 it is likely
that, at least, during the early times in region 4 the effect is negligible
compared to the applied load. The possibility that at very long exposures
to water vapour fracture occurs solely due to the pressure within a very
large number of bubbles exists. Some qualitative evidence for such
behaviour was obtained following exposure times in the autoclave of
several months. _(Cracks were observed at sharp edges and drilled grip
holes.)  However, it is not known to what extent any residual machining
stresses were responsibie for cracking in these cases.



The implications of the 3/4 transition.in Figure 4.3 are that if a
sample with an existing gra1n boundary particle dispersion of size
~greater than 200A is exposed to water vapour environments the deve]opment
of bubbles should occur at short exposures and that embrittlement should
be prece.~ by an incubation'period'during which the formation and
~growth of bubbles occurs trapping the hydrogen in a gaseous form. This
is indeed the case. Figure 4.15 shows that sampies aged dry at 150°C
for 18 hours (grain boundary precipitate particle ~250A) do not become
embrittled during subsequent exposure to steam for periods up to ~38 hours
(the 3/4 transition time figure 4.3). Exposures in excess of this period
Tead to severe embrittlement with fracture occurring at or below the
macroscopic yield stress. The transition is abrupt.  Furthermore as
predicted bubbles are formed before embrittiement (Figure 4.17).

The behaviour is consistent with the previously discussed mechanism.
Grain boundary precipitates do act as beneficial traps for hydrogen by
forming hydrogen bubbles and embrittlement is caused by the attainment
of critical hydrogen concentration in solution.

The results in the more heaV11y overaged samples (92 hours at 125° )
(Figure 4.14) show that within the timescale of the tests (120 hours)
saturation of the boundaries does not occur and no brittle failure is
encountered.  The implication of this is that the large grain boundary
precipitates produced (800A) are more effective trap sites. However,
as pointed out earlier the growth of the grain boundary precipitates is
not independent”of~the composition and solute profi]e'of the adjacent
matrix (P.F.Z.). Therefore, both the nucleation and growth of bubbles
may be regarded as 1nd1rect1y being dependent on the solute profile via
the effect of this on the grain boundary particle size. (A more
depleted, softer matrix will offer less resistance to the formation of
hydrogen bubbles.)

5.3.3. 6/3 Cu alloy

It is well known that copper additions markedly improve the s.c.c.
resistance of Al-Zn-Mg alloys (1, 2, 3, 4). The results presented in
section 4.14 accurately reflect the above, They show a notable beneficial
effect on the recorded ductility (elongation) of the exposed samples when
compared to the 6/3 base alloy.

The degree of embrittlement incurred by the 6/3 Cu alloy following
exposure is grain size dependent. (Figures 4.19 and 4.32).
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Indeed the small grain size material showed no measurable loss of ductility
whilst the coarser arain samples were embrittled within ~40 hours exposure.
This behaviour is in line with the proposed mechanism: small grain size
material will require a total amount of hydrogen to achieve the critical
concentration for brittle fracture which is in excess of that needed by

a large gréin size sample of similar dimensions. This amount will be
proportional to the total'graiﬁ boundary area in any one specimen.

Examining the resutts from the samples of small grain size it is
evident that within the time scale of the experimental observations no
embrittlement was revealed. It was also clearly established that the
exposure treatment Had resulted in the formation of hydrogen bubbles at
the grain boundaries. Of tﬁe_samp]es examined all were found to contain
hydrogen bubbles.  Thus, hydrogen penetration did occur but did not cause
embrittlement. This behaviour is consistent with the ideas employed
to explain the insensitivity to exposure of overaged high purity alloy
samples:- Bubbles are nucleated at hydrogen concentrations less than
Cgﬁ%T and act as ‘traps' for the absorbed hydrogen. They serve to
reduce the concentration of atomic hydrogen at the grain boundaries, and
to accoemmodate any influx on continued expoéure. The excellent pre-exposure
embrittlement characteristics of the copper containing alloy therefore
éppear to be related to the ability of the copper additions to stimulate
the formatibn of grain boundary bubbles ({see section 5.4).

A noteworthy aspect is that there did not appear to be any need
for extensive grain boundary precipitation and growth to occur before
the nucleation of hydrogen bubbles.

The occurrence of transgranular cleavage fracture in the exposed
alloys indicates that whilst the grain boundaries are not embrittled,
C%Eigs has been exceeded within the matrix close to the surface.

This situation is analogous to stage 3 of the 6/3 base alloy exposed-at
]20°C; Hydrogen generated atvthe surface diffuses into the alloy along
both grain boundaries and matrix. However, as a consequence of the

enhanced hydrogen bubble formation at the grain boundaries the concentration
" ' CRIT

of dissolved hydrogen remains below Cint - In the matrix no such trapping
is possible and after approximately 20 hours the hydrogen concentration
CRIT : ' .

exceeds CrrANS® On the subsequent app]ication‘qf stress the embrittled
outer grains fail by -transgranular cleavage. The restriction of the
transgranular cleavage zone to the surface regions refiects the Tow mobility
of hydrogen thrqugh the matirix: only those regicns close to the surface

can be supplied with sufficient hydrogen by Tattice diffusion.
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The consequence of this is that'on1y a small fraction of the sample is
cmbrittled and thus no loss in overall ductility is recorded.

The confinement of cleavage fracture over a range of heat treatments
(20-90 hours at 120°C) which‘hay be:expected to undergo planar slip,
suggests some hydrogen interference with localised deformation processes.
For instance, planar slip may be important in the initiation step of.
the fracture as outlined previously or there may be some other direct
hydrogen/dislocation interaction which restricts dislocation glide. |
No evidence were obtained in this work that can distinguish between the
above. However, the presence of a multitude of subcritical crystallo-
graphic surface cracks points to a hydrogen/dis1ocation interaction away
from the crack initiation step.

The results from the large grain size samples are in line with those
that may be expected from a high purity base alloy containing trap sites,
j.e. one that forms bubbles from_the onset of exposure. Embrittlement
is exhibited after a period of relative insensitivity to water vapour
exposure.  This period extends over about 40 hours which is in agreemént
 with the 3/4 transus (Figure 4.3) and the behaviour of aged 6/3 base
alloy samples containing grain boundary particles of 250A diameter (Figure.
4.15).  Whilst the almost exact correlation on the onset of embrittle-
ment is quite possibly fortuitous,the form of the behaviour is important
and it is a very good indication in support of the proposed mechanism.

It shows that copper additions stimulate the formation of hydrogen bubbles
which act as relatively innocuous sites for hydrogen accumulation.
Embrittlement is only achieved after the pressure inside the existihg
bubbles rises to a value which is in equilibrium with a dissolved hydrogen
concentration of C%S%T. Once this is attained in the boundary brittle
fracture occurs.

5.3.4. '6/3 Cr alloy

The mechanical tests on exposed 6/3 Cr alloy samples showed no
evidence of embrittlement if tested at a strain rate of 10_35'1, _
normally employed in ﬁhis work. However, loss of ductility was noted
at lower strain rates. Such behaviour is similar to that reported by
Hardie et al (96) and appears to be only exhibited by small grain size

material (10-30um).

As indicated previous1y'it is not possible to explain such strain
rate sensitivity by an intergranular dissolution/pitting mechanism.
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Refuge must be taken under a hydrogen embrittlement phenomenon. In

terms of an embrittlement mechanism such strain rate sensitivity is indic-
ative of a mobile embrittling agent. This implies that there exists é
need to transport hydrogen during the fracture process itself which is
consistent with the suggestion that_there is a concentration profile
across the thickness of thelsamp]es. It appears that the level of
hydrogen present in the boundary at the onset of the tensile test is

below C%ﬁ%T and that hydrogen is preferentially accumulated ahead of the
crack tip during straining. Under this 'stress induced' solubility the
critical concentration is achieved locally and low energy intergranular
decohesion occurs. - This concept is based on the proposals made by
Troiano (91) and is in agreement with the results presented by Green (82)

(Section 2.6.1.).

The absence of any strain rate sensitivity in the 6/3 base alloy ,
arises as a consequence of the large grain size of that particular alloy.
The total grain boundary area that need to be covered by the diffusing
hydrogen in that case is significantly lower than in the 6/3 Cr alloy
(grain size &ZOQm). In the small grain size material the level of
hydrogen remains Tow and a "stress induced" enrichment is necessary to

. CRIT
achieve 9INT .

Two direct effects of the Cr addition could be responsible for the
insensitivity of the 6/3 Cr to expsure. Firstly, it may arise as a
consequence of a reduced rate of entry, or some internal "trapping"
enhancement similar to that exhibited by the 6/3 Cu a]]oy;

The electron metallographic results were consistant in pointing out
a surface reaction modivication by the Cr additions rather than any
internal microstructural effect. Of the C.T.E.M. examinations carried
out on bulk samples none showed hydrogén bubbles even though it was
evident that a significant amount of surface reaction had taken place.
There were good indications that the hydroxide phase on thie Cr bearing
alloy was morphologically different from those found on the rest of the
exposed alloys examined. The detailed examination cf the phases present
is beyond the scope of this-discussion and it is simply pointed.out here
that even a small amount of Cr (0.14%) is sufficient to induce a change .
in the surface reaction. The effect of this step on an.overall hydrogen
assisted fracture is important in that it can infiuence the hydrogen
production or adsorption/absorption events at the sample.surface (Figure 5.1).



The "in-situ" experiments give direct evidence in support of :such a
proposal (See Section 5.4). The literature is in agreement also. An
inhibition of the entry of hydrogen in aluminium by metals of high’
hydrogen overpotehfia] including chromium has been noted by Cochran
(138) (section 2.7.2.) and Gruhl (58) has pointed out a direct
beneficial effect of Cr additions to S5.C.C. which is not related to the
precipitate reaction. ' '

It is proposed tﬁat, in commoo with the other alloys, copious
quantities of hydrogen are produced at the metal/oxide interface.
However, hydrogen is preferentially partitioned to the gas phose, j.e.
K4 is very large (Figure 511), so that 1ittle hydrogen is absorbed into -
the alloy: Cr catalyses the recombination of adsorbed hydrogen and this
restricts hydrogen entry into the metal substrate. Any absorbed hydrogen
is mainly confined to the outer regions of the sample and on straining at
a fast rate the crack quickly advances out of the hydrogen affected area.
No embrittlement is therefore recorded. At slower strain rates hydrogen
transport to the crack tip during straining maintains a high hydrogen
concentration which induoes a brittle fracture event. Such hydrogen
diffusion may be driven under a concentration gradient induced by an
increased solubility at the crack tip (Troiano (91)) or via a dislocation
transport phenomenon. '

5.3.5. Cathodic charging

Limited cathodic charging experiments were carried out as an alter-
native method of intrcducing hydrogen into the samples. Insofar as the
recorded elongation values were concernad there was a significant
reduction in ductility. However, it was not clearly established to
what extent alkaline attack was responsible for the reduction in the
recorded elongation values, and thus great care is needed in the interpretat-
ion of the observed behaviour. Nevertheless the results are considcred
significant and in support of the proposed mechanism, as the embrittlement
was partly reversible and thus can only be ascribed to hydrogen. These
experiments establish the proposal thatoncehydrogen is introduced into
the alloys it has an adverse effect on the ductility.
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5.4. "Insitu" Expériments -

~ Various aspects of this work need to be discussed in detail prior -
to the discussion.of the experimental results and their implications.
In particular the contribution and the effects, if any, of radiation
damage processes on the reaction must be assessed before any results/
conclusions are related to bulk behaviour,

5.0.1. Displacenent danade

It has already been indicated that electron irradiation of materials
above a critical accelerating voltage leads to displacement démage.
This involves the 'head on' collision between incident electrons and atoms.
As a result of such collisions it is possible for an electron to transfer
enough energy to displace a metal atom into a distant interstitial position,
giving rise to an interstitial-vacancy pair. (An interstitial atom on
a local site will quickly recombine with the vacancy.) The energy
required for such an event is a function of the atomic mass of the atoms,
the crystal structure and its orientation to the electron beam (158).
In the case of aluminium a thpesho]d value for displacement, Td, has been
estimated at 16 eV (158, 178).

The maximum - energy that can be transferredby a moving electron of
energy E is given by (179) '
_ 2E(E + 2mc2) ' (1)

E
M;z

max

where

mass of (alumirnium) atom
mass of electron '
velocity of light

]

At 500 KV the value of E . is n40 eV (5), Thus the possibility
exists for two atom displacements to occur as a result of a single 2lectron
collision.

The displacement rate, K, is given by
K= ¢o Nd ‘ (2)

electron fiux (e]ectron§ cm-z)

where ¢ =
o = atomic displacement cross section (cmz) .
and Nd = the number of displaced atoms per primary knock on.



The atomic displacement cross section d is a function of incident
electron energy and can be calculated from the McKinley-Feshbach formula
(180). . For aluminium jrradiated with 500 KV electrons, the value of-
o is 40 x 10728 572,

Assuming that Nd = 2, i.e. on average every electron displaces two
atoms,and using the measured electron flux density the average displacement
rate is found to be ~2 x 107 displacements per atom per second
(d.p.a./sec). This impTies that every atom would be displaced once
every 5 x 103 seconds. Duration of a typical experiment was about 600
seconds, therefore one atom in every eight could have been displaced 1in
the course of a single run. '

The actual rates of the defect concentration build up however dV/dt,
di/dt are given by (181)

%{ = K - va-viﬂv + vo)i ' (for vacancies) (3)

and

CQE KK T WZ(V V). (for interstitials) (4)
where the terms
KVV’ K{ i1 represent respectively the loss of vacancies and interstitials
to sinks such as grain boundaries and free surfaces. .
Y5 Z(V + Vo)i represents the Toss of defects by mutual recombination.
~V, i are respectively the vacancy and interstitial concentrations produced
by irradiation, Vo is the thermal equilibrium concentration of vacancies
and Z is the number of sites around a defect from which recombination
can occur spontaneously. (Z was originally assumed to be unity (182)
but later evidence suggests that in copper Z ~ 100 (9). No data
are available for aluminium but_Sharp (181) suggests that for close
packed structures in general Z > 1 and possibly close to 100.)

KV and Ki are the proportionality constants fcr loss of defects to
sinks and depend on the jump frequency, jump distance and density of
fixed sinks. (Constant for any given material at a fixed temperature.)

The thermal equilibrium concentration of vacanciz:z at any temperature

.#-'EF

V., is given by F
‘ SV - =E, o )
exp (& ) exp (¢ ) (5)

0
VO

Boltzman constant
= formation entropy

where K
S
E
(A corresponding expression applies to interstitials)

< T M

= formation energy
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The entropy term exp‘(ig-) is ~l (182) whilst the va]ues_of.Es
EE are given as 0.65 eV and 4 eV respectively (183). Substituting

these values into equation (5) the‘fkactiona] equilibrium concentrations
~of vacancies and interstitials can be found. (10—9 vacancies and

10'74 interstitials at 273K) In contrast the concentration of irradiation
defects calculated from the previously given disp]acement rate and
assuming 90% loss by recombination is of the order of ]O']. Clearly,
therefore, the concentration of irradiation defects in the alloys is
significantly greater than the thermal equilibrium value. The effect of
this artificial concentration of defects on the reaction observed in the
in-situ experiments will be discussed presently. It has been shown

(181) that at low temperatures in aluminium mutual recombination is the

-and

dominant annihilation process and few defects go to fixed sinks. Of the
remaining defects the interstitials are the most mobile and are responsible
for the occurrence of dislocation loops. These constitute the visible
defects in the electron microscope (184, 185, 186).

The arrival of interstitials at the foil surface (metal/oxide interface)
‘is unlikely to have a significant effect on the surface reaction that
occurs -between the samples and water vapour: This is because the rate
determining step in the oxidation of aluminium is the diffusion of the
relevant reaching species thrqugh the oxide film. Thus any radiation
enhanced diffusion in the meta) is of little significance to the surface
reaction. ‘

Next, the effect of the radiation produced defects on the internal
bubble formation must be examined. At low temperatures vacancy
agglomeration resulting in void formation is not observed in aluminium
even if the metal is”pre-injected with helium (177, 187), or bombarded
by d—partic]es (188). This implies that the growth of hydrogen bubbles
at grain boundaries in the in-situ experiments is not caused by vacancy
condensation.  Furthermore the local deformation of the metal observed
to occur during the growth of the bubbles suggests that these are
internally pressurised as opposed to being voids. It is proposed that
they form as a result of hydrogen, generated by the surface reaction,
diffusing away from the surface down the grain boundaries. As such they
are not irradiation induced artifacts:

It is interesting to examine the effect of the excess vacancy concent-
ration on the solubility and mobility of hydrogen in the matrix. It has
been ‘shown that it is energetically favourable foir a protoni to become
associated with a vacancy in aluminium (189, 190, 191).



During the in-situ experiments therefore the possibility exists for
hydrogen.to be trapped at the irradiation produced vacancies. This
implies that a supersaturation in intragranular hydrogen could be

achieved which is in excess of that in pre-exposed but non irradiated
material.  Any vacancies migrating to the grain boundaries could transport
hydrogen to these sites but, as.outlined earlier, vacancy mobility is low
under the experimental conditions (184) and is further reduced by the
association with hydrogen (191). The maximum diffusion distance achieved
over a time period of 10° seconds in an aluminium sample irradiated at
room temperature at an electron flux density of 10_5 d.p.a./sec. has

" been estimated at only 10A (181). The contribution of this form of
transport to the build up of hydrogen and subsequent bubble formation

at the grain boundaries is therefore 1ikely to be negligible compared

to grain boundary diffusion '

In summary, it can be concluded that the reaction between the
experimental alloys and water vapour in the environmental cell should
not be significantly affected by displacement damage processes in the
metal. Direct confirmation of\this conclusion is provided by the
insensitivity of the reaction to cﬁanges in accelerating voltage.

The reaction occurs below the threshold potential for displacement
damage. '

5.4.2. 'Irradiation induced témperature rise

For each point defect created there are many atoms that acquire
insufficient energy for displacement but are nevertheless excited as a
result of collisions, either direct or indirect,with high energy
electrons. The energy transfer as a result of these processes is
manifested as heat. A temperature rise is therefore a basic consequence
of irradiation and may be regarded as a form of damage (192).

The work of Makin (163) has shown that the temperature rise as a
result of direct electron beam heating in a metallic specimen is very
small (less than 1K) whilst indirect heating by radiation from the
objective aperture constitutes the major contribution to any temperature
rise. Fukamachi and Kikuchi (162) using electron flux densities
comparable to those in this work, were unable to detect any temperature
rise and concluded that the temperature increase 1in the irradiated
area of an aluminium sample was less than 10K {their estimate of
experimental error).



On the basis of the above the temperature rise as a result of direct
beam heating in the present experiments is estimated as being negligible
and is assumed to have no effect on the reaction.

Two experimental observations support the above conclusion.
Firstly the variation of reaction kinetics with varying stage temperature
shows that the sample was sensitive to the stage temperature and thus any
temperature rise due to beam heating must have been small. Furthermore
radiant heating'from the ObjECtive aperture cannot be the cause of the
preferential reaction since the reaction area was limited precisely to
the area under the electron beam. Whilst radiant heating from the aperture
would also be localised (determined by the dimensions of the aperture
and its proximity to he sample) the heated area arising from such a
source would be larger than the observed reaction area.

5.4.3. Helium injection

In pr{nciple it is possible for helium gas injection to occur in
this work if the atoms are knocked on by electrons with sufficient energy
to produce displacements in the target material. This can lead to
‘surface blistering (193).

Flower (156). has shown convincingly that electron irradiation - of
silicon, aluminium and magnesium under a helium atmosphere in an H.V.E.M.
does not result in detectable gas implantation.. That work is directly
related to the present examination and reference may be made to it for
a detailed discussion. It is considered sufficient here to simply echo
the conclusion of the above work: gas injection by displacement events
cannot play a significant role in the observed reaction.

A second helium gas effect is theoretically possible.  This involves
the displacement of atoms via a fast moving helium atom accelerated as a
result of electron helium collision. Such displacements can occur below
the electron/target atom threshold voltage because of an increased
energy transfer process (156, 187), determined by the ratio 4M2/(M+m)2
where M is the atomic weight of the target and m the atomic weight of gas.

The calculated displacement rate as a result of this mechanism at
100 KV is &10'6 displacements per second at the highest flux densities
used and an order of magnitude lower at the standard conditions‘(10-7).
Correcting for losses by recombination (90%) the concentration of
defects produced is of the order of &10-8 which approaches the thermal
equilibrium concenti-ation of vacanciés. This is very lew and is
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considered insignificant. Support for this conclusion is.furnished by
Flower (156) who showed that the reaction of pure aluminium with water
vapour under the .electron beam was identical under both helium and argon
atmospheres.  Since argon atems cannot displace aluminium atoms via the
above mechanism the effecf}of helium-atuminium displacements must be
small.

5.4.4. ‘Idn1§a£€6n7damage-'

Ionisation is the cause of the great majority of the energy loss
experienced by electrons up to 1 My in solid specimens. The rate of
energy loss is a function of accelerating potential and decreases by a
factor of 2 between 100 kV and 500 kV (194). It consists of the
displacement of orbitally bound electrons. In metals the replacement
of lost electrons from the localised orbitals occurs very quickly, due
to the availability of electrons in the unfilled conduction band.
There is thus no permanent damage in a metal.

Electronic excitations in ionic and covalently bonded systems
however give rise to various forms of damage (no conduction band to N
provide replacement electrons). The damage manifests itself in different
ways, for example it can lead to the formation of F centres in alkali
halides or the degradation of leng polymer molecules. Specifically in
the case of alkali halides electron-hole recombination events lead to the
ejection of halogen atoms into distant interstitial sites. The result
of such a process is the formation of two complementary defects. An
interstitial atom and a ha]jde vacancy occupied by an electron (F centre).
The study of the occurrence, behaviour and effects of such defects has
become a very specialised branch of solid state physics which is discussed
in detail elsewhere(195). It is of interest to note that the defects
that can arise as a result of ionisation damage are not too dissimilar
to those produced by direct displacement events (interstitial loops
in KI (195)). Indeed in some cases ionisation damage merely represents
a different energy transfer process which leads to the same effect (196).

5.4.5. Radiation damage in the oxide

In the current discussion another aspect of the overall damage
phenomenon must be examined.  This concerns the. possibility bf damage
processes occurring in the oxide covering the samples.
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Pells and Phillips (197, 198) have measured an apparent displacement
threshold voltage for visibiédamage in electron irradiated single crystal
a-alumina at 390 = 10 kV. Using absorption and Tuminescence techniques
they were able to corre]ate»tﬁis value with the displacement threshold
for direct oxygen jon displacement (energy requirement of .75 eV). In '
contrast to this the aluminium ion was more easily displaced at accelerat-
ing potentials above 175 + 25 kV with an energy requirement of only 18 eV.
No visible damage was apparent below 390 kV indicating that it is the.
agglomeration of oxygen'defects_that renders the damage visible.

Somewhat higher energy threshold values have been reported by Arnold and
Compton (199) who indicate displacement energies of 90 eV and 50 eV
for oxygen and aluminium atoms respectively.

The information on the effect of jonising radiation on alumina is
limited and the damage phenbmena are not fully understood. Compton and
Arnold (200) report no ionisatioh_damage events 1in a-A1203 whilst
Turner and Crawford (201) found that neutron irradiated samples were
sensitive to fonising y-radiation. Wilks (202) reports that neutron
damaged alumina samples are severely damaged by 100 kV electrons, an
observation shared with Hickman and Walker (203). In the latter study
it is reported that 80 kV electrons did not produce appreciable damage.

The nature of the rédiation induced defects in alumina are in
dispute. Most authors (197, 198, 200, 204) attribute the prominent
"colour centres" in irradiated alumina to aluminium jon displacement but
defect clusters (205) and oxygen vacancies occupied by single electrons
(F+ centres) have also been proposed as alternative explanations.

As indicated earlier the insensitivity of the observed reaction to
changes in accelerating voltage suggests that direct displacement damage
in the oxide too, had Tittle effect on the reaction with water vapour
(threshold voltage for A13+ interstitial production 175 kV). However,
the detection_of damage centres is subject to Targe errors and the
possibility of damage existing below the detection Timits must be
considered. For example. the visible defects in electron microscdpy
are the secondary defects, i.e. the agglomerations of primary vacancies
and/or interstitials. If any displaced species (produced either as a
result of direct collision or idnisation processes) stay in their primary
form, they will remain invisible.  Furthermore absorption and luminescence
techniques are insensitive to the presence of Tow concentrations of non
clustered defects and are unlikely to detect defect concentrations of less
than 1014 centres per cm’ (206):'



There are two other major points that make the theoretical treat-
ment of the damage process difficult. Firstly the materials examined
were alloys of substantial solute content (at least 9 wt% or primary

additions together with impurity traces of other elements, see Table II).

The defect structure of the oxide is of course significantly dependent
on alloy content (see section 2.71) but in terms of radiation damage the
existence of impurities in oxides appears to be a major influence (205,
211). Impurity atoms attract and stabilise defects.

The second unusual aspect of this work concerns the presence of
water vapour in the environment of the irradiated material, and the
subsequent hydration of the oxide. Radiolysis of water by ionising
radiations gives rise to a considerable number of radicals (see for
example references 207 -210 ). Typically reactions take the form

Ho ™ H0" v e

+ +
HZO + HZO > H30 + OH

OH + e » OH

26

The existence and effect of these free radicais can only be speculated

upon arid must be considered in ;onjunction with other reactive groups
that may be present. Such groups are likely to develop on hydration
of the 'amorphous‘ film produced during e]ectropo]ishing of the
samples.

The initial stage of formation of pseudoboehmite from anhydrous A1203

involves a condensation-polymerisation mechanism (see section 2.7.3.)
with the boehmitic group playing an important role:

(HO), (oK),

Ta1 - o + H0 - A1) >
(H0)5 - (H0
(HO),  (OH),

"{Al - OH Al } + Hy0
(H,0) (H,0),,
OR
(HoO),, (0H),,

"{ Al - OH+ OH - Al } s

(H,0) (H,0)3
(Ho), (0H),
SOt -0-A ) + H,0
(H20)3 . - (H20)3 .

b
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The action of the electron beam on the above radicals is not known.
However, the possibi]ity-exists for the A1-0 or A1-OH bonds to be ionised
in a similar manner to that of Si-0-Si bonds.  In that case (155, 156)
electronic excitation Ted to bond scission and increased reactivity.

Once the hydration of the oxide has been established the samples
exhibit a duplex surface oxide film. This consists of a hydrated
outer layer together with'a thiﬁ 'amorphous' film of alumina imnediately
adjacent to the metal (Figure 5.3) (section 5.2). |

The effect of irradiation of a system such as that depicted in
Figure 5.3 is not known. A number of possible damage events can be
envisaged:

(a) Scission of the cross Tinking hydrogén bonds in the outer pseudo-
boehmite layer. _

(b) Displacement of atuminium and/or'oxygen ions in the pseudoboehmite
layer (either by direct knock on events or ionisation).

(c) Displacement of aluminium and/or oxygen ions in the amorphous layer.

Any one of the above events is possible at 500 kV but at 100 kV
event (a) is the most Tikely. .This is because hydrogen bonding is of
Tow strength. Furthermora the excess water in pseudoboehmite is
normally held across the hydrogen bonds suggesting weak polarisation at
these sites.

5.4.6. Prdpbsed mechanism for the radiation enhénééd:surface reaction

It is evident from the available results presented here and elsewhere
(155, 156) and the above discussion that the 'in-situ' reaction between
water vapour and Al-Zn-Mg alloys is governed by radiation damage to the
existing oxide film.  Three stages are considered important in the
process: _

(a) Tonisation of water molecules at the oxide-gas interface.

(b) Ionisation damage across the A1-0 bonds in the electropolished film.
(c) Hydrogen bond scission in the pseudoboehmite layer (once this is
established) and/or '

(d) Cationic defect production in the barrier layer oxide.

The observation of a very short incubation period prior to the
initiation of the reaction is a significant one and provides-an indication
on the damagé mechanism operating.  Incubation periods at low temperatures
are very long, typicaily 10 min at 50°C (124).  The reaction under the
electron beam at -40°C occurred within seconds of exposure to moist helium.



Clearly, therefore, electron irradiation enhanced the initial step of the
reaction; that of hydration. Such acceleration could have been achieved
by ionisation of water molecules close to the surface. An ionised
radical such as H 0% or OH or even an 'excited’ water molecule H 0
constitutes a more reactive species than an HZO molecule. However,
since the incubation period in bulk samples is insensitive to solution

pH variations over a wide range of pH values (and consequently H3+0 and
OH™ radicals) (124) the effect cannot be simply due to ionisation of
water. The accelerated hydration event must arise as a result of Al-0
bond excitation, i.e. ionisation damage. The severed bond would then
quickly recombine with the other jonised species (possibly H 0) to give
the initial hydrated ox1de, i.e. the gelatinous pseudoboehm1te

2€3

Provided ijonisation damage in A]z 3 occurs close to the oxide-gas interface

the damage centre need not be required to remain stable over long periods
of time since the possibility of ah jonised water radical being present
locally must be high (high electron flux density). A very short lifetime
defect would certainly not be detectable by conventional electron
microscopy and is quite Tlikely to be beyond the detection limits of
absorption techniques. Such'defects would be involved in a dynamic
creation and annihilation process and would only become of significance
if created in the’ presence of other jonised spec1es - This conJecture is
supported by the reports in the 11terature which state that a-alumina was
only sensitive to ionising radiation if it were previously bombarded with
high energy neutrons (202, 203, 205). In other words the samples already
contained ionic defects which could interact with the dynamically
produced damage events of the subsequent jonisatior process. Further
support is furnished by the,obserVatipns“jn this work that electron
irradiation of dry samples at 100 kV prior to exposure did not give rise
to preferential reaction at the irradiated sites (see Section 4.4).

This implies that any defects produced by ionisation damage were of

short duration only. It is therefore proposed that the reduction in the
incubation period observed arises as a result of the cooperative

action of the ionisation events both in the aluminium oxide film and
water molecules. '

Once the hydration of the alumina is initiated it leads to the
formation of boehmite. The dccUrren;e of the cruss Tinking hydrogen
bonds in this system are known to enhance water pick up. The jonisation
of these hydregen bonds as a result;of electron irradiation is Tikely to
further accelerate tie uptake of water Teading to rapid reaction and



formation of gelatinous pseudobeohmite.  This series of events may be
depicted by a simple schematic format as shown below.

.H20
e” VY hy
(1) 0 = A1-0-H ——ee-e= H-0-AT = 0
| T
H30 + e
(i4) 0 = A1-0-H* 4 H*-0-A1 = 0
(ii1) 0 = A1-0-H--H-0-H---H-0-AT = 0
t

(The use of the above representation does not imply covalent bonding;
hv represents the energy assoc1ated with the incident electron e ;
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H* = "exc1ted" hydrogen ligand, Bt = eJected proton, ----- = hydrogen bond)

The implied reaction from the above_is

Hy0" + AT00H = AT00H.H,0 + H*

(H + € = 1)
and represents thé second step in the hydration event.

The reaction can be considered as 'autocatalytic' because it results in
the formation of more hydrogen bonds which can be subsequently ionised
to give reactive ligands. B]istering implies that the oxide membrane
is impermeable to hydrogen gas but not to protons. (The absence of any

reaction product within any unbroken blisters suggests that the penetrating.

species does not contain oxygen, i.e. it is not H20 OH™, H o* ) The
source of protons is the water mo]ecu]e which dissociates at the A]203/

A]OOH interface to g1»e rise to H'. Possible reactions leading to such
H production are as shown in F1gure 5.2,
A3* & 3R100H = 21,0, + 34"

AT 4 ATOOH + H,0 = A120§ + 3ut
3+ -
2717 + 3H20 A1203 + 6H o
The above reactions involve the consumption of A13+ which originate
from the under]ying metal (Figure 5.2).. The overall reaction.must then
depend on the transport propert1es of the amorphous A1203 film and

involves the outward migration of A1°" fons (anodic reaction) together

+ e 1 ? 1] h
with the inward m1grat1or of " fons which are discnarged by the eiectron



left behind in the a]um1n1um substrate (Figure 5.2.).

The A1203 formOd at 1nt rface = 1is then quickly hydro]ysed in
the manner descr1bed previously and thus the reaction is not retarded
by the build up of A] in:the wrong side of the interface. The
implication of such a mechan1sm is that there should be film thickening
during the growth of the biisters. This is indeed what is observed-
experimentally. The rap1d growth of the blisters indicates that the

diffusion of protons ard A] through the Al 03 film must be fast.

The diffusion through this film depends on its defect structure and
a modification of this by electron irradiation damage is possible.

The increased diffusion through the amorphous barrier oxide under
the electron beam could be attributed to two affects; the first possible
explanation is that the accelerated hydration of the outward diffusing A13+
cations generates large amounts of H™ ions which also diffuse at an
accelerated rate in the opposite direction in order to maintain a charge
neutrality. The second explanation involves the creation of A1 * vacancies
in the amorphous alumina film as a result of displacement by electrons,

Such d1sp1acementswou1d certainly occur at 500 kV but
are not possible at 100 kV. Yet the reaction does not cease or show
measurable changes in kinetics. Therefcre, whilst a contribution from
displacement damage of the aluminium ion would certainly exist in all
of the experiments carried out above the threshold voltage, this does
not appear to be a necessary criterion for increased reactivity. The
alumina structure does in any case contain a large number of vacant
aluminium sites (only 22.1/3 of the possible 32 sites per unit cell are
occupied) and it may be phat these are sufficient to deal with the influx
of the diffusing species. A contribution is 1likely, however, from short
duration excitation events such as those described earlier. Since
these are 1ikely to increase with decreasing accelerating potential
(ionisation damage events) the reaction should not be inhibited by 100 kV
electrons. This is indeed the experimental observation. No increase
in the rate of reaction was recorded either, but this may well lie
within the experimental error (see Section 4.3.4.).

In summary, it can be concluded that the increased reactivity of the
experimental alloys with water vapour under the-inf]uence’of.the electron
beam arises as a result cf radiation damage in the oxide layer. The
mechanism of damage is coniplex and until such time as more detailed data



become available on the damage process in oxides the proposed mechanisms
must remain, at least to some degree, a matter of conjecture. Several
conclusions may nevertheless be drawn from the above discussion. '

1. The acceleration of the corrosion reaction is caused primarily via
ionisation damage processes.

2. The simultaneous action of ionising radiation and presence of water
molecules is necessary for the reaction to proceed.

3. Radiation damage processes serve only to accelerate the phenomenon.
The reaction is radiation enhanced rather than radiation induced.

5.4.7. Surface reaction kinetics

The origin of the experimentally observed rate of growth of blisters
is not well understood. Assuming that a very simple stress situation
exists, i.e. the force on the blister wall is equal to the force acting
on the oxide/metal interface at the hemispherical blister base (156)
then it can be shown that

2urdy = 2ar2P-

where r = radius of blister

d = wall thickness

v = metal/oxide interface energy
and P = hydrogen pressure inside bubble.

From experimental results we know that
3

raet

vd = P £1/3
If P is constant then
dat1/3'

By inspection of the surface reaction sequences it is easy to see that the .
blister wall thickness increased with time. Unfortunately measurements
cannot be made with any accuracy to establish an experimental variation

of blister thickness with time. Flower (156) had previously noted such

an increase in blister wall thickness with time in pure aluminium.

This is at variance with the behaviour of silicon which exhibits a constant
thickness wall (155). Tower (156) has also arqued that the growth of
blisters is governed by brittle decohesion of the oxide/metal interface
(section 2.9). Employing his'analysis it can be shown that the pressure
that may be expected within a typical surface blister is of the order of
102 atmospheres.
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5.4.8. ‘Deductions from the "in situ" reaction experiments

The results obtained from the "in situ" experiments provide direct
evidence of hydrogen penetration into the sémp1es following the reaction
between the experimental alloys and water vapour. This observation is
of fundamental importance and estab]isﬁes beyond doubt the hydrogen
penetration event in Al-Zn-Mg alloys in the presence of water molecules.
Hydrogen embrittlement of Al-Zn-Mg alloys therefore is possible in all
environments which contain water. The question is not whether hydrogen
penetrates and causes embrittiement but whether there is an alternative
mechanism of failure which will induce fracture at a faster rate than
hydrogen. '

Specifically the in-situ experiments have shown that the reaction
between water vapour and the alloys to produce hydrogen is insensitive
to the microstructural condition of the sample. Therefore the differences.
in susceptibility to embrittlement between different microstructural states
do not arise as a consequence of modification of the surface reaction or
the reaction rate.

There exists a slight preferential attack at the grain boundaries and
second phase particles (n or T) that intersect the surface. .Hydrogen
is therefore prbduced at a site at which it can be most dangerous by
penetrating along the easy diffusion‘paths provided by the grain inter-
faces. As suggested in section 5.3.1. there does not seem to be a
fundamental difference in surface attack between the underaged and
overaged samples that can explain the insensitivity of the overaged
samples to water vapour exposure. In both cases any preferential attack
should have the same effect since in both cases it is initially confined
to " the interfaces.

The clear evidence from the in-situ observations is that internal
hydrogen bubble formation is a strong function of microstructure. _
In the 6/3 base alloy samples tontaining grain boundaiy precipitates
above a critical size (200AR) are needed to nucleate hydrogen bubbles.
This is in total agreement with the bulk studies. licrostructural
states of high pre-exposure embrittlement resistance (i.e. overaged
samples) exhibit hydrogen bubbles on exposure in the wet cell., The
resistance to embrittiement of these_states can therefore be assigned to
the availability of suitable sites for the uptake of the absorbed
hydrogen. It is the internal redistribution of hydrogen that determines
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the overall to1erance'tovhydrogén; Gaseous hydrogen in.bubbles is
re]ative]y'innocudus. (ThiS'cchept has been discussed previously and
thus will not be ‘dealt with here. It s however‘pointed out. that

the previous discussion was developed with the support of the direct
observations made in the H.V.E.M. These observations formed an

integral part in the development of the proposed mechanism (section 5.1.):)

The direct observation of bubble growth in the H.V.E.M. have provided
invaluable information on the "saturation" events responsible for the
region 3/4 transition in Figure 4.3, the embrittlement behaviour of the
pre-aged 6/3 base alloy (Figure 4.15), and the embrittlement of the large
" grain 6/3 Cu quaternary. The Timit of growth of any one bubble as a
result of the resistance provided by the surrounding matrix postulated
previously was clearly established.  After prolonged exposure the
pressure within the bubbles was sufficient to cause localised deformation
indicating an internal pressure apprdaching 105 atmospheres. The
concentration of dissolved hydrogen in equilibrium with such pressures
must be substantial.

One aspect of the internal hydrogen revealed by the "in-situ" experiments
that has not been discussed previously concerns the obsefvations of a
hydrogen/dislocation interaction. Figure4.49 shows that such an inter-
action does exist. A hydrogen "bubble" has obviously nucleated at the
dislocation. This is a direct observation of a favourable association
between hydrogen and dislocations. Whilst it was not possible to establish
the behaviour of such an entity under stress the implications of such an
association in the environment sensitive failure of Al-Zn-Mg are far
reaching. |

"Locking" of the dislocation by the hydrogen is an obvious possibility
but similarly movement of the dislocation, if achieved, offers a hydrogen
transport mechanism. Donovan (212) has interpreted his results of
discontinuous tritium evolution from a strained, supersaturated aluminium
sample, as resulting from transport of tritium by disiocations.

Gruhl (80) had previously postulated a dislocation/hydrogen transport
step in his pre-exposure embrittlement tests. Certainly the present
results establish that hydrogen can be associated with dislocations, but
transport by dislocations is clearly not necessary for embrittlement to
occur provided other diffusion paths are available to the diffusing

species.



The "in-situ" experiments have been instrumental -in establishing
the characteristics of the quaternary alloys. They have produced
evidence which show how the two alloying additions to the basic alloy
modify its behaviour.

In the case of the Cu bearing alloy it was clear that bubble nucleation’
occurred in all the samples examined irrespective of ageing conditions.
Even in the absence of grain bouhdary particles bubbles were formed.
By employing the prev1ou5|y given arguments the resistance to embrittle-
ment shown by the 6/3 Cu alloy can therefore be attributed to the ability
of this alloy to nucleate and grow hydrogen bubbles so that CES%T
only achieved under extreme exposure conditions. It is not known how

copper additions induce bubble formation.

The surface reaction (blistering) events in the 6/3 Cu alloy must
be treated with caution in view of the possibility of copper redeposition
during specimen preparation (see Section3.5). However, assuming that
the precautions taken were successful and minimised any artifacts it
can be seen that there is very little difference between the base alloy
and the copper containing quatefnary.” Slight preferential attack at the
grain boundaries is similarly evident. '

In contrast to the 6/3 Cu alloy the 6/3 Cr quaternary showed a
marked blistering reaction which, in some cases led to complete decohesion
of the oxide/hydroxide from the metal substrate.  This behaviour was
exclusive to the Cr containing alloy and has been attributed to the
catalysis of the hydrogen recombination reaction at the metal/oxide
interface giving rise to excessive H pressure capable of total decohesion
of the oxide {Section 5.3.4.). Support for such a preferential partition
to the gas phase in this a1ioy is provided by the observations that
internal bubbles were only formed after prolonged irradiation under the
electron beam. This suggests that only a small fraction of the generated
hydrogen was absorbed by the samples (Section 5.3.4.).

5.4.9, Discussion'of'the'straihing stage “in4situ"'experiﬁénfs

The practical difficulties inherent in “1n s1tu" stra1n1ng experiments
have already been outlined (section 3.7. 6) These played an important -
role in limiting the amount of useful information obtained. Nevertheless
some interesting results were noted: Firstly it was evident that a substant-
ial region ahead of zny transgranular crack had undergone plastic
deformation (plastic zone) (Figure 4.62).  Such cracks were produced



during specimen loading into the’Stage and thus reflect the plastic zone
size that may be expected in a thin ductile specimen (plane stress
conditions). In the case of environment-assisted crack growth the
results of Figure 4.64 are of interest in that they show evidence of
preferential attack at the ¢rack faces. The cause of the preferential
reaction is most probably oxide film thinning or breakdown. It is
important to note that the’bbserved blistering indicates hydrogen

- generatijon locally at the crack tip. The impldications of such localised
hydrogen generation in the case of a propagating stress corrosion crack
“are worthy of considefation. If failure under those conditions is
governed by the same mechanism_as pre-exposure embritt]ement,'then it is
clear that a build up of hydrogen'at‘the crack tip to induce brittle
fracture would only require the diffusion of hydrogen over a short
distance.  Such diffusion may occur along the boundary if the crack is
intergranular or may be transported by moving dislocations as suggested
by some workers (213). However, since it was not possible to

induce the growth of any cracks in the H.V.E.M. no conclusions can be
drawn on this subject; '

In cases where grain boundary cracking did occur the production of
base metal evidently enhanced the subsequent reaction (Figure 4.63).
The events are therefore autocatalytic. Cracking leads to bare metal
~ which quickly reacts to produce more hydrogen which in turn can induce
further cracking.

The only difference between these ideas and those of other workers
on oxide film breakdown and repassivation control failure models (86-90)
is that in this case the direct cause of failure is considered as being
the hydrogen generation and diffusion process (cathodic reaction) in
preference to the dissolution event (anodic reaction).



5.5. ‘Extension of the Proposed Mechanism to S:C.C. -

It is prOposed here to rationalise some of the S.C.C. effects from
the available 1iterature on the basis of the proposed mechanism and to
show that, with minor modifications, it provides a viable alternative
mechanism of fracture to the dissolution control models previously
advanced.

One of the most important general conclusions arrived at from the
review of the literature on S.C.C. of Al1-Zn-Mg alloys is that, under
most conditions, it is the presence of water molecules in the environment
that leads to failure. It seems fruitful therefore to establish the
basic mechanism that operates in the presence of pure water and then to
examine the ability of such a mechanism to explain the behaviour of the
alloys in other environments.

In terms of the'overa11 S.C.C. effects the predictions of the proposed
mechanism (Section 5.1) appear to relate very well to the S.C.C. behaviour .
of A1-Zn-Mg based alloys. On the metallurgical side the hydrogen
embrittiement and "bubble trapping" concept is in total agreement with
the effect of overageing on the susceptibility of the alloys. Similarly
the beneficial effect of copper additions can be rationalised in terms
of the enhancement of the bubble formation characteristics in the micro-
structure.

inhibition of hydrogen entry into the alloy is, to the knowledge of

the author. not in disagreement with any available literature. Gruhl
(80) concluded from his work that ;ﬁromium did increase the S.C.C.
resistance of Al-Zn-Mg alloys but not by modification of the precipitation
hardering reaction. In this respect his findings are in line with the
proposed mechanism.

The important step in the S.C.C. behavfour is the effect of the
Tocalised corrosion reaction at the crack tip. The system there is
complex.  Aluminium dissolution does occur but also hydrogen production
is achieved. Localised oxide film breakdown and subsequent dissolution
at the crack tip region therefore is an important process which will
determine the contribution of the anodic reaction to the overall crack
growth rate. - '

Scully (90) has argued that”a specific amount of corrosion is
necessary to achieve propagation. = If too much metal is lost the process
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tends to pitting corrosion whi]st.if the repassivation rate is too fast
then not enough material dissclves tc cause propagation.  This criterion
is directly applicable to the present argument and can be readily mod1f1ed
and accommodated in the proposed hydrogen embrittlement mechanism:

The "quantum" of corrosion necessary is the amount of hydrogen (produced
by the concurrent cathodic reaction) that is needed in any one particular
system in order to achieve the critical concentration of hydrogen .
(C?E%T or C?Sjﬁs) ahead of the crack tip. Once this is attained brittle
fracture will occur. This demands that the propagation of the crack
becomes discontinuous which is in accord with the literature (44, 51, 80).
The distance over which C?ﬁ%T or C?Eiﬁs are attained will depend on such
processes as the hydrogen mobility and any tendency for hydrogen to
accumulate over a small region ahead of the crack tip. The results of
Green et al (81) provide strong support for the latter suggestion, whilst
the present work has shown that the generation of hydrogen occurs very

close tc the crack tip. Therefore the mechanics for the attainment
CRIT
of Cny

The minor modification of the proposed mechanism necessary at this
point is the introduction of the idea of an increased hydrogen concentration
at the crack tip region. This has already been invcked in dealing with
the strain rate Sénsitivity of exposed samples but it is in any case
obvious that the hydrogen concentration will be highest close to the
surface where the reaction with water vapour occurs (Figure 5.5).

It is also immediately obvious that the crack growth process will depend
greatly on the local conditions existing at the crack tip; events that
promote absorption of hydrogen will favour acceleraticn of failure

locally are available.

whilst hydrogen loss to the environment will be beneficial.

5.5.1. Metallurgical affects

The effects of most metallurgical parameters can be traced to their
effects on the two basic steps that must be satisfied for crack growth
to occur.  Firstly the entry step must be achieved.  Envirornmental
variables will dominate h2re but as shown in this work metallurgical
parameters can also have an effect (e.g. Cr additions). The second
criterion that must be satisfied is the attainment of a hydrogen
concentration in excess of the internal tolerance of the microstructure
at any stress level. This will depend on microstructural properties
such as the grain boundary surface energy (yb) the presence of suitable
traps (e.g. precipitates) and their overall offectiveness (ability to grow
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-

bubbles of hydrogen) and the alloy deformation charactéristics, such as
planar slip, which will be instrumental in the establishment of the
microcrack and its subsequent propagation.

4By consideration of the above two criteria it is easy to show, at
Teast qualitatively, that the predicfions of the proposed mechanism are
in agreement with the majority of experimental observations. Specifically
the mechanism is in agreement with the following metallurgical aspects
of S.C.C. ' "
(1) Increasing the major solute content (i.e. Zn and Mg) increases the
rate of entry of hydrogen by modifying the oxide and possibly also
affects the value of Y by segregation affects. An increase in
susceptibility is therefore to be expected.

(2) The beneficial effects of minor alloying additions can be correlated
to their ability to either inhibit hydrogen entry or increase the
internal tolerance of the microstructure by stimulating the formation of
hydrogen bubbles. In all cases a beneficial derivative can be obtained
from a grain refinement effect of the quaternary addition.

(3) Heat treatment determines the size, number and density of available
grain boundary precipitates which act as traps and thereby influences

the stress corrosion cracking behaviour. Since crack propagation is
dependent on the surface energy of thé_boundary however, any metallurgical
effect which modifies Y will have a bearing on the observed behaviour.

In this regard the solute content of the boundary will have an effect.
The solute content (and profile) of the matrix immediately adjacent to
the boundary will also determine the effectiveness of the grain boundary
precipitates as traps for the embrittling hydrogen.

(4) Planar slip tendencies promote crack nucleation and aiso appear to be
more susceptible to interference by absorbed hydrogen (the occurrence

of cleavage fracture in an f.c.c. material in the presence of hydrogen
suggests a dislocation/hydrogen interaction inhibiting crack blunting).

(5) Grain boundary particle dissolution is not necessary. Hydrogen
production can be achieved as the corresponding cathodic reaction of the
dissolution of the P.F.Z. precipitates or interprecipitate grain boundary
regions. Nevertheless an enhanced dissolution reaction at the grain
boundary precipitates or solute supersaturated zone will be instrumental
in providing the embrittiing hydrogen locally,and thus influence the
S.C.C. behaviour.



5.5.2. Stress effects

The essential difference between pre-exposure embrittlement and
S.C.C. is the presence, in the latter, of an applied stress. In )
addition to promoting fracture the induced strain enhances hydrogen production
by oxide film breakdown and may induce local hydrogen accumulation.

The observed crack velocity versus crack tip intensity curves (v-k)
(6) can be rationalised as follows. At very low values of k (region 1)
the crack velocity increase is associated with the reduction in the
amount that Yy is réquired to be Towered in order to achieve O -
Assuming elastic conditions
o = V ZEYb-
F mC

(Griffith equation - section 5.3)

and OT{p = oy (1 +2 ¥c/p)

where p = radius of crack root
g, = applied stress

oTip = stress at crack tip
Then at the point of fracture
oy 2y, 2
op = (1 +2Vc/o) " . (—)

Therefore the higher the applied stress the Tower the reduction in yp
necessary for brittle fracture. This explains the strong dependence of
region I on metallurgical parameters which control the value of Yy
Any increase in the value of y, will result in an increase in the stress
needed to induce fracture.

In contrast to region I, region II (crack growth rate independent of k)
is limited by the arrival of the damaging species (80) (HZO molecules)
to the crack tip which controls the production of hydrogen (section 2.6.1).
Tt is less sensitive to metallurgical variables than region I (6).
Region II therefore may be regarded as a stage of behaviour determined
by the Timitations on the Incal hydrogen generation events.

The ambiguity regarding the existence of a "KI.S.S.C. value is

also readily accommodated by a hydrogen embrittlement mechanism.

Hydrogen will be slowly absorbed into the alloy continuously until such
time as the local critical concentration is achieved. Whether cracking
occurs will depend on the ability of the microstructure to tolerate the
presence of hydrogen , the tendehcyiof the Tocal hydrogen concentration
to be evened out by diffusion and any b]ﬁnting.processes tending to reduce

the stress intensity locally. Thus some alloys and microstructural
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conditions may exhibit K[ 5 c.c, Whilst others not.

5.56.3. The role of oxide films

The role of the oxides in.the S.C.C. behaviour of A1-Zn-Mg alloys
is fundamental and has already been discussed in section 2.7.1.
It was shown there that S.C.C. susceptibility can very often be correlated
with the ability of the available hydrogen to enter the microstructure.
Thus any processes which enhance the penetration of hydrogen through the
oxide by modifying its defect structure or indeed lead to its replacement
by a less protective film will be detrimental to S.C.C. resistance.
Via this argument the effects of specific agents such as C1~ on the
S.C.C. behaviour of the alloys can be explained.  Chlorides, bromides
and iodides induce the breakdown of the protective oxide and promote the
entry of hydrogen. (This necessarily implies that more aluminium
dissolution occurs.) Fluoride ions on the other hand provide a more
protective film, probably a fluoride modified oxide which restricts
the entry of hydrogen.

5.5.4. Concluding remarks

In the above'brief discussion. it has been shown how the hydrogen
embrittlement (H.E.) model may be used to explain environment sensitive
behaviour of Al1-Zn-Mg alloys under conditions where anodic dissolution
processes have been generally thought to be solely responsible for
failure. In addition the H.E. proposals are capable of explaining
many other observations such as those from cathodic charging and pre-
exposure embrittiement tests which are fundamentally inconsistent with
anodic dissolution mechanisms. That anodic dissolution occurs is not
in doubt, indeed without it hydrogen production would not take place.
However, in no case examined is it necessary to postulate that the
anodic event is rate controlling. On the contrary the observations are
most readily explained assuming that hydrogen embrittiement is the
controlling step. This is true even in cases where localised anodic
dissolution takes place sinée such events promote hydrogen generation and
consequent environmentai failure. ' .
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6. CONCLUSIONS AND SUGGESTIONS FOR FUTURE WORK

It has been demonstrated in this work that exposure of Al-Zn-Mg
alloys to water vapour containing environments leads to the formation
of hydrogen and its subsequent introduction into the alloys. It has
also been shown that under particular conditions the absorbed hydrcgen
can lead to severe embrittlement of both grain boundaries and matrix.

The overall hydrogen embrittlement phenomenon depends on two
factors. It is sensitive to the surface reaction events which govern
the entry of hydrogen and to the inherent tolerance of the alloy
microstructure to its presence. Modification of one or both of these
factors by metallurgical, environmental or stress variables results
in a change in the environment-sensitive failure characteristics of the
alloys. Specifically the following conclusions have been reached:

1. As a consequence of the exposure of the alloys to water vapour
hydrogen is generated at the metal/oxide interface. This leads to
oxide decohesion and blistering.

2. The reaction leads to the establishment of a duplex oxide at the
surface of the mctal consisting of an outer layer of pseudoboehmite
(A100H) and an inner, very thin layer of amorphous oxide. Evzntually
‘bayerite (AT(OH)3) is formed.

3. Growth of the oxyhydroxide phase occurs via a co-operative process
of inward diffusion of water through the outer fayer and an ionic
transfer process across the inner amorphous film. Outward diffusion
of aluminium ions through the amorphous layer is compensated by the
~inward diffusion of protons. ‘

4, Pseudoboehmite growth occurs by transformation of the oxide and not
by a dissolution-precipitation process.

5. The surfacz reaction is enhanced by electron irradition. Ionisation
damage is respensible for the acceleration of the reaction.

6. The cooperative action of ionisetion damage and water vapour is .
~necessary for the acceleration of the reaction io occur.

7. Significant hydrogen penetration of the alioys is achieved as a
resuit of the alloy/water reaction.

8. The amount of hydrogen introduced into the samples is affected by
minor alloying elements. Specifically chromium additions reduce the
amount of absorbed hydrogen by catalysing the formation of gaseous
hydrogen at the interface and its subsequent evolution into the atmosphere.



9. Hydrogen is absorbed into the matrix and grain boundaries of the
'511oy. A‘hydrogen concentration profile is'estab1ished in both.

10. The hydrogén'profi1e in the grain boundaries is shallow and results
from a high hydroéén grain.boundary mobility. In contrast the matrix
profile is steep. '

11. The attainment of a critical hydrogen concentration of dissolved
hydrogen in the boundaries leads to brittle intergranular failure.
Similarly the attainment of a critical hydrogen concentration in the
matrix leads to transgranular cleavage fracture. _

12. The presence of the critical hydrogen concentration in solution at
the grain boundaries causes a reduction of grain boundary surface energy
of approximately 90%. It is this criterion that controls the susceptibili
of the alloy to embrittiement and environment-sensitive failure.

13. Molecular hydrogen 'bubbles' are formed at the grain boundaries of
exposed samples. They act as beneficial traps for the absorbed

hydrogen reducing the local concentration in solution. They. can

however act as brittle crack nuclei-in an embrittled grain boundary.

14. Formation of bubbies greatly increases the resistance of the alloys
to embrittliement. Overaged alloys owe their resistance to embrittlement

ty

to the ability of the grain boundary precipitates to form hydrogen bubbles.

15. In the ternary A1-6%Zn-3%Mg and quaternary Al1-6%Zn-3%Mg-0.14%Cr
alloys hydrogen bubbles are formed“preferentia]]y on grain boundary'
particles under the experimental conditions employed.

16. An addition of 1.7% copper to the ternary alloy markedly stimulates
the formation of grain boundary bubbles, even in the absence of grain
boundary precipitates. This is the primary reason for the increased
resistance to embrittiement by the 6/3 Cu alloy.

17. The nucleation and growth of grain boundary nydrogen bubbles is
restricted by the resistance offered by the immediately adjacent matrix
regions. ' | |

18. There exists a-hydrogen/dislocation association. It is possible
that this association leads to an interference of normal glide prccesses.
19. The intimate relationship between pre-exposure embrittlement and
aqueous stress corrosion cracking strongly suggests that the environment-
sensitive failure of Al-Zn-Mg alloys is determined by a hydrogen embrittie-
ment mechanism.  The effects of metallurgical,environmental and stress
variables can be rationalised by their influence on the local hydrogen
entry processes and the internal tolerance of any one system to the-
presence of hydrogen.



20. Finally it is concluded that "in-situ" high voltage electron
metallography offers a unique technique of studying the environmental
degradation and failure of Al-Zn-Mg alloys. Provided adequate account
of possible atypical results is taken the technique has the potential
to offer a great many insights into the environment sensitive failure
of high strength aluminium alloys.

This work has identified two important aspects of the pre-exposure
embrittlement characteristics of AT-Zn-Mg alloys: a hydrogen entry
step and a reduction in grain boundary surface energy as a consequence
of the presence of dissolved hydrogen. Extension of the above ideas to
the general S.C.C. phenomenon requires clarification of a number of
important points. For instance the following need to be assessed:

What are the processes that control the entry of hydrogen into Al-Zn-Mg
alloys 1in aggressive environments and what is the role of oxides and
other surface films on the hydrogen entry event?

In this respect a valuable contribution may be expected from high
resolution scanning microscopy. ‘- Close examination of the surface
following immersion to environments, such as those containing halides
in concentrations typical of those at the crack tip, will provide
“important information on the events possible at the crack tip.
Furthermore, combined S.E.M./S.T.E.M. studies may be used to relate
surface reactions to particular sites in the underiying microstructure
such as grain boundaries, second phase particles and any dislocation
substructures. The same techniques may be employed to examine the
role of alloying additions on the surface oxides and in particular their
influence on the entry of hydrogen. Specific elements, such as nickel,
known to catalyse the evolution of hydrogen from aluminium in contact
with water in preference to its absorption {see section 2.7) need
to be examined for a direct effect on S.C.C. behaviour and surface reaction
characteristics. Similarly alloys known to be resistant to S.C.C.
should be so exemined to establish if their resistance is related to
the surface reaction processes, or to some other inherent resistance
of the microstructure. -

Microanalysis techniques will provide complementary means for
determining if particular reactions are governed by solute enrichment
or segregation effects.

A further contribution to the understanding of the surface reaction
events may be obtained from use of the environmental cell as described
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in this work over an exiended temperature range and alloy composition.
In particular the significance of the observed rate of blister growth
on the corrosion reaction and hydrogen entry needs to be assessed.

The role of stress:in breaking down the surface oxide needs also to
be examined. The localised effect of stress on film breakdown is
experimentally difficult to establish but some information may be |
obtained from the employment of high resolution S.E.M. examination of
the fracture surfaces d% propagating stress corrosion cracks.

' The second factor shown to be important in this work is the internal
tolerance of the alloy microstructure to the presence of hydrogen.

Here considerable work needs to be carried out in order to establish

the relationship between microstructural variables and formation of
hydrogen bubbles. For instance, how does the sclute profile at the
grain boundaries influence the nucleation and growth of hydrogen bubbles
in systems where hydrogen bubble nuclei sites are available?

Do there exist specific particles which provide mere efficient traps
than others?

One of the most important problems that must be examined is the
localised ‘effect of any absorbed hydrogen on the crack tip deformation
characteristics.  Thinned samples from propagating stress corrosion
cracks should be examined by transmission electron microscopy and
compared to those from cracks produced in inert environments. This is
a study that is essential to establishing if a hydrogen embrittlement
event is responsible for S.C.C. In particular, the exact dislocation
hydrogen interaction must be examined. Most valuable information here
may be provided by "in-situ" straining devices used in conjunction with
environmental cells as described in this work. However, care must be
taken to eliminate any effect by irradiation induced defects on the
mobility of dislocations. This will necessarily require the employment
of accelerating voltages below the threshold for displacement damage
in the metal. .

A technique worthy of consideration is one employing slow strain
rate testing. The significance of the observed strain rate sensitivity
of pre-exposure embrittlement and S.C.C. behaviour needs to be examined
both in terms of oxide/repassivation considerations but also from a
possible hydrogen/dislocation aspect. For instance, is this sensitivity
related to hydrogen transport by dislocations or indeed dislocation
pinning by hydrogen which then requires slower diffusion of hydrogen to
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establish "the critical 'con;ehtration at the crack tip region?
Crack tip foils from slow strain rate tests should be used to examine
the dislocation hydrogen/interaction.
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