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Abstract

The aim of this work is to investigate: enhancement of the oxygen reduction reaction

at the PrCO3−δ/Pr2NiO4±δ (PCO113/PNO214), inteface; and the mechano-chemical ef-

fect in mechanically strained lattice mismatched PCO113 films on Ce0.9Gd0.1O2/8-mol%

YSZ(002) fabricated using pulsed laser deposition, PLD, and chemically strained A-site

deficient PCO113 (Pr1−xCO3−δ) samples.

PCO113 films on Si(004) and Ce0.9Gd0.1O2(200)/8-mol%YSZ(002) single crystal sub-

strates were deposited by PLD. Out-of-plane compressive PCO113 lattice strains, calcu-

lated from the PCO113(002) reflection, between -0.39% to -0.99% were measured. Single

phase PNO214 films could not be deposited for the PLD conditions tested in this work.

Isothermal measurements of PNO214 at 800◦C in air showed the gradual formation of

Pr6O11 and Pr4Ni3O10, suggesting that this process is kinetically limited. Subsequently,

investigation of the mechano-chemical effect was limited to the mechanically and chemi-

cally strained PCO113 systems.

The chemical expansion on introducing Pr-deficiency, x, in PCO113 was attributed to

the formation of Pr vacancies, which effect was large enough to offset the decrease in

ionic radii as the oxidation state of Co3+ increased to Co4+. High temperature XRD

indicated a thermo-chemical expansion though further work is required to identify the

exact mechanism(s) behind it. A comparison of the thermo-chemical expansion between

the Pr-deficient PCO113 samples confirmed an increase in oxygen vacancy concentration

with Pr-deficiency.

18O diffusion profiles of the Pr-deficient PCO113 samples were fitted using Crank’s solu-

tion for diffusion in a semi-infinite plane. D and k∗ values varied between 1.36-2.26×10−16

cm2/s and 4.48-10.1×10−10 cm/s. D and electrical conductivity was found to increase with

Pr-deficiency. Visual analysis of 18O diffusions profiles of the strained PCO113 films sug-

gested that the mechano-chemical effect was present and the introduction of a compressive

out-of-plane strain inhibited oxide ion diffusion.
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Chapter 1

An Introduction to Solid Oxide

Fuel Cells

In this chapter the context of this work is provided and solid oxide fuel cells, SOFCs, intro-

duced as a potential solution to generating electrical energy without greenhouse emissions.

The operation and design of SOFCs are covered as well as their performance and specifi-

cally the areas associated with polarization losses, which lower cell efficiency. The impetus

of this work is to minimize these polarization losses. Subsequently material selection of

the SOFC components is crucial.

1.1 Fuel Cells and SOFCs

Fuel cells are devices that convert chemical energy directly to electrical energy through

externally stored reactants (hydrogen and water). They have the potential to achieve

higher efficiency conversion than the combustion process. Additionally: operation is silent;

it does not produce pollutants; and it can be configured not to produce greenhouse gases

(namely water vapour). There is thus a clear motivation in progressing their development

All fuel cells comprise of three active components: the anode, cathode, and electrolyte,

wherein two different half-cell reactions and charge transport occur respectively and typ-

ically involves the production of water through the overall reaction: 2H2 + O2 → 2H2O.

A fuel cell is characterized by the electrolyte employed as it is key in forcing electronic

current flow through an external load bearing circuit and determines the half-cell reactions

in accordance to the charge carrying species through it. The type of hydrogen fuel cell of

interest to this project is the solid oxide fuel cell, SOFC. Due to the solid oxide electrolyte

in SOFCs, the mobile ionic species is O2−. Similarly, molten carbonate fuel cells, MCFCs,

have a carbonate conducting electrolyte and it is the negative carbonate ions that partake

in the reaction, while in proton exchange membrane fuel cells, PEMFCs, the electrolyte

is a polymer membrane that conducts protons.

1
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Table 1.1: Comparison of fuel cells [1].

SOFCs have the advantage over other types of fuel cells such as alkali or phosphoric acid

fuel cells, PEMFCs and MCFCs, in its flexibility with regards to fuel- being able to use

hydrocarbons as opposed to pure hydrogen. SOFCs are the most sulfur resistance fuel cell

type, and unlike other fuel cells, SOFCs may use unreformed fossil fuels though if necessary,

the high quality waste heat it produces may be harnessed to drive an internal reformer (or

for co-generative practices). It is also less susceptible to poisoning by carbon monoxide

or dioxide. The solid state of the device allows it mechanical stability and furthermore

freedom in its design - for example, the tubular design of SOFCs would not be possible

with alkali or phosphoric acid fuel cells with their liquid electrolyte. Moreover, as a result

of its oxide electrolyte, there is no risk of a leakage of a highly corrosive electrolyte, or

a need for replenishment of ionic species, as in the case of MCFCs where CO2 may have

to be injected, due to the prevalence of oxygen in the atmosphere. The oxide electrolyte

of SOFCs is also relatively low in cost in comparison to other fuel cell types. A brief

comparison of different fuel cell types can be seen in Table 1.1.

Possibly the most important advantage of SOFCs is its high efficiency, see Table 1.1. How-

ever, this performance is only seen at high operating temperatures around 1000◦C. These

high temperatures also impose stringent material requirements. Thermal and chemical

stability under these reducing and/or oxidizing conditions is a requisite and limits mate-

rial options, often to costlier alternatives, such as Cr or Ni-alloys for the interconnects.

Also, degradation of SOFC performance often results from segregation of dopants, such

as Sr, and inter-diffusion between components over its lifetime reducing cell performance.
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Figure 1.1: Operation of a solid oxide fuel cell.

Besides this, the high temperatures restrict the use of SOFCs to stationary applications.

As a result of this, in recent years, there has been a drive towards lowering the operating

temperatures of SOFC to an intermediate range of 500-750◦C. This would allow a wider

range of materials to be used that better fulfill the material requirements and at lower

cost. It would also extend the range of applications for SOFCs. However, at these low

temperatures electrolyte conductivity is reduced. Furthermore, and this is the limiting

factor of intermediate temperature SOFCs, polarization losses are substantial at these

temperatures. It is the improvement in IT-SOFC performance in particular that is the

motivation of this work.

1.2 SOFC Operation

The operation of a SOFC is depicted in Fig 1.1. At the cathode, oxygen from air obtains

extra electrons and is reduced to O2− that is incorporated into the oxide ion conducting

electrolyte. The electrolytic oxide ions migrate through the solid oxide electrolyte to the

anode. At the anode, hydrogen loses electrons, and is oxidized to H+. The free electrons

travel through an external circuit to the cathode while the hydrogen ions react with the

incoming oxygen ions to produce the waste water. Each half cell reaction is dependent on

the other half cell reaction occurring concurrently for charge conservation.

Other components of fuel cells include interconnects and seals. Individual fuel cells may be

stacked, and their current collected through the interconnect. The interconnect connects

multiple fuel cells together to create a stack from which charge may be collected. Lastly,

seals serve to prevent fuel leakage or mixing.
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Figure 1.2: Schematic of a cathode-supported tubular SOFC stack and an anode-supported
planar SOFC stack [12].

1.3 SOFC Design

There are two predominant designs for the SOFC stack: planar or tubular. The tubular

design typically has an array of extruded cathode tubes as the support (air-electrode-

support AES). The remaining fuel cell components are deposited over the tube, which is

sealed at one end, and open at the other. The biggest advantage of this design is that it

eliminates the need for gas-tight seals. Instead, the air flow is separated to the inside of

the cathode tube, while the fuel flow is kept to the outside of the tube where the anode

coating is. Furthermore, any unused fuel at the anode will combust at the exit of the cell

where it mixes with the air supply, removing then as well as preheating the air flow. The

design of the tubular stack may also be altered to internally reform the fuel at the anode

too. However, the tubular cell design is expensive to fabricate, and the extrusion of the

cathode tubes limits their diameter to the millimeter scale. Also, because of the large

electronic conduction path, the power density of the tubular design is low. A schematic

of the tubular and planar SOFC is provided in Fig 1.2.

The planar design has a stack arrangement that shortens the electronic and ionic current

path and thus has a higher power density than the tubular design. It is usually anode and

electrolyte supported, and the gas may be delivered along channels in the interconnect

layer at the electrode/interconnect interface, see Fig 1.2. However, it requires gas-tight

sealing at its edges. These seals are expensive and present material challenges. In addi-

tion to the seals, the material requirements of the planar design are more stringent than

with the tubular design as the high aspect ratio makes the stack susceptible to thermal

cracking (especially at stress concentrations such as at the seals and interconnects) that

is aggravated by the brittleness of the stack. The poor mechanical strength of the layered

structure and fabrication techniques of thin films also limits the extent by which the size

of the SOFC may be scaled up. Thus, the planar design has largely been abandoned for

the tubular design in industry.
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1.4 SOFC Performance

One of the main advantages of SOFCs and all fuel cells is that they can attain higher

conversion efficiencies than with a combustion process. Nevertheless, there still remains

a large scope for minimizing cell inefficiencies, also called polarization losses or overpo-

tentials, which has driven much research. Thus, it is important to understand firstly the

SOFC output potential, and also the sources of polarization losses.

1.4.1 Cell Potential and Performance Curve

The two half-cell reactions are the source of the electrical energy output of an electro-

chemical cell: the cell potential, E, measured in volts, also referred to as the electromotive

force, emf, which drives an external electric current. From this, the change in Gibbs free

energy, ∆G, of that electrochemical system may be calculated:

∆G = −nFE (1.1)

where n is the number of moles of electrons involved in the reaction and thus contributing

to the external current generated, and F is Faraday’s constant (96,485 C/mol).

Drawing on this relation, and the change in Gibbs free energy associated with an electro-

chemical reaction, the Nernst equation was derived allowing the Nernst potential, ENerst,

to be calculated for the given reaction conditions:

ENernst = Eo +
RT

nF
ln

pH2p
1
2
O2

pH2O

 (1.2)

Eo is the electrochemical cell potential at standard temperature (25◦C) and pressure

(atmospheric) and can be calculated from the change in Gibbs free energy at standard

state, ∆Go, R is the gas constant (8.314 J/Kmol), and px is the partial pressure of the

gaseous species x. The Nernst potential, ENernst is the highest possible potential generated

by the cell. It is the cell potential at zero current and is also called the open circuit voltage,

OCV, theoretical emf, or ideal voltage. This is because the Nernst equation is based on

an idealized equilibrium system.

The difference between such an ideal system and a real world device can result in a sig-

nificant discrepancy between the Nernst potential and the cell potential, as can be seen in

the fuel cell performance curve of cell potential against current density depicted in Fig 1.3.

These losses may be referred to as overpotentials or polarizations losses. In an electro-

chemical cell, there are three overpotentials, or polarization losses: activation, ohmic, and

concentration. These different sources of inefficiencies all affect cell performance over the
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Figure 1.3: Typical performance curve depicting polarization losses as a function of current
density [13]. Activation, ohmic and concentration polarization losses dominates in regions
I, II and III respectively.

entire range current densities, but to varying degrees. The features of the performance

curve are the result of the dominating overpotential at that particular current density

range. At low current densities, activation polarization has the greatest contribution to

inefficiency, in the intermediate range it is ohmic polarization, and at high current densities

it is concentration polarization.

Besides these three main overpotentials mentioned, there are other sources of losses such

as crossover losses or mixed conductivity losses in the electrolyte.

1.4.2 Activation Polarization Losses

Activation polarization, ηAct, arises from slow reaction kinetics at both electrodes. Previ-

ously the Nernst equation was considered. However, it only considers the thermodynamics

of the reaction; it does not consider the kinetics or any energy losses thereof. Thus, the

general Butler-Volmer equation, below, may be used to give kinetic information by relating

the half-cell activation polarization, η (η = E −Eo, where Eo is the standard potential of

the reaction and E is the applied potential) to the transport of charged species it drives

(representative of the rate of the reaction).

icell = io

[
exp

(
(1− α)ne

kBT
η

)
− exp

(
−αne
kBT

η

)]
(1.3)

The net current density of the cell, icell is the sum of the catholic and anodic current

densities forward and backwards respectively, and given in the equation below. However,

it is the exchange current density, io, that is the parameter of interest and an indication

of the reaction rate at the electrode at equilibrium (it reflects “the effectiveness of the

electrode in promoting the electrochemical reaction [13]”. Therefore, unlike icell that

must be conserved between the two electrodes, io for the cathodic and anodic reaction

may differ. α is the charge transfer coefficient, which is a measure of the bias of the

system.
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Figure 1.4: Tafel plot of log(current) against overpotential, diagram from [14].

There are two limiting cases to the Butler-Volmer equation. At low overpotentials, when

(| η |<< kBT
ne ), the equation can be linearized (this is called the linearized kinetics region)

to:

icell ∼ io
neη

kBT
(1.4)

At high overpotentials (in the Tafel Kinetics region), when (| η |>> kBT
ne ), the equation

simplifies to the Tafel equation. When:

iη >>
kBT

ne
,

icell = io

[
exp

(
(1− α)ne

kBT
η

)] (1.5)

iη <<
kBT

ne
,

icell = io

[
exp

(
(1− α)ne

kBT
η

)] (1.6)

The two different responses of the Butler-Volmer equation can be seen in the Tafel plot

below, in Fig 1.4, of ln(current) against overpotential, η. Beyond the Tafel region, mass

transfer effects begin to take place (concentration polarization) and the slope breaks off.

As can be seen from the equations, the extent of the limiting cases also depends on

temperature.

The activation polarization depends on the reactions that occur at the electrodes. For the

case for mixed ionic-electronic cathodes in a SOFC, the main contributions to polarization

losses arise from the kinetics of the oxygen reduction reaction, ORR, involving: surface ex-

change reactions and bulk diffusion of oxygen. Recent developments in the understanding

of the ORR will be reviewed in Chapter 3.

1.4.3 Ohmic Polarization Losses

Ohmic polarization dominates in the intermediate current density range. It is the sum

of losses due to the resistance of cell components to the movement of charged species.



8

The electronic contribution to Ohmic losses is typically small. On the other hand, ionic

resistance in the electrolyte dictates Ohmic polarization in a cell. Besides material resis-

tivity, contact resistance at component interfaces also contributes to Ohmic polarization

and may be significant, depending on the SOFC design. For example, Ohmic losses in pla-

nar SOFCs tend to have a small contribution from electrolyte resistance but large contact

resistance while the opposite is true of tubular SOFCs.

The resistance of a device is a function of its geometry. Thus, in discussing SOFCs, the

area specific resistance is a better indication of performance. By considering the potential

loss, ∆V , over a length, L, due to the flow of charged species k, Ik, through a cross-section,

A, the of species k may be written as in the equation below. However, caution must be

exercised in which dimensions of a cell constitutes A, the plane perpendicular to current

flow, and l, the length parallel to current flow. The ASR is A×R = l/σ

Rk =
1

σk

l

A
(1.7)

The equation above may also be written in terms of a materials resistivity, ρ. Resistivity

as an intrinsic property and is by definition the inverse of conductivity. Thus:

ρk = Rk
A

l
(1.8)

From the equation above, it can be seen that there are two ways of decreasing Ohmic

polarization: by material selection, or engineering a cell with an electrolyte that has a

high area to length ratio. However, the best electrolytes only have ionic conductivities

around 0.10 S/cm [15]. Reducing the thickness of the electrolytes also has its limitations.

If the electrolyte is too thin, the presence of slight irregularities may result in pinholes, the

electrolyte may not have sufficient mechanical integrity to survive operation (such as the

stresses involved in thermal cycling), hydrogen crossover or electrical shorting may occur.

The physical boundary on electrolyte thickness is the length of the dielectric breakdown

field. This material property is usually in the range of several nanometers. However,

before this, the practical constraints restricts the electrolyte thickness to about 10-100 µ

m [15].

Another design related method of reducing Ohmic polarization is to reduce contact resis-

tance between cell components. The contact resistance is increased if the contacts develop

an oxide area over service. To reduce this, they are often made of non-oxidizing materials,

or coated with an oxide resistant material. Uniform compression of the fuel cell is also

employed to improve current flow, although there is a danger in concentrating current in

an area in a locally high state of compression, or that the cell is damaged.
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1.4.4 Concentration Polarization Losses

Unlike Ohmic polarization that arose from potential losses related to charge transport,

concentration polarization is the sum of losses that result from mass transport. For, in

order for any steady-state electrochemical reaction to occur, there must be a ready supply

to reactants to the electrodes, as well as removal of the products. At low current densities,

the change in partial pressure of reactant or product is sufficient to replenish or remove

them respectively at a similar rate. But, at high current densities when the rate of these

reactions is high and this is no longer the case. Thus concentration gradients are formed

that incur a potential loss and hence the dominance of concentration polarization at high

current densities. Another possible cause for concentration polarization is the interference

of inert species. For example, nitrogen present in the fuel will build up at the cathode

as the fuel is consumed. Eventually it will form a boundary that impedes the transport

of fuel to the cathode. Similarly, the electrode or catalyst may be covered by a layer of

adsorped contaminants, such as CO in low temperature fuel, to the same effect.

The mass-limiting current density is defined to be the point at which “the rate of mass

transport to the reactant surface is insufficient to promote the rate of consumption re-

quired for reaction” [13]. It may be calculated by setting the local concentration of to

zero and is denoted by il. This is the mass transport limit: the highest current density

obtainable in the device. It depends on the design of the fuel cell, diffusivity of the materi-

als making the cell components, and any other factors affecting transport to the reactions

sites. The mass-limiting current density is of importance, not just as an indication of cell

performance, but also because it may be used to calculate the concentration polarization.

The concentration affects fuel performance in two ways: its theromodynamics- the Nernst

potential generated-and its kinetics- the reaction rate- as both are functions of reactant

and product concentrations. The concentration polarization from these two factors may

be calculated from the equations below.

Concentration loss due to Nernstian effects:

ηconc =
RT

nF
ln

jL
jL − j

(1.9)

Concentration loss due to kinetic effects:

ηconc =
RT

αnF
ln

jL
jL − j

(1.10)

Thus the total concentration polarization is given in the general equation below, where c

is a constant. It can be visualized on the fuel cell performance curve in Fig 1.5.

ηconc = cln
jL

jL − j
(1.11)
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Figure 1.5: Concentration loss due to Nernstian effects, /etaconc,Nernst causes a drop in
the ideal voltage output of a cell from E to E’. Activation losses, ηact causes a further drop
in the theoretical EMF to A’[15].

The concentration overpotential, ηconc, calculated is generally lower than that experienced

practically, see Fig 1.5. It is usually multiplied by an empirically determined correction

factor. Alternative means of calculating the concentration polarization is by a purely

empirical method of fitting experimental values m and n to polarization curves models or

through consideration of the flow stoichiometry.

1.5 SOFC Component Requirements and Materials

In light of the objective of each SOFC component and also polarization losses with oper-

ation, the following section covers the material and design requirements for SOFCs. All

components of the SOFC require matching thermal expansion coefficient (TEC) within

operating conditions, and chemical and thermal stability. Interdiffusion between cell com-

ponents should be minimized and all components must be chemically compatible with each

other. Ideally, all components should be low cost and easily manufactured. Besides this,

the SOFC components should also have the function-specific properties covered below.

1.5.1 Electrolyte

In order to minimize Ohmic polarization, the electrolyte should have good oxide ion con-

ductivity, above 1×10−3 Scm−1. It should have low electronic conductivity to reduce mixed

conductivity losses as electrons short-circuit across the electrolyte. To reduce crossover

losses, it should be fully dense with low hydrogen diffusivity. Ideally, an SOFC electrolyte

should have as low an ASR as possible, ideally around 0.1 Ωcm2. Thus it is also desirable

to have an electrolyte that may easily be formed into a homogeneous thin and dense layer.

The ionic conductivities of several SOFC electrolytes is given in Fig 1.6.
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Figure 1.6: Specific ionic conductivity of SOFC electrolytes as a function of reciprocal
temperature. The operational ranges of different interconnect materials are also included
[16].

Structure types that have the potential to exhibit oxide ion conductivity are fluorites and

perovskites, although recently apatite based Ln10(XO4)6O2 [61], and La2Mo2O9 [62] have

been shown to do so too. The most widely used HT-SOFC electrolyte is yttrium-doped

zirconium oxide, YSZ. The yttrium dopants stabilize the cubic structure of zirconia at

high temperatures and also improve ionic conductivity as it creates oxygen vacancies.

However, it has low ionic conductivity in the intermediate temperature range making it

less suitable for IT-SOFCs. Efforts have been made to address this by doping zirconia

with a range of 3+ ions. The highest ionic conductivity was obtained when doping with

scandium. However, while improving ionic conductivity, the presence of scandium affects

its long term stability and thus performance.

Alternative electrolytes that have higher ionic conductivities at this temperature mark

include bismuth based oxides or cerium based oxides. However, in both cases stability is

a problem. Bismuth oxides exhibit many polymorphs and it is challenging to retain the

high ionically conductive fluorite Bi2O3−δ at lower operating temperatures, while ceria

undergoes partial reduction at the anode due to the low oxygen partial pressures pressure

when temperatures exceed 600◦C. This results in electronic conductivity and volume

change, nevertheless gadolinium doped ceria remains one of the more promising IT-SOFC

electrolyte materials available.
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1.5.2 Anode

Oxidation of hydrogen occurs at the anode. The anode needs to be resistant to reducing

conditions and ideally facilitate the hydrogen oxidation reaction, HOR, by catalyzing it.

It needs to ensure a good supply of reactants to the active sites for the reaction and so

it is usually porous with good gas flow through it. Further increases to the HOR can be

achieved by increasing the triple phase boundary, TPB, between the gas phase, anode and

electrolyte, as this will increase the number of active sites for the HOR. It must also have

adequate electronic conductivity to collect the free electrons that result from the HOR.

Given the reducing conditions at the anode and the requirement for catalytic activity for

fuel oxidation, nickel is a prime choice. Furthermore, it has sufficient methane oxidation

catalytic activity to internally reform methane (though steam needs to be present to

prevent the carbon poisoning the anode), allowing it to operate on fuels containing a

mixture of water and methane. However, though this is less of a problem for IT-SOFCs,

the mismatch in TEC between Ni (13.3×10−6◦C−1) and the solid oxide electrolyte is very

large. Also, at the high operating temperatures, a porous nickel anode would coarsen and

sinter preventing fuel transport to active sites.

In order to increase the TPB, cermets are used: ceramic and metal composites. The most

common cermet employed as an anode material, given the reasons above, is Ni-YSZ. The

use of the YSZ maintains the anode’s open structure by preventing the Ni from coarsening.

It increases the TPB and lowers the TEC of the anode that it may better match the rest

of the cell components and it may allow better adhesion between anode and electrolyte.

Alternative cermats have been researched, such as where Cu is employed instead of Ni,

or ceria for YSZ. Single phase mixed ionic and electronic conducting, MIEC, anodes have

also been investigated, as have ceramic anodes, such as La-SrTiO3, due to their tolerance

to sulfur impurities and matching TEC.

A common method of manufacturing anodes employs the use of pore formers that are later

burnt out. However, it often results in a closed and highly tortuous pore structure with

insufficient mechanical strength. Also, there are environmental concerns with the burning

of the pore formers. Thus, in addition to material constraints, difficulty also lies in the

manufacture of the anodes. Recently, freeze-drying has been investigated as a potential

route [63].

1.5.3 Cathode

Reduction of oxygen occurs at the cathode. The cathodes need to be resistant to oxidizing

conditions and, similarly to the anode, facilitate the oxygen reduction reaction, ORR, by

ensuring a good supply of oxygen to the active sites and high electrocatalytic activity. It

must also have adequate electronic conductivity to supply electrons to the active sites.

The required electronic conductivity depends on the fuel cell design; a tubular, or cathode

supported cell would require a higher electronic conductivity for efficient current collection.
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Thus cathode materials are selected with the target ASR in mind, though acceptable levels

of electronic conductivity would be greater than 100 Scm−1 [64].

The highly oxidizing conditions rule out the possibility of using metals other than noble

metals for the cathode. Even then, the high operating temperatures mean that only Pt is

suitable, which is too expensive. Noble metal cermets have been considered, but again, the

cost implications were too great. Thus, oxide materials with high electronic conductivity

provide an attractive option.

The two most common cathode materials used are strontium doped lanthanum manganite,

(La,Sr)MnO3, or cobaltate perovskite, (La,Sr)CoO3, LSM and LSC respectively. LSM is a

p-type semiconductor and thus displays fairly high conductivity 200-300 Scm−1 at 900◦C

that is almost purely electronic (ionic conductivity is only on the order of 10−7 Scm−1

[65, 66]. However, it has fairly low electrocatalytic activity making it unsuitable for use

in IT-SOFC due to the retarded oxygen reduction reaction, ORR, kinetics at these lower

temperatures. Therefore, one approach to improve its performance, as used with anode

materials, is to use it in a composite with a good ionic conductor.

Another method of increasing cathode performance at intermediate temperatures is to use

a mixed ionic and electronic conductor, MIEC, to increase the active region of the ORR

(see Section 3). In light of that, a cathode material that shows promise for intermediate

temperature applications is LSC. LSC has good ionic conductivity and excellent electronic

conductivity (up to 0.22 Scm−1 and 1600 Scm−1 respectively at 800◦C [67, 68]. However,

there are problems with TEC mismatch and chemical compatibility. LSC forms deleterious

phases when paired with a YSZ electrolyte, although it exhibits enhanced performance

with a CGO electrolyte. Another MIEC of interest is strontium doped lanthanum ferrate,

LSF. It was found that the presence of Fe improves ORR kinetics [69] and b-site doping of

Fe in LSC has resulted in one of the best performing cathode materials: (La,Sr)(Co,Fe)O3,

LSCF. A huge amount of research has since been expanded on investigating the effect of

the dopant contents on the properties of LSCF and its compatibility with electrolytes

[70, 71, 52, 72, 73, 74].

1.5.4 Interconnect

The interconnect connects individual cells together and collects their charge. It needs

to have good electronic conductivity and low contact resistance to reduce Ohmic losses.

In the stack layout, the interconnects also separates the fuel from air, channeling them

to their respective electrodes. Thus, further requirements are that the interconnects have

low permeability and that it distributes the reactants homogeneously across the electrodes.

The interconnect experiences the severest conditions of the SOFC being subject to both

oxidizing and reducing conditions in which it must be stable and corrosion resistant.

Lastly, the interconnect should have good thermal conductivity in order to remove waste

heat from the device that it may be of a uniform temperature.
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HT-SOFC interconnects may be a ceramic or metal. Most commonly used high tempera-

ture interconnects are LaCrO3, Cr-rich alloys such as Inconel600 [75] or Ducrolloy. Using

the perovsite LaCrO3, often doped to increase electronic conductivity, has the advantage

that it has a similar TEC and good adhesion to the electrolyte. The advantage of metal-

lic interconnects is that they have better thermal shock properties and so may be used

even at rapid start-up or shut-down. However, these interconnects are the most expensive

component of the SOFC by weight. Also, the very chromium that provides the alloys

their resistance to oxidation and corrosion, through the formation of a protective chromia,

Cr2O3, containing scale, also forms deleterious phases at the electrodes and so decreases

performance. A method of resolving this is to coat the interconnects to reduce chromium

volatility

However, and this forms a motivation for their development, IT-SOFC operating at tem-

peratures below 800◦C would allow the use of ferritic steel interconnects, and below 700◦C,

stainless steel interconnects [76], creating a substantial cost saving.

1.5.5 Seals

Seals prevent reactant leakage or mixing either by being chemically bonded to the cell,

or by being held in place by compressive loads during operation. The seals sustain the

highest stresses during SOFC start-up and shut-down. To reduce these thermal stresses,

it is especially important that they have compatible TEC with the rest of the cell.

Bonded seals are usually glass based. Thus, they may only be used at temperatures

above their glass transition temperature: above about 625◦C. They are brittle, and the

TEC compatibility between cell components must be high to prevent cracking. On the

other hand, compressive seals allow for greater TEC mismatch and have better durability.

However they are more expensive.

Thus, the basic operation of an SOFC has been covered and also its polarization losses

during operation. While these inefficiencies have been minimized through careful cell

design, further improvements lie in rigorous material selection and engineering of the

SOFC components. With regards to that, two structure types of potential IT-SOFC

cathodes have been addressed in the next chapter.



Chapter 2

General Properties of Perovskites

and Ruddlesden-Popper Oxides

In the previous chapter, SOFC operation was described and the need to reduce activation

polarization losses at the cathode identified. Much effort has been directed toward this;

this work having that same objective. Improved cell performance may be attained to

some extent through SOFC design, but it is materials engineering that holds the greater

scope for improvement. In the materials selection of IT-SOFC cathodes, perovskite oxides

have been heavily investigated. Similarly, MIEC oxides of the Ruddlesden-Popper, R-P,

structure are rapidly gaining interest. Subsequently, these are the two material classes that

are the focus of this work. In this chapter, four key concepts related to the performance of

cathode materials are introduced, and the general properties of perovskite and RP oxides

are discussed.

2.1 Defect Chemistry

Within any stoichiometric metal oxide, a range of intrinsic processes may occur producing

structural point defects as they increase the entropy of the system, lowering the overall free

energy of the system. These are primarily Schottky, Frenkel, and Antifrenkel disorder (as

well as electronic disorder forming intrinsic electron-hole pairs) [77, 78]. Schottky disorder

involves the creation of an oxygen and a metal vacancy on their respective sites. Frenkel

disorder involves the creation of a metal vacancy as a metal moves from a metal site to an

interstitial site, while in Antifrenkel disorder it is the movement of oxygen to an interstitial

site that creates an oxygen vacancy. Thus Schottky disorder is accompanied by a decrease

in density, whereas the density remains the same when Frenkel and Antifrenkel disorder

dominates. One of these processes will dominate. The dominating process is intrinsic to

the material and is determined by the structure of the compounds and the coordination

number of its constituent atoms (thus it is dependent on the relative cation to anion radii)

as this dictates the formation energy of the defect species. Schottky defects typically occur

15
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in similarly sized ions with a high coordination number, while Frenkel defects typically

occur where the ionic radii of the anion far exceeds the cation and the coordination number

is low.

Schottky disorder: “O” ⇐⇒ VO
¨ + VM

′′

Frenkel disorder: MM
X ⇐⇒ VM

′′
+ Mi

¨

Antifrenkel disorder: OO
X ⇐⇒ VO

¨ + Oi
′′

These intrinsic disorder processes are described above using Kröger Vink notation [79]

where the first letter denotes the species (e.g. O for oxygen, M for metal, V for vacancy),

the subscript denotes the site of the species, and the superscript denotes the charge of

the species, where
′

is a singular negative charge, ˙ is a singular positive charge, and X

indicates it is charge neutral.

By tailoring of the defect chemistry of cathode materials, the properties of cathode ma-

terials may be optimized. In order to increase ionic or electronic conductivity extrinsic

defects may be introduced: perovskite oxides are often doped with acceptors (ions of a

lower oxidation state), creating an excess negative charge. In order to maintain charge

neutrality, this is compensated by the creation of an oxygen vacancy (or a hole, depending

on the oxide), which would facilitate ion diffusioin through the lattice and thus improve

ionic conductivity. An example of this is the prolific use of Sr-dopants in LaCoO3 and

LaCoyFe1−yO3 which are well documented for their ability to accommodate a range of

oxygen non-stoichiometry [80, 81, 82, 83, 70, 84, 85, 86, 87, 18].

The formation of intrinsic point defects, whether through Schottky or Frenkel disorder, is

thermally activated and follows the Arrhenius relationship. As temperature increases, the

concentration of intrinsic defects increase. Conductivity, σ is related to the concentration

of charge carriers, [n], through their mobility, µ and charge, c (σ = [n]µc). Therefore, at

low temperature, extrinsic defects are the main contributors to ionic conductivity but at

high temperatures, the intrinsic contribution dominates (a change in the gradient of lnσ

against T−1 may be observed). The mobility of ionic defects through the lattice may also

be described by an Arrhenius equation, so at high temperatures, the mobility of these

defects increase and subsequently also its ionic conductivity.

In addition to temperature, the defect system is also a function of oxygen partial pressure.

The oxide lattice may undergo oxidation or reduction in order to maintain equilibrium with

the surrounding oxygen activity, which is directly related to the oxygen partial pressure.

At high oxygen partial pressures, lattice oxidation occurs and oxygen is incorporated into

the lattice, creating either a metal vacancy or an oxygen interstitial. Only one of these two

oxidation processes will dominate depending on the defect species present in the oxide,

and therefore its intrinsic disorder. Both processes are accompanied by creation of holes.

Similarly, at low oxygen partial pressures, lattice reduction occurs and oxygen is removed

from the lattice, either through the creation of an oxygen vacancy or a metal interstitial.

As before, only one of these two reduction processes will dominate, and both processes
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Figure 2.1: Ideal perovskite structure with A3+ and B3+ at the origin on the left and right
respectively [17].

are accompanied by the creation of electrons. The equations of these redox processes are

provided below . Therefore, the intrinsic disorder within an oxide and its resulting defect

species determines the redox processes it undergoes as oxygen partial pressure is varied.

Lattice oxidation:

1
2(O2)g ⇐⇒ OO

X + VM
′′

+ 2ḣ

or
1
2(O2)g ⇐⇒ Oi

′′
+ 2ḣ

Lattice reduction:

OO
X ⇐⇒ VO

¨ + 2e
′

+ 1
2(O2)g

or

MM
X + OO

X ⇐⇒ 1
2(O2)g + Mi

¨ + 2e
′

2.2 Crystal Structure

2.2.1 Perovskite Oxides

Perovskites have the general chemical formula of ABX3, with X= O for a perovskite oxide.

An ideal cubic perovskite may be described by an A-site cation centered between 8 corner

sharing BO6 octahedra. Thus the A-site cation has 12-fold coordination, while the B-site

cation has 6-fold coordination. An ideal perovskite, such as SrTiO3, may be described by

the cubic Pm3̄m spacegroup [88, 89]: the A atoms are located at 1
2 , 1

2 , 1
2 (Wyckoff position

1b), the B atoms at 0, 0, 0 (Wyckoff position 1a), and the X atoms are at 1
2 , 0, 0; 0, 1

2 , 0;

and 0, 0, 1
2 (Wyckoff position 3d), see Fig 2.1.
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Figure 2.2: The effect of ionic size of A- and B-site cations on the observed distortions of
the A3+B3+O3 perovksite structure [18].

Due to the flexibility of the perovskite structure, a wide range of anions (usually O2−, as in

this work, but can also be the larger F− and Cl− ions) and cations may be accommodated

in it. As a result, the pervoskite structure is often distorted from its ideal cubic structure

and its BO6 octahedra tilted. There are three main causes of these distortions: size effects

of its constituent ionic radii, its chemical composition, and the Jahn-Teller effect.

Regarding them as purely ionic crystals, the cell parameter, a, of an ideal cubic perovksite

based on the ionic radii of its constituent ions may be described as a =
√

2(rA + rO) =

2(rB + rO). Also the distortion of the pervoskite structure can be described through the

ratio these two expressions for the cell length, which is known as the Goldschmidt tolerance

factor, t:

t =
rA + rO

(RB + rO)
√

2
(2.1)

where rx is the ionic radii of species x. This tolerance factor is based on the ionic radii

of the A- and B-site cations relative to oxygen. For a given A- and B-cation valency, it

is possible to predict the lattice structure of the perovskite by calculating t. When t = 1,

the perovskite has an ideal perovskite structure. In the case of A3+B3+O3 perovskites

t > 1 results in stable hexagonal structures [88], when t < 1 the perovskite becomes

rhombohedral, and at even lower values of t becomes orthorhombic [90]. The effect of

ionic size on the distortions of the ideal cubic perovskite structure is presented in Fig 2.2.

The tolerance factor is also a useful indicator of the stability of a perovskite and has been

shown to have a linear relationship with the standard free energy of formation, t [91, 92].

Besides the tolerance factor, the octahedral factor, rB
rO

is equally important for perovskite

stability [93]. However, pervoskites are not truly ionic compounds, and thus this tolerance

factor is only a guide. The occurrence of a perovskite structure also depends on the nature

of the bonding of the A and B atoms- whether more ionic or covalent- and the subsequent

effect on their coordination number [18].
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Figure 2.3: Unequally occupied orbitals resulting in the high or low spin states, and a
correlation between the octahedral tilt angle with the number of electrons in the transition
metal antibonding t2g shell [19].

Defects also may distort the ideal perovskite structure, such as through the creation and

ordering of oxygen vacancies. A change in the oxidation state of the cation, may be

induced by heating and/or exposure to a reducing or oxidizing atmosphere, which will

subsequently be charge compensated by a change in the oxygen stoichiometry. The per-

ovskite composition may be described as AnBnO3n−δ. In certain compounds, such as

SrFeO2.875, vacancy ordering occurs, distorting the lattice.

Lastly, the Jahn-Teller effect [94] is a geometric distortion that occurs when degenerate

molecular orbitals (orbitals having the same energy), which are unequally occupied are

present, such as in the BO6 octahedral complexes of certain pervoskites (while the bonds

between the A-site cation to the 12 oxygen closest neightbours is of an ionic nature, the

B-O bonds of the BO6 octrahedra are strongly covalent) [95, 96, 97]. In these octahedral

complexes, it may occur in degenerate eg bonding orbitals or t2g antibonding orbitals, but

is more pronounced in the eg bonding orbitals as these are of a higher energy, see Fig 2.3.

A Jahn-Teller distortion in this case would result in change in the strength of the B-O

bond and an increase in its length. For example, manganite oxide perovskites experience

significant distortion due to the Jahn Teller effect, due to the hybridization of the Mn3d

eg and O2p orbitals [95, 98].This distortion is driven by the reduction of symmetry and

free energy of the system, and results in an elongation or compression of the octahedral

and thus an octahedral tilt [19].

2.2.2 Ruddlesden-Popper Oxides

Ruddelesden-Popper, R-P, structures are made out of the alternating rock salt (or halite),

AO, and pervoskite, ABO3, layers, see Fig 2.4 of the K2NiF4 structure, where the A-

and B-site cations are trivalent and divalent respectively. The rock salt structure, AO,

is made up of a face centered cubic lattice of oxygen ions interspersed with another face

centered cubic lattice of A-cations translated by (12 , 0, 0). Thus the crystal structure of

RP is given by (AO)(ABO3)n, where n is the order of the perovskite and describes the
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Figure 2.4: Ruddlesden-Popper structure of general formula An+1BnO3n+1 [20]).

number of repeating units of perovskite between rock salt layers. For a first order R-P,

n = 1, would be made of interlayers of 1 unit cell perovskite between two rock salt layers;

a second order R-P, n = 2 would have two unit cells of perovskite separated by rock salt

layers. Thus the chemical formula for perfect RP is An+1BnO3n+1. R-Ps have a number

of polymorphs depending on the temperature, oxygen nonstoichiometry, and the radius of

the rare earth ion [99, 100, 101]. Within the operating temperature of IT-SOFCs, R-Ps

usually have a tetragonal I4/mmm structure. However, oxygen interstitials in the lattice

results in tilting or rotation of its BO6 octahedra, the angle and axis of which determines

the orthorhombic distortion that follows [102, 5].

2.3 Ionic Conductivity

2.3.1 Diffusion Mechanism of Ionic Conductivity

Ionic conductivity in materials arises from the movement of oxide ions through the lattice.

Therefore, a key indicator of ionic conductivity, σionic is the diffusivity of the ions through

the lattice, described by the oxide ion diffusion coefficient D, and the two may be related

using Nernst-Einstein relationship:

σionic =
z2i e

2cD

kT
(2.2)

where zi is te valence of the ion, e is the charge on an electron, c is the total concentration

of the mobile oxide ion, k is the Boltzmann constant and T is the temperature.

Diffusion in oxide materials may occur by three different mechanisms: vacancy, intersti-

tial and interstitialcy mechanism. The vacancy mechanism involves the movement of an
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ion from its lattice site to a vacancy on an adjacent equivalent site and the interstitial

mechanism involves the movement of an interstitial ion to a neighbouring interstitial site.

However, the interstitialcy mechanism involves the displacement of a lattice atom by an

interstitial atom to a lattice site, the displaced lattice atom then taking up an interstitial

site. All three mechanisms are reliant on the presence of point defects within the system

and the diffusivity of oxygen may be related to the diffusivity of the corresponding defect

(the forward flux of one is equivalent to the backward flux of the other). From Molecular

Dynamic modelling, oxygen diffusion has not been found to be present in LaMnO3 and

LaCoO3 that have not been acceptor doped [21]. Thus, the presence of an appropriate

defect species is crucial.

Oxygen transport, being a diffusion process, is therefore also a thermally activated process

that may be described using an Arrhenius relationship. Not only does it require a vacancy

in the lattice to hop to, but is also associated with an energy barrier for oxygen ion

hopping: the oxide ion migration energy, Em (or the oxygen vacancy migration energy,

depending on the diffusion mechanism) that depends on geometric factors affecting its

physical path of migration. There are three main factors that determine the size of the

migration barrier and subsequently the ease of oxygen ion transport: the cations around

the oxygen migration path, particularly at the ‘saddlepoint’ of the hop; the distribution of

and interaction between the defect species involved with the diffusion (for example, oxygen

vacancies) at the beginning and end of the hop (two); and the same of dopant cations

The diffusion of a species may be described using Fick’s second law of diffusion [103],

where the diffusion coefficient may be derived from a diffusion profile, which is a function

of time, t, and depth, x.

δc

δt
=

δ

δx

[
D
δc

δx

]
(2.3)

This law is based on a random walk model, wherein it is assumed that the defect population

is small and non-interacting. It should be noted that a good fit was still found with this

model in a doped perovksite, despite high oxygen vacancy concentrations being present

[104], thus justifying the continued application of it in the MIEC perovskite system where

interactions between the oxygen vacancies appears to be weak.

If the rate of isotope exchange across the gas/solid interface is directly proportional to the

difference in isotope concentration between the solid and gas during the isotope anneal,

then the following boundary condition may be assumed:

−D∗∂C
∂x

∣∣∣
x=0

= k∗(Cs − Cg) (2.4)

Using this boundary condition, Crank obtained the solution for diffusion in a semi-infinite

medium [105] against which the measured 18O profile may be fitted:
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C
′
(x, t) =

C(x, t)− Cbg
Cg − Cbg

= erfc

[
x

2
√
D∗t

]
−

[
exp

(
x

D∗
+
k∗2t

D∗

)
× erfc

(
x√
D∗t

+ k∗
√

t

D∗

)] (2.5)

where C(x, t) is the measured 18O tracer isotope fraction at position, x, and time, t. Prior

to fitting to a diffusion profile, C(x, t) must be corrected for the background 18O isotope

fraction, Cbg, and the 18O isotope fraction of the exchange gas, Cg, to obtain C
′
(x, t). D∗

is the 18O tracer diffusion coefficient and k∗ is the 18O tracer surface exchange coefficient.

Thus, the two parameters determining the rate of oxygen transport are D∗ and k∗. While

D∗ describes the diffusion of the oxide ion through the bulk, k∗ describes the ability of

oxygen to adsorb onto the surface and pass into the lattice and is determined by the oxygen

reduction reaction. The exact mechanism of this reaction, as will be covered in Chapter

3, remains unclear. Nevertheless, both surface adsorption and bulk diffusion are required

for successful oxide ion transport, and there is further suggestion that these measures are

correlated [106, 107].

2.3.2 Perovskite Oxides

As fluorites and perovskite oxides typically exhibit oxygen hypo-stoichiometry, oxygen

vacancies are the dominant defect species present. Oxide ion diffusion in these fluorites

and perovskites occur by a vacancy migration mechanism [108] and is facilitated by the

presence of oxygen vacancies (both the diffusion coefficient and exchange coefficient) [109,

110, 111, 112, 113, 28, 114, 115, 104, 116, 117, 68, 118]. Molecular Dynamic modeling

suggests that this vacancy hopping occurs independently along the BO6 octahedron edge

in a curved path, with significant outward relaxation of the cations at a saddlepoint

between a triangle of two A-site and one B-site cations [21]. The migration energy for the

movement of the vacancy decreased with decreasing A-site cation radius, and increasing

B-site cation radius. Thus a linear dependence could be seen between the perovskite

tolerance factor and the vacancy migration energy; decreasing the tolerance factor and

distorting the BO6 octahedra resulted in a decrease in the migration energy [119]. On the

other hand, lattices that are cubic (or pseudo-cubic) see no tilting of the BO6 octahedral

and have better ionic conductivities.

Similarly, lattices that have a large critical radius at the “saddle point,” see Fig 2.5, of that

ion hopping pathway also have higher ionic conductivity. A method of increasing oxide

ion conductivity is to increase the specific free volume of the lattice [120, 121]. The critical

radius is the maximum radius of an ion that should be able to pass through the saddle

point. However, consideration of ionic radii alone underestimates conductivity as it does

not account for any changes in coordination number in the presence of the mobile oxide ions

[21], nor for the effect of lattice (thermal) vibrations [122] or interactions between defect
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Figure 2.5: The saddle point, described by the critical radius of the two A-site cations and
one B-site cation Ruddlesden [17, 21].

species, and between dopant species [123]. The diffusion of metal cations and anions in

an oxide material is limited to its own sublattice [124, 125, 126], however it can be seen

that the diffusion of the oxygen anions are affected by the cation sublattice.

Given its dependence on the vacancy diffusion mechanism, it is not surprising that D∗

has been shown to be proportional to oxygen vacancy concentration in perovskite oxides

[127, 84]. However, good correlations have been found between k∗ and D∗ values from

oxygen isotope exchange measurements of various MIEC perovskites (also fluorites) despite

a variation in composition [106]. This close relationship regardless of composition points

to a strong dependence in both k∗ and D∗ values on a common factor: the oxygen vacancy

concentration. The presence of oxygen vacancies dominates both surface exchange and

diffusion through the bulk [106]. Additionally, the relationship between k∗ and D∗ was

found to be dependent on the ratio of ionic to electronic conductivity [106]- electronic

conductivity is necessary for good exchange kinetics.

Not only does a high concentration of oxygen vacancies affect both the exchange and

diffusion of oxide ions in perovskites, the presence of adsorped oxygen was also found to

contribute to surface catalysis. There was a correlation between the surface exchange of

a material, and its catalytic activity [128, 129]. Improvements to the oxygen reduction

reaction could be obtained by increasing the presence and transport of oxygen vacancies

at the surface [130]. Thus A-site dopants with a lower valence cation, such as Sr2+, are

frequently used to increase the concentration of of oxygen vacancies. However, a high

vacancy content may lead to superstructure ordering of the vacancy sites, producing a

distortion (loss of symmetry) in the lattice [131] and a decrease in ionic conductivity

[132].

2.3.3 Ruddlesden-Popper Oxides

The first order R-P oxides (A2BO4) are typically oxygen hyper-stoichiometric. Unlike

perovskites, R-P structures may accommodate a large amount of oxygen non-stoichiometry

in their structure without the need for a stabilizing dopant such as Sr and Cr, which

are known to form deleterious phases at the electrolyte interface. Nevertheless, doping

may be used to further extend the range of oxygen nonstoichiometry and even take it

from oxygen excess to deficiency. The resultant oxygen diffusion through the lattice is
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the sum of contributions to oxygen transport by the two defect species that result from

oxygen hypo- and hyper-stoichiometry. However, at the operating temperatures of SOFCs,

these defects often recombine so that only the dominant defect species remains. Between

hyper- and hypo-stoichiometry in the same R-P system, experimental results show that

oxygen excess in the lattice results in higher oxygen diffusion than oxygen deficiency

[133]. Subsequently, doping is typically performed with the interest of increasing oxygen

interstitial concentration.

In the case of oxygen hyperstoichiometry, A2BO4+δ, the oxygen excess takes the form

of oxygen interstitials in the lattice, Oi
′′
. Models of hyperstoichiometric tetragonal RP

lattices suggests that the most energetically favorable location of oxygen interstitials in

the lattice would be at the AO rock salt interlayer [134, 135, 136, 137], surrounded by

a tetrahedron of A-site cations [138] suggesting that diffusion would be greatest along

this a-b plane [139, 137, 136, 135]. This has been supported experimentally in studies of

epitaxial thin films [139, 140, 141, 142, 45]. The presence of these oxygen interstitials has

also been shown to alleviate lattice stress in the AO interlayer [143, 144].

In the case of oxygen hypostoichiometry, A2BO4−δ, the oxygen deficiency results in oxygen

vacancies in the lattice. An early model of hypostoichiometric tetragonal RP by Allan et

al. predicted a lower energy of formation of oxygen vacancies at equatorial sites[145]. Thus

it also predicts anisotropic oxygen transport, occurring faster in the a-b equatorial plane

than along the c-axis. This has been confirmed by further models [135, 136, 146, 147] and

supported by experimental work [133].

In both cases, predicted activation energy for diffusion has not always been supported by

experimental values [135, 148, 149, 142] and the diffusion mechanism uncertain. It was ini-

tially proposed that unlike with the case of perovskites, where oxygen diffusion is sensitive

to oxygen nonstoichiometry, and hence B-site doping, oxygen diffusion in hyperstoichio-

metric RP is not sensitive to oxygen nonstoichiometry or the B-site cation [20, 142, 56].

This was thought to be because the diffusion predominantly occurs along the AO rock

salt interlayer, and thus it would be the ionic radii of the A-site cation that has most on

oxygen diffusion as it would determine the free space at the rock salt interlayer. On the

other hand, there is also suggestion that the diffusion coefficient is strongly dependent

on nonstoichiometry [150] as it affects the tilting of the BO6 octahedron that effectively

increases or decreases the barrier to oxygen transport [56, 151]. Further experimental

support is required in this area. Fig 2.6 depicts the oxygen diffusion coefficient of various

polycrystalline R-P systems.
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(a) Oxygen tracer diffusion, D∗,

(b) Surface exchange coefficient, k∗

Figure 2.6: Arrhenius plot of (a) the oxygen tracer diffusion, D∗, and (b) the surface
exchange coefficient, k∗, obtained for different R-P structures [20].

2.4 Electronic Conductivity

2.4.1 Electronic Conductivity of Metal Oxides

Like oxide ion conductivity, electronic conductivity may be described by the Nernst-

Einstein relation, with the substitution of an electron charge carrier species and charge
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instead of ionic species. Thus, electronic conductivity is the transport of mobile electrons

across the lattice of a material. The ability of a material to conduct electronically depends

on the concentration and mobility of the electronic charge carriers. The electronic behavior

of a material may be classified as an insulator, semiconductor, conductor or superconduc-

tor, depending on its electronic responses to temperature. Increasing temperature would

result in a decrease in the conductivity of metals as the delocalized electrons interact

with the lattice, but would increase the conductivity of insulators and semiconductors as

electrons are excited into the lowest unoccupied molecular orbital and the concentration

of mobile charge carriers increases. In superconductors, a large increase in conductivity

is experienced upon cooling. In metallic materials, charge is transported through a sea

of delocalized electrons. However, in semiconductors and insulators, electronic charge is

localized. The electronic properties of a material are, foremost, a result of the electronic

structure of its constituent atoms- its atomic orbitals, which describe the possible locations

of electrons about an atom- and the resulting electronic charge distribution.

The electrons of each atom are distributed into orbital subshells, each with their own

specific energy, angular momentum and spin. The unique properties of each electron are

described by its quantum number, comprising its principal quantum number (n = 1, 2, 3..),

its orbital angular momentum quantum number (l = n-1 where l = 0, 1, 2, 3 corresponds

to the s, p, d, ad f subshell), and its magnetic quantum number, (ml = - l to +l). Thus,

there is one s orbital, three p orbitals, five d orbitals and seven f orbitals within the s, p, d,

and f subshells. As electrons may exist as spin up or down (ms = +1
2 or -12 respectively),

each orbital may contain two electrons. Electrons fill the orbitals starting with the lowest

energy level orbital, starting with 1s, then 2s, 2p, etc. Lastly, according to Hund’s rule,

electrons will fill each orbital and a subshell, before the opposite spin electron would pair

up within the same orbital.

To describe the electronic distribution in metal oxides, the molecular orbital theory, de-

veloped by Hund and Mulliken, may be used [152, 153, 154, 155]. With atomic orbitals,

electrons are localized about the atom. However, these atomic orbitals may interact with

each other to form bonding orbitals. Atomic orbitals that do not interact with each other

are called non-bonding orbitals and do not affect the bonding within the molecule. There

are two types of bonding orbitals: bonding and anti-bonding, depending on whether the

atomic orbitals interact positively or negatively, respectively, with each other and the

resulting distribution of electron density. A bonding orbital concentrates the electron

density between the two nuclei creating a strong bond, whereas an anti-bonding orbital

concentrates the electron density behind the nuclei so that these two regions are furthest

from each other thus weakening the bond between the two atoms. The energies between

the bonding and anti-bonding orbitals are determined by the electronegativity (or acid-

ity) of the constituent atoms, which reflects the energy of the atomic orbital see Fig 2.7.

This dictates the tendency of an atom to share or withdraw an electron from its bonding

neighbor. When the electronegativities of two atoms are identical, the bonding electrons

are shared equally. Thus the bonding and anti-bonding orbitals have equal contributions

from both atoms and a purely covalent bond is formed. When the electronegativites of



2.4. Electronic Conductivity 27

Figure 2.7: Example of covalent(left) and strongly ionic (right) bonding.

two atoms are highly dissimilar, the bonding electrons are effectively acquired by the more

electronegative (more acidic) atom, resulting in an unequal contribution to bonding and

anti-bonding orbitals and an almost purely ionic bond. As described in MO theory, delo-

calized valence electrons may move across these bonding and anti-bonding orbitals, which

provide a conduction path across the lattice giving rise to electronic conductivity.

2.4.2 Perovskite and Ruddlesden-Popper Oxides

Electronic conductivity in oxide perovskites and Ruddlesden-Popper oxides arises from

the octahedral symmetry about the transition metal, TM. The overlapping orbitals of the

oxygen and transition metal gives rise to metallic or semi-conducting behavior at high

temperatures resulting from delocalised electrons/holes along the BO6 network [156]. The

exact nature of a perovskite’s electronic properties depends upon the covalency of the

TM-O-TM bonds. As such, it is sensitive to the degree of polarization of the bond, as

determined by the B-site cation’s polarizing power [157, 158]. Decreasing the covalency of

the TM-O-TM bond serves to localize electrons, reducing electron mobility and thus also

electronic conductivity [159, 160].

It is also affected by structural distortions that may alter the TM3d and O2p orbital

overlap, such as an increase in the TM-O-TM bond length or angle [161, 158]. Structural

distortions arise as a result of the different ionic radii of the constituent atoms within the

perovskite phase. As covered earlier, an ideal cubic perovskite structure is one where in

the Goldschmidt tolerance factor of the A- and B-site ionic radii ratio varies between 0.89

≤ t < 1 . A decrease in the ionic radii of the A-site cation, decreasing the tolerance factor,

would decrease the B-O-B bond angle from 180◦ in an ideal perovskite, distorting the cell

structure and decreasing the orbital overlap between the B3d and O2p orbitals, thus also

decreasing electronic conductivity [162, 163, 131].

There are two means by which the ideal cubic perovskite structure may be distorted:

cooperative rotations of the TMO6 octahedra resulting in tilted octahedra, or individual

displacements of A or B metal cations from their lattice sites, resulting in distorted oc-

tahedra [131, 164, 165, 166]. Both would result in a loss of symmetry and an expansion

of the lattice, and subsequently also electronic conductivity, though there is evidence to

suggest that a change in A-site cation radii and its effect on electronic conductivity is the

result of the octahedral tilting [131]. The Goldschmidt tolerance factor is often used as a
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measure of octahedral tilt where: as the tolerance factor deviates from 1(the ideal Fm3m

structure), the octahedral are increasingly tilted.

Electronic conductivity additionally depends on the presence of any A-site dopant and

whether the cations have single or mixed valencies [167]. Therefore, similar to the case

for ionic conductivity, dopants of a difference valence are introduced, again, such as Sr2+.

The electronic compensation and the creation of free electrons/holes facilitates electronic

transport.

2.5 Chemical Expansion

The term chemical expansion or chemical expansivity was first introduced to the field of

SOFC materials by Adler in 2004 [168] from his work on LSCF. Chemical expansion is

the change in unit cell dimensions of a material as a result of changes in its chemical

composition due to changes in the environment (such as temperature or oxygen partial

pressure). Thus the occurrence of chemical expansion is an indicator of the material

chemistry, which subsequently impacts its unit cell dimensions. It is typically undesirable

as it can result in mechanical instability and failure of devices. However, such changes

in bond lengths and the crystal structure of the material, resulting in lattice strain also

affect other material properties [169, 170, 171]. By tailoring the chemical expansion of

a material, it may be possible to optimize its performance. In view of PrCoO3−δ as a

cathode material for fuel cell applications, interest lies in the effect of chemical expansion

on its electrical and oxide ion transport abilities, and whether this effect is similarly found

if the source of the changes in unit cell dimensions is different- through mechanical strain

arising from lattice mismatch instead.

2.5.1 Introduction to Chemical Expansion

There are two forms of chemical expansion: stoichiometric expansion and phase change

expansion. Stoichiometric expansion is characterized by gradual changes in crystal struc-

ture with gradual changes in stoichiometry. It is associated with the formation of point

defects about the crystal lattice. Similar to thermal expansion, a stoichiometric expan-

sion coefficient, αc, can be used to relate the chemically induced strain, ε, to the molar

concentration of the defect causing the expansion, i [172, 173].

ε = αC [i] (2.6)

A combination of defect species is often responsible for the change in cell parameters in

SOFC cathode materials, such as a change in the ionic radii of cations and simultaneously

the creation of oxygen vacancies. Stoichiometric expansion coefficients (as a function of

oxygen partial pressure) range between 0.1 and 0.15 for ceria and Gd-doped ceria, whereas
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αc is much lower in perovskites than fluorites, between 0.022 and 0.04 in doped lanthanum

cobaltites [173].

However, if the concentration of defect species is large enough, it eventually becomes en-

ergetically favourable to form a second phase of a different composition and thus different

cell parameters. This abrupt change in lattice parameter due to the formation of a second

phase is phase change expansion. The second phase may be of a related crystal structure,

separated from the first phase by the miscibility gap that results from their different com-

positions, or it may be of an entirely different crystal structure. Stoichiometric expansion

is associated with lower concentrations of defect species, while phase change expansion

occurs at higher concentrations of defect species.

In the context of this work, all later mention of chemical expansion refers to stoichiometric

expansion only. References to sample non-stoichiometry relate to changes in the A:B

metal cation ratio, unless specifically identified as oxygen non-stoichiometry, which relates

to deviation in the oxygen content from stoichiometric integer ratios resulting in oxygen

defects.

2.5.2 Modelling Chemical Expansion in Fluorites

While much effort has been made to describe chemical expansion as a function of dopant

concentration and type, the first comprehensive study was by Kim et al. in 1989 for

five fluorite structures [174]. Fluorites typically have a stable cubic structure and can

accommodate a large compositional range and concentration of trivalent cation dopants

while remaining a solid solution. Thus they are an excellent system on which to develop the

simple empirical models presented by Kim et al. who related the fluorite lattice parameter

to the sum, for a given dopant concentration, of the differences in ionic radii and valence

of the dopant cation compared to the host ion.

Such empirical fits were used to calculate the constant describing the extent by which

changes in the ionic radii and valence affected the lattice parameter. By setting the first

derivative of that equation to 0, it was possible to calculate the critical radius, rc, of a

dopant, which would not effect a change in lattice parameter when used. It was found

that rc values were larger than the radius of the host ion, rh; in order for the dopant atom

not to affect the lattice parameter, it had to be larger than the original host atom. The

insertion of a dopant atom also resulted in the formation of an oxygen vacancy. Thus, the

difference in ionic radii between dopant and host must be what offsets the effect of the

formation of an oxygen vacancy in the lattice. It appeared that the creation of oxygen

vacancies caused a contraction in the lattice.

Another approach to empirical modelling of chemical expansion in fluorites was introduced

by Hong and Vikar in 1995 with the novel concept of treating an oxygen vacancy as another

ionic species assuming a hard sphere structural model [175]. Therefore, the fluorite lattice

parameter can be derived from the radii of its constituent atoms. The radius of the oxygen
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vacancy and described the effective effect of the oxygen vacancy on the lattice and which

could be calculated empirically. It was found to be smaller than that of an oxide ion, in

accord with the empirical model by Kim [174].

While both models describe the effect of dopants on fluorite lattice parameter, neither

provide insights as to how this is realized, except that the presence of oxygen vacancies

appears to cause a contraction in the lattice. This was, however, revealed through atomistic

modelling by Marrocchelli et al using MD and DFT models of ceria [176, 177, 178]. There

are two effects to consider upon doping with a trivalent cation: the change in oxidation

state of Ce4+ (ionic radius of 0.97 Å) for Ce3+ (ionic radius of 1.143 Å), and the creation of

an oxygen vacancy where once was an oxide ion. In order to isolate the effect of replacing

an oxide ion with an oxygen vacancy from the reduction of Ce4+, a situation is considered

where ceria is doped with Ce4+. Thus it was seen that the removal of an oxide ion resulted

in two effects, depending on the charge of the surrounding atoms. The nearest cations are

no longer screened from the coloumbic repulsion of each other and are repelled away from

the vacancy by ∼0.1 Å, while the nearest oxide ions moved towards a vacancy by ∼0.16

Å. The overall effect was a contraction of the unit cell, explaining the effects reported by

Kim, and Hong and Vikar [174, 175].

However, this is only true for low levels of dopant concentrations, as required by Vegard’s

law upon which both Kim’s and Hong and Vikar’s empirical models are based [174, 175]. At

high dopant concentrations, defect interactions may occur and have been experimentally

observed to form short-range groups termed defect complexes and associates that cause

a contraction in the lattice [51, 179, 180]. Therefore, increasing oxygen vacancy concen-

tration decreases the rate of lattice expansion [51, 181, 179]. This is not unexpected as

the modeling by Marrocchelli et al. showed that the lattice relaxation on creation of an

oxygen vacancy occurs over several unit cells.

There is also a further complication in extending this work to the perovskite system as

it uses the concept of an ionic radius as described by Shannon, which assumes localized

electrons [182, 183, 184, 185]. However, many perovksites exhibit metal-like conductivity

behavior, suggesting that there has been electron delocalization (for which there is also

experimental evidence that it affects chemical expansion). It may not be appropriate to use

the Shannon ionic radii for perovskites. A review of the chemical expansion of pervoskites

is covered in Chapter 10. Nevertheless, this work on SOFC electrolytes clearly indicated

the importance of the effect of defect concentration not just on transport properties, but

also on mechanical properties that contribute to the materials selection criteria of SOFC

cathode materials.



Chapter 3

Oxygen Reduction Reaction at the

SOFC Cathode

Previously, it was seen that interest in IT-SOFC lies in its lower cost material selection,

improved durability, and extended range of applications. However, one of the consequences

of operating in the 500-750◦C range of an IT-SOFC is that there are significant cathodic

activation polarization losses during the oxidation reduction reaction, ORR. This is the

limiting factor to IT-SOFC operation. An understanding of the factors affecting the ORR

is important for material selection and engineering of cathode materials to minimize this

loss and increase the efficiency of IT-SOFCs.

ORR reactions at gas diffusion electrodes, GDEs, such as the cathode of an SOFC, can

be shown to conform to Tafel kinetics [186]. Thus, until recently it was inferred that

the ORR at GDEs are limited by charge transfer at the cathode surface in accordance

to traditional electrochemical-kinetics involving the creation of an electrical double layer

[187, 188, 189]. However, this does not prove that the ORR in GDEs is activation limited,

just that it behaves as though it were. In actuality, results from electrochemical impedance

spectroscopy, EIS, measurements suggest that the ORR is not charge limited and that

traditional electrochemical kinetics may not be applied to GDEs.

In this chapter, the concept of triple phase boundaries, TPB, is introduced and the rate-

limiting steps of the ORR in cathodes discussed. It is the generally accepted view that

the ORR is co-limited by oxygen diffusion and adsorption (chemical) steps, as opposed to

charge transfer. In order to improve cathode performance there has been a move to mixed

ionic-electronic conductors, MIEC. Also, the report of ORR enhancement at perovskite-

RP oxide heterojunction and the mechano-chemical effects are investigated as additional

means of improving cathode performance.

31
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Figure 3.1: Proposed mechanisms governing ORR in SOFC cathodes, where phases α β,
and γ refer to the electronic, gas, and ionic phase, respectively: (a)incorporation of oxygen
into the bulk of the electronic phse (if MIEC); (b) adsorption and/or partial reduction of
oxygen on the surface of the electronic phase; (c) bulk or (d) surface transport of O2−

or On−, respectively, to the α/γ interface, (e) electrochemical charge transfer of O2− or
(f) combinations of O2− and e−, respectively, across the α/γ interface, and (g) rates of
one or more of these mechanisms wherein the electrolyte itself is active for generation and
transport of electroactive oxygen species [22].

3.1 Triple Phase Boundary

The TPB is the active site where the electronic, ionic, and gaseous species, and their

corresponding phases come into contact with each other that the ORR may occurs. Each

phase has the following roles: the gas phase supplies oxygen to the interface between

cathode and electrolyte; the cathode must provide an electronic conduction path from the

interconnect to the interface in order to provide a supply of electronic charge; and the

electrolyte must provide an ionic conduction path from the interface to the electrolyte in

order to remove the oxide ions produced.

The TPB is a phenomenological concept- it may be described by Tafel kinetics. It is

thought to involve at adsorption of the oxygen molecule, partial reduction into an elec-

troactive species before incorporation into the electrolyte as an oxide ion. However, it is

uncertain where these reactions occur, the transport of the various intermediate species

about the TPB, or which steps are rate limiting. Fig 3.1 describes some mechanisms

thought to occur in the ORR. Despite that, the TPB concept has been applied to great

success in improving SOFC performance.

3.2 The ORR in Cathodes Diffusion and Adsorption Co-

limited

The first indication of diffusion being the rate limiting step was when EIS was performed on

a Pt GDE. The impedance values, when modeled against and equivalent circuit, indicated

an unusually high capacitance value that could not be accounted for solely on the basis of

the electrical double layer [190]. It was thus suggested that there were additional diffusive

effects [191]. Later work by a separate party also suggested that electrode kinetics were

limited by diffusion, and furthermore, that it was also limited by oxygen adsorption [192].

These surface exchange processes have been labeled to be chemical steps in the ORR [22].
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More evidence supporting a diffusion and adsorption limited electrode kinetics was pro-

vided by Verkerk and Burgraff whose results indicated the occurrence of diffusion processes

during the ORR and that this was at the electrode surface [193]. Their work was taken

a step further by Mizusaki et al. [194]. Mizusaki showed that electrochemical kinetics at

the TPB were definitively not the rate limiting step of the ORR. Instead it was limited to

either the adsorption of oxygen molecules on the electrode surface or the diffusion (trans-

port) of the adsorped species to the TPB. While there has been some contention as to

the location of the rate limiting diffusion step, this has since been resolved to occur on

the electrode surface in contact with the gas phase [195, 192]. It is now accepted that for

these purely electronically conducting systems co-limitation of diffusion and adsorption

during surface exchange is the rate limiting step for the ORR in SOFC cathodes, not

charge transfer processes as would be predicted by electrochemical kinetics.

The co-limitation model provides the best explanation of ORR measurements to date.

Still, much research remains to be carried out. For examples, for surface paths, the

region over which diffusion and adsorption occurs has yet to be quantified (though early

predictions suggest it scales with the TPB [196, 197]. Also, this work only involves the

production of oxide ions. There is little understanding of how the oxide ion is incorporated

into the electrolyte as electrolytic oxide ions, a process that is thought to contribute as

much as 50% to the cathode overpotential [198]. Investigations regarding the influence of

the electrolyte on the ORR are also limited, though there is evidence to suggest it too

contributes a catalyzing effect [199].

3.3 The ORR in Mixed Ionic-Electronic Conducting Cath-

odes

In the case of purely electronically conducting GPEs, the active region of the ORR kinetics

is confined to the interface at the TPB. The drive to extend the TPB and increase the

active area, has resulted in the transition from single phase electronically conducting

cathodes to composite cathodes comprising of an ionic and electronic phase, and finally

to MEICs. The use of a MIEC, would increase the transport of electroactive species,

allowing oxygen reduction to occur at the electrode/electrolyte even when not at the TPB

and subsequently increasing electrode performance.

Previously, it was seen that during the ORR at TPB in a purely electronically conducting

GDEs, the adsorption and diffusion of electroactive species occurred at the gas/electrode

interface followed by charge transfer at the electrode/electrolyte interface. In the case of

a dense MIEC, the chemical steps may now also involve absorption and diffusion into the

bulk of the electrode, then charge transfer at the electrode/electrolyte interface, see Fig 3.2.

Thus, as was first suggested by Tekada et al. based on his work on LSC electrodes [200, 23],

the ORR kinetics in MIECs may be affected by the electrodes bulk properties (though a

slight different situation would arise for the case of porous MIECs [201, 202, 203]).
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Figure 3.2: Possible pathways for the ORR in a MIEC: the electrode surface path across
the “open” triple phase boundary between cathode and electrolyte; or the electrode bulk
path across the “closed” two phase boundary . The adsorbed oxygen species, Ox(ad), may
be any one of: O2,ad, Oad, O−ad or O2−

ad. The adsorbed oxygen may travel by surface
diffusion to the TPB where it is full reduced; or it may incorporated directly into the
MIEC as O2−

ad, where it diffuses to the electrode/electrolyte interface [23, 24, 25].

In order to investigate the effect of bulk material properties on the ORR, it is necessary

to minimize surface effects such as contributions from the surface path b-d-f of Fig 3.1.

To that objective, ORR kinetics were studied in dense thin-film MIECs perovskites, thus

limiting ORR steps to the bulk path a-c-e of Fig 3.1. It was found that thin film perovskites

with high ionic conductivity had little resistance to bulk transport of absorbed oxygen

species. Therefore, the dominant transport path of the chemical step was now through

the bulk, not surface [204, 205, 206, 34, 207, 208, 209, 22, 210, 211]. Whereas in cathodes

with low ionic conductivities, such as lanthanide manganite oxide perovskites, LaMnO3−δ,

the dominant transport path was the surface pathway to the TPB [212, 213, 214].

The Adler-Lane-Steele, ALS, model is a notable model that has been proposed to describe

the ORR in MIECs [203]. In MIECs, the electrode reactions are no longer confined to the

TPB. Thus in the ALS model, the overall reaction is assumed to occur as three separate

reaction steps over three interfacial regions: charge transfer of oxygen ion vacancies and

electrons across the MIEC/electrolyte and current-collector/MIEC interface respectively;

and chemical exchange of oxygen across the gas/MIEC interface. A key result of this model

was that the electrode performance was found to be directly linked to the bulk diffusion,

D, and surface exchange, k of the MIEC- properties that may be measured quantita-

tively. This has been experimentally validated (though only with Fe- and Co- containing

perovskites), and found to be consistent with MIEC with high ionic conductivities where

ionic transport is the key mechanism by which the reduction reaction is extended beyond

the TPB. Thus, it is an appropriate model for this work wherein the material of interest

is a colbaltite perovskite with a high ionic conductivity. Additionally, it also defined a

penetration depth, δ, describing the active region of the MIEC that actually participates

in the reduction reaction. Typically, this is no more than a few microns from the elec-

trolyte interface; modifying the cathode beyond this active region would not affect the

ORR. Subsequently, much work on cathode materials have been directed at optimizing D

and k. Similarly this work culminates in the measurement of D∗ and k∗, to assess if an

improvement in cathode performance has been attained.
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3.4 Enhancement of the ORR at the Perovskite/Ruddlesden-

Popper Interface

The ORR mechanism in rare earth perovskites and R-P materials are rate limited by

the (mass-transfer) chemical steps of oxygen exchange (oxide ion incorporation at the

surface) and diffusion of the oxide ion into the electrolyte[215, 216, 217, 107, 218, 219, 220,

221]. Thus, to minimize cathodic overpotential losses, the cathode material should have a

high oxygen diffusion coefficient, D, in addition to a high surface exchange coefficient, k.

However, there have been reports of ORR enhancement as a result of coupling Sr-doped

lanthanum colbatite perovskite oxide with the R-P oxide [32, 26, 222, 27, 29, 31]. This

phenomenon formed the basis of this work investigating the means of improving the ORR

and thus cathode performance. In the following is a review of this research, initiated by

Sase et al. [32, 26, 223]. For the remainder of this section, Sr-doped lanthanum colbaltate

perovskite and R-P oxides have been denoted as LSC113 and LSC214 respectively.

Originally, it was the enhancement of oxygen surface exchange at the grain boundaries

of rhombohedral LSC113 (x = 0.4), based on earlier work [223], that was the point of

investigation. However, the long annealing times necessary for grain growth also resulted

in the known decomposition of the perovskite [224, 225] into approximately 4 µm to 5

µm tetragonal LSC214 precipitates where the Sr content, x, is thought to be larger than

0.5 or 0.6 [32]. Isotope oxygen exchange was carried out on polished and unpolished

samples, followed by secondary ion mass spectrometry, SIMS, analysis. In both cases, 18O

concentration was found to be enhanced at the LSC113/LSC214 interface but at about the

same level within the LSC214 as in the LSC113. Values of the diffusion coefficient, D∗, and

surface exchange coefficient, k∗, for the perovskite phase was found to be (4.8±0.3)×10−9

cm2s−1 and (2.10± 0.05)× 10−8 cms−1 respectively, in the same range as reported results

[224, 28]. However, at the interface, this was 3.5 × 10−9 cm2s−1 and 8 × 10−6 cms−1 (3

orders larger than than the LSC113 matrix) respectively. Thus, ORR is enhanced at the

LSC113/214 interface. For the perovskite matrix, these values were calculated by fitting

the oxygen profile to the solution, by Crank [226], for Fick’s second law for a semi-infinite

medium. For the modeling of the interface, it was thought that inhomogeneous oxygen

exchange best represented the situation. The precipitate was assumed to be spherical, and

that the isotope concentration is uniform at the interface. These assumptions that isotope

concentration and exchange at the interface were homogenous may even underestimate k∗

and D∗.

Subsequently, to confirm ORR enhancement, Sase deposited La0.6Sr0.4CoO3 and La2−xSxCoO4

(x = 0.5, 1.0) thin films, of approximately 1.5 µm and 0.5 µm thick respectively, onto a

Ce0.9Gd0.1O2, CGO, substrate using pulsed laser deposition [26]. SIMS analysis of 18O iso-

tope exchange reveals a pathway of enhanced isotope concentration at the LSC113/214/gas

interface, down through the LSC113, and into the CGO substrate, see Fig 3.3. The per-

ovskite layer was found to be a crucial component of the diffusion path; SIMS images do

not show the same degree of oxygen exchange into the CGO at the LSC214/CGO inter-
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Figure 3.3: Schematic of La2−xCoO4/La0.6Sr0.4CoO3/CGO layers; SIMS of layered PLD
layers of La2−xCoO4/La0.6Sr0.4CoO3/CGO after 16O/18O exchange at 0.2 bar, 773 K fo
180s (plane 1, 4, 18 corresponds to a sputtering depth of 70 nm, 2280 nm, 1.26 µm); and top
down and cross-sectional SIMS images of PLD layers of La2−xCoO4/La0.6Sr0.4CoO3/CGO
after 16O/18O exchange at 0.2 bar, 773 K fo 180s [26].

face, despite high isotope concentration at the LSC214/CGO/gas interface. Thus, these

results support Sase’s earlier work (though no D∗ or k∗ values were calculated) suggesting

enhanced ORR at the LSC113/LSC214 heterointerface and additionally the importance

of the pervoskite layer as a necessary oxygen diffusion path into the CGO.

To further investigate the effects of the LSC113/214 interface, Yashiro et al. [222] used EIS

to examine the electrochemical performance of single phase screen printed La0.6Sr0.4CoO3

and (La,Sr)2CoO4 cathodes against a composite LSC113 on LSC214 cathode, all on ap-

proximately 3 mm thick Ce0.9Gd0.1O2 substrates. These results support the earlier SIMS

analysis indicating the enhanced oxygen exchange may not be attributed to just the

LSC214 layer, but is a consequence of the LSC113/214 interface. Interfacial conduc-

tivity values as a function of partial O2 pressure showed consistently higher values for the

composite cathode. A point of interest is the similar dependence on O2 partial pressure

between the LSC113 and LSC113/214 cathodes suggesting similar reaction mechanisms

between the two cathodes.

Enhancement in ORR has also been demonstrated in the use of La1−xSrxCoO3 epitaxial

films [30]. Thus, in the hopes of compounding both occasions of ORR enhancement Ethan

et al. [27] fabricated heterojunctioned epitaxial films of La0.8Sr0.2CoO3 (approximately

85 nm thick) and LaSrCoO4 (varying coverage of approximately 0.1, 0.8, 5, 15 nm) on

a (001) oriented single crystal yttria-stabilized zirconia, YSZ(001), substrate. Prior to

the pulsed laser deposition of the colbaltate oxides, a Ce0.8Gd0.2O2 (approximately 5

nm thick) buffer layer was first deposited over the YSZ substrate to accommodate for
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Figure 3.4: Electrochemical impedance spectroscopy (EIS) results of epitaxial microelec-
trodes (∼200 µm) for the LSC113 reference and the LSC113 films with varying surface
coverage of LSC214 at 550◦C [27]. A comparison has been made to bulk properties as
measured by Souza et al. [28].

lattice mismatch and also to prevent deleterious Co phases forming at the interface. The

electrical surface exchange coefficient, kq, was calculated from EIS measurements of the

ASR, see Fig 3.4. Thus it can be seen that kq is enhanced for the case of epitaxial

films over bulk (comparing it to the kq value of bulk LSC113 [28], and that the presence

of the LSC113/LSC214 heterointeface through the surface decoration of LSC214 further

increased kq. Moreover, kq obtained in this case of the epitaxial heterointerface can be

up to a magnitude larger than that of k∗ in porous LSC113/LSC214 layers screen printed

by Yashiro et al. So, on both accounts, does the use of heterojunctioned epitaxial films

result in improved ORR, suggesting a progression of IT-SOFC cathodes to epitaxial films,

although in subsequent work [227], Crumlin found that epitaxial LSC113 (x = 0.2 instead

of 0.4) had comparable activity to its bulk equivalent.

Another important outcome of Crumlin’s work is the insight it gives to surface oxygen ex-

change kinetics. Crumlin also determined the oxygen nonstoichiometry, δ, for the different

degrees of LSC214 surface decoration and found δ did not change as the LSC113/LSC214

heterointerfacial area increased. Therefore, the enhanced ORR kinetics can not be due

to an increase in oxygen vacancies. After further investigation in the LSC113 reference

film, similarly to Sase and Yashiro, Crumlin also concluded that it is the interface of the

perovskite and RP films that is the cause for the ORR enhancement. Lastly, also with

regards to ORR mechanisms, in Fig 3.4, it can be seen that increasing the degree of surface

decoration of LSC214 on the perovskite lowers kq, and also that the graph of kq flattens

out as the partial pressure of O2 increases. Crumlin proposed that this was due to a

reduction in the triple phase boundary of the LSC113/LSC214/gas, and that at higher

oxygen partial pressures bulk diffusion in the thin films starts to become rate limiting (as

opposed to oxygen exchange).

Other occasions where the presence of a LSC113/LSC214 heterojunction has been at-
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Figure 3.5: Electrochemical impedance spectroscopy (EIS) results of different epitaxial
LSC113 based microelectrodes: LSC113 bulk- yellow [28](extrapolated to 510◦C); base
film in this study [29] (black hatched, 510◦C, 140 nm thick base); base film [30] (grey,
520◦C, 130 nm thick base); Sr-decorated film [29] (red hatched, 510◦C, 140 nm thick
base), heterostructured LSC113/LC214 film [27](green, 550◦C, 85 nm thick base) [8].

tributed to enhanced ORR are the work by Mutoro et al. [8] and Hayd et al. [31].

Mutoro adopted an identical setup to Crumlin, but surface decorated epitaxial (001)

La0.2Sr0.2CoO3 film (∼140 nm thick,) with Sr, La and Co. Calculating the electrical

surface exchange coefficient, kq, from EIS measurements (like Crumlin) revealed that only

in the case of Sr decoration was there an improvement in ORR kinetics. Taking into

account the slow diffusion of Sr, this enhancement was postulated to be due to the forma-

tion of LSC214 phases at the interface between the Sr decoration and the LSC113 film.

Comparison against kq values obtained for surface decoration of LSC214 showed that Sr

decoration resulted in a lower enhancement. This was thought to be due to the Sr also

forming ORR inhibiting oxides, see Fig 3.5.

On another occasion, the creation of LSC113/LSC214 heterojunctions by Hayd was achieved

through the deposition of La0.6Sr0.4CoO3 films using metal organic deposition, MOD [31].

This fabrication method consistently produced films with a higher surface exchange coeffi-

cient, k∗, than elsewhere in literature, see Fig 3.6. Hayd suggested that though the MOD

films may be nominally stoichiometric, chemical inhomogeneities may exist in the form of

LSC214 phases, which interface with the perovskite would cause the ORR enhancement.

This is supported by transmission electron microscopy, TEM, analysis revealing Co3O4

crystallites that inferred the presence of a finely dispersed LSC214

Therefore, there has been a compelling collection of results that suggest the enhancement

of the ORR as a result of the coupling at the LSC113/214 heterojunction though the

mechanism by which this was effected has not been definitively identified. However, it has

been proposed to be due to mechano-chemical effect [228].
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Figure 3.6: Surface-exchange coefficient k∗ of MOD-derived LSC113 with nanoporous and
dense microstructures in comparison with literature values for bulk LSC materials [31].
References for literature values may be found here [32, 33, 34, 35, 36, 37, 38, 39].

3.5 Enhancement of the ORR due to the Mechano-Chemical

Effect

Mechano-chemical coupling was first observed in metals, when oxygen was shown to pref-

erentially adsorb on tensile strained regions [229]. This was investigated through density

functional theory, DFT, modelling, which revealed large variation of CO and O chemisorp-

tion energies, and CO dissociation energy barrier, with lattice strain. DFT models showed

that the application of lattice strain to Ru(0001) affected its electronic structure, and hence

its interaction with the adsorbed species, by increasing energy of the metal d-states and

shifting the energy of the d-states up [230, 231]. The hybridization of Ru d states with

the adsorbates states can be significantly altered using strain, and with it the reaction

energies [232]. Later experimental work with other metal catalysts also demonstrated the

mechano-chemical coupling effect [231, 233, 234, 235, 236, 237]. Additionally, the shift

in metal d-state as predicted by early DFT calculations, on application of a compressive

strain was experimentally observed [238].

Mechano-chemical coupling has been found in other material systems [239, 240]. Due

to the large stresses that can be accommodated in thin oxide films, lattice strain has

also been proposed to affect the surface reactivity and oxygen transport of fluorite and

perovskite oxides [241, 56, 151]. However, unlike with metals in which electronic structure

and reactivity may be described using the d-band model [232], the electronic structure of

metal oxides and how it relates to reaction kinetics is less well understood. The interaction

of states between the metal and oxygen components of perovskite oxides are more complex

and they exhibit electronic and magnetic state transitions that also affect bonding [242,

243, 244, 245]. Their exact surface chemistry is still under investigation and is not static,

being extremely sensitive to temperature and oxygen [171, 246, 247]. Much effort remains
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to understand the reactivity of metal oxides. Nevertheless, mechano-chemical coupling

has recently been shown to affect the reactivity and conductivity of strained fluorites

(where an eight magnitude increase in oxide ion conductivity has been reported reported

[248]) [248, 215, 107, 249, 250, 251], and also perovskites [151, 252, 253, 254, 255]. It is

a phenomenon that warrants further investigation for its application in improving oxygen

transport, and subsequently performance, in IT-SOFC cathode materials.



Chapter 4

Thesis Objectives

The barrier to the practical application of IT-SOFCs lies in its low efficiencies due to

high activation polarization and thus its inability to reach acceptable power densities at

these lower temperatures (though microtubular SOFCs developed by NGK Insulators and

collaborators have been able to achieve power densities exceeding 2 W/cm2 at 550◦C [256].

The Ohmic losses at intermediate temperatures are also significant, but to a lesser degree

and can be resolved through the use of recent ceria carbonate composite electrolytes that

have sufficient ionic conductivity to temperatures as low as 300◦C so as not to inhibit

SOFC operation [257, 258, 259, 260, 261, 262, 263]. Thus, a significant contributor to

polarization losses during IT-SOFC operation is the retarded ORR kinetics in this 500-

750◦C temperature range. This work is a part of the ongoing research to address this issue

through the enhancement of the ORR via mechano-chemical coupling.

The objective of this thesis was to investigate and compare the effect of various types

of strain on the oxide ion and electrical transport of praseodymium colbate perovskite,

PrCoO3−δ. While Sr-doping is typically used to improve the transport properties of cath-

ode materials, it was deliberately avoided in this work due to its tendency to forming

surface segregates [264, 265] (though lattice strain has been proposed to suppress Sr sur-

face segregation [169]). The application of a lattice strain was to be achieved using three

different methods:

1. The deposition of a praseodymium nickleate R-P, Pr2NiO4±δ, thin film on top of the

PrCoO3−δ thin film to create a perovskite/R-P interface analogous to that investi-

gated by Sase et al. [32, 26].

2. The introduction of a mechanical strain arising from the lattice mismatch between

the PrCoO3−δ thin film and substrate, and the strain relaxation effect.

3. The introduction of a chemical strain arising from the chemical expansion as the

PrCoO3−δ metal cation ratio is varied.

41
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Figure 4.1: Schematic of the PrCoO3−δ samples by which lattice strain has been introduced
using three different methods: the deposition of a Pr2NiO4±δ film on top of the PrCoO3−δ
film; variation in the Ce0.9Gd0.1O2−δ buffer layer thickness or PrCoO3−δ film thickness;
variation in PrCoO3−δ metal cation stoichiometry.

Methods 1 and 2 involved the use of pulsed laser deposition as the thin film fabrication

technique. A Ce0.9Gd0.1O2−δ buffer layer was deposited upon a YSZ(001)-8mol% sub-

strate, and the PrCoO3−δ thin films on top of that. In Method 1, a Pr2NiO4±δ thin film

was additionally to be deposited on top of the PrCoO3−δ layer. In Method 2, two sample

sets were be used. In the first, the Ce0.9Gd0.1O2−δ buffer layer thickness was varied to ob-

tain a range of lattice mismatch between PCO and Ce0.9Gd0.1O2−δ as the Ce0.9Gd0.1O2−δ

buffer layer relaxed. In the second sample set the cePrCoO3−δ film thickness was varied

and a range of lattice strains obtained as the PrCoO3−δ film relaxed. Lastly in Method 3,

powder Pr1−xCoO3−δ where (0 ≤ x ≤ 1) were synthesized and sintered into bar samples.

A schematic of the PrCoO3−δ samples are illustrated in Fig 4.1. Electrical measurements

were performed using 4-point DC and Van der Pauw setups for the bar Pr1−xCoO3−δ

and thin film PrCoO3−δ samples respectively. Oxide ion conductivity measurements were

performed using 18O isotope exchange depth profiling.

For the remainder of this work, PrCoO3−δ and Pr2NiO4±δ have been referred to as PCO113

and PNO214, and Ce0.9Gd0.1O2−δ has been referred to as CGO. Similarly, the oriented

single crystal silicon and 8-mol% yttria-stabilized zirconia substrates have been referred

to as Si(001) and YSZ(001). Unless specifically stated to be oxygen non-stoichiometric, all

mention of the non-stoichiometry of PCO113 refers to metal cation non-stoichiometry.



Chapter 5

Experimental Techniques

5.1 Material Synthesis

Three synthesis routes were considered for the production of PCO113 and PNO214: solid-

state, sol-gel (Pechini method) [266] and combustion (glycine-nitrate process, GNP) [267].

For the solid-state process, oxide precursors are milled together and heated until the end

product is formed. Mixing is on the microscopic scale, thus control of the precursor particle

size is necessary. The powder may require several cycles of milling and heat treatment

before all the precursors have been reacted.

Both the Pechini and GNP processes are solution methods. Mixing is achieved on the

molecular level as the precursors are dissolved in a nitrate solution, thus achieving a much

higher homogeneity than in the solid state process. In both processes a complexing agent,

such as citric acid or glycine for the Pechini and GNP respectively, is used. This ensures

that the molecular scale mixing is maintained even upon evaporation.

To furthermore prevent the selective precipitation of the metal atoms upon evaporation, a

gelling complexant such as polyethylene glycol, PEG, is used in the Pechini method. Thus

the metal atoms are bonded in a cross-linked network to form a homogeneous suspension.

Another advantage of mixing on the molecular scale is that, following decomposition, the

calcination temperature required to produce the final powder is lowered.

For the GNP process, as well as being a complexant for the metal cations, glycine also

serves as the fuel for the combustion reaction. The solution is heated and when it is fully

dried the glycine self-combusts in the presence of the nitrate, which is the oxidizer. The

final product is in the form of a very fine ash. The oxides synthesized using the combustion

process may have an amorphous structure, unlike the solid-state and sol-gel processes that

utilizes long heat treatments and subsequently produces a crystalline structure. Further

heat treatment may be necessary for a crystalline powder.

While the solid-state process is relatively straight forward, the milling step may be lengthy

43
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Figure 5.1: Schematic of a typical PLD vacuum chamber, adapted from [40]

and may introduce contaminants within the powder. There is also the possibility of

precursor material remaining within the particle core, which would not be the case with

the solution routes. The Pechini process is lengthy with its decomposition and calcination

steps. However, due to its relatively low calcination temperatures, sintering during the

heat treatment is minimized and a relatively small particle size may be achieved, which

is desirable for obtaining high densities through sintering. The GNP method produces

the smallest particle size that requires little extra processing. However, the collection of

this ash often introduces contaminants. The combustion conditions are also extremely

sensitive to the fuel to oxide ratio. Therefore, as good cation homogeneity can be achieved

with high purity, the Pechini method was used for the synthesis of all oxide materials used

in this work.

5.2 Pulsed Laser Deposition

During pulsed laser deposition, a pulsed laser is used to ablate material from a target,

which is ejected from the target, creating a forward-directed plasma plume. This then

impinges upon a substrate, positioned parallel to the target, resulting in the nucleation

and growth of a film. A schematic of a PLD system is depicted in Fig 5.1

The ablated plume may comprise a range of species from atomic particles to macro-

molecules. The plume may also contain large macroscopic particulates, several microns

in diameter (from hydrodynamic sputtering) [268]. For the growth of epitaxial or high

quality thin oxide films, it is necessary to have only low mass species in the ablation plume.

To achieve this the absorption volume (the volume into which the energy of the laser pulse

is transferred) of the target needs to be minimised while the absorption volume of the

plume is maximised by optimising the laser energy and pulse duration (or pulse width)

respectively. For oxide thin films, the deposition of particulates in the film may be reduced

by using smooth and dense targets.

Upon ablation, the plume is very narrow and forward-pointed, in a direction normal to

the target surface, and expands away from the point of ablation. The shape of the plume
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is determined by the particle density distribution of the plume and is largely determined

by the energy of the laser fluence. The particle distribution of the plume as it impinges

upon the substrate also depends on the background pressure of the PLD chamber and

the distance of the substrate from the target. As the plume is responsible for carrying

material flux to the deposition surface, the particle distribution of the plume often results

in a film of highly non-uniform thickness, which may have compositional variation.

As the plume impinges onto the substrate, the incident flux initially sputters off the sub-

strate surface. The sputtered flux creates a thermalized region where it collides with

incoming flux. This region allows the incoming flux to condense and adsorb on the sub-

strate. Due to the pulsed nature of this deposition technique, the adatoms have time

to rearrange on the substrate surface for nucleation and growth before particles from the

next plume arrive, resulting in a good film quality [269]. However, if the incident species is

very energetic, it can embed into the substrate forming defects, or re-sputter the deposited

film thus lowering the deposition rate or affecting the film stoichiometry. The background

pressure of the PLD chamber may be used to tailor the energy of the incident species,

besides also affecting the oxygen stoichiometry of the deposited species in the case of oxide

deposition. Increasing the background pressure decreases the energy of the incident flux.

Nucleation occurs when the decrease in energy in forming a solid from a gaseous phase

exceeds the cost associated with surface and interfacial energy. This is the case when the

impinging plume creates a high supersaturation in the gas phase at the substrate surface.

Thus the nucleation density is dependent on: the plume density, which is a function of

laser fluence (and also the background pressure); substrate temperature; and the substrate

surface. Compared to other physical deposition techniques, PLD has the highest nucleation

density due to the high energy density of the laser. Following nucleation, if the radius of

the nuclei exceeds the critical radii, it will be thermodynamically favourable for it to grow.

There are three modes of film growth. The mode of film growth depends on the surface

and interfacial energies of the substrate, nuclei and vapour.

If the energy associated with the nuclei/vapour and nuclei/substrate interface is much

greater than the vapour/substrate interface, then adatom-adatom interactions are more

favourable and growth will occur in three dimensional clusters or islands that grow and

coarsen as deposition continues. This is Volmer-Weber growth (or island growth). If the

opposite is true, adatom interactions with the substrate will be favourable and adatoms

will diffuse to step edges in the substrate surface from which 2D growth occurs in fully

formed layer. This is Frank van der Merwe growth (or layer-by-layer growth). Lastly,

Stranski-Krastanov growth (or layer-plus-island growth) is a combination of 2D layer and

3D island growth [41]. Initially, islands nucleate as in Volmer-Weber growth. However, as

they grow and coalesce, there is a transition to Frank van der Merwe growth at a critical

layer thickness. The different film growth modes are depicted in Fig 5.2

The main reason PLD was chosen for this work is that PLD allows stoichiometric transfer

of target material to the substrate. There is also straightforward control of the film

thickness and the ability to deposit multiple materials without the need for breaking the
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Figure 5.2: Schematic representation of three major film growth processes, from [41].

vacuum. Further advantages of PLD over other film deposition techniques include its high

deposition rate, the use of only a small target, and an external heating source (removing

the possibility of filament contamination).

However, it should be noted that due to the highly directed nature of the plume, the

deposition rate decreases away from the centre of the plume, resulting in only a small film

coverage that also varies in thickness. Additionally, there is a large range in the size of

the particulates comprising the plume, up to ∼10 µm if globules of molten material are

present, which if deposited, would lower the quality of the film. While there are means of

mitigating these effects, such as: using a line-focus laser to increase coverage; rastering the

laser, target, or substrate to deposit a film of uniform thickness; mechanically filtering the

plume for large particulates or using an“off axis” geometry [270], these were not available

in the PLD system used for this work. The only precaution available to minimise the

range of particulate size of the plume, which was undertaken, was to use a dense smooth

target.

For the entirety of this work, a 248 nm KrF eximer laser was used. Unless specifically

stated, PLD was performed in the following manner. Prior to deposition, all substrates

were cleaned by immersing in an ultrasound bath with acetone, isopropanol and deionized

and distilled water respectively for at least 5 min in each bath. Substrates were adhered

to the sample stage using silver paint. A corner of the substrate was masked off using

TiO2 powder suspended in isopropanol for film thickness measurements. Precaution was

taken to ensure the silver paint had fully dried before being subject to vacuum conditions,

which may cause the substrate to delaminate, by slowly heating the substrate to 80◦C

at 5 ◦C/min and holding at that temperature for 5 min. During the deposition process,

the deposition chamber was first pumped down to a vacuum of 0.03 mTorr before being

backfilled with and O2 for burn-off. The chamber was then pumped back down to 0.03

mTorr and backfilled once more with the desired oxygen partial pressure. The substrate

was heated to the desired temperature at a rate of 30 ◦C/min and cooled to 200◦C tem-

perature at a rate of 10 ◦C/min. Deposition was performed using a laser pulse rate of 10

Hz, and a laser fluence of ∼80 mJ and ∼520 mJ for the Ce0.9Gd0.1O2, and PrCoO3 and

Pr2NiO4 films, respectively. Prior to each deposition, a pre-ablation run was performed
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Figure 5.3: Basic principle of AFM, where a probe is mounted on a cantilever and cantilever
deflections, arising atomic forces between the probe tip and sample surface, are monitored,
from [42].

to clean the surface of the target. During deposition, the target was rotated at 50 ◦/s.

5.3 Atomic Force Microscopy

Atomic force microscopy, AFM (a type of scanning probe microscopy) is a surface profiling

technique [42]. A typical configuration is illustrated in Fig 5.3. The probe is a cantilever,

on the end of which is a sharp tip. As it is brought to the sample surface (it may be run

in contact mode or non-contact mode), atomic forces cause a deflection in the cantilever,

which is measured. The probe is rastered across the sample surface to obtain a map.

Thus, the lateral resolution of these maps depends on how sharp the ARM tip is, and

can be reduced by prolonged use of the same AFM tip. However, the vertical resolution,

depending on the detection method, is much higher and can be up to 0.1 nm. In addition

to topographical information, factors that affect this atomic force interaction, such as

hardness, may also be measured. Depending on the tip used, other interactions besides

atomic forces may be measured.

For the extent of this work, a Bruker DiInnova was used obtain all AFM images, and

WsXM to handle the data and calculate all roughness values [271]. Tapping mode was

used in all instances. This involves oscillating the probe tip using a piezoelectric element

as it rasters across the surface in order to minimise damage to the sample surface. 512

samples were obtained per line at a scan rate of 1 Hz. Sample surfaces analysed were

either 10 µm by 10 µm, or 2 µm by 2 µm.

Additionally, a Veeco Dektak150 Surface Profilometer was used to measure thin film thick-

nesses. Prior to thin film deposition, an area of the substrate would be masked off using a

titanium dioxide suspension in isopropanol. The film edge was then profiled at 5 locations

per sample. 300 µm scans were performed over 20 s. Using the Dektak software, the pro-

file would first be corrected for any sample tilt, then the thickness of the film calculated

from an average surface height from a selected region, which was most representative,
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Figure 5.4: Line profile across the masked edge of a PCO113 film (deposited using 5000
pulses).

between the substrate and the film. An example of this process can be seen in Fig 5.4.

The vertical resolution according to the equipment specification is up to 1 nm. However,

a large amount of noise was present in the profiles obtained for the thinner samples. For

such samples, if they are sufficiently thin, X-ray reflectivity was used to obtain thickness

values instead

5.4 Thermal Analysis

Thermal analysis involves the measurement of physical or chemical properties of a material

as a function of increasing temperature under a constant heating rate, or as a function of

time under isothermal conditions. Two different forms of thermal analysis were employed

in this work: thermogravimetric analysis, TGA, and differential scanning calorimetry,

DSC.

TGA involves the quantitative measurement of mass loss or gain within a heating regime.

Thus, it allows for the investigation of any physical or chemical phenomena with an as-

sociated weight change. It is typically used to study the thermal stability or degradation

of a material, solid-gas reaction (oxidation or reduction), or its organic or inorganic con-

tent. The thermogravimetric curve may also be used to identify materials that undergo a

characteristic sequence of physiochemical changes which are reflected in their mass change.

DSC involves the quantitative measurement of the difference in heat required to maintain

a constant increase in temperature of a sample. Thus the enthalpy associated to any phys-

iochemical processes that occurs during the analysis may be measured. The experimental

setup requires the use of a sample and reference against which the rate of heat flow of

the sample is compared. For example, in the endothermic phase transition from solid to

liquid, a greater heat flow to the sample is required to increase its temperature at the
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same rate as the reference.

Besides temperature control and measurement, TGA and DSC require the precise measure-

ment of mass change (scales) and heat flow (calorimetry) respectively. Both measurements

may be performed using two different modes: a constant heating rate wherein changes in

mass and heat flow are measured, or for the heating to produce a constant mass change

or heat flow with time. Typically a prescribed inert (nitrogen) or oxidative (oxygen) gas

environment is employed according to the form of physiochemical processes investigated

(thermal, oxidative, or both).

TGA and DSC results in this work have been obtained simultaneously using the Netzsch

STA 449C thermo-microbalance. This was of a vertical design, with samples top-loaded,

and the ultra-microbalance isolated during loading for its maintenance and protection.

Temperature measurements are taken directly at the sample crucible.

5.5 Scanning Electron Microscopy and Energy Dispersive

X-ray Spectroscopy

The maximum resolution, d of any wave is diffraction limited and described by the Rayleigh

criterion: δ = 0.61
sinβ where d is the smallest distance between two objects that may be

individually resolved, n is the refractive index of the lens, and β is the semi-angle subtended

by the aperture. As such, it can be reduced by decreasing the wavelength of the imaging

medium, such as through the use of an electron beam instead of light and achieving

resolutions as low as 10 nm. Scanning electron microscopy is a technique in which a

focused electron beam is rastered across the surface of a sample. Typically, it comprises

of an electron source from which electrons are produced by thermionic heating of field

emission guns and condensed into a narrow beam by lenses into the sample chamber. This

focused electron beam is directed by scanning coils across the sample stage where various

detectors are located. The interaction between the electron beam and sample results in

the emission of several primary signals, including backscattered electrons, BSE, secondary

electrons, SE, and X-rays, that are detected.

BSE or Rutherford scattering results from elastic couloumbic interaction between elec-

trons and the nucleus. Consequently these electrons have a high energy, experience large

angles of deflection and their yield depends on the atomic number of the scattering atom.

An element of a high atomic number would result in a greater yield of BSE; the BSE

signal is sensitive to composition. BSE may also interact with the sample and, being of

a sufficiently high energy, may produce SE electrons. Secondary electrons arise from the

inelastic interaction between the high energy bombarding electrons and the valence elec-

trons of the sample. The sample is ionized as loosely bound valence electrons are emitted.

Due to their low energy, only SE emitted close to the sample surface are able to escape

and thus the SE signal is extremely sensitive to sample topography [272, 273].
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Lastly, X-rays are emitted when an incident electron ionizes an inner orbital electron.

Electrons from an outer shell move to replace it, resulting in a cascade effect as electrons

decay to a lower energy state and results in the emission of X-rays with a characteristic

family of energies. These may be used to obtain compositional information of the sample if

their frequency and energy were measured using an energy-dispersive spectrometer. This

technique is called energy dispersive X-ray spectroscopy, EDX. However, there is also a

background emission of X-rays, Brahmstrallung radiation, from the inelastic collisions in

the sample that will also be detected.

Two SEMs were employed in this work to obtain SE images of bulk and thin film sam-

ple surfaces: JSM6400 SEM (JEOL Ltd., Tokyo, Japan) and Leo Gemini 1525 FEG-SEM

(Carl Zeiss, Oberkochen, Germany), respectively. The JSM 6400 was fitted with an Oxford

Instruments INCA energy dispersive analytical system and also used for EDX measure-

ments. This software was used for the quantitative analysis of the EDX data [274]. An

accelerating voltage of 20 kV was applied, the working distance was ∼17 mm, the process

time was 5 (for high resolution in the EDX spectrum) and the condenser lens current

was 9-10 A. All EDX point measurements and maps had a livetime of ∼50 s and ∼500

s, respectively. A Co reference spectrum was obtained prior to each session for accurate

quantification of the sample composition. All images obtained using the Leo Gemini was

at a lower accelerating voltage of 5 kV, and a working distance between 6-7 cm.

5.6 X-ray Photoelectron Spectroscopy

Much like the EDX, XPS is a chemical analysis technique that involves the excitation of

electrons. However, rather than an electron beam, a focused X-ray is used instead. If the

energy of the X-ray exceeds the binding energy of the electron, the electron is emitted

with a kinetic energy that is the difference between the incident energy from the X-ray

and the electron’s binding energy, BE. Depending on the location of the emission even

within the sample, the freed electron may be reabsorbed by the sample, or may escape

the sample surface where it can be detected and its kinetic energy determined. Thus this

photoemission process may be considered in three steps: photo absorption and ionisation,

the response of the element and the emission of a photoelectron, and lastly the transport

of the electron to the surface. The first two are intrinsic steps from which characterisation

can be made, while the last is an extrinsic step contributing to the background energy of

scattered electrons.

As a monochromatic X-ray source is used of a known energy, it is possible to calculate

a spectrum of the binding energies of the electrons detected- the XPS spectrum. The

binding energy is characteristic of the element and the electron orbital. Subsequently, the

XPS spectra comprises of characteristic peaks that provide information on all of those

three aspects and are labeled according to the subshell from which emission occurred.

Furthermore, the intensities of the peaks are related to the concentration of the elements

present and thus quantitative analysis of the sample composition is possible.
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For the outer orbitals, such as the p, d and f core levels, the photoemission is actually split

between two peaks. This is due to spin-orbit coupling. The removal of an electron from

these outer orbitals (L) result in an unpaired spin(S). The resultant spin of the electron

interacts with its orbital angular momenta differently depending whether it is spin parallel

or antiparallel relative to its motion. Thus there is a coupling between the two that results

in two possible different energies- a multiplicity- hence a split in the binding energy forming

a doublet. The area ratio of these two peaks, which reflects this degeneracy, is fixed. A

subscript is used, following the subshell notation, to label the two states, according to the

L-S coupling. Both the BE peak positions and spin orbital splitting, and their area ratios,

are used for the identification of an element.

Lastly, the BE of the electrons also depends on the oxidation state of the ion, and the

chemical and physical environment of the measurement. These cause a shift in the BE

spectrum called chemical shifts. In order to correct for environmental contributions to

chemical shift, the spectra is always aligned against a reference peak such as the C 1s

signal.

A clear advantage of the XPS technique is that it is possible to differentiate between the

oxidation states of the constituent elements. However, it does require additional precau-

tions in maintaining the conditions of the measurement. Comparison between spectra

should be done with caution. Similarly, quantification of XPS measurements are typically

only as accurate as ±10% due to the difficulty in separating intrinsic photoelectrons from

the extrinsic photoelectrons (the background). This can be improved through the use of

standards measured by the same instrument under the same conditions.

XPS is a surface technique, which sampling depth is limited to the ability of emitted

electrons to escape the sample surface. According to the Beer-Lambert law describing

the attenuation of the emitted electron intensity (Is = Ioexp(−d/λ)), 95% of all the

photoelectrons would be scattered if created more than 3λ from the surface. Within this

region is the sampling depth. For XPS using Al Kα radiation, λ is in the range of 1-3.5

nm, making the sampling depth 3-10 nm. Thus, the signal of surface contaminants will

be amplified.

All XPS measurements were performed by Dr I.Villar-Garcia. The XP spectra were

recorded using a K-alpha+ XPS spectrometer equipped with a MXR3 Al Kα monochro-

mated X-ray source (hυ = 1486.6 eV). X-ray gun power was set to 72 W (6 mA and 12

kV). At this setting, the intensity of the Ag 3d5/2 photoemission peak for an atomically

clean Ag sample, recorded at 20 eV pass energy (PE), was 5 × 106 counts s−1 and the full

width at half maximum was 0.58 eV. Binding energy calibration was made using Au 4f7/2
(84.01 eV), Ag 3d5/2 (368.20 eV) and Cu 2p3/2 (932.55 eV). Charge compensation was

achieved using the FG03 flood gun using a combination of low energy electrons and the

ion flood source. All spectra were acquired using 20 eV pass energy, 0.1 eV step size and

1 second (50 ms × 20 scans = 1000 ms) dwell times. Pellets of the samples were pressed

down onto the sample holder using metal pins and analysed at an electron take-off angle

normal to the surface with respect to the analyser. Pressure during the measurement of
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XP spectra was ≤ 1 × 10−8 mbar. Thermo Avantage software was used for data inter-

pretation. Shirley or two point linear background subtractions were employed depending

on background shape. Thermo scientific sensitivity factors were used for quantification

analysis. All XP spectra were charge corrected by referencing the fitted contribution of

C-C graphitic like carbon in the C 1s signal to 285 eV.

5.7 X-ray Diffraction

X-ray diffraction, XRD, is a non-destructive technique for the structural characterization

of crystalline materials. The underlying principle for this technique is described by Bragg’s

law and as such it utilizes the diffraction of X-rays, whose wavelength is in the same order of

magnitude as the atomic spacing between crystal lattices, in order to probe the periodicity

of the lattice. A diffraction pattern is obtained from which the atomic positions of a unit

cell may be calculated and its crystallography characterized. Additionally the pattern

serves as a fingerprint of the crystalline material. It is thus possible to identify the sample

by referencing it against the International Centre for diffraction Data, ICDD, database

through the Xpert HighScore interface [275].

Braggs’ law describes the condition for Bragg diffraction peaks to be observed:

nλ = 2dsinθ (5.1)

Where n is the order of the reflection, λ is the wavelength of the incident X-ray, d is

the lattice spacing and θ is the angle of incidence. Additionally, the plane normal [hkl]

must be parallel to the diffraction vector s, which bisects the angle between the incident

and diffracted beam, see Fig 5.5. Thus, incident X-ray beams are diffracted by the atomic

planes. However, when integer values of the wavelength of the incident X-ray are the same

as the difference in X-ray path length between two atomic planes, dsinθ, and interfere

constructively causing a spike in the intensity of the diffracted X-rays. This is often

referred to as an XRD or Bragg peak or reflection [276]. From the separation between the

planes, it is possible to identify the diffraction planes contributing to a Bragg reflection,

and subsequently the orientation of the cell structure, if the crystallographic space group

of the material is known.

5.7.1 Powder X-ray Diffraction

For material identification purposes, XRD samples are typically prepared as finely ground

powders. These are loaded onto the sample holder such that it forms a flat homogeneous

surface at a prescribed height. The grinding of the sample removes texture from the XRD

pattern wherein an orientation contributes disproportionately to the intensities detected,

such as if a large crystal were present. Similarly a variation in sample height would affect
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Figure 5.5: Illustrating the requirements for a Bragg reflection, when the extra distance,
dsinθ is equal to nλ and s is parallel to [hkl], adapted from [43].

(a) Schematic of the various XRD scan parameters, adapted from [43].

Scan Type Scan Parameters

Gonio Scan 2θ - ω scan
Rocking Curve ω scan

Pole Figure 360◦ φ scan over a ψ range
Reciprocal Space Map, RSM 2θ - ω scan over an ω range

(b) Typical XRD scan parameters for texture analysis of thin films.

Figure 5.6: XRD setup and scan parameters.

the path length of the incident and diffracted X-ray and should result in a shift in the

2θ values, while surface contours would affect the angle of incidence. The diffraction

pattern is obtained by performing a gonio scan (or a coupled scan): where the diffraction

intensities across a diffracted angle (2θ) range is detected but for which incident angle (ω)

varies according to 1
2 ∗ 2θ + offset, as in Fig 5.6a.

Powder XRD has been used extensively in this work in order to ascertain the phases present

and cell parameters of synthesized powders of varying composition. Room temperature

measurements were performed using a PANalytical Pro Materials Research Diffractometer,

MRD . High temperature measurements were performed using a PANalytical X’pert Multi-

Purpose Diffractometer, MPD, equipped with a Buehler high temperature stage.
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5.7.2 Structural Refinement of Powder X-ray Diffraction Data

Powder XRD patterns may be refined to obtain structural information of the material.

Besides the unit cell tensor parameters (a, b, c and α, β, γ), there are other refineable

parameters such as the zero point instrumental error, background intensities, peak width

and shape variables U, V, W, X and Y (depending on which peak shape function is

employed), and peak asymmetry. These are the variables refined in a Le Bail refinement

[277]. The more comprehensive Rietveld refinement would also account for structure

factors such as atomic positions, site occupancies and thermal factors of the constituent

atoms [278].

For the Le Bail refinement, the unit cell parameters and space group must first be pre-

determined. Then, refineable parameters are fitted using the least squares method to

minimise the difference between calculated and observed profile. A key feature of the Le

Bail method is that peak intensities are not a parameter to be fitted using least squares

(as they would be in the similar Pawley method). Instead, an arbitrary starting peak

intensity is used, and after each least squares fit, a new peak intensity calculated and set

as the arbitrary starting peak intensity. Having performed a Le Bail fit, a Rietveld refine-

ment may then be performed. The additional structure factors introduced determine peak

intensities. Thus for Rietveld refinements, the peak intensities may be calculated from the

structure model.

The Fullprof software [279] was used for all Le Bail and Rietveld refinement in this work.

A Pseudo-Voigt peak shape function was employed that had an additional function for

axial divergence asymmetry. The quality of the fit was assessed visually and through con-

sideration of the goodness of fit, chi-squared, defined as the fraction of weighted profile

residual, Rwp, over the expected profile residual, Rexp, and the Bragg residual, RB. The

Bragg residual is the only figure of merit that depends almost entirely on structural pa-

rameters (as opposed to both structural and profile parameters) and as such is the best

indication of the accuracy of the model of crystal structure used in a Rietveld refinement

[280]. As the fit improves, chi-squared tends to 1, and the Bragg residual to 0.

5.7.3 Thin Film X-ray Diffraction

An epitaxial film is a single crystal layer which is lattice-matched with the substrate

it is grown upon; it shares a similar lattice to the substrate and is able to strain in

order for the atomic bonding across the film and substrate to be matched. There is

a defined geometric relationship between film and substrate. This relationship may be

commensurate, coincident on incommensurate, depending on the extent by which the

lattice points of the film coincides with that of the substrate. A textured polycrystalline

film consists of multiple grains, but with a preferred orientation that may be correlated

to the substrate.

By utilizing a number of different scan parameters, see Fig 5.6a, it is possible to use high
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resolution XRD to determine if a thin film is epitaxial and to probe the structure and

defects of epitaxial thin films. Structural information that may be obtained using XRD

include the composition, thickness and superlattice period, while that of defects include

mismatch, relaxation, misorientation, dislocation density, mosaic spread, curvature, inho-

mogeneity and surface damage [43]. Gonio scans of thin films may be used to study factors

affecting the position of Bragg reflections and therefore provide information regarding the

presence of lattice mismatch of relaxation, and also the film composition. If thickness

fringes are observed in the gonio scans, they may also be used to calculate film thickness.

For all thin film gonio measurements in this work, the sample position relative to the

beam was first optimised for diffraction intensity. Following that, using the single crystal

substrate refection as a reference, the psi and offset values were also adjusted, if necessary,

for the plane normal [hkl] to be parallel to the diffraction vector.

There are a number of other scan parameters available, which have been employed in this

work to characterise other structural aspects of thin films. These include rocking curves,

pole figures, and reciprocal space maps, RSMs, corresponding to omega scans, phi scans,

and gonio scans over a range of omega values in order to produce a map, respectively,

see Table 5.6b. Additionally, the thin film may be tilted (an offset) in order to measure

diffraction peaks from different orientations, instead of just when the plane normal is

perpendicular to the sample surface as in a symmetric scan where ω = 1
2 ∗2θ. Such a scan,

where an offset value is introduced, is called an asymmetric scan.

5.7.4 Rocking Curves

Rocking curves were obtained by first locating the Bragg angle of a specific orientation.

While the detector is set at that 2theta angle, the sample is tilted by scanning through

a range of omega values. If the crystal lattice planes are perfectly parallel, a very sharp

peak will be obtained, see Fig 5.7. However, the presence of mosaicity, dislocation and

film curvature would broaden the peak. A means of measuring this peak broadening is

its peak full width at half maximum (FWHM). Crystallite size may also be calculated

from the FWHM using the Scherrer equation, though care should be taken to calibrate

for instrumental contributions to peak broadening first.

5.7.5 Phi Scans and Pole Figures

During a phi scan, the sample is rotated about an axis normal to a sample surface. If the

sample is tilted (psi) such that a diffracting plane normal [hkl] is parallel to the diffraction

vector, it is possible to obtain a number of reflections in the phi scan according to the

symmetry of the diffracting plane. For example, if the detector 2θ position is aligned at

the (001) reflection of an epitaxial film with a primitive cubic structure, a tilt of psi = 45◦

would result in the diffraction of the 110 family of planes as phi is rotated between 0 to

360◦ producing 4 peaks. By repeating these phi scans over a range of tilts (psi value), a
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Figure 5.7: Slight tilts of the [400] diffracting planes resulting in a broad peak (blue)
with a large FWHM, compared to a sharp peak (red) if the diffraction plane had been
completely flat, from [43].

pole figure may be constructed. Rocking curves may also be performed on these peaks to

evaluate in-plane mosaicity.

Phi scans and pole figures provide in-plane information of the texture, orientation, and

symmetry of the thin film. The absence of a peak would suggest a distortion of the lattice

hence the loss in symmetry. It also provides information of the geometric relationship

between the thin film and substrate lattice, whether it is commensurate, coincident on

incommensurate. A commensurate thin film would share the same peak positions in a phi

scan as the substrate. 0 to 360◦ phi scans and pole figures were not explicitly presented

in this work, but performed during the alignment for reciprocal space map measurements,

which also provides in-plane information on the relationship between film and substrate

lattice orientation.

5.7.6 Reciprocal Space Maps

Reciprocal space comprises of a reciprocal lattice, each point of which is a projection of

the reciprocal vector, d∗hkl, where d∗hkl = dhkl and dhkl is the vector from the origin to

the normal of the crystallographic plane in the family (hkl). Thus each reciprocal vector

represents a set of Bragg planes. The reciprocal lattice may be represented on the Ewald

sphere, of radius 1
λ . Therefore lattice points on the surface of the Ewald sphere satisfy the

condition for Bragg diffraction. Rocking curves and gonio scans cover an arc centered on

the origin, or a straight time from the origin, respectively, of the reciprocal space, see Fig

5.8.

RSMs are an invaluable tool for assessing effects such as strain or compositional variations

that would cause a shift in the Bragg diffraction and subsequently reciprocal lattice points

as multiple scans may be employed to map that shift. Additionally, the scan range may be

extended in order to see reciprocal lattice points of the substrate, providing information of

the geometric relationship between film and substrate. In a symmetric scan, θ = ω. How-

ever, as earlier mentioned, a tilt (offset) value may be introduced to perform asymmetric

scans. These asymmetric scans are necessary for in-plane structural assessment and may

be achieved using either a grazing incidence configuration (as has been employed in this
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Figure 5.8: Representation of an omega scan (left) and gonio/coupled scan (right) on a
Ewalds sphere from [43].

Figure 5.9: An asymmetric scan is necessary to differentiate between a compositional
change shifting the Bragg peaks, or if the film is strained, adapted from [43].

work) or a grazing exit, where ω = θ - tilt or ω = θ + tilt, respectively.

It is necessary to have both symmetric and asymmetric RSM in order to identify if shifts

in reciprocal lattice points are due to strain or compositional changes. In a symmetric

scan, both would result in a shift along the direction from the reciprocal lattice point to

the origin. However, in an asymmetric scan, it can be see that while a compositional

change would also result in a shift along the direction from the reciprocal lattice point to

the origin, the presence of lattice strain would result in a shift of the reciprocal lattice

point off the line between its unstrained position and the origin, see Fig 5.9.

Broadening of the Bragg reflection would result in a spreading of the reciprocal space

point, which would be detected in the RSM. The spread of a reciprocal space point (not a

shift in its position) may arise from compositional or strain gradients, or the presence of

defects. By observing the direction of the reciprocal space point spreading relative to the

direction of the reciprocal lattice point to the origin, it is possible to identify the cause of

the spreading, see Fig 5.10. Similarly, in the case where defects have caused a broadening

of the Bragg reflection, it is possible correlate the extent of the broadening normal and

parallel to the reflective plane to mosaic spread or lateral correlation length respectively.
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Figure 5.10: The different sources of peak broadening, adapted from [43].

5.8 X-ray Reflectivity

Based on a similar principle to XRD but with reflecting smooth and flat surfaces and

interfaces rather than diffracting planes, XRR measurements provide information about

thin film layer thicknesses and densities, and the surface or interface roughness of the

film(s) [281]. If the X-rays are directed at a sample surface at extremely small grazing

angles of incidence, all the X-rays will be reflected by the sample surface. However, as

the angle of incidence is increased beyond a critical angle X-rays begin to penetrate the

material and there is a large decrease in the detected X-ray intensity. As the angle of

incidence increases, the X-rays transmit deeper into the material, and is reflected at the

film/substrate interface. These multiple reflected waves have a phase difference between

each other and interfere, producing interference fringes which may be related to the film

thickness by the modified Bragg equation [282], where D is the thickness of the film layer,

n is the integer number of fringes, is the wavelength of the incident X-ray, and ac and ai

are critical angle and observed angle of the fringes, respectively.

2D
√
sin2(ai)− sin2(ac) = mλ (5.2)

Thus the distance between the fringes is inversely proportional to the film thickness. The

roughness of the film surface and film-substrate interface affects the reflectivity of the

X-rays, causing diffuse scattering. Thus the XRR measurements for a rougher film would

have a sharper decay in intensity beyond the critical thickness. The decrease in intensity

with incident angle may be used to determine surface roughness. As the critical angle is a

function of electron density, changes in the critical angle for the same chemical composition

must indicate a change in the sample density. Thus film layer thickness and density, and

surface roughness may be determined from XRR measurements. XRR measurements in

this work were performed using the PANalytical X’pert Pro MRD. Determination of film

thickness values was performed by Dr. A. Cavallaro of Imperial College London.
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5.9 Vertical Scanning White Light Interferometry

White light interferometry, or coherence scanning interferometry is a technique based

on the superpositioning of (in this case) light waves to create interference fringes from

which surface height measurements may be calculated. A vertical scanning white light

interferometer setup consists of a white light source from which the light is collimated,

sent through an objective lens, then split using a beam splitter to get a reference and

test beam. The reference beam is reflected off an internal reference mirror while the test

beam is reflected off the sample surface, before the recombined intensity is detected. The

interference fringes vary according to the position of the objective lens as the reflection

of different sample surface heights cause a variation in phase difference. Thus by varying

the position of the objective lens, it is possible to map the topology of a surface. A large

number of interference fringes and curvature of the fringes indicate a rough surface and

surface curvature respectively.

All crater-depth measurement by white light interferometry was performed by C. Van den

Bosch of Imperial College, using the NewView 200 instrument by Zygo Corp. Prior to

each measurement, careful positioning of the sample on the z-axis was performed to focus

the sample as indicated by fringe contrast (a focused sample would produce a high fringe

contrast).

5.10 Electrical Conductivity Measurements

4-point measurements were used for all electrical conductivity measurements. Two elec-

trodes are used to supply the current, while the remaining two measure the voltage loss.

Such a setup removes contact resistance contributions to the measurement that would be

present if just two terminals were used. For the bar samples, the electrodes were arranged

in a linear manner. Though the resistivity measured is directional, the sample is poly-

crystalline and isotropic. For the sheet conductivity measurements of the textured thin

films, the van der Pauw method was used in order to obtain an average conductivity of the

sample [283]. Both configurations, for bar and for thin film samples of a square geometry

are depicted in Fig 5.11 for measurements of electrical conductivity. The equation for the

resistivity of the thin film assumes a flat, homogenous, isotropic sample with point-size

contacts along the sample circumference, according to the van der Pauw theorem [283].

However, in practical application, contact placement and a finite contact size result in a

deviation from the ideal van der Pauw case condition. Measurement errors arising from

contact size or placement can be reduced by employing a square or cloverleaf sample

shape, whereas a circular sample shape is associated with larger errors [284]. The effects

of contact size and shape (square or triangular) on measurement error have also been in-

vestigated in square samples [285]. It was found that a triangular contact at the corners of

a square sample provided the best approximation to van der Pauw’s infinitesimal contacts.
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Figure 5.11: Schematic of bar and thin film configurations used for measurements of
electrical conductivity.

Decreasing contact size improved the approximation. Nevertheless, though the two short

edges of the triangular contact may be as large as 1
8 of the sample length, the measurement

error was a low ±0.25% [285]. Thus, van der Pauw measurements in this work have been

performed using square samples and triangular contacts, at the sample corners, which do

not exceed 1
8 of the sample length.

To account for the measurement error associated with the square sample geometry, 4

different measurements may be made for each sample by interchanging the contacts, see

Fig 5.11. By symmetry, Vcd
Iab

should be the same as Vab
Icd

, and Vcb
Iad

should be the same as
Vad
Icb

, and as such it is only necessary to measure at the two different configurations where

the current directions are perpendicular to each other. From the van der Pauw equation

[283]:

exp

(
−πd
ρ

Ra

)
+ exp

(
−πd
ρ

Rb

)
= 1 (5.3)

Assuming Ra and Rb values are similar, a correction factor, f
(
Ra
Rb

)
, a dimensionless

quantity that depends on the Ra
Rb

ratio [283, 286, 287] may be introduced. Thus the

sample resistivity is given by :

ρ =
πl

ln2

(
Ra +Rb

2

)
f

(
Ra
Rb

)
(5.4)

The correction factor, f , has been empirically determined for a range of Ra
Rb

ratios, from

1 to 200, where Ra
Rb

= 1 represents the ideal situation with a perfectly square array, [287].

Depending on Ra
Rb

for each sample measurement, the appropriate correction factor was

applied.
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Figure 5.12: Thin film sample with contacts attached with Ag paint.

Electrical contacts with bar samples were made by wrapping an Au wire once around

its breadth. Care was taken to ensure a constant distance between contacts along the

sample length, and good contact between the wire and the sample. For the van der Pauw

measurements, Pt wires were attached to the four corners of the square samples using

Au paint, applied in a roughly triangular shape. A good bonding was achieved upon

subsequent heating of the sample. A photo of a sample is provided in Fig 5.12. All

electrical measurements were performed in static air. The samples were positioned at

the centre of a tube furnace, as close as possible to a thermocouple, which would measure

near sample temperatures every second. The electrical data were collected using an Agilent

34401A Multimeter at 1 s intervals.

The bar and thin film samples were heated at a rate of 10 ◦C/min to 700◦C. Upon reaching

700◦C, the samples were held at that temperature for at least an hour to equilibrate.

While equilibrating, trial measurements would be taken to identify an appropriate current,

within the Ohmic region, to use. As the operation of the furnace was found to affect

measurements, it was turned off and electrical measurements were taken upon cooling

from 700◦C to room temperature within the furnace.

5.11 Isotope Exchange Depth Profiling

Oxide ion conductivity, as covered in Chapter 5, comprises of a surface exchange event as

oxygen is incorporated into the lattice, and bulk diffusion as the oxide ion is transported

away. These processes may be described by the surface exchange coefficient, k∗, and self-

diffusion coefficient, D, respectively. A technique that enables the measurement of both

values is Isotope Exchange Depth Profile, IEDP [116]. There are 3 steps to this technique:

the isotope exchange wherein an isotope diffusion profile is introduced into the sample;

the depth profiling using secondary ion mass spectrometry, SIMS, wherein the diffusion

profile may be mapped; and lastly fitting the profile to obtain k∗ and D values.
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5.11.1 Tracer Exchange

The 18O isotope was used as the tracer due to its relatively low natural abundance. Prior to

exchange, sample preparation included the grinding and polishing of dense pelletized sam-

ples in order to create a flat interface at which oxygen exchange may occur (crucial for ac-

curate modeling of the diffusion profile later). This process is the same as described for the

preparation of the Ce0.9Gd0.1O2 polycrystaline substrate in Section 6.2. Thin film samples

were encapsulated in Au to prevent oxygen exchange through the Ce0.9Gd0.1O2/8mol%-

YSZ substrate; exchange could only occur at a section of the film surface that had been

masked off before sputtering on the Au. Samples were placed in a quartz holder in the

exchange chamber. A thermocouple was located at the base of the holder.

The exchange procedure requires two anneals. The first anneal was performed in pure

oxygen: the exchange chamber was pumped down to a vacuum of at least 10−7 mbar

before research grade oxygen (99.9995%) of a normal isotopic abundance was introduced

at a nominal ρO2 of 1 atm. The sample was then rapidly heated to the temperature

of interest and annealed for a duration at least 1 order of magnitude larger than when

annealing in 18O. This was to ensure that chemical equilibrium at the anneal temperature

and oxygen partial pressure was achieved. This anneal also served to remove any volatile

species on the sample surface. Following the anneal, the sample was quenched to room

temperature, and the exchange chamber pumped down to a vacuum of at least 10−7

mbar, again, prior to the exchange anneal. This time however, oxygen enriched with

the 18O tracer was introduced into the exchange chamber at the same nominal ρO2 of 1

atm. The exchange anneal was then performed and the sample quenched. Following the

exchange anneal, a mass spectroscopy of the chamber gases was performed to measure 18O

concentrations. The temperature-time profiles, of both anneals, were recorded.

5.11.2 Secondary Ion Mass Spectrometry

Secondary ion mass spectrometry, SIMS, is a technique for the compositional analysis of

surfaces. The main advantage of this technique is that it is mass sensitive, and therefore

can differentiate between different isotopes of the same element. It requires the use of

an ion beam, which is directed at a sample surface. These energetic primary ions collide

with surface atoms, transferring energy to them and knocking them off their lattice sites

creating a vacancy and a secondary particle. The secondary particle may be a neutral

species, or charged, and may an atom, a cluster of atoms or a molecular fragment. The

primary ion will continue into the sample lattice, losing energy in a series of collisions as

it continues to damage the lattice by knocking deeper lattice atoms off their sites until it

has insufficient energy and embeds into the lattice. The secondary particles will also cause

a similar damage on the surrounding lattice. This damage inducing process is called ion

beam induced mixing, and occurs within the primary ion penetration depth. However, if

the secondary particles have sufficient energy to sublime, and are formed within the escape

depth at the sample surface, they are ejected from the sample. This sputter yield is the
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signal that is detected. The sputtered particles may have a range of energies and charge.

A mass spectrometer is used to analyse the composition of the secondary ion yield.

There are two different modes of SIMS operation: dynamic and static SIMS. In dynamic

SIMS, a much higher energy primary ion beam is used, producing a larger secondary ion

yield. Thus it is often used for bulk analysis of elements and isotopes. Additionally, it

allows for accurate concentration depth profiling of the sample as the primary ion beam is

able to sputter craters into the sample with monolayer precision. However with a higher

primary ion beam energy, the penetration depth and ion beam damage is greater. Depth

resolution is determined by primary ion beam mixing. Static SIMS is used for surface

atomic monolayer analysis. Ion beam energies are sufficiently low that sputtering does not

result in significant removal of the surface monolayer. Additionally a low ion flux ensures

that, statistically, secondary ion yield is representative of a fresh original and undamaged

surface.

There are four types of mass spectrometry commonly used for their large mass range,

sensitivity and resolution: radio frequency, RF; quadrupole; magnetic sector; and time-

of-flight, ToF. In the RF uadrupole system, secondary ions are passed between 4 parallels

poles, one pair with a constant DC bias while the other pair has an additional oscillating

radio frequency. By tuning the radio frequency, ions of the desired m
z ratio retain a stable

trajectory and are able to pass through the quadupole, while the other ions spin out. In

a magnetic sector spectrometer, the secondary ion beam is directed through a magnetic

sector, which deflects the ions. The extent of the deflection depends on ion mass. Thus

the ion mass may be determined by calibrating against the angle of deflection. Lastly, in

a ToF mass spectrometer, secondary ions are accelerated by an electric field of a known

strength. Thus ions of the same charge all acquire the same kinetic energy. As the velocity

of the ion is also a function of its mass, heavier ions (of the same charge) would have a

lower velocity. ToF mass spectrometry differentiates between ions of different masses by

the different lengths of time they take to reach the detector. Further details of the SIMS

technique may be found in the work of Vickerman et al. [288].

The objective of the SIMS analysis in this work was to map the 18O tracer diffusion

profile into bulk and thin film PCO113 samples. The secondary ion yield may be positive

or negative, only one of which may be detected at a time. Oxygen is electronegative and

as such has a high negative ionisation yield. Therefore, to optimise yields for the oxygen

secondary ions, though at the expense of the electropositive matrix cation yield, it was the

negatively charged secondary ion yield that was measured. A summary of the advantages

and disadvantages of collect positive or negative secondary ions with respect of 18O tracer

diffusion profiling is provided by Kilner et al. [116]. The negative ionisation efficiency for

electronegative elements can be improved by using a Cs+ primary ion beam.

ToF mass spectrometry has the advantage over other mass spectrometry techniques in that

it is able to detect the entire spectrum of secondary ions (of the same polarity) in a single

measurement. An in depth study has been performed by de Souza et al. on advantages and

limitations of ToF SIMS in determining oxygen isotope profiles in oxides [44]. One of the
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Figure 5.13: Schematic illustrating the two operational modes, from [44].

Figure 5.14: A burst-mode mass spectrum of negative secondary ions showing a significant
decrease in 16O− counts after the first burst due to the instrument deadtime, from [44].

main difficulties in profiling tracer concentrations is in measuring sufficiently high levels

of 18O− without saturating the detector with the 16O− major isotope signal. A solution

to this is to operate in ‘burst-mode’. The primary ion beam pulses (’bunch mode’) are

modulated into smaller pulses, which measurement can later be summed. A schematic of

the bunch and burst modes are provided in Fig 5.13.

A key observation from experimental results was the large variation in 16O− intensity

within the bursts, whereas the intensities of other species remained roughly equal, see Fig

5.14. Even in burst-mode, the detector was saturated from the 16O− signal. The decrease

in 16O− signal following the first burst was due to the detectors inability to recover before

the onset of the next wave of 16O−, and thus was unable to register its full intensity in all

subsequent bursts. To obtain the correct 16O− intensity, the intensity peaks must either be

corrected using Poisson statistics (non-trivial given the multitude of peaks) and summed,

or the intensity of the first Poisson corrected peak to be multiplied by the total number

of bursts.
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In this work, a TOF-SIMS V instrument (ION-TOF GmbH, Munster, Germany) was used

for IEDP measurements, operated in static burst mode. It was equipped with a Bi+ liquid

metal ion gun, LMIG, which served as the primary ion source. This ion beam generated

the secondary ion beams analysed. A second ion gun with a Cs+ thermal ionisation

source was also equipped and used to mechanically remove sample surface to allow for

depth profiling. Thus the data collection sequence involved an alternation of these two

guns to build a depth profile. First the low dose 25 keV Bi+ primary ion beam would

be rastered across the analysis area, ejecting secondary ions that would be mass profiled.

Then, the 2keV Cs+ ion sputter beam would be used to remove the top surface of the

sample. Analysis would resume with the Bi+ ion beam on a fresh, undamaged surface

at a greater depth within the sample. The 16O− tracer concentration was summed over

each analysis area. An analysis area of 100 µum by 100 µm, and a sputter area of at least

300 µm by 300 µm was used. The large sputter area was to ensure that the analysis area

was a sufficient distance from the crater edge that its surface remained flat. Profiling of

the craters was performed to verify this. The bombardment of charged particles on an

insulating sample may result in surface charging that deflects the primary ion beam. As

evidence of surface charging was found on the PCO113 samples in this work, an electron

flood gun was used to charge compensate this effect.

5.11.3 Fitting 18O Diffusion Profile

ION-TOF’s Surface Lab software (ver. 6.2, Ion-Tof, GmbH, Munster, Germany) included

a Poisson correction feature for the burst mode intensities. This was applied to the signal

in order to extract accurate 16O− intensities. The 18O− fraction, C∗, was calculated as

follows [44]:

C∗ =

[
18O

]
[18O] + [16O]

(5.5)

As mentioned in Chapter 2.3.1, it is necessary to normalize the 18O− fraction, C, against

the natural abundance of 18O (0.2%), and the abundance of 18O during the exchange

anneal. As a mass spectrum of the exchange anneal atmosphere was obtained, it was

possible to determine the abundance of 18O during the exchange through consideration of

all oxide species. The corrected 18O tracer isotope fraction, C
′
, may then be fitted against

Crank’s solution for diffusion in a semi-infinite medium [105], see Chapter 2.3.1.

In order to determine sputter rates, crater depth measurements were performed using the

Zygo NewView 200 3D optical interferometer and correlated to Cs+ ion beam sputter time.

Exchange anneal times and temperatures were calculated from the measured temperature

profile based on the principal of an effective duration of a linear slow-cool as proposed

by Killoran [10], which has been validated for use with the IEDP technique [11]. Fitting

of the corrected 18O tracer isotope fraction, C
′
, diffusion profile to Cranks solution was
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performed via the least squares methods, using the TraceX Software developed by Dr. S.

Cooper of Imperial College.



Chapter 6

Synthesis and Characterisation of

PLD Targets and Film Substrates

Previously in Chapter 4, the objectives of this thesis were stated. It required the fabrica-

tion of PrCoO3−δ, PCO113, and Pr2NiO4±δ, PNO214, thin films, and also Ce0.9Gd0.1O2−δ,

CGO, buffer layers. Pulsed laser deposition, PLD was the thin film deposition technique

to be employed. In this chapter, the preliminary work in preparing the three PLD targets

and characterizing the two different film substrates, Si(004) and 8-mol% yttira stabilized

zirconia, YSZ(002), was performed. The Si(004) substrate was to be used for the optimiza-

tion of the PLD conditions, and the YSZ(002) substrate for the deposition of thin films

to be investigated. Prior to its use as a substrate for the PCO113 thin film, a CGO buffer

layer had first to be deposited by PLD upon the YSZ(002) substrate. PLD conditions

for a CGO buffer layer were also tested in this chapter. Additionally, a polycrystalline

CGO substrate was also prepared for the deposition of thick polycrystalline PCO113 and

PNO214 thin films.

6.1 Literature Review

PCO113 and PNO214 powders had first to be synthesized before they could be sintered

into PLD targets. In the following literature review, synthesis methods employed for

similar perovskites were examined from which a range of conditions to be trialled were

identified. The deposition of high quality dense and homogeneous thin films requires the

use of a dense PLD target, see Section 5.2, which was also a consideration.

CGO was identified to have the lowest lattice mismatch with PCO113. In order to optimize

CGO buffer layer quality and microstructure, structural zone models (a concept from the

physical deposition of metallic films) of CGO have been used. The deposition conditions

of epitaxial CGO films on YSZ(001) reported in literature were also reviewed. Lastly, the

preservation of CGO target stoichiometry was considered.

67
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6.1.1 Synthesis of PrCoO3−δ and Pr2NiO4±δ PLD Targets

As covered in Section 5.1, the Pechini sol-gel synthesis method offers many advantages

and is frequently employed in the synthesis of Pr-based perovskite [289, 6, 290] and R-P

materials [291, 292, 293, 294] oxide powders. Where provided, details of these different

conditions may be found in Table 6.1. Typically, Pr and Co nitrate precursors were used in

conjunction with citric acid. Where an oxide precursor was used, a solution was obtained

by dissolving in concentrated HNO3. Following the preparation of a stoichiometric citrate

and nitrate solution, it was agitated and slowly dried into a resin before being decomposed

then calcined. On all occasions, powder XRD was used to confirm a single phase product.

For this work, the ratios of citric acid and polyethylene glycol used were adopted from work

by Zhong et al. [292, 293]. Based on these conditions a range of calcination temperatures,

from 600◦C to 1300◦C have have been tested here.

PCO113 targets for PLD have been sintered by Prakash and Mehta [295, 296, 297].

Prakash used the combustion method to synthesize the powder and the PLD target was

obtained by sintering at 1200◦C for 12 h. No density measurements were taken of the

target, but SEM images of the deposited PCO113 thin films suggested good homogeneity

and that it was the substrate used that the film morphology was sensitive to [295, 296].

Mehta used the solid state method to synthesize PCO113 powder, which was cold pressed

into a disc (∼16000 psi) and also sintered at 1200◦C in air, but for 96 h. Again, no density

measurements were made of the PCO113 PLD target, though epitaxial PCO113 films of

a high crystallinity (the full width half maxima of the PCO113(002) reflection did not

exceed 0.7◦ even for the thicker films) and lower surface roughness (RMS ∼2.5-5 Å) was

successfully deposited on a single crystal (001) oriented SrTiO3 substrate [297].

Preparation of dense PNO214 pellets for the determination of its transport properties

has been reported by Boehm et al. [142]. The glycine-nitrate combustion process was

used in conjuction with a high temperature calcinations between 950-1077◦C, the high

temperatures being deemed necessary to obtain a pure and well crystallized compound, to

obtain single phase PNO214 powder. To sinter a ceramic with a density exceeding 96% as

measured using the sample dimension and the Archimedes method, the powders were first

ground at 1200 rpm for 3 h in an ethanol medium, uniaxially pressed (∼100 MPa) into 10

mm diameter discs 3 mm thick, then isotatically pressed (∼180 MPa). The green bodies

were sintered at 1200◦C for 1 h, with a heating and cooling rate of 5◦C/min and 10◦C/min

respectively. Sintered Pr2−xSrxCoO4±δ and PNO214 have also been produced by Zhong

et al. and Allancon et al. (sintering conditions of: 1100◦C for 10 h and at 1327◦C,

respectively) [293, 294], however no measurements were taken of the pellet density. In Cu

and Gd doped PNO214: Pr2Ni0.71Cu0.24Ga0.05O4±δ, PLD targets were prepared by cold

isotatically pressing (300 MPa) and sintering at 1250◦C for 6 h. Again, no density values

of the target were provided.
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Product Synthesis Conditions Reference

PrCoO3−δ Stoichiometric solution dried at 120◦C, decom-
posed at temperatures up to 600◦C for 12 h, and
treated at 950◦C in air for 12 h to obtain a poly-
crystalline powder.

[289]

Pr(1−x)SrxCoO3−δ
(where 0.1 ≤ x ≤ 0.5)

Excess citric acid monohydrate at 5-10 times the
molar amount of cations used. Stoiciometric so-
lution dried at 180◦C overnight and decomposed
at 350◦C then pressed into pellets and sintered
at 900◦C in air.

[6]

Pr(1−x)SrxCoO3−δ
(where x > 0.6)

Nitrate precursors dissolved in dilute nitric acid,
citric acid and polyethylene glycol. Dried
residues were pelletized and calcined at 1100◦C
under flowing oxygen for up to 3 days and cooled
to room temperature at a rate of 2◦C/min, with
intermediate re-grinding and re-pelletizing.

[290]

PrSrCoO4+δ Equal mole ratios of metal precursor and cit-
ric acid, and polyglycol 20,000 at 0.03 mol/mol
metal cation were mixed, dried, and calcined at
600◦C for 4 h. It was then pelletized and cal-
cined at 1100◦C for 10 h. The pellet was pul-
verised to 0.250 - 0.177 mm.

[291]

Pr(2−x)SrxCoO4+δ

(where 0.2 ≤ x ≤ 1.0)
Stoichiometric ratios of the precursors were dis-
solved in citric acid and polyglycol 20,000, and
dried at 80◦C. Dried residues were calcined at
550◦C for 4 h, pelletized and calcined again be-
tween 750-950◦C in air for 10 h.

[292]

Pr(2−x)SrxCoO4+δ

(where 0.2 ≤ x ≤ 1.0)
As in [292] except the dried residues were cal-
cined at 600◦C for 4 h, pelletized and calcined
again at 1100◦C for 10 h. The sintered pellet
was crushed to ∼0.25 - 0.18 mm.

[292]

Pr2NiO4+δ Dried residues were decomposed at 700◦C and
then calcined at 1200◦C underair with one in-
termediate grinding step. Samples were slow
cooled in air to room temperature.

[294]

Table 6.1: Sol-gel synthesis conditions of Pr cobaltate and nickleate oxide perovskites and
R-Ps, as reported in literature.
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Composition Crystal Structure Cell Parameters Reference
and Spacegroup (Å)

PrCoO3−δ Orthorhombic a = 5.3403(2) [6]
Pnma b = 7.5744(2)

c = 5.3754(2)

Pr2NiO4±δ Orthorhombic a = 5.45670(9) [299]
Fmmm b = 5.39292(9)

c = 12.4464(2)

Ce0.9Ge0.1O2−δ Cubic Fm3̄m a = b = c = 5.418 [298]

(Y2O3)0.08(ZrO2)0.92 Tetragonal a = b = 3.6294(4) [300]
P42/nmc c = 5.1433(8)

Table 6.2: Table of crystal structure and spacegroup.

Figure 6.1: Schematic of the minimum lattice mismatch between films and substrate with
and without the use of a CGO buffer layer.

6.1.2 PLD of Ce0.9Gd0.1O2−δ Thin Films on YSZ-8mol%(001)

For this work, the objective of using a CGO buffer layer on the single crystal YSZ substrate

is, primarily, to minimize lattice mismatch. This is necessary for the growth of an epitaxial

PCO113 or PNO214 film. The smallest lattice mismatch between the PCO113 and CGO

system is 0.8%, at the PCO113[001]/CGO[001] edge, based on literature values of cell

parameters where the Pnma and Fm3̄m spacegroups have been assigned to PCO113

and CGO respectively [6, 298]. For Fmmm PNO214 [299] on CGO, this is 0.5% at the

PNO214[010]/CGO[001] interface. Whereas, if a CGO buffer layer were not employed,

and the oxide films deposited directly upon tetragonal P42/nmc YSZ [300], the smallest

mismatch obtainable is -3.9% at the PCO113[100]/YSZ[110] interface and -4.8% at the

PNO214[010]/YSZ[110] interface (given that the YSZ substrate has a (001) out-of-plane

orientation). A table of the lattice parameters and an illustration of the different lattice

mismatches arising from the introduction of a CGO buffer layer are depicted in Table 6.2

and Fig 6.1. By varying the thickness of the CGO buffer layer the lattice mismatch with

the PCO113 film can be controlled, and a range of PCO113 lattice strain obtained. Thus,

it was necessary to optimise PLD conditions to grow a dense, epitaxial flat film.

The deposition and microstructure of metallic thin films deposited using a physical vapour

deposition process have been extensively studied. Such films typically have a porous colum-
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Zone Tr Growth Process Film Morphology

1 Tr < 0.3 Shadowing Porous columnar

2 0.3 < Tr < 0.5 Surface diffusion Dense columnar

3 Tr > 0.5 Bulk diffusion Enhanced crystallization and grain growth

Table 6.3: Table of the three SZM zones as a function of deposition temperature, and the
resulting dominant growth process and ensuing film morphology [2].

nar structure due to the nature of the physical deposition process involving the bombard-

ment (or sputtering) of particulates onto the substrate surface. The film microstructure

is therefore predominantly determined by the interaction within the bombarding species

and also between the bombarding species and the substrate surface, and by the energy of

the system (through substrate heating or from the bombarding species) [301]. Thus, early

structural zone modes, SZMs, were developed relating the deposited film microstructure

to the reduced temperature, Tr , defined as Ts/Tm where Ts is the substrate temper-

ature during deposition and Tm is the melting temperature of the deposited material

[302, 303, 304]. Three zones were identified according to their morphology as a result of

the process dominating film growth, see Table 6.3

As the energy of the incoming abladed species is also affected by the partial pressure,

SZMs have been adapted to account for the effects of deposition pressure. It was found

that in Zone 1 (when Tr <0.3), a transition zone was found at low oxygen partial pressures

where dense films were deposited having fine fibrous grains without the pores typically

associated with this zone in the SZM. Additionally, due to the nature of the PLD process

and the formation of nanoclusters at high pressures [305, 306] the nucleation and growth

of clusters is enhanced in films deposited at high pressures in Zone 1. A schematic of the

resulting microstructure within Zone 1 is depicted in Fig 6.2. Thus deposition temperature

primarily determines the crystallization of the deposited species, while deposition pressure

determines the film structure [2].

This concept is also applicable to the deposition of crystalline ceramics, and a SZM has

been proposed for the CGO system [2], see Fig 6.3. As predicted by SZMs, the morphology

of CGO thin films deposited at low partial pressures below 0.05 mbar corresponded to that

of the transition zone within zone 1. At higher deposition pressures, crystalline clusters

were stable and nucleated on the substrate surface resulting in a loose porous structure

with clusters were observed. Increasing deposition temperature increased film density and

adhesion to the substrate.

CGO is commonly deposited as a buffer layer between YSZ and lanthanum-based cathodes

[30] to prevent chemical reaction between the stabilised zirconia and the cathode, if it

contains Co [307, 308], or to reduce interfacial resistances at both anode and cathode

[309]. In work investigating oxygen reduction kinetics in the LSC113/LSC214 system,

epitaxial CGO buffer layers were also deposited onto a YSZ thin film substrate [27, 29,

227, 310, 311]. These experimental conditions employ substrate temperatures of around

680◦C and low oxygen partial pressures of around 10 mTorr to 30 mTorr. Deposition
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Figure 6.2: The effect of pressure and temperature PLD deposition conditions on the
microstructure of the thin film in Zone 1 of the SZM. Regions A and B correspond to
the transition zone. At low pressures and temperature (A), the films consist of disordered
by coherent grains, which become strongly ordered at higher temperatures (B). At high
pressures and low temperatures (D), a loose structure of clusters and pores form, which
undergoes dissolution of the clusters into columnar grains at higher temperatures (though
the pores persist)[2].

Figure 6.3: Microstructural pressure-temperature map for CGO thin film deposition by
PLD, where the reduced temperature was calculated from a melting temperature of 2500◦C
[2].
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of CGO on other substrates such as Pt, sapphire, NdGaO3 and LaAlO3, have also been

carried out successfully, over a much larger substrate temperature range between 500◦C

and 850◦C [60, 312, 313].

Therefore, for the PLD of CGO on YSZ, two different substrate temperatures were em-

ployed: 680◦C (Tr = 0.272) and 780◦C (Tr = 0.312), corresponding to literature values for

the successful deposition of PCO113 and doped PNO214 [295, 296, 297, 314, 315], both

temperatures having been used for the successful deposition of CGO. Similarly, following

on for reported deposition conditions, oxygen partial pressures of 10 mTorr (0.013 mbar)

and 30 mTorr (0.040 mbar)were trialled [27, 29, 227, 310, 311]. Based on the SZM by

Infortuna et al. [2], these conditions do not lie within the transition zone of CGO, which

produces the ideal film morphology. A cluster morphology is expected instead, see Fig

6.3, especially for the deposition at an oxygen partial pressure of 30 mTorr. Due to instru-

mental limitations, it was not possible to deposit a CGO film at the low oxygen partial

pressures of the transition zone. Nevertheless, a dense CGO film with good adhesion to

the YSZ substrate was expected. For finer control of film thickness, a low laser pulse

energy was used.

6.1.3 Ce0.9Gd0.1O2−δ Target Stoichiometry During PLD Ablation

One of the greatest advantages of PLD as a fabrication technique is that it is possible

to have stoichiometric transfer between target and deposited film. But, this does depend

on deposition conditions [316]. Ideally, the laser would ablate many layers off the target

material, resulting in an overall stoichiometric removal of material. However, if the target

components have a low cohesive energy, too low a laser fluence would lead to preferential

evaporation of the most volatile component of the target [317, 318]. The laser fluence also

needs to be uniform across the entire beam spot, or a mixture of ablation and evaporation

of the target will occur resulting in target segregation. Thus, PCO113 and PNO214 tar-

gets, with their volatile Cu and Ni components, may be susceptible. It is worth examining

the effects of the laser ablation on the target.

Work on the PLD of CGO on Si(100) has indicated that target stoichiometry is not

maintained in the deposited film, which can be Gd rich by up to a factor of 2 [319]. It

should be noted that a relatively low laser fluence of 90 mJ was used, which may have

contributed to the Gd enrichment. This low fluence is required for this work in order to

have fine control of the CGO film thickness and cannot be compromised. However, even if

the film stoichiometry changes to Ce0.8Gd0.2O2−δ (cubic Fm3̄m, a = b = c = 5.42573(1)

Å[156], the lattice mismatch should still only be 0.9% at the PCO113[001]/CGO[001] edge,

and 0.6% at the PNO214[010]/CGO[001] interface. Additionally, if deposition conditions

were consistent through all the samples, this Gd enrichment and its effect on the CGO

lattice parameters should be constant between samples, thus allowing for comparisons

within the CGO films produced in this work.
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6.2 Experimental Method

Prior to the synthesis of PCO113 and PNO214 samples, the water of hydration content

of Pr(NO3)3.xH2O, Co(NO3)2.xH2O and Ni(NO3)2.xH2O were calculated. The hydrous

nitrates were weighed, decomposed and re-weighed. XRD patterns were taken of the

resulting oxides to identify their composition. Given the molar content of the metal cation,

the water of hydration was calculated. This was performed prior to each batch synthesis

of PCO113 and PNO214 and a range of hydrations calculated, varying with precursor age

and exposure.

For the sol-gel synthesis of PCO113, Pr(NO3)3.xH2O, Co(NO3)2.xH2O and citric acid (3

times moles of metal cations) were dissolved, at stoichiometric proportions, in distilled

water at a concentration of 0.75 mol metal cation/l. Polyethylene glycol was added to

the solution at a concentration of 0.03 mol/mol metal cation. The solution was heated

at 120◦C on a hot plate and agitated with a magnetic stirrer until a gel formed. The gel

was treated in a decomposition oven in air for 3 hours at 300◦C and 600◦C. This removed

most of the organic materials. After each treatment, the obtained precursors were ground

with a mortar and pestle. A final calcination was performed between 600◦C and 1000◦C,

for 12 h in air. The same procedure was followed for the synthesis of PNO214, except

that Ni(NO3)2.xH2O was used instead of Co(NO3)2.6H2O and the final calcination was

performed between 900◦C and 1300◦C.On all occasions, the heating and cooling rates of

the furnace were set to 5 ◦C/min.

If the samples were to be pelletized, such as for PLD targets, it would be uniaxially pressed

into a 30 mm diameter green body prior to the final calcination. The green bodies were

then cold isotatically pressed (300 MPa) for 30 s. The remaining organics acted as binders

within the green body. The green bodies were then cold isotatically pressed (300 MPa)

for 30 s (without the isostatic pressing, the targets would warp and crack during the heat

treatment), then the final calcination performed. Thus the final calcination step served

also to also sinter that pellets.

CGO9010 powder was supplied by Praxair Surface Technologies. CGO9010 powder spec-

ifications include a particle size distribution where d50 < 1 µm, and d95 < 15 µm, with

an average surface area of 6.4 m2/g, The YSZ(004) substrates were supplied from MaTeck

Gmbh respectively with an orientation accuracy of < 0.5 ◦ and one epi-polished side upon

which deposition was performed.

To make the CGO polycrystalline substrates, CGO green bodies were also formed by

uniaxially pressing pellets then isostatically pressing (300 MPa) for 30 s, and sintered for

5 h at 1300◦C. A 10 mm diameter die was used to press the substrates and a 30 mm

diameter die was used to press the target. Densities of the CGO pellets exceeded 96%, as

measured using the Archimedes density method. The substrate surfacess were ground then

polished through a sequence of water based diamond suspensions (supplied by Kemet),

starting from a grit size of 6 µm, then 3 µm , 1 µm, and lastly 0.25 µm. The CGO target

was ground up to a grit size of 1200 (12-18 µm).
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PLD deposition of CGO on YSZ was performed using the experimental setup as described

in Section 5.2. Two different substrate temperatures, 680◦C and 780◦C, and two differ-

ent oxygen partial pressures, 10 mTorr and 30 mTorr were used. It was not possible to

maintain a constant chamber pressure of 10 mTorr oxygen partial pressure with the exper-

imental setup: chamber pressure fluctuated between 5 mTorr and 14 mTorr. 1000 pulses

were fired for each film, with a laser pulse energy of ∼76 mJ.

6.3 Results and Discussion

6.3.1 PrCoO3−δ Target

XRD measurements were performed on the PCO113 powder before and after the final

calcination, see Fig 6.4. The patterns have been normalized against the integrated peak

intensity of the PCO113(121) reflection (with the Pnma space group assignment [6])

at ∼33.5◦ 2θ . Following the second decomposition at 600◦C, it can be seen though

some PCO113 was present, it was not single phase and multiple unmatched reflections

were observed. These reflections decreased upon re-grinding and calcination at 600◦C for

another 12 h but a single phase PCO113 product was still not achieved. Higher calcinations

temperatures of at least 700◦C for 12 h were required to obtain a single crystalline PCO113

phase. The diffraction patterns from calcinations temperatures between 700-1000◦C were

mostly identical, with no apparently changes in PCO113 crystallinity or crystallite size as

reflected in the similar full width half maxima of the diffraction patterns.

Based on this result, a stoichiometric PCO113 target was sintered at 900◦C for 12 h. The

XRD pattern of the PCO113 target, see Fig 6.5, is identical to that synthesized under

identical conditions in Fig 6.4 as a powder. There were no preferred orientations within

the polycrystalline target. The density of the target was measured using the Archimedes

density method and found to be >98% dense. To obtain unit cell parameters, a Le Bail

refinement of the target was performed using the Pnma space group. Cell parameters

were found to be: a = 5.341(1) Å, b = 7.576(2) Å, c = 5.376(1) Å.

A point of discussion is the simulated (011) reflection at 20.2◦ 2θ, which intensity was not

measured in the XRD (nor was it present in the reference pattern by Brinks et al.). Two

other space groups, Pmmm and Pbnm, were used in the Le Bail refinement and both also

predicted this missing peak at 20.2◦ 2θ. The pattern was checked for other mismatches.

However, due to the high background noise, it was uncertain if the identified peaks around

39.4◦ 2θ, 44.7◦ 2θ and 52.6◦ 2θ were actually peaks or just background noise. The only

suggestion for the extra simulated (011) reflections is that there may be a slightly higher

background intensity at that angle, so the Le Bail refinement assumed the presence of

a peak. A proper Rietveld refinement would take into account the peak intensities, but

would require higher quality data and is potential further work. Nevertheless, the interest

of this exercise was to obtain cell parameters of the PCO113 target to calculate the lattice

mismatch between the deposited films and the CGO buffer layer, which has been achieved.
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Figure 6.4: Powder XRD pattern of PCO113 precursors following decomposition at 300◦C
and 600◦C for 6 h in air, and following an additional calcination for 6 h at 600◦C, 700◦C,
800◦C, 900◦C, 1000◦C. Reflections corresponding to unidentified secondary phase(s) when
the PCO113 precursor is not calcined/calcined at 700◦C have been marked.

Figure 6.5: Powder XRD pattern of PCO113 target, upon which a Le Bail refinement
had been performed. Peak reflections have been indicated in green, diffraction data in
red, modeled pattern in red, and the difference between measured and modeled pattern
in blue. Main reflections have been labeled.
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(a) 100X magnification (b) 1000X magnification

Figure 6.6: SE images of the PCO113 target surface after grinding with 400 grit paper
showing still-distinct particles following sintering.

Secondary electron, SE, images were taken of the PCO113 target using the JEOL JSM6400,

see Fig 6.6. The target was ground with 400 grit paper, which traces can be seen on the

target surface. These images suggest that little sintering had occurred with the individual

particulates clearly visible, and that the density of the target was lower than the value

obtained through the Archimedes density measurement.The Archimedes density measure-

ment may have calculated if the pores were interconnected. However, cross-sectional SE

images would be required to confirm if this was the case. Nevertheless, there was con-

fidence that the Archimedes density measurement was the better representation of the

sample as it was physical measurement of the entire sample, while the SE image was only

of a small section of the sample surface and may not have been representative.

Nevertheless, some trial depositions were performed using the porous target. SE images

were taken of the PCO113 target. Any thermomechanical effects arising from the depo-

sition conditions have not resulted in cracking of the target. The region where the laser

does not impact appears unchanged. However, in the regions where the laser does impact,

there are distinct morphologies that result from the laser ablation, depending on the radial

position relative to the laser, see Fig 6.7.

As mentioned in Section 5.2, the target is rotated during the deposition, so the laser

sputters off a ringed band. At the centre of the band is the area of most damage, where

most of the target material is ablated off. The perimeters of the band corresponds to the

edge of the laser. Images were taken moving out radially from the undamaged core of

the target, across the band of damage. In the area of most damage, the target surface

is completely densified and flat, with cracks running across it. Away from this area,

the surface remains dense, however the surface is no longer flat but contoured. The

smooth surfaces in these two regions suggest the target may have melted by the laser

plume, resulted in the fluid morphology observed. Moving further away from the centre

of damage, large pieces of the densified surface have spalled off, exposing the undamaged

porous target beneath. In the last region, smaller pieces of the surface have broken off
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(a) 10X magnification (b) 1000X magnification

(c) 1000X magnification (d) 1000X magnification

(e) 1000X magnification (f) 1000X magnification

Figure 6.7: SE images of the damaged PCO113 target surface post-PLD deposition. (a)
is a section of the ring of damage (scale bar = 2 mm); (b)-(f) depict the different target
morphologies taken radially across the ring of damage (scale bar = 40 µm), where (b) is
the undamaged center of PCO113 target.

and the area is covered in loose debris.

The laser ablation process is known to cause pitting of the target surface, which is detri-

mental for the growth of particulate free films. However, the opposite appears to be true

in this situation, possibly as the target was not originally of a high density. Instead, it has

caused a densification of the target surface, either by melting it or sintering it. Thus, it
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Figure 6.8: XRD pattern of the PCO113 target pre- and post-laser ablation during PLD
showing the same Bragg reflections and no apparent degradation of the target. There
were no detectable second phases following laser ablation; there was relative confidence
that there were no compositional changes arising from the deposition process.

is expected that film quality would actually improve with target ablation. Also, there is

no appearance of target segregation. Thus there is no need to remove the damaged target

surface between depositions. Inspection of the PCO113 films indicates that good surfaces

had been obtained; the film quality has not been affected by the potentially low density of

the target (and the laser fluence was sufficiently high and uniform). This target was used

for the PLD of PCO113 films.

Finally, XRD patterns were taken of the PCO113 target after all PLD depositions had

been performed. A comparison of the pre and post-ablation patterns may be seen in Fig

6.8. It appears that the PCO113 target is stable in the deposition environment, at least

for the duration of the deposition. The peak positions have been maintained suggesting no

changes in stoichiometry of the target. However, there seems to be a slight preferential loss

of crystallinity, as can be seen from the decrease in peak intensity at 33.5◦ 2θ, which may

be matched to the (002), (121) or (200) reflections ,while all other relative peak intensities

are maintained, and the amorphous region now present. It should be noted that most

of the area of interaction between the laser and the target covers only a fraction of the

target, and the laser damage occurs only on the surface of the target. However, the bulk

of the XRD signal is from depths greater than 10um below the sample surface. Target

segregation may not be detected with this technique.

Thus there was the option of grinding off this dense but slightly amorphous surface between

depositions in order to ablate off a crystalline but less dense surface, or preserving it.

As a high substrate temperature was used for the deposition of PCO113, which should

facilitate the deposition of a crystalline film, this surface damage was not removed between
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depositions in order to retain a dense surface at the point of ablation. On consideration

of the out-of-plane XRD patterns of deposited PCO113 films in Section 7, it did seem

that the substrate temperature was high enough that crystallinity was restored during the

deposition and growth of the film.

In order to obtain dense samples (of nonstoichiometric PCO113 for electrical conductiv-

ity DC-measurements), the sintering temperature of those bar samples were increased to

1200◦C. The crystal structure of the PCO113 was unaffected by the increase in sintering

temperature, and samples were over 95% dense, according to the Archmedes density mea-

surement and supported by SEM images. Further details of these samples are provided in

Chapter 10.

6.3.2 Pr2NiO4±δ Target

XRD measurements were performed on the PNO214 powder before and after the final

calcination, see Fig 6.9, and normalized to the integrated peak intensity of either the

PNO214(112) reflection (using a Fmmm space group [299]), or the Pr6O11(111 ) reflec-

tion (using a Fm3̄m space group [4]). At a calcination temperature of 900◦C, only Pr6O11

[4] and NiO was present [320]. As the calcination temperature increases, PNO214 was

formed. A calcination temperature of 1200◦C appeared to be the optimal temperature.

Higher temperatures resulted in Pr6O11 decomposing out, although the NiO (that must

also be present unless Ni is subliming out of the samples) peaks cannot be detected. Its

presence may be below the detection limit. Decomposition of PNO214 at high tempera-

tures in air has been reported in literature [47, 48] where Pr4Ni3O10 and Pr6O11 were the

decomposition products and is likely to be what is observed. Further work is required to

investigated the instability of PNO214 at high temperatures in air.

A last point of interest is that as the calcination temperatures increased, the symmetry

of the PNO214 crystal structure also increased as splitting of the orthorhombic peaks

lessened: the peaks around 32◦ 2θ, 44◦ 2θ, 56◦ 2θ, 66◦ 2θ, 69◦ 2θ and 78◦ 2θ can all

be seen to shift closer together. This would be expected if the diffraction patterns were

obtained at the sintering temperatures. However, these diffraction patterns are obtained

at room temperature. It appears that the effect of the calcination temperature on the

structure is retained even down at room temperature. No changes in the full width half

maxima of the reflections were observed upon varying the final calcination temperatures;

the calcination temperature has not affected crystallite size.

Based on this, a stoichiometric PNO214 target was sintered at 1200◦C for 12 h. The

resulting target was measured to be >90% dense, using the Archimedes method. A Le Bail

refinement was performed on the XRD pattern of the PNO214 target using the Fmmm

spacegroup [299], see Fig 6.10. The synthesized PNO214 target had cell parameters of:

a = 5.456(1) Å, b = 5.389(1) Å, c = 122.449(6) Å. No Pr6O11 was detected; the target

appeared to be a single phase.
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Figure 6.9: Powder XRD pattern of PNO214 precursors following decomposition at 300◦C
and 600◦C for 6 h in air, and following an additional calcination for 6 h at 900◦C, 1000◦C,
1100◦C, 1200◦C, 1300◦C. Reflections corresponding to Pr6O11 and NiO have been marked.

Figure 6.10: Powder XRD pattern of PNO214 target, upon which a Le Bail refinement
had been performed. Peak reflections have been indicated in green, diffraction data in
red, modeled pattern in red, and the difference between measured and modeled pattern
in blue.Main reflections have been labeled.
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(a) 10X magnification (b) 1000X magnification

(c) 1000X magnification (d) 1000X magnification

Figure 6.11: SE images of the PNO214 target surface (a) and (b) pre-PLD deposition
and, (c) and (d) post-PLD deposition. (c) was obtained at the centre of the PNO214
target, indicating no changes in target morphology due to the deposition conditions. (d)
was obtained at the ring of damage. Scale bar = 400 µm) for (a) and 40 µm for (b) - (d).

SE images were taken from the ground surface of a PNO214 reference target and compared

against a target that had been ablated, see Fig 6.11. While some sintering (more than

seen with the PCO113 target) has occurred, there has been little densification as large

pores have formed instead. A greater extent of densification would have been expected

given the high densities measured using the Archimedes method. Where the laser had not

impacted the target, the morphology remained unchanged suggesting that there was no,

or little, decomposition of the target though compositional analysis is required to confirm

this. Like the PCO113 target, at the area of laser damage, the surface of the target was

much denser and it is likely that the target was melted in these areas. Thus, so long as

the damaged surface was not removed, the target was deemed suitable for PLD despite

its low bulk density.

An XRD pattern was taken of an ablated PNO214 target and compared to it’s pre-ablation

pattern, see Fig 6.12. The ablation amorphsized the target significantly and a large broad

halo was clearly present. Additional unmatched reflections were also observed. The in-

stability of PNO214 at high temperatures in reducing conditions has previously been
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Figure 6.12: XRD pattern of the PNO214 target pre- and post-laser ablation during PLD.
Main PNO214 peaks have been labeled.

documented [294, 48, 47]. However, the additional reflections did not correspond that

that of Pr4Ni3O10 and Pr6O11- the typical decomposition pr oducts reported. Due to the

few reflections, it was not possible to identify these secondary phases. It was unclear if

these secondary phases were the result of the deposition conditions, or the ablation pro-

cess, or a combination of the two. However, based on a comparison of the SE images of

the PNO214 target pre- and post- PLD deposition, it suggests that the secondary phases

were the result of the ablation process. The XRD pattern of the remaining PNO214 phase

was comparable to the pre-ablated pattern, except for a decrease in the intensity of the

(111) and (020) reflections suggesting that these orientations were particularly susceptible

to laser damage (and/or reduction at low oxygen partial pressures).

At the peak intensities measured by XRD, the secondary phases should be visible on the

target surface. However, none were detected when looking at the damaged target surface

using the SEM (as in the SE images of Fig 6.12d). The morphology depicted was no

different to that seen for the (apparent) single phase PCO113 target. This may be due to

the small sample area, but care was taken during the microscopy to take representative

images of the entire sample. Further chemical analysis is required to identify the damage

products on the target surface.

6.3.3 Ce0.9Gd0.1O2−δ Target and Substrates

XRD patterns of the received CGO powder and the sintered pellets (to be used as a

PLD target and as a substrate to deposit upon) were obtained, see Fig 6.13. A Le Bail

refinement was performed using the Fm3̄m spacegroup [298] and unit cell parameters
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Figure 6.13: Powder XRD pattern of CGO target, upon which a Le Bail refinement had
been performed. Peak reflections have been indicated in green, diffraction data in red,
modeled pattern in red, and the difference between measured and modeled pattern in
blue. CGO reflections have been labeled.

were found to be a = b = c = 5.4223(1) Å. Based on these lattice parameters, the low-

est lattice mismatch calculated was 0.9% and 0.5% for the PCO[001])/CGO[001] and

PNO[010]/CGO[001] interfaces respectively. In both these cases, a highly textured or epi-

taxial thin film is expected to be deposited on the CGO buffer layer assuming that this

is also epitaxial. The densities of the sintered samples were all determined to be greater

than 95% of the theoretical density of CGO.

SE images were taken of the CGO target pre- and post-ablation using the JEOL JSM

6400, see Fig 6.14. The particle size of the received CGO target was much smaller than

the synthesized PCO113 and PNO214. A greater extent of sintering may be observed,

though the measured density was comparable to that of PCO113 and PNO214. Comparing

the post-deposition target surface (where it was not damaged by the laser) with a pre-

deposition image suggests that morphologically the CGO target was unaffected by the

deposition conditions. As before, the laser ablations densified the CGO target surface.

There was a graduation as the morphology moved from being granular to having a densified

surface regions to becoming completely dense and flat. There was an additional target

morphology, not seen with the PCO113 or PNO214 targets, where a striated dense surface

formed, which eventually broke up into a granular form once more.

EDX data were collected across the ring of laser damage to see if there are any variations

in stoichiometry, see Fig 6.15. 10 point spectra were acquired over the entire area of

damage. A depletion of Gd in the target composition with the mol% of Gd was found

to vary between 7-9.1 mol%. This concurs with literature reports of Gd-rich films being
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(a) 5000X magnification (b) 5000X magnification

(c) 5000X magnification (d) 5000X magnification

(e) 5000X magnification (f) 5000X magnification

Figure 6.14: SE images of the damaged CGO target surface post-PLD deposition. (a)-(f)
depict the different target morphologies taken radially across the ring of damage, where
(a) and (f) are the undamaged centre end edge of the CGO target, respectively. Scale bar
= 9 µm for all.

deposited by PLD [319]. Due to the error associated with an uneven sample surface, which

could not be polished as it would remove the surface of interest, it was not possible to

identify trends in CGO metal cation stoichiometry across the damaged area.

The CGO pellets to be used as substrates were ground and polished. In order to charac-

terise the surface, AFM was performed using a Bruker DiInnova on sample areas of 10 µm

by 10 µm and 2 µm by 2 µm, see Fig 6.16. The surface RMS roughness was calculated to

be 7.6 nm and 1.21 nm respectively. The rough surface seen in the SE images has been
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Figure 6.15: SE image of the CGO target post-ablation indicating the locations at which
EDX spectra were obtained. Scale bar = 2 mm.

(a) 10 µm by 10 µm sample area. (b) 2 µm by 2 µm sample area.

Figure 6.16: AFM images of the polished CGO substrate surface of low roughness, that
is fully sintered and of a high density, though pores are present. Some artifacts of the
polishing process- the scores across it- were observed.

removed with only a few protruding features remaining. While the sample has sintered

well, a few pores could be seen. The shapes of the height distribution over both sample

areas were similar. Scratches may still be seen on the substrate surface. However, the

polycrystalline films that are to be deposited on these substrates are to be in the order

of several hundred nm thick. Thus, this surface was sufficiently smooth for its purpose

despite the pores, which were its largest features: the peak to peak value for the 10 µm

by 10 µm sample area was 163 nm.

6.3.4 Si(004) Substrate

Prior to any depositions, a reference out-of-plane XRD pattern and AFM images were

taken of a cleaned Si(004) substrate, see Fig 6.17 and Fig 6.18. As expected, there was

only one out-of-plane reflection: the (004) reflection at 69.15◦ 2θ (but two peaks due to the

splitting of the K-α1 and K-α2 wavelengths). This was in keeping with literature values

with the Si(004) peak of Fd3̄m occurring at 69.12◦ 2θ [321] and within instrumental error.
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Figure 6.17: Out-of-plane XRD pattern of the single crystal Si(004) substrate.

(a) 10 µm by 10 µm sample area. (b) 2 µm by 2 µm sample area.

Figure 6.18: AFM images of the single crystal Si(004) substrate surface showing them to
be smooth and flat, of a low roughness.

6.3.5 YSZ-8mol%(002) Substrate

Similarly, prior to any deposition, a reference out-of-plane XRD pattern was taken of a

cleaned YSZ(002) substrate, see Fig 6.19. As with the Si(004) substrate, there was only

one out-of-plane (002) reflection detected at 34.86◦ 2θ, using the P42/nmc spacegroup

assignment [300]. This would correspond with a c-cell parameter of 5.148 Å, similar to

literature values [300]. The sample position was been aligned prior to the diffraction

measurement. This small discrepancy in 2θ values provided confidence in the alignment.

AFM images were also obtained using a Bruker DiInnova, see Fig 6.20. The substrates

were of a low roughness, with RMS values of 0.36 nm and 0.88 nm for the 10 by 10 µm

and 2 by 2µm measured respectively.
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Figure 6.19: Out-of-plane XRD pattern of the single crystal YSZ(002) substrate.

(a) 10 µm by 10 µm sample area. (b) 2 µm by 2 µm sample area.

Figure 6.20: AFM images of the single crystal YSZ(002) substrate surface showing them
to be smooth and flat, of a low roughness.

6.3.6 Deposited Ce0.9Gd0.1O2−δ Buffer Layers on YSZ-8mol%(002)

As mentioned in the experimental method, two different nominal substrate temperatures,

680◦C and 780◦C, and two different oxygen partial pressures, 10 mTorr and 30 mTorr,

were used for the deposition of CGO buffer layers on YSZ. Based on the cell parameters

of YSZ-8mol% (a = b = 3.6294 Å, c = 5.1433 Å[300]) and the Le Bail refinement of the

received CGO powder (a = b = c = 5.4223 Å), the lattice mismatch at CGO[001]/YSZ[110]

interface was expected to be -5.6%. Despite this mismatch, epitaxial CGO films have been

successfully deposited on YSZ(001) [27, 29, 227, 310, 311], and should be obtainable. Out-

of-plane XRD measurements were taken of CGO films deposited under the four different

conditions, using the PANalytical MDP, see Fig 6.21. All patterns have been normalized

to the integrated intensity of the YSZ(002) reflection. For all four deposition conditions,

a single CGO(200) out-of-plane reflection was detected, at similar intensities between the

samples. There appeared to be no clear effect of oxygen partial pressure on the diffraction

pattern of the films. Increasing substrate temperature resulted in a decrease in the full
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Figure 6.21: Out-of-plane XRD patterns of the CGO buffer layer deposited on a YSZ(002)
substrate under various PLD conditions. A single CGO reflection was observed for all the
CGO buffer layers.

width half maxima of the CGO(200) reflection, suggesting an increase in film crystallinity.

AFM images of the resulting CGO films, see Fig 6.4 indicated the formation of a columnar

structure. According to literature, increasing the substrate temperature should lower the

porosity of the film, while increasing oxygen partial pressure should increase the formation

of clusters on the substrate surface [302, 303, 304, 2]. From the surface height distribu-

tion measured, increasing the oxygen partial pressure or substrate temperature increased

the range of height distributions and thus the film Rrsm by 0.3 nm and 0.6 nm for the

CGO buffer layers deposited at 680◦C and 780◦C respectively, and also the average height

measured. The increase in roughness may be attributed to the increase in cluster forma-

tion at high oxygen partial pressures during deposition (though it should be noted that

the upward shift in the height distribution of the CGO film deposited at 680◦C, with an

oxygen partial pressure of 30 mTorr was largely due to the presence of a pore in the film

which lowered the baseline value, and the columnar grains were still present, but masked

out because of the height graduation key). Based on the AFM images, it seemed that

the best film quality was obtained at a substrate temperature of 680◦C, with an oxygen

partial pressure of 10 mTorr. Thus these were the conditions employed for the deposition

of CGO buffer layers by PLD. The Rrms roughness for this film was 0.4 nm, which was

comparable to the Rrms roughness measured for the YSZ(002).
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680◦C 780◦C

10 mTorr

30 mTorr

Table 6.4: AFM images of the CGO(200)/YSZ(002) films deposited using substrate tem-
peratures of 680◦C and 780◦C, and oxygen partial pressures of 10 mTorr and 30 mTorr.
All films were of a low roughness; the CGO(200) film deposited using a substrate temper-
ature of 680◦C and oxygen partial pressure of 10 mTorr appeared to be of the best quality,
having the lowest roughness and no large deposits on its surface.

6.4 Conclusion and Further Work

Stoichiometric PCO113 and PNO214 targets have been synthesized. Both targets undergo

amorphisation and are densified by the laser ablation process. While the bulk of the

targets have not attained the recommended 90% density required for PLD, the laser-

damaged surfaces do; these damaged surfaces were retained between depositions. While

the PCO113 target appears stable in deposition conditions, secondary phases were detected

in the PNO214 targets post-deposition. The instability of PNO214 at high temperatures

has been reported previously. PLD of PNO214 may still be possible, as long as the target

stoichiometry is maintained. Dense PCO113 samples were also synthesized, by raising

the sintering temperature to 1200◦C, also dense CGO substrates and targets. Further

work should include an investigation of the stability of both PCO113 and PNO214 at high

temperatures. Following laser ablation, rough EDX measurements found the CGO target

to be Gd-deficient. Coupled with literature reports of Gd-rich films being fabricated by

PLD, it may be that Gd preferentially ablates under these deposition conditions though

further work is required to ascertain the cause for the non-stoichiometric transfer.

Si(004), YSZ-8mol%(002) and polished CGO polycrystalline substrates were surface mapped

using AFM. All were of a sufficiently good finish for deposition. Using the lattice parame-

ters of PCO113 and PNO214 calculated from Le Bail refinement of powder XRD patterns,

and the position of the CGO(200) reflection in an out-of-plane XRD measurement, the

lattice mismatch at the PCO113[001]/CGO[001] and PNO214[010]/CGO[001] interfaces

were as low as 0.9% and 0.5% respectively. The successful growth of highly textured thin
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films is anticipated.

Deposition conditions of CGO on YSZ have been investigated. In agreement with litera-

ture, increasing substrate temperature and oxygen partial pressure increases the density

and the formation particulates on the film respectively. Textured CGO films have been

deposited with a low RMS roughness. These optimized deposition conditions will be repli-

cated exactly for the deposition of thin PCO113 and PNO214 films of varying thickness.

The preliminary work is now complete. Based on this, PLD deposition of PCO113 and

PNO214 films on CGO/YSZ may now be investigated. Similarly, stability and transport

measurements on dense non-stoichiometric PCO113 samples may now be performed.



Chapter 7

The Effect of Oxygen Partial

Pressure and Substrate

Temperature on the Deposition of

PrCoO3−δ Films

Previously in Chapter 6, the PrCoO3−δ, PCO113, target and Ce0.9Gd0.1O2−δ, CGO, poly-

crystalline substrate were fabricated and characterized through the use of XRD, AFM and

SE images. The same characterization was performed for single crystal Si(004) substrate.

All components necessary for the deposition of PCO113 by PLD have been prepared. Prior

to deposition on single crystal YSZ-8mol%(002), YSZ(002), substrates, PCO113 was first

deposited on Si(004). A range of deposition temperatures and oxygen partial pressures

were used to examine their effect on the deposited PCO113 film. The out of plane texture

and surface morphology of the films were characterised by XRD and AFM surface map-

ping to observe the effect of deposition conditions on the resulting films. Films of varying

thicknesses were also deposited on Si(004) to observe how the quality of the film changed

with its thickness. Initial deposition conditions were adopted from literature.

7.1 Literature Review

A brief review was made of the deposition of PCO113 by PLD on a range of different

substrates. The deposition of colbatite oxide perovskites of the same lanthanide family

was also reviewed, as a point of comparison against the deposition of PCO113.

92
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7.1.1 PLD of PrCoO3−δ

Successful deposition of PCO113 by PLD was first published by Prakash et al. in 2010

[295]. A 248 nm KrF excimer laser was used and deposition performed at a substrate

temperature of 680◦C and oxygen partial pressure of 40 Pa. The PCO113 thin films

were initially deposited on LaAlO3(001), LAO(001), and, in later work by Prakash et al.,

on Si(111) and SrTiO3(001), STO(001) [296]. Out-of-plane XRD was performed on the

thin films to ensure a single phase film had been deposited and to determine the grain

size using the Debye-Scherrer formula. The PCO113 thin films deposited on STO and

LAO were of a single out of plane orientation corresponding to that of the single crystal

substrate (001), but on Si(111), a textured film was produced with (110), (200), and (220)

out of plane reflections observed. No further structural characterisation of the thin films

was performed. SE imaging of the film indicated a highly cracked (depending on the

substrate) but flat film surface. EDX confirmed the composition of the film to be close to

stoichiometric PCO113.

More recently, in 2013, Mehta et al. deposited epitaxial PCO113 films on STO(001) and

Nb-doped STO(001) with the objective of tailoring the spin state of the Co, whether

high spin, low spin or intermediate spin, through lattice strain [297]. PCO113 films be-

tween 8 to 115 nm thick were fabricated by PLD using a 248 nm KrF excimer laser (∼1

J/cm2). Deposition was performed at a substrate temperature of 650-700◦C and oxy-

gen partial pressure of 320 mTorr. Only the (002) out-of-plane reflection was observed,

and asymmetric reciprocal space mapping of the (013) reflection comfirmed an in-plane

coherent strain between film and substrate that relaxed as the film thickness increased.

PCO113(002) rocking curves indicated good crystallinity with the FWHM below 0.7◦ even

for the thickest films and RMS measurements over a 5 µm length scale fall within 2.5 to

5 Å.

To date, there has not been any published literature on the deposition of PCO113 on

Si(004) substrates or on YSZ, nor the effects of substrate temperature and oxygen partial

pressure during deposition on the growth of PCO113 thin films in these systems. Due

to the large lattice mismatch of PCO113 with Si, it is unlikely that an epitaxial film will

grow. Nevertheless, this study is of interest in view of optimizing future deposition of

PCO113 films on CGO/YSZ.

7.1.2 PLD of LaCoO3−δ and La1−xSrxCoO3−δ

While literature on the PLD of PCO113 is sparse, more work has been done on the

PLD of LaCoO3, LCO113, particularly with respect to its ferromagnetic behavior, and

La1−xSrxCoO3 (LSC113), in the field of fuel cells. Strained epitaxial LCO113 films have

been deposited on a range of single crystal substrates, such as (LaAlO3)0.3(Sr2TaAlO6)0.7,

LSAT,SrLaAlO4, SLAO, STO, LAO, all of the (001) orientation, with polycrystalline

LCO113 deposited on thermally oxidized Si wafers [200, 223, 322, 323, 324, 325, 326, 327].



94

The epitaxial LCO113 films were seen to accommodate in-plane compressive and tensile

strains as large as -1.5% (on SLAO) and 2.5% (on STO), respectively [328]. For the PLD

of LCO113, substrate temperatures ranged between 650◦C and 750◦C and oxygen partial

pressures between 300 mTorr to 350 mTorr, which is in line with what was previously

reported for the deposition of PCO113.

With respect to fuel cell applications, the fabrication conditions employed for LSC113

films on YSZ substrates have been performed under a different emphasis: to prevent the

formation of highly resistive La2Zr2O7 or SrZrO3 phases, at the LSC113 and the YSZ

interface [200, 223, 322]. Additionally, to combat delamination of the LSC113 film from

the YSZ substrate due to TEC mismatch and to improve interconnectivity at the inter-

face, post deposition annealing has been employed to obtain a columnar microstructure

with fine vertical pores [323, 324, 325, 326, 327]. For these films, PLD deposition was

successfully carried out at room temperature, with an oxygen partial pressure of about

100 mTorr. However, though processing temperatures were kept below 650◦C, cell per-

formance was still found to be compromised [329]. An impedance study of the LSC/YSZ

system suggested a maximum deposition temperature of 500◦C to prevent the formation

of those resistive phases [330].

It is known that LCO113 is not stable at high temperatures in reducing atmospheres,

as would be encountered during PLD [331]. As temperature increases, the perovskite

becomes increasingly oxygen deficient, resulting in an expansion of the lattice. A study

of the thermodynamic stability of LCO113 has also been performed by Navrotsky et al.

[332] which shows a decreasing ionic Ln3+ radii was associated with a higher oxygen non-

stoichiometry and greater formation enthalpies of mass loss reaction products (Ln2O3,

Co and O). Based on this alone, Pr3+, with its smaller ionic radii than La3+, should

be less thermodynamically stable and it will not be possible to deposit them at as high

temperatures as LCO113. This does not account for the effect of a change in oxidation

state of Pr3+ to Pr4+.

Work has also been performed on the effect of pulse duration and oxygen partial pressure

on ablated LSC113 films which found that for LSC113 thin films produced using an excimer

laser, high oxygen partial pressures are required for successful depositions [333]. This is

due to the longer pulse duration of the excimer laser, and thus longer period of elevated

temperature at the target. At lower oxygen partial pressures, the target surface is likely

to decompose.

The deposition conditions to be employed in this work are based on that used in literature.

PCO113 films are known to be deposited at 680◦C, while LCO113 and LSC113 have been

deposited in a similar temperature range. In the interest of further work involving the

deposition of a Ruddlesden-Popper Pr2NiO4±δ, PNO214, film upon the existing PCO113

layer, PNO214 deposition conditions were also considered. However, no literature could be

found on the deposition of PNO214, although Pr2Ni0.71Cu0.24Ga0.05O4(PNCG), thin films

have been successfully deposited at 780◦C [314, 46]. With that in mind, a temperature

range between 680◦C and 780◦C was attempted. While a higher substrate temperature
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would result in a more crystalline and dense deposited film, both desirable characteristics,

when coupled with low oxygen partial pressures, it may cause the decomposition of the

LnCO113 [331, 334, 335]. Similarly, successful PLD of PCO113 has been performed at an

oxygen partial pressure of around 300 mTorr. Nevertheless, it would be of interest to see if

within the oxygen partial pressure range of 10 mTorr and 500 mTorr, PCO decomposition

occurs, or if target anion stoichiometry is maintained at either ends of the spectrum.

7.2 Experimental Method

PCO113 films were deposited on Si(004) at substrate temperatures of between 680◦C to

780◦C at a constant oxygen partial pressure of 300 mTorr, and at oxygen partial pressures

between ∼10 mTorr to 500 mTorr at a constant substrate temperature of 680◦C. In both

these cases, 3000 pulses were deposited. Finally, using literature conditions of a substrate

temperature of 680◦C and oxygen partial pressure of 300 mTorr, PCO113 films of varying

thicknesses were deposited in order to observe the growth of the film. A final deposition

was made using 10000 pulses under literature deposition conditions on a polycrystalline

CGO substrate to confirm the deposition of single phase PCO113.

Control of the deposition duration (the number of pulses) was precise, as was ambient

pressure during deposition at higher pressures. Using an ambient pressure of 10 mTorr

was at the limit of the equipment’s capability and there was some difficulty in maintaining

a constant pressure: it would fluctuate between 5 mTorr and 14 mTorr. While control of

the heating element used under the substrate platform was good, the actual temperature

of the substrate remains uncertain. The substrate holder surface was ground after each

deposition to ensure there was a clean contact between the platform and the substrate.

However, the position of the substrate relative to the heating element would inevitably

vary between depositions. Similarly there is the concern of progressively removing the

platform surface bringing the substrate closer and closer to the heating element. Lastly,

the temperature of the substrate depended on the heat transport of the substrate itself.

There were no available means of measuring the actual substrate temperature.

Out of plane XRD patterns were obtained for all of the deposited thin films using the

Panalytical Pro MRD diffractometer. The objective of this work was to investigate the

effect of deposition conditions on film quality and as such, only a 2θ range between 15

and 65◦ 2θ was measured. A larger range to include the Si(004) reflection was measured

for initial runs and they showed zero-corrections within instrument error (±0.02◦ 2θ). All

patterns have been scaled according to their background intensities. AFM and SE images

were also taken of the PCO113 films using the Bruker DiInnova and Leo Gemini 1525

FEG-SEM respectively. SE and AFM images were obtained from several locations on the

films to ensure that the images displayed are representative of the samples.
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Figure 7.1: Out-of-plane XRD patterns of the PCO113 films deposited using 1000 to 6000
pulses. PCO113 reflections have been labeled. The reflections between 32-34◦ 2θ have
been enlarged. A slight peak shift may be observed in the PCO113 reflection at ∼33.5 ◦

2θ.

7.3 Results and Discussion

7.3.1 PrCoO3−δ/Si(004) Films of Varying Thicknesses

PCO113 films of a range of film thicknesses were first deposited using PLD parameters as

described by Mehta et al. [297] to test if the deposition of PCO113 may be replicated on

Si(004) wafer. A substrate temperature of 680◦C and oxygen partial pressure of 300 mTorr

was used. Out-of-plane XRD measurements of the PCO113 films are depicted in Fig 7.1.

These films correspond to a deposition of between 1000 to 6000 pulses. Though it was not

immediately clear with the thinner films, as the thickness of the film increases, it can be

seen that a polycrystalline PCO113 film has been deposited. The observed reflections of

the thickest film correspond to all the higher intensity reflections in the powder pattern

table, which have been labeled. Deposition of a epitaxial PCO113 film was uncertain given

the lattice match between PCO113 and Si (Fd3̄m, a = b = c = 5.4309 Å[321]), which

would be 1.70% or 1.03% for the Si(004) orientation, obtained at the PCO113[100]/Si[100]

or PCO113[100]/Si[010] interfaces respectively.

Using the Pnma space group assignment of PCO113, from the Le Bail refinement: there

were three reflections around ∼33.5◦ 2θ : the (002), (121), and (200) reflections, corre-

sponding to 33.34◦ 2θ, 33.45◦ 2θ, and 33.56◦ 2θ positions respectively. In the deposited

PCO113 film, it can be seen of this highest intensity peak at ∼33.5◦ 2θ that as the depo-

sition time increases, the peak intensity shifts to lower 2θ values. All other PCO113 peak

intensities were too low to ascertain if this shift was also found in the positions of the
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other PCO113 reflections. The cause of this shift may be instrumental error. However,

careful positioning and alignment was adopted for all thin film samples and comparisons

of other thin film measurements suggest instrumental error to be within 0.05◦ 2θ, which

is just smaller than the peak shifts observed. A possible explanation is that increasing

the thickness of a texture PCO film allowed the lattice to relax and contract in-plane,

and expand out-of-plane, and hence the shift to lower 2θ values in the out-of-plane XRD

pattern.

An amorphous region can be seen at the highest intensity reflection for some of the thin

films, but was absent in two. This was likely to be because the films deposited using 1000

and 3000 pulses were the first two depositions from the PCO113 target. As such, the

target had not yet acquired any damaged amorphized regions (which were detected in the

XRD of the target post-ablation). The amorphous regions found in the films could be

a reflection of the structure of the now ablation-damaged target, and that the substrate

temperature was not sufficiently high to restore crystallinity- this will be further explored

when substrate temperatures during deposition were varied in Section 7.3.3. However, this

slight amorphous region was not detected in later PCO113 films deposited when further

target damage should have accummulated. As such, the cause of this regions remains

uncertain.

For the films deposited using 2000 and 5000 pulses, there was an additional reflection at

32.9◦ 2θ suggesting the presence of a secondary phase. These films were deposited under

nominally identical conditions except for the number of laser pulses. It is unclear why this

additional phase is present in only these two films. It may be that this second phase was

below detectable limits in the other films. However, it should then also have been detected

in the film deposited with 6000 pulses, which has the highest peak intensities, where it was

not. This will be considered further when examining the other effects of PLD conditions

on PCO113 films. Nevertheless, there is confidence that a substrate temperature of 680◦C

and an oxygen partial pressure of 300 mTorr would result in the successful pulsed laser

deposition of PCO113 thin films.

Film thicknesses have been measured using the Dektak surface profilometer. A height

profile was obtained across a region that was masked off by TiO2 during the deposition.

Several profiles were obtained for each film and can be seen in Fig 7.2. The average

deposition rate was about 38 nm/1000 pulses. However, given that these film thickness

measurements were made in close proximity to each other, some of the ranges of thicknesses

measured for the films, especially the film deposited using 6000 pulses where a variation

in film thickness of 57.9 nm was measured are considerable. These profiles were over a

length of 30 µm, and positioned so that half of it comprised of the film surface. Thus, it

is unlikely that these variations were due to surface features. This was also supported by

AFM and SE images of the film surface showing it to be mostly flat without features of this

size, see Table 7.4. The large range in measured film thicknesses undermined confidence in

the accuracy of these film thickness measurements. Intensities of the deposited film may

be the better indicator of the actual film thickness.
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Figure 7.2: Film thickness measurements of the PCO113 films deposited using 1000 to
5000 pulses, performed using the Dektak surface profilometer. The deposition rate was 38
nm/1000 pulses.

The main PCO113 peak of the thin film samples, around 33.5◦, were fitted using a pseudo-

Voigt profile (Appendix A.1). The amorphous contributions were not accounted for in the

fits. R2 values varied between 0.915 for PCO113 films deposited using 2000 pulses and

4000 pulses, and 0.987 for the PCO113 film deposited using 1000 pulses. The integrated

peak intensities of these observed reflections around 33.5◦ 2θ roughly corresponded with

the number of pulses, with the exception of the film deposited using 2000 pulses that

was exceptionally thick, see Fig 7.3. It may also be argued that the integrated peak

intensities were comparatively low for PCO113 films deposited using 3000 pulses and 4000

pulses. These were also the films of the lowest crystallinity, having the largest full width

half maxima, FHWM (the general trend was for a decrease in FWHM as film thickness

increased).

AFM images of the PCO113 films are depicted in Table 7.4. The film appeared dense and

flat with no cracks. As deposition continues, the columnar PCO113 grains increased in

size and the roughness of the films increased. The columnar grains were of a uniform size,

except for the 1000 pulse film. For this film, the majority of the grains were small, with

large grains evenly distributed across the surface. As it was the first film to be deposited,

this may be the result of using a ’fresh’ and therefore more porous PCO113 target.

The SE images of the PCO113 films complement those obtained using the AFM. As the

film thickness increased, the grain size increased. The variation in grain sizes here corre-

lates with evolution of the peak reflection intensities of the XRD patterns. Additionally,

these SE images indicate the presence of microscopic cracks in the thicker PCO113 films.

These cracks are likely due to the coupled effects of TEC mismatch between the Si(004)

substrate and the PCO113 polycrystalline film, and chemical effects from variations in oxy-

gen nonstoichiometry with temperature, which has been reported of LSC113 thin films:

due to the rigidity that came of depositing dense LSC113 thin films 1 µm thick, large

cracks and film delamination occurred [325].
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Figure 7.3: Integrated peak intensity at ∼33.5◦ 2θ of the out-of-plane PCO113 reflection,
fitted using a pseudo-Voigt profile. The PCO113 films were deposited using a range of
pulses. The PCO113 film deposited using 2000 pulses was deemed anomalous. The volume
of PCO113 deposited increased with the number of deposition pulses. Some error bays
have been obscured by the data marker.
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1000 pulses

2000 pulses

3000 pulses



100

4000 pulses

5000 pulses

6000 pulses

(a) AFM and SE images
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Figure 7.4: AFM and SE images of the PCO113 films deposited using 1000 to 6000 pulses.
As film thicknesses increased, average grain size and the grain size distribution increased.
Microcracks may be seen on the surface of the thicker PCO113 films. SE scale bar = 100
nm.

Thus, single phase polycrystalline PCO113 thin films have been successful deposited using

an oxygen partial pressure of 300 mTorr, and a substrate temperature of 680◦C. No

secondary phases were detected. As film thickness increased, so too did all the PCO113

reflections. The intensities of the PCO113 reflections relative to each other remain fairly
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constant as film thickness increased suggesting a polycrystalline film throughout with no

preferred orientations as film thickness varied. The effect of oxygen partial pressure (and

later substrate temperature) will now be examined with the objective of optimizing film

morphology.

7.3.2 PrCoO3−δ/Si(004) Films Deposited Using Oxygen Partial Pres-

sures Between 10 mTorr and 500 mTorr

PCO113 films were deposited on Si(004) wafers, using 3000 pulses and a substrate tem-

perature of 680◦C, at oxygen partial pressures between 10 mTorr and 500 mTorr. The

out-of-plane XRD patterns, AFM and SE images of these films may be found in Fig 7.5

and Table 7.6, respectively.

Figure 7.5: Out-of-plane XRD patterns of the PCO113 films deposited using an oxygen
partial pressure between 10 mTorr and 500 mTorr. PCO113 reflections have been labeled.
The reflections between 32-34◦ 2θ have been enlarged. There were three unidentified peaks
at 32.5◦ 2θ, 33.0◦ 2θ and 44.3◦ 2θ. Possible phases they may belong to include Pr6O11

and Co3O4.

In Fig 7.5, the film deposited using an oxygen partial pressure of 10 mTorr has a barely

discernable peak in its XRD pattern corresponding to the PCO113(002), (121), or (200)

reflection at ∼33.5◦ 2θ. Such a low intensity suggests a very thin film, whereas the AFM

and SE images in Table 7.6 depicted a flat film with large grains and the beginnings

of microcracks, which were earlier associated with thicker films. The grains of this film

(deposited at an oxygen partial pressure of 10 mTorr) were less regular in shape, have

a larger range of grain sizes, which were on average larger than those described in the

previous section where the deposition pressure was 300 mTorr.



102

AFM image SE image

10 mTorr

100 mTorr

200 mTorr

300 mTorr

400 mTorr

500 mTorr

(a) AFM and SE images



7.3. Results and Discussion 103

(b) Rrms values

Figure 7.6: AFM and SE images of the PCO113 films deposited using an oxygen partial
pressure between 10 mTorr and 500 mTorr. Besides the (anomalous) PCO113 film de-
posited using an oxygen partial pressure of 200 mTorr, all PCO13 films deposited from
oxygen partial pressures of 100 mTorr have similar morphologies consisting of regular
shaped grains and a small grain size distribution. It was not clear if there was an enlarge-
ment of grain size as oxygen partial pressure increased. The PCO113 film deposited using
an oxygen partial pressure of 10 mTorr had a very different morphology of irregularly
shaped grains of a large distribution of sizes. SE scale bar = 100 nm.

With the exception of the PCO113 film deposited at an oxygen partial pressure of 200

mTorr, increasing the oxygen partial pressure resulted in a marginally higher intensity re-

flection about ∼33.5◦ 2θ, and similarly trace peaks corresponding to the other PCO113 re-

flections. Based on the this reflection, increasing oxygen partial pressure increased PCO113

film thicknesses. At these oxygen partial pressures higher than 10 mTorr, the film con-

sisted of regular grains of a uniform size. No microcracks were observed. This morphology

was consistent regardless of oxygen partial pressure. It appeared that there was a thresh-

old oxygen partial pressure ∼100 mTorr, above which oxygen partial pressure had little

affect on film morphology.

The film deposited at an oxygen partial pressure of 200 mTorr had a significantly different

XRD pattern and film morphology. While some PCO113 had been deposited, as evidenced

by a main PCO113(121) reflection and other trace reflections, another single-orientated

phase had also been deposited: the reflection at ∼44.3◦ 2θ that did not clearly correspond

to any of the PCO113 reflections nor any cobalt or praseodymium cobaltite R-P oxides,

or praseodymium oxides. The closest match of this reflection at ∼44.3◦ 2θ was to the

Co3O4(400) reflection, see Table

However, as the oxygen partial pressure increased, an additional reflection was seen at

∼33.0◦ 2θ and, at 500 mTorr ρO2, another reflection at ∼32.5◦ 2θ. The reflection at

∼33.0◦ 2θ clearly belongs to a secondary phase, having a FHWM less than half that of

the reflections at ∼33.0◦ 2θ and at ∼44.3◦ 2θ. As only one reflection corresponding to
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Composition h k l 2θ I(%) Reference

PrCoO3−δ 0 0 2 33.3023 - This work
1 2 1 33.42 -
2 0 0 33.53 -

Pr2CoO4 0 0 4 28.22 25.0 [336]
1 0 3 31.55 100.0
1 1 0 32.68 75.0

Pr4Co3O10 0 0 10 32.74 100.0 [225]
2 0 0 33.22 73.0

Pr6O11 1 1 1 28.25 100.0 [4]
2 0 0 32.74 28.0

Table 7.1: Table of the Bragg reflections of PrCoO3−δ, Pr2CoO4, Pr4Co3O10 and Pr6O11

that may correspond to the unidentified peaks at ∼33.0◦ 2θ and ∼32.5◦ 2θ.

this phase was seen, it was not possible to identify this second phase with certainty. The

reflections at ∼32.5◦ 2θ was likely to correspond to a third phase, as its FWHM did not

match that of the second phase and neither are there any PCO113 reflections at that

position. It was not possible to identify this phase either. Table 7.1 provides a list of

potential phases this second phase may be, and the positions of their Bragg reflections.

There were no exact matches for these two additional reflections. It should be noted

that these reflections were not detected in any of the PCO113 thin films of Section 7.3.1

deposited at an oxygen partial pressure of 300 mTorr, yet were present in the PCO113

thin film of this sample also deposited at an oxygen partial pressure of 300 mTorr. This

raised concerns over the repeatability of the PLD process.

Film thickness measurements were also taken of the PCO113 films deposited between

10 mTorr and 500 mTorr ρO2, see Fig 7.7. It can be seen that with the except of the

PCO113 film deposited at 10 mTorr ρO2 and the anomalous film deposited at 200 mTorr,

the increase in oxygen pressure resulted in an increase in film thickness corresponding

that the increase in peak intensities seen in the out-of-plane XRD patterns. Given that

the deposition times have been kept constant, similar intensities in the XRD pattern are

expected for all the films. A possible explanation for the increasing XRD intensities is

that at lower background pressures, the kinetics of the incoming ablated particles are high

enough to re-sputter the deposited film resulting in less material deposited. The large

film thickness of ∼80 nm for the PCO113 film deposited of 10 mTorr and the low peak

intensity of that film suggests that it may have been of a low density, and amorphous. The

microcracks seen in this film may be due to the high thickness of the film, or the extremely

low oxygen partial pressures. As no microcracks were found in the ∼90 nm thick PCO113

film deposited at 500 mTorr ρO2; in the previous section, microcracks were only observed

in films from ∼113.7 nm thick; and as porosity is meant to reduce the formation of cracks

[325], it was more likely to be due to the latter. The chemical expansion of perovskites is

known to occur due to the loss of oxygen from the lattice at low oxygen partial pressures.

Thus, PCO113 films have been successfully deposited at between 10 and 500 mTorr ρO2.
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Figure 7.7: Film thickness measurements of the PCO113 films deposited using an oxygen
partial pressure between 10 to 500 mTorr, performed using the Dektak surface profilometer.
Exempting the PCO113 films deposited using 10 mTorr and 200 mTorr, there was an
increase in film thickness as oxygen partial pressure increased.

Increasing oxygen partial pressure had the effect of increasing the amount of PCO113

film deposited. As oxygen partial pressure increased, secondary and tertiary phases were

detected, though they could not be identified. A secondary phase was found even for the

PCO113 film deposited under identical conditions as in Section 7.3.1, when a single phase

PCO113 film was obtained. The cause for this difference was unclear; the reproducibility

of the PLD process warrants investigation. The use of an oxygen partial pressure of below

100 mTorr resulted in a porous film with large irregular grains. While this oxygen partial

pressure should be used for the deposition of the CGO buffer layer, it was not ideal for

the PCO113 film- a higher oxygen partial pressure should be used.

7.3.3 PrCoO3−δ/Si(004) Films Deposited Using Substrate Temperatures

Between 680◦C and 780◦C

PCO113 films were deposited on Si(004) wafers, using 3000 pulses at an oxygen partial

pressure of 300 mTorr, at substrate temperatures between 680◦C and 780◦C. Out-of-

plane XRD measurements, AFM and SE images of these films may be found in Fig 7.8.

The presence of the PCO113 reflection at ∼33.5◦ 2θ suggest that PCO113 have been

successfully deposited for all six films. Unlike in Section 7.2 when the PCO113 film

thicknesses were varied, the other PCO113 reflections (at ∼23.5◦ 2θ, ∼41.3◦ 2θ and ∼48.1◦

2θ) were of a much lower intensity given the intensity of the PCO113 refelction at ∼33.5◦

2θ, suggesting that they may be a preference to either the (002), (121) or (200) orientation.

This may have been true of the PCO113 films deposited in Section 7.3.2, though due to

the low intensity of the PCO113 reflection at ∼33.5◦ 2θ, it could not be confirmed. There

appeared to be no trend between the crystallinity of the PCO113 film (as indicated by the

FHWM of its reflection at ∼33.5◦ 2θ) and the substrate temperature.
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Figure 7.8: Out-of-plane XRD patterns of the PCO113 films deposited using a substrate
temperature between 680◦C and 780◦C. PCO113 reflections have been labeled. The
reflections between 32-34◦ 2θ have been enlarged. There were two unidentified peaks at
33.0◦ 2θ and 37.1◦ 2θ.

Composition h k l 2θ I(%) Reference

CoO 1 1 1 36.51 72.5 [337]
2 0 0 42.41 100.0

Co3O4 2 2 0 31.34 32.0 [338]
3 1 1 36.93 100.0
2 2 2 38.64 10.3
4 0 0 44.92 16.9

Table 7.2: Table of the Bragg reflections of CoO and Co3O4 that may correspond to the
unidentified peak at ∼37.1◦ 2θ.

Similarly to the PCO113 films of Section 7.3.2 when the oxygen partial pressure was varied,

a secondary phase with a reflection at ∼33.0◦ 2θ was present when substrate temperatures

of 680◦C and 780◦C were used. For the PCO113 film deposited at 780◦C, this unidentified

peak can be seen to split (though this has provided no further clues as to the identification

of this phase). Additionally, for the PCO113 film deposited at 680◦C, a third phase was

also found corresponding to a reflection at ∼37.1◦ 2θ. This position did not match any

reflections in PCO113 or cobalt oxides, see Table 7.2. As was noted before, none of

these additional phases were detected in the PCO113 films of Section 7.2 deposited under

identical conditions for a range of PCO113 film thicknesses.

There was quite a large variation in the integrated intensities of the out-of-plane XRD

patterns indicating a variation in deposited material, though no clear trend was found. It

was unclear if this variation was due to irregularities of the deposition process, of if the de-
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Figure 7.9: Film thickness measurements of the PCO113 films deposited using a substrate
temperature between 680◦C and 780◦C, performed using the Dektak surface profilometer.
Beside the exceptionally thick PCO113 film obtained at a substrate temperature of 700◦C,
an increase in PCO113 film thickness was found with increasing substrate temperature.

position rate was affected by substrate temperature. Dektak measurements of the PCO113

films, see Fig 7.9 indicated an increase in film thickness with substrate temperature. The

film deposited using a substrate temperature of 700◦C appeared to be anomalously high.

Both AFM and SE images of the PCO113 films depict a flat surface with uniform grains,

see Fig 7.10a. They also indicate that grain size increases with substrate temperature and

became less regular. Grain size distribution also increased. No microcracks were observed

despite the average PCO113 film thickness of all six films being 98 nm (excluding the

film deposited at 700◦C). The images of the PCO113 film deposited at 700◦C that was

measured to be almost twice as thick as all other firms showed no features typical of

thicker films (microcracks and large grains) further suggesting that the film thickness

measurement of this film was anomalous. However, the SE and AFM images also showed

that the PCO113 film deposited at 780◦C had a significantly different film morphology

from the other films deposited at lower substrate temperatures. Extra large grains are

found interspersed, at a lower frequency than that seen previously, among a background

of smaller PCO113 grains. There was a discrepancy in the two images in that these large

grains appeared regular in shape in the SE image, while the AFM image suggested that

these grains were of an irregular shape.

Additionally, contrary to the SE images, several other AFM images taken at different loca-

tions on the film surface also indicated the presence of extra large, interspersed, regularly

shaped, grains (among a background of smaller PCO113 grains) at substrate temperatures

≥740◦C, see Fig 7.11. These large grains were not found of the PCO113 films of varying

thickness, in Section 7.3.1, but were found of the anomalous PCO113 film deposited using

an oxygen partial pressure of 200 mTorr in Section 7.3.2, where it was suggested to be due

to a third phase. There were no common factors correlating the presence of these large

grains to its deposition conditions or diffraction pattern.
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(b) Rrms values

Figure 7.10: AFM and SE images of the PCO113 films deposited using a substrate tem-
perature between 680◦C and 780◦C. As substrate temperature increased, average grain
sizes increased as did the grain size distribution as the initially regularly shaped grains
grew increasingly irregular. At the highest substrate temperature of 780◦C, PCO113 film
morphology changes significantly: large grains were found interspersed in a background
of much smaller and regularly shaped grains. The AFM image showed that these large
grains were highly irregular in shape, whereas the SE image showed that these large grains
were more regular in shape. SE scale bar = 100 nm.

(a) 740◦C (b) 760◦C

Figure 7.11: AFM images of the PCO113 films deposited using a substrate temperature
of 740◦C and 760◦C depicting a very different morphology to that in Table 7.10a where
the grains were smaller and of a smaller size distribution. The shape of the grain size
distribution in these areas of the PCO113 films was very different, with an increased
proportion of extremely large grains.

If these large grains were a second phase (corresponding to the reflection at ∼33.0◦ 2θ, it

should not be present in the film deposited at 740◦C, as the out-of-plane XRD pattern of

this film indicated it to be single phase PCO113. On the other hand, if these large grains

were PCO113, it should not be present in the film deposited at 200 mTorr, which XRD

pattern suggested that no PCO113 had been deposited. It could be argued that there

was actually a trace PCO113 reflection in this film deposited at 200 mTorr. Therefore,

it could be suggested that these large grains were the result of PCO113 grain growth.

However, they were not detected in any of the PCO113 films where the film thicknesses

were varied and much thicker films deposited. The most plausible correlation is that,
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if the PCO113 film deposited at 200 mTorr were anomalous, it was the high substrate

temperatures used that caused the PCO113 films to take on a different morphology. A

higher substrate temperature would facilitate the diffusion of atoms, and thus also the

growth of large grains at the expense of the surrounding smaller grains. Based on that, in

the interest of depositing a film of uniform grain size and low roughness, high substrate

temperatures would not be recommended

Thus, PCO113 films have been successfully deposited at temperatures between 680◦C and

780◦C. Increasing substrate temperature potentially had the effect of increasing the pres-

ence of a secondary phase (the reflection at 33.0◦ 2θ). AFM images showed a different

surface morphology for the PCO113 films deposited at temperatures ≥740◦C. Extremely

large grains were found amidst a background of smaller grains. It was unclear if this

change in morphology was the result of the presence of the second phase, or the result

of the substrate temperature affecting the grain growth. Regardless, high substrate tem-

peratures should probably be avoided for the deposition of PCO113 thin films. There is

still reasonable confidence a deposition at 300 mTorr ρO2, and substrate temperature of

680◦C, as applied by Mehta et al. [297], should result in the successful growth of single

phase PCO113 thin films. A final test of this was performed in the following section.

7.3.4 PrCoO3−δ/Ce0.9Gd0.1O2−δ(polycrystalline) Film

A thick PCO113 film (10000 pulses) was deposited on a polycrystalline CGO substrate.

The objective of this deposition was to confirm that single phase PCO113 could be de-

posited at a substrate temperature of 680◦C, and oxygen partial pressure of 300 mTorr. A

polycrystalline substrate was used to ensure that the deposited film was without texture

so all reflections may be detected to facilitate phase identification. The XRD pattern of

this thick PCO113 film on polycrystalline CGO was compared against the XRD pattern

of the CGO polycrystalline substrate, and PCO113 target XRD pattern in Fig 7.12.

All reflections of CGO and PCO113 can be seen in the XRD data of the PCO113 film.

The PCO113 peak intensities were much lower (some are only just detectable) due to

the low PCO113 sample volume, with the exception of the PCO113 reflection at ∼33.5◦

2θ. The majority intensity comes from the bulk CGO substrate. There appeared to

be a slight peak shift of the CGO reflections as compared with the reference pattern of

the CGO substrate. This was likely due to a height correction- the CGO substrate was

under the PCO113 film. All the PCO113 reflections were present. However, despite being

deposited on a polycrystalline substrate that had no preferred orientation, the PCO113

film was highly textured. A disproportionately high intensity was observed at ∼33.5◦ 2θ,

compared to the intensities of the other PCO113 reflections. In the XRD pattern of the

PCO113 target, the peak at ∼23.5◦ 2θ was a quarter of the maximum intensity of the peak

at ∼33.5◦ 2θ. However, for the deposited PCO113 film, only traces of the peak at ∼23.5◦

2θ may be seen. It was not clear if this was also the case for the peaks at ∼41.4◦ 2θ and

∼59.7◦ 2θ due to their low intensities. Nevertheless, there does appear to have been some
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Figure 7.12: XRD patterns of the PCO113 target, CGO polycrystalline substrate, and
the PCO113 film deposited upon the CGO polycrystalline substrate using 10000 pulses.
Reflections belong to either PCO113 and CGO have been labeled. The XRD pattern
showed only the presence of a single PCO113 phase, that may be textured (preference to
the (002),(121), or (200) orientations).

texture in the thick PCO113 film deposited with a preference for either the (002), (121)

and/or (200) orientations.

Further analysis would be required to confirm any in-plane texture of the thick PCO113

film deposited. However, the objective of this exercise was accomplished: a substrate tem-

perature of 680◦C and oxygen partial pressure of 300 mTorr would result in the deposition

of single phase PCO113 films.

7.3.5 Repeatability of the PLD of PrCoO3−δ/Si(004) Films

A difficulty in drawing firm conclusions of the effect of oxygen partial pressure, substrate

temperature and deposition time on the deposition of PCO113 thin films was the need to

assume that all other conditions were kept constant. However, this type of control was

not available with PLD. A comparison has been made of three PCO113 films from each

data set, deposited under nominally identical conditions: using 3000 pulses, a substrate

temperature of 680◦C and an oxygen partial pressure of 300 mTorr, in Fig 7.13.

PCO113 has been deposited in all three films. In all cases, images of a flat film with uniform

grains and microcracks have been obtained. It appeared that a similar amount of material

was deposited between the three films, based on the intensities of the observed reflections.

However, while it was absent in the first of the three to be deposited, an unidentified peak

was seen in the later PCO13 films at ∼33.0◦ 2θ coinciding with a decrease in the intensity
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Figure 7.13: A comparison of the out-of-plane XRD patterns of the PCO113 films de-
posited under nominally identical conditions. PCO113 reflections have been labeled. Film
A was the first to be deposited, then film B, and lastly film C. The reflections between
32-34◦ 2θ have been enlarged. There was one unidentified peak at 33.0◦ 2θ, the intensity
of which increased with PCO113 target damage.

of the PCO113 reflection at ∼33.5◦ 2θ. The presence of this unidentified phase has been

noted as oxygen partial pressure and substrate temperatures were varied. It may be due

to the deterioration of the target as it was not detected in initial depositions of varying

film thicknesses. The XRD of the PCO113 target post-ablation did show an amorphous

region at that 2θ position. Additionally, as the usage of the PCO113 target increased, so

too did the intensity of this secondary phase. However, if that were the only explanation,

these reflections at ∼33.0◦ 2θ should be present on all latter films, which it was not.

Other differences between the films are: the degree of the mircrocracks and the grain size,

see Table 7.3. In chronological order of deposition, earlier films had larger microcracks

and a larger grain size, while later films had smaller microcracks and a smaller grains size.

A possible explanation could again be the accumulation of damage of the PCO113 target.

For earlier films, when the degree of ablation damage is less, the target surface would

have been less amorphised and less dense which would have resulted in a more porous

and thicker film for the same amount of material ablated, or a lower deposition rate.

This is supported by the reduction in film thickness, under nominally identical deposition

conditions, as a function of target usage, see Fig 7.14. Prior to the experiment, an attempt

was made to mitigate the effect of accumulating damage by damaging the target first, that

any further laser damage would be marginal. This appeared not to have been successful.

Besides the variables within the deposition process itself, PLD is also sensitive to the

condition of the target. The composition and morphology of the film was visibly (de-

tectably) affected. Care is required to separate the effect of laser damage on the target
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AFM image SE image

A

B

C

Table 7.3: AFM and SE images of the PCO113 films deposited under nominally identical
conditions, in the order of A, B, then C. As PCO113 target damaged increased, the grains
of the deposited PCO113 film decreased in average size and size distribution. Also, the
occurrence of microcracks in the deposited PCO113 film was reduced. SE scale bar = 100
nm.
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Figure 7.14: Film thickness measurements performed using the Dektak surface profilome-
ter of PCO113 films (A, B, and C, of the same label as in Table 7.3) deposited under
nominally identical conditions, as a function of PCO113 target usage (the number of
pulses its surface had been ablated with, prior to the deposition of the PCO113 film). As
PCo113 target damage increased, the thickness of the depocited PCO113 films decreased.
As the intensities of the XRD patterns of Fig 7.13 remained constant despite PCO113
target damage, the decrease in film thickness was likely to be associated with an increase
in deposited PCO113 film density with PCo113 target damage.

from the effect of the PLD conditions. Currently, the most feasible conclusion given the

inconsistencies in the samples was that the presence of extra reflections about ∼33.0◦ 2θ,

potentially an increase in PCO113 film texture, and the decrease in: porosity; grain size;

and grain size distribution of the film over time may be ascribed to the accumulation of

damage in the PCO113 target. The actual effect of oxygen partial pressure and substrate

pressure may only been morphological, rather than compositional. The result of using an

oxygen partial pressure below 100 mTorr was the deposition of large, porous and irregu-

larly shaped grains, while the result of using a higher oxygen partial pressure had nominal

effects on film morphology. The result of increasing substrate temperature was the en-

largement of certain grains at a much faster rate than other and thus a film morphology

comprising of a distribution of large grains amidst a background of smaller grains.

7.4 Conclusion and Further Work

Successful deposition of flat films of PCO113 with uniform grains has been performed

using a substrate temperature of 680◦C and oxygen partial pressure of 300 mTorr. The

deposition of a single phase film was confirmed through the deposition of a thick PCO113

film of a polycrystalline CGO substrate using 10000 pulses. Though the CGO substrate

had no texture, the resulting PCO113 film was (the cause of this was not identified as the

objective of this deposition had been achieved, though it should be investigated in further

work).



7.4. Conclusion and Further Work 115

Film deposition rate was found to be 38 nm/1000 pulses, but decreased with time as ab-

lation damage on the target accumulated. The composition of the PCO113 film appears

sensitive to ablation damage, often exhibiting a second unidentified phase with reflec-

tions at 32.5◦ 2θ, 33.0◦ 2θ and 33.1◦ 2θ. However, the occurrence of these peaks were

intermittent, and not on all latter films. It was unclear why this is the case.

While there has been some inconsistency in the PCO113 films deposited, general trends

have been proposed with regards to the effects of oxygen partial pressure and substrate

temperature on the morphology of the films. From oxygen partial pressures of 100 mTorr,

oxygen partial pressure had little effect on film morphology. However, decreasing oxygen

partial pressure below 100 mTorr resulted in porous films with irregularly shaped grains.

Increasing substrate temperature increased the presence of large grains against a back-

ground of smaller grains (possibly due to the formation of a second phase, or just as the

process of PCO113 grain growth).

Difficulty in drawing firm conclusions from these results stemmed from the inability to

replicate PLD conditions. A variable that results were highly sensitive to was the condition

and history of the PCO113 target. In order to remove this variable and consistently deposit

similar PCO113 films, the damaged surface of the target was removed by polishing the

target surface until no traces of the ablation damage were visible, prior to each deposition

in all later work.



Chapter 8

PLD of Pr2NiO4±δ and the

Isothermal Study of Pr2NiO4±δ

In the previous chapter, polycrystalline PrCoO3−δ, PCO113, films have been success-

fully deposited on trial single crystal Si(004) substrates using PLD. From XRD patterns,

and SE and AFM images, the effect of PCO113 film thickness, oxygen partial pressure

and substrate temperature on the structure and morphology of the deposited films were

investigated and optimal conditions have been identified. In Chapter 6 (200) oriented

Ce0.9Gd0.1O2−δ, CGO(200), buffer layers were deposited on YSZ(001) substrates. Thus,

the preliminary work for the deposition of PCO113 on CGO(200)/YSZ(002) has been com-

pleted. As one of the objectives of this work is to investigate the ORR at the perovskite/R-

P interface, it is also necessary to deposit Pr2NiO4±δ, PNO214, films.

In this chapter, PLD of PNO214 on Si(004) was attempted using a range of substrate

temperatures, oxygen partial pressures and film thicknesses. Similar characterisation was

performed, as in Chapter 7, using XRD, AFM and SE images. For phase identification

purposes, thick polycrystalline films were also deposited on a polycrystalline CGO sub-

strate at different substrate temperatures. Additionally, the stability of PNO14 at 800◦C

and over long anneal times in atmospheric conditions was investigated instead.

8.1 Literature Review

There are two topics of interest: PLD of PNO214 and the stability of PNO214. To date,

there has been no published literature on successful fabrication of pure PNO214 thin films

using PLD, whereas Cu and Gd stabilized variants of PNO214, Pr2(Ni,Cu,Ga)O4+δ or

PNCG have been reported. Thus, the properties of PNCG have been briefly covered

and the motivation for the synthesis of PNCG thin films due to the transport path of

oxide ion through the R-structure, and then consequently the PLD of PNCG films. High

116



8.1. Literature Review 117

Figure 8.1: Nuclear density analysis from neutron diffraction data measured in situ at
1015.6◦C indicated the two-dimensional network of curves O2-O3-O2 oxide-ion diffusion
paths on the (Pr,La)-O layer in PLNCG [45].

temperature instability of PNO214 has been observed in two key studies by Odier et al.

and Kovalevskty [47, 48]. These works were also reviewed.

8.1.1 Pr2(Ni,Cu,Ga)O4+δ

Ruddlesden-Popper, R-P, oxides of the K2NiF4 structure, such as those based on PNO214,

have been found to exhibit high level of oxygen hyper-stoichiometry and have been in-

vestigated as potential new MIECs for intermediate temperature applications [142, 148].

Bulk oxide-ion diffusion pathways of these materials have been proposed to be along the

rocksalt-type AO layers [218, 136, 139, 142]. In 2008, high temperature neutron diffraction

studies were used to characterise the structure of (Pr0.9La0.1)2(Ni0.74Cu0.21Ga0.05)O4+d,

PLNCG. by Yashima et al [45]. In the Rietveld refinement performed, the interstitial

excess oxygen (labeled O3) was identified at 16n sites. It also revealed highly anisotropic

thermal motion of the apical oxygen atoms (labeled O2) at the 4e site, promoting diffusion

between the O2 and interstitial O3 sites and thus confirming the oxygen diffusion path

way proposed and the reliance on an interstitial oxygen population for oxygen transport,

see Fig 8.1. Consideration of the nuclear density distribution of the O2-O3 diffusion path

also suggested the use of larger A-site cation dopants, and higher valence A and B cations

to increase the interstitial O3 atoms population and thus improve diffusion, as has indeed

been found of the metal cation access doping of Ga [339].

The study in 2008 showed an enlargement of the O2-O3 diffusion path with temperature.

Furthering this work, Yashima et al observed a bottle-neck effect along the oxygen diffusion

path where nuclear density was at a minimum, which could be correlated with oxygen

conductivity [156]. As temperature increased, so too did the nuclear density along the

O2-O3 path and oxygen conductivity. A notable outcome was that the activation energy

of oxygen diffusion at the bottle neck was calculated from the nuclear density and found
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to be very low (12 kJ/mol), suggesting high oxide ion conductivity in single crystals or

epitaxial thin films [156]. This prompted the move to thin film deposition.

In a final work on PNCG in 2012, it was shown that oxygen conductivity may be correlated

to the oxygen probability density at the bottle neck for diffusion, ρN , where ρN is a function

of the formation energy of oxygen atoms (basically its migration energy) at the bottleneck,

EN , the temperature, and the population of interstitial O3 atoms [340]. As ρN was found

to be relatively independent of temperature and EN , it was the change in interstitial O3

concentration that predominantly affected oxygen conductivity; oxygen conductivity was

proportional to the concentration of oxygen interstitials. Through consideration of the

O2-O3-O2 diffusion pathway, the interstitial diffusion mechanism was identified to be the

interstitialcy mechanism [340]. The higher mobility of oxygen on the apical O2 site may

be attributed to the longer covalent bond between O2 and its neighbouring cations (Ni,

Cu, Ga) as compared to that of the equatorial O1. The higher mobility of oxygen on the

interstitial O3 site is due to its lower coordination of 4, instead of 6 for O1 and O2.

The use of La-dopants in all prior work was to stabilize the high temperature PNO214

I4/mmm structure as PNO214 was found to decompose at high temperatures into the

higher order RP phase (3rd order Pr4Ni3O10, PNO4310) and Pr oxide [47, 48], which

had the effect of lowering oxygen transport [156]. However, in this latest work, high

temperature neutron and synchrotron X-ray diffraction found the PNCG system to be

stable up to 1011◦C [340] and the successful deposition of PNCG thin films by PLD was

reported.

8.1.2 PLD of Pr2(Ni,Cu,Ga)O4+δ

PLD of polycrystalline PNCG films 100nm to 1000nm thick by PLD was first performed

by Ishihara et al [341]. Deposition conditions of all reported films have been tabulated in

Table 8.1. Despite the polycrystalline substrate, the PNCG film showed a preference for

the (004) out-of-plane orientation. This was likely due to the similarity in dimensions of the

c-lattice length of PNCG (12.538 Å) and three of the cubic unit cells of MgO (12.633 Å).

This preference decreased as PNCG film thickness increased. A light broadening and shift

of the PNO peak suggested the presence of a lattice strain. Chemical analysis using EDX

and WDX showed a homogeneous composition across the film that was almost identical

to that of the PLD target, regardless of film thickness. From SEM images, the film was

found to be uniform and flat, with no cracks or delaminations. However, from the XRD

measurements, a single reflection around 46◦ 2θ was present in the 100 nm thick PNCG

film only. This was attributed to Pr6O11, though a match on the basis of a single reflection

is uncertain. Nevertheless, it does raise concerns of the possibility of using PLD for the

deposition of very thin PNCG films. No mention of the observation of a second phase

using EDX or SEM images was made. It may be that the Pr6O11 formed the immediate

layer at the MgO substrate, after which PNCG deposited. It may also be related to the

change in oxidation state of Pr (and Ni) seen in the thinnest film.
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Laser Pulse Substrate Oxygen Partial
Fluence Rate Temperature Pressure

Film Substrate (mJ/pulse) (Hz) (◦C) (mTorr) Reference

PNCG MgO 180 10 800 5 [341]
PNCG MgO 180 10 800 0.7 [46]

LNO214 SrTiO3 780 100 [342]
LNO214 SrTiO3 10 600-800 75 [343]

SiO2

Si(111)
Si(001)

Pt(1111)
LNO214 YDC 10 850 23 [344]
LNO214 SrTiO3(001) 8 700-780 250 [345]

NdGaO3(001)
LNO214 MgO(001) 650 7.5 [346]

SrTiO3(001)
LNO214 CGO/YSZ(001) 45 10 650 50 [171]

Table 8.1: Table of the different deposition conditions used in literature for the PLD of
PNCG and LNO214, where a KrF excimer laser (λ = 248 nm) was employed.

Following this, Hyodo et al published several works on PNCG thin films, all fabricated

using the same conditions as detailed in Table 8.1 [46, 347, 348]. Laminated films were

deposited made up of alternating layers of Sm-doped {CeO2, SDC, and PNCG, starting

with SDC, on a MgO polycrystalline substrate. The laminated structure was chemically

and structurally analyzed using EDX, SIMS, and XRD. Cross-sectional SEM images were

also obtained, see Fig 8.2. The results indicated that the PNCG layers were single phase,

at least within detection limits, sharing the same composition as the target material and

with the same preferential orientation as observed by Ishihara et al [314]. The layers were

uniform, flat and dense, with good contacts with between the layers, and little diffusion

of cations between the interfaces [46].

Hyodo et al varied the thicknesses of the SDC layers, and the PNCG layers to investi-

gate their effect on electrical conductivity. It was seen that increasing the PNCG layer

thicknesses increased electrical conductivity, while increasing SDC layers decreased elec-

trical conductivity, especially at lower temperatures, and increased ρO2 dependence [46].

Following on from that the Hebb-Wagner ion blocking method was employed to measure

the oxide ion conductivity and electronic conductivity of PNCG/SDC laminated films and

comparisons made against bulk values [347]. The effect of the lamination was to supress

the electronic conductivity of PNCG/SDC due to decreased interstitial oxygen in the rock

salt block layer. At low ρO2, a depletion layer also formed at the PNCG/SDC layer further

inhibiting electronic conductivity. On the other hand, a high oxide ion conductivity was

measured (even higher than LSGM [349]).

In his latest work, Hyodo et al deposited PNCG film interspersed with Au particles by

PLD [348]. The presence of the Au particles imparted a tensile lattice strain to the PNCG
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Figure 8.2: SE image of the PNCG/SDC laminated film with 100 nm thickness for each
layer [46].

at high temperatures due to the difference in their TEC. This stabilized the oxidized

stated of PNCG, increasing hole concentration and thus improving electronic conductivity

even though hole mobility was reduced. XRD analysis indicated single phase PNCG was

deposited; no traces of Pr6O11 were detected.

On both accounts, deposition of PNCG was performed at a high substrate temperature

of 800◦C, and an extremely low ρO2 ≤5 mTorr. The in-house PLD equipment does not

allow for substrate temperatures to reach 800◦C, and has difficulty maintaining a stable

oxygen partial pressure of 10 mTorr during deposition. PLD conditions of the closely

related LNO214 system were considered, see Table 8.1. The PLD of LNO214 appears less

sensitive to deposition conditions, and has been successfully deposited through a large

range of substrate temperature (650 to 850◦C) and oxygen partial pressures (∼7.5 to 260

mTorr)[341, 46, 342, 343, 344, 345, 346, 171]. Thus, the deposition conditions tested in this

chapter are a range of oxygen partial pressures between 5 and 500 mTorr, at a substrate

temperature of 780◦C, and a range of substrate temperatures between 700◦C and 780◦C,

at an oxygen partial pressure of 300 mTorr. Lastly, due to the results of Ishihara et al

wherein decomposition products were only observed in the thinnest PNCG film, a range

of PNO214 film thicknesses were also deposited.

8.1.3 High Temperature Stability of Pr2NiO4±δ

TGA has been performed on a powdered PNO214 between the temperature range of 200

to 1200◦C (300 ◦C/h ramp) under oxygen flow (30 l/hr) by Odier et al. [47]. The results,

see Fig 8.3, showed that upon heating from 200 to 850◦C, the oxygen hyperstoichiometry,

δ, decreased at a constant rate. At 850◦C, a sharp increase in δ was observed, which

plateaued at 1020◦C with d more than twice its original value. Further heating to 1150◦C

resulted in a decrease in δ, at the same rate by which it increased, so that by 1200◦C it

had returned to its original value if extrapolated from 850◦C.
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Figure 8.3: Oxygen stoichiometry versus temperature in PN214, and the XRD pattern
of single phase PNO214 prior to heat treatment, and a PNO214 sample quenched from
1030◦C under oxygen flow which had decomposed into PNO4310 and PrOy [47].

The increase in oxygen excess is due to the oxidative decomposition of PNO214 into

high order R-Ps: Pr3Ni2O7, PNO327, or Pr4Ni3O10, PNO4310. It is known that the re-

duction of the LNO4310 system results in the progressive removal of apical oxygen and

subsequently a transformation from LNO4310 (T, when the apical oxygen is present) to

LNO439 (T∗) to LNO438 (T
′
, when the apical oxygen has been removed). Applying

this to the current PNO214 system and taking into account the equilibrium composition

of PrOy as described by Hyde et al’s work on the PrO system, it is suggested that at

850◦C PNO439 and 2PrO1.76 are formed. Thus, as the temperature increases to approx-

imately 1000◦C, PrO1.76 oxidises to form the alpha phase, PrO1.8 (stable above 900◦C),

and PNO439 oxidises to PNO439.75 (PNO4310-δ), resulting in the weight gain observed.

This is supported by XRD results of PNO214, heated to 1030◦C then quenched, which in-

dicated that the oxidative decomposition of PNO214 results in the formation of an oxygen

deficient PNO4310 and a Pr oxide, see Fig 8.3.

As the temperature increases further, the PrO1.8 alpha phase reverts to the PrO1.6 omega

phase. Similarly, the R-P PNO439.75 phase also lost oxygen until it returned to PNO439.

In a separate study, Kovalevksy et al. also obtained an XRD of a PNO214 sample at

1200◦C, after δ had fallen back down to its original value, see Fig 8.4. It showed that the

powder had indeed returned back to single phase PNO214 albeit with traces of Pr6O11,

the removal of which was kinetically limited by the slow cation diffusion [48]. On cooling

the sample back down from 1200◦C, at temperatures below 1000◦C, the oxidative decom-

position occurred again forming PNO439.75 and PrO1.8. This time, the oxidation was

irreversible.

This reasoning is supported by resistivity measurements between 0 to 1200◦C [47], see Fig

8.5. PNO4310 has a high electronic conductivity (it has metallic electrical resistivity). As

expected, under identical conditions as for the TGA measurement, a drop in the resistivity

was seen where the presence of PNO4310 is presumed. This is due to the formation of

a percolated PNO4310 network in the compound [47]. Odier et al observed that this

oxidative decomposition was highly dependent on the oxygen partial pressure (oxygen

flow rate) and that increasing the oxygen partial pressure would not only decrease the

onset temperature for the reaction but also increase the extent of oxygen uptake.
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Figure 8.4: XRD patterns of (from left to right): a reference PNO214 sample; PNO214
quenched after annealing in air at 800◦C for 50 h; and PNO214 quenched after annealing
in air at 1000◦C for 24 h [48].

Figure 8.5: In−situ measurements of the resistivity versus temperature of PNO214 under
the same conditions as in Fig 8.3 by Odier et al [47]

These TGA results for the heating run are replicated in a separate study by Kovalevsky

et al, as well as the conductivity measurements during cooling, both of which support the

formation of PNO4310 and PrOy during the oxidative decomposition [48]. Kovalevsky et

al also performed a dilatometric study of PNO214 between 30 to 1400K, at a heating rate

of 3 K/min and oxygen partial pressure of 0.21 atm, see Fig 8.6. Up until around 1000

K, PNO214 has a near constant TEC in the range of 13.0-13.6×10−6 K−1. On the onset

of the oxidative decomposition, a volume expansion can be seen (increase in TEC) due

to the oxygen uptake and decomposition. As the temperature increased and the process

reverses, there was a volume contraction (negative TEC) before it resumed a TEC close

to that pre-decomposition, in the range of 12.9-13.3×10−6 K−1.

It should be noted that, in literature, this phase separation was not observed in as-prepared

PNO214, but only when it was subject to further heat treatment. Kovalevsky et al pre-

pared PNO214 powder using the glycine-nitrate process. The resulting ash was further

calcined in air at 927 to 1077◦C for 2 h to remove any remaining organics, before being

sintered in air at 1100 to 1300◦C 3 to 5 h, in order to obtain samples of 95-98% den-

sity. Both calcination and sintering processes were at sufficiently high temperatures for

oxidative decomposition to occur. However, XRD on these samples revealed single phase

orthorhombic Bmab PNO214, with unit cell parameters: a=5.3934(1)Å, b=5.4564(1)Å,
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Figure 8.6: Dilatometric curve of PNO214 on heating in air [48].

c=12.4479(2)Å. This would explain why earlier studies [294, 101] on as-prepared PNO214

powders showed no indication of its instability at high temperatures and high oxygen par-

tial pressures. This instability of PNO214 may prevent its deposition as a single phase

PNO214 film by PLD.

8.2 Experimental Method

The experimental method of this chapter with regards to the deposition, structural and

morphological analysis of the thin films deposited on Si(001) substrate is identical to that

of PCO113 thin films examined in Chap 7. The same range of substrate temperatures and

oxygen partial pressures were investigated, in line with deposition parameters reported in

literature. Films of varying thicknesses were also deposited at an oxygen partial pressure

of 300 mTorr, and substrate temperature of 780◦C.

As in Chap 7 out-of-plane XRD patterns, between 15 and 60◦ 2θ, were obtained for all of

the deposited thin films on the Si substrate. As zero-corrections were within instrument

error, no zero-corrections were made to the 2θ positions. All patterns have been corrected

for their background intensities. Film thickness measurements were performed using the

Dektak150 and AFM images obtained using the Bruker DiInnova.

In order to obtain more diffraction peaks from which the deposited films may be better

identified, thicker films were also deposited on CGO polycrystalline substrates (charac-

terised in Chap 6) using 10000 pulses at an oxygen partial pressure of 300 mTorr. Sub-

strate temperatures between 680 to 780◦C were used. XRD patterns of these films were

measured using the two in-house Bruker D2 Phaser instruments. It was thus necessary

to correct for shifts in the peak positions between the two instruments, and also back-

ground intensity. For better comparison, peak intensities were scaled to the intensity of

the CGO(111) reflection at ∼28.7◦ 2θ. AFM images were also taken of the surface of these

thick films using the Bruker DiInnova.
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To study the stability of PNO214, PNO214 powder samples were annealed at 800◦C in

air for 3 to 36 h. Following the anneal, the samples were quenched in order to retain their

high temperature phases. The decomposition of PNO214 has been shown to be reversible

on cooling [48]. XRD patterns were taken of the sample using the two in-house Bruker

instruments. All patterns presented have been scaled according to background intensities.

Rietveld refinements were performed on the PNO samples annealed between 3hr and 12

hr in air in order to determine phase fractions (%) present. Two phase fits, cubic Fm3̄m

Pr6O11 and orthrombic Fmmm PNO214 were used for the samples annealed for 3 h and

6 h. In the sample annealed for 12 h, traces of PNO4310 were detected, and a three phase

fit was used that included orthorhombic Fmmm PNO4310. All shape and asymmetry

parameters were refined separately.

8.3 Results and Discussion

8.3.1 PLD of Pr2NiO4±δ

AFM images of the PNO214 films deposited under varying PLD conditions, and their

measured thicknesses, are depicted in Figs 8.7, 8.8, 8.9 and 6.7, respectively. The deposi-

tion rate at an oxygen partial pressure of 300 mTorr and substrate temperature of 780◦C

was ∼45.6 nm/1000 pulses. At low film thicknesses, the film comprised of uniform sized

and regularly shaped grains. As film thickness increased, disproportionately large grains

were increasingly observed and with it a corresponding increase in RSM roughness of the

film. On increasing oxygen partial pressure during PLD, deposition rate increased- for the

same number of pulses, film thicknesses were larger when deposited at higher oxygen par-

tial pressure. The increase in film thickness was again associated with the presence of large

grains. There appears to be little other effect oxygen partial pressure on the morphology

of the deposited films and no secondary phases were observed. Several of the films imaged

using AFM had large grains interspersed against a background of smaller grains, similar

to the morphology found in PCO113 films deposited at higher substrate temperatures, see

Section 7.3.3. However, this appeared to occur at random for the films deposited between

a range of oxygen partial pressure and film thicknesses. This morphology was not found

of the films deposited over a range of substrate temperatures.

The film morphology obtained when varying the substrate temperature during deposition

remained mostly unchanged besides a slight coarsening of the grains. This was reflected in

the increase in RMS roughness as substrate temperature increased. There did not appear

to be any clear trend between film thicknesses and substrate temperature, and it seemed

that these deposited films were sufficiently thin that the formation of large grains on its

surface had not yet begun.

The thin film deposited using 3000 pulses at an oxygen partial pressure of 300 mTorr

and substrate temperature of 780◦C appears to be irregularly thin, see Fig 8.10. This

comparison was true between films deposited using a range of oxygen partial pressures,
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(a) 10 mTorr (b) 100 mTorr

(c) 200 mTorr (d) 300 mTorr

(e) 400 mTorr (f) 500 mTorr

(g) Rrms

Figure 8.7: AFM images and the measured Rrms of PNO214 films deposited using a range
of oxygen partial pressures, at a substrate temperature of 780◦C and 3000 laser pulses.

and deposition times. Taking an average of thin films deposited using 3000 pulses at an

oxygen partial pressure of 300 mTorr over a range of substrate temperatures, it should

be of a thickness ∼128 nm, which is more in keeping with the deposition rate calculated,

instead of the 78.7 nm it was measured to be. Nevertheless, the morphology of these films

appear promising. No cracks or delaminations were observed that would undermine film
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(a) 10 mTorr (b) 100 mTorr

(c) 200 mTorr (d) 300 mTorr

(e) 400 mTorr

(f) Rrms

Figure 8.8: AFM images and the measured Rrms of PNO214 films deposited using a range
of substrate temperatures, at an oxygen partial pressure of 300 mTorr and 3000 laser
pulses.

performance in an SOFC device.

Out-of-plane XRD patterns of the thin films, deposited at oxygen partial pressures between

5 mTorr and 500 mTorr are presented in Fig 8.11. There were very few reflections present.
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(a) 10 mTorr (b) 100 mTorr

(c) 200 mTorr (d) 300 mTorr

(e) Rrms

Figure 8.9: AFM images and the measured Rrms of PNO214 films deposited using a range
of laser pulses, at a substrate temperature of 780◦C and an oxygen partial pressure of 300
mTorr.

It was unclear if this was due to low signal for the thin films, or if it was the result of texture

in the film due to the use of a single crystal substrate. If the first, then the reflections may

be matched using only the highest intensity reflections of a powder diffraction pattern;

identification of the deposited film is possible. If it is the latter, identification of the

deposited film would not be possible. The unit cell parameters of PNO214 and known

decomposition product of PNO214 at high temperatures, Pr6O11 and PNO4310 [48, 47]

along with the Si substrate are listed in Table 8.2. The mismatch between the a and b

parameters of the Pr oxides and the Si substrate is small. Thus there may be preference

to the [001] family of orientations in the Pr oxides.

From the out-of-plane diffraction pattern of all the thin films, there are two main reflec-

tions at ∼28.3◦ 2θ and ∼33.0◦ 2θ, and three other trace reflections at ∼44.3◦ 2θ, ∼47.4◦
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(a) Oxygen partial pressure (b) Substrate temperature

(c) Number of laser pulses

Figure 8.10: Film thickness measurements as functions of: (a) oxygen partial pressure; (b)
substrate temperature; (c) number of laser pulses. Excluding the deposition parameter
being varied, PLD was performed at an oxygen partial pressure of 300 mTorr, substrate
temperature of 780◦C, and using 3000 laser pulses. A deposition rate of ∼45.6 nm/1000
pulses was measured (at an oxygen partial pressure of 300 mTorr and substrate temper-
ature of 780◦C). Increasing oxygen partial pressure appeared to increase the deposition
rate. There was no clear trend between the deposited film thickness and the substrate
temperature.

2θ and ∼58.7◦ 2θ. The reflections of potentially deposited phases- NiO, Pr6O11, PrNiO3,

PCO113, PNO214 and PNO4310 are provided in Table 8.3. The first of the two main

reflections at ∼28.3◦ 2θ has been matched to the 100% intensity (111) reflection of cubic

Pr6O11, and the trace reflections at ∼58.7◦ 2θ to its second order (222) reflection, though

intensities are lower than expected. The second main reflection at ∼33.0◦ 2θ- the same po-

sition as the unidentified peak in Chapter 7 during the PLD of PCO113. For the nickleate

series, this peak may be matched to a multitude of reflections belonging to the PNO113,

PNO214 or PNO4310 phases: the 99.0% intensity PNO113(110) reflection (32.79◦ 2θ), the

100.0% intensity PNO113(104) reflection (33.24◦ 2θ), the 34.9% intensity PNO214(200)
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Figure 8.11: Out-of-plane XRD patterns of the films deposited at an oxygen partial pres-
sure between 10 and 500 mTorr. Where possible, reflections have been labeled. The film
contains Pr6O11, the proportion of which increases with oxygen partial pressure. A second
phase was present. Due to the few reflections, it was unclear if it was PNO113, PNO214 or
PNO4310. There was one unidentified reflection at ∼44.3◦ 2θ that could not be matched
to Pr6O11, PNO113, PNO214 or PNO4310.

Composition Crystal Structure Cell Parameters Reference
and Spacegroup

Si Cubic F 4̄3m a = b = c = 5.3920 Å [350]

Pr6O11 Cubic Fm3̄m a = b = c = 5.4678 Å [4]

PrNiO3 Rhombohedral a = b = 5.4582 Å [351]
R3̄c c = 13.1061 Å

Pr2NiO4 Orthorhombic a = 5.4568 Å [299]
Fmmm b = 5.3929 Å

c = 12.4464 Å

Pr4Ni3O9.85 Orthorhombic a = 5.3700 Å [5]
Fmmm b = 5.4620 Å

c = 27.5280 Å

NiO Cubic Fm3m a = b = c = 4.1769 Å [320]

Table 8.2: Table of crystal structures and spacegroups of potential phases deposited in
the ablation of PNO214. The lattice parameter of the Si wafer was been included, the
mismatch in lattice parameters between Si and Pr6O11, PCO113, PNO214 or PNO4310
(the a- and b- parameters) is small.
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reflection (32.80◦ 2θ), the 33.7% intensity PNO214(020) reflection (33.20◦ 2θ), the 100%

intensity PNO4310(117) reflection (32.62◦ 2θ), or the 48.0% intensity PNO4310(200) re-

flection (33.36◦ 2θ). Of the two remaining trace peaks, the peak at ∼44.3◦ 2θ matches

only with the 7.3% intensity PNO214(006) reflection. The intensity of this reflection in-

creased with decreasing oxygen partial pressure, the same as was found for the reflection

at ∼33.0◦ 2θ. It may be that these two reflections belong to the same phase. If this is true,

PNO214 must have been deposited as PNO4310 does not have any reflections at ∼44.3◦

2θ. Similarly, the peak at ∼47.4◦ 2θ may equally belong to PNO113(024), PNO214(220),

or PNO4310(220). The intensity of this peak was too low to observe any trends in inten-

sity with oxygen partial pressure. Another possibility was that the reflection at ∼33.0◦ 2θ

belongs to the Pr6O11(200) diffracting planes. In this case, the variation in oxygen par-

tial pressures affects the orientation of the deposited Pr6O11 film. As the oxygen partial

pressure does in part determine the energy of the ablated material, and therefore would

affect its growth, this would be a plausible occurrence.

Pr6O11 was almost definitively present. That being the case, NiO or Pr- nickelate per-

ovskite or R-P oxide must also be present if target stoichiometry was maintained. Iden-

tification of this second phase based on the trace reflections at ∼44.3◦ 2θ, ∼47.4◦ 2θ and

∼58.7◦ 2θ was not clear. On the one hand, PNO214 was the better fit based on peak

position and the presence of a trace peak at ∼44.3◦ 2θ that was only detected when

intensity of the main peak at ∼33.0◦ 2θ was at its highest. However, this presumes a

preference for the PNO214(200) orientation while consideration of the PNO214 and Si

cell parameters suggests that any preference should be for the long axis to be normal to

the film surface- the (001) orientation. On the other hand, based on the intensities of

reflections in a powder diffraction pattern, it seems more likely that PNO113 or PNO4310

has been deposited. The PNO113(104) and PNO4310(117) reflections were the highest

intensity reflection of the powder diffraction, and thus most likely to be observed. Also

the second trace peak at ∼47.4◦ 2θ may also be matched to another high intensity reflec-

tion for PNO113 or PNO4310: the 68.0% intensity PNO113(024) reflection or the 49.0%

intensity reflection of PNO4310(220). Whereas this reflection would be much lower for

PNO214, at 26.9% intensity for the PNO214(220) reflection. If this peak at ∼44.3◦ 2θ did

correspond to PNO4310, there would be a substantial 0.4◦ 2θ peak shift at the ∼33.0◦ 2θ

reflection (if this may even be matched to PNO4310) that needs to be accounted for that

was not present at ∼47.4◦ 2θ. Thus, there was a good possibility that the deposited film

comprised of two phases: Pr6O11 and PNO113. However, the presence of Pr6O11 suggests

that PNO4310 was present, as Pr6O11 and PNO4310 are known decomposition products

of PNO214 [47, 48]. From these diffraction patterns alone, it was not possible to ascertain

this definitively. Future references to the second phase preset in the film are as belonging

to the PNO4310 phase of the R-P phase.

The oxygen partial pressure during deposition appeared to alter the proportion of Pr6O11

and R-P phase present: decreasing oxygen partial pressure increased the intensity of the

Pr6O11 reflection while it decreased the intensity of the R-P reflection. If the proportions

of these phase were changing, it must imply that the oxygen partial pressure affected the
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(a) Pr6O11 [4]

h k l d (Å) 2θ (◦ ) I (%)

1 1 1 3.15650 28.250 100.0
2 0 0 2.76640 32.740 28.0
2 2 0 1.93200 46.995 30.0
3 1 1 1.64870 55.708 24.0

(b) NiO [320]

h k l d (Å) 2θ (◦ ) I (%)

1 1 1 2.41000 37.281 91.0
2 0 0 2.76640 43.298 100.0

(c) PrNiO3 [351]

h k l d (Å) 2θ (◦ ) I (%)

0 1 2 3.8335 23.184 31.0
1 1 0 2.7288 32.793 99.0
1 0 4 2.6928 33.244 100.0
2 0 2 22.2232 40.543 28.0
0 0 6 21.1845 41.295 9.0
0 2 4 1.9168 47.389 68.0
1 2 2 1.7237 53.089 9.0
1 1 6 1.7054 53.704 8.0
3 0 0 1.5756 58.536 26.0
2 1 4 1.5688 58.816 49.0
0 1 8 1.5479 59.688 18.0

(d) Pr2NiO4 [299]

h k l d (Å) 2θ (◦ ) I (%)

1 1 1 3.66560 24.261 30.3
0 0 4 3.1160 28.666 14.8
1 1 3 2.8164 31.745 100.0
2 0 0 2.72835 32.799 34.9
0 2 0 2.69646 33.198 33.7
1 1 5 2.08810 43.296 11.4
0 0 6 2.07440 43.596 9.1
2 0 4 2.05143 44.110 13.7
0 2 4 2.03777 44.421 13.5
2 2 0 1.91786 47.362 26.9
2 2 4 1.63265 56.304 7.0
1 1 7 1.61317 57.045 8.5
3 1 3 1.59163 57.890 13.5
1 3 3 1.57890 58.402 13.0

(e) Pr4Ni3O9.85 [5]

h k l d (Å) 2θ (◦ ) I (%)

1 1 1 3.6656 24.261 30.3
0 0 4 3.1116 28.666 14.8
1 1 3 2.8165 31.745 100.0
2 0 0 2.7283 32.799 34.9
0 2 0 2.6965 33.198 33.7
1 1 5 2.0881 43.296 11.4
0 0 6 2.0744 43.596 9.1
2 0 4 2.0514 44.110 13.7
0 2 4 2.0378 443421 13.5
2 2 0 1.9179 47.362 26.9
2 2 4 .16327 56.304 7.0
1 1 7 1.6132 57.045 8.5
3 1 3 1.5789 57.890 13.5
1 3 3 1.5789 58.402 13.0

Table 8.3: Miller indices and peak positions between 20 and 60◦ 2θ for: (a) NiO; (b)
Pr6O11; (c) PrNiO3; (d) Pr2NiO4; and (e)Pr4Ni3O9.85. Only reflections with an intensity
≥5% were shown.
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Figure 8.12: Out-of-plane XRD patterns of the films deposited using a substrate temper-
ature between 700 and 780◦C. Where possible, reflections have been labeled. The film
contains Pr6O11, the proportion of which increases with substrate temperature. A second
phase was present. Due to the few reflections, it was unclear if it was PNO113, PNO214 or
PNO4310. There was one unidentified reflection at ∼44.3◦ 2θ that could not be matched
to Pr6O11, PNO113, PNO214 or PNO4310.

Pr:Ni ratio of the film. A possible explanation is that at the lower oxygen partial pressures,

Ni volatilized and the Ni content of the deposited film was reduced. Thus, at the lowest

oxygen partial pressure used (10 mTorr), almost all the Ni had volatilized resulting in a

film that consisted predominantly of Pr6O11, hence the absence of the R-P reflection. As

oxygen partial pressure increased, eventually the Pr:Ni ratio of the target was reached,

and the ratio of Pr6O11 to R-P phase also stabilised.

Out-of-plane XRD patterns of the thin films, deposited at a substrate temperature be-

tween 700 and 780◦C are presented in Fig 8.12. The same four reflections were observed

when substrate temperature was varied, as when oxygen partial pressure was varied. Ad-

ditionally, the ratio of peak intensity between the Pr6O11 reflection and the R-P reflection

varied with substrate temperature. However, unlike with oxygen partial pressure, there

was no clear trend in the proportion of Pr6O11 and PNO4310 present. At a substrate tem-

perature of 780◦C, 720◦C and 700◦C, the ratio of peak intensity at ∼28.3◦ 2θ and ∼33.0◦

2θ were roughly constant with the Pr6O11 reflection being of greater intensity. However, at

a substrate temperature of 740◦C, and especially at 760◦C, the area under the PNO4310

reflection was larger than that of the Pr6O11 reflection. Another notable feature was that

at a substrate temperature of 700◦C, both Pr6O11 and PNO4310 reflections have started

to split. The cause for this was unclear and the identity of the second phase remains

debatable.

Lastly, the instance where film thickness was increased was investigated, see Fig 8.13. In
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the work of Ishihara et al decomposition products (Pr6O11) were only observed in the

thinnest PNCG film (100 nm) deposited via PLD. XRD patterns of thicker PNCG films

from 217 nm upwards, showed no traces of the Pr6O11. It was of interest to see if those

results may be replicated with the films deposited in this work. Films of thicknesses

between ∼57.7 nm and ∼300.1 nm were deposited. This was within the range of film

thicknesses where Pr6O11 was no longer detected by Ishihara et al, [314]. The XRD

patterns of the deposited films have the same four reflections as seen when oxygen partial

pressure and substrate temperature were varied. Pr6O11 and R-P phases were detected

in all films deposited, though at varying ratios to each other. For the films deposited

using more than 2000 pulses, there may be a general trend where increasing film thickness

decreased the ratio of Pr6O11 present, as was observed by Ishihara et al. Thus, increasing

film thickness may further reduce the presence of Pr6O11.

Figure 8.13: Out-of-plane XRD patterns of the films deposited using 1000 to 6000 pulses.
Where possible, reflections have been labeled. The film contains Pr6O11, the proportion
of which increases with substrate temperature. A second phase was present. The thickest
film showed three additional peaks not found of the thinner film: at ∼24.4◦ 2θ, ∼32.5◦

2θ and ∼33.2◦ 2θ It was still not possible to identify the phase(s) present as PNO113,
PNO214 and PNO4310 all have reflections around those 2θ values. The peak at ∼24.4◦

2θ could not be matched.

As film thickness increased, the main Pr6O11 peak shifted to a lower 2θ position to ∼28.1◦

2θ from ∼28.3◦ 2θ. Three additional reflections were detected that had not been seen

in any of the films deposited earlier in this chapter. Two of these new reflections were

close to the main R-P-reflection at ∼33.0◦ 2θ: at ∼32.5◦ 2θ and∼33.2◦ 2θ. This triple

peak around ∼33.0◦ 2θ was also found of a PCO113 film in Chapter 7, and could not

be identified on that occasion. Even with the detection of these peaks, the identity of

the second phase or whether a third phase was present remains ambiguous. PNO113 and

PNO4310 both have two reflections that may match the additional two reflections found.
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For both these phases, the relative peak intensities of the two peaks do not match that

of the powder diffraction pattern, but that may be due to texturing. For this case, the

peak at ∼33.0◦ 2θ must belong to either Pr6O11 or PNO214. Alternatively, PNO214 also

has three reflections that may match all three reflections found between ∼32.5◦ 2θ and

∼33.5◦ 2θ (again the relative intensities of these three detected peaks to not conform to

that of the powder diffraction pattern, which may be attributed to texturing). A myriad

of different possibilities still exist with regards to the phases present in the deposited film.

It could be that just PNO214 and Pr6O11 was deposited, or with any amount of a PNO113

or PNO4310 third phase. The nature of the thin film samples has meant that it has not

been possible to identify which, between these structurally similar phases, were the phases

deposited using out-of-plane XRD only.

The third additional reflection was at ∼24.4◦ 2θ. No matches could be found for this

reflection. There was also an increase in intensity of the peak at ∼47.6◦ 2θ for some of the

thicker films, compared to earlier depositions of PNO214, when oxygen partial pressure

and substrate temperatures were varied. Lastly, for the thinnest film, a distinct reflection

was also seen at ∼44.3◦ 2θ- the same as that for the film deposited at an oxygen partial

pressure of 10 mTorr for which the only match would be PNO214. It was possible that

traces of PNO214 were deposited, along with Pr6O11 and PNO4310.

From the XRD patterns, there was confidence that Pr6O11 had always been deposited

throughout the range of deposition conditions employed in this work and R-P phases are

likely to be present, though given the limited diffraction peaks, it has not been possible

to determine of which order, or if both first and third order phases are present. No single

phase films were deposited. In order to identify the deposited films, much thicker films

were subsequently deposited using 10000 pulses, and on a polycrystalline CGO substrate

to remove the occurrence of texturing. A range of substrate temperatures was used to

clarify the effect of substrate temperature on deposited film. Film thicknesses of these

films were measured, see Fig 8.18. It is arguable that there was a trend between film

thickness and substrate temperatures. However, a comparison with the film thicknesses

obtained at different substrate temperatures for the films deposited using 3000 pulses

suggests that there is no trend. AFM images have also been obtained of deposited films,

see Fig 8.15, showing the same morphology as the thinner films, except rougher with a

larger average grain size and grain size distribution. These thicker films were also more

porous, and had crevices in the film surface.

XRD patterns were also obtained of the thick films deposited using 10000 pulses. The

reflections corresponding to the film can be seen superimposed on top of the CGO diffrac-

tion pattern Fig 8.16. For these thicker films, the full diffraction patterns of Pr6O11 and

NiO (at much lower intensities) were present. There appeared to be a slight texture in

the deposited film, with the Pr6O11(111) reflection having a suppressed intensity in some

of the samples. There were no indications of the R-P phases detected in the thinner films;

while the main peak of the R-P phases may have been concealed by the Pr6O11(200) re-

flection as ∼32.7◦ 2θ, the remainder of the diffraction pattern should be present in this
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Figure 8.14: Film thickness measurements by the Dektak surface profilometer of films de-
posited on a polycrystalline CGO substrate using 10000 pulses, an oxygen partial pressure
of 300 mTorr and a substrate temperature between 680◦C and 780◦C. It was unclear if
there was a trend between deposition rate (nm ) or substrate temperature. Comparisons
with the films deposited under identical conditions but using 3000 pulses suggests there
was not.

polycrystalline film. Increasing the substrate temperature had the overall effect of increas-

ing film diffraction pattern intensity (the increase in film thickness as measured using the

Dektak surface profilometer was not due to an increase in porosity but to the deposition

of more material), and affecting the texture of the Pr6O11 component of the film. It was

unclear the reason why at substrate temperatures of 760◦C, 740◦C, and 720◦C, the main

Pr6O11(111) reflection is of a lower intensity than the (200) reflection. No evidence was

found for the deposition of PNO113, PNO214 or PNO4310.

It has not been possible to fabricate single phase PNO214 films using the deposition

conditions trialled in this work, despite reports of the deposition on PNCG using similar

conditions in literature. In the thinner films deposited on Si, the PNO214 degraded

into Pr6O11 and praseodymium nickelate oxide(s) (it was not possible to identify which,

whether perovskite or R-P). In the thicker films deposited on polycrystalline CGO, the

deposited film was clearly found to be polycrystalline Pr6O11 and NiO. The introduction of

Cu and Ga dopants in PNCG appears to stabilise its high temperature structure, allowing

for its successful deposition using PLD. The stability of PNO214 will now be further

investigated.

8.3.2 Isothermal Study of Pr2NiO4±δ at 800◦C in Air

The instability of PNO214 has been reported at temperatures above 900◦C in air. The

unsuccessful PLD of PNO214 suggests that PNO214 is unstable even at 700◦C, at low

oxygen partial pressures. Subsequently, single phase PNO214 powders have been annealed

at 800◦C in air, for different durations and quenched to retain the high temperature
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(a) 680◦C (b) 700◦C

(c) 720◦C (d) 740◦C

(e) 760◦C (f) 780◦C

(g) Rrms

Figure 8.15: AFM images and measured Rrms of PNO214 films deposited on a polycrys-
talline CGO substrate using 10000 pulses, an oxygen partial pressure of 300 mTorr and
a substrate temperature between 680◦C and 780◦C. A similar porous morphology was
found of all the films, no secondary phases could be distinguished.

structure of the powder and prevent any possible recombination or decomposition products

as it cooled. XRD patterns of these powders are presented in Fig 8.17. A reference pattern

is provided of the PNO214 powder that was not annealed- its starting structure. Even
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Figure 8.16: Out-of-plane XRD patterns of the films deposited on a polycrystalline CGO
substrate using 10000 pulses, an oxygen partial pressure of 300 mTorr and a substrate tem-
perature between 680◦C and 780◦C. Regardless of substrate temperature, the deposited
film comprised of two phases: Pr6O11 and NiO. Increasing the substrate temperature ap-
peared to increase the amount of film deposited, as seen through the increase in the film
peak intensities and also the film thickness measurements, and also the relative intensities
of the Pr6O11 reflections.

only after annealing for 3 h at 800◦C, trace Pr6O11 peaks may be detected. These grow in

intensity as the anneal time increases. No traces of other secondary phases are detected

for anneal times up to 12 h. However, upon annealing for 24 h, only trace amounts of

PNO214 remains; the highest intensity (113) reflection at ∼31.7◦ 2θ had all but vanished.

The powder was predominantly Pr6O11 and PNO4310; the entire pattern of both may be

seen. Increasing the anneal time did not have any further effect. To date, this is the first

work on the kinetics of the thermal decomposition of PNO214.

A Rietveld refinement was performed on the powder patterns to quantify the proportion

of Pr6O11 formed and the rate of decomposition. This is plotted in Fig 8.18. The patterns

and the accuracy of the fits may be found in Appendix A.2. Pr6O11 was the first phase

to segregate out. At 6 h anneal time, no traces of PNO4310 was detected. The presence

of Pr6O11 without PNO4310 could be due to the oxygen hyper-stoichiometric nature of

PNO214 and its ability to effectively accommodate excess B-site cations. However, at 12

h anneal time, with the formation of PNO4310, the rate of decomposition appeared to

accelerate. It may be that the PNO4310 phase acted as a catalyst for the decomposition.

There was a large decrease in the proportion of PNO214 present, mostly offset by a

large increase in the fraction of PNO4310. The fraction of Pr6O11 remained small and

PNO4310 became the dominant phase. This time dependency suggests that the oxidative

decomposition of PNO214 was kinetically restrained and also facilitated by the presence

of PNO4310.
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Figure 8.17: XRD patterns of PNO214 powder following different anneal times at 800◦C
in air. As the heat treatment progressed, increasing amounts of Pr6O11 and PNO4310 was
detected, similar to the oxidative decomposition of PNO214 reported in literature [47, 48].

Figure 8.18: Fraction of Pr6O11, PNO214 and PNO4310 present in the heat treated
PNO214 (at 800◦C in air) as a function of anneal time.

To better understand the evolution of the structure as Pr6O11 forms, the lattice param-

eters of the phases have been collated in Table 8.4. Atomic positions and occupancies

(besides Pr) could not be refined and have been defined according to standardized crystal

structure data from ICSD. Any bond-lengths or bond-angles calculated from the refine-

ment, especially of the low intensity patterns for the minority phases, have been considered

unreliable and have not been presented.

Throughout the anneal, Pr6O11 maintained a constant lattice parameter ∼5.473 Å, sug-

gesting that its oxygen hypo-stoichiometry remained constant. This lattice parameter was
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Anneal Pr2NiO4, Fmmm Pr6O11, Fm3̄m Pr4Ni3O10, Fmmm
Time (h) a b c a = b = c a b c

0 5.461(1) 5.396(1) 12.462(3)

3 5.458(1) 5.391(1) 12.455(2) 5.474(8)

6 5.454(1) 5.390(1) 12.458(2) 5.472(5)

12 5.4560(1) 5.390(1) 12.462(3) 5.473(2) 5.393(1) 5.44(12) 27.35(50)

Reference 5.393 5.455 12.446 5.468 5.415 5.465 27.959

Table 8.4: Table of refined cell parameters of the phases present as a function of PNO214
anneal time (at 800◦C in air). Included are reference cell parameters for PNO214 [3],
Pr6O11 [4], and PNO4310 [5].

substantially larger than the reference Pr6O11 lattice parameter, suggesting a different

oxygen hypo-stoichiometry. Oxygen vacancies have also been shown in fluorite oxides (as

is Pr6O11) to result in an overall expansion of the lattice, see Chapter 3. On the other

hand, the lattice parameters of PNO214 can be seen to vary with anneal time. After

3 hrs of annealing, as the Pr6O11 content increased, the PNO214 lattice contracted as

the PNO214 became Ni-rich. However, as PNO4310 formed, while the b-cell parameter

remains fairly constant, both a- and c-cell parameters expanded once more resulting in

an overall expansion of the unit cell. The reduction in the concentration of B-site cations

allowed the lattice to expand back to its original parameters. That the b-cell parameter

remained contracted suggested that the PNO214 had a slightly higher concentration of

B-site cations than originally at the start of the anneal, and that these excess cations

occupied preferential positions, the lowest energy of which affected the b-cell parameter.

8.4 Conclusion and Further Work

A range of PLD conditions were used to attempt the synthesis of PNO214 thin films:

substrate temperatures between 700◦C and 780◦C, and oxygen partial pressures between

10 mTorr and 500 mTorr. AFM images showed the films to be flat and of uniformly sized

and regular grains. However as film thickness increased, large island grains were also seen.

The deposition rate at an oxygen partial pressure of 300 mTorr and substrate temperature

of 780◦C was ∼45.6 nm/1000 pulses. The presence of PNO214 in the deposited film could

not be confirmed. Pr6O11 was always detected, along with one or two other phases. It was

not possible to identify the other phase(s) with certainty, which could equally have been

PNO113, PNO214 or PNO4310. The deposition of Pr6O11 was favored at lower oxygen

partial pressures.

The stability of PNO214 was subsequently investigated. Powder XRD patterns were ob-

tained for PNO214 samples annealed for various durations at 800◦C in air. The decompo-

sition of PNO214 into Pr6O11 and PNO4310 was observed, even at this low temperature,

and was kinetically limited and within 24 h, only trace amounts of PNO214 remained.
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Increasing the anneal time further had no effect on the diffraction pattern; Pr6O11 and

PNO4310 were the thermodynamically stable phases.

Rietveld refinement showed that oxidative decomposition of PNO214 initially began with

the formation of Pr6O11, expanding the PNO214 lattice as it became Ni rich. Subse-

quently, at sufficiently high Ni concentrations, PNO4310 formed, and the PNO214 lattice

contracted. The Pr6O11 lattice parameters remained constant throughout. The presence

of PNO4310 appeared to facilitate the decomposition of PNO214, and within 24 h at

800◦C in air, only trace amounts of PNO214 remained. Further work would involve the

analysis of in-situ synchrotron diffraction patterns of PNO214 obtained at Diamond Light

Source in order to better trace the evolution of the PNO214 structure as it undergoes

oxidative decomposition.

The inherent instability of PNO214 suggests that other techniques besides PLD should be

used to deposit thin films of PNO214, which do not involve low oxygen partial pressures.

However, the use of these other techniques lies beyond the scope of this work. Alternatively,

stabilizing dopants, such as Cu and Gd need to be employed if PLD is to be used as the

fabrication technique of PNO214 thin films. However, the use of PNCG films also lies

outside the scope of this work. Due to the inability to produce PCO113/PNO214 films, the

ORR enhancement proposed to be due to interfacial effects was not examined. Attention

was focused instead on the effect of chemical and mechanical strain on the properties of

thin film and bulk PCO113.



Chapter 9

Characterisation of Strained

PrCoO3−δ/Ce0.9Gd0.1O2−δ/YSZ8-

mol% Films, Fabricated by

PLD

One of the main objectives of this work was to investigated the effects of mechanical

strain, introduced through the lattice mismatch between the PCO113 film and its sub-

strate, on the transport properties of PrCoO3−δ, PCO113. For this, a single orientation

substrate with a small lattice mismatch with PCO113 is required. In Chapter 6, (200)

oriented single crystal Ce0.9Gd0.1O2−δ, CGO, was found to be an ideal substrate with

a PCO113[001]/CGO[100] and PCO[010]/CGO[100] lattice mismatch of 0.8% and 0.6%

respectively.

In Chapter 6, the deposition conditions for a textured CGO film on YSZ(002) with only the

CGO(200) out-of-plane reflection detected was identified, and similarly in Chapter 7 for

the deposition of PCO113 films on (004) oriented Si substrates. These PLD conditions may

now be employed for the deposition of strained PCO113 films on a CGO buffer, on top of a

YSZ substrate: PCO113/CGO(200)/YSZ(002). The minimum lattice mismatch between

PCO113 and CGO (0.9%), would be at the PCO113[001]/CGO[100] interface. Due to

the lattice mismatch between CGO and YSZ, the deposition of a CGO(200) oriented

film on the YSZ(002) should result in a compressive in-plane strain. Thus, the in-plane

lattice compression of the CGO buffer layer should decrease the lattice mismatch between

PCO113 and CGO. The deposition of highly textured (and strained) PCO113 films was

anticipated.

In this chapter, strained PCO113 films were prepared. Two methods were used to induce

a range of strains in the PCO113 films. Firstly, the thickness of the PCO film was varied

while the thickness of the CGO film was kept constant so that the average strain over the

141
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entire film decreased as the film thickness increased and the film relaxed. Secondly, the

thickness of the CGO buffer layers was varied while the thickness of the PCO113 film was

kept constant so that it was the relaxation of the CGO buffer layer that provided a range

of lattice mismatch and subsequently strain.

The resulting films were structurally and morphologically characterized using XRD, XRR,

AFM and SEM. In-plane structural analysis was performed through the use of reciprocal

space maps, phi-scans and omega-scans. The strains in these films were calculated. As

R-P phases were no longer considered in the remainder of this work, the 113 and 214

notations differentiating between perovskite and R-P phases were not required. All future

references to PCO113 have been shortened to PCO.

9.1 Literature Review

In this chapter, strain was introduced into PCO films through lattice mismatch between

the PCO film and the CGO buffer layer (the CGO buffer layer itself was also lattice strained

due to mismatch between itself and the YSZ(002) substrate). This induced strain, or lattice

strain, and its effect on the deposited film is of interest. Additionally, strain relaxation,

a phenomenon that arises from lattice strain, was employed in the CGO buffer layer to

produce a range of lattice strain in the deposited PCO113 film. Therefore, in the following

review, a brief introduction to lattice strain was covered, before the specific cases of lattice

strain in CGO and LaCoO3, LCO or LSC if Sr-doped, films were examined. Within this

section, the extent of Gd- or Sr-doping in CeO2 and LCO is indicated by the values after

the CGO and LSC acronym: thus CGO10 refers to Ce0.9Gd0.1O2, and LSC10 refers to

La0.9Sr0.1O3. Beyond this section, the CGO10 films deposited in this work are referred to

as CGO.

9.1.1 The Effect of Lattice Mismatch: Lattice Strain, Strain Relaxation

and Film Morphology

Lattice strain has long been investigated in the semiconductor devices due to its effect on

bandgap energies. Though initial work concentrated on minimizing lattice strain [352], it

was later utilized [353, 354, 355], to improve device performance. Much of the literature

here is of general principles based on research in semiconductor systems. More recently,

such as in the work of Mehta et al. [297] mentioned in Chapter 7, it has also been used

to tailor spin properties, and also the electronic properties of perovskite materials by

distorting the 3d-orbital overlap.

Lattice strain, or misfit strain, can be produced in a thin film if a lattice mismatch exists

between the film and the substrate. For thin films, the film adopts the substrate in-plane

lattice parameters, creating a homogenous strain. This strain energy and the interfacial
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energy (determined by the character of the interfacial bonding) governs the orientation of

the deposited film, which will orient in a way to minimize strain and interfacial energy.

The elastic energy per unit area, EepiH resulting from this homogeneous strain in a perfectly

epitaxial film is [356, 357]:

EepiH = Bhf2m (9.1)

where h is the thickness of the layer, fm is the misfit parameter, which varies as a function

of material composition and lattice mismatch, and the elastic constant, B, is:

B = 2µ
1 + ν

1− ν
(9.2)

where µ is the shear modulus of elasticity and ν is Poisson’s ratio.

It was seen in the TiN/Si(001) and TiN/GaAs(001) systems that for very thin films, when

they are still in their early stages of growth, within 10 Åthick, that the interfacial energy

matters most and determined film orientation [358]. It was only as the film thickness

increased that the strain energy became significant and the orientation to minimize lattice

mismatch was adopted.

As the thickness of the film increased, it was observed that the elastic energy within it

increased linearly. Eventually, a critical thickness was reached whereupon dislocations were

introduced into the lattice to relieve the strain and lower free energy, forming domains.

The film was no longer coherent as periodicity between the film and substrate was no

longer identical. Nevertheless, epitaxial growth may resume as domain epitaxial growth.

Thus, as the film thickness increased beyond the critical thickness, the film relaxed. A

highly lattice strained film will result in many small domains, while decreasing the lattice

strain would increase the domain size. The total energy of the strained film now has three

contributions: the energy associated with the strain arising from lattice mismatch, the

energy associated with the strain arising from the presence of dislocations and the energy

associated with the interactions of these two strains.

The critical thickness may be calculated using the principle of minimizing free energy, as

developed by Ball and Van der Merwe [359, 360, 361]. The critical thickness is the point

at which the change in energy of the film is zero when a dislocation is introduced. Below

the critical thickness, introducing the dislocation would increase the free energy of the

film, while above the critical thickness, introducing the dislocation would decrease the free

energy of the film making it the thermodynamically favorable outcome.

The critical thickness of the film may also be calculated using Matthews and Blakeslee

[362, 363, 364] method of balancing forces. Two forms of dislocations are identified: misfit

dislocations, the presence of which relieves lattice strain, and threading dislocations, the

movement of which produces misfit dislocations. The net force acting on the threading



144

dislocation determines if it moves or not. The driving force for motion is the reduction of

strain(+ve), while the line tension of the threading dislocation opposes motion(-ve). At

the critical thickness, these two forces are balanced. Above the critical thickness, the net

force is positive and a misfit dislocation is formed.

Both theories predict the same critical thickness which has been validated experimentally

[365, 366, 356, 367, 368, 369, 370, 371]. The equation for critical thickness may be written

with respect to the forces on the threading dislocation, or the energy of the system.

Besides the necessary condition of the film critical thickness being exceeded, the strain

relaxation of the film is also dependent on the ease of the (misfit) dislocations processes

such as its nucleation and propagation (or impingement) [362, 363, 372, 373, 374, 375].

Nucleation of a dislocation requires the activation energy to be overcome and a critical

dislocation loop radius achieved. The presence of defects within the film can lower the

activation energy, and thus serve as heterogeneous nucleation sites. The effect of a strain

field on the activation energy for dislocation is unclear. Similarly, existing (misfit) dis-

locations may interact with threading dislocations, potentially blocking their movement.

For the threading dislocation to continue through the lattice would depend on the nature

of the dislocation and the slip systems present, and would require an energy barrier to be

overcome.

There is evidence that multiplication of dislocations also plays a significant role in strain

relaxation of the thin film [376, 377]. Rather than the nucleation of new dislocations, it

appeared that existing dislocations multiplied [376, 377, 378]. Due to strain relaxation,

often it is only the region at the film/substrate interface that experiences lattice strain.

This region tends to be small, and the strain profile within it can be described by the

following equation, regardless of the relaxation mechanism present [312, 379, 380, 381]:

ε(x) = ε0exp(−αx) (9.3)

Where ε0 and α are material constants, and s is the distance from the film/substrate

interface.

Therefore the film comprises of a lattice strained region with a strain profile and, if the

film is thick enough and the film is able to relax completely, an unstrained region. Thus,

the average strain of the film, funny ε̃ (the strain measured experimentally using XRD),

is a function of the volume fraction of the film that experiences a lattice strain within the

entire film thickness, and may be written as:

ε̃(t) =

∫ t
0 ε0e

−αxdx

t
= ε0

1− e−αt

αt
(9.4)

In the characterization of the strained CGO10 and PCO films reported in this chapter,

the effect of lattice strain on film morphology should also be noted. As well as governing
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the orientation of the deposited thin film, lattice mismatch, in conjunction with interfa-

cial energy, is also a key determinant in the growth mode of the thin film and thus its

subsequent morphology. As covered in 3, three modes of film growth have been identified:

planar growth, island growth (Volmer-Webber growth) and planar then island growth

(Stranski-Krastonov growth) [382]. In order to obtain planar growth, a low lattice mis-

match and interfacial energy is required, while at higher interfacial energies, island growth

results.

Besides the growth modes, lattice mismatch may also modify the film surface structure.

A large lattice mismatch often results in mosaicity, when subgrains of the film exhibits

slight tilts with respect to each other and the orientation of the substrate. Similarly,

the presence of misfit dislocations, as a result of strain relaxation, also affect the surface

structure such as through the creation of large scale ripples or“crosshatch” surface pattern

[383, 384, 385, 386, 387, 388].

It is clear from the work on semiconductor devices and metallic films that the thermal

history of the film is crucial to the strain relaxation of its lattice. The same principles are

expected to hold for the PCO/CGO10 system in this work. All thin film samples in this

section were produced under nominally identical conditions- they underwent the same heat

treatment during deposition. However, two different methods have been used to produce

films of different lattice strains: varying the CGO10/PCO lattice mismatch (by varying

the strain relaxation of the CGO10 film by varying its thickness) or varying the strain

relaxation of the PCO film (by varying the thickness of the PCO film). The objective of

this chapter is to produce a range of lattice strains. The extent of strain relaxation in the

CGO10 and PCO films, while it was the means by which the range of lattice strains in

the PCO was produced, is of less importance than the actual strain measured, which is

the objective of this chapter. However, it is an important consideration in Chapter 11 in

understanding the electronic and ionic transport through the films prepared.

The affect of lattice mismatch on film morphology is also of consequence in this work

because the deposition of all PCO films was performed upon a lattice mismatched CGO10

buffer layer, yet an atomically smooth surface is that which was modeled by van der

Merwe [361] and may be necessary for coherent epitaxial growth on a lattice mismatched

substrate [389]. Furthermore, while in one of the sample sets, the PCO films should all be

deposited on nominally identical CGO10 buffer layers, in the other sample set, a range of

thicknesses of the CGO10 buffer layer is used in order to obtain a range of substrate lattice

parameters. For this sample set, differences in the CGO10 buffer layer morphology would

be expected that may subsequently affect PCO film growth and strain relaxation. Hence

the importance of imaging the surface of CGO10 films (only), of varying thicknesses, to

determine if CGO film morphology changes and to evaluate the consequences of this for

the PCO films.
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9.1.2 Strained Ce0.9Gd0.1O2−δ Films

Previously in Chapter 6, the PLD of CGO10 thin films was examined in view of the effect

of deposition conditions on film structure and morphology [2, 390]. Interest now lies in

the strain of the CGO films reported.

Strain effects on charge transport properties first came under investigation over 40 years

ago when hydrostatic pressures were applied to bulk materials [391, 392, 393]. This same

effect can be reproduced at the strained interface of epitaxial thin films deposited on a

substrate of mismatching lattice parameters. In the case of CeO2, molecular dynamic

simulations suggest that the effect of lattice strain on the oxide ion transport properties

is linked to the interaction between the defect species that arise when doping ceria with

Gd [394, 395, 396, 397, 398, 399, 400, 401]. If Gd3+ dopants and oxygen vacancies exist

at a sufficient concentration, they segregate to eventually form “nano-domains” [402, 403,

404, 405], which lower oxide ion conductivity. The formation of these defect segregations

expand or contract the lattice, depending on the extent of their formation [405]. Thus by

imposing a lattice strain, the extent of defect segregation may be controlled. Indeed, from

simulations and supported by experimental work, a uniaxial lattice strain was found to

reduce the activation energy for oxygen migration in CGO [400, 401, 312, 406], possibly

by reducing the binding energies of oxygen vacancy clusters [400, 401].

The intents of this chapter lies with the structural characterization of strained CGO10

films. Therefore, literature examples of oriented CGO films deposited on various sub-

strates, such as MgO(001) [49], SrTiO3 (001) [406], LaAlO3(100) [407], Pt(111) and sap-

phire(001) [60, 312], have been examined to understand the different lattice structure and

strains produced, and how strain may potentially affect the deposition of PCO films atop

the CGO10. While several thin film fabrication techniques have been used for the de-

position of Gd-doped ceria films, such as spray pyrolysis [65] and magnetron sputtering

[408, 409] only CGO10 and CGO20 thin films fabricated using PLD were considered, being

the same deposition process and material (given a slight variation of Gd-doping) used in

this work.

Chen et al. deposited CGO20 on MgO(001) substrates [49]. Cross-sectional high-resolution

tunneling electron microscopy, TEM, image showed the CGO20 films to be single phase,

with no precipitates in or on the film interface, and to have a columnar structure. The

expected orientation to minimize lattice mismatch would be a CGO20[110]//MgO[100]

relationship, which would result in a 9% tensile strain of the CGO20 in-plane lattice.

However, the CGO20(002) reflection was observed instead, and an inplane relationship

of CGO[001]//MgO[001] and CGO20[100]//MgO was observed from TEM studies: the

CGO20 film was epitaxial with cube-on-cube growth and a lattice misfit greater than

28%, see Fig 9.1. It was concluded that for this system, the determining factor for

CGO20 film orientation was the formation of the lowest energy CGO20 surface, rather

than lattice mismatch. Nevertheless, for the deposition of CGO10 on YSZ, it has been

found that the preferential orientation was also one where lattice mismatch was minimized
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Figure 9.1: Out-of-plane XRD scan show that the as-grown CGO20 film are c-axis oriented
on MgO(002) suggesting a lattice misfit greater than 28%. The inset shows the rocking
curve scan of the CGO20(004) reflection with a FWHM of 3.7◦ [49].

[27, 7, 29, 227, 8]. Lattice defects and a large mosaic spread, strain relieving features, were

observed in the film.

Further to this, Kant et al. deposited CGO10 on MgO(001) with SrTiO3(001) buffer layers,

as the lattice mismatch between CGO10 and SrTiO3 was a lower 9.1% [406]. A range of

SrTiO3(001) buffer layers were used, to induce different extents of strain in the CGO10

film, as was done in this work, to investigate if the presence of the SrTiO3(001) buffer

layer improved lattice matching. From in-plane and out-of-plane XRD measurements, it

could be seen that as SrTiO3 buffer thickness increased, out-of-plane compressive strains

and in-plane tensile strains in the CGO10 film decreased, as was hypothesized, and a

magnitude reduction in the FHWM of the CGO10(002) reflection was found, as compared

to CGO20 films deposited directly upon MgO(001) by Chen et al. [49]. The CGO10 film

was epitaxial. The strain in the CGO10 film enhanced its in-plane ionic conductivity.

Huang et al. performed an indepth structural characterization of CGO10 deposited upon

LaAlO3(001) [407]. Here, the effects of lattice strain on the microstructure were investi-

gated. The main phase of the film was found to be Gd0.2Ce0.8O1.0, though parallel lines

of Gd-rich precipitates (Gd0.3Ce0.7O2−δ) at 8◦ angles to the film surface normal were ob-

served throughout the film cross-section. These precipitates served to relax lattice strain,

either by generating an opposite strain field, or through the generation of interfacial dis-

locations at the precipitate//bulk interfaces. This was thought to mitigate large lattice

distortions, especially for thicker films, as it allowed for a uniform strain relaxation and

consequently a high film crystallinity. Thus the film was found to have a sharp interface

with the substrate, with no traces of interfacial reactions, a low mosaicity with the FWHM

of the CGO10(002) rocking curve reflection measured to be 0.56◦ , and an epitaxial re-

lationship with the substrate of LaAlO3[100]//CGO10[110], LaAlO3[001]//CGO10[001],

and LaAlO3[010]//CGO10[0110]. Nevertheless, areas of lattice distortion were still ob-

served where tilting away from the on-axis[100] direction occurred. This was not seen at

lattice-distortion-free regions.
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Joo et al. also deposited CGO20 on sapphire(001) and Pt(111) [60]. A highly textured

(111) out-of-plane oriented CGO20 film was obtained for the sapphire(001) substrate.

However, despite a smaller lattice mismatch with Pt(111) than MgO(001), a polycrys-

talline CGO20 film exhibiting the (111) and (200) orientations was deposited on the

Pt(111). Lattice strain was not measured and it is unclear from the out-of-plane XRD

pattern if it was present in the polycrystalline CGO20 film. SEM micrographs of the

surface and cross-section of the two films showed that both films comprised of columnar

grains. This columnar microstructure was more apparently in the polycrystalline CGO20

on Pt(111). The column diameter was ∼90 nm for the polycrystalline CGO20 film on

Pt(111), and ∼40 nm for the oriented CGO20 film on sapphire(0001).

Further work was done with the epitaxial CGO10(111)/sapphire(001) system by Lee [312].

Here, the thickness of the CGO10 film was varied between 52 to 403 nm to create a range

of lattice strains. The subsequent decrease in activation energy for oxygen migration

with increasing film thickness was attributed to the out-of-plane lattice dilation and any

subsequent lattice distortion arising from that (as grain boundary and space charge layer

effects should not be present). Based on a clear correlation between lattice strain and the

measured activation energy, and ab-initio calculations of the oxygen migration activation

energy as a function of strain along the <111> axis for different oxygen diffusion paths,

it was proposed that the application of a tensile strain altered the oxygen migration path

and subsequently also the activation energy for oxygen migration. The strain relaxation

of the films was also calculated, with the film becoming almost completely relaxed after a

thickness of 26 nm. Out-of-plane (tensile) strains of up to 0.23% were achieved.

In the work of Cho et al., CGO10 was deposited on YSZ(001) and its electrical proper-

ties were investigated with respect to its crystallinity and grain size, which was tailored

by varying deposition temperatures between RT at 700◦C [410]. At higher deposition

temperatures, the CGO10 films became more crystalline, with larger grain sizes, and the

electrical conductivity of the films was found to increase, while their activation energy

decreased. Kim et al. also investigated the effect of grain size of epitaxial CGO10 on

YSZ by post annealing the films (the higher the post anneal temperature, the larger the

grain size), and saw that reducing grain size, and thus increasing grain boundary density

reduced the cathodic interface resistance [411]. Cho et al. found that only films deposited

above 500◦C exhibited epitaxy with the YSZ(001) substrate, with a cube-on-cube relation

despite the 5% lattice mismatch between CGO10 and YSZ. This relation is commonly

reported [27, 7, 29, 227]. Based on the CGO(002) and CGO(004) peak positions, Cho

et al. suggested a domain matching epitaxy of 20 (004)YSZ lattices to 19 (004)CGO10

lattices, resulting in a residual lattice mismatch of 0.05%.

Thus, epitaxial Gd-doped ceria films have been deposited by PLD on a range of substrates

of varying lattice mismatch, including YSZ(002) - the substrate of interest in this work.

The Gd-doped ceria films were able to accommodate a large amount of strain, such as when

paired with a MgO(001) substrate; h,owever this was also found to be highly dependent

upon the interfacial energy between the film and substrate. The ability of the Gd-doped
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ceria films to accommodate large strains while maintaining epitaxy was facilitated by

additional strain relieving mechanisms due to the presence of the Gd dopant. This reduces

the occurrence of lattice distortions and allows for a flatter surface morphology.

For the purposes of this work, the uses of CGO10 is twofold: as a buffer layer, and to induce

a range of strains. It is important that the film surface morphology is flat and exhibits

a low mosaicity, in order to deposit a strained PCO film on top of it that has epitaxial

growth [389]. The actual strain relaxation mechanisms present that allows for this are of

less interest. Key structural analysis would include the average lattice strain from XRD

patterns, FWHM of rocking curves, and AFM imaging for roughness measurements.

A last important consideration is that the CGO10 film was calculated to be fully relaxed

at a thickness of 26 nm from the CGO10(111)/sapphire(0001) interface [312]. Beyond

this thickness, the film would have reverted back to its unstrained lattice parameters (the

lattice strain measurements only provide an average strain across the film). Therefore, it

is necessary that the CGO10 buffer layers deposited in this work had a range of thick-

nesses below this threshold in order to obtain a range of CGO10 lattice parameters at the

CGO10/PCO113 interface.

9.1.3 Strained Sr-Doped LaCoO3 Films

Similar to the literature view on strained CGO10 films, the objective of this review is the

morphological and structural characterization of LaCoO3, LCO, thin films deposited on

CGO/YSZ. A review on the effect of lattice strain on the electronic and oxide ion transport

of LCO thin films is in Chapter 11.

To date, there has been no published literature on PCO films by PLD besides that by

Prakash et al. and Mehta et al. On the other hand, much has been done on the re-

lated lanthanide system: LCO and its Sr-doped variants. As with PCO, most work

in updoped strained LCO films lies in its ferromagnetic ordering and LCO films have

been deposited by PLD on a range of substrates, such as SrTiO3(001), LaAlO3(001),

Pb(Mg1/3Nb2/3)0.72Ti0.28O3(001) [412, 413, 414, 244]. For Sr-doped LCO, due to its

application an SOFC cathode material, it is its oxygen reduction activity and its elec-

tronic and oxide ion transport properties that is investigated. LSC has been deposited by

PLD onto LaAlO3(001) and SrTiO3(001) or even directly onto YSZ(001), YSZ(110) and

YSZ(111) [255, 415, 246, 416, 402, 417, 418]. However, it is the characterization of the

LSC/CGO/YSZ system that is currently being reviewed.

An exception to the work on strained LCO films that is applicable in the SOFC field

is the study by Hong et al., investigating the effects of spin states in LCO thin films

on the ORR [419]. LCO films between 45 to 110 nm were deposited on 10 nm CGO

buffer layers on YSZ(002) substrates. Using a pseudo-cubic assignment for LCO, and

cubic assignments for CGO and YSZ, out-of-plane XRD patterns and pole figures indi-

cated epitaxial cube on cube growth of CGO(100) on YSZ(001), and epitaxial growth of
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LSC(001)pc that is rotated by 45◦ , about the plane normal. Thus the in-plane relation-

ship is LCOpc[100]//CGOcubic[110]//YSZcubic[110]. This is as expected given a(CGO) ∼√
2a(LSCpc). As, this is also true for the PCO/CGO/YSZ system, this orientation rela-

tion is expected in this work. Additionally, at room temperature, Hong et al. measured

a 1.6% volumetric tensile strain in the LCO film as compared to the bulk. AFM images

revealed mostly uniformly sized grains and a low surface roughness of measured in all films

from AFM images, Rrms < 0.8 nm.

Crumlin et al. has worked extensively with the LSC20/CGO20(∼5 nm)/YSZ system

prepared using PLD [7, 8, 227, 27, 29]. In 2010, a range of LSC20 film thicknesses were

grown, between 20 to 130 nm. Surface roughness measurements using AFM was performed

on the 45 nm thick LSC10 film, which was found to have a Rrms of 3 to 6 nm. The columnar

grains were of a uniform size, although some appeared to be growing at the expense of

others [7]. In later work, AFM images were obtained of LSC40 film 25 nm and 77 nm thick,

which both had surface roughness Rrms values of 0.8 nm. The films were of a uniform

grain size [227].

Also using a pseudo-cubic assignment for LSC20 (where apc ∼3.837 Å), Crumlin et al. saw

the same LSC20 orientations as described by Hong et al. [7, 8, 227, 27]. A tensile in-plane

and compressive out-of-plane strains between 0.30% and 1.40%, and -0.20% and 0.93%

respectively, using a poission ratio, ν, of 0.25 [420] was found in LSC20 films between

20 to 130 nm thick [7]. In a separate work, the stability of these films have also been

investigated and revealed that a high crystallinity of ∼85 nm thick LSC20 films could be

achieved and maintained, to 500◦C, with FWHM values of ∼0.25◦ for the LSC20pc(200)

and LSC20pc(101) reflections [8]. A variation in in-plane and out-of-plane strain with

temperature has also been measured, which is associated with the TEC mismatch between

film and substrate [8].It has been noted that the relaxed unit cell volume of the deposited

LSC20(001) film was larger than that of LSC20 powder [8]. This has been attributed to

a larger oxygen deficiency in the thin films [7]. Whereas, in his work in a similar system,

but with LSC40 films between 24 and 157 nm thick, smaller relaxed lattice parameters of

the thin film compared to bulk values were reported, suggesting a lower oxygen deficiency

in the thin film [227].

Besides the published literature by Crumlin et al., no other reports of the LSC/CGO/YSZ

system were found. Nevertheless, there is a reasonable good expectation of the structure

and morphology of PCO films to be prepared by PLD. For the remainder of this work,

the Ce0.9Gd0.1O2 films deposited have been referred to as CGO.

9.2 Experimental Method

PLD of PCO and CGO was performed at 300 mTorr and 10 mTorr oxygen partial pressure

respectively. As mentioned earlier, there was difficulty in maintaining a constant oxygen

partial pressure of 10 mTorr- it would fluctuate between 5 mTorr and 14 mTorr. A nominal
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Sample Set Ce0.9Gd0.1O3 Film PrCoO3 Film

1 500 pulses
1000 pulses
1500 pulses
2000 pulses
2500 pulses

2 500 pulses 3000 pulses
1500 pulses 3000 pulses
2000 pulses 3000 pulses
2500 pulses 3000 pulses

3 1000 pulses 500 pulses
1000 pulses 1000 pulses
1000 pulses 2000 pulses
1000 pulses 3000 pulses
1000 pulses 4000 pulses
1000 pulses 5000 pulses

Table 9.1: Number of laser pulses used in the deposition of CGO and PCO films for all
three sample sets. All depositions were performed at 680◦C and an oxygen partial pressure
of 300 mTorr.

substrate temperature of 680◦C was used for both materials.

For the CGO-only on YSZ films, 500 to 2500 pulses were used, at 500 pulse increments.

For the sample set of varying PCO film thickness, 1000 to 6000 pulses were used for the

deposition of the PCO films, at 1000 pulse increments, while 1000 pulses was used for

the deposition of the CGO buffer layer. For the sample set of varying CGO buffer layer

thickness, 500 to 2500 pulses were used for the deposition of the CGO buffer layer, at 500

pulse increments (excluding 1000 pulses already deposited in the previous sample set),

while 3000 pulses were used for the deposition of the PCO film. A table of number of laser

pulses used for the depositions is depicted in Table 9.1.

XRR was used for the CGO only films, being the most appropriate technique for reliable

film thickness measurement for films of this scale. The Dektak 150 surface profilometer

was used for all other PCO113/CGO films. SE data were obtained for all films, with

the exception of the CGO only films, due to charging effects. The use of Cr- or Au-

coatings to negate surface charging was found to mask surface features. Out-of-plane

XRD measurements were performed on all deposited films: CGO only and PCO113/CGO.

For the PCO113/CGO/YSZ films, additional in-plane measurements were made. All XRR

and thin film XRD measurements were performed using the PANalytical X’pert Pro MRD.

AFM images were obtained of all the films using the Bruker DiInnova.

As with all thin film XRD measurements, the samples were aligned prior to the mea-

surement. Scans were taken to ensure that the sample was centered in the X-ray beam.

Using the substrate YSZ(002) reflection, sample tilts (ω and ψ) were corrected for. Thus,

any zero-corrections due to sample height should be minimal, as can be seen from the
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data where deviations in the YSZ(002) peak position is within instrumental error (also in

Chapter 6). X-ray intensities have also been optimized. Out-of-plane gonio (2θ−ω) scans

were taken of all thin film samples.

For in-plane measurements, having aligned the sample, these values were set to the ’zero’

position. Asymmetric grazing incidence scans were used to obtain reciprocal space maps,

RSMs, of the 113 and 115 reflection of 7 samples. First, the angles between the YSZ

[001] lattice vector and the [113] and [115] plane normals were calculated. For this, a

cubic YSZ unit cell with lattice parameters determined from the YSZ(002) peak position

was assumed. Second, symmetric scans were performed at the (113) and (115) reflections

(at 59.27◦ 2θ and 101.88◦ 2θ respectively), at the appropriate psi angle, to ensure the

peaks were present. The alignment was adjusted to optimize peak intensities. Finally, the

asymmetric setup was used. Further alignment scans were again performed as the psi step

size was much larger than omega. After this last alignment, the RSM scan was carried

out, within the range of omega values accessible.

For comparison between samples, background intensities from the out-of-plane XRD were

subtracted. All patterns were normalized to the integrated YSZ(002) peak area. Rather

than fitting the peak to calculate the area (it would not have been possible to fit the

YSZ(002) peak for a reliable peak intensity as it comprised of only 6 or 7 data points), a

rougher value was taken by summing the intensities within the peak. To define the data

points comprising the peak, an arbitrary threshold of 2.5% of the peak intensity was used.

The best fit of the CGO(200) and PCO113 reflections at ∼23.5◦ 2θ, ∼33.5◦ 2θ, and ∼48.0◦

2θ could only be obtained using the Pseudo-Voigt peak shape model. This model was also

used to obtain FWHM values from rocking curves. The obtained fits are presented later

in this chapter.

In fitting the CGO(200) peak of the CGO-only thin films, a range of data encompassing

just the CGO(200) reflection was selected and this range fitted. Thus the CGO(200) peak

was fitted individually, without account for the YSZ(002) reflection as it was not possible

to fit both CGO(200) and YSZ(200) reflections together- the model would not converge,

not even for the peak position of the CGO(200) reflection due to the high intensity of

the YSZ(002) reflection. However, as it was only for the thinnest CGO film where there

was a peak overlap between the CGO(200) and YSZ(002) reflections, any contributions

from the YSZ(002) reflection to the range of data selected should be minimal for all but

that thinnest CGO film. For all other PCO/CGO/YSZ films, the entire XRD pattern was

fitted. A constant background value was used. The intention was to obtain as good a fit of

the PCO and, where possible, the CGO peaks as possible. The YSZ(002) reflection would

never have a good fit due to the small number of data points. The priority when fitting

the YSZ(002) reflection was to isolate its contribution to the PCO and CGO reflections.

There were two additional complications when fitting the films of varying PCO film thick-

ness (sample set 2). Firstly, the CGO(200) peak was almost completely obscured by the

PCO reflection. Therefore, peak parameters (position, FWHM and Lorentz fraction) were

taken from the fit of the CGO-only film, deposited under nominally identical conditions.
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Figure 9.2: Out-of-plane XRD scan of the PCO film deposited using 1000 pulses on a CGO
buffer layer deposited using 1000 pulses. The PCO peaks around ∼33.5◦ 2θ were of an
irregular shape. Also an additional unidentified peak was detected ∼33.9◦ 2θ, which was
not seen in any other PCO film deposited. Subsequently, this film was deemed anomalous;
no further structural characterization was performed on it.

The area under the CGO(200) peak was the only parameter that was refined. Secondly, an

additional PCO peak was detected at 33.9◦ 2θ. Due to the low intensity of this reflection,

none of the peak parameters converged during the fit. Instead, values had to be arbitrarily

selected to minimize the residual plot. As with the YSZ(002) peak fit, the objective of

fitting this peak is not to obtain any information from it but to obtain a better fit for the

surrounding reflections.

It was not possible to fit the peaks between 32 and 36◦ 2θ for the out-of-plane XRD pattern

of the sample: PCO(1000 pulses)/CGO(1000 pulses)/YSZ due to the irregular shape of

the PCO peaks, see Fig 9.2. Furthermore, an additional PCO(121) peak was detected,

which was not present in all other PCO films deposited. The irregularly shaped PCO

peaks and the presence of this additional orientation within the PCO film suggests the

structure of this PCO film was significantly different to the other PCO films deposited.

Thus, this one sample deposited using 1000 pulses was deemed anomalous and excluded

from the analysis.

For the entirety of this work, PCO, CGO and YSZ have been defined using the Pnma,

Fm3̄m and P42/nmc space groups respectively [6, 298, 300], see Chapter 6. To calculate

lattice strain values, the PCO peaks at ∼23.4◦ 2θ and ∼48.0◦ 2θ have been assigned to

the (020) and (040) reflections. The PCO peak at ∼33.5◦ 2θ, in keeping with the same

family of planes, could be assigned to either the (002) reflection, or the (200) reflection.

The assignment of this peak was based on the strain values calculated in sample set 2. A

(200) assignment would result in a tensile out-of-plane strain, while the (002) assignments

results in a compressive out-of-plane strain, which would be expected due to the in-plane

tension from the PCO[010]/CGO[110] mismatch.

The strain in the film has been calculated using the position of the XRD reflections against
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Lattice parameter
Composition Spacegroup a (Å) b (Å) c (Å)

PrCoO3 Pnma 5.3414(1) 7.5756(2) 5.3766(1)
Ce0.9Gd0.1O2 Fm3̄m 5.4223(1) 5.4223(1) 5.4223(1)
YSZ-8mol% P42/nmc 3.640 3.640 5.148

Table 9.2: Spacegroup assignments of PCO, CGO and YSZ. Cell parameters of PCO
and CGO obtained from Le Bail refinement of targets. YSZ c-cell parameter calculated
from YSZ(002) reflection in the out-of-plane XRD measurement of the YSZ single crystal
substrate. YSZ a- and b- cell parameters calculated assuming a 1/

√
2 relation between

the a- (and b-) and c-cell parameters.

the lattice parameters obtained from the LeBail refinements of the CGO and PCO PLD

targets, and the YSZ substrate (002) peak position at 33.01◦ 2θ in Chapter 6, see Table

9.2

9.3 Results and Discussion

9.3.1 Morphological and Structural Characterization of Strained

Ce0.9Gd0.1O2−δ Films

CGO buffer layers of a range of thicknesses were deposited on YSZ(001). Sample set 1

consisted of CGO/YSZ films, while in sample set 2 a further PCO film was deposited on

top of the CGO/YSZ. Nominally identical deposition conditions have been used for the

deposition of CGO in both sample sets 1 and 2.

AFM images were recorded from the CGO film surface of sample set 1, see Fig 9.3. As

they have been deposited using identical conditions as the CGO buffer layers in sample

set 2, they were expected to be representative of the CGO buffer layers in sample set

2. As found in the CGO trial films discussed in Chapter 6, grains of uniform size were

obtained. In line with literature reports, the images suggest columnar grain growth , with

a columnar grain diameter of ∼40 nm for the thickest CGO film, similar to that of oriented

CGO(111) deposited on sapphire(0001) [60].

It can be seen that as the CGO deposition duration increased from 500 pulses to 2500

pulses, the film Rrms roughness values increased from 0.24 to 0.46 nm, respectively as

would be expected as film thickness increases. Even for the thickest CGO buffer layer,

Rrms roughness values are comparable to those of blank Si(004) and YSZ(002) substrates.

So, regardless of the thickness range here, any surface roughness of the CGO buffer layer

should affect the PCO film deposited upon it no more than a clean substrate would,

which is the most atomically flat option available- the pre-requisite for coherently strained

epitaxial growth. The limiting condition for epitaxial growth of PCO would not be the

surface roughness of the CGO buffer layer. Therefore, the expectation was that: as it
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(a) 500 pulses

(b) 1500 pulses

(c) 2000 pulses

Figure 9.3: AFM images of some of the deposited CGO-only films, deposited using a range
of laser pulses, of sample set 1. Increasing CGO film thickness increased Rrms roughness,
which nevertheless remained of a comparable value to that of the single crystal Si(004)
and YSZ(002) substrates imaged in Chapter 6.

was found possible to deposit PCO on the single crystal Si(001) substrate in Chapter 7,

it should be equally possible to deposit it when there is a CGO buffer layer no matter the

thickness, and subsequently roughness, of the CGO buffer layer within the range of CGO

buffer layer thicknesses investigated. Nevertheless, there is an upward trend of surface

roughness with CGO buffer layer thickness present, and this should be kept in mind when

discussing sample set 2. The effect would be small, if present, and would be within error

of the YSZ(001) substrate quality.

A low film roughness is not the only requirement for the successful deposition of coherently

strained epitaxial films. It is also necessary that the mosaicity of the YSZ substrate is

maintained in the CGO buffer layer. This shall be investigated in the structural analysis

using XRD of the CGO films later in this section.

From the literature review, it was found that for the case of an epitaxial CGO(111) film

deposited on sapphire(0001), that the relaxation length was 26 nm [312]. In order to

obtain a range of lattice parameters at the CGO/PCO interface, the thicknesses of the

CGO buffer layer had to be within that relaxation length. XRR measurements using a
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grazing incidence were performed on the CGO thin films of sample set 1 to measure their

thicknesses, see Fig 9.4.

(a) 500 pulses (b) 1000 pulses, thickness: 9.5 nm

(c) 1500 pulses, thickness: 15.6 nm (d) 2000 pulses, thickness: 18.5 nm

(e) 2500 pulses, thickness: 24.0 nm

Figure 9.4: XRR measurements of the CGO-only films. Film thickness values have been
calculated from the XRR pattern by Dr. A. Cavellero of Imperial College. The refraction
fringes of the CGO film deposited usin 500 pulses could not be fitted to obtain a film
thickness value.

Film thickness values as a function of deposition conditions are presented in Fig 9.5. Even

for the thickest CGO film, deposited using 2500 pulses, a film thickness of 26 nm was not

exceeded. Based on this reported system, it is expected that for the range of CGO buffer

layer thicknesses used in this work, it should see a range of CGO lattice parameters at the

CGO/PCO interface. To support this work, the strain relaxation length of the deposited

CGO buffer layers was calculated from the film lattice strain. Deposition rate was 9.6

nm/1000 laser pulses.

Out-of-plane XRD patterns were taken for sample set 1 (CGO films of varying thickness

on YSZ(001)), and sample set 2 (PCO films of constant thicknesses on CGO films of vary-
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Figure 9.5: Film thicknesses of CGO-only film deposited on YSZ(002), as measured using
XRR. Deposition rate was 9.6 nm/1000 laser pulses. Approximate error in the XRRmea-
surements: ±1 nm.

ing thickness on YSZ(001)), see Fig 9.6. For sample set 1, only the CGO(200) reflection

around ∼33.0◦ 2θ and the YSZ(002) reflection around 34.8◦ 2θ were detected. Therefore,

based on the lattice parameters of CGO and YSZ and also observed in literature of similar

configurations, the cubic CGO lattice stacks directly upon the tetragonal P42/nmc as-

signed YSZ lattice but with a 45◦ rotation of the cubic CGO lattice about the axis normal

to the film surface. This should result in a lattice mismatch at the CGO[100]/YSZ[110]

interface of -5.29% (CGO film with in-plane lattice compression). The in-plane compres-

sion of the CGO film should be compensated by an out-of-plane tension that should be

observed in the XRD patterns. The same is true of sample set 2, although the PCO

reflection masks the CGO(200) reflection of thinner CGO films.

In the out-of-plane XRD patterns of both sample sets, faint Keissig fringes can be seen

in the CGO(200) reflection suggesting a smooth interface. It was not possible to fit these

reflectometry patterns to obtain film thickness values. A peak shift to a lower d-spacing can

be observed in the out-of-plane XRD patterns as CGO buffer layer thickness increased.

The CGO(200) reflections at ∼33.0◦ 2θa were fitted using the Pseudo-Voigt model, as

described in the Experimental Methods section and the out-of-plane strain was calculated

for both sample sets of CGO films of varying thicknesses. This is depicted in Fig 9.7.

Average out-of-plane strain values have been plotted against the XRR measured CGO

film thickness as well as against the area under the CGO(200) reflection that was though

to be more indicative of the true CGO film thickness than the number of pulses used for

the deposition.

If the CGO lattice stacks directly upon the YSZ lattice with a 45◦ rotation about the axis

normal to the film surface, the CGO film should experience an in-plane compression of

-5.29% at the CGO/YSZ interface. An average out-of-plane tension should be observed.

Instead, a compressive out-of-plane strain was measured in all CGO films.
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(a) Sample set 1 (CGO/YSZ) (b) Sample set 2 (PCO/CGO/YSZ)

Figure 9.6: Out-of-plane XRD measurements of CGO films, deposited using 500 to 2500
laser pulses, in sample sets 1 (CGO-only films) and sample set 2 (PCO/CGO/YSZ films)
between 30 to 38◦ 2θ. The CGO(200) reflections have been labeled, the intensity of which
can be seen to increase with increased deposition pulses. As CGO film thickness increased,
a shift in the 2θ position CGO(200) reflection to larger 2θ values can be seen, indicating a
decrease in out-of-plane lattice parameters corresponding to the (200) reflection, whereas
consideration of the lattice mismatch between CGO and YSZ would suggest an increase
in out-of-plane lattice parameters.

While CGO buffer films are commonly paired with a YSZ substrate, no explicit mention

of the CGO lattice strain could be found in literature. Instead, the CGO films were

established to be epitaxial, of the (200) orientation, and with a cube on cube alignment

with the YSZ lattice [27]. The PLD conditions used in this work were the same as in

that report. So, though no asymmetric pole figures were obtained in this work and the

in-plane relation between film and substrate was not ascertained, a similarly oriented CGO

should have been produced. It is unlikely that a different in-plane relation was obtained

in this work that resulted in the compressive out-of-plane CGO lattice strain observed.

Therefore, there may be other factors, besides lattice mismatch, that are contributing to

lattice strain.

One such possibility is the effect of chemical strain. CGO can accommodate a range of

oxygen deficiencies, which would necessitate a reduction of ceria from Ce+4 to Ce+3 and

subsequently an expansion in the lattice parameters. However, it was a reduction in out-

of-plane lattice parameters that was observed here, and if this were true, the CGO target

from which bulk lattice parameters were calculated has to have a higher concentration of

oxygen vacancies than in the film. However, no chemical analysis of the CGO films or

target was performed to further investigate this possibility as it was not the main purpose

of this work.

Similarly, the change of lattice parameter may also be attributed to chemical strain arising

from variations in the dopant concentration. This has been reported to be sensitive to

PLD conditions, and has been mentioned in to result in non-stoichiometric transfer from

target to film. While no chemical analysis has been performed, all films were deposited

under nominally identical conditions. Any chemical contributions to the lattice strain
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(a) Sample set 1 (CGO/YSZ) (b) Sample set 2 (PCO/CGO/YSZ)

Figure 9.7: Out-of-plane strain in CGO films of sample sets 1 and 2, as a function of
measured CGO film thickness (by a Dektak 150 surface profilometer), and the integrated
intensity of the CGO(200) reflection at ∼33.0◦ 2θ, both thought to be reliable indicators
of the actual CGO film thickness. The value of the ‘measured’ CGO film thickness of the
thinnest (4.8 nm thick) CGO film deposited using 500 pulses was calculated based on an
average CGO deposition rate of 9.6 nm/1000 pulses. Error bars have been included but
are mostly obscured by the data points.

observed should be uniform across all the films.

Another potential contribution to lattice strain particular to the PLD process is plume-

induced stress. This has been reported for CeO2 and CGO films deposited at low oxygen

partial pressures [390, 421]. The energetic irradiated target species impinge upon the

substrate, building imperfect and strained crystallographic lattices. However, in both

cases, plume-induced stress has resulted in a lattice expansion, rather than a compression.

No definitive explanation can be given for the out-of-plane compressive strains observed.

As the CGO film thickness increases, the CGO film should relax and the measured strain

decrease as film thicknesses increase. Due to the significant scatter in the results, coupled

with the small number of samples, there is a large degree of uncertainty in the actual

trend between average lattice strain and film thickness observed despite error margins

being small, see Fig 9.7. It may be that the strain values for the thinnest, 4.8 nm thick,

CGO film in both sample sets are anomalous. The X-ray signal from these CGO film was

very small. For the CGO-only film, the broad nature of the CGO(200) reflection meant
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(a) Sample set 1 (b) Sample set 2

Figure 9.8: CGO(200) peak fits for ∼4.8 nm thick CGO films of sample sets 1 and 2 de-
posited using 500 laser pulses. For sample set 1, it was possible to separate the CGO(200)
and YSZ(002) reflections (the CGO(200) reflection shown here is the case with the largest
peak overlap between CGO(200) and YSZ(002)), and Pseudo-Voigt fits were obtained
from of a masked region corresponding to the CGO(200) peak position; the fit is indicated
in red. For sample set 2, due to the overlap of the CGO(200), PCO(002) and YSZ(002)
reflections, Pseudo-Voigt fits had to be made for each of these reflections, indicated in
green, blue, and cyan respectively. The combined fit is indicated in yellow. These CGO
films were the thinnest and had the lowest CGO(200) intensities, and thus had the largest
error associated with their fit.

that it overlapped with the YSZ(002) reflection. In order to fit this peak, only a section

of the peak was selected and fitted. This is also true for the PCO/CGO samples, but

instead it was the PCO reflection at ∼33.5◦ 2θ that obscured the CGO(200) peak, and

although all three peaks were fitted, it was not possible to get the fit to converge for the

CGO(200) reflection. The fits of the CGO(200) for both CGO film of 4.8 nm nominal

thickness (deposited using 500 pulses) in sample sets 1 and 2 are shown in Fig 9.8.

If this is the case, then a trend can be seen in both films wherein lattice strain increases

with film thickness. This is contrary to the expectation that as film thickness increases,

lattice parameters relax to the bulk value and thus lattice strain decrease to zero. No

explanation can yet be suggested as to why this would occur. However, if these two data

points are reliable, it could then be argued that the strain in the CGO films do relax as film

thickness increases. Or, it could be that this is only true once when CGO film thicknesses

exceed 15 nm, below which there is a different CGO/YSZ lattice mismatch relationship.

Either of these may be said of the CGO films in both sample sets. Due to the few samples

available, it is not yet possible to draw any firm conclusions. In any case, the interest of

these films lies in obtaining a variation of their lattice parameters through strain, and less

so its strain relaxation behavior though this should be investigated in further work.

Another point to note from the ‘compressive’ out of plane strains found in the CGO films

of the PCO/CGO samples were lower than that found in the CGO films of the CGO/YSZ
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Figure 9.9: Out-of-plane lattice strain in the CGO films of sample set 1 (CGO/YSZ) and
2 (PCO/CGO/YSZ) as a function of the integrated intensity of the CGO(200) reflection,
which was felt to be the most indicative measure of actual CGO film thickness. The
measured out-of-plane lattice strains of the CGO films of sample set 1 were consistently
larger than sample set 2 when a PCO film was deposited on top of the CGO.

samples, of a similar CGO film thickness, see Fig 9.9 where the strains in the CGO films

of both sample set 2 are compared against each other as a function of the integrated

intensity of the CGO(200) reflection. This may be due to the presence of the PCO film,

introducing another constraint on the CGO buffer layer in sample set 2. If the CGO

buffer layer relaxes as its thickness increases, then depending on how thick the CGO layer

is and therefore what its lattice parameters are relative to that of PCO, the PCO film may

additionally compress or stretch the in-plane lattice parameters. This should be reflected

in an increase or decrease in the out-of-plane lattice parameters respectively. These two

outcomes are illustrated in Fig 9.10.

As seen in Fig 9.10, the presence of the PCO film reduced the compressive out-of-plane

strain in the CGO buffer layered (compared to the compressive lattice strains in the CGO-

only film). Therefore, all things being constant, the PCO film must contribute an in-plane

compressive strain, reducing the out-of-plane lattice compression). The CGO film must

have relaxed sufficiently that the lattice parameters at the CGO/PCO interface are larger

than that of the matching PCO parameters. Calculations for the actual CGO lattice

parameter at the CGO/PCO interface will be performed later in this section.

Alternatively, the peak shift of the CGO(200) reflection for the PCO/CGO films may be

the result of zero error rather than any real changes to the CGO strain state. With the

PCO/CGO films, the CGO signal comes from below the sample surface. However, the

average PCO layer thickness for these films was only about 78 nm. It was unclear if such a

small offset would result in such a discrepancy in the calculated CGO out-of-plane strain

values.
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Figure 9.10: Schematic of the different potential effects of the PCO film on the lattice
strain of the CGO film, depending on the CGO film thickness. If the CGO film is thin
enough that it is unable to relax back to a lattice parameter larger than the PCO lattice
parameter, the PCO film would introduce an in-plane tensile strain in the CGO film. If
the CGO film is thick enough that it is able to relax back to a lattice parameter larger
than the PCO lattice parameter, the PCO film would introduce an in-plane compressive
strain in the CGO film.

Rocking curves of the CGO(200) reflections for various film thicknesses of sample sets 1 and

2 are presented in Table 9.3. FHWM values were calculated by using a Pseudo-Voigt fit.

The CGO films of the CGO/YSZ samples were of a much lower mosaicity, 0.32◦ to 0.46◦,

compared to those of the PCO/CGO/YSZ samples, which had FWHM values between

1.09◦ and 1.18◦. It appears that increasing CGO film thickness reduces the mosaicity of

the film, perhaps as a result of strain relaxation. This is present in both sample sets (see

discussion later), however it is not possible to say with any certainty due to the small

number of samples.

The shapes of the CGO(200) rocking curves between the CGO/YSZ and PCO/CGO/YSZ

samples are very different. For the PCO/CGO/YSZ samples, there appears to be a uniform

distribution of lattice tilts resulting in a more typical peak that is easily fitted. However,

from the CGO(200) rocking curves for the CGO/YSZ samples, the CGO film appears to

have a split distribution of tilts, with tilt angles being either very small, or very large.

Therefore, each rocking curve was fitted using two curves, centered at the same position

were but with different FWHM. Using this fit, it can be seen that the CGO films of the

CGO/YSZ samples exhibit very low mosaicity in parts with an FWHM between 0.19◦ and

0.30◦, and in other parts, exhibit a mosaicity that is comparable to that found in the CGO

films of the PCO/CGO/YSZ samples.

As CGO film thickness increases, it appears the proportion of large off-plane-normal tilts

increases. This broad base is not seen at all for the thinnest CGO film, but becomes
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Sample set 1 Sample set 2

1000
pulses

FHWM = 0.46◦

1500
pulses

FHWM = 0.32◦ FHWM = 0.24◦ , 1.14◦ FWHM = 1.18◦

2000
pulses

FHWM = 0.35◦ FHWM = 0.19◦, 1.08◦ FWHM = 1.13◦

2500
pulses

FHWM = 0.32◦ FHWM = 0.30◦, 1.24◦ FWHM = 1.09

Table 9.3: Rocking curves of the CGO(200) reflection of CGO films deposited using 500
to 2500 pulses, of sample sets 1 and 2. For sample set 1, two different Pseudo-Voigt fits
were useds due to the shape of the rocking curve. In the first fit, only one Pseudo-Voigt
profile was usee. In the second fit, two Pseudo-Voigt prfiles were used, as if there were to
CGO(200) contrbutions- one with low mosaicity, and one with a high mosaicity. Pseudo-
Voigt fits are indicated in red. Where more than one Pseudo-Voight fit was used, the first
fit is in red, the second in green, and the overall fit in blue. FWHM values have been
measured and provided (for the multiple Pseudo-Voigt fit of sample set 1, the first FWHM
value corresponds to the first Pseudo-Voigt profile in red, and the second FHWM values
corresponds to the second Pseudo-Voigt profile in green. Increasing CGO film thickness
decreased CGO film mosaicity.



164

(a) XRR calculated film thickness (b) Integrated CGO(200) intensity

Figure 9.11: Comparison of the actual measured CGO film thickness using XRR and the
integrated CGO(200) intensity of sample set 1. The integrated area of the CGO(200)
reflection of the CGO film deposited using 2500 pulses appears anomalous (in red).

more apparent as film thickness increases. The exception is the CGO film deposited using

2500 pulses, which had almost identical proportions of large and small off-plane-normal

tilts as the CGO film deposited using 1500 pulses. However, the actual peak areas of the

CGO(200) reflections in the sample set suggests that the 2500 pulse film is actually of a

comparable thickness to the 1500 pulse film, and therefore a smaller proportion of large

off-plane-normal tilts would be expected, as is seen.

However, this now raises a discrepancy in the thicknesses measured of the CGO thin films

of sample set 1. XRR measurements of the 2500 pulse CGO film thickness provide a

thickness value of 24 nm. However, CGO(200) peak area calculations suggest that the

2500 pulse film is only as thick as the 1500 pulse film, 15.6 nm, Fig 9.11. This discrepancy

is not within the error of the measurements. The only suggestion that can be offered lies

in the preparation of multiple samples within the same PLD run. These samples should be

identical. However, due to the different positions of the samples relative to the laser plume,

there maybe differences in, for example, film thicknesses. Thus it may be that different

samples were used between XRR measurement and the out-of-plane XRD measurement,

hence the discrepancy, despite both samples being deposited in the same PLD run. The

CGO deposition rate of 9.6 nm/1000pulses is valid, however, it should be noted for the

CGO(200) reflection, peak area was a better indicator of CGO film thickness, for the strain

measurements.

All things being constant, the different mosaicity between CGO films of the CGO/YSZ

samples and the PCO/CGO/YSZ samples can only be attributed to the presence of the

PCO layer. The PCO layer appears to even out the mosaic spread of the CGO layer

beneath it. A possible explanation for this is, if the PCO film is sufficiently thick, a

different strain relaxation mechanism occurs as dislocation dipoles are created instead

[365]. This may be reflected in the mosaicity of the CGO films.

To further investigate the structure of the CGO film and its inplane orientations, RSM



9.3. Results and Discussion 165

(a) Symmetric (002) scan

(b) Asymmetric (113) scan (c) Asymmetric (115) scan

Figure 9.12: RSM of the CGO(200) reflection of CGO(200)/YSZ(002) deposited using
500 pulses, of sample set 1. CGO film intensities were too low to detect a peak in the
asymmetric 115 scan, nevertheless it appears that the CGO film is epitaxial albeit with a
high mosaicity.

were obtained of the CGO(200) reflection for the thinnest CGO film (deposited using 500

pulses) and the thickest 24.0 nm thick CGO film, see Fig 9.12 and Fig 9.13 respectively. In

the symmetric scan of the thinnest CGO film, both YSZ(002) and CGO(200) reflections

could clearly be seen. However, in the asymmetric scan of the (113) pole, the CGO(200)

reflection was much more diffuse, and could not be detected at all for the (115) pole. For

the asymmetric scans of the thickest CGO film, the (113) and (115) poles of CGO can

more clearly be seen, confirming epitaxy of the CGO film. The shape and shift of the

CGO poles confirm in-plane strain, and also mosaic spread.

The strain profile of the film is independent of the strain relaxation mechanism present.

However, only the results from sample set 1 (CGO/YSZ films) may be fitted to calculated

the constants, ε0 and α for the CGO film, as in sample set 2, there is the additional strain

inducing effect of the PCO film at the CGO/PCO interface. Using Eqn. (9.4), ε0 and α

have been found to be -0.56 and 0.16 nm−1 respectively, compared to values of ε0 and α of

0.023 and 0.17 nm−1, respectively, by Lee et al. [312]. The rates of relaxation, indicated

by α are very similar. The negative value for ε0 is due to the out-of-plane strain being com-

pressive and should reflect the strain in the CGO/YSZ interface. However, based on only
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(a) Asymmetric (113) scan (b) Asymmetric (115) scan

Figure 9.13: RSM of the CGO(200) reflection of CGO(200)/YSZ(002) deposited using
2500 pulses, of sample set 1. The CGO reflection may be seen in both asymmetric (113)
and (115) scans, suggesting that the thicker CGO films are also epitaxial.

Number CGO film Measured average Lattice strain at
of pulses thickness (nm) lattice strain (%) CGO surface (%)

500 4.8 -0.44 -0.26

1000 9.5 -0.19 -0.12

1500 15.6 -0.12 -0.05

2000 18.5 -0.28 -0.03

2500 24 -0.22 -0.01

Table 9.4: Surface strain of the CGO film of sample set 1, calculated using (9.3) where ε0
and α are -0.56 nm−1 and 0.16 nm−1 respectively.

the CGO(200) out-of-plane reflection being detected, and a suspected CGO[100]/YSZ[110]

relation as has been reported in literature, the -5.29% in-plane compression of the CGO

lattice should be compensated by an out-of-plane tension around 1.59% at the CGO/YSZ

interface, based on a Poisson ratio, ν of 0.3 for CeO2 [422]. This was not what has been

obtained, reasons for which have been suggested earlier.

It should be noted that there is a significant error in this fit due to the small sample set

and the large variance. Nevertheless, it does provide an indicator of the strain profile

within the film. The film thickness required for the CGO lattice to relax to 99.99% of its

bulk value is 54.12 nm (more than double the relaxation length of (111) oriented CGO

films on sapphire(0001) [312]). All CGO films deposited were within that thickness. The

predicted out-of-plane lattice mismatches in the CGO film surface, calculated using (9.3),

are shown in Table 9.5.

The CGO buffer layers of sample set 2 following the same correlation between CGO(200)

peak area with deposition time, as the CGO films of sample set 1, excluding the CGO

film deposited using 2500 pulses in sample set 1. This relation justifies the use of the

correlation in CGO(200) peak area with XRR thickness measurements of sample set 1,

see Fig 9.14. Based on this, the CGO buffer layer thicknesses of sample set 2 have been
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(a) (b)

Figure 9.14: (a)CGO films of both sample set 1 and 2 can be seen to share the same
relationship between the the integrated area of the normalized CGO(200) reflection and
the number of laser pulses used for the deposition of the film. The integrated area of
the CGO(200) reflection appeared to be most indicative of CGO film thickness. Thus
in (b), the integrated area of the normalized CGO(200) reflections of sample set 1 have
been correlated with the measured thickness of the CGO films of sample set 1 to obtain a
relationship from which the CGO film thicknesses of sample set 2 may be calculated given
its (200) peak area: a values of 6.55 CGO(200) normalized peak area corresponds to a
CGO film thickness of 1 nm.

estimated from its CGO(200) peak area, and subsequently also the out-of-plane lattice

strains at the CGO/PCO interface of these samples have been calculated using ε0 and α

values calculated from sample set 1, see Table 9.5.

Therefore, the morphology of the CGO films have been found to be flat, with uniformly

sized columnar grains. Surface roughness values were comparable to those of blank sub-

strates. The CGO films were highly textured, exhibiting the (200) out-of-plane orientation.

Mosaicity of the films was found to decrease as the CGO film thickness increased. The

CGO films of sample set 1 did not have a normal distribution of surface tilts, but had a

broad background of large surface tilts, the proportion of which increased with film thick-

ness. It remains to be seen if this surface is of a sufficient quality for successful deposition

Number Normalized CGO(200) Estimated CGO film Lattice strain at
of pulses peak area (arb. Intensity) thickness (nm) CGO surface (%)

500 40.26 6.15 -0.21

1500 101.68 15.53 -0.05

2000 147.46 22.52 -0.02

2500 157.78 24.10 -0.01

Table 9.5: Surface strain of the CGO film of sample set 2, calculated using (9.3) where ε0
= -0.56 nm−1 and α = 0.16 nm−1 respectively. CGO film thicknesses have been estimated
using the relation found of the CGO films of sample set 1, where a values of 6.55 CGO(200)
normalized peak area corresponds to a CGO film thickness of 1 nm.
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of strained PCO films.

Contrary to the expectation of an out-of plane tensile strain in the CGO films, based

on lattice mismatch with the YSZ substrate, a range of out-of-plane lattice compression

was measured in CGO films of both sample sets. If oxygen stoichiometry is maintained

between CGO target and deposited film, and the trend exists wherein the strain in the

CGO film relaxes as its thickness increases, ε0 and α were found to be 0.023 and 0.17

nm−1 respectively. Based on this, all CGO film thicknesses were within the CGO strain

relaxation length (calculated to be 54.12 nm for 99.99% for the lattice strain to have

relaxed back to bulk parameters), and a range of lattice strains at the CGO surface and

at the CGO/PCO interface have been calculated: between -0.012% and -0.211%. A range

of lattice strains is expected in the PCO films deposited on top of the CGO buffer layers

of varying thicknesses.

9.3.2 Morphological and Structural Characterization of Strained

PrCoO3−δ/Ce0.9Gd0.1O2−δ/YSZ8-mol% Films

Previously, the CGO films of sample set 1 and 2 were examined. In this section, the

PCO films of sample set 2 and sample set 3 will be inspected. The PCO films of sample

set 2 are of nominally identical thicknesses (deposited using 1000 pulses) on CGO buffer

layers of varying thicknesses. These CGO buffer layers have a compressive out-of-plane

lattice strain at the CGO/PCO interface from -0.211%, decreasing to -0.012%, as the CGO

buffer layer thickness increases, and the lattice relaxes. The PCO film experienced various

degrees of lattice mismatch. The PCO films of sample set 3 are deposited upon a ∼4.8

nm thick CGO buffer layer using 1000 to 6000 pulses.

Film thickness measurements of the PCO/CGO films of both sample sets were made using

the Dektak 150 surface profiler. These results were adjusted for the thickness of the CGO

buffer layer, see Fig 9.15. For sample set 2, CGO buffer layer thickness was found through

the relation between the area under the CGO(200) peak in the previous section, see Fig

9.14. However, for sample set 3, where CGO buffer layers were deposited using 1000 pulses,

the CGO(200) reflection could not be fitted nor its area obtained. Thus, a constant CGO

deposition rate of 4.8 nm/1000 pulses was assumed for these films.

In sample set 2, a variation in PCO film thicknesses, between 57.9 and 89.5 nm was

measured, despite deposition conditions of the PCO films being nominally identical. The

average PCO film thickness measured was 72 nm. It is unclear why this has occurred but

must be attributed to slight variations in the deposition conditions and the nature of the

PLD process involving the ablation of a range of particle sizes. This does raise concern

as to the repeatability of the PLD process and should be noted in the discussion of the

average strain of these films. In addition to the effect of different lattice mismatch at the

CGO/PCO interface, there also exists different extents of strain relaxation arising from

the different film thicknesses. In sample set 3, a linear increase in film thickness with
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(a) Sample set 2 (b) Sample set 3

Figure 9.15: Film thicknesses of PCO films deposited in sample set 2 and 3, as measured
using a Dektak 150 surface profilometer. For sample set 2, CGO film thicknesses was
calculated assuming a CGO deposition rate of 4.8 nm/1000 pulses. For sample set 3, an
average CGO film thickness of 4.8 nm was assumed. PCO films of sample set 2 have been
deposited using 3000 pulses. PCO films of sample set 3 have been deposited using a range
of laser pulses, between 1000 to 6000 pulses.

deposition conditions was measured. The PCO deposition rate on CGO(200) was found

to be ∼25.8 nm/1000 pulses.

In order to check the reliability of these film thickness measurements, a comparison was

made against the area under PCO reflections from out-of-plane XRD patterns, see Fig

9.16. The area under the PCO reflections are indicative of the PCO film thickness, a

similar correlation with measured thicknesses and the number of pulses during deposition

should be seen in PCO films of sample sets 2 and 3, as was found of the CGO films

from sample set 1 and 2. However, while a correlation may be seen between PCO peak

area and the measured PCO thicknesses for both sample sets, there was a large range of

measured PCO thicknesses in sample set 2 for which 1000 laser pulses were used during the

deposition of those films. Thus, especially for the PCO films of sample set 2, the number

of laser pulses employed during deposition may not be the best indicator of actually PCO

film thickness- there was significant variation in PCO film thickness despite the identical

deposition conditions. Additionally, the relationship between PCO peak area and the

measured thickness of the film was not the same between sample set 2 and 3 (as it was

with the CGO films), despite deposition conditions of the PCO films being nominally

identical. Therefore, there is some certainty in the PCO deposition rate obtained, but

there are significant differences in the thicknesses in the PCO films of sample set 2.

AFM images were taken from sample set 2 and 3 and are depicted in Fig 9.17 and Fig

9.18, respectively. These PCO films were significantly rougher than the CGO buffer layers,

with PCO film Rrms values as much as a magnitude larger than the Rrms values of the

CGO buffer layers measured earlier in Section 9.3.1. The increase in film roughness was

not unexpected given the thickness of the deposited PCO films. On all occasions, uniform

distributions of grain sizes were seen in the PCO films.
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(a) (b)

Figure 9.16: Summed integrated intensities of PCO reflections of PCO films in sample
sets 1 and 2, as a function of (a) the number of laser pulses used for PCO deposition and
(b) the average measured PCO thickness using the Dektak 150 surface profilometer. PCO
film thicknesses of sample set 2 were confirmed to have significant variation.

In sample set 2, the effect of increasing the buffer layer thickness was a slight increase

in the diameter of the columnar PCO grains deposited. The change in PCO grain size

may be attributed to the variation in the strain state of the CGO buffer layer as its

thickness increases and it relaxes, or to the variation in CGO buffer layer roughness. The

surface roughness values of the PCO films of sample set 2 are comparable, with Rrms

values between 1.68 nm and 2.66 nm. It appears from the AFM images that PCO films

experiencing a greater lattice mismatch have columnar grains of a larger diameter. In

sample set 3, Rrms surface roughness increased 1.21 nm to 4.63 nm as the number of

pulses used to deposit the PCO film increased from 1000 to 6000. Rrms roughness was

plotted against PCO XRD peak area (the better indication of actual film thickness) in Fig

9.19. Thus, film roughness can be seen to deteriorate by an Rrms value of 0.57 nm/10 nm

increase in PCO film thickness. Increasing PCO film thickness also increased the grain

size of the film.

Besides the LSC thin films produced by O’La et al. [7], these PCO films have a significantly

rougher surface when compared to LCO and LSC films of similar thicknesses reported in

literature (where Rrms ≤0.8 nm) [419, 8, 227, 29].There also appears to be a slight increase

in grain size with PCO film thickness, which was also not reported in previous literature

[419, 7, 227]. It should be noted that the increase in grain size with film thickness was more

marked in polycrystalline PCO films deposited on Si(004) in Chapter 7. The diameter

of the columnar grains of the PCO films appears sensitive to a number of factors related

to its strain state. Also different strain relaxation mechanisms can give rise to the same

trend in surface morphology.

SE images were taken of these two sample sets, see Fig 9.20 and Fig 9.21, and are in

relative agreement with the AFM images: PCO film grain sizes are mostly uniform and

an increased grain size can be seen as the thickness of the CGO buffer layer or PCO film

increased. The grain size of the PCO films of sample set 2 was found to increase at a
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(a) 500 pulses (b) 1500 pulses

(c) 2000 pulses (d) 1500 pulses

(e) Rrms

Figure 9.17: AFM images and measured Rrms of the PCO films of sample set 2, where
a different number of laser pulses were used in the deposition of the CGO buffer layer
(as specified for each image). Increasing CGO buffer layer thickness and thus the lattice
mismatch between CGO and PCO had no clear effect on the PCO film roughness, but an
increase in PCO grain size was observed though this may have been due to the decrease in
PCO thickness (with CGO thickness) despite PCO deposition conditionals being nominally
identical.

greater rate than samples set 3. However, from the SE images, the increase in grain size

of the PCO films of samples set 2 was much more distinct than suggested in the AFM

images. There are two other differences, observed in the SE images but not the AFM,

discussed below. The reason for these discrepancies is unknown.

For sample set 2, SE images revealed full coverage of the PCO film over the CGO buffer

layer. For the PCO films deposited on the thicker CGO buffer layers (notable for the

thickest ∼24.1 nm thick CGO buffer layer deposited using 2500 pulses, see Fig 9.20d), the
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(a) 1000 pulses (b) 2000 pulses

(c) 3000 pulses (d) 4000 pulses

(e) 5000 pulses (f) 6000 pulses

(g) Rrms

Figure 9.18: AFM images and measured Rrms of the PCO films of sample set 3, where a
different number of laser pulses were used in the deposition of the PCO film (as specified
for each image). Increasing PCO film thickness and thus decreasing the lattice strain in
the PCO film, increased both PCO film Rrms roughness and grain size.

PCO grains were much less regular in shape, with a range of sizes, and it appears that

some grains were growing at the expense of others. While this has been seen previously

in LSC films, it was not to this extent. For the thickest CGO buffer layer, the PCO film
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Figure 9.19: Out-of-plane lattice strain in the CGO films of sample set 1 (CGO/YSZ) and
2 (PCO/CGO/YSZ) as a function of the integrated intensity of the CGO(200) reflection,
which was felt to be the most indicative measure of actual CGO film thickness. The
measured out-of-plane lattice strains of the CGO films of sample set 1 were consistently
larger than sample set 2 when a PCO film was deposited on top of the CGO.

thickness was measured to be ∼57.9 nm. It was considerably thinner than the other PCO

films deposited also using 3000 pulses. The different film morphology may be the cause

of this decrease in PCO film thickness if it results in a PCO film of a higher density. It is

unclear if this PCO film was an outlier which was thinner and had a different morphology,

or if it was related to the thickness of the CGO buffer layer and the subsequent lattice

strain induced. As a gradual change in PCO film morphology of sample set 2 may be

observed, and it may also be argued that there was a trend in PCO film thickness with

CGO buffer layer thickness (Fig 9.15a), a more likely conclusion was that increasing the

CGO buffer layer thickness and thus changing the lattice mismatch between CGO and

PCO caused this shift in film morphology and increase in film density.

Also, for the PCO films of sample set 3, as the PCO film thickness increased, though grain

size also increased, the grains remained regular shaped and of a uniform size ∼50 nm,

except for one film. The thickest PCO film (∼167.0 nm) has a distinctly different surface

morphology. The grains are now highly irregular in shape, and it is unclear if a columnar

grain structure still exists. All things being constant, this change in surface morphology

can only be attributed to the increased thickness of the PCO film. This morphology has

not been previously identified in the literature. However, reported film thicknesses do not

exceed 140 nm [29].

The out-of-plane XRD patterns of sample sets 2 and 3 are depicted in Fig 9.22 with peak

assignments for the PCO reflections found at ∼23.4◦ 2θ, ∼33.5◦ 2θ, ∼41.2◦ 2θ and ∼48.0◦

2θ. These assignments were based on the presence of a recurring family of planes, as

seen in oriented thin films. Unlike what was found for LSC films deposited on CGO/YSZ
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(a) 500 pulses (b) 1500 pulses

(c) 2000 pulses (d) 2500 pulses

Figure 9.20: SE images of the PCO films of sample set 2, where a different number of
laser pulses were used in the deposition of the CGO buffer layer (as specified for each
image). PCO grain size can be seen to increase substantially with the increase in CGO
buffer layer thickness and subsequently also the PCO/CGO lattice mismatch, and film
morphology can also be seen to evolve into less regularly shaped grains with a larger grain
size distribution.

where only one reflection was observed [7, 8, 227, 27, 29], a number of orientations are

present. In sample set 2, the PCO peaks remain fairly constant, while the CGO(200)

reflection increases in intensity, and the opposite was observed for sample set 3 reflecting

the increase in CGO buffer layer thicknesses and PCO film thicknesses of the two sample

sets respectively.

The (020) and (040) reflections correspond to the structural configuration that has been

previously reported for LCO and LSC (though a different space group notation was used)

[7, 8, 227, 27, 29]. This is the arrangement that would result in minimal lattice strain. It

was expected that the tetragonal PCO lattice would stack directly upon the cubic CGO

with its (longest) b-cell parameter aligned to the out-of-plane normal as depicted in the

schematic Fig 6.1 in Chapter 6. This should result in an in-plane lattice mismatch between

PCO[100]/CGO[100] of 0.8%.

A PCO peak was also observed at ∼33.5◦ 2θ, which may correspond to either the(200),

(121), or (002) reflection. This peak has been assigned to the PCO(002) reflection, as if

it were assigned to the PCO(200), it would suggest an out-of-plane tension in the PCO

film that increased with PCO film thickness (whereas the lattice mismatch between CGO

and PCO predicts an out-of-plane compression should occur due to the lattice mismatch

and when the PCO(002) assignment is used, PCO strain relaxation was indeed observed).
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(a) 1000 pulses (b) 2000 pulses

(c) 3000 pulses (d) 4000 pulses

(e) 5000 pulses (f) 6000 pulses

Figure 9.21: SE images of the PCO films of sample set 3, where a different number of
laser pulses were used in the deposition of the PCO film (as specified for each image).
Increasing PCO film thickness and thus decreasing the lattice strain in the PCO film,
increased the average PCO film grain size.

Additionally it is of the same family of planes as the (020) diffracting plane. A likely

arrangement given this orientation is that the PCO lattice stacks directly upon the CGO

lattice but with a 45◦ rotation of the CGO lattice about the axis normal to the film surface.

In-plane characterization is necessary to confirm the relation of these oriented PCO cells

to each other in the film.

However, for PCO films of varying thicknesses deposited on CGO buffer layers of nominally

identical thicknesses (sample set 3), another family of planes was observed. For PCO films

deposited using 4000 and 6000 pulses an additional trace peak was detected at ∼41.2◦ 2θ

(it should be noted that a log10 scale is used in Fig 9.22, underplaying the difference

in high intensity reflections). This corresponds to the PCO(022) or PCO(220) reflection

using the Pnma space group. This suggests that other PCO orientations may be present,
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(a) Sample set 2

(b) Sample set 3

Figure 9.22: Out-of-plane XRD patterns of the PCO films of: (a) sample set 2, for which
1000 pulses were used for the deposition of the PCO film, but a range of pulses used for
the deposition of the CGO buffer layer (as specified in the figure); and (b) sample set 3,
for which a range of pulses were used for the depositin of the PCO film (as specified in
the figure). PCO films of both sample sets appears highly textured. Only one family of
diffraction planes was found of the PCO films of sample set 2. An additional orientation
was found for the PCO films of sample set 3, corresponding to either the (220) or (022)
diffraction planes.

below the detection limit. Increasing the PCO film thickness further may reveal all other

orientations.
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Peak intensity ratios of PCO reflections
Sample PCO(020) PCO(002) PCO(220) PCO(040)

∼23.4◦ 2θ ∼33.5◦ 2θ ∼41.2◦ 2θ ∼48.0◦ 2θ

Reference [6] 0.30 1 0.41 0.59

PCO target 0.33 1 0.52 0.63

PCO film (sample set 2) 0.14 - 0.23 1 0 0.19 - 0.27

PCO film (sample set 3) 0.18 - 0.27 1 0 - 0.06 0.34 - 0.50

Table 9.6: Peak intensities of the (020), (220), and (040) reflections of PCO, relative to
the PCO(002) reflection. Two reference PCO patterns were used: from literature and
from this work. The reflections at ∼41.2◦ 2θ was assigned to the PCO(220) reflection.
Despite the similar position of the PCO(220) and PCO(022) reflections, the 2θ position
of PCO(220) was found to correspond best to that observed of the out-of-plane patterns.
In any case, the peak intensities of the PCO(022) and PCO(220) reflections differ by no
more than 7.0% of each other, using the PCO reference pattern [6] (or 8.6% using the
PCO target diffraction pattern).

To investigate the texture of the PCO films, the peak areas of the detected reflections,

relative to the highest intensity PCO(002) reflection at ∼33.5◦ 2θ, were compared to

published data of PCO [6] see Table 9.6. Thus, it can be seen that, from the peaks that

were detected, there was some texture in the deposited PCO films with a preference for

orientation corresponding to a 2θ position of ∼23.4◦ 2θ and ∼48.0◦ 2θ. Based on the lattice

mismatch, this is likely to be the (0k0) orientation. It is also clear now that the (220) or

(022) orientation, at ∼41.2◦ 2θ, is suppressed. There are therefore grounds to believe that

the films are textured, and that the peak assignments made on this assumption are valid.

There were no apparent trends in the relative peak intensities detected with increasing

lattice mismatch (sample set 2) or with increasing PCO thickness (sample set 3). The

changes in the strain state of the PCO film with CGO buffer layer thicknesses or PCO film

thicknesses appear not to affect the relative growth of the different orientations present,

despite having a clear effect on the morphology (and roughness, for sample set 3) of the

PCO film.

Lastly, rocking curve data were collected for the PCO(020), PCO(040) and PCO(002)

reflections from sample set 2 and 3. Unlike what was found for the CGO(200) rocking

curves obtained from sample set 1, a good fit could be obtained using a Pseudo-Voigt

model, see Fig 9.23. As would be expected, FWHM values for the PCO(0k0) reflections

are comparable within the same film. For both sample sets, FWHM values were smaller

for the PCO(002) reflection than the PCO(0k0) reflection, ranging between 1.10◦ to 1.18◦

in sample set 2, and between 1.13◦ to 1.35◦ in sample set 3, see Table 9.8 for FHWM

values. This may be due to the smaller lattice mismatch for the (0k0) orientation, which

may reduce the need to introduce dislocations to relieve the strain in the lattice, and also

reduce surface curvature and mosaicity. No FWHM values could be found in the literature

for LCO or LSC films on CGO/YSZ.
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Figure 9.23: An example PCO(002) rocking curve of a PCO film of sample set 3, deposited
using 5000 pulses with a Pseudo-Voigt fit (in red).

PCO films of sample set 2

No. CGO FWHM (◦ )
pulses PCO(020) PCO(040) PCO(002)

1500 1.60 1.44 1.18

2000 1.41 1.39 1.13

2500 1.56 1.39 1.10

PCO films of sample set 3

No. PCO FWHM (◦ )
pulses PCO(020) PCO(040) PCO(002)

2000 1.80 1.66 1.27

4000 1.40 1.37 1.13

5000 1.59 1.47 1.35

Table 9.7: FWHM of PCO rocking curves from sample sets 1 and 2, fitted using a Pseudo-
Voigt profile.

RSM maps of the PCO(002) reflection, of the PCO113 film deposited using 3000 pulses,

were obtained using asymmetric scans for in-plane analysis, see Fig 9.24. Both CGO(200)

and PCO(002) reflections may be seen for the RSM of the (113) pole. For the (115) pole,

the CGO(200) reflection was barely discernible, and the PCO(002) reflection out of the

scan range (and unlikely to have been detected due to low intensities in any case). The

PCO film was significantly strained with a large amount of mosaicity. Due to the diffuse

nature and low intensity of the PCO reflection, it was not possible to calculate in-plane

lattice parameters.

From the structural and morphological analysis of the PCO films of sample sets 2 and 3,

it is clear that flat, (mostly) columnar grains have been deposited. Increasing the CGO

buffer layer and increasing the PCO film both result in a larger grain size, though FWHM

values of the films remain comparable. The films are polycrystalline, with the (0k0),

(002) and traces of the (220) reflections detected, but appear to be highly textured with

a preference for the (0k0) orientation, in accordance with minimizing lattice mismatch.
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(a) Asymmetric 113 scan (b) Asymmetric 115 scan

Figure 9.24: RSM of the PCO(002) reflection of PCO/CGO(200)/YSZ(002) deposited
using 3000 pulses, of sample set 3. An in-plane relationship between PCO, the CGO
buffer layer and YSZ substrate may be seen in the asymmetric 113 scan. The PCO film
is highly strained, the PCO reflection is just within the boundaries of the scan. While
the CGO(200) reflection may be seen in the asymmetric 115 scan, the PCO reflection was
beyond the boundary of the scan, and likely to have been of too low an intensity to be
detected.

A clear lattice strain has been observed in the PCO film from out-of-plane and in-plane

XRD measurements. The extent of the lattice strain was found to vary as CGO/PCO lat-

tice mismatched increased, or as PCO film thickness increased, as evinced by the continual

shifts in 2θ position of the PCO(002) reflection, see Fig 9.25. Thus, though the deposited

PCO films were not epitaxial, they must exhibit varying degrees of strain. This strain

can be attributed to mechanical strain arising from lattice mismatch with the CGO buffer

layer or the orientation relationships within the film, or chemical strain due to oxygen

non-stoichiometry. Any contributions of chemical strain that arise from the fabrication

process should be the same in all the films as they were all subject to the same deposition

conditions. Further work would involve obtaining reliable in-plane lattice parameters, or

to investigating the in-plane orientation relationships between PCO/CGO/YSZ within the

PCO film, which was not covered in this work.

In the XRD patterns of sample set 2, PCO films of 72 nm nominal thickness are de-

posited upon CGO buffer layers between 4.8 and 24.1 nm thick. It was expected that

the CGO(200) film on the YSZ(002) would experience in-plane lattice compression and

out-of-plane lattice tension. Instead, an out-of-plane compression was measured in the

CGO buffer layer. Following convention, increasing the CGO buffer layer thickness was

thought to result in a relaxation of the CGO lattice, and subsequently a decrease in the

out-of-plane lattice compression. The strain relaxation profile within the CGO buffer layer

was obtained from the average strain measured, and the CGO out-of-plane compressive

lattice strain at the CGO/PCO interface was found to vary between -0.21% to -0.01%.

The CGO in-plane lattice parameter must also decrease in conjunction, from its larger

tensile strained value to its bulk value.
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(a) Sample set 2

(b) Sample set 3

Figure 9.25: Out-of-plane XRD patterns of the PCO films of: (a) sample set 2, for which
1000 pulses were used for the deposition of the PCO film, but a range of pulses used for
the deposition of the CGO buffer layer (as specified in the figure); and (b) sample set 3,
for which a range of pulses were used for the depositin of the PCO film (as specified in the
figure). In sample set 2, as CGO film thickness increases and CGO/PCO lattice mismatch
increases, the PCO(002) reflections can be seen to shift to larger 2θ values, while in sample
set 3, as PCO film thickness increases and the PCO film relaxes, the PCO(002) reflection
can be seen to shift to smaller 2θ values.

The lattice parameter of CGO is larger than PCO. The mismatch between the CGO

buffer layer and the PCO film was originally expected to create a tensile in-plane strain
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in the PCO of 1.51% and 0.83% between PCO[100]/CGO[100] and PCO[001]/CGO[100]

respectively corresponding to the (0k0) reflection, and 1.28% between PCO[010]/CGO[110]

for the (200) reflection. Thus an out-of-plane compression should be detected in the PCO

film. As the CGO film thickness increases and its in-plane lattice parameter decrease,

the PCO film would experience a decrease in in-plane tension that should be reflected

in a decrease in its out-of-plane compression. According to this trend, a shift to smaller

2θ values, towards bulk values, should be seen in all CGO and PCO out-of-plane Bragg

reflections.

However, from Fig 9.25a, although the PCO film was found to be in compressive out-of-

plane strain, the PCO(002) reflection clearly moved to larger 2θ values as CGO buffer

layer thickness increased, see also Fig 9.26. Thus, the out-of-plane PCO lattice parameter

is actually decreasing, suggesting an increase in the in-plane tensile strain. Consequently,

in light of the previous uncertainty regarding the trend in CGO strain as CGO buffer layer

thickness increases, there are two possible interpretations for the CGO strain results. If the

CGO buffer layer is really experiencing an out-of-plane compressive strain, then it must

not strain relaxing as the CGO buffer layer thickness increases, rather it became increas-

ingly strained. However, no published works could be found on mechanisms contrary to

strain relaxation in lattice mismatched films. Thus, it is more plausible that the reference

CGO cell parameters, if though it was obtained from the CGO target used during PLD

deposition, is not transferable between target and film. Changes in oxygen stoichiometry

and Gd- concentration have been reported during the deposition of CGO films by PLD

[316, 319]. In future work, a more appropriate reference CGO cell parameter should be

obtained by depositing a thick CGO film and measuring its cell parameters from the film.

Thus, it is proposed that the CGO reference cell parameters used to calculate the strain in

the CGO buffer layer is too large; a compressive out-of-plane strain was calculated instead

of a tensile out-of-plane strain. That being the case, it becomes clear that the out-of-plane

strain measurement of the thinnest CGO buffer layer (4.9 nm thick, deposited using 500

pulses) is anomalous. As earlier discussed, there was difficulty in fitting a profile to the

CGO(200) reflection for this film due to its low intensity and thus there was caution in

assigning undue weight to it. Discounting this data point, the CGO buffer layer can be

seen to relax as it gets thicker. This is supported by Fig 9.27, where the out-of-plane

strain of the CGO and PCO films of both (0k0) and (002) reflections are calculated and

plotted against CGO film thickness, and can be seen to correlate well with the exception

of the thinnest CGO buffer layer in which a ∼-0.45% out-of-plane strain was erroneously

measured. Decreasing the compressive out-of-plane CGO strain would decrease the CGO

in-plane lattice parameters, which would decrease the in-plane lattice tension of the PCO

film, and subsequently also decrease the compressive out-of-plane PCO strain, as is seen.

The strain measured from the PCO(002) reflection was consistently larger than from the

PCO(0k0). This may be due to the inappropriate assignment of this reflection, or it

may be that lattice strain was preferentially accommodated in the PCO(002) orientation.

The trend in the out-of-plane strain with CGO film thickness appears to be the same in
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Figure 9.26: Out-of-plane strain in sample set 2, calculated from the CGO(200),
PCO(020), PCO(040) and PCO(002) reflections. The differently oriented PCO grains
all showed a similar trend. As CGO buffer layer thickness increased, the out-of-plane
compressive strain in the PCO film also increased. The lattice strain of the (002) oriented
grains of the PCO film appeared to be more highly strained than the (0k0) oriented PCO
grains.

Figure 9.27: Out-of-plane strain in the PCO films of sample set 2 as a function of the
out-of-plane strain in the CGO buffer layer. The strain in the PCO film on top of a CGO
buffer layer with a CGO(200) out-of-plane strain of ∼-4.2% appears anomalous.
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both reflections. It is unclear why there is a 0.1% difference in strain between the values

calculated from the (020) and (040) reflections.

Earlier, it was seen that even within sample set 2, the PCO film thickness was not constant

but varied between 58.0 nm and 89.5 nm and so relaxation effects are likely to also be

present in sample set 2 (as is affirmed in sample set 3). Discounting the first data point

for the 4.8 nm CGO buffer layer, see Fig 9.15a, the PCO film was at its thinnest when

the CGO buffer layer was at its thickest. Thus any relaxation effects would magnify any

strains present. It is a possibility that the amount of strain produced in the PCO films is

less than portrayed. Removing the relaxation effects would decrease the gradient of the

trend line.

It should be noted that having ascertained that the measured strain in the thinnest CGO

buffer layer is anomalous and that the CGO reference cell parameters may not be appro-

priate, the CGO strain relaxation parameters, ε0 and α, fitted earlier are also invalid.

In sample set 3, PCO films between 46.0 nm and 167.0 nm thick were deposited on CGO

buffer layers ∼4.8 nm thick. Besides the additional reflection at 41.2◦ 2θ seen in two of

the PCO films of sample set 3, sample set 2 and sample set 3 share similar diffraction

patterns and thus a compressive out-of-plane strain was also expected in the PCO films of

sample set 3, and has been measured: the PCO reflections have been shifted to larger 2θ

values, see Fig 9.25b. As PCO layer thickness increases, the positions of its Bragg peaks

shift back to bulk values. The strain in those films, calculated from the position of the

Bragg peaks, is depicted in Fig 9.28. The PCO film relaxes as its thickness increase. A

range of out-of-plane compressive strains in the PCO film have been obtained: between

-0.17% to -0.01% from the (0k0) reflection; and between -0.60% to -0.37% from the (002)

reflection. As was seen in sample set 2, a slight discrepancy exists between the lattice

strain calculated from the PCO(020) and PCO(040) reflections, and also the PCO(002)

reflection that appear to share a similar trend with PCO film thickness. It should be noted

that in literature, no changes in unit cell dimensions were found of LCO films of different

thicknesses [419]. This is not true for these PCO films.

To date, there has been no reported work on the strain relaxation of PCO113 films fab-

ricated by PLD on CGO(200)/YSZ(002). Instead, a comparison has been made with

out-of-plane strain measured in LSC20 (020) epitaxial films deposited on a ∼5 nm thick

CGO(200) buffer layer on YSZ(002), see Fig 9.28 [7, 8]. This is a near identical system to

what is investigated here. The LSC film prepared by La’O et al. is of a similar roughness,

Rrms between 3 nm and 6 nm, while that by Crumlin et al. of a much lower roughness,

Rrms of 0.5 nm. The LSC(020) films thicker than 45 nm experienced a similar strain to

that calculated from PCO(0k0). Below a thickness of 45 nm, the LSC films have a much

larger strain than the PCO films.

As was performed with the CGO films of varying thicknesses, the measured average lattice

strains from the PCO(002) and PCO(0k0) reflections of sample set 3 were fitted separately

against film thickness using Eqn. (9.4) in order to obtain ε0 and α values for the two
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Figure 9.28: Out-of-plane strain in the PCO films of sample set 3 as a function of average
PCO film thickness as measured using a Dektak 150 surface profilometer. The PCO lattice
strain in the two differently oriented films can both be seen to relax as PCO film thickness
increases. Reported out-of-plane lattice strain of LSC on a CGO buffer layer of similar
thickness (∼5 nm), by La’O et al. and Crumlin et al. [7, 8] have also been included in the
figure.

Sample ε0 α (nm−1)

PCO(002) -0.74 0.01

PCO(0k0) -0.22 0.02

LSC(020) -1.00 0.03

Table 9.8: ε0 and α obtained from fitting the measured out-of-plane strain in (002) and
(0k0) oriented PCO films, and (020) oriented LSC films reported in literature [7, 8] to
(9.4).

orientations. This should better indicate if the different orientations of the PCO film see

a different lattice relaxation with increasing film thickness. Furthermore, in determining

the relaxation length of the PCO film, it would allow the volume fraction of strained PCO

films to be calculated. This would be of use in Chapter 11, where the effects of lattice

strain on the transport properties of these films should be proportional to the actual PCO

region experiencing the strain. Out-of-plane strain values obtained by La’O and Crumlin

et al. in LSC films deposited on CGO/YSZ were also used to calculate ε0 and α values as

a comparison. These are presented in Table 9.8.

There is a large variation in ε0 calculated for the two different PCO orientations. This

may be attributed to the different CGO/PCO in-plane lattice relationships and thus the

different out-of-plane lattice strain induced, or different bonding energies between planes.

There is a possibility that the PCO(002) reflection was also incorrectly assigned, as in-

plane analysis is required to confirm its designation. However, α values, describing the

rate by which the film relaxes are similar, suggesting the same relaxation mechanism is at
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work in PCO and LSC, also regardless of orientation. This would mean that the differently

strained PCO orientations require different thicknesses before they are fully relaxed. Based

on these values, the film thickness required for the PCO(0k0) and PCO(002) oriented

grains to relax to 99.99% of its bulk value is 380 nm and 927 nm respectively. However

this analysis assumes that the strain relaxation of the different PCO orientations are

independent of each other, which may or may not be the case, and thus care should be

taken not to give it undue significance.

Therefore, a range of in-plane compressive strains have been obtained in the PCO films of

sample set 2 and 3. While this range overlaps between the two films, the mechanisms at

work giving rise to these ranges are very different. In sample set 3, the variation in lattice

strain can be attributed to strain relaxation of the PCO lattice. However, in sample set

2, increasing the CGO buffer layer thickness did not result in a reduction of lattice strain

but increased it. As a result, compressive out-of-plane strains induced in the PCO film

increased as CGO buffer layer thickness increased. Thus, though a similar strain may be

measured in the PCO films of both sample sets, the mechanism(s) giving rise to the overall

strain is not the same. Therefore, comparisons of transport properties between the films

should be made with caution, bearing in mind the different factors that affect their strain

state.

9.4 Conclusion and Further Work

Epitaxial CGO(200) and textured PCO thin films were successfully deposited by PLD

upon YSZ(002) substrates. Three sample sets were investigated. In sample set 1, CGO

films of increasing thicknesses were deposited on YSZ(002). In sample set 2, PCO films of

constant thicknesses were deposited upon CGO(200) buffer layers of varying thicknesses,

on YSZ(002). In sample set 3, PCO films of increasing thicknesses were deposited upon

CGO buffer layers of constant thicknesses, on YSZ(002).

Increasing CGO(200) buffer film thickness in sample set 1 and 2 increased surface rough-

ness but decreased the mosaicity of the film. However, within the CGO film thickness

range investigated, the CGO(200) films were of comparable roughness to the Si(004) and

YSZ(002) substrates earlier profiled. Thus the roughness of the CGO(200) film surface

should not affect the deposition of PCO on top of it. A compressive out-of-plane strain was

measured between -0.12% and -0.44%, and between -0.06% and -0.42% were measured for

the CGO(200) films of sample set 1 and 2 respectively. It is unclear why these strains are

compressive, as the lattice mismatch between CGO(200) and YSZ(002) would predict and

an out-of-plane tensile strain, which has been reported in literature. It is proposed that

there was a change in CGO composition during the PLD process resulting in a decrease in

the CGO cell parameters and that an out-of-plane strain is actually present that decreases

as the CGO buffer layer thickness increases and relaxes, though further work is required

to verify this. Nevertheless, it is clear that on varying the thickness of the CGO buffer
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layer, a range of out-of-plane strains has be obtained in the CGO buffer layer, and thus a

range of lattice mismatch between CGO and PCO.

The average film thickness of PCO films of sample set 2, deposited under nominally iden-

tical conditions was ∼75.4 nm. PCO film thicknesses of sample set 3 ranged between 34.6

nm and 167.0 nm. The films were imaged using AFM and SEM. While there were some

discrepancies, PCO grain size was found to increase with increasing PCO film thickness

and CGO/PCO lattice mismatch. Rrms roughness also increased with PCO film thickness,

Rrms values are comparable to similarly strain LSC films on CGO/YSZ [7]. From out-of-

plane XRD patterns, the PCO films were found to be polycrystalline. A comparison of

relative peak intensities suggested it was textured with two preferred orientations: (0k0)

and what was presumed to be (002) (though further in-plane characterization is required

to ascertain this). Traces of the (220) or (022) orientations were also found in two PCO

films from sample set 3. No other orientations were detected. Rocking curves of were

taken of the PCO(0k0) and PCO(002) reflections. A smaller FWHM was obtained for the

PCO(002) reflection, at an average of ∼1.20◦.

In sample set 2, PCO reflections saw a corresponding increase in 2θ position as CGO buffer

layer increased. As the (suspected to be) out-of-plane tensile strained CGO buffer layer

thickness increased and it relaxed, the lattice mismatch between CGO/PCO would have

increased. The PCO film experienced a larger in-plane tensile strain; hence an increase

in the out-of-plane compressive strain and subsequently the shift to larger 2θ values as

was seen. A range of strains in the PCO films of sample set 2 was attained. In sample

set 3, PCO reflections saw a decrease in 2θ position to bulk values as PCO film thickness

increased. This decrease in lattice strain has been attributed to strain relaxation of the

PCO lattice. An attempt was made to fit the measured strains to a strain relaxation

model. Similar values of α, describing the rate of strain relaxation, were obtained from

the measured strain of PCO(002) and PCO(0k0) orientations.

Thus, a range of strained textured PCO films have been fabricated by PLD. They exhibit

a similar surface morphology, consisting of columnar grains of a low roughness. Possible

CGO/PCO lattice relationships have been suggested though further in-plane structural

characterization is required to ascertain the structure of the films, and the out-of-plane

strains of these films have been calculated. The characterization of these films was neces-

sary in order to determine the effect of lattice strain on the transport properties of PCO,

if any.



Chapter 10

The Effect of Cation

Non-stoichiometry on the

Structure and Chemo-mechanical

Expansion of Pr1−xCoO3−δ

The objective of this work was to study the effects of chemical and mechanical strain on the

charge transport properties of PrCoO3−δ. Two different systems were investigated: lattice

mismatched (cation) stoichiometric PrCoO3−δ films that were mechanically strained; and

cation non-stoichiometric Pr1−xCoO3−δ bulk samples, which undergo chemical strain.

In the previous chapters, mechanically strained PrCoO3−δ films have been fabricated by

PLD on a CGO(200)/YSZ(002) substrates and characterized. Ranges of measured out-of-

plane average lattice strains were obtained by varying the lattice mismatch between the

PrCoO3−δ film and the CGO buffer layer, and by varying the PrCoO3−δ film thicknesses.

Thus the samples for the first system have been prepared and characterized.

In this chapter the second system was addressed: the effects of chemical strain, arising

from A-site deficiency, x, on the structure of Pr1−xCoO3−δ at room temperature and its

thermo-mechanical behavior were examined. A range of A-site deficient PCO powders

were synthesized and sintered into bars. These bars were morphologically, chemically and

structurally characterized. SE images were obtained of polished surfaces of the samples.

The chemical compositions of the samples were determined using EDX and XPS. Rietveld

refinements of room temperature XRD patterns of the samples were performed. Addi-

tionally HT-XRD coupled with TGA results, up to 700◦C, were analysed to observed

the stability of PCO and the effect of cation non-stoichiometry on it. Unless otherwise

stated, the use of Pr1−xCoO3−δ, PCO, ‘non-stoichiometry’ in this chapter refers explicitly

to cation non-stoichiometry or A-site deficiency, x, (and not oxygen non-stoichiometry, δ).

The terms non-stoichiometric PCO and A-site deficient PCO have been used interchange-

ably.
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10.1 Literature Review

Chemical strain arises from the dilation of a crystal lattice as a result of a change in

composition, such as a change in oxygen stoichiometry due to the creation of a defect

population in response to changes in temperature or oxygen partial pressure. This may

cause undue stress within the device, leading to mechanical failure. However, the expansion

of the lattice may also potentially facilitate (or obstruct) electronic or ionic transport across

the lattice, and thus affect the performance of the oxide, hence its relevance in enhancing

the ORR in IT-SOFC cathode materials.

In order to understand the effect of A-site deficiency on the chemical strain and thermo-

chemical expansion (and later the transport properties in the next chapter) of PCO, it is

necessary to first examine its defect chemistry. This identifies the defect species present,

which are responsible for the chemical expansion. Thus a defect system is first proposed

for the specific case of A-site deficient PCO. This is followed by a review of the chemical

expansion in the similar LCO system. Thermo-chemical expansion is also considered.

Lastly, current literature on A-site deficient perovskites is examined for the effects of

defect chemistry on crystal structure and properties. While there has been no reported

work on A-site deficient PCO, work has been done on the similar LSCF and LSM systems,

and also A-site doped PCO.

10.1.1 Chemical Expansion of Perovskites

In Chapter 3, a brief introduction on chemical expansion was provided, with emphasis on

the more easily-modeled fluorite structure. Difficulties in extending this modeling to the

perovskite structure lay in its deviation from the assumptions underlying the Shannon

assumptions for ionic radii. Nevertheless, two key mechanisms have been identified as the

source of chemical expansion on the formation of an oxygen vacancy in the lattice: the

increase in the (B-site) cation ionic radius expanding the lattice as it is reduced from its

4+ oxidation state to 3+, and the contraction in lattice as an oxygen anion is removed

and neighboring oxide ions move towards the vacancy (this effect offsets the expansion as

nearest cations, no longer screened by the oxygen anion, repel from each other). Thus the

first is a dimensional mechanism, while the second results from a change in the Colombic

interaction within the unit cell. While there have been many reports of chemical expansion

in various perovskite systems, notably lanthanum chromites [423, 172, 424, 425], focus here

will be directed at chemical expansion in LCO and Sr-doped variants, LSC.

One of the earlier works on chemical expansion of LSC was performed by Chen et al.

where the chemical expansivity of LSC was determined from dilatometry studies and found

comparable to that of other perovskite structures [426]. An expansion hysteresis, not due

to changes in oxygen stoichiometry, was also observed on cycling ρO2 levels, which has

also been found of LaMnO3 [427]. It is unclear if this hysteresis is due to cation ordering
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following changes in their oxidation state, or if the range of oxygen hypo-stoichiometry

exceeds the stability limit resulting in phase changes or segregation.

In 2008, following similar work on lanthanum chromate where the dominating mechanism

for chemical expansion was the change in B-site cation radius [424] (and later LaMmO3

[428]) Zuev et al. investigated chemical expansion of undoped LCO. A good fit between

the measured chemical expansion and that calculated from a chemical expansion modeled

proposed in earlier work on the LCO system [429, 430] was found. The chemical expansion

of LCO was largely attributed to the dominating effect of the change in the Co cation

radius- the dimensional mechanism. Additionally, as the chemical expansion model by

Zuev et al. assumed an effective ionic radii of Shannon [9], the good correlation between

predicted and experimental results suggest that the electronic defects are localized in

undoped LCO.

No such work has been performed on the PCO system. Nevertheless, as it shares a similar

defect chemistry, the same mechanisms for chemical expansion are expected. It is likely

that in PCO, the dominating contribution to chemical expansion is also the change in

cobalt ionic radii (as was also found through atomistic modeling of the fluorite system).

10.1.2 Thermo-Chemical Expansion of Perovskites

Perovskite (also fluorite) oxides typically exhibit a deficiency in oxygen stoichiometry,

which varies according to oxygen partial pressure and temperature. High oxygen partial

pressures result in an uptake of oxygen and oxidation of B-site cations resulting in a

contraction in the lattice, whereas at low oxygen partial pressures the creation of oxygen

vacancies as oxygen is expelled and the reduction of B-site cations see an expansion of the

lattice expansion [431, 22, 432](see Chapter 2. However, in addition to chemical expansion

or contraction, in the case where temperature is varied, there is the additional effect of

thermal expansion. Thermo-chemical expansion therefore is a superposition of the effects

of thermal expansion and chemical expansion. This has been observed on one occasion by

Kostogloudis et at [162] for the PCO system, but has been extensively found of the doped

LCO system [433, 434, 435, 426, 22, 436, 437, 438, 439, 440]. Thermo-chemical expansion

was found to be the primary cause for lattice expansion at temperatures above 600◦C.

In a key work by Bishop et al., thermo-chemical expansion has been modeled and validated

with experimental results [431]. Thermal and chemical expansion were assumed to be

independent of each other, and therm-mechanical expansion the sum of their contributions:

εT+C = εT + εC (10.1)

The chemical expansion contribution, εC , was derived from defect formation as a function

of temperature, T [431]:
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Figure 10.1: Dependence of the change in species concentration, ∆[i], of lattice (trivalent)
B-site cations, BB

X , oxidized (quadrivalent) B-site cations, BB
·, lattice neutral oxygen

anions, OO
X and oxygen vacancies, VO

··, determined using defect equilibria calculations
from [50]. Room temperature was taken as a reference for zero change in concentration.
At high temperatures, above ∼600◦C, chemical expansion is dominated by the formation
of BB

X from BB
·.

εC =
∆l

l0

∣∣∣
T

= αC∆δ (10.2)

Where l0 is the initial sample length, αC is the chemical expansion coefficient, and ∆δ is

the change in oxygen stoichiometry.

For the LSCF system investigated, the chemical expansion, as a function of tempera-

ture, was attributed to oxygen vacancy formation and the reduction of the B-site cation.

The defect chemistry of LSCF is well established: charge disproportionation of the B-site

cations at low temperatures but oxygen reduction and the formation of oxygen vacancies

above ∼600◦C [50, 431], see Fig 10.1. Subsequently, a relation between oxygen vacancy

formation and temperature could be proposed for the chemical expansion contribution.

The model for chemical expansion, in conjunction with the model for thermal expansion,

based on the Morse potential for the interaction of between atoms, was found to fit exper-

imental data well [441, 442, 431], see Fig 10.2. This fit only assumes defects related to the

creation of oxygen vacancies are the only defects responsible for chemical expansion. The

dominating effect of oxygen vacancy formation on thermo-chemical expansion is further

supported by the narrow range of αc values for a variety of perovksite oxides [431].

There are two works of interest on the thermo-chemical expansion of LSC; The first was

in 2006, by Mastin at al who investigated the effect of Sr-doping on the high temperature

crystal structure of LSC, and subsequently also its thermo-chemical expansion [443]. By

using Rietveld refinement of HT-XRD data, Mastin at al attempted to measure the evolu-

tion of oxygen position with temperature, which trends were validated by similar findings

in neutron diffraction studies of other perovskites [444, 445, 446]. The octahedral angle
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Figure 10.2: The predicted thermo-chemical expansion coefficient fitted to experimen-
tally determined data in air. The concentration of oxygen vacancies, δ is also shown for
comparison with the effective chemical expansion coefficient [51].

of rotation, φ, was calculated using tanφ = 2u
√

3 , where u can be calculated from the

oxygen position (x = 1
2 + u) [444]. From this the octahedral strain, η, was also calcu-

lated: η = ccosφ/a
√

6 . On every occasion, the substitution of Sr-dopants resulted in a

decrease in octahedral rotation and strain. As temperature increased, thermo-chemical

expansion was initially linear, when only thermal effects contributed to the expansion,

but became non-linear on the onset of chemical contributions [426, 432]. The effect of

thermo-chemical expansion was to decrease octahedral rotation and subsequently also oc-

tahedral strain. An increasing Sr-content served to accelerate the decrease in octahedral

strain with temperature.

In another similar work using HT-XRD structural characterization of LSC in pure O2 and

N2 atmospheres, anisotropic expansion was also reported [438, 439]. Chemical strain was

more pronounced in the c-axis than the a-axis of the rhombohedral R3̄c LSC structure.

Additionally, the second order ferroelastic to paraelastic phase transition of LCO was

investigated and also found to be strongly dependent on dopant concentrations and oxygen

partial pressure. The substitution of Sr into the lattice or a reducing atmosphere, and the

subsequent introduction of oxygen vacancies brings the LSC structure closer to a cubic

structure and moves the Goldschmidt tolerance factor, t, towards unity. This lowers the

transition temperature. The anisotropic chemical expansion and the depression of the

transition temperature with oxygen partial pressure and Sr concentration both suggests a

strong dependence of the octahedral tilt angle of oxygen vacancy concentrations.

Defect populations within a material have a strong effect of its structure. This was also

seen in LSM [447]. LSM is oxygen hyperstoichiometric. This is effectively accommodated

within its structure as cation vacancies. For LSM, it is the cation vacancies that affect

octahedral tilt, and an opposite chemical expansion anisotropy was observed. In LSC,

the oxygen vacancy concentration resulted in preferential expansion of the c-axis, while in
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Figure 10.3: Linear thermal expansion coefficient at 700◦C
for (a)La0.6−zSr0.4Co0.2Fe0.8O3−δ, (b)La0.6Sr0.4−zCo0.2Fe0.8O3−δ and
(c)(La0.6Sr0.4)1−zCo0.2Fe0.8O3−δ as a function of A-site deficiency, z [52].

LSM, the cation vacancy concentration resulted in preferential expansion of the a-axis.

10.1.3 Current Literature on Cation Non-stoichiometric Perovskites

No published work on A-site deficient PCO or LCO could be found. However, the effect of

A-site deficiency on the crystal structure and thermal behavior in doped Fe-doped LaCoO3

(LSCF) and the LaMnO3 system have been studied and summarized below. Its’ defect

chemistry having relevance to this work, the study of A-site doping on the structure (and

conductivity) of PCO is also reviewed.

A-site deficient LSCF materials, La1−xSrxCo1−yFeyO3−δ, have been synthesized by Waller

et al. to study the effect of the dopant on the LSCF structure and electrode performance

[72]. La0.6Sr0.4−xCo0.2F0.8O3−δ was found to be able to accommodate high levels of cation

deficiency on the A-site, as much as x=0.30. Upward of a Sr deficiency of x = 0.25 a

shift in the symmetry of the perovskite from rhombohedral to cubic was observed, and an

increase in the lattice parameters and theoretical unit cell volume [72].

This was followed up in the work of Kostogloudis et al. where different types of A-site

deficiency of the same system were investigated: a deficiency of La, Sr, and a La-Sr mix

[52]. The same increase in cell parameter and decrease in symmetry was found with

increasing A-site deficiency. This effect was increasingly marked in the A-site deficient

LSCF in the order of Sr-deficiency, La-Sr mixed deficiency, and La-deficiency. Increasing

A-site deficiency, in all three systems investigated, also lowered the TEC, Fig 10.3. From

those results, it appeared that the charge compensation mechanism for the loss of an A-

site cation is the formation of oxygen vacancies, and not the oxidation of the B3+ cations

to B4+.
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Mineshige et al. also introduced Sr-deficiencies into LSCF, to increase oxygen vacancies

with the intention of improving oxide ion conductivity [83]. By evaluating the mean

valence of B-site cations using iodometry, and the weight loss during decomposition, it

was confirmed that the Sr-deficiency was compensated through the creation of oxygen

vacancies. Additionally, through consideration of the standard deviation for rhombohedral

lattice parameters against A-site deficiency, it appears that the A-site deficiency causes a

tilting of the BO6 octahedron. However, in the most recent work by Hansen et al. of the

LSCF system, a single phase perovskite could only be obtained in the near stoichiometic

sample where x = 0.01 [448]. By varying A-site deficiency it could be seen that at large

A-site deficiencies, a two-phase system of (two) cubic perovskites was found to form.

A review of A-site deficiency of LSCF was the closest alternative for PCO as they both

have rare earth lanthanides sharing the same B-site cation. However, LSCF is A and B-site

doped. The A-site deficiencies quoted here have either been Sr- La- or a mixture of Sr-

and La-deficiencies, and the type of A-site deficiencies can be seen to be of consequence to

its properties. Also, unlike La, Pr can exist in two oxidation states. Nevertheless, based

on literature and assuming a trivalent Pr, possible consequences to Pr-deficiency are: the

formation of oxygen vacancies, an expansion of cell parameters, a lowering of TEC, and a

tilting of the BO6 octahedron.

For LSCF, the B-site dopants appeared not to play a role in the affect of A-site deficiencies.

The LSM system is now considered, which does not have B-site dopants (as in the case

for PCO). This was the only system for which A-site deficiency in an undoped sample

was predominantly investigated. However it should be noted that a different B-site cation

is involved, and thus its defect chemistry and subsequent transport properties may be of

limited relevance to colbaltate perovskites.

Initial work on A-site deficient LMO and its Sr-doped variants was first performed by

Otoshi et al. [449]. Single phase (LS)1−xM could only be synthesized for A-site deficiency

where x is between 0.11 and 0.03. At greater A-site deficiencies, Mn2O3 secondary phases

were observed, and at lower A-site deficiencies, La2O3 secondary phases were observed

despite still being A-site deficient. Thermogravimetric analysis showed oxygen desorption

of the LSM samples from 750◦C and above and a corresponding change in cell parameters.

In this high-temperature phase, a linear relation of an approximate gradient of 0.5 was

found between increasing Sr content and decreasing oxygen desorption. This was proposed

to be due to the change in valence state of the Mn3+ to Mn4+, which depends on the

holes generated by Sr-doping, hence the 2:1 relationship between the number of doped Sr

atoms and the number of desorbed oxygen atoms. Whereas, at temperatures below this

transition no oxygen desorption was detected regardless of Sr content as the number of

Mn4+ atoms remains constant. Of La1−xMnO3 samples, it was also seen that increasing

A-site deficiency lowered the temperature for oxygen desorption, but had no effect on the

quantity of oxygen released.

Subsequently, Berenov et al. investigated A-site deficient LMO for the effect of its high

oxygen vacancy concentration on oxide ion conductivity [450]. This is further reviewed
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in Chapter 11. Nevertheless, of interest is the extent of A-site deficiency that may be

accommodated in LMO, found: even at a La-deficiency of x = 0.1, secondary Mn2O3

impurity oxides were detected. As has been reported previously of LMO [451], Berenov et

al. saw that A-site deficiency, and the increased concentration of La vacancies, improved

the sinterability of the ceramic. It shifted the sintering curve to lower temperatures and

also increased the rate of sintering with temperature. Unlike with LSCF, most research on

A-site deficient LMO has concentrated on its defect chemistry and subsequent transport

properties, rather than the structural effects of its defect species. As mentioned earlier,

the use of Mn as the B-site cation means it is of limited relevance to the colbatate system.

However, this review does emphasize the range of potential defect chemistry that may be

present given that, like Mn ions, Co ions may also exist in three different oxidation states.

It is of crucial importance to establish the PCO defect chemistry.

Work on compositional effects on PCO typically examine the effect of Sr dopants, instead

of A-site deficiency, on the crystal structure and properties. The first of these studies was

performed by Kostogloudis et al. and investigated the structure, and thermal and electrical

properties of undoped and Sr-doped PCO [162], PSC, where x varied between 0 and 0.5.

PSC powders (and its doped variants) were synthesized using pyrolysis, calcined at 1100◦C,

milled and sintered at 1300◦C. The resulting bars were used for thermal expansion and

electrical conductivity measurements between room temperature and 800◦C. Separate

powders, with average crystallite sizes between 272 to 314 Å, were synthesized for XRD

characterization. These underwent slow cooling in order to attain equilibrium oxygen

content.

Dilatometry of PCO indicated a mostly linear thermal expansion, however at higher tem-

peratures the gradient of this slope decreased. As Sr content increased to x = 0.15, the

thermal expansion was linear, even at high temperatures. A change in the TEC was not

observed. However as Sr content further increased, there was an increase in the TEC at

high temperatures. The onset temperature for this change decreased with increasing Sr

content. This was attributed to the defect chemistry of the system. The effect of doping

with Sr and substituting Sr2+ for Pr3+, was initially offset by a change in the oxidation

state of Co3+ to Co4+. However, as Sr content increases past a critical concentration, oxy-

gen vacancies are formed instead, the concentration of which increases with Sr content.

The increase in temperature served to increase the formation of tetravalent cobalt in PCO,

but at higher Sr doping, instead increases the creation of oxygen vacancies instead of the

tetravalent cobalt. As Co4+ has a smaller ionic radius, its creation at high temperatures

resulted in a decrease in the thermal expansion. Conversely, increasing the oxygen vacancy

expands the lattice, resulting in an increase in the thermal expansion.

Following that, Kim et al. also studied PSC, though with an even larger range of Sr-

dopants, where x varied between 0 and 0.7 [452]. The focus of this was the high tempera-

ture structure and performance of PSC as a cathode material. The PSC lattice parameter

was obtained between room temperature and 800◦C. A cubic lattice was used for the char-

acterization of PCO, whereas a monoclinic lattice was used for PSC. Increasing Sr-content
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expanded the lattice. The thermal expansion of PSC was also measured. Undoped PCO

had a linear thermal expansion up until ∼350◦C, when there was a change in the gradient

to lower TEC values. However, the thermal expansion curves of the Sr-doped PCO were

significantly different. Linear thermal expansion occurred until ∼350◦C, but increased

at an increasing rate at high temperatures until ∼850◦C, after which there was a sharp

discontinuity thought to be related to a phase transformation at this temperature range

[453]. Increasing Sr-content only affected the thermal expansion after ∼350◦C, where it

increased the rate of increase in thermal expansion.

The same defect chemistry as proposed by Kostogloudis et al., based on LCO and the

substitution of Sr into the LCO lattice [454], was used for the interpretation of these

results by Kim et al. Based on this, the increase in TEC with Sr-dopants was the result

of three effects. Firstly, the substitution of Sr2+ is accompanied by the creation of oxygen

vacancies, the presence of which causes an increase in the TEC as was observed. Secondly,

as temperature increases, there is a change in the Co4+ charge state (effective ionic radius

of 0.53 Å) to Co3+ (effective ionic radius of 0.545 Å) [9]. The increase in ionic radius

between these oxidation states serve to increase the TEC more. Thirdly, the increase in

ionic radius of Co3+ also reduces the Co-O bond strength of within the BO6 octahedron

[162] further increasing the TEC.

Even though the defect chemistry involves the substitution of Sr onto a Pr site, this may

potentially be extended to an A-site deficient PCO system (having first been adopted from

the LSC system and validated for the PSC system). This is contrary to what was seen of

B-site cations (in LSM), a variation of which was found to greatly affect defect chemistry.

Additionally, it has been of use to note the effects of defect species on the crystal structure,

as well as its high temperature properties. These effects are also in accordance to what was

found of the LSCF system. Therefore, the effects of A-site deficiency of similar lanthanide

perovskite systems of different extents of A- and B-site doping, LSCF and LSM, have been

examined. The crystal structure and high temperature properties of the crystal structure

are intrinsically linked to the defect species present. Regardless of the particular perovskite

systems reviewed, the effect of defect species on crystal structure is not specific, and can

be applied across various systems. Notably, despite the dual valency of Pr, no changes in

its oxidation state have been observed. Furthermore, the creation of oxygen vacancies is

the expected charge compensating defect species. Based on this review, a defect system

for A-site deficient PCO may now be proposed.

10.1.4 Defect Chemistry of Pr1−xCoO3−δ

If both Pr and Co are originally trivalent, there are a number of possible situations that

may arise upon the removal of Pr from the PCO lattice. Firstly, either a Pr vacancy or

a Co interstitial is created. In perovskites, due to its close packed nature and thus the

small free space between the ionic radii of atoms within the unit cell, the formation of an

A-site vacancy is more favourable than a metal interstitial. Based on the LSC system, in
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Cation Coordination Number Ionic Radius (Å)

Pr3+ 12 1.30

Co3+ 6 0.545

Co4+ 6 0.53

Table 10.1: The ionic radii for Pr and Co at different oxidations states and coordination
number, as appropriate for the persovskite structure. It was not possible to obtain the
ionic radii for Pr4+. Nevertheless, it is expected to be smaller than Pr3+, due to its more
positive charge and thus less electrons. This can be seen in the 8-fold coordinated Pr3+

and Pr4+, which have an ionic radii of 1.126 Åand 0.96 Årespectively [9].

order to charge compensate for the creation of a negatively charged defect species (the Pr

vacancy), the oxidation state of the Co3+ is thought to increase to its tetravalent state. It

should be noted that Pr may exist in either the 3+ or 4+ oxidation state. Thus, charge

compensation could also be achieved by an increase in the oxidation state of Pr3+ to Pr4+.

However there has been no evidence to suggest that this occurs and neither has it been

proposed in literature. Also, an increase in the Pr oxidation state would see a subsequent

decrease in ionic radii [9] and lattice parameters. The ionic radii of Pr and Co cations are

provided in Table 10.1. The removal of Pr and change in Co oxidation state is described

in the defect equation below, using Kröger-Vink notation.

PrCoO3 → xPrPr
X

(1−x)VPr
′′′
(x)CoCo

X
(1−3x)CoCo

˙
(3x)OO

X
(3)

At high temperatures or low oxygen partial pressures, the oxidation state of Co4+ re-

verts back to Co3+. This is charge compensated by the formation of oxygen vacancies.

A larger A-site deficiency, and hence the larger the concentration of Co4+, results in a

potentially larger oxygen non-stoichiometry. The defect equation with the formation of

oxygen vacancies now becomes:

If at high temperatures or low ρO2:

2Co4+ → Co3+ + VO
¨

Then:

PrCoO3 → PrPr
X

(1−x)VPr
′′′
(x)CoCo

X
(1−3x+2δ)CoCo

˙
(3x−2δ)OO

X
(3−δ)δV

¨
O + δ

2O2

In addition to the creation of Co4+ by the introduction of A-site vacancies, Co4+ is also

produced by the disproportionation of Co3+, as described in the reaction below. This

was first observed in LaCoO3, where the colbalt ions were mostly found to exist in a

low-spin Co3+ state at low temperatures [455, 456]. However at high temperatures, these

ions had transformed into a high-spin Co3+ state. Disproportionation was the proposed

mechanism for this. It involves the transfer of an eg electron between a high-spin Co3+ ion
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to its low spin counterpart, (t2g
4eg

2 and t2g
6eg

0 respectively), forming a low-spin Co2+

and high-spin Co4+ pair. It is a thermally activated process; as temperature increases

(up to a certain temperature), so does the formation of disproportionate pairs. This

transition in the electron state was found to be true of other rare earth cobaltites and is

expected in the PCO system [455, 456]. The occurrence of disproportionation increases

Co4+ concentration and subsequently also the formation of oxygen vacancies:

At T > 200K, charge disproportionation:

2Co3+ → Co2+ + Co4+

For this work, it was assumed that the defect concentration was sufficiently low, even at

x = 0.9, that defect interaction and the potential formation of defect complexes and the

ordering of these defects creating microdomains does not occur. On the other hand, in

earlier work on PSC, it has been suggested that in undoped or lightly Sr-doped PCO,

as temperature increases, the change in oxidation state of Co3+ to Co4+ dominates and

does not result in the formation of oxygen vacancies. A critical Sr content is required for

the formation of oxygen vacancies at high temperatures [162]. However, although each

substitution of Sr on a Pr site results in the change in oxidation state of one Co3+ ion,

the removal of Pr from a Pr site results in the change in oxidation state of three Co3+

ions. Although the range of A-site deficiency in this study may be small, it does create

the equivalent defect population as acceptor(2+) concentrations of x = 0.3. Thus, oxygen

vacancy formation is expected. Lastly, as mentioned at the start, it should be noted that

the defect chemistry proposed is originally from the LSC system. Charge compensation

may also occur through hole formation, however this cannot be assessed without variable

oxygen partial pressure measurements, which are beyond the scope of this work but is

necessary further work to verify the defect chemistry present.

10.2 Experimental Method

Non-stoichiometric Pr1−xCO3−δ powders were prepared using the Pechini sol-gel process

where x = 0, 0.025, 0.050, 0.075, 0.100 following the method outlined in Chapter 6. For

each batch, powder and bar samples were produced. The powder samples were used for

room temperature and HT-XRD and TGA measurements, and the bar samples for all else.

The same method was used to make the bar samples, as for the PLD targets in Chapter

6, except that a bar-die was used to uniaxially press the green bodies prior to the isotatic

press. The sintered bars also underwent an additional heat treatment at 1200◦C for 12 h

to ensure a high density was achieved. For each sample, density values above 95% were

measured using the Archimedes method. The powder samples had exactly the same heat

treatment as the bar samples, except they were not pressed but reground after each heat

treatment. For the non-stoichiometric bar samples of a lower porosity, the additional heat

treatment at 1200◦C was omitted.
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SE images were acquired of the dense and less dense bar samples using a Jeol JSM 6400

scanning electron microscope (SEM). It was fitted with an Oxford Instruments INCA

energy dispersive analytical system with which EDX analysis and quantification of the

detected elements were performed. Prior to its use, samples were ground and, for the dense

samples, polished using the same procedure as for the CGO polycrystalline substrates of

Chapter 6. Care had to be taken in the polishing of the more porous PCO samples, as

these were extremely soft. The polishing served to improve the confidence in the EDX

measurements.

EDX maps were obtained using an accelerating voltage of 20 kV and a 10A condenser

lens. Reference measurements against a Co standard were also taken in order to optimize

quantification of the elements using the INCA software. This was to account for any

changes in temperature that may result in a shift of the EDX peaks, and thus enable

accurate matching of profiles. A high process time of ‘5’ (as specified in [274]) was used in

all measurements to minimize noise in the spectra with a corresponding deadtime between

27% and 38%. Details of how the quantitative analysis by the INCA software may be found

in the INCA Energy Operator Manual [274]. For the quantitative analysis used here, a

fixed list of elements (Pr, Co and O peaks) was employed. All other trace peaks identified

were omited. Additionally, the concentration of the oxygen, of which there is typically low

sensitivity in EDX measurements, was calculated based on the stoichiometry of Pr and

Co. This is the ’element by stoichiometry’ processing option, often used for oxides. This

assumes oxygen stoichiometry in PCO for the oxygen concentration quantification. PCO

can be oxygen deficient. However, the objective of this is to obtain the Pr:Co cation ratio-

there is less concern in the amount of oxygen detected.

XPS data were obtained at room temperature using a High-Throughput Thermo Scientific

Kα+ XPS spectrometer equipped with a MXR3 Al Kα monochromated X-ray source (hν

= 1486.6 eV). X-ray gun power was set to 72 W (6 mA and 12 kV). With these X-ray

settings, the intensity of the Ag 3d5/2 photoemission peak for an atomically clean Ag

sample, recorded at 20 eV pass energy (PE), was 5×106 counts s−1 and the full width at

half maximum (FWHM) was 0.58 eV. Binding energy calibration was made using Au 4f7/2
(84.01 eV), Ag 3d5/2 (368.20 eV) and Cu 2p3/2 (932.55 eV). Charge compensation was

achieved using the FG03 flood gun using a combination of low energy electrons and the ion

flood source. Survey scans were acquired using 200 eV pass energy, 1 eV step size and 100

milliseconds (50 ms x 2 scans) dwell times. The spectra were acquired using 20 eV pass

energy, 0.1 eV step size and 1 second (50 ms × 20 scans = 1000 ms) dwell times. Pellets

of the PCO113 samples were held onto the sample holder using metal pins and analyzed

at an electron take-off angle normal to the surface with respect to the analyzer. Pressure

during the measurement of XP spectra was ≤1×10−8 mbar. All XPS measurements were

performed by Dr. I. Villar-Garcia of Imperial College.

Thermo Avantage software was used to analyze the data. Shirley or two point linear back-

ground subtractions were employed depending on background shape. All background fits

are included in the figures. Thermo scientific sensitivity factors were used for quantifica-
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tion analysis. The XP spectra were charge corrected by referencing the fitted contribution

of C-C graphitic like carbon in the C 1s signal to 285 eV.

Two different X-ray diffractometers were used: the Bruker D2 for all room temperature

XRD measurements, and the Panalytical X’pert Multi-Purpose Diffractometer, MPD,

equipped with a Buehler high temperature stage, for the high-temperature measurements.

With the HT-XRD, XRD patterns were obtained between 35◦C and 800◦C. This en-

compasses the operating temperatures of an IT-SOFC and the temperatures experienced

during the deposition process. The sample stage, a Pt foil, was placed on top of a heating

element and heated at a rate of 10 ◦C/min. Upon reaching each set temperature, the tem-

perature of the stage was held for 5 min in order for the sample to stabilize to a constant

temperature. The temperature of the sample stage was calibrated by first performing a

blank run and determining the lattice expansion of the Pt, as measured using XRD, to its

actual temperature. A thin film of finely ground PCO powder was distributed over the Pt

foil using acetone to minimize differences in temperature between the sample and sample

holder. The HT-XRD patterns were not normalized or processed in any way.

Le Bail refinement was performed on these high temperature data to obtain lattice pa-

rameters of the PCO using the orthorhombic Pnma space group. Trace peaks from the

Pt holder were detected, more noticeably in some samples than others. These were found

to notably alter the Le Bail fit and the calculated lattice parameters. Therefore, a 2 phase

refinement was performed, with Fm3̄m Pt being the second phase. At high temperatures,

LSC is seen to revert to its lower symmetry rhombohedral R3̄c spacegroup. A similar

transition to the ideal cubic Pm3̄m space group of PCO was expected. However, it was

not possible to fit the high temperature XRD patterns of PCO to this space group; the

low temperature Pnma spacegroup was used for all Le Bail fits.

Room temperature XRD runs on the Bruker were made between 20 to 80◦ 2θ, with a step

size of 0.018◦ 2θ, and a time per step of 2 s. For the Rietveld refinements of these patterns,

Pr and Co occupancies were initially set based on nominal Pr:Co ratios and then repeated

using the Pr:Co ratios measured during XPS with little difference to the final refined

outcome. Atomic positions and B-iso values of Pr and Co from the ICSD database were

used as a starting point and also refined. No refinements of O parameters were made due

to the insensitivity of X-rays to O. Similarly, O occupancies were not varied to maintain

charge neutrality in the nonstoichiometric samples but fixed at 2 and 4, for O1 and O2

respectively, as if a stoichiometric sample.

Thermal analysis measurements were performed from room temperature to 700◦C. A

constant heating rate of 10 ◦C/min, and a purge gas (air) at a flow rate of 50 ml/min, and

a protective gas (air) at a flow rate of 15 ml/min was used in all experiments. Powder

samples were ground and loaded into a Pt crucible, Pt being unreactive with the samples.

Only results after 100◦C have been presented to ensure that a constant heating rate

had been achieved and also to remove the fluctuation of microscale at the start of the

experiment. TGA results have been normalized to the mass of the sample at 100◦C. A

calibration run was performed using the same Pt crucible under identical conditions of
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heating rate and purge and protective air flow. TGA and DSC results have been corrected

according to that calibration run and may be found in Appendix A.3.

10.3 Results and Discussion

10.3.1 Room Temperature Characterization of Pr1−xCoO3−δ

SEM images and EDX maps were taken of non-stoichiometric PCO bars fabricated using

two heat treatments (one was additionally held at 1200◦C for 12 h). All samples produced

with the same heat treatment, regardless of stoichiometry, had a similar porosity. On no

occasion were segregates of a secondary phase detected. However, the difference in the

porosity of the samples from the different heat treatment is significant, see Table 10.2.

For the transport measurements of non-stoichiometric PCO in Chapter 11, the additional

heat treatment was used to ensure dense samples.

Samples without the final sintering step at 1200◦C were only partially sintered. Individ-

ual powder particles can be discerned and the sample is comprised of loosely connected

particles. Archimedes density measurements of these samples gave density values between

94.4% and 97.5%, see Table 10.3. On the other hand, Archimedes density measurements

of samples having an additional heat treatment at 1200◦C in air of 6 h had lower density

values, between 95.4% and 97.0%. Yet SE images of these heat treated samples 1200◦C

suggest they were fully sintered. No individual grains can be seen and the polishing was ef-

fective in removing surface features. However, pores of up to ∼2 µm can be also observed.

These pores were likely to be closed pores, hence the reduction in the measured sample

density. For the samples without the additional heat treatment, it was likely that the

pores were mostly interconnected and water was able to displace most of the air trapped

in the pores during the density measurement, hence the higher density measured.

EDX element maps indicated the a homogeneous distribution of the constituent elements,

suggesting a single phase sample with no secondary deposits. Quantification of the ratio

of the Pr and Co present can be found in Fig 10.4 of the dense samples. While there is

error in the absolute values of the sample stoichiometries, a clear trend in the Pr:Co ratios

can be seen, corresponding to their nominal stoichiometries. Regardless of their precise

stoichiometry, there is certainty that a range of cation stoichiometries have been prepared.

Further chemical analysis was performed using XPS to identify the oxidation state of the

Pr and Co cations, which would provide an indication of the oxygen nonstoichiometry.

The emission spectra of the Co 2p and Pr 3d peaks, the most prominent of the Co and

Pr peaks, are depicted in Table 10.4. There were no overlaps in the binding energy of

constituent elements, which would otherwise have complicated the analysis.

A clear dual peak is seen for Co 2p and Pr 3d orbitals, arising from spin-orbital coupling,

labeled in Table 10.4. The area ratio of the peak doublets are in agreement with what
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Pre-heat treatment Post-heat treatment

Pr1−xCoO3−δ
x = 0.000

Pr1−xCoO3−δ
x = 0.025

Pr1−xCoO3−δ
x = 0.050

Pr1−xCoO3−δ
x = 0.075

Pr1−xCoO3−δ
x = 0.100

Table 10.2: SE images of the bar sample surface of PCO with a range of non-stoichiometry,
pre- and post-heat treatment at 1200◦C in air for 6 h. A greater extent of sintering may
be seen in the non-stoichiometric bar samples post-heat treatment.
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Nominal composition, Density pre-heat Density post-heat
Pr1−xCoO3−δ (x) treatment (%) treatment (%)

0.000 96.8 95.5

0.025 97.5 95.4

0.050 94.4 95.5

0.075 97.4 96.5

0.100 95.7 97.0

Table 10.3: Measured densities of the non-stoichiometric PCO samples, Pr1−xCoO3−δ,
using the Archimedes method. On their own, these density measurements suggests a
higher density was obtained in the non-stoichiometric PCO samples pre-heat treatment
at 1200◦C in air for 12 h. However, coupled with with the SE images of Table 10.2, the
density of the non-stoichiometric PCO samples post-heat treatment was confirmed to be
higher.

Figure 10.4: Pr:Co ratio as calculated from various EDX maps (at two magnifications:
200× and 500×) of the non-stoichiometric PCO samples pre- and post-heat treatment at
1200◦C in air for 12 h.

would be expected: an area ratio of 1:2 and 2:3 between p3/2 and p1/2, and d5/2 and

d3/2 respectively. The Pr 3d5/2 and Pr 3d3/2 binding energies were at 932.6±0.1 eV and

953.4±0.1 eV respectively. The Co 2p3/2 and Co 2p1/2 binding energies were at 780.0±0.1

eV and 794.5±0.5 eV respectively. These are in keeping with published values for the

Pr3+ and Co3+ oxidation states, see Table 10.5 for the reported binding energy of various

spectral lines. Unlike with Pr, the chemical shifts resulting from changes in oxidation

state are very small between Co2+ and Co3+, indicating there have a very similar effective

charge [457].

As well as the binding energies, a visual comparison of the shapes of the Co 2p and Pr

3d peaks show them to be characteristic of Co and Pr elements of the oxide form, and

also suggest that both Co and Pr exists predominantly in the 3+ oxidation state for all

samples. It should be noted that CoO undergoes oxidization into Co3O4 at the sample

surface, creating difficulties in obtaining the XPS spectra of pure CoO. Subsequently, CoO
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Pr 3d Co 2p

Pr1−xCoO3−δ
x = 0.000

Pr1−xCoO3−δ
x = 0.025

Pr1−xCoO3−δ
x = 0.050

Pr1−xCoO3−δ
x = 0.075

Pr1−xCoO3−δ
x = 0.100

Table 10.4: XPS spectra of the non-stoichiometric PCO bar samples, Pr1−xCoO3−δ, at
the Pr 3d and Co 2p edges. Background and the Pr 3d5/2, Pr 3d3/2, Co 2p3/2 and Co
2p1/2 binding energies were obtained Dr. I. Villar-Garcia of Imperial College using the
Thermo Advantage software.
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Spectral Binding
Element line Formula energy (eV) Reference

Pr 3d5/2 PrO2 935.3 [458]

Pr 3d5/2 Pr2O3 933.2 [458]

Pr 3d5/2 Pr2O3 933.6 [459]

Co 2p3/2 Co metal 778.0 [460]

Co 2p3/2 CoO 780.0 [460]

Co 2p3/2 Co3O4 779.9 [460]

Co 2p3/2 CoO 780.5 [461]

Co 2p3/2 Co3O4 779.6 [461]

Co 2p3/2 CoO 778.1 [462]

Co 2p3/2 Co3O4 779.6 [462]

Co 2p3/2 CoO 780.0 [463]

Table 10.5: Reported binding energies of Pr 3d5/2 and Co 2p3/2 spectral lines in literature.

spectra have been reported for what is actually Co3O4 [464, 465]. The XPS spectra of the

2+ oxidation state of Co oxide may be differentiated from it’s higher oxidation state by

the shape of the Co 2p3/2 peak and the satellite peak at ∼803 eV.

The XPS measurements were taken under nominally identical conditions using the same

equipment. Nevertheless, variations in the spectra may arise from the presence of con-

taminants on the sample. However, despite the cation non-stoichiometry, the shapes of

the spectra are fairly consistent between samples. Given the low levels of A-site defi-

ciency, and the effect of contaminants, it has not been possible to detect trends in the

XPS spectra due to increasing A-site deficiency. Based on the proposed defect chemistry,

the A-site deficiency should see a change in the Co3+ oxidation state to Co4+. However,

as the chemical shift to Co4+ is also very small, it is not possible to say if Co4+ is or is

not present from the XPS spectra obtained, nor can any trends be clearly detected.

It was not possible to examine the oxygen nonstoichiometry by correlating the atomic%

of oxygen detected to the atomic% of metal cations, with their respective oxidation states

factored in, due to the presence of organic contaminants (traces of what may have been

Na 1s, Ca 2p, N 1s peaks, and distinct C 1s peaks were detected) on the sample surface

that were likely to be in an oxidised state. These contaminants were likely to have been

introduced in the handling of the PCO samples. The effect of the Pr deficiency on oxygen

non-stoichiometry shall be considered using TGA.

An objective of the XPS measurement was to verify the trend in Pr deficiency of the PCO

samples. Due to the difficulties in differentiating between extrinsic background scattering

events and the intrinsic signal, quantification of the sample composition should not be

used as absolute values. However, comparisons of the relative peak areas of Pr to Co of

the different samples should be indicative of the cation non-stoichiometries. The ratios of

the areas of the most prominent Co and Pr peaks with the background subtracted (see

Table 10.4), belonging to Co 2p and Pr 3d orbitals respectively, were calculated and can
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Figure 10.5: Pr:Co ratio as calculated from XPS measurements of the non-stoichiometric
PCO samples, Pr1−xCoO3−δ, showing a correlation with the nominal composition of the
non-stoichiometric PCO samples, unlike the EDX compositional measurements in Fig 10.4.

be seen in Fig 10.5.

There does not appear to be a correlation between the nominal Pr:Co ratio and that mea-

sured using XPS, though not as clearly as seen of the EDX measurements. However, it has

been noted that though experimental conditions for XPS have been kept identical, there

was significant surface compositional variation especially in the extent of large amount

of C contamination, see Fig 10.6. While physical conditions were consistent, chemical

conditions were not. The presence of different contaminants would affect the scattering of

the emitted electrons and the probability of their escaping the sample surface. Thus the

different concentration of C would affect background levels. The variations in C concen-

tration further stress that comparison of peak areas should not be made between samples.

The variation in C concentration also appears to mirror the Pr:Co relative peak areas,

suggesting it has also affected the measured peak areas and thus even comparisons of the

relative peak areas between samples should only be made with caution. There is less

confidence in these XPS results, but together with the EDX results, there is confidence

that a range of PCO sample stoichiometries have been obtained, of the same trend as the

nominal composition.

XRD patterns were obtained of the PCO samples at room temperature. The normalized

patterns are presented in Fig 10.7. Despite the changes in stoichiometry, all samples

are single phase PCO, within the detection limit of the Bruker. Besides a shift in 2θ

position, reflecting the expansion of the PCO lattice with cation non-stoichiometry, the

XRD patterns are near identical. Unlike what was seen in A-site LSCF, no increase in

symmetry was observed with increasing A-site deficiency [72, 448, 52]; the peaks at ∼40◦

2θ, ∼58◦ 2θ and ∼68◦ 2θ remain split and unaffected by PCO stoichiometry. However, it

should be noted that there is a slight difference in peak shape and background intensities

for samples where x = 0.000 and x = 0.100, compared to the other samples. This is more

apparent at 2θ values above 50◦ 2θ. This difference was attributed to use of two different
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Figure 10.6: Atomic% C, as measured using XPS, as a function of the PCO nominal
composition, Pr1−xCoO3−δ.

Bruker 2D Phaser diffractometers; XRD patterns of samples where x = 0.000 and x =

0.100 were collected from one diffractometer, and the rest from the other.

Figure 10.7: XRD powder diffraction pattern of non-stoichiometric PCO samples,
Pr1−xCoO3−δ, obtained using two D2 Phaser diffractometers. Inset shows the slight dif-
ference in peak shape between the non-stoichiometric PCO samples resulting from the use
of the two diffractometers.

Rietveld refinements were performed on XRD patterns of the non-stoichiometric PCO

powders at room temperature. The pattern fits and refinement output may be found in
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Appendix A.4. All reflections were fitted according to the Pnma space group. There

were no unmatched peaks or indications of any impurities within the XRD detection

limits. All samples, regardless of composition, are single phase PCO. Cell parameters

of the nonstoichiometric PCO, from the Rietveld refinement, are presented in Fig 10.8.

As the Pr deficiency increased, the PCO unit cell underwent expansion along all three

axes. This was observed by Kostogloudis et al. in doped PSC [162]. In PSC, the lattice

expansion was associated with the larger ionic radii of Sr2+, and the reducion of Co4+ to

Co3+ (offsetting the lattice contraction with the formation of oxygen vacancies). Whereas,

in A-site deficient LSCF (spacegroup Pbnm), while b lattice parameters increased with

A-site deficiency, there was no clear trend in the expansion or contraction of the a- and

c-lattice parameters. Overall cell volume increased with A-site deficiency in LSCF [52].

No explanation was provided for the lattice expansion of LSCF

Following the defect chemistry outlined earlier, the removal of Pr from a lattice site would

result in a change in the oxidation state of Co3+ to the smaller (ionic radii) Co4+, which

would increase the Co-O bond strength according to Pauling’s second rule [466]. Similarly,

though this is not anticipated, the A-site vacancy may be compensated by an increase in

the oxidation state of Pr3+, which would also result in a decrease in ionic radii and a

subsequent contraction of the unit cell. As this measurement was performed at room

temperature, it is unlikely to have a large concentration of O vacancies, the formation of

which is a function of temperature (and oxygen partial pressure). Nevertheless, as was

shown by Marrocchelli for the fluorite system, the creation of oxygen vacancies causes a

contraction in the lattice [178, 176, 177]. However, as an increase in cell parameters is

observed, it must be due to the formation of Pr vacancies, the effect of which must be large

enough to offset the decrease in cell parameter with the change in Co oxidation state. The

expansion of the lattice due to the Pr-deficiency, x, may be described using Vegard’s law

[467]. The Vegard’s slope is 3.6-3.9 Å/x, and 4.7 Å/x, as calculated from the a-, c-, and

b- cell parameters. The significantly steeper slope as calculated from the b-cell parameter

is discussed later.

Within the detection limits of XRD and from the SEM images of the non-stoichiometric

PCO, there was no indication to suggest the presence of a second phase; no cobalt oxide

precipitates out. The symmetry of PCO should be maintained through the entire range of

non-stoichiometry. Extending that found in the atomistic modeling of ceria, the removal

of a Pr cation is likely to result in a repulsion of the surrounding oxide ions expanding the

lattice, while the neighboring cations draw closer contracting the lattice. The net effect

being the expansion of the lattice as observed here.

As the thermal expansion with Pr-deficiency remains somewhat linear for the entire range

of Pr-deficiency examined, it is likely that the mechanism of chemical expansion is constant

across the range and the only contributions to the chemical expansion is due to the change

in oxidation state of the cobalt ions, and the creation of a Pr vacancy. It is not as seen in

the case of LSC, where at high Sr-dopant concentrations, the creation of oxygen vacancies

becomes more energetically favourable compared to the oxidation of Co resulting in a
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(a) a-cell parameter (b) b-cell parameter

(c) c-cell parameter

Figure 10.8: Lattice parameters of non-stoichiometric PCO samples, Pr1−xCoO3−δ, calcu-
lated from Rietveld refinement of room-temperature powder XRD patterns obtained using
a D2 Phaser diffractometer. Error bars have been included but are concealed by the data
markers. A reference lattice parameter of stoichiometric PCO (traingle marker) has been
included [6]. The lattice parameters of the stoichiometric PCO sample (x = 0.000) of this
work was anomalous.
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maximum concentration of Co4+ and thus a decrease in cell parameters as Sr concentration

increases further [443, 82, 468]. Nevertheless, this effect may be present, but at larger Pr-

deficiencies, beyond the range examined.

The stoichiometric sample has unusually large cell parameters, contrary to the trend that

is seen. The cell parameters of Pnma PCO published in ICSD have been included in Fig

10.8(triangle marker) and follows the same trend in cell parameters of the nonstoichiomet-

ric samples. The stoichiometric sample is likely to be anomalous. Based on Vegard’s law

calculated from the other non-stoichiometric samples, it would have to have a composition

of Pr0.87±0.1CoO3−δ to acquire such large cell parameters. This is improbable. Also, the

EDX results suggest a near stoichiometric sample. The enlargement of its cell parameters

is likely due to a different cause than the creation of vacancies. It is possible that this

sample is Pr-rich. The excess Pr is unlikely to be accommodated as interstitials due to

its large ionic radius. Instead, Co vacancies would have to be created, which would be

a plausible explanation for the large expansion in the lattice. Additionally, it has been

shown that even with a deficiency on the A-site in LSM, it is possible to form A2O3 oxides

[449]. No Pr oxides can be observed within XRD detection limits, which may also suggest

a preference of B-site vacancy formation. This (stoichiometric, x = 0.000) sample was

omitted from all later discussion.

The expansion of the PCO lattice due to the Pr deficiency is stoichiometric expansion

(as defined in Section 2.5.1, to arise from the creation of point defects) and a form of

chemical strain. In Fig 10.9, this strain was calculated using the reference stoichiometric

PCO parameters from ICSD. Here, it can more clearly be seen that the strain in all 3

cell parameters are of the same order, and are similarly affected by sample stoichiometry.

However, there is a slight anisotropy with the expansion of the long b-axis being less than

the other axes: as much as a quarter less than for the c-axis in the sample were x =

0.075. This anisotropy with the introduction of dopant species has been reported of other

perovskite systems where the introduction of oxygen vacancies was found to affect the tilt

of the CoO6 octahedron, and thus effect a preferential expansion in a particular axis (the c-

axis of the rhombohedral R3̄c structure) [443, 438, 439]. It is possible that a similar effect

is being observed here, although it would then be expected that the anisotropy should

increase with increasing Pr-deficiency, which is unclear in this current dataset. There are

no indications in the room temperature XRD pattern of super structures.

With regards to oxide ion conductivity, there are two effects of interest with increasing

A-site deficiency. First, it should be charge compensated by the creation of oxygen vacan-

cies. Thus, Pr-deficiency should increase oxygen nonstoichiometry and consequently the

probability of an available site for an oxide ion to hop onto. Second, there is the mechano-

chemical effect, which will be covered in detail in Chapter 11. Both these effects should

be reflected in oxide ion conductivity measurements of the next chapter. The electronic

transport of PCO arises from its CoO6 octahedra and the overlap of the Co 3d and O 2p

orbitals. Therefore, of interest are the variation in Co-O bond lengths and Co-O-Co bond

angles of the nonstoichiometric samples.
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Figure 10.9: Chemical strain in each cell-parameter, as a result of the non-stoichiometry
of the PCO samples, Pr1−xCoO3−δ.

(a) Co-O1 bondlengths (b) Co-O2 bondlengths

Figure 10.10: Co-O1 and Co-O2 bondlengths as a function of the volumetric chemical
strain of non-stoichiometric PCO samples, Pr1−xCoO3−δ.

The Co-O bond lengths were calculated from the Rietveld refinement of XRD patterns. As

X-rays are less sensitive to lighter atoms such as O, it was not possible to refine the atomic

positions of the O ions, and literature values were used. Based on the Pnma spacegroup,

the Co positions were assigned to the origin. Thus the Co-O bond lengths calculated

from this refinement are directly related to the volumetric strain of the lattice, as can be

seen in Fig 10.10. Similarly for the Co-O-Co bond angles, which were also calculated and

found to be mostly unchanged between samples, at 158.23◦ and 158.17◦ for Co-O1-Co and

Co-O2-Co respectively, as would be expected given these refinement conditions. These

bond lengths are only appropriate if the positions of the O atoms do not change between

the nonstoichiometric samples. No trends could be found of the Pr-O1 or Pr-O2 bond

lengths, either as a function of volumetric strain (or Co-O1 or Co-O2 bond length) or

sample stoichiometry.
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Similarly, it was not possible, using XRD, to accurately determine if they have been any

distortions to the CoO6 octahedra by calculating the octahedral angle or rotation, φ. This

has been performed by Mastin et al. using HT-XRD measurements. However, this was

only possible because, despite the poor sensitivity of X-rays to the oxygen atoms, Mastin el

al was able to match the evolution of the LCO structure measured using HTXRD against

neutron diffraction experiments and thus had reasonable confidence in XRD refinement of

the oxygen positions. No such comparison (of neutron diffraction data) is available for the

PCO system and subsequently the octahedral angle of rotation has not been calculated.

Neutron diffraction is required for a full understanding of the structural changes of PCO

of increasing Pr-deficiency, and the subsequent effect on its transport properties.

10.3.2 High Temperature Characterization of Pr1−xCoO3−δ

XRD patterns were obtained of nonstoichiometric PCO powder samples between room

temperature and 774◦C, in air, using the Panalytical X’pert MPD. A comparison between

the nonstoichiometric samples was made for the first room temperature data recorded, see

Fig 10.11. However, as the same instrument was used for all the samples, the instrumental

effect on the shape of the reflections seen between the different Bruker measurements was

not seen here; all nonstoichiometric PCO samples have the same peak shapes.

Figure 10.11: XRD powder diffraction pattern of non-stoichiometric PCO samples,
Pr1−xCoO3−δ, obtained using the Panalytical X’pert MPD. Trace reflections of the Pt
sample holder were detected, the intensity of which depended on PCO sample coverage
over the Pt film.
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However, a slight difference in the relative intensities of the main PCO(200), PCO(121)

and PCO(002) reflections around ∼33.5◦ 2θ and at ∼59.5◦ 2θ, was seen in the PCO

sample where x = 0.100, compared to the others. It appears that the reflections of this

sample were also broader. It was unclear if these differences were due to improper sample

preparation, or if it was due to the large Pr-deficiency in this sample. This will be further

investigated from its high temperature XRD patterns.

Lastly, compared to the XRD patterns obtained using the Bruker, these patterns have a

few additional reflections around ∼39.6◦ 2θ, ∼46.2◦ 2θ, and ∼67.4◦ 2θ. These correspond

to the (111), (200) and (220) reflections of the Pt Fm3̄m sample holder. As mentioned in

the Experimental Section, only a thin layer of PCO powder was dispersed over the surface

of a Pt film, which acted as the sample holder. Thus, trace signals from the Pt holder

have been detected. There is a slight shift in the 2θ positions of the Pt reflections between

samples. This is due to the variation in placement of the Pt holder below the sample

surface; there was a variation in PCO powder layer thickness between the samples and

therefore different height corrections are required for the different samples. The highest

intensity reflection for Pt should be the (111) reflection at 39.27◦ 2θ . The different relative

intensities of the Pt reflections detected suggests that the Pt film was textured.

The HT-XRD patterns of the PCO sample (x = 0.025), between 35◦C and 774◦C taken

every ∼150◦C are presented in Fig 10.12. The trends observed in this sample are represen-

tative of all the other samples, with the exception of the most cation-deficient sample (x =

0.1). The high temperature HT-XRD patterns of the all nonstoichiometric PCO samples

are available in Appendix A.4. As temperature increases, there was a very slight decrease

in FWHM, presumably due to the coarsening of the powder crystallite size. There is also

a clear decrease in 2θ positions as the sample undergoes thermal, and potentially chem-

ical expansion. A transformation is seen in this temperature range, as clear and gradual

convergences of reflections around 2θ∼32◦ 2θ, ∼59◦ 2θ and ∼67◦ 2θ were observed. Cor-

responding increases in peak intensities were seen of all these reflections. However, this

was not the case for all the PCO reflections. The reflections around θ∼22◦ 2θ, ∼47◦ 2θ,

∼54◦ 2θ and ∼69◦ 2θ did not see an increase in peak intensity, only a 2θ shift. Given the

resolution of the instrument, it was not possible to identify the transformation tempera-

ture directly from the pattern. This transformation was more apparent when examining

the change in lattice parameters with temperature.

The PCO sample with the largest A-site deficiency of x = 0.100, see Fig 10.13 shares

the same trend as the other nonstoichiometric samples up until 308◦C. In the other non-

stoichiometric PCO samples two different behaviors were seen as temperature increased, as

seen in the inset of Fig 10.12. For the PCO sample where x = 0.100, an additional feature

is seen: a broadening of all the reflections. Thus, for the PCO reflections that stay at a

constant peak intensity for the other PCO samples (such as at ∼22◦ 2θ), a decrease in peak

intensity was observed for the sample where x = 0.100. Similarly for the PCO reflections

that see an increase in peak intensity with temperature for the other PCO samples (such as

at∼34◦ 2θ), peak intensities also decrease after 308◦C. As the same instrument and sample
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Figure 10.12: XRD powder diffraction pattern of non-stoichiometric PCO, Pr1−xCoO3−δ,
where x = 0.025, obtained using the Panalytical X’pert MPD. Trace reflections of the
Pt sample holder were detected. Inset, the diffraction patterns at ∼22◦ 2θ and ∼34◦

2θ superimposed on top of each other: as temperature increased the PCO reflection at
∼22◦ 2θ shifted to smaller 2θ values, whereas the PCO reflections at ∼34◦ 2θ shifted to
smaller 2θ values, decreased in FWHM and increased in maximum peak intensity. A phase
transformation may be observed between 308◦C and 464◦C.

setup was used in all the measurements, and broadening of the reflections between patterns

must be due to specimen broadening, rather than instrumental. For this PCO sample,

it sees either a decrease in crystallite size or microstrain broadening from temperature of

464◦C, which was not observed for lower levels of A-site deficiency.

The increase in FWHM is unlikely to be due to a decrease in crystallite size. At lower

temperatures, the crystallites were seen to progressively coarsen. Additionally, increasing

A-site deficiency has been found to improve sinterability [450]. Thus, the PCO sample with

the largest A-site deficiency is expected to exhibit the largest decrease in FWHM within

the same temperature range. Microstrain broadening can arise from the presence of non-

uniform lattice distortions, dislocations, stacking faults and antiphase domain boundaries

(unlikely as all peaks broadened, not just the fundamental peaks), grain surface relaxation,

and solid solution inhomogeneity. Without further characterisation with TEM, it was not

possible to ascertain the cause of the peak broadening. However, that it was found in the

most A-site deficient PCO sample suggests it may be due to solid solution inhomogeneity.

This has been kept in consideration in later discussion of this sample.

A comparison was also made of room temperature XRD measurements taken at the start
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Figure 10.13: XRD powder diffraction pattern of non-stoichiometric PCO, Pr1−xCoO3−δ,
where x = 0.100, obtained using the Panalytical X’pert MPD. Trace reflections of the
Pt sample holder were detected. Inset, the diffraction patterns at ∼22◦ 2θ and ∼34◦ 2θ
superimposed on top of each other. At temperatures above 308◦C, FWHM of all reflections
broadened, accompanied by a decrease in peak intensity.

of the heating cycle, and at the end after slow cooling in air. The XRD patterns for

a representative non-stoichiometric PCO sample (where x = 0.025) are depicted in Fig

10.14. For all samples the high temperature phase transformation was fully reversible on

cooling. The XRD patterns pre- and post-heating were largely identical. A slight shift to

larger 2θ values was observed. However, this may be attributed to slight changes to sample

position during cooling as the sample and sample holder contracted. The slight decrease

in FWHM on heating can more clearly be seen in the room temperature comparison, apart

from the sample of A-site deficiency x = 0.1, where the broadening of the reflection from

464◦C offset the decrease in FWHM.

A Le Bail refinement was performed on all HT-XRD patterns to obtain the lattice param-

eters of all non-stoichiometric PCO samples. These have been presented as the %change

in volume and cell parameter as a function of temperature, the gradient of which is the

(voulmetric or linear) expansion coefficient, EC, in Fig 10.15 and Fig 10.16. Thus it can

be seen that a similar shape is observed in the linear EC of all cell parameters of all the

samples and subsequently also in the volumetric EC: a linear expansion coefficient, fol-

lowed by a phase transition, and a high temperature expansion coefficient that is arguably

non-linear. There are four main points of discussion: first, the shape of the expansion coef-

ficient curve (the occurrence of a phase transition, its linear behaviour at low temperatures
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Figure 10.14: XRD powder diffraction pattern of non-stoichiometric PCO, Pr1−xCoO3−δ,
where x = 0.025, pre- and post- heating obtained using the Panalytical X’pert MPD.
Trace reflections of the Pt sample holder were detected and labeled. The two diffraction
patterns are virtually identical.

and non-linear behaviour at high temperature); second, the effect of Pr-deficiency on the

low temperature linear expansion coefficient; third, the effect of Pr-deficiency on the high

temperature non-linear expansion coefficient; and fourth, the effect of Pr-deficiency on the

phase transition.

First, the shape of the lattice and volumetric expansion curves are considered. A phase

transition is likely to have occurred, as evinced by the change in EC gradient. This is

likely to be the second order ferrolastic to paraelastic phase transition [438, 439, 469].

This describes the non-linear stress-strain behaviour of the material and has been ob-

served in lanthanum colbaltites [443, 438, 439]. At this transition temperature, it is now

energetically favorable for ferroelastic domains to re-orientate to accommodate an applied

stress. This reorientation of domains have been confirmed experimentally, and toughens

the material as energy is directed into the transition [469]. Such a transition requires a

shift from a low temperature low symmetry phase to a high temperature high symme-

try phase, such as the ideal cubic Pm3̄m spacegroup for PCO. However, the change in

spacegroup with the transition was not identified.

From Fig 10.16, it can also be seen that the TEC is initially linear with temperature, as

would be expected from purely thermal expansion. However, it is non-linear at higher

temperatures, above 600◦C, as chemical expansion occurs. These results are similar to

what has been previously reported of doped rare-earth colbaltites [443, 162]. The chemi-

cal expansion has been attributed to variations in oxygen non-stoichiometry. An upturn

in the thermal expansion curve is typically found of doped lanthanum colbaltites as lattice

oxygen is expelled and oxygen vacancies formed, expanding the lattice [443, 431]. How-

ever, consideration of the Sr-doped PrCoO3 system indicates a flattening of the thermal

expansion curve. This has been attributed to the thermally activated process of charge
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Figure 10.15: Volumetric strain (%) in the non-stoichiometric PCO, Pr1−xCoO3−δ as
a function of temperature. Increasing A-site deficiency, x, increases the rate of lattice
expansion with temperature. Error bars have been partially concealed by the data markers.

disproportionation of Co3+ into Co4+ and Co2+, which results in a contraction of the

lattice [162]. This could be the cause of the flattening of the thermal expansion curves

obtained in this work. Contrary to its lanthanide variants, TGA measurements indicated

mass gain starting around 400◦C. PCO must be losing oxygen vacancies and gaining oxide

ions at high temperatures, which would also contract its lattice. This also may be the

cause for the flattening of the thermal expansion curve. However, it is not possible to

pinpoint the exact mechanism for this chemical expansion, as it would require detailed

information of the oxidation states of the cations, and also the oxygen non-stoichiometry

of the sample, which may have structural effects (such as distortions of the BO6 octahedra

or the Jahn Teller effect) or defect ordering, all of which would affect the chemical expan-

sion/contraction of the lattice. As oxygen uptake occurred, it would suggest the inherent

presence of oxygen vacancies prior to heating, which may or may not have been affected

by the Pr deficiency.

Second, the effect of A-site deficiency on the linear expansion coefficient at low temper-

atures is considered. At low temperature, before the onset of oxygen uptake, the lattice

expansion is likely to comprise solely of thermal contributions. From earlier room temper-

ature Rietveld refinements, increasing A-site deficiency was found to result in a larger unit

cell. The expectation is that the increase in the atomic distances would decrease bonding

strength and thus increase the TEC. Based on this, increasing A-site deficiency should

increase the TEC and thus the EC over the entire temperature range. On the contrary,

it can be seen that increasing A-site deficiency had the effect of decreasing the thermal

expansion coefficient see Fig 10.17.

Mastin et al. found that increasing Sr content in LSC increased the symmetry of the system

closer to that of a cubic structure [443]. Similarly from his refinement of XRD data, Chen

et al. saw the Goldschmidt tolerance factor, t, tended to unity as Sr-doping increased with

La1−xSrxCoO3−δ becoming cubic and the Co-O-Co bond angle increasing from 164.83◦ to
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(a) x = 0.025 (b) x = 0.050

(c) x = 0.075 (d) x = 0.100

Figure 10.16: % change in a- b- and c-cell parameters of non-stoichiometric PCO samples,
Pr1−xCoO3−δ, as a function of temperature. Error bars have been partially concealed by
the data markers. A phase transition may be observed in all the PCO samples, where
the gradient of the % change in cell parameters, the thermal expansion coefficeint, TEC,
changes.

180◦, from an Sr content of x = 0.6 [438]. Such a change in symmetry would affect the

bond strength within the crystal. Thus, a possibility is that the introduction of Pr and

oxygen vacancies had a similar effect as introducing Sr-dopants and increased symmetry

of the PCO system, with the potential effect of increasing overall bond strength within the

crystal and thus decreasing its thermal expansion coefficient. While at room temperature,

it could be seen that the creation of Pr vacancies resulted in an expansion of the lattice,

it can also be seen in Fig 10.17 that the thermal expansion coefficient decreased as Pr

vacancy increased.

Third, the effect of Pr-deficiency on the non-linear region of the thermal expansion curve

is considered, focusing on the effect of Pr-deficiency on chemical expansion contributions.

In his work with Sr-doped PCO, Kostoglodis et al. found that although increasing Sr-
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Figure 10.17: Thermal expansion coefficient as calculated from a-, b-, and c-cell parameters
of non-stoichiometric PCO samples, Pr1−xCoO3−δ, as a function of A-site deficiency, x.

doping in PCO decreased its thermal expansion coefficient, upon the onset of chemical

expansion it resulted in an upturn in the thermo-chemical curve [162]. At higher Sr con-

centrations, vacancy formation became favorable and hence the lattice expansion. Thus,

it was hypothesized that as higher Pr vacancy concentrations increased, an upturn in the

EC would be observed confirming the formation of oxygen vacancies. However, the effect

of increasing Pr-deficiency on chemical expansion is unclear. The thermo-chemical ex-

pansion curves obtained appear to follow the same gradient suggesting that the chemical

expansion mechanism as a function of temperature in the samples were unaffected by the

change in Pr-deficiency. It may also be argued that there was a slight down-turn in the

thermo-chemical expansion curves with increasing Pr-deficiency. This would suggest that

increasing Pr vacancies either increased oxygen uptake, or charge disproportionation. As

raised earlier, given the limited information of the system, it is not possible to pinpoint

the effect of increasing Pr vacancies on chemical expansion.

Nevertheless, what may clearly be observed is anisotropy in the chemical expansion of

the PCO cell parameters. The rate of contraction of long b-axis as a result of chemical

expansion increases as Pr deficiency increases. When x = 0.025, b/
√

2 is clearly larger than

the c-cell parameter. By x = 0.1, b/
√

2 is of a comparable value to the c-cell parameter,

see Fig 10.16. On the other hand, the ratio of a:c cell parameters remain largely unchanged

with values of A-site deficiency, x. Thus, it appears that the chemical expansion of the

b-cell parameter was especially sensitive to A-site deficiency and suggests a preferential

ordering of defects along it.

This anisotropic chemical expansion has been reported for the LSC and LSCF system, as

covered in the literature review [52, 438, 443]. Drawing parallels from the LSC system,

it is possible that the CoO6 octahedra of PCO is also sensitive to the presence of oxygen

vacancies, which have been shown to affect its tilt angle and compression in LSC [443, 438,

439]. Distortions to the CoO6 octahedra would affect Co-O-Co bond angle. A return to

the ideal cubic structure would straighten it to 180◦, increasing the O 2p and Co 3d orbital
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overall and thus improving electronic conductivity. The anisotropic chemical expansion

observed here may well affect the electronic properties of non-stoichiometric PCO, which

will be investigated in the next chapter.

Fourth, the effect of Pr-deficiency on the ferroelastic to paraelastic phase transition is

considered. Kostogloudis et al. reported a decrease in the transition temperature with

increasing Sr-doping. This was attributed to preferable formation of oxygen vacancies

at sufficiently high levels of Sr-doping. Mastin et al. also drew a correlation between

Sr-doping to the transition temperature, proposing that the additional oxygen vacancies

associated with the Sr-dopants lowered the symmetry of LSC closer to a cubic system

thus shifting the transition temperature [443]. Unfortunately, for this work, it has not

been able to extrapolate the transition temperature as the onset of chemical expansion

occurs close to the transition temperature. To extrapolate the transition temperature, it is

necessary just to use thermal expansion data and not a superposition of both thermal and

chemical expansion. Nevertheless, based on all previous results and the parallels with the

LSC system, it is expected that the increase in Pr-deficiency would result in a decrease of

the ferroelastic to paraelastic phase transition of PCO, as oxygen vacancy concentration

increases.

10.4 Conclusion and Further Work

A range of A-site deficient PCO powders, and bulk samples of two different densities, have

been synthesized and imaged. Metal cation ratio was confirmed using EDX maps over two

different sample areas and were found to contain consistently more Pr than expected from

the nominal stoichiometry, suggesting that the nominally stoichiometric PCO sample was

actually B-site deficient.

Room temperature XPS measurements were performed on the bulk samples. The Pr and

Co ions existed predominantly in their 3+ oxidation state. Due to the small chemical shifts

between the different Co oxidation states, it was not possible to confirm the presence of

Co4+, or whether the concentration of Co4+ present varies with A-site deficiency, as was

proposed by the defect chemistry. It was not possible to determine oxygen stoichiometry

as oxide-forming contaminants were detected. Similarly, quantification of the cation ratio

proved unreliable. Further work would be to ascertain the cation ratio through the use

of techniques such as inductively coupled plasma mass spectrometry, ICP-MS, or X-ray

absorption near edge structure, XANES.

Rietveld refinement was performed on room temperature XRD patterns. Increasing A-site

deficiency saw an isotropic expansion in unit cell parameters, attributed to the presence of

Pr vacancies (that would have offset any contractions in the unit cell on increasing the ox-

idation state of Co3+ to Co4+). Unit cell parameters of the nominally stoichiometric PCO

sample were disproportionately large. This further enforces that the sample is actually

B-site deficient, as suggested from the EDX measurements. Subsequently, this sample has
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been discounted for the remainder of the study. Co-O bond lengths were found to increase

with volumetric strain, while Co-O-Co bond angle remain mostly unchanged. However,

it is unclear if this is because of the nature of the refinement, of if the presence of A-site

vacancies do not affect octahedral tilting. This will be further investigated in the next

chapter, when the electronic properties of the A-site deficient PCO will be measured, pro-

viding an indication of the octahedral tilt. Oxygen sensitive neutron diffraction of these

samples would also shed light on the structural changes effected.

High temperature XRD was also performed on these samples, between 35◦C and 774◦C.

As temperature increased, a slight coarsening of the PCO sample was detected. However,

from 464◦C, the FHWM of all reflections began to increase in the PCO sample with

greatest A-site deficiency. TEM is required to identify the source of this broadening.

Upon cooling back to room temperature, the XRD patterns of all PCO samples were

largely identical to their post-heating form. On heating in air, all PCO samples exhibited

low temperature linear thermal expansion and a second order ferroelastic to paraelastic

phase transition. At higher temperatures, charge disproportionation of Co3+ occurred,

decreasing the lattice parameters and marking the onset of chemical contraction. Thus

the expansion coefficient comprised of both thermal and chemical contributions. The effect

of increasing Pr-deficiency was seen to decrease the thermal expansion coefficient, but its

effect on chemical expansion was unclear. Additionally there are also currently there are

too many variables within the system that may contribute to chemical expansion to be able

to identify the mechanism(s) by which it occurs. However, there is evidence for anisotropic

uptake of oxygen, resulting in an increased contraction of the b-axis. It is expected that

the increased oxygen vacancy concentration associated with increased Pr-deficiency would

also decrease the transition temperature. It should be noted that the defect concentration

present, or the effect of the defect concentration on the cell parameters, is much lower

than has been reported in Sr-doped systems of equivalent defect chemistry.

Further work investigating the thermo-chemical expansion of PCO would require high

temperature XPS to provide clear evidence of changes in Co oxidation state, as opposed to

its inference. Also, high temperature neutron diffraction studies would clarify the relation

between oxygen vacancies and the CoO6 octahedra and thus the subsequent anisotropy in

thermo-chemical expansion. While neutron diffraction data would be the ideal, there is also

value in refining oxygen positions from the HT-XRD data obtained in this work, as done

by Mastin et al. and Chen et al., to examine for octahedral distortions [443, 438]. Lastly,

TGA measurements have been underutilized in this work. Further work should include

the use of it to determine oxygen non-stoichiometry and its variation with temperature.



Chapter 11

The Effects of Chemical and

Mechanical Strain on the Oxygen

Tracer and Electrical Transport

Measurements of PrCoO3−δ

In the previous chapters, strained PCO films, deposited on CGO/YSZ by PLD, and chemi-

cally strained sintered bars of non-stoichiometric PCO (Pr1−xCoO3−δ) have been prepared

and structurally characterized. For the PCO films, due to the lattice mismatch between

PCO and CGO, a mechanical strain was induced. Increasing CGO buffer layer thickness

had the effect of increasing PCO out-of-plane compressive lattice strain, while increasing

PCO film thickness allowed the greater relaxation of the film and a reduction of the out-of-

plane compressive lattice strain. For the nonstoichiometric PCO bars, the chemical strain

was achieved by varying the PCO composition for A-site cation deficiency, x. Increasing

A-site deficiency resulted in an expanded PCO lattice and should increase the material

capability for charge compensation through the creation of oxygen vacancies.

In this chapter, the electrical and oxide ion transport properties of PCO thin film and non-

stoichiometric PCO are measured, thus accomplishing the aim of this work to “investigate

and compare the effect of various types of strain on the oxide ion and electrical transport

of PCO,” as outlined in Chapter 4. The effects of mechanical and chemical strain on the

transport properties of PCO are discussed, drawing from the sample characterization of

Chapter 9 and 10. It was not possible to correlate the transport properties of PCO to the

CoO6 octahedral distortion, which could not be measured with confidence in either the

PCO thin films of nonstoichiometric bulk PCO, in this work.

221
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11.1 Literature Review

As covered in Section 3.5, mechano-chemical coupling is the modification of the free en-

ergy ‘landscape’ of a system through the application of an internal or external stress. The

application of a strain may potentially make certain reactions more or less thermodynam-

ically favorable. Mechano-chemical coupling and its effect on oxygen transport is a key

objective of this work. Thus the following review will briefly trace the discovery of this

effect, before citing works on the mechano-chemical coupling effect on oxygen transport.

While much work has focused on fluorite oxide electrolyte materials (namely ceria), there

have been ingresses with respect to perovskite oxide cathode materials which are covered

here.

All experimental validation of mechano-chemical coupling has come from strained films

that are lattice-mismatched to their substrates. It is of interest to investigate if mechano-

chemical coupling can be replicated from other sources of strain, such as chemical strain.

A review of chemical strain in perovskites has been covered in Chapter 10. The source

and effects of chemical strain has been reported and attempts made to model it [185,

184, 183, 182]; chemical strain has largely been viewed as a consequence of doping and

the material defect chemistry. However, besides the contribution of its defect population

to oxide ion conductivity, there should also be a mechano-chemical coupling effect as the

lattice is chemically strained. There should be two effects. Yet, the mechano-chemical

coupling effect in chemically strained perovskites has largely remained uninvestigated and

no publications discussing this have been found. It is of interest, therefore, to compare

the effects of mechanical and chemical strain in the thin film and bulk non-stoichiometric

PCO respectively. Any enhancements in oxygen conductivity of the thin films should

be a purely mechano-chemical coupling effect (if there are no changes in stoichiometry),

while in the bulk non-stoichiometric samples it should arise from both a mechano-chemical

coupling effect and variations in defect concentration.

11.1.1 Mechano-chemical Coupling in Perovskites

In Chapter 2.3 it was seen that the oxide ion conductivity of a material requires an oxygen

reduction reaction at the surface and subsequent transport of the oxide ion away from the

reaction site. It may be described by its surface exchange coefficient, k, and its diffusion

coefficient through the bulk, D. The ORR involves the adsorption of an oxygen molecule

onto a surface followed by its dissociation as it is incorporated into the lattice via an

oxygen vacancy [470, 471, 472], and as such requires a high concentration of mobile oxygen

vacancies at the surface to be accelerated [130]. Meanwhile the transport of the oxide ion

occurs through a vacancy mechanism and improves with oxygen vacancy concentration.

Thus both these properties are improved by the presence of oxygen vacancies; their role is

crucial for good performance in an SOFC cathode. It is therefore of great interest that the

application of strain has the potential to alter the energy landscape to make the formation
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of oxygen vacancies and their transport more favorable (as well as affecting its electronic

structure and reactivity [473]).

Early experimental work did indicate mechano-chemical coupling [474, 475, 476]; however,

it was in a key study by Kushima et al. where the surface of LCO was modeled using

DFT calculations that the dominant mechanism by which biaxial strain affected ionic

conductivity was first identified [151]. Three processes, relating to each step of oxygen

adsorption, dissociation and diffusion in the bulk, were examined separately for the effect

of strain on them. Kushima et al. saw two different consequences to the application of

lattice strain: elastic stretching of Co-O bonds and a LS to IS phase transition in spin

state. The first response was elastoplastic in nature, while the second magnetoelastic.

Another notable discovery was that if strained sufficiently, the adsorption mechanism of

oxygen at the LCO surface changed from chemisorption to physisorption.

The application of a tensile strain and subsequent stretching of the Co-O bond (the elasto-

plastic response) decreased the overlap of the Co d-band/3d orbital and the O p-band/2p

orbital. This lowered the formation energy of oxygen vacancies at the surface and in

the bulk, EB,Svac . This additionally also decreased the oxygen adsorption energy, Ead (the

energy required for oxygen to adsorp onto the surface). Thus it improved both oxygen

exchange at the surface and its transport through the bulk. However, at the same time,

local relaxation occurred as Co-O bonds broke and reformed resulting in stronger Co-

O bonds and subsequently an increase in the formation energy of oxygen vacancies in

the bulk that effectively trap oxygens in the lattice, EBvac; and also increasing adsorption

energy, Ead, and inhibiting oxygen adsorption. This stress relaxation is detrimental to

oxygen exchange and transport. The magnetoelastic response, like stress relaxation, in-

creases the hybridization between the Co d-band/3d orbital and the O p-band/2p orbital

and increases the formation energy of oxygen vacancies in the bulk. All three mechanisms

and their effect on oxygen vacancy formation energies and oxygen adsorption energies are

in competition with each other. Since then, the effect of strain has been seen to decrease

the oxygen vacancy migration barrier of nine La-based perovskites systems [477].

The year following the publication by Kushima et al., the first direct experimental mea-

surement of the mechano-chemical effect of perovskite oxide thin films was presented by

Cai et al. on epitaxial LSC films, with a 1.4% tensile and -1.5% compressive strain, fab-

ricated using PLD on single crystal SrTiO3 and LaAlO3 substrates respectively [252]. An

indication of oxygen vacancy concentration was obtained through XPS measurements as

this technique is sensitive to the concentration of reduced Co present (which can be corre-

lated with oxygen vacancy concentration as the reduction of Co is necessary to maintain

charge neutrality in the formation of an oxygen vacancy). Also a transition from a semi-

conducting state to a metallic-like state with an enhanced electronic density of states at

the LSC surface was observed in both films, with the tensile strained LSC/SrTiO3 film

having the greater enhancement. These all suggest an increase in oxygen vacancy con-

centration with tensile strain, in agreement with the DFT calculations of Kushima et al.

It should be noted that Sr-dopants have been introduced that were not included in the
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DFT calculations. There appears to be a mechano-chemical effect on the transport of Sr

too while both films exhibited Sr enrichment at the surface, it was greater for the tensile

strained LSC/SrTiO3 film. A similar work was later performed by Jalila et al. on the

LSM system, with like results [478], and also by Han et al. on LCO where it was also seen

that the enhanced mobility of oxygen transport at the surface was anisotropic [253].

Using these foundational works, Donner et al. proposed a physical mechanism by which

the strain field changes the energy landscape and gives rise to mechano-chemical coupling

[254]. Similar to Cai et al., Donner et al. fabricated epitaxial LSC films on a single

crystal SrTiO3 substrate. Enhancement of ionic conductivity due to mechano-chemical

coupling was presumed to be present. XRD was used to investigate the evolution of

the strained LSC structure with oxygen partial pressure and temperature. A reversible

structural transformation was observed resulting in the ordering of La and Sr atoms, and

oxygen vacancies. It was suggested that this ordering mechanism may in part contribute

to the mechano-chemical effect. While DFT ab− initio calculations do not predict that a

strain field would significantly affect intrinsic ordering, it has been shown to facilitate the

formation of oxygen vacancies and improve oxygen vacancy mobility, which in turn would

allow the chemical ordering required for this ordered phase.

More recently in 2013, using the same LSC/SrTiO3 and LSC/LaAlO3 films in compressive

and tensile strain of Cai et al., Kubicek et al. used the 18O isotope exchange depth profile

method to quantify the effect of lattice strain [255]. While Cai et al. showed an increase

in the oxygen vacancy concentration with strain, Kubicek et al. measured the resulting

enhancement in oxygen conductivity, which was four times in k∗ and 10 times in D∗ values

in the tensile strained LSC films compared with those in compression, between 280◦C to

475◦C. This was true for other similarly fabricated LSC films with a different Sr content.

However, it should be noted that the LSC films were only ∼20 nm thick, and thus at the

geometrical limit of the isotope exchange method to measure k∗ and D∗; some error is

expected and there is not complete confidence that the enhancement is real.

The mechano-chemical effect on the enhancement of oxygen ion conductivity in LCO thin

films was also studied by Hong et al. for its magnetoelastic nature. The LCO film was

deposited on a CGO buffer layer over YSZ, and a variation in lattice strain was obtained

through a range of film thicknesses. The effect of spin state transition on the hybridization

of the Co-O bonds was investigated using Raman spectroscopy and revealed that a tensile

strain weakened the Co-O bond strength, as was predicted by Kushima et al. of the

mechano-chemical effect in thin films [151]. The exchange coefficient, k∗ and oxygen

hypo-stoichoimetry (as an indication of oxygen vacancy concentration and thus oxygen

diffusion rates) were measured using yet another technique: electrochemical impedance

spectroscopy, EIS. An enhancement in k and (indirectly) D was indeed observed.

The papers reviewed here all validate the calculations of Kushima et al. There is reasonable

confidence that the enhancement in ionic conductivity of tensile strained thin films, if really

present, is the result of the mechano-chemical effect as proposed by Kushima et al. In

this present work, the effect of strain on oxygen transport is also investigated, but in the
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PCO system. A similar outcome as in LCO is expected. However, in all the preceding

work, lattice strain was achieved through deposition of a thin film on a lattice mismatched

substrate, whereas strain can also be obtained through chemical means as has been done

in this work. Therefore, besides testing for the effect of strain on oxygen transport, it is of

interest to investigate if a chemical strain effects the same results as a mechanical strain.

Certainly from the structural analysis of Chapter 10, a change in the Co-O bond length

with A-site deficiency was observed. It is thus proposed that the mechano-chemical effect

may also arise from chemical strain.

11.2 Experimental Methods

The same non-stoichiometric PCO bars, as described in Chapter 10, and the same PCO

thin films, as discussed in Chapter 9 were used for the transport measurements. EDX

elemental quantification was performed as described in Chapter 5 and 10.

Electrical conductivity measurements, 4-point DC for the PCO bars and Van der Pauw

for the PCO thin films, were both performed using the instrumental setup as described

in Chapter 5. Electrical conductivity of the samples was measured in static air as the

insulated sample slowly cooled from 700◦C to room temperature. Sample dimensions of

the PCO bars were measured along each edge and an average value used in calculating the

resistivity of the PCO bars. Conductivity values were also corrected for sample porosity,

based on Archimedes density measurements presented in Chapter 10. The conductivity

values of the PCO thin films were calculated using film thickness values based on average

film growth rates of 25.8 nm/1000 pulses, as measured using the Dektak 150 surface pro-

filemeter. The correction factor was allocated based on the average Ra/Rb values (where

Ra and Rb are the resistance values measured using two different sample configurations,

see Fig 5.11 of Section 5.10) of each film. Maximum and minimum Ra/Rb values were

also calculated for each film; the correction factor, f , ranged between f = 1 to f = 0.9711

[287].

To test for the quality of the samples, measurements using a reverse current polarity should

also be taken for each of the contact positions- eight different configurations in total using

the van der Pauw method for thin films, and four using the linear DC setup for bar

samples. Reversing current polarity should yield the same results. Additionally, for the

van der Pauw method, given the symmetry of the sample, the reciprocity theorem requires

that the sum of resistance measurements of both polarities for one contact configuration

should be the same if the sample were rotated 180◦ (see Section 5.10). Deviations of

greater than 5% may warrant investigations as to the sources of error. While, it was not

possible to obtain conductivity measurements using all these configurations, there was also

no reason to suspect poor quality films- AFM and SE images taken of the films in Chapter

9 suggest them to be flat with low surface roughness and no cracks.

IEDP was performed to obtain oxygen diffusivity values as described in Chapter 5. Ex-
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change annealing conditions are typically selected according to the diffusion length desired

(within the measurement range of the SIMS depth profile). The diffusion length, x, that

describes the decay of the concentration of diffusion species away from the exchange in-

terface, can be related to the diffusion coefficient, D∗, and the exchange period, t, using

the general rule: x =
√

t
2D∗ . Thus an appropriate exchange time may be calculated.

However, as there is little diffusivity data on the PCO system, the diffusivity of LCO was

used instead as a starting point from which a range of exchange conditions were trialled.

Subsequently, the exchanges of all PCO samples were performed at 400◦C, for 15 min.

15 min was the minimum exchange time, given the actual time the exchange sample was

at the exchange temperature and the time it took for the exchange sample to reach the

exchange temperature, see Fig 11.3a.

An Au film was sputtered over the PCO film samples to prevent the ingress of 18O via

CGO/YSZ interfaces. The maximum peak to trough values of the thickest and roughest

PCO films, deposited using 6000 pulses on Si, were not seen to exceed 50 nm. Conse-

quently, Au film thicknesses between ∼60 nm and ∼120 nm were sputtered onto a Si

substrate and annealed at 400◦C as a trial. Au layers that are too thin and heated to

too high a temperature have been known to blister, breaking the seal around the sample.

Au films have been used before for this purpose under similar exchange conditions in lit-

erature. Burriel et al. successfully employed an 80 nm thick Au coat with a grain size

of ∼1 nm to 2 nm to encapsulate a sample in the exchange experiment at 420◦C [479].

SEM images of Au films 60nm, 80 nm, and 100 nm, are provided in Fig 11.1. The 60

nm thick Au coat was smooth and homogeneous with small Au blisters. However, as Au

film thickness increased, so did the size of the blisters. Au films smaller than 60 nm were

not investigated, as they were thought not to be sufficient thick to serve as a gas barrier

during the exchange. Subsequently Au films 60 nm thick were used for the encapsulation

of all PCO thin films.

The PCO films have been found to deposit at a rate of ∼25.8 nm/1000 pulses. PCO

film thicknesses have been calculated according to this deposition rate for a given num-

ber of pulses, and correlated to the point at which the Cs+ sputter beam reached the

PCO/CGO interface in order to determine sputter rates of the PCO thin films. For the

non-stoichoimetric PCO bar samples, it was necessary to measure the sputter crater depth

using the Zygo NewView 200 interferometer. This was carried out by C. van den Bosch of

Imperial College who ran 5 µm scans across the sample surface. The data was analyzed

using the ‘dapping’ application in MetroPro64, version 9.1.1. Due to the curvature of the

PCO bulk samples that resulted from grinding and polishing the soft PCO, a cylinder

correction was made to the surface plane. Crater depths were measured by first defining

the average height of the sample surface (the reference value where height = 0 nm) and

crater floor (test value), by selecting areas of the sample that best represented this, based

on the sample topography. An example is provided in Fig 11.2. This can also be found in

Appendix A.5, for all non-stoichiometric PCO bar samples. Checks were made for a flat

crater floor.
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(a) With Au film, 60 nm (b) With Au film, 80 nm

(c) With Au film, 100 nm

Figure 11.1: SE images of a trial (Si) surface encapsulated with Au films of various thick-
nesses that have been annealed at 400◦C.

As covered in Chapter 5, the 18O− intensities were Poisson corrected using the ION-TOF

SurfaceLab software. The fraction of 18O− during the exchange anneal was calculated

from mass spectrometry measurements of the anneal atmosphere. Using Eqn. (2.5), the
18O− fraction corrected for the background isotope fraction and the isotope fraction during

the exchange, C
′
(x, t), was calculated and fitted to the Crank solution to Fick’s 2nd law

of diffusion, for diffusion in a semi-infinite medium using the TraceX Software developed

by Dr. S. Cooper of Imperial College.

The effective exchange anneal time was determined from temperature profiles obtained

during the exchange using the method of Killoran [10] and further developed by de Souza

[11]. This required an oxide ion migration activation energy, EA, value in PCO. As no

published data on this could be found, the oxide migration energy of LCO was used

instead. Molecular Dynamic studies by Cherry et al. predicted an activation energy of

0.61 eV for LCO [119], while measured activation energies ranged between 0.62 eV [480]

and 0.78 eV [104]. Activation energies of 0.61 eV and 0.78 eV were both used to calculate

the effective exchange times and temperatures of the samples, see Table 11.1, and show

little sensitivity to activation energy values. At most, a 0.16 eV increase in the activation

energy caused a 1 min decrease in exchange time.



228

EA = 0.61 eV [119] EA = 0.78 eV [104]

Non-stoichiometric PCO, Time Temperature Time Temperature
Pr1−xCoO3−δ (x) (h) (◦C) (h) (◦C)

x = 0.000 0.263 389 0.251 389

x = 0.025 0.248 388 0.237 388

x = 0.050 0.248 388 0.237 388

x = 0.075 0.263 389 0.251 389

x = 0.100 0.263 389 0.251 389

PCO film, sample set 2
CGO buffer (No. pulses)

500 0.266 389 0.255 389

1500 0.266 389 0.255 389

2000 0.241 388 0.238 388

2500 0.238 389 0.227 389

PCO film, sample set 3
PCO film (No. pulses)

1000 0.238 389 0.227 389

2000 0.288 389 0.276 389

3000 0.288 389 0.276 389

4000 0.288 389 0.276 389

5000 0.288 389 0.276 389

6000 0.241 388 0.238 388

Table 11.1: The effective exchange times and temperatures, calculated using two different
activations energies: EA of 0.61 eV and 0.78 eV, for all PCO samples (films and non-
stoichiometric bar samples) using the method as proposed by Killoran [10, 11].



11.3. Results and Discussion 229

(a) Filled plot (b) Profile plot

Figure 11.2: Example ZYGO crater depth measurement of non-stoichiometric PCO (x =
0.025). In (a), the sample surface reference has been selected, and also the crater area.
The profile taken across the plot is shown in (b).

The sensitivity of exchange conditions with activation energy is depicted in Fig 11.3. Thus

it can be seen that only within a small region of extremely low activation energies would

the effective exchange conditions be sensitive to the activation energy. It has been found

that the activation energy of oxide ion migration decreases as A-site cation radius decreases

(see Chapter 2) [119]. Pr3+ has one of the smallest ionic radii of the R3+ series, smaller

than La3+ [9], and as such should have a lower oxide ion migration energy. Therefore, a

check was performed to calculate the effective exchange conditions using half of the lowest

activation energy of LCO: EA = 0.3 eV, to see if an activation energy this low would

be in the sensitive region. This only resulted in an increase in the effective exchange

time of 3 min and thus the use of the LCO activation energy value was deemed justifiable.

Additionally, all samples were exchanged under nominally identical conditions: the furnace

set to 400◦C and an exchange time of 15 min that begun upon lift-down of the furnace,

and ended upon lift-up of the furnace. All diffusion profiles in this chapter have been

fitted using effective exchange conditions based on an oxide ion migration energy of 0.61

eV.

11.3 Results and Discussion

11.3.1 Time-of-Flight SIMS Depth Profiles

ToF SIMS depth profiles were obtained for all PCO samples. These have been used here

to examine the composition of the samples. The 18O diffusion profiles are discussed in the

next section. Examples of the normalized profile of both thin film and bulk samples are

presented in Fig 11.4 for the discussion of the profile features. Full profiles obtained from

each sample may be found in Appendix A.6.

For the bulk PCO samples, except at the sample surface, the bulk sample composition

appeared constant. The PrO− signal was significantly lower than CoO− due to its low

sputter yield. At a depth up to ∼25 nm below the sample surface, a peak then gradual

increase in CoO− intensity, and a slight depletion in PrO− intensity was measured. This

was also found of the strained thin film PCO samples. Additionally, the CoO− signal
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(a) Temperature profile of PCO during ex-
change

(b) Effective exchange time as a function of
activation energy

Position EA (eV) Time (h) Temperature (◦C)

A 0.30 0.333 389

B 0.61 0.288 389

C 0.78 0.276 389

(c) Calculated effective exchange times and temperatures for given activation
energies.

Figure 11.3: Example of the sensitivity of the calculated effective exchange time and
temperature to the activation energy. Even if the activation energy of PCO were half
that of LCO (EA = 0.61 eV), the exchange time only decreased by ∼2.5 min, given the
temperature profile of the PCO sample measured in (a).

was found to rise gradually with sputter depth before peaking again at the PCO/CGO

interface.

The shape of the CoO− depth profile was consistent between all the SIMS depth profiles.

Those three features- the peak in sputter yield at the surface and interface of the PCO film,

and the rising sputter yield with increasing depth- may be features of the SIMS technique

arising from the dynamic nature of ion sputtering away and damaging the sample surface.

Sputter rates are sensitive to the lattice matrix. Lattice disorder at the PCO film interfaces

may affect sputter rates resulting in higher yields and subsequently a peak in the CoO−

species detected. Similarly the different lattice strain in the PCO films may also affect

sputter rates. Further work is required to confirm if these features are real or the product

of the SIMS technique.

However, that these features are found only of the CoO− species, and the other detected

species (PrO− and CeO−) do not see these peaks in intensity and maintain a constant

intensity with sputter depth, suggests that these features are real. Alternatively, it could

also be that the signal of the other species are too low to see these features. Thus, while

care should be taken not to read too much in to this, neither should these results be

completely disregarded.

Interpreting the SIMS depth profile of the PCO thin films literally, it would seem that the

PCO film is not of a homogeneous composition. From Fig 11.4, it could be argued that
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(a) Non-stoichiometric PCO (x = 0.025)

(b) Depth profile into a PCO/CGO/YSZ film, where the CGO and PCO films
were deposited using 1000 and 4000 pulses, respectively.

Figure 11.4: Example depth profile into (a) a non-stochiometric PCO bar sample and (b)
a PCO film. The Pr:Co ratio was also calculated as a function of sputter depth to examine
for variations in PrO:CoO− cation ratio across the samples. Intensities of the measured
species have been normalized. The GdO− count was low and not included in the depth
profile into the PCO film.

the PCO film is Pr deficient at its surface but is Pr excess at the PCO/CGO interface

following a ∼20 nm region where Pr content is especially depressed. There may be Co

oxide precipitates at the PCO film surface, but Pr oxides or RP Pr cobaltite oxide phases

at the PCO/CGO interface, which may be the source of the Pr deficiency in its surrounding

regions. Additionally, as the PCO film relaxes away from the PCO/CGO interface, its Pr

content increases.

To further investigate this, SE images were taken of the sample surface of bulk PCO113

of a nominal stoichiometry where x = 0 (see Chapter 10 for sample details) immediately

following 18O exchange (before the SIMS profiling), see Fig 11.5 and Fig 11.6. In the pre-

exchange images (see Fig 10.2), all sample surfaces were flat and clean, with no evidence

of precipitates. However, it can now clearly be seen that the exchange process introduced

surface precipitates up to ∼5 µm across that should be detected given the SIMS 100 µm

by 100 µm analysis area within a 300 µm by 300 µm raster area. Composition analysis

was performed using EDX over the area depicted in Fig 11.5. The element maps obtained

suggested a homogeneous composition across the PCO film surface, likely due to the low

magnification used. Quantification of the elements yielded a Pr:Co ratio of 1.026 ±0.017:1
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Figure 11.5: SE image of the surface of non-stoichiometric PCO (x = 0.000) bar sample
post-exchange. Precipitates can clearly be observed where previously the sample surface
was clean.

which is within error of the Pr:Co ratio of 1.009±0.006:1, earlier measured under nominally

identical conditions in Chapter 10.

To identify the composition of the precipitates, point EDX measurements were also taken

at a greater magnification, see Fig 11.6, where the first five measurements were of the

precipitates, and the following five of the sample surface. Example EDX spectra are pro-

vided from both precipitate and bulk which shows that the intensity of the Pr spectra of

the precipitate was much higher than the surrounding “bulk” material. The composition

at each EDX measurement point is provided in Table 11.6c. While the surface compo-

sition was comparable to pre-exchange EDX measurements, the precipitates were clearly

Pr rich, and were likely to be some form of Pr oxide or even PCO214. However, it was

not possible to identify the composition of the precipitates, as there is concern that the

penetration depth of the measurement may have exceeded the dimensions of the precipi-

tate, and thus the composition measured includes the PCO sample. Thus it appears that

the 18O conditions have not been conducive to the stability of PCO113 and subsequently

Pr oxides have precipitated on the PCO film surfaces. Other compositional analysis, such

as cross-sectional TEM would be required to see if this is also the case at the PCO/CGO

interface. Similarly, SE and EDX measurements are required of the other Pr-deficit bulk

PCO samples, and the PCO thin film samples to ascertain if these precipitates are present

on the surface of all the samples. There is a possibility that it is only present in this

nominally stoichiometric bulk PCO sample examined, as this sample may actually have

been Pr-excess.

There were no indications of these Pr-rich precipitates in the SIMS depth profiles. This

may be because the sputter yields over the entire analysis area were summed to obtain

a profile. Any points of high Pr content would be averaged out over the entire area,

preventing detection of these precipitates. The presence of these precipitates was a concern

regarding the accuracy of the SIMS depth profile: the depth profiles were on the order of

nm, whereas the precipitates were on the um scale across the sample surface. However,

Zygo measurements of the sputtered crater indicated a flat sample surface and crater base
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(a) SE image (b) EDX spectra

Spectrum Pr:Co (atomic%) error Average Pr:Co atomic%)

1 1.33:1 0.04
2 1.22:1 0.02
3 1.39:1 0.03 1.27±0.03:1
4 1.21:1 0.03
5 1.22:1 0.02

6 1.02:1 0.02
7 1.00:1 0.02
8 1.02:1 0.02 1.03±0.02:1
9 1.06:1 0.02
10 1.05:1 0.02

(c) Measured Pr:Co atomic% from each EDX spectrum.

Figure 11.6: EDX measurements of the surface of non-stoichiometric PCO (x = 0.00)
post-exchange. EDX spectra were obtained of the precipitates and PCO surface. The
precipitates had a higher Pr:Co ratio, suggesting the formation of a Pr oxide.

on the nm order, restoring confidence in the SIMS profiles.

To further investigate sample composition, PrO−:CoO− ratios were calculated from the

SIMS depth profiles of both the nonstoichiometric bulk and thin film PCO samples (from

a depth of 50 nm past the sample surface, until the end of the depth profile). For the non-

stoichiometric bulk PCO samples, it showed a clear correlation with PCO composition, see

Fig 11.8. This is in support of EDX measurements and the refined lattice parameters of

non-stoichiometric PCO, see Chapter 10. However, two trend lines may be drawn and it is

arguable that the PCO sample where x = 0.100 had a higher Pr to Co content, or the PCO

sample where x = 0.075 had a lower Pr to Co content, than would be expected given the

trendline. However, the variation in Pr-deficiency between PCO samples was small, not

exceeding x = 0.100. Assuming the sample where x = 0.000 had Pr-excess (PrO−:CoO−

∼0.075), and the sample where x = 0.025 was nominally stoichiometric (PrO−:CoO−

∼0.059), based on EDX measurements, the decrease in PrO−:CoO− ratio should not

exceed 0.006 for the most Pr-deficient sample. So in consideration of the gradient of

PrO−:CoO− ratio with Pr deficiency and also the anomalously high CoO− profile intensity

when x = 0.075, it does suggest that it was the PrO−:CoO− ratio, for the PCO sample
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(a) CoO− (b) PrO−

Figure 11.7: Normalized intensities of CoO− and PrO− as a function of sputter depth of
the non-stoichiometric PCO bar samples.

Figure 11.8: Average PrO−:CoO− ratios obtained across the depth of the non-
stoichiometric PCO samples. The data point in red is thought to be anomalous.

where x = 0.075, that was disproportionately low (and not the PrO−:CoO− ratio when x =

0.100 being disproportionately large). It should also be noted that the PrO−:CoO− ratios

from the SIMS depth profiles suggest a larger variation in PCO composition than expected

from previous compositional analysis. The cause for this discrepancy was unclear.

A comparison of the depth profiles between PrO−, CoO− and CeO− species of sample set

2, where CGO buffer layer thickness was varied (see Table 9.1) is provided in Fig 11.9.

CeO− profiles have also been included and the increase in CGO buffer layer thickness

can clearly be seen. CoO− and PrO− species all have similar depth profiles features

between the samples. The compositional variation at both PCO interfaces was much

more pronounced in the PCO thin films than in the bulk. Between the differently strained

PCO films, the compositional variation at the PCO surface remained roughly constant

between films. However, as CGO film thickness increased, increasing the compressive out-
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(a) CoO− (b) PrO−

(c) CeO− (d) PrO−:CoO−

Figure 11.9: Normalized intensities of (a) CoO−, (b) PrO− and (c) CoO−, also (d)
PrO−:CoO− ratios, as a function of sputter depth of the PCO films of sample set 2
(where the CGO buffer layer thickness was varied).

of-plane strain in the PCO film, the CoO− peak at the PCO/CGO interface can clearly

be seen to increase. If this trend is real, compositional variations through the film are

affected by the lattice strain distribution across the film.

In order to investigate the bulk composition of the PCO thin film, the average PrO−:CoO−

ratio was calculated from a depth of 10 nm to 60 nm from the sample surface where PrO−

and CoO− intensities are roughly constant, see Fig 11.10. Thus the regions where CoO−

intensities are enhanced and PrO− intensities reduced as a result of the surface/interface

precipitations were excluded. There may be a correlation between film composition and

CGO buffer layer thickness, where increasing the CGO buffer layer thickness, increased

the overall Pr content of the film.

This slight variation in film composition, if real, is thought not to be due to the formation

of Pr-rich precipitates at the surface as seen on the SE image. Firstly, the regions in

which compositions were affected by the precipitates were excluded. Secondly, even if not,

it would predict an opposite effect to that observed: increasing film-substrate mismatch

and increasing lattice strain would increase PrO precipitation at the PCO/CGO interface

that, if it did affect the bulk composition of the film, would decrease the bulk PrO−:CoO−
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Figure 11.10: Average PrO−:CoO− ratios obtained across the depth of the PCO films of
sample set 2, as a function of the number of laser pulses used in the deposition of the
CGO buffer layer. There may be a trend of increasing PrO−:CoO− ratio with increasing
CGO buffer layer thickness and subsequently with increasing PCO lattice strain.

ratio. The variation in film composition should also not arise from the film fabrication

process as PLD involves stoichiometric transfer of the component elements, though Co

volatisation has been known to occur at low laser fluences. It was not possible to ascertain

the source of this compositional variation between the PCO thin films.

A comparison of these PrO−:CoO− ratios to that obtained from the non-stoichiometric

bulk PCO samples suggests that the PCO thin films were slightly Pr deficient (if stoi-

chiometric PCO is when the PrO−:CoO− ratio is ∼ 0.059). If the PCO thin films are

Pr-deficient, and the application of an out-of-plane compressive strain was the reason

for the increased bulk PrO−:CoO− ratio, this implies that the out-of-plane compressive

strain must have resulted in loss of Pr vacancies (the formation of Co interstitials being

unlikely). The loss of the -ve charged Pr vacancies would have to be charge compensated,

either through the creation of holes, the change in oxidation state of Pr3+ to Pr4+, or the

creation of oxygen vacancies. Any changes in hole concentration should be reflected in elec-

trical conductivity measurements. If it is the latter, irrespective of any mechano-chemical

coupling effects, the increase in oxygen vacancies due to the compressive out-of-plane

strain would increase oxide ion conductivity.

Considering now mechano-chemical coupling, the out-of-plane compressive strain should

also result in retarded oxygen transport in the direction of the depth profile. There are

therefore two possible outcomes to an decrease in CGO buffer layer thickness observed in

this work: an increase in Pr vacancy content in the bulk of the film that would inhibit

oxygen transport, and a mechano-chemical coupling effect that would also inhibit out-

of-plane oxygen transport. Though, as earlier mentioned, no explanation may yet be

provided for the cause of the increase in PrO−:CoO− ratio, or if it is even related to the
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(a) CoO− (b) PrO−

(c) CeO− (d) PrO−:CoO−

Figure 11.11: Normalized intensities of (a) CoO−, (b) PrO− and (c) CoO−, also (d)
PrO−:CoO− ratios, as a function of sputter depth of the PCO films of sample set 3 (where
the PCO film thickness was varied).

strain state of the PCO thin film.

A comparison of the depth profiles between PrO−, CoO− and CeO− species of sample

set 3, where PCO film thickness was varied (see Table 9.1) is provided in Fig 11.11. As

with the thin films of sample set 2, there was a peak in CoO− intensity within the first 10

nm of the film surface, a rising CeO− intensity at increasing depths, and finally another

peak in CeO− prior to the PCO/CGO interface. The thicker the PCO film, the lower the

intensity of this first peak and the lower the overall intensity of the CoO− species.

There appeared to be no clear correlation between the thickness of the PCO film and the

intensity of the CeO− peak at the PCO/CGO interface, whereas in sample set 2, increasing

the CGO buffer layer thickness and increasing the lattice mimatch between PCO and CGO

increased the intensity of the CeO− peak. This enforces the earlier suggestion that the

compositional variation through the PCO film was the result of the lattice strain within the

film. These PCO films of sample set 3 all experience the same lattice mismatch with the

CGO buffer layer. Consequently, the CeO− peak intensities at the PCO/CGO interface

are all the same. As the PCO films relax, the CeO− intensities all decline at a similar rate

away from the PCO/CGO interface.
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Sample set 2 Sample set 3

No. pulses for Out-of-plane No. pulses for Out-of-plane
CGO deposition lattice strain (%) PCO deposition lattice strain (%)

500 -0.748 2000 -0.612

1500 -0.751 3000 -0.486

2000 -0.833 4000 -0.540

2500 -0.989 5000 -0.378

6000 -0.393

Table 11.2: Measured out-of-plane lattice strain in the PCO films of sample set 2 and 3.

The PCO films of sample set 2 appeared to have a lower CoO− peak at the PCO/CGO

interface, relative to CoO− intensities through the film, than seen for the PCO films in

sample set 3. This suggests that the compressive strain experienced in these PCO films

of varying thickness(sample set 3) is of a lower degree than the PCO films of sample set

2. A comparison of the out-of-plane strains in the two sample sets as measured from

the PCO(002) reflection, see Table 11.2, supports this. The thinnest and most strained

PCO113 film of sample set 3 was not as strained as the thinnest measured PCO film

deposited on the thinnest CGO buffer layer of sample set 2. This further affirms that the

intensities of the peaks in CoO− at the PCO film interfaces were affected by lattice strain.

Additionally, unlike in sample set 2, the CoO− intensities at the PCO/CGO interface were

similar across the films.

From Fig 11.11a, it does appear that the CoO− intensities of the PCO films deposited

using 4000 and 5000 pulses were lower than the trend would suggest. Also, the PrO−

intensity of the PCO film deposited using 5000 pulses seemed disproportionately large.

From the PrO−:CoO− ratios, this film was inconsistent with other films, and was consid-

ered anomalous. It should also be noted that the CeO− profile is much narrower in the

PCO film deposited using 1000 pulses than the other films. Either the CGO buffer layer

in this sample was exceptionally thin, or this film was thicker than would be predicted

from the average deposition rate by which all thin film profiles have been scaled.

As was performed for sample set 2, the bulk film composition of sample set 3 was inves-

tigated. The average PrO−:CoO− ratio was calculated for this sample set from a depth

of 10 nm from the sample surface to just before the second CoO− peak, in Fig 11.12.

A clearer trend between film composition and film thickness was found where increasing

PCO film thickness increased the PrO−:CoO− ratio. This was contrary to expectations

as the thicker PCO films would have experienced a lower out-of-plane lattice compression,

which was correlated to a lower PrO−:CoO− ratio, based on that observed on sample set 2.

Though there is a correlation, it is unlikely that the variation in film composition between

the two sample sets is due to the film lattice strain. The cause for this compositional

variation, if it does exist, is uncertain.

Thus from the compositional analysis of the thin films based on ToF-SIMS measurements,

two different outcomes to the thin film core composition, if real, have been observed upon
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Figure 11.12: Average PrO−:CoO− ratios obtained across the depth of the PCO films of
sample set 3, as a function of the number of laser pulses used in the deposition of the CGO
buffer layer. There may be a trend of increasing PrO−:CoO− ratio withith increasing PCO
film thickness and subsequently with decreasing PCO lattice strain (contrary to what was
found of the PCO films of sample set 2).

the variation of PCO and CGO buffer layer, which appeared to be unrelated to the in-

troduction of a lattice strain. Where PCO film thickness was maintained, the increase

in CGO film thickness (and increase in compressive out-of-plane strain) resulted in an

increase in the PrO−:CoO− ratio. On the other hand, where the CGO buffer layer thick-

ness remained constant, the increase in PCO film thickness (and decrease in compressive

out-of-plane strain) also resulted in an increase in the PrO−:CoO− ratio. The explanation

for this phenomenon requires further investigation. The defect concentrations of the thin

film samples are also expected to vary. Thus, any changes in oxygen transport cannot

derive solely from the mechano-chemical effect, but must also arise from the changes in

defect concentrations.

11.3.2 Oxygen Tracer Transport Measurements

It should be noted that previous EDX measurements of Chapter 10 suggested that the

nominally stoichiometric sample was actually Pr-excess and had an enlarged cell parame-

ter, and that the PCO sample where x = 0.025 was closer to stoichiometry. Nevertheless,
18O isotope exchange measurements were performed on all PCO bulk samples of varying

cation stoichiometry at an effective exchange temperature of ∼388◦C, the profiles of which

are plotted in Fig 11.13.

All of the profiles were observed to be similar in shape, with the exception of the PCO

sample with excess Pr (x = 0.00), which has a lower surface 18O intensity than the other

non-stoichoimetric PCO samples. This sample appears to have a lower surface exchange
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Figure 11.13: Corrected 18O tracer profile, obtained at an effective exchange time and
temperature of ∼15 min and ∼ 389◦C, for the non-stoichiometric PCO bar samples. Inset,
the diffusion profile at within the first 50 nm of the sample surface is expanded.

coefficient, relative to its diffusion coefficient, than the other non-stoichiometric samples.

All things being constant, this must arise from its different defect chemistry. An excess of

Pr would likely result in the formation of Co vacancies rather than Pr interstitials, which

would also have to be charge compensated and oxygen vacancies created as with the case

for Pr vacancies. Thus the difference in oxygen transport of the Pr-excess sample must be

related to the creation of Co vacancies rather than the concentration of oxygen vacancies.

A good fit was obtained for all of the normalized tracer fraction profiles of all samples

using Cranks solution for diffusion in a semi-infinite medium, as described in Chapter 2,

see Fig 11.24. However, unlike the LSC films of Kubicek et al. where the normalized O

fraction at the surface was lower than fitted in the first 1 to 1.5 nm of the film surface

[255], the opposite is found here where the fits at the surface of the samples (sputter

depth = 0), were consistently lower than the measured 18O intensity for all the samples.

As Pr oxide precipitates have been found on the PCO surface following the exchange

procedure (despite the samples being Pr-deficient for the most part), it is possible that

these precipitates were formed during the exchange and hence were 18O rich and thus

the source of the increased 18O fraction at the sample surface. If this was the case, the

samples where x = 0.000 and x = 0.075 should both have the greatest number of Pr oxide

precipitates on their surface. This would not be unexpected of the PCO sample where x =

0.000 but is unclear why, if all things were constant, a large amount of precipitates would

be found for the PCO sample where x = 0.075, which had the lowest PrO−:CoO− ratio

of all the samples. Alternatively, there is a possibility that a fast oxygen transport path

was present. These profiles are similar to that observed of Zhang et al. [57], which had

a slight tailing function and subsequently had a higher 18O concentration at the sample

near-surface, than predicted by Crank’s solution. More on this tailing function will be

discussed later in this section when the 18O profiles of PCO thin films (of sample set 2

and 3) are considered.
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(a) x = 0.000 (b) x = 0.025

(c) x = 0.050 (d) x = 0.075

(e) x = 0.100

Figure 11.14: 18O diffusion profiles in the non-stoichiometric PCO bar samples,
Pr1−xCoO3−δ, fitted to Crank’s solution for diffusion in a semi-infinite medium. Inset,
the near-surface profile: 0 to 50 nm. R2 values of the fit vary between 0.9704 and 0.9966.

D∗ and k∗ values of PCO and Pr-deficient PCO have been calculated to be around 10−16

cm2/s and 10−9 cm/s respectively, see Table 11.3. These are comparable to that of the

traditional cathode material: Sr-doped LCO, in which D∗ and k∗ values have been mea-

sured to be ∼10−15 cm2/s and 10−10 cm/s at ∼400◦C [85], see Fig 11.15. Although its

tracer diffusivity is up to 5 orders of magnitude lower than newer IT-SOFC materials such

as La2NiO4±δ, the use of PCO as a commercial IT-SOFC cathode does have its potential

especially as improvements in oxide ion conductivity may be acquired through the use of
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Pr1−xCoO3−δ Diffusion coefficient, D∗ Exchange coefficient, k∗

(x) (cm2/s) (cm/s) R2

0.000 2.26×10−16 10.1×10−10 0.9966

0.025 1.55×10−16 8.26×10−10 0.9883

0.050 1.36×10−16 4.48×10−10 0.9704

0.075 2.06×10−16 9.20×10−10 0.9959

0.100 1.67×10−16 8.97×10−10 0.9930

Table 11.3: Table of the diffusion and exchange coefficients, D∗ and k∗, obtained from
the fits of the 18O diffusion profiles in non-stoichiometric PCO at an effective exchange
temperature of ∼389◦C, and the R2 value of each fit.

Figure 11.15: Arrhenius plot of measured oxygen tracer diffusivity for different oxides cath-
odes: La0.8Sr0.2MnO3−δ [53], La0.5Sr0.5CoO3−δ [53], La0.8Sr0.2CoO3−δ [53], GaBaCo2O5+δ

[54] and La2NiO4+δ [55], taken from [56].

dopants such as Sr, or by tailoring the strain state of PCO thin films. To date, no tracer

diffusion or surface exchange coefficients have been published for PCO or doped PCO,

although these results do provide the impetus for investigating Sr-doped PCO.

A plot of D∗ and k∗ against nominal PCO stoichiometry and the measured average

PrO−:CoO− ratio is presented in Fig 11.16 and 11.17. The sample where x = 0.000

was omitted as it was determined to be Pr-excess and therefore has a different defect

chemistry. Although the trend was not as apparent when compared against PCO nominal

stoichiometry, one can be seen when D∗ was compared against PrO−:CoO− ratio, which

is the truer representation of trends in composition between PCO samples. A decrease

in Pr content relative to Co resulted in an increase in D∗. This is in agreement with

the defect chemistry earlier proposed in Chapter 10. A-site deficiency would result in

the creation of Pr vacancies and also oxygen vacancies. The increase in oxygen vacancy

contribution, and thus the increase in available lattice sites for oxide ions to migrate to,

would increase oxygen transport. It has not been possible to identify a trend in the oxygen
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(a) D∗ as a function of A-site deficiency, x (b) D∗ as a function of PrO−:CoO− ratio

Figure 11.16: Diffusion coeffitients, D∗, obtained from 18O diffusion profiles in the non-
stoichiometric PCO bar samples at an effective exchange temperature of ∼389◦C as a
function a A-site deficiency, x, and PrO−:CoO− ratio. There appeared to be a trend
between D∗ and PrO−:CoO− ratio, which was not present with x.

surface exchange with PCO sample composition, even in consideration of varying degrees

of Pr precipitation on the sample surface. Based on the trend observed, a decrease in

the PrO−:CoO− ratio of 0.01 would result in an increase in oxygen diffusion coefficient

by 0.16×10−16 cm2/s. As was mentioned in the earlier section, the range of metal cation

stoichiometries, as measured using the SIMS depth profile, was of a far larger range than

based on EDX measurements and the synthesis of the PCO powders. While it has not

been possible to obtain absolute values and to quantify the change in oxygen vacancy

contribution to the change in oxygen diffusion the trend between the two can nevertheless

be seen. No clear trends could be seen of k* as a function of either A-site deficiency, or

PrO−:CoO− ratio (or lattice strain or cell volume).

The mechano-chemical effect found in thin films may also contribute to the changes in

oxygen diffusion and surface exchange coefficient observed in these bulk PCO samples. In

Chapter 10, decreasing Pr content resulted in an expansion of the lattice, by up to ∼ 0.08%

in the b-cell parameter, attributed to the creation of Pr vacancies. Such an expansion of

the lattice would result in the stretching of the Co-O bonds. As the mechano-chemical

effect was attributed to the material response upon stretching of the Co-O bonds in DFT

studies [151], there is reason to expect a mechano-chemical effect in these chemically

strained films. The lengthening of the Co-O bonds would decrease the formation energy

of oxygen at the surface and the oxygen adsorption energy for oxygen exchange at the

surface, as well as reducing the migration energy barrier for oxygen diffusion. While an

increase in oxygen diffusion coefficient has been measured, it was not possible to establish if

this was purely due to the change in PCO defect concentration of if the mechano-chemical

effect was present in chemically strained bulk PCO. To do that comparison needs to be

made against the oxygen transport of similarly strained PCO thin films of sample set 3,
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(a) k∗ as a function of A-site deficiency, x (b) k∗ as a function of PrO−:CoO− ratio

Figure 11.17: Exchange coefficient, k∗, obtained from 18O diffusion profiles in the non-
stoichiometric PCO bar samples as a function a A-site deficiency, x, and PrO−:CoO−

ratio. No trends were apparent

which were of the same nominal chemical composition and PrO−:CoO− ratio and thus for

which any transport must arise from the mechano-chemical effect.

However, it should be noted that the variations in the measured D∗ values are not large.

Error bars have not been included based on the goodness of fit of the diffusion profile

to Cranks solution as they would have been misleading: R2 values ranged between 0.970

and 0.997 suggesting only a small error. However, the experimental error arising from

the anneal and exchange conditions, the history of the sample, sample preparation and

handling would far exceed this error. As a rule of thumb, experimental error for such

isotope exchange experiments is ±20%. Nevertheless, even in consideration of this, there

is still grounds that the trend in D∗ with PrO−:CoO− ratio in Fig 11.16b is real.

The 18O fraction against depth for PCO thin films of sample set 2, where CGO buffer

layer thickness was varied thus varying the lattice mismatch between PCO and CGO, is

presented in Fig 11.18. In the following paragraphs, the shape of the profile and trends

will be discussed, prior to fitting it to Crank’s solution.

The shape of the tracer profiles obtained for the PCO films were unlike that of a typical

Crank profile: they had an extremely steep drop in tracer fraction past the sample surface,

followed by an extremely long tail that does not reach the 18O isotope background abun-

dance fraction of 0.2%. This diffusion tail began at around 4 nm from the film surface for

all samples. Such a profile shape (though not to this extent) would normally suggest a

material with a high oxygen surface exchange, but low diffusion coefficient. The presence

of this tail in the diffusion profile also suggests the presence of a fast diffusion, such as

along grain boundaries [57, 57], and is discussed at the end of this section.

Given that: the tracer fraction was consistently underestimated at the surfaces of the bulk

PCO samples that was attributed to the formation of 18O rich Pr oxide precipitates; and
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Figure 11.18: Corrected 18O tracer profile, obtained at an effective exchange time and
temperature of ∼15 min and ∼ 389◦C, for strained PCO films of sample set 2 on a CGO
buffer layer deposited using 500 to 2500 pulses. Inset, the diffusion profile at within the
first 50 nm of the sample surface is expanded. The PCO/CGO interface was at a sputter
depth of ∼77.4 nm.

the PrO−:CoO− ratio profile of the PCO thin films also suggested the formation of Pr

oxide precipitates on the PCO film surfaces (and interfaces), this steep tracer fraction at

the PCO film surface may be due to 18O rich Pr oxide precipitates. In support of this,

the depth around which the profile levels off was around 10 nm, which corresponded to

the depth when CoO− intensities and PrO−:CoO− ratios leveled off, see Fig 11.4b. It

was possible also that the formation of the Pr oxide precipitates, resulting in depletion or

Pr at the film surface and creation of Pr vacancies improving oxygen surface exchange.

However, from what was seen earlier for the non-stoichiometric PCO samples, there was

no obvious correlation between surface exchange and the extent of Pr oxide precipitates.

For sample set 2, the CoO− profiles suggest varying degrees of precipitation. Yet, it is not

clear if the trend in the oxygen tracer fraction surface intensity with Pr precipitation is

real.

The PCO/CGO interface for all films was set to be at a depth of ∼77.4 nm. At around this

depth, it is arguable that another profile may be observed corresponding to the diffusion

of 18O into the CGO/YSZ substrate. This can more clearly be seen in the sample where

the CGO buffer layer was at its thinnest (4.8 nm). Nevertheless, it is clear that around

the interface, 18O intensities dropped rapidly, see Fig 11.19 although it still does not

attain background abundance of 0.02%. Isotope fractions were a magnitude lower at the

PCO/CGO interface than measured in LSC/STO by Kubicek et al. [255], and such a

profile (if it exists) cannot be fitted in any meaningful manner.

The 18O surface intensities of the PCO films were almost identical, except for the PCO film

deposited upon a 4.8 nm thick CGO buffer layer, which was significantly higher though it

had the same profile shape as in the other PCO films. Visually, there appears to be a trend

where higher isotopic fractions were obtained (and thus better oxygen transport) upon
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Figure 11.19: Corrected 18O tracer profile, obtained at an effective exchange time and
temperature of ∼15 min and ∼ 389◦C, for strained PCO films of sample set 2 on a CGO
buffer layer deposited using 500 to 2500 pulses. The profile at the PCO/CGO interface, a
sputter depth of ∼77.4 nm, may be seen.

decreasing the thickness of the CGO buffer layer. As measured in Chapter 9, increasing

CGO buffer layer increases the out-of-plane compressive strain of the PCO layer. This may

be evidence of the mechano-chemical effect, which predicts a decrease of oxygen diffusion

normal to the plane surface (in the direction of the depth profile). However, based on

the PrO−:CoO− ratios calculated earlier in this section, there was cause to believe that

the film composition was not constant between PCO films of sample set 2. A correlation

was found between CGO buffer layer thickness and its composition. Increasing the CGO

buffer layer thickness increased Pr content relative to Co, thus suggesting a decrease in

the concentration of Pr vacancies and subsequently also a decrease in the concentration

of oxygen vacancies. Thus, for the PCO films of sample set 2, there may have been a

chemical contribution to its oxygen transport that would predict a decrease in oxygen

transport with increasing CGO buffer layer thickness- the same outcome of the mechano-

chemical effect. Similarly to the non-stoichiometric PCO bulk samples, it was not possible

to confirm if the mechano-chemical effect really was present (and that the variation in

oxygen transport was not solely due to its different composition), and if it was present, to

distinguish the contributions of one phenomena from the other.

An attempt was made to fit these 18O profiles obtained from the PCO films of sample

set 2 to Cranks solution, see Fig 11.20. Only 18O fractions up to a depth of 60 nm were

used for the fit- the fit was made only from fractional 18O values within the ∼77.4 nm

thick PCO film. As can be seen, the fit was poor and unable to accommodate for the

grain boundary diffusion tail (even if grain boundaries do not greatly affect the oxygen

diffusion coefficient [481] though the initial fit close to the surface of the film was more

reasonable. As was found for the PCO bulk samples, the measured isotope fraction was

greater than the simulated value. The tracer D∗ and k∗ values obtained were comparable

to bulk values. There appeared to be no apparent enhancement of the ORR in moving

from bulk PCO to a textured PCO thin film. However, with such a poor fit and an R2
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Figure 11.20: 18O diffusion profiles in the strained PCO film (1000 pulses) on a CGO
buffer layer (2000 pulses) of sample set 2, fitted to Crank’s solution for diffusion in a
semi-infinite medium. Inset, the near-surface profile: 0 to 50 nm. D∗ and k∗ values are
5.83×10−16 cm2/s and 1.693×10−11 cm/s respectively were obtained, however the fit was
poor with an R2 value of 0.7447.

value of 0.7447, any D∗ and k∗ values would be questionable. While it has not been

possible to quantify the change in D∗ and k∗ with lattice mismatch between the PCO and

CGO, visual comparison of the profiles do still clearly indicate an improvement in oxygen

transport as lattice mismatch decreased.

Normalized isotopic fraction profiles were also measured for the PCO thin films of sample

set 3, see Fig 11.21. These films had a constant lattice mismatch with a 9.6 nm thick

CGO buffer layer, but varied in thickness and thus experienced a range of lattice strains

as strain relaxation occurred as a function of film thickness. The tracer profiles were similar

to that of the PCO thin films of sample set 2. The profile was extremely steep close to the

sample surface, before becoming very flat ∼4 nm into the film, with a long grain boundary

diffusion tail. As seen earlier, 18O levels do not reach background abundance (but rather

levels out at a corrected fraction of ∼ 0.05%), even within the CGO/YSZ substrate. With

the exception of the thinnest (25.8 nm) PCO, which had an extremely high tracer fraction

at the film surface, tracer fractions at the film surfaces were of similar values.

The thickest (154.8 nm, deposited using 6000 pulses) PCO film had an exceptionally

inhibited diffusion profile, and also a slightly different curvature to the other films. The

cause for this is unclear. However, in all the other films, a clear trend may be seen where

intensity of the 18O diffusion tail increased with PCO film thickness. The measured lattice

strain in the PCO films decreased with film thickness. This relaxation of lattice strain

was likely through the creation of misfit dislocations that are present not just at the

mismatched interface, but also throughout the strained film [482]. These dislocations may

affect the oxygen diffusion in a similar way as the disordered grain boundaries, having a

high concentration of lattice point defects that may facilitate the transport of oxygen and

subsequently increase the 18O diffusion tail.
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Figure 11.21: Corrected 18O tracer profile, obtained at an effective exchange time and
temperature of ∼16 min and ∼ 389◦C, for strained PCO films of sample set 3, deposited
using 1000 to 6000 pulses, on a CGO buffer layer of a constant thickness. Inset, the
diffusion profile at within the first 50 nm of the sample surface is expanded.

Visually, it also appeared that oxygen transport improves with PCO film thickness. In-

creasing PCO film thickness allows the lattice to relax, relieving itself of the out-of-plane

compressive strain induced by the lattice mismatched CGO buffer layer. For this situation

of a decreasing out-of-plane compressive strain, the mechano-chemical effect would predict

a decrease in the formation energy of oxygen vacancies and oxygen adsorption energy, and

thus an increase in oxygen transport as does appear to be the case. Therefore, if the

improvement in oxygen transport was real, it would support the presence of a mechano-

chemical effect. Additionally, as mentioned earlier, the presence of grain boundaries do

not appear to serve as fast transport pathways and thus the strain relaxation of the PCO

film should not contribute to its oxide ion conductivity. However, it was also observed

that the PrO−:CoO− ratio increased with PCO film thickness, with the likely effect of

reducing Pr vacancy concentration and retarding oxygen transport in the thicker and less

strained PCO films. That there appeared to be an increase in oxygen transport with PCO

film thickness instead indicated that the mechano-chemical effect was present, and offset

the effects of the compositional variation of the PCO films.

To confirm and quantify this combined effect on oxygen transport, D∗ and k∗ values need

to be obtained from the profiles. Two example fits have been provided in Fig 11.22, one

of a thinner PCO film with a smaller diffusion tail, and one of a thicker PCO film with a

larger diffusion tail. In both cases, the fits were as poor as were found in sample set 2, if

not worse depending on the intensity of the diffusion tail- the larger the grain boundary

contribution, the worse the fit.

In an attempt to obtain a better fit, a fit of the plane sheet model by Crank was also

attempted [105]. In a semi-infinite medium, the boundary conditions are such that the

corrected (for the background isotope fraction and the isotope fraction during the ex-

change) 18O tracer concentration, C ′, at the gas interface is the same as in the gas and
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(a) PCO film ∼77.4 nm thick (3000 pulses) (b) PCO film ∼129 nm thick (5000 pulses)

Figure 11.22: 18O diffusion profiles in two differently strained PCO films (∼77.4 nm and
∼129 nm thick) on a CGO buffer layer (deposited using 1000 pulses) of sample set 3, fitted
to Crank’s solution for diffusion in a semi-infinite medium. Inset, the near-surface profile:
0 to 50 nm. D∗ and k∗ values for the ∼77.4 nm thick PCO film are 4.95×10−16 cm2/s
and 1.57×10−11 cm/s respectively.D∗ and k∗ values for the ∼129 nm thick PCO film are
5.24×10−14 cm2/s and 1.30×10−10 cm/s respectively. However, the fit was poor with R2

value of 0.6649 and 0.7857 for the ∼77.4 nm and ∼129 nm thick PCO films respectively.

does eventually reach natural abundance. For the plane sheet model, there are instead

two sources of the diffusing species at either interface of a sample (at x = l and x = −l,
where x is the thickness of thickness of the sample and x = 2l), both of which have an

associated inward diffusion profile that is mirrored about the centre of the sample (at

x = 0). However, a good fit could still not be obtained.

The use of composite profiles has been proposed to fit for oxygen diffusion profiles exhibit-

ing a long tail in order to account for the standard lattice diffusion of oxygen and also the

fast-path diffusion of oxygen (such as along grain boundaries). Thus an additional tailing

term for grain boundary diffusion was derived by by Whipple [483] and Le Claire [484] of

the form Ae−Zx
6/5

for evenly distributed planar fast diffusion paths where the separation

between the parallel paths of fast diffusion is large enough that their associated diffusion

fields do not interact [485]. A schematic of this composite diffusion profile is illustrated

in Fig 11.23. This model has been shown to be applicable even to polycrystals with ran-

domly oriented grains [486] and has since been used to successfully fit diffusion profiles in

multiple polycrystalline systems [487, 488, 57, 58, 489, 490, 491, 492].

Examples of diffusions profiles by Zhang et al. with a tailing function being fit with

the standard Crank’s solution may be seen in Fig 11.24. These diffusion profiles are not

dissimilar to that obtained of the strained PCO films in this work, see Fig 11.22. It should

be noted that there have been contrary findings on the role of grain boundaries for oxygen

transport. On the one hand, (the traditional view) grain boundaries have been found to

serve as fast transport paths and may even facilitate oxygen exchange [493], yet this has

been disputed and grain boundaries have even been proposed to hinder oxygen transport
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Figure 11.23: Schematic composition diffusion profile. The near-surface steep profile
(curve CA) is due mainly to direct lattice diffusion from the surface along the X di-
rection, while the shallow tail (curve AE) is due mainly to fast paths. The contribution of
these fast paths to the composite diffusion profile may be described by the curve OFAE.
Taken from [57].

(a) Slight tail (b) Medium tail (c) Large tail

Figure 11.24: Composite diffusion profiles, fitted to Crank’s solution for diffusion in a semi-
infinite medium. In (A), there is a departure from Crank’s solution due to fast transport
paths but which does not result in a clear break and ’tail’ section making identification
difficult. In (b) and (c), different extents of a tailing function may be seen, similar to the
profiles obtained of the PCO films in this work, resulting from the varying contributions
of the fast transport paths to the profiles. Taken from [58].

[494].

Regardless, even if not due to grain boundaries, the diffusion profile of this work does

appear to have a composite character. Subsequently, it was plotted as a graph of ln

isotopic fraction against depth, x6/5, to see Fig 11.25. It may be argued that two separate

lines could be drawn to describe the fit and that this fit is better than that obtained using

Crank’s solution for purely lattice oxygen transport. Analysis of such composite profiles

have been performed by applying the Whipple-Le Claire equation to the near-surface

profile to obtain D∗ and k∗ values for lattice diffusion, [57, 490, 492]. In some cases, it

has then also been applied to the tailed profiles [490, 492]. However, these separate fits

over estimate oxygen diffusivites as contributions of one transport system to the other are

ignored. Another method of analysis has been been proposed by Kuar and Gust, that

does account for the overlap in profiles [495]. However it equires detailed knowledge of the

fast transport diffusion of oxygen in order to determine its contribution of the diffusion

profile, described by the curve OFAE in Fig 11.23, following which the remaining lattice

diffusion of oxygen is fitted using the Whipple-Le Claire equation. As this is not typically
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(a) (b)

Figure 11.25: (a) Measured 18O diffusion profiles in the strained PCO films on a CGO
buffer layer (deposited using 1000 pulses) of sample set 2, plotted on a ln(C ′) against
x6/5 axis to test for the presence of a tailing function and identify the break in the slope
(point A in Fig 11.23). The transition arising from lattice diffusion contributions and
fast diffusion paths contributions was less clear than in (b)- an example 18O diffusion
profile fit on the same axis by Zhang et al. [57], where the lattice and fast transport path
contributions may clearly be fitted in the profile.

known, approximations have been made where the contributions by the fast transport

path is described by OAE instead [58]. Either of such analysis lies outside the scope work

but should be followed up in further work.

This inability to fit the oxygen profile and obtain meaningful values of D∗ and k∗ prevented

comparison between the bulk and thin film sample sets where both changes in defect species

and the mechano-chemical effect are thought to affect oxygen transport. Nevertheless,

there is now a reasonable case to expect a mechano-chemical effect contributing to the

oxygen transport of the chemically strained bulk PCO samples, and the thin film PCO

samples with a range of lattice mismatches.

11.3.3 Electrical Transport Measurements

The conductivity measurements of bulk non-stoichiometric PCO and strained thin film

PCO as a function of temperature were performed. Prior to the measurements, checks

were made for the internal consistency and uniformity of the sample, as well as the quality

of the ohmic contact. To ensure the latter, a current should be applied such that the

power dissipation does not exceed 5 mW (or preferably 1 mW). Thus, as a rule of thumb,

an applied current was applied where I ≤ (200R)−0.5 and there was confidence that a

good ohmic contact had been obtained. SEM images taken about the cross-section of

the non-stoichoimetric bar samples showed no indication of sample non-uniformity. For

the thin film samples, PLD is a process capable of producing homogenous thin films,
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(a) Conductivity as a function of tempera-
ture

(b) Conductivity at 400◦C

Figure 11.26: Conductivity measurements of non-stoichiometric PCO bar samples
(Pr1−xCoO3−δ where x denotes A-site deficiency. Increasing x resulted in a decrease
in electrical conductivity.

and AFM images of the film surface taken at various locations also suggest a uniform

sample morphology. Thus there is no cause to suspect sample non-uniformity in the bulk

non-stoichiometric PCO or PCO thin film samples.

The electrical conductivity measurements of the nonstoichiometric bulk PCO samples

have been presented in Fig 11.26a, discounting that of the nominally stoichiometric PCO

sample where x = 0.00 that was found to be Pr-excess according to EDX measurements.

There appears to be an upward shift in conductivity with increasing Pr-deficiency. A

deviation in the Pr site fraction of ∼0.1 resulted in an increase in electrical conductivity

by half an order of magnitude. As was pointed out by Ullmann, the deviation in cation

stoichiometry has indeed resulted in large deviations in electrical conductivity [67]. This

would have been expected from a purely chemical point of view, similar to that taken for

A-site deficient LSCF by Mineshige et al. where an increase in Sr deficiency decreased

conductivity as it was the introduction of Sr-dopants that resulted in the creation of

electronic p-type carriers. In this case the removal of A-site Pr would create Pr vacancies,

and subsequently also holes (see Chapter 10). This trend can be seen in Fig 11.26b of the

electrical conductivity measured at 400◦C against sample composition

In Fig 11.27a, it can be seen that while the majority of the conductivity measurements of

the PCO thin films showed a similar dependence of electrical conductivity on temperature,

a steeper curve was also observed at lower temperatures for the two thickest PCO films (of

sample set 3) that exceeded 103 nm (deposited using 4000 pulses). The cause for this is

unclear, though it may be possible there is a threshold PCO film thickness beyond which

there is a change in the factors contributing to its electrical properties which also resulted

in a different conductivity curve and an increase in electrical conductivity at 400◦C for

these two samples. Omitting the results of these two thickest films in sample set 3, a linear
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(a) Conductivity as a function of temperature

(b) Conductivity at 400◦C, sample set 2 (c) Conductivity at 400◦C, sample set 3

Figure 11.27: Conductivity measurements of strained PCO films of sample set 2 (where
the CGO buffer layer was deposited using 500 to 2500 pulses, and the PCO film deposited
using 3000 pulses) and sample set 3 (where the CGO buffer layer was deposited using 1000
pulses, and the PCO film was deposited using 1000 to 6000 pulses). The conductivity
measurements of the two thickest PCO films of sample set 3 at 400◦C in (c) have been
omitted.

dependence of electrical conductivity on PCO film thickness may be seen where increasing

film thickness decreased electrical conductivity, see Fig 11.27c. Increasing CGO buffer

layer thickness in sample set 2 also resulted in a decrease in electrical conductivity, see

Fig 11.27b.

Increasing PCO film thickness should decrease the in-plane tensile strain in the PCO film,

while increasing CGO buffer layer thickness should increase the in-plane tensile strain in

the PCO film- contrary effects. Thus to examine why the decrease in conductivity is seen

as CGO film thickness increased in sample set 2, conductivity values were plotted as a

function of two possible influences on electrical conductivity: PrO−:CoO− ratio and PCO

lattice strain, see Fig 11.28.
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(a) Conductivity at 400◦C, as a function of
PrO−:CoO− ratio

(b) Conductivity at 400◦C, as a function of
PCO out-of-plane lattice strain

Figure 11.28: Conductivity values at 400◦C in the strained PCO films of sample sets 2
and 3.

In Fig 11.28a, it can be seen in both sample sets that there is a correlation between elec-

trical conductivity and PrO−:CoO− ratio. On consideration of defect chemistry alone,

increasing the Pr content would have decreased the negatively charged Pr vacancy con-

centration, and thus also decreased the need for a charge compensating species, resulting

in a reduction in the concentration of electronic hole carriers. This was indeed reflected

in the decrease in electrical conductivity measured as the PrO−:CoO− ratio increased.

The variation in electrical conductivity with composition was significantly different be-

tween the two sample sets of differently strained films. The PCO films of sample set 2

saw almost twice a decrease in electrical conductivity for the same change in composition

as the PCO films of sample set 3. It should therefore be anticipated that in addition

to compositional effects, strain effects must also be present. However, the effect of the

PCO out-of-plane strain on electrical conductivity, see Fig 11.28b was difficult in con-

firm. In sample set 2, increasing PCO out-of-plane strain appeared to increase electrical

conductivity- the opposite was seen of sample set 3. It may be that the different methods

of inducing the lattice strain had different effects on the CoO6 octahedral tilt hence these

opposing behaviors. Or, it may be that the effect of out-of-plane strain on conductivity of

the two sample sets may be combined, in which case increasing out-of-plane strain does

clearly result in an increase in conductivity. This may then explain the difference in the

effect of PrO−:CoO− ratio on conductivity between the two sample sets in Fig 11.28c.

The difficulties in interpreting these results arise as the effects of strain and composition

are not isolated. Further work is required, possibly using a different fabrication technique

wherein strained films of identical compositions may be tested.

Additionally, to further investigate the effect of lattice strain on conductivity, it is necessary

to characterize the nature of the CoO6 distortion with the application of an out-of-plane

compressive strain using the two different methods. In-plane XRD measurements would
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be required to obtain in-plane lattice parameters from which to calculate the Goldschmidt

tolerance factor and also the octahedral tilt. While RSMs have been obtained of a few

of the PCO thin film samples, they were of insufficient quality to extract accurate lattice

parameters. In order to pursue this further and identify the effect of lattice strain on the

CoO6 octahedral tilt, as has been performed by Vailionis et al. [496], further accurate

in-plane structural analysis is required.

If a strain effect was present in the lattice strained PCO films, it may also be present in

the chemically strained non-stoichiometric bulk PCO samples. The chemical expansion of

PCO on decreasing Pr content resulted in lattice expansion of all three cell parameters.

The effect of this chemical expansion on the CoO6 octahedra responsible for electronic

conductivity would not have been the same as for the directionally strained thin films,

and parallels on the effect of lattice strain on conductivity may not be drawn. As with

the thin films, further oxygen sensitive structural characterization is required to confirm

any distortion of the CoO6 octahedra to which the changes in electrical conductivity may

be attributed.

It should be noted that a comparison of the measured electrical conductivities the two

sample sets of strained PCO films suggested that the electrical conductivity of the PCO

thin films of sample set 2 were enhanced, while the electrical conductivity of the PCO thin

films of sample set 3 were inhibited, compared to bulk PCO. Yet, sample set 3 had: the

lower range of PrO−:CoO− ratios, which should mean a higher concentration of electronic

hole carriers; and smaller in-plane tensile strains, also thought to be associated with a

poorer electrical conductivity (though this requires further structural characterization to

confirm). At present, no explanation may be given to reconcile this discrepancy. The

conductivities of the non-stoichiometric PCO samples may also have been inhibited by

chemical expansion effects, a tensile strain having been measured in the non-stoichiometric

samples).

A potential of error in the van der Pauw measurements of the PCO films is if there

were substrate contributions to the electrical conductivity measured, short-circuiting the

film. The electrical conductivity of the substrate should be several orders of magnitude

lower than that of the thin film to minimize its contributions to the plane conductivity

measurement. A comparison of published data on the electrical conductivity of thin film

and bulk CGO shows that it was ∼6 orders of magnitude lower than that of the values

obtained here for bulk PCO [60, 313, 497, 498, 499], see Fig 11.29a. In the case that

the CGO buffer layer did not act as a full blocking layer between the PCO and YSZ

substrates, the electrical conductivities of YSZ have also been provided and can be seen

to be of the same order as CGO [59, 500], see Fig 11.29b. Thus there is confidence that

any contributions to the electrical conductivity measured of the PCO film, by the CGO

buffer layer of YSZ substrate, would have been negligible and cannot be the cause for the

discrepancy mentioned.
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(a) CGO films, taken from [60]

(b) YSZ films, taken from [59]

Figure 11.29: Conductivity measurements of (a)CGO and (b)YSZ films on various sub-
strates by [59, 60]- refer to these works for references in the the figures.

11.4 Conclusion and Further Work

Oxide ion and electrical conductivity measurements were performed on bulk PCO samples

with a range of cation non-stoichiometry, and PCO thin films with a range of out-of plane

compressive strains. The variation in out-of-plane compressive strain was achieved either

by increasing CGO buffer layer thicknesses or increasing PCO film thickness. Composi-

tional analysis of the samples was performed using the ToF SIMS measurements used to

obtain an 18O tracer diffusion profile. It revealed a compositional variation in the PCO

thin films whereas the bulk PCO samples maintained a uniform composition past its sur-

face. A correlation was found between the extent of compositional variation within the

strained PCO thin films and the degree of lattice mismatch at the PCO/CGO interface.

Additionally, SE images and EDX analysis indicated the presence of Pr-rich precipitates at

the surface the nominally stoichiometric bulk PCO sample. These precipitates are likely to

have been present on all the samples and are thought to have formed during the exchange

process.
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The 18O fractional profiles were fitted using Cranks solution to obtain D∗ and k∗ values.

An increase in the Pr deficiency of the PCO bulk samples resulted in an increase in D∗,

and varied between 1.36×10−16 cm/s2 and 2.06×10−16 cm/s2 at 400◦C, comparable to D∗

values of other typical cathode materials. No clear trend was observed with respect to

k∗. For all samples, surface 18O fractions were underestimated by the fit. The increase

in D∗ with Pr-deficiency was attributed to the creation or Pr vacancies and subsequently

O vacancies. Similarly, the electrical conductivity of PCO was found to increase with Pr

vacancies, as a consequence of its defect chemistry.

There were two identified contributions to the oxide ion conductivity of the PCO thin film:

the film composition and the mechano-chemical effect as determined by the strain state

of the film. Where the CGO buffer thickness was increased, the increase in PrO−:CoO−

ratio and increased out-of-plane compressive lattice strain both resulted in a decrease in

oxide ion conductivity. Where the PCO film thickness was increased, the effect of increase

in PrO−:CoO− ratio on inhibiting oxide ion conductivity was offset by the effect of the

decrease in out-of-plane lattice strain promoting oxide ion conductivity resulting in an

overall increase in oxide ion conductivity. The comparison of the two sample sets confirms

the presence of the mechano-chemical effect. However, it was not possible to fit the 18O

diffusion profiles of the thin films to Cranks solution. There is evidence of the presence

of a fast oxygen transport path. As such, further work is required to quantify oxide ion

conductivity of the PCO thin films and confirm the trends described.

Due to compositional variations detected in the PCO films, changes to electrical conduc-

tivity have be the result of both strain and compositional effect. As a different gradient of

electrical conductivity with respect to film composition was observed, it has been suggested

that there may be a mechano-chemical effect on electrical conductivity and the applica-

tion of an out-of-plane compressive strain may increase electrical conductivity. However,

further work is required to identify the effect of lattice strain on the CoO6 octahedral to

explain this result.



Chapter 12

Conclusions

As outlined in Chapter 4, the objective of this work was to enhance the ORR in the

PrCoO3−δ, PCO113, system. Two occasion have been identified where this has been

accomplished: the pairing of a perovskite PCO113 to a Ruddlesden-Popper Pr2NiO4±δ,

PNO214, film as reported by Sase et al. for the (La,Sr)CoO3/(La,Sr)2CoO4 system [32, 26],

or the use of mechano-chemical coupling to “tailor the energy landscape” as has been

proposed by Yildiz et al. [228]. With respect to mechano-chemical coupling, two forms of

lattice strain have been investigated: mechanical strain in thin films resulting from lattice

mismatch between PCO113 film and Ce0.9Gd0.1O2/8mol%-YSZ, CGO/YSZ, substrate;

and chemical strain in bulk samples resulting from cation non-stoichiometry (Pr1−xCoO3).

To test for enhancement of the ORR oxide ion and electrical transport measurements were

taken.

PLD was the thin film fabrication technique used. Much of the preliminary work involved

the synthesis and characterization of dense, single phase PCO113, PNO214 and CGO

(supplied) PLD targets to serve as a reference from which to calculate lattice strain.

Space group assignments of Pnma, Fmmm and Fm3̄m were used for the three targets,

respectively. CGO deposition conditions were obtained from literature [27, 29, 227, 310,

311]. A range of deposition substrate temperatures and oxygen partial pressures were used

to optimize PLD conditions for PCO113 and PNO214.

PCO113 was deposited at substrate temperatures between 680◦C to 780◦C, and oxygen

partial pressures between 10 mTorr and 500 mTorr. However, these deposition parameters

did have an effect on film morphology: increasing substrate temperature resulted in the

formation of an ‘island’ morphology, while decreasing oxygen partial pressure below 100

mTorr resulted in a porous film with irregularly shaped grains. Optimal deposition condi-

tions were at a substrate temperature of 680◦C and oxygen partial pressure of 300 mTorr.

The PCO113 deposition rate under those conditions was ∼4.8 nm/1000 pulses. This is

the first reported work of the deposition of PCO113 on Si(004) and CGO(200)/YSZ(002)

substrates.

Using the same PLD conditions trialed for PCO113, single phase PNO214 could not be
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deposited. The resulting film comprised of multiple phases, thought to include Pr6O11

with any combination of PrNiO3, PNO214 and Pr4Ni3O10. Identification of these sec-

ondary phases was uncertain due to the textured nature of the deposited film and the

similarities in the structure of the Pr oxides. There have been reports of the high tem-

perature instability of PNO214 in air and its oxidative decomposition into Pr6O11 and

Pr4Ni3O10 [47, 48]. Building on those works, isothermal measurements of PNO214 (which

have not been reported before in literature) were performed at 800◦C in air and showed

the gradual formation of Pr6O11 and Pr4Ni3O10 suggesting this process to be kinetically

limited. The fractions of Pr6O11 and Pr4Ni3O10 present were quantified using Rietveld

refinements as a function of anneal time. The formation of Pr4Ni3O10 appeared to facil-

itate the breakdown of PNO214. However, further work is required for oxygen sensitive

structural characterization, such as high temperature neutron diffraction, to understand

the gradual structural evolution of the PNO214 into Pr6O11 and Pr4Ni3O10. While this

high temperature instability does not rule out PNO214 from application in IT-SOFCs,

PLD does not appear to be a suitable technique for the fabrication of PNO214 films that

are without stabilizing dopants such as Cu and Ga. Due to the inability to produce a

PNO214 film, only the mechano-chemical effect could be investigated for its effect on the

ORR.

In order to introduce a range of lattice strains into the PCO113 films, two methods were

used. In the first method (sample set 2), PCO113 films ∼75.4 nm thick were deposited on

CGO(200) buffer layers whose thicknesses varied between ∼6.2 and ∼24.1 nm. Contrary

to expectations based on the relative cell parameters of CGO and YSZ, an out-of-plane

compressive strain was measured (an out-of-plane tensile strain was expected). However,

it later became clear that the CGO target stoichiometry must not have been maintained

during the PLD process and should not be used in the calculation of the lattice strain

in the deposited CGO film. Increasing CGO buffer layer thickness was found to increase

the measured out-of-plane strain in the PCO113 film, from -0.75% to -0.99%. This is

in keeping with the expectation that increasing the CGO buffer layer thickness would

allow the CGO buffer layer to relax, increasing its in-plane lattice parameters and thus

increasing the lattice mismatch between CGO and PCO.

For the second method (sample set 3), PCO113 films of thicknesses between ∼46.0 nm

to ∼467.0 nm were deposited on CGO buffer layers ∼4.8 nm thick. Increasing PCO film

thickness decreased PCO out-of-plane lattice strain from -0.61% to -0.39% (calculated

from the PCO(002) reflection) as the lattice relaxed. The strain relaxation in the two

PCO113 orientations detected, (002) and (0k0), was modelled and found to have similar

rates of relaxation (α = 0.01 and 0.02 nm−1 respectively) comparable to that reported in

literature of LSC films, though the initial lattice strain at the CGO/PCO interface of the

two orientations were quite different (ε0 = -0.74 and -0.22% respectively). Thus a range

of PCO113 lattice strains in sample sets 2 and 3 were obtained. As with the PCO films of

sample set 2, further work is required to examine the effect of lattice strain on the CoO6

octahedral tilt, and whether these two different methods of achieving a lattice strain have

the same effect on the CoO6 octahedral tilt.
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Lastly, to prepare chemically strained PCO113 samples, A-site deficient PCO113 (Pr1−xCO3−δ)

samples were synthesized. Rietveld refinements were performed on room temperature

XRD patterns. The rate of lattice expansion with respect to A-site deficiency, x, may

be described using Vegard’s law and was found to be 3.3 - 3.9 Å/x for the a- and c-cell

parameter, and 4.7 Å/x for the b-cell parameter. The expansion of the lattice with in-

creasing A-site deficiency was attributed to the formation of Pr vacancies, which effect

was sufficiently large to offset the decrease in lattice parameter associated to the increase

in oxidation state of Co3+ to Co4+. Due to the insensitivity of X-rays to oxygen, the effect

of lattice expansion on the CoO6 octahedral tilt could not be determined.

Additionally, HT-XRD measurements were performed on the A-site deficient PCO113

samples to check for instability and also to provide insights to the defect chemistry of

PCO113, which needs to be accounted for in order to separate compositional effects from

mechano-chemical effects in these samples. No secondary phases were detected for all

A-site deficient PCO113 samples. The thermo-chemical effect was observed wherein there

was a superposition of chemical expansion, on top of thermal expansion, as oxygen uptake

occurred (the removal of oxygen vacancies causing a contraction in the lattice). Increasing

A-site deficiency was found to decrease the thermal expansion coefficient while its effects

the chemical expansion coefficient is not clear and no c. The presence of the thermo-

chemical effect confirms that for the non-stoichiometric chemically strained PCO113 sam-

ples, there would be compositional contributions to the ORR, not just mechano-chemical.

It was intended that a comparison be made between the transport properties of the lattice

mismatched PCO113 films (purely mechano-chemical effect) and the chemically strained

non-stoichiometric PCO113 samples (mechano-chemical and compositional effect).

However, ToF SIMS depth profiles of the PCO113 films indicated a slight variation in the

overall cation stoichiometry between the films, despite the PLD technique being specifically

chosen for its ability for stoichiometric transfer from target to film. It was unclear if

these variations were real, more accurate compositional analysis is required to confirm

the composition of the PCO113 films. The lack of this information created difficulty in

interpreting trends in the transport measurements. Additionally, the ToF SIMS depth

profiles also indicated a compositional variation within the films, depending on the extent

of lattice strain experienced by the film. Further work is required the investigate the effect

of strain on compositional gradation, and its effect on PCO113 performance. While the

bulk non-stoichiometric PCO samples had a uniform composition at its core, SE images

and EDX analysis revealed the formation of Pr-rich precipitates on the surface of the

nominally stoichiometric PCO sample that were not present prior to the isotope exchange.

Thus the effect of exchange conditions on the samples also warrants further investigation.

18O diffusion profiles of the non-stoichiometric PCO113 samples were fitted using Crank’s

solution for diffusion in a semi-infinite plane. Increasing A-site deficiency increased D∗. No

clear trend was found between x and k∗. There may have been a slight tailing function in

the diffusion profiles of the non-stoichiometric PCO113 samples. For the strained PCO113

films, the extent of the tailing function increased with PCO113 lattice strain. It was not
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possible to obtain D∗ and k∗ values from these profiles. Further work would involve the

fitting of a composite profile that would have a lattice contribution to the tracer diffusion

as well as a fast transport path, in order to quantify the effect of out-of-plane strain

on oxide ion transport. Based on a visual inspection of the diffusion profile and also a

consideration of cation stoichiometry in the PCO113 films of both sample sets, it appeared

that the introduction of a compressive out-of-plane strain in the PCO113 films inhibited

oxide ion transport- there was evidence of a mechano-chemical effect. Thus, it is possible

that there were strain effects also contributing to the oxide ion transport in the non-

stoichiometric PCO113 sample. The lattice expansion upon increasing A-site deficiency

may also have contributed to the increase in D∗ measured.

Increasing A-site deficiency of the non-stoichiometric PCO113 samples was found to in-

crease electrical conductivity, as would be expected given the defect chemistry of PCO113.

Chemical strain effects on electrical conductivity could not be confirmed without an as-

sessment of the CoO6 ocatahedral tilt. The effect of chemical and lattice strain on the

electrical conductivity of and PCO113 films was also open to interpretation. The PCO

films of sample set 2 seemed to show a decrease in conductivity as PCO113 out-of-plane

strain increased, while the PCO113 films of sample set 3 showed the opposite. Both sam-

ple sets did show an increase in conductivity with decreasing PrO−:CoO−, suggesting

that compositional effects were present. It was not possible to arrive at firm conclusions

without further work investigating the effect of lattice strain on the CoO6 octahedral tilt.

Lattice strain does clearly have an influence on the oxide ion and electrical conductivity

of PCO113 and there is the potential to enhance cathode performance of PCO113 using

lattice strain. However, even within the controlled nature of this work, there was dif-

ficulty in reliably and accurately depositing PCO113 films of progressing lattice strains

and greater care was required in screening YSZ(002) substrates as well as the CGO(200)

buffer layers prior to the deposition of PCO113. This was largely due to the laser abla-

tion damage acquired by the targets. Despite efforts to minimize this by grinding away

the damaged target surface between depositions, thicker films would allow an accumula-

tion of ablation damage during the deposition. Thus, one of the major impediments of

using lattice strain to enhance SOFC performance arises from the fabrication technique.

Even if such strained components could be reliably produced, TEC mismatch between cell

components are likely to affect the strain state of the electrolyte (or alternatively, TEC

mismatch may be exploited to induce the lattice strain). Lastly, the effect of lattice strain

on oxide ion conductivity measured in this work are not of the same order as reported

by Sase et al. [32, 26]. While it may provide insights regarding the transport of oxygen

through a strained landscape, it is unlikely to warrant the effort required to be applied in

real SOFCs.



Appendix A

A.1 Pseudo-Voigt Fit of the Out-of-plane PrCoO3 Reflec-

tions at ∼33.5◦ 2θ

(a) 1000 pulses (b) 2000 pulses

(c) 3000 pulses (d) 4000 pulses
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(e) 5000 pulses (f) 6000 pulses

Figure A.1: Pseudo-Voigt fit of the out-of-plane XRD highest intensity PrCoO3 reflection
at ∼33.5◦ 2θ for PrCoO3 films deposited on Si(004) single crystal substrates using a range
of laser pulses between 1000 to 6000 pulses. The measured diffraction pattern is in black,
and the pseudo-Voigt profile in red. The purple arrows indicate the range of data selected
for the fit.
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A.2 XRD Measurements and Rietveld Refinement of Pr2NiO4

following Isothermal Treatment

(a) 0 h (b) 3 h

(c) 6 h (d) 12 h

Figure A.2: XRD powder patterns of quenched Pr2NiO4 samples following an anneal at
800◦C in air for up to 12 h. The measured data is in red, the Rietveld fit in black, and the
difference between them in blue. The Bragg reflections of Pr2NiO4, Pr6O11 and Pr4Ni3O10

are marked in blue, red and green, respectively.
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0 h 3 h 6 h 12 h

Pr2NiO4, a (Å) 5.4614(2) 5.4584(1) 5.4596(1) 5.4604(1)
Fmmm b (Å) 5.3956(1) 5.3912(1) 5.3904(1) 5.3889(1)

c (Å) 12.4617(3) 12.4547(2) 22.4579(2) 12.4625(3)
Cell vol (Å3) 367.22(17) 366.502(9) 366.63(11) 366.790(13)
Fraction (%) 100.00(52) 99.67(49) 92.19(64) 51.54(33)
RBragg (%) 9.11 9.27 11.7 4.79

Pr6O11, a = b = c (Å) - 5.4741(8) 5.4719(5) 5.4729(2)
Fm3m Cell vol (Å3) - 164.039(4) 163.837(25) 163.923(9)

Fraction (%) - 0.33(2) 7.81(24) 15.33(18)
RBragg (%) - 37.8 25.2 6.95

Pr4Ni3O10, a (Å) - - - 5.3934(9)
Fmmm b (Å) - - - 5.4483(12)

c (Å) - - - 27.3483(50)
Cell vol (Å3) - - - 803.637(265)
Fraction (%) - - - 33.13(34)
RBragg (%) - - - 9.66

Rwp (%) 16.0 17.2 22.1 17.8
Rexp (%) 13.12 12.95 13.17 17.01

χ2 1.50 1.76 2.83 1.1

Table A.1: Refined parameters and reliability factors in Rietveld analysis of powder XRD
sample held at 800◦C in air for varying duration.
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A.3 Thermal Analysis Data of Pr1−xCoO3−δ

(a) DSC (b) TGA

Figure A.3: (a) DSC measurements of non-stoichiometric Pr1−xCoO3−δ samples, where x
denotes A-site deficiency. (b) Example of a TGA measurement of an A-site deficient PCO
where x = 0.050. An increase in mass can be seen past ∼400◦C as oxygen is taken into
the lattice.
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A.4 XRD Measurements and Rietveld Refinement of Pr1−xCoO3−δ

(a) x = 0.000 (b) x = 0.025

(c) x = 0.050 (d) x = 0.075

(e) x = 0.100

Figure A.4: XRD powder patterns of non-stoichiometric Pr1−xCoO3−δ samples, where x
denotes A-site deficiency. The measured data is in red, the Rietveld fit in black, and the
difference between them in blue. The Bragg reflections of PrCoO3 is marked in blue.
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x = 0.000 x = 0.025 x = 0.050 x = 0.075 x = 0.100

a (Å) 5.3455(1) 5.3424(1) 5.3435(1) 5.3437(1) 5.3442(1)
b (Å) 7.5815(1) 7.5771(1) 7.5786(1) 7.5782(1) 7.5797(1)
c (Å) 5.3811(1) 5.3783(1) 5.3792(1) 5.3792(1) 5.3798(1)

Pr 4c 4c 4c 4c 4c
(0.4714(2) (0.4720(2) (0.4713(2) (0.4703(3) (0.4710(2)

0.25 0.25 0.25 0.25 0.25
0.0041(6)) 0.0021(9)) 0.0035(8)) 0.0037(13)) 0.0021(8))

Co 4a(0 0 0) 4a(0 0 0) 4a(0 0 0) 4a(0 0 0) 4a(0 0 0)
Pr-O1 2.3565 2.3443 2.3525 2.3540 2.3453

3.0373 3.0462 3.0394 3.0386 3.0473
2.5193 2.5197 2.5176 2.5126 2.5152
2.8817 2.8752 2.8805 2.8860 2.8814

Pr-O2 2.5905 2.5971 2.5913 2.5878 2.5952
2.3859 2.3878 2.3867 2.3891 2.3915
3.1358 3.1269 3.1331 3.1365 3.1307
2.6734 2.6684 2.3708 2.6692 2.6672

Co-O1 1.9301 1.9290 1.9294 1.9293 1.9296
Co-O2 1.9313 1.9302 1.9306 1.9306 1.9308

1.9311 1.9300 1.9303 1.9304 1.9308
Co-O1-Co angle (◦ ) 158.231(3) 158.230(3) 158.231(2) 158.230(3) 158.231(3)
Co-O2-Co angle (◦ ) 158.169(2) 158.169(2) 158.169(2) 158.170(2) 158.169(2)

RBragg (%) 3.65 4.90 5.03 6.52 4.88
Rwp (%) 9.77 8.37 8.79 13.3 10.9
Rexp (%) 7.27 6.44 7.04 8.69 7.91

χ2 1.81 1.69 1.56 2.33 1.90

Table A.2: Refined parameters and reliability factors in Rietveld analysis of non-
stoichiometric Pr1−xCoO3−δ samples, where x denotes A-site deficiency, using the Pnma
spacegroup assignment. Oxygen positions were not refined but set to (0.5060, 0.25, 0.5675)
and (0.2176, 0.0359, 0.2820) for O1 and O2, taken from [6].
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(a) x = 0.000

(b) x = 0.025
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(c) x = 0.050

(d) x = 0.075
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(e) x = 0.100

Figure A.5: In-situ HT-XRD powder patterns of non-stoichiometric Pr1−xCoO3−δ sam-
ples, where x denotes A-site deficiency, in air.
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A.5 ZYGO Crater Depth Measurements of Pr1−xCoO3−δ

Filled plot Profile plot

x = 0.000

x = 0.025

x = 0.050

x = 0.075

x = 0.100

Table A.3: ZYGO crater depth measurement of non-stoichiometric Pr1−xCoO3−δ samples,
where x denotes A-site deficiency.
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A.6 ToF SIMS Profiles of Pr1−xCoO3−δ Bulk and Film Sam-

ples

(a) x = 0.000 (b) x = 0.025

(c) x = 0.050 (d) x = 0.075

(e) x = 0.075

Figure A.6: SIMS depth profiles of non-stoichiometric Pr1−xCoO3−δ samples, where x de-
notes A-site deficiency. Normalized intensities detected are plotted against sputter depth.
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(a) x = 0.000 (b) x = 0.025

(c) x = 0.050 (d) x = 0.075

Figure A.7: SIMS depth profiles of PCO/CGO/YSZ films of sample set 2, where a range
of pulses were used to deposit the Ce0.8Gd0.2 buffer layer. 3000 pulses used to deposit the
PrCoO3 film). Normalized intensities detected are plotted against sputter depth.
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(a) 1000 pulses (b) 2000 pulses

(c) 3000 pulses (d) 4000 pulses

(e) 5000 pulses (f) 6000 pulses

Figure A.8: SIMS depth profiles of PCO/CGO/YSZ films of sample set 3, where a range
of pulses were used to deposit the PrCoO3 film. 1000 pulses were used for the deposition
of the Ce0.8Gd0.2 buffer layer. Normalized intensities detected are plotted against sputter
depth.
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vaniu, D. Marrero-López, W. Zhou, J. T. S. Irvine, J. M. Ralph, A. C. Schoeler,

M. Krumpelt, S. J. Skinner, J. W. Fergus, J. W. Fergus, M. Gong, X. Liu, J. Trem-

bly, C. Johnson, S. C. Singhal, D. J. L. Brett, P. Aguiar, N. P. Brandon, R. Bull,

R. C. Galloway, G. W. Hayes, K. Lillie, C. Mellors, C. Smith, A. R. Tilley, D. J. L.

Brett, P. Aguiar, N. P. Brandon, H. I. Onovwiona, V. I. Ugursal, A. D. Hawkes,

P. Aguiar, C. A. Hernandez-Aramburo, M. A. Leach, N. P. Brandon, T. C. Green,

and C. S. Adjiman, “Intermediate temperature solid oxide fuel cells,” Chemical So-

ciety Reviews, vol. 37, no. 8, p. 1568, 2008.

[17] J. Richter, P. Holtappels, T. Graule, T. Nakamura, and L. J. Gauckler, “Materials

design for perovskite SOFC cathodes,” Monatshefte für Chemie - Chemical Monthly,

vol. 140, no. 9, pp. 985–999, 2009.

[18] T. Ishihara, ed., Perovskite Oxide for Solid Oxide Fuel Cells. Fuel Cells and Hydro-

gen Energy, Boston, MA: Springer US, 2009.



278

[19] P. Garcia-Fernandez, J. Aramburu, M. Barriuso, and M. Moreno, “Key Role of

Covalent Bonding in Octahedral Tilting in Perovskites,” The Journal of Physical

Chemistry Letters, vol. 1, no. 3, pp. 647–651, 2010.

[20] A. Tarancón, M. Burriel, J. Santiso, S. J. Skinner, and J. A. Kilner, “Advances in

layered oxide cathodes for intermediate temperature solid oxide fuel cells,” Journal

of Materials Chemistry, vol. 20, no. 19, p. 3799, 2010.

[21] M. S. Islam, M. Cherry, and C. R. a. Catlow, “Oxygen Diffusion in LaMnO3 and

LaCoO3 Perovskite-Type Oxides: A Molecular Dynamics Study,” Journal of Solid

State Chemistry, vol. 124, no. 2, pp. 230–237, 1996.

[22] S. B. Adler, “Factors Governing Oxygen Reduction in Solid Oxide Fuel Cell Cath-

odes,” Chemical Reviews, vol. 104, no. 10, pp. 4791–4844, 2004.

[23] Y. Takeda, “Cathodic Polarization Phenomena of Perovskite Oxide Electrodes with

Stabilized Zirconia,” Journal of The Electrochemical Society, vol. 134, no. 11,

p. 2656, 1987.

[24] J. Fleig, “On the width of the electrochemically active region in mixed conducting

solid oxide fuel cell cathodes,” Journal of Power Sources, vol. 105, no. 2, pp. 228–238,

2002.

[25] J. Fleig, “Solid Oxide Fuel Cell Cathodes: Polarization Mechanisms and Modeling

of the Electrochemical Performance,” Annual Review of Materials Research, vol. 33,

no. 1, pp. 361–382, 2003.

[26] M. Sase, F. Hermes, K. Yashiro, K. Sato, J. Mizusaki, T. Kawada, N. Sakai, and

H. Yokokawa, “Enhancement of Oxygen Surface Exchange at the Hetero-interface

of (La,Sr)CoO3/(La,Sr)2CoO4 with PLD-Layered Films,” Journal of The Electro-

chemical Society, vol. 155, no. 8, p. B793, 2008.

[27] E. J. Crumlin, E. Mutoro, S.-J. Ahn, G. J. la O’, D. N. Leonard, A. Borisevich,

M. D. Biegalski, H. M. Christen, and Y. Shao-Horn, “Oxygen Reduction Kinetics

Enhancement on a Heterostructured Oxide Surface for Solid Oxide Fuel Cells,” The

Journal of Physical Chemistry Letters, vol. 1, no. 21, pp. 3149–3155, 2010.

[28] R. De Souza, “Oxygen transport in La1−xSrxMn1−yCoyO3±δ perovskites Part I.

Oxygen tracer diffusion,” Solid State Ionics, vol. 106, no. 3-4, pp. 175–187, 1998.

[29] E. Mutoro, E. J. Crumlin, M. D. Biegalski, H. M. Christen, and Y. Shao-Horn,

“Enhanced oxygen reduction activity on surface-decorated perovskite thin films for

solid oxide fuel cells,” Energy & Environmental Science, vol. 4, no. 9, p. 3689, 2011.

[30] G. J. la O’, S.-J. Ahn, E. Crumlin, Y. Orikasa, M. D. Biegalski, H. M. Christen, and

Y. Shao-Horn, “Catalytic activity enhancement for oxygen reduction on epitaxial

perovskite thin films for solid-oxide fuel cells.,” Angewandte Chemie (International

ed. in English), vol. 49, no. 31, pp. 5344–7, 2010.



BIBLIOGRAPHY 279

[31] J. Hayd, H. Yokokawa, and E. Ivers-Tiffee, “Hetero-Interfaces at Nanoscaled

(La,Sr)CoO3−δ Thin-Film Cathodes Enhancing Oxygen Surface-Exchange Proper-

ties,” Journal of the Electrochemical Society, vol. 160, no. 4, pp. F351–F359, 2013.

[32] M. Sase, “Enhancement of oxygen exchange at the hetero interface of

(La,Sr)CoO3/(La,Sr)2CoO4 in composite ceramics,” Solid State Ionics, vol. 178,

no. 35-36, pp. 1843–1852, 2008.

[33] S. Adler, “Mechanism and kinetics of oxygen reduction on porous La1xSrxCoO3δ

electrodes,” Solid State Ionics, vol. 111, no. 1-2, pp. 125–134, 1998.

[34] T. Kawada, “Oxygen isotope exchange with a dense La0.6Sr0.4CoO3−δ electrode on

a Ce0.9Ca0.1O1.9 electrolyte,” Solid State Ionics, vol. 121, no. 1-4, pp. 271–279, 1999.

[35] R. Ganeshananthan and A. V. Virkar, “Measurement of Transport Properties by

Conductivity Relaxation on Dense La0.6Sr0.4CoO3−δ With and Without Porous Sur-

face Layers,” Journal of The Electrochemical Society, vol. 153, no. 12, p. A2181,

2006.

[36] A. Egger, E. Bucher, and W. Sitte, “Oxygen Exchange Kinetics of the IT-SOFC

Cathode Material Nd2NiO4+δ and Comparison with La0.6Sr0.4CoO3−δ,” Journal of

The Electrochemical Society, vol. 158, no. 5, p. B573, 2011.

[37] A. Berenov, A. Atkinson, J. Kilner, E. Bucher, and W. Sitte, “Oxygen tracer diffu-

sion and surface exchange kinetics in La0.6Sr0.4CoO3δ,” Solid State Ionics, vol. 181,

no. 17-18, pp. 819–826, 2010.

[38] J. Hayd, L. Dieterle, U. Guntow, D. Gerthsen, and E. Ivers-Tiffée, “Nanoscaled

La0.6Sr0.4CoO3−δ as intermediate temperature solid oxide fuel cell cathode: Mi-

crostructure and electrochemical performance,” Journal of Power Sources, vol. 196,

no. 17, pp. 7263–7270, 2011.

[39] M. SOGAARD, P. HENDRIKSEN, M. MOGENSEN, F. POULSEN, and E. SKOU,

“Oxygen nonstoichiometry and transport properties of strontium substituted lan-

thanum cobaltite,” Solid State Ionics, vol. 177, no. 37-38, pp. 3285–3296, 2006.

[40] M. N. R. Ashfold, F. Claeyssens, G. M. Fuge, and S. J. Henley, “Pulsed laser ablation

and deposition of thin films,” Chemical Society Reviews, vol. 33, no. 1, p. 23, 2004.

[41] K. Oura, M. Katayama, A. V. Zotov, V. G. Lifshits, and A. A. Saranin, Surface

Science, An Introduction. Springer Berlin Heidelberg, 2003.

[42] E. Meyer, “Atomic force microscopy,” Progress in Surface Science, vol. 41, no. 1,

pp. 3–49, 1992.

[43] S. Speakman, “MIT Material Science Lecture Notes: Introduction to HRXRD,”

2013.



280

[44] R. A. De Souza, J. Zehnpfenning, M. Martin, and J. Maier, “Determining oxygen

isotope profiles in oxides with Time-of-Flight SIMS,” Solid State Ionics, vol. 176,

no. 15-16, pp. 1465–1471, 2005.

[45] M. Yashima, M. Enoki, T. Wakita, R. Ali, Y. Matsushita, F. Izumi, and T. Ishihara,

“Structural Disorder and Diffusional Pathway of Oxide Ions in a Doped Pr2NiO4 -

Based Mixed Conductor,” Journal of the American Chemical Society, vol. 130, no. 9,

pp. 2762–2763, 2008.

[46] J. Hyodo, S. Ida, J. A. Kilner, and T. Ishihara, “Electronic and oxide ion conduc-

tivity in Pr2Ni0.71Cu0.24Ga0.05O4/Ce0.8Sm0.2O2 laminated film,” Solid State Ionics,

vol. 230, no. C, pp. 16–20, 2013.
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