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ABSTRACT

The reverse martensite trangbrmation in three
stainless steel alloys has been investigated; one was
a pure ternary alloy (Fe - 16%Cr - 12/Ni), one also
contained molybdenum and cerbon (Fe - 154Cr - 8% Ni -

2o - 0.17C), and the other contained copper (Fe - 16iCr -
10% Ni - 2jCu). Each alloy was fully austenitic at room
temperature .after solution - treatment, but underwent
partial transformation to martensite when guenched to
-196°C or defcrmed at room temperature. The transformation
vas studled using room temperature measurements of specific
saturation magnetic intensity, differentisl dilatometry,
mechanical property measurements, and optical and electron
microscopye.

The transformation of martensite during isothermal
holding at témperatures between the Ag and Ap, and below
the Ay, was found to involve the formation of a stable,
low-nickel ferrite by a diffusional process. Suggestions
have been made as to the reason for the formation of this
'ferrite, which could not be produced from initially
austenitic specimens.

The effect of repeated transbrmation cycling has
been studied and it was concluded that each generation of
martensite nucleates mainly in the same areas as the

(siccessve geaeralisas)
first genoration martensite however, they*mgy form only in
the regions of £ , stacking faults and twins, lying
between previous generation martensite crystals.

The strengthening mechesnisms of martensite snd reversed




aUSfenite have been investigated for quench-induced
and deformation-induced martensite. The results suggest
that the major strengthening mechanism of reversed
“austenite is its high dislocation density, but a different
work hardening mechanism is involved in martensitic
specimens due to the different crystal structures of
martensite and austenite.

The reversion of deformation-induced martensite
has been studied, together with the annealing of the
reversed structures. The results indicate that reversed
austenite probably inherits defects from the martensite.
Reversed austenite was found to recover more rapidly
but to recrystallise more slowly than retained austenite.
Different recrystallisstion mechanisms are suggested for
the reversed and retained austenite.

The precipitation of copper before and after reversion
has been studied. Precipitation was found to be rapild
in martensite, but the precipitates were found to re-
dissolve on reversion. Therefore, the copper-containing
alloy was not found to be very useful in the study of

reversion.
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INTRCDUCTICN

The austenite produced by reversion of martensite
to austenite has been found, in several alloy systems,
to be stronger than the original, annealed austenite. In
stainless steelé, 165 reversed austenite has been shown(l)
to increase the strength of annealed austenite by over
50%. This strengthening effect has potential uses in
that no shapé change is necessary to increase the strength.
Also, since reversed austenite has been found to have a
fairly high ductility, reversion of deformation-induced
martensite could be usecd to increase the ductility of
deformed material to allow further deformation. Most
of the investigations of reversion in iron-base alloys
have been in the iron-nickel system; therefore, a general
study of the transformation in stainless steels, which
differ from iron-nickel alloys in their lower stacking
fault energy, and in the morphology of their martensite
phase, seems justified.

An initial investigation in this department by
H.'Smith(l), using two stainless steels, showed the reversed
austenite to be in the form of heavily dislocated laths.
Smith investigated the effect of carbide precipitation
after reversion and also the annealing behaviour of
reversed austenite. The aim of the present project was
to extend the work of Smith to investigate the isothermal
transformation of martensite to austenite between the Ag
and Ap; to examine the sites in which second generation

martensite formed after reversion and, thus, the stabilisation



of austenite resulting from reversion; to investigate
the strengthening mechanisms leading to the enhanced
strength of reversed austenite; to observe the effect
of reversion on deformetion-induced martensite; and to
extend Smith's work on cerbide precipitation to other
precipitates.

Three alloys were used in the experiments. Two
were duplicates of those used by Smith. Firstly, a pure
iron-chromium-nickel ternary alloy, alloy A, was used,
in which the reverse transformation could be studied without
any possible decomposition of the martensite involving
precipitation during heating. Secondly, an élloy, alloy B,
containing molybdenum and carbon was used in order to
allow the possibility of carbide precipitation and to
investigate the general effect of carbon on the strengthening
obtained., Thirdly, an alloy, alloy C, containing copper
was used, in order to allow the possibility of precipitation
(of basically pure copper) without drastically changing
the matrix composition and thus the lMg. The compositions
of these alloys were balanccd so that solution treatment
could produce a fully austenitic structure which was
retained, by fast cooling, at room temperature.

The compositions also had to be balanced sc that the
Mgy was sufficiently below room temperature to allow room
temperature measurements without the possibility of second
gencration martensite, but high enoﬁgh to allow a reasonable
amount of martensite to be produced by quenching to -196°C.
In the case of alloy C the copper coﬁtent was kept low

enough for the Mg to remain below rcom temperature even



after precipitation. The compositions chosen were:
alloy A, Fe - 16wt/ Cr - l2wté Ni; alloy B, Fe - 15wt;6 Cr -
8.5wtsh Ni - 2wt Mo - 0.09wt/é C; alloy C, Fe - 16wt/ Cr -

10wtd Ni - 2wt Cu.



CHAPTER 1.

REVIEW OF LITERATURE

1.1 General

There 1s a vast amount of literature in existence
relating to martensitic transformations in steels, and
much of the work on the direct transformation in gtainless
steéls, and the reverse transformation in various systems,
is rele;ant here. A fairly comprehensive review of the
literature was made in 1968 by H. Smith(l); therefore, only
the most important points dealt with by him will be mentioned
here, whilst concentrating on work relating to the mechanism
of reversion in stainless steels ,transformation cycling and

agpects of strengthening by reversion.

The Direct Transformation to Martensite in Stainless Steels

a) The effect of composition

Much of the early work on.stainless steels was concerned
with the variation of thevms temperature with composition.
Generally it was found that all alloy sdditions depressed
the Ms(2-5)' the effect being particularly sensitive to the
carbon content(z's's) . Attempts to derive an empirical

formula relating the Mg to composition(z's) were not very

successful.

The morphology of the martensite has also been found

to vary with alloy composition(7,8) . Breedis(8) found 3

types of martensite with varying Cr and Ni contents in an



Fe-Cr-Ni alloy. If Cr + Ni was less than 26 weight percent
he found a lath morphology. If Cr + Ni was greater than

26 weight percent, then surface and plate martensites began
to appear. Kelly and Nutting(V) found a lath morphology in
a low-carbon, 18/8 stainless éteel, and internally twinned
plates in higher carbon stainless steel and in Fe-Ni alloys.
Thus, in the alloys used in this project, lath martensite is
expected and therefore we will ccncentrate on the literature
relating to that type.

Kelly and Nutting(7) found the martensite in an 18/8
stainless steel to consist of needles oriented with thelr
long axis parallel to(JTO>6 . The needles were collected
in sheets on the UH}YS  planes, with the sets of needles
within a sheet always being twin related. Very similar
results were obtained by Breedis for 18/11, 17/11, 16/12

end 13/14, Cr/Ni, Stainless steels.

¥

(b) Nucleation.

 4n h.c.p. phase, £ , has been found by many workers(8-25,68)
in Fe-Cr-Ni alloys with low stacking fault energy. Generally,
for the S.FF.E. to be low enough, Cr + Ni needs to be greater
than about 26 wt.% (20)

There has been considerable discussion as to whether

or not ¢ is an intermediate phase in the transformation of
austenite (%) to martensite (NQ/. The suggested transformation
seguence is ¥ S.F's = € —+xl. This is supported by the
fact that many workers (11r12v14v16'18'68) have found ' *to
be always associated with e, at least in lath martensites.

Other workers(avlsvgl), however, have found that, although



«' 18 usually associated with £, 1t can occur without ¢ .
The nucleation of «' on £has been observed optically by
reeall?) in an 18/8 stainless steel, and Sanderson(26)

in a Cr-Mn steel. Generally =« has been found to nucleate
at the intersections of ¢ sheets(11,26,68), Breedis(B8)
found that the «'often had irregular interfaces where it was
bounded by ¢ and faulted ¥ ; when he increased the nickel
and decreased the chromium in the alloy to eliminate the ¢
and stacking faults, the regions between «' crystals then
contained a high density of perfect dislocations.

I & were an intermediaste phase, it would need to appear
before the «/ ; therefore there should be both an Mg for o'
and an Mg for £ . Goldman et al(24) failed to detect two
Mg temperatures using three sensitive technigues; hovever,
other investigators (14,18,68) have found & to appear before
any «' was detected. Mangonon and Thomas(68) point out that
1t 1s very difficult to measure Mg temperatures using thermal
analysis as attempted by Goldman et al(24), .

It has been suggested(8-10) that the & is not a stable.
hecep. phase, but arises from intrinsic deformation faults
being introduced into the ¥ , as a result of the strains
accompanying the martqnsific transformation. Mangonon
and Thomas(68) refute this argument firstly because they
found £ present before any marpensite formed, and secondly
because they found some £ within twc martensite grains, with
the martensite growing and consuming the £ . They state
that martensite nucleates at the intersectiongdf two £ plates,
or of an £ plate with & twin or grain boundary, i.e. at
regions under a compressive stress.

Dash and Otte(ls) decided that & was not an intermediate



phase since the width of the ¢ plates depended on the
slze, shape and distribution of <y Also, they fcund
that it was possible to suppress the a',.but not the

<! , by défcrmaticn. They did not, however, preclude
the possibllity of ¢ regions zcting as nucleation sites
for «! .

Generally, it has been found that small strains due
to deformation applied above thehﬂd, increase the ¢
content of steels, whereas large strains decrease it.
Deformation 'has a similar effect on the subsequent formation
of o' on cooling to -196°C. Lagneborg(lé) found that
small strains applied above My increased the «' content
on cooling, but had little effecf on the Mg, indicating
an increase in the number of nuclei but not in their size.
Kelly and Nutting(7)suggest that small deformations
produce wide stacking faults, which are effective nuclei
for &' , whereas large deformations prcduce morse, but
narrower, stacking faults, which are less effective nuclel.

¢) The effect of deformation

‘It has been shown(15:27.68) that martensite can be
induced along active slip planes in austenitic stainless steels
by deformation of austenite above the kg température. Also,
below the kg temperature, transformation to martensite is
enhanced by deformation. Fielder et a1(27) showed that the.
number, but not the width, of «’ plates was increased by
deformation, implying that the number of nucleation sites was
increased., : :

Several workers(7'11'14'27'28) have found that small

deformations of the austenite enhance subsequent transformation



to &' , whereas large deformations retard it. Breedis(28)
suggests that the reason for this is that after small
deformations, dislocation pile-ups are produced since the
dislocations are restricted to the slip planes. These
plle-ups give rise to long range stress fields which can

act as nucleating sites for o' . Large deformations,
however, result in the formation of a cell structure due

to cross-slip, and thus the long range stress fields are
easlily relaxed. More heavily deformed austenite also offers
more resistance to transformation strains.

Brienan and 4nsell(69) found the Mg of various medium
alloy steels to decresse 1inearl& with increasing flow
stress of both deformed and undeformed sustenite. The
amount of o' formed at a given temperature was glso less
for stronger austenites. They concluded that the lig
was affected by either the ease of nucleation or the ease
of growth of o' plates.

Other workers(7v14'27'68) have suggested that the
transformetion 1s stimulated by smell deformations because
of the generation of wide stacking faults and € phase which

act as nuclel.

d) 1Isothermal transformation

Martensite has been shown to form isothermally both
below, and just above, the Mg; in fact some Workers(14'25-25)
have found a C-curve behaviour with decreasing temperature.
Lagneborg(14) found the nose of the C - curve for an 18/8
stainless steel to be -1509C. 1Imail23), however, found two
noses for a 17/8 stainless steel. one at -1000C and the

other at -135°C. Microstructurslly he found ¥ , g and o'



at the upper nose, and only § and o' at the lower nose.

On reducing the nickel content of the steel to eliminate &

he found that only one nose appeared. He concluded, therefore,
that £ formed isothermally at the upper nose and =<' then
nucleated upon it,

Kulin and Speich(25) found the shape of the nucleation
curve for isothermal «' to be similar to that for a normal
nucleation and growth process.

Breedis and Robertson(15) founa that, for a 16/12
stainless éteel, no isothermal transformation occurredat
room temperature unless there was some o' present from a
previous athermal transformation.

Reed and Mikesell(5) suggest that the isothermal
transformation is due té strained regions around previously
formed ' laths providing nucleation sites which are then
activated by thermal fluctuations.

The isothermal transformation has been shown to begin

rapidly and then slow down with time.(gs)

e) Theories on the mechanism of transformation.

Kelly and Nutting(7) suggest that the formation of
needles is not explained by conventional theories for the
formation of plate martensite becaus¢ there appears to be
an invariant line rather than an invariant plane as is found
with plates. They proposed a modification of the Kurdjumoy-
Sachs relationship(70), to take this into account, and
suggested that & is an intermediate phase nucleating <!
at the junction of two intersecting faults.

In a later paper(lz) Kelly suggested that the experimental
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results could be predicted by the Bowles-Mackenzie(71)
theory using a (ﬂ1)5 [ﬁZT]X lattice invariant shear with

a dilation parameter of 1.,0185. He then suggested that
laths are formed because the growth of plates is restrictead
by the width of the £ bands.

Lagneborg(i4) suggests that, since the structure in
the centre of a Shockley partial is b.c.t. for about
2 atom layers and in wide stacking faults there are wide
sheets of this structurejy these stacking faults provide
favourble sites for the nucleation of o', These d}embryos
then grow to form stable « with the aid of slip processes in
the ¥ during the preceeding deformation. This is consistent
with the formation ofe'as needles along intersections
between £ discs.

Venables(18) suggests that «'nucleates on £ and then
grows by the motion of parallel screw dislocations. In
support of this Koepke(29) showed thei&é&’ interface to be
a parallel grid of dislocations which appecared to lie along
the intersection of (115.)25 fault planes and (1il)x habit
planes. He, however, suggests that, when propagation of
the interface ceased and the stress holding.the dislocations
togeher relaxed, i1t allowed them to split into two Shockley
partials, one of which then glided into the ¥ and thus this
was how the stacking faults formed.

Mangonon and Thomas(68) state that nucleation of o'
is characterised by a region of compressive stress, that is
at the intersection ofigei plates or at the intersection of

an € plate with a twin or grain boundary. They then suggest

that, since the pressure is not hydrostatic, it can be
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relieved by an expanéion to the b.c.c. laﬁtice as, for the
same force, a larger volume experiences less pressure per
unit area. They observed the Nishiyama relationship
between ¥ and o’ in the early stages of transformation
and propose that ¢ can transform to o' in essentially the
Nishiyama relationship with ¥ , by the movement of partials
in the {m}75 planes, which is equivalent to the system
{110} <1TO>., 1in the b.c.c. structure. Then, in order to
get the actual b.c.c. structure a compressive stress is
needed along<Z211>y and <ﬁ11>}’directions. The greatest
stress 1s needed in the<211>y and this is provided at the
E intersectlons mentioned above. |

In a recent review Breedis and Kaufman(75) estimated
the free-energy differences between x, £ and § for a number
of steels using the regular solution approach. They concluded
that it is possible to form £, in several Fe-Cr-Ni alloys,
by guenching where it is not thermodynamically stable with
respect to J and therefore spontaneous transformation of
g’tb £ is not expected. However. it is possible to produce
stress-induced £ by the prior formation of ~' ., Fherefore the
£ 1is a form of accommodation deformation, és are deformation
twins and the high dislocation density. They conceded,
however, that &€ may assist in subsequent nucleation of o'
They stated that tﬁe Y to ' transformation is
thermodynamically possible and there is therefore no
necessity for an intermediate €& phase.

In dealing with the morphology and crystallography
of the transformation to lath martensite Breedis and Kaufimn

found that although Kelly's theory closely predicted the
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habit plane, it did not explain the observed deviation of

the long direction of the laths from<<110:>¥. which means
that the habit plane must be irrational, and therefore

cannot be the {112}% predicted by Kelly. Also, recent

shape strain measurements by Dunne and Bowles(74) have

shown the dilatation parameter to be unity. 1In view of

this Breedis and Kaufman concluded that the present
phenomenological theories are unable to predict the observed
habit plane in steecls where the direction cosines deviate
from near [135}% . Bowles and Dunne avoided this difficulty
by introducing a lattice invariant accommodation strain into
the earlier theory, but this approcach has not yet been applied
to describe irrational habit planes. The activation of-
multiple slip systems is evident within transformation bands
for cases where undissocikted dislocations are observed
between o' laths, and this alsb must be incorporated into

the theory.
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1.3 The Reverse lMartensite Transformation

a) Occurrence and Structural Aspects

Early work by Uhlidzol and Wassermaésn suggested the
martensitic, rather than diffusional, nature of the
transformation of martensite to austenite under rapid
heating conditions; this conclusion was reached because
the transformation occurred as a function of temperature
rather than -time. Further work has confirmed the
occurrence of a shear mechanism by the observation of
surface tilting produced by the transformation. Both
mertensite and ferrite have been fcund to transform
martensitically to austenite, under sufficiently rapild
heating, in a number of alloy systems, including pure

1ron(52). iron-nicke1(33-57,75) and stainless steels(1,4.11,

16,17,58,59)  mne literature on most of the alloy systems

hes been covered by Smith(1) in his review and therefore
only thcse particularly relevant to this project will be
covered here. A number of workers have used reversion in
order to refine the austenite grain size of steels; this
aspect has been adequately reviewed by Grange(VG) and will
not particularly be discuésed here.

In stainless steels of ccmposition approximately
Fe-16Cr-i2Ni & has been found(1,11,17) to revert to ¥ at
approximately 4000C, and martensite to revert at 500-600°C.
After reversion the aress previously occupied by martensite
are dark etching and can be seen under the optical microscope;
they have been termed 'Ghost areas'.

In stainless steel the crientation of the original

austenite grain has been found(1,58) to be reproduced by
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reversion, although small twins and deformation faults
are present in the regions of reversed austenite. The
fine structure of the reversed austenite consists of a
high and varied density of complex dislocation tangles.
most of which are thought to be inherited from the
martensite. In stainless steels in which lath martensite
is produced, there is no substantial deformation of the
austenite outside the transformation band(l); however,
with the plate martensite in iron-nickel alloys there is
deformation of the retained austenite.(75)

Nagpaul and West(75) found, in an Fe-Ni-C alloy, that
‘some areas of reversed austenite contained a banded structure
in which the bands were twin-related, and ran across the
plates of reversed austenite. They suggest the origin of
the bands may have been the coalescence of twins from the

martensite.

b) Mechanical Properties.

The limited amount of work which has been done cn
stainless steels indicates that the strength of reversed
austenite is considerably greater than that of the annealed
austenite from which it is obtained. Smith{1) found an
increase in hardness of about 50% when 15% reversed austenite
was introduced into the annealed austenite of a Fe-16Cr-12Ni
alloy. Krauss(45) found the yield strength of an Fe-33.5
Ni alloy, to be doubled by 60/ reversed austenite, the
dislocation density in the reversed austenite being about
ten times that in the retained austenite. Greater strength

increases have leen obtained by producing reversed austenite
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in iron-nickel alloys than in stainless steels, but this
seems to be mainly due to the higher percentages of o'
which can be obtained in Fe-Ni alloys. It is difficult
to make a comparison, of the strength increase per
percentage reversed austenite, fcr Fe-N1 alloys and
stainless steels, since nearly all of the measurements

on Fe-Ni alloys have been for 70-100/ reversed austenite,
~and such measurements as there have been for stainless
steels were performed with 0-20% reversed austenite. The
comparison is difficult since Gorbach and Malyshev(77)
have shown that the relationship of yield stress ﬁith
percentage reversed austenite, in Fe-Ni alloys, is non-linear.
However, a ccmparison at 15" reversed austenite using the
work of Gorbach and Maiyshev(77) for Fe-Ni. and Smith(l)
for Fe-Cr-Ni, indicates that the strengthening increment
for Fe-Ni is less than that for Fe-Cr-Ni.

All workers have attributed the strength increase of
reversed austenite &8s compared with annealed austenite,
to the fragmentation and disorientation of the crystal
.1attice, and to the high dislocation density in reversed
austenite.

The work hardening capacity and ductility of reversed
austenite has been found to be less- than that of annealed
austenite(46) |

Generally, the maximum strength is obtained when
reversion is carried out for the minimum time at the
minimum temperature above theA¢ 4 since, when either
time or temperafure is increased, recovery and

recrystallisation begin and the strength drops, eventually
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reaching that of annealed austenite. Ankara(78), however,
found that, in an Fe-304% Ni alloy. due to the formation of
a cell structure, the strength, under rapid heating.
continued to increase with austenitising témperature for
about 100°C above the Ap.

It has been £ound(75,77) that the addition of carbon
to Fe-Ni alloys, whilst affecting the overall strength, has
very little effect on the strengthening achieved by reversion
under rapid, short time austenitising conditions. Nagpaul
and West(75) therefore concluded that the main strengthening
was due to the high dislocation density. vThe same authors
attributed the non-linear relationship of yield stress with
percentage reversed austenite, to the deformation introduced
into the retained austenite by the direct and reverse

transformations.

c) Effect of Annealing.

The annealing of reversed austenite at temperatures
above the Af has been found to result in the gradual
disappearance of the defect structure until a normal
recystallised austenite is obtained. Breedis(59) founa that,
in an 18/8 stainless steel, stress relief continued for
about 24 hours at 600-800°C. smith(1), in a 16/12 stainless
steel, found that the annealing-out of defects in reversed
austenite produced from quench;induced martensite, was a
process of 'continuous recovery'. not involving the movement
of high sngle boundaries. The final austenite grain size was
thus the same as that of the original annealed austenite.

However, in reversed austenite produced from cold worked
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martensite he found true recrystallisation to occur
involving the movement of high angle boundaries. He
suggested that the mechanism of recovery in the quenched
specimen was thaﬁ of recrystallisation 'in situ', i.e.
Involving sub-grain coalescence. He also found some fine
twins in areas of reversed austenite and suggested that
they may have formed in the initial stages of recovery.

Izmailoy et al(40) found that recrystallisation in
an Fe-Ni allby proceeded in two stages. PFirstly, at a
relativcly low temperature, the reversed austenite
recrystallised; then, at a higher temperature, the retained
austenite recrystallised. Zaytsev and Gorbach(57). however,
whilst agreeing that the revérsed austenite recrystallised
first, found that the retained austenite did not recrystallise
separately, but that the recrystallised grains formed from
the reversed austenite grew into the retained austenite
regions.

Krauss and Cohen(46) found that, on heating their
Fe-Ni alloy to about 50°C above the Ap, islands with clearly
developed boundaries, though imperfect fine structure,
appeared. They termed these islands 'reversal twins' and
suggested that they were part of the recovery process. They
postulated that these twins were formed by the coalescence
of high energy stacking faults. At higher temperatures,
they found that recrystallisation proceeded by the movement
of the existing austenite boundaries sweeping out the fine
structure, rather than the formation of new grains.

Nagpaul and West(75) using an Fe-Ni-C alloy. found that

at high temperatures, recrystallisation involved the nucleation
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and growth of new grains, the final structure being

recrystallised and having a somewhat finer grain size than

the original. However, at lower temperatures, the final)softest

structure was not found to be completely recrystallised, and

it was assumed that recovery made a large contribution
which involved the formation of a sub-grain structure.

Golovchiner(34) found that increasing the heating

rate for reversion caused 2 lowering of the recrystallisation

temperature, and an increcase in the recrystallisation speed.

d) The Mechanism of the trangbrmation.

It scems well established that, at sufficiently
rapid heating rates, theo «'— ¥ transformation can occur
martensitically. Even iﬁ single crystals of pure iron
Zerkweh and Wayman(52) have shown that enough superheating
can be obtained for the # --» 5 transformation to proceed
martensitically. The proof of the martensitic nature of
the transformation was that surface tilts were generated.

" As regards the transformation in stainless steels,
Breedis(59) concluded that the reverse transformation

gubstantially retraced the path of the direct, martensitic

transformation, rather than occurring by a recrystallisation
process. Similar results were obtained by Thomas and Krauss(58),

and Smith(l), in that they found regions of reversed austenite

with a high and varied density of dislocation tangles, amid

relatively dislocation-free regions of retained austenite.

Smith(l) showed that individual grains of «' retransform completely

to austenite of the same orientation as the retained austenite,

producing regions of reversed austenite of similar size and

e et e g e £ 4 B b
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shape to the original martensite grains.

Similar conclusions have been reached for rapid
heating conditions with Fe-Ni alloys. Some early Russian
work(sl)suggested that the surface tilting produced by
the reverse transformation wes a mirror reproduction of
that produced by the direct transformation. Leater
work(55r57v4or60), however, showed the position to be more
complicated than this. Reversion has been found to begin
at the periphery of the o' plates in Fe-Ni alloys, and
Krauss and Cohen(46) then found the plates to break up
in a plecewlise fashion, leaving the original py grain size,
and ennealing twins, unchanged. Gorbach and Butakcya(37)
found that each o¢'crystal transformed over a wide
temperature range, small sustenite platelets forming very
guickly, and lying across and intersecting the «<' crystal.
The & platelets ceased to grow in a very short time, and
further transformation proceeded by the nucleation and
rapid growth of new platelets. They suggest that the reason
for this fragmentation is a reduction in the elasticity
of the medium on heating, together with the substructure
in the «', hindering the growth of the ¥ crystal. Shapiro
and Krauss(52) found no midrib after reversion and concluded
that the transformation proceeded in one direction from the
nucleation point.

Several Russian workers(35,47) pave concluded that
the mosaic structure resulting from this fragmentation of
the o ' grains, is the reason for the J stabilisation
produced by reversion in both Fe-Ni and Fe-Cr-Ni alloys.

Another suggestion(57) is that the stabilisation is & result
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of severe distortion of the lattice by both the direct

and reverse transformations. Golovchiner and Tyapkin(55)
however, found that deformation of an Fe-Ni-Ti alloy did
not result in ¥ stabilisation, whereas reversion did. They
therefore attributed the stabillisation to fragmentation of
the lattice. Méksimova and Nikonoroya(47) reached the same
conclusion when they found that restoration of the original
§ stamlity did not occur until a temperature well above the
recrystallisation temperature. Several workers(37,40,55)
have found that the feversed austenite inherits the block
disorientation and defect structure of the «'from which it
came .,

Kessler and Pitsch(44) found that, for an Fe-32.5 Ni
alloy, the orientation relationship for oY ¥was very
similar to that for ¥/x' in the direct transformation eand
that the habit plane of the reversed austenite was close
to {110] . . Yakhontov(55) found that the twin
disorientations in the martensite disappeared on reversion,
and therefore concluded that the reversion process was
the opposite of twinning. Sorokin(54) performed experiments
with drawn Fe-Ni specimens, some of which contained retained
austenite and some of which did not. He found that retained
austenite accelerated the progress of reversion and also
that specimens containing retained austenite produced a
<111>y texture, and those not containing it produced a <211>y
‘texture. He suggested that the reason for this behaviour
was that retained austenite favoured that variation of the

_ transformation which produced austehite oriented as closely

as possible to the retained austenite. Shapiro and KP&USS(52)
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suggested that the transformation was initisted by a {127]
b.c.c. twinning deformation, the complex shuffles and
twinning shears then setting in motion atomic movements

which produced ¥ rather than twinned ' .

@) The effect of heating rate and Isothermal holding.

In stainless steels the only work on varying the
heating rate seems to be by Smith(l) using a dilatometer.
He suggests that a very slow heating rate (4.5°C/min) permits
reversion to begin by a diffusional mechanism below the Ag
temperature, with a shear mechanism then taking over at
higher témperatures. He also suggests that very rapid
heating may suppress stabilisation of austenite and so’
lower the Ag.

Jana and Wayman(42) found a similar effect in an
Fe-34 Ni alloy, again using a dilatometer. With a heating
rate of 1°G/min they found a gradual contraction between
200°C and 28900, followed by an abrupt contraction at 280°C.
At 4°C/min heating rate only the abrupt contraction at 280°C
occurred. On temperature cycling, the gradual contraction
was not found at 1°C/min cn the second cycle. Also they
found that holding isothermally between the Ag and Af csused
stabilisation of the «/, reversion not proceeding on further
heating until a higher temperature was reeched. They
concluded that reversion occurred by a diffusionless
process, possibly aided by & diffusion controlled process
at slow heating rates. Kessler and Pitsch(44) confirmed
that isothermal holding stopped reversion in an Fe-32.5 Ni

alloy, but they decided that there were three effects
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opefating at slow heating rates. Firstly, there was an
athermal process which was slow at first but then procéeded
by bursting; seccndly, at 400°C, when about 60% of the o'
had reverted, this process stopped; thirdly, at 47500,
transformation continued and was complete at 550°C, but
the product of this stage of the transformation was
charaecteristic of a diffusion controlled process. They
concluded that diffusion of Fe and/or Ni across the
intgrfaces had resulted in the alloy composition around the
interfaces approaching that of & two-phase region. Therefcre
the Ag was raised and reversion ceased.

Colling(79), working with an Fe-Ni-Co alloy, agreed
with the graphs produced by Kessler and Pitsch, but he
cxplained the gradual contraction at high temperatures in
a different way. He stated that, as the temperature approached
the Curie temperature of the ) , with reversion proceeding,
a two-stage process occurred. Firstly the o "transformed to
magnetic ¥ which had a Jow coefficientvof expansion due to
magnetostricfion. Then, when the Curie temperature was
passed a large expansion occurred due to the loss of
magnetostriction. This expansion was large enough tc counteract
the contraction duve to reversion, and so reversion &appeared to
stop. At faster heating rates only the abrupt contraction of
! transforming to non-megnetic ¥ was found. He pointed out
that for the alloy used by Jana and Wayman T, is about 210°C
and that they found their graduval contraction between 200
and 280°C., |

zekharov et al{56) held specimens of Fe-30% ana 32 Ni

with various starting structures, at 400°C for up to
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800 hours. The equilibrium structure ofAthese alloys

at 400°C had been calculated to contain about 27/ .

In alloys which were initially austenitic very littleo<

was found even after 800 hours. However, in specimens

which had been previously quenched to form 8475 «', they

fcund that cold'rolling at room temperature caused reversion
of 30% of thee<' , and then 6 hours at 400°C left 27

b.c.c. phase in the specimen. They suggested that, in the
austenite alioys. very fine layers of « formed martensitically
but that the elastic stresses at the boundaries exceeded

the elastic limit of the ¥ and caused plastic deformation
which destroyed the coherency and stopped the transbrmation.
In the guenched specimens, however, a large amount of
martensite was able to form due to the higher values of the
elastic 1limit at low temperatures. ©On reheating, some of

the martensite reverted to austenite, leaving the equilibrium
amount of b.c.c. phase at the reversion temperature.

Krauss and Cohen(45) found no stahlisation of austenite
in iron—nickél alloys on up-quenching from room temperature
to revert martensite. Later(sg) they repeated this work
using slower heating rates in a dilatometer. This time
they found austenite stabllisation. with both the Mg and the
amount of martensite produced decreasing on successive
cycles. They also found that some of the b.c.c. phase was
stable and not easy to revert. They concluded that a
low-nickel ferrite had formed as 2 result of nickel build-up
in the co-existing austenite; thus the Mg was lowered.
Therefore, they decided that the stabilisation of austenite

was due to nickel diffusion and not imperfectionse.
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Golovchiner and Tyapkin(35> also found that very
rapid héating, in a lead bath, caused less stabilisation
than heating in air. However, they rejected the idea of
diffusion sinée the specimens spent only a few seconds
in the temperature range of the two-phase region. They
concluded that stabilissation was caused by the fragmentation
of the crystallites and that the elimination of this
effect occurred faster on rapid heating in & similar way
to that in which the tcmperature of recrystallisation is
lowered, and recrystallisatiocon speed increased by rapid
heating.

Zel'dovich and SadOVSkiy(so) used measurements of
the Curie temperature to determine the nickel content of
the austenite in an Fe—é7N1—2Ti glloy on isothermal holding.
They found a redistribution of nickel between the martensite
and the austenite even after only one minute; therefore,
they concluded that the transformation was not purely
martensitic. The lower the temperature, the faster was
the rate of ﬁickei redistribution, this redistribution
occurring at temperatures below the Ag as well as above it.
The se workers also found that nickel redistribution occurred
during continuous heating at 5°C/minute, resulting in
austenite stabilisation, the Mg being lowered and less
martensite forming at any given temperature. However, with
rapid heating they found no nickel enrichment of the
austenite although it was still slightly stahillised. This
stabilisation was found to be related to the purity of the
alloy and was attributed to the simultaneous existence of
interstitial atoms and lattice defects introduced by the

transformation.
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Berdova et al(87) alsc found stabilisation of
austenite on holding gquenched Fe-Ni-Mn-Cr-C alloys
below the Ag. They suggest that, in the first stages of
martensite formation (the Mg was about 200°C), the x/kx'
interface was coherent and the ¥at the interface was
therefore elestically extended. Then, on re-heating,
carbon diffused into & thus lowering the Mg. In an alloy
in which more «'formed on soaking isothermally, the ¥
was . constricted by a network of dfplates and stabilisation
was theacontrolled by mechanical hardening and elastic

stress relaxaztion.

Nagpaul and West(75) found that prolonged austenitising
of an Fe-Ni-C alloy produced a magnetic response, and they
attributed it to the formation of a ¥ + o« < carbide
structure.

Ankara(78X working with an Fe-30Ni alloy, varied the
heating rate and reversion temperature. At slow heating
rates he found the highest strength resulted from the
lowest reversion temperature, but at rapid heating rates,
the highest strength was found at a tempersture over 100CC
sbove the lowest reversion temperature. He suggested that
three factors are involved, namely: the dislocation density,
the cell size, and the cell misorientation. At rapid
heating ratesva higher temperatpre is needed to increase
the mobility of the dislocations, which allows the cell
boundaries to move and unite, thus increasing their
misorientation. This results in the strength increasing
vith témperature until a critical value is reached where the

decrecase in dislocation density due to recovery, and the
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increase in cell misorientation above a critical value,
cavse softening with increasing temperature. The MS was

found to depend only on the dislocation density.

f) The effect of Plastic Deformation on Reversion

Smith(l) found no difference in the progress of the
reverse transfofmation in stainless steels whether the o'
had been formed by quenching to -186°C or by deformation.
In particular he found that the Ag and Ap were unaffected
by the mode of formation of the o</ .

In Fe-Ni-V and Fe-Ni-Ti alloys, Golovchiner(SQ)
found that the mechanism of the reverse transbrmation
depended on the state of the df/a’interface. If the
accommodation state of the interface had heen disturbed
by cold work or precipitation, then the reverse transformation
did not retrace the path of the direct transformation,
different éurface tilting effects being observed.

Mel'nikov et al{%4?) found that deformation of an
Fe~-Ni alloy gt room temperature retarded reversion, but
that deformation 5USt below or above the Ag; enhanced
reversion. However, when reversion had been initiated by
deformation below the Ag, it was found thaf)on raising the
temperature, further reversion did not occur until the
temperature was well above the Ag. Thus deformation affected
the reverse transformation in the same way as it does the
direct transformation in such alloys, i.e. transformation can
be stimulated or retarded depending on the temperature of

deformation. Mel'nikov et al therefore concluded that the

reason for both effects was the same,



Sokolov et 81(53) investigated various Fe-N1 alloys.
They found that prior deformation lowered the Ag in 9%
and 12% Ni alloys, had no effect in an 18/ Ni alloy, and
raised the Ag in a 27.6% Ni Alloy. They concluded that,
with the slow heating rates which they used, the
transformation was diffusion controlled in the low nickel
alloys.

Zaytsev and Gorbach{57) found that reversed austenite
formed from deformed o' inherited the extra defects from
the deformation and was thus strengthened. However, the
rate of softening of this stronger reversed austenite
was much faster than that of reversed austenite formed
from quench-induced «' .

Harvcy(el), however, found that reversed austenite
formed from deformed ' was very 1itf1e stronger than
that from undeformed ', and concluded that the
transformation could sweep away any defects present before
it occurred.)

Zel'dovich aﬁd Sadovskiy(ao) found that the influence
of deformation on the reverse transformation appeared to
relate to structural changes in the alloy, in that it
disturbed the coherency of the +'and retained ¥, it
increased the dispersion of phase cdémponents, and it

increased the dislocation density.

27
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14, Transformation Cycling.

Transformation cycling has been used by & number of
workers(vevsz) to refine the austenite grain size. There
is a large effect of iniftial microstructure on this grain
refinement, martensite producing much finer grained ¥ on
reversion than ferrite + pearlite structures. Ther eason
for this seems partly to be that lower austenitising
temperatures are needed for martensite and partly that
martensite brovides many more nucleation sites for
than does a ferrite + pearlite structufe, particularly
at the «'grain boundaries. Grain refinement can be
enhanced by the presence of a fine precipitate dispersion
which inhibits grain growth. The finest greain size obtainable
seems to be about %/4nw'

The phenomenon of stabllisation of ¥ after reversion
was mentioned earlier; this has been found to occur
progressively with successive transformation cycles from
' to ¥ . In stainless stecls smith(1) found, in a 16/12
alloy, that ¥ stabilisation increased with successive
cycles, although the magnitude of the effect decreased with
each cycle. Breedis(59)working with a similar steel, found
that heating for two minutes Just below the Ag increased
the o' content on reguenching by 50/4. However, heating
above the Ag caused stabilisation of the ¥ , this being
less after 2 hours than after 2 minutes. He attributed the
increase in « to the relief of internal strains, observing
that dislocations, stacking faults and twins between the '
crystals comprising a lath, disappeared after 2 minutes at

500°C, The & stabilisation at higher temperatures he
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attributed to the defect structure in the reversed
austenite hindering the development of an o¢lath. 1In
some earlier work, Breedis and Robertson<17) found no ¥
stabilisation in a 16/12 stainless steel, and also found
that the second generation d'formed in the same sites as
the first. However, in this case, reversion had been
performed for 15 minutes at 500°C which allowed time for
almost full recrystallisation of the ¥ .

They coﬁcluded that the nucleation of the martensite
was heterogeneous. .

Malyshev et al<48) found almost complete austenite
stabilisation after two cycles of transformation in an
Fe~10Cr-14N1 alloy. However, they found viftually no
stabilisation in an Fe-28Ni alloy. In both alloys, however,
the first cycle produced a large increase in yield stress,
but followlng cycles only produced small increases. They

concluded that the e¢ffect on the yield stress was caused
by the refinement of the block size of the austenite, which
changed very iittie after the first cycle. The stabilisation,
they decided weas caused by elastic distortions of the lattice
which were stable in the Fe-Cr-Ni alloy, but were removed

in the Fe-Ni alloy by recovery at reversion temperatures.

Golovchiner and Tyapkin<55) found that reversion lowerecad
the Mg in an Fe-Ni alloy, but raised it in an Fe-Ni-T¥alloy.
However, in both alloys the martensite content after the
second quench was less than after the first; also the
transformation was more sluggish the second time. Raising
the austenitising temperature decreased these effects.

Deformation had a similar effect to that of reversion in
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the Fe-Ni alloy, but also caused austenite stabilisation
in the Fe-Ni-Ti alloy. 4lthough stabilisstion was
éliminated by increasing temperature, this elimination did
not ccincide with recrystallisation. They, therefore, ccncluded
that the stebilisation was associated with the fragmentation
of crystallites;
smith(1) found that the heardness of a 16Cr/12Ni steel

Increased with transformation cyecling, the hardness being
doubled after four cycles. There was a tendency for the
effect to level off after two cycles, which he atiributed to
the progressively smaller volume fraction of additional
reversed austenite produced in successive cycles. The
hardncss increase, he decided, was due to an increase in

the density of the defect structure of the reversed
austenitec due to inheritance of defects from successive
generations of martensite, and the produ;tion of defects
by the reverse transformation.

Edmondson and Ko<55) found complete stabilisation after

fifteen cycles of treatment in an Fe-34 N1 alloy. They

also found successive generations of martensite to form

in different sites from previous generatioﬁs. They, therefore,
concluded that deformation, resulting from reversion,
rendered the martensite nuclei ineffective. Caron and Krauss(83)
however, found that successive generations of martensite in
an Fe-30 Ni‘alloy. formed in the same sites, although the

second generation martensite plates were smaller and narrower
than the first generastion. They found that cycling caused
the Mg to rise, but the amount of marfensite formed at -196°C

to fall progressively with each cycle. They concluded that
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~eyeling introduced preferred nucleation sites for martensite,
but that the dislocation tangles and closely spaced
boundaries restricted the hotion of the interface, and thus
inhibited the growth of the nuclei and reduced bursting.

Bolton et a1(63), from work on Fe-Mn alloys, suggest
that, in low S.F.E. materials, after defcrmation or
reversion, dislocation pile-ﬂps are present which produce
elastic stresses which counteract stresses induced,by
transformation; thus the martensite transformation is
enhanced., In high S.F.E. matgrials, however, a ce;l network
forms, the boundaries of which act as a barrier to the progress
of the transformation. They support this by the fact that‘
when Fe-Mn alloys, which have a low S.F.E., are reverted
dislocation pile-ups are formed which stimulate the |
transformation to martensitec. However, if the austenitising
time or tempéfature is incréased, thermally-activated cross-
slip occurs, producing cell networks which cause the Mg to
fall. -

Simllar ideas were expressed by Jordan and Borland(43)'
They found the Mg of:an Fe-N1 alloy to decrease with
increesing reversion temperature, and suggested that residual
stresses in reversed austenite cause the elestic strsin energy
assocliated with mértensite formation to be relieved by
plastic flow. Thus, whether reversion enhances or retards
subsequentcx'formation depends, in part, on the relative
magnitudes of the flow stress of the alloy and the
transformation stresses. Once the recrystallisation
temperature was reached they found that the Mg began to

rise again,
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Different results were obtained by Sastri and West(84)
investigating the kinetics of « formation from various ¥
grain sizeé and dislocation densities, in certain medium
alloy steels and Fe-Ni alloys. They found that the Mg
decreased with increasing & yield strength, and concluded
thaf the main factor affecting the kinetics of o'
formation was not the prior ¥ grain size, but the defect
structure of the ¥ o They considered that the nuﬁber and
size of marfensite émbryos, and theif subseguent propagation, .
depended on the dislocation density of the ¥ . A high ¥
dislocation density was associated with a low Mg and a high
initial rate of ' formation. Thé reason suggested for
this was that, at high dislocation densities, a larger number
of - <! embryos were present, but their propagation was
inhibited by'an increase in the strain energy associasted with
transformatién. Ankarsa and West(aﬁ), working with the same
alloys, found transformation plasticity to be inversely
proportional to the ¥ yield strength, and used fhe eguation
derived by Johnson and Greenwood(sﬁ) to explain this in
terms of macroplasticity. They éuggested that the influence
of reversed austenite on subseguent transformation to éa'is
due to the increase in the K‘yield strength.

In alloys containing carbon an added complication 1s
posed by the precipitation of carbides. Hyatt and\Krauss(sg)
found that two processes occurred during transformation cycling
of & medium carbon steel, Firstly, there were normal
revergion@rocesses,_and, secondly, recrystallisation produced

& -small § grain size. Using Fe-Ni-C alloys they found that

alloys with less than 0.3% C behaved in a smilar menner to
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" binary Fe-Ni alloys, but alloys with more than 0.3%C

ylelded large varistions in strength after cycling'due to
carbide precipitation removing carbon from solution.

Habrovec et 81(58) plotted the strength of second generstion !
formed by quenchihg to -196°C against reversion temperature
for an Fe-Ni-C élloy, and found two peaks., At the first,

and highest peak they found needle-like low-carbon martensite
since precipitation in the austenite had depleted the matrix
of carbon. At the second peak less carbon had been
precipitated and the martensite was coarse and plate-like,
Malyshev et 21(48) found that, when using an Fe-Mn-Cr-Ni
alloy containing 0.6/4C where the.Af was near to the
recrystallisation temperaturé. recrystallisation develoﬁed
witb cycling. ‘

Using a maraging steel, Goldberg(64) found that no
change in the’Ms, Ag or Ap occurred on transformation cycling
with high heating rates., At slow heating rates, however,
precipitation occurred and the Ag decreased, and the Ap
and'MB increased with cycling. He concluded that segregation
ﬁad occurred and that reversed austenite nucleated at
precipitates, the Ap and Mg increésing due to solute
depletion in the matrix.

Also using a maraging steel, Saul et 81(88) p£oung
that thermal cycling produced a refined austenite grain
size. 'They suggested that this refinement was due to_the
shear strain produced by reversion causing increased nucleation
of recrystallised austenite grains., They believed that the
finer o('grains, produced from the finer grained'x , were the

reason for the continued refinement of the ¥ grain size on



successive cycles, until a limiting size was reached at
which the strain energy available for nucleation of
recrystallised grains was not sufficient to cause further

refinement.

34



35

15 Precipitation during reversion.

Aspects of precipitation related to thermal cycling
have been dealt with in the previous section.

Carbide precipitation in austenlite raises the Mg

of steels, and studies in stainless steels have shown that
the Mg can be raised sufficiently for some retransformation
to «' to occur on returning to room temperature after
reversion. Thomas and Krauss(58), after reversion of an 18/8
stainless steel, found precipitates of Mgz Cg thfoughbut prior
regions of «' . They believed that the precipitation
occurred just prior to reversion and enhanced the formation
of «! on cooling. They supported the claim that the
precipitation occurred in.o('by comparing the morphology

of the Mgz Cg to that of FeyN precipitates in be.cecs iron.
smith(*) round precipitation of Mgz Cg in a 15/9 stainless
steel to occu; first at grain and twin boundaries, and then
later in the laths of reversed austenite. In cold worked

and reversed structures he found extensive precipitétion to
occur very rapidly resulting in the raising of the Mg above
room temperature. He‘suggested that depletion of carbon and chrom-
ium from the matrix changed its composition to correspond to
a two-phase structure of <X 4+ ¥ , and conseguently some ferrite
formed by a diffusional process at high temperatures. Smith
atiributed the strength increase_after precipitation to the
increased o<l content, although Malyshev(48) attributed

some of the increase in an Fe-Mn-Ni-Cr alloy to the
precipitates themselves.

Iﬂ an Fe-Ni-C alloy, Gorbach et al(sﬁ) found that,

at rapid heating rates, reversion occurred by a diffusionless
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transformation and strengthegiﬁg resulted. At slower
heating rates; however, pr¢é;pitation depleted the matrix
of carbon and no strengthening resulted. They decided
that the critical heating rate necessary for strengthening
depended on the témper—risistance of'thecx’and the

temperature range of reversion. '

Negpaul and West(75) found no evidence of precipitation
after short time reversion treatments in Fe-Ni-C ‘and
¥Fe-Ni-Mo-C ailoys, in which reversion was complete within
one second. However, they identified cementite by'electron'
diffraction after tempering the «' for 15 seconds at 550°C,
Also they found that prolonged aﬁstenitising produced a
ferromagnetic response which they suggest was due to the
formation of a ¥ = oL+ carbide structure.

- There have ﬁeen two papers oﬁ precipitation in

¥Fe-Ni-Ti alloys, Golovchiher(34) found that the strength

of a quenched specimen just after reversion was gresater than
that of a cold worked specimen containing martensite.
However, this was not found to be so with an Fe-Ni-V alloy.
The idea of the precipitation of a Ti-rich disperse phase,
in either ¥ or (x', was dismissed due to the very short
times that the specimens were in the precipitation
temperature range. He concluded that the effect was due to
the thrd element disturbing the accommodation gate of the
x?'g - interface, thus changing the mechanism of the
transformation. In support of this, he found that, in

Fe-Ni alloys with V, Co or Cu addedd@, the surface relief after
reversion was a mirror image of that'produced by the

formation of df; whereas, in alloys with Ti or Al added, the
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relief after reversion was more complicated than that
after the formation of the 042 Gorbach et 81(56), however,
investigated reversion in Fe-Ni-Ti alloys using X-Rays and
found that the fine structure after reversion was slightly
corrser in alloys containing Ti than in those without it.
They therefore attributed the high strength after slow
beatingAto reversion coupled with precipitation. They
also decided that the greatest contribution to ageing was
made in thé austenitic state.

Hg;vey(sl), working on certain ausforming steels,

'; could

found that Y formed from aged, strain-induced
be made to inherit a fine dispersion of second phase
particles from the;{’. This provided extra strengthening)
and also the particles somewhat delayed recrystalligaion.
Reversion of the ' sometimes caused loss of coheency of

the carbide particles. lThe presence of the fine particles
during the shear transformation caused multiplication

and tangling of lattice defects by interaction with

the particles, and a fine grained structure was formed

due to the large number of nucleation sites. The dispersed
Aparticles ceused locking of the dislocations and rendered
them immobile, whereas, without the presence of the particles
many of the dislocations in unaged,.cold worked ' were
‘swept out' by the progress of the reverse transformation,

since they were mobile.
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CHAPTER 2.

EXPERIMENTAL PROCEDURE.

2.1 Alloy Preparsation.

All of the alloys were vacuum melted by the International
Nickel Company Ltd. Alloys A3 and B were received as 3"
thick, hot-forged plate. Alloys 2o and C were rgcéived in

-ingot form and were subsequently hot forged to 2" thickness
followed byfhot roliing to 8" thickness. Their compositions,

in weight per cent, were as follows:

Ailoy Aq:
Fe C Cr Ni Mo Al Si Mn S
0.002-
P Cu Ti Co v Pb B Zr Mg
0.003 0.06 0.05 0,10 0.02 0.001 0.002 0.01 0.01

“Alloy Ag:
Fe Cc Cr Ni Mo - Al si Mn S
bal 0.003 16,2 12.0 0,01 0.01 0.1 0,1 0.005
P Cu Ti Co v Pb B Zr Mg
.002 0.1 0.05 0.1 0,02 0,001 0,002 0.01 0.02
Alloy B:
Fe | C cr | Ni | Mo Al Si Mn S P

bal (0.09 .14.9 8.7 |2.05 | 0,01 0.056 0,05 |0.002 0.002
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Alloy C:
Fe C Cr Ni Si Mn S P Cu
bal |0.005 {16.5 }10.2 0.1 0.1 §0.004 [0.004 |1.8

2.2

Fabrication and Heat Treatments.

a) Homogenising.

Strips approximately 4" x 1" x £" were cut from the

plates and 0.05" of each surface was removed by milling.
The strips were then rolled at room temperature to a
thickness of 0.2". Homogenising was then performed under
a dynamic vacuum for 24 hours at 1100°C for all alloys,
followed by furnace cooling under vacuum.

4

b) Rolling and Intermediate heat treatments

0.01" wss then chemically removed from each surface
bylimmeréing the strips in a warm solution containing
50% HCl, 10% HNOz, 5% HzPO,, 35% Hg0. All alloys were then
rolled to produce a 50% reduction in thickness at room
tempsrature. At this stage the specimens were approximately
0.,1" thick and for all further heat treatments in air
furnaces they were sealed in siliéa tubes under a partial
atmosphere of argon. ‘

A standard pattern of 507 deformation by rolling
followed by solution treatment was then adopted for all
alloys until the required thickness was obtained. The
aclution treatments were performed in a vertical crucilite

rod furnace by suspending the specimens by Kanthol wire
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attached to two fuse wires at the water-cooled top of
the furnace. Rapid gquenching was attained by cutting
- the fuse wires,thus allowing the specimens to fall through
the aluminium foil seal at the bottom of the furnace into
a buoket of water placed beneath‘it. The silica capsule
was smashed directly on entering the water thus allowing
a rapid quench. After each heat treatment 0.01" was removed
from each surface of the specimen chemically, as previously
described.

The solution treatments performed for alloys 4 and C
were 20 minutes at 1050°C, and a period of 10 minutes
was allowed for the specimens to reach the treatment
temperature.

- The solution treatment for Alloy B was one hour at
1250°C, again with 10 minutes allowed for the specimens to
reach the teﬁberature. The higher temperature for thié
alloy was necessitated by the higher carbon content. In
general the solution treatment times and temperatures were
determined by consideration of the grain size produced and
its consequent effect on subsequent transformation to
martensite and mechahical properties. An average austenite

grain diameter was obtained of about 40f4n\ in each case.

c) Quench-Induced Martensite.

Partial trensformation to martensite was obtained in
alloys A and C by quenching specimens, after solution
treatment, to -196°C for 15 minutes. Liguid nitrogen was
used to obtain -1969C., Treatments at higher sub-zero

temperatures were carried out by immersion in various
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mixtures of acetone and liquid nitrogen. These mixtures

could be kept to +3°C for pericds of 15 minutes.

d) Deformation-Induced Martensite.

Various amounts Qf martensite were produced in each
alloy by the 504 rolling treatments at room temperature.
Larger amounts of martensite were produced by the standard
50/{ deformations at temperatures below room temperature.
Variouvs mixtures of acetone with liquid‘nitrogen or solid
COo were used to prcduce the sub-zero temperaturesj and an

jce-water mixture was used for treatments at 0°C. The

specimens were immersed in the solutions initially and
allowed 5 minutes to attain the required temperature; they
were then rolled 0.01" or less at each pass through the
rolling mill,and replaced in the solutions in between
passes to aliow them to re-cool tovthe temperature required.
Some specimens of &alloy B were rqlled at +100°C and
+150 C, boiling water and an oil bath respectively being

used to attain these two temperatures.

e) Reversion, Annealing and Ageing treatments.

Reversion treatments were generally carried out by
plunging the specimens into a salt bath at the required
temperature, suspended on & wire. Small disc specimens for
electron microscopy were contained in a gauze cage for
these treatments. All specimens were water quenched after
reversion treatménts.

Isothermal treatments of alloy A and ageing treatments

of alloy C were also generally carried out in salt baths,
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although some of them were carried out in horizontal tube
furnaces with the specimens sesled in silica under a
partial atmosphere of argon. Specimens were also water
guenched after treatments in the air furna&es, the gilica
tubes being smashed in the water to facilitate a rapia
quench.,

The salts used in the salt baths were an equal

mixture of KNOz and NeNOg for treatments at 600°C and

belpw; and "Cassel 660" for treatmenfs at 650°C or above,

f) Magnetic Measurements.

Room temperature measurements of specific magnetic
intensity, and hence of martensite content, were made using
a8 Sucksmith ring balance, details of which are given in
Appéndix A. |

Specimeris approximately " x I" x 0.025" were cut from
cold rolled strip using a guillotine, and their centres
were drilled using a No. 50 drill. The specimens were then
given the heat treatments appropriate to the experiment in
hand, after which the surface layers were removed chemically
to a depth of about O.Ql".

The specimens were weighed and their displacements
measured under the influence of a field gradient produced
by an electromagnet in the ring balance. By comparison
with the displacement of a puré-iron specimen of similar
welght, it was possible to evaluate the specific magnetic
intensity of the specimens and hence their martensite
content. The small contributions to the measured specimen

deflections arising from the weakly paramagnetip nature of
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the speclimen holder and the influénce of the magnetic field
on the transducer meter were eliminated from the recorded
results by taking a 'zero' reading under the normal
operating conditions, using a specimen holder but no
specimen, |

Specimen to specimen variations were often apparent
which eiceeded the reproducibility of readings on a given
spécimen. These variations were attributed to the inherently
inhomogeneous nature of the martensite transformation, angd,
therefore, their effect was minimised by taking readings on
three or more specimens for each condition. An avérage value
was then calculated.

It is known(104) that & strong magnetic field can.
enhance the transformation of austenite to martensite in steels.
Thefe existed, therefore, the possibility of specimens
undergoing martensitic transformation during magnetic
measurements. The magnitude of this effect is fairly small,
and since the Mg temperatures of all the alloys were about
70°C below room temperature it‘is felt that room temperature
measurements were unlikely to produce any transformation to
martensite.

It is suggested in the work on the isothermal trans-
formation of martensite to austenite that the magnetic
phase underwent a compositional change in a certain range
of temperature and time. If this was the case, then the
change in composition would heve caused a change in the value
of the specific magnetic intensity of the magnetic phase,
which, in tufn, would have resulted in an inaccuracy in

the calculated amount of the magnetic phase. In the
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present work it is felt that the shape of the graphs
determined magnetically (Fig. 3.1) was confirmed by the
hardness and dilatometry results (Figs. 3.2 and 3.3), and
therefore that the general conclusions drawn are not
invalidated by the inaccuracies which may have been present

in the specific values of magnetic phase content.

g) Hardness Measurements and Light Microscopy.

Specimens approximately z" x #" x 0,05" after heat
treatment were used for both hardness measurements_and
light microscopy. 0.01" was removed chemicaliy from each
surface and then one surface was polished on silicon carbide
papers. Hardness measurements were then made using a
Vickers diamond indentof with a 10 Kg load or 20 Kg cn cold
worked apecimens; Average values were obtai;ed from-at
least two specimens for each heat treatment, at least 5
indentations being made on each specimen.

Specimens for light microscopy were further polished
using diamond paste on rotating wheels down to 1,4nﬁ
particles. The specimens were etched in a solution of
3 parts HCl, 1 part HNdS and 2 parts glycercl for approximately
10 seconds. This solution began to fume if kept for longer

than 2 hours, and so was freshly madé for each experiment.

h) Mechanical Property lMeasurements.

Tensile tests were carried out on strip specimens of
about 0.05 cm. thickness, using a 2 om gauge length of width
about 4,8 mm. An Instron machine was used at a cross-head
speed of 0.1 cm/min; the usual machine corrections were

made.
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Compression tests were carried out on specimens
approximately 6mm x 2mm x 2um, again in an Instron machine
at a éross—head speed of 0,005 cm/min.

In both types ofytest the specimens were machined
from cold rolled materiazl prior to heat treatment. Their
surfaces were then polished on 600 grade-silicon carbide
paper and their dimensions measured before testing.

Since these steels are known(107) to transform‘
partially to martensite during testing at room temperature
most of the tests were carried out at +150°C in a silicone-
oil bath. Austeniti samples were found not to be ﬁagnetic
after testing at this temperature.

Values of the 0.2 or 0.1% proof étress were calculated
from both tensile and compression tests, and also values
of'the ultimate‘tensile stress and % elongation were

caleulated from the tensile tests.

i) Dilatometiry.

Dilatometric measurements were made using a differential
technique (see Appendix B) during isothermal holding,
continuous heating, and continuous cooling. Specimens of
alloy A were investigated, thelr expansion or contraction
being continuously compared with that of a fully austenitic
specimen of the same alloy in the investigations into
the reverse martensite transformation; and with a partially
‘martensitic alloy, which had been guenched 5 times for
1 hour at -196°C, in the case of investigations into the
direct martensite transfcrmation.

In the case of the isothermal transformations, the
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furnace wes first set at the required temperature, and
then the specimens were placed in position and the furnace
moved until the specimens were in the hot zone.

For the measurement of Ag and Ap temperatures the
furnace was set well above the gxpected Ap, at about
75000, and then placed sbout the specimens, the expansions
and ccntractions were then observed during heating. Heating
rates obtained by this method were about 80°C/minute.

For the.measurement of Mg temperatuwes the specimen
tube was immersed in a dewar flask containing isopropane,
and liquid nitrogen was poured slowly into the isopropane,
with continuous stirring, resulting in a gradual fall in
temperature. The lowest temperature obﬁained by this method
was -80°C, which was attained at a cooling rate of about
2OC/minute. A répid contraction was observed when the
transformation to martenéite began, and the presence of

martensite was confirmed magnetically.

J) -Electron Microscépy.

Discs of 2.3 or 3 mm diameter were punched from ccld-
rolled sheet 0.02" thick. The discs were then heat treated
as required, after which they were ground cn silicon
carbide paper using rotary wheels, to & thickness of 0,005",
both sides of the discs being equally ground. In order to
hold them for grinding the‘discs were attached to =
perspex sheet using double-sided selotape.

A jet profiling technique was then used as the first
of the two stages of the thinning prbcess. The disc was

held horizontelly in a PTFE holder and a sclution of 40
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HCl in water was directed onto the specimen. A potential
of 60 veolts produced a current of about 0.5 amps and was
applied for 5 seccnds on each slde of the specimen., Final
thinning in a saturated solution of chromiﬁm trioxide in
orthorhospheric acid,‘cooled by an ice + water mixture, at
12 volts (about 0.4 amps) produced perforation at the |
centre of the disc after 1-2 minutes. _

The specimens were wéshed by directing a jet of
water tangentially onto their surface down a pair of
twéeze?g followed by a similar washing in Methyl Alcohol,
and then dried between sheets of absorbent tissue. The
specimens were then stored in gelatine capsules and kept

in a dessicator until required.



CHAPTER 3.

THE ISQTHERMAL TRANSFCRMATICN OF MARTENSITE TO
: AUSTENITE

)
.

RESULTS

Kinetic Aspects

The trsnsformation of martensite to austenite in
alloy A, under conditions of isothermal holding, has been
investigated at temperatures between Ag and Ar and below
Ag, Tﬁé transformation was followed using magnetic
measurements, hardness measurements and dilatometry. The
experiments were performed by plunging specimens into a
salt bath, set at the apprdpriate temperature, which
resulted in the initial heating rates being rapid. The
specimens were quenched into water after heat treatment.

Fige. 3.1 shows the variatiqn in ferromagnetic phase
content on isothermally(holding, guench-induced martensite
at various temperatures, above and below Ag. The
relationship between ferromagnetic phase content and
isothermal holding time was found to be very temperature
dependeht, a temperature increase of 3 or 4°C causing a
decrease of 2 or 3% martensite in the early stéges of
transformation at temperatures of 550°C and above. This
caused a soatter in the points on the graph of up to 2 14
martensite. However, the experiment was carried out five
times between 540°C and 550°C and the shape of the graph
was the same in each case, although the actual values
differed. '

It appeared that, at 550 C? the ferromagnétic phase

48
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content decressed in three stages, whilst at 520°C only
the third stage occurred, and at 560°C only the first
and third stages occurred. The stages are marked on
the graph for 550°C as 4B, CD, EF. The first stage,
which comprised the whole transformation at 600°C, i.e.
Jjust sbove the Ap, occurred very rapidly and was completc,
for specimens 0.02" thick, within 20 seconds. The time
taken for completion of this stage was found to depend on
the thickness of the specimens. The thicker the specimen
the longer the first stage took to reach completion. This
effect was attributed to the time taken to reach the
temperature of the salt bath. Surface tilting was observed
in polished specimens heated to 600°C in a high temperature
optical microscopg. indicating that a shear transformation
was involved. The amount of transformation occurring in the
first.stage increased with increasing temperature,

Following the first part of the transformation there
appeared to be an "incubation period" of approximately oﬁe
minute before a second reaction began, whiéh involved a
further decrease in the ferromagnetic phase content. This
second reaction exhibited isothermal characteristics, only
appeared between 530°C and 550°C, and was complete after
approximately ten minutes. At 520°C and below, the second
reaction was either non-existent or too small to be
detected, and at 560°C and above, 1t was overlapped by the
early development of a third reaction.

The third reaction, illustrated by points E to I in
Fig. 3.1, wag found to occur at all the temperatures below

600°C shown in *ig. 3.1, and also at lower temperatures down
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to 430°C, It seemed to require an incubation period of
several minutes, this being shorter at higher temperatures,
and then reached completion after 100 minutes at 560°C,
but required two weeks for completion at 430°C. After
completion of this third resction no further change in
ferromagnetic phase content weas found to occur on holding
for up to three months at the transformation temperatures.
Fig. 3.2 shows the hardness changes associated with
the transformation at 550°C. Although a large scatter was
found in the hardness results ( j:5}4V ) the general
shape of the graph was determined quite reliably. It can
be seen that the hardness decreased in the sesme fashion as
the magnetlic phase content decreased. The first reaction
took longer to complete as determined by hardness measurements.,
Presumably this was due to the larger size of the specimens
used for hardness as compared with magnetic measurements.
Compering Fig 3.1 and Fig. 3.2, the hardness decrease
per percentage decrease in magnetic phase can be seen to have
been different for each of the three stages. In stage one
the herdness fell approximately 4 Hv per percent decrease
in magnetic phase, and in stages two and three the decreases
were 3.0 Hv and 2 Hv respectively. This result was somewhat
unexpected since there was time for much more recovery to
take place in stage three than in stage one.
Fig. 3.3 shows dilatometer curves for isothermal
holding at 550° and 560°C. The part of the dilatometer
experiments before the specimens reasched the test temperature
had to be ignored, due to anomalous effects caused by the

different surfaces of the test and control specimens. This
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meant that, since the fastest heating rate obtained in the
dilatometer was 60°C per minute’stages one and two of the
magnetic curves could not be detected)since stage three
had begun by the time the test temperature was attalned.
However, the occurrence of stage three was confirmed by

an overall ccntraction shown in Fig. 3.3; these curves
agree very vell with Fig. 3.1 with regard to the times

of transformation of stage three.

Figs. 3.4 and 3.5 show the effects of similar
isothermal heat treatments to those described above, on
deformation-induced martensite. ¥Fig. 3.4 was produced
from specimens of alloy A deformed 50% at rocm temperature,
thus producing approximately 10% martensite; and Fig. 3.5

was produced from specimens deformed 50/ at —78°C, thus

producing approximately 70% martensite., The general shape
of the graphs for the deformation-induced martensite was
similar to that for guench-induced martensite. There were,
however, certain differences which were noted. Firstly,
in Fig. 3.4, for room temperature deformation-induced
martensite, the final percentage of stable magnetic

phase was less, at both temperatures, than it was for
quench-induced martensite; 1in fact, at 550°C no stable
magnetic phase remained after 10,000 minutes. However,

in Fig. 3.5, for martensite induced by deformation at
—78°C, the final percentage of magnetic phase was higher
at 520°C than it was for gquench-induced martensite at that
temperature. Thus, although the amount of magnetic phase
may have been affected by the mode of formation and the

amount of deformation of the martensite, it seems that the
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final amount probably depended on the initial amount of
martensite present. Fig. 3.6 shows the relationship of

the final amount of stable magnetic phase to the initial
martensite ccntent for isothermal transformation at

520°C i.e. at a témperature below that at which reactions
one and two occurred. The relationship was non-linear,

the increase in the stseble magnetic phase per percentage
increase in initisl martensite decreasing as the martensite
content increased.

The second difference bétween deformation-induced
martensite and gquench-induced martensite was that the third
reaction began earlier‘in thé deformed structure. This
earlier development of reaction thfee made it difficult to
detect reaction two in deformed samples’, however, there
was some indication of it at 5500C in Fig. 3.4.

The stabilising effects of the isothermal transformation
were further investigated by taking specimens after various
times and temperatures of isothermal transformation, reverting
them for one minute at 600°C, and then retesting them
magnetically. The reéults for gquench-induced martensite
and deformation-induced martensite are shown in Figs. 3.7 and 3.8
respectively. Thé broken lines show the magnetic phase
content before the final reversion to 600°C, It éan be seen
that the first two stages caused no stabilisation of the
magnetic phase, full reversion being subsequently possible
at 600°C within one minute.However, when the third stage
began, a stable magnetic phase developed which would not

revert within one minute at 600°C. This stabilised phasse

increased in amount with time until it resached a pesk, and
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then decreased somewhat before stabilising at its final
amount. The formation of this stable phase can be seen
to have begun earlier in deformed samples (Fig. 3.8) than
in quenched samples (Fig. 3.7). Also it can be seen in
Fige 3.7, that the formution of this stable phase began
carlier at higher temperatures, and that the starting
point corresponded to the onset of stage three in the
isothermal transformation. The initial rate of formation
of the stable phase can be seen in Figs. 3.7 and 3.8 to
have increased with increasing temperature.

In order to determine if the stabilisation of the
magnetic phase involved a raising of the Ap, the experiment
was repeated using 700°C instead of 600°C as the second
reversion temperature. if the Ap had merely been raised
some extra reversion at 700°C compared with 600°C might
have been expected. The results are shown in Fig. 3.9.

It can be seen by comparison with Fig. 3.7 that the higher
reversion temperature made very little difference to the
amount of the stable magnetic phase. However, when the
specimens were held isothermally at 600°C, after an initial
isothermal treatment at a lower temperature; the stable
‘magnetic phase Was found to decrease with increasing time,
eventually being eliminated all together after a few hours.

In order to establish whether or not the stable magnetic
phase could be»induced without the presence of a prior
marteﬁsitic structure, fully austenitic specimens were held

isothermally at 530°C, Specimens of annealed austenite,

reversed austenite, and austenite which had been warm

worked 505 at 150°¢C in order to produce a disloocated



62

austenite, were used. In noc case was any magnetic
phacse detected after three months at 5300C. Thus it was
concluded that the presence of martensite was necessary
for the nucleation of the stable magnetic phase.

The temperature dependence of the final amount of
stable magnetic phase was investigated and the results
are shown in Fig, 3.10. The broken line shows the amount
of martensite present at the beginning of stage three of the
transformaticn., It can be seen that the final amount of
stable magnetic phase increased with decreasing temperature,
(although the time required to form it increased with
decreasing temperature), and that the amount relative to
the initial martensite content also increased with decreasing.
temperature. The ratio of the martensite content at the
start of stage three of the transformation to the final
amount of stable magnetic phase after isothermal treatments
is plotted against temperature in Fig. 3.11. The ratio
was observed to increase gradually with increasing temperature,
until the initial martensite content was reduced by stages
one and two of the transformation, at which point the ratio in-
creased dramatically. Thus the dependence of the stable
magnetic phase on both te@perature, and the initial martensite

content, was illustrated.

Structural Aspects.

(i) Stapges one and two of the transformation.

In order to study the effects of stage one of the

transformation specimens reversed for one minute at 600°C

wvere used. Light microscopy revealed very similar structures



°lo

18 —— -} ——— QUENCHED + ISOTHERMAL TRANSFORMATION AT 550°C
—— O——  AS ABOVE + 2MINUTES AT 700°C
15 . | .
'—-\+ .

\
-+
2 L N
S R
T
4

TIC PHASE CONTENT
w
i

=
| S,y

6 - - o | 4'\\\~\\\\\~\\-

Z .

2 ; v o o~}-

< ._ |

O

al

(g

{E 0 'O.E__;____-——-O""o"”? L1 ‘ 3 L
0 o 10 100 1000 10000

TIME IN MINUTES

Fig. 3.9. Alloy A. The ferromagnetic phase conten} of guenched specimens after isothermal
treatment + two minutes at 700 C. .



63

20+
184 —----- B e T T e TR
MARTENSITE PRESENT AT START OFSTAGE 3 \
N
\\
\\
16 4_
z
‘\
N
- \‘
14 = ‘\
N
Y
Y
' '
12 - \
°\° 3
=z -+ : | v
Elo — \ . \\
Z | FINAL STABLE MAGNETIC - v
© PHASE CONTENT +
w8 - -
tQL .
< ,
a —!_\
6 +
o - \
}.—
UJ ~+
&
< 4 -
= N -
- ‘ +
2 - _ \
-+
0 1 { i

440

Fig. 3.10.

1 ! 1 1
460 480 500 520 540 560
TEMPERATURE °C
Alloy A. The relationship between the marten-

site present at the start of stage three of
the transformation and the final

ferrcmagnetic phase content.




64

INITIAL MARTENSITE%/F] NAL FERROMAGNETIC CONTENT %

| I

420

! ! !
440 460 480 500 520 540 560
TEMPERATURE (°C) |

Alloy A. The ratic of initial martensite content
after quenching to the final ferromagnetic phase
content after isothermal treatment at various
temperatures., ‘




65

in both guenched and reversed specimens. Fig. 3.12.1
shows a martensitic structure, and Fig. 3.12.2 shows a
reversed austenite structure. The laths in Fig. 5.12.2
are generally termed 'ghost areas' and can be seen to
have a similar morphology tovthe original martensite
regions.

The elxtron microscope revealed the structure in
greater detail as shown in Figs. 3.12.3 and 3.12.4.
Fig. 3.12,3 shows a typical martensitic Structure which
has been well reported in previous literature(1,8,58,68)
The structure was one of laths containing many small grains
of martensite with a high internal dislocation density. 1In
between the grains of o(' there were regions of & and/or
stacking fault clusters. The laths were surrounded by regions
of retainéd.austenite with a very low dislocation density.
The reversed austenite in Fig. 3.12.4 can be seen to have
been similar to the martensite in that there were individual,
small grains of reversed austenite with a high, internal
dislocation density, linked now by regions often containing
& large number of very fine twins lying parallel to the
long axis of the lath.

No changes in structure could be detected during the

period of stage two of the transformation.

(11) Stage three of the transformation.

The reaction was studied most easily at 520°C since
this provided a large amount of martensite at the start of
stage three, together with reasonably rapid formation of

the stable magnetic phase. The initial structure was
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martensite similar to that shown in PFig. 5.12.5. After

400 minutes at 520°C)when approximately 70/ of the third
reaction had been completed)the structure was as shown in
Fig. 3.13.1. The former & areas appeared to be breaking

up, possibly into small sub-grains, and the areas which

vere previously cx’seemed to be forming irregularly shaped,
but smooth sided grains. This structure continued developing
until, when reaction three was completed after 10,000 minutes
at 520°C, it eppeared as shown in Fig.3.13.2. The sub-grains
formed from the & regions were often twin-related, and

these regions no longer posessed a straight boundary with

the retained austenite. The previously martensitic regions
had formed into irregularly shaped grains, and Fig. 3.13.3,
shows a diffraction pattern taken from one of these regions,.
the dark field micrograph associated with this pattern

being Shown in Fig. 3.13.4.

The diffraction pattern can be indexed as a £100)b.c.c.
pattern and this indicates that the new regions formed from
the martensite were b.c.c. in structure. The amount of b.c.c.
regions shown in Fig, 3.13.4 indicates that virtually all of
the martensite grains in the lath had transformed into this
product; the shape of the b.,c.c. regions in Fig. 3.15.4
suggests that retransformation to austenite may have nucleated
at the boundary between the <'grain and the ¥ , and then the
reversed austenite grown into the a<'in an inhomogeneous
manner.

Fig. 3.14.1 shows the structure at the completion of

stage three of the transformation at 550°C. Fig. 3.14.2

shows the diffraction pattern taken from this area showing
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a (110) § pattern containing twin spots. Fig. 3,14,3 is

a dark field micrograph taken from a twin spot. The upper
lath in Fig. 6,14,1 appears broken up and contains numerous
small grains, whercas the lower lath contains two relatively
large grains. It seems possible, therefore, that the lower
lath had reverted to austenite at stage one or two of the
transformation, whilst the upper lath did not revert until
stage three; and that stage three involved the breaking

up of the lath into smeller grains. Fig. 3,14.4 shows a
lath after completion of the transformation at 560°C; once
again the sub-grain size was finer than in a lath of
‘martensite.

In order to determine whether or not any diffusion was
involved in reaction three, a specimen was taken after the
completion of transformation at 520°C and examined with a
microprobe analyser. The spot size of the analyser was too
large (effectively 5/4W1) for analysis of the b.c.c. regions
to be possible. A scan of the surface however revealed a
small variation in the nickel concentration within the
specimen, although the scale of these variations was too
fine for‘the instrument to assoclate them with any structural

features.,

Recovery.,

It was mentioned previously that reversion at 600°0C
involved the formation of long, thin twins in the austenite
regions between reversed austenite grains. In order to

establish whether these twins were involved in the transformation

itself, or were part of a recovery process, specimens were






71

examined after various isothermal heat {treatments. It has
already been observed in Fig. 3.14.1 that these twins

were present after 1,000 minutes at 550°C; however,

Fig. 3.15.1, taken after one minute at 550°C, shows that
stacking fasults were still present, whilst there was no
evidence of the thin twins. It should be noted that, at
this temperature, the £should have reverted to & (14),
whilst the ~ ' was not fully reverted. In Fig. 3.15.2 which
shows the structure after 100 minutes at 520°C when no stage
one nor two reaction would have occurred, the twinned
structure can be clearly seen. The subseqguent breaking up
of these twinned regions into smaller lengths has already
been seen in Pigs. 3.13.1 and 3.13.2.

The formation of small, needle shaped grains was 8also
noted in reversed ¥ regions and this is illustrated in
Figs. 3.16.1 and 3.16.2., Twins (or stacking faults) are
algo evident in Fig. 3.16.1; therefore, the needle shsped
grains do not appear to have formed from these. ‘hat seems
to 5e a recrystallised grain also appears in Fig. 3.16.2
although such a feature was very rarely observed.

In order to study the recovery of reversed austenite under
similar conditions, and to separate the recovery from the
reverse martensite transformation, specimens were reversed
for one minute at 600°C and then held isothermally at 550°C
for 5,000 minutes. The structures developed are illustrated
iﬁ Figs. 3.17.1 and 3.17.2 A heavily dislocated structure
can still be detected in Fig. 3.17.2 but recrystallisation
appears to have started. The long thin twins are evident in

Fig. 3.17.1.
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In order to investigate the effect of a 'reversion'
treatment on a dieglocated asustenite scme specimens were
warm worked approximately 40% at 150°C (ie above the Ka)
end subsequently held for one minute at 600°C. The results
are 1llustrated in Figs. 3.17.3 and 3.17.4. The long, thin
twins were again in evidence, often forming in clusters as
they did in reversed austenite. These twins were not
present in the deformed structures (See Fig. 6.1.1). No
recrystallised grains were observed. The overall dislocation
density appeared somewhat less than that of reversed

austenite,
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3.2 DISCUSSICN

Stage Cne of the transformation

This part of the transformation would appear to
correspond to the martensitic reversion mechanism decscribed
for stainless steels by both Smith(i)’and Breedis(59).

The martensitic nature of the transformation is indicated
firstly by the athermal manner of its occurrence and

secondly by the surface tilting that it produced. Although

it is possible to describe the fransformation as a very rapid
isothermal process, the dependence of the transformafion

on specimen size, and the fact that the times involved were .
of the order needed for the specimen to reach the temperaﬁure
of thé salt bath, make it much more likely that the reacticn
was athermal.

Further ccnfirmations of the martensitic nature of this
part of the transformation have been made by other workers
with similar steels. Both Smith(l) and Breedis(59) have
found that the transformation retraces the path of the direct
transformaticn to martensite, the reversed austenite grains
being in virtually the same orientation as the retained
austenite around them. This indicates that, not onl& is it
a shear transformaticn, but that the same variant of shear
operates in both the direct and reverse transformations.
Although the specifiic habit plane for thebq/x transformation
in these stainless steels has not been determined, for
crystallographic reversibility to occur it must be very close
to that fcr the direct transformation. Kessler and

Pitsch(44) found the habit planes for the direct and reverse
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transformations in an Fe - Ni alloy to be very similar.

Since there is, therefore, evidence that the reaction
was athermal, that the percentage transformation depended
on the temperature, that a shape éhange was involved which
produced surface tilting, and that it seems very probable’
that a habit plane could have been determined; terming
the transformation 'martensitic', seems Jjustified.

Since reaction one was not detected below 530°C 1t
seems reasonable to define this temperature as the Ag
for the reverse martensitic transformation. This is in
contrast to smith{1) who stated 450°C to be the Ag for the:
‘same alloy. However, if Smith's hardness, as opposed to magnetic
results are used, then 530°C seems a better figure for ihew,:‘

Ag. The earlier fall in magnetic phase conent (at 450°C)

found by Smith was probably not due'to reversion but due
to the formation of extra martensite on holding for two
minutes bélow 450°¢ by a mechanism describted by liangonon
and Thomas(ss) involving thermally activated nucleation.of
martensite. This extra martensite did not form at
temperatufes above+450°C and sc the impression of a decrease
in martensite content was given.

The AS ahd Af were found to be unaffected by deformation
of the ' . This is in confirmation of work by Smith(l) on
s similar steel, but in contrast to work on Fe - Ni alloys(49'
53) where plastic deformation has been found to raise the
Ag. The structure of deformation-induced «' has been observed
to be very similar to that cf guench-induced «'in this

alloy (see Fig. 6.1.1), and the reversion mechanism would

appear toc be the same. That the A  and Ap appeared to be
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unaffected by the strengthening of the retained austenite

by deformation, is consistent with the observafion of very
little deformation of the retained austenite during the
direct or reverse transformations. Golovchiner(54) found
that, in an Fe - Ni - Ti‘alloy, deformation of the o'
disturbed the interface and changed the reversion mechanism.
This does not seem to have occurred in the mresent alloy.
This may be due to the different type of martensite in the
two alloys. The usual reason given for the lowering of

Mg and reising of Ag by deformation{8%) is that the strain
energy assgociated with the transformation is increased. The
‘different internal structures of thé martensites in Fe - Ni
alloys (twinned ') and ¥e - Cr - Ni alloys (internallyi“.M::'
dislocated «’) may mean that the strain energy required

for reversion is not so markedly increased in Fe - Cr - Ni
alloys by the dislocations introduced by deformation.

The decrease in hardness which occurred during this
first part of theAreversion can be atiributed to several
factors. Firstly, the f.c.c. structure is inherently weaker
than the b.c.c structure due to the lower Rierls - Nabarro
stress and the larger number of slip systems. Secondly, the
misorientation between the reversed austenite crystals is
very much lower than that between martensite crystals, and
also the misorientations between the reversed austenite
and retained austenite are less than those between martensite
and retained austenite. As regards the dislocation density,
it has been observed to be high in both martensite and
reversed austenite crystals but no quantitative measurements

have been possible. It seems likely that the reversed
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austenite may have undergone some recovery at reversion
temperatureé. |

There are conflicting views on whethér or not reversed
austenite inherits the defect structure of the martensite.
Zaytsev and Gorbach(57)bfound that the defect structure was
inherited; whereas Harvey(al) found that a martensitic
transformation 'swept out' the previous defect structure,
8 new defect structure being formed from the transformation
shear stresses and the volume changes involved. The current

work throws very little light on this queetion.

De2.2 Stage two of the transformation

The isothermal characteristics of this part of thé
transiormation are clear from Fig, 3.1+ The transformaticn
occcurred over a fairly short time period and involved a
decrease in the martensite content. Two possibilities
present themselves as explanations of this stage of the
transformation; firstly it may have been an isothermal
mertensitic reaction similar to that found in the direct
transformaticn; or it may have been a diffusionally controlled
transformation.

The fact that this stage of the transformation did not
result in any raising of the Ap, i.e. the specimens reverted
within one minute at 600°C, suggested tnai it was an
isothermal martensitic, transfermation, since stage 3, which
is thought to have been a diffusion controlled transformation,
resulted in some stzbilisation. The small, but consistent
'plateau in Fig. 3.1 between stages two and three of the

transformation, argues against stage two being the initial
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part of stage three in which not enough diffusion had
occurred to produce stabilisation. It is difficult to
conceive of a diffusion-controlled process reaching
completion in as short a time as does stage 2, when stage
three takes so much longer to reach completion.

The fact that stage two was not detected at 520°C
whereas stage three was very much in evidence, also indicates
that stage two was not linked with stage three; and thus
that it was an isothermal, martensitic reaction. This also
suggests that some athermal transformation needed to have
occurred before stage two would begin. This fact éan be .
explained by certain mechanisms of ﬁucleation of an
isothermal, martensitic trasnsformation (deslt with latefn.$.-'
in this section) but it is difficult to see why a
diffusional proccess should require some athermal reversion
to nucleate it.

Another reason for concluding that reaction two was a
mertensitic transformation similar to stage one is that the
hardness decrease per percentage decrease in magnetiq phase
content was very similar to that for stage one, whereas the
decreases for beth stage one and two were approximately
twice that for stage three., The slightly lower value for
stage two as compared with stage one may have been due to
there having been more time in stege two for some recovery
to have cccurred. The hardness decreacse accompanying stage
three will be discussed later.

The structure cf specimens after stage two was found to
be very si&ilar to that after stage one; nothing conclusive

can be deduced from this cbservaticn. However, the
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relatively short times involved allowed very little time
for any structural chaﬁges to be produced by diffusional
processés,

Thus, it is concluded that stage two was probably an
isothermal, martensitic transformation. The fact that it
occurred much faster than do isothermal transformations in
the direct transformation to martensite can be attributed
- to the higher temperatures involved, resulting in greater
thermal activation.

There appear to be three possibilities for the mechanism
by which the isothermal martensitic transformation may have
occurred. These are:

1) Relaxation of the stresses produced by both direct;-and~-?
partial reverse transformations, may have removed some of

the barriers to further transformation, i.e. the strength

of the surrounding matrix Was reduced thus reducing any
mechanical stabilisation, and/or the strength of the «!

was reduced, thus allowing the easier passage of an interface
through it.

This mechanism may contribute to the overall transform-
ation; however one objection to it is that there was no
evidence that either the direct or reverse transformations
caused any substantial deformation of the surrcunding
austenite.

Also the fact that the As and A_, were unaffected by

f
deformation indicates that the reverse transformation was
not affected by the strength of the martensite.

2) If some, but not all, of the «' grains in a lath reverted

athermally, this may have introduced extra deformation into
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the remaining «'grains, thus making them more unstable

and causing them to revert isothermally. Alternatively

if a reverted grain lay adjacent to an unreverted grain,

it may have enhanced nucleation of the reverse transformation
at the boundary.

The first alternative is unlikely, again since
deformation of the martensite did not affect the Ag and Ap.
The second alternative is more likely however, since workers
with Fe - Ni alloys have found that reversion nucleates at
theoﬂ/x boundaries. If one of a pair of adjacent o<’ grains»
reverted there must have been a change in the conditions at
the boundary due to the shear transformation, and this may
have caused later reversion to austenite under the inflﬁende-
of thermal activation.

3) Just as partial reversion of a lath may have affected the
rest of the lath, so reversion of one lath may have affected
laths lying adjacent to it. Thus, deformation of the
remaining laths or a change in the boundary conditions may
have caused subsequent, thermally activated, nucleation of
the reverse transformation.

Once again the interface mechanism seems the more likely
and, since the formation of sets of adjacent laths obviously
assisted in the accocmmodation of the shears in the direct
transformation, it seems likely that it would also be
favoured in the reverse transformation. In support of this
mechanism of transformation, as opposed to mechanism (2)
above, is the fact that no partially-reverted laths were
detected; however no conclusive evidence was cbtained on

this point. The interface mechanism is again in accord with
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the findings of the workers on Fe - Ni alloys that reversicn

begins at the «'/§ interface.

Btage three of the transformation.

There appear tc be three possibilities for the
processes occurring during this part of the transformation.
Firstly, scme annealing out of defects would be expected
at these temperatures and times. These recovery processes
undoubtedly occurred but they offer no explanation of the
decrease in magnetic phase content. Secondly, a thermally
activated reversion process similar to that discussed for
stage two could have taken plsce. Such a process, howevefr‘
offers no obvious explanation of the stabilisation of the
magnetic phase so that it would not revert fully at
600°C or 700°C. Thirdly, the reaction may have involved
some form of diffusion control.

The first clear observation tnat emerges from the
graphs in Fig. 3.1 1s that the magnetic phase conent decreased
with time, i.e. the martensite transformed to a non-magnetic '
phase, presumably austenite. This transformation could have
occqrred either by an iscthermal martensitic or by a

diffusional process. The observation that the transformation

‘ogcurred faster in deformation-induced mertensite than in

quench-induced martensite is more consistent with a
diffusional than a martensitic process. This is because
martensitic processes have genérally been observed(84) to
occur less readily in stronger matrices due to the inereased

strain energy involved in the transformation. Diffusional
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processes, however, genersally occur'faster when a high
dislocation density is present.

The second point to emerge from Fig. 3.1 and Fig. 3.7
ls that, over a certain period of time, a stable magnetic
phase was formed which would not revert martensitically to
austenite at 600°C or 700°C. This stable phase has been
identified by electron diffraction as being b.c.c in
structure., This strongly suggests that it was ferrite.

According to reported phase diagrams(2120) (see Fig. 3.18)
the alloy cocmposition lay very close to the B///p(ﬂ_g
phase boundary at these temperatures. Thus, it is possible
that equilibrium ferrite may have formed, in small
guantities, at least ét the lower temperatures involved iﬁ
thls investigation. The composition of equilibrium ferrite
would be much lower in nickel than the alloy composition.
Thus, if the transformation was martensite > ferrite +
austenite in equilibrium, the ferrite would be lower in
nickel than the austenite. The microprobe endlysis indicated
some variation in nickel content over the specimen after
isothermal transformation at 520°C, which is consistent with
the possibility that a low nickel ferrite had formed.

One observation which is not in accord with the
possibility that an equilibrium ferrite formed, is that the
amount of the stable phase formed at any temperature
depended on the inifial martensite ccntent. If the final
structure nad been at eguilibrium, a standard aﬁount of
ferrite should have been present at a given temperature. The
only way of reconciling this observation with the formation

of equilibrium ferrite is if the equilibrium amount of
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ferrite were greater than, or equal to, the largest_

amount of ferrite recorded i.e. 22% at 520°C. Then, since
transformation only occurred in martensitic areas. it is
possible to understand the lower amounts of ferrite

produced from the lower martensite content specimens. 227
ferrite at 520°C, however, is much more than the eguilibrium
smount indicated by the phase diagram.

The possibility that the slow trahsformation of ¥ «
at low temperatures has resulted in unreliable phase
diagrams 1is pointed out in the work of Zakharov et a1(56).

- They calculated that an Pe - 30 Ni alloy should contain
27% « 1in equilibrium at 400°C. They could induce no o(

to form in an austenitic structure held at 400° fbr.

800 hours, but, by guenching to form «’ , and then holding
at 400°C, the equilibrium 27% &. was formed within 6 hours.
In the work of Cook & Brown(lgg), however, some deformation-
induced martensite was formed before equilibration and so
the phase diagram that they produced should‘not be
particularly prone to this error.

Anothér possibility is that nickel diffusion out of the
martensite resulted in the composition in these regions
moving into the two-phase region. The martensite and
austenite before transformation begen were of the same
composition and therefore, if the dloy was in the single
- phase, austenitic region, no long range diffusion would
have been necessary for the martensite-—a austenite
transformation. However, whilst this tranformation was
proceeding, a b.c.c phase was present which was much higher

in nickei content than the equilibrium nickel content for

85



86

s b.c.c phase at the temperature invélved. Therefore,
nickel may nave diffused out of the martensite, resulting
in the éomposition ih the martensitic regions moving into
the two-phase region and the consequent formation of a
stable ferrite. Diffusion in austenite is much slower than
in ferrite, and, at these temperatures, diffusion in the
auétenite would have been too slow to allow the attainment
of final equilibrium once a low-nickel ferrite had formed.
This type of mechanism is consistent with the dependence

of the final amount of ferrite on the initial martensite
content since a larger number of martensite regions initially
would have resulted in a larger number of two-phase fegions
after transformation.

The temperature dependence of the final amount of
ferrite may have been due to.the movement of the xn+§//3
phase boundary to slightly higher nickel levels with
decreasing temperature. Also the kinetics of the o '— ¥
transformation may have been reduced more by decreasing
temperature than was the diffusion rate of nickel, resulting
in more nickel diffusion occurring per percent transformation.

The activation energy for stage three of the
transformation was calculated by plotting the time to 50/%
transformation against the reciprocal of the absolute
temperature, Fig., 3.19. The point for 560°C fell below the
straight line drawn, probably duve to some stage two
transformation having occurred during the initial part of
stage three. The calculated value for the activation energy
was 59,7 Kcals/mole. This figure was not very‘accurate due

to the small temperature range and small number of points
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used, but it compares well with the figure of 58.7 Keals/mole
quoted by Hirano et al{89) for the diffusion of nickel in
ferromagnetic o« - iron. This lends support to the suggestion
that nickel diffusion was involved in the transformation.

Krauss and Cohen(46), Kessler and Pitsch(44), and
Zel'dovitch and Sadovskiy(eo), have all postulated that
nickel diffusion occurs across the‘x;/’x interface on
isothermally holding partially martensitic iron-nickel alloys
between A, and Ap.

One other possible explanation of the formation of the
stable magnetic phase is that, as the «<'—s & transformation
- proceeded, recovery took place in the o« ‘. The removal of |
defects from the «’ by recovery would have lowered fﬁé'f}éé"
energy of the martensite phase and resulted in some degree
of stabilisation with respect to austenite. This stabilisation
may have been sufficient, evéntually, to slow down the
kinetics of the «'—s § transformation and to effectively
stop it. Even if one of the other suggested mechanisms
applied, recovery probably contributed to some degree to
the stabillisation. One fact which is inconsistent with
stabilisation-due to recovery is that raising the reversion
temperature to 700°C had little effect on the stabilisation.
If recovery was raising the Ap it would be expected to be a
gradual process and some difference in reversion would be
exﬁected to be noticeable at 700°C.

If one of the diffusional mechanisms applied then,
presumably, diffusion in the austenite was possible at
600°C and the ferrite reverted to equilibrium austenite

by a diffusional process. This means that the X//d.+8 ‘
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phase boundary was below 600°C. if the recovery mechanism

applied then the kinetibs of the reverse transformation must
have become fast enough at GOOOC for it to proceed.

Another feature reguiring explanation is the decresse in
magnetic phase content after the point at which no magnetic
phase would revert within one minute at 600°C (see Figs. 3.7,
3,8 and 3.9) . This may have resulted from an attempt to
reach equilibrium, but, if this was so, it is again difficult
to understand why a standard amount of ferrite was not
formed at a given temperature. If a iow nickel ferrite had
formed, it seems that full stabilisation of the martensitic
reverse transformation occurred before the ferrite reached
a fully stable form. This 1is not unreasonable since'mbﬁef'“"
superheating is required to make ferrite revert
martensitically than diffusionally(sz). If the recovery
mechanlism had operated then, since a martensitic reaction
reqhires & greater driving force than a diffusional reaction,
it is reascnable that martensitic reversion is stopped by
recovery earlier than diffusional reversion.

Cne other observation requiring explanation is that
the fall in hardness per percentage loss of ferromagnetic
phase was less during stage three than during stages one and
two. In terms of recovery proéesses the opposite effect
would be expected since the time available for annealing
out of defects was much longer during stage three. One
possibility for this effect is that, during stages one and
two, the martensite reverted to austenite of virtually the
same orientation as the retained austenite, thus, the

boundaries between reversed and retained austenite were  low
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angle as compared with the high angle bdundaries around
the martensite. It also seems likely that, during the
first two stages, whole laths reverted at a time. During
stage three, however, the boundary probably moved slowly;
and thus, whilst in stage one a whole lath may have reverted
for the same loss of martensite in stage three several laths
would have reverted partially. Thus, a larger number of
be.csc particles would have been left in stage three
resulting in greater strengthening.
The current work appears to ccrrelate quite well

with Smith's dilatometry results at varying heating rates(l).
At 'slow' heating rates Smith suggested that a diffusion
controlled reversion process began at 450°C. This seems P
confirmed by the present results and the formation of some
stablé ferrite probably occurred as well. At a '"medium'
heating rate Smith also postulated 2 diffusional process
beginning at 52000; this may have involved scme lisothermal
martensitic reversion as well as some diffusional transformation.
At '"fast' heating rates reversion was clearly martensitic.

 Although the present work correlates well with that of
Smith on a very similar alloy, neither this nor Smith's
work agrees with that of Breedis(5g)who found no change in
the magnetic content of an Fe - 16Cr - 12 Ni alloy annealed
for two minutes or two hours at temperatures between the

Ag and Ap . No explanation can be suggested for this anomaly.

3.2+4 Recovery and Recrystallisation.

There has been somé discussion(l) as to whether the
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twins and small stacking faults oﬁserved sfter reversion
in stainless steels were associated with the transformation
itself or formed part of recovery processes. These structures
appeared in regions which were formélly e or stacking
faults in the partially martensitic structure, and sometimes
passed through reversed austenite grains. E in this alloy
has been found to be fully reverted within fifteen minutes
; bowever, Fig. 3.15.1 shows that twins were
not always present after reversion for 1 minute at 550°C
although stacking faults were still present. Thus, either
the ¢ did not revert athermélly and was still present in
Flg. 3.,15.1, or the twins were not associated with the
reversion of & to ¥ .' The &£ structures had certainly
disappeared within 1 minute at BOOOC being replaced by the
tﬁins and small stacking faults - see Fig. 3.1&.4.
The possibility that the twins were associated with
the athermal reversion of &' to ¥ appears tc be refuted by
Fig. 3.15.2 which shows twins to have been present after
isothermal holding for 100 minutes at 52000 at which
temperature no martensitic reversion of «'to ¥ had
~occurred. Thus, twins have been observed both when no stage
1 transformation (Fig. 3.15.2). and no stage 3 transformation
(Fig. 3.13.4), had taken place. The fact that similar twins
were observed in warm worked structures after a 'reversion'
heat treatment. when no «' had been present originally
(Pigs 3.,17.3 and 3.17.4) adds further weight to fhe conclusion
that the twins were not associated with reversion of o’ .
Thus, the possibilities remain that the twins formed

part of the reversion of & possibly occurring isothermally
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below 60000, or, that they were formed by recovery processes
after the & had reverted. & can be considered as & ¥
structuré’faulted on every other (111) plane(go). Thus,
the f.c.c. stacking seguence AECABC, faulted on every other
plane becomes ACACAC. If, then, it is assumed that
reversion of g also involved faulting on every other plane
it is possible to obtain either ABCABC again, or, CBACBA
which is the stacking sequence of a twin in an f.c.c.
structure. Thus it 1s possible to envisage the reversion
of ¢ to ¥ producing‘twinned & by the same sort of mechanism
‘as that which produced the initial & . The faulting on
alternate {111} plénes described above can be accomplished
by the movement of‘%‘<:112>, Shockley partial dislocatiﬁns?~‘
as proposed by Christian(99) | For each set of {113 planes
there are three possible'%?(112> shears, and Kotval and
Honeycombe(gl), working on the f.c.c. to hec.p transformation
in Cu - Ge, found that all three operated in the thermally
activated formation of the h.c.p. phase, thus producing
regions of & which showed surface tilting within them.
They propose that the transformation can beéxplainéd in
terms of the pole mechanism propounded for the f.c.c
hecep transformation in Cobalt by Seeger,(gz).

Thus, it is possible to envisage the reverse transformation
i.e. hecop— f.c.c. occurring in a similar sort of way. The
large number of fine twins formed from an €& region may be
considered és formed by different varients of the shear
required, this process occurring presumably because it allows
better accommodation of the shears involved. The actual

mechanism may have been assoclated with the pole mechanism
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proposed by Cottrell and Bilby(gg)for the formation of a
twin from a partial dislocation.

(91) proposed that some solute

Kotval and Honeycombe
segregation to the stacking faults was necessary before the
~hec.p phase would form, it then forming martensitically.

Some similar mechanism in the present case could explain
why the twins seemed to form isothermally at the lower
temperatures,

The other possibility, that the twins form part of
recovery, is supported by work on Fe - Ni alloys by Krauss(45)
and Krauss and Cohen(46) who found that islands of twins
formed about 50°C above the Ap . They suggested that these
twins formed by the coalescence of high energy stacking
faults which arose from irregularities in fhe reverse
shear transformation. The driving force for this process
was presumably that a twin fault has approximately one half
of the energy of a stacking fault, due to half the number of
nearest neighbour bond violations being involved. The
mechanism could, once again be the Cottrell - Bilby pole
mechanism. Since twins formed at tewmperatures below the
AS the stacking faults in the present case cennot have arisen
from the reverse martensite transformation, but may have férmed
as a result of the reversion of g , or may have been assoéiated
with the direct transformation.

Fig. 3.1B.8 shows the structure of these previously &
regions after 10,000 minutes at 520°C. in intermediate
structure after 400 minutes at 520°C is shown in Fig. 3.13.1.

The length of these regions was obviously restricted by the

' and later the -« grains, (compare these Figs. with



94

Fig. 5.17;5) and they appeared to break up into small
polygonised grains, elongated in the long direction of the
lath, These grains were often still twin-related to each
othef.

Polygonised grains were also apparent after shorter
times at 550°C and 560°C as shown in Figs 3.16.1, 3.16.2
and 3.14.4. However, in Fig. 3.16.1 and 3.14.4. twinned
regions were also apparent, and the polygonised grains
may have been assoclated with a previously e<“region.

The formation of these sub-grains was presumably due
to recovery processes. Similar elongated sub-grains were
found by Hu(94)in microband regions-in an Fe - 3% Si élloy.
These microbands were narrow regions, in betwéen matrix
deformation bands, which consisted of several narrow laths
with 2-3° misorientation between them and a high internal
dislocation density. HG found that recovery caused the
formation of elongated sub-grains, and that recrystallisation
subsequently occurred by a sub=-grain coalescence mechanism,

Smith(l) found that recrystallisation of reversed
austenite in these stainless steels at 850°C occurred‘by a
continuous recovery process, or, recrystallisation 'in situ’.:
Pigs. 3.16.2 and 3.17.2 show what appears to be the farmation
of small, recrystallised grains; these were very uncommon,
Nevertheless it appears that recrystallisation may have
proceeded mcre normally at these lower temperatures than at
850°C as described by Smith. It may be that reccvery
processes prcceedad too fast at 850°C for recrystallised

grains to be able to nucleate.
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CHAPTER 4.

TRANSFORMATICN CYCLING.

There has been considerable discussion(1'35’55'45'46'48'

83'84)1n the literature on the reason for the stabilisation
of austenite which 1s produced by the presence of reversed
austenite., This feature has been studied in the present
work by means of dilatometry and optical and electron
microscopy, including the use of a cooling stage in the
electron microscope. The cooling stage.was intended for use
in studying the sites in which second generation martensite
was produced, by obsefving the transformation to martensite
under continuous cooling conditions} In the cocurse of this
work some observations were made of the formation of first

generation martensite and these are also reported in this

sectlion.
RESULTS

Cbservations in the Cooling Stage.

The stage used liquid nitrogen as a ccolant, and
the‘specimens could be cooled to a minimum'temperature of
~150°C; thus, since alloy A had a bulk Mg of -50°C it wes
hoped that martensite formation would be cbserved in the
electron microscope. It was found, however, to 5e very
difficult to produce any martensite in the regions of the
foils which were thin enough tﬁ observe in the microscope,

slthough optical microscopy, after ccoling, revealed coplous

’
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surface tilting, indicating transformation to martensite, in

the thicker regions around the edges of the disc specimens.,
Nevertheless, scme observations were made of structural

changes in samples of salloy A under continuous cooling.

Fig. 4.1 shows the structure of solution treated samples

| cooled to -100%and -150°C. Although very little martensitq

was produced, a number of stacking faults were formed,

e.g. Fig. 4.,1.1 These stacking faults were not usually

assoclated with any martensite, but occasionally they were

linked with heavily dislocated regions as shown in Fig. 4.1.2.

These dislocated regions_did not show the morphology of

the lath martensite observed in bulk material, but had a

(108)for

morphology similar to that described by Hull
mertensite produced in a thin foil of an iron-nickel alloy, and
by Breedis(8) for martensite pboduced in a thin foil of an
18/8 stainleess steel.

Fig. 4.1.3 shows what appear to be martensite laths
linked with regions of stacking faults or € . The heavily
dislocated regions described above were often found to grow
by the slow movement of one of their boundaries, as did
the regions described by Hull. Fig., 4.1.4 illustrates one
of these regions in which the boundary running from left io
right at the bottom of the micrograph was observed to move
slowly downwards on further cooling of the specimen.

Fig. 4.2 shows the sideways growth of an initial
martensite lath, under the influence of continuous cooling.
The growth occurred partly by slow boundary migration and
partly by 'bursting' as illustrated in the figure. The slow

boundary migration was simlilar to that described above for
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the heavily dislcocated regions. Narrow stacking faults
can be seen in Figs. 4.2.1 and 4.2.2 lying in front of the
moving boundary and parallel to it. No similar stacking
faults were observed in a room temperature examination of
.thin foils which had been prepared from material guenched
to -196°C. Examination of the same areas in Fige 4.2.3
reveals that these stacking faults seem to have disappeared
during the course of the transformation to martensite. The
small lath produced by bursting in Fig. 4.2.2' also eppears
to have generated some stacking faﬁlts at its boundary with
the austenite. Fig. 4.2.4 shows a region, just to the right
of that shown in Figs3 4.2.1 - 4.2.3, where the martensite.
laths met & prior austenite grain boundary. The impingemént
of the martensite on the boundery appears to have caused the
géneration cf stacking faults iﬁ the austentte on the other side
of the boundary,

The prcduction of seccnd generation martensite in the
cooling stage was found to be even more difficult than that
of first generation martensite,presumably due to the
stabllisation of austenite by reversed austenite. Some
‘observaticns were made, however, and are illustrated in '
Figs. 4.3 and 4.4. Fig. 4.3 shows structures in a foil cooled
to -150°C. The two dark field micrographs were taken of the
same area as the bright field micrograph using two different
austenite relections which were twin related. The interesting
feature is the presence of stacking faults, labelled in
Fige 4.3.4, within the laths, running at various angles across
the laths. Similar faults were not observed in guenched and

reversed specimens examined at room temperature. Possihly,
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therefore, these faults may have been associated with the
beginning cf the formation of second generation martensite.
Fig. 4.4 shows two micrographs of the same area of a
foil, initially containing 18% reversed asustenite, after
cooling to -60°C and -100°¢ respectively. The structure
in the upper part df the micrographs dces not have the
characteristic reversed austenite structure (sece Fig. 3.1.4)
although it does contain a high dislocation density and has
the appearasnce of the heavily dislocated regions, assumed to
be martensitic, mentioned earlier. Below these dislocated
regions in ¥Fig. 4.4.1 is 8 region containing bands of
'stacking fauits. In Fig. 4.4.2 this faulted regionlhaé'been _
replaced by a band of martensite, although it is hot'of“tﬁé’:
characteristic lath structure (see Fig. 3.1.3). This
martensite had clearly ﬁot forﬁed in & region of reversed

austenite, but one of retained austenite.

4,1.2 Further Metallographic Evidence.

FPig. 4.5 shows bright and derk field micrographs taken
in =& room'temperature examination of & foil which had been
guenched to -19600, reversed fcr one minute at BOOOC, and
then re-quenched to -196°C, Pig. 4.5.3 shows the regions
imaged from an austenite diffraction spot. Thus, it can be
seen that the area was basically austenitic, and that the
high dislocation density indicates that it was an &area of
reversed austenite. However, in the centre and top right
hand corner of Fig. 4.5.1 are fwo regions of martensite
(end £), these baing imaged, from a b.c.c diffraction spot,

in Fig.'4.5.4. Thus, it would appear that these two regions
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of martensite had formed in a region which had been
reversed auétenite. It may bé noted that the martensitiec
lath in the centre of Fig. 4.5.1 was much shorter than
the normal laths of first generation martensite.

Further evidence of the formation of second generation
martensite was obtained by optical microscopy. Fig. 4.6.1
shows lath regions of reversed austenite in a polished and
etched specimen. Fig, 4.6.2 shows the same area after simply
re-guenching to -196°C and re-photographing. In the regions
around the central grain second generation martensite laths
can be identlified due to the surface tilting produced by the
martensite transformation. Comparing the central grain ip o
the two micrographs, no entirely new laths can be deteétéd.u.
in Pig. 4.6.2 as compared with Fig. 4,6.,1. However, in the
area just above the centre of the grain which was not etched
fully in FPig. 4.6.1, scme tilting cen be seen to have occurred
whidh~appears to be linked with the laths, present in Fig. 4.6.1,
in the adjoining area. Also, several laths in Fig. 4.6.2
appear clearer and less broxen than they did in Fig. 4.6,.1,
possibly indicating that surface tilting had occurred which
increased the contrast. Care must obviously be taken in
interpreting these micrographs, but the indications are that,
at least some second generation martensite formed 1n the same
sites as the first generation martensite, since, (&) no
completely new laths were detected in the central gmin, and,
(b) scme-of the previous laths were clearer, and possibly

extended into under-etched regions in Fig. 4.6.2.

4,1.3 Magnetlec Vork.
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Fig. 4,7 shows the effect of reversion temperature
(two minute treatments) on the amount of second genersation
martensite produced by re-quenching to -196°¢. 18/{ martensite
was produced by the first gquench in 1iquid'nitrogen.

If, after the first quench, the specimens were held for
two minutes at 500-530°C (below the Ag ), and then
re-qguenched, the amount of martensite coulq be increased to
24%. However, at temperatureé above 530°C when some reversion
occurred, the total martensite content after the second
guench decreased with increasing reversion temperature until,
after complete reversion of the first generation martensite,

a second guench produced only 11;: martensite. Increasing
the reversion temperﬁture to higher temperatures above'thé
Ap then allowed the martensite formed on the second quench
to incresses )

In order to obtain the amount of martensite formed by
the seccnd guench, any remeining first generation martensite
must be subtracted from the total martensite content
measured after the second guench. The results obtained by
this method are shown in the lower greaph in Fig. 4.7. It
can be seen that the amount of second generation martensite

increased with reversion temperature throughout the

temperature range.

The Effect of Transformation Cycling on the Mg and Ao

(1,33,48)

It has been observed that transformation cycling
causes increasing stabilisation of austenite in both
stainless steels and iron-nickel alloys. usually until, after

g number of cycles, no martensite can be precduced by
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quenching. Therefore, the effect of transformation cycling
on the M, temperature and the reversion temperature range was
investigated using a differential dillatometer. The results
are shown 1n Fig. 4.8. The heating rate employed was about
80°C/minute. It cen be seen that the M  decreased slightly
with successive cycles of transformation. whilst the Ag

and A, remained unaffected. The small amount of magnetic
phese shown after reversion in the fourth and fifth cycles
would not revert athermally at temperatures up to 75000, and
was therefore taken to he the stabie b.c.c phase observed on
isothermal helding as discussed in the previous chapterf"

| Fig. 4.8 also confirms the observation that less
martensite (measured magnetically) is produced by successive
quenches after various numbers of reversion treatments.

These results are very similar to those obtained by Smith(l).



Transformation Cycling in Alloy A.
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Fig. 4.8

Cycle Amount o’ % Mg ©C As CC Ap °C
1st Quench i8.0 -55
1st Reversion 0] 540 600
2nd Quench 12.8 -60
2nd Reversion 0 540 600
drd Quench 6.9 -66
3rd Reversion 0.4 540 600
4th Quench 3.0 -76
4th Reversion 0.6 540 600
5th Guench 1.6 ( -80
5th Reversion 0.6 540 600 -
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4,2 DISCUSSICH

4.,2,1 MNertensite Feormation.

It was mentioned in the review cf iiterature that there
has been ccnsidersble discussicn over the rcle of ¢ and
stacking faults in the martensitle transformation. There are
a8 few observations in the present work whioh may be discussed
in this connection.

Figs 4.1,1 shows several stacking feults which were
nct associatéd with any martensite. This indicates that,'at
least these stacking faults were not formed as a result of
deformation introduced by the martensite transformation. Thgy
may have been formed due to a lowering of the stacking fault
energy ék'the beginning of transformation to & . Since very
little martensite was observed in the foll it also indicates
that stacking faults formed above the MS. This is in contrast
to the results of Goldman et 81(24) but in support of those
of Mangonon apd Thomas(sa).

Fige 4.1.2 shows stacking faults associeted with a
heavily dislocated region which was probably mertensitic.

'These faults have the appearance cf being generated by the
martensite rather than of forming before the martensite. |

Fig. 4.1.4 shcws 8 dislocated region with a slow—éoving
boundary. Similar features can be seen in Fig, 4.2 which
shows martensite growing sideways from an initial lath by a
mixture of bursting and slow growth. It is difficult to say
whether the stacking faults in the austenite lying parallel
to the martensite boundary in Figs 4.2.1 and 4.2.2 resulted
from the martensite transformationvor whether they aided in

the nucleation of martensite. There is no evidence of the
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martensite forming on, or being restricted by, former £
laths dr plates. The new faults at the top of Fig. 4.2.2
indicate that they were probably generated es a result of
the formetion of martensite. The faults formed across the
boundary in Fig. 4.2.4 seem to be, almost ®rtainly, a
result of the impingement of martensite on the other side
of the boundary. i

Thus, it seems that stacking faults form both before,
and as & result of, the formation of martensite. It seems
fromAFig. 4.2 that ¢ was probably'not necessary as an
intermediate stage in the transformation to martensite.
However, stacking faults were observed infhe-austeniteibefore
martensite formation in thin folls but were not observed“ “
after martensite formetion in austenite in bulk material,
guenched and thén examined at‘fcom temperature; therefore,’
they may act as nucleation sites for martensite, possibly
transforming to g before doing so.

The part of the transformation involving the slow
boundary migration and the formation of heavily dislocated
regions of martensite of a different morphology from the
normal lath type, was probably associéted with transformaticn
in a thin foll. BSimilar effects have besn observed in a
stainless steel by Breedis(a), and in an Fe - 30,0 Ni alloy
by Hull(los) who attributed them to some special effect in
thin foils, possibly due to the absence of constmints present
in bulk material.‘

The apparent lowering of the Mg in thin foils as a
result of transformation cycling has also been observed in

iron-nickel alloys-(as) However, there are also examples(108>
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of thinning raising the Ms in iron-nickel alloys.
warlimont{199) has attemptea to rationalise this situation
in a recent article. He suggests that there are two

competing mechanisms involved. Firstly, the M  is raised

- by "image"forces in a thin foll causing the expansion of

nuclei, and, secondly, the MS is lowered due to the volume
of the fcil being less then the volume of material required
to find a nucleus of high effectiveness, This latter
suggestion follows that of Cech and Turnbull(llo) who found

the M_ of a small particle to be lower than that of bulk material,

Seccnd Generation Martensite.

It has been found that the presence of reversed
austenite causes stabilisation of austenite both in stainless
steels.(1'48-5s) and iron-nickel alloys(55'35'43'85'84)
There have been two maln suggestions put forward as to the
reason for this stebilisation. Most workers have concluded
that the defect structure introduced by the reversed

austenite hindered the growth of martensite nuclei, Some

workers propounding this defect theory have suggested that

a cell network is necessary to hinder the growth of the

LN - 1) ~ -4

martensite(35+63) | whilst others{%8+85) have simply attribdtedy
it to the high density of tangled dislocations. The otherg |
theory for the austenite stabilisation, advanced bydKrauss

and Cohen(46); suggests that the diffusion of irci;or nickel

at the martensite/austenite interface prior to reversion

causes a change incomposition of the austenite and thus its

stebilisation. It must be noted, however, that these

diffusional effects were observed at very slow heating rates.
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Both of these theories involve at least partial
prohibition of mertensite ferming in the ssme sites in the
second generation as it did in the first, since, in stainless'
steels at least, there is no aporeciable deformation of the
austenite outside the transformation bands. In the alloys
used in the present work, since only 18 martensite was
produced by the first gquench, it is possibie that complete
stabilisation cccurred in the reversed austenite regions and
that second generaticn martensite formed in regions of
retained sustenite. |

If the second and subseduent generations of martensite
formed in the same sites as the first generation, then the
contlinuing stabilisation would presumably have been aﬁe‘fbné'.
continuous build-up of the defect structure, or increased
diffusion, with each cycle. However, if later generations
of martensite formed in regions of retained austenite, then
thé stabilisation was presumably due to a decrease in the
number of nucleation sites with each successive cycle,
and possibly, some restrictions on growth of laths by the
network of reversed austenite laths.

No conclusive evidence of the sites of formation of
second generation martensite was obtained. However,
Pig. 4.5 shows that martensite could form in reversed
austenite regions, although it may have formed in short
lengths i.e. its growth may have been restricted. It is
noticeable that ¢ appeared to form with the martensite.

Fig. 4.6 also allows the possibility that second
generation martensite may have formed within the same regions

as the first generation. Although these micrographs are
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difficult to interpret, the general absence of completely
new laths, and the darkening and extension of scme previous
laths as mentioned in the results section, suggests the
possibility of successive generaﬂions of martensite forming
in the same regions.

The literature contains conflicting reports on the
sites of formation of second generation martensite. Caron
and Krauss(Bs) found successive generations of martensite
in an Fe - 30/  Ni alloy to form in the same sites, with
second generation martensite plates being smaller and
narrower than the first generation plates. This correlates
well with the current work.

Edmondson and Ko(ss), however, found optically, the
opposte effect in an Fe - 34% Ni alloy, i.e. that second
generation martensite formed in different sites from the
first generation martensite. Edmondm & Ko suggested that
deformation of the lattice caused by the direct and reverse
martensite transformations destroyed the nucleation sites for
martensite. Caron and Krauss, however, concluded that the
defect structure produced more nucleation sites.

In the present work it seems that second generation
martensite probably formed within the same regions as the
first generation aithough Fig. 4.4 indicates that this may
not be entirely true since it shows a martensite lath growing
into retained austenite. Fig. 4.4 may show an effect unique
~to transformation in thin foils, or possibly martensite may
nucleate at prior martensite boundaries.

Assuming that most of the martensite formed in
previously reversed austenite regions, it remains to decide

what feature of reversed austenite caused the austenite
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stabilisation.

If the stabilisation were caused by the heavy defect
structure in the laths inhibiting the growth of martensite,
then, as recovery processes proceeded, it would be expected
that the stabilisation would gradually decrease. Since
recovery occurs faster at higher temperatures the amount of
second generation martensite would, therefore, be expected
to increase with increasing temperature fdr the two minute
'reversion' treatments. However, diffusion also occurs
faster at high temperatures; thus, if stabilisation were
caused by diffusional processes, the amount of second
generation martensite would be expeéted to decréase with
increasing 'reversion' temperature. In the diffusional
case very little difference would be expected between 600°C
ang 70000 reversion treatments since complete athermal
reversion occurred at both temperatures and no diffusion would
be expected after complete reversion. In the case of
mechanical stabilisation, however, faster recovery at 700°C
would be expected to result in more second generation
‘martensite than would recovery at 600°C.

Fig. 4.7 indicates that the amount of second generation
martensite increased with ‘reversion’ temperature throughout
the temperatdre range from below the Aj; to the Ap and also
that more second generation martensite was formed after
reversion at 700°C than at 600°C. These observations suggest
that the stabilisation was a result of the defect structure
of the reversed austenite and not diffusional processes. The
possibility of diffusional processes is very restricted by

the rapid heating and short reversion times, and reference
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back to Fig. 3.1 shows that two minutes was too short a
time for an& diffusion to show up magnetically by the
formation of a stable magnetic phase although some
diffusicn may still have occurred.

These conclusions agree with those of Bréedis(sg) who
also found that heat treatment just below the A enabled more
martensite to form on the second guench. He attributed this
effect to the decease in the number of dislocations, stacking
faults and twins between the martensite crystals in a lath
due to recovery. This suggestion appears valid since second
generation martensite formed after 'reversion' treatments
below the Ag could not form in the sites of first generation Hl
martensite since this was still present. Furthermoré;'iﬁ.iﬁé~
present work, no second generation martensite was formed on
re-guenching after holding first generation martensite at room
temperature. Therefore recovery would appear to have been
neceésary for the second generation mertensite to be produced.
Since the dislocation density in the retained austenite was
very low, recovery would heve very little effect on it.
Therefore, 1t seems that recovery in areas between the
martensite crystals, which were previously g, twins or
stacking faults. contrclled the formation of the seccnd
generaticn martensite. Assuming that each successive generation
of martensite formed in these areas between the martensite
crystals, even aflter revefsion at 600°C, then the total zmount
of martensite produced up to complete stabilisation i.e. in |
five cycles should have been approximately egual to the initial
>volume of martensite + £+ stacking faults present after the

first quench. Thus, taking the values in Fig. 8:
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The tptal amount of martensite produced in five cycles
= 18 4 12.8 4 6.5 + 2.4 + 1.0.
= 40,7%.

The volume occupied by laths cf martensite + g + stacking
faults sfter the first quench, measured by point counting vusing
an optical microscope, was found to be approximately 45%.
These two figures are gquite similar and, therefore, allow
the possibility that most of the second and subseguent
generations of martensite formed in previously ¢ areas of
the first quench. This would mean that all the nucleation
- sites in the austenite which could produce martensite at
-196°C were used up in the first guench. |

Breedis and Robertson(17) using optical microscopy fdﬁhd
a similar result in that, after annealing the reversed
austenite in a stainless steel for 15 minutes at 90000,
subsequent quenching to -196°C resulted in martensite forming
in the same sites as on the first quench. Thus they concluded
that, the-same nucleation sites were active but no new ones were
produced by this annealing treatment.

Fig. 4.8 indicates that the Ms was depressed by
continuous cycling between martensite and austenite. In a
similar way, Sastri and West(84) found the MS of some medium
alloy steels to decrease with increasing austenite yield
strength., They suggested that a high aﬁstenite dislocation
density was associated with a low MS and a high initial rate
of martensite fcermation. This was because a lerge number of
martensite embryos were present; but their growth was
inhibited by  an increase in the straiﬁ energy assodated with

the transformation. Breinan and Ansell(®9) found the M_ to



decrease linearly with increasing austenite yield strength
in iron-nickel alloys.‘ Since the reversed austenite in
the pfesent material had a high dislocation density, and a
yield strength above that of annealed austenite, it is
probable that the effect on the Mg was caused by factors
similar to those proposed by Sastri and West.

In conclusion, it appears that second generation
martensite probably forms within the same regions as the
first generation laths, possibly in the area which were
previously e , stacking faults and twins. The lowering of

the Mg and stabilisation of the austenite was probably due
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to the defect structure of the reversed austenite inhibiting

the growth of martensite laths.

The fact that the As and Af were unaffected by
tranéformation cyecling, as shown in Fig. 4.8, may indicate
that successive generations of martensite were similar in
structure to the first generation. This may meanthat the
martensitic transformation 'swept out' the dislocation
structure previously present. This suggestion has also
been madé by Harvey(sl) for martensite forming in deformed

ausforming steels.
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CHAPTER 5

STRENGTEENING NECHANISHS.

The presence of either martensite or reversed austenite
has been observed to increase the strength of an annealed,
austeniticystainless steel. There are a number of possible
mechanisms by which this strengthening may occur, viz:

1) The increased dislccation density and small grain size
will themselves cause an increase in strength; 2) The
martensite or reversed gustenite erystals may act&s hard
particles, resulting in Orowan strengthening; and

3) The laths of martensite or reversed austenite may:acﬁ"" 
as strong fibres in the weaker, annealed austenite matrix,
resulting in composite strengthening.

In order to investigate these mechanisms, experiments
were performed on alloy A to determine the dependence of
the strength on the amount of martensite or reversed
austenite present, 'Also some observations were made in the
electron microscope of structures, containing reversed

austenite which had been deformed a small amount.

[
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5.1 RESULTS

Fig's 5.1 to 5.3 show the variation in hardness,
tensile strength and ductility with increasing amounts
of martensite and reversed austenite. The martensite was
induced by quenching for 15 minutes or longer at -70°C,
-100°C, and -196°C. The largest amount of martensite (23.5
was produced by quenching to -196°C, followed by an
intermediate anneal of 2 minutes at 500°C and re-quenching;
therefore the'results from these specimens may be unreliable,
although they appear to fit reasonably on the graphs. The
reversed austenite was produced by 2 minute heat treatments
at 600°C. | |
Fig. 5.1 shows the variation in hardness with the
amounts of martensite and reversed austenite. In neither
case was the graph linear, the slope decreasing with increasing
martensite or reversed austenite content. At each level of
second phése @he partially martensitic specimens were harder
than the austenitic.

Fig. 5.2 shows various tensile properties at 150°C

(above the My) of partially martensitic specimens, plotted
against the martensite content. The 0.2/ proof stress anad
the U.T.S5. appear to heve increased linearly with increasing
martensite content, the slope of the proof stress graph
being slightly greater than that of the U.T.S. The ductility
decreased rapidly with increasing martensite content,
aithough the largest decrease appears to have occurred over

the first few per cent of martensite. The work hardening

rate was found to increase with increasing martensite content.
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Fig. 5.3 shows the same properties as Fig. 5.2, this
time for specimens containing reversed austenite rather
than martensite. The 0.2% proof stress and the U.T.S
again increased linearly with increasing reversed austenite,
but the slope of the U.T.S. graph was considerably lower
than that of the proof stress graph. The U.T.S., in fact,
was not increased very markedly by the presence of reversed
austenite, whilst the proof stress increased at almost the
same rate as with increasing martensite content. The
ductility remained relatively high at all levels of reversed
austenite, the major decrease in ductility occurring over
the first few percent of reversed austenite, after which
it remained fairly cohstant. The work hardening rate was
found to decrease with increasing reversed austenite
content.

In an attempt to gain information about the manner in
which reversed austenite laths behaved under deformation,
some material was quenchéd, reversed, deformed approximately
5% by rolling, and then examined in an electron microscope.
Some of the structures observed aré shown in Fig. 5.4.

Fig. 5.4.1shows several laths of reversed austenite running
down the micrograph which appear to have been cut by
needle-shaped features running across the micrograph. These
needle-like features resemble very narrow laths of deformation-
induced martensite such as were observed in the present work
on deformation-induced martensite (see Fig. 6.2.1). The

right hand reversed austenite lath in Fig. 5.4.1 particularly
appears\bent by the deformation. The boundaries of the

laths appear fairly diffuse and merge into the deformed



austenite arouﬁd them, often without a clearly defined
boundary. Fig. 5.4.2 shows two laths, at the top of the
micrograph, which appear to have been sheared in places
by the deformation. Fig.'5.4.5 shows an area which has
the appearance of having been a reversed austenite lath
(running diagonally across the micrograph from the top-
left hand corner to the bottom right hand corner); this
region now seems genersally deformed and to be losing its

identity as a distinet lath.

125






127

5.2 DISCUSSICN

The factors which may contribute to the strength
of metals are generally accepted as being:
1) Priction Stress.
2) Grain Size.
3) Solid Solution Strengthening.
4) Precipitation or dispersion strengthening.
5) Substructure (dislocations, twins etc.)
6) Number, Structure and Morphblogy of Phases present.

7) Ordering.

In explaining the increased strength of reversed-
austenite as compared with annesled austenite, the friction
stress and solid solution strengthening can be considered
the same for both structures since their composition and
atomic structure are the same. In alloy A precipitation
can also be discounted since the very low carbon content
and the short times spent at high temperatures make any
precipitation very unlikely. No ordering would be expected
in these alloys. Thus, the possible strengthening mechanisms are
the grain size effect, the substructure, and the possible
dispersion or composite hardening effect of relatively strong
laths of reversed austenite in a weak matrix of retained
austenite.

Fig. 5.3 indicates that the presence of reversed
austenite in a solution treated austenite structure increased
the 0.2)% proof stress, had only a small effect in increasing

the U.T.S., and reduced the ductility and work hardening
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capacity. These results are similar to those cbtained

with iron-nickel alloys by a number of other workers(54’ 46,

48, 75, 77). The general conclusion of the workers on
iron-nickel salloys was that the strength increase was
mainly due to an increased dislocation density, although
the strengthening effect of the increased crystal
misorientation was also emphasised by Krauss and Cohen(46).
Gorbach and Malyshev(77) were able to obtain up to 80/
martensite by guenching, in an Fe - 30% Ni alloy, and so
produced a graph of the dependence of yield stress on
reversed austenite content over a wider range of reversed
austenite contents than was possible in the present work..
They found that the yield stress rose sharply for the first
207% of reversed austenite, then increased to a much smaller
extent with the next 40y reversed austenite, finally rising
sharply again from 70 to 80/ reversed austenite. They
state that this behaviour is similar to that produced by
increasing plastic deformetion (at least up to 7073 reversed
austenite) . |

In the present work, the very sms&ll increase in U.T.S
but larger increase in proof stress, together with the
deorcased wérk hardening rate with increasing reversed
austenite, suggestAthat the main strengthening mechanism
may have been the increased dislocation density as in
iron-nickel alloys. If dispersion or composite hardening
were involved to any large extent the work hardéning rate
and U.T.S would be expected to increase as well as the
proof stress.

Conrad(111-117) suggested a general equation for
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the flow stress produced by various mechanisms such that:

6y = G+ o(j/ub/p:‘é + -oaz/ub)\#‘-i- Kd\g (1)

where 0} = The flow stiress,

G = The thermal component of the stress

A, and X2 are numerical factofs.

M = The shear modulus of iron.
b = The Burger's vector.
/9 = The Dislocation density.
A = The inter-particle spacing of precipitates.
d = The grain size.

and K is a function of the stress necessary to activate a
dislocation source.

Since there were.no precipitates present in alloy A,.
the term involving A may be neglected. The overall grain
size of the solution treated austenite was retained throughout
the guenching and reversion process. Although a large
number of fine grains were present in the reversed austenite,

(1)

their boundaries would have been generally low angle , and
therefore it seems probable that the grain size contribution
to the increased strength of reversed austenite would have
been quite small. Thus, since all measurements were
performed at the same temperature so allowing 672 to be

neglected, the increase in proof stress produced by reversed

austenite,

N i
6f = expb(Pi- P (2)
where F% = The Dislocaticn density of the structure

containing reversed austenite.
and 0, = The Dislocation density of sclution treated

austenite.

13
o
[

o

X



8,5 x 10° kg/mmg

1]

I¢\
b = 2.5 x 1078 cm.
Thus, tsking the proof stress values from Fig. 5.3

at 20/ and Oj¢ reversed austenite, and pﬁtting them into
equation (2) together with the assumption that the dislocation
density of solution treated austenite was 108 lines/cmg, it
is found that the overall dislocation density at 20§ reversed
austenite would correspond to approximately 6 x 1010 11nes/cm2.
If a mixture rule is assumed such that the overall dislocation
density, On = Poa(pen) +(1- Pan)(Psra)

vhere FRA. = The volume fraction of reversed austenite

present

"

Pe-a. The dislocation density in reversed

augtenite

The dislocation density in solution

end oy .,
_ treated austenite.
It is fcund that the dislocation density in the reversed

11 lines/cmz.

austenite would be approximately 3 x 10
Whilst it weas found to be impossible to measure the
dislocation density in the reversed austenite, this figure
seems recasonsable.

If this dislocation density mechanism were operative
the relationship between the proof stress and percentage
reversed would not be expected to be linear but parabolic,
since 6'ocr93 . However, ot examination of the
graphs of Gorbach and ﬁalysbev reveals that the yield
| stress increased almost linearly with increasing reverséd

austenite for the first 20/ but then decreased rapidly from

the linear relationship up to 70%. This high initial rate
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of increase in strength may be &plained in terms of the
morphﬁlogy of the reversed austenite. Since the inavased
dislocation density associated with the presence of reversed
austenite was conteined in distinct laths, the basic
structure at very low levels of reversed austenite was still
that of annesaled esustenite. Therefore, at the same average
overall dislocation density, a partially reversed austenite
structure would not result in as large an increase in
strength as If the dislocation density had been uniform over
the specimen, since more dislocaticn inter-actions would then
have occurred. As the amount of reversed esustenite increased,
however, the higher dislocation density occurred over a'
larger volume of the specimen, and so the effect of
restricting the high dislocation density to distinct laths
decreased. Thus, although an aversge increase in dislocation
density would have resulted in a parabolic increase in
strength, the morphology of the reversed austenite modified
this to a linear relationship at low levels of reversed
austenite.

‘Fige. 5.5 shows the strain at which deformaticn of
ennealed austenite at 150°C produced an eguivalent flow
stress to the yield stress at 150°C of structures containing
various amounts of reversed austenite. Thls shows thab
the first 12% of reversed austenite was equivalent to only
455 deformation, but with increesing reversed austeﬁite above
this level, the equivalent deformation increased more rapidly.
This observation supports the above suggestion that the
morphology of the reversed austenite affected the strength-

ening increment.
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Extrapolating the proof stress line linearly in
Fig. 5.3 to 100{i reversed austenite, produces a figure for
‘the strength of reversed austenite of 92.5 kg/mmz. Putting
this figure into equation (2) produces a result for the
dislocation deusity of 1012 lines/cm®, This figure secems
rather high and suggests tat if the graph continued linearly
then some other strengthening mechanism would have to be
postulated. However, taking the dislocation density of
reversed austenite as 3 x 10+1 as calculated above, and
using equation (2) which predicts a parabolic form of
yield stress v dislocation density graph, 1t is found that
the strength at 100% reversed austenite would be approximately
55 kg/mm®. Unfortunately this could not be checked experi-
mentally, but it is a somewhat larger strengthening increment
than has been found in iron-nickel alloys.(54'46'57'75)
This may be due to a larger dislocation denslty being produced
in the lath martensites formed in stainless steels, than
in the plate martensites in iron-nickel alloys.

Thus, it seems reasonable to suggest that the basle
- strengthening mechanism of reversed austenite is the high
dislocaticn density. The micrographs in Fig. 5.4.also
support this conclusion by showing that the reversed
austenitelaths may be deformed and do not remain complete
laths acting as a stronger phase.

The similarity of the increase in proof stress with
inereasing martensite content shown in Fig. 5.2, to that
for féversed eustenite shown in Fig. 5.3, may indicate that

a similar mechanism was involved in raising the yield stress.

However, the increasing U.T.S and work hardening rate with
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increasing martensite, indicate that a different mechanism
to that in reversed austenite was involved in the work
hardening.

Extrapolating the proof stress line in Fig. 5.2 to
100% martensite produces a figure for the 0.2 proof
stress of approximately 95 kg/mmg. Extrapolating the line
in Fig, 6.4,£ for the 0.2} proof stress of alloy A for
structures containing various amounts of deformation-induced
martensite and deformed austenite, to 100;5 deformation-
induced martensite, produces a figure for the 0.2 proof
stress of approximately 76 kg/mmg; however, it must be
emphasised that this graph was produced from compressioﬂ
tests, whereas the gienched structures were tested in'tensibn;
These figures seem to indicate that the values of the 0.2%
proof stress do not continue to rise linearly with increasing
quench-induced martensite.

Mangonon and Thomas(ss), however, found glinear
relationship between yield stress and deformation-induced
martensite content from O - 100} martensite in an 18/8
stainless steel, They suggesied two possible explanations
of this linear relationship, namely, dispersion strengthening
and composite strengthening., They dismissed dispersion
strengthening on the grounds that the inter-particle spacing,
taeking the martensite crystals as hard particles, was too
large to explain the strength increase. This conclusion
also seems valid in the present case although the charactenrstic
inhomogeneity of the martensite transformation made the
inter-particle spacing impossible to measure. Nangonon and
Thomas therefore concluded that the strengthening was

probably due to a composite mechsnism. The same conclusion
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1s possible in the present work although the laths were
not observed to be aligned in one direction. Mangonon and
Thomas seem to have neglected the possibility of transformation
plasticity affecting their results, or the effect of increasing
deformation on the strength of the retained austenite.. These
aspects are discussed more fully in the following chapter
on deformation-induced martensite but throw some doubt on
the suggestions that the yield strength does not continue
tc rise linearly with martensite content up to 180%.

The éuggestion of composite strengthening would
explain the increase in work hardening rate with increasing
martensite cdntent; however, the difference in the work
herdening behaviour of the structures cocntaining marteﬁsité”'
compared to those containing reversed austenite may also be
explained in terms of the structures of the two phases. In
the martensitic specimens, the b.c.c. martensite is inherently
stronger than the f,c.c. matrix (austenite), the slip systems
are different in the two phases, and the boundaries around
the martensite crystals are high angle. In the reversed
auctenite case, however, both phases are f.c.c. and therefore '
have the same slip systems, and the boundaries in the
reversed austenite are low angle. The barriers to dislocaticn
. movement are therefore much greater in the cese of the
martensite than in that of the reversed austenite.

The non-linearity of the hardness curve shown in
Fig. 5.1 for reversed austenite as ecmpared with the proof
stress graph in ¥ig. 5.3 can be.explained by the work
hardening rate decreasing with increasing reversed austenite
content. However, in the case of martensitic specimens the

hardness curve in Fig. 5.1 is also non-linesr, but the work



hardening rate was observed to increase with increasing
martensite content. One possible explanation is the

formation of martensite during the hardness tests, more
martenslite forming when less martensite was originally

present.
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CHAPTER 6.

DEFORMATICN INDUCED MARTENSITE.

Although the formation of martensite in heavily cold
worked stainless steels has been investigated by & number
of worﬁers(9'14'15'27'68), there have been very few studles
of the reversion of this martensite to austenite. 'This

transformation has, therefore, been investigated usinguﬁoﬁ

cold rolled material examined magnetically, mcchanically
g ’

-and in the electron microscope, Both Alloy A and Alloy B

were used in this investigation.

RESULTS .

The Pormaticn cf martensite,

.The martensite was produced by standard 50 roiling
deformations, th; amount of martensite being varied by
varying the rolling temperature between +150%C and —7800.

The rolling was carried out in several passes of 10,5 reduction
or less,time being allowed between passes for the specimens
to cool to the relevant teumperature,

At =78°C 50;i deformation of alloy A produced B5
martensite, and of alloy B, 90/ mertensite., Some of the
structures prcduced at this temperature are shewn in
Figs. 6.1 - 6.3, Figs, 6.1 and 6.2 show the structures of
alloys A and B respectively taken from a section parsllel to
the rolling plane, The lath~like structure produced was very
similar to that found for guench-induced martensite althcugh

very little & was vicsible in contrast to the guenched
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-structure, The lack of g was prcbably due to lts almost
completé transformation to martensite since ¢ has been
found(27'68) to form In these types of steel. The lath
structure is most clearly shown in Fig. 6.2.1 for alloy B
where three sets of laths at 60°'angles to each other can

be distinguished. The foil orientation for these micrographs
was such that.the surface was parallel to (111)8 . The dark
.field micrograph in Fig. 6.1.2 shows clearly that the laths
contained smali grains cf martcensite of the order of 0.5/4

in diameter., Comparison of rigs. 6.2.1 &nd G.c.2 shows cleariy
-the inhomogeneity of the martensitic trénsformation since .
these were two areas from the same foil.

-In order to establish more clecarly tie morpnolcgy. df.jf.rif'
the martenslte, sesctions were taken in the longitudinal |
directicn norimal to the rolling plane,and in the transvers

-direction. Mlercgraphs illustrating the structures observed
are shown in Fig.;3 for alloy B. Lath structures can again
be seen in Figs. 6.,3.2 and 6.3.3 although these appeared
somewhat narrower than in the plane parallel to the rqlling
plene, thelir width being of the order of O,%g . In other
areas and orientations the lath structure was not so clearly
observed. e.g.vFigs. 6.3.1 and 6.,3.,4 where a more generally
defcrmed structure was observed. The small grains cf
mertensitz can again be distinguished in these zenerally
deformed structures in Fige. 6.3.1 and 6.3.4, where they have

procduced the appearance of a fine cell sitructure,

641,2 Nechanical Properties of the liartensite.

The effect of the presence of martensite on the
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mechanical properties of austenite was investigated using

hardness measurements and ccumpression tests. Fig. 6.4 shows -

the variation in hardness and 0,2 proof stress with the
emount of martensite produced by 50,5 deformation at various
temperatures of allcy A and alloy B;

For Alloy A the 0.2, proof stress can be seen to have
increased linearly with increesing martensite conteht, but
the hardness, although increasing with increasing martensite,

did not do so linearly. The work hardening rste observed

ct

frcm the ccmpression v8 was also found to increase with

Co
increasing wartensite content,

For alloy B the graph was more complex, Initially the

e

A 3 — + 4+ Fs vred e . . T
aaraness increascd at a greatcr then lincar rate with. . oL L. L.

increasing martensite, but when the roiling temperature fellﬁ
below'OOC-the hardness suddénly dropped even though the
martensite content continued to rise. Between the rclling
temperatures of -20°C and -78°C the hardness increased very
rapidly with a small increase in martensite content.

It must be mentioned that other variables, particularly
the deformetion temperature, may have affected the strength
of the material in addition to the veriation in martensite
content, _

In order to attempt to establish if dynamic strain

ageing at 20°C and above was responsible for the sudden drep

in hardness between +20°C and 0° on rolling alloy B, internal

friction tests were carried cut on specimens rolled at room
temperature and -20°C. No free carbon was detected in either
case, The reason for this may have been that, with 154

Chromium in the alloy, the carbon was not free but associated
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with chromium atoms. Also static strain ageing may have

occurred on holding at room temperature.

Transformation Plasticitye

Plastic deformation and transformation to martensite
have been described(llg) as competing modes of deformation
in alloy steels., In order to investigate the effect of
martensite formation on the deformsation characteristics
of alloys A and B tensile tests were performed at various
temperatures in batins ol acetone or silicone oil. The prcof
stress, tensile strength and percentage elongation values
obtained are shown in Figs. 6,5 and 6,6. Due to lack of

material, only one speciuen wes tested in each case.  In. sll

tests where martensite was formed the stress—straincmrvgs vere

serrated; also occasicnal large drops in stress indicated
bursts of transformation. In alloy A & peak in ductility

was observed in Fig. 6.5 for deformation at 0°. 1In alloy B,
Pig., 6.6 indiqates a ruch larger ductility peak at the higher
temperature of about +80°C. The U.T.S. rose in both &alloys
with decreasing test temperatures, whilst the proof stress

values wvere essentially unchanged.

Mechanical Properties of Structures contalning Reversed
Austenite.

In order to investigate the properties of reversed,
deformation-induced martensite, specimens were taken after
the rolling treatments described in section 6.1.2, reversed
in a2 salt bath at varicus temperatures for two mintes, and

then tested using hardness measurements and compression tests.
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The results, presented in Figs. 6.7 and 6.8 for alloy A
and Fig. 6.9 for alloy B, show the hardness and 0,2/ proof
étress of the specimens as a function of the martensite
content after rolling.

In alloy A the specimens were found to be fully
reversed after two minutes at 600°C. In this alloy, for
reversion treatments at 60000 and GSOOC the hardness and
proof stress increased slightly with increasing original
martensite content up to 50} martensite, and then decreased
markedly on increasing the martensite to between 50 and B85«<.
Reversion of the specimens deformed at reom tcmperaﬁure

(containing 15% martensite) at 600°C and 650°C resulted in

veey little change in the hardness or proof stress Lrowm their:

values after rolling. However, reversion at 700°C and above

resulted in a large fall in the hardness and prcof stress
values for all rolling temperstures. After reversion at 700°C
snd above, the hardness and proof stress remeined virtually
unchanged from 15 to 50, original martensite, but then
increased with increasing original martensite from 50 to
855, For all rolling temperatures the hardness and proof
stress decregsed with increasing reversion temperature, with
a sharp decrease occurring between 650° and VOOOC. This sharp
decreése was less pronounced at higher levels of martensite.
The results obtained for alloy B, shown in Fig, 6.9,
were somewhat more complex than those for slloy A. Since the
reversion temperatures for alloy B were higher than those
for alloy A the specimens reversed at temperatures between

650°C and 750°C contained scme retazined martensite; however,

this does not seem to have made the shape of the curves any
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different from that at 800°C when the martensite was fully
reverted. The general trend of the graphs in Fig. 6.9
follows the graph for the as rolled material (see Fig. 6.4)
and differs from that of alloy A in two main features.
Firstly, there was no sudden dfop in hardness as was found
between 650°C and 700°C in alloy A; and secondly there was

a fall in hardness between specimens rolled at 20°C and those

rolled at 0°C. It may also be noted thaf there was a small
decrease in hardness with increasing reversed austenite
content from 15,6 to 50/4. The hardness of alloy B was higher
than that of alloy‘A for all treatments.

A few tensile tests were performed in order to assess the
ductility of these reversed structures. Aloy 4, after 5Q}
deformaticn at -78°C'and two minutes at 70000, had an eiéﬁééii&ﬁ.”
of 53¢ at fracture. The 0,2% proof stress was 31 kg/mm2 and the
U.T.S. 52 kg/mm®. A4lloy B, after 50} deformation at-78°C and two

minutes at 750°C, had an elongation of 34/ at fracture. The 0.27%

proof stress was 53 kg/mm® and the U.T.S. 133 kg/mmz.

Structural Aspects of Reversicn,

Figs. 6.10-6.16 show some of the structures associated with
the reversion of deformétion-induced mertensite. Figs.6.10-6.12
show structures of alloy A reversed for two minutes at various
temperatures after roliing at -78°C. ig. 6.10 shows the structure
after two minutes at 600°C. The major part of the specimen
contained a high dislocation density although a few areas were
recrystallised as shcwn in Fig. 6.10.2. There is evidence in
Fig. 6.10.1 of sub-grain formation. Thefe was no sign of the
twins found in specimens of reversed austenite formed from
guench-induced martensite.

Fig. 6.11 shows structures formed after heating for two
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minutes at 700°C. These were similar to those for the

600°C treatment but the gub-grain structure appeared more

clearly developed. Fig. 6.11,1 shows an area of recrystallised

structure adjoining an unrecrystallised area. Such
recystallised areas occupiled a small proportion  of the
specimens. A lath-like appearsance persisted in the
unrecrystallised area s of Fig. 6.11.,1 and sub-grains
appeared to be forming across the laths, The top of
Fige 6.11.1 shows & region where sub-grain fermation does not
appear toc have been well advanced. The sub-grain gize in
areas like Fig. 6.,8.2 and the lath region of Fig. /A.11.1 was
of the order of 0.5 to u/* |

Fig. 6.12 shows the structure after two minutes at’ 750°C
Fig. 6.12.1 shows two distinct ranges of grain size, the
larger of which (approximately 4 in diameter) appears to
consist of recrystallised grains, end the smaller of which
(approximately 2/Ain diameter) appears to consist of
sub-grains. The overall dislccation density in the sub-grain
regions (e.g; Fige 6.12.2) whilst still guite large, appeare
scmewhat lcower than at the lover temperatures. Cccasionslly
areas were seen in which an unrecrystallised grain wsas
completely surrounded by recrystallised grains.

Figs. 6,13 - 6.16 shcw some structures of alloy B after
reversicn at verious temperatures following 50@ defcrmation

at -78°0C. Fig. 6.13 shows the structure after two minutes
at 70000. 90,5 mertensite was produced by the rolling

treatment and 113 remalned after two minutes at 700°C The

structure still ccntained a'high dislocation density although
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a sub~grain structure appeared to be beginning to form.
There is some evidence of the sub-grains being contained

in a lath structure in Figs.613.1 andb613,.,2 although this is
not very clear. No recrystallised areas were observed.

Fig, 6.14 shows the structure after two minutes at
750°C. There was much clearer evidence of sub-grain fcrmation
at this temperature, and the sub-gralns appeared somewhat
elongated in shape.. The sub-grains appeared tc le in bands,
at least two directicns of which are shown in Figs. 6.14.1 and
6.14.2. 7The sub-grain size was smuller than that in allcy 4,
being of the order of 0.1 - 0.5 p . Fig. 6.14.1 indicates
that not all the regions of the spedimen had formed distinct
sub=-grains at this stuge.

Pig. 6.15 shows the structure after two ﬁinutes at 800°C.
Elongated sub-grains éaﬁ again be seen, their size being.
somewhat larger than at 750°C., The dislocation density was
still fairly high and no recrystallisation was observed.

In crder tc investigate the large strength decrease
on increasing the reversion temperature from 650%to 700°C
Tor speciuzns of alley A rolled at rocm temperature, structural
observations were made of specimens reversed at 600°C and
700°C. The resulis are shown in Piz. 6,16. Fig. 6.16.1 shows
tne structure after two minutes at 600°C indicating that no
recrystallisation had cccurred, the dislocaticn density still
being high. No clear cell structure was observed; however,
since the as~rolled specimen only contalned 15, martensite,
this may simply haﬁe been missed. Fig. 6.16.2 illustrates
the structure after two minutes at 700°C. At this temperature

the specimen was almost fully recrystallised although a few
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dislocated areasAwere observed e.g. Flg. 6.16.2.

Similar experiments‘were performed with alloy B and the
results are illustrated in Figs. 6.17 and 6.18 for reversion
temperatures cf 700°C and 750°C respectively. In contrast to
ailoy A no evidence wss found of recrystallisation..although
Fige 6.17.2 shcws soﬁe evidence of its starting. Some areas,
e.g. Flg. 6.17.1, were essentially unchanged by the heat

treatment, whilst others e.g. Figs. 6.17.2, 6.18.1 and

Y

6.18.2, shoved evidence of sub-grein fermaticn 2z was cboerve

for the materisl rcllcA at -78°C for these reversicn

- temperatures.

In crder tc establish hcw quickly the struciures describ;d
above could form, some specimens were rolled at -78°C and then
reversed for 14 seconds at 900°C. 1In alloy A this treztment
resulted in almost ccmplete recrystallisation, but in zlloy B

g sub-grain structure was observed similar %o those seen after

two minutes at lcwer temperatures, this is illustrzted in

o« 0410,8 and 6,18.4. The dislocation density reuained

Recovery and Recrysteallisstion.

r

O

ctverigtics

I

The reccvery and rzcerystallisation char
the structures described above were investigated using alloy
A. Specimens were used which had been rolled at'room
temperature or -78°C. The decrease in hardness with increasing
time at 700°C is shown for both rolling temperatures in Fig. 6.19.
The initial fall in hardness, on reversion for 30 seconds, was

greater for the specimens rolled at -789C than for those rolled
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at room temperature, but subsequently the hardness of the

room temperature rolled specimens fell more rapidly than

those rolled at-78°C. The fall in hardness was complete after
about ten minutes for the specimens rolled at room temperature,
but continued up to about 70 minutes for those rolled at -78°G.
The final hardness was the same in both cases.

Some - of the structures developed in these specimens
during recovery and recrystallisation were investigated by
electron microscopy. The structures after two minute reversion
treatments have been illustrated previously in Figs. 6.11 and
6.16.

Figs. 6,20 and 6.21 show the structures of material
rolled at -78°C and then held for 10, 20 and 35 minutes at 700°C:
Fig. 6.20.1 shows that part of the specimen had completely |
recrystallised after 10 minutes at 700°C. This partial
'recrystallisation was also seen after two minutes at VOOOC
(see Fig. 6.11) but thé grain size appeared somewhat larger
after ten wminutes. Figs. 6.20.2 and 6.20.3 show what seems
to be the beginning of recrystallisation in the areas which
had formed sub-grains and not yet recrystallised. 1i'lg. 6.20.2
shows a recrystallised grain, cn the left of the micrograph,
which still sppears to have a low angle boundary (arrowed)
with the dislocated grain below it. Pig. 6.20.3 shows two
grains, near the bottom of the micrograph, which seem to be
recrystallised but still contain some dislocations (arrowed)
in the configuration of low angle boundaries.

Fig. 6.20.4 shows the structure of material rolled at

-78°C after 20 minutes at 700°C. Once again large areas were

completely recrystallised, and recrystallised grains also
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appeared inside the sub-grain aresas. 'These new, recrystall-
ised grains were generally very small, although a relatively
large one is shown in Fig. 6.20.4, in the bottom left hand
corner. Fig. 6.21.1 shows the structure after 35 minutes
at VOOOC; the completely recrystallised regions extended
throughout most of the specimen at this stage, although
‘some dislocation debris remained.

During the course of the work on the isothermal
reverse martensite transformation, the diffusional
transformation of wartensite to austenite in defecrmed material
was investigated at 520°C (ﬁelow the AB). Fig. 6.21.2 shpws

the structure of alloy A, rolled at -78°C and held for

. 10,000 minutes at 520°C. The waterial contained 11ﬁ”fcfp;tp;.?~

however, a sub-grain structure similar to that found in
shorter times at higher temperatures, can be seen in

Fig. 6.21.2, and also ammber of small, recrystallised grains
of the order of 0.5 - 4 # in dilameter.

Reversed, deformation-induced martensite was found to
cause considerable stabilisation of the austenite produced.
Léss than 37 martensite was produced on guenching to -196°C
the structures produced by rolling‘either alloy at -78°C ana
reversing for two minutes at 700°C. Re-rolling alloy A
>50% at -78°C, after the initial rolling at -78°C and reversion
at 700°C, produced 56;5 martensite as compared with B85 on
the first rolling. The structure produced by this re-rolling
is i1llustrated in Fig. 6.22.1. The structure was very
heavily dislocated as was the initial rolled structure,
but the second rolling appeared to produce a less obviously

lath-1like structure. The hardness of this material wsas
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552 Hv as compared with 538 Hv on the first rolling.

Pig. 6.22,2 shows a struéture result ing from reversion of
this re-rolled material. Some evidence could be seen of
elongated sub-grains such as were found after the first
reversion, and, indeed, the general structure was gquite
similar tc that shown in ¥Fig. 6.11, but the sub-grains
appeared somewhat larger and less well defined after the

second reversion.

Textures.

Figs. 6.23 - 6.25 show the {110} pole figure for
martensite produced by 507 deformation of alloy A at ;7800,
and the 5111} austenite pole rigures for the saue SpeCLmeQ.”;...
after two minutes and two hours at 700°C. |

The martensite texture shown in Fig. 6.23 is fairly

typical of a {110} pole figure for deformed b.c.c. méterial(%is)

The austenite pole figures in Figs. 6.24 and 6.25 are also
more typical of rolling textures than recrystallisation
textures. They resemble the copper rolling texture as shown

by Hu et a for 96 rolled ccpper. Hu and Beck
found that this texture coculd be 'retained', in certain f.c.c.
alloys, after recrystallisation. |

These pole figures may only be used to obtain indications
of the textures of the specimens. In order to obtain a full
understanding of the textures the other regions of the pole
figures would need to be determined using the, time-consuming,

transmission method. Also dher pole figures would need to be

" determined. There was not time in this project for this work

to be completed, nor was it really necessary for the purposes of

the investigation.
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70°

L)

Fig. 6.23, Alloy A. 50% deformed at -78°C

{110} Martensite Pole Figure.

..

The specimen contained 85,6 martensite.
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70°

Fig. 6.24. Alloy A. 504 deformed ét —78,00 + ﬁeated for
two minutes at VOQOC. Same specimen as used
for Fig. 6.23. . |
_illli Austenite Pole Figure.
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70°.

Fig. 6.25. Alloy A. 50% deformed at -78°C + heated for two

hours at 700°C. Safhe specimen as used. for
Figs. 6.23 and 6.24.

{111} austenite Pole Figure.
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6.2 DISCUSSICN.

6.2.1 The Direct Transformation.

It was mentioned in section one that other workers(7'68)

have observed that deformation produces a lath martensite
similar in structure to quench-induced martensite. This is
confirmed for the present alloys in Figs. 6.1 and 6.2.
Fig. 6.2.1 shows a {111}xorientated foil in which the laths
lay st 60° to each other. This corresponds to the observation
by Breedis(a) that guench-induced laths of martensite lie
perallel to {111}8p1anes with the loné directions of the
laths parallel to [110]K . The fact that Fig., 6.3.3 shows
laths in the transverse section indicates that-#he lathé'weré
not aligned parallel to the rolling direction.

Since the martensite was produced by 50, deformation
at various temperatures, there are several mechanisms which
need to be taken into account when considering the
strengthening -aspects of the transformation.
1) Deformation of the retained austenite. Lcwering the
deformation temperature incresses the work hardening rate
of austenite although the yleld stress is virtually

unaffected.(114)

2) fThe formation of martensite. The martensitic transformation

may be regarded as a competing process with plastic
(115)

deformat ion and the amount of martensite produced may,
‘therefore, affect the work hardening produced.

3) Deformation of the maptensite. The rolling was carried
out in several passes and, therefore, any martensite produced

during the first pass would be deformed during subsequent
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passés. The temperature may have affected this process

in two ways. Firstly, the lower the temperature, the earlier

the martensite may have formed; and the earlier the martensi te

formed, the more deformation it would have received. Secondly,
lowering the deformation temperature of the martensite

increases the yield stress but does not markedly affesct the

work hardening rate.(114'117) The magnitude of this effect

increases with decreasing temperature. The overall effect of

deformation temperature is greater for martensite than for

4) Strain-Ageing. In alloy B, at temperatures above room
temperature, some redistribution of carbon is likely.

Although the deformation temperatures were tooc leow to‘qusct_i
dynamic strain—ageing(lls) (except, possibly at 150°C), fairly
rapid static strain-ageing could have occurred above room
temperature. Cwen and Roberts(jlg) found static strain-
ageing to:occur within-minutes et room temperature in an

Fe - Ni - C martensite. |

5) The comparétive strengths of martensite and austenite.
Martensite is generally expected to be stronger than austenite
due to its b.c.c. structure as compared with the f.c.c.
austenite.

The linear relationship between proof stress and
percentage martensite observed for alloy A (see Fig. 6.4) is
similar to that observed by Mangonon and Thomas(GB) in an
18/8 stainless steel. These workers concluded that the
strengthening by the martensite was due to the composite
structure; this was discussed in the previous chapter.

In the present oase, there is an additional complication due
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to the martensite being induced by rclling at different
temperatures, whilst Mangonon and Thomas varied the

deformation at a standard temperature of -196°C. Since the
strengthening effect of deformation on both martensite and
-austenite increases with decreasing temperature it is rather
surprising to find the graph of proof stress against

percentage martensite, linear. Possibly the strengthening
effect of the presence of the martensite decreased with
increasing martensite, as was observed for up to 70{% quench-
induced martensite in an Fe - Ni alléy by Gorbach and
Malyshev(ss); whilét the strengthening effect of deformation
increased with decreasing temperature and, therefore.‘increasing
martensite. These two effects may then have cancélled]outgto]...
give a linear result. Fig. 6.5 indicates a small peak in
ductility, in tension, when deforming alloy A at about 0°C,
presumably due to transformation plasticity. This may have
-affected the strength after rolling. However, if the

plasticit& in tension were due to martensite forming at any

incipient necks(115)

and so preventing necking, this mechanism
would not apply during rolling. Also, it must be remembered
that the high strain rate on rolling caused a temperature rise

of about 30°C and this would have affected the position of the

dﬁctility peak, as would the fact that rolling is essentially a
compression process and not tension..

in alloy B there are several extra factors to bé
considered. Firstly, the higher carbon content allowed the
possibility of strain-ageing._ Secondly, the ductility peak
in tension, shown in Fig. 6.6, was much larger, and at a

higher temperature than in alloy A. Thirdly, the
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strengthening effect of carbon on austenite and martensite
must be considered, although the strengthening increment
produced by guench-induced martensite in alloy B was not
found to be highér than in alloy A.

At no stage was the hardness vs percentage martensite

graph for alloy B, shown in Fig. 6.4, linear. The Ilij of

alloy B was much higher than alloy A although the Mg temperatures

were similar, and a similar amount of mariensite was produced
| by rolling at —7800. The strengthening effect of deformation-
induced martensite was sapparently greater in alloy 3B than in
alloy A.

The increased strength of alloy B over alloy A at the

higher temperatures way have been duc to strain-ggeing in the-

- martensite in dlloy B. The strain-ageing would have occqrred
in the martensite and not in the austenite due to the faster
diffusion of carbon in a b.c.c. structure. Hardness
measurements failed to detect any strain-ageing within an
hour after rol}ing 50,6 at room temperature. but the
temperature during rolling may have risen enough to allow
some strain-ageing to occur between passes. The higher
strengthening increment per percent martensite for alloy B
may also have been associated with the fact that, due to the
higher Mg in alloy B, the temperature differences between
points on the graph in Fig. 6.4 were greater for alloy B than
for alloy A.

The fall in hardness between room temperature and 0%
rolling in alloy B may also have been due to strain-ageing,
since strain-ageing may have occurréd between passes at room

temperature and above, but not at 0°c and below due to the
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slower diffusion rates. This suggestion is supported by the
observation that the increased strength of alloy B over
alloy A was very similar at 157 martensite, where strain-
ageing was restricted by the small amount of martensﬁte, and
at 60% martensite where the temperature may have been too
low for strain~ageing.

One other possible cause for the decrease in hardness
at 0°C rolling for alloy B, is that continuous transformation
may have restricted plastic deformation. The ductility peak
in tension appeared at a nigh temperature, but, as discussed-
earlier, this peak may have been due to different reasons, -

i.e. martensite formation at necks in tensile test pieces,

and &also may have been affected by tﬁe-faster strain ratew~-?" -

and compressive conditions of rolling. Fig. 6.26 shows that
the slope of the graph of percentage martensite against
rolling temperature for alloy B, appeared to increase between
robm temperature and OOG, thus supporting the possibility of
a peak in transformation plasticity in this tempepatdre
range. |

Fahr(115) separated deformation-induced martensite into
two categories: (1) Strain-induced martensite which forms
after plastic deformation of the austenite; and, (2) stress-
induced martensite which forms before any plastic deformation
of the austenite dué to the higher driving force for the
martensitic transformation. It 1s possible that the change
- over between these two types in alloy B occurred between
room temperature and 0°C and this may also have affected the
strength.

r-ou«-'\g ad . .
BetweenA-20°C and -78°C retting, in alloy B, there was a
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large increase in strength without a large increase in
martensite content. This effect was probably due to the
rolling temperature, but may glso have been linked with

the stage of rolling at which the martensite formed. -78°C
was below the Mg and so, probably, the martensite formed
earlier in the deformation than at -50°C. Thus, the final
martensite would have been work-hardened more at -78°C which
would have caused an increase in strength.

The non-lineerity of the hardness greph for allcy A in

Fig. 6.4 as ccmpared with the proof stress curve was probably

dve to an increased work hardening rate with increasing
martensite content. |

In order to establish the mechanisms involved in =~~~
strengthening by deformation-induced martensite, a much
fuller investigation than that performed here is obviously
reguired. This discussion, however, has outlined some
of the possible mechanisms involved and these ideas are also
utilised in examining ;he reversed structures.

The Reverse Transformation.

The Ag and A temperatures were found to be the séme
for quench-induced and deformation-induced martensite. This
was in contrast to the effect of deformation of austenite
on the lig , since cther workers(84'95) have found the Ms to

decrease with increasing austenite yileld strength. The
(84)

reason suggested for the decrease in the MB was that the

strain energy associated with the transformation was higher

in a stronger matrix. The implication, therefore, is that the
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strain energy does not play as large & part in the reverse
transformation as in the direct transformation. The reason
for this may be that dislocation movement is easier at the
higher temperatures required-for the reverse transformation.
Fig. 6.7 shows & large drdp in hardness, for specimens
of alloy A. on increasing the reversion temperature from
650°C to VOOOC, especislly for specimens containing less than
50,4 martensite after rolling. The reason for this decrease
was determined by structural work illustrated in Pig. 6.16.
This figure shows that, for specimens rolled 50,4 at room
temperature, a two minute reversion at 600°C resulted in
no recrystallisation (Fig. 6.16.1), whilst a two minute
reversion at 70000 resdlted in a largely recrystallisedmg-u.-i
structure (Fig. 6.16.2). Similar micrographs for specimens
deformed at -7800, shown in Figs. 6.10 and 6.11, indicate that
very little recrystallisation had occurred even after two
minutes at 700°C although small recrystallised areas could be
seen at this temperature. Thus, it seems that two minute
treatments at 600°C, and, presumably. 650°C, were not sufficient
tc cause any recrystallisation. Two minutes at 700°C or above,
however, resulted in cbnsiderable recrystallisation of the
room temperature deformed material. From the proportions of
recrystallised to unrecrystallised structure, it seems likely
that ﬂhe retained austenite had recrystallised but the reversed
austenite had not. This recrystallisation, therefore, caused
the fall in hardness between 650°C'and 700°Cvreversion
treatments.
Figs. 6.7 and 6.8 show a peak in hardness and proof

stress at about 50,5 reversed austenite for specimens of
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allpoy A which had been reversed at 600°C and 650°C. The
reasons for this peak were probably connected with the
deformation characteristics aﬁd the recovery characteristics
of the martensite and austenite. The work hardening rate of
austenite increases with decreasing deformation temperature(114).
Thus, the lower the deformation temperature, the stronger

the retained austenite would have been. Fig. 6,19 shows

that, after 30 seconds at 70000. avspecimen rolled_at -7800

end containing 85% reversed austenite was softer than one
-roilgd;at roou te@perature and containing 15/ reversed

aﬁstenitg. Thus, it seems that recovery in reversed

austenite occurred faster than in retained austenite, resulting
in reversed austenite ﬁing softer than retained.austeniﬁe“afﬂsn',
recovery but not recrystallisation had occurred. Thus,.it

seems that, for two minute reversions at 600°C and 65000, t he
strength of the retained austenite increased with decreasing
deformation temperature, but the strength of the reversed
austenite washlower than that of the retained austenite due

to more recovery having taken place. The actual strength

of the reversed ausfenite may have increased with decreasing
deformation temperature due to earlier formation, and therefore
greater deformation, of the martensite. Therefore, adding the
fact that decreasing temperature of deformation increased the
strength of retained and, possibly, reversed austenite, to

the fact that increased recovery caused the reversed

austenite to be softer than the retained austenite, resulted

in the temperature effect being dcminant up to 50 reversed
austenite and the strength increasing, but, when the

structure contained more than 504 reversed austenite, the
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strength decreased due to the greater proportion of the
softer phase.

When reversion was carried out at 700°C and above, it_
has been demonstrated that the retained austenite
recrystallised, whilst the reversed austenite formed sub-
grain regions. Thus, at these temperatures, the retained
austenite was very low in strength and so, in all cases, an
increase in the reversed austenite content resulted in an
increase in strength. However, it may be seen in igs. 6.7
znd 6.8 that for an iﬁcreased reversed austenite ccntent
from 135 to 50/ very little increase in strength occurred.
This phencmenon may be liked with the preceeding obsefvations
in that later fermation, and, therefore, lower dgfor@??i?ﬂg¥_si_f
of the martensite fbrmed at room teuiperature, may have
resulted in the sub-grain formation, which is observed on
reversion for speciwens deformed at lower temperatures, not
occurring. This would have increased the strength of the
reversed, room-temperature deformed specimens with respect
tb those deformed at lower temperatures. This possibility
is supported by the structural observations since Eig; 6.16,2
shows a regicn of umore heavily deformed structure after
reverting a specimen deformed at room temperature for two
minutes at 7009C, than the structures shown in Fig. 6.11 for
similar reversions of specimens deformed at -78°C.

The graphs in Fig. 6.9 showing the variation in hardness
of alloy B with the amount of reversed austenite produced at
different temperatures, follow closely the general form of
the hardness vs martensite content graph for that alloy shown

in Fig} 6e4. It seems likely, therefore, that the reversed
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austenite inherited the basic features of the martensitic
structure. Thus, whatever the reason for the decrease in
hardness between room temperature rolling and rolling at
0°C, be it strain-ageing, transformation plasticity, or some
other factor, the reversed austenite appeared to inherit
the effect of the resultant structural features. This
presumably meeans, in the case of strain-ageing, that the
dislocations remained pinned during reversion, or, in the
case of transformation plasticlity, that the dislocationr
density remained relatively low.

There was no evidence of a large drop in hardnesé between

two reversion temperatures for alloy B such as was found

between 650Cand 700°C in alloy A. Figs. 6.17 and 6.18 show .

micrographs of alloy B, originally rolled at room
temperature (producing 404 martensite), after reversion for
two minutes at 700°C and 750°C. There was no evidence of
recrystallisation of the retained austenite, and the generally
high hardness levels after reversion, (see Fig. 6.9) confirm
thet the retained austenite in alloy B did not recrystallise
on reversion ror two minuites even at SOOOC. This slower
recrystallisation in alloy B as ccmpared with alloy A may havs
been due to the generally higher temperatures of deformation
of alloy B causing less work hardening of the austenite.
Alternatively, alloy B may have had a higher stacking fault
energy than alloy A‘(this is supported by the fact that the
My was higher in alloy B(lls)) which may have resulted in
slightly different deformation characteristics.

The decrease in strength resulting from reversion in

alloy B increased with increasing initial martensite content

PO
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up to 60C% martensite. This was presumably due to the
reversed austenite recovering fasper than the retained
austenite as was observed in alloy A. The decrease in
strength on reversion than decreased for specimens rolled

at OOC and -2000, presumably due to lack of strain-ageing
effects or lower initial dislocation density dqe to -
transformation plasticity, and then rose again for specimens
rolled at -78°C, presumably due to the very high work

hardening of the martensite at this temperature.

6.2.3 Recovery and Recrystallisation.

Fige. 6.19 shows the decrease in hardhess with increasing
time at 700°C for specimens of alloy A cold rolled at room
temperature or —78°C, containing 15% or Bsﬁimaftenéifé"h'.
respectively. The initial fall in hardness was greater>for
the material rolled at -78°C than for that rolled at room
‘temperature, but the room temperature material then softened
much more rapidly than that containing the larger amount of
martensite.

The two prccesses which result in softening of material
held at a relatively high temperature, recovery and
reorystallisation; both have the same driving force, viz;
the difference in free energy between deformed and undeformed
material. The distinction between the two processes is

(96)

generally taken to be that recovery constitutes all the
processes which occur before the appearance of & new, strain-
free grain with high angle boundaries; &and recrystallisation
compriseé'the nucleation and growth of new, strain-free

grains involving the consumption of deformed material by the
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movement of high angle boundaries through it.
The softening of material on eannealing exhibits
a different time dependance according to whether recovery

(96)

or recrystallisation is involved. During recovery
softening 1s most rapid at short times, the rate decreasing
exponentially with time. No incubation period is required
for recovery. An incubation period 1s however exhibited by
recrystallisation processes, after which softening occurs
very rapidly. The graphifbr the material rolled at —7800 in
Fig. 6.19 exhibits a form more consiqtent with recovery
processes than with recrystallisation, whilst the material
rolled at room temperature softened so rapidly that -
recrystallisation ié indicated even though the incubation
period was very short. | | U
The structural evidence confirms the above ideas.
The major part of the material originally rolled at room
temperature was completely recrystallised after two minutes
at 70000. Whereas the material originally rolled at -78°¢
contained only small recrystallised areas after two minutes
at 70000, the major part of the specimen still being heavily
deformed, although a sub-grain structure appeared to be
forming. The proportions of recrystallised to unrecrystallised
grains in these two types of material led to the conclusion
that the deformed, retained austenite had recrystallised aftef

two minutes &t 7DO°C, but the previously martensitic areas

had not recrystallised.
Fig. 6.13.1 indicates that sub-grains formed in the
previously martensitic areas across the previous laths. The

sub-grains formed were gpproximately the same diameter as the
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individual martensitic crystals formed by the originsal
deformation (See Fig. 6.1) and it seems possible therefore,
that thenboundaries of the sub-grains were those of the
original martensite crystals. Increasing the temperature

of reversion (See Figs. 6,10 - 6.12 and 6.13 - 6.15) made
the sub-grains more distinct but did not increase their size
markedly for the two minute treatments,

Figs. 6.20 sand 6.2 show some structures of the material
rolled at —VBOC, after longer times at 700°C. 4An increasing
cmeunt of recrystallicsed structure was found with increasing
time at 700°C, and also recrystellised grains were observed
to form in the sub-grain regicns, e.g. Figs. 6.18.2, 6.18.3
and €.28.%4. Thus, it appears that recrystallisation d;dﬂg¢ggp._
in the reversed martensite regions but at a later stage than
in the retained austenite regions. The increasing amount of
fully recrystallised wmaterial with increasing time indicates
that the recrystdlised, retained austenite grew into the
unrecrystallised reversed austenite. This conclusion is
further indicated by the fact that room temperature rolled
material was fully recrystdlised after approximately 15
minutes at VOOOC at which time the reversed austenite in the
material deformed at -78°% was not recrystallised. Therefore,
the reversed austenite in the room temperature deformed
material may have recrystallised faster than in the other
specimens} this is consistent with the earlier suggestion
that the sub-grain formation might not occur so readily in
this material. Alternatively the recrystallised retained
‘austenite may have grown into the reversed austenite,
eventually enveloping 1t entirely. This mechanism has been

observed before in Fe - Ni alloys by Zaytsev and Gorbach(qv?
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It still remains to discuss why the reversed sustenite
appears to recrystallise more slwly than the retained austenite.
It will be helpful to consider briefly at this point the main
theories so far propounded for nucleation in recrystallisation.

Pirstly, there is the classical nucleation model first

formulated by Becker(gg).

This model is based on the idea of
a nucleus forming by the random diffusion of a group of atoms
causing them to come together in such a configuration as to
form an embryo‘recrystallised grain. This embryo then grows
or Gisperscs, Gcpenlding on the balance between its surface
energy, favouring dissipation, énd its volume free energy,
favouring growth. Calculations of the activation energy

for recrystallisation‘to nucleate by this mgans_have_p?PQUpgg .
figureswhich are too large to make it feasible.

Secondly, there is the bulge nucleation model. This model,
originally proposed by Bailey and Hirsch(gs), derives the
driving force from a difference in dislocation density between
two adjacent grains. if this difference exists and certain
other energy fequirements are fulfilled, the grain bcundary
will tend to bulge into the more heavily dislocated grain,
leaving behind it a relatively dislocation-free reglon.

Thirdly, there is a model involving the formation of
sub-grains, followed by growth or coalescence of some of the
sub-grains until a recrystallised grain is formed. This
mechanism was first proposed in a general way by Cahn(loo)
end Beck(101)  ang later demonstrated in Fe - 3% Si alloys

(94) and Walter and Koch(loz)' wWalter and Xoch simply

by Hu
proposed that one or more of the sub-grains would act as an

embryo recrystallised grain and grow into the matrix, whilst
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Hu suggested that sub-grains coalesced, postulating that
neighbouring grains rotated until the boundary between them
disappeared. |

In the present work there is evidence to suggest that
the sustenite reversed after deformation recrystallised by

the sub-grain growth or coalescence mechanism. The formation

of sub-grains in reversed austenite areas is guite clear
from many of the micrographs, and also there is evidence of
recrystallised grains within the sub-grain regions in \
Figs. 6.20.2, 6.20.3 and 6.20.2. The size cf thez sub greins
was of the same order as those deseribed by Hu and by wWalter
and Koch. The misorientétions of the sub-grains have been
found to be of the order of §° , those of Hu being 4°_qr”¥2533.'. |
‘The small misoriéntations may have arisen as a result of tbeﬁ
reverée martensite transformation, since, in guenched materisl,
it has been shown(i) that reversed austenite grains in alloy A
returned to almost the same orientation as the original,
solution treated, austenite. There are indications in
Fig. 6.20.2 and 6.20.3 that the fecrystallizing grains
contained within them the remains of low angle boundaries
(arrowed) similar to those described by Hu. Thus, it is
possible that the reversed austenite recrystallised by a
sub-grain coalescence mechanism. |

Additional support is lent to the suggestion of a sub-
grain coalescence mechanism by the texture work. The small
number of pole figures and their incomplete nature mean that
great care must be taken in drawing conclusions from them.
However, there does seem to be some evidence in the pole

figures that a rolling texture was retained after reversion
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(118)

and recrystallisation. Beck and Hu examined the

microstructure of aluminium after 95% rolling and

annealing. The rolling texture was similar to that found

in the present case and was partially retained after
rebrysﬁaliiéégiéﬁ:' They concluded from the microstructural
studies that the retaining of the rolling texture was a fesult
of recrystallisation in situ (involving sub-grain coalescence);
and recrystallisation with local reorientation where the

cn cf thz recrystoallised grains was different from

+ ~
v a

[N

orientatl
that of their local surrcundings, but was similar to sn
orientation prevalent in the rolling texture as a whole. The

suzgestion that recrystallisation in situ played an important

part in the retaining of the rollihg texture supports the idea,-

in the present work, that.a sub-grain coalescence meéhanism
was invclved.

The recrystallisation mechanism of the retained austenite
has not been investigated, but Figs. 6.16.1 and 6.16.2 do not
indicate the formation of any sharp sub-grain structure. The
absence of any detected sub-grain structure, together with the
much faster recrystallisaticn of the retalned zustenite as
compared with the reversed austenite, indicate that a
different mechanism was involved, poscsibly the grain boundary
bulge mechanism.

Consideration of the deformation characteristics of the.
austenite and the martensite may enhance the understanding
of why different recrystallisation mechanisms were involved.
The f.c.c., austenite has a low stacking fault energy and,
conseguently, dislocation dissociation occurs and dislocation

climb is restricted. In the b.c.c martensite, however,

b Al ¢ b | mnti oo et e

- e —— e e ——— ca— — \oa
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dislocations are able to climb mcre easily, and, therefore,

(97)

more distinct cell structures are able to form . The
facility for dislocation climb also allows more homogeneous
deformation to occur. This homogeneous deformation reduces
the tendency for grain boundary bulging to occur, since it
reduces the difference in stored energy between neighbouring
grains.

The faster reCOVeryvof the reversed austenite as
compared with the retained austenite reduces the driving
force for recrystallisation and, tnerefore, way also
contribute to the reason for different recrystallisation

mechanisms. The faster recovery of the reversed austenite

Was presuuably due to a greater dislccation density and. ... ..«

different dislocation ccnfiguration to the retained austenite.
Recrystallisation Lty a sub-grain coalescence mechanism
must take longer, for a given driving force, than nucleation
by a grain boundary bulge mechanism since, in the former
caée a high angle boundary has to be formed. whilst in the
latter case one is already present. It should be mentioned
that a high angle boundary is generally required for |
recrystallisation since only such a boundary has sufficient
mobility to sweep through the dislocated regions(los). Thus,

it seems that the two different recrystallisation mechanisms

may be an explanation of the different rates of recrystallisation

of the retained and reversed austenite. The later stages of
the total recrystallisation process appear to have been a
competition between the growth of the recrystallised, retained
austenite into the reversed austenite regions, and the

recrystallisation of the reversed austenite itself.
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CHAPTER 7

- PRECIPITATION IN AN FE-CR-NI-CU ALLOY

The aim of the investigation with the Fe-Cr-Ni-Cu
alloy was to study the effects of precipitates other
than carbides on the strength, formation, and recrystallisation
oflreversed austenite, and on t@p formation of second
generation martensite. The Fe-Cr-Ni-Cu system was_chosen
for two main reasons:
1) Copper gces rcadily into substitutional solid solution
in austenite at the solution treatment temperature of 1050°C
used for alloy A. \then subseguently precipitated at ?-1°W¢€_[,
temperature the precipitate consists of over 90/ coppef, thus,
the matrix composition and properties are not radically

altered by the precipitation.

2) Copper hasg only = moderate effect on the M  temperature.
In order to study the reverse martensite transformation it

is advantageous to keep the Mg below room temperature so that

1

room temperaiure measurcments may be taken without the

-

cemplication of the nresence of geeecnd gzzncoraticn Giaricnsite.

However, the M, must be hizh encuzh to alleow the formation
of a recasonable amount of martensite on guenching to -196°C.
The lig must also be low enough 5o that, after precipitation,
the Il does not rise to above room temperature.

Initial experimentation with the composition cf the .
alloy showed that copper had approximately the same effect

on the Mg as nickel. Therefore the amount of nickel was

Llowered frbm its level in alloy A by the amount of coPPef
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ndded. The copper was restricted to 2% so that the Mg

wag not raised too mucﬁ by the loss of copper from solution
on precipitation. 2,5 copper was found to dissolve readily
in avstenite in 20 minutes at 10509C, as would be expected
frcm its solubility in iron. Thus, the composition chosen
vag Fe - 16/Cr - 10{Ni - 2% Cu. The results, hcwever, were
disappointing due to a higher solubllity of copper in
csuctenite at the reversion temperatures and below than had

oo crpected.
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RESULTS.

General Preoperties.

The Fe - 16,Cr - 104Ni - 2/4 Cu alloy was found, by
guenching to various temperatures and testing magnetically,
to have an Mg of -50°C ¥ 59%. Approximately 15 martensite
was produced by guenching for 15 minutes at -196°C, and
approximately 12/% martensite was produced by 50,0 deformation
by rolling at room tempercture., The Af was found, agaiﬁ
magnetically, to be 660°C * 5°C, The martensite was found
to be very similar to that in alloy A in terms of hardness
and microstructure, as well as in the amount produced by.

the various treatments.

Ageing.

Fig. 7.1 shows the ageing curves for verious starting
struciures of alloy C. ' It was found that increases in
hardness could be produced on ageing partially martensitic

o)

structures at 400-50000, end 450°C was chosen as a standard

ageing temperature.lt can be seen in Pig., 7.1 that the two
pertially martensitic structures, the =g quenched and cold.
rolled specimens conteaining approximately 15/ and 12
martensite respecti#ely, showed hardness peaks after ageing
for 15-30 minutes at 450°C, the hardness then decreasing with
increasing ageing time.

The austenitic structures, however, showed much less
tendency for the hardness to increase on ageing. The solution
treated structure showed no evidence at all of a hardening

response on ageing. The guenched and reversed structure showed
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a tendency for the hardness to increase with ageing up to
100 hecurs, but the effect was so small as to be inconclusiVe
evidence cof any precipitation hardening. The cold rolled
and reversed specimensflso showed an increase in hardness
up to 100 hours ageing, the increase being somewhat larger
than in the quenched and reversed specimens.

Fige Tec chows some of the structures associated with
the hardness results in Fig. 7.1. Fig. 7.2.1, shows =a
guench-induced martensite lath, alter ageiné 10 peik
hardness, l.e fer 15 minutes st 450°C, Despite the high
magnification of the micrograph, nc precipitates were
visitle. The basic structure, hcwever, was very similar to
that in 2lloy A, After aceing guench-induced martensité -
in alloy C for 100 hours at 450°C, rod-shaped precipiteates
approximavcly C'E,f( In length were vicible end can be seen
in Fig., 7.2.2 2né in d=rk field in Pig. 7.2.3. Fig. 7.2.4
shows a reversed austenite lath after ageing for i00 hours
at 45000, and, once again no prccipitatesvsre visible. No
precipitation was observed in any solution treated, cold
worked or cold worked and reversed specimens alfter any
eoeing treatments; in the cese of the ccld worked specimens,
however, this may have been due to the neavy derormalicn |
structurec obscuring eany precipitates.

In order to establish if precipitation hardening in
martensite cculd be transmitted to reversed austenite,
specimens were taken of quenched structures aged both to
peak hardness and for longer times, and reversed for one

minute at 660°C. The hardness of specimens after these

treatmen%s was found to be the same as that of unaged and
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reversed specimens. Fig. 7.2.5 shows the structure of a
martenSiie lath after ageing for 100 hours at 450° followed
by one minute at 700°C. Mo precipitates were visible.

An éttempt was made to discover if precipitates had
any effect on the recovery and recrystallisation
characteristics of the austenite in alloy C. Specimens
of cold rolled material were taken and scome were aged to
peak hardness i.e. for 30 minutes at 4509C, or for longer
times. The decreuse in nardness on holding both aged
and unsrced specimens for variocus times at 700°C was then
determinzd. The results are shown in ¥Fig. 7.@2 It can
be seen thet the increased hardness produced by the ageipg
trentment had disappeared sfter two minutes at 70000;"and' “'
that the subsequent recovery and recrystallisation Kinetics

£ K 3
ctes of specimens were essentially the seme.,

O
}_ﬁ
ct
(o3
(&)
c
(¢}
(D)

FPig. 7.2.6 shows a cold werked structure which had been aged
for 10 hours at 450°C followed by two minutes at 700°C.,
Recovery appesared ic be proceeding but no precipitates could
be seen. The kinetics of reccvery and recrystallisation

shovn in Fig. 7.3 are very similar tc those shown in

W0

piven the gane rolling

T

Tocr enecimens of zlioy

Wilg. 6.1
treatment.
£fect of precipitaies on second generation

The

©

martensite was briefly investigated by taking guenched and
revérsed specimens and ageing scme for 100 hours at 4500C.
Both aged and unaged specimens were then re-quenched to
-196°Cc. Mo significant differehce in hardness was detected
between the two sets of specimens. Furthermere, no difference

in hardnéss was detected in specimens aged after the first
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quench, then reversed and re-guenched. 1In all these
cases approximately 10/ martecnsite was produced by

the second guench.
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7.2 DISCUSSICH

Fig. 7.1 indicates that a significant amount of
precipitation occurred in martensitic structures in fairly
short ageing times, but that precipitation in austenitic
structures was considerably slower and cccurred to a much
smaller extent. There are probably several ccntributory
factors to the difference in precipitation in martensite
eand avstenite.  Firstly, copper is censiderably more
coluble in asustenite than in martensite at the same
tempecrature in most iron-base alloys(lgl), and, therefore,

the supersaturation at ageing temperatures is greater in

martensite than austenite. Secondly, the diffusion rgtég_.;f,'

of solutes in b.c.c. structures in steels ere gencrally
faster than in f.c.c structures resulting in morefapid
precipitation. Thirdly, the dislocation structure of
bobin wmartensite aud reversed austenite may have prcvided
nucleation sites for precipitation. This third point is
substantiated by the fact that the dislocation structure

&4 am B N ey -~ - ~ Fal -~ & A -
i reversced or delformcd custenit

«©

appeared tc cause scome

R R R o e T e ok e B S A N I Ry
u(J.-‘.uwi.C‘s'. Vo WA W N ad dem VA el W e @

The precipitation in the martensite was not visible

pu

in the eletron microscepe until overageing had occurred.
This ig in sgreement with work by Hornbogen(los) on
ferritic Fe - Cu, and Speich(108) on e - 20 Ni - 10 Cu
alloys. Both these workers suggested that peak hardness
wae associated with the clustering of copper atoms and it

seems likely that the same was true in the present case.
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Both the hardness and structurel evidence points
to the conclusion that any precipitates in the martensite
re—dissolvedAvery rapidly during the reverse transformation,
thus making any study of the effects of these precipitates
on recovery and recrystallisation impossible. The
re-dissolution was presumably due to a high solubility of
copper in austenite at reversion temperatures. The
precipitates did not appear to affect the course of the
transformation although no cleer evidence was obtained on
this subject except that the A, appeared unaltered. This
may suggest that‘the precipitates had re-dissolved befcre
reversion was complete. Precipitation did not appear to
affect the formation of seccnd generation martensite,<bufn
the lack of clear evidence of any precipitates in the
reversed austenite before the second quench makes this
observation inconclusive.

The only way to have obtalned cilearer evidence [rom
this type of a}loy would have been to increase the copper
content to, say, 4%. This, however, would have lowered the
g to a level at which very little martensite would have
been produced by gquenching, or, if the other allcy content
nad veen reduced to ralse the idg, precipitation wculd have‘

resulted in the W rising above rcom temperature.
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CHAPTER_8

CONCLUSIONS

The following conclusions can be drawn from observations
which have been made on three alloys. Alloy A (Fe - 16Cr -
12Ni), alloy B (Fe - 15Cr - B.5Ni - 2Mo - 0,1C) end alloy G
(Fe - 16Cr - 10Ni - 2Cu):

Cn helding alloy A isothermally at temperatureé between
the Ay and Ap and below the Ay, martensite has been found to
transform to austenite in three stages.

The first stage was'temperature dependent and téok
place immediately the specimen attained the test temperature. -

his ctage czused no stabilisation of the martensite and is

3

thought to have been a martensitic reversion process similar
to that described b& Smith(l). This tfansformation began
at bs0®C and was complete at B00°C,and these were ithereiore
talken to be the A~ and Ae temperatures. The As and Af were
identical for quench-induced and deformation-induced
mariensite.

Stage two of the transformation required an incubation
period of avout cine wminuvts and was both tlue and toaiperature

dependent. This stage was observed betwecen 530°C and

560°C. This is thought to have been an isothermal martensitic
transformation involving the nucleation of reversed

austenite in laths of martensite adjacent to laths which

had already reverted during stage one.
Stage three of the transformation was found to involve

the transformation of martensite to austenite over a period
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of about seven days, together with the formation of a
stable b.c.c. phase which would not revert martensitically
to austenite even on raising the temperature to 700°C.

The amount of the stable b.c.c. phase was dependent on both
the temperature, and the initial martensite content. The
transformation of martensite to austenite is thought to
have been diffusion controlled. The stable b.c.c. phase
is thought to have béen a low-nickel ferrite formed either
because the glloy wes in the two-phase region at the
temperatures involved, or due to nickel diffusion out of
the martensite during the trensfcrmation causing the

composition in these areas to reach that of the two-phase

region. Recovery is alsc thought to have played & part in ., .

the stabilisation of the ferrite. Stage three was found

to occur between 430°C and 560°C.

All three stages involved a decrease in hardness.

The long, thin twins observed after reversion by
Smith(l), were observed below the Ag and in warm worked
austenitic structures. These twins were therefore nov
thoucht to be part of the reverse martensite transformation.

They uway nave ariscn Guriung She reversion cf e to
austenite,'or by the coalescence of high energy stacking
faults present due to the reversion of & or from the

direct transformaticn.

The formation of some polygonised grains was observed
on isothermal holding and these were thought to arige due

to recovery prccesses.
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The Ms was found to be considerably lower in thin
foils of alloy A than in bulk material. The reason for
this was probably the léck of critical nuclei in the thin folil
material. liartensite was found to grow in thin foils partly
by bursting and partly by slow boundary migration. The
slow growth wgs thought to be an effect of transformation

in thin foils. E was not found to be an intermediate

phase in the transformation to martensite, but it was

observed before martensite formation and may have assisted
in the nuclcation cof martensite. Scome stacking faults in
austenite were thought to be generated by the martensite

transformation.

Second generation martensite in alloy A was thougﬁt""“’ 
to form in the saiie regions as the first generation
martensite, But probably in aress which had keen previcusly

& or faulted austenite rather than prior martensitic

areas.

The presence of reversed austenite was found to stabilise

austenite with respsci to martensite formation. The i_ was
£ reversed eustenite but the main

lcwered by thz prescace

O

(e}

cause o0i stablilisation was thought to be the restricticn con
the growth of martensite lathe by the defect.stfuctufe of
recversed austenite. Increasing the reversion temperature
wes found to decrease the stsbilisaticen. The Af was found

to be unaffected by transformation cycling.

The presence of martensite or reversed austenite in s

stainless steel has been found to increase its strength.-
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In alloy A, the 0.2/ proof stress was found to increase‘
linearly, and at approximately the same rate, with
increasing guench-induced martensite or reversed austenite
up to about 214 of each phase. The U.T.S was also found
to increase linearly with martensite content, but to be
virtually unaffected by reversed austenite. The ductility
decreased considerably less with increasing reversed
austenite thon with increasing martensite.

The wain strengthening mechaniem in reversed sustenite
was thought to be the increased dislocation density as
compared with annealed austenite. In the case of partially
mertensitic specimens the rise in U.T.S. has been expldined
in terms of a different work hardening mechanism as compafed
with reversed austenite, due to the high-angle boundaries
arcund mertensite crystals, and the different slip systems

operating in martensite and austenite.

In allcy A 507% deformaticn by rolling at room
tempersture was found to produce 15;% martensite, and 50%
déformation gt =78°C to prodauce £5,0 wurtensite, In alloy B
similar deformaticns rcsulted in 40% end 90/% martensite

recpectively. The sitructure oi Gelomaation-induccd moriencit

(]

was very similar to that of guench-induced martensite.

In allecy & the 0.2% proof stress end hardness increased -
linearly with increasing defcrmation-induced mértensite
produced by 504 deformation at various temperatures. In alloy
B, however, the hardness increased with increasing

deformaticn-induced martensite until the deformation
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temperature fell below 0°c. whereupon the hardness fell

suddenly and then rose again as the deformation temperature

was further decreased.

The strength of deformed stainless steel has been
discussed in terms of a nunber of ccntributing factcors
including the deformation of austenite, the formation of
martensite, the deformaticn of martensite, strain-ageing,

and the deformaction tempersture.

The reversion of deformed alloy A for twe minutes at
temperatures below 650°C resulted in the strength ihcreasing
with reversed austenite content up to a peak at 508
reversed austenite.,and then decreasing with increasing
reversed austenite ccentent up to 85,i. This decrease was
thought to be due to the faster recovery of reversed
sustenite than retained austenite. Reversion of alloy A
gbove 650°C resulted in recrystallisation or the deformed,
retained austenite. The strcngth remazined virtually constant
with reversed austenite content up to 504 and then increased
with reversed austenite content up to 85,

The hardness of reverscd, dcfcrmed slloy B fellewed
the same trends with incressing reversed ausitenile «s dia
the hardness of tne)ggformed‘material with increasing
nmartensite content. The reversed structures in deformed
alloy B were thought to have inherited the basic features
cf the deformed materisl. NWo recrystallisation wasg observed

in alloy B for two minute reversion treatments up to 800°C.

Re?érsion for two minutes of deformation-induced
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martensite above 700°C in both allcy A and alloy B resulted
in the formation of a fine sub-grain structure within

previously martensitic laths.

In 50% deformed alloy A, recovery and recrystallisation
was thought to have occurred by a different mechanism in
retained as compared with reversed austenite. Recovery is
thought to have occurred faster in reversed austenite than

in retaired austenite dve to the higher dislocation densit

T
Recrystallisation, however, occurred faster in retained
austenite than reversed zustenite. The retained austenite
is thought to have recrystallised by a grain-boundary

bulging mechanism; whilst reversed austenite is thought -

to have recrystallised by sub-grain coalescence.

The presence of reversed, deformation-induced
martensite resulted in ccounsiderable stabilisation of
austenite witb respect to second generation martensite
formation. This stabilisation has been attributed to the

defeot structure of the reversed sustenite,

’
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be ¢s were cbeerved in the war
on ageing pertially martensitic speccimens of zlloy C at
450°C. The age-hardening resulting from these precipitates
reached a peak before the precipitates were visible in the
electron microscope, and peak hardness was thougﬁt to be
associated with the clustering of copper atcms. The-

precipitates redissolved in less than one minute on reversing

the martensite to austenite at 660°C, which was the Ap

L L A S M.  EmiA. . AR Ml e . —— i e it
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temperature, Slight age-hardening was observed on ageing

reversed or éold worked austenite of alloy C at 450°C.

No difference in the recovery or mcrystallisation
characteristics at 700°C cculd be detected between specimens
of alloy C which had been previously aged and those which
had nct been aged. 'The precipitates were thought to have

re-dissolved prior to recrystallisation.occurring.
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SUGGESTICNS FCR FUTURE WORK.

Somé possibilities for future work arise directly
from the present investigation. The composition of the
stable b.c.c. phase developed during iscthermal holding
between the Az and Ap could probably be found much more
accurately using an E.M.M.A, instrument now available in
several rescarch establishments. This knowledge would
probably throw further light on 'the formation of this stable
phase and its nature.

The direct observation of the formation of first and
second generaticn martenéite ought to be possible in‘
improved cooling stages, particularly in the 1,000 XV. electron
microsccpres now evallabtle. This should ched further light
on the sites of formation of second generation martensite.
The advent of the 1,000 KV. electron microscope with its
improved vacguum system should zlcc enable direct
observation of the reverse martensite transformation in a
heating stage. This should enhance the understanding of the
m-chsnismé cf both the martenzitiec 2nd iscthermal resverczion
processes.

£ more detelled study of the deformaticn of these
stainless steels would help the understanding of the
strengthening resulting from deforimation. Particularly, it
would be interesting to know et what stage of the
deformation the martensite begins to form at various
temperatures. ilcrohardness measuremcnts of the hardness
~of martensite and austenite at various stages of deformation

may also be useful.
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The grain refinement produced by reversion of
deformation induced martensite may be exploited in
materials where tcughness is a prime requirement, for
example in lower alloy steels.

The study of preclpitation may.be extended to an
alloy wiih 4> Copper or to cther precipitates,such as
N15A1, NisTi)or various carbides. Maraging steels seem
possible materials for the study of the combined effects
of reversion and precipitation.

Yiore generally, the amounts of martensite which can
be produced in austenitic stainless steels zre not high
encugh for the reverse maftensite transformation to be
potentially very usefui. Cther ferrocus materials may4nﬁ
vtilise this transformaticn tc produce strengthening
without any external shape changé. Low alloy steels, case-
hardening steels and martensitic stainless steels seem

possible materials for study.

T B G G L Re—— S A - — r——

_—

£ OWRI s

IR



212

ACKICULEDEZELIANTS .

I would like to express my sincere gratitude to
Dr. D. R.‘F. Wiest for his enccuragenent, guidanée and
advice throughout the course of‘this work. Thsnks
are also due to many éolleagues and friends in the
deparitmicent for heip with the cxzperimental wcrk and
many userul discussicas.

The suppcrt fcer this project provided by the
Science Recsearch Council is greatlylappreciated, as
is the provision of latoratory facilities by Professor )
5. G. Boll. I am indebted to International Nickel Ltdw

for supplying the experimental allcys.

i

n
-

’J

I ver

7

[90)

1

[ Bl

-

)
{
[§
ot

thonk my wife for her

O

v

3
1)
[

:
<
-

encouragemant, supnort

e

1]

nd assistance thrcughout this

3

project. -



20.
- 21,
22.

25.

24,

20,

26.

REFERENCES,

He Smith. PhD Thesis, Imperial College. 1968.

G. H.. Eichelman and F. C. Hull, A.S.M., 1953, 45, 77.

#, C. Monkmean, F. B, Cuff and N. J. Grant, Metal Prog.,

1957, 71, 4-94.

B. Cina, J.I.sS.I., 1955, 179, 230.

R. P. Reed and J. Mikesell, Adv. Cry. Eng., 1958, 4,94.

I. Bressarelli and N, Moskowitz, A.S.i.. 1966, 59,

225,

P. M. Kelly and J. Nutting, J.I.8.I, 1961, 197, 199.

_J. F. Breedis, A.I.M.E., 1964, 230. 1583.

H. M. Ctte, fLcta Met.. 1957, 5, 614.

A, J. Goldmen and C. N, J. WVagner, Acta Met., 1963,

R, P. Reed, Acta Met., 1962, 10, B65.

P, M. Kelly., Acta Met. 19656, 13,6305.

J. Dash and H. }i. Otte, Acta Met, 1963, 11, 1369.
R. Lagneborg, Acta Met., 1964, 12, 823.

J. F. Breedis and W. D. Robertson, Acta Liet., 1963,
B, Cinse, J.I.S5.I., 1954, 177, 406.

J. ¥. Breedis and . D. Robertson, Acta lket., 1952,
J. A. Venables, Phil. Mag., 1962, 7, 35,

Be. Cina, Acta Met., 1958, 6, 748.

B. Gunter and R. P. Reed, Adv. Cry. Eng., 1961, 7,
iWe O. Binder, Metal Prog., 1950, 58, 201.

Imai, Y.M./Zumiyama and T. Sasaki, Sci. Rep. Ritu,
A, 18(1), 39.

A. J. Goldman, W. D. Robertson and D. A. Koss. A.I.M.

1964, 230, 240,
S. A, Kulin and G. R. Speich, A.I.M.E., 1952, 104,

G. P. Sanderson and R. ¥W. K. Honeycombe, J.I1.5.1.,
200, 934.

11,547.

10, 1077.

500.

2568.

1962,

11. 405.



27.

.28,

29,

30.
51,
32,
33.
34 .
35,

36.
7.
a8,

39.
40.

41.

48,
49,

50,

214

H. G Fielder, B. L., Averbach and . Cohen, A.S.M., 1952, 47
267.

J. F. Breedis, Acta let.. 1965, 13, 239.

B. G. Koepke, R. P. Jewett and . T. Chandler, Nature,
1966, 210, 1252,

H. H. Uhlig, A.S.M., 1942, 30, 947,

G. Wasserman, Witt. K-W. Inst., 1835, 17, 149,

R, P. Zerwekh and C. M. Wayman, Acta Het., 1965, 13,909.
B. Edmondson and T, Ko,-Acta Met., 1954, 2, 2355.

Ya. M. Golovchiner, Phys. M.M., 1963, 15(4), 54

Ya. M. Golovchiner and V. Tyapkin, Prob. Metal i Fig. et
(Moscow- 1955) , Aec-tr 2924, 1957, 141.

V. G, Gorbach, Ye A, Izmaylov and K. A, Malyshev, Phys.n K.,
1965, 20(5) 101.

V. G.Gorbach and . D. Butakova Phys. M. m., 1963;~1§(2),
112,

FP. Habrovec, J. Skarek, P. Rys and J. Kounicky, J.1.8.1.,
1967, 205, 861.

B. Hyatt and G. Krauss, A.S.M., 1968, 61, 168.

Ye. A. Izmaylov, V. G. Gorbach and A. G. Yakhoutov, Phys.

I\vl I\Ac, 1963 ___L_)_. 24.

Ye. A. Izmaylov and V. G. Gorbach, Phys. .M., 1965, 20{1),
101 L]

I. Jana and C. M. Wayman, A.I.M.E., 1967, 239, 1187.
Jordan and Borland, J. Aust. Inst. Het., 1964, 3, 171.
H. Kessler and W. Pitsch, Acta Met., 1967, 15, 401,

. Krauss, Acta lMet., 1863, 11, 499.

. Kraues and M. Cohen, A.I.M.E., 1962, 224, 1212.

T. Maksimova and N. Wikoncrova, Aec-tr-2924, 1957,

K. A. Kelyshev et al, Trudy Inst. Fiz. liet., 1958, 20,
339. . '

L. A. Mel'nikov, B. K. Sokolov and A. I. Stragulin,
Phys. ni.M.. 1964, 17(2), 151.

W. Pitsch, A.T.M.E., 1968, 242, 20109.




51,
92,
83.

54,
95 .
56.

87.
58,

- 59,

60.

61.
62,

63,

64,
65.

66.
67«
68,
69.
70.
71,

72.

73,
74,
78,

76,

S.
Se
B.

I.
A.

}JI .

Ve
R,
Jd.

G,
G.

Je

A,
V.

215

Shapiro and G. Krauss. A.I.M.E., 1966, 236, 1371,
Shapiro and G. Krauss, A.I.M.E., 1967, 239, 1409,

K. Sokolov, I. P. Sorokin and A, I. Stryulin Phys.
M., , 1964, 17(2), 153,

P. Sorokin, Phys. M.M., 1966 22{22, 78
G. Yakhoutov, Phys. i.l., 1966, 21(1),

I. Zakharova, I G. Ignatova and N A Khaténova,
Phys. M.M., 1958 6(3) ,

I, Zaytsev and V. G. Gorbach, Phys. M.M., 1964, 17(5), 68.
Thomas and G. Krauss, A.I.M.E., 1967, 239, 1136.
F. Breedis, A.I.M.E., 1966, 236, 218.

K. Sokolov and V. -G. Gorbach, Trudy Inst. Fiz. Met,
1959, 123.

Ve Kurdjumov, M.M. Phys. I, Moscow ketallurgy, 1949, 132. .
Krauss and M. Cohen, A.I.Wk.Z., 1963, 227, 278.

D Bolton, . R. Petty and G. B. tllen, J.I.S8.I., 1969,
207, 1314,

Goldberg, A.S.M., 1968, 61, 26.

I. Zaysev and V. G. Gorbach, Phys. k.M., 1965, 20(4),
135.

N, Gridnev, lietallurg. 1938, 14, 62.

N, Gridnev, Zhur. tekh. fiz., 1949, 11, 1226.

L. liangonon and G. Thomas, Met. Trans. 1970 1, 1587,

M. Breinen and G. S. Ansell, Met. Trans. 1970, 1, 1513.
V. Kurdjumov and G. Sachs, Z. Phys, 1930, 64, 325.

S. Bowles and J. M. Mackenzie, Acta liet.. 1954, 2, 224.

Nishiyama, Sci. Rep. Tohoko Imp. Univ. 1934-5. 1, 23,
638.

[4y]

¥. Breedls and L. Kaufman. Met. Trans., 1971, 2, 2359.
P. Dunne and J. S. Bowles. Acta Met., 1969, 17, 201.
K. Nagpaul and D. R. . wWest. J.I.5.I. 1970, 208, 276.

A. Grange, iket. Trans., 1971, 2 65.



T7

78.
79.

80.

81.

82.

83.
84.
85.
86.

87.

88.

89,

90.

91.

C.
R.

V.

216
G. Corbach and K. A. Malyshev, Phys. M.M., 1964, 17(2)
65.
A. Ankara, J,I.8.I., 1970, 1, 1677.
A, Colling, Met. Trans., 1970, 1, 1677.

I. Zel'devitceh and V. D, Sadovskiy, Phys. M.M., 1971.
28!4}.

W. Harvey. Ph.D thesis. University of ales, 1970.

E. Duckworth, Met. Reviews, 1968, 13, No. 128.

N. Caron and G. Krauss, Met. Trans., 1970,°1. 33,

S. Sastri and D. R. F. West, J.I.5.I.. 1065, 203, 188.

A, Ankara and D. R. F. West, I.5.I. Sp. Rpt 93, 1965, Z8.

H. Johnson and G. V. Greenwood, W.”.L. Symposium No. 15,
. H.M.S5.0., 1963, 205.

S. Berdova, V. M. Yershov snd N. C. Cslon, Phys. N.M., -

1971, 29(1), .222.

H. Saul, J. ~. Roberson and A. M. 4Adair Iet. Trans.,

1, 1970, 383,

Hiranec, B. L. Averbach and l. Cohen. 4cta Ket., 2, 1961,
440,

W. Christian, Prcec. Roy Scc., 4206, 51, 1951.

S. Kotval and R. V. K. Heneyccmbe, Lcta Met., 1968, 186,
_ 597, '

Seeger, Z. letallk, 1953, 44, 247, ibid., 47, 653, 1956.
H. Cottrell and B. A, Bilby, Phil. Mag. 1951, 42, 573,

Hu. in 'Recovery and Recrystallisation of MKetals,'
Intcscience, N.Y., 1883.

_Priestner and S. G. Glover, I.S.I. Sp. Rpt. 93, 1965, 38.

Byrne in 'Recovery, Recrystallisation and Grain Growth,'
Meitillan, 1965,

W. Cahn in 'rhysical lLetallurgy' Interscience, 1965.

E., Bailey and P. B. Hirsch, Proc. Roy. Soc., 1962,
A2B7, 11,

Becker, %. tech. Physik, 1926, 7, 547.



217

100, R. W. Cahn, Proc. Phys. Soc., 1950, A63, 323.
i01. P. A. Beck, J. 4ppl. Phys., 1950, 21, 150,
102. J. L. Walter and G. ¥'. Koch, Acta Met., 1963, 11, 923.

103, R. W. Cahn in 'Recrystallisation, Grain Growth and
Textures',

104, X. R. Satyanarayon, Y. Eliasz and A. P. Miodownick,
Acta Let.. 1968, 16, B77.

105. Z. Hornbogen and . A. Meyer, Z. Metallk., 1967, 88, 297.

106. G. R, Speich, A.I.M.E., 1963, 227, 1425,

=
o
.q
L

4

. P, Bressanelli and A. Moskowitz, A.S.M., 1966, 59, 223.
108, D, Hull in ‘An Introduction to dislocations’.

109. H. Warlimont, Met. Trans., 1971, 2, 1847.

110. R. E. Cech and D. Turnbull, A.I.M.Z., 1956, 206, 124.

111, H. Conrad in 'The relation betwsen the Structure end |
mechanical properties of metals,' N.P.L. Symposium,

1963, 476,

112, I. L. Dillamore and N. T. Roberts, Met. Reviews, 1965, 10,

113. H. Hu, P. R. Sperry and P, A. Beck, A.I.M.E., 1952, 194,
76. '

114, D. kcLean in 'lKechanical Properties of letals' Wiley, 196%.
115. D. Fahr, ket. Trans,, 1971, 2, 1883.
1l6. P. &. Beck and ¥. Hu, J. Metals, 1950. 2, 1214,

117. H, Conrad in 'Iron and its dilute sclid solutions,'
A,I,H.E., Proc. of Conf. (iiichigan) 1961.

118, J. D. Beaird, Iron and Steel, 1963, 36, 450.

119.. W. S. Owen and M. J. Roberts in 'Dislocaticn Dynamics,'
: icGraw Hill.

120. B. Hattersley and V. Hume-Rothery, J.1.5.1., 1966, 204,
683. .

121, 4. J. Cook & B. R. Brown, J.I.S.I., 1952, 171, 345,



218

APPENDIX A.

ESTIMATION OF MARTENSITE CCNTENT USING A

MAGNETIC RING BALANCE

The measurements of magnetic phase content were made
using a magnetic ring bslance constructed in this department
by H., Smith. PFull details of the apparatus can be found in
Smith's Ph.D thesis(l). The use of the ring balance was
preferred to other techniques for measuring martensite content
due to its relative insensitivity to factors such as grain
size, internal stresses, cracks and the size distribution of
the laths of martensitic éhase. The contribution of
austenite could be neglected as it is paramagnetic, and .so:- - - -
the saturation magnetic intensity of the specimens gave a
direct measure of the ferromagnetic martensite or ferrite
content. |

‘'The magnetic balance measures the force cn a ferro-
magnetic specimen placed in a non-uniform magnetic field with
a constant field gradient produced by an electromagnet. The
specimen, placed in a position of constant field gradient,
experiences a force in the directioh of the field gradient
(i.e. vatically downwards in this case). The force on the
specimen is given by F = ¢ m dH/dx where o is the saturation
magnetic moment per unit mass or specific magnetic intensity
of the specimen, m is the mass of the sbecimen, and dH/dx
is the field gradient. This forée produces a downward
displacement, D, which is balanced by the elastic distortion
of the ring from which the specimen is suspended. Therefore,

DecF. Thus, D = Kmg , where K is a constant for the apparatus.
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The apparatus is calibrated using a pure iron specimen of

known mass. Hence 13_8_: Mg +@g

Dpe  Wpe <fie
where s signifies. the test specimen, and e the pure iron
specimen. If the specimen contains cnly one ferromagnetic

phase, M, then ¢g = 6}; . /4/100.

Thus, Dg = mg .63 .« M.

P

Dp

e rn:bje. G‘Fe . 100.

Thus, if Dy , Dpe, my; and mp,

are measured, and G and
GCpe are calculated, #“M can be deduced.

G j; was calculated for each alloy tsking into account the
éffects of the various alloying additions on 6 pg, Particglarly,
chromium, nickel and copper atoms substituted in the'ironw-2w=
lattice were allowed for in the calculation.

The balance was calibyrsted and its performance assessed
by experiments based on those of Glover (Ph.D thesis, Unilversity
of Birmingham, 1856). The sensitivéty of the apparatus
depends on two facteors; firstly, on the stability of the
field current and secondly, on the accuracy of the measurement
of specimen displacement. In the current apparatus these
allowed 0.1 martensite to be detected. The error at levels of
martensite less than 10/ was about 0.05! martensite, and at
higher levels of martensite it was about 0.2 martensite.

The reproducibility was found to be such that, in
50 measurements, a scatter of 0.1)¢ martensite was found at
the 10 martensite level. v |

The absolute accuracy of the apparatus was not assessed

by direct calibration with X-ray or other techniques, however,

O .
it is dependent on the accuracy of the calculatedVvalues. if
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the error in GM were as high as 10 in the values of
about 170, this would correspond to an error of 0.6
martensite at the 10,5 martensite level. The error in ¢

M
is, however, unlikely to have been this great.
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"APPENDIX B.

DILATCHETRY MuwASUREMZNTS

The dilatometry measurements were made on an apparatus
constructed iﬁ this Department by lr. . A. Thompson and
‘described in-detail by Barford (J. Sci. INSTRUM., 1963 VOL 40,
p.001) . The differential technigue, using a control specimen
of the same coefficient of thermal expansion as the real |
specimen, is necessary since the value of the thermal expansion .
up to the temperapure range required is large compared to the
dilapion on transformation.‘ For example, on heating from room'
temperature to 700°C a stainless steel specimen 4 cm.long:
undergoes a thermal expansion of about 450 microns whergaéw_;q;j
the contraction due to a martensite content of about 150
transforming to austenite in such & specimen is found to be
of the order of 40 microns.

Length changes are measured using a variable inductance
transducer. Thermal expansion of the control specimen during
heating acts to move the body of the transducer; thus although
the real Specimén also expandg on heating and moves the
transducer operating pin, only changes in length due to
transformations are recorded by the transducer, However, this
is not strictly true fcr the present series of measurements
since the control specimen has an f.c.c. austenitic structure
whefeas the real specimens contain various amounts of b.c.c.
martensite (and possibly h.c.p. martensite). The b.c.c.
structure has a lower coefficient of thermal expansion than
the f.c.c. so an apparent specimen contraction is indicated as

the temperature 1s raised.
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Any small difference in length between the real and
cbntrbl specimens will produce a change in the transducer
readings with tewperature, of a magnitude and direction which
will be dependent on the relative lengths of the specimens;
it may tend either to reinforce or counteract the effect due
to the different crystal structures. The present investigation
is concerned more with the temperatures at which non-linear
length changes due to phase transformations occur, than with
the absolute values of the magnitudes of such changes. These
two effects were, therefore, unimportent.

Hewever, of far greater importance is the possibility.
that the temperature of the two specimens increaéed at
.different rates due to differences in their surface condition .
(i.e. different reflectivities and emissivities). Before each.;
run both specimens were chemically cleaned and then rubbed
with fine sllicon carbide paper so that their surface conditions
were identical. As the surface effects were likely to influence
the results during the initial rapid rise in specimen
temperatures, resulis obtained below 300°C were not used.

Specimens were 4 cm. in length by 1 cm. wide and 0;020"
in thickness; the length of the furnace constant temperature
zone together with the small specimen thickness ensured that
both longitudinal and transverse gradients within the specimens
were minimiéed. The specimen temperature is measured by a
thermocouple mounted with its end close to the specimen.

The reproducibility of the resultis was cconsidered to be
very gocd in that repeated runs on similar specimens gave
curves of the same form and the temperatures at which abrupt

changes occurred agreed to within SOC even with the fastest

heating rate.
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