
 1 

Thermally activated dependence of fatigue behaviour of CrMnFeCoNi 1 

high entropy alloy fabricated by laser powder-bed fusion  2 
 3 
Minsoo Jin1,*, Ehsan Hosseini2, Stuart. R. Holdsworth2, Minh-Son Pham1,* 4 
 5 
1. Department of Materials, Imperial College London, Exhibition Road, South Kensington, London SW7 2AZ, UK 6 
2. EMPA, Swiss Federal Laboratories for Materials Science and Technology, Überlandstrasse 129, 8600 Dübendorf, 7 
Switzerland 8 
* Corresponding authors: min.jin12@imperial.ac.uk and son.pham@imperial.ac.uk  9 
 10 
Keywords: High-entropy alloys, Additive manufacturing, Laser powder bed fusion, Themal fatigue, Cyclic plasticity 11 
 12 
Abstract 13 
 14 

The CrMnFeCoNi high-entropy alloy demonstrates a promising potential for applications over 15 
a range of temperature. The alloy also shows excellent printability to be fabricated by additive 16 
manufacturing for complex structures. Nevertheless, there are limited studies on the thermo-mechanical 17 
behaviour of the alloy, in particular when fabricated by laser powder-bed fusion. This study provides 18 
an in-depth understanding of the relationship between as-built cellular microstructures and fatigue 19 
behaviour at a range of temperatures (22-600 °C). The alloy exhibits a very short duration cyclic 20 
hardening with a low hardening rate followed by a cyclic softening. The high density of dislocations 21 
already existing in as-built condition were able to accommodate most of the prescribed strain. Hence, 22 
only a small number of mobile dislocations needs to be generated, causing a short cyclic hardening 23 
phase. Upon further loading, the back stress associated with the long-range stress field was dominant 24 
factor governing the cyclic softening behaviour. The similitude relationship provided insights into the 25 
stability of as-built cells, in particular it explains why as-built cells did not evolve during cyclic loading 26 
at 22 °C. The significant reduction in dislocation density due to the increased annihilation rate and 27 
untanglement of dislocation substructures at elevated temperatures led to a decrease in cyclic strength 28 
and related properties (yield stress, friction and back stress, hysteresis loop shape parameter and energy 29 
per cycle). The LPBF HEA shows an insignificant strain rate dependence of the primary cyclic 30 
hardening and softening in the range of 10-3 s-1 and 10-2 s-1. However, the dynamic strain ageing results 31 
in a secondary cyclic hardening at 400 °C and the reversed strain sensitivity at temperatures from 200 32 
to 400 °C. The fracture mode was transgranular at 22-400 °C but changed to more intergranular-like at 33 
600 °C due to the decohesion of grain boundaries, resulting in a reduction in fatigue life. 34 
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1. Introduction 1 
 2 

Additive manufacturing (AM) has increasingly been used to fabricate alloys in recent decades. 3 
The advantage of the AM process is that the layer-by-layer fabrication process can build alloy 4 
components into a desired complex shape with enhanced geometric optimisation. Commonly used 5 
alloys such as 316L stainless steel, nickel-based Inconel 718 and Ti6Al4V have been successfully 6 
fabricated by AM [1–8]. In comparison to conventional manufacturing, AM results in cellular (or 7 
dendritic) microstructures with dense dislocation tangles located at the cell boundaries due to inherently 8 
fast cooling rates of AM. Such microstructures were found to enhance the mechanical strength of alloys 9 
[9–15]. One of the main aims of ongoing research relating to AM fabrications is to produce structurally 10 
sound components of existing alloys while combining freedom of design and remarkable mechanical 11 
properties. However, most of all of the alloys used for AM were designed for other processes such as 12 
casting, partly contributing to the difficulty in fabricating structurally sound components out of these 13 
materials. The successful fabrication of components via AM strongly depends on the printability of 14 
their alloy [16]. An alloy with a good printability allows the fabrication with wider processing windows 15 
to form a dimensionally accurate component with a minimal density of cracks and porosity and desired 16 
mechanical properties. Therefore, there is an increasing need to search for printable alloys that are more 17 
suitable for AM.  18 

Amongst the new types of alloys, high-entropy alloys (HEAs) hold great potential with some 19 
exhibiting excellent printability. HEAs consist of 5 or more principal elements in (near) equiatomic 20 
concentration, and these multicomponent alloys were first introduced by Cantor et al. [17] and Yeh et 21 
al. [18]. The name “high entropy” denotes the high configurational entropy of mixing, which is 22 
significantly larger than that of conventional alloys [18–20]. Therefore, there has been an increasing 23 
number of studies focusing on fabricating HEA components by AM processes [21–25]. Moreover, 24 
HEAs have received significant attention in the materials community thanks to their outstanding 25 
mechanical properties and promising fatigue and corrosion resistance [19,20,26–34]. The equiatomic 26 
CrMnFeCoNi is the most studied HEA fabricated by AM. The main reason for the great interest in this 27 
HEA is its excellent printability [13,14,35–37]. The alloy has a relatively low solidification gradient 28 
(i.e. the gradient of solid fraction during solidification against temperature curve) at the terminal stage 29 
in comparison to that of 316L and a narrow freezing range (170 K) which suggest a low susceptibility 30 
to solidification/liquation cracking during the AM process [14,15]. In addition, CrMnFeCoNi HEAs 31 
exhibit an excellent mechanical behaviour under monotonic loading over a wide range of temperatures 32 
including cryogenic conditions [30,33,34,38]. Moreover, the HEA’s resistance to fatigue crack 33 
propagation is comparable to austenitic steels and TWIP steels at room temperature (20 °C) and -75 °C 34 
[39,40]. In particular, the fatigue life behaviour at room and elevated temperatures (e.g. at 550 °C) was 35 
reported to be comparable to austenitic FCC steels [41,42]. These results indicate this alloy holds 36 
potential as a reliable structural alloy not only at cryogenic conditions but also at elevated temperatures 37 
In particular, additive manufacturing is considered as a feasible method that enables to build 38 
infrastructures, fabricate spacecraft components and supplies for critical maintenances in the 39 
circumstances of interplanetary explorations where the availability of cargo resupply is extremely 40 
limited. The excellent mechanical properties and fatigue performances of the CrMnFeCoNi HEA over 41 
a range of temperatures makes it particularly a suitable material for aerospace and space applications.  42 

Laser Powder-Bed Fusion (LPBF) is currently the most effective AM technique in 43 
manufacturing intrincate components. The fabrication of this HEA by LPBF can offer enhanced 44 
performance at high temperatures over the cast (or wrought) alloy thanks to the unique microstructure 45 
generated in LPBF. For example, Lin et al.’s study [43] showed the dense dislocation networks in the 46 
FeCoCrNi HEA (subset of the CrMnFeCoNi HEA) fabricated by LPBF increased the storage rate of 47 
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deformation energy significantly during deformation. Kim et al.’s study [44] demonstrates that the AM 1 
alloy can have excellent compressive properties at elevated temperatures in the range from 500-700 °C 2 
[44]. At those temperatures the compressive yield strength exceeds 540 MPa, which is more than double 3 
that of the conventionally manufactured HEAs at room temperature (~250 MPa) [45], suggesting that 4 
the combination of LPBF and CrMnFeCoNi offers potential for elevated temperature applications.  5 
 Most of mechanical systems and structures operate under cyclic loadings over a range of 6 
temperatures, and cyclic plasticity and fatigue behaviour are found to be responsible for most of 7 
catastrophic failures [46–48]. The cyclic plasticity and fatigue damage is closely related to 8 
microstructures [46–53]. Thus, if we wish to use this HEA fabricated by LPBF (and by AM in general) 9 
for structural applications, it is necessary to understand the evolution of solidification microstructures 10 
at room and elevated temperatures and the consequent influence on cylic plasticity and fatigue. 11 
Currently, there are only a few studies concerning the cyclic plasticity and fatigue damage at room 12 
temperature in relation to the solidification microstructure of this alloy fabricated by LPBF [15,54]. To 13 
the authors’ knowledge, while there are many studies on the fatigue and monotonic performances of 14 
the alloy (either in the cast, wrought or AM condition) at cryogenic and room temperature [15,39–15 
41,55,56], only a limited number of studies have been performed on high temperatures [42]. Most 16 
importantly, there were no previous studies on the cyclic plasticity and fatigue behaviour at elevated 17 
temperatures and strain rates of this alloy fabricated by LPBF (and more broadly AM). Therefore, this 18 
study aims to provide an in-depth understanding of the relationship between the microstructure in the 19 
LPBF CrMnFeCoNi and fatigue behaviour over a range of temperatures (22-600 °C) and at two 20 
different strain rates (10-3 s-1 and 10-2 s-1). The characteristics of cyclic deformation such as maximum 21 
cyclic stress, friction stress, back stress, the stress-strain loop shape parameter [57–59], and cyclic 22 
hardening and softening behaviour were measured and analysed to understand the thermally activated 23 
dependence of cyclic plasticity. In particular, friction stress and back stress were examined in detail to 24 
study the short- and long-range interactions between dislocations during cyclic loading [49,59,60]. The 25 
evolution of friction and back stresses provides insights into the microstructure evolution during cyclic 26 
loading. Furthermore, in the absence of dislocation cells before the loading (i.e. well-annealed 27 
conditions), dislocation substructure evolves from randomly distributed to tangled then finally to 28 
dislocation cellular structures in response to cyclic loading [49,58–64]. Dislocation cells formed in 29 
cyclic loading are found to be influential in the strength and constitutive behaviour [49,60–64]. In the 30 
case of AM alloys, solidification microstructure with dislocation cells is predominantly present in the 31 
as-fabricated condition already before the mechanical loading. Hence, in this study, dislocation cells 32 
already present in the as-built condition were characterized in detail before and after the fatigue tests at 33 
22-600 °C to understand their roles and their stability during cyclic deformation. This study, in 34 
particular, focuses on relating the dislocation cells to the cyclic stress response using the similitude 35 
relationship [61,62,64–66].  36 
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2. Methods 1 
 2 
2.1 Materials and laser powder-bed fusion  3 
 4 

The pre-alloyed CrMnFeCoNi powders for the current study were provided by H.C. Starck 5 
Surface Technology & Ceramic Powders GmbH. Table 1 shows the nominal chemical compositions of 6 
the powders. The average size of powder particles is about 7.5 μm, and the particle size varies from 3 7 
to 45 um (Figure 1). Fatigue specimens were printed on a 316L stainless steel substrate (without pre-8 
heating) in the argon atmosphere with a purity level of 99.998% (argon gas was provided by BOC) by 9 
using a Renishaw AM250 printer equipped with a modulated wave fibre laser. The selected print 10 
parameters were a laser power of 200W, a hatch spacing of 85 μm, an exposure time of 80 μs, a point 11 
distance of 60 μm, a layer height of 50 μm and a spot size of 65 μm. These parameters were optimized 12 
for the 316L stainless steel [10], which is also of the same FeCrNi alloy system as the CrMnFeCoNi, 13 
and also used to manufacture the CrMnFeCoNi samples previously [14,15]. The chessboard scanning 14 
pattern with 67° rotation between each layer was employed to print cylindrical dog-bone fatigue 15 
samples with a gauge length of 18 mm and a diameter of 4 mm (Figure 2). The build direction of dog-16 
bone samples was parallel to their longitudinal axis. The surfaces of printed samples were machined to 17 
a surface roughness of 0.2 Ra in order to eliminate the presence of sub-surface defects (e.g., key-hole 18 
pores). 19 
 20 

Table 1. Nominal chemical composition of the HEA powder 21 

Element Cr Mn Fe Co Ni 

wt.% 18.2 17.9 19.5 Balance 21.2 

 22 

 23 
Figure 1. The CrMnFeCoNi powder particle size distribution (blue bar charts, y-axis on the left-hand side) and cumulative 24 
distribution of the particle size (grey line, y-axis on the right-hand side) 25 
 26 
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 1 
Figure 2. Schematics showing (a) the cylindrical dog-bone specimens and (b) chessboard scanning strategy pattern - each layer 2 
was subdivided into 4x4mm islands whose scan directions were 90° to those in the neighbouring islands and there was a 3 
rotation of 67° between subsequent layers. 4 
  5 
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2.2 Microstructure characterisation 1 
 2 

Fractography of the fatigued samples were performed using a Zeiss™ Auriga scanning 3 
electron microscope (SEM). The fatigued samples were cut along their longitudinal axis (that was 4 
parallel to both the loading and build direction) for microstructure analyses. After cutting, samples were 5 
ground using 1200, 2400, and 4000 grit SiC papers in sequence then polished in an OP-S solution with 6 
0.4 µm colloidal silica particles for electron backscattered diffraction (EBSD) analyses. EBSD analyses 7 
were carried out using a Zeiss™ Sigma 300 SEM equipped with a Field Emission Gun (FEG) electron 8 
source and a voltage of 20 kV. EBSD analyses were set at a step size of 0.5 μm per pixel and grain 9 
boundaries were defined when a misorientation larger than 5° was detected. The MTEX toolbox [67] 10 
and the dislocation density estimation function by Pantleon [68] were employed to analyse 11 
geometrically necessary dislocation (GND) density. Taylor factors of the fatigued samples were 12 
calculated from the EBSD maps using the MTEX toolbox [67] that was developed from a study on 13 
Taylor theory of polycrystal plasticity by Bunge [69]. Discs with a diameter of 3 mm were prepared 14 
from the gauge parts of fatigue samples, then electrochemically polished at 20 V and -20 °C using a 15 
twin-jet Struers Tenupol and an electrolyte consisting of 10% perchloric acid in methanol for 16 
Transmission Electron Microscopy (TEM) investigation. Bright Field (BF) TEM was performed using 17 
a JEOL 2100F field emission TEM operating at 200 kV. BF TEM images were subsequently analysed 18 
using the Image J software [70] to measure the diameter of dislocation cells. 19 
 20 
 21 
2.3 Mechanical testing and cyclic plasticity analysis 22 
 23 

Fatigue tests were performed at a range of temperatures (22-600 °C) in ambient condition 24 
under strain control at ± 0.5 % strain amplitude (R=-1) with strain rates of 10-2 s-1 and 10-3 s-1. MATLAB-25 
based subroutines developed by Pham et al. [57–59] were used to extract material’s cyclic loading 26 
responses such as: elastic modulus, elastic strain, plastic strain, yield stress, friction stress, back stress 27 
and maximum stress for every cycle. Fatigue life was defined at a number of cycles when maximum 28 
stress response dropped by 20 % from a plateau region as shown in Figure 3a. Cyclic softening and 29 
cyclic hardening rates were calculated from maximum stress curves with a fitting function of σmax = 30 
alog(N)+b, where N is the number of cycles, a is the hardening/softening rate, and b is a constant (Figure 31 
3b). Furthermore, cyclic deformation behaviour was analysed by evaluating the loop shape parameter 32 
[57,71], which is the ratio between the stress-strain hysteresis loop area and the area of the rectangle 33 
constructed by drawing four straight lines parallel to strain and stress axes and going through maximum 34 
and minimum stresses of hysteresis loop (the rectangle with blue dash lines shown in Figure 3c). The 35 
area of stress-strain hysteresis loop represents energy absorbed in the samples per a cycle, which is the 36 
strain energy density per unit volume. The energy of every cycle was analysed to investigate damage 37 
evolution. The yield stress in cyclic loading (σy in Figure 3c) was evaluated at an offset strain of 0.01 %. 38 
Figure 3 below shows the evaluation of friction stress (σF) and back stress (σB) from cyclic hysteresis 39 
loop by using the method of Cottrell [60,72].  40 
 41 
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 1 
 2 

Figure 3. (a) Fatigue lives corresponding to 20% of maximum stress drop. (b) Representation of the fitting procedure to 3 
measure the rate of change of cyclic deformation response. (c) Schematic of quantitative measurement of friction stress (σF) 4 
and back stress (σB) from cyclic loading hysteresis loop, where both compression-going and tension-going σy is the offset yield 5 
stress evaluated at an offset strain of 0.01% 6 
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2.4 Similitude relations and cell diameter  1 
 2 

The similitude relation equation (Equation 1) [61,62,64–66] and the relation between the 3 
macro-stress and critical resolved shear stress (Equation 2) [73] are rearranged to Equation 3 to calculate 4 
the diameter of cells that are supposed to form under cyclic loading should no dislocation cells be 5 
present before the cyclic loading: 6 
 7 

𝜏!"## =
𝐾𝜇𝑏
𝑑
			(1) 8 

 9 
𝜎$ = 𝑀𝜏!"##			(2)	 10 

 11 

𝑑 = 	
𝑀𝐾𝜇𝑏
𝜎$

			(3) 12 

 13 
where τCRSS is the critical resolved shear stress, K is the similitude coefficient, μ is the shear modulus, b 14 
is the magnitude of Burger’s vector, d is the cell diameter, σy the yield stress, and M is the Taylor factor. 15 
The similitude coefficient K for FCC metals is found to be from 5 to 10 [64]. Therefore, as shown in 16 
Table 2, the similitude coefficient of 5 or 10 was used for the dislocation cell diameter calculation in 17 
this study. Table 2 also lists the values of other variables which were used for Equation 3 to estimate 18 
the cell diameter. The value of shear modulus of CrMnFeCoNi HEAs at 22, 200, 400 and 600 °C was 19 
obtained from Gludovatz et al. [74]. Lattice parameter is dependent on temperature which means that 20 
the magnitude of Burgers vector also changes with temperature. The lattice parameter of the 21 
CrMnFeCoNi HEA at an ambient temperature is reported to be 3.597 Å [75,76]. The lattice parameters 22 
at different elevated temperatures (200-600 °C) were calculated using the equation by Okada et al. [77] 23 
based on the measurement of thermal expansion coefficient of this HEA done by Laplanche et al. [76]. 24 
The values of calculated lattice parameters are 3.61 Å, 3.628 Å, and 3.646 Å at 200 °C, 400 °C and 25 
600 °C, respectively (Table 2). For the similitude coefficient calculation, the instantaneous yield stress 26 
right before the loading, i.e. the maximum stress in relation to the start stress (i.e. minimum stress) of a 27 
loading transient (σmax - σmin) (Figure 3c) was used to calculate the size of dislocation cells according to 28 
Eqn. 2 and 3.  29 
 30 

Table 2. The identification of parameters to calculate the size of dislocation cells 31 
 32 

Temperature 
(°C) 

Assumed 
Similitude 

coefficient, K 

Calculated 
Taylor factor, M 

Shear modulus, μ 
(GPa) [74] 

Magnitude of Burgers 
vector, b (Å) 

Instantenous yield 
stress, σy (MPa) 

      

22 5 - 10 3.1 80 ± 2 2.54 830 ± 30 

200 5 - 10 3.05 75 ± 2 2.55 700 ± 30 

400 5 - 10 3.11 70 ± 2 2.57 680 ± 20 

600 5 - 10 3.07 60 ± 2 2.58 620 ± 20 

             
 33 
  34 
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3. Results 1 
 2 
3.1 Cyclic deformation behaviour 3 
 4 
 Table 3 shows fatigue lives, cyclic softening rate and rate of secondary cyclic hardening of all 5 
the tested conditions. In general, the CrMnFeCoNi HEA fabricated by LPBF exhibited slight cyclic 6 
hardening at the early stage of cyclic loading but only for a small number of cycles (about 5~10 cycles) 7 
(Figure 3a). Table 3 shows that the absolute rate of cyclic softening decreased with increasing the 8 
loading temperature for the two examined strain rates. In detail, the cyclic softening rate decreased from 9 
46.1 at 22 °C to 17.0 at 400 °C at the strain rate of 10-3 s-1. The cyclic softening rate at the higher strain 10 
rate (10-2 s-1) also decreased from 37.1 to 23.2 as the temperature increased from 22 °C to 400 °C. 11 
Concerning the strain rate dependence, the cyclic softening rate was higher at the lower strain rate at 12 
22 °C, suggesting that the cyclic softening happened more obviously at the lower strain rate. However, 13 
the cyclic softening rate at the lower strain rate increasingly became lower than that of the higher strain 14 
rate for temperatures above 200 °C. Most interestingly, the sample tested at 400 °C and 10-3 s-1 exhibited 15 
a significant secondary hardening with a rate of +12.8. Fatigue lives of the HEA were calculated as the 16 
number of cycles at the 20 % drop in maximum stress response (Table 3, last column). Fatigue life was 17 
seen to be most reduced at 600 °C consistently for the two strain rates. 18 
 19 

Table 3. The rates of cyclic softening, secondary hardening and fatigue lives of the samples at 20 % maximum stress drop 20 
(Note: ‘-‘ indicates “not applicable”)  21 

 22 

Condition Rate of cyclic softening 
(MPa/cycle) 

Rate of secondary hardening 
(MPa/cycle) N20% (Cycles) 

22 °C, ± 0.5 %, 10-3 s-1 46.1 - 2630 

200 °C, ± 0.5 %, 10-3 s-1 35.8 - 3850 

400 °C, ± 0.5 %, 10-3 s-1 17.0  12.8 1590 

600 °C, ± 0.5 %, 10-3 s-1 - - 80 

22 °C, ± 0.5 %, 10-2 s-1 37.1 - 1940 

200 °C, ± 0.5 %, 10-2 s-1 38.8 - 3210 

400 °C, ± 0.5 %, 10-2 s-1 23.2 - 2700 

600 °C, ± 0.5 %, 10-2 s-1 - - 460 

 23 
  24 
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3.3 Microstructure evolution 1 
 2 

Figure 4 show the estimates of geometrically necessary dislocation (GND) density of 3 
CrMnFeCoNi in the as-built condition (Fig. 3a) and after fatigue (Fig. 3b-e) based on the 4 
crystallographic kernel misorientation measured by EBSD mapping. In general, there was a higher 5 
GND density in the region within 75 μm from fracture surface at all test temperatures (Figure 4b-e). 6 
The dense GNDs near the fracture surface is a result of the high degree of plastic deformation induced 7 
by the crack tip microplasticity. The GND density in the region more than 75 μm away from fracture 8 
surface at 22 °C and 200 °C appears similar to the GND density in the as-built state (Figure 4a). 9 
Reduction in GNDs was observed after fatigue at temperatures above 200 °C (Figures 3d and e). The 10 
higher dislocation mobility at higher temperatures resulted in the faster recovery process, hence GND 11 
density was reduced. However, the GND density at 600 °C near the fracture surface appeared higher 12 
than that at 400 °C. This could be due to the much shorter duration of the fatigue test at 600 °C (only 13 
80 cycles, Table 3). Although the dislocation mobility was higher, the number of cycles was too short 14 
for the annihilation and rearrangement of dislocations. Thereby, the smaller reduction in GNDs at 15 
600 °C resulted in relatively higher GND density compared to at 400 °C. 16 
 17 

 18 
Figure 4. Estimated geometrically necessary dislocations (GND) density of CrMnFeCoNi HEA (a) in the as-built condition; 19 
and at the region near fracture surface after cyclic loading at the strain rate of 10-3 1/s (b) at 22 °C, (c) at 200 °C, (d) at 400 °C 20 
and (e) at 600 °C. 21 
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 1 
The solidification microstructure with dense dislocations at boundaries was revealed by 2 

transmission electron microscopy. Figure 5a shows the solidification microstructure of LPBF 3 
CrMnFeCoNi consisted of solidification cells with a size ranging from 0.5 to 1 μm and dense dislocation 4 
tangles present at cell boundaries. The average diameter of dislocation cells in the as-built condition 5 
was around ~0.6 μm (Table 2). As presented in our previous study [15], high thermal gradients and 6 
rapid cooling during the solidification process of LPBF generated fine solidification cells with dense 7 
dislocation tangles at boundaries. These solidification cells are well preserved after the cyclic loading 8 
at room temperature (Figure 5 b-e). Although the cell dimensions did not change, the dislocation 9 
network at cell boundaries appeared more organised after cyclic loading at 22 °C (Figure 5 b). 10 
Increasing the loading temperature resulted in less organised cells in comparison to those after fatigue 11 
at and 200 °C (Figure 5 c-e). In particular, the dislocation networks at 400 °C and 600 °C were seen to 12 
be partially destroyed (Figure 5 d,e). Such destruction is exhibited by the observation of untangled 13 
dislocations after fatigue at elevated temperatures (Figure 5 d,e). The reduction in dislocation density 14 
is more notable at 600 °C that individual dislocations at cell boundaries can be distinguished compared 15 
to the samples tested at lower temperatures. Effect of the test temperature is also observed on the cell 16 
structure and diameter. The dislocation cell walls became thicker, but less dense; and the average 17 
dislocation cell diameter increased from 0.60 μm to 0.68 μm when the fatigue test temperature increased 18 
from 22 °C to 400 °C (Table 2). Cells at 600 °C appeared to be slightly smaller (0.63 µm) than that at 19 
400; however, they were very ill organized with thin cell walls – so the comparison of the size was not 20 
really applicable. In addition, recrystallisation was not observed after cyclic loading at 600 °C. This 21 
observation is in good agreement with previous studies showing that the solidification microstructure 22 
was stable after the compression test at 600 °C [44,78], when partial recrystallisation was only seen at 23 
700 °C [44], and the solidification microstructure was seen to disappear at 900 °C [78]. At a given 24 
loading temperature, the change in strain rate did not result in considerable variation in the cell 25 
microstructure.  26 
 27 
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 1 
 2 
Figure 5. Celllular microstructure in the LPBF CrMnFeCoNi HEA: (a) in as-built condition, and after cyclic loading at the 3 
strain rate of 10-3 1/s at (b) 22 °C, (c) 200 °C, (d) 400 °C and (e) 600 °C. Note that particles with the bright contrast (most 4 
visible in (d) were also present at the other studied temperatures and were identified to be manganese oxides [15]. 5 
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3.4 Thermally activated dependence of yield stress, friction and back stresses 1 
 2 

Figure 6 shows the evolution of the measured yield stress at an offset strain of 0.01 % during 3 
cyclic loading for the different temperatures and strain rates. This result shows the temperature 4 
dependence of yield stresses; whereby the higher the temperature the lower the yield stress. The largest 5 
reduction of the yield stress occurred when temperature increased to 200 °C from 22 °C, while the 6 
magnitudes of reduction when the temperature increased further from 200 °C to 400 °C and from 400 °C 7 
to 600 °C was similar and lower. The yield stress at the higher strain (10-2 s-1) was larger than that of 8 
the lower strain (10-3 s-1) for every cycle at 22 °C, exhibiting a positive strain rate sensitivity. The 9 
samples tested at 22 °C exhibited a short cyclic hardening behaviour during the first 10 cycles with a 10 
small increase in the yield stress regardless of strain rates. The increase of the yield stress due to the 11 
cyclic hardening was negligible but still noticeable during the first 2~3 cycles of loading at 200 °C but 12 
became unnoticeable as the temperature increased over 400 °C. Regarding strain rate dependence, the 13 
yield stresses at 200 °C for both the strain rates were similar throughout the cyclic softening stage until 14 
the ~500th cycle. However, they became different after the 500th cycle with the yield stress at 10-2 s-1 15 
being smaller than that of the 10-3 s-1, showing a possible negative strain rate sensitivity. This negative 16 
strain rate sensitivity was more obvious and started at an earlier cycle at 400 °C. In particular, the yield 17 
stress from about the 200th cycle at 10-3 s-1 became clearly higher than that at the higher strain rates 18 
thanks to a noticeable secondary cyclic hardening at the 10-3 s-1, confirming the negative strain rate 19 
sensitivity. At 600 °C, the fatigue life was very short and there was no significant difference in yield 20 
stress between the two strain rates. 21 
 22 

 23 
Figure 6. Evolution of the yield stress at an offset strain of 0.01 % after cyclic loading at 22-600 °C and strain rates of 10-3 s-1 24 
(red symbols ) and 10-2 s-1 (black symbols) 25 
  26 
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Friction stress and back stress were calculated to assist in relating the cyclic deformation to 1 
the microstructural evolution during cyclic loading according to Cottrell [60,72]. The evolution of 2 
friction stress and back stress during cyclic loading is shown in Figure 7. While friction stress exhibited 3 
a similar dependence on thermally activated factors (such as temperature and strain rate) as that of the 4 
yield stress (Figure 7a versus Figure 6), the back stress (Figure 7b) showed a much less dependence on 5 
temperature and strain rate. This is in consistence with the characteristic nature of the long-range 6 
interaction of dislocations of back stress, increasing the insensitivity of back stress to the thermal 7 
assistance [59,79]. However, the back stress still decreased when temperature increased (Figure 7b) in 8 
particular in the first 100 cycles of cyclic deformation. The variation in back stress was increasingly 9 
diminished when the temperature increased to be above 200 °C for the two strain rates. Towards the 10 
end of the cyclic softening, the back stress converged to almost the same level for all strain rates and 11 
temperatures (Figure 7b). 12 

 13 

 14 
Figure 7. Thermally activated dependence of friction and back stresses during the tension-going loading at the four different 15 
temperatures 22, 200, 400 and 600 °C and two strain rates of 10-3 s-1 (red symbols) and 10-2 s-1 (black symbols): (a) friction 16 
stresses, (b) back stresses. 17 
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3.3 The similitude relation  1 
 2 

The similitude relationship states that dislocation cells with a given size develop from 3 
dislocation forests in response to an applied stress of cyclic plastic loading and the strength of crystalline 4 
alloys is inversely proportional to the size of the formed dislocation cells [61,62,64–66]. Assuming that 5 
there were no dislocation cells before the cyclic deformation, this section estimates the size of 6 
dislocation cells that should form in response to the applied cyclic load. Hence, the similitude 7 
relationship (i.e., Equation 3) was used to calculate the cell size required in response to applied stresses 8 
should no dislocation cells be present before cyclic loading (Table 2). The calculated size was 9 
subsequently compared to the average of the dislocation cell diameters experimentally measured before 10 
and after fatigue at the different temperatures to discuss the stability of as-built cells in thermal fatigue. 11 
With the typical range of K for FCC metals (from 5 to 10) [64], Table 4 shows that the measured cell 12 
sizes are lying in between the calculated ones. To get the best fit against the measured sizes, the value 13 
of K should be varied between 7.77 – 8.28 ± 0.3. There is a slight variation in the calculated K for the 14 
four different temperatures, but the variation appears insignificant. 15 
 16 
Table 4. The measured average dislocation cell diameters after fatigue, calculated cell diameters with assumed similitude 17 
coefficients and calculated similitude coefficient based on the measured cell diameter 18 
 19 

Temperature (°C) Measured average cell 
diameter after fatigue (μm) 

Calculated cell diameter (μm) 
with K = 5 

Calculated cell diameter (μm) 
with K = 10 

    
22 0.60 0.38 ± 0.03 0.76 ± 0.05 
200 0.65 0.42 ± 0.03 0.83 ± 0.05 

400 0.68 0.41 ± 0.03 0.82 ± 0.05 
600 0.63 0.38 ± 0.03 0.77 ± 0.05 

    
 20 
  21 
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3.6 Evolution of the loop shape parameter and strain energy density 1 
  2 

The hysteresis loop change, characterised by a shape parameter, during cyclic loading reflects 3 
the evolution of microstructure and internal stresses [40]. The shape of the hysteresis loop remains slim 4 
and pointed during cyclic hardening loading, resulting in a decrease in the loop shape parameter during 5 
the cyclic hardening stage. On the other hand, hysteresis loop became more rectangular, resulting in an 6 
increase in the loop shape parameter as explained in previous studies on 316L [57,71]. Consistent with 7 
these trends, Figure 8a shows that the loop shape parameter at 22 °C for the two strain rates did decrease 8 
in the first ~5 cycles of the cyclic hardening, then the loop shape parameter increased gradually until 9 
the end of fatigue life due to the cyclic softening. This trend is also observed when samples were tested 10 
at 200 °C and 400 °C, as shown in Figure 8c and Figure 8e, respectively. Table 3 showed the absolute 11 
rate of softening decreased when the temperature was increased. Hence, Figure 8 shows the rising 12 
gradients of loop shape parameter curves at 200 °C and 400 °C are less steep than that at 22 °C, whereas 13 
the loop shape parameter curves at 600 °C remain almost constant throughout cyclic loading. As 14 
aforementioned, a secondary hardening was observed at 400 °C and 10-3 s-1 (Figure 8e). 15 
Correspondingly, after the primary decrease then increase, the loop shape parameter curve for the 16 
condition of 400 °C and 10-3 s-1 decreased again from the ~500th cycle due to the secondary cyclic 17 
hardening (Figure 8e). Interestingly, although the secondary hardening was not clearly seen in other 18 
test conditions in Figure 6, Figure 8c and e show decreases of the loop shape parameter at 200 °C and 19 
10-3 s-1 (from the ~2000th cycle) and at 400 °C and 10-2 s-1 (from the ~1500th cycle), suggesting that the 20 
secondary hardening would also occur for the two test conditions.  21 

The right column of Figure 8 (b, d, f and h) is the evolution of strain energy density per cycle 22 
at the temperature range of 22-600 °C. In general, the strain energy density during cyclic loading 23 
decreased as the test temperature increased; energy per cycle was highest at 22 °C then gradually 24 
decreased at elevated temperatures. The strain energy density per cycle at room temperature slightly 25 
decreased in the cyclic hardening, subsequently increased during cyclic softening from about 320 J/m3 26 
to about 340 J/m3 during the first 200 cycles, then became saturated until the end of cyclic loading. The 27 
same trend was seen for 200 °C and 400 °C, but with lower rates of change: At 200 °C, the energy per 28 
cycle was about 305-310 J/m3 at the early stage of cyclic loading then increased during the first 100 29 
cycles, then saturated at about 310-315 J/m3. At 400 °C, energy per cycle was about 285-290 J/m3, but 30 
only insignificantly increased to 295 J/m3 for the lower strain rate (10-3 s-1) or remained almost 31 
unchanged for the higher strain rate (10-2 s-1). For all the temperatures, the strain energy density per 32 
cycle at the two strain rates was almost the same.  33 

 34 
 35 
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 1 
Figure 8. The left column is the evolution of hysteresis loop shape parameter of the CrMnFeCoNi HEA samples during cyclic 2 
loading at (a) 22 °C, (c) 200 °C, (e) 400 °C and (g) 600 °C. The right column is the evolution of strain energy of the 3 
CrMnFeCoNi HEA samples during cyclic loading at (b) 22 °C, (d) 200 °C, (f) 400 °C and (h) 600 °C 4 
 5 
 6 
  7 
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3.7 Fractography 1 
 2 
 Fracture surfaces of all fatigued samples tested at 22, 200 and 400 °C are seen to be 3 
transgranular with fatigue striations (Figure 9a-c). Large lack of fusion defects were observed in the 4 
fracture surface of the samples tested at 22 °C and 400 °C. These defects were likely the initiation site 5 
of dominant cracks, as highlighted in our previous study [15]. In contrast, the fracture surface of the 6 
sample tested at 600 °C shows more intergranular characteristic. This transition from transgranular to 7 
intergranular fracture at 600 °C corresponds to a significant reduction in the fatigue life at 600 °C in 8 
comparison to the other temperatures (Table 3). 9 
 10 

 11 
Figure 9. SEM fractography of the samples tested at 22-600 °C and strain rate 10-2 s-1. (a) 22 °C, (b) 200 °C, (c) 400 °C, and 12 
(d) 600 °C 13 
 14 
 Figure 10a shows a pattern of domains on the fracture of the sample tested at 600 °C at a higher 15 
magnification. The seen pattern contains features resembling the helical grain microstructure observed 16 
for the HEA fabricated by the chessboard with 67° rotation between layers (Figure 10c and d). The 17 
helical grain microstructure is due to the in-layer and out-of-layer side-branching promoted in the 18 
chessboard pattern as explained in detail in [11]. Similarly, the domains on fracture surface were aligned 19 
in average of about 63° to the others (Figure 10b), which is close to the rotation angle of 67°. 20 
Furthermore, the size of the domain shown in Figure 10a ranged from 70 μm to 100 μm which is 21 
comparable to the grain size observed on the EBSD maps (Figure 10c and d). This observation indicates 22 
that the grain microstructure strongly governed the fatigue crack propagation and provides additional 23 
support that the fracture at 600 °C was probably intergranular. 24 
 25 

(a) (b)

(c) (d)

50 μm50 μm

50 μm50 μm
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 1 
Figure 10. Fractography of fatigued sample tested at 600 °C and strain rate 10-2 s-1. (a) Domains aligned in a pattern resembling 2 
to the helical grain microstructure observed in the HEA fabricated by the chessboard with 67° rotation between layers. Red 3 
dash lines were drawn to measure the angles between domains. (b) The measured angles between each domain and with an 4 
average anlge of 63 °. (c) Grain microstructure shown in IPF-Z map of as-built build fabricated by a chessboard scan (BD: out 5 
of page, and Z-axis is parallel to BD), (d) IPF-Z image of a region in (c) at a lower magnification showing a pattern similar to 6 
the pattern seen in (b).   7 
 8 
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4. Discussion 1 
 2 
4.1 Cellular microstructure and cyclic deformation response 3 
 4 

In a well-annealed FCC alloy (such as 316L stainless steel), the initial dislocation density is 5 
low without the presence of dislocation cells. The dislocation density significantly increases in the first 6 
cycles of loading to accommodate the prescribed strain. The increase in dislocations occurs most 7 
significantly near grain boundaries because of plastic incompatibility between grains due to grain 8 
misorientations [53,57,59]. The increase of dislocation density results in more interactions (including 9 
self and cross-slip interactions) between dislocations, causing the primary cyclic hardening. Upon 10 
further cyclic loading, dislocations start annihilating and rearranging to a structure of a low energy such 11 
as dislocation cellular structure [53,57,59]. Hereafter, such dislocation cellular structure induced by the 12 
mechanical cyclic loading is named fatigue dislocation cells. In contrast to the annealed condition, the 13 
as-built condition of an alloy fabricated by LPBF already contains the solidification cellular (or 14 
dendritic) microstructure consisting of dense dislocation at the cell boundaries (Figure 5), making 15 
solidification microstructure very similar to the dislocation cellular structure formed in fatigue. The as-16 
built dislocations cells in LPBF HEA are generated as the high thermal gradient in melt-pools induces 17 
stress during solidification and subsequent cooling. Part of these as-built dislocations were necessary 18 
to accommodate the misorientation between solidification cells [10,15], but most of them were 19 
excessive. It should note that the as-built cells result from the fast solidification, and thermal stresses 20 
due to strong thermal gradient and thermal cycles in the repeated deposition. In other words, as-built 21 
cells share a lot of similarities with fatigue dislocation cells. The yield strength of as-built condition is 22 
found to be inversely proportional to the as-built cell size, implying that the as-built cells also follows 23 
the similitude law. Applying the similitude relationship Eqatuion. 1, 2 and 3 (with K = 7.5 – a typical 24 
value for FCC alloys [64]) to the as-built cells with the size of 0.60 μm (Section 3.3, Figure 5a), it 25 
estimated that the alloy could experience a equivalent thermal stress up to 787 MPa at 22 °C (673 MPa 26 
at 200 °C, 617 MPa at 400 °C, and 566 MPa at 600 °C) during the deposition. These estimated values 27 
of as-built stress are very similar the cyclic stress ranges (830 ± 30, 700 ± 30, 680 ± 20 and 620 ± 20 28 
MPa at 22, 200, 400 and 600 °C, respectively) that were subsequently applied on the alloy after the 29 
fabrication. Therefore, the subsequently applied cyclic stress should result in similar dislocation cells 30 
(Table 4), i.e. there was no drive force for further evolution of the as-built cells. In addition, the dense 31 
immobile dislocation junctions and chemical segegration at the as-built cell boundaries [15] stabilise 32 
the finer, as-built cells [7]. Consequently, as-built cells should be stable upon the subsequent cyclic 33 
loading. This explains why the cells remained unchanged after fatigue in particular at 22 °C (Figure 5 34 
b vs a). However, the dislocation mobility increases thanks to the thermal assistance at higher 35 
temperatures promotes the dynamic recovery and the unzipping of dislocation junctions [80] at the cell 36 
boundaries, and reduces the pinning effects of chemical segregated elements. Thereby, the increased 37 
mobility facilitates the untanglement of as-built dislocation cellular structure, explaining why there 38 
were coarsening and untanglement of the cells in cyclic loading at the elevated temperatures (Figure 39 
5c-e) and Table 4. 40 

The high density of dislocations already present in the as-built state means a smaller number 41 
of mobile dislocations needs to be generated in order to accommodate the prescribed strain. Hence, the 42 
number of cycles required to generate dislocations was short and softening started soon. This is indeed 43 
seen in the cyclic deformation behaviour of the LPBF HEA. The cyclic hardening behaviour (Figure 3a 44 
and Figure 6) was much shorter (with a low hardening rate) in comparison to that of the annealed 45 
CrMnFeCoNi` and other FCC alloys such as 316L that often have longer cyclic hardening with 46 
significantly higher hardening rates [42,58,59]. Figure 7 shows that the increase in dislocation density 47 
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during the cyclic hardening induced an increase in friction stress, but not back stress because the friction 1 
stress depends on short-range interactions of dislocations while the back stress is mainly dependent on 2 
the long-range interactions of collective dislocations. The movement of dislocations also promotes the 3 
annihilation of dislocations. The annihilation rate increases with increasing the dislocation density, i.e. 4 
dynamic recovery [81]. Once the dislocation density reaches a peak of the cyclic hardening, the 5 
annihilation of dislocations outweighs the generation, causing the decrease in the dislocation density. 6 
Furthermore, dislocations start to rearrange to form a lower energetic configuration such as dislocation 7 
dipoles in the cell boundaries with clearer cell interiors, allowing a lower density of mobile dislocations 8 
to accommodate the same prescribed strain. The decrease in dislocation density and rearrangement of 9 
dislocations result in the cyclic softening. While the friction stresses reduced with a low rate cyclic 10 
softening (Figure 7a), the annihilation and rearrangement of dislocations resulted in lower energy 11 
configurations which led to a significantly greater decrease in back stress during the softening stage 12 
(Figure 7b), causing the back stress to dominate the cyclic softening deformation response in the LPBF 13 
HEAs. 14 

 15 
4.2 Effect of temperature and strain rate and dynamic strain ageing on fatigue behaviour 16 
 17 

Dislocations are often more mobile with increasing temperature as a consequence of thermal 18 
assistance. The prescribed strain can be accommodated by a smaller number of dislocations with higher 19 
mobility. High mobility, in turn, enables dislocations to find lower energetic configurations more 20 
quickly compared to at lower temperatures. Thus, a shorter cyclic hardening (Figures 5 and 6) and a 21 
relatively smaller number of necessary dislocations required to accommodate the plastic deformation 22 
at elevated temperatures. Indeed, the GND density in the region close to the fracture surface (e.g. within 23 
75 μm from the fracture surface) at elevated temperatures, especially at 400 °C and 600 °C (Figure 4d 24 
and e), was lower than at 22 °C and 200 °C (Figure 4b and c). As mentioned in previous section 4.1, 25 
dislocations rearrange themselves into lower energetic configurations at cell boundaries during cyclic 26 
loading, and accordingly, the formation of more compact dislocation networks is shown in the samples 27 
tested at lower temperatures (22 °C and 200 °C, Figure 5b and c, respectively). However, the increased 28 
mobility of dislocations at elevated temperatures also caused more frequent annihilation of dislocations 29 
and unzipping of dislocation junctions, resulting in the annihilation of dislocations outweighing the 30 
generation of dislocations. The annihilation and rearrangement of dislocations occur earlier and faster 31 
at elevated temperatures, causing a shorter cyclic softening phase (Figure 5 and 6). The decrease in 32 
dislocation density is responsible for reducing the strain energy of the CrMnFeCoNi HEA samples at 33 
elevated temperatures (Figure 8). Furthermore, the dislocation networks at cell boundaries are seen to 34 
be increasingly untangled after the cyclic loading with increasing temperature, explaining the 35 
increasingly less organised dislocation cells after fatigue with increasing the temperature in Figure 5. 36 
Thus, the dislocation cell walls became thicker, and the cell diameter increased as the dislocation 37 
mobility increased and dislocation networks lost their compactness at elevated temperatures (Table 4). 38 
Furthermore, the long-range stress field in the LPBF HEA tested at elevated temperatures is weaker 39 
than that of the lower temperatures as the shear modulus decreases with temperature (Table 2) and 40 
dislocation networks were less well organised, causing the decrease in back stress with temperature 41 
(Figure 7b). However, the back stress curves stabilised and reached a similar value for the temperatures 42 
from 200°C to 600°C, indicating the long-range stress field after the large number of cycles at these 43 
temperatures was quite similar.  44 

In general, the difference in apparent yield stress, friction stress, back stress, loop shape 45 
parameter values and energy per cycle between the two different strain rates over the tested temperature 46 
range is noticeable but insignificant, suggesting the strain rate dependence of LPBF HEAs in this range 47 
of strain rate is low. The LPBF HEAs at room temperature (22 °C) exhibits positive strain rate 48 
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sensitivity. In other words, the apparent yield stress, friction stress and back stress values at the higher 1 
strain rate (10-2 s-1) are larger than those at the lower strain rate (10-3 s-1) (Figure 6 and Figure 7). Also, 2 
the hysteresis loop shape parameter values at the higher strain rate are lower than that of the lower strain 3 
rate (Figure 8). The positive strain rate sensitivity is due to the higher stress required for dislocations to 4 
overcome a larger drag force to accommodate the same plastic deformation at a higher strain rate. 5 
However, the rate sensitivity was gradually reversed with the temperature in the range of 200°C to 6 
400°C. The presence of both secondary hardening at 400 °C and negative strain sensitivity indicates 7 
dynamic strain ageing (Figure 6). Dynamic strain ageing (DSA) occurs due to the short-range 8 
interaction between dislocations and solute atoms over a certain range of temperatures and strain rates 9 
[82]. Because solute atoms are more active with increasing temperature, more solute atoms diffuse into 10 
dislocation cores and form an atmosphere of solute atoms. Such atmospheres can arrest dislocations. 11 
Once arrested, a higher stress is required to unlock the dislocations and accommodate plastic 12 
deformation. At the critical stress, the dislocations can overcome the pinning and start to glide, causing 13 
a stress drop until the next interaction with solute atoms. The observation of DSA in this study is in 14 
agreement with other studies of CrMnFeCoNi and its derivatives [83–85]. In addition, Carroll et al. and 15 
Wu et al. observed serrations due to dynamic strain ageing at high temperatures in the alloys (CoFeNi, 16 
CoCrFeNi, NiCoCr, FeNiMn, NiCoMn, FeNiCoMn and NiCoCrMn) which are compositional subsets 17 
of the CrMnFeCoNi [84,85]. Therefore, it is difficult to specify the elements responsible for dynamic 18 
strain ageing. Nevertheless, the lowest activation energy for diffusion of manganese amongst five 19 
principle elements [86] suggest manganese would be one of the responsible elements for dynamic strain 20 
ageing. Stress serration is not the single characteristic of DSA. Even without the evidence of stress 21 
serration, DSA might still be active and exhibited via another characteristic that is the negative strain 22 
rate sensitivity [87,88]. The mobility of dislocations is lower with decreasing the strain rate, allowing 23 
solute atoms to form an atmosphere around dislocation cores, requiring a higher stress to move 24 
dislocations. If the strain rate is increased, the slip rate of dislocation is higher, making the formation 25 
of solute atom atmospheres (hence DSA) more difficult. Therefore, the flow stress is higher at lower 26 
strain rate, i.e., the negative strain rate sensitivity. Even if DSA was not noticeably active in the early 27 
deformation, it was found that DSA could happen after a certain number of cycles during cyclic loading 28 
once vacancies accumulated sufficiently to assist the diffusion of solute atoms [82]. Such an occurrence 29 
of DSA later in fatigue life caused a negative strain rate sensitivity and a secondary cyclic hardening 30 
[82]. Figure 6 and Figure 7 confirm a negative strain rate sensitivity and the secondary cyclic hardening, 31 
in particular after about 200 cycles at 400 °C and 10-3 s-1, providing evidence of the presence of DSA. 32 
The strong interactions between dislocations and solute atoms at those strain rate and temperature was 33 
sufficient to pin dislocations and subsequently cause secondary cyclic hardening behaviour after a 34 
certain number of cycles. Therefore, the secondary cyclic hardening observed in this study is attributed 35 
to the DSA occurrence later in fatigue life. The loop shape parameter reflects the evolution of 36 
microstructure and cyclic deformation response during fatigue. A decrease in the loop shape is 37 
associated with an increase in dislocation density and cyclic hardening, while an increase of the loop 38 
shape parameter is due to dislocation rearrangement and cyclic softening [57]. A secondary decrease of 39 
the loop shape parameter well before substantial drop due to the fatigue damage was seen for the strain 40 
rate of 10-3 s-1 at 200 °C and 400 °C and (Figure 8c and e). This secondary decrease is due to higher 41 
numbers of dislocations required to accommodate the same plastic strain because DSA happened. 42 
Secondary cyclic hardening was not seen despite the DSA was observed at 200 °C. The diffusion rate 43 
of solute atoms at 200 °C was low and insufficient to cause secondary cyclic hardening behaviour. 44 
Furthermore, secondary cyclic hardening was not seen at 600 °C – this is because of 2 possible reasons: 45 
(1) the brittle intergranular-like fracture behaviour significantly lowered the fatigue life while it requires 46 
a certain number of cycles for DSA to occur, and (2) the mobility of solute atoms was high at this 47 
temperature, the solute atom atmosphere did not induce a pinning effect. 48 
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The mobility of point defects and solute atoms is comparatively higher at higher temperatures. 1 
Grain boundaries are known to be sinks for point defects and solute atoms, making them prone to crack 2 
initiation and preferential paths for propagation during cyclic loading at elevated temperatures. As 3 
consequently, the fracture mode of LPBF HEA changed from transgranular at 22-400 °C to more 4 
intergranular at 600 °C (Figure 9). This intergranular-like fracture behaviour resulted in more brittle 5 
failure and loss of ductility and significantly lowered the fatigue life at 600 °C regardless of strain rates.  6 
 7 
5. Conclusion 8 
 9 

The constitutive relationships between solidification microstructure and thermally-activated 10 
dependence of fatigue behaviour of the CrMnFeCoNi high-entropy alloy fabricated by laser powder-11 
bed fusion have been discussed in this study. The presence of a high density of dislocations at cell 12 
boundaries enabled accommodation of the prescribed strain with a fewer number of dislocations 13 
required to be generated. Thus, a short period of cyclic hardening occurred with a low hardening rate 14 
in comparison to the annealed HEA. The cyclic softening deformation response is found to be governed 15 
by the back stress and showed less dependence on the friction stress. The annihilation and 16 
rearrangement of dislocations occur earlier and faster with a higher rate at elevated temperatures due to 17 
the thermal assistance. Thus, the dislocation networks at cell boundaries were increasingly destroyed 18 
and became less organised after fatigue with increasing temperature. As a consequence, the diameter 19 
and wall thickness of dislocation cells increased with the test temperature. The similitude relationship 20 
predicted that the thermal stress the alloy experienced in the fabrication was almost the same as the 21 
applied stress in the subsequent cyclic loading. Therefore, there was no driving force for further 22 
evolution of the fine as-built cells during the cyclic loading. Using the similitude relationship and an 23 
understanding of the chemical segregration, this study explains why the as-built fine cells should be 24 
stable in the cyclic loading. The decrease in dislocation density, and untanglement of cellular structure 25 
and the elastic modulus with increasing temperature were responsible for the decrease in cyclic strength, 26 
friction and back stress. There was an insignificant difference in cyclic stresses between the two strain 27 
rates used in this study (10-3 s-1 and 10-2 s-1). However, the examination of strain rate dependence 28 
revealed the occurence of dynamic strain ageing (most noticeable at 400 °C) that caused the secondary 29 
cyclic hardening and negative strain rate sensitivity. The transition of fracture mode from transgranular 30 
at 22 °C to more intergranular-like at 600 °C resulted in more brittle failure and loss of ductility and 31 
significantly lowered the fatigue life at 600 °C.  32 
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