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Abstract 

 

There are increasing interests to alternate the microstructure and hence the properties of steels 

that are applied in various environment conditions using a work-efficient and energy-saving 

manner. The desirable microstructure evolution is often not achievable by means of 

conventional thermo-mechanical processing and solid-state phase transition. This thesis has 

considered four fundamental engineering problems, namely (i) the possibility of anti-aging 

processing for the aged steels in service at high temperature, (ii) the recovery of the lost 

strength for the steels at high temperature, (iii) the suspension of crack initiation and 

propagation during cold-working of steels with eutectoid microstructures and (iv) the 

regaining of strength during tempering of a steel containing martensite. Phase stability in the 

processing environment is the primary concern in each of the list problems because it 

presents, in thermodynamically, the possibility to achieve the goals using the designed 

processing. Electropulsing processing has been considered and integrated with the 

conventional thermomechanical processing in the development of this PhD thesis. The so-

called electropulsing treatment utilises electric current pulses with high peak current density 

and short pulse duration. Due to the nature of the short duration pulse, the energy 

consumption is very low. The high current density enables a very strong impact of 

electropulsing on the microstructure evolution and hence is work efficient. 

Following results have been obtained through the study： 

 Using the appropriate electropulsing parameters, the formed secondary phase (e.g. χ-

phase) by precipitation in 316L stainless steels at elevated temperature can be dissolved. 

Electropulsing processing can supress the precipitation and homogenize the alloying 
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elements in the stainless steel. The stability of the secondary phases in the stainless steel 

has been changed by the imposed electropulse.   

 Electropulsing treatment is able to alternate the delta-ferrite phase transition. This has 

been proved in the treatment of 2205 duplex stainless steel. The new format of phase 

transition causes strengthening of the steel at high temperature. The stability of phases in 

the steel has been affected by the applied electropulsing treatment.  

 For the light steels containing high aluminium composition, electropulsing is able to 

affect the thermodynamic stability and grain morphology of κ-carbide. This leads to 

significant improvement of steel formability. 

 Application of electropulsing processing to dual-phase automotive steel changes the 

stability of martensite phase. The processing improve the mechanical properties and 

refined the microstructure of this steel.  

The fundamental understanding of the experimental observations has been developed based 

on the thermodynamic and kinetic analysis. 
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∆ - twin boundary spacing 
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）t（  - dimensionless temperature increment 

(t)l  - dimensionless thermal expansion 

）t（T  - instant temperature change 

）t（l  - instant thermal expansion 

maxl  - maximum thermal expansion 

n - density of conduction electron 

dn  - density of defects 

d  - defect resistivity 

  - resistivity 

om  - free-electron mass 

*m  - effective electron mass 

e - elementary charge 

E - macroscopic electric field 

*

windZ  - effective valence 

tJ  - atomic flux induced by temperature 

aJ   - atomic flux produced by electric current 
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D - lattice diffusion coefficient 

N - density of atom species 

aD  - atomic diffusion coefficient 

f - pulsed current frequency 

p  - duration of each pulse 

k - gas constant 

T - absolute temperature 

EPT

rI  - nucleation rate with EPT 

o

rI  - constant related to recrystallization 

rI  - nucleation rate without EPT 

  - jump distance 

on  - total number of atoms 

n  - number of nuclei under electric-current treatments 

v  - volume of material 
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1  - electrical conductivity of phase 1 

2  - electrical conductivity of phase 2 

oG  - Gibbs free energy without electric current 

eG  - Gibbs free energy with electric current 

cG  - chemical free energy 

iG  - interfacial energy 

sG  - strain-stress energy 

V  - infinitesimal volume 



S - infinitesimal displacement 



eF - local electrophoresis force 

c  - density of conductive electron 



dv  - electron movement velocity 

t  - time for electrons movement 



H  - magnetic field strength 



D  - electric displacement 
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

B  - magnetic field 



A  - vector potential 

r - random position of material 

  - magnetic permeability 

Ma - pre-exponential factor dependent on the frequency of atom hipping and lattice distance 

M - mobility 

Ek - kinetic barrier 

K - Boltzmann constant 

M – mobility 

A  - electrical conductivity of steel matrix A 

B  - electrical conductivity of precipitate B 

C  - electrical conductivity of precipitate B 


 totalG - total system free energy of 316L stainless steel without EPT 

chemG  - chemical free energy of the bulk phases 

surfG  - surface energy 

 rjb


 - current density distribution before EPT 

 rja


 - current density distributions after EPT 
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R - electrical resistance 

iX  - concentration of the ith solute 

ith - atom species 

iN  - density of the ith atom species 

Ω - atom volume 

X



  - stress gradient 

g - positive geometric factor for coarse grained materials 

  - volume of a nucleus 

A - frequency 

Q - activation energy 

 - the surface energy 

L  - the spacing between pinning points 

FCC – face centred cubic 

BCC - body centred cubic 

Tα → γ - transformation temperature from α-ferrite to -phase 

Tγ → δ - transformation temperature from -phase to δ-ferrite 

Tm - melting point 
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δ - delta-ferrite 

σ - sigma-phase 

γ' - secondary austenite phase 

γ - austenite phase 

α - ferrite 

α’ - martensite 

θ - cementite 

Tα’(α+θ) - tempering martensite 

κ - kappa carbide 

χ – Chi phase 

d.c. - direct current 

a.c. - alternative current 

  - electrical conductivity of austenite 

  - electrical conductivity of ferrite 

  - electrical conductivity of cementite 

  - electrical conductivity of delta-ferrite 

  - electrical conductivity of chi-phase 

  - electrical conductivity of sigma-phase 
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  - electrical conductivity of  -carbide 

TEM - Transmission Electron Microscopy 

SEM - Scanning Electron Microscopy 

XRD - X-rays Diffraction 

SADP – Selected Area Diffraction Pattern 
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Chapter 1 Introduction  

 

1.1. Background 

Steels play an important role in improving the quality of life and servicing the manufacturing 

industry. This is achieved through its endless variety of microstructures and properties which 

can be produced by a series of complex routes such as, solid-state transformation (e.g. 

eutectoid transformation and spinodal decomposition) and thermo-mechanical processing (e.g. 

severe plastic deformation and dynamic plastic deformation) [1]. In comparison with other 

emerging, structural materials (e.g. Ti alloys, Ni alloys, Al alloys, Mg alloys and etc.), steels 

are high performance materials which have extraordinary properties. These properties include 

high strength, high ductility and good corrosion and oxidization resistance. In addition, steels 

have other attractive features, such as, low cost, high abundance of source materials (Fe and 

C) and good recyclability. These help steels to maintain its prime position in modern industry 

and society. The standard definition of steel is “Any iron based alloy, in which no other single 

element is present in excess of 30 % weight, and for which the iron content amounts to, at 

least, 55 % weight present and carbon is limited to a maximum of 2 % weight presenting” [2]. 

There are over 25000 different steels being developed by manipulating the microstructure 

evolution, phase transformations and alloying elements of the Fe-alloys in the world. 

Although steel is not a novel alloy (which frequently leads to a common misunderstanding 

that “everything in steel is established”) for those outside the field, the investigation of steel 

is probably the most challenging area in materials sciences, due to the many unknowns in 

steel design and processing.  

Over the last decades, steels have been classified into various groups based on their 

microstructures and corresponding properties. A microstructure of steel matrix, with a wide 
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range of size and morphology of secondary phases and intermetallic compounds, frequently 

result in changes of the physical and chemical performance of steels at high temperatures. For 

instance, the segregation of alloying elements (e.g. Cr, Ni and Mo) around grain boundaries 

in stainless steel at high temperatures can introduce negative effects, such as pitting corrosion, 

thermal crack development and brittle transition of structure [1, 3]. Meanwhile, the phase 

transformation, initiated by various heat treatments, fundamentally changes the lattice 

structure and properties of steels [1]. Furthermore, on the basis of the Hall-Petch relationship 

[1], a microstructure with a smaller grain size induces higher strength in most polycrystalline 

steels. In addition, a promotion of dislocation mobility and reduction of residual stress within 

microstructures effectively enhance the formability of steels (especially, the ductility and 

superplasticity behaviour) during deformation. Therefore, microstructure evolution plays a 

dominant role in steel design and processing in order to achieve desired properties.  

 

1.2. Aims of the research 

The aim of this research was to develop a novel approach to achieve precise control of 

microstructure evolution in order to generate the desirable properties. The new approach 

changes the phase stability of the steels in the processing. Four fundamental problems are 

considered to seek the engineering implementation of the new processing, namely: 

 Ageing treatment: The segregation of alloying elements during the precipitation of chi-

phase in 316L stainless steels. 

 Annealing treatment: The softening effect during delta-ferrite phase transformations in 

2205 duplex stainless steels at high temperature. 

 Cold rolling: Crack initiation and propagation within eutectoid lamellar carbides in 

duplex lightweight steels (Fe-26Mn-9Al-0.75C).  
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 Tempering treatment: The loss of strength during the tempering of martensite in dual-

phase steels (DP600). 

In order to minimize the detrimental effects of the above engineering problems in steel 

processing, the newly developed processing method is expected to be capable of (i) 

suppressing precipitation and thereby homogenising the alloying elements, (ii) introducing 

the strengthening effect during high temperature phase transformation, (iii) prohibiting crack- 

formation during cold deformation and (iv) delaying the loss of strength in tempering of 

martensite. In addition to this, the kinetics and thermodynamics involved in the processing 

are investigated. Electropusling treatment (EPT) has been implemented for purposes. EPT is 

unlike conventional methods but involves several modifiable parameters such as voltage (v), 

current density (A/m2), pulse duration (μs), pulse frequency (Hz) etc. It is capable of 

providing accurate control of microstructure evolution and properties whilst maintaining high 

work-efficiency and low energy-consumption. EPT has been very successful in modifying 

microstructures for most of polycrystalline metals and alloys, and has been selected in this 

thesis to address the earlier list four problems for 316L stainless steels, 2205 duplex stainless 

steels, duplex lightweight steels (Fe-26Mn-9Al-0.75C) and dual-phase steels (DP600) 

respectively. There are no alternative solutions to address these problems to be found in the 

literature. 

 

1.3. Outline of the thesis 

The thesis is organised to demonstrate the investigation of the phase stability under EPT in 

four steels containing different phases and in service in different environments, which cover: 

(i) the suppression of precipitation by homogenizing alloying elements in 316L stainless 

steels, (ii) the promotion of high temperature phase transformation to strengthen 2205 duplex 
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stainless steel matrix, (iii) the enhancement of formability by refining carbides in duplex 

lightweight steels and (iv) the recovery of the loss of strength within tempering martensite in 

dual-phase steels.  Following are brief descriptions for each investigation. 

  316L stainless steels 

A treatment to suppress and dissolve the precipitates in 316L stainless steel in a 

temperature range between 650 oC and 850 oC has been investigated. There is no 

published report on the effect of electric current on precipitates in austenitic stainless 

steels in the temperature range before this work. The effect of electric current on 

segregation of alloying elements has not been studied to date. There are no published 

data on the suppression and dissolution of precipitates using low power EPT (low current 

density ～6.3 ×107 A/m2) in such alloys. 

 2205 duplex stainless steels 

The 2205 duplex stainless steel containing high Cr and high Ni contents undergoes a 

eutectoid decomposition from delta-ferrite to austenite and sigma phases below 840 oC. 

However, the steel loses its strength when the temperature attains 840 oC. Conventionally, 

changing the alloying additions has proved to be an effective way of altering delta-ferrite 

phase transformation behaviour (such as extending the temperature range for phase 

transformation). In the present work, low power EPT (using an electric current density 

around 5.0×107 A/m2) has been utilized to stabilize the austenite and sigma phases and 

hence to strengthen the steels at high temperature. 

 Fe-26Mn-9Al-0.75C duplex lightweight steels 

Fe-Mn-Al-C quaternary steel is a typical type of lightweight steel with low density (e.g. 

6.47 g/m3, which gives 17.10 % density reduction in comparison with pure iron). It has 



39 
 
 

been extensively investigated in automotive and aerospace fields due to its excellent 

combination of strength and ductility, good corrosion and oxidization resistance in 

comparison with TWIP or TRIP steels. However, the formation of lamellar κ-carbide 

((Fe,Mn)3AlC) in these lightweight steels causes catastrophic cracking during cold 

forming. High power EPT (electric current density is around 1.92×109 A/m2) has been 

used here to (i) transform the lamellar κ-carbide to nano-sized spherical particles (about 

110 µs) and (ii) refine the microstructure of ferrite matrix. This inhibits cracking during 

cold forming. 

 Dual-phase steels (DP600) 

The dual-phase steel becomes soft during isothermal tempering of martensite. Recently, 

non-isothermal tempering has been implemented to decrease the softening process in 

dual-phase steels. The use of a high power EPT has been found to be able to enhance the 

strengthening effects via the formation of ultrafine-grained ferrite with nano-cementite 

particles in tempered martensitic-ferritic steels. To the best of my knowledge, EPT is the 

first candidate to provide a better solution for the softening problems encountered in the 

tempering of martensite than that achieved with isothermal and non-isothermal 

tempering. 

In summary, EPT has been designed to control precipitation behaviour, phase transformation, 

formability and strengthening of steels. The fundamental understanding of the effect of EPT 

on the phase stability has been studied from kinetic and thermodynamic grounds. The 

application of EPT to the control of steel microstructure and properties has been outlined and 

discussed in this thesis.  
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Chapter 2 Assessment of the literature  

 

The microstructure evolutions in precipitation and phase transformation, their effects on the 

steels properties, and the various approaches used in modifying the steels microstructures and 

the associated properties are introduced in Section 2.1. Section 2.2 introduces the 

backgrounds and applications of EPT on polycrystalline metals and alloys.   

 

2.1 Microstructure and properties of steels 

2.1.1 Precipitation 

The generic precipitation behaviour in steels has been described well in textbooks [1]. This 

section focuses on the review of the microstructure evolutions during precipitation that affect 

the properties of steels.  

Most of the bulk polycrystalline steels possess precipitates in their matrix after heat 

treatments. The precipitation temperature and the size, morphologies and crystallographic 

structure of precipitates are dependent on the composition of alloying elements [1]. The 

alloying elements such as C, Cr, Ni, Mo, V, W and Ti are frequently added into the steels to 

form various precipitates in order to modify the physical, chemical and mechanical properties 

of the steels [1]. In metallurgical fields, precipitates are generally referred as secondary 

phases or intermetallic compounds which have relative high thermal stability at high 

temperatures. For steels consist of different compositions of alloying elements, the 

precipitation mechanisms are described roughly as three routes with continuous increase of 

temperature and time [1]: 
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(1) The in-situ nucleation of precipitates [1]: 

In the first route, the precipitates instantaneously nucleate on the interfaces between the 

cementite and ferrite phases. With continuous coarsening of the precipitates, the adjacent 

cementite provides more carbon to diffuse into these precipitates. 

(2) The separation of nucleation of precipitates [1]: 

With further increasing temperature and time, a huge amount of fine precipitates starts to 

nucleate at pre-existing, high density, dislocation regions in the steel matrix.  

(3) The nucleation of precipitates at different types of grain boundaries [1]: 

Precipitates eventually nucleate and coarsen at various types of specific areas such as the 

prior austenite grain boundaries, former martensitic lath boundaries and the new ferrite 

boundaries. 

In addition, adding various types of alloying elements can effectively change the precipitation 

process. For example, adding Cr leads to a Cr carbides precipitation process to take place in 

the steel matrix under heat treatment. This is because Cr is a strong carbide former, which 

reacts with carbon to generate Cr carbides (e.g. Cr23C6). A typical precipitation sequence of 

Cr carbides is as following [1]: 

6233173)( CCrCCrCFeCrMatrix                                (2.1) 

When 4-6 wt.% Mo is added to the steel, the carbides precipitation sequence is expressed in 

Equation 2.2 [1].  

 

CMCMCFe 623                                            (2.2) 
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2.1.1.1 Precipitation and mechanical properties  

Steels strengthening can be achieved by a number of mechanisms. Precipitation is one of 

them. In comparison with other strengthening methods such as solid-state phase 

transformation and microstructure refinement, the formation of precipitation can be 

controlled by adding various types of metallic alloying elements. Cementite (Fe3C) as one 

typical example of precipitates is found frequently in steel matrix containing relatively high 

carbon concentration [1]. The morphologies of these precipitates are varied from lamellar 

structure to spherical particles depending on the heat treatments. Using an alternative heat 

treatments, the dispersion strengthening of precipitates can be optimized by a relation 

between the size of precipitates and mechanical properties (i.e. yield stress) [1]: 

2/0



b

T
s                                                                (2.3) 

where s  is the yield strength, 0  the yield stress, T  a dislocation's line tension, b the 

burger vector and   the interparticle spacing. The presence of a directional relationship 

between spacing of precipitate and yield stress of steel apparently indicates the strengthening 

effect can be maximized by a significant reduction of precipitate spacing. In order to further 

accurately model the strengthening effect of precipitates (taking into account the size of 

precipitate), an empirical equation is expressed in Equation 2.4 [1]: 
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where   is the constant, G  a shear modulus and r the size of precipitate. A remarkable 

example of strengthening effect generated by the precipitation of lamellar cementite within 

ferrite matrix mathematically depicts a relationship between flow stress and mean 

uninterrupted free ferrite path (MFFP) in a carbon steel, as schematically illustrated in Figure 

2.1 [4]. 

 

 

Figure 2.1: Schematic illustration of a linear relationship between flow stress and MFFP for a 

carbon steel [4]. 

 

In addition, the occurrence of various volume fraction and morphology of precipitates in steel 

matrix can, by increasing ductility, benefit carbon steels which have high formability during 
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manufacturing process. For example, a low volume fraction of spherical cementite particle 

with high strength in carbon steel possesses relatively low potential to initiate crack forming 

and decohesion even at small strain in comparison with that of lamellar cementite [5]. This 

indicates that steels with a small amount of precipitates can sustain significant deformation 

before initiation and propagation of voids. Simultaneously, spherical precipitates have higher 

capability to withdraw substantial deformation reduction than that lamellar precipitates. 

Figure 2.2 depicts a standard true strain to fracture and volume of precipitates curve for a 

carbon steel [5].   

 

 

Figure 2.2: The influence of secondary phases with different morphologies (spherical, 

pearlitic and elongated carbides) on the ductility of steel [5]. 
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From Figure 2.2, it is obviously seen that the required strain to fracture is inversely 

proportional to the volume fraction of spheroidal carbides. This hints that the formability of 

steels can be maximized by keeping the volume fraction of precipitates at a relatively low 

level and controlling the morphology of precipitates as spherical particle. 

 

2.1.1.2 Precipitation and chemical properties 

 

 

Figure 2.3:  Schematic diagram of general corrosion process for steels under high-

concentration chloride environments. 

 

Although the dispersion of precipitates in steel matrix benefits the mechanical properties such 

as strength and ductility, it still causes other detrimental effects in steel applications. For 

instance, a typical stainless steel with high concentration of alloying elements (e.g. Cr, Ni and 

Mo) is widely applied in many fields of automotive, subsea pipeline, medicine, food industry 

and nuclear power plants due to its extraordinary corrosion and oxidization resistance [1, 6-
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17]. This is mainly attributed to the high concentration of alloying elements such as Cr. The 

addition of Cr in stainless steels can generate a passive layer (Cr oxides, Cr2O3) that 

efficiently covers the whole surface area of stainless steel to avoid corrosion attacking. 

However, this passive layer used to protect corrosion attacking can become invalid due to the 

segregation of alloying elements to form precipitates at some specific positions (e.g. grain 

boundary) under heat treatments. A standard process of corrosion initiation is vividly 

described in Figure 2.3.  

 

2.1.2 Solid-state phase transformation 

Phase transformation is one of the major means of the optimizing the steel properties. Steel, 

as one of the oldest multiphase alloys contains hundreds of various types of phases depending 

on the various alloying element additions and heat treatments. Two of the most common 

phase transformations include reconstructive phase transformation and displace phase 

transformation, exist in solid steels.  

For a reconstructive phase transformation, the lattice structure is completely rearranged by 

breaking most of the atomic bonds to form a new lattice structure. This rearrangement of 

atoms is mainly controlled by the diffusion of atoms within lattice structure. Normally, the 

atom diffusion rate is higher at high temperature than that at low temperature. For iron, the 

phase transformation from delta-ferrite, with a body-centred-cubic (BCC) structure, to 

austenite with a face-centred-cubic (FCC) structure, occurs at a temperature about 1394 °C 

[1]. The lattice structure of delta-ferrite is completely changed via atomic rearrangement. 

Followed by the further reduction in temperature to about 912 °C, the austenite starts losing 

its stability and the phase transformation from austenite (FCC) to alpha-ferrite (BCC) is 

activated. During this phase transformation, the volume is increased by 0.21 cm3/mol because 
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the FCC structure is more compacted than the BCC structure [1]. Figure 2.4a and b present 

the crystallographic structures of FCC and BCC, respectively.  

 

 

Figure 2.4: Schematic diagrams of molecular structure of (a) austenite (FCC) and (b) ferrite 

(BCC) [18].  

 

Besides heat treatments, control of alloying elements such as carbon in steels can effectively 

control the phase transformation (e.g. an appropriate carbon composition in steel can have 

eutectoid phase transformation to generate a mixture of ferrite and cementite phases, called 

pearlite, from original austenite phase). The formation of pearlite structure can significantly 

enhance the mechanical properties such as yield stress, tensile strength and wear ability of the 

steels [1, 19].      

At low temperature, the atom mobility is retarded. This retardation of atom diffusion makes 

the reconstructive phase transformation impossible. The displacive transformation takes place 
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in this occasion [1]. Instead of atom diffusion, a plastic transformation is involved to generate 

the new structure from the original structure.  

Martensitic transformation as a typical displacive transformation has been investigated in 

steels [1]. The volume of a crystal is expanded by a transformation from FCC to BCC 

structures due to the density change. This causes the generation of internal stress inside the 

crystal [20]. The internal stress in the crystal is unable to be released at the low temperature. 

Instead of volume expansion, the shearing of crystal in a specific direction can effectively 

release internal stress during displacive transformation. As a result, a martensite phase is 

produced without changing solute composition from the original austenite. Martensite phase 

is one of common phases which significantly enhance the strength property of steels [21-23].      

 

2.1.3 Grain size effect 

The modification of the average grain size is one of the effective methods to alter the 

mechanical properties of steels. For example, a grain refinement of polycrystalline ferrite 

phase can enhance the strength of ferritic steels. [1]. The Hall-Petch relationship is an 

empirical relation between grain size and yield stress, which was proposed by Hall and Petch 

for a pure iron and is expressed as following [24-25] 

2
1

0



 dK yy                                                      (2.5) 

where y  is yield stress, d  is the grain size, 0   are friction stress constants for yield and 

hardness measurements, yK  is a coefficient. The grain size effect on strength can be roughly 

referred to as dislocation movements and accumulations around grain boundaries in the 

materials. A fine grain size will result in an improvement of strength in comparison with a 
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coarse grain size. A schematic diagram of movements and accumulations of dislocations 

within fine and coarse grains are plotted in Figure 2.5a and b, respectively [1].  

 

 

Figure 2.5: Schematic diagram of dislocation pile-up in (a) fine grain and (b) coarse grain.  

 

The Hall-Petch relationship has been applied in many polycrystalline metals and alloys. Mild 

steel, for example, has shown the applicability of the relationship. A diagram describing the 

relation between yield stress and grain size for a mild steel is plotted in Figure 2.6 [26].   
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Figure 2.6: The relationship between yield stress and grain size of mild steel at 18 ºC [26]. 

 

Besides the strengthening effect, the grain size can also influence the ductility of materials. A 

significant reduction in ductility appears as the grain size is continuously decreased. There 

are two typical examples (1100-Al and interstitial free steel) depicting the relations between 

ductility (true strain) and grain size, as shown in Figure 2.7 [27].   
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Figure 2.7: The relations between true strain to fracture and grain size for 1100-Al and 

interstitial free steel [27]. 

 

Steels with nanoscale grain size have attracted significant attention. Nano-crystals have large 

interface areas to act as an effective barrier, to block the dislocation motion, and hence to 

increase the yield stress. However, the nanoscale grain refinement can also cause a 

completely opposite phenomenon on strengthening when the grain size is less than about 20 

nm [1]. This opposite phenomenon leads to the failure of Hall-Petch relationship due to grain 

boundary sliding. This is because the grain boundary sliding will make it impossible 

accumulate of dislocations during deformation [1]. In order to overcome these barriers 



52 
 
 

induced by nano-crystallization (e.g. failure of Hall-Petch relationship), a suitable strategy to 

improve the strength and ductility of materials simultaneously is urgently required. The 

fabrication of nano-twinning may be one of potential methods which can reach the 

requirement. Nano-twinning (smallest feature size is less than 100 nm) as a coherent grain 

boundary with a high degree of symmetry, one side of which contains arrangement of atoms 

that are mirror reflections of those on the other side, separated by the twin composition plane 

(shown in Figure 2.8) have ultrahigh coherency with surrounding matrix [28]. Thus, the 

nano-twinning has good thermal, electrical and mechanical stabilities [28].  

 

 

Figure 2.8: Schematic drawings of nano-scale twinning with twin layer thickness (λ) and twin 

boundary spacing (∆), and a twin boundary structure [28].  

 

A higher percentage of nano-twinning fabricated in materials leads to a better balance of 

mechanical properties [29–32]. This is mainly attributed to the specific properties of twinning 

grain boundary. In comparison with normal grain boundary within nanoscale grains, a nano-

twinning boundary not only has greater strengthening effect as blocking the motion of sessile 
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dislocations, but also enhances significantly the ductility as promoting extra slip system for 

climbing and sliding of glissile dislocations. The effects of nano-twinning on dislocation 

motion are described in Figure 2.9 comprehensively [28, 31].  

 

 

Figure 2.9: Schematic showing of the dislocation motions in stage (1), stage (2) and stage (3) 

[28, 31].  

 

In stage 1, if no twin boundary exists in the microstructure, the dislocation can move directly 

from left matrix to right matrix without changing of its direction. In stage 2, the strengthening 

effect can be initiated by the dissociation of Shockley partials when the dislocation slips 

across the twin boundary. This is because the Shockley partials can transmit though the twin 
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boundary into adjoining twins accompanied by the emission of a stacking fault ribbon or 

sessile locks at the twin boundary. Oppositely, softening effect can be generated by the 

emission of additional Shockley partials slip along twin boundary in the stage 3.  

Fabrication of large amount of nanoscale twins during manufacturing of materials has 

attracted significant interests in recent years. Three methods, i.e. pulsed electrodeposition, 

sputter deposition and dynamic plastic deformation (DPD), have been utilized to achieve the 

goal for polycrystalline metals and alloys [28]. For example, the pulsed electrodeposition is 

used to generate nanoscale twinning in thin foil, where the twin layer thickness (about 100 

nm) can be efficiently controlled by alternating the current density, deposition temperature 

and the ratio of on time/off time. Similarly, appropriate use of sputter deposition can also 

fabricate nanoscale twinning in thin foil. In comparison with the former two methods, DPD 

as one of thermo-mechanical processes reliably manufactures bulk materials with high 

density of nanoscale twinning. This is predominantly attributed to the competing mechanism 

(dislocation slip and deformation twinning) during plastic deformation. For a polycrystalline 

materials treated at cryogenic temperature and high strain rate, the twinning process will be 

dominant rather than dislocation slip. As a consequence, a high density nanoscale twinning is 

formed in bulk materials under DPD.  

 

2.2 Effects of electropulsing on microstructure evolutions and properties 

In this section, the background of EPT and its applications to optimize the microstructures 

and properties of polycrystalline metals and alloys are introduced. Figure 2.10 demonstrates 

the effect. It illustrates seven fundamental microstructure evolutions, precipitation [33–48], 

phase transformation [49–67], grain size [68–133], grain orientation [72, 79, 101, 102, 112, 

134–148], motion of electrically non-metallic particles [72, 142, 144, 145, 149, 150], 
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dislocation [38, 45–47, 52–56, 61, 63–67, 73, 79–81, 86–88, 92, 93, 95, 98, 102, 105, 113, 

116–125, 128, 129, 151–156] and cracking healing [151–161] are affected significantly by 

the application of EPT to materials for various conditions. Due to the specific properties of 

EPT (e.g. instantaneous method, high energy input and no production of pollutants), it has 

been widely used in many types of alloys such as steels, Ti alloys, Al alloys, Mg alloys, Ni 

alloys, Cu alloys, amorphous alloys, tungsten alloys, Zn-Al alloys, Ni-Ti alloys, metallic 

glass and thin films. EPT can effectively change their microstructures and corresponding 

properties with high work efficiency, low energy consumption and less impact on 

environments in comparison with other conventional methods [33–162]. The experimental 

observations, kinetic and thermodynamic understanding of EPT on the optimization of 

microstructures and properties for polycrystalline metals and alloys are summarized in this 

section.  
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Figure. 2.10: The effect of EPT on microstructure and properties of polycrystalline metals 

and alloys.  

 

2.2.1 Precipitation 

As previously mentioned in Section 2.1, precipitation can take place in polycrystalline metals 

and alloys during various heat treatments. Once precipitates nucleate within a materials 

matrix, the alloying elements will start to segregate. The segregation of alloying elements can 

significantly influence the properties of polycrystalline metals and alloys. Precipitates in 

metals and alloys are known for their beneficial or/detrimental roles during processing 

depending on their types, morphologies, size and density. In order to attain a good 

understanding about how the properties can be optimized by effective controlling of 

precipitates parameters, several metals and alloys including Al alloys, Mg alloys and steels 

are selected as model materials, which are treated by EPT at different process conditions. The 

change of microstructure evolutions and properties induced by precipitation via EPT are 

presented. Thereby the relationship between precipitation behaviours and EPT can be 

outlined and analysed definitely and thoughtfully, which may provide a promising direction 

for optimizing properties using precipitation under EPT and improving the reliability of 

materials.   

In this section, a systemic introduction of the applications of EPT on precipitates in various 

metals and alloys is presented. This is to provide insight and understanding to the effects of 

electric current on precipitation behaviour.  
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2.2.1.1 EPT on precipitation behaviour 

Since the first observation of abnormal precipitation under electric-current treatment in Al-

3.98 wt% Cu alloy [37], many researchers have studied the phenomenon in Al alloys (2024 

Al alloy [45], Al-3.3 wt% Mg alloy [44], Al-4 wt% Cu alloy [43], Al-5.6 wt% Zn alloy [42]), 

Mg alloys (Mg-3Al-1Zn alloy [38], Mg-6Al-1Zn alloy [33], Mg-9Al-1Zn alloy [34–36, 46, 

47]) and steels (Low carbon steel and Fe-Mn-Si-Ni-Nb-C alloy [39–41, 48]). Once the 

electric-current treatments are applied to those alloys, the precipitation behaviour are 

significantly altered and the properties of the alloys are changed. Table 2.1 summarized the 

results reported in literature.  

 

Table 2.1:  Applications of electric-current treatments on precipitations in alloys. 

Materials Treatments Precipitations Observations 

Al-3.98 wt% Cu alloy d.c. current GP zones Promoted [37] 

2024 Al alloy EPT T-phase Promoted [45] 

Low carbon Nb steel EPT NbCN  Promoted [48] 

Fe-Mn-Si-Ni-Nb-C alloy EPT NbC  Promoted [39–41] 

Al-3.3 wt% Mg alloy d.c. current GP zones Retarded [44] 

Al-4 wt% Cu alloy d.c. current GP zones Retarded [43] 

Al-5.6 wt% Zn alloy a.c. current GP zones  Retarded [42] 

Mg-3Al-1Zn alloy EPT β-Mg17Al12 Retarded [38] 

Mg-6Al-1Zn alloy EPT β-Mg17Al12 Retarded [33] 

Mg-9Al-1Zn alloy EPT β-Mg17Al12 Retarded [34–36, 46, 47] 
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Note: d.c. is direct current; a.c. is alternative current; EPT is electropulsing. 

 

Table 2.1 shows that the effects of electric current on precipitation can be classified into two 

types, one is to promote the precipitation (forward effect) and another is to retard (reverse 

effect) the precipitations.  

 

2.2.1.2 Enhancement of precipitation by electric current 

For the forward effect of electric current on precipitation, the precipitation of GP zones 

within Al-3.98 wt% Cu alloy are accelerated by direct current [37]. The higher direct current 

leads to higher atom diffusivity hence to promote the precipitation reaction. This is mainly 

attributed to the thermal effect of electric current. Electric-current-promoted precipitation has 

been implemented widely in other types of alloy to optimize their mechanical properties in 

recent years.  

For instance, the precipitation of T-phase (Al20Cu2Mn3) in a typical 2024 Al alloys retards the 

grain growth during recrystallization and hence effectively refines the grain size. A uniform 

and dispersed T-phase precipitates is an essential requirement for optimizing mechanical 

properties of 2024 Al alloys by changing its grain size. Therefore, the forward effect of 

electric current (EPT) have been used to accelerate T-phase precipitation in 2024 Al alloys 

and subsequently improve their strength [45]. This promoted precipitation of T-phase is due 

to the acceleration of atom diffusion by thermal effect of electric current.  

Beside Al alloys, the acceleration of precipitation induced by the thermal effect of electric 

current (EPT) is also utilized to affect the precipitation behaviours of NbCN particles in low 

carbon Nb steel [48]. The nucleation and precipitation rate of NbCN particles are 
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significantly enhanced by electric-current treatments to accelerate atom diffusion and 

thereafter, to provide extra nucleation sites for austenite to ferrite phase transformation.  

Furthermore, the forward effect of electric current on precipitation has been implemented to 

modify the shape memory effect for Fe-Mn-Si-Ni-Nb-C alloys. Fe-Mn-Si alloys with 

excellent shape memory effect benefits its workability, machinability and weldability. In 

order to enhance the shape memory effect, the ultrafine precipitates such as NbC carbides are 

necessary in Fe-Mn-Si-Ni-Nb-C alloys. This strengthening effect of NbC carbides to the 

austenitic matrix can suppress the permanent deformation. Electric-current treatments such as 

EPT can promote the precipitation of NbC carbides and refine their size due to the thermal 

effect [39–41]. As a result, the finer NbC carbides formed by EPT have better shape memory 

effect in comparison to coarsen carbides after the normal ageing treatment.   

 

2.2.1.3 Retardation of precipitation by electric current 

Interestingly, a completely opposite effect of electric-current treatment on precipitation 

behaviour has been noticed in Al based alloys (Al-3.3 wt% Mg alloy, Al-4 wt% Cu alloy and 

Al-5.6 wt% Zn alloy). In comparison with the promoted precipitation in Al-3.98 wt% Cu 

alloy under d.c. current, electric current (d.c. or a.c.) can generate stress to effectively retard 

the precipitation process due to the electric effect [42–44]. 

By using the concept of the electric effect on retardation of precipitation, the precipitation of 

β-Mg17Al12 phase in Mg alloys (Mg-3Al-1Zn alloy, Mg-6Al-1Zn alloy and Mg-9Al-1Zn 

alloy) has been successfully retarded. During the application of electric-current, the electric 

effect becomes a dominant factor to retard the precipitation of β-Mg17Al12 by changing the 

total Gibbs free energy due to the discrepancy of electrical properties in Mg alloys [33–36, 38, 
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46, 47]. This is mainly attributed to the electric effect of EPT on reduction of the 

thermodynamic barrier for β-Mg17Al12 to alpha phase transformation. As a consequence, a 

remarkable elongation improvement of Mg alloys can be reached by reduction in β-Mg17Al12 

via EPT.  

To sum up, the forward effect of electric current on precipitation can be generally considered 

as the thermal effect of electric current, which can accelerate the atom diffusion and then 

promote the rate of nucleation for precipitation. Oppositely, a reverse effect of electric 

current on precipitation has been outlined, which efficiently affects the Gibbs free energy 

variation and subsequently retards the dissolution of the precipitates. On the basis of the 

above literature, an appropriate experimental design of electric-current treatment is required 

to optimize properties of materials to control precipitation through the thermal or electric 

effects. But, which effects of electric-current treatment becomes a dominant factor to contrast 

precipitation and how does it affect the properties of materials? The answers are very 

important for manufacturing and optimization of materials for our experiments.  

 

2.2.2 Phase transformation 

The phase transformation in materials is generally categorized into two types, one is 

reconstructive phase transformation and another is displacive phase transformation. Among 

them, the reconstructive phase transformation uses atom diffusional control. Once this phase 

transformation is activated, the overall lattice structure of materials will be changed. These 

changes of structure induce a variation of properties and subsequently influence the reliability 

of materials. Due to the specific properties of reconstructive phase transformation, the 

direction of phase transformation (forward or reverse) are of particular interest. Thus, the 

methods on how to effectively control phase transformation direction in materials is of 
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particular concern in order to optimize properties in recent years. In comparison with 

traditional thermo-mechanical processing, electric-current treatments not only provide 

advantages such as ultrafast duration, high energy input and environmental friendly route, but 

also can efficiently control the direction of phase transformation. From literature, there are 

six typical types of materials including Mg alloys (Mg-6Al-1Zn alloy [33] and Mg-9Al-1Zn 

alloy [34–36, 46, 47]), Fe-based alloys [58], Cu-Zn alloys [61, 62], Ti alloys [51, 56, 57, 60], 

metallic glass [49] and Zn-Al alloys (ZA22 and ZA27) [52–55, 63–67] as model materials to 

verify the reliability of electric-current treatments for alternating phase transformation. The 

general information about the effects of electric current on direction of phase transformation 

are summarized in Table 2.2.  

 

Table 2.2:  Applications of EPT on phase transformations in alloys. 

Materials Effects of EPT Phase transformation 

Cu-Zn alloy Forward   '  [61, 62] 

Fe-Cr-Ni alloy Forward Austenite  ferrite [58] 

Mg alloys (Mg-6Al-1Zn alloy 

and Mg-9Al-1Zn alloy) 

Forward β-Mg17Al12 α [33–36, 46, 47] 

Ti-6Al-4V alloy Forward    [56, 57] 

Metallic glass (Zr50Cu50) Reverse Crystallite to amorphous phase [49] 

Zn-Al alloys (ZA22 and ZA27) Reverse  'T  [52–55, 63–67] 
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2.2.2.1 EPT on forward phase transformation 

As long as the atom diffusion mechanisms can be controlled, the phase transformation can be 

affected. For example, the   '  reaction occurs in Cu-Zn alloys is predominantly 

determined by the long range diffusion of atoms at high temperature. In comparison with 

conventional rapid heating method (e.g. laser heating), electric-current treatment significantly 

accelerates the diffusion of atoms by reducing the activation energy of motion and hence by 

promotes the forward phase transformation [61, 62]. In addition, another strong evidence for 

supporting forward phase transformation, induced by electric-current treatments, has been 

observed in Fe-Cr-Ni alloy [58]. This observation shows that the phase transformation from 

austenite to ferrite is promoted by electric current during the solidification process. Although 

the authors have not provided a reasonable explanation for this, it is believed that electric 

current plays a dominant role in influencing the direction of phase transformation by 

changing the stability of phases in Fe-Cr-Ni alloy.  

Recently, the concepts of electric current on forward phase transformation have been widely 

used in engineering alloys such as Mg alloys (Mg-6Al-1Zn alloy and Mg-9Al-1Zn alloy) 

[33–36, 46-47] and Ti alloys (Ti-6Al-4V alloy) [56-57]. The occurrence of phase 

transformations in Mg alloys and Ti alloys are  1217- AlMg  and   , respectively. 

Both reactions can be dramatically accelerated by applying electric current.  

 

2.2.2.2 EPT on reverse phase transformation  

The reverse phase transformation in materials can also be promoted by applying electric 

current. This was first observed in metallic glass (Zr50Cu50) [49]. In Zr50Cu50, a reverse 

phase transformation from crystalline to amorphous state appears with electric-current 
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treatments. Recently, people also reported that electric current plays an important role in 

altering phase transformation direction in Zn-Al alloys [52–55, 63–67]. Normally, a forward 

phase transformation   'T   occurs in Zn-Al alloys at a temperature about 268 oC. 

Application of electric current at the same temperature, a reverse phase transformation 

 'T   is activated. This abnormal phenomenon is related to the discrepancy of 

electrical conductivity in the phases. In Zn-Al alloys, it is predicted that the total electrical 

conductivity of  'T   is greater than that of   'T . The higher electrical 

conductivity of   'T   becomes more stable, compared with the lower electrical 

conductivity of   'T  under electric current during phase transformation.  

 

2.2.3 Grain size 

According to the Hall-Petch relationship, a material with smaller grain size is stronger. There 

are various of means to refine the grain size of materials. EPT is one of them. This section 

reviews the applications of EPT on grain refinement for pure metals (pure Al, Cu and W) [85, 

90, 113, 114, 120, 133, 123] and alloys (Al-Cu alloys [91], Al-Si alloys [100, 126], Al alloys 

[118, 128], Mg alloys [79–81, 92, 115–117, 119], Ni superalloys [93], Pb-Sn alloys [68], Ti 

alloys [104, 105, 121, 122], Ti-Al-Nb alloys [106], Sn-Bi alloys [110, 111], Ti-Ni alloys [98], 

Zn-Al alloys [75], graphite iron [86–88], Al-Mg-Cu-Zn alloys [130], Fe-B-Si alloys [71, 83, 

108, 109], Nb-Fe-Co-B alloys [89], Ti-C/Ni-Cr cermet [125], Fe-Co alloys [84], steels [77, 

78, 94–96, 99, 101–103, 127, 130, 132] and Cu-Zn alloys [72–74, 112, 124, 129, 131]). It is 

listed in Table 2.3.  
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Table 2.3:  Applications of EPT on grain refinement for alloys. 

Materials Processing  Microstructure observations 

Pure Al  Solidification with EPT Refined solidified grains  [85, 90] 

Al-Si alloys Solidification with EPT Refined solidified grains  [100, 126] 

Al-Cu alloys Solidification with EPT Reducing cellular spacing  [91] 

Pure Cu Solid state with EPT  Refined grains [113-114, 120, 133] 

Pure W Solid state with EPT Refined recrystallized grains [123] 

Al alloys (2024 and 6061) Solid state with EPT  Refined recrystallized grains [118, 128] 

Mg alloys (Mg-3Al-1Zn,  

Mg-6Al-1Zn and Mg-9Al-

1Zn) 

Solid state with EPT  

 

Refined recrystallized grains [79–81, 92, 

115–117, 119] 

Ni superalloys Solid state with EPT  Refined recrystallized grains [93] 

Ti -6Al-4V alloys Solid state with EPT  Refined recrystallized grains [104, 105, 

121-122] 

Ti-Al-Nb alloys Solid state with EPT  Refined recrystallized grains [106] 

Pb-Sn alloys  Solid state with EPT Refined recrystallized grains [68] 

Sn-Bi alloys Solid state with EPT Refined recrystallized grains [110, 111] 

Ti-Ni alloys Solid state with EPT Refined recrystallized grains [98] 

Zn-Al alloys Solid state with EPT Refined recrystallized grains [75] 

Spherical graphite iron Solid state with EPT Refined graphite particles [86–88]  
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Al-Mg-Cu-Zn alloys Solid state with EPT Nano-crystallization [130] 

Fe-B-Si alloys Solid state with EPT Nano-crystallization [71, 83, 108, 109] 

Nd-Fe-Co-B alloys Solid state with EPT Nano-crystallization [89] 

Ti-C/Ni-Cr cermet Solid state with EPT Nano-crystallization [125] 

Fe-Co alloys Solid state with EPT Nano-crystallization [84] 

Steels Solid state with EPT 1. Refined recrystallized grains [77-78, 

94, 96, 101-102, 130, 132] 

2. Nano-crystallization [95, 99, 103, 127] 

Cu-Zn alloys Solid state with EPT 1. Refined inclusions [72] 

2. Nano-crystallization [74, 124, 129, 

131] 

3. Nano-twins [73, 112] 

 

In general, the extent of grain refinement of materials under EPT can be divided into two 

types, which are strongly dependent on the processing conditions (e.g. solidification or solid 

state), as shown in Figure 2.11.  
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Figure 2.11: The grain refinement of materials under EPT:  The fabrication of ultrafine 

grained microstructure via solidification (high temperature) and the formation of nano-scale 

grains via crystallization or solid state phase transformation (low temperature).  

 

2.2.3.1 EPT on solidification 

In solidification process, EPT increases nucleation rate and causes the formation of ultrafine 

grained microstructure [85, 90-91, 100, 126]. Both the thermal and electric effect of EPT 

contributes to the promotion of nucleation rate. EPT provides extra free energy to reduce the 

activation barrier for nucleation.  

 

2.2.3.2 EPT on solid state materials 

Application of EPT on solid state materials (e.g. pure Cu, pure W, Mg alloys, Al alloys, Ni 

superalloys, Pb-Sn alloys, Ti alloys, Ti-Al-Nb alloys, Sn-Bi alloys, Ti-Ni alloys, spherical 

graphite iron and Zn-Al alloys) can also refine their grain size. This fabrication of ultrafine 

grained microstructure is mainly attributed to the accelerated recrystallization and 

subsequently retarded grain growth process by EPT [113, 114, 120, 133]. Due to the specific 

properties of EPT (fast and high energy input), the thermal effect of EPT can cause 
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temperature increment to initiate the recrystallization and the electric effects of EPT reduces 

the activation energy of recrystallization [79–81, 92, 115–117, 119]. In addition, the short 

duration of EPT limits the recrystallization time, which prevents the grains from growing. 

The small size of grains are obtained finally [72–74, 112, 124, 129, 131]. With further 

strengthen the effects of EPT on solid state materials (e.g. Al-Mg-Cu-Zn alloys, Fe-B-Si 

alloys, Nd-Fe-Co-B alloys, Ti-C/Ni-Cr cermet, Fe-Co alloys, steels and Cu-Zn alloys), the 

grain refinement can be achieved even into nano-scale range, which is called nano-

crystallization. Nano-crystallization fabricated by EPT, can significantly optimize the 

mechanical properties of materials and EPT has a much higher work efficiency and lower 

energy consumption in comparison with that conventional methods (SPD or DPD). Recently, 

researchers observed that the nanotwins can be produced by EPT in solid state Cu-Zn alloys 

[73, 112], which improves the strength and ductility of materials simultaneously [28, 32, 163]. 

 

2.2.4 Grain orientation and texture 

Grain orientation affects the anisotropic property of materials. For magnetic materials, the 

magnetic properties are required to be maximized in a particular direction [137, 139]. The 

strength of materials are sometimes also required to be maximised in some directions [79, 

134, 135, 138, 143, 146]. Electric-current treatment has been used to adjust the grain 

orientation and texture formation in various metals and alloys such as Zn-Al alloys (ZA22 

and ZA27) [148], ferritic-pearlitic steels [101, 102], Cu-Zn alloys [72, 112, 142], thin films 

[147], Cu-Sn alloys [141], carbon steels [144, 145], Si steels [137, 139], Ti-6Al-4V alloys 

[143], Mg alloys [79, 134–136, 138] and pure Cu metals [146] and hence to optimize their 

properties. The details of effects of electric-current treatments on grain orientation and 

texture adjustment are depicted in Table 2.4.  
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Table 2.4:  The effect of EPT on crystal rotation and textures 

Materials Processing Effects of EPT 

Zn-Al alloys (ZA22 and 

ZA27) 

Solid state with EPT Acceleration of the preferred 

crystal orientation of nanophase 

η’n formation from (0002) to (10-

11) [148] 

Ferritic-pearlitic steels Solid state with EPT Alignment of the formation of  

cementite with current direction  

[101, 102] 

Cu-Zn alloys Solid state with EPT  A promotion of oriented 

nanotwins [112] 

Thin films Solid state with EPT  Change the crystal orientation  

[147] 

Cu-Sn alloys Solid state with d.c. 

current  

1. Cu3Sn grew in the <020> and 

<400> directions [141] 

2. Cu6Sn5 grew in the <204> and 

<62-3> directions [141] 

Carbon steels Liquid state with EPT  Alignment of MnS with current 

direction [145] 

Fe- 3wt% Si steel Solid state with EPT Promotion of G-texture   [139] 
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Ti-6Al-4V alloys Solid state with EPT  Weakening basal texture  [143] 

Mg-9Al-1Zn alloys   Solid state with EPT  Weakening basal texture  [79, 

140] 

Pure Cu metals Solid state with EPT  1. Strengthening P (011)<12-2> 

texture [146] 

2. Weakening S (123)<63-4> 

and Bs (110)<1-12> texture  

[146] 

Note: d.c. is direct current and EPT is electropulsing treatment 

 

2.2.4.1 Electric-current treatments on grain orientation 

EPT was found to be more powerful than the conventional methods (e.g. thermal treatments) 

in altering nanophase η’n orientation in solid state Zn-Al alloys [148]. Although experimental 

results confirmed that the preferred crystal orientation of nanophase η’n was changed from 

(0002) to (10-11) under EPT, the authors haven’t presented a clear explanation for the effects 

of electric current on orientation adjustment. To further investigate the effects of electric 

current on grain orientation, more experiments need to be performed. Recently, it was 

observed that the newly formed phases (e.g. the cementite plates in ferritic-pearlitic steels 

[101, 102], the MnS inclusions in carbon steels [144, 145], the (111) oriented nanotwins in 

Cu-Zn alloys [72, 112, 142] and the (0,1,11) oriented precipitation of Sb2.9Te7.1 in thin films 

of (Bi0.25Sb0.75)Te3) [147] are aligned with the electric current direction. All alignments are 

associated to the reduction of system free energy (i.e. electric effects of electric current). 
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More interestingly, applying d.c. current to Cu-Sn alloys can also promote the formation of 

Cu3Sn in the <020> and <400> directions and Cu6Sn5 in the <204> and <62-3> directions 

[141]. These newly nucleated phases in Cu-Sn alloys are strongly related to direction of 

electric current in order to increase the electrical conductivity. 

 

2.2.4.2 Electric-current treatments on texture 

Macroscopically, the texture of polycrystalline materials can be effectively modified by 

electric-current treatments. For example, a formation of Goss texture (G-texture) (011)<001> 

in Si steels can efficiently increase the magnetic properties by reducing the magnetic loss 

under a magnetic field collinear with rolling direction. The formation of G-texture in Si steels 

strongly relates to stored energy of grains, reduction of rolling and annealing parameters 

during recrystallization. EPT, as a high energy input method which can instantaneously 

promote the formation of G-texture in Si steels during recrystallization [137, 139]. This G-

texture promotion under EPT is mainly attributed to the electric effects of EPT in reducing 

Gibbs free energy and increasing the electrical conductivity. Oppositely, a weakening effect 

for basal texture formation induced by EPT has been found in Ti-6Al-4V and Mg-9Al-1Zn 

alloys [79, 140, 143]. In this case, the electric effects of EPT mainly contribute to the 

weakening effect and hence to increase the formability of Ti-6Al-4V and Mg-9Al-1Zn alloys. 

According to the electric effects of EPT on the promotion of texture with higher electrical 

conductivity, a successful development of EPT had been recently utilized to strengthen P 

(011)<12-2> texture and weaken S (123)<63-4> and Bs (110)<1-12> textures simultaneously 

in pure Cu metals [146]. 
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2.2.5 Control electrically non-metallic particles motion 

Generally, non-metallic oxides inclusions have relatively lower electrical conductivity in 

comparison with the liquid metals [149]. Inclusions have a detrimental effect on the 

performance of engineering alloys (e.g. formality) by increasing the risk for mechanical and 

corrosive failure. For example, inclusions cause failure of steels depending on their 

morphologies, sizes and positions [144, 145]. Thus how to effectively remove those 

inclusions is important in fabrication of steels.  The steel industry uses several methods 

including filtration, bubbling and electromagnetic stirring to eliminate those inclusions from 

steels. But those methods are not effective in removal of the inclusions whose sizes are 

smaller than 50 μm [144]. EPT can remove small inclusions with little energy consumption. 

Two typical engineering alloys have been used to verify the reliability of EPT on removal of 

the electrically non-metallic particles: first is the Cu-Zn alloys [72, 142] and the second is 

carbon steels [144, 145, 149]. The details of motion of electrically non-metallic particles 

under EPT in those two alloys are reviewed in Table 2.5.  

 

Table 2.5:  Applications of EPT on motion of electrically non-metallic particles in alloys. 

Materials Processing Effects of EPT 

Cu-Zn alloys Solid state with EPT  Move inclusions (Pb) to grain 

boundaries  [72, 142] 

Carbon steels Liquid state with EPT  Move inclusions (MnS and 

Al2O3) from middle regions to 

surroundings [144, 145, 149] 
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In Cu-Zn alloys, lead (Pb) inclusions can be efficiently moved from random distributed 

regions to grain boundaries or defects by EPT. This movement of Pb inclusions induced by 

EPT is mainly attributed to the electric effects of EPT, which strongly depends on the 

discrepancy of electrical conductivity of phases. MnS and Al2O3 are also removed from 

middle regions to surroundings in molten carbon steel at high temperature and hence to 

produce clean steel. The mechanisms for inclusion removal are schematically illustrated in 

Figure 2.12. 

 

Figure 2.12: Schematic diagrams of inclusion movement in alloys under EPT.  
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The upper left picture represents the distribution of current across the microstructure 

consisting of an inclusion and matrix (the electrical conductivity of inclusion is the same as 

that of the matrix). The current lines directly pass the inclusion and matrix without any 

change. The upper right picture shows the distribution of current across the microstructure 

consisting of an inclusion and matrix where the electrical conductivity of inclusion is less 

than that of the matrix. The current lines are altered due to the discrepancy of electrical 

conductivity between inclusion and matrix. Bottom picture depicts the microstructure 

consisting of a number of inclusions (MnS and Al2O3) and matrix after EPT.  EPT move 

inclusions from the middle region to the surroundings [72, 142, 144, 145, 149].  

 

2.2.6 Dislocation 

Dislocation is one of crystallographic defects that can significantly affect many properties of 

polycrystalline metals and alloys. For example, the movement and annihilation (two opposite 

orientation of dislocation can bring together and cancel each other) of dislocations play an 

important role in influencing the plasticity of materials during the deformation process [18]. 

Traditionally, thermal and themo-mechanical processing can be used to modify the 

dislocation behaviour but they are too expensive and have low efficiency [1, 18]. Recently, it 

is proposed that EPT (electric effect) can be an alternative method to effectively control the 

dislocation behaviour and hence to improve the plasticity of materials with high work 

efficiency and low energy consumption [164, 165]. Under EPT, electron wind force 

generated by the knock-on collision of ultrasonic speed electrons with atomic nuclei, was 

greatly beneficial to the mobility of dislocations. This is because the process of transference 

energy from electrons to dislocations induced by electron wind force is much higher than that 

by traditional thermal and themo-mechanical processing. This transference energy can 
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effectively accelerate the motion of dislocations by reducing the energy barrier. A schematic 

drawing of effect of EPT on dislocation movement is illustrated in Figure 2.13.  

 

 

Figure 2.13: Schematic diagram of dislocation movement under EPT. The motion of 

dislocation can be effectively accelerated by transfer of energy from electrons via collision. 

The direction of electrons is opposite to the direction of the electric field between anode and 

cathode.  

 

EPT have been utilized to change their dislocation behaviour and corresponding plasticity for 

a wide range of materials such as pure metals (Ti, Cu and W metals) [105, 113, 120, 123], 

alloys, (Mg alloys, Al alloys, Ti alloys, Ni alloys, Cu-Zn alloys, Zn-Al alloys and Fe-based 

alloys) [38, 45–47, 52–56, 61, 63–67, 73, 79–81, 86–88, 92, 93, 95, 98, 102, 116–119, 121, 

122, 124, 125, 128, 129, 151–156]. This is called eletroplasticity. The literature is 

summarized in Table 2.6.  



75 
 
 

 

Table 2.6:  Applications of EPT on dislocation movement in alloys. 

Materials Effects of EPT 

Pure Ti sheet Decrease dislocation tangles and enhance dislocation mobility 

[105] 

Pure Cu metal Increasing the mobility of dislocation and accelerate dislocation 

annihilation [113, 120] 

Pure W metal Acceleration of rearrangement of dislocation [123] 

Mg alloys (Mg-3Al-1Zn 

alloy, Mg-6Al-1Zn alloy 

and Mg-9Al-1Zn alloy)  

Increase the movement of dislocation and hence to promote the 

annihilation process [38, 46, 47, 79–81, 92, 116, 117, 119] 

2024 Al alloys Accelerating dislocation motion and opening tangle of 

dislocation, thus to promote dislocation annihilation [45, 118] 

6061 Al alloys Accelerate the movement of dislocation and hence to increase the 

recrystallization process [128] 

Ti-6Al-4V alloys Weakening dislocation entangling and piling up to speed up the 

dislocation migration and interaction [56, 121, 122, 156] 

TC4 Ti alloys Reducing dislocation density and enhancing the mobility of 

dislocation [155] 

GH4169 Superalloys Promoting dislocation motion to reduce deformation resistance  

[93] 

Cu-Zn alloys Change in dislocation arrays and nodes  [61, 73, 124, 129] 

Zn-Al alloys Acceleration of the movement of both dislocation and vacancies 

to promote annihilation  [52–55, 63–67] 

Graphite iron Acceleration of dislocation accumulation around the grain 

boundary to promote nucleation of graphite [86–88] 

Hot working die steel Enhancement of dislocation motion [153, 154] 
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2.2.7 Crack healing 

The formability indicates the capability of engineering alloys to undergo plastic deformation 

without fracture. Cracks may initiate and propagate in the alloys during the mechanical 

forming process. This section reviews the influence of a pulsed electric current on cracking 

behaviour in materials including steels (medium carbon steels [159], 1045 steels [158, 161], 

hand-worked saw blade [160], cast hot working die steels [154] and 316 austenitic steels 

[151]), Ti alloys (TC4 Ti alloys [155] and Ti-6Al-4V alloys [156]) and NiTi alloys [157]. 

The effects of both temperature and Gibbs free energy increment induced by electric current 

are considered. From the literature, it is shown that a pulsed electric current has a positive 

effect on cracking healing depending on prior treatment of the materials, processing 

conditions and types of cracks. This can improve the formability of engineering alloys. The 

details of effects of EPT on cracking of engineering alloys are listed in Table 2.7. 

 

Table 2.7:  Applications of EPT on crack healing for alloys. 

Materials Effects of EPT 

Medium carbon steels Partly heal precracks  [159] 

1405 steels Heal quenched cracks [158, 161] 

Handworked saw blade Heal microcracks resulted from quenching martensite [160] 

TC4 Ti alloys Heal microcracks resulted from plastic deformation  [155] 

Hot worked die steels Delayed the propagation of thermal fatigue cracks  [153, 154] 

Ti-6Al-4V alloys Heal fatigue cracks   [156] 

316 austenitic steels  Heal fatigue cracks  [151] 

Porous NiTi alloys   Reduce the pores’ dimensions and volume  [157] 
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In order to investigate the effects of EPT on cracking of engineering alloys, researchers 

created a crack within a medium carbon steel sample and subsequently treated the sample 

using EPT, as shown in Figure 2.14.  

 

Figure 2.14: A process of crack healing in a medium carbon steel under EPT. Left: A 

precrack is manually created in steel sample; middle: EPT is applied across the steel sample 

between anode and cathode; and Right: The precrack is partially healed under EPT.  

 

The crack was partially healed by EPT. This is mainly attributed to the thermal effect and 

EPT-promotion of atom diffusion. Due to the partial healing effect induced by EPT, more 

researchers started to investigate the effect of EPT on cracking behaviour and they found that 

the quenched cracks can be completely healed in several engineering alloys by high current 

density EPT [161]. Besides the quenched cracking healing, the cracks created by fatigue can 

also be healed under EPT in steels and Ti alloys [151–155]. The joule heating and thermal 

compressive stress due to the temperature increment and thermal expansion, all contributed to 

the crack healing. The mathematical analysis of crack healing induced by EPT has been 

systemically demonstrated, which revealed that the healing driving force depends on the 

current density, crack geometry, Young’s modulus and sample size [158]. More interestingly, 

recent works show that not only the size of pore, but also the volume of pores can be 
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significantly reduced by applying EPT in NiTi alloys [157]. As a result, the reasonably use of 

thermal effects of EPT make it a promising method to heal cracks in engineering alloys and 

hence to improve their formability.  

 

2.2.8 Theoretical analysis of EPT 

Based on experimental observations of the EPT on microstructure evolution (precipitation, 

phase transformation, grain size, grain orientation, motion of electrically non-metallic 

particles, dislocation and crack healing) and properties (optimizing mechanical properties) for 

polycrystalline metals and alloys, the effects of EPT can be roughly divided into two types, 

one is thermal effect and another is electric effect. Both effects play important roles in 

influencing the microstructure and properties of materials. The relationships are 

schematically illustrated in Figure 2.15.  
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Figure 2.15: A schematic diagram to describe relationships between EPT and microstructure 

evolutions in literature [33–162].  

 

2.2.8.1 Thermal effects of EPT 

2.2.8.1.1 Temperature increment due to electric current 

For the thermal effects, passing electric current generates temperature increment inside 

materials, which can be expressed as  


 dttjCT edp )()( 21                                  (2.6) 

where pC  is specific heat of material, d  is the density of material, e  is the electrical 

resistivity, j  is the current density, t  is the time interval and T  is temperature increment. 

This is a standard equation for calculation of temperature increment T  induced by Joule 

heating of electric current. Once the current density at a sample is known, the average 

temperature increment at this sample can be calculated.  

 

2.2.8.1.2 Thermal compressive force generated by electric current 

Thermal compressive force due to EPT is utilized to alter microstructure evolutions such as 

crack healing. The standard calculation of the thermal compressive force induced by EPT is 

expressed as 

][ )()(max)( ttt lTE                                            (2.7) 
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where ）t（  is the maximum compressive force, E  is Young’s modulus of material, maxT  is 

the temperature increment,   is thermal expansion of material, ）t（  is the dimensionless 

temperature increment and )(tl  is the dimensionless thermal expansion. ）t（  can be 

expressed as 

(max)

)(
)( T

T t
t




                                                     (2.8) 

where )(tT  is instant temperature change and (max)T  is maximum temperature change. 

)(tl  can be expressed as 

(max)

)(
)( l

l
l t

t



                                                  (2.9) 

 

where )(tl  is instant thermal expansion and (max)l  is maximum thermal expansion. 

Differentiating both sides of Equation 2.7 gives 

dt
ld

TE
dt
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



                            (2.10) 

The thermal compressive force can be maximized when 0
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One has  )()( tt l . The maximum thermal compressive force induced by EPT can be 

obtained 

 maxmax TE                                         (2.11)   

                                                                        

2.2.8.2 Electric effects of EPT 

For the polycrystalline metals and alloys under electric-current treatments, their 

microstructure evolutions are affected by the electric effects. These electric effects contain 

kinetics (e.g. electric wind force) and thermodynamics (electric current induced free energy 

change).  

 

2.2.8.2.1 Kinetics of electric current 

Under electric-current treatments, the drift electrons generated by the electric current can 

exert a pushing force on the mobile defects, such as dislocations, along the direction of 

electron flow. This pushing force, namely, electron wind force, arises from applying a local 

electric potential and electrons in conductive materials. Due to the interaction of electron 

wind force between electrons and dislocations, the momentum transfer from electrons to 

dislocations provides favourable conditions for dislocation accumulation and annihilation and 

hence to rearrangement of dislocation structures (e.g. reduction of dislocation density, 

dislocation de-pining, breaking entangle and etc.).  

According to the classical scattering model, the electron wind force can be expressed as 

eE
mn
mnF

d

od
*max




                                                    (2.12) 
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where n  is the density of conduction electrons, dn  is the density of defects, d  is the defect 

resistivity,   is the metal resistivity, om  is the free-electron mass, *m  is the effective 

electron mass, e  is the elementary charge and E  is the macroscopic electric field.  

The total driving force can be simplified to  

eEZFF windwind
*

max                                             (2.13) 

where 
*

windZ  is effective valence.  

Using the Nernst-Einstein relation, the drift velocity dV  of dislocation can be empirically 

expressed as 

eEZ
kT
DV wind

a
d

*
                                       (2.14) 

where aD  is a constant. 

From Equation 2.14, it is obviously that a higher electron wind force leads to a higher drift 

velocity of dislocation. The high drift velocity of dislocation accelerates the rearrangement of 

dislocation structures.  

Besides the dislocations, electric wind force can also affect the atomic drift flux. The atomic 

flux due to electric current is 

)ln( * jeZ
xx

xkT
kT

DNJ iii
i 












                         (2.15)                                                                                     

Equation 2.15 can be simplified as 
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ati JJJ                                                         (2.16) 

Where tJ  is the atomic flux is induced by temperature and aJ   is the atomic flux produced 

by electric current. Because the thermal effect of electric current on atomic flux is extremely 

small: 0tJ , the electric effects play an important role in influencing the overall atomic 

flux.  The total atomic flux can be simplified as  

kT
efjNDZ

JJ pdwind
ai




*2

                                        (2.17) 

where D  is lattice diffusion coefficient, N  is the density of atom species, j  is the current 

density, f  is the pulsed current frequency, p  is the duration of each pulse, k  is the gas 

constant and T  is the absolute temperature.  

Equation 2.17 can be transferred to Equation 2.18  

pai efjNDZJJ *2                                       (2.18) 

From Equation 2.18, it is observed that the electropulsing parameters (e.g. frequency, 

duration and current density) are proportional to the total atomic flux.  

 

2.2.8.2.2 Thermodynamics of electric current 

According to the nucleation theory, the nucleation rate without electric current is expressed as 

)exp()( 2 RT
GDII oo

rr





                                        (2.19) 
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where rI is the nucleation rate without EPT, o
rI is constant,   is jump distance, D  is 

diffusivity, k  is gas constant and T  is absolute temperature. If an electric current is applied 

to the system, Equation 2.19 is changed into 

)exp()( 2 RT
GGDII eoo

r
EPT

r





                                 (2.20) 

where  EPT
rI is the nucleation rate with EPT and eG  is the Gibbs free energy induced by 

EPT. Equation 2.20 can be transformed to  

)exp(
RT

GII e
r

EPT
r


                                    (2.21) 

The value of eG  strongly depends on the discrepancy of electrical conductivity of phases as 

vjgGe  2
21 ),(                              (2.22) 

where   is magnetic permeability, j  is current density, v  is volume of material, 

VR
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


  is geometric factor and ),( 21   is a factor. The 

factor   can be expressed as 

21

12
21 ),(









                               (2.23) 

When 21   , 0 eG . This gives r
EPT

r II   which means that electric current can 

increase nucleation rate by decreasing the thermodynamic barrier in comparison with other 

conventional methods.  
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The extra free energy induced by electrical current influences the number of nuclei. Based on 

the classical nucleation theory, the number of nuclei under electric-current treatments can be 

expressed as 

)exp(0 kT
GGnn eo 

                             (2.24) 

where on  is the total number of atoms, 0G  is the Gibb free energy without electric current 

and eG  is the Gibbs free energy with electric current. Substituting Equation 2.22 into 

Equation 2.24: 

)2exp(

2

21

12

0 kT

vjgG
nn

o
r 












                             (2.25)                                                                                                 

From Equation 2.25, it is easily found that the number of nuclei is strongly related to the 

discrepancies of electrical conductivity of phases.  

In order to more accurately describe the relationship between electrical properties and extra 

free energy induced by electric current, a derivation has been performed. The total free 

energy of system is 

esic GGGGG  0                          (2.26) 

 where cG  is chemical free energy, iG  is interfacial energy, sG  is strain-stress energy 

and eG  is electric current free energy. Consider conductive electrons are forced to move 

toward the direction of an applied electric field 


E  within an infinitesimal volume V  of 



86 
 
 

material. The total work required to drift electrons with an infinitesimal displacement 


S  

under the local electrophoresis force 


eF  can be expressed as 



 SFW e                                                       (2.27) 

where ce EF 


  and tvS d 


 . So Equation 2.27 can be transferred to 

tjEtvEtvEw dcdc 


 )()()(                            (2.28) 

where c  is the density of conductive electrons, 


dv  is the electron movement velocity, t  is 

the time for electrons movement and 


j  is the current density.  

Since 
t
DjH








 and 0





t
D  based on the Ampere’s law, 

tEHtHEtHEtjEw  )()()(


                    (2.29) 

where 


H  is the magnetic field strength and 


D  is the electric displacement. 

Integrating Equation 2.29 throughout the total volume V  can obtain the total work for 

moving electrons in a time duration t  

 


 dVtEHtHEwdVW ])()([                        (2.30) 

Since   


0)()( SdHEdVHE  
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 )(                                 (2.31) 
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According to the Faraday’s law 

t
BE






                                               (2.32) 

Substituting Equation 2.32 into Equation 2.31: 




 dVBHW )(                                       (2.33) 

where 


 AB  is the magnetic field and 


A  is the vector potential. The Equation 2.33 can 

be converted to 

 
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
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Since )()()(
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dVHAW )(                                                 (2.35) 

From Equations 2.33 and 2.35, the Gibbs free energy changed under magnetic field can be 

expressed as 



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2
1)(

2
1                    (2.36) 

Within the material, the Gibbs energy change is 

drrjrAG Ve )()(
2
1 

                                           (2.37) 



88 
 
 

where r  is the random position in the materials. We know 


 AB  and differentiating 


B  

can obtain  



 AAAAB 22)()(                              (2.38) 

According to the electromagnetism, the magnetic field 


B  is a function of auxiliary magnetic 

field 


H , which can be used to describe the dipole migration and magnetic dipole. The 

magnetic field can be expressed as 



 HB                                                                   (2.39) 

where   is the magnetic permeability.  

So                                                        


 HB                                                        (2.40) 

Since 


 Hj  

  


 jB                                                             (2.41) 

Substituting Equation 2.38 into Equation 2.41:  



 jA 2                                                          (2.42) 

Based on the general solution of Poisson equation, the potential vector )(rA


 can be 

expressed as 
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where 'r  is another position of material.  Substituting Equation 2.43 into Equation 2.37, the 

total Gibbs free energy changed under electric-current treatments can be expressed as 

'
'

'' )()()(
8
1 drdr
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rjrjrG VVe












                           (2.44) 

According to the Equation 2.44, the phase stability can be affected by electropulse-induced 

free energy, as shown in Figure 2.16. 

 

 

Figure 2.16: A schematic diagram of the effect of EPT on phase stability via changing Gibbs 

free energy: 0eG  indicates the phase stability is favourable, whereas 0eG  shows the phase 

stability is unfavourable. 0eG  means no influence on the stability of the phase in an electric-

current-free system.  

 

From Figure 2.16, it was found that the phase stability (phase transformation) is favoured 

when 0eG  by reducing the total free energy of the system, whereas the phase stability  is not 

favoured when 0eG  by increasing the total free energy of the system. For 0eG , the phase 

stability is non-affected in an electric-current-free system.  
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In addition to the general description of the applications of EPT on polycrystalline metals and 

alloys; their corresponding properties and theoretical analysis from literature, the following 

sections introduce the applications of EPT on four kinds of steels: 316L stainless steel, 2205 

duplex stainless steel, duplex lightweight steel and dual-phase steel, as illustrated in Figure 

2.17.  

 

 

Figure 2.17: A schematic description of the effects of EPT on four specific steels on the 

phase stabilities. This includes the precipitation in 316L austenitic stainless steel, phase 

transformation in 2205 duplex stainless steel, cracking in duplex lightweight steel and 

softening in dual-phase steel.  
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Chapter 3 Stability of chi-phase in austenitic stainless steel during 

pulsed electric current treatment 

 

3.1 Introduction 

Stainless steels with suitable mechanical properties are implemented in biomedical industry 

and in nuclear reactors [6, 7, 9, 10, 13–15, 17, 166, 167]. Pitting, intergranular corrosion and 

stress cracking affect the performance of the stainless steels [10, 14, 15, 167]. Those 

detrimental effects are frequently induced by the nucleation of precipitates (with high 

concentrations of alloying elements around grain boundaries). Precipitates cause dramatic 

drop of corrosion resistance and mechanical properties in highly concentrated chloride 

environments and at high operation temperatures [7, 9, 14, 166].  

Austenitic stainless steel is a single phase alloy. 316L stainless steel contains high 

concentrations molybdenum (Mo), chromium (Cr) and nickel (Ni) [12]. Segregation of these 

elements causes Mo-depleted or Cr-depleted areas which are less resistant to the general 

corrosion and oxidization. Precipitates are tiny particles formed in supersaturated alloys [166]. 

Coarsening of those precipitates frequently results in reduction of strength, localization of 

stress, crack initiation, creeping etc. [7, 9]. This can take place at elevated temperatures 

(above 300 oC) over long periods of time [13]. Such typical environments include the reactor 

vessels, boilers and piping systems in nuclear engineering [14] and turbine blades in nuclear 

power plant [9, 13].  

In practice, stainless steel undergoes hot work at a temperature above 1000 oC and then is 

quenched to ambient temperature to avoid the formation of precipitates. The possible 

precipitates are secondary austenite phase, sigma phase, delta phase, M23C6 carbides, Chi-
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phase (χ phase), etc. [6–8, 10, 11, 13, 15, 99]. All of those precipitates contain higher Mo, 

and Cr and lower Ni contents. The areas around the precipitates have lower-than average Mo 

and Cr contents and higher-than average Ni contents [168]. 

Fully austenitic 316L stainless steel containing 2-3 wt.% Mo, 16-18.5 wt.% Cr and 10-14 wt.% 

Ni implemented in the nuclear power plant has χ phase formed at the service temperature 

(>300 oC) [8, 11, 168]. χ phase is an intermetallic compound, has a chemical composition of 

Fe36Cr12Mo10 and has a body centred cubic (BCC) structure (lattice parameter = 8.920Å). The 

formation of χ phase particles causes Cr- and Mo- depletion in the matrix adjacent to the 

precipitates. This destroys the oxide layer and leads to drops in corrosion resistance [8, 11].  

Grain boundary engineering (GBE) has proved to be an effective method in suppressing the 

precipitation. GBE increases the corrosion resistance by introducing twin boundaries (i.e. Σ3 

grain boundaries based on coincidence site lattice mode). Scientific evidence indicates that 

Σ3 grain boundaries have a remarkable resistance to the precipitation. Furthermore, they have 

an extremely good softening effect due to their highly regular and coherent structure, when 

compared with normal grain boundaries (i.e. high angle grain boundaries) [169–171]. 

Thermomechanical processing is frequently used to increase the formation of Σ3 grain 

boundaries [171]. However, GBE requires complex pre-treatments which is high-cost and 

low-efficiency.  

Normally, the precipitates and Σ3 grain boundaries have different electrical conductivities to 

those of the steel matrix and normal grain boundaries, respectively [28]. These differences in 

electrical conductivity affect the electrical current distribution in the whole system because of 

the different configurations of the precipitates and Σ3 grain boundaries in the steel. The 

different current distributions correspond to different system free energies [99, 168, 172].  It 

has been suggested that the electric current promotes the formation of objects with a higher 
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electrical conductivity. This suggests that electric current can be used to affect both the 

formation of precipitates (such as χ phase) and the frequency of Σ3 grain boundaries in 316L 

stainless steels. 

Conrad reported that a direct current (d.c.) accelerated the aging rate of Al-4 wt.% Cu alloy 

but retarded the aging rate of Al–12.5 wt.% Zn alloys. The effect becoming stronger as the 

current density increased [37, 43]. In order to avoid the considerable Joule heating generated 

by high-density electric currents, d.c. has been replaced by a short- duration pulse. Jiang et al. 

found that the EPT enhanced the dissolution rate of -Mg17Al12 phase in aged Mg-9Al-1Zn 

alloy [36]. Wang et al noticed that the segregation of Pb in Cu-Zn alloy was promoted by the 

EPT which drove Pb to the grain boundaries [142].  

In this chapter, using electric current to change microstructure evolutions has been proposed. 

It is aimed to use electric current to retard the nucleation and growth of precipitates particles 

and to enhance the formation of Σ3 grain boundaries. The phenomenon would be of great 

interest and is of industrial importance if the resulting microstructure evolution follows the 

plan. An understanding of how EPT affects both the precipitation and Σ3 grain boundaries is 

developed on the grounds of the kinetics and thermodynamics.  

 

3.2 Materials and methods 

A commercial 316L stainless steel with chemical composition (wt. %) 2-3 Mo, 16-18.5 Cr 

and 10-14 Ni was received. It was hot- rolled to 3 mm thickness plates and annealed at high 

temperature to obtain the fully austenitic microstructure, equiaxed grains and homogeneous 

solute distribution. The plates were further cold-rolled to 83.3% reduction from 3.00 mm to 

0.5 mm thickness by a cold rolling machine (Figure 3.1a) and subsequently, cut into square 
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shaped specimens (via a cutting machine) with the longest edge perpendicular to the rolling 

direction (Figure 3.1b).  

 

 

Figure 3.1: (a) a cold rolling machine and (b) a cutting machine. 

 

EPT process was performed for 60 min by applying an electric current with 6.3 × 107 A/m2, 1 

Hz, 60 μs and 24 V at a temperature of 750 oC in a furnace. The pulsed current was provided 

by an electropulse-generator linked to a direct current power. Copper wires were used to 

connect the sample to the electropulse-generator. The direction of the electric current was 

perpendicular to the rolling direction. An oscilloscope was used to monitor the electropulse. 

The temperature was measured by a thermocouple. The embedded electrical feed-back 

system in the pulse generator enables one to maintian a constant current. The setting of the 

experimental facilities is schematically demonstrated in Figure 3.2.  
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Figure 3.2: Experimental set-up of EPT processing.  

 

During EPT, another identical specimen was placed next to the sample but no EPT was 

applied to this specimen. This ensures that both the actual and blank samples have been 

exposed to the exactly same annealing conditions and the only difference between them is 

that one underwent EPT and the other did not. After EPT, both samples were quenched into 

water to ambient temperature. The consumed electric power in the electric current pulse 

processing was 0.0028 Watts.  

The specimens were mounted (Figure 3.3a and b) then mechanically- ground and polished 

(Figure 3.3c and d) and, finally, chemically etched with a solution made up of 20 ml 

hydrochloric acid, 10 ml nitric acid and 20 ml glycerine (Figure 3.3e).  
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Figure 3.3: Photographs depicting sample preparation procedures: (a) a mounting machine 

with (b) Mounting power, (c) a grinding and polishing machine with (d) grinding and 

polishing lubricant, (e) chemical etching and (f) optical microscope.   
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The microstructure characterizations were carried out using an optical microscope (Figure 

3.3f) and a Scanning Electron Microscopes (SEM LEO) (Figure 3.4d). The chemical 

compositions of the phases within the steel sample were determined by the energy dispersive 

X-ray spectroscopy (EDS) from the SEM JEOL 6400 (Figure 3.4a and b). The average grain 

size and the percentage of Σ3 grain boundary were measured by Electron Backscattered 

Diffraction (EBSD) derived with the SEM JEOL 6400 (Figure 3.4a and c). 
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Figure 3.4: Photographs showing (a) a SEM JEOL 6400 microscope with (b) WDS and (c) 

EBSD, and a SEM LEO microscope.  

 

The phases present in the steels were identified by Transmission Electron Microscopy (TEM 

2000FX) (Figure 3.5c). For the TEM observation, specimens were mechanically polished to a 

thickness of 30μm, punched to disc specimens (3 mm in diameter) by a brass cutter in a 

sparking machine (Figure 3.5a and b).  

 

 

Figure 3.5: Photographs of (a) a sparking machine and (b) electro-jet polishing machine for 

TEM sample preparation, and (c) a TEM 2000FX microscope.  
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The thin film specimens were electrically- polished using a solution (30 ml perchloric acid 

and 270 ml acetic acid) at around 288K (15 oC) (Figure 3.5b) and were observed by TEM 

operated with an acceleration voltage of 200 kV (Figure 3.5c). The electrical resistance of 

actual and blank specimens (ie. subjected and not-subjected to EPT, respectively) were 

measured by Microhmmeter (DO5000). Vickers hardness was measured using a Zwick 

Digital 3103 IRHD Micro Compact Hardness Tester with 2 kg load for all specimens. 

 

3.3 Experimental results 

3.3.1 Effects of annealing on 316L stainless steel 

The as received 316L stainless steel was investigated, as shown in Figure 3.6. Figure 3.6b 

shows a XRD spectrum. It reveals a fully austenitic structure for the as-received sample. 

Figure 3.6c presents a microstructure of hot- rolled 316L stainless steel sample consisting of 

equiaxed austenite grains and annealing twins only. After cold rolling to about 83.3% 

reduction, those equiaxed austenite grains were elongated along the rolling direction and a 

large amount of deformation twins and slip bands were formed within the steel matrix, as 

shown in Figure 3.6d.  
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Figure 3.6: Photographs showing (a) a commercial 316L austenitic stainless steel plate, (b) a 

XRD spectra for as-received 316L stainless steel specimen, (c) an optical micrograph of hot-

rolled steel specimen and (d) an optical micrograph of cold-rolled steel specimen.  

 

The equilibrium phase diagram of 316L stainless steels has be calculated by using 

Thermo_Calc 3.1 software with the TCFE7 commercial database, as shown in Figure 3.7.  
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Figure 3.7: An equilibrium phase diagram of 316L stainless steels calculated using a 

commercial software, Thermo_Calc 3.0 with the TCFE7 database.  

 

Figure 3.7 shows that a fully austenite microstructure exists for temperatures greater than 852 

oC. Below 852 oC, various kinds of precipitates (e.g. χ phase) start to form. During the 

manufacturing process, the stainless steels are quenched from about 1000 oC to avoid the 

formation of precipitates. The low mobility of alloying elements (e.g. Cr or Mo) at ambient 

temperatures prevents the formation of precipitates. However, precipitates start to form when 

the steel is subjected to an elevated temperature (e.g. 300 oC) for long time. The principal 

purpose of this experiment is to verify whether the precipitates in 316L stainless steels can be 

retarded or dissolved by electropulsing. In the first stage, a heating temperature of about 750 

oC was used.  

Figure 3.8 shows the SEM images taken by SEM LEO equipment for the steel annealed at 

750 oC for 30 mins and 60 mins, respectively. Considerable amounts of white particles were 



102 
 
 

formed in the dark background. These particles are the precipitates and the background is the 

steel austenite matrix. Figures 3.8a, c and e are for a steel sample (30 mins) at different 

resolutions and Figures 3.8b, d and f are for a steel sample (60 mins) at different resolutions. 

It proves that the segregation occurs at this annealing temperature. Figure 3.8a contains some 

areas with much lower concentrations of white particles than in other areas. This indicates 

that segregation has not been fully developed. In Figure 3.8b, the white particles are 

distributed more homogeneously than in Figure 3.8a. The white particles are coarsening with 

increasing annealing time (from 30 to 60 mins). A close examination of the white particles, as 

that illustrated in Figure 3.8e and f, reveals that the precipitates are mainly located at the 

grain boundary, whereas few precipitates are nucleated inside the matrix grains. This is due to 

the fact that the solute diffusivity along the grain boundary is much larger than that in the 

bulk grains. The greater diffusivity results in quicker growth of both the precipitates and the 

segregation. Precipitate nucleation is more likely to occur at the grain boundary due to the 

higher free energy at interface than that inside the grains. The chemical compositions of the 

matrix and the precipitates shown in Figure 3.9a were examined by the EDS analysis, as 

shown in Figure 3.9b and c. This gives the composition in the matrix (position 2) as 2.02 wt.% 

Mo, 16.68 wt.% Cr, 10.45 wt.% Ni and 68.37 wt.% Fe, and a composition in the precipitates 

(position 1) as 6.57 wt.% Mo, 24.13 wt.% Cr, 7.78 wt.% Ni and 63.68 wt.% Fe. The x-ray 

spectrum does not show any peak other than that for austenite phase. This implies that the 

precipitates are either the face-centred-cubic crystal or cannot be identified because of its low 

fraction and small size.            
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Figure 3.8: SEM micrographs of the cold rolled steel sample (83.3%) at 750 oC for (a), (c) 

and (e) 30 mins and for (b), (d) and (f) 60 mins.  
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Figure 3.9: (a) Typical SEM micrograph of steel sample at 750 oC for 60 mins, and EDS 

spectra for (b) white precipitates and (c) dark steel matrix. 

 

The microstructure evolution of 316L stainless steel after annealing treatments at 750 oC for 

60 min was observed using TEM. Figure 3.10a-d shows the TEM bright-filled image. A large 

number of dark particles can be observed. The particles are located not only along the grain 

boundaries, but also within the grain.  
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Figure 3.10: TEM micrographs for the steel sample microstructure annealed at 750 oC for 60 

mins.  

 

The particles shown in Figure 3.8 (white particles in SEM pictures) and Figure 3.10 (dark 

particles in TEM pictures) are the same precipitate. To identify the crystal structure of 

precipitates, a bright field image was utilized and then the selected area diffraction pattern 

was obtained for specific regions, as shown in Figure 3.11.  
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Figure 3.11: (a) TEM image for bright field of steel microstructure, (b) and (d) are the SADP 

of austenite matrix and its corresponding schematic diagram, respectively, and (c) and (e) are 

the SADP of χ phase and its corresponding schematic diagram, respectively. 



107 
 
 

According to the calculation for lattice parameters and crystal structure, Figure 3.11b and d 

show the diffraction patterns of steel matrix, whereas Figure 3.11c and e show the diffraction 

patterns of precipitates which were identified as the austenitic phase (FCC) and χ phase (BCC 

with lattice parameters of 8.98 Å), respectively. These experimental results indicated that χ 

phase has formed in 316L stainless steel at a temperature around 750 oC.  

 

3.3.2 Effects of EPT on 316L stainless steel 

Figure 3.12a shows the distribution of χ-phase in the austenitic matrix for the untreated steel. 

The particles are distributed randomly in the matrix (indicated by the arrows). However, they 

have partially- disappeared in the pulse-treated steel and have a much smaller size (Figure 

3.12b). The number and size of the particles were determined and sorted into groups and then 

histograms were derived for the distribution. Peak-fitting was carried out using a Lorentzian 

distribution (Figure 3.12c and d). Each χ-phase particle with equivalent circular diameter 

were measured (shown in Figure 3.12c and d). The particles in the untreated (blank) steel had 

a wide variation in size (43 nm˂particle˂330 nm), with the size distribution mainly 

concentrated around 143 nm (according to Lorentzian fitting, Figure 3.12g). The particles for 

the pulse-treated steel were dispersed and varied in size between 25 and 105 nm, with the 

distribution mainly concentrated around 25 nm (Figure 3.12h). Furthermore, the number of 

particles (～1.51×106 per unit area) in the pulse-treated steel were fewer ( 3.7 times smaller) 

than the blank steel (ie. without pulse with～5.63×106 per unit area). Therefore, both the size 

and the number of particles were dramatically reduced by the application of an electric 

current. This indicates that the nucleation of the particles is indeed greatly retarded by an 

electric current. χ-particle is a hard and brittle intermetallic phase causing embrittlement [12]. 

Therefore, the reduced size and number of χ-particle after applying an electric current will 
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improve the mechanical properties. This electric-current-assisted treatment is far superior to 

the conventional methods reported in literature [171].  
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Figure 3.12: SEM images of (a), (c) and (e) the distribution of χ phase in the sample without 

EPT; (b), (d) and (f) the distribution of χ phase in steel sample with EPT. (g) and (h) the 

number distribution of χ phase in steel samples without and with EPT, respectively.  

 

FIB-SIMS is a sensitive analytical technique that can provide parts per million (ppm) to parts 

per billion (ppb) sensitivity for most elements when relatively large areas of analysis are 

available. It has the great advantages for analysing molybdenum in χ phase. Figure 3.13 

shows the micrograph and chemical mapping of molybdenum in the untreated and pulse-

treated steels, respectively. For the untreated steel, χ-phases were randomly dispersed in the 

matrix and molybdenum was mainly concentrated on these particles (indicated by arrows in 

Figure 3.13a). After applying an electric current, most of the χ phases disappeared and 

molybdenum was almost homogenously distributed in the matrix (Figure 3.13b). The 

mapping analysis, provided by SIMS, suggests that electric current inhibits the precipitates 

and promotes homogenization of elemental distribution. 

 

 

Figure 3.13: FIB-SIMS elementary mapping for Mo distribution in steel samples (a) without 

EPT and (b) with EPT.  
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The grain size and Σ3 grain boundary in steel samples with and without EPT are measured by 

EBSD, as shown in Figure 3.14 and Figure 3.15, respectively. From Figure 3.14, it can be 

seen that the austenite grain size (～15.7 μm) in the untreated steel is 1.6 times smaller than 

that of the pulse-treated steel (～24.5 μm). The electric current affects the grain size during 

recrystallization [62, 99, 114]. This is probably due to a reduction in the pinning effect of 

precipitates in 316L stainless steels under EPT.   

Furthermore, the frequency of Σ3 grain boundaries increased from 14.5% to 41.0% when the 

EPT was applied. This had been indicated in the grain boundary distribution maps for the 

untreated (Figure 3.15a and c) and pulse-treated steels (Figure 3.15b and d), respectively. As 

mentioned above; according to the grain boundary engineering, higher frequency of Σ3 grain 

boundaries leads to strong corrosion resistance [169–171]. Increases in the Σ3 grain 

boundaries also increase the ductility of the metal; this is due to its highly regular and 

coherent structure with lower energy state than that of other high angle grain boundaries [28]. 
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Figure 3.14: EBSD mapping for grain size measurement: (a) and (c) steel sample without 

EPT at different magnifications; (b) and (d) steel sample with EPT at different 

magnifications.  
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Figure 3.15: EBSD mapping for grain boundary portion measurement: (a) and (c) steel 

sample without EPT at different magnifications; (b) and (d) steel sample with EPT at 

different magnifications. 

 

The Vickers’s hardness of the specimens without EPT is 267 HV2, while the value for the 

sample with EPT is 185 HV2. The reduction of hardness reflects the effects of both grain 

coarsening and the higher frequency of Σ3 grain boundary in the specimen and is in 

agreement  with microstructural observations [169–171]. It is worth pointing out that for 

cold-worked alloys the application of EPT frequently leads to a decrease of hardness due to 

an acceleration of movement of dislocations (accumulation and annihilation) and which 

improves the ductility.  
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3.4 Discussion 

3.4.1 Thermal effects of EPT on 316L stainless steels 

Passing an electric current through a steel sample causes temperature elevation. In the present 

work, the facility provides a constant electric current (I). The total energy for each 

electropulse (J) is tRIQe  2 , where R is the electrical resistance () of the sample and t is 

the pulse duration. When Qe is fully consumed to heat up the sample, it has TmcQe  , 

where m and c are the mass and specific heat of the steel sample, respectively. T is the 

temperature increase resulting from the electrical energy. This gives )/(2 mctRIT  . It is 

known that SLR e /  and LSm d , where e, L, S and d  are the electrical resistivity, 

length, cross-section area and density of the sample. Substituting R and m into the equation, 

one gets [33–48].  
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where j is the average electric current density (A/m2)  and t is the pulse duration (µs). 

Values for the stainless steel specimen are: c = 450 J/(kgK), d = 7.8103 kg/m3 and e= 

9.58×10-8 m. The largest current density used in the present work, j= 6.3×107 A/m2, would 

give rise to a temperature increase of 6.510-3 K for an electropulse of 60 s duration. The 

electric current was applied at 1 Hz frequency. This means that the maximum rate of 

temperature rise by applying an electric current is 6.510-3 K/s. The Joule heating is hence 

negligible in the present work. The observed effect of electric current on stainless steel must 

be due to the electric effect and not Joule heating.   
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3.4.2 Electric effects of EPT on 316L stainless steels 

It is well-known that the EPT accelerates the solute diffusion, dislocation migration and 

interface kinetics [99, 168, 173, 174]. This is mainly attributed to the drift electrons driven by 

the applied electrical potential being scattered unevenly around defects. This uneven 

distribution of electrons around the defects causes an anisotropic shielding effect to the 

electromagnetic forces between two atoms and hence reduces the kinetic barrier [175]. As a 

result, the mobilities of substitutional atoms, dislocations and interfaces can be significantly 

enhanced, as shown below 








 


KT
EMM k

a exp ,              (3.2) 

where Ma is the pre-exponential factor dependent on the frequency of atom hopping and 

lattice distance, Ek is the kinetic barrier, K is the Boltzmann constant, T is the temperature 

and M is the mobility. The reduction of Ek causes the increased mobility. The increase in 

interface kinetics enables the interface to relax toward its equilibrium shape. Here, the 

acceleration effect of pulsed electric current contributes to the migration of grain boundaries 

and impurities. This enables a faster evolution of the interface morphology towards its 

equilibrium shape. Consequently, electric current induces grain coarsening (Figure 3.15). 

However, the electric current-enhanced, solute diffusion does not help us to understand the 

experimental observations on segregation retardation (Figure 3.12 and 3.13). According to 

the kinetics, an enhanced diffusion will promote the formation and coarsening of the χ phase 

precipitation, which seems to contradict the observation that there is a reduction in both the 

amount and size of the particles. This means that the experimental observations in the present 
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work cannot be understood by kinetics alone. The thermodynamics of alloys carrying electric 

current should also be considered.  

A schematic diagram has been plotted in Figure 3.16, which provides an understanding of the 

effects of pulsed electric current on χ-phase precipitation in 316L stainless steel. From Figure 

3.16, the relations existing between three different phases (A, B and C phases) with different 

electrical conductivities ( A , B   and C ) are shown: CBA   . As reported in previous 

studies [168, 172] the electrical conductivities of phases affect the distribution of electric 

current during pulsed, electric- current treatment. This influence on distribution of electric 

current contours consequently, leads to changes in free energy of the system. Thus the system 

free energy in Figure 3.16b can be significantly changed by the differences in the electrical 

conductivities between phase A and phase C in comparison with those between phase B and 

phase C in Figure 3.16a.   

 

 

Figure 3.16: Schematic diagrams of spherical precipitate in steel matrix under EPT. (a) 

represents the distribution of current across the microstructure consisting of a precipitate (B) 

and steel matrix (A): the electrical conductivity of precipitate is the same as steel matrix). The 

current lines directly pass the precipitate and matrix without any changing. (b) shows the 
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distribution of current across the microstructure consisting of a precipitate (C) and steel 

matrix (A): the electrical conductivity of a precipitate is less than that of steel matrix. The 

current lines are altered due to the discrepancy of electrical conductivity between precipitate 

and matrix. 

 

The total system free energy of a steel specimen without EPT ( 
 totalG ) consists of two 

terms, the chemical free energy of the bulk phases ( chemG ) and the surface energy ( surfG ). 

The microstructure evolution (e.g. precipitation of χ phase) is spontaneously activated within 

steel matrix when 0


surfchentotal GGG   at 750 oC (based on the Gibbs free energy 

diagram for phase transformation from austenite to χ phase), as displayed in Figure 3.17.  

 

 

Figure 3.17: Gibbs free energy change as a function of temperature for χ-phase and austenite.  

The red line represent the phase transformation temperature (χ-phase ↔ austenite), whereas 

the green line correspond to the operation temperature of current experiment.  
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With EPT, another term called the free energy associated with the passing electric current 

( elecG ) is added into the total system free energy, which is expressed as  

elecsurfchemtotal GGGG 
                                      (3.3) 

For the steel sample with EPT, the precipitation of χ phase is retarded or dissolved when

0 elecG . The expression of elecG  can be mathematically presented as 
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                        (3.4) 

where  rjb


 is the current density distribution after precipitate evolution,  rja


 is the current 

density distributions before precipitate evolution,  is the magnetic permeability, r and r are 

two different positions inside the steel sample. Values for the electrical conductivity of all the 

phases before and after structural evolution are required to calculate the distribution of 

current density. The segregation of alloying elements (such as Mo and Cr) affects not only 

the electrical conductivity in the precipitates but also that in the matrix. The Gibbs free 

energy change induced by the differences of electrical conductivity between inclusions (Pb) 

and Cu-Zn alloy matrix can be used to explain why Pb can be effectively moved to grain 

boundaries under EPT [142]. In current research, the electrical conductivity of a steel sample 

was increased from 1.82×106 s/m to 2.21×106 s/m (approximately 21.4%) with EPT. This 

increase in the electrical conductivity of a steel sample under EPT, is in agreement with the 

theoretical and experimental prediction that highly- conductive phase is frequently promoted 

by means of an electric current. In the case of precipitation in 316L stainless steels, the 

precipitation of χ phase is not only retarded but is also dissolved with EPT.  
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3.5 Conclusion 

In summary, this work has verified that the precipitate/grain boundary in metals can be 

retarded by utilising differences in their electrical conductivities.  

（1） Passing electric current affects the microstructural evolution by both retardation of χ-

phase precipitation and the promotion of Σ3 grain boundaries in cold-rolled 316L 

stainless steel; this helps to reduce the detrimental effects induced by precipitation at 

elevated temperature.  

（2） The mechanical properties of the steel are also optimized by reductions in both the 

size and the number of intermetallic χ-particles. The Σ3 grain boundaries increases the 

ductility of the metal due to its highly regular and coherent structure with lower 

energy state (compared with those of other high angle grain boundaries). Therefore, 

EPT can be a promising method to improve ductility and balance the corrosion-

resistance for many engineering applications such as nuclear reactors.  
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Chapter 4 Stability of delta-ferrite in 2205 duplex stainless steel 

with electropulsing 

 

4.1 Introduction 

Duplex stainless steels (DSS) such as 2205, consists of austenite (γ) and delta-ferrite (δ-

ferrite) phases (Figure 4.1). These steels have been intensively investigated in recent years 

due to their remarkable mechanical properties, good corrosion and oxidization resistance 

[176–180]. The mechanical properties of the steels are strongly dependent on the stability of 

phases. This is because the softening effect usually does not occur in DSS until high 

temperature, which is partly attributed to the dissolution of hard precipitates and phases. For 

instance, the mechanical properties (especially strength in DSS) is linked significantly to the 

stability of delta-ferrite. [179, 180]. The investigation of stability of delta-ferrite is important 

for the fabrication of DSS with high strength properties. The stability of delta-ferrite is 

mainly controlled by the eutectoid decomposition [177]: 

                                                            (4.1) 

where δ is delta-ferrite, σ is sigma-phase enriched in Cr and Mo and γ' is secondary austenite 

phase. In the temperature range between 350 to 835 ºC, a higher annealing temperature leads 

to a higher diffusion rate of alloying elements (e.g. Cr, Mo and Ni atoms); this results in the 

acceleration of the eutectoid decomposition of delta-ferrite [177]. When the temperature 

exceeds 835 ºC, precipitates formed by the eutectoid decomposition will dissolve and cause 

softening of the DSS matrix [178]. 
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Figure 4.1: A schematic diagram illustrates the microstructure of 2205 duplex stainless steel 

consisting of austenite (blue) and delta-ferrite phases (orange).  

 

There are two ways of reducing the softening effect induced by high temperature heat 

treatments (above 835 ºC) in DSS.  In the first strategy the hard precipitates, or phases, are 

stabilised directly via chemical reactions. The second strategy is to alter the associate phase 

transformation so as to promote the generation of hard precipitates and phases via external 

fields.  

EPT, is one example of a typical external field and is widely designed to affect the solid 

phase transformation in many alloys due to its coupling of thermal and electric effects [49–

67]. The high density of electric current was initially proven to influence diffusion-controlled , 

solid phase transformation through electromigration [173, 175]. The extent of phase 

transformation occurring is dependent on the parameters of electric current and the prior 

treatment of the materials. Shortly after this observation, a martensitic phase transformation 
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from α-Ti to β-Ti was induced by high-current-density EPT in a Ti alloy, which  was 

attributed to  Joule heating [174]. This Joule heating generated by the electric current can be 

the order of 106 Ks-1. Recently, it was found that the dissolution rate of β-phase in aged AZ91 

alloys was accelerated and the Vickers hardness value of AZ91 alloys was reduced by EPT 

due to its electric effects [35, 36, 46, 47]. Furthermore, the extent and direction of the phase 

transformations in both ZA22 and ZA27 [52, 55, 63–66] can be altered by varying the current 

density and frequency of EPT. This has been mainly attributed to the electric wind force 

induced by EPT, which increases the atomic diffusion flux. Consequently, the EPT can be 

considered as an external stress to change the Gibbs free energy for either forward or reverse 

phase transformations [49–67]. In addition to phase transformation, the grain size is also 

affected by EPT [68–133]. For instance, the size of graphite can be significantly reduced and 

the decomposition of cementite accelerated by EPT in graphite iron due to the coupling of 

thermal and electric effects of EPT [181–183]. Based on these effects of EPT, most 

experiments with EPT have been processed using a high- current -density and a short 

duration of time. However, the use of high- current- density and a short time duration, 

frequently, lead to a combination of thermal and electric effects which are not easy to 

distinguish from one another. In order to avoid the thermal effect and precisely understand 

the electric effects of EPT on microstructure evolution of alloys, a novel experimental 

process needs to be designed. A combination of low-current-density, EPT and annealing 

treatments may be the appropriate way to investigate the electric effects of EPT on solid 

phase transformation. 

However, the mechanism responsible for the effect of EPT on the stability of delta-ferrite 

below solid solution temperature is still unclear. This lack of knowledge has impeded the 

understanding of EPT and made it difficult to be widely developed in industry. Due to the 
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existence of a strong relationship between electrical resistivity of phases and electric current, 

it is important to investigate the stability of delta-ferrite in cold-rolled DSS under EPT. It is 

also important to understand the electric effects of EPT on the kinetics and thermodynamics 

of the delta-ferrite decomposition.  

 

4.2 Materials and methods 

4.2.1 Materials selection and prior treatments 

In this research, a duplex stainless steel plate with a chemical composition (wt. %) 0.03 C, 

2.00 Mn, 1.00 Si, 0.015 S, 0.035 P, 22.00 Cr, 5.00 Ni, 3.00 Mo, 0.15 N (so-called 2205 DSS) 

was hot rolled to 3mm thickness and annealed at high temperature to obtain dual phases (ie. 

-ferrite and -phase). The steel plate was further cold-rolled with a 50% reduction from 3.00 

mm to 1.50 mm in thickness and subsequently, cut into many regular samples (1.52.015 

mm) with their longest edge direction (e.g. longitudinal plane) parallel to the rolling direction, 

as shown in Figure 4.2.  
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Figure 4.2: A steel specimen (2×1.5×15 mm) and its microstructure on longitudinal plane 

(contains both delta-ferrite and austenite). Note: ED is electric current direction (marked by 

orange arrow), ND is normal direction, TD is transverse direction and RD is rolling direction.  

 

4.2.2 Experimental set-up of EPT 

The experimental set up for EPT, shown schematically in Figure 4.3, was used in this study.  

 

 

Figure 4.3: Schematic diagram of the experimental set up for EPT.  

 

Figure 4.3 shows that the pulsed electric current is provided by an electropulse-generator 

linked to a direct current power unit. The embedded electrical feed-back system in the pulse 

generator makes it possible to retain a constant current during experiments. The pulses 

applied in the present work has a 60 s duration, 1 Hz frequency and a 5107 Am-2 current 



124 
 
 

density. A pair of steel samples were placed on S1 position (connected with thermocouple 1) 

and S2 position (connected with thermocouple 2) in a furnace. Copper wires connected S2 

and the electropulse-generator to let a pulsed electric current go through S2. The direction of 

pulsed electric current was parallel to the rolling direction and the temperatures were 

measured and calibrated by thermocouples. The samples with- and without- EPT were carried 

out for 40 minutes and subsequently, quenched into cold water at ambient temperature. In 

order to make a comparison between steel samples with- and without- EPT, pairs of steel 

samples were randomly selected and then treated at the same annealing temperature 

(approximately 835 oC). 

 

4.2.3 Metallographic observations and properties test 

The metallographic microstructures of the samples were observed using the following 

procedures. The samples were mechanically mounted, then ground and polished, and 

chemically etched with Marble reagent (a mixed solution: 4g CuSO4, 20ml HCl and 20ml 

H2O). The microstructure characterizations were then carried out by using an optical 

microscope and a Scanning Electron Microscope (SEM LEO). The chemical composition of 

each phases were detected using Dispersive X-ray Spectroscopy (EDS INCA). The phases 

present in the samples were identified by X-ray Diffraction (XRD PANalytical MRDs) using 

Cu K radiation. The percentage of each phase, the grain size and Σ3 grain boundary 

distribution were measured by Electron Backscattered Diffraction (JEOL 6400 EBSD). 

Vickers hardness was measured using a Zwick digital 3103 IRHD Micro Compact Hardness 

Tester with 2 kg load for all samples. The electrical resistance of the samples before and after 

EPT were measured with a Microhmmeter (DO5000 series). The same procedures were 

repeated for 3 pairs of different samples. Similar results were obtained in these tests.   
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4.3 Experimental results 

4.3.1 Thermodynamic calculation of equilibrium phase diagram 

MTDATA software with TCFE4 database were used to carry out thermodynamic calculations 

for the DSS. The phase diagram is shown in Figure 4.4. Austenite and delta-ferrite phases 

coexist for temperatures up to 900 oC. The decomposition of delta-ferrite to secondary 

austenite and sigma-phase started at approximately 835 oC and finished at about 770 oC.  The 

sigma-phase became completely dissolved when the temperature exceeded 835 oC.  
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Figure 4.4: Equilibrium phase diagram of a 2205 duplex stainless steel calculated by 

MTDATA with TCFE4 database. The blue, red and black lines represent the sigma, austenite 

and delta-ferrite phases, respectively.  

 

4.3.2 Microstructure observations 

Figure 4.2 is an optical image of longitudinal microstructure of cold-rolled DSS. It displays 

mixed phases: one is delta-ferrite (grey regions) and another is austenite (bright regions).  

High-resolution SEM was utilized to observe the microstructure of DSS in more detail. 

Figure 4.5 shows the SEM images for the samples with and without EPT at different 

magnifications.  
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Figure 4.5: SEM images for steel samples without EPT ((a) and (c)) and with EPT ((b) and 

(d)) in the longitudinal plane. 

 

It can be seen from Figure 4.5 that there are three distinct phases: delta-ferrite, austenite and 

sigma-phase, which are clearly indicated and labelled in DSS without EPT. Delta-ferrite and 

austenite are two dominant phases, whereas a little amount of sigma phase was found around 

phase boundaries. EPT causes significant change of the microstructure. Figure 4.5 illustrate 

that the secondary austenite and sigma phases tend to coarsen whereas the delta-ferrite seems 

to be shrink under EPT. XRD was utilized to quantitatively measure the amount of phases in 

the DSS with and without EPT. The spectra were plotted in Figure 4.6.  
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Figure 4.6: XRD spectra of steel samples without EPT and with EPT at 835C.  

 

In comparison with the DSS without EPT, three delta-ferrite peaks: (110), (200) and (211) 

were dramatically reduced after EPT. Quantitative calculation illustrated that the amount of 

secondary austenite, as well as that of sigma-precipitate, were increased while the amount of 

delta-ferrite was decreased under EPT. The volume fraction of each phase in DSS with and 

without EPT are displayed in Table 4.1. 

 

Table 4.1: The volume fraction delta-ferrite, austenite and sigma phases in steels without and 

with EPT.  

 Volume fraction (%) without EPT Volume fraction (%) with EPT 

-ferrite 54.0 5.2 

-phase 44.8 87.68 

Sigma-phase 1.2 7.12 

 

Table 4.1 shows that the calculated volume fractions of each phase in DSS without EPT are 

in good agreement with those calculated MTDATA software, as indicted in Figure 4.4. For 

the DSS without EPT, the line H represents the volume fraction of each phase at 835C. After 

EPT, the volume fraction of each phase in DSS was changed, which is labelled as line E in 

Figure 4.4. However, the corresponding temperature for the line E is about 780 C. Given the 

fact that the temperatures in steel samples were actually 835C, it can be subsequently 

concluded that the EPT promoted the decomposition of delta-ferrite: (   ). The 
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transition should be harder to occur at high temperature. Therefore, secondary austenite (the 

majority phase) is stabilized by EPT. This allows sigma-phase (the minority phase) particles 

to survive to higher temperature. Those two types of particles provide strengthening of the 

steel at high temperatures.  

EBSD is used for further detection of the volume fraction changes for each phase in DSS 

with and without EPT. Figure 4.7 are EBSD phase maps for the steel sample without and 

with EPT, where red region is the phase , green region the phase , and white region the 

phase σ.  

 

 

Figure 4.7: EBSD map for phase fraction measurement: (a) steel sample without EPT and (b) 

steel sample with EPT. Red region represents austenite, green region corresponds to delta-

ferrite and white region is sigma phase.   
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Figure 4.8: EBSD mapping for grain size measurement: (a) steel sample without EPT and (b) 

steel sample with EPT. 

 

According to the image analysis, EBSD gives a similar volume fraction of phases to that 

measured by XRD. This proves that EPT stabilizes secondary austenite and sigma-phase so 

that both phases can be retained at high temperature. EBSD orientation maps for steel 

samples without and with EPT are illustrated in Figure 4.8.  

A significant change of grain size for both phases was observed in DSS under EPT: one is the 

-phase from 0.894 μm to 0.651 μm and another is the -phase from 0.649 μm to 0.483 μm. 

This is attributed to the electric-current enhancing the dislocation mobility in cold-rolled 

samples under EPT. The fractions of Σ3 grain boundary within the DSS steel matrix with and 

without EPT have been also measured by EBSD. The results are shown in Figure 4.9.  
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Figure 4.9: EBSD maps for Σ3 grain boundary distribution measurement: (a) steel sample 

without EPT and (b) steel sample with EPT. 

 

The overall Σ3 grain boundary fraction was increased in both -phase and δ ferrite from 22.6% 

to 27.5%. This increase in Σ3 grain boundary fraction aids corrosion resistance and is highly 

recommended in terms of grain boundary engineering. The chemical composition in each 

phase with and without EPT were characterized by EDS. The results are displayed in Figure 

4.10 and Table 4.2.  
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Figure 4.10: EDS spectra for austenite, delta-ferrite and sigma phases in the duplex stainless 

steel treated at 835 ºC (a) without EPT and (b) with EPT. The positions 1, 2 and 3 correspond 

to the sigma, austenite and delta-ferrite phases, respectively. 

 

Table 4.2: Chemical compositions measured by EDS 

 In sample without EPT (wt.%) In sample with EPT (wt.%) 

Phase Cr Mo Ni Fe Cr Mo Ni Fe 

γ 

δ 

σ 

23.59 

25.62 

28.53 

2.31 

5.03 

8.40 

6.17 

3.32 

2.98 

Balance 

Balance 

Balance 

21.57 

24.31 

29.10 

1.33 

4.35 

8.80 

6.75 

4.00 

1.82 

Balance 

Balance 

Balance 
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From Figure 4.10 and Table 4.2, it can be clearly seen that the chemical composition of the 

phases in DSS changed after EPT. EPT effectively promotes more Ni diffusion in and more 

Cr and Mo diffusion out from the austenite. In contrast the sigma-phase with EPT has higher 

Cr and Mo and lower Ni contents than that without EPT. 

 

4.3.3 Property measurements 

The Vickers hardness of quenched steel samples with and without EPT is shown in Figure 

4.11d. It was found that the Vickers hardness of sample increased from 316HV to 472.4HV, 

an increase of 49.4%. The change of hardness is attributed to the change of phase fractions. 

The increased amount of secondary austenite and sigma phases provide strengthening to the 

DSS. EPT accelerates the eutectoid decomposition. One can predict that EPT increases the 

tensile strength of DSS because of the proportional relationship between Vickers hardness 

and strength. When the annealing temperature reaches 950 oC, the hardness of the samples 

without and with EPT were decreased to a similar level due to the dissolution of the 

secondary austenite and sigma-phases. 
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Figure 4.11: Vickers hardness of the samples without and with EPT. 

 

4.4 Discussion 

4.4.1 Thermal effect of EPT 

It is known that electric current causes temperature elevation [168]. In the current research 

the electropulse generator provides a relatively low current density ~50A/mm2. The total 

energy for each pulse is 

RtIQe
2                                                           (4.2) 

where R is the electrical resistance of the sample and t is the pulse duration. When Qe is 

fully consumed to heat up the sample, it has 

TmcQe                                                            (4.3) 

where m and c are the mass and specific heat of the steel sample, respectively. T is the 

temperature increased by the electrical current.  

Substituting Equation 4.3 into Equation 4.2 to gives 
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)/(2 mctRIT                                                  (4.4) 

It is known that SLR e /  and LSm d , where e , L, S and d  are the electrical 

resistivity, length, cross-section area and density of the sample.  Substituting R and m into the 

Equation 4.4, one obtains  

d

e

c
tjT



 


2

         (4.5) 

where t  is the pulse duration and j is the average electric current density. The following 

values are adopted for duplex stainless steel has )/(450 KkgJC  ， 33
d /108.7 mkg  

and me  81058.9 . The current density used in the present work, 2/50 mmAj  , would 

give rise to a temperature elevation of 4.0910-3 K with an electropulse of 60 s duration. 

The electropulse was applied with 1 Hz frequency. Thus the rate of peak temperature rise due 

to the electric current is 4.0910-3 K/s. The magnitude of any Joule heating in the present 

work, is hence negligible. The observed effects of EPT on the DSS. in particluar, the delta-

ferrite decomposition must be due to other athermal effects.   

   

4.4.2 Electric effect of EPT 

4.4.2.1 Kinetic of EPT 

In DSS, the eutectoid decomposition of delta-ferrite can be activated by heat treatments as the 

precipitation of secondary austenite and sigma-phase simultaneously [176–180]. This is due 

to the increases in diffusion rate of alloying elements in delta-ferrite matrix resulting from the 

increased energy provided by the heat treatments. The diffusion rate of alloying elements in 

delta-ferrite is about 100-fold faster than that of austenite ( which is a consequence of the 

different crystallographic structure) [178]. Consequently, the sigma-phase appears more 

quickly in delta-ferrite than it does in austenite. The formation of sigma-phase (enriched in Cr 
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and Mo) causes the delta-ferrite to be depleted in these elements. This may, consequently, 

cause it to transform into secondary austenite. A schematic diagram depicting the mechanism 

of sigma-phase nucleation around the phase boundary (i.e. delta-ferrite and austenite 

interface) is plotted in Figure 4.12 [177, 178]. The formation of the sigma-phase is brought 

about by the absorption of Cr and Mo, and rejection of the Ni to adjacent ferrite region, 

which in turn transforms into secondary austenite. 

 

 

Figure 4.12: A schematic diagram showing the diffusion mechanisms of alloying elements 

between delta-ferrite and austenite at high temperature treatment. The sigma phase and 

secondary austenite precipitate along the phase boundary between austenite and delta-ferrite.  

 

It is well-known that EPT promotes the atomic drift flux of atoms, which can be described in 

the Nernst-Einstein equation [46, 47, 56, 92], 
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 








                                (4.6) 

where iD  is the pertinent diffusion coefficient, iN  is the density of the ith atom species, Z  is 

an effective valance, e  is the charge on an atom,   is the resistivity, j  is the current 

density, iX  is the concentration of the ith solute, Ω is the atom volume, 
X



  is the stress 

gradient, K  is the Boltzmann constant and T  is the absolute temperature. In the present 

work, the thermal effect of EPT will be neglected due to the extremely small Joule heating 

temperature. As a result, the total atomic flux induced by EPT (J) arises mainly from the 

electric effect, which can be expressed as [36, 146]  

pmi fjeZNDJ  2                                                 (4.7) 

Equation 4.7 shows that the atomic flux depends on current density jm, duration 𝜏𝑝  and 

frequency f of the EPT. In this experiment, the diffusion fluxes for the alloying elements’ (Cr, 

Mo and Ni) in a DSS sample at 835 oC were accelerated by applying a low current density. 

EPT to accelerate the diffusion rate of the alloying elements is strongly supported by the EDS 

results shown in Figure 4.10.  

 

4.4.2.2 Thermodynamics of EPT 

The electrical resistivity (ρ) of pure iron is strongly dependent to the temperature, as can be 

seen from Figure 4.13 [184].  
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Figure 4.13: Electrical resistivity of iron as a function of temperature. Note: Tα → γ is 

transformation temperature from α-ferrite to -phase, Tγ → δ is transformation temperature 

from -phase to δ-ferrite and Tm is melting point.   

 

It can be seen from Figure 4.13, that the transition from body-centred-cubic (delta-ferrite) to 

the face-centred-cubic (austenite) in pure iron at Tγ → δ (1394 oC). is accompanied by a 

decrease in the electrical resistivity. The electrical resistivity values obtained by experimental 

measurements indicate values of  around 1.2810-6
m for delta-ferrite and 1.2610-6

m for 

austenite [184]. The resistivity-temperature coefficient for delta-ferrite is smaller than that for 

austenite. One can therefore reasonably suggest that the electrical resistivity of the delta-

ferrite is expected to be 1.3010-6 
m, which is higher than that of austenite (1.0510-6 

m) 

at approximately 1108K (835 oC). Although the electrical resistivity-temperature relations for 

steels may differ from that for pure iron, the temperature- and structure- dependencies of the 
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electrical resistivity for steels should not differ from those of iron since Fe is the major 

component in steels. Literature studies indicate that electric current promotes the formation of 

phases with low electrical resistivity [99, 168, 172]. On this basis it would be expected that 

once the electrical resistivity of austenite is lower than that of delta-ferrite, EPT will tend to 

stabilize the austenite and destabilize the delta-ferrite in DSS. This behaviour arises from the 

of difference in Gibbs free energy of the system in DSS at elevated temperature.   

When the electric current passes through the steel sample, there will be a consequent change 

in the system free energy. In steels, the system free energy of a steel contains three terms, 

namely, (i) the chemical free energy (Gchem), (ii) the interface free energy (Gsurf) and (iii)  

the free energy associated with the electric current (Gelec). The system free energy change in 

phase transformation (G) under EPT is expressed as [99, 168] 

elecsurfchem GGGG               (4.8) 

For the sample without EPT (i.e. 0 elecG ), the phase transformation occurs spontaneously 

when 0 surfchem GG . For the sample with EPT, the phase transformation will be altered 

when elecG  is added. The latter is derived from [49–67] 

  2),(),( JbagG BAelec                                               (4.9) 

where  is the magnetic permeability in vacuum, g is a positive geometric factor for coarse 

grained materials, a is the radius of phase A, b is the radius of phase B, J is current density, 

  is the volume of a nucleus and ),( BA  = 
BA

AB





2


is a factor which depends on the 

electrical conductivity (ie. the reciprocal electrical resistivity) of the two phases. When b≫a, 
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







  >0. The calculation of Gelec requires knowledge of the 

electrical conductivity of each phase. These electrical conductivity values can be calculated  

using the Quantum theory [99, 168]. Three possible scenarios are shown in Figure 4.14, 

(involving the relative magnitude of the electrical conductivities of phases A and B) and how 

these affect the phase transformation (phase B → phase A)  

  

 

Figure 4.14: Schematic diagrams showing the effect of applying EPT on the phase 

transformation. (a) the original microstructure of alloy contains phase (B) and phase (A); (b) 

the phase transformation (i.e. the phase fraction change) is moved forward when the electrical 

conductivity of B is less than A; (c) the phase transformation is unaltered when the electrical 

conductivity of B is equal to A; (d) the phase transformation is retarded when the electrical 

conductivity of B is greater than A. 
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When BA   , the value of Gelec < 0, and thus the total free energy of the phase 

transformation is reduced by using EPT. As a result, more phase A will be promoted in the 

sample compared with B, as shown in Figure 4.14b. When BA   , the phase transformation 

will not be affected by EPT due to Gelec = 0, as shown in Figure 4.14c. Furthermore, it can 

be seen from, Figure 4.14d shows that a reverse phase transformation (ie. B→A) can be 

activated by EPT when BA    due to the effect on the free energy, Gelec > 0.  

 

In the case of DSS, the steel matrix starts to soften as a result of the dissolution (   ) 

but according to the equilibrium phase diagram of DSS (Figure 4.4) softening does not occur 

until the temperature exceeds 835 ºC. Most of precipitates (secondary austenite and sigma-

phase) dissolve at this temperature and above. Using EPT, the pulsed electric current can 

promote the reverse phase transformation (   ) which results in strengthening of 

DSS in comparison with untreated DSS. This is mainly attributed to the fact that the 

resistivity of austenite (1.0510-6 
m) is lower than that of delta-ferrite (1.3010-6 

m). On 

the other hand, EPT increases the Σ3 grain boundary fraction (shown in Figure 4.9) which is 

consistent with the thermodynamic prediction because Σ3 grain boundary has lower electrical 

resistivity (and more negative Gibbs energy) than that of a normal grain boundary [28]. The 

electrical resistivity of sample without and with EPT were measured to be 7.1910-7
m and 

4.1010-7
m, respectively. This is in good agreement with previous work for the effect of 

EPT on reducing the electrical resistivity of steel [168, 172].  

In general, the yield stress of alloys decreases with increasing temperature, as mentioned in 

Introduction section. The decrease of yield stress observed after annealing at temperatures 

between 800 and 1200oC in DSS can be attributed to decreasing  -phase fraction [179, 180]. 
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However, EPT retards the dissolution of secondary austenite and sigma-phases and thereby, 

strengthens DSS at high temperatures. In this case, the alloy is said to exhibit yield stress 

anomaly, which is typical of superalloys and leads to their use in applications requiring high 

strength at high temperatures. Furthermore, the precipitation strengthening of alloys 

(resulting from precipitates and carbides) is attained at the cost of a reduction in the corrosion 

resistance at high temperatures in stainless steels and superalloys [185, 186]. Consequently,  a 

thermal barrier coating is usually added to superalloys [187] in order to enhance their 

oxidationon resistance at high temperature,. In the present work, EPT was found to promote 

the formation of 3 grain boundaries which compensated for the losses in corrosion 

resistance (due to the formation of  particles). Therefore, EPT offers a potential way to 

improve the strength with a balanced corrosion-resistance in the treated steels. 

 

4.5 Conclusions  

To sum up, the phase transformation (e.g. delta-ferrite decomposition (   )) of DSS 

can be significantly modified by EPT. This change is the result of differences in the electrical 

properties of different phases. This subsequently allows one to alter the microstructure of 

DSS and optimize its mechanical properties.  

(1) The temperature increase caused by the thermal effect of EPT (induced by electric current) 

was approximately 4.0910-3 K, in the present DSS sample; this is considered to be 

negligible. 

(2) The diffusion rates of alloying elements (e.g. Cr, Mo and Ni) were increased by applying 

electric current in delta-ferrite due to the kinetics of EPT; the enhanced diffusion rates 

promote the precipitation of (secondary austenite and sigma-phase) around phase 

boundaries. 
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(3) From a thermodynamic view, EPT stabilizes the high- electrical conductivity, 

phases/grain boundaries (e.g. austenite and 3 grain boundary) in DSS and hence 

promotes the reverse phase transformation    at high temperature (835 oC). The 

surviving, hard sigma-phase particles and secondary austenite provide strengthening to 

the steel and make the steel strong at high temperature. In addition, the increased fraction 

of 3 grain boundaries under EPT should to compensate for the losses of corrosion 

resistance resulting from the formation of  particles.  
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Chapter 5 Stability of κ-carbide in duplex lightweight steels 

under electropulsing 

 

5.1 Structure and properties of κ-carbides in duplex lightweight steels 

5.1.1 Introduction 

With the consideration of reducing fuel consumption and CO2 emission, the automotive and 

aerospace industries are becoming more focused on weight reduction. One suitable route to 

achieve the target is to use lighter and stronger Fe-Mn-Al-C based steels. Mn and Al are used 

to replace the expensive alloying elements such as Cr, Ni and Mo. TRIP and TWIP steels are 

automotive steels [188, 189]. Fe-Mn-Al-C steels can roughly be classified into three types: 

ferritic-based [190, 191], austenitic-based [190, 192, 193] and ferrite-austenite duplex-based 

steels [190, 194–196]. They are produced with different alloying compositions. The major 

benefit associated with Al addition is a weight reduction [190]. However, the addition of Al 

promotes the precipitation of κ-carbides in steels [188–222]. The κ-carbide has a perovskite 

structure and influences the mechanical properties of steels dependent upon its size, 

morphology, volume fraction and distribution [190, 194–196, 214, 215]. For instance, the 

nano-ordered, κ-carbides are frequently found in austenitic-based lightweight steel. They 

improve the mechanical properties significantly due to the existence of coherent γ/κ interface 

[190]. However, crack initiation takes place around the micro-sized, rod-like, κ-carbides 

during the rolling process for ferritic-based lightweight steels. Such behaviour is due to the 

appearance of a semi-coherent α/κ interface [189, 190, 194–196, 203, 213–215, 223]. The 

lattice mismatch between the steel matrix and κ-carbide for the above-mentioned two 
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interfaces is the key factor in balancing the mechanical properties because lower lattice 

mismatch is rewarded with better strengthening properties. 

The control of the precipitation of κ-carbide and the control of its size, morphology, volume 

fraction and distribution in a steel matrix are the key issues for fabrication of lightweight steel. 

The κ-carbide precipitation was studied in conjunction with the Vickers hardness value by 

using SEM, TEM and XRD analysis.  

 

5.1.2 Materials and methods 

5.1.2.1 Materials selection and processing 

A steel with a nominal chemical composition of Fe-34Mn-9Al-0.65C (wt.%) was cast using 

an induction melting furnace. An as-cast plate, 10 mm in thickness, was then solution treated 

for 4h at 1200 oC in order to homogenize all alloying elements throughout the entire steel 

plates. They were subsequently annealed at 600-800 oC for 6h before water quenching. The 

water quenched specimens were mounted, ground, polished and chemical etched with a 

mixed solution (2% Nital).  

 

5.1.2.2 Microstructure observation and property measurement 

Observations of the microstructure evolution and chemical composition for each phase in the 

specimens were carried out using a secondary electron microscopy (SEM) equipped with 

energy dispersive X-ray (EDX). The phases present were identified using X-ray diffraction 

(XRD: Cu Kα radiation; scan rate, 3o min-1; scan step size, 0.02o). The volume fraction of 

austenite, ferrite and κ-carbide phase were measured and calculated using the integrated 

intensities of (111)γ, (200)γ, (220)γ, (311)γ, (222)γ, (110)α, (200)α, (211)α, (220)α, (111)κ, 
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(200)κ, (220)κ and (311)κ peaks in the XRD spectra. Transmission electron microscopy (TEM) 

and selected area diffraction pattern (SADP) were carried out at an acceleration voltage of 

200 kV in order to observe the microstructure in high resolution and to determine the phases 

present in the steel accurately, TEM Specimens (30 μm in thickness) for the steel were then 

punched into a disc with a diameter of 3 mm by a copper disk cutter. A twin-jet polisher with 

a chemical solution (10% perchloric acid and 90% acetic acid) at 15oC was used to electro-

polish the steel to thin films. The Vickers hardness of steel specimens under different 

annealing conditions was measured using a Vickers hardness tester with 1 kg load. The 

crystallographic structure of each phase present in these steels and the lattice misfit between 

phases were plotted and calculated using Crystal Maker software.  

 

5.1.3 Experimental results and discussion 

SEM micrographs of steel specimens after various annealing conditions and at different 

magnifications are shown in Figure 5.2a-f. Figure 5.2a and b shows an annealed steel 

specimen at 600 oC consisting of austenite, ferrite and some nano-particulate κ-carbides 

(0.17μm). The formation of nano-particulate κ-carbides in the ferrite is attributed to the high 

ratio of diffusivity between carbon in ferrite and in austenite, as shown in Figure 5.1.  
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Figure 5.1: A schematic diagram showing the relationship between (Dα/Dγ) ratio and 

temperature.  

 

The high diffusivity of carbon in ferrite leads to the formation of nano-particulate κ-carbides 

in ferrite at 600 C. To further increase the annealing temperature up to 700 oC, these nano-

particulate κ-carbides have grown into the micro-sized rod-like κ-carbides (about 0.26 μm in 

thickness) within the ferrite. In contrast, a large number of nano-ordered κ-carbides had 

started to precipitate within the austenite (Figure 5.2c and d). When the annealing 

temperature reaches up to 800 oC, most of the nano-ordered, κ-carbides dissolved in the 

austenite, whilst the rod-like κ-carbides continued to coarsen (to 1.63 μm in thickness) within 

the ferrite (Figure 5.2e and f). This indicates that the thermal stability of rod-like κ-carbides 

in ferrite is much better than that of nano-ordered κ-carbides in austenite. 
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Figure 5.2:  SEM micrographs of steel specimens annealed at (a-b) 600 oC for 6h, (c-d) 700 

oC for 6h and (e-f) 800 oC for 6h.  
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High-resolution SEM, TEM and SADP were used to obtain high-resolution micrographs and 

to determine the orientation relationship between steel matrix and κ-carbide accurately for  

the steel specimen annealed at 700 C (Figure 5.3a-f). High-resolution SEM and TEM bright 

field images for the nano-ordered κ-carbides in austenite are shown in Figure 5.3a and b, 

respectively. The nano-ordered κ-carbides are mainly formed by means of spinodal 

decomposition, which is typical for decompositions controlled by uphill diffusion without 

experiencing the nucleation stage. The SADP of κ-carbides and the corresponding schematic 

graph of the diffraction pattern are shown in Figure 5.3e. According to the calculations of 

lattice parameter and its crystallographic structure, the lattice parameter of nano-ordered 

blocks (κ-carbides) were 3.75 Å, whereas the lattice parameter of the bright phase (austenite) 

was 3.66 Å. The orientation relationship between κ-carbide and austenite were confirmed as: 

(001)κ// (001)γ and [001]κ // [001]γ, which are the same as the well-known orientation 

relationship between gamma and gamma prime in Ni-based super-alloys [211, 224]. The rod-

like shape phase was confirmed to be κ-carbide with a lattice parameter 3.76 Å by using 

high-resolution SEM (Figure 5.3c), TEM (Figure 5.3d), SADP and its schematic graph 

(Figure 5.3f). The lattice parameter of the ferrite matrix was 2.87 Å. The orientation 

relationship between κ-carbide and ferrite was confirmed to be: (1-11)κ // (110)α and [011]κ // 

[001]α. This orientation relationship corresponds to the well-known Nishiyama-Wasserman 

relationship. This is consistent with the previous results [204]. 
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Figure 5.3: SEM micrographs of (a) the nano-ordered κ-carbide within austenite and (c) the 

rod-like κ-carbide within ferrite; TEM bright images of (b) the nano-ordered κ-carbide within 

austenite and (d) the rod-like κ-carbide within ferrite; (e) the SADP of the nano-ordered κ-

carbide within austenite and their schematic diagram of SADP and (f) the SADP of rod-like 

κ-carbide within austenite and their schematic diagram of SADP.  
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The XRD spectra, its corresponding fraction of phases, and the Vickers hardness for Fe-

34Mn-9Al-0.65C steel under different annealing conditions are shown in Figure 5.4a-c. It is 

seen that the austenite, ferrite and κ-carbide peaks appear simultaneously in Figure 5.4a. The 

fraction of each phase extracted and calculated from the XRD spectra are shown in Figure 

5.4b. An increase in the annealing temperature (from 600 to 700 oC) results in a decrease in 

the fraction of ferrite (from 40.1 to 31.3 %) whereas the fraction of austenite decreased 

slightly (from 52.9 to 45.6 %). These reductions of fraction for both phases accompany a 

significant increase in the fraction of κ-carbide (from 7.0 to 23.1 %). It can be seen from 

Figure 5.4b that the precipitation of κ-carbide occurred in both the ferrite and the austenite at 

700 oC. The maximum hardness value was obtained in the austenite with nano-ordered κ-

carbides (702 HV). This value is much higher than that in ferrite with rod-like κ-carbide (523 

HV) (Figure 5.4c). When the annealing temperature was increased to 800 oC, the fraction of 

κ-carbide decreased dramatically (from 23.1 to 5 %) due to complete dissolution of nano-

ordered κ-carbides in the austenite and continuous coarsening of rod-like κ-carbide in the 

ferrite. The corresponding hardness values for austenite and ferrite decreased to 322 and 343 

HV, respectively.  
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Figure 5.4: (a) XRD spectra for steel specimens annealed at 600-800 oC for 6h, (b) the 

calculated volume fraction of phases (austenite, ferrite and κ-carbide) via XRD results and (c) 

the Vickers hardness value of steel specimens annealed at 600-800 oC for ferrite and austenite 

regions.  
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The microstructure consisting of three regions (ferrite with rod-like κ-carbide, austenite with 

nano-ordered κ-carbide and carbide free austenite) was characterized. The concentration 

profiles of chemical elements across the phase interfaces are revealed using EDX 

measurements. The results are shown in Figure 5.5a-b.  

 

 

Figure 5.5: (a) SEM micrograph of the specific region contains three phases: austenite + 

ferrite, austenite + κ-carbide and carbide free austenite, (b) chemical compositions of alloying 

elements (Mn, Al and Fe) across the area marked by the red line, (c) a schematic diagram of 

lattice mismatch for 2 × 2 × 2 cells between κ-carbide and austenite, and (d) a schematic 

diagram of lattice mismatch for 2 × 2 × 2 cells between κ-carbide and ferrite.   
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It was found that austenite with nano-ordered κ-carbide has lower Al and higher Mn contents 

than those in ferrite with rod-like κ-carbide. The carbide-free austenite contains less Al and 

higher Mn than that in austenite with nano-ordered κ-carbide. This indicates that high Al 

promotes and stabilizes the formation of κ-carbide. κ-carbide in ferrite exhibits higher 

thermal stability rather than in austenite when the annealing temperature is increased. This is 

in good agreement with the experimental results mentioned previously. In addition, the 

diffusion of C in steel matrix plays an important role in influencing the thermal stability of κ-

carbide. It is well-known that the diffusivity of C in ferrite is about 100 times faster than that 

in austenite at ca. 700 oC [178]. Higher C diffusivity promotes the nucleation of κ-carbide in 

ferrite. Simultaneously, the lower solubility of C in ferrite helps to stabilize the κ-carbide at 

high temperature. 

Crystal Maker software was used to plot the unit cells of austenite, ferrite and κ-carbide. 

Bramifitt’s planar lattice-matching model was used to predict the lattice misfit between 

phases [225]. A 2x2x2 expansion of the austenite unit cells in (001) plane along [001] 

direction was constructed to determine the orientation relationships between phases (Figure 

5.3).  This was overlapped with a 2x2x2 expansion of the κ-carbide unit cells in (001) plane 

along [001] direction (Figure 5.5c). It is noticed that the black solid symbols correspond to 

the austenite phase, whereas the red open symbols represent the κ-carbide. In Figure 5.5c, the 

lattice misfit along [001]κ// [001]γ is calculated to be 2.7 %. Similarly, a 2x2x2 expansion of 

the ferrite unit cells in (110) plane along [001] direction and a 2x2x2 expansion of the κ-

carbide unit cells in (1-11) plane along [011] direction had been constructed and overlapped 

together in Figure 5.5d, where blue solid symbols are the ferrite phase and the red open 



155 
 
 

symbols are the κ-carbide. It was easily found that the lattice misfit along [011]κ // [001]α is 

much greater than that lattice misfit along [001]κ // [001] (2.7 %). 

The small lattice misfit between austenite and κ-carbide indicates a much better strengthening 

effect than that derived for ferrite and κ-carbide. This is mainly attributed to the small elastic 

strain energy induced by the low lattice misfit. The small elastic strain energy leads to 

activation of the spinodal decomposition at low undercooling. This is due to the small kinetic 

barrier for a first order phase transition. The nano-ordered κ-carbide can be primarily 

precipitated in austenite via spinoidal decomposition due to the low lattice-misfit strain 

(Figure 5.3a and b) and thereby strengthen steel matrix. Alternatively, the high lattice misfit 

between ferrite and κ-carbide results in a significant increase in strain energy. The higher 

stain energy leads to a larger kinetic barrier for κ-carbide precipitation. As a result, the κ-

carbides are precipitated in rod-like form in ferrite instead of nano-ordered, κ-carbides 

formed by spinodal decomposition. 

  

5.1.4 Conclusion 

(1) The precipitation characteristics of κ-carbide (size, morphology, volume fraction and 

distribution) in duplex Fe-34Mn-9Al-0.65C steel have been studied systematically  for 

various annealing conditions (600-800 C).  

(2) The thermal stability of rod-like κ-carbides in ferrite was found to be much better than 

that exhibited by nano-ordered, κ-carbides in austenite. This was mainly attributed to the 

faster diffusion of C and higher solubility of Al in ferrite compared with the values in 

austenite.  
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(3) The lattice misfit between κ-carbides and ferrite was found to be higher than that between 

κ-carbides and austenite (2.7%). The low- lattice misfit resulted in a decrease in strain energy 

which in turn, initiated spinodal decomposition. Consequently, the nano-ordered κ-carbides 

in austenite (702HV) provide a better strengthening effect compared with that rod-like, κ-

carbides formed in ferrite (523HV) at 700 oC.  

(4) Reasonable thermo-mechanical processing is urgently required to design a suitable 

microstructure of duplex lightweight steels with various sizes, morphologies, volume factions 

and distribution of κ-carbides and to provide the necessary balance in their mechanical 

properties.  

 

5.2 κ-carbide hardening in a low-density high-Al high-Mn multiphase steel 

5.2.1 Introduction 

Improving fuel efficiency and reducing vehicle emissions of CO2 have become particularly 

important in the automotive steel industry [203, 217, 219, 226–228]. A good combination of 

specific strength and ductility of steel with low mass density is urgently required to comply 

with these requirements. Therefore, lightweight (Fe-Mn-Al-C quaternary system) steels have 

been actively investigated since the early 1990s, as novel automotive steels. They exhibit 

high strength and ductility [217, 190, 194–196, 204, 209, 211, 213, 217, 223], outstanding 

deformability [211], high impact toughness [212, 218], and excellent corrosion and oxidation 

resistance [188, 190, 229]. For these reasons, aluminium (Al) is widely used in as an alloying 

element in lightweight steels to lower the mass density and improve the corrosion and 

oxidization resistance (by forming a protective oxide layer). It is interesting to point out that 

the addition of Al can cause the formation of kappa (κ) carbide in lightweight steels. The κ-
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carbide (a secondary phase with a perovskite (FCC based unit cell) ordered crystal structure ) 

with a chemical composition (Fe,Mn)3AlC , which contains one carbon atom (C) in the body 

position, one aluminium (Al) atom at the corner site and three iron (Fe)/manganese (Mn) 

atoms sited stochastically at the face centre positions, as shown in Figure 5.6 [188].  

 

Figure 5.6: Schematic diagram showing a standard κ-carbide crystal structure. 

 

It is common practice to strengthen the Fe-Mn-Al-C steels using various heat treatments [192, 

204–206, 214, 222] to form  the specific crystal structure of κ-carbide. κ-carbide has been 

regarded primarily as a harmful phase due to its hardness. Its formation has been inhibited in 

these steels by the addition of precipitation-hardening elements such as B, Ti and Nb [203, 

205]. Recently, the formation of κ-carbide has become gradually accepted in lightweight 
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steels due to its remarkable ability to improve the strength and ductility of lightweight steels 

by controlling their size, morphology, volume fraction and distribution [190].  

The formation of κ-carbides are concerned in the development of two types of lightweight 

steel, namely austenitic based steels (with relatively- high Mn and low- Al contents) and 

ferritic steels ( with relatively low- Mn and high- Al) [190]. For the austenitic lightweight 

steels (15-30 wt.% Mn, 8-12 wt.% Al and 0.3-1.2 wt.% C), a spinoidal decomposition of 

austenite to κ-carbide can be observed in carbon-enriched zones by low temperature 

treatments in the temperature range of 427-677 oC [189, 207, 214, 197, 216]. These finely 

dispersed coherent κ-carbide (with a diameter of about 20-40 nm) in austenite can 

dramatically affect the mechanical properties of the steels [190]. The formation of this κ-

carbide is predominantly controlled by the diffusion of both C and Al in austenite [214]. 

Therefore, the strengthening effect induced by κ-carbides occurs frequently in austenitic 

lightweight steels with high contents of C and Al. This results in the extraordinary properties 

of these steels (such as strengths >780 MPa and elongation of >30 %) which can be 

attributed to the formation of κ-carbide [203, 217].  

Moreover, the κ-carbides are also found in the ferritic based lightweight steels with a 

chemical composition (0-8 wt.% Mn, 5-11 wt.% Al and 0-1 wt.% C) during cooling [190, 

195, 196, 205]. By controlling a large amount of spherical κ-carbides bands can form and to 

distribute within the ferrite matrix. This leads to a simultaneous improvement in both strength 

and ductility [205]. However, unlike nano-sized ordered κ-carbides in austenite, the 

uncontrollable formation of lamellar, spherical κ-carbide bands in a ferrite matrix during 

continuous cooling frequently induces crack initiation and propagation in these steels [195, 

196]. Considerable effort has been made to suppress the lamellar κ-carbides in ferrite during 

cooling.   
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Nowadays, over 12 wt.% Al is added to these lightweight steels [230]. The high Al 

concentration helps in the density reduction. However, high concentration of Al may lead to 

the formation of uncontrollable κ-carbides, which is a contradiction for improving 

mechanical properties of the steels. Rapid quenching from high temperature (>1000 oC) is 

frequently used in the lightweight steels processing [190] in order to reduce κ-carbide 

formation. The key factor affecting the mechanical properties of lightweight steel is to control 

the size, volume fraction and morphology of the κ-carbides.  

There have been very few systematic studies providing an explanation of how the κ-carbides 

form in both austenite and ferrite phases under various annealing conditions. We have 

designed a high-Al duplex lightweight steel consisting of ferrite and austenite to monitor the 

whole precipitation behaviour of κ-carbides in both austenite and ferrite phases at various 

annealing treatments (500-1000 oC, 6-100 h). The nucleation, spheroidization, growth and 

dissolution of κ-carbides with their size, volume fraction and morphologies are observed 

using thermodynamic calculations, optical, SEM, TEM microscopes and XRD. Vickers 

hardness measurements were used to determine the correlation between microstructure 

modifications and mechanical properties of this duplex steel. In addition to the 

thermodynamic calculations, the effects of diffusion of alloying elements on phase 

transformation were analysed. XRD data provided direct evidence for detection of the κ-

carbides formation and dissolution temperatures. The aim of the study was to obtain a 

systemic understanding of κ-carbides precipitation behaviour. This could lead to both the 

successful fabrication of austenitic, ferritic or duplex-based lightweight steels to make them 

suitable for automotive applications. 
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5.2.2 Materials and methods 

5.2.2.1 Materials selection and thermomechanical processing  

The steel with a chemical composition Fe-26Mn-9Al-0.75C (wt.%) used in this study was 

produced by an induction-melting furnace, as shown in Figure 5.7.  

 

Figure 5.7: Photographs showing a process for steelmaking using induction furnace: (a) an 

induction furnace, (b) melting the steel and (c) waiting for the steel to cool.  

 

After solidification, the steel ingot was taken out from a crucible and cut into a square shape. 

The sample was homogenised in a resistance furnace at 1200 oC for 4h and then hot rolled 

from 30 mm to 3 mm in thickness at 1000-1180 oC. The hot-rolled steel plate was again 

rolled at room temperature to produce a 1 mm thick steel sheet. The rolled sheet was 

annealed at 500-1000 oC for 6h to form a microstructure containing a mixture of ferrite, 

austenite and κ-carbides in order to observe the effect of temperature on the phase 

transformation of this steel. The annealing treatment was in 6-100 h at 600-800 oC to 

investigate the effect of annealing time on phase transformation of this steel. The sheet was 

subsequently cooled by water quenching to room temperature. For convenience the 
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specimens annealed at 500 (6h), 600 (6h), 600 (48h), 600 (100h), 700 (6h), 700 (48h),700 

(100h), 800 (6h), 800 (48h), 800 (100h), 900 (6h), and 1000 (6h) oC are referred to as A1, A2, 

A3, A4, A5, A6, A7, A8, A9, A10, A11, and A12, respectively. The preheat treatments, 

rolling and annealing parameters for the square-shaped steel ingot are illustrated in Figure 5.8 

and Table 5.1.  

 

 

Figure 5.8: Schematic diagram showing the preheat treatment, rolling and annealing parameters for 

Fe-26Mn-9Al-0.75C (wt.%) steel specimens. 
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Table 5.1: Thermomechanical processing parameters for Fe-26Mn-9Al-0.75C steel.  

Materials Temperature (ºC) Time (h) 

A1 500 6 

A2 600 6 

A3 600 48 

A4 600 100 

A5 700 6 

A6 700 48 

A7 700 100 

A8 800 6 

A9 800 48 

A10 800 100 

A11 900 6 

A12 1000 6 

 

Aluminium reduces the weight of steel [230]. The density of the present steel (with 

approximately 9 wt.% aluminium in the steel) was measured by densitometry to be 6.47 gcm-

3. This brings an apparent reduction of 17.05% in comparison with pure iron (7.80gcm-3). The 

hardness of steel specimens was measured using a Vickers hardness tester under a 2 Kg load. 

 

5.2.2.2 Microstructure observation  

The statistical measurements of the size, distribution and morphology of each phase in the as-

treated and annealed specimens were obtained using optical, scanning electron microscopy 

(SEM), LEO 1525 microscope operated at 200 kV. For all optical and SEM observations, the 

steel specimens were polished and etched in a 2% nital solution. X-ray diffraction (XRD) 
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(CuKα radiation, scan rate 1o min-1, scan step size 0.03o) was used to determine the phases. 

The volume fractions of phases were measured using XRD analysis. Integrated intensities of 

the (111)γ, (200)γ, (220)γ, (311)γ; (110)α, (200)α, (211)α, (220)α and (111)κ, (200)κ, (220)κ, 

(311)κ  peaks were used for XRD analysis. For transmission electron microscopy (TEM) 

analysis, the specimens were mechanically polished to a thickness of 30 μm and punched to 

prepare disc specimens with diameter of 3mm by a copper disk cutter. They were then jet 

polished to prepare thin foil specimens by a mixture solution of perchloric acid (10 %) and 

acetic acid (90 %) with 20V at 15 oC. The thin foils were observed in a TEM (JEOL 2000FX, 

Japan) operated at acceleration voltage of 200 kV. The duplex microstructures (optical, SEM 

and TEM), and diffraction pattern of each phase of cold-rolled steel specimen are displayed 

in Figure 5.9. 
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Figure 5.9: (a) Optical, (b) SEM, (c) TEM pictures, (d)-(e) diffraction patterns analysis of austenite 

and (f)-(g) diffraction patterns analysis of ferrite in the cold rolled specimen. All yellow arrows 

represent the cold rolling directions. 

 

5.2.3 Experimental results 

5.2.3.1 Thermodynamic calculation of high temperature equilibrium phase diagram 

Thermo-Calc 3.1 with the TCFE 7.0 database was used to calculate the phase diagram for Fe-

26Mn-9Al-0.75C (wt.%) steel at high temperature (Figure 5.10). Austenite (FCC) and ferrite 

(BCC) phases region co-existed up to a temperature around 1500 K. The decomposition of 

austenite to ferrite and κ-carbides started at about 906 K (633 oC) and finished at about 710 K 

(437oC). κ-carbide started to dissolve when the temperature exceeded 906 K (633 oC).  
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 Figure 5.10: Phase diagram of Fe-26Mn-9Al-0.75C (wt.%) steel. 

 

5.2.3.2 Non-equilibrium phase diagram of annealed steel 

The XRD data of steel specimens (A1, A2, A5, A8, A11, A12) under annealing treatments 

for a temperature range from 500oC to 1000oC for 6 h are shown in Figure 5.11. 
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Figure 5.11: X-ray diffraction spectra (Cu Kα incident radiation) of steel specimens annealed at 500-

1000 oC. 

 

When the annealing temperature was increased from room temperature to 500 oC, there were 

only ferrite and austenite in the specimen (A1). κ-carbide starts to appear in the specimen (A2) 

when the annealing temperature reached 600 oC. This indicated that austenite had 
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dramatically decomposed to κ-carbide and ferrite. When the temperature reached 700 oC, 

three kinds of peak were identified. These indicated the co-existence of austenite, ferrite and 

κ-carbides in the steel specimen (A5) due to the eutectoid decomposition. At 800oC, both κ-

carbide and ferrite peaks decrease whilst the austenite peaks increase due to the dissolution of 

the κ-carbide. When the temperature increases to 900 oC, all κ-carbides peaks disappear in the 

steel specimen (A11) and the ferrite peaks continually decreases but austenite peaks increases. 

Finally, only ferrite and austenite peaks existed in the steel specimen (A12) at 1000 oC. From 

these observations, we may conclude that the triplex phases only exist in the temperature 

range from 600 to 800 oC (ie.  for samples A2, A5, and A8).  

From the XRD results, the changes in volume fraction for each phase as a function of 

temperature have been calculated and are plotted in Figure 5.12. The Vickers hardness of 

steels under different annealing conditions were also measured and are shown in Figure 5.12.  

 

 

Figure 5.12: The volume fraction of each phase and the Vickers hardness of sample as a function of 

temperature.  
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When the temperature was increased from 500 to 600 oC, the fraction of austenite decreased 

from 74.8 to 28.0 %. Both ferrite and κ-carbide fractions increased up to 60.3 and 11.7 %, 

respectively. This reduction of austenite fraction indicates the onset of the austenite 

decomposition  (γ→ 𝛼 + 𝜅). Under this annealing temperature range, the hardness rapidly 

increased to a maximum value (672 HV), which corresponds to a yield stress of above 1.1 

GPa (at 600 oC) in the stress-strain curve shown in Figure 5.13. This strengthening 

mechanism is attributed mainly to the combined effects of the fine lamellar κ-carbides in 

austenite and the dispersed, nano-sized, particulate κ-carbides in ferrite. 

 

 

Figure 5.13: A schematic drawing of a stress-strain curve for the steel sample annealed at 600 

oC for 6h. 
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When the temperature was in a range 600-700 oC, the volume fraction of austenite decreased 

to 18 %, whilst the κ-carbides increased slightly from 11.7 to 13.1 % and ferrite increased 

from 60.3 to 68.9 %. The hardness was significantly reduced to 474 HV due to the partial- 

dissolution and spheriodization of the κ-carbides. From 700-800 oC, the volume fraction of 

austenite increased to 23.6 %, whilst both ferrite and κ-carbides were decreased slightly to 

66.6 and 9.8 %, respectively. The hardness decreased continuously. For the temperature 

range 800-900 oC, the volume fraction of austenite increased to 61.1%., whilst the κ-carbides 

decreased to minimum value and ferrite decreased to 38.9 %. The hardness decreased, 

simultaneously, to a minimum value (331 HV). Above 900 oC, all the κ-carbides had 

dissolved in the steel matrix. The volume fraction of austenite increased to 65.1 %, while the 

ferrite decreased to 34.9 %.  

The dissolution temperature of the κ-carbides in this steel was calculated and measured by the 

Thermo-Calc (633 oC) and XRD (600-700 oC), respectively. A discrepancy exists between 

Thermo-Calc and XRD results, which might be attributed to the different states of the steel 

specimen. For the thermodynamically calculated phase fraction, all phases are in the 

equilibrium state, whereas the phase fraction measured by XRD is for a non-equilibrium state.   

 

5.2.3.3 Effects of annealing temperatures on κ-carbide 

The microstructure evolution of sample A1 at 500 oC is shown in Figure 5.14.  
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Figure 5.14: SEM micrographs showing (a) the microstructure evolutions of A1 annealed at 

500 oC for 6 h, (b) κ-carbides precipitated at the phase boundary between α and γ, (c) lamellar 

κ-carbides starting to form at the grain boundary of γ and (d) particulate κ-carbides 

precipitated within α. Note: the position 1, 2 and 3 represent the austenite, phase boundary 

and ferrite, respectively. 

 

At 500 oC, two major phases, austenite and ferrite, existed in A1 (Figure 5.14a) along with a 

small amount of κ-carbide. This differs from the XRD results since XRD is insensitive to 

small amounts of phases. Three positions (denoted 1, 3 and 2) show how the κ-carbides 

nucleate in austenite, ferrite and their phase boundary, respectively. It can be seen that 

lamellar κ-carbides start to nucleate at the grain boundary of austenite (Figure 5.14c). A small 

amount of particulate κ-carbide is observed in the ferrite matrix, as shown in Figure 5.14d. 
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When the temperature reached 600 oC in A2, the volume fraction of κ-carbides in positions 1 

and 3 have increased dramatically (Figure 5.15a-d). This is consistent with the XRD results.  

 

 

Figure 5.15: SEM micrographs showing (a) the microstructure evolutions of A2 annealed at 600 oC 

for 6 h, (b) κ-carbides coarsen at the phase boundary between α and γ, (c) lamellar κ-carbides fully 

precipitated by eutectoid decomposition within and γ and (d) particular κ-carbides coarsen within α.  

 

It is worth pointing out that a large amount of lamellar κ-carbides are formed in the austenite 

regions due to the eutectoid decomposition, as shown in Figure 5.15c. The particulate κ-

carbides also coarsened in the ferrite matrix as shown in Figure 5.15d. The morphology of κ-

carbides was significantly changed from lamellar to spherical shape within the austenite 

phase in position 1 in A5 (Figure 5.16a-d) at 700 oC due to the spheroidization of lamellar κ-

carbides.  
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Figure 5.16: SEM micrographs illustrating (a) the microstructure evolution of sample A5 annealed at 

700 oC for 6 h, (b) κ-carbides continually coarsen at the phase boundary between α and γ, (c) lamellar 

κ-carbides starting to spherodize and (d) particulate κ-carbides continually coarsening at grain 

boundary of α as band shape and in the grain interior as needle shape. 

 

Simultaneously, κ-carbides start to form in both the grain interior of ferrite (as a needle shape) 

and at the ferrite grain boundary (as a band shape in position 3) as shown in Figure 5.16d. 

When the annealing temperature increased up to 800 oC (Figure 5.17a-d), most of κ-carbides 

in position of 2 and 3 in A8 had dissolved.  
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Figure 5.17: SEM micrographs illustrating (a) the microstructure evolutions of A8 annealed at 800 

oC for 6 h, (b) κ-carbides dissolving completely at the phase boundary between α and γ, (c) spherical 

κ-carbides partially dissolving within the austenite matrix and (d) all κ-carbides dissolving within the 

ferrite matrix. 

 

Figure 5.17c shows spherical κ-carbides within the austenite matrix are partially dissolved. 

All κ-carbides within the ferrite matrix are dissolved as shown in Figure 5.17d. When the 

annealing temperature was extended to the 900-1000 oC range (A11 and A12 in Figure 5.18a-
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b), all the spherical κ-carbides within the austenite matrix were dissolved and only duplex 

phases (ferrite and austenite) remained in the steel matrix.  

 

 

Figure 5.18: SEM micrographs illustrating (a) the microstructure evolution of sample A11, annealed 

at 900 oC for 6 h and (b) the microstructure evolution of sample A12 annealed at 1000 oC for 6 h. All 

κ-carbides in either position 1, 2 or 3 are dissolved completely. 

 

On the basis of the above-mentioned SEM and XRD results, the phase transformation of 

lightweight steels can be classified into 5 stages, as shown schematically in Figure 5.19. All 

phase transformation stages are shown in detail in Table 5.2. 
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Figure 5.19: A schematic graph showing the 5 stages of microstructure evolution of steel specimens 

as a function of temperature. 

 

Table 5.2: 5 phase transformation stages in Fe-26Mn-9Al-0.75C steel.  

Stage Temperature 

(oC) 

Microstructure evolutions Phase 

transformation  

Phases 

1 500 A mixture phases 

consisting of ferrite , 

austenite and a little 

portion of κ-carbide 

γ → α + κ  

 

TRIPLEX (κ-carbide, 

ferrite and austenite) 

2 600 Development of a large 

amount of lamellar κ-

carbides in austenite and 

spherical κ-carbides in 

ferrite  

γ → α + κ  

 

TRIPLEX (κ-carbide, 

ferrite and austenite) 

3 700 Fragmentation and 

spheroidization of 

lamellar κ-carbides in 

austenite, formation of 

α + κ → γ TRIPLEX (κ-carbide, 

ferrite and austenite) 
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band shape of κ-carbides 

at grain boundary of 

ferrite and appearance of 

needle shape of κ-

carbides in grain interior 

of ferrite 

4 800 Growth of spherical κ-

carbides in austenite; 

significant dissolution of 

κ-carbides within ferrite 

α + κ → γ TRIPLEX (κ-carbide, 

ferrite and austenite) 

5 900-1000 Complete dissolution of 

κ-carbides in steel matrix 

α → γ  Duplex (ferrite and 

austenite) 

 

TEM was used to determine the existence of the three different phases (austenite, ferrite and 

κ-carbides). The orientation relationships between κ-carbides and steel matrix were detected 

by selected area diffraction patterns (SADP) for A2 steel specimens. Figure 5.20 shows a 

TEM bright field image, SADP and its corresponding schematic diagram of SADP for A2.  

 

 

Figure 5.20: (a) TEM bright field image of A2 steel specimen, (b) SADP and (c) its corresponding 

schematic diagram of the N-W orientation relationship between κ-carbide and ferrite. 
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Figure 5.21: TEM micrographs in A11 steel show (a) bright field image of austenite and (b) its 

associated SADP; (c) bright field image of ferrite and (d) its corresponding SADP. 

 

From the calculations of lattice parameters and crystal structure, the black lamellar shape 

phase is κ-carbides (with peroviskite structure) with lattice parameters 3.75 Å, whereas the 

light- grey phase is ferrite (BCC) with lattice parameters 2.92 Å. The orientation relationship 

between ferrite and κ-carbides is (11-1)κ // (110)α and [011]κ // [001]α. This orientation is 

Nishiyama-Wasserman (N-W) relationship, which is consistent with the previous results [195, 

196, 230]. For A11, only austenite (FCC with lattice parameters 3.62 Å) and ferrite (BCC 

with lattice parameters 2.90 Å) are confirmed from the calculations in Figure 5.21. This is 

consistent with the SEM and XRD observations.  

 



178 
 
 

5.2.3.4 Effects of annealing time on κ-carbide 

The microstructural observations described above confirm that κ-carbides exist in a 

temperature range from 600-800 oC. The effect of annealing time (6-100h) on κ-carbide at 

this temperature range is shown in SEM micrographs (Figure 5.22 for A2, A3 and A4; Figure 

5.23 for A5, A6 and A7; and Figure 5.24 for A8, A9 and A10). 

 

Figure 5.22: SEM micrographs of the (a-c) A2 with different magnifications, (d-f) A3 with 

different magnifications and (g-i) A4 with different magnifications, and they show that 

lamellar κ-carbides are continually coarsening in the steel matrix at 600 oC for 6 to 100h. 
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Figure 5.23: SEM micrographs of the (a-c) A5 with different magnifications, (d-f) A6 with 

different magnifications and (g-i) A7 with different magnifications, and they show that 

lamellar κ-carbides are transformed into spherical particles within austenite region and some 

boundary κ-carbide and needle -shaped κ-carbide start to precipitate in ferrite region at 700 

oC for 6 to 100h. 
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Figure 5.24: SEM micrographs of the (a-b) A8 with different magnification, (c-d) A9 with 

different magnification, (e-f) A10 with different magnification. They show that the spherical 

κ-carbide within the austenite region is growing continually and all κ-carbide in the ferrite 

region dissolves at 800 oC for 6 to 100h. 
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Both the size (based on the SEM micrographs of steel specimens above) and Vickers 

hardness of κ-carbide are plotted as a function of annealing time in 5.25.  
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Figure 5.25: Vickers hardness of κ-carbide with (a) lamellar- shaped carbide in austenite at 

600 oC for 6-100 h, (b) spherical- shaped carbide in austenite at 700 oC for 6-100 h and (c) 

spherical- shaped carbide in austenite at 800 oC for 6-100 h. 

 

The lamellar thickness and hardness of κ-carbide increase by 52% and 5.8%, respectively.  

The specimens annealed at 600 oC and the annealing time increased from 6 to 100 h is shown 

in Figure 5.25a. Figure 5.25b presents the diameter of spherical κ-carbide. The thickness and 

hardness increased by 33% and 17%, respectively at 700 oC for treatments of 6 to100 h. 

However, most of κ-carbides in ferrite had disappeared in all the samples studied. The 

spherical κ-carbides in austenite coarsened significantly (1300%) with increasing annealing 

time (6-100 h) at 800 oC. This results in a reduction of the hardness by 9.3% (Figure 5.25c). 

This inversely proportional relationship between spherical κ-carbides size and Vickers 

hardness (Figure 5.25c) shows that the dissolution of spherical κ-carbides into the steel 

matrix occurs at 800 oC.  

The effects of annealing temperature on the growth rate and hardness increase rate are shown 

in Figure 5.26. The growth rate of lamellar κ-carbide was determined to be about 12101  m/s 

at 600 oC (A2. A3 and A4). The hardness increase rate was about 4101  HV/s. 

Spherodization occurs at 700 oC (A5, A6 and A7) and all lamellar κ-carbide transformed into 

spherical κ-carbide.  The growth rate of spherical κ-carbide diameter was determined to be 

about 12101  m/s. The hardness value rate was 4101  HV/s. At 800 oC (A8, A9 and A10), 

the growth rate of spherical κ-carbide was measured to be 111010  m/s and the corresponding 

change rate of hardness values was 4101  HV/s. It can be concluded that the growth rate of 

both lamellar κ-carbides and spherical κ-carbide at 600-700 oC is effectively prohibited in 

comparison with that of κ-carbide at 800 oC. 
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Figure 5.26: Diagrams showing (a) the growth rate of κ-carbide and (b) the increase in 

hardness rate as functions of temperature. 

 

5.2.4 Discussion 

The lightweight steel (Fe-26Mn-9Al-0.75C wt.%) basically contains three phases (austenite, 

ferrite and κ-carbides) with various sizes, volume fractions and morphologies, which affect 

the mechanical properties under different annealing temperature and time conditions. The 
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investigation of the precipitation behaviour of κ-carbides is particularly important for the 

fabrication of lightweight steel. This is due to the strong correlation between κ-carbides and 

mechanical properties. The κ-carbides are one of strengthening phases in lightweight steel 

and have a chemical composition of (Fe,Mn)3AlC, which can be controlled by the 

segregation of alloying elements (C, Al and Mn) [190]. In stage 1 (A1 at 500 oC for 6h), two 

kinds of κ-carbides (lamellar κ-carbides and particulate κ-carbides) nucleate simultaneously 

in the austenite matrix and the ferrite matrix, respectively. The lamellar κ-carbides are 

frequently found at the grain boundaries of the austenite matrix (position 1 in Figure 5.14b) 

as a result of the decomposition of austenite (   ). Alloying element behaviour 

(especially the C) has a dramatic effect. Thermo-Calc software was used to calculate the 

equilibrium concentrations of C, Al and Mn as a function of temperature from 500 to 1000 oC, 

as shown in Figure 5.27a-c. The ratio of phases (γ/α) of alloying elements as a function of 

temperature were obtained from Figure 5.27 and depicted in Figure 5.28.  
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Figure 5.27: Diagrams showing calculated equilibrium concentration of (a) C, (b) Al and (c) Mn in 

ferrite and austenite using Thermo-Calc software. 
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Figure 5.28: Diagram showing the relationship between the phase ratio, γ/α and temperature 

for C, Al and Mn in Fe-26Mn-9Al-0.75C steel.  

 

It is noticed that the (γ/α) ratio of C is much higher than that of both Mn (γ/α=1.4-1.5) and Al 

(γ/α=0.5-0.6) from 500 to 1000 oC. This high (γ/α) ratio of C leads to a significant dissolution 

of C in austenite rather than in ferrite. Additionally, the diffusion behaviour of alloying 

elements play an important role in influencing the eutectoid decomposition, which can be 

generally expressed in the form of an Arrhenius relationships [198]: 

)exp(
RT
QAD                                                        (5.1)  

          )()ln()ln(
RT
QAD                                                      (5.2) 

where D refers to diffusion coefficient, A to frequency, Q to activation energy, T to absolute 

temperature and R=8.314 J/(molK). For the temperature at 500-1000 oC, all three alloying 
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elements (C, Mn and Al) associated with the diffusion factors of Equation 5.2., as given in 

Table 5.3 

 

Table 5.3: Factors related to diffusion coefficient of C, Mn and Al in steels. 

Elements Phase Frequency, 

A (cm2s-1) 

Activation energy, 

Q (kJ mol-1) 

Temperature 

range, T (K) 

Reference 

C Austenite 0.23 148 700-1373 [33] 

C Ferrite 6.2x10-3 80 700-1373 [33] 

Mn Austenite 0.16 261.7 1193-1553 [33] 

Mn Ferrite 0.35 219.8 1073-1173 [33] 

Al Ferrite 1.6 304.32 1048-1173 [36] 

 

The diffusion coefficient as a function of temperature (based on the data in Table 5.3) is 

plotted in Figure 5.29.  
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Figure 5.29: A schematic graph of diffusion coefficient as a function of temperature for C, Al 

and Mn in steels. 

 

The diffusion coefficients of C in both ferrite and austenite are much higher than those of Al 

and Mn at 500-1000 oC. This is probably due to the atomic radius of the elements. C has an 

atomic radius 0.77 Å. Al and Mn have atomic radius 1.25 Å and 1.40 Å, respectively [1]. The 

combined effects of the higher (γ/α) ratio and a higher diffusion coefficient for C lead to an 

initiation of eutectoid decomposition in austenite. It can be seen that for position 3 in Figure 
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5.14d, a few κ-carbides (with sizes about 100 nm) are nucleated within the ferrite, which is 

attributed to the C diffusion from the neighbouring austenite. 

In stage 2 (A2 at 600 oC for 6 h), more κ-carbides (up to 11.7%) are formed; this indicated 

that the eutectoid decomposition of austenite (which decreased from 74.8 to 28%) was 

significantly accelerated at 600 oC. A higher annealing temperature leads to both a higher (γ/α) 

ratio of C and a higher diffusion coefficient of C in austenite since this decomposition is 

related to the behaviour of alloying elements.  As a result, the lamellar κ-carbides (with size 

about 0.4 μm) fully occupy the austenite matrix, as is shown in position 1 in Figure 5.15a. In 

addition, the percentage of lamellar κ-carbides in austenite can be roughly calculated to be 84% 

from image J in Figure 5.15c; this is significantly higher than that of particulate κ-carbides in 

ferrite (32%) in Figure 5.25d. This indicates that κ-carbides are easily and quickly formed in 

austenite, due to its specific, crystallographic structure. The κ-carbides are known to exhibit a 

perovskite structure, with a lattice constant in the range, 3.7-3.8 Å, which are similar to those 

for the austenite FCC structure. According to the TEM results in Figure 5.20, the lattice 

constant of ferrite, austenite and κ-carbides are determined to be 2.92, 3.62 and 3.75 Å, 

respectively. The lattice misfit (δ) between austenite and κ-carbides is calculated to be 3.47%; 

this shows the formation of the coherent, interface energy term ( G ) between austenite and 

κ-carbides is relatively low. Consequently, more κ-carbides are formed in austenite rather 

than in ferrite. Annealing temperature and time would also be expected to have a great impact 

on the lamellar κ-carbides. It can be seen from Figure 5.25a, that slight increases in size are 

accompanied by increases in the hardness of lamellar κ-carbides. This can be explained by 

the decreasing of volume fraction of austenite at this temperature, which leads to an increase 

in the Mn contents which to stabilize it [214]. As a result, more Mn replaces the Fe to bond 
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with C which then form lamellar κ-carbides in austenite. These lamellar κ-carbides have a 

higher hardness because Mn-C bonds are stronger than those of Fe-C bonds.  

The κ-carbides in position 1 and 2 are dramatically changed when the annealing temperature 

is increased up to 700 oC for 6 h for A5 in stage 3 (Figure 5.16a-d). For position 1 in Figure 

5.16a, most of lamellar κ-carbides have transformed into spherical κ-carbides (with a 

diameter about 1.2 μm). This transformation is very similar to the spheridization of lamellar 

cementite in high-carbon, ferrite-pearlite steel. Thus the spheridization of lamellar κ-carbides 

in lightweight steels can be attributed to the reduction of surface free energy., The partial 

dissolution of lamellar κ-carbides also occurs in the austenite matrix, which can be directly 

proved by the variation of d-spacing of phases [231], as shown in Figure 5.30.  
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Figure 5.30: (a) XRD spectra of (111)γ peaks and (c) the d-spacing of (111)γ peaks as a 

function of temperature; (b) XRD spectra of (110)α peaks and (d) the d-spacing of (110)α 

peaks as a function of temperature. The red lines indicate the dissolution temperature of κ-

carbides. 

 

Figure 5.30a and c show that the d-spacing of (111)γ plane decreased from with increasing 

temperature between 500 and 645 oC. This reduction of d-spacing is associated with the 
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formation of lamellar κ-carbides in austenite because a lower value of the d-spacing for the 

(111)γ  planes leads to increases in diffusion rate for the alloying elements (C, Mn, Al) in 

austenite. However, when the d-spacing starts to increase above 700 oC, the lamellar κ-

carbides are partially dissolved. For the position 2 in Figure 5.16d, the κ-carbides were 

continually precipitated and then coarsened; the carbides were band- shaped for grain 

boundaries of ferrite and were needle- shaped in the grain interior of ferrite. This continually- 

increasing volume of κ-carbides within ferrite could be attributed to the partial dissolution of 

lamellar κ-carbides in austenite. As the lamellar κ-carbides dissolve into the austenite, more 

alloying elements will diffuse into neighbouring ferrite to form κ-carbides at 700 oC. 

Therefore, κ-carbides can nucleate and grow at the high -energy sites (such as the grain 

boundary and grain interior with defects). The d-spacing of the (110)α plane (Figure 5.30b 

and d) provides direct evidence of κ-carbides precipitation behaviour in ferrite. The 

dissolution temperature for κ-carbides in ferrite is appromately 710 oC, which is much higher 

than that for κ-carbides in austenite (645 oC). 

In the stage 4 (Figure 5.17), the annealing temperature is increased to 800 oC and last for 6h. 

A8 resulted in both a decrease in the volume fraction of κ-carbides and increased 

spheroidization of κ-carbide. This is attributed to the strong relationship which exists between 

diffusion and temperature. Higher temperatures lead to larger increases in the diffusion of 

alloying elements and thus promote the dissolution of κ-carbides [190]. Enhanced d-spacing 

of the phase also plays an important role in affecting the dissolution of κ-carbides. A larger d-

spacing of phase indicates a higher capability to dissolve alloying elements in the phase and 

thus the phase has a greater ability to dissolve other phases. The dissolution rate of κ-carbides 

in ferrite was much faster at 800 oC. In comparison with dissolution rate of κ-carbides in 
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austenite. This was mainly attributed to the higher diffusion coefficient of C in ferrite (Figure 

5.29).  

Stage 5 shows the microstructure evolution of steel specimens (A11 and A12) annealing at 

900-1000 oC for 6 h. It can be seen that all κ-carbides had completely dissolved and only a 

duplex mixture of austenite and ferrite remained in the steel matrix (Figure 5.18). These 

results are consistent with XRD and TEM results (Figure 5.12 and Figure 5.19).  

The mechanical properties of steel specimens under annealing treatment were also analysed. 

The relationship between yield strength and hardness value has been established by Ashby, 

Jones and Tabor [220] and it can be expressed as the empirical equation below: 

3
HV

s                                                                (5.3)  

The yield strength is equal  twice the value of the stress  according to the Tresca Criterion 

[220],  as shown below: 

s 02                                                             (5.4) 

Consequently, the hardness value is equal to 6-times the value of the stress: 

HV06                                                            (5.5) 

Since there is an inverse relationship between the strengthening effect and the spacing 

between secondary particles, a smaller spacing will lead to a higher stress (hardness) of  the 

material [1]:  




GbHV


60                                                                                      (5.6) 
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where G  is shear modulus, b  is the magnitude of burger vector,   is the spacing between 

secondary particles. Based on the precipitation hardening theory, the strengthening 

mechanisms induced by secondary particles can be divided into two types: one results from a 

dislocation cutting through particles and the other involves dislocations bowing around 

particles. The former type, indicates that the mechanical properties (hardness and stress) are 

proportional to the size of secondary particles (r), as expressed [1]: 





bL

rHV


60                                                 (5.7) 

where   is the surface energy and L  is the spacing between pinning points. The latter type 

will play an important role in influencing the strengthening mechanism when  r exceeds a 

critical value (rcritical); the stress (hardness) is inversely proportional to r [1] in this case: 

rL
GbHV

260


                                                         (5.8) 

On the basis of the above equations and Figure 5.26, it was predicted that the critical size of 

secondary particles is about 1.6 μm. This means that dislocation cutting becomes the 

dominant mechanism in strengthening steels when the size of precipitate is less than 1.6 μm. 

Conversely, the strengthening mechanism by the dislocation- bowing will become dominant 

when the size of precipitate is larger than 1.6 μm, which will weaken the steels. 

 

5.2.5 Conclusion 

The precipitation behaviour of κ-carbides has been systematically investigated in a Fe-26Mn-

9Al-0.75C (wt.%) duplex, lightweight steel during annealing treatments of (500-1000 oC and 
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6-100 h). The following conclusions have been drawn from the thermodynamic calculations 

and experimental observations: 

1. Isopleth phase diagram and non-equilibrium phase diagram of the steel at 500-1000 oC 

have been calculated by Thermo-Calc software and measured by XRD. These 

thermodynamically calculated results shows a difference from the XRD results.  

2. The higher solubilities (γ/α ratio) and diffusion coefficients of alloying elements lead to the 

precipitation of κ-carbides in austenite rather than in ferrite. 

3. The lower lattice misfit (δ) between austenite and κ-carbides results in a lower coherent 

interface energy and, in turn, easier and more rapid formation of κ-carbides in austenite. 

4. The spheriodization of κ-carbides accompanied by partial dissolution in austenite was 

detected directly by XRD data (d-spacing). The variations in d-spacing also prove that the 

dissolution of temperature of κ-carbides in austenite is much lower than that in ferrite.  

5. The mechanical properties of steel specimens can be effectively optimized by various 

annealing treatments when the size of κ-carbides is under 1.6 μm.  

6. Experimental results show that the precipitation behaviour of κ-carbides is strongly 

dependent on the solubility and diffusion of alloying elements, the crystallographic structure 

and the d-spacing.  

 

5.3 Electropulse-induced nanocrystallization of κ-carbide in duplex lightweight steels 

5.3.1 Introduction 

Lightweight Fe-Mn-Al-C quaternary steels have been developed and widely investigated in 

many research fields [190, 195, 196, 204–206, 212, 214–217, 230]. These steels have 



196 
 
 

outstanding properties, such as low density, an excellent combination of strength and 

plasticity, strong corrosion and oxidization resistance, compared with TWIP or TRIP steels 

[188, 190, 192, 196, 202, 204–206, 210, 214, 215, 232]. For instance, a tensile strength 

greater than 780 MPa and elongation of above 30 % can be achieved in these low- density, 

Fe-Mn-Al-C steels which make use of precipitation strengthening from the nano-sized κ-

carbides ((Fe,Mn)3AlC) [188]. These excellent mechanical properties are mainly achieved by 

manipulating the fraction, morphology, volume fraction and size distribution of κ-carbides 

within the steel matrix [188, 190, 204–206]. However, unlike other precipitates, the 

uncontrollable formation of lamellar κ-carbide bands in the ferrite matrix (from continuous 

cooling) frequently, induces crack- initiation and - propagation in these high-Al lightweight 

steels during rolling [194–196, 204–206, 214].  Thus, a method to suppress and retard the 

crack- formation during rolling is urgently required for the fabrication of high-performance, 

high-Al, lightweight steels. 

The reduction of crack- formation in lightweight steels during the forming process has been 

tackled in previous studies through the precise control of heat treatments and through 

appropriate alloying element (e.g. Mn or C) additions. These methods effectively reduce the 

volume fraction of κ-carbide and alter the morphology of κ-carbide and thereby suppress  

cracking [195, 196].   

It is proposed here that EPT could provide a more environmentally friendly, cheaper and 

efficient approach to reach the target (suppression of cracking). EPT is an instantaneous high- 

energy input technique which is widely used to modify the microstructures of many 

engineering metals and alloys by utilising their electrical properties [33–162]. EPT can 

effectively change the volume fraction of phases at the same time as promoting high 

electrical conductivity of the various phases during phase transformations or recrystallization 
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[68–133]. Therefore, the present study aims to investigate the possibility of utilizing EPT to 

produce ultrafine-grained microstructures and to promote high electrical conductivity of 

phases in Fe-Mn-Al-C steels. 

For this purpose, two lightweight steels were selected as reference materials (Fe-26Mn-9Al-

0.75C with lamellar κ-carbide and Fe-34Mn-9Al-0.65C with nano-ordered κ-carbide to 

investigate the effect Mn additions on both the morphology of κ-carbide and crack- formation 

during rolling. One of these specific lightweight steels (the one with the lower Mn content 

(26 wt.%)) containing lamellar κ-carbides was subsequently subjected to a pulsed electric 

current. With respect to the previously mentioned problem, this sub-chapter mainly aims to 

suppress crack- formation by manipulating the morphology and volume fraction of κ-carbide 

using EPT. The thermal and electric effects of EPT on lightweight steels are discussed from 

the viewpoint of the kinetic and thermodynamic aspects. The relevant experimental results 

(SEM, TEM, SADP and EBSD) are presented. The mechanisms are discussed for, when 

using a pulsed electric current to produce a desired microstructure, in order to suppress crack- 

formation in lightweight steels. 

 

5.3.2 Materials and methods 

The chemical compositions of the two steels used in present study are given in Table 5.4. 

Table 5.4: Chemical compositions of two steels used in current experiment.  

No. Mn (wt.%) Al (wt.%) C (wt.%) Fe (wt.%) 

1 26 9 0.75 Balance 

2 34 9 0.65 Balance 
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The thermo-mechanical processing for the steels have been described in Sections 5.1 and 5.2, 

as illustrated in Table 5.5.  

 

Table 5.5: The thermomechanical processing parameters on the two steels. 

Materials Annealing temperature (°C) Annealing time (h) 

Fe-26Mn-9Al-0.75C 600 6 

Fe-34Mn-9Al-0.65C 700 6 

 

Two lightweight steel plates were first cold-rolled to 70% reduction via an auto-rolling 

machine in order to verify the possibility of using Mn additions o to increase the formability 

(suppression of cracking) for lightweight steels.  

To verify the possibility of utilizing EPT to improve the formability (suppression of cracking) 

of lightweight steels, a specific lightweight- steel plate (Fe-26Mn-9Al-0.75C) was selected. 

In order to carry out comparisons of microstructure between with and without EPT for the 

Fe-26Mn-9Al-0.75C steel, a pulsed electric current generator was connected to the sample 

specimen edges (parallel to the rolling direction) and a pulsed electric current with frequency 

1 Hz, duration 110 μs, voltage 2.5 kV and current density 91092.1   Am-2 are applied at 

room temperature. The overall experimental process of EPT on Fe-26Mn-9Al-0.75C steel 

were illustrated in Figure 5.31. 
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Figure 5.31: Schematic diagrams showing the EPT experiment.  

 

Optical microscopy, high-resolution SEM (Leo) and TEM (2000FX) were used to observe 

the microstructure evolution of steel specimens (with and without EPT). For optical and SEM 

analysis, the sample specimens were ground, polished and etched in 2 wt. % Nital for 10s. 

For transmission electron microscopy (TEM) analysis, the specimens were mechanically 

polished to a thickness of 30 μm, punched to prepare disc- specimens (diameter 3 mm) using 

a copper disc cutter; these specimens were then jet polished to prepare thin foil specimens 

using a mixture solution of perchloric acid (10 %) and acetic acid (90 %) with 20 V at 15 oC. 

The thin foils were observed in a TEM (JEOL 2000FX, Japan) operated at an acceleration 

voltage of 200 kV. The grain size, after EPT, was then measured using Electron back-

scattered diffraction (EBSD). The electrical conductivities of the steel specimens (with and 

without pulsed electric current) were measured using a Microhmmeter (DO5000 series).  
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5.3.3 Experimental results 

The effects of Mn additions on crack formation in lightweight steels (Fe-26Mn-9Al-0.75C 

and Fe-34Mn-9Al-0.65C) after cold rolling were studied by optical micrographs shown in 

Figure 5.32. It was apparent that significant cracking was initiated and propagated within the 

Fe-26Mn-Al-0.75 steel plate. In contrast, there were no obvious signs of cracking occurring 

in the Fe-34Mn-9Al-0.65C steel plate. The formability of lightweight steels was improved by 

the Mn additions. High-resolution SEM, TEM and SADP were used to observe the 

microstructure evolution of steels with different Mn contents. Figure 5.32c and d show the 

SEM micrographs of Fe-26Mn-9Al-0.75C and Fe-34Mn-9Al-0.65C steels, respectively. It is 

obvious shows from Figure 5.32c that a huge amount of lamellar phases existing in the Fe-

26Mn-9Al-0.75C steel matrix. These could be the sites where cracking is initiated.  

According to the TEM (Figure 5.32e) and SADP (Figure 5.32g) analysis, these lamellar 

phases are lamellar κ-carbide (with lattice parameter of 3.75 Å) which exhibit a typical N-W 

relationship ((11-1)κ // (110)α and [011]κ // [001]α) with a ferrite matrix.  SEM (Figure 5.32d), 

TEM (Figure 5.32f) and SADP (Figure 5.32h) confirm that a large number of nano-ordered, 

κ-carbide (with lattice parameters 3.75 Å) particles exist in the austenite matrix of another 

steel plate (Fe-34Mn-9Al-0.65C). The orientation relationship between κ-carbide and 

austenite is determined to be (001)κ // (001)γ and [001]κ // [001]γ. The lattice mismatch 

between κ-carbide and steel matrix is probably the main reason why Mn additions are so 

effective in altering the formability of lightweight steels. For the Fe-26Mn-9Al-0.75C steel, 

the lattice mismatch between lamellar κ-carbide and ferrite is much greater than that between 

nano-ordered, κ-carbide and austenite (2.7%) in Fe-34Mn-9Al-0.65C steel. The larger 

mismatch results in a greater probability of generating cracks. These experimental results are 
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consistent with literature findings [195, 196]. Adding alloying elements such as Mn can 

change the morphology of κ-carbide in such a way that crack- formation is suppressed in 

lightweight steels during rolling.  

In order to observe the κ-carbide stability under EPT for Fe-26Mn-Al-0.75C steel, numerous 

SEM micrographs and EBSD maps have been conducted, as shown in Figure 5.33. It was 

clearly shown that the lamellar κ-carbides are completely fragmented and refined into nano-

sized spherical κ-carbides (250 nm) (Figure 5.33a and b). Figure 5.33c and d present EBSD 

maps for steel specimen with EPT and the average grain size of steel specimen was 

calculated to be 1.46 μm. EPT is an efficient method to affect the stability of κ-carbide as 

fabricating nanoscale κ-carbide (250 nm) and ultrafine grained microstructure (average 1.46 

μm) for Fe-26Mn-9Al-0.75C steel. 

Bright field TEM micrographs were used to further confirm the above-mentioned SEM 

results, as shown in Figure 5.34. EPT can significantly refine micro-scale lamellar κ-carbide 

(Figure Figure 5.34a and c) into nano-scale κ-carbide (Figure 5.34b and d). The orientation 

relationship between ferrite and κ-carbide remained the same as that in the N-W relationship 

for the steel specimen after EPT on the basis of SADP analysis (Figure 5.34e-h).  
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Figure 5.32: Optical micrographs of steel specimens (a) with 26Mn (b) with 34Mn, and their 

corresponding SEM images for microstructure (c) with 26Mn (d) with 34Mn. The TEM 

micrographs of (e) lamellar κ-carbide and (f) nano-ordered κ-carbide and their corresponding 

(g) SADP between lamellar κ-carbide and ferrite matrix, and (h) SADP between nano-

ordered κ-carbide and austenite matrix.  
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Figure 5.33: SEM micrographs of steel specimens (a) without and (b) with EPT. Most of 

lamellar κ-carbides are fragmented into nano-sized spherical κ-carbide particles. The EBSD 

maps of steel specimen with EPT (c-d) at different magnifications. The average grain size of 

steel specimen after EPT is appromately 1.46 μm.  
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Figure 5.34: TEM bright images of steel samples (a and c) without EPT and (b and d) with 

EPT. Selected area diffraction patterns of (e) κ-carbide, (f) ferrite and (g and h) the N-W 

orientation relationship between κ-carbide and ferrite and its corresponding schematic 

diagram, respectively. 
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5.3.4 Discussion 

It is well known that temperature plays an important role in affecting grain refinement during 

recrystallization. Usually, it is the pulsed electric current results in Ohmic heating (thermal 

effect) which impacts on the microstructural evolution in various alloys [68–133]. The 

temperature induced by a pulse of 110 μs in the electric current for this steel specimen is less 

than 200 oC. This is much lower than the recrystallization temperature 450-750 oC, Thus the 

observed grain refinement in this steel must be due to the non-thermal effect.  

From the thermodynamic point of view, the Gibbs free energy associated with 

recrystallization process, (especially the nucleation rate of phases) is influenced by EPT [68–

133]. For a steel containing dual phases (κ-carbide and ferrite), the geometric morphology of 

each phase has a great impact on the electrical property as shown in Figure 5.35 [99, 168]. 

The brown elongated κ-carbide has an electrical conductivity (
 ), which is lower than that 

of the green ferrite matrix (
f ) due to the low carbon (less than 0.02 wt.%) and high iron 

fraction in ferrite phase at approximately 200 oC [99]. According to classical nucleation 

theory, the nucleation process takes place with EPT and can be expressed as [80, 92, 118, 

128]: 

)exp(
RT
GII elec

re


                                                   (5.9) 

where Ir is the nucleation rate of the cold-rolled steel sample without EPT, R is the 

Boltzmann constant, T is the absolute temperature, ΔGelec is the additional Gibbs free energy 

induced by EPT. Among them, the ΔGelec can be generally defined as [233]: 

)2(
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where j is the current density, ΔV is the volume of particle, K is a material constant (K), αB 

and αA are the electrical conductivity of κ-carbide and ferrite, respectively. Since the 

electrical conductivity of κ-carbide is lower than that of ferrite (    ), it can be 

predicted that 0 elecG . Thus, the more negative the value of ΔGelec, the more positive the 

value of the nucleation rate (Ie). Finally, grain refinement of the steel sample can be achieved 

by EPT through a reduction in the Gibbs free energy associated, with electric current. 

Furthermore, the phase size and morphology can also affect the electrical conductivity of 

steel sample. In Figure 5.35a, the micro-sized, elongated κ-carbide and ferrite matrix reduces 

the electrical conductivity of the Fe-26Mn-9Al-0.75C steel. After passing a pulsed electric 

current, both the elongated κ-carbide and the ferrite matrix fragment from micro-scale 

particles to nano-scale, disconnected, circular grains occur. Hence to it is important create 

more flow routines forming along the pulsed sample, as displayed in Figure 5.35b [99, 168]. 

More flow routines make it easier the electric current to pass through the steel sample, which 

is strongly dependent on the specific property of EPT (i.e. electric-current treatment can 

significantly increase the electrical conductivity of sample by promoting more high-

electrical-conductivity phases) [49–67]. Based on the analysis of SEM images (Figure 5.33a 

and b), pulsed electric current is unfavourable to promote the κ-carbide in this steel and hence 

to initiate the nano-crystallization of κ-carbide. The thermodynamics of steel associated with 

the pulsed electric current should be considered for the phase promotion phenomenon. The 

main hypothesis for the observed event may be developed from the fact that pulsed electric 

current can change the difference in Gibbs free energy of the steel system, via the difference 
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in electrical conductivity of each phase. The total Gibbs free energy (G) of steel with pulsed 

electric current treatment can be generally expressed as [99, 168, 172] 

elecsurfchem GGGG                                               (5.11) 

'
'

'' )()()()(
8

drdr
rr

rjrjrjrjG aabb
elec 











                             (5.12)                  

where Gchem is the bulk phases chemical energy, Gsurf  the interface free energy and Gelec 

the pulsed electric current free energy,  the magnetic permeability, r and r are two different 

positions inside the sample specimen,  rjb

 and  rja

  are current density without and with 

pulsed electric current, respectively. It can be predicted that 0 elecG  when    rjrj ab


 . 

The sum of extra bulk chemical energy and interface free energy at equilibrium state will be 

increased as more ferrite phase promoted by pulsed electric current 

( elecsurfchem GGG  ). Our measurements of the electrical conductivity for steel 

specimens without and with pulsed electric current are 6.37  106 S/m and 7.94  106 S/m, 

respectively. Thus the electrical conductivity of the specimen increased by 24.6 % when a 

pulsed electric current is applied. This is in good agreement with previous work for the non-

thermal effect of a pulsed electric current on increasing the electrical conductivity of steel, 

obtained with theoretical predictions and experimental data. Thus, EPT enhances both the 

nucleation rate of a microstructure consisting of κ-carbide and ferrite, and promotes the 

formation of a high-electrical-conductivity phase (i.e. ferrite) in Fe-26Mn-9Al-0.75C steel. 

The fragmentation of lamellar κ-carbide via EPT also benefits the formability of lightweight 

steel during rolling, as shown in Figure 5.35c and d. According to the literature, the long 

lamellar κ-carbides break to form micro-cracks; these cracks grow and coalesce with 

neighbouring micro-cracks to form large cracks, perpendicular to the force direction, which, 
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subsequently, lead to permanent fracture, as shown in Figure 5.35c. Conventionally, the crack 

formation during rolling can be prevented by temperature-control and by modifying the 

alloying element additions. EPT was used here to refine the long, lamellar κ-carbide to nano-

scale particles and was found to be effective in suppressing and retarding crack formation, as 

shown in Figure 5.35d. Eventually, smaller amounts of smaller-sized κ-carbide can be 

fabricated by EPT in Fe-26Mn-9Al-0.75C steel and thereby, significantly improve the 

formability (suppressing crack- formation during rolling). 

 

 

Figure 5.35: Schematic diagrams showing the effect of EPT on crack- formation: (a) and (c) 

microstructure evolution without EPT; and (b) and (d) microstructure evolution with EPT. 
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EPT can be a potential method to suppress and retard crack- formation effectively in Fe-

26Mn-9Al-0.75C steel during rolling. 

 

5.3.5 Conclusion 

In summary, an ultrafine- grained microstructure, consisting of κ-carbide particles (with 

average grain size of 250 nm) and the ferrite matrix (with average grain size of 1.46 μm) was 

produced using EPT in a Fe-26Mn-9Al-0.75C lightweight steel.  

(1) EPT is strongly dependent on the combination of thermal (Ohmic heating) and non-

thermal effects (thermodynamic) of pulsed electric current.  

(2) This ultrafine- grained, microstructure in lightweight steels is very beneficial to the 

formability (ie. in suppressing and retardating crack- formation) during rolling. This is 

mainly attributed to the increases in the nucleation rate and the promotion of the 

formation of phases with higher electrical conductivity.  

(3) Microhmmeter measurements showed the electrical conductivity of sample increased 

from 6.37  106 S/m and 7.94  106 S/m after EPT, which is in good agreement with 

above-observed experimental results.  
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Chapter 6 Stability of martensite with pulsed electric current in 

dual-phase steels  

 

6.1 Introduction 

Dual-phase, ferritic-martensitic steels with favourable combinations of high strength and 

good ductility have attracted significant attention recently in the automotive industries [234–

239]. Although, dual-phase steels have outstanding mechanical properties compared with 

conventional steels, it has been reported that isothermal tempering of martensite (involving 

slow heating rate, long holding time at tempering temperatures and slow cooling rate) such as 

welding frequently leads to softening of the heated-affected zone (HAZ) ie. a reduction in 

hardness for dual-phase steels [240–243].  

In classical theory, the tempering of martensite occurs in four (temperature-related) stages 

during the softening process, as shown in Figure 6.1 [1].  
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Figure 6.1: Four stages in the softening process for the tempering of martenite in dual-phase 

steels.  

 

It can be clearly seen that the hardness of martensitic steels, just as dual-phase steels, are 

significantly affected by temperature. When the temperature is heated up to 200 oC at stage 1, 
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carbon atoms diffuse and segregate in some specific areas with a high-energy state, such as 

the grain boundaries [1]. During stage 2, various carbides, such as ε-carbide, start to 

precipitate in the range, 200-400 oC [1]. On further heating, cementite particles start to 

precipitate and spheroidize at grain boundaries at temperatures of 400-600 oC during stage 3 

[1]. When the temperature exceeds 600 oC, most of  the martensite laths havee recrystallized 

and the cementite particles have coarsened during stage 4 [1]. The total hardness of a dual-

phase steel decreases continuously with increasing temperature during the four stages of 

softening process. However, this softening (induced by the tempering of martensite) 

frequently causes premature failure in the HAZ of dual-phase steels during welding due to 

concentration of high strain in the softened regions [244, 245]. Thus, many investigators have 

studied using  non-isothermal tempering to replace isothermal tempering [242, 244, 246]. 

Non-isothermal tempering, as carried out in e.g. Nd:YAG laser welding involves a  high 

heating rate, a short holding time at the tempering temperature and a high cooling rate. It was 

found that the non-isothermal tempering effectively decreases the softening by delaying stage 

4 of the softening process [242]. Although, non-isothermal tempering is expected to decrease 

the hardness reduction, there is still a possibility of failure in the HAZ of dual-phase steel 

induced by softening still exist. Thus, a way of overcoming the softening during the 

tempering of martensite in welding, is still urgently required to aid the application of dual-

phase steels in many industrial installations.  

One possible way of solving the above-mentioned difficulties is to use electropulsing 

treatment (EPT), which is an instantaneous, high- energy- input method. Previous studies 

using EPT on polycrystalline metals and alloys have shown that grain refinement can be 

achieved through the combination of thermal and electric effects generated in EPT [68–133]. 
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Thus, the mechanical properties (associated with the changing of grain size) can be 

subsequently modified by EPT.  

Most publications on dual-phase steels have concentrated on the methods to decrease the 

reduction of hardness (softening) during tempering of martensite [241, 242, 247]. 

Consequently, the present work has been focused, principally, on designing a novel method 

to retard (or overcome) the softening during the tempering of martensite in dual-phase steels. 

The strengthening mechanism is responsible for the microstructural evolution under EPT 

observed in rapidly tempered specimens due to the thermal and electric effects. Consequently, 

in this study, the cold-rolled, dual-phase steels have been treated with EPT. The tensile 

mechanical behaviour and the Vickers hardness were measured along with the 

microstructural evolution, which was monitored using SEM and TEM. These methods 

provide direct evidence of grain refinement and data for the kinetics and thermodynamics 

model. This indicates improvements in all mechanical properties of the dual-phase steel, 

which has not been reported previously for steels of this grade. 

 

6.2 Materials and methods 

6.2.1 Material selections 

The samples consisted of 1mm thick, dual-phase (DP600) steel plate containing ferrite and 

martensite phases (chemical composition (wt.%): 0.10C, 0.25Si, 1.70Mn, 0.02P, 0.005S, 

0.040Al and balance Fe). The steel plate was cold rolled to the thickness of 0.5 mm through 

five passes and the total thickness reduction was 50 %.  
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6.2.2 Experimental setting 

The steel samples were cut into dog-bone shape specimens (gauge length and width were 

24.0 and 5.0 mm, respectively) with their longest edge perpendicular to the rolling direction, 

as shown in Figure 6.2.  

 

 

Figure 6.2:  Schematic diagrams showing (a) experimental set-up of EPT; (b) a dog-bone 

shape sample (length: 24 mm; width: 5 mm and thickness: 0.5 mm); (c) an optical 

microstructure of dual-phase steel consisting of ferrite and martensite and (d) a XRD 

spectrum showing only body centred cubic phases (ferrite or martensite) exist in the steel 

sample.  Note: F is ferrite and M is martensite.  
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In order to determine the effect of EPT, two sample groups were randomly selected and then 

one was subjected to EPT and the other used as a control (ie, without EPT). EPT was 

performed by converting the direct current into a pulsed electric current and the waveform of 

pulsed current was monitored, in-situ, by a digital storage oscilloscope, as shown in Figure 

6.2. The pulsed electric current was applied by using, cathode and anode clips to clamp to the 

steel sample. The pulsed electric current was applied for a total duration of 110 μs and had a 

peak current density 5.67×109 Am-2 at ambient temperature.  

 

6.2.3 Microstructure observation 

High-resolution scanning electron microscopy (SEM) and transmission electron microscopy 

(TEM) were to characterize the microstructure of treated samples and identify the phases 

present. The sample specimens were ground, polished and etched in 2 wt. % Nital for 5s for 

SEM analysis. The grain size and volume fraction of each phase were determined using, 

optical microscopy with ×100 magnification. This was used to randomly record the 

microstructure of samples at least 10 times and were then calculated by Image J. For TEM 

analysis, the specimens were mechanically polished to a thickness of 30 μm, punched to 

prepare disk specimens with a diameter of 3 mm by a copper disk cutter, and then jet polished 

to prepare thin foil specimens using a mixture solution of perchloric acid (10 %) and acetic 

acid (90 %) with 20 V at 15 oC.  
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6.2.4 Property measurement 

The mechanical properties of the samples, before and after EPT, were measured at room 

temperature using a Zwick/Roell tensile test machine, with a strain rate 10-3 s-1.  The 

Software test Xpert II was used to fit and derive the yield stress (0.2% proof stress) and the 

elongation. A micro compact, hardness test machine (Zwick 3103 IRHD) with 10 kg load 

was used to measure the hardness value of samples. The electrical resistance of the samples 

(with and without EPT) was measured using a micro-ohmmeter (DO5000 series) at room 

temperature.  

 

6.3 Results 

6.3.1 Effects of EPT on microstructure evolutions 

The optical microstructure of the cold-rolled steel specimen and its XRD spectrum are shown 

in Figure 6.2c and d, respectively. It clearly shows the presence of only two phases. The 

martensite phase (black regions) is randomly distributed along the grain boundary of the 

ferrite matrix (grey regions). The volume fraction of ferrite and martensite were calculated to 

be 63.4 % and 36.6 %, respectively from Image J. It was found that, after applying EPT, the 

martensite laths were significantly altered without changing the portion of the two regions, as 

shown in SEM micrographs (Figure 6.3).  

 



217 
 
 

 

Figure 6.3: SEM images of steel samples (a and c) without EPT at different magnifications, 

(b and d) with EPT at different magnifications; TEM bright images of steel samples (e) 

without EPT and (f) with EPT; selected area diffraction pattern (SADP) for (g) martensite 

laths and (h) ferrite grains with cementite particle. Note: α’ is martensite, Tα’(α+θ) is 

tempering martensite and α is ferrite.  
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Direct evidence of refinement can be clearly observed in martensitic regions (from micro-

scale laths to nano-scale particles) in Figure 6.3. TEM observations and selected area 

diffraction patterns (SADP) have been conducted in order to observe the microstructure of 

the samples (with and without EPT) and to detail and identify the nature of the nano-particles. 

The bright field images of the morphologies of the martensite laths and the corresponding 

SADP, for the sample without EPT (Figure 6.3e and g, respectively). After EPT, a large 

number of nano-particles with average size 48±8 nm were found around the grain boundary 

of the ferrite (indicated by arrows in Figure 6.3f) and SADP confirmed that these nano-

particles were cementite (Figure 6.3h). These nano-sized cementite particles have an 

orientation relationship ([012]α // [101]θ) with the ferrite matrix [242]. In addition, the original 

martensite laths (Figure 6.3e) were partially decomposed into ultra-fine-grained ferrite with a 

size about 78±13 nm (Figure 6.3f) after applying EPT. 

 

6.3.2 Effects of EPT on mechanical properties 

Standard stress-strain curves of samples (without and with EPT) were measured and are 

plotted in Figure 6.4.  It was found that EPT increased significantly both the yield stress and 

ultimate tensile strength of the steel sample whereas the elongation was only slightly affected 

by EPT (see Table 6.1).  The Vickers hardness of samples was increased from 301±8 HV to 

364±12 HV after EPT. The above-mentioned results indicate that EPT has a positive effect in 

the quest to optimize the mechanical properties.  
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Figure 6.4: Diagram showing typical tensile engineering stress-strain curves of dual-phase 

steel samples (with and without EPT). 

 

Table 6.1:  Mechanical properties (ie. yield stress, UTS and elongation) of the steel samples 

(without and with EPT).  

 Without EPT With EPT Increase by % 

Yield stress (MPa) 773.26 1074.66 +38.98 

UTS (MPa) 1034.25 1126.33 +8.90 

Elongation (%) 3.31 3.12 -5.74 
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6.4 Discussion 

6.4.1 Thermal effect of EPT 

In general, the effects of EPT on microstructure evolution of polycrystalline metals and alloys 

can be divided into two types, namely the thermal and electric effects [99, 168, 172]. For the 

thermal effect of EPT, the temperature increase induced by joule heating can be expressed as 

dCtjT p/2   [99, 168], where j the current density (5.67×109 A/m2), ρ is the electrical 

resistivity of the steel sample (9.64 ×10-7 Ωm), Δt is the pulse duration (110 μs), Cp is the 

specific heat of steel sample (450 J/kg K) and d is the density of steel sample (7.9×103 kg/m3). 

The temperature increase resulting from EPT is calculated to be about 685 oC, which 

corresponds to stage 4 in the softening process, as can be seen in Figure 6.5a.  

A dramatic softening effect (reduction in hardness) occurs in dual-phase steel at stage 4 

during the isothermal tempering of martensite, due to the coarsening of cementite and the 

decomposition of martensite (replaced by ferrite) [1, 242]. For example, The hardness of as-

received, dual-phase steels decreased from (301±8 HV)  to (190±3 HV) and (179±1 HV) with 

isothermal tempering at around 690 oC, for periods of (300s) and (5400s) , respectively [242], 

as shown in Figure 5.5b. Even if the non-isothermal tempering of martensite can only be 

delayed to stage 4 of the softening process the process will be successful. It retards the 

reduction of hardness from 301±8 HV to 269±7 HV [7]. However, our experiment shows the 

softening process was inhibited by the tempering of martensite in dual-phase steels under 

EPT. The Vickers hardness of steel sample with EPT was 364±12 HV, (cf 301 HV) an 

increase of 20.9 % over that of the steel sample without EPT. Furthermore, standard stress-

strain curves for samples, with and without EPT, are shown in Figure 6.4. The yield stress for 

without EPT and with EPT, samples were recorded as from 773.26 MPa to 1074.66 MPa. 

This indicates that EPT strengthens the tempering of martensite during stage 4 of the 
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softening process in dual-phase steels, which cannot be interpreted on the basis of the thermal 

effect of EPT alone. 

 

 

Figure 6.5: Diagrams showing a typical softening process contains four stages for the 

hardness of Fe-C martensitic steel tempered 1h at 100-700 oC and (b) the hardness of dual-

phase steels tempered at about 700 oC for 110 μs (EPT), 0.1s<t<1 s (non-isothermal 

tempering), 300s (isothermal tempering) and 5400s (isothermal tempering), respectively 

[242]. 
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6.4.2 Electric effect of EPT 

Grain refinement is an effective method of improving the mechanical properties (such as 

Vickers hardness and yield stress, based on the Hall-Petch relationship) of polycrystalline 

metals and alloys. The relationship between stress and hardness is [26-28] is well known: 

vy H3                                                                 (6.1) 

where y  is yield stress and Hv is the Vickers hardness. The yield stress and hardness can be 

expressed empirically as: 

2/1
0

 dkyy                                                        (6.2) 

2/1
0

 dkHH Hy                                                         (6.3) 

where 0  and 0H  are friction stress constants for tensile and hardness measurement, 

respectively,  yk  and Hk  are the unpinning parameters (breaking away of dislocation from 

interstitial sites) during tensile and hardness measurements, respectively; d  is the grain size.  

According to above-mentioned equations, the mechanical properties (i.e. yield stress and 

hardness) of dual-phase steels are strongly dependent to the grain size. This may be used to 

interpret the abnormal effect of EPT on the tempering of martensite in dual-phase steels. The 

microstructural characterization and its associated mechanical property data are in agreement 

with the yield stress and Vickers hardness data for the steel sample; these properties show 

significant improvement during the tempering of martensite under EPT which is associated 

with the formation of ultrafine-grained ferrite with nano-cementite particles. This 

strengthening mechanism induced by EPT is completely different from the softening 

mechanisms of isothermal or non-isothermal tempering [241, 242, 244]. This improvement of 
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mechanical properties associated with grain refinement can be analysed by two aspects of the 

electric effects of EPT: namely, kinetic and thermodynamic effects.  

 

6.4.2.1 Kinetic effects of electric current 

Cold working can effectively increase the dislocation density around the boundaries of 

martensite laths [248] in strain- free dual-phase steel samples, as shown in Figure 6.6a. From 

the kinetic viewpoint, it is well known that EPT has a significant effect on the dislocation 

migration behaviour (i.e. intersection and annihilation of dislocations) in cold-formed 

materials [173]. This is due to the electron wind force generated by EPT, which can scatter 

unevenly around dislocations and which, subsequently, reduces the kinetics barrier between 

two neighbour dislocations [99, 168]. Therefore, the mobility of dislocations can be enhanced, 

which can be expressed as [33]:  

kT
fjDNeZ

J pm *2
                                                      (5.4) 

where ρ is the electrical resistivity of steel sample, f is the frequency of EPT, jm is the current 

density of EPT, τp is the duration of EPT, J is the additional atomic diffusion flux, N is the 

density of atoms, Z* is effective valence of the Fe ion (+3), e is the charge on an electron, K is 

the Boltzmann constant and T is the absolute temperature. From Equation 5.4, it can be 

clearly seen that the current density of EPT is proportional to the atomic diffusion flux. This 

proportional relationship indicate that EPT greatly increases the probability of intersection 

and annihilation of the dislocation, as shown in Figure 6.6b. Secondary particles, such as 

cementite, generally, nucleate at the intersection site of two partial dislocations at high 
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temperature. Thus EPT can promote a large number of nano-cementite particles within 

tempered martensite regions, as can be seen in Figure 6.6c. 

 

 

Figure 6.6: Diagrams showing (a) the microstructural evolution of dislocations in cold-

formed steel sample, (b) the effect of EPT on intersection and annihilation of two partial 

dislocations and (c) the formation of ultrafine-grained ferrite with nano-cementite particles 

after EPT. 
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6.4.2.2 Thermodynamic of electric current 

Since the temperature induced by EPT is about 685 oC, most martensite laths decomposed 

instantaneously to cementite and ferrite at this temperature range [241, 242, 244]. From the 

thermodynamic point of view, the Gibbs free energy associated with the recrystallization 

process, especially the nucleation rate of ferrite can be influenced by EPT [68–133]. 

According to classical nucleation theory, when EPT is applied, the nucleation rate for ferrite, 

can be expressed as [80, 92, 118, 128]: 

)exp(
RT
GII elec

re


                                                        (6.4) 

where Ir is the nucleation rate of the cold-rolled steel sample without EPT, R is the 

Boltzmann constant, T is the absolute temperature, ΔGelec is the additional Gibbs free energy 

induced by EPT. The ΔGelec can be, generally, defined as [233]: 
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where j is the current density, ΔV is the volume of austenite particle, K is a material constant 

(K), αB and αA are the electrical conductivity of cementite and ferrite, respectively. It is well 

known that the electrical conductivity of the ferrite phase is higher than that of cementite in 

steels (    ). It can be predicted that 0 elecG . Thus the more negative the value of 

elecG   the greater (ie more positive) the value of nucleation rate (Ie). Simultaneously, 

dislocations ,as one of the common defects,  have a negative effect on the electrical 

conductivity of a steel sample [99, 168]. Since the EPT enhances the probability of 

annihilation of dislocations; this will result in higher electrical conductivity of the steel 

sample due to the fewer dislocations after EPT. Our measurements indicate that the electrical 

conductivity for the steel samples, without and with, EPT are 1.04  106 
m and 1.47  106 

m, respectively. The electrical conductivity of the specimen is increased by 41.4 % with 
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EPT. Thus, EPT can enhance the nucleation rate of ferrite and effectively retard the growth 

rate of ferrite during recrystallization. Eventually, ultrafine-grained ferrite matrix within 

tempered martensite regions are produced by using EPT. 

 

6.4.2.3 EPT on mechanical properties 

All mechanical properties of dual-phase steels (namely yield stress, ultimate tensile stress and 

hardness) were all significantly increased EPT without losing elongation; this was mainly 

attributed to the formation of ultrafine-grained ferrite with nano-cementite particles. From the 

kinetic and thermodynamic aspects of EPT, the microstructure evolution can be due to 

various mechanisms (such as dislocation- migration and electrical conductivity changes, 

associated with nucleation rate during recrystallization). These experimental results and 

theoretical analysis, indicate that EPT is a potential candidate to retard (or even to recover) 

the softening problems encountered in the tempering of martensite in comparison during 

isothermal and non-isothermal tempering. 

 

6.5 Conclusions 

Electropulse-tempering can effectively strengthen the tempering of martensite by forming 

ultrafine-grained ferrite with nano-cementite particles. This is mainly attributed to the 

accelerated dislocation migration (kinetic) and to the enhanced nucleation rate of ferrite 

during recrystallization (thermodynamic) by EPT. Therefore, it is possible to use such 

phenomena to recover the softening which occurs in tempering of martensite in dual-phase 

steels; thus, the thermal and electric effects of EPT are more effective than isothermal or non-

isothermal tempering in dealing with softening. 
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Chapter 7 Conclusion 

 

The work carried out in this investigation covers a number of different problems which can 

be traced to the stability of various phases. In this study EPT has been used to tackle these 

various problems. The details of the various studies are shown in Table 7.1. It can be seen 

that EPT can be successfully applied to solving a variety of phase-stability problems 

occurring in a wide range of steels. 

 

Table 7.1 Thesis review consists of four main sections. 

Aspect Stability of chi- phase 
precipitates 

Stability of delta-ferrite 
phase transformation 

Stability of lamellar κ-
carbides 

Stability of martensite 

Steel Austenitic stainless 

(wt.%) 2-3 Mo; 16-18.5 Cr; 
10-14 Ni; 0.03C; balance Fe 

2205 duplex stainless 

(wt.%) 2 Mn; 0.03 C; 1 Si; 
0.035P; 22 Cr; 5 Ni; 3 Mo; 
0.15N; balance Fe  

Lightweight  

(wt.%) 26 Mn; 9 Al; 0.75C; 
balance Fe 

Dual-phase  

(wt.%) 0.1C; 0.25Si; 1.7Mn; 
0.02P; 0.005S; 0.04Al; 
balance Fe 

Problem Segregation of alloying 
elements; leads to stress & 
pitting corrosion 

Dissolution of hard phases 
(ie. σ-phase +secondary 
austenite 

Uncontrolled formation of 
lamellar carbide structure 

Decomposition of martensite 
to cementite (Fe3C) and 
ferrite 

Cause Depletion of alloying elements  Loss of strength Cracks-initiation and 
propagation  

Softening the steel matrix 

Alternative treatment High temperature treatment 
(above 1000 oC) 

Adding alloying elements Control of the temperatue 
range & modify alloy 
additions 

Non-isothermal heating (ie. 
laser- heating) 

Aim/Strategy for EPT Homogenize alloying elements Retain high strength at high 
temperature 

Reduce crack- formation 
(improve formability) 

Delay or recovery the 
softening process during 
tempering 

EPT success Reduce size and fraction of  
chi- phase precipitates 

Promote the formation of 
hard phases at high 
temperature 

Fragment lamellar κ-carbides 
into nano-crystalline size 

Produce nano- crystalline 
Fe3C & ultra-fine- grained 
ferrite 

Advantages of EPT Fast, cheap and no pollutions Fast, cheap and no pollutions Fast, cheap and no pollutions Fast, cheap and no pollutions 

 

From Table 7.1, it was obviously seen that this thesis mainly describes the mechanism 

underlying phase stability control for steels using electropulsing treatment (EPT). It was 

hypothesised that some detrimental phenomena occur in steels under variety of conditions. 

For example: 
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(i) Stress & pitting corrosion caused by precipitation due to alloying elements 

segregation. 

(ii) Loss of strength caused by phase transformation.  

(iii) Cracking formation initiated by lamellar carbide structure.  

(iv) Softening problem promoted by tempering of martensite.  

All phenomena mentioned above are strongly dependent on phase stability. Although several 

combinations of thermo-mechanical processing have been reported to effectively eliminate 

those detrimental phenomena, these involve high energy consumption and have low 

efficiencies, so are not suitable for the solution of the above. Therefore, in this thesis, the 

investigation of possibility of utilizing EPT to solve these engineering problems by affecting 

the phase stability. There are carried out in four sections: (i) the stability of χ-phase in 316L 

stainless steel; (ii) the stability of delta-ferrite in 2205 duplex stainless steel; (iii) the stability 

of lamellar κ-carbide in Fe-Mn-Al-C lightweight steel and (iv) the stability of martensite in 

dual-phase steel.  

 For the stability of χ-phase, an experiment under EPT at high temperature was used to 

affect the precipitation behaviour of χ-phase in the 316L stainless steel. It was found that 

EPT can effectively retard and suppress the precipitation of χ-phase and hence to reduce 

their fraction and size within the steel matrix. Finally, the alloying elements (e.g. Mo) 

can be homogenised across the whole microstructure.  

 For the stability of delta-ferrite, a phase transformation (   ) can be efficiently 

modified by applying electric current in 2205 duplex stainless steel at high temperature. 



229 
 
 

The hard phases (ie. sigma phase and secondary austenite) were retained under EPT to 

improve the strength property at high temperature.  

 For the stability of κ-carbide, a duplex lightweight steel was used to verify the feasibility 

of using EPT to refine the size of carbide. It was observed that the lamellar κ-carbide can 

be effectively fragmented from microscale to nanoscale range via nano-crystallization. 

This significant refinement can efficiently suppress and retard the crack-formation during 

rolling process.  

 For the stability of martensite in dual-phase steel, EPT was used to refine the steel matrix 

(e.g. nano-crystallization) and hence to improve the strength property in order to recover 

the softening effect.  
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Chapter 8 Suggestions of future work 

Future work should be directed toward implementing and operating EPT technique for apply in the 

modern industry (e.g. nuclear power plant, aerospace and automotive applications). In order to 

improve the reliability of EPT on the optimizing of microstructural evolutions and associated 

properties for engineering alloys, it is necessary to modify the EPT parameters (e.g. frequency, 

duration, time, current density, voltage and etc.) so that appropriate parameters are selected which is 

more stable than those used in current thesis. It also would be possible to extend this study of EPT in 

four directions. They are expected to be: (i) fragmentation of carbide, (ii) recrystallization of 

matrix, (iii) acceleration of atom diffusion and (iv) the change of electrical conductivity. 

Additionally, the safety problems and commercial applications of utilizing EPT are also required to 

consider in future works. All above-mentioned key points are summarized in the Table 8.1.  

 

 

 

 

 

 

 

 

 

 

 



231 
 
 

Table 8.1 Tasks achieved by EPT in thesis and future applications. 

Direction of EPT Observations Commercial applications Safety problems 

Fragmentation of 
carbide 

1.Refine lamellar κ-carbides into nano-scale particles in 
duplex lightweight steel (Chap 5) 

It can be used in automotive industry to 
imrpove the mechncial properties 
espcaiily for lightweight steels 

High current density of EPT may 
cause some detrimental effects 
such as high temperature and 
high volatge 

Recrystallization of 
matrix 

1.Refine steel matrix (both delta-ferrite and austenite in 
duplex stainless steel) (Chap 4) 

2.Refine steel matrix (ferrite in duplex lightweight steel) 
(Chap 5) 

3.Refine steel matrix (ferrite in dual-phase steel) (Chap 6) 

It can be used in automotive industry to 
optimze the strength properties espcaiily 
for polycrystallied steels 

High current density of EPT may 
cause some detrimental effects 
such as high temperature and 
high volatge 

Diffusion of atoms 1.Accelerate alloying elements (Cr, Mo and Ni) in duplex 
stainless steel (Chap 4) 

2.Promote the motion of dislocations in (dual-phase steel) 
(Chap 6) 

It can be used in automotive industry to 
accelerate the diffusion process and 
reduce the dislocation density espcaiily 
for cold-formed steels 

High current density of EPT 
cause some detrimental effects 
such as high temperature and 
high volatge 

Increase electrical 
conductivity of steel 

1.Reduce the χ-phase formation in 316L stainless steel due 

to      (Chap 3) 

2.Increase the secondary austenite formation in duplex 

stainless steel since      (Chap 4) 

3.Reduce the κ-carbides formation in duplex lightweight 

steel due to      (Chap 5) 

4.Promote the nucleation rate in dual-phase steel due to 

     (Chap 6) 

1. It can be used in nuclear power plant to 
dissolve the precipitates within fuel 
cladding applications and hence to 
improve their corrosion, oxidization and 
cracking resistance 

2. It can be used in aerospace industry to 
retain high strength phase during high 
temperature treatments 

3. It can be used in lightweight industry 
to improve the mechanical properties by 
optimizing the size and distribution of 
carbides 

Applying electric current during 
operating temperature for steel 
component in nuclear power 
plant may influence electronic 
devices 

 

To sum up, the tasks completed by EPT can be divided into three groups: (i) grain refinement 

(nano-crystallization and ultrafine grained microstructure); (ii) diffusion and (iii) phase 

modification, which can be used in nuclear power plant, aerospace and automotive industries.  

 For the grain refinement, the nucleation and recrystallization rate can be significantly 

enhanced using EPT due to the reduction in activation barrier (the combination of 

thermal and electric effects). This can be used to enhance the mechanical properties for 

automotive steels.  
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 For the diffusion, the atom movements (alloying elements and dislocations) can be 

dramatically accelerated due to the electromigration effect (kinetic) under EPT. This can 

be used to promote the phase formation with high hardness for aerospace applications.  

 For the phase modification, the phase stability of steel is mainly controlled by the 

electrical conductivity of each phase. This is attributed to the Gibbs free energy 

(thermodynamic) change with the differences in electrical properties (e.g. electrical 

conductivity) under EPT. This can be used to increase the formation of phases with 

higher electrical conductivity and hence to dissolve some detrimental precipitates within 

steel matrix for nuclear power plant.  
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