Journal of Alloys and Compounds 976 (2024) 173181

Contents lists available at ScienceDirect

JOURNAL OF

ALLOYS AND
COMPOUNDS

Journal of Alloys and Compounds

journal homepage: www.elsevier.com/locate/jalcom

materialstoday

ELSEVIER

L)

Check for

Thermal cycle induced solid-state phase evolution in IN718 during additive &
manufacturing: A physical simulation study

Nana Kwabena Adomako “, Nima Haghdadi®", Xiaozhou Liao ™, Simon P. Ringer ¢,
Sophie Primig ™
& School of Materials Science & Engineering, UNSW Sydney, Kensington, NSW, Australia

Y Australian Centre for Microscopy & Microanalysis, The University of Sydney, Sydney, NSW, Australia
€ School of Aerospace, Mechanical & Mechatronic Engineering, The University of Sydney, Sydney, NSW, Australia

ARTICLE INFO ABSTRACT

Keywords: Additive manufacturing (AM) is well-known for its capability to produce and repair intricate parts e.g., Ni-based
Additive manufacturing superalloy components used in aero-engine applications. However, a comprehensive understanding of the
Gleeble

microstructure evolution and its link to properties remains elusive, with gaps in the through-process evolution of
y grains, y’, v, 8, and other phases in response to thermal cycling. The outstanding challenge here is to observe
these transformations dynamically during the 3D printing process, as this usually requires complex in-situ
measurements. Here we apply a different approach to systematically reveal the impact of thermal cycling on
the solid-state microstructure evolution of IN718, via a combination of physical simulations and thermo-kinetic
modelling.

We replicate the thermal cycles IN718 experiences during laser directed energy deposition. Solid-state thermal
cycles are shown to have minor effects on the grain morphology due to short holding times at critical temper-
atures, however, they do induce plastic strain accumulation. Significantly, we show how thermal cycling in-
fluences the evolution of y’, y", and & phases. While high initial peak temperatures inhibit the precipitation of y’,
y", and & phases, prolonged thermal cycling to gradually decreasing peak temperatures promotes their precipi-
tation. The & phase forms along grain and twin boundaries, while both y’ and y" predominantly precipitate in Nb-
enriched regions, causing heterogeneities in hardness. Our results underpin the suitability of physical simulations
for replicating superalloy AM, highlighting its potential as a tool to advance the current limited understanding of
the microstructure and property evolution.

Thermal cycles

Phase evolution

IN718

Thermo-kinetics modelling

1. Introduction and power generation [12,13]. Consequently, DED repairs using IN718
for components such as turbine blisks are of significant industrial in-

Additive manufacturing (AM) is an increasingly popular terest [14,15]. The popularity of IN718 can be attributed to its excellent

manufacturing route for making 3D components in a layer-by-layer
manner, using powder, wire, or other types of feedstocks [1-3]. It en-
ables the fabrication of complex geometries with short lead times, high
efficiency, and minimal waste. Laser directed energy deposition (L-DED)
in particular is a metal AM technique that has seen rapid growth over the
past decade, with widespread applications across various industries due
to its ability to fabricate larger components than powder bed fusion
techniques [4-9]. Additionally, ability of L-DED to add to existing
components and its suitability for repair make it an economically pref-
erable choice [10,11]. IN718 is a Ni-based superalloy commonly used
for manufacturing engineering parts such as gas turbines for aircrafts
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weldability and manufacturability, combined with its exceptional
properties, including high strength, corrosion resistance, and remark-
able microstructural stability at high temperatures [16]. The as-printed
IN718 microstructure consists of fine dendrites due to micro-segregation
of solute elements, and solidification phases such as Laves and carbides
[17,18]. In addition, it may comprise nano-scale, ordered intermetallic
phases of y’- (Lj2 Nig(Al, Ti)) and y’’- (DO2s Ni3(Nb)) as well as the
pm-scale orthorhombic & Ni3(Nb,Ti) (D0,) phase [19,20]. These phases
form during solid-state phase transformations, and their presence and
morphology determine the mechanical properties of the component.
Despite the increasing enthusiasm by the aerospace industry in L-
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DED for making engineering parts from IN718 and other high-
performance alloys, many challenges remain. This slows down the
more widespread applications of metal AM across new industries. This is
related to the perhaps greatest challenge in AM, i.e., the complex as-built
microstructure of AM components, which is vastly different to their
traditionally processed (cast and wrought) counterparts. For instance, in
casting, the continuous slow cooling causes the precipitation of desir-
abley’, y", and & phases [21]. However, in L-DED, it is difficult to achieve
v’, ¥", and & precipitation during printing, due to its inherent complex
thermal profile [21]. L-DED, like other metal AM processes, involves
multiple thermal cycles with high heating and cooling rates, starting
with the melting and solidification of the first layer on a substrate. The
additional heat generated by the laser during the deposition of the
subsequent layers may cause partial re-melting and re-heating of already
deposited layers. The previous layers experience additional short heat
treatments, and this may lead to solid-state phase transformations and
recrystallisation phenomena to occur. The same sequence of events is
repeated for multiple cycles until the final layer has been deposited.
Hence, individual layers experience multiple additional thermal cycles
after solidification, and this has been shown to determine the local
solid-state microstructure evolution of each layer or material voxel [22].

Several studies report heterogeneities in the distribution and
morphology of solid-state phase transformation products throughout
builds. Li et al. [23] and Tian et al. [24] both reported a lower volume
fractions of y’, ¥", and § at the top compared to the bottom of their builds.
This affected the resulting mechanical properties such as hardness and
tensile strength and was attributed to local variations in thermal con-
ditions across the build. Conversely, other studies report no precipita-
tion due to less intense thermal cycling experienced [25,26]. Based on
these findings and as recently reviewed [27], it can be concluded that
solid-state phase transformations are determined by thermal cycling.
However, the current understanding of the through-process micro-
structure evolution in AM builds as a function of process parameters is
lagging. Advancements in this area are critical to enable AM of
high-performance alloys with optimized and reproducible properties.

To better understand how thermal cycling is linked to the micro-
structure evolution in AM builds, complex in-situ measurements are
usually required. While post-AM materials characterization such as
transmission electron microscopy of various layers offer valuable in-
sights [28], they are not sufficient to completely elucidate various stages
of the microstructural evolution. Generally, in-situ studies enable the
observation of microstructural changes as they occur during fabrication.
However, performing such experiments requires significant resources in
terms of time, effort, and cost [29]. For instance, monitoring the printing
process in real-time requires the use of sophisticated and expensive tools
such as high-resolution infrared cameras, high-speed X-ray imaging,
synchrotron X-ray, or neutron diffraction techniques [30-34]. More
straightforward approaches to monitor the thermal history during AM
have their own challenges. For instance, the thermocouples typically
used for monitoring the temperature have their own limitations and
often fail to provide accurate measurements. This is because they are
typically attached to the substrate and not the build, and because they
provide accurate readings only across certain temperature ranges [24,
35].

An alternative approach to tackle this challenge is to simulate AM
processes in physical simulators instead of actual 3D printers. This en-
ables systematics studies of the effect of AM thermal cycling, indepen-
dently of other variables. An important example is the work by Mantri
et al. [36], where laser surface engineering was utilized to mimic the
microstructural evolution during L-DED of IN718. Physical simulation
techniques such as Gleeble thermo-mechanical simulations and quench
dilatometry are promising alternatives to reproduce the thermal history
of the complex AM process [37]. These techniques have been demon-
strated to be able to replicate processing conditions that voxels of AM
builds are subjected to during printing on somewhat larger volumes,
which is beneficial for subsequent materials characterization and
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testing, and in a more controllable manner [31,38]. In particular, the
Gleeble’s fast resistivity heating and water cooling capabilities coupled
with precise thermal history control have been recently harnessed to
replicate thermo-mechanical cycles experienced by the Ti-6Al-4 V alloy
by Kumar et al. [31]. Furthermore, unlike the actual manufacturing
process, this enables not only systematic parameter studies but also
quenching of selected conditions throughout the thermal profile for
ex-situ characterization and testing.

The opportunities and limitations of AM thermal cycling using a
Gleeble have so far been explored and validated in the Ti-6Al-4 V alloy
only. An example is the work of Xiao et al. [38], where a Gleeble 3500
was utilized to simulate four different AM thermal cycles to investigate
the phase evolution. Kumar et al. [31] utilized the Gleeble to explore the
impact of thermomechanical gyrations on the phase transformation
response and flow behavior. However, there does not seem to be any
research available on the use of Gleeble to replicate AM thermal cycles
for Ni-based superalloys. The only available relevant literature focuses
on utilizing the Gleeble to reproduce welding thermal cycles [39].
Through these tests, significant variations were observed after the
Ni-17Mo-7Cr superalloy was subjected to typical welding thermal cy-
cles, providing insights into the microstructure evolution in the heat
affected zone.

Therefore, the current study aims to extend the Gleeble physical
simulation strategy to replicate the thermal history of select layers of
IN718 during the L-DED process. This enables us to achieve an advanced
understanding of the relationship between AM thermal cycles and the
microstructure evolution of superalloys, as will be revealed by various
microscopy techniques in the following. Physical Gleeble simulations
are supported by MatCalc through-process thermokinetic modeling to
comprehensively uncover how the thermal cycles affect the solid-state
phase evolution. Given the dynamic nature of these transformations,
thermokinetic modeling offers another alternative to in-situ observa-
tions. Our results demonstrate that the combined Gleeble and MatCalc
simulation strategy is indeed suitable for replicating superalloy AM to
systematically advance the current understanding of the microstructure
evolution.

2. Materials and methods
2.1. Material and sample fabrication

The material used for this investigation was wrought IN718 with a
chemical composition of Ni-18.5Fe-18.0Cr-5.3 Nb-3.0Mo-0.95Ti-0.5Al-
0.02 C-0.003B (wt%). We opted for a homogeneous, wrought starting
material to limit the parameter space, by avoiding the additional
complexity related to the inherent heterogeneity of 3D printed starting
materials. The ingot was produced by the typical triple melting route for
aerospace grade IN718 (vacuum induction melting, electroslag remelt-
ing, and vacuum arc re-melting), followed by homogenization, ingot
breakdown, and radial forging. The resulting billet was cut into slices
with a radius of 50 mm and a height of 200 mm. Dog-bone shaped
samples for the Gleeble (Fig. 1a) specifically designed to ensure fast and
uniform heating and cooling in the region of interest (smaller diameter
gauge length) were machined from this billet slice. Supplementary
Fig. S1 shows the starting microstructure containing metal carbides and
nitrides, with a volume fraction and size range (diameter) of about 0.7 %
and 1-4 pm, respectively. There are also 5 phase precipitates decorating
the grain boundaries, and y’ and y’’ precipitates inside of the grains.

2.2. Gleeble thermal cycle simulation setup

The cyclic heating and cooling experiments were performed in a
Gleeble 3500-GTC thermo-mechanical simulator (Dynamic Systems
Inc.), as depicted in Fig. 1b. Copper grips were used to hold the samples
in place, and resistance heating was employed to provide the necessary
heating. The samples were cooled via a water-cooling system that
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Fig. 1. (a) Schematic and dimensions of the sample used for the Gleeble tests.
Two red dots indicate the regions where thermocouples were attached. (b) Test
chamber of the Gleeble 3500 used for this research. (c) Targeted (black) versus
actual (red) Gleeble thermal cycles. (d) Schematic of a L-DED build as simulated
in c.

pumped water through the copper jaws. Additional cooling was pro-
vided simultaneously through high-speed water flow in the hollow
cylinder design. Throughout the cyclic heating and cooling process, the
chamber was flooded with Ar gas to prevent oxidation. To monitor the
temperature readings, in-situ, K-type thermocouples were spot-welded
to the center of each sample. Heating and cooling rates of 5000 °C/sec
and 300 °C/sec were applied, respectively. These rates are close to the
limits achievable with this set-up, and are within the range of heating
and cooling rates used in actual L-DED processes, which is 100-6000 °C/
sec [40,41].

To simulate the thermal cycle of a selected layer or voxel, repeated
quenching and heating was conducted at progressively decreasing
temperatures. The targeted (TCyrg) and actual simulated thermal cycles
(TCthermocouple) are presented in Fig. 1c. The strong correlation between
TCprog and TCermocouple confirms the Gleeble’s ability to effectively
replicate the thermal cycles of AM. Fig. 1d shows a representation of the
simulated layers on a L-DED build. The samples were held for 30 s after
heating to the peak temperatures and 60 s after quenching to the lower
temperature of 700 °C. The simulated thermal cycles represent the first
11 layers of a L-DED process. Five samples were quenched at different
stages of the process (as shown in Fig. 1c) to systematically observe the
microstructural changes during thermal cycling. Table 1 provides

Table 1

Sample designation and the characterization techniques used.
Sample Layer Number of thermal SEM/EBSD/ APM
name number cycles Hardness
As-received - - v v
L-11 11 1 v v
L-11h 11 (hold) 1 v -
L-8 8 4 v -
L-6 6 6 v -
L-1 1 11 v v

Journal of Alloys and Compounds 976 (2024) 173181

information on the sample designation and the various characterization
techniques applied to each sample. L-11 h was included to investigate
the microstructure difference after holding L-11 at 700 °C for 60 s. The
thermal cycles were chosen based on a literature survey for L-DED with
short interlayer dwell time [21]. The quenching temperature of 700 °C
reflects the average temperature of the deposited material. This tem-
perature results from heat accumulation from previous layers that have
insufficient time to cool down. Tian et al. [24] observed comparable
thermal cycles in the first ten layers of their L-DED IN718 build.

2.3. Microstructure characterization

The regions of interest of the Gleeble samples (5 mm in length) were
sectioned, ground, and polished using standard metallography prepa-
ration methods. Backscattered electron (BSE) imaging and energy
dispersive spectroscopy (EDS) were conducted using a JEOL 7001 F
scanning electron microscope (SEM) with an accelerating voltage of
15 kV and a probe current of 13 nA. Further SEM microstructure ana-
lyses were performed to reveal nano-scale phases after electropolishing
at 25 V for 30 s using the Struers A2 electrolyte. For electron backscatter
diffraction (EBSD), an EDAX ‘Hikari Super’ system installed on the JEOL
7001 F SEM was utilized. EBSD data were acquired with an accelerating
voltage of 20 kV, a probe current of 13 nA, a 6 x 6 binning, and a step
size of 1 ym. The acquired data were analyzed using the TSL OIM 8.0
software. A grain dilation clean-up was performed with a minimum
grain size of 5 points and an angle of tolerance of 5° for plotting inverse
pole figure (IPF) maps. For analyses of the grain size, twin boundaries
were excluded based on the guide provided in [42].

For additional nano-scale characterization of selected samples, atom
probe microscopy (APM) was used. Due to the limited size of the gauge
length, APM tips were prepared using plasma focused ion beam (PFIB)
without lift-out, following the procedures described in [43]. A Ther-
moFisher Helios G4 Xe PFIB was used for FIB milling. A CAMECA local
electrode atom probe (LEAP) 4000X Si was utilized in the laser-assisted
mode, with a detector efficiency of 57 %. Data was collected using the
following settings: pulse rate of 200 kHz, laser energy of 50 pJ, and
detection rate of 1.0 %. The experiments were conducted under
ultra-high vacuum conditions of <3.7x107!! Torr in the analysis
chamber, with the temperature in channel B kept at 50 K. Data analyses
were performed using the CAMECA AP suite version 6, and the re-
constructions were calibrated using the tip morphology from SEM im-
ages and the tip radius evolution. The enhanced iso-surface method, as
proposed by Theska et al. [44], was employed to extract iso-surface
threshold values. This method leverages differential concentration
profiles at the interfaces to identify the largest concentration gradient.
Cluster count analyses were conducted in tip volumes of 50,000 nm® in
the y matrix, avoiding other pm-scale phases. To identify a solute cluster,
the algorithm was searching for cluster of at least 5 ions, with a step size
of 0.01 nm [45].

2.4. Hardness testing

Vickers hardness testing was performed on the gauge lengths of the
Gleeble samples using a Struers DuraScan hardness tester with a
maximum load of 100 mN and a dwell time of 10s. Ten micro-
indentations were made, and the average values reported. The ASTM
standard E92-82 [46] was followed to ensure that the indentations were
sufficiently distant from each other to prevent any interference from the
strain-hardened areas.

2.5. Thermo-kinetic modeling

Thermo-kinetic modeling was performed using the MatCalc software
(version 6.04 rel. 0.011) [42], along with the thermodynamic ("mc_ni.
tdb’, version 2.034) and diffusion ("mc_ni.ddb’, version 2.007) data-
bases. MatCalc has previously been used to simulate solid-state phase
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transformations in Ni-based superalloys [47,48], steels [49], and Al al-
loys [50] during complex traditional thermo-mechanical processes. The
precipitation kinetic simulation in MatCalc is based on classical nucle-
ation theory and the Svoboda-Fischer-Fratzl-Kozeschnik (SFFK) growth
model [51]. The basic principles of MatCalc have been elaborated in
several publications [47,48]. The parameters used for the MatCalc
simulation are defined in Section 3.2.

3. Results
3.1. Hardness testing

Fig. 2a presents a bar plot depicting the hardness variation with the
number of thermal cycles. The as-received sample exhibited a typical
hardness of 385 HV, which is comparable to that of most IN718 Ni-based
superalloys in the as-forged (air-cooled) condition [52]. Upon fast
heating to 1050 °C followed by quenching, the hardness experienced a
sharp drop to 176 HV. This drop indicates a significant change in the
microstructure, specifically in terms of grain and precipitate number
density [53,54]. Subsequent holding at 700 °C for 60 s did not result in
any significant hardness change. However, after 4, 6, and 11 cycles, the
hardness slightly increased to 184, 202, and 239 HV, respectively. This

Journal of Alloys and Compounds 976 (2024) 173181

gradual change in hardness is consistent with the frequently reported
heterogeneities in the hardness of DED Ni-based superalloys, which are
attributed to the change in morphology and number density of y’, y", and
8 phases within the build [23,24].

3.2. Microstructure characterization of the as-received material and
Gleeble samples

Fig. 2b displays inverse pole figure (IPF) maps of the as-received and
five Gleeble samples investigated in this study. The grains in the as-
received material exhibit random orientations, and there is no signifi-
cant change in orientation during thermal cycling. This grain structure is
similar to that of the majority of as-forged (air-cooled) IN718 Ni-based
superalloys [52]. The grain size slightly increases from 104 ym in the
as-received condition to around 120 pm in all Gleeble samples. It should
be noted that all Gleeble samples show grain sizes with differences
within the error bars, implying that no significant change in grain size
occurs during subsequent thermal cycling.

Fig. 3 shows the kernel average misorientation (KAM) maps of the as-
received and Gleeble samples, with misorientation values ranging from
0 to 5°. KAM is used to qualitatively determine the amount and distri-
bution of deformation (plastic strain) throughout individual grains after
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Fig. 2. (a) Average hardness and grain size of the as-received and Gleeble samples. (b) EBSD inverse pole figure maps of as-received, L-11, L-11 h, L-8, L-6, and L-1.
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Fig. 3. (a) EBSD KAM maps of as-received, L-11, L-11 h, L-8, L-6, and L-1. (b) Number fractions of KAM in various conditions.

thermal cycling [55]. As shown in Fig. 3a and b, low local mis-
orientations are observed in the as-received sample, which decrease
slightly after the first heating and cooling cycle (L-11). Local mis-
orientations exhibit a slight increase during subsequent heating and
cooling cycles.

Supplementary Fig. S2 displays BSE images of the as-received and
Gleeble samples. The carbides and nitrides present in the as-received
microstructure are identified as (Nb,Ti)C (white) and TiN (dark) as
confirmed by EDS point analyses shown in Supplementary Fig. S3. These
phases are well-known to form in IN718 [56,57]. During thermal
cycling, there is no significant change in the size and volume fraction of
these phases.

Fig. 4 shows higher magnification images of selected samples.
Similar to the trend in hardness, there is a variation in the microstruc-
ture as the number of thermal cycles increases. After the first heating
and cooling cycle (L-11), the microstructure appears to be free of y’, y",
and & precipitates, indicating their dissolution (Fig. 4b). A similar
microstructure is also observed in L-11 h, despite holding at 700 °C for
60 s. For L-8, the microstructure shows comparably smaller § phase
precipitates (ranging from ~17-50 nm in length) distributed along grain
and twin boundaries, as seen in Fig. 4d and Supplementary Fig. S4(a, b).
No y’ and y*’ precipitates, however, seem to be present. The size and
number of precipitated & phases increases after additional cycles to ~90
and 300 nm, as observed in L-6 (Supplementary Fig. S4c) and L-1

(Supplementary Fig. S4d), respectively.

The distribution of y* and y" phases is non-uniform, as shown in L-6
(Fig. 4e) and L-1 (Fig. 4f). These phases seem to mainly precipitate
around eutectic products (e.g., NbC) at grain boundary edges, as indi-
cated in Fig. 4e and f. The short thermal cycles and high cooling rates
prevent their further precipitation, making it difficult to distinguish y’
from y" based on SEM only. However, since these regions are richer in Nb
as seen in the EDS line scan in Fig. 5, the majority of those precipitates
are assumed to be y" [58,59].

3.3. Atom probe microscopy

To further investigate the nm-scale precipitate evolution of y* and v’
during thermal cycling, APM was used. Fig. 6a, b, and c depict the atom
maps for tips extracted from L-11, L-1, and as-received samples,
respectively. Based on the atom maps, it appears that all atoms are
distributed homogeneously in both L-11 and L-1 samples, indicating the
absence of y* and y’’ precipitates in the y matrix. The atom maps of Ti
and Nb in the as-received state, however, show heterogeneities, indi-
cating the presence of y’ and y’* precipitates within the y matrix. There,
vy’ and y”’ precipitates are encapsulated by iso-surface concentration
values of 10.65 at% of Al + Ti) and 12.95 at% of Nb, respectively. These
observations are consistent with the SEM images in Fig. 4.

Fig. 7a and b display the cluster count analyses of Al and Nb atoms
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Fig. 4. The microstructure evolution of the as-received and Gleeble samples showing various phases such as y’, y", 8, and carbides: (a) as-received, (b) L-11, (c) L-

11 h, (d) L-8, (e) L-6, and (f) L-1.

for L-11 and L-1, respectively. The purpose of this analysis is to further
investigate the presence or absence of early stage solute clustering and/
or precipitation as is commonly done using APT [45,59,60]. The
experimental distribution curve of L-11 for Nb atoms indicates no de-
viation from a randomized count, suggesting no solute clustering in this
sample. Similarly, for Al atoms, no significant deviation from a ran-
domized count is observed. In the L-1 dataset, the experimental distri-
bution and the randomized curve for Nb atoms are almost identical.
However, a slight deviation is present for Al, indicating that the onset of
Al clustering must have occurred in regions further away from eutectic
products or grain boundaries during thermal cycling.

3.4. Thermokinetic modelling

MatCalc modelling of the thermal profile during the Gleeble exper-
iments were performed with y defined as the matrix phase and y/, y", MC
carbide, and &-phases included as possible precipitates. In the kinetic
parameter setup for Ni-based superalloys, the MatCalc user needs to
define nucleation sites for various precipitates, e.g., bulk, dislocations,
and/or grain boundaries. This will result in different nucleation rates,

phase fractions, and number densities [61]. Although y’ and y’’ typically
form inside grains via homogeneous nucleation [62,63], experimental
observations show that there are no y’ or y’’ precipitates in the bulk of
the simulated IN718 microstructure in this work (see Fig. 4e and f).
Instead, these precipitates tend to form in regions that are richer in Al,
Ti, and Nb. Hence, based on the experimentally observed kinetics, the
nucleation sites for y and y” were assumed to be dislocations and grain
boundary edges, and the nucleation sites for the §-phase grain bound-
aries. This assumption introduces a form of compositional heterogeneity
in the model, creating conditions similar to the experimental setup for
in-situ observation of the phase evolution. It should be noted that
restricting the nucleation site of y’ and y’’ to the bulk (homogenous)
would be suitable for modeling other AM processes like E-PBF and
ageing treatments where the precipitation of y* and y’’ occurs more
homogeneously [17,64]. MC carbides were restricted to grain bound-
aries and the bulk. The regular solution critical temperature for y' and y"
was adjusted to 2227 °C [65]. The regular solution critical temperature
is the highest temperature at which two phases are present in the system,
regardless of the composition. All other parameters were kept at their
default values, following the recommendations from MatCalc version
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6.04.0011. Fig. 8a displays the thermal cycles used in the Gleeble
experiment as input for the MatCalc simulation.

Fig. 8b shows the simulated phase fractions of y, y", MC carbide, and
§-phases during thermal cycling. The inset in Fig. 8b is a magnified view
of the simulated phase fractions in the first 400 s. The top layer (L-11)
represents the microstructure without undergoing additional thermal
cycling. As no melting occurred in the current study, this can be
compared to the last layer in an actual L-DED build, representing the
microstructure after solidification and final cooling to room tempera-
ture. The microstructure of layers below the top layer is determined by
the number of thermal cycles, which increases with distance to the top,
as seen in Fig. 8a. The phase fraction plot shows small phase fractions
(<1 %) for all precipitates considered. In the top layer, the precipitation

of ¥/, ", and & occurs during cooling. & nucleates first, followed by y' and

Y, as seen in the nucleation rate (inset in Fig. 8c) and phase fraction
plots (inset in Fig. 8b). The phase fractions of y, y”, and § increase to
0.00005 %, 0.00015 %, and 0.0005 %, respectively, upon cooling to and
holding at 700 °C. The increase in phase fraction is accompanied by the
growth of precipitates, with v/, y’, and & sizes (diameter) reaching 29, 20,
and 40 nm, respectively (Fig. 8d). As subsequent layers are deposited,
prior layers are subjected to additional thermal cycles with gradually
lower peak temperatures, leading to phase transformations of v/, y”, and
§-phases.

During the deposition of any subsequent layer, Y and y” in the pre-
vious layer (layer 10) begin to dissolve as the temperature crosses the
solvus temperature. This is witnessed by the reduction of the y' and y"
phase fractions, number densities, and sizes approaching 0 nm. On the
other hand, & does increase in both size and phase fraction. Upon
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Fig. 7. Cluster count analyses of (a) L-11 and (b) L-1 for Al and Nb atoms.

cooling, ¥ and y" precipitates that were dissolved during heating rep-
recipitate with a surge in their phase fractions until the next layer is
deposited. The complete dissolution and reprecipitation of y' and y”
continue for the next layer deposition while the phase fraction and size
of the & phase gradually increases. In layer 7, the phase fraction of y'
decreases, while the size undergoes slight but noticeable fluctuations. In
contrast, there is an increase in both the phase fraction and size of y".
Moreover, 8 shows further increments in phase fractions and growth.
The coarsening of the § phase is further underpinned by the constant
number density after nucleation. The fluctuation in size of ' indicates
partial dissolution. Upon cooling to and holding at 700 °C, the dissolved
Y’ reprecipitates (4th nucleation burst). From then on, deposition of
subsequent layers causes the phase fraction and size of all of precipitates
to increase. It should be noted that the increase in precipitate sizes and
phase fractions is more pronounced during deposition (heating) than
holding at 700 °C. For MC carbide, upon precipitation, the phase frac-
tion and size remain constant without any significant fluctuations.

4. Discussion

Our results have successfully demonstrated the capability of using
the Gleeble technology to simulate the L-DED process on IN718. The
changes in hardness observed during thermal cycling provide evidence
for the correlation between the microstructure evolution during L-DED
thermal cycles and properties. In the following sections, we will discuss
the effects of thermal cycling on various microstructural features such as
the grain morphology, carbides, 5-phase, 7, y” precipitates, and the in-
fluence of the starting microstructure. Our experimental data is under-
pinned by MatCalc thermokinetic simulations, which provide additional
valuable insights into the dynamic behavior of these phases during
thermal cycling.
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Fig. 8. MatCalc prediction of the phase evolution of y, y’, MC carbide, and
§-phases during thermal cycling: (a) thermal profile as applied in the Gleeble

simulator, (b) phase fractions, (c) nucleation rates, (d) precipitate mean di-
ameters, and (e) number densities.

4.1. y Matrix evolution

The slight increase in grain size observed in all Gleeble samples
compared to the as-received material can be attributed to the high peak
temperature of the first cycle (1050 °C). This temperature is reported to
be sufficient to achieve the desired grain growth in most forged IN718
alloys, usually for a dwell time of >2 h [66]. However, due to the short
dwell time in the current study (30 s), only a slight increase in grain size
was observed. The lack of significant change in grain morphology and
size during subsequent thermal cycling can be attributed to the much
lower peak temperatures and/or short annealing times. This suggests
that solid-state thermal cycles with high peak temperatures have a
negligible influence on the as-deposited grain morphology and size in
AM materials. This also means that the thermal cycles experienced by
the as-built part may promote grain growth only if there is sufficient
holding time at critical temperatures for grain coarsening [22].

It should be noted that variations in solidification mode affecting the
cooling rate and thermal gradient during AM are responsible for changes
in the grain morphology and size [67,68]. For example, in most DED
builds, there is a transition of dendrite and grain morphology from
columnar at the bottom to equiaxed at the top of a build, due to a higher
cooling rate and thermal gradient at the bottom layers [69,70].
Although current research shows that thermal cycles do not directly
influence the grain morphology and size in the solid-state, they play a
major role in changes of the solidification mode. For instance, heat
accumulation from previous layers causes upper layers to experience a
lower cooling rate compared to the bottom ones, due to the difficulty of



N.K. Adomako et al.

heat transfer from the molten pool into the substrate [27]. It should be
noted that most IN718 builds with heterogeneities in grain size exhibit
heterogeneities in their hardness as a function of build height [71-73].
However, in the current study, the negligible variation in grain size
suggests that this did not play a major role in the hardness variation.
This finding aligns with microstructure analysis of DED IN718 builds in
literature, where variations in hardness were attributed to factors such
as solidification and precipitation rather than grain size [24,74,75].

The low local misorientations observed in the as-received sample
could be attributed to recrystallization, grain growth and dislocation
annihilation, a characteristic of limited stored residual stress in most as-
forged IN718 alloys [76]. The slight reduction in local misorientation
after one cycle (L-11) in the current study indicates a slight relief of
internal plastic strain, which may be attributed to the high peak tem-
perature that is close to the homogenization temperature. This elevated
temperature activates recovery and dislocation annihilation, influencing
the strain distribution. However, the short dwell time was not sufficient
to cause a significant annihilation of plastic strain. Longer holding times
(i.e. >1 h) at temperatures above 1000 °C have been reported to be
required to significantly reduce the induced plastic strain in AM IN718
[77]. Although subsequent thermal cycles could anneal out residual
stresses or plastic strains caused by previous ones, it should be noted that
the restrictive mechanical constraint in AM and our Gleeble setup make
plastic strain accumulation significant [78-81]. This restrictive me-
chanical constraint influences the thermal expansions and contractions
during fast heating and cooling cycles, leading to strain accumulation.
This is because the constrained material is unable to expand or contract
freely, resulting in the buildup of internal stresses, which explains the
observed increase in local misorientations during subsequent heating
and cooling cycles as seen in L-6 and L-1. It should be noted that DED
builds are generally prone to high plastic strain due to the low heat
accumulation from previous layers [27,82,83]. This differs from elec-
tron beam powder bed fusion, where the build is subjected to elevated
pre-heat temperatures that significantly reduce thermal gradients and
relieve stresses throughout the builds [84-86].

4.2. Microscale precipitates

The presence of TiN in the as-received sample can be attributed to its
formation during solidification [87]. In AM, TiN can also be introduced
via the feedstock material and may remain unmelted due to its high
melting point (~2930 °C) [88]. This explains its presence in all Gleeble
specimens. In IN718, precipitation of (Nb,Ti)C is known to occur during
solidification and usually forms in the interdendritic regions via eutectic
reactions [21,89]. In the current study, the size and volume fraction of
these carbides are much higher compared to actual L-DED process due to
the slower solidification and cooling rate of the starting microstructure.
The constant and stable phase fraction of the carbides during thermal
cycling can be attributed to their high melting point (~1050-1360 °C)
and the short holding time at the peak temperatures [90-92]. This is
underpinned by the MatCalc prediction, where we do not observe any
fluctuations in the carbide morphology during thermal cycling. The
solvus temperature for most MC carbides exceeds all peak temperatures
observed in our Gleeble study, and carbide dissolution kinetics at tem-
peratures above the solvus are known to be comparably slow [93]. The
stable phase fraction and random distribution of MC carbides indicate
that they have a negligible influence on the gradient in hardness.

4.3. Nanoscale precipitates

4.3.1. Evolution during thermal cycling

The ¥/, ¥", and 8, phases are the prevailing precipitates that typically
form during solid-state phase transformations in IN718. [94-96]. Their
presence in the as-received sample in the current study is a consequence
of slow cooling after forging, indicating there was sufficient time for
their nucleation and growth. The as-forged sample spends a relatively
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longer time in the temperature ranges of the v/, y”, and § precipitation
windows, that are in the range of 600 to 1000 °C [21]. In IN718, the &
phase is formed at interfaces (e.g., grain or twin boundaries) and/or
inside grains through the y" — & transformation [21,97]. In this study,
the precipitation of the & phase is seen to occur at the grain boundaries
only (see Fig. 4d, and Supplementary Fig. 54).

The dissolution of all precipitates after the first heating cycle is due to
the high peak temperature, which is above the solvus temperatures of y'
(~850°C), ¥" (~900 °C), and & (~1000 °C), respectively [98]. The
MatCalc simulation (Fig. 8) supports this observation, i.e., no pre-
cipitates are seen at peak temperatures above the solvus. The complete
dissolution of the various precipitates despite the short dwell time at the
peak temperature can be attributed to the exponential increase in solute
diffusion rates at high temperatures [37]. Since dissolution occurred
during heating and holding at the peak temperature, the y/, ¥, and &
phases should have precipitated upon cooling as the temperature profile
passes through their precipitation window. However, no precipitation is
observed, which can be attributed to the rapid cooling rate achieved in
the Gleeble. This rapid cooling rate does not allow for sufficient time for
phase nucleation and growth to occur in sample L-11 [23]. This explains
why in DED IN718 the precipitation of y, y”, and & phases and their
growth rates are less pronounced compared to traditional
manufacturing. Our MatCalc model shows a minor precipitation of § in
L-11 during cooling (Fig. 8). This can be attributed to the high sensitivity
of precipitation and nucleation related physical parameters in the soft-
ware [47].

The presence of a small fraction of & phase precipitates (17-50 nm)
in L-8 after three cycles indicates the onset of § precipitation, as the peak
temperatures of the previous layers were above the § solvus (~1000 °C).
The peak temperature experienced by layer 8 is within the precipitation
window of & and thus enables its precipitation. This is in line with the
work of Jang et al. [99], where the precipitation of § in wire-arc DED
IN718 was attributed to the sufficient time the layer spent in the &
precipitation window. The same authors drew this conclusion by uti-
lizing the thermal history of the deposit and the precipitation kinetics of
the & phase, using Continuous Cooling Transformation /
Time-Temperature-Transformation (TTT) diagrams. As the peak tem-
perature of L-8 in our study is still above the solvus temperature of y' and
y", these phases do not precipitate. MatCalc predictions confirm this via
the cyclic dissolution and reprecipitation of y’ and y”, while the § phase
remains stable. The increase in phase fraction and growth of & during
subsequent thermal cycling (from L-6 to L-1) indicate prolonged expo-
sure of these layers within the precipitation temperature window. This is
also supported by MatCalc predictions, which point out that the growth
of § and increase in phase fractions is more pronounced during heating
to and holding at peak temperatures. Similarly, the presence of y and y”
in L-6 (after 6 cycles) indicates the onset of y' and y" precipitation, as the
peak temperature is within the precipitation window in this case. This
means the layer remained in this window for a long enough period. The
various reported TTT diagrams of ¥ and y" in IN718 indicate that typi-
cally a longer incubation time (>200 s) is needed for the onset of pre-
cipitation, especially at low temperatures [21,23]. This explains why
even holding at 700 °C for 60 s in previous layers (e.g., L-11 h) did not
result in the formation of y" and v".

The presence of & in layers L-1 to L-8 and its absence in layer L-11
align with the observed heterogeneity in the distributions of & phases in
L-DED IN718 materials [24,100,101]. Similarly, the presence of y* and
vy’ in L-1 to L-6, and their absence in L-4 to L-11, support the observed
heterogeneity in the distributions of y’ and y’’ phases. Li et al. [23] re-
ported the precipitation of ¥, y”, and & in the middle and bottom of a
L-DED IN718 build in contrast to the top, due to the intense thermal
cycle in the middle and bottom regions that satisfy the precipitation
conditions of these phases. In the current work, the heterogeneity in
precipitation with increasing numbers of cycles explains the potential
slight increase in average hardness, within error bars. In addition to y”
strengthening, small amounts of § phase in IN718 are known to improve
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the mechanical properties by providing grain boundary pinning [102].

4.3.2. Influence of the starting microstructure

In the current study, the starting microstructure lacks typical AM
dendrites due to its wrought processing after casting. This contrasts with
real L-DED printed materials, which typically exhibit distinct dendritic
structures. As a result, the current study exhibits less compositional
heterogeneity compared to real L-DED printed parts. In AM, after the
non-equilibrium solidification of IN718, there is a composition gradient
from the dendrite core to the interdendritic region or eutectics in the
matrix due to segregation. This leads to a shift in the local equilibrium
conditions and driving forces for solid-state phase transformation from
the dendrite core to the interdendritic or eutectics regions [103,104].
Despite compositional gradients, y* and y" precipitation is expected to be
homogeneous if the alloy spends sufficient time in the y’ and y" pre-
cipitation window. This is evident in most aged IN718 and E-PBF sam-
ples, where uniformly distributed y’ and y" are reported [52,53,105]. For
instance, the elevated preheat temperature and slow cooling during
E-PBF cause the material to spend sufficient time in the y’ and y" pre-
cipitation window. However, in L-DED, the time is insufficient due to
low global heat accumulation and fast cooling rate [21,27]. Conse-
quently, regions richer in y’ and y" forming elements become favourable
for nucleating y’ and y", as these regions provide a lower-energy surface
for nucleation [23,99,102,106]. A typical example can be found in the
work of Tian et al. [24], where they reported the precipitation of y* and
y" primarily around eutectic products (e.g., NbC and Laves) in inter-
dendritic regions. This indicates that the non-uniform distribution of y’
and y" is influenced by compositional gradients determined by the initial
solidification conditions and the lower heat accumulation.

In real L-DED processing, the high concentration of solute elements
near eutectic products along grain or dendrite boundaries can also be
attributed to the partial remelting of those eutectic products and diffu-
sion during additional thermal cycles. L-DED thermal cycles exhibit
higher peak temperatures, potentially approaching the solidus of
various eutectic products such as Laves and carbides [24]. This is less
likely to occur in the current study due to the less complex thermal
profile and absence of dendritic structures. However, it is worth noting
that the compositional heterogeneity observed (Figs. 5a and 5b) can be
attributed to the potential excessive overshoot of the target temperature
during the initial thermal cycles. Temperature overshooting in Gleeble
testing typically occurs when the heating rate exceeds 500 °C/s [107].
Considering the high heating rate employed in the current study
(5000 °C/s), this overshoot could have led to the temperature tempo-
rarily exceeding the solidus temperature of selected eutectic products,
leading to micron-scale solute diffusion. The localized enrichment of Nb
near eutectic products increases the driving force for the nucleation of
precipitates. Furthermore, the areas that have undergone remelting are
exposed to a slower cooling process during subsequent melting cycles,
which ultimately makes them favorable sites for precipitation [75,108].

In regions further away from grain boundaries or eutectic products,
APM confirms that the first heating cycle in this study dissolved all
precipitates previously present, and that all solute elements were
distributed homogeneously thereafter (Fig. 6). Although the APM sam-
ples studied were taken from random regions, the lack of local segre-
gation allows us to conclude that the tips in Fig. 6 are from regions
further away from eutectic products or grain boundaries. The slight
deviation of the experimental distributions of Al from random ones in-
dicates that Al responds more strongly to clustering than Nb does during
extended thermal cycling [59]. This phenomenon could be attributed to
the slow cooling rate during the initial material manufacturing, which
enabled Al to diffuse to lattice sites that could become nucleation sites
for Al-rich y' precipitates during prolonged thermal cycling. A similar
phenomenon was reported in L-PBF IN718, where Rielli et. al [45]
observed Al clustering in the dendrite core due to slow cooling from the
chessboard laser scanning strategy. These clusters impacted precipita-
tion during direct ageing, by acting as potential nucleation sites for
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Al-rich ¥'.
4.4. Outlook

The current study demonstrates that physical Gleeble simulations are
indeed suitable to replicate AM thermo-mechanical cycling, and this is
underpinned by MatCalc simulations. Immediate future research using
these tools should extend our approach to AM starting materials fabri-
cated by wire arc additive manufacturing (WAAM). This will provide
valuable insights into the role of AM solidification microstructures
including dendrites and solidification cells on solid-state precipitation
during thermal cycling. As mentioned earlier, these features were absent
in the initial microstructure studied here. To conclude this section, it is
worth noting that the capabilities of Gleeble for AM research extend
beyond studying the role of thermal cycling on the solid-state micro-
structure evolution. For example, the Gleeble simulation strategy may
provide valuable insights into how the solidification microstructure
evolves in response to multiple melting cycles and shed light on the
mechanisms behind micro crack formation during AM [85]. These
future applications of Gleeble in AM research will help to advance the
current understanding AM processing - materials properties
relationships.

5. Conclusions

We successfully apply a combined physical and computational
modelling approach to systematically reveal the impact of typical
thermal cycling experienced during additive manufacturing on the solid-
state microstructure evolution of IN718. We replicate thermal cycles
IN718 experiences during laser directed energy deposition (L-DED). We
systematically study the effect of thermal cycling on the microstructure
and hardness evolution. Our main findings are summarized below:

1. The microstructure evolution of IN718 thermally cycled in a physical
simulator shows excellent correlation with the actual L-DED process,
highlighting the capability of using physical simulations for future
AM research on Ni-based superalloys. The microstructure evolution
is in good agreement with predictions made by thermo-kinetic
simulations.

2. Typical L-DED thermal cycles in the solid-state are demonstrated to
have a negligible influence on the grain morphology of IN718 due to
the short holding time at critical peak temperatures.

3. L-DED thermal cycles, coupled with the restrictive mechanical
constraint of the sample or build, induce plastic strain accumulation,
similar to those experienced during AM processing due to the pres-
ence of additional layers.

4. L-DED thermal cycling influences the microstructure evolution and
phase transformation pathways during AM, leading to significant
effects on the precipitation and distribution of v/, y", and & phases. A
negligible influence is observed for carbides present in the starting
material, owing to their high solvus temperature.

5. During initial thermal cycles, no v/, ¥, and § phases are observed due
to the high peak temperatures above the solvus. The short holding
time at peak temperatures is shown to be sufficient to dissolve all
phases from the starting material.

6. Prolonged thermal cycling, which is representative of the middle and
bottom regions of the actual L-DED process, leads to the precipitation
of y’, ¥", and & phases. The § phase is shown to precipitate along grain
and twin boundaries, while y’ and y" forms in regions richer in Nb.
Prolonged thermal cycling also causes clustering of Al atoms.

7. The heterogeneity in the distribution of nanoscale precipitates leads
to a variation in hardness.

The knowledge gained from this study is crucial for controlling solid-
state phase evolution in IN718 during AM and will be applicable to other
AM processes and alloys. The ability to systematically explore the solid-
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state phase evolution through process parameter optimization using
such combined modelling approaches will facilitate the fabrication of
Ni-based superalloy parts with superior properties for critical applica-
tions such as aerospace.

CRediT authorship contribution statement

X.Z. Liao: Funding acquisition, Project administration, Writing —
review & editing. N. Haghdadi: Conceptualization, Methodology,
Funding acquisition, Supervision, Writing — review & editing. N. Ado-
mako: Conceptualization, Formal analysis, Investigation, Methodology,
Writing — original draft. S. Primig: Conceptualization, Funding acqui-
sition, Methodology, Project administration, Software, Supervision,
Writing — review & editing. S.P. Ringer: Funding acquisition, Project
administration, Writing — review & editing.

Declaration of Competing Interest

The authors declare that they have no known competing financial
interests or personal relationships that could have appeared to influence
the work reported in this paper.

Data Availability

Data will be made available on request.

Acknowledgements

Funding from the AUSMURI program administered by the Australia’s
Department of Industry, Science, Energy and Resources and the
Australian Research Council (DP230101063) is acknowledged. Nana
Adomako is supported by the UNSW Scientia PhD Fellowship program.

The authors acknowledge the facilities, scientific, and technical
support provided at the Electron Microscope Unit, UNSW Sydney (Mark
Wainwright centre), as well as Sydney Microscopy & Microanalysis
(SMM) at The University of Sydney, both of which are nodes of Micro-
scopy Australia. The authors also express their gratitude to Dr. David
Miskovic (UNSW) for his assistance with the Gleeble experiments and to
Drs. Vitor Rielli and Felix Theska (UNSW) and Drs. Takanori Sato and
Leigh Stephenson (SMM, The University of Sydney) for their technical
and scientific assistance with the atom probe experiments.

Appendix A. Supporting information

Supplementary data associated with this article can be found in the
online version at doi:10.1016/j.jallcom.2023.173181.

References
[1] K. Li, T. Yang, N. Gong, J. Wu, X. Wu, D.Z. Zhang, L.E. Murr, Additive
manufacturing of ultra-high strength steels: a review, J. Alloys Compd. 965
(2023), 171390, https://doi.org/10.1016/J.JALLCOM.2023.171390.
N.K. Adomako, J.J. Lewandowski, B.M. Arkhurst, H. Choi, H.J. Chang, J.H. Kim,
Microstructures and mechanical properties of multi-layered materials composed
of Ti-6Al-4V, vanadium, and 17-4PH stainless steel produced by directed energy
deposition, Addit. Manuf. 59 (2022), 103174, https://doi.org/10.1016/j.
addma.2022.103174.
Z. Ma, W. Liu, W. Li, H. Liu, J. Song, Y. Liu, Y. Huang, Y. Xia, Z. Wang, B. Liu,
Z.Lv, G. Hu, T. Wang, T. Li, S. Liu, Y. Zhang, Additive manufacturing of
functional gradient materials: a review of research progress and challenges,
J. Alloys Compd. 971 (2024), 172642, https://doi.org/10.1016/J.
JALLCOM.2023.172642.
F.Q. Liu, L. Wei, S.Q. Shi, H.L. Wei, On the varieties of build features during
multi-layer laser directed energy deposition, Addit. Manuf. 36 (2020), 101491,
https://doi.org/10.1016/J.ADDMA.2020.101491.
T. Song, Z. Chen, X. Cui, S. Lu, H. Chen, H. Wang, T. Dong, B. Qin, K.C. Chan,
M. Brandt, X. Liao, S.P. Ringer, M. Qian, Strong and ductile titanium-oxygen—iron
alloys by additive manufacturing, 2023 6187963, Nature 618 (2023) 63-68,
https://doi.org/10.1038/541586-023-05952-6.

[2]

[3]

[4]

(5]

11

[6

[7]

[8]

[91]

[10]

[11]

[12]

[13]

[14]

[15]

[16]

[17]

[18]

[19]

[20]

[21]

[22]

[23]

[24]

[25]

[26]

[27]

Journal of Alloys and Compounds 976 (2024) 173181

G. Piscopo, L. Iuliano, Current research and industrial application of laser powder
directed energy deposition, 2022 11911, Int. J. Adv. Manuf. Technol. 119 (2022)
6893-6917, https://doi.org/10.1007/500170-021-08596-W.

W. Zhang, F. Liu, F. Liu, C. Huang, H. Zheng, Q. Zhang, Y. Zheng, J. Gao,
Microstructural evolution and cracking behavior of Hastelloy X superalloy
fabricated by laser directed energy deposition, J. Alloys Compd. 905 (2022),
164179, https://doi.org/10.1016/J.JALLCOM.2022.164179.

C.H. Su, K. Rodgers, P. Chen, E. Rabenberg, S. Gorti, Design, processing, and
assessment of additive manufacturing by laser powder bed fusion: a case study on
INCONEL 718 alloy, J. Alloys Compd. 902 (2022), 163735, https://doi.org/
10.1016/J.JALLCOM.2022.163735.

Y. Chen, W. Wang, Y. Ou, D. Li, H. Chang, Y. Wu, R. Yang, Z. Zhai, C. Li, Effect of
high preheating on the microstructure and mechanical properties of high gamma
prime Ni-based superalloy manufactured by laser powder bed fusion, J. Alloys
Compd. 960 (2023), 170598, https://doi.org/10.1016/J.
JALLCOM.2023.170598.

A. Aprilia, N. Wu, W. Zhou, Repair and restoration of engineering components by
laser directed energy deposition, Mater. Today Proc. 70 (2022) 206-211, https://
doi.org/10.1016/J.MATPR.2022.09.022.

B. Blakey-Milner, P. Gradl, G. Snedden, M. Brooks, J. Pitot, E. Lopez, M. Leary,
F. Berto, A. du Plessis, Metal additive manufacturing in aerospace: a review,
Mater. Des. 209 (2021), 110008, https://doi.org/10.1016/J.
MATDES.2021.110008.

T. Petrat, C. Brunner-Schwer, B. Graf, M. Rethmeier, Microstructure of Inconel
718 parts with constant mass energy input manufactured with direct energy
deposition, Procedia Manuf. 36 (2019) 256-266, https://doi.org/10.1016/J.
PROMFG.2019.08.033.

R. Sarkar, B. Chen, M.E. Fitzpatrick, D. Fabijanic, T. Hilditch, Additive
manufacturing-based repair of IN718 superalloy and high-cycle fatigue
assessment of the joint, Addit. Manuf. 60 (2022), 103276, https://doi.org/
10.1016/J.ADDMA.2022.103276.

L. Chechik, K.A. Christofidou, J.F.S. Markanday, A.D. Goodall, J.R. Miller,

G. West, H. Stone, I. Todd, Hardness variation in inconel 718 produced by laser
directed energy deposition, Materialia 26 (2022), 101643, https://doi.org/
10.1016/J.MTLA.2022.101643.

Y. Zhang, L. Lan, Q. Shi, Microstructural evolution and precipitated phase
characteristics in the fusion zone for the as-repaired Inconel 718 alloy by directed
energy deposition additive manufacturing, Mater. Charact. 204 (2023), 113222,
https://doi.org/10.1016/J.MATCHAR.2023.113222.

B. Farhang, B.B. Ravichander, J. Ma, A. Amerinatanzi, N. Shayesteh Moghaddam,
The evolution of microstructure and composition homogeneity induced by
borders in laser powder bed fused Inconel 718 parts, J. Alloys Compd. 898
(2022), 162787, https://doi.org/10.1016/J.JALLCOM.2021.162787.

A. Drexler, B. Oberwinkler, S. Primig, C. Turk, E. Povoden-Karadeniz,

A. Heinemann, W. Ecker, M. Stockinger, Experimental and numerical
investigations of the y" and y' precipitation kinetics in Alloy 718, Mater. Sci. Eng.
A 723 (2018) 314-323, https://doi.org/10.1016/J.MSEA.2018.03.013.

Y. Zhao, Z. Ma, L. Yu, J. Dong, Y. Liu, The simultaneous improvements of strength
and ductility in additive manufactured Ni-based superalloy via controlling
cellular subgrain microstructure, J. Mater. Sci. Technol. 68 (2021) 184-190,
https://doi.org/10.1016/J.JMST.2020.07.011.

H. Zhang, H. Hao, J. Li, X. Zhang, Y. Liu, Evaluation on static mechanical stability
of wrought Inconel 718 superalloy; effect of grain configuration and &
precipitation, J. Mater. Res. Technol. 24 (2023) 1776-1791, https://doi.org/
10.1016/J.JMRT.2023.03.123.

A. Piglione, B. Attard, V. Vieira Rielli, C.T. Santos Maldonado, M.M. Attallah,
S. Primig, M.S. Pham, On the constitutive relationship between solidification cells
and the fatigue behaviour of IN718 fabricated by laser powder bed fusion, Addit.
Manuf. 47 (2021), 102347, https://doi.org/10.1016/J.ADDMA.2021.102347.
C. Kumara, A.R. Balachandramurthi, S. Goel, F. Hanning, J. Moverare, Toward a
better understanding of phase transformations in additive manufacturing of Alloy
718, Materialia 13 (2020), https://doi.org/10.1016/j.mtla.2020.100862.

J.P. Oliveira, T.G. Santos, R.M. Miranda, Revisiting fundamental welding
concepts to improve additive manufacturing: from theory to practice, Prog.
Mater. Sci. 107 (2019), 100590, https://doi.org/10.1016/j.
pmatsci.2019.100590.

Z. Li, J. Chen, S. Sui, C. Zhong, X. Lu, X. Lin, The microstructure evolution and
tensile properties of Inconel 718 fabricated by high-deposition-rate laser directed
energy deposition, Addit. Manuf. 31 (2020), 100941, https://doi.org/10.1016/j.
addma.2019.100941.

Y. Tian, D. McAllister, H. Colijn, M. Mills, D. Farson, M. Nordin, S. Babu,
Rationalization of microstructure heterogeneity in INCONEL 718 builds made by
the direct laser additive manufacturing process, Metall. Mater. Trans. A Phys.
Metall. Mater. Sci. 45 (2014) 4470-4483, https://doi.org/10.1007/5s11661-014-
2370-6.

J.P. Choi, G.H. Shin, S. Yang, D.Y. Yang, J.S. Lee, M. Brochu, J.H. Yu,
Densification and microstructural investigation of Inconel 718 parts fabricated by
selective laser melting, Powder Technol. 310 (2017) 60-66, https://doi.org/
10.1016/j.powtec.2017.01.030.

Z. Wang, K. Guan, M. Gao, X. Li, X. Chen, X. Zeng, The microstructure and
mechanical properties of deposited-IN718 by selective laser melting, J. Alloys
Compd. 513 (2012) 518-523, https://doi.org/10.1016/j.jallcom.2011.10.107.
N. Kwabena Adomako, N. Haghdadi, S. Primig, Electron and laser-based additive
manufacturing of Ni-based superalloys: a review of heterogeneities in
microstructure and mechanical properties, Mater. Des. 223 (2022), 111245,
https://doi.org/10.1016/J.MATDES.2022.111245.


https://doi.org/10.1016/j.jallcom.2023.173181
https://doi.org/10.1016/J.JALLCOM.2023.171390
https://doi.org/10.1016/j.addma.2022.103174
https://doi.org/10.1016/j.addma.2022.103174
https://doi.org/10.1016/J.JALLCOM.2023.172642
https://doi.org/10.1016/J.JALLCOM.2023.172642
https://doi.org/10.1016/J.ADDMA.2020.101491
https://doi.org/10.1038/s41586-023-05952-6
https://doi.org/10.1007/S00170-021-08596-W
https://doi.org/10.1016/J.JALLCOM.2022.164179
https://doi.org/10.1016/J.JALLCOM.2022.163735
https://doi.org/10.1016/J.JALLCOM.2022.163735
https://doi.org/10.1016/J.JALLCOM.2023.170598
https://doi.org/10.1016/J.JALLCOM.2023.170598
https://doi.org/10.1016/J.MATPR.2022.09.022
https://doi.org/10.1016/J.MATPR.2022.09.022
https://doi.org/10.1016/J.MATDES.2021.110008
https://doi.org/10.1016/J.MATDES.2021.110008
https://doi.org/10.1016/J.PROMFG.2019.08.033
https://doi.org/10.1016/J.PROMFG.2019.08.033
https://doi.org/10.1016/J.ADDMA.2022.103276
https://doi.org/10.1016/J.ADDMA.2022.103276
https://doi.org/10.1016/J.MTLA.2022.101643
https://doi.org/10.1016/J.MTLA.2022.101643
https://doi.org/10.1016/J.MATCHAR.2023.113222
https://doi.org/10.1016/J.JALLCOM.2021.162787
https://doi.org/10.1016/J.MSEA.2018.03.013
https://doi.org/10.1016/J.JMST.2020.07.011
https://doi.org/10.1016/J.JMRT.2023.03.123
https://doi.org/10.1016/J.JMRT.2023.03.123
https://doi.org/10.1016/J.ADDMA.2021.102347
https://doi.org/10.1016/j.mtla.2020.100862
https://doi.org/10.1016/j.pmatsci.2019.100590
https://doi.org/10.1016/j.pmatsci.2019.100590
https://doi.org/10.1016/j.addma.2019.100941
https://doi.org/10.1016/j.addma.2019.100941
https://doi.org/10.1007/s11661-014-2370-6
https://doi.org/10.1007/s11661-014-2370-6
https://doi.org/10.1016/j.powtec.2017.01.030
https://doi.org/10.1016/j.powtec.2017.01.030
https://doi.org/10.1016/j.jallcom.2011.10.107
https://doi.org/10.1016/J.MATDES.2022.111245

N.K. Adomako et al.

[28]

[29]

[30]

[31]

[32]

[33]

[34]

[35]

[36]

[37]

[38]

[39]

[40]

[41]

[42]

[43]

[44]

[45]

[46]

[47]

[48]

[49]

[50]

H. Wang, Z.G. Zhu, H. Chen, A.G. Wang, J.Q. Liu, H.W. Liu, R.K. Zheng, S.M.
L. Nai, S. Primig, S.S. Babu, S.P. Ringer, X.Z. Liao, Effect of cyclic rapid thermal
loadings on the microstructural evolution of a CrMnFeCoNi high-entropy alloy
manufactured by selective laser melting, Acta Mater. 196 (2020) 609-625,
https://doi.org/10.1016/J.ACTAMAT.2020.07.006.

V.A. Hosseini, E. Cederberg, K. Hurtig, L. Karlsson, A physical simulation
technique for cleaner and more sustainable research in additive manufacturing,
J. Clean. Prod. 285 (2021), https://doi.org/10.1016/j.jclepro.2020.124910.
G.J. Marshall, W.J. Young, S.M. Thompson, N. Shamsaei, S.R. Daniewicz, S. Shao,
Understanding the microstructure formation of Ti-6Al-4V during direct laser
deposition via in-situ thermal monitoring, JOM 68 (2016) 778-790, https://doi.
org/10.1007/S11837-015-1767-Z/FIGURES/11.

S. Kumar, R. Kamath, P. Nandwana, Y. Chen, S. Babu, Dynamic phase
transformations in additively manufactured Ti-6Al-4V during thermo-mechanical
gyrations, Materialia 14 (2020), https://doi.org/10.1016/j.mtla.2020.100883.
C. Zhao, K. Fezzaa, R.W. Cunningham, H. Wen, F. De Carlo, L. Chen, A.D. Rollett,
T. Sun, Real-time monitoring of laser powder bed fusion process using high-speed
X-ray imaging and diffraction, Sci. Rep. 7 (2017) 1-11, https://doi.org/10.1038/
541598-017-03761-2.

B. Wahlmann, E. Krohmer, C. Breuning, N. Schell, P. Staron, E. Uhlmann,

C. Korner, In situ observation of y' phase transformation dynamics during
selective laser melting of CMSX-4, Adv. Eng. Mater. 23 (2021), https://doi.org/
10.1002/adem.202100112.

F. Vogel, J. Cheng, S.B. Liang, C.B. Ke, S.S. Cao, X.P. Zhang, 1. Zizak, A.

M. Manzoni, J.M. Yu, N. Wanderka, W. Li, Formation and evolution of
hierarchical microstructures in a Ni-based superalloy investigated by in situ high-
temperature synchrotron X-ray diffraction, J. Alloys Compd. 919 (2022), 165845,
https://doi.org/10.1016/J.JALLCOM.2022.165845.

X. Tan, Y. Kok, Y.J. Tan, M. Descoins, D. Mangelinck, S.B. Tor, K.F. Leong, C.
K. Chua, Graded microstructure and mechanical properties of additive
manufactured Ti-6Al-4V via electron beam melting, Acta Mater. 97 (2015) 1-16,
https://doi.org/10.1016/j.actamat.2015.06.036.

S.A. Mantri, S. Dasari, A. Sharma, T. Alam, M.V. Pantawane, M. Pole, S. Sharma,
N.B. Dahotre, R. Banerjee, S. Banerjee, Effect of micro-segregation of alloying
elements on the precipitation behaviour in laser surface engineered alloy 718,
Acta Mater. 210 (2021), 116844, https://doi.org/10.1016/J.
ACTAMAT.2021.116844.

B. Wahlmann, F. Galgon, A. Stark, S. Gayer, N. Schell, P. Staron, C. Korner,
Growth and coarsening kinetics of gamma prime precipitates in CMSX-4 under
simulated additive manufacturing conditions, Acta Mater. 180 (2019) 84-96,
https://doi.org/10.1016/j.actamat.2019.08.049.

Y. Xiao, M. Cagle, S. Mujahid, P. Liu, Z. Wang, W. Yang, L. Chen, A gleeble-
assisted study of phase evolution of Ti-6Al1-4V induced by thermal cycles during
additive manufacturing, J. Alloys Compd. 860 (2021), https://doi.org/10.1016/j.
jallcom.2020.158409.

S. Chen, L. bin Zhao, J. Wang, C. Li, Z. Li, X.X. Ye, D.K.L. Tsang, K. Yu,
Microstructure evolution and mechanical properties of simulated HAZ in a Ni-
17Mo-7Cr superalloy: effects of the welding thermal cycles, J. Mater. Sci. 55
(2020) 13372-13388, https://doi.org/10.1007/5s10853-020-04927-6.

M.H. Farshidianfar, A. Khajepour, A.P. Gerlich, Effect of real-time cooling rate on
microstructure in laser additive manufacturing, J. Mater. Process. Technol. 231
(2016) 468-478, https://doi.org/10.1016/J.JMATPROTEC.2016.01.017.

W. Hofmeister, M. Griffith, M. Ensz, J. Smugeresky, Solidification in direct metal
deposition by LENS processing, JOM 53 (2001) 30-34, https://doi.org/10.1007/
S$11837-001-0066-Z/METRICS.

M. Schneider, E.P. George, T.J. Manescau, T. Zalezak, J. Hunfeld, A. Dlouhy,

G. Eggeler, G. Laplanche, Analysis of strengthening due to grain boundaries and
annealing twin boundaries in the CrCoNi medium-entropy alloy, Int. J. Plast. 124
(2020) 155-169, https://doi.org/10.1016/J.1JPLAS.2019.08.009.

V.V. Rielli, F. Theska, S. Primig, Correlative approach for atom probe sample
preparation of interfaces using plasma focused ion beam without lift-out, Microsc.
Microanal. 28 (2022) 998-1008, https://doi.org/10.1017/51431927621000349.
F. Theska, S.P. Ringer, S. Primig, Atom probe microscopy of strengthening effects
in alloy 718, Microsc. Microanal. 25 (2019) 470-480, https://doi.org/10.1017/
S1431927618015611.

V.V. Rielli, A. Piglione, M.-S.S. Pham, S. Primig, On the detailed morphological
and chemical evolution of phases during laser powder bed fusion and common
post-processing heat treatments of IN718, Addit. Manuf. 50 (2022), 102540,
https://doi.org/10.1016/j.addma.2021.102540.

ASTM, Standard Test Method for Microindentation Hardness of MaterialsKknoop
and Vickers Hardness of Materials 1, Annu. B. ASTM Stand. i (2010) 1-42.

R. Radis, M. Schaffer, M. Albu, G. Kothleitner, P. Polt, E. Kozeschnik, Multimodal
size distributions of y' precipitates during continuous cooling of UDIMET 720 Li,
Acta Mater. 57 (2009) 5739-5747, https://doi.org/10.1016/j.
actamat.2009.08.002.

A. Drexler, B. Oberwinkler, S. Primig, C. Turk, E. Povoden-karadeniz,

A. Heinemann, W. Ecker, M. Stockinger, Experimental and numerical
investigations of the y " and y ' precipitation kinetics in Alloy 718, Mater. Sci. Eng.
A 723 (2018) 314-323, https://doi.org/10.1016/j.msea.2018.03.013.

M. Pudar, S. Zamberger, K. Spiradek-Hahn, R. Radis, E. Kozeschnik,
Computational analysis of precipitation during continuous casting of
microalloyed steel, Steel Res. Int. 81 (2010) 372-380, https://doi.org/10.1002/
SRIN.201000021.

M. Werinos, H. Antrekowitsch, E. Kozeschnik, T. Ebner, F. Moszner, J.F. Loffler,
P.J. Uggowitzer, S. Pogatscher, Ultrafast artificial aging of AI-Mg-Si alloys, Scr.

12

[51]

[52]

[53]

[54]

[55]

[56]

[57]

[58]

[59]

[60]

[61]

[62]

[63]

[64]

[65]

[66]

[67]

[68]

[69]

[70]

[71]

[72]

[73]

[74]

Journal of Alloys and Compounds 976 (2024) 173181

Mater. 112 (2016) 148-151, https://doi.org/10.1016/J.
SCRIPTAMAT.2015.09.037.

J. Svoboda, F.D. Fischer, P. Fratzl, E. Kozeschnik, Modelling of kinetics in multi-
component multi-phase systems with spherical precipitates I: theory, Mater. Sci.
Eng. A. 385 (2004) 166-174, https://doi.org/10.1016/j.msea.2004.06.018.

F. Theska, K. Nomoto, F. Godor, B. Oberwinkler, A. Stanojevic, S.P. Ringer,

S. Primig, On the early stages of precipitation during direct ageing of Alloy 718,
Acta Mater. 188 (2020) 492-503, https://doi.org/10.1016/J.
ACTAMAT.2020.02.034.

F. Theska, A. Stanojevic, B. Oberwinkler, S.P. Ringer, S. Primig, On conventional
versus direct ageing of alloy 718, Acta Mater. 156 (2018) 116-124, https://doi.
org/10.1016/j.actamat.2018.06.034.

J.C. Franco-Correa, E. Martinez-Franco, J.M. Alvarado-Orozco, L.A. Céceres-Diaz,
D.G. Espinosa-Arbelaez, J.A. Villada, Effect of conventional heat treatments on
the microstructure and microhardness of IN718 obtained by wrought and
additive manufacturing, J. Mater. Eng. Perform. 30 (2021) 7035-7045, https://
doi.org/10.1007/511665-021-06138-9/FIGURES/16.

A.S. Gill, A. Telang, C. Ye, S.R. Mannava, D. Qian, V.K. Vasudevan, Localized
plastic deformation and hardening in laser shock peened Inconel alloy 718SPF,
Mater. Charact. 142 (2018) 15-26, https://doi.org/10.1016/J.
MATCHAR.2018.05.010.

T. Antonsson, H. Fredriksson, The effect of cooling rate on the solidification of
INCONEL 718, Metall. Mater. Trans. B Process. Metall. Mater. Process. Sci. 36
(2005) 85-96, https://doi.org/10.1007/511663-005-0009-0/METRICS.

Y. Liu, H. Zhang, Q. Guo, X. Zhou, Z. Ma, Y. Huang, H. Li, Microstructure
evolution of inconel 718 superalloy during hot working and its recent
development tendency, Acta Metall. Sin. 54 (2018) 1653-1664, https://doi.org/
10.11900/0412.1961.2018.00340.

R.V. Shakhov, K. Sh Mukhtarova, Nb rich precipitates of Inconel 718 produced by
selective laser melting (11I. P B, M. K 1II), Lett. Mater. 8 (2018) 105-109, https://
doi.org/10.22226/2410-3535-2018-1-105-109.

V.V. Rielli, F. Theska, F. Godor, A. Stanojevic, B. Oberwinkler, S. Primig,
Evolution of nanoscale precipitates during common Alloy 718 ageing treatments,
Mater. Des. 205 (2021), 109762, https://doi.org/10.1016/j.
matdes.2021.109762.

M.S. Moyle, N. Haghdadi, W.J. Davids, X.Z. Liao, S.P. Ringer, S. Primig, Evidence
of in-situ Cu clustering as a function of laser power during laser powder bed
fusion of 17-4 PH stainless steel, Scr. Mater. 219 (2022), 114896, https://doi.
org/10.1016/j.scriptamat.2022.114896.

G.A. Zickler, R. Radis, R. Schnitzer, E. Kozeschnik, M. Stockinger, H. Leitner, The
precipitation behavior of superalloy ATI allvac 718Plus, Adv. Eng. Mater. 12
(2010) 176-183, https://doi.org/10.1002/ADEM.200900282.

R.G. Carlson, J.F. Radavich, MICROSTRUCTURAL CHARACTERIZATION OF
CAST 718, (n.d.).

D. Deng, Additively Manufactured Inconel 718: Microstructures and Mechanical
Properties, Linkoping University Electronic Press,, Linkoping, 2018, https://doi.
org/10.3384/lic.diva-144491.

N.K. Adomako, N. Haghdadi, J.F.L. Dingle, E. Kozeschnik, X. Liao, S.P. Ringer,
S. Primig, Predicting solid-state phase transformations during metal additive
manufacturing: a case study on electron-beam powder bed fusion of Inconel-738,
Addit. Manuf. 76 (2023), 103771, https://doi.org/10.1016/J.
ADDMA.2023.103771.

E. Kozeschnik, Modeling Solid-State Precipitation, Momentum Press,, 2012,
https://doi.org/10.5643/9781606500644.

S. Olovsjo, A. Wretland, G. Sjoberg, The effect of grain size and hardness of
wrought Alloy 718 on the wear of cemented carbide tools, Wear 268 (2010)
1045-1052, https://doi.org/10.1016/J.WEAR.2010.01.017.

H. Helmer, A. Bauereif, R.F. Singer, C. Korner, Erratum to: ‘Grain structure
evolution in Inconel 718 during selective electron beam melting’ (Materials
Science & Engineering A (2016) 668 (180-187 (S0921509316305536) (10.1016/
j.msea.2016.05.046)), Mater. Sci. Eng. A 676 (2016) 546, https://doi.org/
10.1016/j.msea.2016.09.016.

A.R. Balachandramurthi, J. Olsson, J. Algérdh, A. Snis, J. Moverare, R. Pederson,
Microstructure tailoring in electron beam powder bed Fusion additive
manufacturing and its potential consequences, Results Mater. 1 (2019), 100017,
https://doi.org/10.1016/j.rinma.2019.100017.

K. Wang, D. Du, G. Liu, Z. Pu, B. Chang, J. Ju, Microstructure and mechanical
properties of high chromium nickel-based superalloy fabricated by laser metal
deposition, Mater. Sci. Eng. A. 780 (2020), https://doi.org/10.1016/j.
msea.2020.139185.

X. Wang, K. Chou, Effects of thermal cycles on the microstructure evolution of
Inconel 718 during selective laser melting process, Addit. Manuf. 18 (2017) 1-14,
https://doi.org/10.1016/j.addma.2017.08.016.

Q. Jia, D. Gu, Selective laser melting additive manufacturing of Inconel 718
superalloy parts: Densification, microstructure and properties, J. Alloy. Compd.
585 (2014) 713-721, https://doi.org/10.1016/j.jallcom.2013.09.171.

T. Rong, D. Gu, Formation of novel graded interface and its function on
mechanical properties of WC1-x reinforced Inconel 718 composites processed by
selective laser melting, J. Alloys Compd. 680 (2016) 333-342, https://doi.org/
10.1016/j.jallcom.2016.04.107.

M. Xia, D. Gu, C. Ma, H. Chen, H. Zhang, Microstructure evolution, mechanical
response and underlying thermodynamic mechanism of multi-phase
strengthening WC/Inconel 718 composites using selective laser melting, J. Alloys
Compd. 747 (2018) 684-695, https://doi.org/10.1016/].jallcom.2018.03.049.
E.L. Stevens, J. Toman, A.C. To, M. Chmielus, Variation of hardness,
microstructure, and Laves phase distribution in direct laser deposited alloy 718


https://doi.org/10.1016/J.ACTAMAT.2020.07.006
https://doi.org/10.1016/j.jclepro.2020.124910
https://doi.org/10.1007/S11837-015-1767-Z/FIGURES/11
https://doi.org/10.1007/S11837-015-1767-Z/FIGURES/11
https://doi.org/10.1016/j.mtla.2020.100883
https://doi.org/10.1038/s41598-017-03761-2
https://doi.org/10.1038/s41598-017-03761-2
https://doi.org/10.1002/adem.202100112
https://doi.org/10.1002/adem.202100112
https://doi.org/10.1016/J.JALLCOM.2022.165845
https://doi.org/10.1016/j.actamat.2015.06.036
https://doi.org/10.1016/J.ACTAMAT.2021.116844
https://doi.org/10.1016/J.ACTAMAT.2021.116844
https://doi.org/10.1016/j.actamat.2019.08.049
https://doi.org/10.1016/j.jallcom.2020.158409
https://doi.org/10.1016/j.jallcom.2020.158409
https://doi.org/10.1007/s10853-020-04927-6
https://doi.org/10.1016/J.JMATPROTEC.2016.01.017
https://doi.org/10.1007/S11837-001-0066-Z/METRICS
https://doi.org/10.1007/S11837-001-0066-Z/METRICS
https://doi.org/10.1016/J.IJPLAS.2019.08.009
https://doi.org/10.1017/S1431927621000349
https://doi.org/10.1017/S1431927618015611
https://doi.org/10.1017/S1431927618015611
https://doi.org/10.1016/j.addma.2021.102540
https://doi.org/10.1016/j.actamat.2009.08.002
https://doi.org/10.1016/j.actamat.2009.08.002
https://doi.org/10.1016/j.msea.2018.03.013
https://doi.org/10.1002/SRIN.201000021
https://doi.org/10.1002/SRIN.201000021
https://doi.org/10.1016/J.SCRIPTAMAT.2015.09.037
https://doi.org/10.1016/J.SCRIPTAMAT.2015.09.037
https://doi.org/10.1016/j.msea.2004.06.018
https://doi.org/10.1016/J.ACTAMAT.2020.02.034
https://doi.org/10.1016/J.ACTAMAT.2020.02.034
https://doi.org/10.1016/j.actamat.2018.06.034
https://doi.org/10.1016/j.actamat.2018.06.034
https://doi.org/10.1007/S11665-021-06138-9/FIGURES/16
https://doi.org/10.1007/S11665-021-06138-9/FIGURES/16
https://doi.org/10.1016/J.MATCHAR.2018.05.010
https://doi.org/10.1016/J.MATCHAR.2018.05.010
https://doi.org/10.1007/S11663-005-0009-0/METRICS
https://doi.org/10.11900/0412.1961.2018.00340
https://doi.org/10.11900/0412.1961.2018.00340
https://doi.org/10.22226/2410-3535-2018-1-105-109
https://doi.org/10.22226/2410-3535-2018-1-105-109
https://doi.org/10.1016/j.matdes.2021.109762
https://doi.org/10.1016/j.matdes.2021.109762
https://doi.org/10.1016/j.scriptamat.2022.114896
https://doi.org/10.1016/j.scriptamat.2022.114896
https://doi.org/10.1002/ADEM.200900282
https://doi.org/10.3384/lic.diva-144491
https://doi.org/10.3384/lic.diva-144491
https://doi.org/10.1016/J.ADDMA.2023.103771
https://doi.org/10.1016/J.ADDMA.2023.103771
https://doi.org/10.5643/9781606500644
https://doi.org/10.1016/J.WEAR.2010.01.017
https://doi.org/10.1016/j.msea.2016.09.016
https://doi.org/10.1016/j.msea.2016.09.016
https://doi.org/10.1016/j.rinma.2019.100017
https://doi.org/10.1016/j.msea.2020.139185
https://doi.org/10.1016/j.msea.2020.139185
https://doi.org/10.1016/j.addma.2017.08.016
https://doi.org/10.1016/j.jallcom.2013.09.171
https://doi.org/10.1016/j.jallcom.2016.04.107
https://doi.org/10.1016/j.jallcom.2016.04.107
https://doi.org/10.1016/j.jallcom.2018.03.049

N.K. Adomako et al.

[75]

[76]

[77]

[78]

[79]

[80]

[81]

[82]

[83]

[84]

[85]

[86]

[87]

[88]

[89]

[90]

[91]

cuboids, Mater. Des. 119 (2017) 188-198, https://doi.org/10.1016/J.
MATDES.2017.01.031.

B. Zhang, P. Wang, Y. Chew, Y. Wen, M. Zhang, P. Wang, G. Bi, J. Wei,
Mechanical properties and microstructure evolution of selective laser melting
Inconel 718 along building direction and sectional dimension, Mater. Sci. Eng. A.
794 (2020), 139941, https://doi.org/10.1016/j.msea.2020.139941.

V.V. Rielli, F. Godor, C. Gruber, A. Stanojevic, B. Oberwinkler, S. Primig, On the
control of nanoprecipitation in directly aged Alloy 718 via hot deformation
parameters, Scr. Mater. 226 (2023), 115266, https://doi.org/10.1016/J.
SCRIPTAMAT.2022.115266.

E.M. Fayed, M. Saadati, D. Shahriari, V. Brailovski, M. Jahazi, M. Medraj, Effect
of homogenization and solution treatments time on the elevated-temperature
mechanical behavior of Inconel 718 fabricated by laser powder bed fusion, Sci.
Rep. 11 (2021) 1-17, https://doi.org/10.1038/s41598-021-81618-5, 2021 111.
L.M. Sochalski-Kolbus, E.A. Payzant, P.A. Cornwell, T.R. Watkins, S.S. Babu, R.
R. Dehoff, M. Lorenz, O. Ovchinnikova, C. Duty, Comparison of residual stresses
in Inconel 718 simple parts made by electron beam melting and direct laser metal
sintering, Metall. Mater. Trans. A Phys. Metall. Mater. Sci. 46 (2015) 1419-1432,
https://doi.org/10.1007/511661-014-2722-2.

J. Song, L. Zhang, W. Wu, B. He, X. Ni, J. Xu, G. Zhu, Q. Yang, T. Wang, L. Lu,
Understanding processing parameters affecting residual stress in selective laser
melting of Inconel 718 through numerical modeling, J. Mater. Res. 34 (2019)
1395-1404, https://doi.org/10.1557/jmr.2018.504.

N. Kwabena Adomako, S.H. Kim, J.H. Yoon, S.-H. Lee, J.H. Kim, Finite element
modeling of residual stress at joint interface of titanium alloy and 17-4PH
stainless steel, Met. (Basel) 11 (2021) 629, https://doi.org/10.3390/
met11040629.

A. Kromm, S. Cabeza, T. Mishurova, N. Nadammal, Residual stresses in selective
laser melted samples of a nickel based superalloy, 2018, Residual Stress 6 (2018)
259-264, https://doi.org/10.21741/9781945291890-41.

D.-G. Ahn, Directed energy deposition (DED) process: state of the art, Int. J.
Precis. Eng. Manuf. Technol. 8 (2021) 703-742, https://doi.org/10.1007/
$40684-020-00302-7.

E. Karayel, Y. Bozkurt, Additive manufacturing method and different welding
applications, J. Mater. Res. Technol. 9 (2020) 11424-11438, https://doi.org/
10.1016/J.JMRT.2020.08.039.

C.L.A. Leung, R. Tosi, E. Muzangaza, S. Nonni, P.J. Withers, P.D. Lee, Effect of
preheating on the thermal, microstructural and mechanical properties of selective
electron beam melted Ti-6Al-4V components, Mater. Des. 174 (2019), 107792,
https://doi.org/10.1016/j.matdes.2019.107792.

S. Griffiths, H. Ghasemi Tabasi, T. Ivas, X. Maeder, A. De Luca, K. Zweiacker,
R. Wrdbel, J. Jhabvala, R.E. Logé, C. Leinenbach, Combining alloy and process
modification for micro-crack mitigation in an additively manufactured Ni-base
superalloy, Addit. Manuf. 36 (2020), https://doi.org/10.1016/j.
addma.2020.101443.

Y.L. Kuo, A. Kamigaichi, K. Kakehi, Characterization of Ni-based superalloy built
by selective laser melting and electron beam melting, Metall. Mater. Trans. A
Phys. Metall. Mater. Sci. 49 (2018) 3831-3837, https://doi.org/10.1007/s11661-
018-4769-y.

J. Teimouri, S.R. Hosseini, K. Farmanesh, Effect of the As-forged and heat-treated
microstructure on the room temperature anisotropic ductile fracture of Inconel
718, J. Mater. Eng. Perform. 27 (2018) 2070-2080, https://doi.org/10.1007/
S11665-018-3302-1/FIGURES/13.

Y. Li, X. Liang, G. Peng, F. Lin, Effect of heat treatments on the microstructure and
mechanical properties of IN738LC prepared by electron beam powder bed fusion,
J. Alloys Compd. 918 (2022), 165807, https://doi.org/10.1016/j.
jallcom.2022.165807.

M. Luo, X. Liao, S.P. Ringer, S. Primig, N. Haghdadi, Grain boundary network
evolution in electron-beam powder bed fusion nickel-based superalloy Inconel
738, J. Alloy. Compd. 972 (2024), 172811, https://doi.org/10.1016/J.
JALLCOM.2023.172811.

L. Zhang, Y. Li, Q. Zhang, S. Zhang, Microstructure evolution, phase
transformation and mechanical properties of IN738 superalloy fabricated by
selective laser melting under different heat treatments, Mater. Sci. Eng. A. 844
(2022), 142947, https://doi.org/10.1016/j.msea.2022.142947.

J.C. Franco-Correa, E. Martinez-Franco, J.M. Alvarado-Orozco, L.A. Cdceres-Diaz,
D.G. Espinosa-Arbelaez, J.A. Villada, Effect of conventional heat treatments on

13

[92]

[93]

[94]

[95]

[96]

[97]

[98]

[99]

[100]

[101]

[102]

[103]

[104]

[105]

[106]

[107]

[108]

Journal of Alloys and Compounds 976 (2024) 173181

the microstructure and microhardness of IN718 obtained by wrought and
additive manufacturing, J. Mater. Eng. Perform. 30 (2021) 7035-7045, https://
doi.org/10.1007/s11665-021-06138-9.

0.M.D.M. Messé, R. Munoz-Moreno, T. Illston, S. Baker, H.J. Stone, Metastable
carbides and their impact on recrystallisation in IN738LC processed by selective
laser melting, Addit. Manuf. 22 (2018) 394-404, https://doi.org/10.1016/j.
addma.2018.05.030.

N. El-Bagoury, M. Waly, A. Nofal, Effect of various heat treatment conditions on
microstructure of cast polycrystalline IN738LC alloy, Mater. Sci. Eng. A. 487
(2008) 152-161, https://doi.org/10.1016/J.MSEA.2007.10.004.

V.V. Rielli, F. Godor, C. Gruber, A. Stanojevic, B. Oberwinkler, S. Primig, Effects
of processing heterogeneities on the micro- to nanostructure strengthening
mechanisms of an alloy 718 turbine disk, Mater. Des. 212 (2021), 110295,
https://doi.org/10.1016/j.matdes.2021.110295.

T.M. Pollock, S. Tin, Nickel-based superalloys for advanced turbine engines:
chemistry, microstructure, and properties, J. Propuls. Power 22 (2006) 361-374,
https://doi.org/10.2514,/1.18239.

A. Segerstark, J. Andersson, L.E. Svensson, O. Ojo, Microstructural
characterization of laser metal powder deposited alloy 718, Mater. Charact. 142
(2018) 550-559, https://doi.org/10.1016/J.MATCHAR.2018.06.020.

R. Kelkar, A. Andreaco, E. Ott, J. Groh, Alloy 718: laser powder bed additive
manufacturing for turbine applications BT - proceedings of the 9th international
symposium on superalloy 718 & derivatives, in: E. Ott, X. Liu, J. Andersson, Z. Bi,
K. Bockenstedt, I. Dempster, J. Groh, K. Heck, P. Jablonski, M. Kaplan,

D. Nagahama, C. Sudbrack (Eds.), Energy, Aerospace, and Industrial Applications,
Springer International Publishing, Cham, 2018, pp. 53-68.

H. Zhang, C. Li, Y. Liu, Q. Guo, Y. Huang, H. Li, J. Yu, Effect of hot deformation on
y" and & phase precipitation of Inconel 718 alloy during deformation&isothermal
treatment, J. Alloys Compd. 716 (2017) 65-72, https://doi.org/10.1016/J.
JALLCOM.2017.05.042.

J. Jang, D. Van, S.H. Lee, Precipitation kinetics of secondary phases induced by
heat accumulation in the deposit of Inconel 718, Addit. Manuf. 55 (2022),
102831, https://doi.org/10.1016/J.ADDMA.2022.102831.

S.S. Babu, N. Raghavan, J. Raplee, S.J. Foster, C. Frederick, M. Haines,

R. Dinwiddie, M.K. Kirka, A. Plotkowski, Y. Lee, R.R. Dehoff, Additive
manufacturing of nickel superalloys: opportunities for innovation and challenges
related to qualification, Metall. Mater. Trans. A Phys. Metall. Mater. Sci. 49
(2018) 3764-3780, https://doi.org/10.1007/s11661-018-4702-4.

J. Jang, D. Van, S.H. Lee, Precipitation kinetics of secondary phases induced by
heat accumulation in the deposit of Inconel 718, Addit. Manuf. 55 (2022),
102831, https://doi.org/10.1016/j.addma.2022.102831.

M.P. Haines, V.V. Rielli, S. Primig, N. Haghdadi, Powder bed fusion additive
manufacturing of Ni-based superalloys: a review of the main microstructural
constituents and characterization techniques, J. Mater. Sci. 57 (2022)
14135-14187, https://doi.org/10.1007/s10853-022-07501-4.

G. Lindwall, C.E. Campbell, E.A. Lass, F. Zhang, M.R. Stoudt, A.J. Allen, L.

E. Levine, Simulation of TTT curves for additively manufactured Inconel 625,
Metall. Mater. Trans. A Phys. Metall. Mater. Sci. 50 (2019) 457-467, https://doi.
org/10.1007/511661-018-4959-7/FIGURES/10.

C. Kumara, D. Deng, F. Hanning, M. Raanes, J. Moverare, P. Nylén, Predicting the
microstructural evolution of electron beam melting of alloy 718 with phase-field
modeling, Metall. Mater. Trans. A Phys. Metall. Mater. Sci. 50 (2019) 2527-2537,
https://doi.org/10.1007/511661-019-05163-7/FIGURES/10.

W.J. Sames, K.A. Unocic, R.R. Dehoff, T. Lolla, S.S. Babu, Thermal effects on
microstructural heterogeneity of Inconel 718 materials fabricated by electron
beam melting, J. Mater. Res. 29 (2014) 1920-1930, https://doi.org/10.1557/
jmr.2014.140.

A. Segerstark, J. Andersson, L.E. Svensson, O. Ojo, Microstructural
characterization of laser metal powder deposited alloy 718, Mater. Charact. 142
(2018) 550-559, https://doi.org/10.1016/j.matchar.2018.06.020.

M. Ferry, D. Muljono, D.P. Dunne, Recrystallization kinetics of low and ultra low
carbon steels during high-rate annealing, ISIJ Int. 41 (2001) 1053-1060.

W.M. Tucho, P. Cuvillier, A. Sjolyst-Kverneland, V. Hansen, Microstructure and
hardness studies of Inconel 718 manufactured by selective laser melting before
and after solution heat treatment, Mater. Sci. Eng. A 689 (2017) 220-232,
https://doi.org/10.1016/j.msea.2017.02.062.


https://doi.org/10.1016/J.MATDES.2017.01.031
https://doi.org/10.1016/J.MATDES.2017.01.031
https://doi.org/10.1016/j.msea.2020.139941
https://doi.org/10.1016/J.SCRIPTAMAT.2022.115266
https://doi.org/10.1016/J.SCRIPTAMAT.2022.115266
https://doi.org/10.1038/s41598-021-81618-5
https://doi.org/10.1007/s11661-014-2722-2
https://doi.org/10.1557/jmr.2018.504
https://doi.org/10.3390/met11040629
https://doi.org/10.3390/met11040629
https://doi.org/10.21741/9781945291890-41
https://doi.org/10.1007/s40684-020-00302-7
https://doi.org/10.1007/s40684-020-00302-7
https://doi.org/10.1016/J.JMRT.2020.08.039
https://doi.org/10.1016/J.JMRT.2020.08.039
https://doi.org/10.1016/j.matdes.2019.107792
https://doi.org/10.1016/j.addma.2020.101443
https://doi.org/10.1016/j.addma.2020.101443
https://doi.org/10.1007/s11661-018-4769-y
https://doi.org/10.1007/s11661-018-4769-y
https://doi.org/10.1007/S11665-018-3302-1/FIGURES/13
https://doi.org/10.1007/S11665-018-3302-1/FIGURES/13
https://doi.org/10.1016/j.jallcom.2022.165807
https://doi.org/10.1016/j.jallcom.2022.165807
https://doi.org/10.1016/J.JALLCOM.2023.172811
https://doi.org/10.1016/J.JALLCOM.2023.172811
https://doi.org/10.1016/j.msea.2022.142947
https://doi.org/10.1007/s11665-021-06138-9
https://doi.org/10.1007/s11665-021-06138-9
https://doi.org/10.1016/j.addma.2018.05.030
https://doi.org/10.1016/j.addma.2018.05.030
https://doi.org/10.1016/J.MSEA.2007.10.004
https://doi.org/10.1016/j.matdes.2021.110295
https://doi.org/10.2514/1.18239
https://doi.org/10.1016/J.MATCHAR.2018.06.020
http://refhub.elsevier.com/S0925-8388(23)04484-5/sbref95
http://refhub.elsevier.com/S0925-8388(23)04484-5/sbref95
http://refhub.elsevier.com/S0925-8388(23)04484-5/sbref95
http://refhub.elsevier.com/S0925-8388(23)04484-5/sbref95
http://refhub.elsevier.com/S0925-8388(23)04484-5/sbref95
http://refhub.elsevier.com/S0925-8388(23)04484-5/sbref95
https://doi.org/10.1016/J.JALLCOM.2017.05.042
https://doi.org/10.1016/J.JALLCOM.2017.05.042
https://doi.org/10.1016/J.ADDMA.2022.102831
https://doi.org/10.1007/s11661-018-4702-4
https://doi.org/10.1016/j.addma.2022.102831
https://doi.org/10.1007/s10853-022-07501-4
https://doi.org/10.1007/S11661-018-4959-7/FIGURES/10
https://doi.org/10.1007/S11661-018-4959-7/FIGURES/10
https://doi.org/10.1007/S11661-019-05163-7/FIGURES/10
https://doi.org/10.1557/jmr.2014.140
https://doi.org/10.1557/jmr.2014.140
https://doi.org/10.1016/j.matchar.2018.06.020
http://refhub.elsevier.com/S0925-8388(23)04484-5/sbref105
http://refhub.elsevier.com/S0925-8388(23)04484-5/sbref105
https://doi.org/10.1016/j.msea.2017.02.062

	Thermal cycle induced solid-state phase evolution in IN718 during additive manufacturing: A physical simulation study
	1 Introduction
	2 Materials and methods
	2.1 Material and sample fabrication
	2.2 Gleeble thermal cycle simulation setup
	2.3 Microstructure characterization
	2.4 Hardness testing
	2.5 Thermo-kinetic modeling

	3 Results
	3.1 Hardness testing
	3.2 Microstructure characterization of the as-received material and Gleeble samples
	3.3 Atom probe microscopy
	3.4 Thermokinetic modelling

	4 Discussion
	4.1 γ Matrix evolution
	4.2 Microscale precipitates
	4.3 Nanoscale precipitates
	4.3.1 Evolution during thermal cycling
	4.3.2 Influence of the starting microstructure

	4.4 Outlook

	5 Conclusions
	CRediT authorship contribution statement
	Declaration of Competing Interest
	Data Availability
	Acknowledgements
	Appendix A Supporting information
	References


