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Abstract 

The initial study reported here focused on the oxidation of Co-Al-W alloys containing nickel (29-34 

at. %) and chromium (12-17 at. %) additions with the objective of improving the oxidation resistance 

of these alloys at high temperatures (800-850 °C) for high-pressure turbine discs.  Starting with the 

analysis in the as-atomised powder, the material was then consolidated using hot-isostatic pressing 

(HIP) and a two-stage HIP was performed to optimise the precipitation of carbides. Solution heat-

treated and aged samples were studied in terms of the effects of additional alloying elements on the 

alloys’ oxidation behaviour after high temperature exposures.  Isotopic oxidation tracer experiments 

were carried out at 800-850 °C in isotopically enriched oxygen (16O- and 18O-) to elucidate the 

oxidation mechanisms.  

Oxidation mechanisms in alloys with different Co-Ni ratio and Cr, Al contents were investigated in 

polycrystalline cobalt-base superalloys. Various characterisation techniques were used to investigate 

the oxidation mechanisms such as FEG-SEM, STEM with EDX, high resolution TEM, FIB-SEM, 

and FIB-SIMS were applied.  

The various phases present in the initial and oxidised microstructures have been established, together 

with the oxidation behaviour of the alloy.  After oxidation at 800 °C for 200 hours, the alloys exhibit 

a multi-layered structure, consisting of an outer oxide scale with a continuous alumina layer at the 

oxide-alloy interface. The bulk metal consisting of a cobalt solid solution containing secondary 

phases (Co3W and CoAl), carbides precipitates (Ta-Zr carbides) and fine γ’ (Co3(Al-W)) precipitates. 

The oxidation behaviour on shot-peened surfaces was studied and it was found that shot-peening 

does not affect the oxidation resistance directly but it does alter the sub-surface region causing 

recrystallisation and thus opening up diffusion paths for cations/anions diffusions.     

The study of oxygen transport mechanisms using 18O2 as a tracer element has revealed that an outer 

chromium-rich oxide layer formed at the metal surface during the initial oxidation and continuous 

inner alumina layer is primarily formed subsequently. This alumina layer appears to effectively block 

the diffusion of oxygen to the metal/oxide interface and oxidation proceeds by outward cation 

diffusion. This study demonstrates that protective oxide scales can be formed in cobalt-base 

superalloys. 
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1 Introduction 

The first requirements for jet engines in the 1940s was speed, and the first applications for the jet 

engine was military aircraft [1]. The civil aircraft only started its demand during the post war, 

particularly in North America where companies like General Electric and Pratt & Whitney came to 

dominate the jet engine market. In the 1950s, the civil aircraft main requirements were economy and 

power. However, this is not to say that the passenger aircraft did not demand speed. The popularity 

of Concorde proved that speed is still desirable for civil aircraft. Concorde entered the market in 

1976 with its first installation with Air France and British Airways, equipped with lower fuel 

consumption and three times the speed of Frank Whittle’s first patented turbojet in 1928 [1]. The 

Concorde aircraft flew twice the speed of sound for three to four hours per day for 27 years. 

Nevertheless, the real challenge for the civil transportation was not to go faster, but bigger and 

cheaper to run. On top of that, quieter and cleaner engines were preferred.  

 1.1 Turbine Disc Materials Requirements 

One of the major challenges for aero engine designers today is to find the optimum balance between 

fuel economy, noise and emissions [2]. These requirements are now coupled with the demand for 

extended service life at lower operating cost. Currently, nickel-base superalloys are commonly used 

for various components in the hotter parts of gas turbine engine, for example turbine vanes, blades 

and discs, due to their superior creep and fatigue properties at high temperature [3]. These 

components must withstand high mechanical loading in corrosive and oxidative environments at 

high temperatures - up to 1100 °C in the case of the high-pressure single crystal nickel superalloy 

turbine blades, while the operating temperatures of the rim sections of high-pressure polycrystalline 

nickel superalloy turbine discs have continued to challenge materials and design engineers as 

temperatures now approach 750 °C [3].  An increase of 30 - 50 °C in temperature capability for the 

discs is highly desirable and is a target for commercial aircraft engine manufacturers such as Rolls-

Royce Plc. 
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In designing high-pressure turbine discs, emphasis is made on yield stress and tensile strength of a 

material.   Although the operating temperature is lower than turbine blades, the discs are subjected to 

rotational speeds in excess of 10,000 rpm, and the bore of the discs are subjected to stresses around 

1000 MPa [2]. The yield strength of the current nickel turbine disc alloys is influenced by the 

proportions of precipitate strengthening phase, γ’, and thus the concentration of elements which 

promote these phases should be considered to achieve the optimum strength.   According to Reed 

[2], the fraction of γ’ strengthening phase should be in the range of 40 - 55%, which can be achieved 

through heat treatments and adding γ’ forming elements such as aluminium, titanium, and tantalum.  

 

Figure 1.1: Evolution of Rolls-Royce civil aircraft engine with turbine entry temperature (TET) capability since 1940s. 

Figure adapted from [4]. 

Over 50 years, the performance of an engine can be improved if the turbine entry temperatures 

(TET), which is the temperature of the hot gases entering the turbine stage, can be raised. Figure 1.1 

represents the temperature improvements in TET of large aeroengines since Whittle’s first engine in 

1940 [2]. This increasing demand is viewed as an incentive for an engine manufacturer to enhance the 

temperature capability of superalloys. To meet the demand of increased TET and high mechanical 

loading, a new generation of nickel-base superalloys is now being produced through powder 

metallurgy (P/M). Alloy RR1000 is a P/M alloy developed by Rolls-Royce plc and is the current 

benchmark for this study.  
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In 2006, a new class of cobalt-base alloys was reported with strengths similar to nickel-base 

superalloys [5].  This new class of high temperature alloys has the potential to replace nickel-base 

superalloys for load-bearing components for high temperature applications.  Furthermore, the basic 

advantage of cobalt is that it has a higher melting temperature than nickel – 1495 °C as opposed to 

1455 °C.  This, in turn, can allow an increase in the operating temperature of the turbine discs. The 

aim of this research is to develop the early work of Sato et al. [5] in understanding the new Co-Al-W 

ternary system for polycrystalline disc applications. 

 1.2 High temperature oxidation 

In order for these new cobalt-base alloys to be used in the hot section in gas turbines, they must 

display acceptable properties at high temperature over long periods of time.  With the increase in 

turbine entry temperature (TET), the lifetime of high temperature materials can be significantly 

decreased by oxidation as it impairs the mechanical properties, particularly by reducing the load-

bearing cross section through loss of metal or by altering the strength of the surface and increasing 

the probability of fatigue crack initiation. High temperature oxidation and corrosion resistance have 

led to the need to design a material that can form a stable protective oxide layer, such as aluminium 

oxide (Al2O3), to withstand the high temperature environment.  The study of oxidation behaviour in 

cobalt-base superalloys is vital as it is still relatively poor compared to the nickel-base superalloys.   

The oxidation behaviour of cobalt-base superalloys can to be improved by suitable alloying strategies.  

For this, alloying elements, such as chromium and nickel, have been added to the Co-Al-W ternary 

system in varying amounts.  Since the current understanding of the oxide formation mechanism in 

Co-Al-W alloys is limited, there is a need to focus on the difference in oxidation sequence with 

varying amounts of alloying elements at high temperature.  The aim of this PhD research is to 

evaluate the effects of alloying elements, in particular, cobalt and nickel ratio and chromium and 

aluminium content, on the oxidation behaviour of Co-Al-W superalloys. This research will 

investigate systematically the effect of additions of alloying elements on the oxidation mechanism of 

the cobalt-base superalloys and the changes to the underlying microstructures at temperatures 

ranging from 800 ºC to 850 °C. In addition, the effect of surface stress on the oxidation behaviour of 

cobalt base superalloys is studied in the later chapter. 

 1.3 Thesis Structure 

The thesis consists of seven chapters where the initial section comprises a literature review and 

experimental procedure. The literature review (Chapter 2) aims to give a general information on the 

current powder metallurgy nickel base superalloys for disc applications, followed by a description of 
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the oxidation behaviour of superalloys and the specific Co-Al-W superalloys.  The elemental effects 

on basic properties of cobalt base superalloys were consolidated to predict the behaviour of the 

current alloys studied. Oxygen tracer experiments are reviewed with respect to oxidation mechanism 

studies. On top of that, in an attempt to get better understanding of carbides in P/M alloys, various 

studies starting from the as-atomised powder particles characteristics to hot isostatic pressing process 

(HIP) are described in this chapter. 

Chapter 3 describes the experimental procedures employed in the current investigation. It explains 

the specific methodologies used for conducting the various micro-analytical characterisation 

techniques. 

The subsequent thesis chapter reports and discusses the V208 alloy series in terms of their basic 

microstructural stability to preliminary selection of the best overall oxidation performance. Work 

conducted on the characterisation of the carbides particles in the as-atomised stage is presented and 

optimisation of the HIP route for these research alloys.   

The following chapter looks at the down-selected alloys from the V208 series. The chapter initially 

compares the oxidation behaviour of these alloys at 200 hours and 300 hours followed by long term 

oxidation of a specific alloy, which possess the best oxidation resistance. The results and analysis of 

the study on the oxidation behaviour of these alloys includes aspects such as oxide layer 

microstructure, recrystallisation, spallation and aluminium-depletion in the substrate. The effect of 

Cr:Al ratio in these alloys in terms of their damage depth will be discussed later in this chapter 

(Chapter 5). 

Chapter 6 looks at the effect of shot-peening specimens for high temperature oxidation. The chapter 

includes results from the focused ion beam (FIB) secondary ion mass spectroscopy (SIMS) elemental 

mapping of these alloys after thermal exposure and surface stress. Based on the 16O- and 18O- 

distributions in the elemental mapping, the isotopic fraction (f ) of oxygen-18 were calculated and 

mapped to study the mechanism of oxide formation. 

A conclusions and further work chapter (Chapter 7) highlights the lessons learnt as part of the four-

year study and highlights the keys areas in which total understanding is lacking and requires future 

research. 
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2 Literature Review 

 2.1 The Gas Turbine 

The basic operation of gas turbine engines is to generate thrust through a propulsion system. The 

most widely used form of propulsion system for modern aircraft is the gas turbine engine. Figure 2.1 

(a) represents the schematic layout of a gas turbine engine with all the core components of a 

compressor, combustion chamber and power turbine, which drives the compressor. All gas turbines 

run based on the Brayton cycle as illustrated in Figure 2.1 (b). The basis of understanding of the 

engine operation involves a series of processes called a cycle. A thermodynamic process in a gas, such 

as heating or compressing, creates a series of work and processes, in which the state is changed 

during each process, but the gas eventually returns to its original state.  

The variation of the state of gas from inlet to exit of gas turbine is annotated from 1 à 6. The 

starting point, which is the inlet condition of a gas turbine engine, is in the same state as the 

surrounding air. In cruising flight, the inlet slows the air stream as it is brought to the compressor 

front at 2. The pressure and temperature of the gas increases slightly, entropy remains the same.  

 

Figure 2.1: (a) The basic schematic of a gas turbine layout with the variation of stages that corresponds to (b) the 

temperature-entropy diagram for the Brayton cycle. Figure adapted from [6]. 
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Next, as the gas flow is compressed, the temperature and pressure continues to rise in order to move 

to a sustainable combustible stage. The combustion process in the combustion chamber occurs at a 

constant pressure from 3 à 4 as the fuel is injected. Here the temperature increases to a very high 

level. From 4 à 5, the hot exhaust is passed to the turbine stage. The turbine converts the energy 

from the combustor into mechanical energy to drive the compressor, driven accessories and 

ultimately the fan to produce engine thrust. At this stage, the temperature and pressure of the gas 

reduces. In the last section, the nozzle brings the gas back to free stream pressure from 5 à 6, which 

produces a high velocity jet. This is again a constant entropy process, where internal energy of the gas 

gets converted into kinetic energy where the pressure expands to the surrounding pressure.  

Externally, the flow of the gas returns to the free stream conditions, which completes the cycle. 

 Gas turbine materials 2.1.1

The components that make up the arrangement in the gas turbine engine require high temperature 

capabilities. The components that make up the hottest sections of the gas turbine engine require 

superior high temperature strength, creep and oxidation resistance. The civil aeroengine nowadays is 

moving towards higher thrust and better fuel economy. Since the capability of the gas turbine is 

limited by the operating conditions of the materials used, hence, there is the need to push the 

performance of these materials towards higher temperature capabilities. Figure 2.2 illustrates the 

materials used in the Trent 800 engine. 

 

Figure 2.2: Illustration of material usage in the Trent 800 engine. Figure adapted from [7]. 

The first few stages of the gas turbine engine such as the fan section and the low-pressure 

compressor typically made from a titanium-base alloy. Note that in most large civil aeroengines, such 

as the Trent engine produced by Rolls-Royce plc, the engine contains approximately eight stages of 
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compressors, in which the first half (low/intermediate-pressure compressor) uses titanium-base 

alloys and the back end of the compressor stage (high-pressure compressor) uses nickel-base alloys. 

Titanium alloys are useful when weight is a consideration and good specific strength and fatigue 

resistance, but their poor high-temperature oxidation resistance limits their applications to 700 ºC [8]. 

At the high-pressure compressor stage, the temperature is usually up to 600 ºC but it can be as high 

as 650 ºC in which case the use of nickel-base alloys is essential [3].  

Following the compressor stage, the combustion chamber that has the highest operating temperature 

of typically 1426 ºC (1700 K), which often exceeds the melting temperature of most alloys, is mostly 

made from advanced nickel-base superalloys with thermal barrier coatings (TBC). Finally, the turbine 

sections and exhaust nozzle, which have an operating temperature of up to 1327 ºC (1600 K) and 

eight stages of both high pressure followed by intermediate and low pressure turbine stages. Due to 

the high operating temperature of this section, nickel–base superalloys dominate due to their 

exceptional properties at elevated temperatures.  

Figure 2.3 illustrates the typical variation of pressure and temperature profile in a gas turbine engine.  

Note that the current study is focusing on the development of the next generation alloy for disc 

applications in the high-pressure turbine (HPT) and high-pressure compressor (HPC) stage where 

the current alloy used in the civil aircraft is the polycrystalline nickel-base superalloys. Based on this 

diagram, the operating temperature for the high-pressure compressor (HPC) and high-pressure 

turbine (HPT) disc is between 650 -750 ºC [3]. 
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Figure 2.3: The pressure and temperature profile in each stages of the turbofan engine. Figure adapted from [7]. 

In 2014, Rolls-Royce plc announced the new future product technology called the AdvanceTM and 

UltraFanTM to meet the target of reducing the CO2 emissions by 75 % per passenger per kilometer, in 

which the strategy is by introducing the three-shaft between the intermediate-pressure and high-

pressure shafts for AdvanceTM and a power gearbox between the fan and intermediate pressure 

compressor for UltraFanTM. The new engine also benefits from lightweight materials by replacing the 

titanium fan blades to composite carbon-titanium fan blade with titanium leading edge. AdvanceTM 

will offer at least 20 % better fuel burn per passenger per kilometer than the first generation of Trent 

engine and will be ready for service from the end of this decade. UltraFanTM is expected to offer at 

least 25 % improvement in fuel burn per passenger per kilometre and should be ready for service 

from 2025 onwards [9].  Furthermore, additional benefits in performance can be achieved through 

improved aerodynamic aircraft design using lighter composite and lightweight alloys.  

This new engine development is the outcome from the recent ACARE Flightpath 2050 [10], where 

all the European’s stakeholders in aviation industry come together in a high level group to develop a 

vision to develop Europe’s aviation system and industry by 2050. The main goals include protecting 

the environment by specifying a 75 % reduction in CO2 emissions and 90 % reduction in NOx 

emissions. The noise emissions are targeted to be reduced by 65 %. Fuel and noise efficiency are 

continuously improved by substantial development in vehicle and engine. In parallel, the air traffic 

control system is optimized to provide the most efficient fuel and time consumption and associated 

atmospheric emissions and also to address noise. This includes the introduction of fuel cells and 

battery-powered vehicles for ground operations at airports and also emission-free aircraft movements 

when taxiing [10].  
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Since the material used in the turbine section of the engine limits the maximum temperature at which 

the gas turbine engine can operate, there is a need to push the operating temperature of a material in 

the gas turbine engine, which would allow the engine core to run hotter, increasing the overall 

thermal efficiency of the engine. Moreover, the need for high efficiency in the engine becomes more 

important as fuels become more costly. The Airbus A380 aircraft, which is a fairly new addition to 

the aeroengine industry in this decade, has contributed to the ever-increasing efficiency of fuel 

consumption, which need less than 3 litres of fuel per passenger per 100 km in a standard cabin 

configuration [11]. Whereas, that the average fuel consumption for the world’s fleet before then was 

around 5 litres.  

The current nickel-base superalloys used for the hot rotative parts in gas turbine engine have almost 

reached their maximum capability. Material improvements and new material development are now 

being done simultaneously and research are currently focusing on the use of composite materials and 

advanced metal alloys. The discovery of the new polycrystalline L12 cobalt-base superalloys in 2006 

has opened up a new window for the next generation alloy development, but first, the criteria of a 

turbine disc are discussed in order to meet the basic requirements. The next generation alloy 

development is a long and continuous process.  
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 2.2 Designing Polycrystalline Disc Alloys 

 Turbine disc requirements 2.2.1

Turbine discs, where the dovetail of the blades are attached, are subjected to the radial forces pulled 

by the blades and body forces resulting from the rotation [3]. In addition to that, thermal load from 

the transient and a steady-state temperature variation within the discs also contributes to the 

additional stress. The thermal loads are caused by the disc heating and cooling which cause a radial 

temperature gradient within the disc and in turn cause thermal loading [12]. Typically the temperature 

is not higher than the compressor discharge temperature where materials suitable for applications 

below 750 ºC (at the rim) are generally chosen.  

Advanced turbine engine configurations using higher temperature combustor and airfoil concepts 

require compressor and turbine disc, as shown in Figure 2.4, which can withstand temperatures 

higher than 500 - 650 °C at the bore and up to 700 – 750 ºC at the rim of high-pressure turbine discs, 

and materials suitable for application below these temperatures are typically chosen.  A current 

objective of engine manufacturers is to develop a disc alloy that will enable operation at temperatures 

up to 800 °C.  Some advanced powder metallurgy nickel-base superalloys such as ME3, Alloy 10, and 

LSHR have been designed for higher working temperatures ranging from 650 °C to 700 °C [13]. It is 

crucial to note that an increase in 30 °C in temperature capability compared to the currently used 

coarse grain RR1000, the material used for Rolls-Royce Trent 1000 engine, nickel-base superalloy is 

highly desirable, without coating the disc rim and diaphragm. 
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Figure 2.4: Schematic of a typical high pressure turbine disc highlighting the general operating conditions.  

Disc failures, although very uncommon, results in the release of pieces from the turbine at high 

velocities. In general, the important characteristics that a turbine disc should have are tensile and 

fatigue strength. Therefore, a good fracture toughness and low crack growth rate are the desirable 

properties for a superior disc material [2]. It is highly important for the rotor designer to avoid the 

discs bursting due to the catastrophic failure that it could create. 

It is worth noting that turbine disc components are deemed safety critical parts due to the inability to 

contain the component in the event of a failure. Unlike the fan loss, which can be ‘contained’ within 

the engine casing, the mass and energy within a turbine disc will result in a catastrophic failure with 

ejection of larger fragments of disc from the engine likely [14]. The ‘uncontained’ engine failure is 

likely to be a violent one, and can be much more serious because engine debris exits at high velocities 

giving potential danger to the pressurised aircraft structure, adjacent engines, and possibly directly to 

the aircraft passengers or a person on the ground. 

According to the European Aviation Safety Agency (EASA) design specifications for large 

aeroplanes (CS-25.903), for turbine engine installations; ‘Design precautions must be taken to 

minimise the hazards to the aeroplane in the event of an engine rotor failure or of a fire originating 

within the engine which burns through the engine case’ [15]. However, this is not the case in the past 

10 years, where many evidence of ‘uncontained’ disc failure have been reported. 
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Figure 2.5: Recovered stage 2 HPT disc from American Airlines flight 383 incident. Figure retrieved from NTSB press 

release [16]. 

On 28th October 2016, a 19-year-old disc violently broke apart inside the engine of an American 

Airlines Group Inc. taking off from Chicago’s O’Hare International Airport. Carey et al. reported 

that the engine was caught on fire and resulted in an aborted takeoff and evacuation of the 

passengers [17]. The ‘uncontained’ failure of a stage 2 disc (see Figure 2.5) in the HPT section of a 

General Electric’s CF6-80 engine was described to have pieces flying through in a distance of a third 

of a mile from the plane. The cause of such failure was due to fatigue cracking initiating at an internal 

inclusion near the forward side of the hub’s inner bore, according to the National Transport Safety 

Board (NTSB), USA [16].  

The material that is used for the disc alloy is different from the blade (polycrystalline vs. single 

crystal). The nickel-base polycrystalline alloys have been used for the past decades due to their 

exceptional strength and environmental resistance at high temperatures. The ‘uncontained’ disc 

failure is usually extensive and is critical for safety of the passenger onboard. Optimisation of the 

properties of the disc material by adding suitable alloying elements, which will make the alloy system 

more complex, can mitigate the likelihood of this failure. 

The next sub-chapter will discuss the alloy chemistry of the current nickel-base superalloys and the 

requirements for the next generation turbine discs materials. 
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 High-temperature materials 2.2.2

High temperature materials have to withstand mechanical loading in a highly corrosive, oxidising 

environment.  According to Reed [2], a desirable characteristic for high temperature materials is the 

ability to withstand loading at an operating temperature close to its melting point.  When the 

operating temperature (Toper) and melting temperature (Tm) ratio is greater than 0.6, the material can 

be classified as a high temperature material.   In general, base elements for high temperature alloys 

have to possess melting points above approximately 1400 °C in order to ensure sufficient creep 

strength.  

Given these considerations, nickel-base alloys have emerged as the ones chosen for high temperature 

applications [2].  Cobalt is the only other metal to display a density and cost that are comparable to 

nickel, with cobalt having a slightly higher melting point by 40 °C over nickel [5]. Starting with the 

requirement for the operating temperature for the next generation of turbine discs alloys to be 800 

°C, and using as a guide the melting temperature of cobalt (1493 °C); 

																																																																						τ	=	Toper / Tm                                             Equation 2.1 

τ = (800 + 273) /(1493 + 273)  

τ ≈ 0.61 

This shows that these new cobalt alloys could form a new class of high temperature alloys for disc 

applications.  Other metals such as titanium and iron are also the basis of high temperature materials 

with exceptional strength. However, titanium is limited to lower temperature applications (typically in 

compressor region) because titanium is combustible under certain conditions of temperature, 

pressure and oxygen concentration. Also, steel is limited due to its lower corrosion resistance and it is 

unstable at high temperatures (where crystal structure changes from BCC to FCC as temperature 

rises). The main reason why cobalt-base alloys have not found extensive use is their lower strength 

compared to nickel-base alloys [5], [18].  In addition, cobalt-base alloys tend to be more expensive 

than the nickel-base alloys [2]. The nickel-base alloys show the highest temperature/strength 

combination of all cast and wrought superalloys, making them ideal for use in many applications, for 

example, in aircraft engines and industrial gas turbines, nuclear reactors, and the oil and gas industry 

[18], [19].  

As many as 14 alloying elements are added to superalloys in varying amounts to major amounts to 

nickel-base superalloys [20]. Currently, nickel-base superalloys are selected when the highest 

temperatures between 1204 – 1371 ºC need to be achieved, and strength is a consideration. The γ’ 
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precipitates in nickel-base superalloys provide most of the strengthening and result in useful 

operating temperatures up to 90 % of the melting point.  

Cobalt-base superalloys are typically strengthened by carbides and solid-solution hardeners, there are 

no intermetallic compounds that have the same degree of utility as the γ’ precipitates then [20]. The 

cobalt-base superalloys originate in the Stellite® alloys patented in the early 1900s by Elwood Haynes 

[21]. Back in the days before the discovery by Sato et al., cast and wrought cobalt superalloys 

continue to be used because: 

• Cobalt alloys have higher melting point than nickel alloys (50 ºC more) which gives 

them more room for higher operating temperature [2]. 

• Cobalt alloys gives superior resistance to hot corrosion due to their high chromium 

content [21]. 

• Cobalt alloys have better thermal fatigue resistance and weldability over nickel alloys 

[3]. 

• Cobalt was added to nickel alloys in considerable volume fraction – the decision to 

reduce this was due to strategic supply. 

 Alloying elements and their effects on microstructure of superalloys 2.2.3

Most superalloys contain a variety of elements in a large number of combinations to produce a 

specific effect on the desired properties. Superalloys, mostly in nickel-base, usually consist of 

following phases [2], [3], [20]: 

• Austenitic FCC matrix phase gamma (γ), which is a nonmagnetic phase that 

usually contains elements such as nickel, cobalt, iron, chromium, molybdenum and 

tungsten. 

• Secondary phases intermetallic compound gamma prime (γ’ - Ni3X), which is an 

primitive cubic ordered phase that is coherent to the γ matrix. Elements such as 

aluminium, titanium, niobium (γ’’ - Ni3Nb), tantalum and chromium usually form 

the spherical/cuboidal shaped γ’. 

• Secondary phase carbides MC, M23C6, M6C and M7C3 (rare) where carbon 

between 0.002 – 0.2 wt. % combines with reactive elements such as titanium, 

tantalum, hafnium and niobium as the M (metal). 

• Borides may be formed on the grain boundaries when boron segregates and 

generally favourable for creep-rupture properties. 
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• Topologically Close Packed (TCP) phases such as Laves, σ and µ which usually 

form with excessive amount of refractory elements. 

Grain boundary strengtheners - Carbides provide limited strengthening indirectly by stabilising the 

grain boundaries against excessive shear. 	Other elements such as boron, zirconium and hafnium 

were added to promote grain boundary effect other than precipitation or carbide formation [20].  

Unfavorable tramp elements – Carbides, borides and magnesium were added for tramp-element 

control. The tramp elements such as silicon, phosphorous, sulphur, lead, bismuth, tellurium, 

selenium, and silver, often in amounts as low as one-part-per-million level, are responsible for 

property level reductions in superalloys but they are invisible optically or with an electron microscope 

[20]. The use of microprobe and Auger spectroscopic analysis can detect these elements decorating 

the grain boundaries at high local concentrations.  

Elements responsible for brittle phase – The formation of TCP phases such as Laves, σ and µ is 

often caused by elements such as cobalt, molybdenum, tungsten and chromium. Although these 

elements are added for their favourable alloying potential, an excessive addition, together with long-

term heat treatment during service or high temperature may result in low ductility (brittle) and can 

cause loss of mechanical properties due to TCP precipitation [3], [20]. 

Elements for oxidation resistance – Chromium will promote the formation of chromia (Cr2O3) on 

the outer scale protecting the surface from high-temperature degradation. Further oxidation will 

induce a more protective oxide, alumina (Al2O3) that is more stable at high temperature [2], [18], [20].  

Alloy density - Alloying additions considerably influence the density of superalloys; higher 

aluminium, titanium and chromium contents reduce the density, whereas the solid solution 

strengtheners tungsten and tantalum increase it [22]. 

Table 2.1 summarises the effect of several alloying elements on the nickel and cobalt base 

superalloys. Note that not all of this elemental effect occur necessarily in a given alloy. New 

discoveries might not be presented in this table but the purpose of this summary is to depict the 

major alloying elements and their known effect in a basic superalloy system. The major alloying 

elements that are present in nickel base superalloys are also illustrated in Figure 2.6 where the height 

of the element blocks indicate the amounts that may be present. 
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Table 2.1: The role of alloying elements on nickel and cobalt base superalloys. Table adapted from [22]. 

Elements Effets on nickel-base superalloys Effects on cobalt-base superalloys 

Chromium - Oxidation and hot corrosion 
resistance 

- Solid solution strengthening 

- Oxidation and hot corrosion 
resistance; 

- Forms M7C3 and M23C6 carbides 

Molybdenum, 
Tungsten 

- Solid solution strengthening       

- Forms M6C carbides 

- Solid solution strengthening    

- Forms M6C carbides                            

- Forms intermetallic compound Co3X 

Aluminium - Forms γ’ – Ni3(Al, Ti) 

- Oxidation resistance 

- Oxidation resistance 

- Forms intermetallic compound CoAl 

Titanium - Forms γ’ – Ni3(Al, Ti) 

- Forms MC carbides 

- Forms MC carbides 

- Forms intermetallic compound 
Co3Ti 

Tantalum, 
Niobium 

- Solid solution strengthening 

- Forms MC carbides 

- Enhances oxidation resistance 

- Solid solution strengthening 

- Forms MC and M6C carbides 

- Forms intermetallic compound Co2X 

Boron, 
Zirconium 

- Improve rupture life through 
increase ductility 

- Boron forms borides 

- Improve rupture life through increase 
ductility 

 

Hafnium - Hafnium forms MC carbides - 

Cobalt - Raises γ’ solvus temperature - 

Nickel - - Stabilises FCC form of matrix 

- Forms intermetallic Ni3Ti 
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Figure 2.6: Periodic table of elements highlighting the alloying elements used in nickel-base superalloys. The level of each 

element indicates the amount that may be present in wt. %. Figure adapted from [23]. 

 Carbide precipitates in superalloys 2.2.4

The combination of carbon at 0.002 – 0.2 wt. % with reactive or refractory metals forms carbides. 

During solidification at high temperature of more than 1038 ºC, the most common carbides in 

nickel-base superalloys, which is MC carbides precipitates from the super-saturated solid solution [2]. 

These MC carbides are in FCC close packed structure in the form of random cubic or script 

morphology along the grain boundaries. In many cases, the carbides exist jointly, however, they 

usually follow a sequential reaction in the solid state following breakdown of the MC carbides which 

are normally formed at the molten state [20].  

MC carbides such as TiC and HfC are among the most stable compounds in nature and the order 

of formation for these carbides is [20]: 

HfC à TaC à NbC à TiC 

Recent alloys that contain high tantalum content contain MC carbides that are reportedly not easy to 

decompose during processing or solution treatment in the range of 1200 – 1260 ºC [20]. During heat 
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treatment, MC which is a high-temperature carbide begins to decompose and form M23C6 along the 

grain boundaries or in the matrix. With enough chromium content, the MC carbides react with γ 

matrix to form M23C6 carbides: 

MC + γ = M23C6 + γ’ 

Where M in MC carbides is usually titanium, molybdenum, niobium or hafnium and M in M23C6 

carbides is usually chromium. An example of MC carbide decomposition is as follows [24]: 

(Ti, Mo)C + (Ni, Cr, Al, Ti) à Cr21Mo2C6 + Ni3(Al, Ti) 

M23C6 carbides are found primarily at grain boundaries and can be in the form of globular, 

discontinuous, rounded or blocky. Some M23C6 carbides can be found in script-like morphology 

along the grain boundaries. This carbide is formed with moderate-to-high chromium content during 

lower temperature heat treatment (760 – 816 ºC) [3]. Although, in some instances, they may form at 

temperature as high as 982 ºC from degeneration of MC carbides and from available soluble residual 

carbon in the alloy matrix [20].  

He et. al. has performed a study on the nucleation of carbides, primarily the M23C6 carbides during 

creep tests and the preferential precipitation sites can be seen in Figure 2.7. After multiple creep tests 

were performed at 800 ºC/550 MPa between 40 – 800 hours, the M23C6 carbide nucleated mainly at 

the grain boundaries, sub-boundaries, MC carbide site as well as on the surface of γ/γ’ eutectic [25]. 

During high temperature creep tests, most of the primary MC carbide gradually decomposes to form 

M6C carbide, the size and amount of MC carbide decreases with increasing exposure time, and an 

increase in temperature resulted in further changes in MC carbide morphology [25]. It is worth 

noting that in this study, the creep test temperature is too low to completely dissolve all the MC 

carbides. 
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Figure 2.7: SEM micrographs showing the morphology of MC, M6C and M23C6 after various creep tests showing the 

preferential nucleation of M23C6 carbides at (a) surface of    γ/γ’ eutectic (b) grain boundary MC carbide  (c) grain boundary 

 (d) sub-boundary. Figure adapted from [25].                               

M6C carbides are typically made of molybdenum or tungsten with elemental content (M in the alloy) 

of more than 6 -8 at. % and formed at intermediate temperature between 815 – 980 ºC [20]. Since 

M6C carbides are formed at higher temperature than the M23C6 carbides they are more stable and 

hence, their use is more commercially important than the latter as a grain boundary precipitates. This 

carbide also precipitates in blocky form in grain boundaries and less often in a Widmanstätten 

intergranular morphology [20]. The formation reaction of M6C carbide is similar to that of the M23C6 

but with higher molybdenum or tungsten [2]: 

MC + γ à M6C + γ’ 

Where the M is generally molybdenum, tungsten, cobalt, tantalum or chromium and the possible 

reaction is as follows [24]: 

(Mo, Ti)C + (Ni, Co, Al, Ti) à Mo3(Ni, Co)3C + Ni3(Al,Ti)  
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It is known that some morphology of carbides is detrimental for rupture life and ductility, for 

example, the continuous grain boundary M23C6, cellular-discontinuous grain boundary M23C6 and 

Widmanstätten M6C [20][18]. The blocky shaped M23C6 at grain boundaries, however, have a 

beneficial effect on rupture strength [18]. When the M23C6 carbide is formed, there will be a 

depletion of chromium around the precipitate, hence, in this area, it is difficult to form a protective 

oxide, namely Cr2O3, due to lack of chromium [26]. 
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 2.3 Processing and Manufacturing of Turbine Disc 

 Powder Metallurgy 2.3.1

Powder metallurgy (P/M), since its appearance in the 1960s, is used when conventional cast or 

wrought components are not meeting the performance requirement of the application [3]. Such 

failure of a component is related to the segregation, which results in poor mechanical properties by 

reducing the ductility and toughness of the material during consolidation. The disadvantage of this 

route is the higher cost, but the heavily alloyed grades of superalloys such as Rene 95 and Astroloy 

require minimal levels of segregation during melt processing [27]. Therefore, the need for powder 

metallurgy for the production of some high-refractory superalloy components such as turbine discs 

became apparent in the 1970s [28].  

The disc of a turbine engine is machined from forgings. The manufacturing route for producing the 

particular materials in this study in which the alloy is made is by vacuum induction melting (VIM) 

then a P/M route is applied as shown in Figure 2.8 [29]. Since the material used in this study contains 

high alloying elements, the P/M route is chosen to eliminate any segregation in the bulk. Although 

the method is more expensive, P/M yields cleaner results because of the reduced ceramic inclusions 

[28].  

The first step in the producing a P/M product is melting the raw materials via VIM processing. The 

VIM process uses induction coil heating to melt the alloy in a ceramic crucible to which the 

alloying elements are added [20]. Clearly the cleanliness of the melt is important since any 

contamination will be inherited by the powder. The ingot is then poured into a tundish and passes 

through a ceramic nozzle with a continuous stream of gas at high pressure is delivered to the stream 

of molten metal arriving at the nozzle [27]. The molten metal will then disintegrate and solidify into 

fine spherical particles of diameter 30 – 300 µm. This procedure, which is called the atomisation 

process, is designed to be long enough to allow complete solidification of particles before they reach 

the outlet of the chamber. The alloy powder is then sieved for quality control of the particle sizes. 
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Figure 2.8: Illustration of sequence used for the production of forged superalloys via powder metallurgy. Figure adapted 

from [29]. 

The powder particles that solidify will produce a thin oxide layer on the surface, this layer of oxide 

needs to be controlled to minimise the prior-particle boundaries (PPB). The use of ceramic crucible 

and filters, which contains non-metallic inclusions, could also influence the cleanliness of the powder 

surface [30]. This oxide film is inevitable. Therefore, the main challenge is to ensure good bonding 

between the PPB by bringing the particles into contact at high temperature and pressure with 

mechanical deformation [30].  
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The atomised powders are then packed in a steel can ready for hot isostatic pressing (HIP). Upon 

completion of filling, the containers are de-gassed either at ambient or elevated temperature where 

hot de-gassing can provide benefits in minimising the levels of entrapped argon within the powder 

blend [31].  The sealed container is then placed into a HIP vessel in which the densification is taking place in 

an argon atmosphere. The HIP container is heated just below the γ’-solvus temperature of the alloy. The 

finished product is called a HIP compact. Isothermal forging is then applied to the HIP compact to deform 

into a disc shape before machining into a final product.  

 Characterisation of powder particles 2.3.2

The surface of powder particles needs to be controlled by controlling the amount of carbon or other 

refractories including the cleanliness of the atomisation chamber. Since the surface is the preferential 

site for the PPB and oxides to form, optimisation of the processing and heat treatment is studied. It 

is generally believed that PPBs are caused by atomic segregation and particle contamination. 

Together resulting in precipitation at PPB either in the form as carbides, oxides, oxy-carbides, or 

perhaps as oxy-carbonitrides [32].  

 

Figure 2.9: (a) EsB-SE micrograph of FIB cross section Co-Ni alloy in the as-atomised state showing the defects in and 

around a large particle (b) SEM image of as-HIPed nickel base superalloy highlighting the PPB, figure adapted from [33]. 

The as-atomised powder is varied in size and usually has a dendritic structure depending on the 

cooling rate. Figure 2.9 (a) shows a selected powder particle from a Co-Ni base superalloy, which will 

be studied later in the results chapter. Note that the bright and dark contrast in energy selected back-

scatter electron (EsB) mode corresponds to the composition of heavy and light elements, 

respectively. The as-atomised powder in Figure 2.9 (a) is selected to show most of the possible 

defects that a powder particle possesses after solidification. Such defects are satellite particles, shell, 
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void and recrystallization. Carbide films and segregation of elements (heavy elements) were found at 

the surface as well as interdendritic region, respectively.  

Based on previous studies [34], [35], segregation of various alloying elements on the powder surface 

during solidification is due to the solidification kinetics and the degree of solidification depends on 

the cooling rate and particle size. For example, a high carbon content in the bulk and a high oxygen 

content in the atmosphere can increase the PPB decoration and further reduce the ductility and 

toughness of the consolidated product [34]. Pores or hollow particles can also be found in the 

powder and these are due to entrapped gas (argon) or solidification shrinkage. However, their 

presence in the as-atomised stage is not detrimental to the final microstructure, as the pores will close 

during consolidation at high temperature [36].  

 

Figure 2.10: Schematic diagram of PPB nucleation in nickel base superalloys. Figure adapted from [37]. 

A recent work done by Bai et al. on the formation of PPB from room temperature to high 

temperature and during HIPing has been reviewed and the PPB formation mechanisms are presented 

in Figure 2.10. This interesting finding shows that at room temperature, carbides formed both on the 



39 

 

surface and within the powder interior can be observed in interdendritic regions [28]. In the interior 

region, the non-equilibrium metallic carbides MC, such as TiC, NbC, MoC were detected [38].  

When the powder is being compressed, oxygen is being absorbed at the powder surface and reacts 

with elements such as aluminium and titanium to form an oxide layer of alumina, Al2O3 or titanium 

dioxide, TiO2 [38]. This preliminary surface oxidation induces further precipitation of MC and M23C6 

when heat-treatment is applied due to these specific oxides particles, which act as a nuclei for the 

reaction to take place [38]. Aubin et al. suggested that elements such as titanium and carbon within 

the powder particles migrated to the surface during the early stage of compaction in HIPing due to 

the oxides on the outside of the particles [34]. 

 Methods to reduce the PPB 2.3.3

Many efforts have been done to reduce the formation of PPB on the powder particle surface such as 

optimising the heat-treatment and the proportion of alloying elements.  

Heat treatment - Qiu et al. studied the microstructure evolution of RR1000 when the powder was 

annealed at high temperatures [32]. They found that above 900 ºC, very fine precipitates were formed 

on the particle surface and the precipitates coarsened and become more discrete with increasing 

temperature up to 1200 ºC. They also found that the precipitates on the surface were rich in hafnium, 

zirconium and oxygen but no hafnium was found on the surface before heat treatment, in the as-

received condition. This indicates that the hafnia (HfO2), which formed on the surface, originates 

from the diffusion of hafnium from the interior of particles to the surface [39].  

Zhang et al. made the same statement when he found that powder heat treatment could reduce PPB 

[40]. The ultimate mechanism of powder heat treatment is based on the control of carbide 

precipitation. Dahlen et al. suggested that in order to reduce the PPB on the surface, stabilisation of 

MC and M23C6 carbides at the interior of the powder particles through heat treatment was necessary 

[41]. Furthermore, HIPing at super-solvus temperatures could also result in reduced density of PPB 

by transforming grains within the original powder particles to grow beyond the precipitates of PPB, 

thus resulting in larger grains with serrated boundaries [39].  

Composition of carbide formers – Ma et al. performed a study on the effect of hafnium content 

on the formation of hafnia. The findings suggested that at 0.3 wt. %, the formation of MC PPB was 

supressed but at higher hafnium content, 0.6 wt. %, more MC carbides precipitate at the PPB [42]. It 

is thought that more oxide nuclei are formed at PPB when the hafnium concentration increases in 

the alloy, this promotes the precipitation of PPB carbides [37].  
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The same situation also occurs in martensitic stainless steel, where Norell et al. found in gas atomised 

particles that certain elements would segregate to the surface to form oxides. In martensitic steel, 

manganese and chromium are the strong oxide formers. Even though the amount of manganese 

added in the steel was as little as 0.48 wt.%, the surfaces showed extensive manganese oxide [43]. The 

authors explain that this shows liquid state diffusion must have taken place.  

The two-stage HIP – Many have applied a two-stage HIP treatment to study the evolution of 

carbide precipitates and the PPB. For example, Dahlen et al. has managed to form stable M23C6 

precipitates at the pre-compaction stage in Astroloy [41]. The carbides formed are coarser and stable 

but with less particle to particle contact. It is during the second stage of HIP that the MC carbides 

form but the formation is slower due to more carbon being tied up in the M23C6 carbides. He also 

suggested that better results could be achieved if the powders undergo a heat treatment process 

without any HIP compaction. This two-stage HIP is useful as a selective method to precipitate the 

favorable carbides since carbon cannot be removed from the alloys due to the beneficial effect of 

M23C6 grain boundary carbides that create serrations to hinder grain boundary sliding and improve 

creep resistance [3]. In other way suggested by Allen et al. for IN100, the powders could be heat 

treated at higher temperature (> 1150 ºC) to precipitate coarse and stable MC carbides [44]. These 

would then be stable enough to withstand the following HIP.  

One interesting paper by Thamburaj et al. also suggested that the two-stage HIP is successful in 

removing the PPB and produces a random carbide distribution because the final HIP was performed 

at sub-solvus temperature, retaining the fine grain size [45]. The two-stage HIP was performed at 950 

ºC for 2 hours followed by a final HIP at 1115 °C for 3 hours for the alloy Nimonic alloy [45].  

The two-stage HIP was proven to work for alloy Rene 95 by Hu et al. who suggested that a high 

temperature pre-heat treatment is applied prior to HIP.  During this stage, non-equilibrium carbides 

can be transformed into stable MC carbides and this effect can be used to suppress the formation of 

PPB carbides [46]. 
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 2.4 High Temperature Oxidation 

 General principle of oxidation 2.4.1

Thermodynamics of oxidation- Oxidation reaction is defined as the loss of electrons when a metal 

combines with an atom or with a molecular group [47]. When a metal is oxidised, oxygen, which is 

the other species, is reduced  (gains electrons). The equation of a metallic oxidation of a single metal 

reaction is given in the following: 

𝑀(𝑠) +  𝑂!(𝑔) → 𝑀𝑂! 𝑠                                    Equation 2.2 

Where M: metal and MxOy is the oxide product. Note that pure metal oxidized more rapidly than 

alloys.  

In general, high temperature oxidation of metals is controlled by thermodynamic and kinetic factor. 

In order to understand the behaviour of complex alloy system such as nickel base and cobalt base 

superalloys, there is the need to understand the oxidation mechanisms of a pure metal. At constant 

temperature and pressure, the driving force for oxidation to occur, called the Gibbs free energy, G is 

defined as [48]:  

𝐺 = 𝐻 − 𝑇𝑆                                               Equation 2.3 

Where H: enthalpy, S: entropy and T: absolute temperature. By taking in mind that the temperature is 

constant, a reaction to change the thermodynamic properties of both enthalpy and entropy becomes: 

∆𝐺 = ∆𝐻 − 𝑇∆𝑆                                          Equation 2.4 

A spontaneous high temperature oxidation can only occur if the change in Gibbs free energy is 

negative, ΔG < 0. Thermodynamic equilibrium is reached when ΔG = 0, whereas, a non-

spontaneous oxidation which is thermodynamically unfavourable happens when the change in Gibbs 

free energy is positive, ΔG > 0. 

Thermodynamically, in order for an oxide to form on the surface of a metal, the oxygen potential in 

the environment should be higher than the oxygen partial pressure in equilibrium with the oxide. The 

standard free energy for the oxidation reaction in Equation 2.4 can be written as [49]: 

∆𝐺 =  −𝑅𝑇𝑙𝑛(
!!!! 
!!! !!

)                                    Equation 2.5 
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Where 𝑎!!! is the activities of the oxide, 𝑎!is the activities of the metal and 𝑝 !! is the partial 

pressure of oxygen in gas. It is assumed that in the ideal behaviour the value of the activities are 

unity.  

Assuming that unit activity of the metal and oxide, the equation becomes: 

∆𝐺 =  −𝑅𝑇 𝑙𝑛 𝑝!!                                         Equation 2.6 

A plot of the standard free energies for the formation of important oxides is given in Ellingham-

Richardson diagram in Figure 2.11. This diagram is used to obtain the information of partial pressure 

of oxygen required for any metal to form oxide at any temperature [50]. The plot is the standard free 

energy for the formation of oxides as a function of temperature. Note that the diagram does not take 

reaction kinetics into account.  
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Figure 2.11: Ellingham-Richardson diagram of some important oxides. Figure adapted from [50]. 

As marked in the diagram, the partial pressure of a particular metal oxide is determined by drawing a 

diagonal line across to intercept with a vertical line of the corresponding oxidation temperature. The 

line that crosses the 𝑝!!on the right hand side of the diagram corresponds to the equilibrium partial 

pressure of oxygen for the oxide to form. An illustration of the possible oxides (with relevant 

alloying elements) in the current Co-Ni base superalloys at 800 ºC, which are shown in Figure 2.11 by 

the intercepting yellow lines with the respective oxides. The oxides plotted on the top in the diagram 

are easier to form (at low 𝑝!!) than those plotted at the lower region. Hence, by taking the partial 
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pressure number of each possible oxide, the sequence of oxide formation in the Co-Ni base 

superalloys at 800 ºC should be as follows: 

NiO à CoO à Cr2O3 à Al2O3 

Note that the Ellingham-Richardson diagram only corresponds to the favourable types of oxides that 

could form under certain temperature and partial pressure of oxygen. It does not take the kinetics of 

oxidation into account, which means that even the formation of a specific oxide is 

thermodynamically favourable, the oxides could take a very long time to form; i.e: the oxidation 

kinetics can be slow [49]. The protectivity of some oxides differs from one another, for example, 

Cr2O3 and Al2O3 are well known in an alloy system to have slow growth rates [20].  

Kinetics of oxidation – At a constant temperature and in the same gas atmosphere throughout the 

whole oxidation test, isothermal oxidation is taking place. As time increases, the oxide thickness 

increases and therefore, the mass changes, the material most commonly experiences a weight gain 

due to the addition of oxygen atoms into the material. Moreover, the weight of the material could be 

decreased due to spallation of oxide scales. The weight change behaviour of an oxidised metal could 

be categorised as: 

• Logarithmic weight gain 

• Parabolic weight gain 

• Linear weight gain 

• Weight loss 

The four different kinetics of oxidation that metals obeyed by metals during isothermal oxidation can 

be seen in Figure 2.12. Typical non-protective oxides that form volatile oxides when metal oxidized 

usually show a linear weight loss [51]. Oxidation of metals that shows a positive weight gain may be 

linear, logarithmic or parabolic. In the case of logarithmic growth of the oxide, the typical oxidation 

mechanism usually occurs at temperatures below 500 ºC and, therefore, is not relevant for elevated 

temperatures and in this study [52]. The linear oxidation however, is observed in oxidation of iron 

and magnesium at temperatures 1000 ºC and 500 ºC, respectively. These types of oxides are unable 

to grow a protective barrier from oxygen to diffuse in to the metal surface [51].  

The most desirable oxidation trend of metals at high temperatures is the parabolic kinetics, where the 

oxide film remains intact on the metal surface forming a uniform and continuous barrier to protect 

the diffusion of anions (oxygen) through the film. Based on the curve in Figure 2.12, the oxidation 

process is taking place rapidly in the beginning but slows down as the metal is forming a protective 

oxide layer and prevents it from further oxidation. The oxidation that follows parabolic laws does not 

stop entirely, but the rate of oxidation slows down over time.  
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Figure 2.12: Isothermal oxidation weight change behaviour showing weight gain and weight loss with different kinetic 

forms. Figure adapted from [51]. 

The parabolic oxidation law can be expressed as follows [3]: 

𝑑𝑥
𝑑𝑡 =  𝑘! 𝑥                                             Equation 2.7 

Where 𝑘! is the parabolic rate constant with units of cm2/sec. The equation can be integrated into: 

𝑥!! −  𝑥!!  
! = 2𝑘!(𝑡 −  𝑡!)                                  Equation 2.8 

Where 𝑡 is oxidation time and 𝑡! is the time at which the diffusion control begins. The initial oxide 

thickness is denoted as 𝑥!!  
! at 𝑡 =  0 and 𝑥!! is the final oxide thickness.  

The thicknesses in Equation 2.8 can also be written in terms of mass change per unit area, 
∆!
!

 as 

follows: 

(∆!
!
)!! −  ∆!

! !!  

!
= 2𝑘′!(𝑡 −  𝑡!)                          Equation 2.9 
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Where the unit for 𝑘!is g2/cm4 and is often used to compare the oxidation rates in metallic oxides 

for some popular oxides as shown in Figure 2.13. The use of the parabolic rate constant is 

convenient to compare the growth rate of some important oxides in an alloy system. For example, at 

a given temperature, the rate constant for Al2O3 is lower than that of Cr2O3. This means that Al2O3 

grows more slowly than Cr2O3 and produces a thin and compact layer on the surface. The high rate 

constant for other oxides above, such as FeO and CoO means that thicker oxides are grown on the 

metal surface. 

 

Figure 2.13: The rate constants for some important oxides as a function of temperature. Figure adapted from [3] 

The principle oxides that might form in a superalloy system are based on elements added to the base 

metal such as chromium and aluminium for the purpose of improving the oxidation resistance 

(chromium) and precipitation strengthening (aluminium). Typical oxides formed in a nickel base 

superalloys are [20]:  

• Chromium oxide (Cr2O3) 

• Aluminium oxide (Al2O3) 

• Nickel oxide (NiO) 
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• Cobalt oxide (CoO) 

• Spinel (NiO – CrO2) 

Oxidation of alloys is different than oxidation of pure metals where various elements in an alloy 

system have a different alloy affinity and diffusion rate. During the initial stage of oxidation, virtually 

all oxides that are stable thermodynamically will form but one is likely to be dominant [20]. For 

example, in nickel base superalloy, NiO may form initially when oxidised, but only one or two oxide 

is stable across the entire surface. That dominant oxide in nickel base superalloys is Cr2O3 or Al2O3, 

depending on the chemistry of the alloy [20]. 

 Oxidation of nickel base superalloys 2.4.2

To understand the formation of a protective alumina scale on nickel-base superalloys, there is a need 

to examine the oxidation mechanism of nickel-chromium-aluminium (Ni-Cr-Al) system at high 

temperature. In general, Cr2O3 and Al2O3 are the two most important oxides since they are regarded 

as the most protective oxides in superalloys. However, their growth is dependent on the optimum 

amount of chromium, aluminium and supply of oxygen. Chromia usually forms and is most 

protective at temperatures below 871 ºC, whilst alumina is protective at temperatures above the 

evaporation point of chromia [20].   

According to Pettit and Giggins, the oxidation mechanism of Ni-Cr-Al ternary system can be 

classified into one of three categories based on three types of mechanisms (Type I, Type II and Type 

III) of oxide formation based on Figure 2.14 [53]. Type I alloys are high in nickel with a small 

amount of chromium and aluminium. In the case of Type II alloys, they are relatively chromium rich 

and low in aluminium. Finally, the higher amounts of both chromium and aluminium are assigned to 

Type III alloys [53]. 

The oxide phases formed are determined by the composition of the alloy, as shown in Figure 2.14 

(a). At the beginning of oxidation of any Ni-Cr-Al alloy, the rapid diffusion of oxygen converts the 

surface layer of the alloy to oxide. As shown in Figure 2.14 (a), the initial oxidation is preceded by the 

formation of Ni(Cr, Al)2O4 spinels followed by a rapid outward-growing NiO scale where the 

composition of this layer is determined by the composition of the alloy [53]. A significant amount of 

Cr2O3 and Al2O3 would be formed depending on the amount of each element in the alloy. As the 

oxidation process continues, the diffusion of oxygen into the alloy precipitates Cr2O3 and Al2O3 as 

shown in Figure 2.14 (b). The oxidation of aluminium requires very little oxygen activity compared to 

chromium; i.e: particles of Al2O3 extends deeper into the alloy than particles of Cr2O3 [53].  
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Figure 2.14: Schematic diagram of the oxidation mechanisms for Ni-Cr-Al alloys. Figure adapted from [53]. 

Type I – This type of alloy shows the instance of internal oxidation where chromium and aluminium 

continue to oxidise internally because there is not enough layers of Cr2O3 and Al2O3 to restrict the 

movement of oxygen into the alloy. In the external scale, the growth of NiO completely envelops 

other diffusion of phases in the external scale as shown in Figure 2.14 (c) [53].  
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Type II – This type of alloys shows a good example where the combined volume fraction of Cr2O3 

and Al2O3 is sufficient to inhibit the movement of oxygen from the external scale into the alloy. 

Initially, the scale structure is composed of external NiO and Ni(Al,Cr)2O4 scale and Cr2O3 and 

Al2O3 sub-scale such as the Group I, with enough oxidation time, the sub-scale Cr2O3 is transformed 

into a continuous scale due to the sufficient amounts of chromium in the alloy as shown in Figure 

2.14 (d). Since the formation of these oxides are continuous, there is a reduction in the flux of 

oxygen into the alloy and it establishes a lower oxygen activity over the alloy than that established by 

the NiO external scale [53]. However, the flux of oxygen is still sufficient to oxidize the aluminum 

internally but not the chromium as shown in Figure 2.14 (e). It is only when the Cr2O3 scale becomes 

continuous that a steady-state oxidation reaction is achieved and controlled by the transport of 

chromium to form Cr2O3. 

Type III – In the case of this type of alloy, the same mechanism follows as in Type II alloy where 

there is a duplex layer of Cr2O3 and Al2O3 on the surface that limits the activity of oxygen as shown 

in Figure 2.14 (f). However, this type of alloy contains sufficient amounts of aluminium that is best 

capable of resisting high temperature oxidation due to the exclusive formation of a compact and 

adherent alumina oxide underneath the chromium oxide layer. As usual, the steady-state conditions 

are reached when the Al2O3 layer becomes continuous and the oxidation reaction is controlled by 

transport through the Al2O3 scale.  

This famous study by Pettit and Giggins [53] is called the ‘selective oxidation’ which means that in 

Ni-Cr-Al ternary system, chromium allows a continuous layer of Al2O3 to be formed on Ni-Cr-Al 

alloys at lower aluminium concentrations than would be necessary if the chromium were not present 

in the alloy by contributing to the volume fraction of precipitated oxide which reduces the movement 

of oxygen into the alloy. 

Also, in the same Ni-Cr-Al ternary system, an initial suggestion called ‘the third element effect’ by 

Wagner [54] suggested that the third element, chromium, in M-Al alloys (M as metal), acts as a getter 

for oxygen in the alloy during the initial stage, lowering the oxygen solubility in the alloy and 

preventing internal oxidation of the more reactive component, aluminium, producing external Al2O3 

layers at lower aluminium levels than in binary M-Al alloys. 

 Spallation of oxide scale 2.4.3

Under some circumstances, the adherent external scale gets weaker and spallation starts to occur. 

One of the desired properties of the oxide scale is good adherence to the alloy surface, besides 

having slow growth rate. This phenomenon usually takes place during cooling when stress develops 



50 

 

in the scale as a result of the thermal expansion difference between the scale and the metal surface 

[55]. Generally, the main cause of surface oxide spallation results from the compressive stress in the 

oxide scale whilst cooling down.  

The stresses cause the scale to spall away through delamination of oxide or cracking. The spallation 

of oxides is unlikely to happen under tensile stress condition. Spallation is most likely to occur under 

compressive in-plane stress in the oxide layer during cooling from high temperature [56]. The 

morphology of the oxides such as sub-surface curvature, internal oxidation or the dissolution of 

oxygen within the alloy substrate are the main causes of tensile stress in the oxide scale [57].  

There have been many reports on spallation of oxides at high temperature, but the most interesting 

study was reviewed by Evans et al. where modes of spallation were classified into two principal 

routes as shown in Figure 2.15. According to Evans et. al, under compressive conditions, spallation 

may result either from the growth of a tensile, wedge crack along the interface or by buckling and 

cracking of the oxide layer [58]. 

Route I (thick oxide, strong interface) – Oxide scale spalled via wedging where compressive shear 

cracking initially occurs in the oxide with strong oxide/alloy interface strength, compared to the 

oxide as shown in Figure 2.15 (a). It is presumed that the formation of shear cracks within the oxide 

layer is presumably nucleated at the pre-existing defects [58]. Later, wedges develop at the adjacent 

oxide layer by differential contraction as a result of further cooling of the sample as shown in Figure 

2.15 (b). Subsequently, decohesion at the interface is shown in Figure 2.15 (c).  

Route II (thin oxide, weak interface) – This route of spallation is opposite to Route I, where a 

relatively weak interface as depicted in Figure 2.15 (e) by poor adherence of oxide scale to the metal 

surface. Such weakness can be essential to the system and could arise from the accumulation of 

voids, growth of interfacial cavities or the segregation of impurities to this region such as sulphur 

[58]. The buckling of the oxides initiates from a poorly adherent region as shown in Figure 2.15 (f). 

Later, the docohesion propagates laterally along the interface of the oxide/alloy as shown in Figure 

2.15 (g). The presence of such an interfacial zone of low strength can result in buckling of the oxide 

layer.  
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Figure 2.15: The main routes to the spallation of oxide scale grown on the surface of alloy. Figure adapted from [58], [59]. 

 Transition of metastable Al2O3 to α-Al2O3 2.4.4

The oxidation resistance of high-temperature alloys is ideal when it forms of a protective oxide such 

as alumina. Ideally, the oxide layer should be highly stable, continuous, slow growing, free from 

cracks or pores, adherent and coherent [60]. There are several types of alumina that can form during 

high temperature oxidation, some of which are metastable and exist in various forms, such as cubic 

γ-Al2O3, tetragonal δ- Al2O3 and monoclinic θ-Al2O3. An α- Al2O3, however, is a stable and desirable 

oxide in hexagonal-close-packed structure which comes close to satisfying these earlier requirements; 

the slow growth rate is related to its highly stoichiometric structure [60].  The schematic diagram is 

plotted by Garigga-Majo et al. in Figure 2.16 which shows the time-temperature transformation 

(TTT) diagram for high temperature oxidation in β-NiAl alloy. The proposed transformation 

sequence from metastable alumina to α- Al2O3 is as follows [61]: 

γ-Al2O3 à δ- Al2O3 à θ-Al2O3 à α-Al2O3 

Oxidation at higher temperatures should always involve transition aluminas which may be observed 

during the initial stages of oxidation [60]. Transitional aluminas are formed dependent on various 
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parameters such as temperature and time. Doychak et al. suggested that the oxidation of β-NiAl can 

be divided into three stages; 1) transient stage where fast diffusion of aluminium by outward cation 

diffusion is producing δ- Al2O3 and θ-Al2O3 after 1 hour of oxidation at 1100 ºC, 2) transformation 

stage where metastable aluminas transformed into α-Al2O3 by nucleation process and 3) mature stage 

where the transformation from γ-Al2O3  to α-Al2O3 is complete [61]. 

Kear et al. have also studied the transient oxidation but in Ni-Cr-Al alloys at 1000 ºC where the first 

phases to form have been identified as Ni(Cr, Al)2O4 and NiO as plotted in Figure 2.16. The NiO 

grows rapidly and Cr2O3 forms beneath it and eventually becomes continuous. Below the Cr2O3 layer, 

Al2O3 develops as a metastable phase [62]. It is thought that the transformation of the metastable 

Al2O3 to α-Al2O3 occurs upon its integration into the external scale [62].  

It is therefore, known from many previous studies that the transition of metastable aluminas are only 

occurring at the early stages of oxidation. Based on Figure 2.16, 28 hours of oxidation at 1100 ºC is 

sufficient to produce a stable α-Al2O3. It is therefore, noted in this particular study on cobalt base 

superalloys, that a stable, slow-growing protective α-Al2O3 will eventually grow after high 

temperatures and prolonged oxidation time (200 hours). 
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Figure 2.16: Schematic TTT diagram for the high temperature oxidation β-NiAl alloy. Figure adapted from [63]. 

 Tracer study of oxide scale formation 2.4.5

Tracer experiments using standard Secondary Ion Mass Spectrometry depth profiling (dynamic 

SIMS) have been broadly used for the study of high-temperature oxidation particularly on alumina-

forming alloys [60], [61], [64]–[68]. The idea of tracer distribution study to investigate the transport 

mechanism in oxides grown in alloys system is useful to understand the mechanism of oxide scale 

formation. The oxide grown with 16O2 gas forms the initial scale and subsequently a new oxide forms 

with the 18O2 gas. The word ‘tracer’ or ‘marker’ is usually corresponds to the location of the 18O- in 

second stage of oxidation [69]. 

The main principle in the two-stage oxidation is to oxidise the sample first under 16O2 atmosphere, 

then the reaction chamber is evacuated and 18O2 is introduced for the second step of the oxidation 

test. Then the sample is studied under Secondary Ion Mass Spectroscopy (SIMS) analysis to 

understand the oxide growth mechanism by examining the distributions of the oxygen isotopes in the 

16O2 and 18O2 exposures. 
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The typical shape of 16O- and 18O- tracer concentration profiles for various transport mechanisms 

were presented by Chevalier et. al as shown in Figure 2.17. If outward cation (metal) transport is the 

primary mechanism, the tracer concentration will form a new oxide at the gas-oxide interface as 

shown in Figure 2.17 (a).  If the transport mechanism is inward anion (oxygen), three types of 

profiles are possible depending on the transport pathway. In Figure 2.17 (b), the anion transport 

through cracks or pores is forming the new oxide at the metal-oxide interface. The same goes for the 

case in Figure 2.17 (c) where the new oxide is forming at the metal-oxide interface but this time via 

grain boundaries. No significant 18O- enriched oxide forms at the metal-oxide interface when anion 

transport proceeds via much slower bulk diffusion as illustrated in Figure 2.17 (d). When the anionic-

cationic growth do not share the same path as shown in Figure 2.17 (e), the new oxides will form at 

both gas-oxide and metal-oxide interfaces. However, when both anionic-cationic growth are 

happening in the same path, the reaction product is expected to form within the pre-existing scale 

during the second stage of the oxidation as shown in Figure 2.17 (f). 
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Figure 2.17: Schematic tracer concentration profiles for various transport mechanisms. (a) Outward cation transport. (b) 

Inward anion transport via cracks (c) Inward anion transport via grain boundaries (d) Inward anion transport via lattice (e) 

Mixed anion-cation transport via different paths (f) Mixed anion-cation transport via the same paths. Figure adapted from 

[69]. 
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 The combined two-stage oxidation and SIMS technique 2.4.6

SIMS depth profiling is an extremely useful technique for analysing the tracer oxygen diffusion 

mechanisms in an alloy system, as it is able to distinguish all the isotopes in the periodic table. The 

three principles of oxide growth mechanisms that were discussed earlier: a) outward cationic growth 

b) inward anionic growth c) mixed anionic-cationic growth, can be characterised by using in-situ 

micro-machining via focused ion beam (FIB ion milling) and directly analyzing by using high-

resolution SIMS. In the past decade, SIMS mass spectrometry has been implemented on FIB 

instruments, so that micro machining (FIB ion milling) and SIMS analyses can be conducted in the 

same instrument.  

An example of a two-stage oxidation experiment to study the oxide growth mechanism using 16O- 

and 18O- tracer study has been done on RR1000 at 800 ºC for 120 hours as shown in Figure 2.18. The 

elemental maps correspond to exposures in 16O2 for 72 hours during the first stage followed by 48 

hours in 18O2. The SIMS maps revealed some interesting features with respect to the oxidation of this 

nickel base alloy. First, the map of 16O- revealed the existence of the external scale with the internal 

oxides directly beneath in the base alloy. The intensity of 16O- at the internal oxide is indicating an 

inward diffusion of oxygen via grain boundaries during oxide growth. Moreover, the inward 

transport results in new oxide formation as seen in the 18O- map at the oxide-metal interface. It can 

be summed up that in the region of the external scale closest to the oxide-gas interface, the oxide is 

composed of mostly 18O, whereas in the region closest to the oxide-metal interface, the oxides 

contain a mixture of 16O and 18O species. Therefore, the mechanism of oxidation in this case is 

transport taking place through the external scale to form the new oxide at the oxide-alloy interface, 

but at the same time new oxide also forms at the gas-oxide interface [70]. 
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Figure 2.18: FIB-SIMS elemental mapping of 16O- and 18O- after two-stage oxidation experiment carried out for RR1000 at   

800 ºC for 120 hours. Figure adapted from [70] 

Focused ion beam (FIB) – The microscope system works in principally the same way as 

conventional SIMS, but in this case the FIB200 is using a gallium Ga+ liquid metal ion gun (LMIG), 

which operates at 30 keV. The size of the beam can be changed depending on the beam current used 

and typically a beam current of 7 nA is used for the purpose of material removal (milling craters) 

whilst a finer beam current of 1nA is sufficient to polish the metallic oxide surface of a material in 

this study. A thin layer of platinum (approximately 1.5 µm thick) is typically used to protect the oxide 

surface during milling as well as to prevent surface charging. In a standard SIMS depth profiling, a 

single primary ion gun generates the secondary ions to characterise the surface composition and at 

the same time, erodes the sample with a high current density to get in-depth information [71]. 

The FIB technique is a useful method in this study in terms of analysing the microstructural 

evolution of the oxide during high-temperature exposure by examining the thickness, the porosity, 

the diffusion of cations/anion, the chemical composition and the distribution of the different phases 

present in the multilayer oxides. In the case of thin oxides, for instance, cobalt-base superalloys are 

well known to have a good oxidation resistance, the FIB milling of a crater at an angle (45 to 60 º) is 

beneficial to stretch the thin oxide, making it more prominent for further SIMS analysis.  

 The effect of surface treatment (shot-peening) on oxidation  2.4.7

The general definition of shot peening is a cold working process to create plastic deformation used to 

produce a compressive residual stress layer near the surface of metals [72]. Such compressive residual 

stress is resistance to fatigue crack initiation. It is thought that the crack growth performance can be 

improved by modifying the surface or sub-surface of alloy. Therefore, by plastically deforming the 
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materials surface by impacting some small, round metallic particles is sufficient to create plastic 

deformation [73]. It is well known that shot peening a surface is a low cost method that creates a 

large compressive residual stress on the surface and this compressive residual stress contributes to 

the increased fatigue strength of material [73].  

The current turbine disc material is required to withstand higher temperatures and stresses, and it has 

been established that shot-peening, in general, can extend the service life of the critical components. 

Since this is the normal required condition for a turbine disc, there is the need to study the effect of 

shot peening on the surface in a high temperature oxidation environment, especially the effects on 

growth of some specific oxides at high temperature. Previous studies have been done proving the 

negative effect of applied stress and surface roughness on the increase of oxidation rates [74], [75]. 

However, there have also been a few claims that shot peening has a beneficial effect on oxidation 

resistance by enhancing the chromium diffusivity to produce an early formation of Cr2O3 in iron-

nickel base alloy (Incoloy 800H) and nickel base superalloy (RR1000) [76]–[79]. 

A good example to represent the morphology of surface scale and sub-surface oxide before and after 

shot-peening can be seen in Figure 2.19 [70]. The micrographs demonstrate the severity of oxidation 

on in the extent of external scales where TiO2 and Cr2O3 are present. In the case shot peening, the 

damage occurred in the sub-surface region as seen in Figure 2.19 (b). This sub-surface damage can be 

detrimental to the oxidation resistance. The evidence in the shot-peening condition proves that there 

is a severe grain boundary internal oxidation in the sub-surface region. Shot-peening has been 

reported to increase the oxidation rates in alloys where protective oxide scales are normally found, 

such as RR1000, as reported by Cruchley et al. [78]. According to his investigations, the weight gain 

kinetics on oxidised RR1000 increased at temperatures 700 – 750 ºC [79]. 
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Figure 2.19: Cross sections of oxidised RR1000 at 800 ºC for 120 hours (a) polished specimen (b) shot-peened specimen. 

Figure adapted from [70]. 

Since there was more than one element oxidising in RR1000, the reported mass gain by Cruchley et 

al. could possibly be from the enhanced formation of the external scale (Cr2O3). Due to this concern, 

the subsequent study was focused on the extent of Cr2O3 growth at oxidising temperatures between 

700 – 800 ºC [80]. Therefore, Figure 2.20 is plotted to compare the Cr2O3 growth rate in all three 

temperatures for both polished and shot-peened conditions. Note that the scatter represents 50 

measurements taken from each sample with ± 1 standard deviation.  

The trend from Figure 2.20 shows that at both 700 and 750 ºC, both shot-peened conditions yield a 

higher Cr2O3 growth than that of the polished conditions. Conversely, the trend at 800 ºC shows the 

opposite, where shot-peening provides benefits to oxidation resistance in terms of the rate of 

chromia growth. Recrystallisation in the sub-surface region and sub-surface oxide penetration at a 

deeper depth via grain boundaries were also reported in the shot-peened condition. 
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Figure 2.20: Plot of chromia thickness against exposure time at three different oxidation temperatures for both shot-peened 

and polished conditions. Figure adapted from [80]. 
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 2.5 Development of Cobalt-Base Superalloys  

 Conventional cobalt base alloys 2.5.1

Superalloys are generally divided into three classes; nickel-base superalloys, cobalt-base superalloys, 

and iron-base superalloys.  Since the first nickel-base superalloy, known as “80/20” nickel-chromium, 

developed by Bedford and Pilling and Merica in the 1930s, the demand for increased engine 

efficiency has pushed the nickel-base superalloys to their mechanical and thermal limits [18].  Nickel-

base superalloys were developed for high temperature applications for a number of reasons; first, 

these alloys form a stable face-centred cubic (FCC) solid solution which is tough and ductile; second, 

diffusion rates for FCC metals, such as nickel, are low which leads to high temperature 

microstructural stability; finally, it is moderate in cost compared to other platinum group metals [2].  

The most important strengthening phase for nickel-base superalloys is the stable L12 type 

intermetallic compound, Ni3Al, which precipitates as a cuboidal intermetallic γ’ phase in the FCC γ	

nickel solid solution. 

With an atomic number of 27, cobalt falls between iron and nickel. The melting point of cobalt is 

1493 ºC and its density is 8.85 g/cm3, which is similar to that of nickel (8.902 g/cm3). Cobalt is 

ferromagnetic. At temperatures below 417 ºC, cobalt is a hexagonal closed-packed (HCP) structure, 

but above that temperature above its melting point, cobalt is a FCC structure [23].  

The early cobalt-base superalloys, in the 1920s, depended solely on solid-solution strengthening, 

interaction between hard carbides and alloy imperfections such as dislocations and stacking faults for 

high temperature strength [81]. They are typically used in high corrosive environment or high stress 

applications [82]. Co–Cr and Co–Cr–W alloys were developed for applications in aggressive 

environments and as wear-resistant materials [3], and the cobalt-base superalloy, Stellite 21, was the 

first turbine vane material utilised in jet engines [19].   

 These cobalt alloys did not form the L12 type precipitates, but instead relied on carbides (MC, M6C, 

and M23C6) to produce similar strengthening effects [18]. The carbides in the early cobalt base 

superalloys are divided into two groups; chromium-rich and refractory elements rich carbides. The 

chromium rich carbides are usually in the form of M3C2, M7C6 and M23C6 [20]. Chromium can be 

substituted with refractories such as molybdenum, cobalt or tungsten. The M7C6 carbides form when 

there is a shortage of chromium in the alloy system. Then, this carbide can form M23C6 with further 

ageing or during service [82]. Refractory element rich carbides are typically in the form of MC or 

M6C in cobalt base superalloys. The main strengthening carbide is MC, where it is normally formed 

during cooling with elements such as hafnium, zirconium, tantalum, niobium or titanium [82]. 
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The conventional cobalt base superalloys are strengthened by L12 Co3X, which are called the 

geometrically close packed phase (GCP). They are coherent with the FCC γ phase, similar to γ’ in 

nickel base superalloys. The Co3X phases are commonly Co3Al [83], [84], Co3W [85], [86], Co3Ti [87], 

[88], and Co3Ta [89]. Co3Ti is the only stable L12 structure in cobalt base superalloy binary system but 

applications are limited to 750 ºC due to their lower strength [18]. The lattice misfit in cobalt base 

superalloy is high, more than 1 %. Since the lattice misfit provides growth and coalescence of the γ’ 

precipitates as it gives larger surface energy for coarsening, the desirable number should be in 

between -0.1 to 0.5 %, such as in nickel [2]. Therefore, cobalt base superalloy are not widely used in 

high temperature applications due to instability of γ’ phase. Their applications are restricted to static 

components such as vanes or combustion chambers, where superior oxidation resistance and 

weldability are desired [23], [87]. 

 The discovery of γ/γ’ cobalt base superalloy 2.5.2

With the development of nickel-base superalloys strengthened by the γ’ Ni3(Al, Ti) phase, the 

possibilities of precipitation hardening using geometrically close-packed phases that have the form 

A3B have been investigated by many researchers. The latest cobalt superalloys based on the Co-Al-W 

system are similar to the precipitation strengthened nickel-base superalloys, having a FCC gamma (γ) 

cobalt solid solution matrix strengthened with precipitates of gamma-prime (γ’) Co3(Al,W) phase, 

which is an intermetallic compound with an ordered L12 structure [5]. 

In 2006, Sato et. al published a paper in Science, where they have identified cobalt-base superalloys 

showing a high-temperature strength greater than those of conventional nickel-base superalloys [5]. 

The stable ternary compound with L12 structure Co3(Al, W) formed as γ’ precipitates, in the 

composition of Co-9Al-7.5W (at. %). Novel γ’-strengthened cobalt-base superalloys (see Figure 2.21) 

possess very similar γ/γ’ microstructures when compared to conventional nickel base superalloys [5]. 

The cuboidal γ’-phase distributes homogeneously within the γ matrix and the precipitates align along 

the [001] directions as shown in Figure 2.21 (a).  

The authors claimed that the new L12 phase consists of Co3Al phase stabilised by the addition of 

tungsten and no other elements such as chromium or molybdenum exhibit the same effect. The 

ternary phase diagram in Figure 2.21 (c) shows at 900 ºC that there is a small phase field of γ’ 

between the γ (A1) matrix phase, CoAl (B2) phase and Co3W (DO19) phase.  
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Figure 2.21: a) Electron micrographs of Co-9Al-7.5W (at. %) aged at 900°C for 72 h. b) Selected area diffraction pattern. c) 

Isothermal section diagram of the Co-Al-W ternary system at 900°C. Figures adapted from Sato et al. [5]. 

Similar to nickel-base superalloys, the atoms that construct the basic alignment of FCC crystal 

structure is cobalt as shown in Figure 2.22.  When more than one element is present in the FCC 

crystal structure, the structure becomes ordered FCC. In this case, similar to Ni3Al in nickel base 

superalloys, the γ’ phase exhibits the LI2 crystal structure, where the aluminium and tungsten atoms 

are situated at the corners of the unit cell and the cobalt atoms are at the face centres. Figure 2.22 

shows a classic example of ordering. Ordering is a very important trait in the strengthening of 

superalloys [20]. 

 

Figure 2.22: Unit cell of the FCC γ matrix on the left consists of cobalt atoms and the L12 structure of the γ’ on the right 

consists of Co3(Al, W). 
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As the γ’ phase is embedded coherently in the FCC γ matrix, the lattice misfit is relatively low, 

approximately 0.53% [5].  Therefore, this promising novel class of high temperature alloy is currently 

being investigated intensely. However, it is noted that this γ’ phase field is really small, an incorrect 

ratio of aluminium and tungsten can exhibit the unwanted B2-CoAl and DO19-Co3W phases. Similar 

to nickel base superalloys, these types of phases are detrimental to the mechanical properties of the 

alloy. Nevertheless, since its discovery, this promising alloy provides a possible breakthrough in the 

development of high temperature alloys, especially with the demand of increasing operating 

temperature as well as nickel reaching its limit in the superalloys future applications.  The 

development of this alloy is still in the early stages. Much research has been done since its discovery 

to find the optimum alloying compositions to achieve excellence in both mechanical and 

environmental properties.  

 Phase stability in cobalt-base superalloys 2.5.3

There are several metastable intermetallic phases that can be found in the Co-Al-W alloys, namely, 

Co7W6 (µ), CoAl (B2), and Co3W (DO19). Sato et. al claimed that the γ′ in the ternary Co-Al-W 

system is stable at 900 ºC but metastable at 1000 ºC, where these secondary phases Co7W6 (µ), CoAl 

(B2), and Co3W (DO19) co-exists with the γ matrix or γ’.  

Shinagawa et al. observed that the γ′ phase is metastable between 900°C to 1000°C, where a 

transformation from a matrix (γ) containing γ′ and µ-phase (Co7W6) to a matrix (γ) containing 

intermetallic β-phase (CoAl) and χ-phase (Co3W) takes place between these temperatures [90]. Such 

secondary phases in the system may be detrimental to the mechanical properties of the alloy and so it 

is important to understand the effect of other additions on the phase equilibria. The equilibrium 

reaction at 900 ºC in the Co-Al-W ternary system is presented in Figure 2.23. 

At 1000 ºC, Miura et al. reported that the Co-Al-W ternary system consists of two three phase 

regions; Co-CoAl+Co7W6 and Co-Co7W6-Co3W as shown in Figure 2.23. The reaction starts from 

the eutectic and occurs in both binary system; L à Co-Al and L à Co-W at 1400 ºC. The other 

three phase region Co-Co7W6-Co3W was the product of Co-Co7W6 à Co3W at 1093 ºC as shown in 

Figure 2.23. Sato et al. has predicted the existence of γ’ in the ternary Co-Al-W system is obtained 

from the ternary peritectoid reaction of Co-CoAl-Co7W6 with another peritectoid reaction of Co-

Co7W6-Co3W producing Co3(Al,W). In between the formation, there is a complicated sequence of 

reactions as shown in Figure 2.23. 

The ternary Co-Al-W system involves a complicated sequence of reactions and four three-phase 

regions can be expected in the ternary alloy:  
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• Co + CoAl + Co3(Al,W) = γ + β + γ’ 

• Co + Co3W + Co3(Al,W) = γ + χ + γ’ 

• CoAl + Co7W6 + Co3W = β + µ + χ 

• CoAl + Co3W + Co3(Al,W) = β + χ + γ’ 

 

Figure 2.23: The sequence for the reaction in the Co-Al-W binary system at 900 ºC. Figure adapted from [91] 

Kobayashi et al. [92], proved that γ’ formed with a coarsened shape and in contact with CoAl and 

Co3W after a 900 ºC for 500 hours of heat treatment as shown in Figure 2.24. The prolonged heat 

treatment from 500 hours to 2000 hours has produced a metastable phase of Co3W, which is a cause 

of a decrease in aluminium content due to oxidation at high temperature. The aluminium-depleted 

region is transformed from γ/γ’ phase into γ/Co3W phase as shown in Figure 2.24. With a further 

2000 hours of heat treatment the fraction reduced significantly. γ’ became metastable and 

decomposed into CoAl and Co3W, as shown in Figure 2.24.  

It is crucial to control the ratio of aluminium and tungsten in the ternary cobalt system.  Oohashi et 

al. investigated the effect of tungsten concentrations in Co-Al-W system [93]. The variation of 

tungsten between 9, 11.5 and 11.75 at. % shows no detrimental secondary phases but at 12 at. % of 

tungsten and heat-treated at 900 ºC for 168 hours produced the CoAl and Co3W phases.  
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Many have studied the effects of other elements in the production of these secondary phases. 

Chromium, tantalum, molybdenum, manganese, iron, and silicon were the few elements that were 

added in the ternary system in a little amount (2 at. %) [83], [94]–[96]. All of these elements exhibit γ 

+ γ’ + CoAl + Co3W after aged at 900 ºC for 168 hours in the ternary Co-8.8Al-9.8W [97]. 

 

Figure 2.24: Back-scattered electron image of the diffusion-couple heat treated alloy (Co-27Al and Co-15W at.%) at 900 ºC 

for a) 500 h and b) 2000 h. Figure adapted from [92]. 

 Oxidation of Co-Al-W superalloys 2.5.4

High temperature oxidation resistance is another important design factor for the Co-Al-W alloys for 

use in high temperature applications. The oxidation of nickel-base superalloys have been studied 

comprehensively, and aluminium and chromium are the key elements that form protective oxide 

layers that prevent further oxidation [18], [81].  Very little research has been carried out concerning 

the oxidation behaviour of the new γ’–strengthened cobalt base superalloys.  It is reported that the 

Co-Al-W base superalloys typically form cobalt-rich oxides CoO, Co3O4, and CoWO4 that are non-

protective and have a high tendency for spallation after exposure in air at 800°C [95], [98], [99].  

However, the aluminium content is very important in forming the slow-growing, high stability and 

compact scale of alumina (Al2O3) [98], [100].   

In recent studies, chromium was added to improve the oxidation resistance of this alloy, as it is 

known that chromium forms a protective chromia layer (Cr2O3), but too large an addition of 

chromium was found to destabilise the γ/γ’ microstructure [98].  Shinagawa et al. [90] reported that 

the addition of nickel can stabilise the γ/γ’ microstructure by widening the γ’ phase in the Co-Al-W 

system, allowing, more chromium to be added to the system without compromising the stability of 

the γ’ phase. 
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Isothermal oxidation experiments have been carried out by previous studies at 800, 900, and 1000 ºC 

[94], [95], [101]. Oxidation of Co-Al-W superalloys at high temperatures in air takes place in two 

stages, a brief transient period at the beginning of exposure followed by a steady-state oxidation 

period [98]. According to Klein et al., at both 800 and 900 ºC, oxidation is likely to happen based on 

the oxide kinetics rather than thermodynamics. The transient oxide period at 900 ºC consists of 

cobalt oxide (CoO) instead of Co3O4 at 800 ºC. The outward diffusion of the cations to form a thick, 

compact and adherent oxide layers on the surface is limited as time increases. The same goes to the 

mass gain. This proved that the Co-Al-W superalloys formed protective oxide layers, which 

decelerated the kinetics of oxidation after the transient period.  

At steady state conditions, several oxides co-exist and may be divided into different scale layers as 

shown in Figure 2.25. The outermost oxide layer is usually Co3O4, a stable oxide layer with spinel 

structure, which usually forms at temperatures in the range of 600 - 800 °C [13].  At higher 

temperatures, Co3O4 decomposes to CoO, which has a rock salt structure and is stable at 

temperatures up to 900 °C [102].  The middle oxide layer is a mixed oxide containing Co, Al and W, 

whereas the inner oxide layer is a thin layer of Al2O3.  The highlighted region in Figure 2.25 (b) is the 

γ’-depleted region where needle-like shaped intermetallic compounds (Co3W) are formed within the γ 

matrix as a result of decomposition of the Co3(Al, W) precipitates to form the alumina scale  [103].  

Oxidation at 800 °C leads to the formation of a protective inner Al2O3 layer whereas oxidation at 900 

°C leads to the formation of a discontinuous Al2O3 layer.  The example is shown in Figure 2.25 

where transformation in alloy Co-9Al-9W-0.12B from a two-phase γ/γ’ to a two-phase γ/Co3W 

microstructure takes place at 800 ºC for 500 hours [98], [100].  
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Figure 2.25: Oxidation of Co-Al-W showing (a) three layers of oxides typically found in the ternary Co3(Al, W) system (b) 

γ'-depleted area showing the matrix (γ), the precipitation strengtheners (γ'), and the secondary phase (μ: Co3W). Figure 

adapted from [98]. 

Note that in Figure 2.25, the thickness of the outer scale (CoO) is substantial and grows up to 

approximately 50 µm. Since the non-protective CoO is formed on the surface, the mass gain 

increases as the isothermal oxidation time increases [94].  

There are three types of cobalt oxides that could exist at high temperatures, such as CoO, Co3O4, 

Co2O3, which are not protective and result in poor oxidation and corrosion resistance [95]. Under a 

specific partial pressure, the cobalt base alloys are inclined to form Co3O4 at lower temperature (600 

– 800 ºC), which has been found by many previous studies in Co-Al-W base alloys [94], [95]. 

However, at higher oxidation temperature (more than 900 ºC), Co3O4 is unstable and decomposes 

into CoO, shown in Figure 2.25. The final type of cobalt oxide is Co2O3, which is unstable and 

typically obtained electrochemically under careful conditions [104]. No previous studies in Co-Al-W 

alloys have yielded this type of oxide. 

Many cobalt-base alloys use formation of chromia (Cr2O3) to achieve good oxidation resistance.  

Chromia scale, however, is not protective above 980 °C due to the decomposition of Cr2O3 into 

CrO3.  Al2O3 is a more stable oxide and has slower growth rate than Cr2O3 .  The relative oxide 

stabilities can be predicted using the Ellingham-Richardson diagram in Figure 2.11.  To interpret this 

diagram, some of the important oxides that may form in the studied alloys are CoO, NiO, Cr2O3, and 

Al2O3.  In view of the equilibrium oxygen partial pressure at 800 °C, where the oxidation temperature 

in this study is based on, the sequence of formation of scales in these particular alloys are NiO, 

followed by CoO, then Cr2O3, and lastly Al2O3.   This corresponds to previous studies in nickel base 
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superalloys where similar sequence of scales have been found, except for NiO, and according to 

Klein et al., the NiO or nickel-rich oxides are formed at the oxide-alloy interface.  

Yan et al. has performed a series of isothermal oxidation experiments on Co-7Al-7W alloy with 

additions of chromium, iron, silicon tantalum, molybdenum, titanium, nickel-vanadium and 

vanadium [105]. Figure 2.26 indicates the ranking of mass change in oxidation for these alloying 

element additions to the base alloy (Co-7Al-7W). The trend in the figure shows a parabolic growth 

behaviour and the alloys have been ranked from the best oxidation resistance as follows: 10Cr > 

20Fe > 1Si > 20Ni > 2Ta > Base > 2Mo > 2Ti > 6Ni-4V > 2V as shown in Figure 2.26 (a). 

The back-scattered electron (BSE) image in Figure 2.26 (b) represents the image of the base alloy 

(Co-7Al-7W) after just 20 hours of oxidation at 800 ºC. It is clear to note that this alloy is oxidising 

rapidly in the transient stage where the thickness of the outer oxide scale is measured as 36 µm. 

There were two distinct oxide layers formed in the base alloy; the porous outer layer consists of 

cobalt-rich oxide, and the inner layer consists of cobalt, aluminium and tungsten. The region between 

the inner oxide layer and the substrate has precipitated an intermetallic phase Co3W, similar to that 

reported by Klein et. al [94]. 

Since the alloy with 10 at. % of chromium yields the best oxidation resistance, a small grained 

specimen of the oxide scales in this alloy was studied further in the high-resolution TEM to obtain an 

accurate result of the oxides chemistry. With 10 at. % additions of chromium, the morphology of the 

oxides has changed completely. The oxide scale grown on the surface is very thin, up to 1.3 µm.  
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Figure 2.26: Isothermal oxidation of Co-7Al-7W (base alloy) at 800 ºC for 20 hours showing (a) plot of mass change data 

with other alloying additions in the base alloy (b) BSE image of the oxide scale formed in the base alloy. Figure adapted 

from [105].  

Yan et al. also found that multilayer oxide scales were formed in Co-Al-W alloys containing 

chromium. The addition of chromium changes the morphology of oxide scale formation where 

multiple layers of oxides were formed instead of the typically formed cobalt-rich oxides, such as CoO 

and Co3O4, which are not protective. Three layers of oxides were found; the outermost layer was 

Al2CoO4, the middle layer was enriched in chromium and contained CrO2 and Cr2O3, and the 

innermost layer was Al2O3.  It is believed that these three layers adhere well to the substrate and each 

other at high temperature. These three layers also show low oxygen diffusivity and are protecting the 

alloys at high temperature. 
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 2.6 Alloying of Co-Al-W Superalloys 

Since the discovery by Sato et al., many groups have ventured into finding the optimum phase 

metallurgy in the Co-Al-W ternary system. Due to the similarity of nickel superalloys to this current 

study, the addition of alloying elements to the Co-Al-W ternary system is based on nickel base alloys 

research. In nickel base superalloys; titanium, vanadium, niobium and tantalum are the γ′ forming 

elements, which increase the γ′ solvus temperature and γ′ volume fraction. Whereas chromium, iron 

nickel, molybdenum and rhenium strengthen the γ matrix but may reduce the γ′ volume fraction 

[106]. 

 Elemental effects on properties 2.6.1

There were many attempts to increase the γ′ solvus temperatures and volume fraction of the Co-Al-

W system but these attempts required a sacrifice in terms of phase stability of the alloy. Figure 2.27 

summarises the effect of alloying elements in various compositions of ternary Co-Al-W base alloy on 

the γ′ volume fraction and solvus temperature [24]. As the basic rule, the γ′ solvus temperature will 

increase when more aluminium and tungsten are added.  

Although alloying additions have been shown to achieve a high γ′ solvus temperatures with stable 

microstructures following the findings by Sato et al. [5], few studies have been conducted to examine 

the influence of aluminium and tungsten in the Co-Al-W alloys on the γ′ volume fraction.  By 

increasing the amounts of aluminium from 8.9 to 9.3 (at. %) and tungsten from 6.9 to 10.4 (at. %) in 

the Co-Al-W alloys, the volume fraction of the cuboidal γ′ precipitates increased from 20% to 80%, 

[5]. The size of the γ′ cuboids ranged from 100 nm to 200 nm, and the γ′ precipitates became 

agglomerated as the γ′ size increased [90].  However, tungsten is proven to form more γ′- Co3(Al-W) 

phase than aluminium, due to the fact that aluminium has higher solubility in the matrix than 

tungsten [107]. Therefore, alloys with more tungsten than aluminum will more readily form 

stoichiometric γ′. Moreover, the volume fraction and solvus temperature increases as tungsten is 

added. 

Similar to nickel-base superalloys, many researchers have attempted to develop the Co-Al-W alloys 

by adding the γ′ formers (Ti, Nb, Ta, V) to improve the γ′ volume fraction and solvus temperature 

[95], [108].  Tantalum is proven to increase the γ′ solvus temperature by up to 100 ºC, making it the 

second highest solvus temperature in Co-Al-W ternary system so far after iridium [103], [109]. 

Vanadium also develops the same effect but only in the Co-9Al-7W base alloy [110]. An adverse 
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effect of vanadium occurred in Co-9Al-10W alloy where both γ′ solvus temperature and volume 

fraction decreased [103], [109]. 

Meanwhile, other elements such as iron, chromium, nickel and rhenium decrease the γ′ volume 

fraction in the Co-9Al-7W alloy and have very little effect on the γ′ solvus temperature [110].  

Refractory elements (Mo, Nb, Ta) are reported to form the TCP phase, µ (Co7W6) [95], [98].  The µ 

phase is reported to also contain the refractory elements from the matrix and has been shown to be 

unfavorable to high temperature performance because of its plate-like morphology [103].  

Ooshima et al. [110] evaluated the efficiency of various elements (Fe, Cr, Ta, Mo, Ti, V, Ni, Nb and 

Re) in increasing the γ’ solvus temperature. Based on the findings, all of these elements increase the 

γ’ solvus temperature except for rhenium.  Of all the investigated elements, tantalum was observed 

to be the most effective in increasing the γ’ solvus temperature. 

 

Figure 2.27: Effect of alloying additions and substitutions on the γ′ solvus temperature and volume fraction of secondary γ′, 

compared to the literature. Figure adapted from [24]. 

Shinagawa et al. [117] constructed phase diagrams containing 10, 30, 50 and 70 at. % of nickel. It was 

found that nickel increases the γ’ solvus temperature and expands the γ’ phase field and found a link 

between the typical γ’-Ni3Al and γ’-Co3(Al,W). It was found that with an increase of nickel in the 
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quarternary Co-Ni-Al-W alloy, the phase field of γ/γ’ also increases. It also shifts the tungsten 

content to lower atomic percentage, which is beneficial for the density of the alloy. Moreover, when 

nickel content is more than 50 at. %, no more tungsten is necessary to precipitate the γ’ phase. This 

shows that the solubility of tungsten in the γ’ decreases in the Co-Ni-Al-W alloy. Tungsten is more 

soluble in the matrix by transforming into a γ former rather than a γ’ former. The results also show 

that nickel additions can restore the cuboidal microstructure when nickel content is less than 50 at. 

%.  

Chromium additions are desirable, as the formation of Cr2O3 is usually protecting the surface from 

further oxidation. However, according to Yan et al., beyond 10 at. % of chromium decreases the γ’ 

solvus temperature and the desirable morphology can no longer be achieved without the presence of 

unwanted secondary phase such as CoAl. Chromium addition is found to alter the morphology of 

the γ/γ’ phase into elongated lamellae. It emerges that excessive chromium additions destabilise the 

γ/γ’ microstructure, until at 23 at. % of chromium in the alloy was found with no γ’ solvus [105]. 

The γ’ solvus temperature is lowered by as much as 128 ºC when 21 at. % of chromium is added to 

the base alloy. 

Since the addition of nickel altered the γ’ solvus temperature and stabilised the microstructure [105], 

the possible cobalt-nickel quartenary alloy becomes significant by allowing more chromium to be 

added in the alloy system for oxidation resistance. It is therefore, worth performing more studies to 

gain the optimum ratio of chromium in the cobalt-nickel alloy without compensating the 

microstructure.  

 Summary of alloying additions effects on Co-Al-W superalloy 2.6.2

A summary of different alloying effects in cobalt-base superalloys is classified as below.  Note that 

the range of addition of each element is the minimum and maximum amount compiled from 

previous studies of Co-Al-W ternary alloy system as indicated in the reference. 

Tungsten (3.5 - 10.7 at. %) - The γ' solvus temperature and the γ' volume fraction increases as the 

amount of tungsten increased. However, an increasing amount of tungsten will greatly increase the 

density of the alloy and form the undesirable intermetallic phases like Co7W6 and Co3W [12, 14, 16]. 

A recent study by Yeh et al. [111] has found that a low tungsten content (approximately 5 at. %) 

allows the formation of alumina above 1000 ºC whilst high tungsten content (10 at. %) slows down 

the oxidation rate at 900 ºC. 
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Aluminium (6.0 – 10.5 at. %) - Aluminium is a major constituent of the γ' phase and also forms a 

continuous and protective Al2O3 film on the material surface, which can increase oxidation resistance 

at high temperatures. The amount of aluminium should not be too high as it promotes the formation 

of CoAl, ß-phase with B2 crystal structure [12, 17]. 

Chromium (2.0 – 21.0 at. %) - According to Sato et al. [5], chromium partitions to the γ phase. 

Hence, chromium leads to decreasing γ/γ' volume fraction and γ/γ' lattice misfits. Also, addition of 

16 at. % of chromium decreases the γ' solvus temperature as reported by Bauer et al. [112]. The 

content of Cr has to be balanced with elements capable of increasing the γ' solvus temperature such 

as nickel [105].  

Nickel (9.0 – 32.0 at. %) - Yan et al. [95] added nickel into the Co-Al-W-Cr alloys to allow higher 

chromium additions to be made without destabilising the γ/γ' microstructure. Also, it has been 

found in the same study that an increasing amount of nickel decreases the lattice misfit. Klein et al. 

[99] has reported that the addition of nickel to increase the γ' solvus temperature seems to be 

inappropriate due to the low oxidation resistance. According to them, adding nickel leads to higher 

mass gain and oxide layer thickness.  

Titanium (2.0 – 4.0 at. %) - Similar to nickel base superalloys, titanium partitions to the γ' phase, 

which increases the γ' solvus temperature and the volume fraction and therefore enhances the 

mechanical properties at high temperatures [98], [103], [108]. 

Iron (2.0 – 20.0 at. %) - Iron has a destabilising effect on the γ/γ' microstructure, it decreases the γ' 

volume fraction by partitioning to the γ phase. Both Bauer et al. and Yan et al. [95], [112] reported 

that after 16 at. % of iron, alloys not contain the γ/γ' microstructure at all and the oxidation 

behaviour is very poor.  

Tantalum (0.2 – 2.0 at. %) - Addition of tantalum is effective for stabilisation of the γ' phase as 

tantalum partitions more strongly to the γ' phase and increases the volume fraction of γ'. It is 

reported to have the best solvus temperature, 1100°C after iridium [110]. However, Klein et al. [98] 

found that 2 at. % of tantalum impairs the oxidation resistance of the alloy, much less Al2O3 can be 

detected in the inner oxide layer [5], [95], [108], [110], [112]. 

Silicon (1.0 - 2.0 at. %) - Silicon enhances the oxidation resistance at elevated temperatures, above 

900 °C, not only because of SiO2 formation but also due to the beneficial effect of silicon on the 

formation of protective Al2O3. Silicon that precipitates at the matrix and grain boundaries may also 

act as diffusion barriers. According to Klein et al. [99], addition of 2 at.% of silicon enhances the 

oxidation resistance and slightly increases the γ' solvus temperature as well as the γ' volume fraction.  
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Boron (0.04 – 0.32 at. %) - Boron is an element that can be included to strengthen grain boundaries 

of the cobalt base superalloys. Higher contents of boron can be important, and in some cases critical, 

as they can lead to undesirable boron dispersions that can have an embrittling effect. Boron is 

generally segregated in the γ phase grain boundaries and contributes to the improvement in the high 

temperature strength of the alloys. Klein et al. [94] found the formation of boron-rich phases at                                                                                                                                                                                                                                                         

grain boundaries and in the inner oxide layer, which greatly improves the oxide layer adhesion.  

Niobium (2.0 – 4.0 at. %) - Niobium is added to increase the γ' solvus temperature of Co–Al–W 

base alloys [103], [110]. This element has a common characteristic of being a γ' forming element that 

increases the volume fraction of the γ' phase. Klein et al. [98] added niobium to improve the 

mechanical properties of Co-Al-W alloys, but the addition of niobium is reported to yield a very thick 

oxide layer due to cracks after oxidation at 900°C. 

Molybdenum (1.0 – 4.0 at. %) - According to Suzuki et al. [113], molybdenum is added as a solid 

solution strengthener in the cobalt matrix and it also promotes stability to the γ' phase. Molybdenum 

can, for example, influence lattice dislocations between the γ matrix and the γ' phase and the 

morphology of γ' under creep loading. Recent studies by Yan et al. [95] and Klein et al. [98] shows 

that molybdenum does not promote good oxidation resistance in the Co-Al-W as the thickness of 

oxide layer is reported to be more than 100 µm.  

Iridium (2.0 at. %) - According to Bauer et al. [112], the addition of iridium is proven to increase 

the γ' solvus temperature to 1137 ºC, the highest of all, possibly due to the fact that the melting 

temperature is 2446°C, but discontinuous precipitation at grain boundaries takes place and the whole 

γ/γ' microstructure is transformed into lamellae of Co3W and CoAl.  
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 2.7 Concluding Remarks 

This literature review has revealed a few key components in gas turbine engine including the 

requirements for materials used in the current climate. Nickel base superalloys are extensively used in 

most of the components that require high temperature applications. Hence, there is the need to 

develop this current alloy or find the new alternative to replace the increasing demand in the 

aeroengine industry.  

This chapter also presents the preferred processing route for disc manufacturing. The powder 

metallurgy route was chosen and will be used throughout this research to eliminate segregation 

during rapid solidification, which will then lead to good mechanical properties. In addition to that, 

the phases of carbides were also discussed, and previous studies have shown that the precipitation of 

carbides starts from the as-atomised state and further continue to develop in the later HIP stage. 

Therefore, it is very important to identify and control the types of carbides that could be detrimental 

to the alloy.  It is worthwhile to carry out any new methods of eliminating or controlling the amount 

of carbide precipitates by tailoring the microstructure using different HIP temperatures. 

A large part of this literature review discussed the isothermal oxidation in nickel base superalloys via 

mass gain route. Most of the literature utilised mass gain experiments to obtain the oxidation kinetics. 

However, there is no clear indication of the mechanism of oxide formation (anions and cations 

transport in the alloy during high temperature oxidation). The use of isotopic oxidation in 

combination with FIB-SIMS analysis was excellent in evaluating the transport mechanisms in 

previous studies. It is therefore regarded as the most suitable method, which will be utilised in this 

study. The same goes to FIB cross sections. Instead of measuring the mass gain in each oxidised 

sample, the oxide thickness and sub-surface damage will be utilised in this study in order to gain a 

more accurate comparison of the extent of damage in a certain alloy. 

The discovery of Co-Al-W ternary γ/γ' alloy has opened a new venture on finding the suitable 

compositions as well as understanding its behaviour. It is a promising alloy and could be the next 

generation material for polycrystalline disc alloy. However, various issues have to be addressed in this 

alloy system, for example, the density. The density is very high compared to nickel base superalloys 

due to tungsten. The first few oxidation results also proved lacking, as the oxide thicknesses were 

very substantial and some cases of spallation also occurred. It is known that nickel gives a very 

positive effect on this ternary system. The same goes for niobium and titanium. Chromium has to be 

added in a careful amounts to increase the oxidation resistance but at the same time not too much to 

destabilise the microstructure. The basis of this current study has been established and the detail 

investigations will be discussed in the next chapters.
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3 Materials and Characterisation Techniques 

 3.1 The V208 Alloys Series 

The V208 alloys series are classed as experimental alloys and are early development alloys with a 

target operating temperature greater than 800 °C and an entry into service 10 years in the future.  

 Materials and specimen 3.1.1

The alloy powder was manufactured by vacuum induction melting and inert gas atomisation by ATI 

Powder Metals, Pittsburgh, PA, USA. It was sieved using 270 mesh - 53 µm and then consolidated by 

hot isostatic pressing (HIP) for 4 hours at 1050 °C by ATI Powder Metals, Pittsburgh, PA, USA. The 

compositions of the V208 alloys are shown in Table 3.1. The alloys were subsequently removed from 

the cans and each billet was cut into two cylindrical pieces, each 75mm in diameter and 75mm high. 

They were then isothermally forged at 1050 °C by ATI Ladish Forging, Cudahy, WI, USA. Alloys 

V208A and V208B were reduced to 30 mm whereas V208C and V208D were reduced to 15mm. 

After forging, the material was subjected to a heat treatment of 1050 °C for 30 minutes, above their 

respective γ’ solvus temperatures with a subsequent aging step at 900 °C for 16 hours. Several 

different cuboidal blanks were cut from the forgings using electric discharge machining (wire EDM) 

from which the samples for the various tests were machined as shown in Figure 3.1. 
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Table 3.1: Measured compositions of the V208 alloys series in at. % 

Alloy Co Ni Cr Al W Ta Ti Nb C B Zr 

V208A 42.03 31.93 11.78 9.86 3.04 0.98 - - 0.13 0.20 0.04 

V208B 33.66 32.15 17.36 12.45 3.06 0.99 - - 0.11 0.18 0.04 

V208C 36.08 34.24 14.81 10.49 3.04 0.95 - - 0.15 0.20 0.04 

V208D 39.71 29.38 17.04 9.53 3.04 0.95 - - 0.15 0.17 0.04 

V208E 40.43 29.00 15.14 9.99 2.77 0.81 1.53 - 0.11 0.17 0.04 

V208F 40.97 30.04 14.92 9.56 2.34 0.74 - 1.08 0.14 0.16 0.04 

 
 

 

Figure 3.1: Blanks specimens cut from a pancake using wire EDM (left) and forged pancake showing the forging directions 

to the final thickness (right). 

 Sample preparation for oxidation experiments 3.1.2

The samples for the oxidation experiments were cut to 5 by 5 by 5 mm using silicon carbide blades 

on a Struers Accutom 50 saw. After cutting, the top surface of each sample was ground with a series 

of silicon carbide grinding papers with increasing grit sizes (from 200 to 2000 grit sizes) using a 

Struers Tegrapol-15. Sharp edges were chamfered at approximately 45° by about 0.5 mm on all edges 

and corners. Then the same surface was polished with appropriate polishing pads containing 

diamond paste starting from 6 µm to 1 µm finishing to achieve a highly polished surface. The length, 

width and height of each sample were measured using a micrometer (accuracy up to 0.001 mm). The 

weight of each sample was measured using a micro balance (accuracy ~ 0.01 mg) before and after the 

experiment. Then the samples were thoroughly cleaned with acetone in an ultrasonic cleaner for 5 

minutes and dried by blowing with compressed air. 
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 3.2 The Two-Stage Oxidation Experiments 

This research project was based on the two-stage oxidation experiment utilizing oxygen isotopes for 

tracer studies [69], [114], [115], which involves an isotopic oxidation experiment involves exposing a 

specimen initially under a conventional 16O--enriched gas and later in the last 24 hours, 18O--enriched 

gas was introduced. The 18O acts as a tracer species, which is detectable by SIMS and distinguishable 

from the 16O. The transport mechanisms can then later be extracted through the counts of each 

species in the internal and external oxide regions. 

 Isotopic oxidation experiments 3.2.1

Oxidation experiments were carried out in an isotopic exchange oxidation rig. The samples were 

placed in-line on a quartz crucible in a quartz tube, which was then evacuated to a pressure of less 

than 5 x 10-7 mbar. In order to examine the mechanism of oxide formation, two-stage experiments 

were carried out using oxygen-18 (18O2) at a partial pressure of 0.2 atm. The samples were first 

exposed in research-grade oxygen (99.9995%), (referred to as 16O2 ) at pO2 = 200 mbar (0.2 atm). 

This is to simulate the partial pressure of oxygen in air.  After programming to the correct 

temperature and ramp rate, the tube furnace is rolled on, ensuring that the sample sits in the hot-

zone of the furnace, and is finally sealed with ceramic fibre at both ends for insulation. The exchange 

furnace was then evacuated before introducing the 18O2-enriched oxygen also at pO2= 200 mbar 

directly from the bottle into the annealing chamber. The samples were then fast-cooled in air by 

rolling off the exchange furnace before recovering the 18O2 gas. Later, the samples were taken out of 

the quartz tube along with the crucibles, which contain any spalled oxide. Care was taken when 

removing the samples from the tube to avoid damage to the oxides. Figure 3.2 shows a schematic of 

the apparatus used to carry out isotopic oxidation experiments. The importance of recovering the 

18O2 is due to the high cost of the gas. A platinum thermocouple, placed next to the sample, 

connected to a PC with a data-logging system continually monitors the temperature. The data-logger 

records the temperature and the pressure over two-second time intervals for the duration of the 

exposure. 

Generally, the tracer element 18O2 gas diluted with each use and for the present experiments the level 

of 18O2 gas was approximately 54%. An example of a similar experiment to study the concentration 

of 18O2 gas was conducted by Ooi [115], where a silicon wafer was used as a substrate, heat treated at 

1150 °C for 3 hours. FIB-SIMS was then used to determine the concentration of 18O2 in relation to 

16O2. 
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Figure 3.2:  Schematic diagram of the isotopic exchange furnace used in isotope exchange experiments-Figure adapted from 

Alibhai [116]. 

The sequence of the two-stage oxidation experiment is shown in Figure 3.2, where the first stage is 

varied from 200 hours to 300 hours but the second stage was always 24 hours. In order to have 

sufficient 18O- signal generated during the SIMS study, the second stage should be long enough to 

show the effect of 18O2 as a tracer. However, it should not be so long as so as not to exceed the 

number of hours used in the first stage of oxidation during the experimental design. 

 

Figure 3.3: The sequence of a two-stage oxidation experiment. 
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 Heating and cooling rate 3.2.2

The preliminary oxidation tests for all V208 alloy samples were performed at 800 ºC for 200 hours. 

The temperature was chosen in order to assess high temperature oxidation of next generation alloy 

for disc applications. As previously mentioned, the oxidation tests were carried out in a two-stage 

oxidation experiment, where the tracer oxygen was introduced in the last 24 hours. Figure 3.4 

explains the cycle where the two-stage oxidation experiments were carried out. Temperature rapidly 

increased to 800 ºC when the quartz tube entered the roll-on furnace. The temperature usually 

reached the target after 5 – 10 minutes as measured by a thermocouple placed just 3 mm from the 

sample boat in the reaction tube. After 176 hours, the furnace was rolled back from the reaction tube 

thereby rapidly cooling the sample in air. The reaction tube was then re-evacuated before allowing 

the 18O2-enriched gas to fill the annealing chamber. Then, after 24 hours of oxidation in oxygen-18, 

the sample is again rapidly cooled in air. The 18O2 gas in the reaction tube was then recovered back 

due to the high cost price of the gas. The thermocouple was connected to the PC with a data logging 

system that continually monitors the temperature. The same sequence follows in the exchange rig for 

oxidation temperature at 850 ºC for 200 hours. 

 

Figure 3.4: The temperature profile during the two-stage oxidation experiment. 

 Long-term oxidation in air 3.2.3

Long-term isothermal oxidation experiments were carried out on the V208 series alloys in order to 

establish the specific alloy, which had good oxidation resistance and stable underlying microstructure. 

V208 C was selected to undergo oxidation tests in air to study the stability of oxides at long-term 

exposures. The oxidation temperature was set at 800 °C and the samples were oxidized in a box 
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furnace under atmospheric conditions for 400, 1000 and 2000 hours. The samples were placed in 

alumina crucibles and were taken out from the furnace and exposed to laboratory air.  

 3.3 The Two-Stage HIP Process for the As-Atomised Powder  

As part of the next generation alloy production for disc applications, a particular V208 alloy (V208 A) 

was subjected to characterisation throughout production, starting from powder particles analysis of 

the carbides and prior particle boundaries (PPB). The two-stage HIP process was performed in the 

laboratory to match the actual powder processing by ATI Powder Products, Robinsons, US. The as-

HIPed powder particles were then analysed in the FIB-SEM to obtain a cross-sectional view of the 

particles, STEM EDX for particles’ chemical compositions, and TEM analysis for the morphology of 

carbide particles. The as-received powder particles were manufactured by vacuum induction melting 

and inert gas atomisation (sieved using 270 mesh – 53 µm). Figure 3.5 shows typical surface features 

of V208 A powder particles.  

 

Figure 3.5: Initial microstructure of powder particles with dendritic structure and satellite particles viewed in EsB-SE mode. 

 Two-stage HIP 3.3.1

The two-stage HIP was performed in a vacuum furnace in argon atmosphere at temperatures shown 

in Figure 3.6. The powder particles were placed in an alumina crucible prior to heat treatment at 900 

ºC for 4 hours and then ramp up to 1050 ºC for another 4 hours. At each stage, small samples were 

studied by obtaining a cross-section view using FIB-SEM to study the evolution of internal particle 
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structure (carbides and PPB) during the two-stage HIP. STEM EDX was performed to study the 

carbides in the interdentritic regions. 

 

Figure 3.6:  The two-stage HIP performed on alloy V208A powder particles. 
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 3.4 Effect of Shot-Peening on Oxidation 

 The selected V208 alloys with varying amounts of chromium and aluminium (V208 B – D) were 

further investigated for oxidation resistance under surface stress at a higher oxidation temperature 

(850 ºC). The alloys were selected due to their superior oxidation resistance and stable underlying 

microstructures. The samples for oxidation were prepared by cutting 10 x 20 x 5 mm pieces using 

Struers Accutom precision saw. After mounting in Bakelite, two surfaces (10 x 20 mm) of each 

sample were ground with a series of silicon carbide grinding papers with increasing mesh sizes 

(starting from 200 to 2000) using a Struers Tegrapol-15 followed by polishing using a 1µm diamond 

suspension. The samples were broken out from the Bakelite and the edges were chamfered. The 

samples were sent to the Metal Improvement Company, Derby, for shot-peening to a specification of 

6 – 8 Almen intensity using 110H cast steel shot, to 200% coverage by a conventional nozzle set-up. 

The samples were cleaned with acetone and soft-tissue to remove any contamination. A two-stage 

oxidation experiment was carried out at 850 ºC for 200 hours as described in Section 3.2.2 above. 

Both surfaces (polished and shot-peened) were examined under FIB-SEM and FIB-SIMS to identify 

any effect of shot-peening on oxidation. 
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 3.5 Scanning Electron Microscopy 

The microstructure and the chemical composition of the samples were examined using a Zeiss 

Auriga scanning electron microscope equipped with an Oxford Instruments EDX detector. The 

morphologies of the oxide surfaces were characterised using secondary electron mode (SE).  A thin 

platinum strip with dimensions of 25 x 2.5 x 1.5 µm was deposited on the surface of each of the 

oxidised samples prior to milling. Trenches milled using a focused ion beam (FIB) were viewed in 

energy selective backscatter (EsB) mode at 36° relative to the sample surface viewing angle. The 

viewing angle was then corrected during imaging by opting for tilt correction in the user interface. SE 

mode was chosen to capture microstructure at 1.48 kV acceleration voltage at a working distance of 5 

mm. EsB mode was used to identify different phases via atomic mass contrast with 1.48 kV 

acceleration voltage. All chemical analyses of the samples were performed using EDX in the SE 

mode using a 15 – 20 kV acceleration voltage. To improve experimental accuracy, each spectrum was 

collected from at least 5 points. 

 

Figure 3.7:  Schematic of a trench FIB milling (left) and a microstructure of a trapezium-shaped crater (right) in secondary 

electron mode using a FIB-SEM (Auriga 40). 

 FEG-SEM with EDX 3.5.1

Most of the V208 alloy series exhibit a fairly thin oxide layer of sub-µm scale oxide layer (see Chapter 

4), which was examined using a conventional metallographic sample preparation (cutting, mounting, 

grinding, polishing). Unfortunately, this procedure can damage the scale by removal of oxide. 

Moreover, the surface features of the oxide layers were difficult to relate to a specific area of interest. 

Therefore, in this thesis, all of the oxidised samples were examined by using focused ion beam 

milling to produce cross-sections normal to the surface of the sample. 
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A focused ion beam FEG SEM (Zeiss, Auriga 40) was used to mill cross sections normal to the 

sample surface to examine the near surface microstructure and oxide film to identify any correlations 

with specific surface features (see Figure 3.7). 

 In this system, the sample was put on a holder and adjusted to the eucentric height, at which point 

the focused area was maintained independent of the stage tilt. The coincidence location between the 

ion and electron gun was achieved using manipulation of beam shift to image the same area in both 

SEM and FIB mode. Subsequently, a platinum strip was deposited on the area of interest to prevent 

the top surface from damage induced by ion milling. The sample was tilted to 54 degrees so that the 

FIB is perpendicular to the sample surface for milling. The first milling of the trench was performed 

at 4 nA ion beam current and then the current was reduced to 1 nA to obtain a neat trench.  

In general, a trapezium-shaped crater was first formed next to the platinum strip to prevent the re-

deposition on the crater walls during milling (Figure 3.8) with a typical milling condition of 30 kV 

and 4 nA. The resulting rough cross-section was polished with a low-current beam (in the range of 

600 pA and 240 pA at 30 kV) to achieve a smooth wall surface. This smooth wall of the crater was 

imaged using conventional imaging in the SEM (SE, BSE, in-lens SE), as well as low-energy back 

scattered mode that offered compositional imaging at low accelerating voltage, ideal for non-

conducting oxides. Imaging was performed at 36° from the surface as shown in Figure 3.8. Since the 

viewing is at an angled position, tilt correction must be applied to stretch the images to their true 

vertical field height. 

 

Figure 3.8: A trench of an oxidised sample viewed in BSE mode showing the platinum strip on the surface protecting the 

oxide scale. 
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 Quantification of Oxidation Products - The Damage Depth Analysis  3.5.2

A typical method which was commonly used for quantifying the oxidation performance of nickel-

base superalloys is to measure the mass gain. However, previous work has suggested that damage 

depth resulting from oxidation is more appropriate in evaluating the influence of oxidation on 

mechanical performance [65], [117], [118].  

Figure 3.9 shows the schematic of a cross section of the oxidised samples with major oxidation 

damage characteristics near the surface. The outermost layer which is usually referred to as the 

surface oxide, is labeled as oxide scale, followed by the oxide alloy interface region, called the oxide 

intrusion and lastly the γ’-depleted zone. The thickness of the damage layers was evaluated as an 

average value of the thicknesses measured across each area. A number of measurements were taken 

from at least two cross-sections to provide an average value of thicknesses as well as areas using the 

open source software ImageJ. All measurements were obtained from a BSE image, which has a 

distinct benefit of showing specific oxide scales in terms of their atomic mass contrasts.  

 

Figure 3.9: Schematic of the damage depth analysis on cross-sections of oxidised samples. 

An example of quantification of internal oxide area was completed in BSE mode using ImageJ as 

shown in Figure 3.10. First, the external/internal oxide is carefully traced in EsB mode in SEM. Then 

the image threshold is adjusted to match the desirable phase contrast (regions shaded in red). Later 

the image is converted into 8 bit/16 bit before being converted into binary. Then finally the sum of 

pixels in the shaded region is calculated  to provide the area. This method is applied to each layer of 

oxide with similar contrasts. 
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Figure 3.10:  Schematic of the process to determine the internal oxide area beneath the external scale. 

 Energy-selective Backscatter (EsB) mode in FIB-SEM 3.5.3

A specific advantage of the crossbeam FIB-SEM (Auriga 40) is that imaging and sample preparation 

on a nanoscopic scale is possible. A live cross-section milling and imaging is useful to view the 

morphology of the phases in 3D using slice and view mode.  

The energy selective backscatter (EsB) only allows a specific energy band of backscatter electrons to 

be selected for imaging. In this case, an energy filtering grid located at the front entry system was 

adjusted in its potential range from 0 to 1500 volts. When the electrons passing the grids, only 

backscatter electrons with energies greater than the grid can be detected. Moreover, the threshold 

voltage at the filtering grid can also be set to reject electrons with specific energies.  

The Energy selective Backscattered (EsB) Detector fitted in Auriga 40 is suitable for clear 

compositional contrast. It is an annular shaped in-column detector that is located above the In-lens 

detector as shown in Figure 3.11. The ability to detect BSE makes sub-surface information and nano-
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scale composition visible. To prevent detection of secondary electrons, a filtering grid is installed in 

front of the EsB detector.  

By switching on the filtering grid voltage, the secondary electrons will be rejected and only BSE will 

be detected. Below the energy of 1.5 kV, the filtering grid has the additional function of selecting the 

desired energy of the BSE. This means the threshold energy of inelastically scattered BSE can be 

selected to enhance contrast and resolution.  

The benefits of using the in-lens BSE detector are sub-surface information is visible. Additionally, 

the low kV BSE imaging is able to examine non-conducting samples without the need for conductive 

coatings. 

 

Figure 3.11:  A schematic diagram of a cross-section of the electron optical column in the Zeiss Auriga 40. 

Figure 3.12 shows the non-linear behavior of the backscatter coefficient, in which below an incident 

energy of approximately 5 keV, the extent of the reduction in high atomic number elements is 

stronger than for the elements with low atomic number [119].  
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Figure 3.12: The backscattering coefficient as a function of atomic number (Z) in the range of 1-20 keV electron energies. 

Figure adapted from [119]. 

The brighter contrast represents the high Z elements whilst the darker contrast arises from the low Z 

elements below the incident energy of 5 eV. Additional lenses and beam boosting is required at these 

low voltages to amplify the resulting electron signal and to maintain the brightness of the electron 

probe.  
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Figure 3.13: Cross-sectional microstructure of the thin oxide scale formed on an oxidised sample (exposed at 850 °C in 

vacuum atmosphere for 200 hours) acquired at the same area: (a) secondary electron mode and (b) EsB mode. 

Figure 3.13 shows clearly the microstructure of the high Z contrast γ’ precipitates underneath the 

oxidised surface in EsB mode. These Co3(Al,W) precipitates were unable to be observed in the 

general SE mode due to the small difference in compositional contrast. In addition to that, the 

conventional BSE mode will not give the same contrasts as a result of poor signal-to-noise ratio due 

to the interaction volume of high energy electrons produced at high accelerating voltage. Therefore 

EsB is a much more powerful tool to distinguish a microstructural feature with a smaller 

compositional contrast through adjusting the energy slit range of emitted BSEs from the sample. 
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 3.6 Focused Ion Beam (FIB) Techniques 

The FIB technique is used for high resolution SIMS work on the oxide scale grown on the surface of 

the alloy; it uses a fine beam of positive gallium ions. It is well known that the FIB imaging is largely 

different than the SE images from the SEM. The advantage of FIB with SIMs for this study is gained 

from the mass transport mechanisms in the oxide scale grown on the alloy. The results will be 

described later. 

 Overview of instrumentation 3.6.1

The basic setup of the FEI FIB200-SIMS microscope is shown in Figure 3.14. The production of the 

primary ion beam comes from a Ga+ liquid metal ion gun (LMIG) with a beam diameter of 5nm, 

suitable for milling and imaging. Ga+ is excited and emitted through an aperture to achieve an 

appropriate beam current which varied from 1 pA to 20 nA, affecting the image resolution. 

Generally, low beam currents are used for imaging and high currents are used for milling or 

sputtering. The beam strikes the surface of sample in a high vacuum chamber (10-7 mbar), and 

secondary electrons and ions are emitted from the surface as shown in Figure 3.15. It is crucial to 

note that the ability to perform in-situ microscopy and SIMS without having to remove the sample 

from the vacuum between the two gives this technique a significant advantage. Secondary electrons 

sputtered from the sample surface yield high-resolution images whilst secondary ions will give 

information of mass spectra, depth profiles and secondary ion images. 

 

Figure 3.14: Schematic of the basic setup of the FEI FIB200-SIMS. 
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Bombarding with Ga+ on a sample surface will provide sputtered secondary ions and electrons 

accompanied with atomic scale erosion on the sample surface. As shown in Figure 3.15, the incident 

beam will strike the sample surface, producing a series of elastic collisions. The atomic displacements 

from the bombardment cause ejection of an atom as a sputtered particle. In general, the number of 

sputtered particles will increase with the number of collisions taking place closest to the surface. It is 

crucial to note that not all collisions remain elastic and secondary electrons will be ejected which are 

beneficial for imaging. The ejected ions can be positive, negative or neutral ions. The effectiveness of 

the primary ion beam to sputter charged particles is known as the ionization yield [71], [120]. The 

depth of ion penetration will affect the sputtering rate, in other words, less sputtering takes place if 

the ions penetrate deeper into the sample. This is proven by denser materials having greater stopping 

power, which therefore possess higher sputtering yields [121]. 

 

Figure 3.15:  Schematic of the sputtering process in FIB-SIMS. Figure adapted from [122]. 

 Alloy cross-section preparation by FIB 3.6.2

The surface roughness due to the ion beam milling will limit the resolution of the oxide scale 

thickness particularly in samples with thin oxides. Therefore, to overcome this limitation, a tapering 

of oxide method called the bevelling method was used to characterise thin oxides. The bevelling 

method was performed via cross sectioning using FIB milling at a steep angle (typically at 60º). 

Tapering of the oxide scale produced elongated oxide layers, which allows more accurate analysis to 

be performed. Figure 3.16 illustrates the schematic of how milling at an angle exaggerates the true 

thickness (xtrue) of the oxide scales. 
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Figure 3.16: Schematic of the FIB bevelling method used in the preparation of cross-sections for oxidised samples. 

Essentially, the tapered oxide thickness viewed at zero tilt angle is tangential from the true thickness. 

Equation 3.1 simplifies the relationship: 

𝑋!"#$ =  𝑋!"#$%$&𝑡𝑎𝑛𝜃                                    Equation 3.1 

The tangential oxide scales created using the FIB is important during the SIMS mapping by 

increasing the quantity of data collected in the oxide scale region, especially for low counts of 

oxygen-18. Since the kinetics were the slowest in most of the V208 alloy series at 800 ºC for 200 

hours, the exaggeration of the true oxide scales which are typically less than a micron thick is 

necessary. 

The preparation of cross-sections are normally started by milling a 60 x 40 µm ramp at an angle 60º 

from the surface using a 20 nA beam current. Subsequently, for polishing, a low beam current was 

used (1 nA) to produce a smooth crater. The thickness of the oxide layer will stretch out typically by 

a factor of 4 from the true thickness.  
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Figure 3.17: Cross-section microstructure of a thin oxide scale for (a) typical SEM image of a true oxide scale and (b) 

tapered oxide scale at 60º bevelling angle in FIB mode 

The actual comparison of a typical SEM image showing the true oxide scale compared with a tapered 

oxide of the same sample is shown in Figure 3.17. This novel tapering method is very effective in 

determining the distribution of elements (particularly oxygen isotopes) in the oxide scales as well as 

internal oxides using SIMS oxide mapping. 

 FIB-SIMS elemental mapping of oxide scales 3.6.3

The FEI FIB200 microscope used in this study is equipped with a SIMS detector enabling an in-situ 

milling and mapping of oxide scales. The isotope maps of each species (16O- and 18O-) generated is 

powerful in revealing the oxidation mechanism. Figure 3.18 shows a FIB-SE image of a ramp 

containing a polished area chosen to perform further SIMS mapping.  
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Figure 3.18:  Example of a FIB ramp prepared containing a polished area for SIMS analysis 

A typical primary ion beam width of 30 nm at 100 pA viewing current was used to obtain a 20 – 25 

µm lateral width, which was varied depending on the thickness of the oxides. The acquisition of the 

16O- and 18O- maps is different in terms of their beam current dwell time. Typically, the map of 18O- 

was taken first to minimise the damage after ion beam exposure. Also, due to the high counts of 16O- 

in nature compared to 18O-, mapping of 16O- was relatively simpler than 18O-. For the mapping area 

used, the dwell time for 16O- and 18O- were 2 ms and 4 ms respectively. The relevant experimental 

chapters provide the specific details of the FIB-SIMS mapping conditions (i.e. beam current, maps 

area, dwell time). 

Figure 3.19 shows a FIB-SE image of a specified area to map each species of oxygen after oxidation 

at 850 ºC for 200 h. The 18O- map was taken prior to the 16O- map with twice the dwell time. In 

order to standardize the variations when obtaining the maps, the 16O- matrix was normalised to 

match the 18O- matrix by multiplying it by 2 in MATLAB. Thereafter, an isotopic fraction map of 

oxygen-18 can be calculated based on the normalised counts of each species. 
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Figure 3.19: An example of a typical FIB-SIMS mapping after oxidation at 850 ºC for 200 h showing (a) FIB-SE image of a 

map area (b) The 16O- map after 2 ms dwell time and (c) The 18O- map after 4 ms dwell time. 

The use of isotopic fractions f   as shown in Equation 3.2 is appropriate to study the mechanism of 

oxide formation during the last 24 hours of the oxidation. Neglecting the contribution of 17O-, which 

has a natural abundance of 0.00037, the isotopic fraction (f  ) was calculated as follows: 

𝑓 =  
!!"!!

!!"!!! !!"!!
                                             Equation 3.2 

where the 16O- and 18O- intensities obtained from the FIB-SIMS maps, normalised to the total counts. 

Also, the 18O2 gas-phase concentration (54%) and the 18O2 natural abundance (0.24%) gives the 

corrected isotopic fraction f  corrected, given by: 

 𝑓!"##$!%$&   =    !!"!!.!!"#
!.!"!!.!!"#

                                        Equation 3.3 

Application of Equation 3.3 on point-wise basis of the 16O- and 18O- maps, to form an isotopic 

fraction (f ) maps, highlights regions of isotopic enrichment. 
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 3.7 Transmission Electron Microscopy (TEM) 

The TEM foil preparation used required the use of FIB in-situ lift out and thinning. The FIB-TEM 

foils provide a rapid means of preparing electron transparent cross-sections from a specific site of 

interest. Various TEM analyses were performed on these thin foils. This method was chosen instead 

of the conventional electro-jet polishing as oxidised samples are non-conductive and the surface 

oxide layer could possibly be removed. 

 FIB in-situ lift out 3.7.1

The work was done using an FEI Helios NanoLab DualBeam FIB-FEGSEM operated at 30 keV 

beam current and a platinum gas injection system was used for surface protection. The process 

includes many steps and Figure 3.20 describes the whole process. To prepare a specimen for TEM, 

the site of interest was carefully chosen in the SEM mode. A platinum strip of size 15 µm by 2.5 µm 

by 1.5 µm was deposited on the surface of interest. Two trenches were made using a high beam 

current (21 nA) on both side of the platinum strip to simultaneously mill to produce a trench of 10 

µm deep as shown in Figure 3.20. A wall of 20 µm by 4 µm thick was produced. The wall was then 

milled to 2 µm thick using a lower beam current (6.5 nA) in order to produce a smoother surface. 

Subsequently, the sample was tilted to a step angle of 7º to cut the lamellae on one side and suspend 

by the other side. The lamella is left attached to the sample on one corner before welding an 

Omniprobe needle close to the other end. Once the ligament was cut, the lamellae should detach 

from the sample, and was moved near to a 3-post copper grid. After attaching the lamellae to the 

copper grid by depositing a platinum strip, a series of milling steps were performed to achieve the 

desired thickness (250 nA thickness). The polishing takes place by varying the beam current (240 

down to 120 pA) and voltages (5 kv down to 2 kV) until electron transparency is observed. The final 

polished sample should be in the range of 80 – 100 nm thick with a slight translucent appearance in 

the SE mode. 
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Figure 3.20: TEM sample preparation using the FIB in-situ lift out preparation method. 
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 TEM examination 3.7.2

TEM examinations were performed to examine particles, oxide scales, internal oxides, secondary 

phases, and topologically closed-packed phases. EDX analyses were performed in both STEM and 

TEM mode to obtain the chemical information. Prior to the analysis, all TEM foils were cleaned 

using a plasma system (Gatan, Model 950 advanced plasma system) for 5 minutes. Imaging of the 

TEM foils was performed using a JEOL JEM 2100F at 200 keV field emission gun (FEG) 

TEM/STEM. EDX analyses were performed using an energy dispersive X-ray spectroscope (EDX, 

INCA Oxford). Bright field and dark field images were taken over most regions of all samples to 

examine and capture microstructure images.  

 High-resolution TEM 3.7.3

In the case of thin oxide scales, a conventional TEM has a limitation of having a large beam size, 

therefore, an advanced TEM was used to obtain high-resolution lattice images for small-grained FIB 

specimens. An FEI Titan 80/300 TEM/STEM fitted with a monochromator and an image 

aberration corrector was used. Frequency domain images (diffraction patterns) were obtained via Fast 

Fourier Transform (FFT) using the ImageJ software package. Point EDX analyses were carried out 

in STEM mode to determine the local chemical compositions in the foils. 
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4 The V208 Series – Overview 

 4.1 Introduction 

The V208 alloy series were down-selected from an ingot melt alloy series developed by Knop [123], 

where different ratios of cobalt and nickel were studied to find the optimum ratio of base alloy at a 

target service temperature of 800 ºC. Tungsten was reduced to 3 at. % from the literature [5] and 1 at. 

% of tantalum was added to increase the γ’ solvus temperature. The amount of these refractory 

elements was reduced to allow more aluminium to be added and at the same time greatly improving 

the density of the alloys. The high contents of nickel were chosen to increase the γ’-phase field and 

to ensure a stable γ/γ’ microstructure as well as allowing more additions of chromium without 

destabilising the microstructure. The varying ratio of Co:Ni produced different types and volume 

fraction of γ’, with cobalt and nickel promoting the precipitation of Co3(Al,W) and Ni3Al 

respectively.  

In addition to that, the alloys should possess a good oxidation resistance, hence, chromium was 

added in varying amounts starting from 12 at. % to 17 at. % and aluminium was varied between 10 

at. % to 12 at. %. The findings suggested that high fractions of chromium lead to the formation of 

undesired phases (which will be discussed later in this chapter) and reduce the γ’ solvus temperature 

regardless of the amount of nickel added. Aluminium was found to reduce the density of the alloys 

and improve the oxidation resistance. The best Co:Ni ratios were 1:1 and 1:3 and the optimum 

chromium and aluminium content were 15 to 17 at. % and 10 – 12 at. % respectively.  

Titanium was added in one of the alloys as it was assumed to be beneficial for the formation of γ’ 

and stacking fault energy as in the nickel base superalloys. Niobium was added since it partitions to 

the γ’ and changes stacking fault energy nearly as well as tantalum, but without as much of a density 

penalty. These sets of compositions are comparable to the current nickel base superalloys such as 

RR1000 [124] and Udimet 720 [125] in terms of oxidation resistance. Compression tests were 

performed on one of the alloys and it is clear that the present alloys exhibit high strength compared 
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to the alloys tested by Suzuki et al. [126]. Therefore, further optimisation to improve the mechanical 

and oxidation properties by eliminating the disadvantages of ingot melt production was planned.  

Further development of these alloys has lead to the production of larger forgings using the powder 

metallurgy route. Six alloys were tailored for the V208 series with the aims of achieving better 

properties for the next generation high temperature alloys. After the initial screening tests, larger 

billets of selected alloys were produced using the powder metallurgy route as described in Section 

3.1.1. The nominal compositions of these alloys with their γ’-solvus temperatures and density are 

tabulated in Table 4.1 with 0.15 at. % of carbon, 0.18 at. % of boron and 0.04 at. % of zirconium are 

added as grain boundary strengtheners. The γ’-solvus temperatures were measured by Mulvey using 

differential scanning calorimetry (DSC) whilst the densities were measured under ASTM standards 

using the Archimedes’ principle method [127]. 

Table 4.1:  Nominal compositions of the V208 alloy series (in at. %), density (in g/cm3), and solvus temperature (in ºC). 

Alloy Co Ni Cr Al W Ta Ti Nb 
γ ’ 

solvus 
Density 

V208A 42 32 12 10 3 1 - - 1010 8.5 

V208B 33.5 33.5 17 12 3 1 - - 990 8.3 

V208C 36 35 15 10 3 1 - - 1000 8.52 

V208D 40 29 17 10 3 1 - - 1010 8.4 

V208E 40 31 15 9 2.7 0.8 1.5 - 1030 8.53 

V208F 40 31 15 10 2.25 0.75 - 1 990 8.56 

 

 Mechanical testing 4.1.1

A parallel PhD project looking at the mechanical properties of the V208 alloy series has been 

conducted by Mulvey [127]. The project focused on V208 E – F, whilst Knop’s PhD was based on 

the early development of V208 series, which are V208 A – D [123]. Alloy V208 A – D was subjected 

to tensile and low cycle fatigue testing at 650 ºC with tests being performed by Knop. The same test 

parameters were applied to alloy V208 E – F later by Mulvey. The results are tabulated in Table 4.2. 
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Table 4.2: Tabulated conditions and results for yield stress and LCF testing at 650 ºC for all V208 alloys at different 

percentages of their yield stress [123], [127]. LCF tests were conducted using a 0.25 Hz trapezoidal waveform with an R-

ratio of 0.05. 

Alloy 
Yield σ  at 

650 ºC (MPa) 
Testing Stress 

(MPa) % Yield σ  
Cycles to 
Failure 

V208A 860 851 99 % 17,334 

V208B 940 1081 115 % 10,830 

V208C 735 845 115 % 280,158 

V208D 810 932 115 % 316,961 

V208E 737 774 105 % 277,334 

V208F 727 774 107 % 273,657 

By referring to both findings, the performance of these alloys can be ranked by their yield stress at 

650 ºC, which follows the following sequence, from lowest to highest: 

V208 F à V208 C à V208 E à V208 D à V208 A à V208 B 

The sequence for performance in terms of % yield stress is as follows: 

V208 A à V208 E à V208 F à V208 B,C,D 

Lastly, the performance based on cycles to failure follows the sequence below: 

V208 B à V208A à V208 F à V208 E à V208 C à V208 D 

According to Mulvey, there is a clear indication that the additions of titanium and niobium to V208 

E and F caused a reduction in fatigue resistance as they exhibited shorter fatigue lives at lower 

loading stresses compared to V208 D, which has a similar base chemistry. These mechanical test 

results in conjunction with the results of the oxidation experiments conducted in this study will be 

the basis for down selection of the three best performing alloys in the V208 series for further studies 

of work. From a mechanical property perspective, alloy B, C and D outperformed the rest of the 

alloys in majority of the mechanical properties tested. 
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 Comparisons of the as-received microstructures 4.1.2

As previously described in Section 3.1.1, the V208 alloys were manufactured using the powder 

metallurgy route and then isothermally forged at sub-solvus temperature (1050 °C). After forging, the 

material was solutionised above their respective solvus temperature for 30 minutes. Then, aging takes 

place at 900 °C for 16 hours for V208 A – D, which was done at the forging facility. The V208 E and 

F were developed at a later stage where heat-treatment processing had been improved to a two-stage 

aging process, starting at 950 °C for 16 hours then cool down to 850 °C for the second aging for 4 

hours. This improvement was meant to develop the serrated grain boundaries and to bring up the 

tertiary γ’ precipitates. The corresponding micrographs are shown in Figure 4.1 

All of the V208 alloys series have a polycrystalline microstructure with   γ/γ’ volume fraction 

between 50 – 55 % [123]. The microstructure also contains carbide precipitates, secondary phases 

and TCP phases, which will be discussed in the next section. The dark and bright contrast particles 

viewed in the EsB-SE mode show the aluminium-rich secondary phases and tungsten-rich TCP 

phases, respectively. These dark and bright contrast particles can be clearly seen at higher 

magnification, as discussed later in section 4.1.3. The purpose of a low magnification view of these 

as-received microstructures is to compare the distribution of these particles in the bulk, which were 

found to mostly populate the grain boundaries. These particles are usually nucleated at the grain 

boundaries and co-exist with the γ’ particles surrounded by the γ’-depleted region. These phases have 

been found in many previous studies of the ternary, quaternary and quinary systems [5], [91], [92], 

[96], [97], [103], [105] and proved that the γ’ is metastable between 900 ºC to 1000 ºC and dissolves 

in the heat treatment process to form γ, Co3W and CoAl. Based on the as heat-treated 

microstructures, it seems that the addition of chromium (up to 17 at.%) destabilised the 

microstructure and promoted the formation of β-CoAl, as seen in Figure 4.1 (b) and (d).  

The volume of β-CoAl increases as aluminium increases from 10 at. % to 12 at. %. It was found that 

tantalum, titanium, niobium and tungsten are partitioned to the χ phase, as reported by Omori et al. 

[97]. However, the χ-Co3W phase is observed in all six alloys (Figure 4.1), appearing as bright 

contrast particles and no significant addition of alloying elements are found to influence this 

formation except for the fact that this DO19 phase is rich in cobalt and tungsten. It is found that the 

formation of Co3W phase is a reaction between the γ and the Co7W6 phase upon cooling [91], [97], 

[128]–[130]. Both of these intermetallic precipitates are detrimental to the mechanical properties of 

the alloys and should be minimised. Therefore, it is important to understand the effect of alloying 

additions on the phase equilibria. On the other hand, there are no significant differences in terms of 

morphology by varying the Co:Ni ratio.  
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Figure 4.1: EsB-SE micrographs of alloy (a) V208 A (b) V208 B (c) V208 C (d) V208 D (e) V208 E and (f) V208 F, 

showing the polycrystalline microstructures with several phases in bright and dark contrasts in the as-HIP, forged, and heat-

treated conditions. 

 Phase equilibria in the bulk  4.1.3

Sato et al. claimed that the γ’ phase is metastable at 1000 ºC, decomposing into γ, β and χ phases [5]. 

Likewise, the surface morphologies obtained from the as heat-treated (refer to Figure 4.2) sample of 

V208 B shows spherical γ’ precipitates, χ-Co3W and β-CoAl within the polycrystalline grains. It is 

also important to note that near the intermetallic phase, there is a γ’ free region. The energy selective 

back-scattered electron (EsB) mode is beneficial to acquire the right amount of contrast to 

distinguish these three phases in the bulk. It is presumed that in all V208 alloys, secondary phases are 
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observed after heat treatment. The elemental maps in Figure 4.2 shows the high intensity of 

aluminium and nickel enriching the dark contrast particles. This dark contrast phase, which has 

previously been observed by many [90], [91], [103], [105], [128], [131] is a B2-ordered intermetallic, 

formed during cooling from solution heat treatment at 1300 ºC. However, the β-phase is rich with 

the base metal, cobalt, instead of nickel in most previous studies. Yan et al. observed the formation 

of β-phase containing a high percentage of nickel instead of cobalt in 1:1, Co:Ni ratio alloy studied 

[105]. Many researchers have found the formation of B2-(Ni,Co)Al in the ternary system of Co-Ni-Al 

and it seems that nickel is partitioned to the B2 intermetallics [132], [133]. It is also notable that 

nickel is almost equally distributed in the γ and γ’ phases and substitutes for more than 50% of the 

cobalt in the quinary system studied by Sato et al. [5] as observed in nickel and cobalt maps in Figure 

4.2. Meanwhile, the bright contrast in Figure 4.2 is purely formed based on the concentration of 

refractory elements, mainly tungsten in the alloy. The maps of cobalt and tungsten are proving that 

the TCP phase is found in the high-Z region is Co3W. Oohashi et al. investigated the influence of 

tungsten concentrations (from 9 at. % to 11.75 at. %) where the Co3W arose when the tungsten 

content increases [93]. Xue et al. reported that the levels of titanium and vanadium also promoted the 

formation of Co3W in the Co-9Al-10W base alloy [103]. It is very common to find these three phases 

γ, B2 and DO19 in contact with each other to form a three phase-region with a trace of γ’ precipitates 

appeared in the surrounding.  

 

 

Figure 4.2:  EsB-SE micrograph of alloy V208 B with EDX elemental maps showing the intensity of dark and bright 

contrast particles 
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 4.2 The As-Atomised Powder Particles 

The high temperature and high pressure nature of HIP can lead to various complications in terms of 

microstructural stability such as phase changes, segregation, localised or complete recrystallization 

and re-precipitation of phases [134], [135].  

The surface of the powder after the HIP step is important, as it is the preferential site for the 

formation of oxides and carbides that forms PPB precipitate networks. It has been found in previous 

studies that segregation of elements (0.48 at. % of manganese in steel) to the powder surfaces to 

form oxide can occur while the powder particle is still in the liquid condition. Norell et al. suggested 

that this shows liquid state diffusion must have taken place [43]. In addition, copper, zinc, and 

sulphur were also found to segregate to the surface. Therefore, it is important to study the as-

atomised powder particles to determine the particle distributions, morphology and overall structure. 

Figure 4.3 (a) shows a typical structure of dendrites in large and small as-atomised particles. The 

dendritic surface structure is a typical example of rapid cooling during powder processing. Some 

particles show an agglomeration of two or more particles, particularly the smaller particles (~10 µm), 

which tend to agglomerate to the larger particles through electrostatic forces. It is quite common to 

find the larger particles with satellite particles frozen on the surface. Large powders (>53 µm for 270 

mesh powder) tend to show more dendritic structure than the small powders. According to May et 

al., agglomeration is viewed as an issue due to the fact that it prevents particles from forming a 

rounder shape, which in turn creates a deformation in the part during HIPing as the voids between 

the particles are closed up [136]. Figure 4.3 (a) also shows that a frozen liquid alloy can collide with 

the solid particles creating a film spread over the surface. This film can entrap gas and produce 

porosity in the final component.  

Figure 4.3 (b) is an example of a FIB trench on a large powder particle, which was used to study the 

internal particle structure. The trench revealed the grain structure with bright contrast particles (high 

Z) along the grain boundaries. These bright contrast particles are presumed to be the carbides as 

suggested by many workers [28], [43], [137], [138]. 
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Figure 4.3: The as-atomised powder particles in EsB-SE mode showing (a) typical powder distribution and (b) a FIB trench 

on one of the particle surfaces together with satellite particles. 

 Carbide precipitates 4.2.1

In order to minimise the problem of PPB, a two stage HIP powder processing was introduced to 

study the influence of HIP temperature on the carbide precipitates. Carbon is added as a grain 

boundary strengthener.  It can segregate to the grain boundaries possibly during solidification. The 

carbide precipitates were first studied in the as-atomised state to identify the types of carbides 

observed. Figure 4.4 (a) shows a FIB cross-section of carbide particles and film along the grain 

boundaries of the as-atomised powder particle. The EsB-SE mode shows the bright contrast along 

the grain boundaries consisting of particles and film. Further imaging was done at higher 

magnification (STEM bright field) to study the morphology of these precipitates. It was found that 

there were two types of carbide morphology present. Figure 4.4 (b) shows the carbide film has 
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formed along the grain boundaries and Figure 4.4 (c) shows the carbide particles found can be 

intergranular and transgranular.  

 

Figure 4.4:  The as-atomised powder particle of alloy V208 A showing the (a) EsB-SE micrograph of the FIB cross-section 

and STEM bright field image of (b) Carbide film along the grain boundary (c) Carbide particles inside the film and in the 

grain. 

The two types of carbide formed in the as-atomised stage are suspected to be the M23C6 and MC 

carbides. The M23C6 carbides are mainly formed along the grain boundaries at a relatively low 
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temperature for carbides, between 760 ºC to 980 ºC, and are known to be rich in chromium [26]. 

Different morphologies of M23C6 carbides have been observed in superalloys, such as continuous 

M23C6 carbide films [139], discrete M23C6 particles [140], [141] and nano-scaled M23C6 particles [142]. 

This type of carbide is controversial as there can be two types; one is the blocky shaped at the grain 

boundaries and have a beneficial effect on rupture strength, and secondly, the depletion of chromium 

from the matrix to form carbides will hinder the formation of protective oxides, namely Cr2O3, due 

to the lack of chromium [18]. The second type of carbide is the MC carbide that is usually coarse and 

mostly rich in titanium, niobium, hafnium, and tantalum. This type of carbide is believed to 

precipitate during processing just after the solidification [18]. 

Rao et al. studied the as-atomised powder particles of Inconel 718 and found that Al2O3 and TiO2 

are decorating the PPB due to the high oxygen content during HIPing [138]. Precipitation of 

titanium and niobium rich MC carbides was also observed at the PPB and the interior of the grains 

[143]. These fine particles were presumed to have occurred during the slow cooling stage of HIPing.  

The carbides were characterised via elemental analysis and are presented in Figure 4.5 and Figure 4.6. 

The elemental analysis of the carbide film (Figure 4.5) shows high counts of tantalum, chromium and 

tungsten. There is an obvious depletion of zirconium in the carbide film, where this element is found 

in the triangular region. The reason for this phenomenon is unknown and the depletion of zirconium 

outside the triangular region could possibly be due to the decomposition of other carbides such as 

M6C or MC which can form the M23C6 carbide film during high temperature exposure. The reaction 

below shows the primary M6C carbide decomposing into M23C6 and solute element [142], [144]–

[146]: 

M6C à M23C6 + Metal (>1000 ºC)                           Equation 4.1 

The other reason could possibly be due to the fact that zirconium has a significantly low solubility in 

the nickel-base superalloys, and hence zirconium may likely be enriched in the residual liquid as the 

solidification proceeds [147]. Huang et al. studied the effect of zirconium content on LC superalloys 

where the element was found to be enriching the grain boundaries and go into solid solution in the 

carbide and matrix, changing the primary MC carbide morphology and inhibiting the formation of 

script/film carbides [148].  

The STEM EDX results in Figure 4.6 revealed that there is a spheroidal-shaped carbide particle 

precipitating inside the film in the interdendritic region of the powder particle. This carbide is rich in 

tantalum and zirconium and has the morphology of MC carbide. Jiang et al. found tantalum, titanium 

and zirconium MC carbides as the primary carbides in the cobalt-base superalloys which are 

metastable and degenerate into secondary carbide particles M23C6 which contribute significantly to 

the strength after aging at 800 ºC for 100 hours [149]. 
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Figure 4.5: STEM bright field image of carbide film in alloy V208 A (dashed red line shows the length of the direction of 

the EDX line scan) with elemental mapping results showing tantalum, chromium, and tungsten rich and the zirconium rich 

region outside the film. 
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Figure 4.6: STEM bright field image of carbide particles in alloy V208 A (the colour peaks show the direction of the EDX 

line scan) with elemental mapping results showing high counts of tantalum and zirconium in the particles.  
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 4.3 The Two-Stage HIP Powder Processing 

Several studies have optimised the consolidating temperatures to precipitate the carbides. It is 

generally agreed that the as-atomized powder surfaces contain carbides, borides, nitrides, and oxides. 

It is speculated that these precipitates may prevent optimum diffusion bonding during consolidation 

and that the oxides are sites for carbide and boride nucleation and growth during heat treatments 

[45]. Aubin et al. looked at the extent of PPB decoration which is mainly determined by the carbon 

and oxygen content; at higher carbon content, slight decorations appear in the as-HIP condition and 

is further accentuated after heat-treatment [34]. Hack et al. used an intermediate temperature of heat 

treatment to precipitate M23C6 instead of MC before HIPing [150].  

The two-stage HIP powder processing was explained in the previous chapter (see Section 3.3), where 

the as-atomised powder particles were consolidated in the laboratory to study the effect of heat-

treatment (HIP) temperatures on carbide precipitates. According to previous studies, the M23C6 

carbides mainly formed at the grain boundaries at a relatively low temperature and precipitated 

directly from the matrix. Therefore, the powder particles were subjected to three types of exposure in 

order to determine the morphology of the carbides produced. The first stage proved that after heat-

treatment at 950 ºC for 4 hours, fine precipitates of M23C6 carbides at the grain boundaries were 

formed as shown in Figure 4.7 (a). 
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Figure 4.7: EsB-SE micrographs of FIB-sectioned powder after heat treatment at (a) 950 ºC for 4 hours and cooled to 

room temperature (b) 1050 ºC for 4 hours and cooled to room temperature and (c) 950 ºC for 4 hours and 1050 ºC for 4 

hours then cooled to room temperature. 

The second stage is to show how a typical sub-solvus HIP temperature, that was normally performed 

during the actual powder processing at 1050 ºC, is producing carbides that are coarse and blocky 

(mainly MC) along the grain boundaries as shown in Figure 4.7 (b). 
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Zhang et al. has investigated the precipitation of nano-scaled M23C6 carbides in intergranular regions 

(particularly in the dendritic core region) in directionally solidified Ni-base superalloys during high 

temperature creep [142]. Zhang suggested that the stability of the nano-scaled carbide in the matrix 

was high and very difficult to coarsen since the carbon content in the matrix is limited after the 

formation of MC and M23C6 at the grain boundaries.  

Bai et al. found two types of M23C6 morphologies at the grain boundaries at different temperatures. 

The first type is coarse lamellar M23C6 where the lamellae lie almost perpendicularly to the grain 

boundaries (650 – 900 ºC), and the other is discrete M23C6 carbides (1000 ºC) [145]. 

Therefore, the fine carbides in the matrix after a two-stage HIP powder processing as shown in 

Figure 4.7 (c) should be considered as stable precipitates and that the first stage of the HIP at 950 ºC 

for 4 hours has stabilised the carbide particles before reaching the actual sub-solvus HIP 

temperature.  

Note that the two-stage HIP experiment performed at Imperial College London consisted of thermal 

exposure of as-atomised powder particles of alloy V208 A mimicking that of a two-stage HIP 

process.  Based on this preliminary finding, Mulvey later performed subsequent experimentation 

using a two-stage HIP for alloy V208 C on the HIP facility at the University of Birmingham [127]. 

According to his findings, the effect of the two-stages produced the same resultant effect on the 

carbide precipitates as the initial heat treatment experiments, thus proved that the two-stage HIP 

cycle is a success. From the results of this work, the two-stage HIP process is to be applied to all 

future alloy developments for cobalt base superalloys. 
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 4.4 Oxidation Behaviour of the V208 Alloy Series 

In order to compare the oxidation behaviour of the V208 alloy series, the initial oxidation treatment 

was performed at 800 ºC for 200 hours. The variation of Co:Ni ratio, chromium and aluminium 

content and titanium and niobium addition will be compared in terms of oxidation performance.  

As mentioned in the previous chapter (Section 3.5.1), the 90º trenches were made on the surfaces of 

samples using FIB milling after oxidation at 800 ºC for 200 hours to investigate the initial cross-

sectional microstructure for all the V208 alloy series for comparison.  

Based on the results after high temperature oxidation in Figure 4.8, in can be shown from the 

microstructures that all the V208 alloys are producing multi-layered oxide structures. The oxide layers 

are roughly divided into 2 to 3 types of oxides, depending on the compositions. For example, sample 

V208A oxidised very rapidly after 200 hours by producing a thick outer scale with mixed oxides of 

Ni-Co-Al-Cr in the middle layer and lastly protected by a very thick continuous dark contrast layer as 

shown in Figure 4.8 (a). The EDX analysis has found that the outer layer is (CoNi)O2, the two types 

of middle layer to be Cr(Co,Ni)3O2 and Ni(Al,Cr,Co)O4 and lastly a continuous alumina in dark 

contrast. 
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Figure 4.8:  Cross-sectional microstructures in EsB-SE mode of (a) V208 A (b) V208 B (c) V208 C (d) V208 D (e) V208 E 

(f) V208 F after oxidation at 800 ºC for 200 hours. 

The rest of the alloys exhibit a two-layer oxide structure with varying thickness. For V208 B, C, D 

and F, the oxide scale is very thin on the surface with thickness from 0.7 µm to 3 µm. Just beneath 

this top surface oxide formed a continuous layer of alumina (the dark contrast layer) enriching the 

oxide alloy interface. A narrow γ’-depleted region (~900 nm) existed beneath this oxide layer. As 

compared to V208 A and V208 E, the width of the γ’-depleted region is less. The width of γ’-

depleted region for V208 A and E is found to be larger due to the dissolution of chromium and 

aluminium to the surface during oxidation.  
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Internal oxidation massively occurred in sample V208 E (with 1.5 at. % titanium addition). Just 

beneath the top surface oxide some dark contrast protrusions extending into the substrate existed 

with a size range of 2 – 3 µm. The outer scale of this sample is thicker (doubled in thickness) as 

compared to the other V208 alloys.  

Despite the rapid cooling by rolling off the furnace in the two-stage oxidation experiment (see 3.2.2), 

there was no spallation of oxide scale grown on the surface of any of the V208 alloy series after 800 

ºC for 200 hours. A possible explanation for this is that the oxide layer might be too thin to be 

affected by the thermal stress [56]. 
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 4.5 Discussion 

The main purpose of this chapter is to examine the effect of alloying compositions on the oxidation 

resistance and the stability of the underlying microstructure in the V208 alloy series. Many previous 

studies have suggested that the addition of chromium, titanium and niobium has a positive effect on 

the Co-Al-W ternary system [95], [98], [99], [105], [151]. Oxidation experiments have been carried out 

by few studies and the cobalt base superalloys were viewed as comparable to the current nickel base 

superalloys in terms of their oxidation resistance. The effect of alloying elements on the oxidation 

resistance and the stability of the underlying microstructure will be discussed in this section. 

 The effect of alloying additions on the oxidation behaviour 4.5.1

A multi-layered oxide microstructure was formed on all V208 alloy series with varying morphology 

of oxides and thicknesses. Table 4.3 summarised the effect of alloying elements on the oxidation 

resistance by comparing their damage depth thicknesses. According to this comparison, alloy V208 A 

and E possess poor oxidation resistance by having the most oxidation damage on the scale region as 

well as in the substrate. It can be justified that the Co:Ni ratio has no significant influence on the 

formation of protective oxides. The shortage of chromium (the only alloy that has 12 at. % 

chromium) in alloy V208 A, however, seems to result in the rapid formation of nickel oxide on the 

surface and mixed spinels underneath the layer. This phenomenon is not observed in any other V208 

alloys. The fast diffusion of nickel cations outward form the substrate forming a rapid growth of 

nickel oxide and spinels causes the alloy to oxidise very rapidly without a sufficient chromia level to 

protect the substrate from further oxidation.  

This shortage of chromium proved to be particularly damaging to the Ni-Cr-Al system in forming a 

protective oxide. This can be justified by Wagner’s theory called the ‘third-element effect’ [54] as 

discussed in Chapter 2.4.2.  
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Table 4.3: The damage depth comparisons in terms of Co:Ni ratio, chromia, alumina, titanium and niobium additions. 

Alloy Co:Ni Cr Al Ti Nb Oxide scale 
(µm) 

Oxide 
intrusion 
(µm) 

γ’-
depleted 
zone 
(µm) 

V208A 1.3:1 12 10 - - 4.04 3.63 3.26 

V208B 1.0:0 17 12 - - 0.64 0.51 0.89 

V208C 1.0:0 15 10 - - 0.74 0.68 0.74 

V208D 1.3:1 17 10 - - 0.90 0.80 1.50 

V208E 1.3:1 15 9 1.5 - 1.49 2.10 3.23 

V208F 1.3:1 15 10 - 1.0 0.59 0.98 1.22 

 

Titanium seems to inhibit the formation of a continuous protective alumina in the case of V208 E, 

instead forming an internal oxide by allowing the oxygen species to attack the substrate via grain 

boundaries. The oxidation occurs via diffusion of oxygen inwards to form alumina in the grain 

boundary regions. It is worthy of note that only 1.5 at. % of titanium is sufficient to completely 

change the oxidation mechanism into inward diffusion of oxygen, forming internal branches of non-

protective alumina. Other possible reason is the lower aluminium content in this alloy (9 at. %), 

which plays an important role in forming a protective alumina on the surface. 

Regarding the other alloys in the V208 series with 15 – 17 at. % of chromium and 10 – 12 at. % of 

aluminium, a two-layered oxide structure was formed, with outer chromia scale and underneath it is a 

continuous layer of protective alumina appearing in the dark contrast. The damage depths for these 

alloys are very low which proves that sufficient amount of chromium and aluminium in the system 

has resulted in the formation of strong and dense barriers, which inhibit the movement of metallic 

elements to the surface as well as oxygen to the substrate. 

The depth of oxide scale and γ’-depleted region in V208 A and E (poor oxidation resistance) proved 

that the metallic elements in the substrate (nickel, chromium and aluminium) decompose to form 

oxide layers on the surface. The reaction will not reach equilibrium as in the case of V208 A and E 

due to the limitation of protective oxides on the surface. In this case, bigger γ’-depleted region is 

formed near the oxide-alloy region. According to the results in Table 4.3, all of the alloys exhibit a 

sub-µ oxide scale except for V208 A and E, which yield more than three times the average scale of 

the rest of the alloys. This finding proved that chromium plays a more important role in protecting 
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the alloy compared to alumina where a reduction of chromium allows the oxygen to diffuse in the 

bulk alloy more rapidly. 

 The effect of alloying additions on phase stability in the bulk 4.5.2

The χ-DO19 phase is found in all V208 alloy series appearing in bright contrast (high-Z), which 

indicates a high amount of heavy elements such as tungsten and tantalum. Cobalt seems to partition 

to this phase but no significant addition of cobalt seems to directly contribute to forming this phase. 

Unlike the TCP phase, the β-B2 phase is found only at high percentage of chromium (>17 at. %), 

which in this case shows that this percentage is too high. Even though it is beneficial to forming a 

protective chromia layer, the detrimental effect of this β-phase should not be underestimated. It is 

worthy to note that both of the phases do not alter the oxidation resistance and did not change in 

morphology after oxidation tests were performed. It is worth noting that both χ-DO19 and β-B2 

phases have not been presented in the early studies by Klein et al. [94], Sato et al. [152] and Pollock 

et al. [101]. The presence of these metastable phases, however, are acknowledged based on the 

equilibrium reaction studies done by Shinagawa et al. [90] and Miura et al. [91] as discussed in Section 

2.5.3. However, there are limited examples showing the morphology of these phases. The χ-DO19 

phase can easily be mistaken with the carbides precipitates, which in this case, also appeared bright in 

the EsB mode. A more detailed explanation on the similarity and differences among these phases will 

be presented in the next chapter (Section 5.1.1). 

Table 4.4:  Comparison of the phases present in the bulk in V208 alloy series after heat-treatment. 

Alloy 
 

Co:Ni 
 

Cr 
 

Al 
 

B2-phase 
 

DO19-phase 
 

V208A 1.3:1 12 10 - P 

V208B 1.0:0 17 12 P P 

V208C 1.0:0 15 10 - P 

V208D 1.3:1 17 10 P P 

V208E 1.3:1 15 9 - P 

V208F 1.3:1 15 10 - P 
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 4.6 Conclusions  

A polycrystalline microstructure with γ/ γ’ precipitates with some secondary (β-phase), TCP (χ-

phase) and carbides were observed in the as heat-treated condition for all V208 alloy series. Alloy 

V208 B with the most aluminium content was found to have the lowest density. Addition of 

chromium (V208 B and F) has proved to lower the γ’-solvus temperature. In addition, a high 

percentage of chromium (up to 17 at. %) also destabilised the microstructure by forming the β-phase 

in alloy V208 B and D. 

The carbides were formed in the as-atomised state (M23C6 and MC carbides) and continued to change 

in morphology after exposure at high-temperatures, such as HIPing and forging. Two types of 

carbides were formed in the as-atomised condition, the M23C6 carbides (M: chromium, tantalum and 

tungsten) and the MC carbides (M: tantalum and zirconium). The two-stage HIP process proved to 

be beneficial in refining the carbide particles along the grain boundaries and in the transgranular 

region. Much finer carbides were formed which is presumed to be the fine M23C6 carbide 

precipitates, by taking the transformation temperature as a guide. The understanding on this 

particular carbide formation should be continued in order to examine the type of carbides formed 

after the actual HIPing process as well as the effect on mechanical properties.  

After oxidation at 800 ºC for 200 hours, the V208 alloy series formed a multi-layered oxide structure 

with various thicknesses depending on the compositions of chromium and aluminium. The alloy with 

the very least amount of chromium (V208 A) possesses a poor oxidation resistance and forms a 

complex multi-layered oxide with spinels. On the other hand, alloys with sufficient chromium (>15 

at. %) produced a very thin oxide scale in sub-micron depth and a continuous alumina layer at the 

oxide/alloy interface. Titanium seems to greatly alter the oxidation performance by forming a thicker 

oxide scale and showed internal oxidation. The niobium addition seems to have a good effect on the 

oxidation performance as well as the underlying microstructure.  

The results of this study have been used to down-select the top three best performing alloys in terms 

of their mechanical properties, phase stabilities, and oxidation resistance, shown in Table 4.5. The 

down-selection process has been conducted by screening the results for mechanical properties 

performed by Mulvey [127] in a parallel PhD study of the V208 alloys combined with the previous 

study performed by Knop [123]. The alloys were ranked from 1 to 6; 1 being the best performing 

alloy, and 6 being the least performing alloy. Note that number 1 was given for all three alloys that 

have the same result in both % yield stress and cycles to failure column. It should also be noted that 

all variables were given equal weight in the sum used for selection. 
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Table 4.5: The sum of ranking numbers based on mechanical properties, phase stabilities and oxidation performance. 

Alloy 

Yield σ  
at 

650 ºC 
(MPa) 

% 
Yield 
σ  

Cycles 
to 

Failure 

OS 
(µm) 

OI 
(µm) 

GD 
(µm) β χ Sum 

A 2 6 4 6 6 6 0 1 31 

B 1 1 6 2 1 2 1 1 15 

C 5 1 1 3 2 1 0 1 14 

D 3 1 1 4 3 4 1 1 18 

E 4 5 1 5 5 5 0 1 26 

F 6 4 4 1 4 3 0 1 23 

Based on the accumulated rankings for each individual property, the following sequence can be made 

in terms of best performing alloy, starting from the lowest performing: 

V208 A à V208 E à V208F à V208D à V208B à V208C 

The top three best performing alloys, V208 B, C and D are selected for further investigations, which 

will be discussed in the next two chapters. 

The initial understanding on the cobalt-nickel base superalloys in terms of their phase equilibria and 

the types of oxide formed is very crucial to elucidate the beneficial effect of nickel, chromium and 

aluminium in the alloy system. A more in-depth study on the mechanism of oxide formation in this 

alloy series will be discussed in a later chapter, particularly on the types and morphology of oxide 

formed in this alloy. 
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5 Specific V208 alloys – The Variation of Co:Ni Ratio 

and Chromium and Aluminium Contents on the 

Oxidation Behaviour  

 5.1 Introduction 

One of the primary factors that limits the service life of a component for high temperature 

applications is oxidation, which can lead to the loss of load-bearing capacity in a component by the 

reduction of metallic cross section [153]. Oxidation of Co-Al-W alloys at 800 ºC typically produces a 

multi-layered oxide structure, with cobalt-rich oxide in the outer layer, a mixed oxide of Co-Cr-Al in 

the middle layer, whilst the inner layer is suggested to be a protective layer of Al2O3 [94], [98], [103], 

[105], [154], [155]. The aluminium is usually depleted at the oxide/alloy interface to form a 

continuous layer of Al2O3 on the surface. The effects of alloying elements on oxidation behaviour of 

Co-Al-W base superalloys have been investigated by many researchers [94], [95], [98], [99], [154], 

[156], [157]. 

The oxidation behaviour of cobalt-base superalloys can be improved by suitable alloying strategies. 

For this, different alloying elements, such as nickel, aluminium, and chromium have been added to 

Co-Al-W ternary alloys in varying amounts to improve the oxidation behaviour. Since the current 

understanding of the oxide formation mechanism in Co-Al-W alloys is limited, there is a need to 

focus on the difference in the oxidation sequence with varying alloy compositions. The V208 alloys 

have been created to have varying amounts of chromium and aluminium and cobalt-nickel ratio. 

Based on the results presented in Chapter 4, the three main alloys that exhibit good overall properties 

have been selected for further investigations. To further investigate the mechanism of oxidation in 

these alloys, it is best to classify them based on their chromium-aluminium and cobalt-nickel ratio. 

Since elements such as chromium and aluminium contribute to good oxidation properties, it is 

important to find the best ratio of the two at longer oxidation exposures, from 200 to 2000 hours. 

At the end of this chapter, the alloy that possesses the best oxidation properties will be considered to 

have the optimum chromium-aluminium ratio. This ratio will then be suggested for use in future alloy 
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design. Further investigation on the effect of the cobalt-nickel ratio to oxidation behavior of these 

alloys will also be validated. Note that in the previous chapter, only one oxidation temperature has 

been studied and therefore a more comprehensive range of temperature and exposure times are 

studied. 

This chapter will evaluate the effects of alloying elements, particularly nickel, aluminium and 

chromium, on the oxidation behaviour of Co-Al-W superalloys. The use of oxygen isotopes to study 

the transport mechanisms during high temperature oxide scale growth is essential to improving the 

understanding of the oxide scale. Later in this chapter, the effect of alloying elements on the 

oxidation behaviour of the cobalt-base superalloys and their impact on the changes in the underlying 

microstructures after oxidation from 200 hours to 2000 hours at 800 ºC will be discussed. 

Table 5.1 summarises the nominal composition of the selected alloys (V208 B, C and D) with varied 

nickel, aluminium, and chromium content. The abbreviations of the alloys are changed from this 

chapter onwards to allow an easy differentiation of the major alloying elements. Note that the first 

two alloys have the same Co:Ni ratio (1:1) whilst the third alloy has 1.3:1 Co:Ni ratio. Hence 1.3Co is 

utilised in the alloy abbreviation.   

Table 5.1: Nominal compositions of the investigated alloys and utilised abbreviations in at. %. 

Alloy Co Ni Cr Al W Ta 

17Cr-12Al 33.5 33.5 17 12 3 1 

15Cr-10Al 36 35 15 10 3 1 

1.3Co-17Cr-10Al 40 29 17 10 3 1 

 Alloys characteristics in the as-received condition 5.1.1

Electron back-scattered diffraction (EBSD) - As previously described in Section 3.1.1 and 4.1.1, 

the alloys were manufactured via powder metallurgy route, forged, and heat-treated. The average 

grain size in each material condition was calculated from electron backscatter diffraction (EBSD) 

derived data using the equivalent grain diameter method and disregarding twin boundaries. 1453 

grains were detected with an average grain size of approximately 2.5 µm, as shown in Figure 5.1. The 

grain size distribution was obtained by fitting a Weibull distribution to the cumulative distribution 

function, giving an average grain size comparable to powder metallurgy nickel base superalloys. The 

grain structure of as-HIPed, forged and heat-treated samples were examined using EBSD as shown 

in Figure 5.2. 
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Figure 5.1: The grain size distributions obtained via EBSD using a 0.5 µm step size, 3.6 x 105 points, 1453 grains. 

 

Figure 5.2: Inverse Pole Figure (IPF) coloured map, overlaid with band contrast, electron backscatter diffraction (EBSD) 

images of the microstructure in (a) 17Cr-12Al (b) 15Cr-10Al (c) 1.3Co-17Cr-10Al. 
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Energy selective back-scatter (EsB-SEM) - The EsB-SEM micrographs in Figure 5.3 show the 

FIB cross-section of the base alloys after HIP, forging and heat treatment with γ/γ’ grains, sub-µm 

carbides, the secondary phase NiAl (β phase) and the topological-closed-packed (TCP) Co3W (χ 

phase). Based on previous studies [90], [92], [103], [105], it is found that these two phases, B2 (β 

phase) and DO19 (χ phase), form adjacent to each other and can be recognised by their morphology 

and atomic number contrast. In the present case, these precipitates were examined using STEM-

EDX in the TEM later in this chapter which, lacking precise crystallography information, is not 

completely definitive, but does provide enough information to confirm these preliminary phase 

assignments. The presence of such secondary phases may be detrimental to the mechanical 

performance and so it is important to understand the effect of chromium and aluminium additions 

on the phase equilibria [90]. It is essential to note that 17 at. % of chromium leads to the formation 

of the β phase, as observed in Figure 5.3 (a) and (c). The reduction of chromium to 15 at. % 

eliminates the formation of β phase but still forms the χ phase. 
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Figure 5.3:  EsB-SEM micrographs of as-HIPed, forged and heat-treated alloy (a) 17Cr-12Al (b) 15Cr-10Al (c) 1.3Co-17Cr-

10Al showing the polycrystalline grains with a fine γ/ γ’ microstructure, carbide precipitates, β phase and χ phase mostly 

found along the grain boundaries. 

Secondary precipitates - The bright contrast particles in Figure 5.3 (b) are corresponding to the 

heavy elements in the phases; there are two types of particles that can be distinguished in terms of 

their morphology: i) the χ phase ii) the carbides particles. An example of these particles at a higher 

magnification can be seen in Figure 5.4. The χ phase in Figure 5.4 (a) and (c) is usually more than 1 

µm in size and has a unique elongated shape. In comparison to that, the carbides that also appear 

bright in the bulk metal are typically smaller (<0.5 µm) and have a spherical shape. The carbides are 

usually nucleated along the grain boundaries as is clearly shown in Figure 5.4 (d). 
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Figure 5.4:  STEM-BF image of alloy 15Cr-10Al after oxidation at 800 ºC for 200 hours showing the different morphology 

of secondary phases in the bulk (a) and (c) showing the χ phase in 1-2 µm size (b) and (d) showing the carbides precipitates 

in less than 0.5 µm diameter. 

The chemical analysis of these precipitates was discussed in the previous chapter (Section 4.1.2 for 

the χ phase and Section 4.2.1 for the carbides). The χ phase that was analysed in Section 4.2.1 

consists of cobalt and tungsten (Co3W) and it is formed together with the β phase. However, a 

further investigation in STEM-EDX has confirmed that the χ phase that formed individually in alloy 

15Cr-10Al contains cobalt, tungsten and tantalum (Co3(W-Ta)) as shown in Figure 5.5.  

Kobayashi et al. [158] have studied the effect of tantalum on the thermodynamic stability of the γ’ 

phase in Co-Al-W alloy. The study suggested that tantalum is a strong Co3W phase stabiliser at 900 

ºC instead of partitioning to the γ or γ’ phase. The chemical analysis indicates that tantalum partitions 

preferentially into the phases in the order:  

Co3W à γ’ à CoAl à γ 

It is crucial to note that tantalum partitioning in Co3W is found in the low chromium content alloy 

(<15 at. %) without the presence of β phase. 
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Figure 5.5:  STEM-BF image of alloy 15Cr-10Al after oxidation at 800 ºC for 200 hours with the EDX maps highlighting 

the carbides as particles A, χ phase (Co3(W-Ta)) and the β phase (NiAl). 

The other particles appearing in bright and dark contrast in Figure 5.5 and Figure 5.6 are related to 

the carbide particles found in the as-atomised condition (see Section 4.2.1). As suggested in STEM-

EDX spectrum in Figure 5.6, the particle is rich in tantalum and zirconium. The chemical 

composition of that particular spectrum is tabulated in Table 5.2 
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Figure 5.6:  STEM-BF image of alloy 15Cr-10Al after oxidation at 800 ºC for 200 hours showing particle A and particle B 

in the bulk metal. The STEM-EDX point analysis spectrum corresponds to particle A. 

However, particle B in Figure 5.6 consists of the bulk elements, namely aluminium, chromium, 

nickel, and cobalt. The interaction volume could be a limiting factor in this case. However, owing to 

the size (<20 nm) or volume fraction of the particles, their influence on material properties is 

negligible.  

Table 5.2: Chemical compositions of particle A and particle B in alloy 15Cr-10Al after oxidation at 800 ºC for 200 hours 

obtained by STEM-EDX point analysis (at. %). 

Particle C O Al Cr Co Ni W Ta Zr 

A 2.6 0.6 11.3 5.9 23.3 36.2 4.5 11.7 5.0 

B 1.4 0.6 11.3 15.2 23.3 36.2 3.7 1.1 0.4 
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 The surface oxide morphology 5.1.2

To examine the surface topography of the oxide, electron micrographs were acquired in SEM in 

secondary electron mode from the surface oxide, adherent on the substrate. The external scales 

formed during oxidation for 400 hours at 800 ºC were imaged in the SEM as shown in Figure 5.7. 

The representative surface oxide structure observed in all three alloys features two distinct external 

scale morphologies. The morphology of the oxide indicated as A and B in Figure 5.7 consists of (A) 

1-2 µm sized polygonal shape with facets and steps and (B) a nodular shaped oxide forming on top 

that is assumed to be more porous than the other.  

As determined by SEM-EDX analysis, the approximate compositions of the two scales are (A) 

aluminium-rich oxide (approximately 22Al-10(Co-Ni)-68O (at.%)) and (B) chromium-aluminium-rich 

oxide (approximately 12Al-12Cr-12(Co-Ni)-64O). The facetted aluminium-rich oxide formed 

preferentially on grain boundaries whilst the nodular chromium-aluminium-rich oxide formed on the 

remaining grain surfaces. 

Comparing the approximate compositions of the two surface oxides, scale B, which forms on the 

top, consists of chromium and more cobalt and nickel than scale A, as expected thermodynamically 

(based on Ellingham-Richardson diagram). These key elements will form on the surface before the 

formation of aluminium-rich oxide in scale A [15-16]. Elements such as nickel and aluminium are the 

γ’ forming elements in the cobalt-base superalloys. The surface oxide compositions suggest that the 

decomposition of the γ’ precipitates, results in migration of aluminium and nickel towards the 

surface, to form oxides and create a γ’-depleted zone in the sub-surface region. 

 

Figure 5.7:  SEM images of the surface morphology of alloy 15Cr-10Al after oxidation in air at 800 ºC for 400 hours. Figure 

on the left is showing the two types of oxide scale found on the surface labelled as scale A and scale B. 
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 5.2 Oxidation of the Specific V208 Alloys 

In order to elucidate the oxidation behaviour of the specific V208 alloys, the scale and near surface 

microstructure were studied using in-situ cross-sections produced using ion-beam milling. The 

thicknesses of the oxide scale, internal oxide and γ’-depleted zone were compared after oxidation at 

800 ºC for 200 hours and 300 hours. The spalled oxide on the surface was studied to investigate the 

spallation mechanism. 

 Oxide cross-section morphologies 5.2.1

Figure 5.8 shows the EsB-SEM microstructures of oxidised 17Cr-12Al, 15Cr-10Al, 1.3Co-17Cr-10Al 

after 200 hours and 300 hours of oxidation at 800 ºC. Alloy 17Cr-12Al proved to have a very good 

oxidation resistance, forming a continuous Al2O3 layer with a very thin external oxide. The 

underlying bulk metal contained a very fine γ/γ’ structure as well as coarse intermetallic β phase 

(NiAl) and χ phase (Co3W).  

200 hours oxidation - As the chromium content is reduced from 17 at. % to 15 at. % as well as the 

reduction of aluminium content from 12 at. % to 10 at. %, good oxidation resistance is still observed 

(Figure 5.8 (17Cr-12Al)). Alloy 15Cr-10Al is also forming a continuous Al2O3 layer together with 

blocky internal oxide (Figure 5.8 (15Cr-10Al)). The χ phase is rich in tungsten and tantalum, Co3(W-

Ta). The γ’ volume fraction in the bulk is reduced as most of the aluminium has diffused out towards 

the surface to form a protective Al2O3 layer. As the proportion of cobalt is increased to give Co:Ni 

ratio of 1.3:1, whilst chromium is increased to 17 at. %, the formation of non-continuous Al2O3 layer 

resulted as well as an increase in the thickness of the external scale as shown in Figure 5.8:  EsB-SEM 

micrographs of cross-sectional of the oxidised V208 alloys at 800 ºC classified into their main 

compositions vs. the oxidation time (200 hours and 300 hours). 
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Figure 5.8:  EsB-SEM micrographs of cross-sectional of the oxidised V208 alloys at 800 ºC classified into their main 

compositions vs. the oxidation time (200 hours and 300 hours). 

300 hours oxidation - After 300 hours of oxidation at 800 ºC, thicker oxides were formed on the 

surface as shown in Figure 5.8 (300 h). Major changes can be seen in the scale thickness of the 

external scale and the formation of recrystallised grains in the γ’-depleted zone. Alloy 17Cr-12Al 

forms a large amount of internal oxide Al2O3, though there is a thick external oxide layer on the 

surface. The formation of internal alumina proved that the external scale is not protective, it allows 

oxygen to diffuse through and form internal oxide via grain boundaries. 
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The unique observation in alloy 15Cr-10Al is the recrystallised grains that formed in the γ’-depleted 

zone. The internal oxide was mostly found to form on the surface as well as intergranularly in the 

region of recrystallised grains. Despite the thin oxide scale thickness of this alloy being consistent in 

comparison to the other two alloys, the presence of voids between the external and internal oxides is 

of concern. 

An issue of even greater concern is the spallation of the external scale, which in this case, was 

observed in alloy 1.3Co-17Cr-10Al. A trench was FIB milled in an area where the oxide had spalled, 

as seen in Figure 5.8. A thin external oxide that is almost completely delaminated can be seen on the 

surface. Even though there was no trace of spalled oxide in the crucible, delamination of external 

scale is an early sign of spallation. Also, there is an uncommon phase in the bulk with a plate-like 

morphology, which has the same contrast in EsB-SEM mode as the Al2O3 scale. Often in nickel 

superalloys, aluminium nitride (AlN) can co-occur with alumina internal oxides [17-18], but in the 

present case no nitrogen signal was detected in STEM-EDX examination, which will be discussed 

later in this chapter. 

 Spallation behaviour of surface scale 5.2.2

The surface of the spalled oxide was examined in the SE mode as shown in Figure 5.9. 

 

Figure 5.9:  Electron micrographs (SE mode) of the surface oxide and the exposed surface after spallation occurred in alloy 

15Cr-10Al after oxidation for 1000 hours at 800 ºC in air and the magnified view of the scale that is still intact (scale A) and 

exposed surface after spallation (surface B). 
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The area of examination was chosen to include both exposed surface (surface B) and the surface that 

was not well adhered to the substrate (scale A). The surface of the exposed area is full of particles, 

which is deemed to be the remainder of the spalled oxide, labelled as B in Figure 5.9.  

The EDX point analysis of both scale A and surface B is tabulated in Table 5.3. The chemical 

compositions indicate that both have the same compositions, which is alumina. The evolution of the 

surface scale in this alloy indicates that the alumina-rich oxide is forming outward into a less adherent 

scale after oxidation at 800 ºC from 200 hours to 300 hours (Figure 5.8) and finally spalled after 1000 

hours (Figure 5.9). The spallation mechanism can be explained by the famous study by Evans et al. 

where the spallation occurs under compressive in-plane stress in the oxide layer via buckling [58]. 

Table 5.3: EDX chemical compositions of the delaminated surface oxide (point A) and the particles on the surface (point 

B) for alloy 15Cr-10Al after oxidation at 800 ºC for 1000 hours in air. 

Point EDX C O Al Cr Co Ni W 

Point A 8.2 63.1 21.2 2.5 2.8 1.5 0.2 

Point B 11.2 43.4 22.0 6.0 10.6 5.6 1.0 

 

 

 

 

 

 

 

 

 



139 

 

 5.3 Selected Alloy – 15Cr-10Al 

 Long-term oxidation  5.3.1

Since alloy 15Cr-10Al has less external oxide, a continuous internal Al2O3 layer, and a stable 

underlying microstructure, it was selected for long-term oxidation trials for 400 hours, 1000 hours 

and 2000 hours in air. After long-term oxidation at 800 ºC for 400 – 2000 hours, severe internal 

oxidation took place in the oxide/alloy region as seen in Figure 5.10. After 1000 hours, the oxide 

scale is producing a crack and started to delaminate for the surface, leaving the exposed surface 

unprotected. This caused rapid internal oxidation as observed in Figure 5.10 with plate-like alumina 

forming in the bulk metal. One important observation in the bulk metal concerns the γ’ shape and 

volume fraction near the surface region. Due to the diffusion of aluminium towards the surface to 

form a protective Al2O3 layer, the γ’ shape has evolved to become spherical-like and less in volume in 

the bulk. 

 

Figure 5.10: EsB-SEM micrographs of alloy 15Cr-10Al after oxidation at 800 ºC for (a) 400 hours (b) 1000 hours (c) 2000 

hours showing the cross-sections with external and internal oxides, voids, crack, γ’-depleted zone, alumina plates and a γ/ γ’ 

microstructure in the base metal. 

A STEM-EDX analysis was performed to obtain the elemental maps of alloy 15Cr-10Al after 

oxidation at 800 ºC for 1000 hours to determine the plate-like composition of the phase as shown in 

Figure 5.11. The maps of chromium and aluminium were observed on the oxide scale area and a 
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point EDX on plate A (see Figure 5.11) was found to be rich in Al2O3, with no nitrogen found as 

reported by previous studies [159], [160]. Particle B and C in Figure 5.11 were found to be the χ 

phase, Co3(W-Ta) and the Ta-Zr carbide respectively. 

 

Figure 5.11: STEM-EDX image of alloy 15Cr-10Al after oxidation at 800 ºC for 1000 hours and their elemental maps 

showing the distributions of elements forming the oxide scales, plate A, particles B and particle C as well as the base metal. 

 FIB-SIMS elemental mapping of 16O- and 18O- 5.3.2

Typically, the studies of oxidation mechanism using isotopic oxygen are conducted using SIMS 

analysis. The distribution of the tracer oxygen by SIMS is easily acquired by oxygen mapping on the 

cross-section (ramp) of the sample. In this case, where the oxide is very thin, producing a tapered 

oxide can elongate the scale. The analysis results will have clear and more reliable information on the 

distribution of the isotopic tracer as well as other elemental distributions. Tapered sections of the 
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surface scales were analysed in SIMS to examine the elemental distribution in the scale. The 

distribution of the tracer oxygen (18O2) is a crucial indicator of the oxide growth mechanism [69].  

Figure 5.12 shows a FIB cross-section of the surface layers in alloy 15Cr-10Al following exposure at 

800 ºC for 200 hours (176 hours in 16O2 and the remaining 24 hours in 18O2). The FIB-SE image of 

the tapered oxide shows the surface of oxide, a section through the oxide scale containing alumina 

(dark contrast), the internal oxides, and the base metal.  

 

Figure 5.12: FIB-SIMS oxide ramp for alloy 15Cr-10Al following exposure in oxygen (200 mbar) at 800 ºC for 200 hours (a) 

FIB-SE image showing the oxide scale and internal oxide (b) FIB-SIMS elemental mapping of 16O- (b) FIB-SIMS elemental 

mapping of 27Al+ (c) FIB-SIMS elemental mapping of 18O- 

Figure 5.12 (b) – (d) show the FIB-SIMS 16O-, 27Al+ and 18O- elemental maps obtained on the tapered 

oxide. The FIB-SIMS maps of 16O- and 18O- show the relative distributions of the species. By 

normalising the pixel intensities to the maximum counts in each array, the 16O- map represents the 

oxide growth that occurs in the first part of the two-stage exposure. Note that the high intensity of 

16O- signals in the outer oxide layer and some in the internal oxide correlate to the 27Al+ signal, which 

is deemed to be the formation of protective Al2O3. The 18O- ion distribution indicates that the oxide 
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is enriched at the surface closest to gas-oxide region, oxide scale (Al2O3 layer) and the internal oxide 

region.  

This phenomenon indicates that the new oxide is formed at the oxide-alloy region as well as gas-

oxide interface. This finding is in line with the oxidation mechanism of nickel base superalloy 

(particularly RR1000) as reported by Foss et al., where Cr2O3 typically grows through outward 

cationic diffusion which explains the new oxide at the gas-oxide region [20-21]. Therefore, it is 

reasonable to assume that the oxide grows through both inward diffusion of oxygen anions (oxygen) 

and outward diffusion of cations (chromium). 

 Isotopic fraction ( f  ) maps and intensity peaks 5.3.3

In order to eliminate any instrumental ionisation effect, the isotopic fraction was calculated from 

both FIB-SIMS maps of 16O- and 18O-. The isotopic fraction f was calculated as the fraction of the 

detected oxygen signals I due to 18O-, 

𝑓 =  
!!"!!

!!"!!! !!"!!
                                                 Equation 5.1 

Note that the isotopic fraction is normalised relative to the natural abundance (0.26%) and the tracer 

gas concentration at the time the experiment was taking place (54%). In Figure 5.13 (a), the blue 

regions indicate low 18O- enrichment, whereas the red regions imply high enrichment. It can be seen 

in Figure 5.13 that the 18O- enrichment is localised, at the oxide-alloy interface (Al2O3) and in the 

internal oxide (plate-like Al2O3) regions. The 16O- and 18O- intensity peaks in Figure 5.13 (b) show 

high intensity at the oxide-alloy interface. Hence, the new oxide is still forming at the Al2O3 region in 

the second stage exposure. The peak 16O- and 18O- intensity at the oxide-alloy interface suggests that 

there was an accumulation of oxygen species at the oxide-alloy interface, particularly in the Al2O3 

region. Note that after both peaks, the enrichment does not fall to zero. This can be regarded as 

‘noise’, since no internal oxidation takes place beyond this point, as indicated in Figure 5.13 (b). 
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Figure 5.13: Isotopic enrichment of 18O- in alloy 15Cr-10Al after oxidation at 800 ºC for 200 hours showing (a) isotopic 

fraction (f) map (b) 16O- and 18O- intensity peaks along the depth profile. The isotopic enrichment map is based on the same 

FIB-ramp area as in Figure 5.12.  

 STEM-EDX analysis 5.3.4

Based on the micrograph of alloy 15Cr-10Al after oxidation at 800 ºC for 200 hours in Figure 5.8, 

STEM-BF elemental maps were obtained to better understand the types of oxide formed. The 

STEM-BF image of alloy 15Cr-10Al in Figure 5.14 is consistent with the scales as seen in Figure 5.8, 

where there are two types oxide formed; i) is the external oxide ii) the internal oxide in different EsB-

SEM contrasts. The scale was comprised of outer chromium-rich oxide (scale 1) and inner 

aluminium-rich oxide (scale 2). Due to the accuracy limitations of STEM-EDX analysis, the crystal 

structures of the oxides were determined using high resolution TEM (HRTEM) for stoichiometric 

determination, which will be discussed in the next section.  

It is also noted from the STEM-EDX maps in Figure 5.14 that chromium and cobalt partitions to 

the γ matrix, whilst aluminium, nickel and tungsten partitions to the γ’ precipitates. 
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Figure 5.14: STEM-BF image of alloy 15Cr-10Al oxidised for 200 hours at 800 ºC showing a chromium-rich oxide scale 

(scale 1), an aluminium-rich internal oxide (scale 2). 

A STEM dark field (DF) image of the same alloy was acquired in order to study the mechanism of 

oxide fomation after a long-term exposure (300 hours). Figure 5.15 is in agreement with the EsB-

SEM result in Figure 5.8, where delaminated external oxide and recrystallisation can be clearly 

observed in the γ’-depleted zone. The external aluminium-rich oxide was formed through the 

outward migration of aluminium from the bulk, particularly through the grain boundaries of the 

recrystallized grains. Between the scale and the base metal, a cavity is present along the interface and 

ligaments of aluminium-rich scale, which contained some Cr2O3, support the scale. It appears that 

surface scale is too thin to support a stress; therefore cavity formation occurs prior to spallation. In 

any case such cavity formation would seem to be deleterious to the oxidation performance of the 

alloy. By comparing the STEM-EDX results after oxidation for 200 hours and 300 hours, it can be 

clearly seen that the aluminium is migrating outwards which protects the surface from oxidising 

further.  
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Figure 5.15: STEM-DF image of alloy 15Cr-10Al oxidised for 300 hours at 800 ºC showing a delaminated aluminium-rich 

oxide scale with a thin layer of Cr2O3 and recrystallized region at the γ’-depleted region. 

 High resolution TEM examination 5.3.5

The EsB-SEM micrograph in Figure 5.8 and STEM-EDX maps in Figure 5.14 of alloy 15Cr-10Al, 

oxidised for 200 hours at 800 ºC, provide initial indication of the compounds that form in this alloy 

series during oxidation. There were two distinct types of oxides known; i) a chromium-rich external 

scale and ii) an aluminium-rich internal oxide. However, it is difficult to determine the crystal 

structures using selected area diffraction patterns as the oxides grains were too fine.  

Therefore, to identify the oxide compounds present in these layers, pseudo-diffraction patterns were 

obtained from individual grains in the TEM. The inter-planar spacings were measured from Fast-

Fourier transforms (FFT) of the lattice images. The calculated lattice constants were compared to the 

literature values and thus the chemical identities of the oxides were determined. This approach is 

similar to the work of Yan et al., where different layers of oxides with mixed spinels were successfully 

identified in a Co-7Al-7W-10Cr (at. %) alloy [95]. 

The compositions of the two layers of oxides in alloy 15Cr-10Al were determined by point EDX in 

STEM-BF and the average values were calculated. To confirm the oxide phase, high-resolution phase 

contrast lattice imaging was performed and the points noted as A, B and C in Figure 5.16 are the 

small-grained areas where the oxides were examined. The frequency domain images in Figure 5.17 

were compared to simulated diffraction pattern generated using the Crystal Maker software. 
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By measuring the angles and distances between the spots in the frequency domain images and 

comparing them to the simulated diffraction patterns, the oxides labelled in Figure 5.16 are identified 

as A: Co3O4, B: Cr2O3, and C: Al2O3. The different oxide layers are also shown, in the same TEM 

foil, in Figure 5.14, which uses a different contrast optimisation. 

The average lattice constant of Co3O4 was measured to be 8.06 Å, which is close to the lattice 

constant in the literature 8.17 Å [161]. The Cr2O3 has a hexagonal structure with average measured 

lattice constants of a = 4.97 Å and c = 13.56 Å. The lattice constants in the literature are a = 4.96 Å 

and c = 13.59 Å [162]. The inner layer of the oxide is confirmed to be Al2O3 with an average 

calculated lattice constant of a = 4.29 Å and c = 12.24 Å. These measured lattice constants matched 

the trigonal structure found in the literature, with average lattice constants of a = 4.76 Å and c = 

12.99 Å [163]. 

 

Figure 5.16: Overview of the oxidised alloy 15Cr-10Al after 200 hours at 800 ºC obtained from a FIB-milled TEM foil 

using STEM-BF imaging mode. Lattice images of grains in region A, B and C were obtained using HRTEM and frequency 

domain images were obtained using FFT in ImageJ. 
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Figure 5.17: Frequency domain images (left) from the oxide scales in alloy 15Cr-10Al oxidised for 200 hours at 800 ºC with 

a labelled zone axis and the corresponding simulated diffraction patterns (right). Note: systematic absences are represented 

by squares. 
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 5.4 Discussion 

The objective of the work presented in this chapter is to select the optimal Co:Ni ratio and the 

optimum fractions of chromium and aluminium for obtaining the best oxidation resistance while 

maintaining a stable underlying microstructure. A typical cross-sectional microstructure of an 

oxidised sample can be divided into five zones: (1) the external scale (2) the internal oxide (3) the γ’-

depleted zone (containing ultra-fine precipitates of γ’ or sometimes recrystallised grains) (4) the 

round edged γ’ precipitates below that and (5) the typical cuboidal precipitates in the bulk alloy (as 

well as the intermetallics β phase (NiAl) and χ phase (Co3W or Co3(W-Ta)).  

After 200 hours of oxidation at 800 ºC, all three alloys exhibited a similar oxide morphology in which 

there were two external oxides (chromium-rich and aluminium-rich scales) of sub-µm thickness and 

internal alumina, Figure 5.8. Distinctions between the three alloys could only be made after 300 

hours of oxidation at 800 ºC. The differences noted: (a) the external oxides were thickest in alloy 

17Cr-12Al, (b) the internal oxide intrusions formed in alloy 15Cr-10Al and (c) the external oxide 

delamination was observed in alloy 1.3Co-17Cr-10Al. 

Alloy 1.3Co-17Cr-10Al oxidised more rapidly compared to the other two alloys based on the 

thickness of the scales. Even with 10 at. % of aluminium and higher chromium content (17 at. %), 

the alloy exhibits poor oxidation resistance. The only possible reason for this is the amount of cobalt. 

As we change the Co:Ni ratio from 1:1 to 1.3:1, the oxidation resistance is reduced. Furthermore, as 

the chromium content was increased to 17 at. %, the β phase was found in the bulk, which is 

undesirable for mechanical properties.  

The FIB-SIMS mapping reveals that there is 16O- and 27Al+ enrichment at the oxide-alloy interface 

(oxide intrusion) and that the new oxide (18O- -enrichment) is also formed in the vicinity of the 

metal-oxide interface. Nevertheless, it can be concluded from the maps that 16O- is observed in the 

inner part of the oxide scale, enriching the alumina scale and subsequently limiting further diffusion 

of 18O-. The transport mechanism during oxidation at 800 ºC for 200 hours is outward cationic 

transport (chromium and aluminium) and inward anionic transport via grain boundaries [69]. 

The HRTEM results are in agreement with the established thermodynamic rules of partial pressure 

of oxygen [50], where at high oxygen partial pressure, the outer oxide layer Co3O4  forms first then 

Cr2O3 underneath and lastly Al2O3 developing the internal oxide at low oxygen partial pressure with 

low diffusivity of oxygen compared to the other two oxides. 
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 The effect of Cr:Al ratio in Co-Ni base superalloys in terms of phase stability and 5.4.1

oxidation   resistance 

It is crucial to find the optimised content of chromium and aluminium in the alloy compositions for 

the purpose of oxidation resistance whilst maintaining the desired mechanical properties by 

controlling the formation of secondary phases. Therefore, Figure 5.18 relates the optimum atomic 

ratio of Cr:Al to the oxidation damage depth (in µm thickness) after 200 hours and 300 hours of 

thermal exposure. The data suggest that the overall best Cr:Al atomic ratio is 1.5:1. As the exposure 

time increased, the external oxide (Cr2O3) is not protective and the internal oxidation occurs to a 

greater depth, forming plate-like Al2O3 in the bulk material. At the same time, alumina grows 

outward forming external scale that in some cases delaminates from the surface. 

 

Figure 5.18: Variation of oxidation damage depth with Cr:Al atomic ratio. 
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 Mechanism of oxide formation in Co-Ni base superalloys 5.4.2

This study of oxidation for Co-Ni base superalloys at 800 ºC, from 200 hours to 2000 hours has led 

to the identification of a change in mechanism of oxide formation from transient oxidation period to 

long-term exposures. Figure 5.19 shows the schematic representation of the mechanism established.  

Transient oxidation (< 100 hours) – Although the early stage of oxide formation (typically below 

100 hours in nickel base superalloys) is not studied in this research, it is believed that at transient 

oxidation period, Co3O4 is formed at the early stage of oxidation. HRTEM result in section 5.3.5 

proved that there is a small grain of Co3O4 region found on the outer scale after oxidation at 800 ºC 

for 200 hours, which is likely to be the remainder product from the transient oxidation period. 

Furthermore, due to the high nickel content in this alloy, NiO is also predicted to be formed on the 

surface in the early stage of oxidation. 

Steady-state oxidation (200 – 300 hours) – At this stage, stable and protective oxides have formed 

on the surface. These oxides, chromia and alumina, are fully developed after oxidation at 800 ºC for 

200 hours. Chromia is forming on the surface and alumina is forming as internal oxides. During the 

formation of alumina, a precipitate-free region can be found underneath the internal oxide. This is 

due to the depletion of aluminium from the precipitates to form alumina at the oxide-alloy interface. 

Between 200 hours and 300 hours, recrystallisation started to occur at this precipitate-free region. 

Internal oxidation can be found along the grain boundaries of the recrystallized grains, which act as 

diffusion paths for cations to migrate towards the surface to form oxides. 

Delamination and spallation (400 hours) – Delamination of oxide scale started from void or 

cavity formation between the oxide-alloy interface. This is due to the poor adherence of oxide scale 

to the metal surface and the oxide scale is thin. In this case, the oxide scale, which is chromia, started 

to buckle and spall, exposing the underneath layer, alumina. Moreover, due to the prolonged 

oxidation time, internal oxides (alumina) grew thicker, there were more intergranular alumina formed 

and this formation went deeper into the bulk. This phenomenon is caused by the grain growth in the 

recrystallised region. Plate-like alumina can also be found deep in the bulk metal. 

Re-growth of exposed surface (>1000 hours) – At this stage of exposure, the exposed alumina on 

the surface started to develop into facetted morphology. It is believed that the surface is still 

protected from rapid oxidation, however, the oxidation rate will not be as slow as when chromia is 

present. Internal oxidation is less, due to cations migrating outward to form alumina on the surface.  
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Figure 5.19: Schematic representation of the mechanism of oxide formation in 15Cr-10Al alloy after oxidation at 800 ºC 

from early stage oxidation (transient period) to 2000 hours (re-growth). 
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 5.5 Conclusions 

In this study, the experimental evidence suggested that oxidation-resistant, protective oxide scales 

can be formed in Co-Ni superalloys. The following conclusions can be drawn in terms of chromium 

and aluminium content; 15 at. % of chromium and 10 at. % of aluminium produced a multilayer 

oxide scale and internal alumina which is protective and limits the inward diffusion of oxygen at 800 

ºC for 200 hours. A very thin sub-µm oxide scale was formed in all of the alloys after oxidising for 

200 hours at 800 ºC. However, a high percentage of chromium and cobalt caused further oxidation 

of the samples at longer exposure times. 

Significant internal oxidation was observed, with plate-like alumina forming during long-term 

oxidation, even with optimal Cr:Al ratio. Alloy 15Cr-10Al maintained a two-phase γ/γ’ 

microstructure with minimal secondary phase formation. 
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6 Specific V208 alloys - The Effect of Shot-Peening on 

the Oxidation Behaviour 

 6.1 Introduction 

According to the previous chapter, the optimisation of chromium and aluminium percentage in the 

V208 alloys played an important role in achieving the most stable protective oxide layer.  

Consequently, in this chapter, further studies have been made to examine the effect of shot-peening 

on the oxidation performance. It is known that shot-peening is useful in extending the service life of 

a component through the introduction of compressive stresses in the surface. Several studies have 

found positive effects of cold work on the surface finish, which promotes the formation of 

protective oxide layers on the surface [164]–[167].  

The formation of short diffusion paths for transport of oxygen or other species (cations) after shot-

peening increases the formation of chromium oxide thereby protecting the surface from oxidising. 

This phenomenon is observed at above 700 ºC for low chromium content (12 at. %) steels and 

RR1000 (15 at. %) [70], [72], [165], [78]. According to Wagner’s theory of oxidation, the diffusion of 

cations and anions mainly influence the growth rate of oxide scales [54]. This can be explained by the 

fact that cold working near the surface influences the microstructure, in a way that dislocations and 

grain boundaries are assisting the diffusion of cations to the surface and form a protective oxide 

through the diffusion paths. 

Shot-peening in a nickel base superalloy (RR1000) increased the surface hardness and roughness 

resulting in an increase in the number of dislocation density near the surface as well as an altered 

microstructure [72], [77], [75]. The hardness values were considerably higher near the surface region 

and recrystallisation occurred in the near surface region, establishing more outward diffusion paths of 

cations via grain boundaries. Based on the study performed by Naraparaju et al., the reliability of 

having a positive effect on shot-peening in oxidation resistance is only accountable when the 

chromium content is high enough to form a chromia layer on the surface [165]. The increased 

chromium supply through dislocations leads to a change in the kinetics of oxidation, which strongly 



155 

 

affects the subsequent stability of the formed passive oxide scales. However, the effect of higher 

temperature was observed in low chromium content steels (12 at. %) after oxidation at 750 ºC where 

shot-peening considerably increased the diffusion of chromium to the surface.  

Shot-peening could be expected to have a similar result in the selected V208 alloys and the effect of 

chromium and aluminium content will be discussed later in this chapter. 

 6.2  Oxide Cross-Section Morphology 

A typical oxide cross-section morphology is shown in Figure 6.1 for both polished and shot-peened 

specimens after oxidation at 850 ºC for 200 hours. The EsB-SE micrograph of a polished specimen 

in Figure 6.1 (a) shows oxides in dark contrasts consisting of external and internal oxides. The 

external and internal oxides are known to be chromia and alumina (from the previous chapter), and it 

was found that an increase in temperature gradually increases the thickness of the scales. The oxides 

are adherent to the surface, protecting it from further oxidation. The alumina intrusion formed 

intergranularly. 

Discontinuous precipitates were observed in the base metal in the region near the γ’-depleted zone. 

The phenomenon of discontinuous precipitates in nickel-base superalloys have been reported by 

many, in which the metastable parent microstructure is transformed by boundary precipitation and 

interfacial migration with high degree of super-saturation of some elements in the γ/γ’ alloy [168], 

[169]. The reaction most commonly observed at the grain boundaries in polycrystalline materials. It is 

worthy of note that this phenomenon is only observed in the V208 alloy series above 850 ºC 

oxidation temperature.  
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Figure 6.1:  EsB-SE cross-section micrographs of alloy 17Cr-12Al after oxidation at 850 ºC for 200 hours for (a) polished 

surface (b) shot-peened surface. 

Figure 6.1 (b) shows the effect of shot-peening on the surface and sub-surface structure in alloy 

17Cr-12Al. Figure 6.2 shows the EDX elemental mapping of alloy 17Cr-12Al after shot-peening 

which revealed the high intensity of cobalt, chromium and tungsten found in between the external 

scale and internal oxide. The presence of these elements comprising the base metal (γ) between the 

external scale and the internal alumina proved that sub-surface damage from shot-peening has 

occurred to a minimal extent (less than 2 µm thick). Continuous alumina is still forming at the oxide-

alloy region and internal oxidation is observed both intergranularly and intragranularly at a deeper 

range in the base metal, twice as thick compared to the polished specimen. Recrystallisation occurred 

at the γ’-depleted zone where the region is doubled to more than 5 µm deep. This extensive γ’-

depleted zone formation is caused by the depletion of aluminium as a result of sub-surface alumina 

formation. 



157 

 

 

Figure 6.2: EsB-SE cross-section micrograph of alloy 17Cr-12Al after oxidation at 850 ºC for 200 hours and the elemental 

maps from the EDX analysis. 

Despite the superior oxidation resistance of alloy 15Cr-10Al at 800 ºC for 200 hours (as discussed in 

the previous chapter), spallation of surface oxide was found in the case of the shot-peened specimen 

when the oxidation temperature was increased to 850 ºC. Figure 6.3 shows the SE micrographs of 

the surface oxide after oxidation at 850 ºC for 200 hours. The surface morphology of the polished 

specimen does not exhibit any signs of spallation. This is not the case in the shot-peened specimen, 

the less adherent external scale is exposing the underlying surface to further oxidation. A trapezium-

shaped crater was prepared at the region indicated in Figure 6.3 (b) and is taken as the representative 

result for a shot-peened specimen in the case of spalled oxides. 

 

Figure 6.3: SE micrographs of the surface oxide of alloy 15Cr-10Al after oxidation at 850 ºC for 200 hours for (a) polished 

specimen (b) shot-peened specimen. 

The effect of shot-peening on the underlying microstructure of alloy 15Cr-10Al can be seen in Figure 

6.4. Higher oxidation temperature (850 ºC) does not yield a significant drop in terms of oxidation 

resistance in the polished condition for alloy 15Cr-10Al. However, the delamination of the surface 
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oxide has exposed the underlying oxide layer in the shot-peened condition. Shot-peening has 

increased the tendency of the surface oxide to delamination and spallation. The morphology of the 

internal oxide and the underlying γ’-depleted region is similar to the shot-peened specimen of alloy 

17Cr-12Al.  

 

Figure 6.4: EsB-SE cross-section micrographs of alloy 15Cr-10Al after oxidation at 850 ºC for 200 hours for (a) polished 

surface (b) shot-peened surface. 

Similar behaviour is reported in alloy 1.3Co-17Cr-10Al, where shot-peening has caused surface oxide 

spallation at 850 ºC for 200 hours as shown in Figure 6.5. It is worthy of note that in both cases of 

spallation, the amount of aluminium is 10 at. %, regardless of the high chromium content in alloy 

1.3Co-17Cr-10Al.  

 

Figure 6.5: EsB-SE cross-section micrographs of alloy 1.3Co-17Cr-10Al after oxidation at 850 ºC for 200 hours for (a) 

polished surface (b) shot-peened surface. 
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 6.3 FIB-SIMS Analysis 

Figure 6.6 – 6.8 tabulates the FIB-SIMS cross-sections with their corresponding 16O- and 18O- 

elemental maps obtained after the pixel intensities have been normalised to the total counts in 

each array and the upper dashed yellow line represents the surface of the external oxide. The 16O- 

maps represent the oxide growth that occurs in the first part of the two-stage exposure and the 

18O- represents the new oxide formed in the last 24 hours of the total oxidation time. 

 Elemental mapping of 16O- and 18O- 6.3.1

Figure 6.6 shows the cross-sectional oxide morphologies of alloy 17Cr-10Al after oxidation at 850 ºC 

for 200 hours. Note that the 18O2 exposure is in the last 24 hours of the oxidation time. The cross-

sections, which are the projected depth of true oxide thickness, reveal the formation of an adherent 

external oxide scale with underlying internal oxides fingers at the bulk grain boundaries for the 

polished specimen. Similar observation can be found in the shot-peened condition, however, the 

internal oxide is thicker and regions of γ at the external-internal oxide can be found. Following this 

finding, this area is free of 16O- enrichment as shown in the 16O- map. The 16O- can be found 

enriching the external scale (Cr2O3) and the internal oxide (Al2O3). The same goes for the polished 

specimen where 16O- is enriching the external and internal oxide. No significant 18O- intensities were 

found at the oxide-alloy region. 

Comparison of the 16O- and 18O- ion distributions for both polished and shot-peened specimens 

indicates that the external scale contains 16O--rich regions at the surface and within the internal 

oxide, forming a protective layer which inhibits further diffusion of oxygen at the later stage. No 

new oxides were formed at the gas-oxide interface or at the oxide-alloy interface. It can be 

concluded from the 18O- maps that the diffusion of 18O- is severely limited by the existing oxide scale 
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Figure 6.6: FIB-SEM oxide cross-sections of alloy 17Cr-12Al after oxidation at 850 ºC for 200 hours in polished and shot 

peened conditions with their corresponding 16O- and 18O- maps. 

Figure 6.7 summarised the effect of shot-peening on alloy 15Cr-10Al, as previously discussed in sub-

chapter 6.2. The oxidation resistance of this alloy remains excellent in the as-polished condition since 

there is no significant new oxide intrusion in the internal layer, which proves that this sample has 

developed a protective oxide layer. The external scale in the shot-peened condition, though, has 

exposed the underlying oxide (Al2O3) to further oxidation. Comparing the intensity of the 18O- signal 

at the gas-oxide and oxide-alloy interface with the intensity of 16O-, the increase in 18O- concentration 

shows that the new oxide is forming at these regions. This proves that oxygen transport is taking 
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place through the external oxide to form new oxide at the oxide-alloy interface, but at the same time 

new oxide forms at the gas-oxide interface. 

 

Figure 6.7: FIB-SEM oxide cross-sections of alloy 15Cr-10Al after oxidation at 850 ºC for 200 hours in polished and shot 

peened conditions with their corresponding 16O- and 18O- maps. 

The FIB-SIMS map is a useful tool to identify the diffusion paths. The maps reveal the dominant 

oxygen transport paths as well as regions of new internal oxidation. The observation in the shot-

peened specimen showing 18O- enrichment along the grain boundaries of the recrystallised zone 

demonstrates the dominant oxygen transport paths. Many have reported the same observation, 
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which indicates the preferential oxygen diffusion along the grain boundaries as previously 

suggested for nickel-base alloys [65], [66], [115], [170]–[173]. 

 

Figure 6.8: FIB-SEM oxide cross-sections of alloy 1.3Co-17Cr-10Al after oxidation at 850 ºC for 200 hours in polished and 

shot peened conditions with their corresponding 16O- and 18O- maps. 

The intensity of both 16O- and 18O- in alloy 1.3Co-17Cr-10Al in the as-polished condition are 

relatively high compared to the other two alloys as shown in Figure 6.8. These concentrations 

suggested that the external scale and the internal scale are protecting the alloy in the first stage of 

oxidation. The new oxide that formed in the last 24 hours of oxidation shows that there is a build-up 
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of oxygen at the front end of the internal oxide. It could be that the build-up of oxygen is at the front 

end of the internal oxide interface and reaction takes place with the aluminium flux from the bulk 

metal. The shot-peened specimen shows the absence of external scale due to spallation along with a 

piece of a delaminated scale as indicated (Cr2O3). Similar to the shot-peened specimen for alloy 15Cr-

10Al, this alloy exhibits lower concentration of 16O- compared to 18O-, which shows that the old 

oxide has spalled in the first stage of oxidation. The key finding in these SIMS maps is in the shot-

peened condition where the 16O- intensity is found enriched at the delaminated oxide, and at the last 

24 hours of this oxidation, the exposed surface is oxidising forming the new oxide via diffusion paths 

along the grain boundaries. Shot peening has induced stresses on the sample surface and hence 

opening up the oxygen diffusion paths at the oxide alloy interface.  

A clear understanding of the spallation of the external scale can be seen in Figure 6.9, where the 16O- 

species are found enriched on the surface of the delaminated oxide and the 18O- is enriching the inner 

scale layer in the subsequent stage. It can be estimated that the spallation occurs towards the end of 

the oxidation period. 

The spallation of oxide scale usually takes place during cooling when the stress develops in the scale 

as a result of thermal expansion differences between the scale and the metal surface. Generally, a 

compressive stress existed in the oxide scale during cooling down and this causes the scale to spall 

away through delaminating and cracking, which can be seen in this case. 

A few commercial nickel-base superalloys yield spallation of oxide scale during cooling after 

oxidation at 1150 ºC and 1200 ºC [164], [174]–[176]. The oxidation of NiAl alloy at 1100 ºC exhibits 

spallation of surface oxide by the formation of voids and cavities beneath the alumina scale [66], [67], 

[177]. In most cases of spallation, the starting point is in between the oxide scale and the metal 

surface. 
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Figure 6.9: Comparison of the 16O- and 18O- enrichment on the surface topography of the spalled oxide of alloy 1.3Co-

17Cr-10Al after oxidation at 850 ºC for 200 hours. The isotopic fraction map of 18O- at the bottom shows the new oxide 

formed. 
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 Isotopic fraction map 6.3.2

A typical isotopic fraction map (f ), as shown in Figure 6.10 consists of 512 sampling points across 

the x-axis and 442 sampling points across the y-axis. Each pair of 16O- and 18O- FIB-SIMS elemental 

maps (512 x 442 pixels) were used in the calculation of the isotopic fraction maps (f ). Hence, the 

isotopic fraction map can be considered to have 512 vertical depth profiling lines across the map. 

The interface at the oxide-alloy region is quantified by aligning the 512 horizontal lines to construct 

512 vertical depth-profiling lines. The peaks on the right-hand side correspond to the concentration 

of 18O- residing at the oxide/alloy interface. The use of Matlab software allows the manipulation of 

data in the SIMS maps.  

The FIB-SIMS maps presented are useful to determine the mechanism of oxidation and finding the 

oxygen transport via tracer analysis. -. The isotopic fraction (f ) was calculated as the fraction of the 

detected oxygen signals I due to 18O-, 

𝑓 =  
!!"!!

!!"!!! !!"!!
                                             Equation 6.1 

Figure 6.10 – 6.12 are the isotopic fraction maps and the depth profiling graphs, following 

normalisation to the gas phase concentration and background concentration of 18O2 (refer to Chapter 

3), for the polished and shot-peened specimens oxidised for 200 hours at 850 °C. Note that these 

isotopic fraction maps and depth profiling graphs were constructed from the previous 16O- and 18O- 

maps in Figure 6.6 Figure 6.8.  

The blue regions indicate low 18O- enrichment, whereas red regions imply high enrichment. The 

peaks along the x-axis in the depth profile indicate the thickness of the projected oxide. The 

thickness and regions of the external scales and internal oxides can be estimated by using the depth 

profile. In the case of alloy 17Cr-12Al, there have been significantly low fractions of 18O- in the 

external oxide (EO) as well as in the internal oxide (IO), which indicate that the alloy is producing a 

protective oxide layer that limits the diffusion of anions and cations at the oxide-alloy interface. The 

depth profile however, shows the counts of 18O- at the interface, proving that there are still diffusion 

activities on the surface and the oxide-alloy interface, but the intensity is very low (less than 30). 

Note that the depth profile peak does not fall to zero even when there is no intensity of 18O- can 

be found in the map, this can be regarded as ‘noise’, since no internal oxidation takes place 

beyond this point. 
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Figure 6.10: 18O- isotopic fraction ( f ) map of alloy 17Cr-12Al after oxidation at 850 ºC  for 200 hours in polished and shot-

peened condition with their corresponding depth profile graphs. 

The enrichment of 18O- can clearly be seen in the isotopic fraction maps in Figure 6.11 in both 

polished and shot-peened conditions. There are two regions clearly displaying significant 18O- 

enrichment. The first of these is at the surface, where outward cationic transport gives further 

external oxidation at the gas-oxide interface. The second region is at the internal oxide where 

new grain boundary internal oxide growth via inward anionic transport of oxygen. 

In the polished condition, the enrichment of 18O- did not give a clear internal oxidation region, the 

range of oxide intrusion is in between 6 – 8 µm. However, in the shot-peened specimen, due to the 

spallation of the external scale, the new oxide is forming on the surface and internally, the boundaries 

where the internal oxide starts can be seen in the figure.  

The peak enrichment between 250 and 300 at the first 5 µm depth indicates the exposed surface 

oxide and the peak enrichment of 30 – 100 at the 6 -10 µm depth clearly shows the internal oxidation 

region. The enrichment declines rapidly from 300 to 100 after 2 µm. This decline region denotes 

the oxygen diffusion through the external oxide. A small region of 2 µm in length immediately 
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follows. Previous studies recognized these regions can short-circuit diffusion via dislocations or 

grain boundaries [116].  

There are two regions clearly exhibiting significant 18O- enrichment. The first of these is at the 

surface where outward cationic transport gives further external oxidation at the gas-oxide interface. 

The second region is the new grain boundary internal oxide growth at the boundary of the oxide-

alloy interface. 

 

Figure 6.11: 18O- isotopic fraction ( f ) map of alloy 15Cr-10Al after oxidation at 850 ºC  for 200 hours in polished and shot-

peened condition with their corresponding depth profile graphs. 

The isotopic fraction map obtained from the FIB-SIMS techniques not only revealed the graphical 

diffusion path of the 18O- through alumina grain-boundaries but also helped in quantifying the 

amount of 18O- that has actually diffused through grain-boundaries channels and accumulated at the 

oxide-alloy interface. 

The peak enrichment in the as-polished specimen is high at the intermediate depth profile as shown 

in Figure 6.12. The enrichment of 18O- is at the highest point at 5 µm depth (100), where in this case, 

represent the internal oxide front. The enrichment declines rapidly to 40 (counts) at the internal 



168 

 

oxide region. This decline denotes the oxygen diffusion through the external scale into the bulk metal 

region. 

The shot-peened condition in alloy 1.3Co-17Cr-10Al exhibits a similar pattern to the spalled 

behaviour in alloy 15Cr-10Al. Due to the spallation of the external scale, the new oxide is forming on 

the surface and internally, the boundaries where the internal oxide diffusion paths can be seen Figure 

6.12. The intensity of 18O- is also in the same range, 200 – 300 at the external scale and 30 – 100 at 

the internal oxide region. One important observation to note is the complete absence of 18O- 

intensity in the isotopic fraction map of shot-peened specimen, where the absence is showing the 

region of the delaminated external scale, which was grown and spalled in the first stage of oxidation.  

 

Figure 6.12: 18O- isotopic fraction ( f ) map of alloy 1.3Co-17Cr-10Al after oxidation at 850 ºC  for 200 hours in polished 

and shot-peened condition with their corresponding depth profile graphs. 

 

 

 



169 

 

 6.4 Discussion 

Based on the previous studies in nickel-base superalloys, the external oxide growth observed in both 

the polished and shot-peened specimen in the selected V208 alloys follows that observed for other 

superalloys tested at approximately the same temperatures [70], [72], [118], [124], [125], [178]. The 

overall oxide sequence, from the outermost scale to the internal oxide follows the thermodynamic 

rules, starting from Cr2O3 à Al2O3. 

The early assumption discussed earlier in this chapter explained that according to previous studies 

done in the oxidation of shot peened specimens, the cold work on the surface creates easy diffusion 

paths for chromium, which in turn allows rapid formation of a dense protective oxide layer at the 

oxide-alloy surface. Previous studies have concluded that during heating and in the initial hours, the 

dislocations introduced by shot peening can serve as fast diffusion paths, and later grain boundaries 

will be important for the supply of chromium and the formation of a protective oxide layer [165].  

According to Foss et al., shot peening on RR1000 modifies the morphology of the oxide and 

accelerates the oxidation kinetics. The oxide grows through simultaneous inward diffusion of oxygen 

and outward diffusion of titanium and chromium. A similar study was done to examine the effect of 

chromia growth on shot-peened RR1000 and it was found that at 700 - 750 ºC, shot peening 

increases the chromia growth rate but at 800 °C, shot peening appears to improve oxidation 

resistance after a rapid formation of chromia layer on the surface. The effect of chromium and 

aluminium percentage in the V208 alloy series is crucial in examining the influence of surface stress 

on oxidation resistance. 

Table 6.1 compares the current Co-Ni base superalloys to the previous nickel base superalloys. The 

comparisons are based on the thicknesses of oxide scales, oxide intrusion and γ’-depleted zone 

reported for alloy RR1000, ME3 and Udimet 720. Based on these results, the oxide scale in polished 

ME3, RR1000 and Udimet 720 are reported to be thicker, between 1.1 and 2.4 µm, compared to the 

Co-Ni base superalloys studied, between 0.8 to 1.1 µm. The same is true for oxide intrusion, where 

polished RR1000 and Udimet 720 are deeper, between 2.2 to 3.9 µm, compared to Co-Ni base 

superalloys studied, between 1.6 to 2.0 µm. Shot-peening did have a greater damage depth in both 

cobalt and nickel base superalloys. Previous studies in RR1000 proved that shot-peening in RR1000 

produces a thicker oxide scale thickness, approximately 2.5 µm, whereas for Co-Ni base superalloys, 

the thickness as low as from 0.3 to 0.7 µm. The same trend occurs in the internal oxide region, where 

in RR1000, the oxide intrusion goes as deep as from 3.5 to 7.4 µm, compared to Co-Ni base 

superalloys, which extended just up to 2 µm. 
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Table 6.1: Cobalt and nickel base superalloys comparisons polished and shot-peened condition after oxidation between 800 

and 850 °C for 200 hours. 

Polished 17Cr-12Al 
(800 °C, 200 h) 

15Cr-10Al 
(800 °C, 200 h) 

1.3Co-17Cr-10Al 
(800 °C, 200 h) 

ME3 
(815 °C, 200 h) 
*Sudbrack et al. 

[118] 

RR1000 
(800 °C, 200 h) 
*Cruchley et al. 

[72] 

Udimet 720 
(800 °C, 200 h) 

*Gabb et al. 
[179] 

Oxide 
scale 

1.1 0.8 0.9 1.6 2.4 1.1 

Oxide 
intrusion 

1.6 2.0 1.8 3.2 - 3.3 

γ’-
depleted 
zone 

2.6 4.4 4.0 5.0 - - 

Shot-
peened 

17Cr-12Al 
(800 °C, 200 

h) 

15Cr-10Al 
(800 °C, 200 h) 

1.3Co-17Cr-10Al 
(800 °C, 200 h) 

RR1000 
(800 °C, 200 h) 
*Cruchley et al. 

[72] 

RR1000 
(800 °C, 200 h) 

*Foss et al. 
[70] 

- 

Oxide 
scale 

0.4 0.7 0.3 2.4 2.5 - 

Oxide 
intrusion 

2.2 1.6 1.6 - 3.5 - 

γ’-
depleted 
zone 

5.7 4.2 2.6 - - - 

 

 The effect of chromium and aluminium content  6.4.1

The comparison of damage depth thickness based on the chromium and aluminium content is 

plotted in Figure 6.13. According to the chart, shot peening has little effect on the oxide scale and 

oxide intrusion thickness but may have an effect on the γ’-depleted zone. This seems to be the case 

in alloy 17Cr-12Al where the γ’-depleted zone region is doubled compared to the polished condition, 

this is likely a consequence of recrystallization.  

Due to the spallation of the surface oxide in alloy 15Cr-10Al and alloy 1.3Co-17Cr-10Al, the oxide 

scale thicknesses are incomparable. One important aspect to note in these cases is that the alumina 

intrusion is less in the case of shot-peening compared to the polished condition. This could be an 

indication that before spallation happens, these two alloys exhibit superior oxidation resistance by 

forming a protective external scale chromia. Since shot-peening increases the tendency of 

recrystallization at the γ’-depleted zone, a network of diffusion paths regions created by shot peening 

near the surface is supplying chromium to the surface, which is causing a dense and compact 
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protective oxide layer to be formed. It is only after the spallation occurs which delaminates the 

external scale that an inward diffusion of oxygen started at the sub-surface region.   

 

Figure 6.13: The damage depth thickness of the selected V208 alloy series in the polished and shot-peened condition after 

oxidation at 850 ºC for 200 hours. 

When aluminium is reduced from 12 to 10 at. %, the effect of shot peening leads to spallation of the 

surface oxide. This could be the case where there is scarcity in the supply of aluminium to the surface 

to form alumina, which protects the surface oxide from spallation.  

The following quantification in terms of damage depth areas in Figure 6.14 is plotted to further 

investigate the extent of external scale and internal oxide before and after shot-peening. The drop in 

both external and internal oxide in shot-peening specimen of alloy 15Cr-10Al and 1.3Co-17Cr-10Al 

indicated the spallation that occurs on the external scale. As previously mentioned, the comparison is 

insignificant due to the loss of external scale when spallation occurs. Shot-peening does not alter the 

thickness of chromia (external scale) in alloy 17Cr-12Al. No growth of chromia is reported in this 

study.  

However, it can be gathered that shot-peening modifies the morphology of the oxide scale 

susceptibility to cracking and spalling and γ’-depleted zone and in turn accelerates the oxidation 

kinetics.  
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Figure 6.14: The quantification of damage depth areas highlighting the external scale and internal oxide areas in the polished 

and shot-peened specimens. 
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 6.5 Conclusion 

This chapter investigated the oxidation behaviour of polished and shot-peened selected V208 alloys  

under isotopic oxidation conditions at 850 ºC for 200 hours. Characterisation mostly used FIB 

microscopy and FIB-SIMS elemental mapping, with supplementary SEM analysis providing further 

evidence. The following conclusions are applicable to this study. 

• Spallation occurs in the shot-peened specimens of alloy 15Cr-10Al and alloy 1.3Co-17Cr-

10Al. 

• New oxide is forming on the exposed surface after spallation occurs. 

• Compositions of the oxides are both similar in the as-polished and shot-peened condition 

where the external scale is Cr2O3 and internal oxide is Al2O3 

• Shot-peening enhances recrystallisation at the sub-surface region and causes a larger γ’-

depleted zone in all alloys. 

• Shot-peening does not increase the formation of oxide (protective oxide areas smaller than 

polished) 

• Shot-peening does not affect oxidation resistance directly but it does promote the spalling of 

the surface oxide, leaving a less protective scale. 

• Shot-peening influences the 18O- inward diffusion in alloy 15Cr-10Al and 1.3Cr-17Cr-10Al. 
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7 Conclusions and Further Work 

The main objective of this study was to investigate the oxidation of cobalt-nickel base superalloys as 

well as studying the basic phase metallurgy of this newly developed alloy. The preliminary study of 

this alloy started with optimising the ratio of cobalt and nickel as key base elements. In order to 

achieve excellent corrosion resistance, the levels of aluminium and chromium are also optimised to 

match the properties possessed by the current polycrystalline nickel base superalloys utilised for disc 

material. Therefore, an initial screening of the alloys started by characterising the typical 

microstructure of the base metal in the as-received condition, after solution heat treatment and aging.  

The alloying elements played an important role in producing a stable underlying microstructure. With 

the aid of SEM equipped with EsB detector, various secondary phases that precipitated in the bulk 

can be distinguished by their contrasts. It has been observed in the early stages of screening that an 

excessive level of chromium (17 at. %) does influence the stability of the underlying microstructure. 

Alloys with high amounts of chromium co-exist with a three-phase precipitate structure during 

solidification, that is the γ’-Co3(Al, W), β-CoAl and DO19-Co3W. Without an excessive amount of 

chromium (less than 15 at. % ), the alloy shows a two-phase precipitate structure, that is γ’-Co3(Al, 

W) and DO19-Co3W. These secondary phases can be easily distinguished by the dark and bright 

contrasts, which corresponds to β-CoAl and DO19-Co3W, respectively. The substitution of nickel as 

part of the base alloy instead of high cobalt shows no significant effect on the stability of the 

underlying microstructure. The addition of titanium and niobium also has no significant effect on the 

underlying microstructure.  

In the case of carbides precipitates, the V208 alloy series contain two types of carbides; the M23C6 

carbides in discreet and film form and the blocky MC carbides. One interesting finding in this cobalt 

base superalloy, which is not often found in nickel base superalloys is the presence of metallic 

elements that constitute the MC carbides. It seems that 0.04 at. % of zirconium is enough to make it 

the main metallic constituent (M) in MC carbides along with tantalum. The modification of the HIP 

cycle has proven to alter the morphology of the carbides particles. Since the carbide particles 

transformation is happening in the HIP cycle, the precipitation of carbides can be controlled by 

changing the HIP temperatures from 1050 ºC to 950 ºC (to precipitate the M23C6) in the first stage 
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and later to 1050 ºC in the second stage. It has been proven in previous studies of nickel base 

superalloys that the two-stage HIP has effectively changed the types of carbides that formed in the 

alloys. 

The addition of alloying elements such as chromium, titanium, and niobium in the Co-Ni base 

superalloy started to play an important role when the alloys are exposed at elevated temperatures 

(between 800 to 850 ºC) for a prolonged time (from 200 hours to 2000 hours). Firstly, the Co-Ni 

base superalloy in this study oxidises by forming a protective oxide layer, predominantly Cr2O3 and 

Al2O3. These oxides are so thin (mainly sub-µm thickness) that they make the alloy superior in 

oxidation resistance to nickel base superalloys. A 12 at. % of chromium content is too low to form a 

stable oxide on the surface, instead, a mixed spinel consisting of nickel-aluminium-chromium is 

formed, which is not protective. Whereas, a 15 at. % of chromium is enough to protect the substrate 

by forming protective oxide layers. Niobium has a good influence on high temperature oxidation 

whilst titanium is bad for oxidation. 1.5 at. % addition of titanium is adequate to double the oxide 

thickness of the base alloy. 

Good oxidation resistance is not just achieved by forming suitable oxides at high temperatures but 

also depends on prolonged exposure times and some surface oxides can eventually lead to spallation. 

The mechanism of oxide formation has been established in this particular study and concludes that 

with prolonged exposure time (from 200 hours to 2000 hours), the surface oxide changes into 

spikey-facetted morphology and eventually spalls in less than 1000 hours. Whereas, in the sub-surface 

region, recrystallization started to occur at 300 hours, allowing faster diffusion of cations outward 

and anions inward. Eventually, a greater level of internal oxidation will occur by the formation of a 

plate-like alumina deep in the bulk metal. Nevertheless, the damage depth is still within an acceptable 

level, comparable to that of nickel base superalloys. 

The results for oxidation damage depth analysis have been compiled and compared with those for 

nickel base superalloys used in similar disk applications. The comparison with RR1000, ME3 and 

Udimet 720 in polished and shot-peened condition at 800 ºC to 850 ºC for 200 hours shows that Co-

Ni base superalloys are superior to any of these nickel base alloys. 

Overall, the results of this work suggests that V208C is a suitable base composition for further 

investigation and comprises a 1:1 cobalt-nickel ratio, 15 at. % chromium, 10 at. % aluminium, 3 at. % 

tungsten and 1 at. % tantalum. This alloy was found to outperform the current nickel base 

superalloys in terms oxidation resistance at operating temperatures between 700 to 800 ºC. It is 

therefore suggested that the alloy is suitable for further investigation to obtain a more comprehensive 

understanding of the alloys mechanical properties, in particular creep and dwell fatigue crack growth 

properties to determine its suitability for turbine disc applications. 
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Further optimisation of the compositions is advised to further improve phase stability by removing 

the unwanted DO19-Co3W phase. This can be achieved through a proper heat-treatment procedure 

as well as finding the balance between tungsten and tantalum in the alloy. For example, the addition 

of tantalum as an alternative to tungsten will remove this DO19-Co3W phase. It is proven in this 

study that tantalum will form Ta-Zr carbides and at the same time, partitions to the γ’ phase in 

cobalt base superalloys. In addition, mechanical properties could be improved by optimising the 

percentage of grain boundary strengtheners, such as carbon, boron and zirconium.  

In terms of shot-peening, V208C was not necessarily the best performing alloy with spallation 

observed at a temperature of 850 ºC following 200 hours exposure. However, the results of V208B, 

which showed the best performance following shot-peening, showed increasing the aluminium 

content to 12 at. % to be beneficial in withstanding the higher temperature with compressive stresses 

on the surface and could be readily applied to V208C. 

Lastly, for future alloy processing, it is recommended that a two-stage HIP process be applied in the 

next generation alloy studies for turbine disc applications as it showed a refinement in carbide 

composition and distribution. However, the phase structure of the population of carbides should be 

confirmed with a selected area diffraction patterns or with a more focused high-resolution TEM 

study.  

This study has shown the great potential for finding an alternative material for nickel base 

superalloys. The results are promising and in the case of oxidation resistance, it can be concluded 

that the alloys studied in this thesis possesses superior oxidation properties compared to nickel base 

superalloys. These alloys are capable of working at high temperatures, between 700 and 800 ºC and 

not deteriorate significantly over time in a corrosive environment.   

 7.1 Suggestion for Further Work 

Even when the mechanisms of oxide formation in this V208 alloy series have been established, there 

are a few grey areas that need to be better understood. For example: 

The reasons for the formation of detrimental secondary phases such as Co3W and CoAl, which arise 

in the bulk metal during solidification, should be studied thoroughly. It is very likely that these phases 

originate from the PPB and carbides during the HIP stage. Even though the two-stage HIP has 

successfully produced finer carbides along the grain boundaries, there is still the need to evaluate the 

types of carbides after the two-stage HIP via diffraction pattern analysis to determine their 

crystallographic structure. The evaluation would be important in order to eliminate the detrimental 

phases in the bulk metal during heat treatment. 
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Boron is a popular grain boundary strengthener and it has also been found to be beneficial in 

resistance to oxidation. However, its role in the present alloys is still uncertain and no previous 

studies have explained how it works in protecting the alloy from oxidation. An in depth study of the 

effect of boron on both oxidation resistance and grain boundary strengthening should be carried out. 

Previous studies by Klein et al. also suggested that tungsten aids the formation of alumina on the 

surface by increasing the diffusivity of aluminium towards the surface. Therefore, it is presumed that 

the TCP phase, Co3W, supports this mechanism. It is worth looking at the areas where this phase is 

present and then studying the formation and thickness of alumina on top of this phase. 

Even though the spallation behaviour in this alloy has been observed and documented, there is still 

uncertainty as to why spallation occurs earlier for some alloys than for others. It is believed that 

aluminium and chromium levels play an important role in the development of stresses that occur in 

the surface oxide.  
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