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Abstract 
Fusion-based Additive Manufacturing (AM) has recently gained much attention due to the process's flexibility 
and the possibility of fabricating complex metal components. The technology offers tremendous advantages 
in production time, geometrical flexibility and material savings. However, the process is quite unique and 
distinctive from traditional manufacturing methods, which brings a lot of unsolved metallurgical issues during 
processing and post-processing. Moreover, the limited materials portfolio restricts the broader adoption of 
the technology. The purpose of this study was to assess the printability of alloys in fusion-based AM, where 
the “printability” is defined as “the ability of a material to be consolidated layer-upon-layer to form a designed 
part with desired microstructure and properties that ensure the performance of the printed material over its 
intended service life”. This PhD thesis gains a deeper understanding of the interplay between the process 
characteristics, material physical properties and the printability aspects of the alloys during fusion-based AM. 
Out of the fusion-based technologies, laser powder bed fusion (LPBF) is arguably the most common. It has 
quite similar process characteristics to electron beam powder bed fusion (EB-PBF) and direct energy 
deposition (DED) methods, so LPBF was chosen as a representative technology for fusion-based AM. It is, 
however, recognised that slightly different processing conditions in EB-PBF and DED might require some 
modifications of the developed theories. 

Liquid-state cracks are one of several defect types commonly observed in fusion-based AM, limiting the 
reliability of components. Cracks tend to create high stress concentration locations that can significantly limit 
mechanical performance, particularly in fatigue. It is of paramount importance to prevent liquid-state cracking 
in LPBF to enable the reliable long-term performance of alloys. The tendency of alloys to form solidification 
cracks was correlated with the material solidification behaviour using fusion welding concepts, particularly 
solidification gradient. Solidification gradient served as a good assessment indicator to explain why 316L steel 
is immune to solidification cracking, while IN718, HEA and Hastelloy-X contain some degree of cracks. Although 
the solidification gradient alone could not rank different alloys according to the crack density, it could explain 
the difference in the number density of cracks between Hastelloy X variants with slightly different chemical 
compositions. It was found that minor compositional changes in Si and Mo content in Hastelloy X can 
drastically influence the solidification behaviour and cracking tendency, hence the printability.  

The solidification cracking assessment criteria was then used to develop a design methodology against liquid-
state cracking by combining the Scheil–Gulliver solidification simulations and Machine Learning analysis to 
design alloys for Fusion Additive Manufacturing. Applying this design approach resulted in a Fe–20Cr–7Al–
4Mo–3Ni. The alloy was successfully printed with relative densities of over 99 %. The microstructure of printed 
material was extensively characterised through scanning and transmission electron microscopy, energy 
dispersive spectroscopy and X-ray diffraction, confirming a single-phase material with low texture and 
negligible chemical segregation. Neither solidification nor liquation cracks were detected, supporting the 
validity of the methodology; however, the alloy suffered from solid-state cracking, hindering the ductility and 
reliability in structural applications.  

Another key aspect of printability is the ability to achieve desired microstructure and mechanical properties. 
Process parameters, in particular, scanning strategy, can significantly influence the consolidation, solidification 
microstructure, and mechanical properties of the alloy. A range of print parameters was used for a 
comprehensive assessment of printability of CoCrFeMnNi high entropy alloy, providing a basis to establish the 
relationship between process, microstructure, and mechanical properties. The study demonstrates a high 
relative density of the alloy fabricated with energy density in the range 62.7–109.8 J/mm3. It is shown that the 
scan strategy plays an important role in consolidation. For the same energy density, the rotation of 67° 
between two consecutive layers tends to yield higher consolidation than other considered strategies. 



Moreover, the scan strategy is found to be most influential in microstructure development. The scan strategy 
rotation angle controls the extent to which epitaxial growth can occur, and hence the crystallographic texture 
and the grain morphology. Amongst four considered strategies, the 0°- and 90°-rotation meander led to the 
strongest preferred texture while the 67°-rotation resulted in a weaker texture. The 67°-rotation strategies 
led to broadened grains with lower aspect ratios. The understanding of texture and grain size explains the 
observed mechanical properties (such as flow stress and plastic anisotropy) of the alloy.  

Mechanical properties of the printed alloy can be further tailored via post-processing, particularly heat 
treatment. The microstructural development and strengthening mechanisms of IN718 manufactured by 
fusion-based AM was investigated and compared to a wrought variant. Two different heat treatments were 
performed, a standard solution heat treatment (SHT) commonly used for conventional IN718 and a modified 
SHT developed for LPBF IN718 from prior literature. CALPAHD tools were used to gain insights into the 
dynamics of precipitate formation, while characterisation techniques were used to compare the morphology. 
It was found that LPBF processed IN718 had superior mechanical properties compared to the wrought variant, 
both heat-treated with the conventional SHT. By deconvoluting the strengthening contributions of various 
strengthening mechanisms, it was identified that primarily the strengthening in heat-treated IN718 comes 
from order and coherence strengthening form γ’’. However, despite the underaged size of the precipitates in 
LPBF IN718 after conventional heat-treatment, the contributions from prior solidification cells and increased 
dislocation density had a high enough impact to raise the strength of the alloy above the strength of 
conventional IN718 with optimal precipitate size. Additionally, it was found that the oxide scale on the surface 
of LPBF processed IN718 after the heat treatment had a much lower impact on the mechanical properties of 
the alloy in comparison to near-surface porosity. Hence, to enhance printability, a reliable method to optimise 
process parameters has to be developed. 

To accelerate the search for an optimal printability window during the fusion-based AM, an approach 
incorporating the analytical Rosenthal model and machine learning based on prior literature results was 
developed. Over 2000 observations of process parameters and resulting sample properties were collected to 
train the machine learning models. First, a Gaussian regression model was trained to predict the laser 
absorptivity in Fe-based, Ni-based and Al-based alloys depending on the process parameters. This process-
dependent absorptivity was incorporated into the analytical Rosenthal model to accurately calculate the melt-
pool depth depending on the alloy, laser power, scan speed and laser spot size. A neural network ensemble 
was developed to predict the melt-pool depth as a function of the aforementioned process parameters. These 
models were used to assess the printability of 316L, Hastelloy X, IN718 and Ti6Al4V, in particular, the 
consolidation, based on the ratios between melt-pool depth and layer thickness; and melt-pool width and 
hatch spacing. Such consolidation plots identify regions of optimal printability based on the process 
parameters without the need for lengthy experimental trials.   
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 Introduction 
Additive manufacturing (AM) has received significant attention in recent years due to the flexibility of the 
process and the possibility of fabricating complex parts. It allows to produce components unattainable by 
other manufacturing techniques. Moreover, due to the nature of the process, it allows obtaining functionally 
graded parts (both structurally and chemically). Fusion-based AM is arguably the most promising AM 
technology that uses the fusion of material to form the bonding between the new deposition and the 
substrate. Fusion-based AM has unique characteristics (e.g., rapid solidification, extremely high thermal 
gradient and thermal cycles) that significantly differentiate it from other processes. Such creates challenging 
problems and unpredictable behaviour for high-performance alloys. In addition, most of the alloys currently 
being fabricated by fusion-based AM were initially designed for other processes that involve much slower 
solidification and lower thermal gradient, not for AM. As such, there are major metallurgical and mechanical 
performance challenges in metal AM. Nowadays, there are around 30 commercially available alloys for metal 
AM, including precious metals. However, this is still nowhere near the available material list for other 
processes (such as casting), containing over 3,000 different alloys. The main reason is due to the complexity 
and extremities in the metal AM process. The properties of the final component are dependent on multiple 
process parameters, the geometry of the part and the chemical, physical and metallurgical properties of the 
material. Therefore, there is a significant gap in the assessment of the printability (that includes the 
processability, microstructure and mechanical performance for intended use), especially in the underlying 
understanding of the interplay between the inherent material properties and process characteristics for alloys 
in fusion-based AM. The knowledge obtained from such assessment provides the foundation for the alloy 
selection and design for AM. 

 
Figure 1.1. The typical process of material development (and selection) in AM for a specific application. 

The selection (and development) of an alloy in AM is a complex process and involves multiple steps and 
considerable investments, Figure 1.1. However, the attractiveness is that alongside all the benefits that AM 
offers, there is an opportunity to improve each step and even eliminate some of them. Similar to other metal 
processing, the process parameters, the material’s thermo-physical properties, and the component properties 
are strongly interlinked in AM. However, the limited materials portfolio, the lack of alloy printability evaluation 
criteria and methodologies to accelerate the selection and development of new alloys in fusion-based AM 
significantly restrict the realisation of the technology. 

The aim of this thesis is to investigate the factors that influence the printability of alloys in fusion-based AM, 
where printability is defined as “the ability of a material to be consolidated layer-upon-layer to form a designed 
part with desired microstructure and properties that ensure the performance of the printed material over its 
intended service life”[1]. Considering the similarities between the most used fusion-based technologies, laser 
(L-PBF) and electron beam powder bed fusion (EB-PBF), and the wide use of LPBF for intricately complex 
components, LPBF is selected as a representative fusion-based technology for this PhD investigation. However, 
the slight differences in the processing conditions between fusion-based AM are recognised and might require 
some modifications to the developed theories.  
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The main section of the thesis is divided into chapters that examine relevant aspects of the printability of some 
alloys commonly used in fusion-based AM, namely, the evaluation of defect formation tendencies, influences 
of process parameters and post-processing on mechanical properties, and optimisation of process parameters. 
Such examination provides an in-depth understanding of the links between the process, material composition 
and mechanical properties of printed components to accelerate the selection and design of alloys in AM. 

An overview of the fusion-based AM process, available materials and mechanical properties are presented in 
Section 2.1 to identify some key remaining challenges in alloy fabrication by AM with a focus on LPBF as a 
representation of fusion-based AM. Section 2.2 develops a  deeper understanding of the phenomena occurring 
during fusion-based AM to link the roles of material’s thermophysical properties in the defect formation 
mechanisms. A review of developments to evaluate the defect formation tendency and current efforts in alloy 
design for LPBF is presented in Sections 2.3 and 2.4. This thesis uses various Machine Learning methods to 
analyse collected literature data in seeking a deeper understanding of influential factors in alloy printability; 
hence an overview of machine learning techniques and examples of their implementation are presented in 
Section 2.5. The following chapters focus on the gaps identified in the literature review. 

To expand the portfolio of printable alloys for fusion-based AM, it is essential to evaluate whether the material 
is likely to form defects during processing. Therefore, Chapter 3 focuses on assessing the defect formation 
tendencies in alloys during LPBF, formulating several alloy selection criteria to avoid or limit the solidification 
cracking and compositional changes during processing. The criteria are then tested by designing and evaluating 
a FeCrAl alloy resistance to solidification cracks. Once defect formation tendencies are evaluated, it is vital to 
correlate how the processing conditions affect the mechanical properties of AM components. Therefore it is 
necessary to study the microstructure, and mechanical properties of AM builds. Chapter 4 investigates the 
influence of process parameters on microstructure and mechanical properties in fusion-based AM processes, 
focusing on LPBF. In particular, the effects of scan strategy on texture and mechanical properties of 
CoCrFeMnNi HEA were thoroughly characterised. After AM fabrication, most of the alloys require post-
processing steps such as heat treatments. In particular, heat treatment is a must for precipitation-hardening 
alloys (such as IN718 Nickel-based superalloy). To ensure the mechanical performance for intended use as part 
of printability assessment, it is necessary to examine the microstructure changes in heat treatment and their 
effects on mechanical properties. Chapter 5 develops a deeper understanding of the differences between the 
post-heat-treatment behaviour in conventional and LPBF IN718 alloy by characterising the microstructure and 
simulating the heat-treatment procedure using CALPHAD. Chapter 5 also made attempts to quantitatively 
deconvolute the strengthening contributions. One of the remaining challenges in fusion-based AM is the 
lengthy process of identifying the optimal processing conditions. Chapter 6 uses the ever-growing availability 
of literature data in the field of LPBF in combination with machine learning to accelerate the search for an 
optimal printability window of alloys. The main conclusions are summarised in Chapter 7, along with the 
suggestions for further work.  
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 Literature Review 
2.1 Additive manufacturing  
One of the first developments in metal Additive Manufacturing (AM) dated back to 1995. Atwood et al. 
proposed to use Laser Cladding as a Rapid Prototyping method, using fine pure aluminium powder[2].  Industrial 
Additive Manufacturing of metallic components first appeared in 1998, when Optomec commercialised a 
Laser-Engineered Net Shaping (LENS), now known as DED. The system was developed at Sandia National 
Laboratories under a cooperative research and development agreement between United Technologies Pratt 
and Whitney[3]. By 1998 LENS was successfully used to fabricate parts from 316 stainless steel, Nickel based 
alloys, H13 tool steel, and titanium alloys[3]. The steady increase in equipment sales for metal AM is driving an 
increase in the material requirement, such as metallic powders (Figure 2.1a). Market size for metallic powders 
is expected to hit the $1 billion mark by 2022[4]. AM now extends to over 30 different technologies covering a 
wide range of materials from plastics, ceramics, and composites to high-performance metallic alloys. In 2016 
NIST has estimated that total revenue from AM-related activities might be worth $ 44 billion[5]. The NIST 
authors stated that real economic impact is difficult to calculate as a lot of companies use AM for their internal 
developments and support for traditional manufacturing technologies. Nevertheless, these figures signify that 
AM technologies are maturing and are transitioning to wide adoption across multiple industries, Figure 2.1b.  

 
Figure 2.1. (a) Number of yearly units sales for metal printers (solid) and market size of metal powders (dashed) 
for additive manufacturing over the 2007-2018 period[4]. (b) Industry segmentation of AM market in 2018[4] 

Of particular interest are metal fusion-based additive technologies. In literature, AM users often encounter 
confusion that multiple terms are used to refer to the same technique. For instance, Laser Powder Bed Fusion 
(LPBF) and Selective Laser Melting (SLM) are all different terms for the same technique. Therefore, it is 
essential to use the standard terminology. Several ways AM techniques can be categorized (e.g. by material 
feedstock or by melting technology, etc.). This chapter uses a terminology standard jointly developed by ASTM 
and ISO (EN ISO/ ASTM 52900-15[6]). According to this standard, AM processes divide into 7 categories based 
on the material feedstock: VAT Photopolymerisation, Binder Jetting, Material Jetting, Material Extrusion, 
Powder Bed Fusion, Sheet Lamination, and Directed Energy Deposition. The terminology is applicable for all 
materials used in AM.    
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2.1.1 Metal additive manufacturing 
A significant body of metal AM research is conducted using Powder Bed Fusion (PBF), as illustrated in Figure 
2.2 (a). The heat source for this process is typically either a laser beam or an electron beam. Hence, PBF 
techniques with the two heat sources are termed laser PBF (LPBF) and electron beam PBF (EB-PBF). LPBF 
provides several advantages over EB-PBF thanks to its broader applicability to various metals (electron bean 
can only be used with electrically conductive materials) and fine feature size (LPBF typically has a smaller melt-
pool, allowing the fabrication of intricate features). On the other hand, EB-PBF provides higher deposition 
rates, is carried out under a vacuum environment reducing the oxidation levels during processing, and typically 
results in lower residual stresses thanks mainly to its effectiveness in preheating of the build plate in 
comparison to LPBF. Both PBF techniques are based on the same principle of operation. First, a fine powder 
layer is spread onto the substrate. Then, the heat source sequentially scans and melts the powder layer in a 
preset fashion, creating the part's first layer. Subsequently, the stage with the build platform lowers by one 
layer thickness, and the next layer of powder is deposited. The process repeats until the part is finished. 
Considering the similarities between LPBF and EB-PBF and the significant use of LPBF for intricate and high 
performing components, LPBF was used as a representative for fusion-based AM investigated in this PhD 
study.  
The Direct Energy Deposition (DED) process operates somewhat similarly to fusion welding. Both the material 
and energy are transferred to a location where the material is deposited. The heat source in this method can 
be a laser beam, an electron beam, or arc plasma. The material feed can take the form of powder, as shown 
in Figure 2.2 (b) or wire, Figure 2.2 (c). Such a method brings several advantages, such as the material 
deposition rate being significantly increased, the method is easier to implement for repairing parts and is 
capable of fabricating completely enclosed hollow structures (depending on the orientation and complexity of 
the hollow structure). However, the resolution of the process is much lower than PBF. Therefore, it requires 
significant additional post-fabrication machining. 

 
Figure 2.2. Two major AM processes: (a) Powder Bed Fusion (PBF), (b) and (c) Direct Energy Deposition (DED) 
using powder and wire, respectively. 
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2.1.2 Available Alloys 
PBF technologies show great potential in fabricating metallic components with high geometrical flexibility, 
reduced lead time[7], and is a crucial enabler for developing advanced materials such as architected materials[8]. 
Moreover, the nature of the process allows local tailoring of the microstructure (namely the solidification 
structure, grain morphology (shape and size) and the grain crystallographic orientation (i.e. texture) and, 
hence, the mechanical properties. It has been well documented that the microstructure and mechanical 
properties of the AM builds are generally very anisotropic and strongly influenced by the process parameters 
[9]–[13]. The unique characteristics of alloys fabricated by PBF become clearer if we plot a ductility-strength chart 
for 3000 conventionally manufactured materials and compare it to alloys commonly manufactured by LPBF, 
e.g. around 6 alloys commonly used for LPBF, Figure 2.3. Figure 2.3 also shows that LPBF not only allows for 
tailoring the mechanical properties but also enhances them. In particular, LPBF-printed 316L steel and 718 
nickel superalloy have better elongation and tensile strength than the same alloys manufactured by other 
processes (Figure 2.3b versus a).  

 
Figure 2.3. Elongation and tensile strength of alloys manufactured by conventional techniques[14] (a) and via 
Laser Powder Bed Fusion (b).  
Note: the legend in (a) only states the principal element of the alloy system, e.g. Aluminium refers to Al alloys. 
Data in (b) was collected from multiple sources by the author and made available in  [15] 
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Despite the significant growing interest in fusion-based metal AM, the current materials portfolio of widely 
commercially available alloys is relatively scarce (up to about 23 alloys). Table 2.1 gives a brief overview of 
mechanical requirements for AM alloys standardised by ASTM in collaboration with the International 
Standards Organisation (ISO). Commercially there are a few more available options (but not widely used due 
to either difficulty in processing or limited use cases), including precipitation-hardenable steels 17-4[16]–[19] and 
15-5 PH[20]–[22]; stainless steels 304L[23], [24], 420;[25], [26] tool steels H11[27], [28] and H13[29]–[32]; maraging steel 
300[33]–[36]; Ni superalloys Hastelloy-X[37]–[41], Haynes 230,[42] IN738; titanium Ti6242[43]–[45]; aluminium 
Scalmalloy ®[46]–[48], AlSi7Mg[49], AlSi12[50], Al7075[51].  

Table 2.1. Minimum tensile requirements for alloys manufactured by LPBF at room temperature in different 
conditions 

Family Alloy State 

Minimum Tensile Requirements 

ASTM 
Standard 

Tensile 
Strength Yield stress Elongation 

to failure 
(XY/Z 
MPa) 

(XY/Z 
MPa) (%) 

Stainless Steels 316L SRi 515 205 30 F3184 − 16[52] 
CoCr Co28Cr6Mo SRi 655 450 8 F3213 − 17[53] 

Superalloys 
IN718 

SRi 980/920 635/600 27 F3055 − 
14a[54] HTi 1240 640/920 12 

IN625 SRi 485 275 30 F3056 − 14[55] 

Titanium 
Ti6Al4V SRi 895 825 10 

F3302 − 18[56] Ti6Al4V ELIii SRi 860 795 10 
CP Ti SRi 450 380 18 

Aluminium AlSi10Mg 

APi 413 220 4 

F3318 − 18[57] 
SRi 241 138 10 
T6 345 207 5 

HIPi+T6 276 207 10 
i SR – Stress Relieved, HT – Heat Treated, AP – As Print, HIP – Hot Isostatic Pressing 
ii ELI – Extra Low Interstitial 

However, none of these materials, except Scalmalloy ®, were initially designed for AM. Moreover, the defect 
formation mechanisms are complex and manifold, relating to both the process characteristics and inherent 
material properties. This is one of the main reasons why most of the materials still suffer numerous processing 
defects, including liquid and solid-state cracks, pores, delamination defects, warpage, extremely high internal 
stresses and significant compositional changes. Such defects can significantly compromise the mechanical 
properties of AM alloys. This is especially important in critical load-bearing and highly complex components, 
where safety, reliability and performance are of the utmost paramount. In particular, under fatigue conditions 
and elevated temperatures, the stresses cycles can assist the crack growth from defects and non-equilibrium 
phases, substantially reducing the performance and service time. Over the past decade, the AM community 
has mainly made efforts to optimise the material performance through process parameter optimisation and 
various post-processing treatments, including Hot Isostatic Pressing (HIP), which can significantly increase the 
production costs. While such efforts achieve some significant improvements, challenges associated with 
processing defects and performance remain the main barrier to the broader industrialization of AM. Another 
focus currently drawing considerable attention from the community is to design new printable alloys, taking 
into account the unique characteristics of AM process.  

The following sections review key aspects of some commonly used materials in LPBF, focusing on their 
microstructure, defects and properties. The review helps to understand the characteristics of alloys fabricated 
by LPBF, and more broadly by fusion-based AM, and guide the design and selection of printable alloys for AM. 
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2.1.2.1 Ti–6Al–4V 
AM brings immense opportunities for titanium alloys due to the alloys’ high cost and wide use in low volume, 
high added value sectors[58]–[60]. Ti alloy ingots are over 60 times more expensive than steel. However, due to 
low mass density, outstanding specific strength[61] and excellent corrosion resistance[62], titanium alloys are 
extensively used in aerospace. Furthermore, a low Young’s modulus (comparable to that of a human bone) 
and high biocompatibility makes them an excellent material for implants[63]. In both industries, there is a need 
for highly geometrical flexibility and reliable performance. In aerospace industry, the lighter the components 
– the higher the fuel efficiency. A common term to measure the efficiency of material usage in aerospace is a 
buy-to-fly ratio, which compares the amount of material bought and the amount used in the final component. 
Typically, this value for aerospace components is around 6:1 but can often reach 10:1 or even higher for a 
more complex part[58]. With near net shape printing via AM, the buy-to-fly ratio can approach a 1:1 ratio, 
markedly lowering the component costs. One of the widely used titanium alloys is Ti–6Al–4V. This alloy is by 
far the most additively manufactured Ti alloy. It consists of dual phases: a hexagonal-close packed (HCP) α 
phase and a body-centred cubic (BCC) β phase, which is retained at room temperature. 

Under slow cooling, low-temperature HCP α transforms from BCC β at the transus temperature (around 
1050°C). Three typical microstructure types can be obtained for this alloy for different product purposes: 
equiaxed, bimodal and lamellar. Mechanical deformation and post heat treatment can result in different α 
and β microstructures and, therefore, strongly affect the mechanical properties. During cooling with cooling 
rates exceeding 50 °C/s [64], such as in LPBF, instead of α, martensite microstructure α’ can form via 
diffusionless displacive transformation. Five BCC β crystals arrange to form a body centred tetragonal (BCT) 
crystal (Figure 2.4a) within, deforming it (Figure 2.4b) and displacing the central atom (Figure 2.4c) upon rapid 
cooling to create the unit cell of HCP α’ crystal[65]. Such transformation induces a lot of strain and internal 
stress in the alloy.  

 
Figure 2.4. Martensitic transformation in Ti–6Al–4V under rapid cooling: (a) - BCT crystal formation in an 
arrangement of five BCC unit cells; (b) - shear transformation in the BCT crystal; (c) - displacement of the central 
atom of BCT crystal and formation of HCP unit cell in α’ Ti martensite.  
Adapted from [65] with permission from the publisher 

The typical post-fabrication martensitic microstructure of the alloy is needle-like laths (Figure 2.5 a-c). These 
needles range from 0.02 µm to 3 μm depending on the order of formation (primary, secondary or ternary)[66]. 
Yang et al. [66] proposed that the different order of formation is related to the inherent thermal cycling during 
LPBF, Figure 2.5d. Due to the repeated deposition of material in AM, the solid material experiences several 
cycles of heating and reheating. Such thermal cycles in the first few depositions of tracks can result in the β–
martensite transformation cycle. Reheating to above the transus temperature causes a decomposition of 
martensite, leaving residual dislocations, which serve as nucleation sites for new martensitic needles upon 
cooling, Figure 2.5e.  
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Figure 2.5. Microstructure of as-fabricated Ti–6Al–4V via LPBF (a) with multiple variants of martensite (b), (c). 
Schematic of the thermal cycles experienced by Ti–6Al–4V during LPBF (d) with a corresponding theory of 
martensite formation (e).  
Reused from [66] with permission from the publisher 

Such martensitic transformations might seem to impose high internal stress levels, which, coupled with 
thermal stresses inherent to LPBF, may lead to severe deformation and crack formation. Experimental 
measurements report that the levels of residual stress in Ti–6Al–4V can exceed 900 MPa[67].  However, 
modelling efforts by Chen et al. [68] and Denlinger et al. [69] revealed that solid-state transformations have a 
stress-relaxation effect, reducing the residual stress levels by up to 80%[68]. Such relaxation behaviour can 
benefit alloys with low thermal diffusivities, as they tend to accumulate the highest residual stresses[67]. Low 
thermal diffusivity usually correlates with a higher capacity for heat storage. This, in turn, results in increased 
peak temperature during thermal cycling, and therefore, higher residual stresses[70], [71]. As such, materials with 
the ability to undergo a displacive transformation during rapid cooling can offer in-situ routes to reduce 
residual stresses via stress relaxation.  

High residual stresses and metastable martensitic microstructure of Ti–6Al–4V after LPBF processing results in 
increased alloy strength with reduced ductility. Through heat treatment of the alloy, the microstructure can 
be transformed to α + β. As a result, the ductility increases at the expense of strength. Overview of monotonic 
mechanical properties for Ti–6Al–4V is given in Figure 2.6. On average, the violin plots of mechanical properties 
suggest that mechanical properties are more or less consistent across different loading directions. Data for 
the as-build condition also shows separation into two domains: one with good mechanical properties, and one 
with depreciated. Such behaviour is an indication that quite a few tested samples had poor quality. This 
domain is visible on the lower-left corner of Figure 2.6d, where samples with low ductility and low strength 
are located. 
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Figure 2.6. Mechanical properties of Ti–6Al–4V reported in the literature. (a) – Yield Stress, (b) – Tensile 
Strength (c)- Elongation and (d) Strength – elongation diagram for various sample states AB – As-Built, HT – 
Heat Treated, Note that AB is the as-built, HT represents heat treated, Vertical denotes the test direction || 
build direction, and Horizontal denotes the test direction ⊥ build direction 
Data in the figure was collected from multiple sources by the author and made available in  [15] 

Another issue observed in the PBF of Ti–6Al–4V is the compositional change [72]–[75]. Some alloying elements 
preferentially evaporate during processing. This depends on the volatility of the elements. In the case of Ti–
6Al–4V, Al is the most volatile. The higher the energy density used to manufacture the sample – the more 
significant the loss of Al. Figure 2.7a shows the dependence of Al content on the Volumetric energy density 
used during LPBF. This issue in the LPBF of Ti–6Al–4V is not very severe. However, under vacuum conditions 
of EB-PBF, Al losses are much more pronounced, Figure 2.7b. Losses are reported to be up to 25% from the 
original composition[73]. Moreover, the aluminium distribution becomes inhomogeneous due to remelting of 
some regions when the subsequent track is being deposited.  

 
Figure 2.7. Compositional variations in Ti–6Al–4V: (a) – Aluminium content in LPBF manufactured samples as 
a function of the energy density employed (data taken from[72]); (b) Compositional distribution of Al in EBM 
manufactured Ti–6Al–4V at two different beam energies  
Reused from [73] with permission from the publisher 
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2.1.2.2 Superalloys 
Another family of high-performance engineering alloys is superalloys. These alloys have excellent heat 
resistance, retaining their strength at elevated temperatures. The most widespread superalloys are based on 
the Ni system. Nickel-based alloys typically are divided into solid-solution and precipitation strengthened. The 
latter are used in demanding conditions. The basis of their superior mechanical properties at elevated 
temperatures is the formation of a coherent ordered FCC L12 γ´ precipitate in an FCC γ matrix. Ordered phases 
show much higher resistance to dislocation movements. The chemically ordered arrangement of atoms in γ´ 
induces an energy penalty when dislocations travel through them. When a dislocation shears through a γ´ 
precipitate, it disrupts the order arrangement. Restoring the arrangement requires another dislocation on the 
same slip system to shear the precipitate, creating an antiphase boundary (APB) between the two dislocations. 
Such dislocations are termed superdislocations. The primary slip systems in FCC materials are {111}<1�10>, 
with an example of superdislocation dissociation reaction: 𝑎𝑎[110] → 𝑎𝑎

2
[110] + 𝐴𝐴𝐴𝐴𝐴𝐴 + 𝑎𝑎

2
[110] travelling on 

the (1�11) plane. At elevated temperatures, some of the 𝑎𝑎
2

[110] screw dislocations can cross-slip onto a non-
closed packed (001) plane. This is a thermodynamically driven process enabled due to lower energy for APB 
on {100} family of planes. However, as {100} planes are not close-packed, dislocation glide is significantly 
impaired, making the dislocation sessile. This is termed Kear-Wilsdorf lock[76] and is responsible for anomalies 
in the yield stress of Ni superalloys, exhibiting yield stress increases with increasing temperature.  When 
temperature increases to be above a critical temperature, the unlocking mechanism becomes active, and 
dislocations start cross-slipping back to {111} planes resulting in the reduction of yield stress. Numerous 
superalloys have been developed for specific end-uses with a varying fraction of γ´. However, not all are 
processable via AM. The most studied Ni superalloy in LPBF (as well as in general AM) is IN718. Around 70% 
of studied superalloys in AM research[77] was dedicated to IN718, Figure 2.8(a). Such dominance is thanks to a 
combination of high weldability, Figure 2.8(b), and excellent alloy mechanical properties, Figure 2.8(c). Two 
other well studied superalloys in AM are IN625 and Hastelloy X. The three alloys are among the ‘weldable’ 
category[78]. 

 
Figure 2.8. (a) Fraction of research on Ni-based superalloys in Powder Bed Fusion segmented by individual 
alloys [77]. (b) Weldability diagram of Ni-based superalloys based on Al, Ti, Cr and Co contents[78]. (c) Strength 
of several superalloys with respect to the temperature[79] 
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2.1.2.2.1 Hastelloy X 
It is known in welding that γ´ content directly correlates with the weldability of the alloy and the tendency to 
form cracks during processing. For instance, Hastelloy X, a solid solution strengthened superalloy without γ´, 
is widely reported to be weldable and highly resistant to cracking[80]–[82], see Figure 2.8(b). However, the alloy 
is susceptible to solidification cracking during LPBF processing[38], [41], [83], [84]. The mechanisms for solidification 
crack formation in Hastelloy-X are still being disputed. Tomus et al. suggested that the amount of minor 
alloying elements such as Mn and Si plays a significant role in crack formation[85]. The author suggests that the 
increased concentration of these elements decreases the material's solidification temperature, causing an 
increase in microsegregation towards the grain boundaries. 

Segregation weakens the grain boundaries and enables the shrinkage strains to initiate cracks. Therefore, a 
reduction in Mn and Si contents was shown to benefit by almost eliminating solidification cracks. Harrison et 
al. suggested an alternative to tackle the solidification cracking in Hastelloy X via improving the intrinsic 
strength of the matrix. By slightly increasing the contents of solid solution strengtheners (W and Mo), the 
authors predicted an 8 MPa increase in matrix strength. Additionally, a reduction of the content of tramp 
elements (O, N, P, Cu, Pd) was performed. However, no details on the extent of reduction were provided. As 
a result, the modified alloy showed an 80% reduction in crack density. An investigation by Tomus et al. 
employed a hot tearing sensitivity analysis to demonstrate the importance of Si and C contents on crack 
formation[84], suggesting highest risk for crack formation for 0.4< wt% Si<0.6 and 0.03< wt% C<0.05. Sanchez-
Mata et al. did not observe any solidification cracks as-print Hastelloy-X[86], whereas Wang et al. found that 
solidification cracks were quite pronounced[41]. All the studies mentioned above reported a slightly different 
alloy composition, suggesting that minor compositional changes can lead to solidification crack formation in 
Hastelloy X. Table 2.2 summarises the measured alloy composition and the crack density from various studies. 

Table 2.2. Compositions of Hastelloy X manufactured by LPBF with corresponding reported crack density 

Reference Ni Cr Fe Mo Co W Mn Si C Cracking 

Tomus et al.[84] 
Bal. 21.38 18.43 8.82 1.83 0.86 <0.01 0.11 0.01 - 
Bal. 21.1 17.9 8.8 2 0.9 0.14 0.36 0.06 + 

Sanchez-Mata  
et al.[86] 

Bal. 21.2 17.6 8.8 2 N/A <0.1 0.2 0.06 - 

Marchese  
et al.[87] 

Bal. 21.4 18.7 9.35 1.85 0.92 N/A 0.37 0.051 3 mm/mm2 * 

Harrison et al.[38] 
Bal. 21.8 18.59 9.4 1.77 1.05 0.22 0.31 0.054 15 mm-2 ** 

Bal. 21.3 19.5 9 1.04 0.56 0.48 0.32 0.057 35 mm-2 ** 
Wang et al.[41] Bal. 22.6 19.6 8.9 1.5 0.89 0.39 0.65 0.05 4.5 mm-2 ** 

Han et al.[88] Bal. 21.2 17.6 8.8 2 0.6 0.1 0.2 0.06 0.65%*** 

‘+’ and ‘-‘ represent the reported presence and absence of cracks in the reference, respectively; *Crack density measured 
as mean crack length per unit area; ** Crack density measured as the number of cracks per unit area; *** Crack density 
measured as a volume fraction using 3D CT scanning 

Such vastly different cracking behaviours inevitably result in inconsistent mechanical properties, Figure 2.9. 
This is especially evident when comparing yield stress and ultimate tensile stress along the build direction and 
perpendicular to the build direction. Solidification cracks typically form along high angle grain boundaries, 
which in fusion AM (including LPBF) are commonly aligned parallel to the build direction. Therefore, applying 
stress perpendicular to the crack direction imposes a higher stress concentration factor; hence the significant 
anisotropy in mechanical behaviour in Figure 2.9a and b. The presence of cracks in combination with process-
induced porosity is even more detrimental in fatigue loading conditions. The fatigue life of Hastelloy X was 
reduced up to 1 order of magnitude compared to HIPed samples[40]. It was reported that most of the cracks 
were initiated from surface (or sub-surface) pores[40], whereas the fatigue samples in the study were polished 
to reduce the effects of surface roughness and sub-surface porosity. In addition, given the anisotropy often 
seen in AM alloys, the fatigue tests in [40] were tested parallel to the build direction, so it might not show the 
complete picture of the fatigue behaviour. 
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Figure 2.9. Mechanical properties of Hastelloy-X reported in the literature. (a) – Yield Stress, (b) – Tensile 
Strength (c)- Elongation and (d) Strength – elongation diagram for various sample states AB – As-Built, HT – 
Heat Treated. Note that AB is the as-built, HT represents heat treated, Vertical denotes the test direction || 
build direction, and Horizontal denotes the test direction ⊥ build direction 
Data in the figure was collected from multiple sources by the author and made available in  [15] 

2.1.2.2.2 Inconel 718 
IN718 is one of the most printed alloys in PBF and the most studied AM Ni superalloys. It is a precipitation-
hardening Ni based superalloy with good weldability and capable of bearing high loads up to 700 °C, Figure 
2.8b, c. Under rapid cooling conditions of PBF processes, this alloy solidifies as a primarily solid solution of 
chemically disordered FCC. Reports have shown that at the final stages of solidification, a small fraction of 
Laves phase forms[89]. Phases such as hexagonal Laves and orthorhombic δ have low ductility and cause a 
negative impact on mechanical properties. Through solution heat treatment above 1010 °C, one can dissolve 
the unwanted Laves and δ[90]. Subsequent ageing forms strengthening precipitates of L12 Ni3(Al, Ti) γ´ and 
ordered tetragonal Ni3Nb γ’’, both of which substantially improve the strength of the alloy. From the materials 
science standpoint, IN718 is an example where AM provides many benefits. For example, LPBF-printed IN718 
could have lower creep rates as compared to the wrought variant under high temperature, and stress creep 
conditions [89]. From the standpoint of defects, if adequately processed, little to no cracks are observed. This 
allows to achieve a stable mechanical performance of the material, Figure 2.10. Strength in horizontal and 
vertical directions usually differ by around 100 MPa because of the defect distribution and crystallographic 
texture. Meanwhile, different heat treatments allow to achieve a wide range of desirable mechanical 
properties, Figure 2.10d.  
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Figure 2.10. Mechanical properties of IN718 reported in the literature. (a) – Yield Stress, (b) – Tensile Strength 
(c)- Elongation and (d) Strength – elongation diagram for various sample states AB – As-Built, HT – Heat 
Treated. Note that AB is the as-built, HT represents heat treated, Vertical denotes the test direction || build 
direction, and Horizontal denotes the test direction ⊥ build direction 
Data in the figure was collected from multiple sources by the author and made available in  [15] 

2.1.2.3 316L Stainless Steel 
 Fe-based alloys are the most versatile and used family of alloys, ranging from hard tool steels with strength 
exceeding 1600 MPa, to ductile and corrosion-resistant stainless steels. Among this family, AISI 316L stainless 
steel is to this day the most widely used material in AM. It is an austenitic single-phase FCC alloy with high 
resistance to corrosion, excellent ductility and damage tolerance. The alloy has wide industrial applications in 
power generation, construction, oil and gas, biomedical applications, food processing and pharmaceuticals 
thanks to its outstanding corrosion resistance over a wide range of temperatures, high oxidation resistance 
and superior creep-fatigue resistance at high temperatures. However,  the main characteristic of this steel for 
AM is its excellent printability[16], [91]–[94]. It is well documented that non-precipitation hardened alloys possess 
superior strength after PBF processing. However, in most cases, this comes with a reduction of ductility. Most 
interestingly, 316L steel (and similar grades of stainless steel like 304) fabricated by AM has strength and 
ductility that exceed the conventional material properties[93]–[95], Figure 2.11. PBF processing promotes the 
twinning-induced plasticity (TWIP) in the material during deformation[93], [94]. This mechanism typically is not 
observed in low Mn steels processed by other processes; however, the TWIP in AM 316L predominantly occurs 
to achieve excellent ductility (up to 80 % [96]), offering a unique way to mitigate the negative effect induced by 
porosity. Apart from the typical processing defects such as lack of fusion, keyhole porosity and residual stress, 
the material is rather insusceptible to the crack formation in AM. Mechanical properties along and 
perpendicular to the build direction reported for 316L are pretty similar, Figure 2.11. Interestingly, Figure 
2.11d shows the variation of strength and ductility, reflecting the change in print quality of the material.  
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Figure 2.11. Mechanical properties corresponding to different sample orientations and material conditions of 
316L Stainless Steel reported in the literature. (a) – Yield Stress, (b) – Tensile Strength (c)- Elongation and (d) 
Strength – elongation diagram for various sample states AB – As-Built, HT – Heat Treated. Note that AB is the 
as-built, HT represents heat treated, Vertical denotes the test direction || build direction, and Horizontal 
denotes the test direction ⊥ build direction 
Data in the figure was collected from multiple sources by the author and made available in  [15] 

2.1.2.4 AlSi10Mg 
AlSi10Mg is an alloy initially developed for casting processes. It is commonly used in industrial fields such as 
automotive and aerospace because of its high specific strength (strength normalised by density coupled with 
relatively low thermal expansion coefficient (20 µm/mK) compared to other Al-based alloys[97], [98]. Low thermal 
expansion is achieved through the addition of Si in the structure.  This property is beneficial when combatting 
dimensional inaccuracies during processing[99]. Alloying Al with Si to near-eutectic compositions (12.6 wt% Si) 
also reduces the freezing range (i.e., the difference between solidus and liquidus temperature). A small 
freezing range is beneficial as it reduces the chemical segregation, increasing the microstructure homogeneity 
and giving a lower susceptibility to hot tearing 92,93. The addition of Mg introduces precipitation hardening 
capabilities in the alloy[102], [103]. However, the traditional T6 heat treatment procedure reduces the strength of 
the LPBF-printed alloy[104], Figures 2.12a, b. Moreover, Zhang et al. have shown that the fatigue resistance of 
relieved AlSi10Mg manufactured by LPBF has dropped significantly after T6 heat treatment, solutionising and 
stress-relieving as compared to the as-print version[105].  Solutionizing step during the heat treatment dissolves 
the eutectic Al-Si shell surrounding the solidification cells and homogenises the solute distribution. However, 
if the alloy is subjected to direct ageing, the eutectic shell is retained, and strengthening precipitates are 
nucleated in the core of the solidification cells. Such heat treatment achieves over 40% strength increase 
compared to the traditional sequence while retaining a decent level of ductility[106]. Overall, the material 
processed via LPBF is reported to exhibit better strength than that of the traditional cast counterpart[104]. 
Mechanical properties of the LPBF-printed parts in as-built condition are similar in vertical and horizontal 
directions, Figure 2.12. The alloy is generally reported to have good printability, resistance to hot tearing and 
significant dimensional distortions[104]. 
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Figure 2.12. Mechanical properties of AlSi10Mg reported in the literature. (a) – Yield Stress, (b) – Tensile 
Strength (c)- Elongation and (d) Strength – elongation diagram for various sample states AB – As-Built, HT – 
Heat Treated. Note that AB is the as-built, HT represents heat treated, Vertical denotes the test direction || 
build direction, and Horizontal denotes the test direction ⊥ build direction 
Data in the figure was collected from multiple sources by the author and made available in  [15] 

2.1.2.5 High Entropy Alloys 
There has been a huge interest in a new family of high entropy alloys (HEA) in the recent years. Their 
metallurgical principle is cardinally different to the classical one major element approach. In the HEA approach 
there are no single principal elements. Due to the unique characteristics of the HEAs (possible sluggish 
diffusion, configurational entropy and lattice distortion), some of this alloy family deem suitable for AM. 
Sluggish diffusion, for instance, reduces the elemental partitioning, which in turn will reduce the liquation 
cracking. A combination of more than 4 elements in equimolar concentration[107] is often used to produce a 
single phase alloy stabilised by the configurational entropy. Although it was clearly shown that the entropy 
alone will rarely stabilise a single phase[108], the compositional space of HEAs is vast. If the original definition 
of high entropy alloys was extended to account for non-equimolar concentrations, there are potentially over 
1011 and 1013 combinations for quaternary and  quinary systems respectively[109]. This allows for a wide 
opportunity of searching for new alloys suitable for AM. There has been a number of works exploring the 
suitability of HEAs in AM[110], [111], [120]–[124], [112]–[119]. The vast majority of works concentrate on the equiatomic 
composition of 3d transition metals: Co, Cr, Fe, Mn and Ni[110]–[116]. Several authors deviate from the equiatomic 
combination of elements, incorporating additions like Al[117], [118], [125], V[119], Ti and W[126]. The combination of 
high cooling rates in LPBF and properties of HEAs (particularly possible sluggish diffusion and lattice 
distortions) can help to increase the glass formability of some HEAs to manufacturing of bulk metallic glasses 
(BMGs) via LPBF[122]–[124]. However, the printability reported for some HEAs was rather mixed. Some alloys are 
deemed highly printable like equiatomic CoCrFeNiMn and CoCrFeNi alloys[1], [113], [115]. On the other hand, many 
studies indicate a high density of defects such as solid state and liquid state cracks in the printed alloys[125]–

[129]. A recent review in the state of the art of HEA printing in LPBF by Moghaddam et al. has a good overview 
of the printed materials and defects observed after printing[130]. Figure 2.13 depicts an overview of the 
mechanical properties and quality of the HEAs manufactured by LPBF. Samples with a relative density 
approaching 100% demonstrate higher yield stress, Figure 2.13a. Several alloys show a desirable combination 
of high tensile strength and good ductility, Figure 13b. Overall, the HEA approach provides considerable 



 
16 

opportunities of alloy development for AM, particularly LPBF. However, further work is needed to realise the 
potential of HEAs in the search for alloy candidates for AM.  

 

 

Figure 2.13. Mechanical properties of HEA alloys reported in the literature. (a) – Yield Stress dependence on 
relative density (consolidation) and (b) Strength – elongation diagram for various sample states. Note that the 
legend in (a) is the same as in (b); bulk metallic glass samples (BMG) were only investigated in compression. 
Data in the figure was collected from multiple sources by the author and made available in  [15] 

2.2 Melting and cooling processes and associated defects 
 The previous section presented a brief overview of the commonly printed materials, their defects and their 
properties in comparison to traditional processes. This section aims to get deeper understanding of the defect 
formation mechanisms, and characteristics of fusion-based metal AM processes to provide a basis for 
assessment formulation in Chapter 3 to guide the design of new alloys for LPBF. Here, a general overview of 
the principles, current understanding of underlying mechanisms, and influence of critical processing 
parameters will be provided. This understanding will be essential when considering how the material's 
thermo-physical properties interact with the processing conditions. The chapter starts with the phenomena 
(and mechanisms) occurring during fusion-based AM. Subsequently, the major types of defects mentioned in 
the previous section will be discussed in depth. 

2.2.1 The process 
 Fusion-based powder bed processes utilise high-density energy sources (laser, electron beam or plasma) to 
melt and fuse a thin layer of powder to the solid metal (build plate for the first layer or previously deposited 
tracks/layers). This is achieved by forming a melt-pool from fine metallic powder. Once the melt-pool solidifies, 
it forms a physical and metallurgical bonding with the previously deposited material (or build-plate). The 
selection of process parameters such as the power of the energy source, the speed of the moving energy 
source (i.e., scan speed), hatch spacing (lateral distance between two adjacent deposition tracks) and layer 
thickness (vertical distance between two consecutive deposition tracks) need to be carefully defined to 
achieve melt-pool dimensions that can ensure the bonding. Sufficient overlap between melt pools is required 
to avoid regions with un-fused powder (i.e., lack of fusion). The melt-pool formation in LPBF involves the 
following processes[37], [131]–[133]: 

1. The metal powder absorbs the high-density energy, beginning to melt, Figure 2.14a. 
2. The liquid surface temperature reaches boiling point, resulting in localised vapour depression due to recoil 

pressure[134] Figures 2.14b, c. 
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3. Some of the incident energy propagates through the vapour depression and molten metal to melt more 
powder, Figure 2.14b.  

4. Marangoni forces (surface-tension-driven convection) induce convection currents, which redistribute the 
temperature and expand the melt-pool[134], [135] by conducting the heat to the surrounding area at the solid-
liquid interface[136], Figure 2.14b. 

5. The vapour depression grows and fluctuates depending on the power density and the scan speed[137]. If 
the energy density is high, the vapour depression will transition from semi-circular shape to conical and 
further to a keyhole shape, causing a substantial increase in the melt-pool depth as the heat from the 
energy source travels through the vapour depression towards the bottom of the melt-pool, Figure 2.14d. 

6. As the laser beam travels along the scanning direction, the surrounding powder is dragged into the melt-
pool, under the vapour-driven drag force in combination with gravity, then subsequently melts[131], [138]. 

7. Energy from the melt-pool is mostly dissipated via conduction through previously deposited solid material 
(or build-plate) and to a lesser extent through conduction to loose powder, convection and radiation[139]  

 

Melt-pool formation in the Electron Beam PBF process is somewhat similar. The differences are in the energy 
source-matter interaction. Electrons interaction with matter typically occurs in the surface and sub-surface 
regions[140] with the interaction size of up to several tens of micrometres, whereas laser irradiation is typically 
absorbed in the surface region within tens of nanometers [141], [142]. 

Key features governing the melt-pool formation that need to be considered in the alloy design are:  

- Energy absorptivity of the alloy  
- The surface tension of the molten metal that affects the fluid transport, heat redistribution and melt-pool 

shape. 
- Vapour pressure of the alloy strongly controls the keyhole formation. 
- Melting temperature, heat capacity and thermal diffusivity (i.e., how fast the heat is conducted away from 

the incident energy source) of the alloy. 



 
18 

 

 Figure 2.14. Time-sequence of melt-pool formation in 316L at laser powder of 200 W and scan speed is 1.5 m/s 
from the top view (a) and side cross-section view (b)*; (c) In-situ X-Ray imaging of LPBF of Ti–6Al–4V at 210 W 
and 0.6 m/s (Reused from[143] with permission from the publisher). (d) In-situ X-Ray imaging of LPBF of AlSi10Mg 
at 265 W and 0.5 m/s. ** 

*Reused from[144] with permission from the publisher 
**Reused from[145] with permission from the publisher 
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2.2.2 Defects 
 Figure 2.15a summarises the typical defects in fusion-based AM, with several examples in Figure 2.15b-g. The 
following sections explore the defect formation mechanisms in more detail and explain how the process 
conditions and material’s thermo-physical properties affect the formation of defects. 

 

 
Figure 2.15. (a) Schematic of defects formation locations in Powder Bed Fusion. (b) - solidification crack; (c) - 
liquation crack; (d) – solid-state crack; (e) – lack of fusion pore; (f) – keyhole pore; (g) – gas pore;  

2.2.2.1 Solidification cracks 
Solidification cracks (Figure 2.15b) are common in all fusion-based processes, including welding and AM of 
alloys. Solidification cracking typically occurs in the final stage of solidification within a melt-pool, for example, 
along the melt-pool's centreline. It is a complex process governed by mechanical, thermal and metallurgical 
properties of the material in addition to the solidification parameters, such as the thermal gradient, freezing 
range (difference between liquidus and solidus temperatures) and solidification rate. Solidification cracks are 
observed to form because of the excessive thermal stresses exerted on the mushy zone, which causes fracture 
of the remaining liquidus film[146]. Generally, alloys with a wide freezing range tend to form a solidification 
crack. This defect will be discussed in greater detail in section 2.4.4. 

2.2.2.2 Liquation cracks 
Liquation cracks (Figure 2.15c) are often seen in the heat-affected zone (HAZ). As the alloy solidifies, the first 
solid to form is often depleted of the solute (below nominal concentration), while the final solid to form is 
enriched in solute (above nominal concentration). The enrichment of solute atoms lowers the local melting 
temperature. As the successive tracks are deposited, previously deposited regions experience multiple 
reheating cycles (i.e., each region experiences multiple times as a HAZ). Once reheated, solute-enriched 
regions in HAZ can melt while the surroundings are still in a solid state. Upon cooling, thermal strain induced 
by the shrinkage of surrounding solids can tear the thin films apart to form liquation cracks (i.e., liquation 
cracking) locally along the solute-enriched regions. Such solute-enriched regions are typically located at the 
solidification grain boundaries. Factors like hot ductility (plasticity limit at elevated temperature) and grain 
boundary segregation are thought to be the critical parameters in the material’s susceptibility to liquation 
cracking[136]. The liquation cracking is less severe in the AM process (compared to conventional welding), as 
the base material and the filler material in AM are identical, and the segregation is minimal due to high cooling 
rates in AM. However, the presence of thermal cycles due to the deposition of successive layers can melt 
solute-rich regions of previous tracks and form liquation cracks for some alloys with a high tendency of 
chemical segregation. Reducing interstitial alloying elements can minimise the grain boundary segregation, 
reducing the liquation cracking susceptibility. 
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2.2.2.3 Solid-State cracking and residual stress 
Solid-State cracks (Figure 2.15d) are quite a broad term referring to cracks that can occur in the solid state 
after the solidification of the alloy. The underlying mechanisms are complex and often related to loss in 
ductility over a specific temperature range because of temporal and spatial changes in microstructure. 
Multiple solid state cracking phenomena have been reported. Ductility dip cracking (DDC) and strain ageing 
cracking are two of the most common solid-state cracking phenomena. While strain ageing cracking is 
commonly observed in precipitation-hardened alloys due to the increase in strength with the compromise of 
ductility during the ageing post-heat-treatment process, DDC occurs during cooling from solidification 
associated with a sudden drop in material ductility over certain temperatures between Tm - 0.5Tm during 
cooling. Such loss in ductility is associated with several factors, including chemical segregation, phase 
transformations, precipitation of secondary phases occurring upon cooling.  Due to rapid cooling, high internal 
thermal strain can exceed the ductility limit at elevated temperatures, forming cracks along weakened regions 
typically observed at high angle grain boundaries or on the interphase between two phases[136], [147]. Materials 
with a significant loss in ductility at elevated temperatures can be very susceptible to the DDC as the part 
cools[148], [149]. An intrinsic loss in ductility of an alloy with reducing temperature (such as ductile-brittle 
transition) can also be responsible for the cracking in the solid state. This is particularly dangerous in BCC 
materials if the ductile to brittle transition (DBT) temperature is higher than room temperature. The formation 
of porosity is unavoidable in PBF. Irregular pores with sharp corners can result in high stress concentration 
that under the thermal strain can initiate cracks. Hence, materials with low fracture toughness are also 
susceptible to solid-state cracking, particularly when porosity is irregular. Furthermore, due to repeated 
heating and cooling cycles, internal stresses start to build up in the deposited material. Remained stress after 
processing is the residual stress. The level of residual stress strongly depends on the component's geometry, 
processing parameters, and material properties, in particular, the thermal expansion coefficient and elastic 
modulus. Residual stresses also tend to distort the geometry and cause cracks in printed components in a few 
days and weeks after the fabrication. The evaluation principles of residual stresses will be discussed in section 
2.4.5 

2.2.2.4 Lack of fusion porosity 
Lack of fusion porosity (Figure 2.15e) is typically associated with insufficient molten metal (such as excessively 
small melt, incomplete melting or powder denudation from the previous scan). Such can occur due to 
insufficient energy density input to the melt pool when the distance between the neighbouring melt tracks or 
layers is larger than the melt pool dimensions. In such a case, the pore contains partially or unmelted powder 
particles. Lack of fusion can be minimised by fine-tuning the process parameters to achieve an optimal overlap. 
A thing to note is that melt pool size directly depends on the temperature of the solidified part. On the first 
few layers, the temperature is controlled by the build-plate preheat. However, as the build continues, heat 
can accumulate in the component, reaching up to 550 °C in some cases[150]. Inevitably impacts the melt pool 
shape of the new deposition. Hence, if the overlap between the melt tracks was optimised in a tall build with 
a constrained heat flow path, it might not be optimal for short parts with a large cross-sectional area 
conducting the heat away. The extent of the heat build-up depends on the material thermal diffusivity. 
Materials with low thermal diffusivities accumulate more heat and reach higher temperatures. Therefore, 
particular care must be taken when working with such materials. Melt pool instabilities can increase the risk 
of forming the lack of fusion porosity. Such instabilities can arise due to several reasons, including the 
variations in energy delivered to the melt pool due to hardware limitations, uneven surface caused by the 
balling, presence of high melting temperature particles (e.g. oxides), inhomogeneous powders. The rough 
surface directly influences the flow characteristics of the molten metal[151]. The presence of oxides on the 
surface can cause a reduction in wettability and consequently disturbances in the flow characteristics and, 
finally, a lack of fusion pore[152], [153]. 

2.2.2.5 Gas pores 
Gas pores (Figure 2.15f) are another common defect in the LBPF process. These defects can form in several 
ways. Firstly, entrapped gas already present in the raw powder are released as bubbles in melting. However, 
due to the rapid solidification and turbulent convection flow in LPBF, the gas bubbles cannot escape the molten 
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pool and be frozen in solid after solidification. Secondly, gas bubbles can be generated due to the vapour of 
volatile elements. The solubility of gasses in molten metal is high. As the liquid cools down, the solubility drops 
and gases precipitate out in a gas bubble, which can subsequently form gas pores.  
 
2.2.2.6 Keyhole porosity 
Keyhole porosity, Figure 2.15g, forms due to the collapse of an unstable keyhole during the deposition process. 
Recent advances in X-Ray in-situ imaging and multi-physics simulations shed light on the process[132], [137], [154]–

[156]. In simple terms, once a keyhole reaches a particular aspect ratio, it begins to fluctuate, and metal vapour 
fumes get entrapped by solidified material. The formation mechanism will be discussed in greater detail in 
section 2.4.1. 

2.2.2.7 Compositional changes 
Preferential evaporation of alloying elements is common in fusion-based processes. Particularly when low 
pressures and prolonged exposure to high temperatures are involved, such as vacuum smelting. For example, 
high Mn steels are known to show high losses of manganese during processing[157]. Such behaviour is directly 
related to the temperature and temperature-dependent vapour pressures of the alloying elements. In PBF, 
particularly in EB-PBF, where a vacuum environment is required, this can cause substantial evaporation of the 
volatile alloying elements, as demonstrated for Ti–6Al–4V in section 2.1.2.1. and Figure 2.7. Significant 
evaporation of main alloying elements will inevitably cause changes in an alloy's physical and mechanical 
properties. Section 2.4.2 explores methods to quantify the evaporation losses during LPBF. 

2.2.2.8 Balling 
Balling occurs at high scanning speeds due to increased capillary instabilities associated with uneven heating 
of the powder and increased solidification rates. Gu and Shen[158] developed a process map for balling 
phenomena in AlSi10Mg alloy, while Zhou et al.[159] explained the effects of material properties on the balling 
tendency. Balling phenomenon is a mechanism through which a liquid metal droplet minimises its surface area 
when in contact with a solid material. The extent of balling, i.e. how close the shape is to a sphere, depends 
on the surface tension of the liquid and temperature[159], [160].  At high scanning velocities, the interaction time 
between the energy source and the powder is very short, making the heating and melting less uniform. This 
also increases the melt pool fluctuations, oscillations and Plateau-Rayleigh instabilities[161]. As the last 
remaining portions of liquid on the top of the melt pool solidify, instead of spreading evenly, they may bead 
up and form sphere-like balls, i.e., a balling defect. Such uneven top surface can cause significant issues when 
the subsequent layer of powder is being deposited. The powder does not spread evenly near a balling defect, 
resulting in a lack of fusion defect. Furthermore, such a rough surface can damage the powder spreading 
mechanism (powder recoaters typically have a rubber endpiece). This, in turn, may cause the whole print job 
to fail. The material’ properties aspect in the formation of balling defects will be explored in greater depth in 
section 2.4.3. Processing effects on the formation of Plateau–Rayleigh instabilities are investigated in-depth in 
previous works [151], [162]–[164]. 

2.2.2.9 Overview 
Following the discussion of the commonly observed defects that can form in PBF, we need to identify the 
relevant material thermo-physical properties that affect the defect formation and develop the criteria to 
assess the risk of forming a given type of defect. Figure 2.16 summarises the knowledge presented in the 
previous sections concerning the mechanisms responsible for defect formation.  
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Figure 2.16. Classification of defects in LPBF and factors that influence the formation of respective defects. 

2.3 Roles of material thermo-physical properties 
Considering the defects formation mechanisms discussed in section 2.2.2, several essential materials’ thermo-
physical properties have to be considered when assessing the susceptibility to the formation of given defects. 
The following sections provide some insights on these properties, how their effects on the defect formation 
differ between conventional materials and PBF.  

2.3.1 Absorptivity/backscattering coefficient.  
The amount of energy absorbed by metal powder and the melt pool depends on several factors. Depending 
on the energy source used, different mechanisms take place. For the laser melting, photon energy is 
transferred through the free electrons via inverse Bremsstrahlung mechanisms[165] and subsequently to lattice 
phonons via collisions[142]. The interaction type between photons and surface electrons is strongly correlated 
to the electron density of the electronic band structure of the metal/alloy and photon frequency[142]. Hence, 
the absorptivity of the laser is strongly dependent on the chemical element. For example, at the typical 
wavelength of lasers employed in LPBF (~ 1060 nm for Nd: YAG lasers), Fe and Ni have much higher absorptivity 
than Cu and Al[166], Figure 2.17a.  
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For the electron beam melting, incident electrons collide with outer shell electrons of atoms, transferring the 
kinetic energy, therefore heating the material. A fraction of the incident beam can be scattered back, 
depending on the atomic number, crystallographic orientation, and the incident energy of the electrons[167]. 
Materials with higher atomic numbers backscatter more electrons, reducing the process efficiency[168], Figure 
2.17b.  

Figure 2.17. (a) Absorptivity of incident photons onto a metallic surface as a function of photon wavelength[166]. 
(b) Backscattering coefficient of incident electrons onto a metallic surface as a function of electron energy[167]  

In both cases presented above, the amount of power absorbed also strongly depends on the incident angle 
with respect to the powder surface. Furthermore, due to the uneven surface of the powder, multiple 
reflections/scattering also happen. As such, the absorptivity of energy is also dependent on the surface 
roughness, and energy absorptivity of the powder-covered surface is usually higher than that of polished 
surfaces[169]–[172] (Figure 2.18).  

 

Figure 2.18. Absorptivity of metal plates and powders under incident laser radiation at a wavelength of 
1020nm with varying laser power and scan speed in IN625 (a) and 316L (b).  
Data taken from Lane et al.[171], Matthews et al. [172]. and Trapp et al.[173]   

2.3.2 Heat Capacity & Enthalpy of Melting  
As new powder enters the melt-pool, it undergoes rapid heating and subsequently melting process. The energy 
loss associated with these processes depends on the material's specific heat capacity in solid and liquid states 
and the latent enthalpy of melting. Additionally, heat capacity indicates the amount of thermal energy stored 
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in the deposited material. Hence two other important physical properties are the specific heat capacity and 
enthalpy. As discussed in the previous paragraph, temperature build-up can cause significant difficulties during 
processing. The heat capacity of the material should be evaluated alongside the thermal conductivity. These 
factors combined give an estimation for the heat build-up during the manufacturing process. Figure 2.19 below 
gives a general overview of the heat capacity (Figure 2.19a) and enthalpy of melting (Figure 2.19b) for different 
alloy families. For instance, magnesium alloys have a high heat capacity and relatively low thermal 
conductivity, increasing the risk of forming defects due to heat build-up during the manufacturing process. In 
contrast, copper alloys have low heat capacity, very high conductivity and relatively high melting temperature. 
Such a combination of properties would suggest that the heat transfers away from the melt-pool at a very high 
rate, requiring a high heat input from the energy source. 

Note that the heat capacity is a function of the material's temperature and microstructure (in particular, the 
crystal structure). Figure 2.20 shows the specific heat capacity of several commonly used AM alloys. 316L 
austenitic stainless steel has a monotonic and rather linear dependence between heat capacity and 
temperature. IN718 is a precipitation-hardened alloy with several secondary phases forming at elevated 
temperatures, resulting in the complex dependence of heat capacity on the temperature. Ti-6Al-4V is an (α+β) 
dual-phase alloy, transitioning to pure beta at ~1000 °C. Such multiple phase transformations are causing 
strong non-linear behaviour of the material’s heat capacity. 

 

Figure 2.19. Interdependence between room temperature heat capacity (a), heat of melting (b) and solidus 
temperature in various alloy families. Note that legend in (a) and (b) are the same.  
Data in (a) and (b) is taken from MakeItFrom repository[14] 
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Figure 2.20. Specific heat capacity of wrought 316L, IN718 and Ti–6Al–4V alloys with respect to temperature.  
Data taken from Kim et al.[174], Agazhanov et al.[175] and Yakout et al.[176] 

2.3.3 Thermal Conductivity 
The input power required to melt the powder and maintain a stable melt-pool depends on how fast the heat 
within the melt-pool is carried away. As conduction is the dominant heat transfer mechanism in PBF[139], the 
material's thermal conductivity plays a significant role. Several works demonstrated that the thermal 
conductivity of AM metals slightly (up to 15%) differs from the conventional counterpart[174], [177], [178], Figure 
2.21(a). However, these differences are not substantial and are mainly attributed to the microstructure of the 
printed parts[177]. Additionally, it is essential to consider the residual heat accumulated in many previous tracks 
[150], [179]. Literature shows that heat accumulation can have several effects. First of all, when a subsequent track 
is just deposited next to the recently solidified scan, the region remains at elevated temperature, increasing 
the risk of overheating the melt-pool and forming the keyhole porosity[179]. This effect is especially apparent 
at the beginning and end of scan vectors. Secondly, heat build-up in the bulk of printed parts has been found 
to relate to an increase in porosity and instabilities of the melt pool in 316l stainless steel[150]. Thirdly, the 
accumulated heat can stimulate the precipitation of undesirable and brittle phases[180]. The uneven 
distribution of the heat build-up due to variations in part geometry and thermal pathways can result in non-
uniform microstructure and phase distribution in the component.  Therefore, great care must be taken when 
processing materials with low thermal conductivity and high melting temperatures, such as steels, titanium 
and nickel alloys, Figure 2.21(b).   
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Figure 2.21. (a) Thermal conductivity of LPBF processed and wrought 316L, Ti–6Al–4V and Al-Si10Mg alloys 
with respect to temperature. (b) Interdependence between room temperature thermal conductivity and solidus 
temperature in various alloy families.  
Data in (a) taken from Mertens et al.[178], Kim et al.[174] and Yang et al[177].  
Data in (b) taken from MakeItFrom repository[14] 

2.3.4 Surface tension 
Melt-pool dynamics are mainly driven by drag forces and thermo-capillary convection (i.e. Marangoni 
effect)[143]. Liquid tends to flow from regions with low surface tension (γ) to regions with high surface tension, 
Figure 2.22. As surface tension is strongly dependent on temperature, different regions in the melt-pool have 
different surface tension due to the temperature distribution. In most pure metals, surface tension has a 
negative slope with respect to temperature, i.e. as temperature rises, surface tension decreases[181], Figure 
2.22(a). As a result, these forces trigger a circulation flow of liquid metal. The intensity and the direction of the 
flow (hence the melt pool dimensions) are directly related to the surface tension – temperature dependence 
for given materials[182]–[185].  

 
Figure 2.22. Effect of surface tension – temperature dependence on the flow characteristics of a melt-pool 
Adapted from [183]. 

Welding literature has extensively investigated the effects of surface-active elements like S and O on surface 
tension. S is a highly effective micro-alloying element in steels, capable of reversing the negative slope of ∂γ/∂T 
at concentrations above 40 ppm[183]. For instance, SO2 gas is sometimes used during GTA welding to increase 
the weld penetration depth[186]. Similarly, one can utilise these methods in AM to manipulate the melt-pool 
flow characteristics.  
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The intensity of the flow characteristics depends on the magnitude of the surface tension – temperature slope. 
Table 2.3 shows the values for the ∂γ/∂T for some commercial alloys. Some of the alloy compositions are 
proprietary, hence were not stated. However, the authors indicate that the large differences in surface tension 
gradients between the three types of carbon steel investigated in Table 2.3 are due to different concentrations 
of tramp elements (e.g., S, P and O). 

Table 2.3. Surface tension measurements on parabolic flights by the Thermolab project[187]. 

Alloy Liquidus temperature 

(K) 

Surface tension at 
 liquidus temperature 

(Nm− 1) 

∂γ/∂T 
(Nm− 1 K− 1) 

CMSX-4 1657 1.85 − 9.01 · 10− 4 

IN738LC 1608 1.85 − 1.48 · 10− 3 

MM247LC 1641 1.86 − 1.36 · 10− 3 

C263 1641 1.74 − 6.85 · 10− 4 

C-Steel1 1753 1.61 − 4.47 · 10− 4 

C-Steel2 1816 1.38 − 1.65 · 10− 4 

C-Steel3 1816 1.53 − 12.3 · 10− 4 

Tooling-Steel 1808 1.73 − 3.38 · 10− 4 

Cr-Steel 1750 1.76 − 9.04 · 10− 4 

Cu-alloy 1340 1.15 − 7.28 · 10− 4 

Al–75 at.%Ni 1683 1.63 − 5.88 · 10− 4 

Al–65 at.%Ni 1823 1.65 − 1.01 · 10− 3 

Al–31.5 at.%Ni 1523 1.16 − 1.14 · 10− 4 

CuSnP 1301 1.08 − 4.77 · 10− 4 

CuSn8 1305 1.05 − 3.74 · 10− 4 

Rene90 1633 1.71 − 4.30 · 10− 4 

ReneN5 1645 1.70 − 4.91 · 10− 4 

M-SX 1648 1.58 − 4.95 · 10− 4 

2.3.5 Boiling Temperature & Volatility 
Upon interaction of energy source with the powder or liquid, the heat is not distributed uniformly[188], [189]. 
Local temperature variations are inevitable, and there is local vapourisation of chemical elements. The 
intensity of the vaporisation strongly depends on the difference between the melting and boiling temperature 
of the material and the volatility. Upon interaction with liquid metal, the laser beam creates a vapour 
depression due to the recoil pressure of the metal vapour jet[190]. The surface pressure on the liquid-gas 
interface is strongly dependent on the atmospheric pressure and temperature[191]. A combination of ambient 
pressure and liquid metal temperature governs the intensity of evaporation. Depending on the 
thermodynamic properties, some metals evaporate more readily than others[192]. Vapour pressure describes 
the equilibrium pressure of vapourised material at a particular temperature. Higher vapour pressure implies 
that a substance (metal in this case) has a thermodynamically higher tendency to vaporise at a given 
temperature. Metals with high vapour pressures are referred to as having high volatility. Figure 2.23a shows 
the vapour pressure dependence on temperature for pure metals commonly used as principal elements (solid 
line) and alloying elements (dashed line). Vapour pressure of the alloy typically follows the trend governed by 
the base metal. From Figure 2.23a, it is evident that Fe, Ni, Co, Ti, Cu and Al-based alloys would have similar 
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volatilities. However, Mg-based alloys have several orders of magnitude higher vapour pressure. This would 
make them highly prone to keyhole instability and excessive evaporation [193].  Figure 2.23b shows the vapour 
pressures of some typical contaminants in metallic alloys. Figure 2.23b suggests that the alloy should lose 
some sulphur and phosphorus over alloying metals at typical processing temperatures, providing some benefit 
of refinement. 

 During AM, high material volatility results in more evaporation and, therefore, larger vapour depression. As 
the dependence of the vapour pressure on temperature is exponential, the vapour depression rapidly 
transitions into a keyhole after a specific threshold temperature is passed. In the keyhole mode, the 
absorptivity of the incident energy sharply increases due to the increased number of reflections/scattering 
(increased surface to volume ratio). Alongside the excessive evaporation, this can result in melt pool instability 
and, subsequently, keyhole pores.  

Another issue is related to differences in the volatility of alloying elements that result in preferential 
evaporation and changes in chemical composition. Calculations of individual partial vapour pressures of 
elements in an alloy are complex, as it depends on the pure metal vapour pressure and the activity coefficient 
for the elements in the alloy. Ivanchenko et al. have outlined a method to calculate the activity coefficients 
for a ternary system through the excess Gibbs free energy[194]. Zhang et al. used this methodology and overlaid 
it with evaporation kinetics to study the effect of processing parameters on Al loss in Ti–6Al–4V alloy[72]. Figure 
2.23 (c)-(f) show the calculation of the thermodynamic phase diagram of the equilibrium concentrations of 
alloying elements in the gas phase at various temperatures for 316L steel, Ti–6Al–4V, IN718 and Al-Si10-Mg 
alloys. It can be seen that the vapour pressures of pure metals are closely related to the equilibrium gas phase 
composition. For instance, Al is much more volatile than Ti and V, Figure 2.23(d). Hence, Al preferentially 
evaporates from the Ti–6Al–4V alloy. A similar effect can be seen in Al-Si10-Mg alloy. As one of the most 
volatile elements, magnesium vigorously evaporates even before any Al or Si even starts to evaporate. 
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Figure 2.23. (a) Vapour pressure of metallic elements at various temperatures [195] (b) vapour pressures of 
typical light elements in metallic alloys at various temperatures [196]. (c)-(f) Amount of alloying elements in the 
gaseous phase as a function of temperature in IN718, Ti–6Al–4V, 316L and AlSi10Mg, respectively calculated 
using ThermoCalc. 
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2.3.6 Thermal expansion 
The molten track solidifies from the fusion boundary inwards. While the centre of the melt pool is still liquid, 
the outer region near the boundary shrink due to cooling, depending on the thermal expansion coefficient of 
the material. Such shrinkage with a constraint imposed by the surrounding solids results in strain and 
corresponding tensile stress imposed on the remain of solidifying liquid. Such stress propagates into the mushy 
zone and acts on the remaining liquid-solid interface regions, which tend to be at the centreline of the 
deposition bead. If the stress is higher than the ultimate strength of the solid-liquid interphase, the shrinkage 
causes a crack. Furthermore, as the deposition of a new bead heats and expands the previously deposited 
solid, the part develops complex tensile and compressive stress states. The thermal history and multiple cycles 
of heating and cooling cause complex residual stresses in the component after deposition[197]–[200]. Such 
residual stresses can cause warpage, delamination and cracking of AM components. The amount of residual 
stress strongly depends on the thermal expansion coefficient of the material and temperature gradient. At 
high temperatures, metals often have high ductility and can accommodate the strain plastically. As the 
temperature decreases, the yield stress typically increases with loss in ductility. Therefore, it is vital to consider 
the shrinkage strain of the material in relation to the ductility of the material. Figure 2.24a shows the room 
temperature coefficient of thermal expansion (CTE) of materials with respect to the solidus temperature of 
the material. Assuming that the CTE does not change significantly with temperature, a simple estimation of 
thermal strain upon cooling can be made by multiplying the CTE by the temperature change from solidus to 
room temperature. If one compares this estimate with the ductility at a given temperature of the alloy, one 
could assess the risk of cracking associated with shrinkage. In Figure 2.24b, alloys with ductility above the 
dashed line (1:1 line) would have good resistance to shrinkage-related defects. This estimation is very 
oversimplified, as ductility is strongly related to the material's microstructure, whereas the CTE of materials is 
strongly dependent on temperature and solid-state transformations. Figure 2.25 shows the temperature 
dependence of CTE for some common additively manufactured materials.  

 

Figure 2.24. Interdependence between room temperature thermal expansion coefficient and solidus 
temperature in various alloy families. (b) Ductility of various alloy families with respect to estimated thermal 
strain upon cooling from solidus to room temperature. Note that legend in (a) and (b) are the same. 
 Data in (a) and (b) was taken from MakeItFrom repository[14] 
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Figure 2.25. Linear thermal expansion of wrought 316L, IN718 and Ti–6Al–4V alloys with respect to 
temperature.  
Data taken from Kim et al.[174], Agazhanov et al.[175] and Boivineau et al.[201] 

2.4 Alloy design 
In the past few years, several works focused on the design of alloys for rapid solidification processes and AM 
in particular. These efforts were focused on establishing mathematical equations representing the links 
between material chemical/physical properties and processing to the quality of printed builds. Such 
relationships were used to guide the tailoring of the alloy composition to reduce the defect density and 
improve mechanical properties, with some studies taking into account application-specific property 
requirements and processing conditions.  

2.4.1 Keyhole formation 
Gan et al. recently developed several dimensionless parameters that fully explain the keyhole formation for 
multiple materials[154].  One of such parameters, keyhole number Ke, Equation 2.1, was directly correlated to 
the keyhole aspect ratio (e*), Figure 2.26a. Ke is defined as[154]: 

𝐾𝐾𝐾𝐾 = 𝜂𝜂𝜂𝜂

(𝑇𝑇𝑙𝑙−𝑇𝑇𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎)𝜋𝜋𝜋𝜋𝐶𝐶𝑝𝑝�𝛼𝛼𝛼𝛼𝑟𝑟0
3
     - Equation 2.1 

Where 𝜂𝜂 is absorptivity, P is power, 𝑇𝑇𝑙𝑙  is the liquidus temperature, 𝑇𝑇𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎  is the build plate temperature, 𝐶𝐶𝑝𝑝 
is the specific heat capacity, 𝜌𝜌 is the density, 𝛼𝛼 is the thermal diffusivity, 𝑣𝑣 is thescan speed and 𝑟𝑟0 is the beam 
diameter. The keyhole aspect ratio is calculated from the Ke as: 𝐾𝐾∗ = 0.4(𝐾𝐾𝐾𝐾 − 1.4), while the variation of 𝐾𝐾∗, 
Δ𝐾𝐾∗ = 0.36𝐾𝐾𝐾𝐾0.86. As the keyhole aspect ratio increases, the keyhole transitions from being stable (Figure 
26b) to unstable (Figure 26c). The research group then developed a scaling law for the porosity based on a 
dimensionless variable equal to the keyhole number normalised energy density. For more details, the reader 
is referred to the original article [154]. The critical takeaway from this research is the dependence of keyhole 
number on the material properties 𝐶𝐶𝑝𝑝, 𝜌𝜌, 𝛼𝛼 and 𝜂𝜂.  

However, absorptivity should be taken with caution. It is dependent not only on the inherent material 
absorptivity for a particular wavelength of radiation but also on external factors, such as reflection from the 
powder and vapour plume attenuation. The reflection of the powder is, in particular, significant. The extent of 
the vapour plume effect depends on the quality of inert gas shielding[202] and the intensity of material 
evaporation which is governed by the volatility of the material. 
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Figure 2.26. (a) Correlation between the keyhole aspect ratio and keyhole number (Ke defined in the text). (b), 
(c) examples of stable and unstable keyholes, respectively, obtained by in situ x-ray imaging.  
Reused from[154] with permission from the publisher 

2.4.2 Evaporation of alloying elements 
The extent of evaporation depends on the temperature of the melt-pool, its surface area, and the duration of 
time over which that area is exposed to high temperature and partial pressures of the alloying elements. 
Ivanchenko et al. have outlined a method to calculate the activity coefficients for a ternary system through 
the excess Gibbs free energy[194]. Zhang et al. used this methodology and overlaid it with evaporation kinetics 
to study the effect of processing parameters on Al loss in Ti–6Al–4V alloy[72]. Mukherjee et al.[203] presented a 
simplified method estimating the level of vaporisation for each element during Laser DED processing. For 
simplicity, it was assumed that liquid alloys display ideal behaviour near the boiling temperature and, 
therefore, the equilibrium vapour pressure of an element (𝐴𝐴𝑎𝑎) in an alloy can be estimated as in Equation 2.2:  

𝐴𝐴𝑎𝑎 =  𝑋𝑋𝑎𝑎 𝐴𝐴𝑎𝑎
0    - Equation 2.2 

Where, 𝑋𝑋𝑎𝑎 is the volume fraction of element i and 𝐴𝐴𝑎𝑎
0 is the equilibrium vapour pressure of the element over 

its pure liquid (as shown in section 2.3.5 in Figure 2.23(a)). The intensity of the vaporisation (vaporisation flux 
- J) can then be estimated through the Knudsen-Langmuir equation[204], [205]: 

𝐽𝐽𝑎𝑎 = 𝜆𝜆𝜂𝜂𝑎𝑎

�2𝜋𝜋𝑀𝑀𝑎𝑎𝑇𝑇𝑇𝑇
           - Equation 2.3 

where 𝜆𝜆 is condensation fraction of vapourised elements, 𝑀𝑀𝑎𝑎 is the molecular weight, and T is the temperature. 
Mass of the vapourised element (∆𝑚𝑚𝑎𝑎) can be estimated by considering the surface area of the melt pool (𝐴𝐴𝑠𝑠) 
and deposition time of each track (track length L /scan speed v) resulting in Equation 2.4: 

∆𝑚𝑚𝑎𝑎 = 𝐿𝐿𝐿𝐿𝑠𝑠𝐽𝐽𝑎𝑎
𝛼𝛼

        - Equation 2.4 

Equation 2.4 can be used to calculate the new composition of the alloy. The weight percentage of the alloying 
elements that remained in the alloy after the deposition is defined as 𝑊𝑊𝑎𝑎

𝑑𝑑. One can approximate the volume 
of the deposited track as the cross-sectional area of the melt-pool at the deepest point perpendicular to the 
scanning direction (𝐴𝐴𝑎𝑎) multiplied by the track length, resulting in Equation 2.5: 

𝑊𝑊𝑎𝑎
𝑑𝑑 = 𝐿𝐿𝐿𝐿𝑎𝑎𝜋𝜋𝑊𝑊𝑎𝑎−∆𝑎𝑎𝑎𝑎 

𝐿𝐿𝐿𝐿𝑎𝑎𝜋𝜋𝑊𝑊𝑎𝑎−∑ ∆𝑎𝑎𝑎𝑎𝑎𝑎
                                 - Equation 2.5 

where 𝑊𝑊𝑎𝑎 is the weight percentage of element i in powder and 𝜌𝜌 is the density of the alloy. 
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Even though these calculations require some knowledge on the melt pool dimensions, they provide valuable 
information about the alloy processability. The authors of the work calculated the melt-pool dimensions 
through modelling, which requires knowledge of the thermophysical properties of the alloy. 
 
2.4.3 Balling defects 
Zhou et al.[159] investigated balling phenomena during LPBF of tungsten. To quantify the extent of the balling, 
the authors simplified the process to a liquid metal droplet wetting its own solid. Under conditions of LPBF, 
the spreading of the droplet is driven by the capillary force and counteracted by inertia. The time (τ) required 
for a droplet of diameter 𝑑𝑑 to spread can be estimated via Equation 2.6: 

𝜏𝜏 = �𝜋𝜋𝑎𝑎𝑑𝑑3

𝜎𝜎
          - Equation 2.6 

where 𝜌𝜌𝑎𝑎 is the density of the molten droplet, and 𝜎𝜎 is the surface tension. The authors then estimated the 
solidification time (𝜏𝜏𝑠𝑠𝑠𝑠𝑙𝑙) of the droplet using Equation 2.7 developed by Gao and Sonin[206]: 

𝜏𝜏𝑠𝑠𝑠𝑠𝑙𝑙 = 2 𝑑𝑑2

3𝛼𝛼
ln (𝑇𝑇0−𝑇𝑇𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎

𝑇𝑇𝑙𝑙−𝑇𝑇𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎
)            - Equation 2.7 

where 𝛼𝛼 is the thermal diffusivity, 𝑇𝑇0 is the temperature of the droplet, 𝑇𝑇𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎  is the ambient temperature 
and 𝑇𝑇𝑙𝑙  is the liquidus temperature of the material. By comparing the two terms, one can estimate whether a 
droplet of a given size would have enough time to spread before it solidifies. In this manner, the authors 
demonstrated that W droplets of 100 μm in diameter would need ~ 86 μs to spread while taking 43 μs to 
solidify. Hence, the droplet would solidify before fully spreading, resulting in a balling defect.  

2.4.4 Solidification cracking models 
Several concepts attempt to explain the solidification cracking phenomena. The shrinkage-feeding model 
assumes that the cracking occurs at the terminal stage of solidification when the liquid feed into the mushy 
zone (rate of feeding, ROF) becomes insufficient to compensate the solidification shrinkage (rate of shrinkage, 
ROS). Feurer et al.[207] showed that cracking occurs when ROF < ROS. ROS is directly proportional to the thermal 
expansion of the material and the cooling rate, while ROF depends on accessibility to the dendritic network 
by the liquid. In the LPBF process, thermal gradients and solidification rates are higher than those in welding, 
which hinders the formation of the secondary dendritic arms. Therefore, the hindrance to the flow of liquid 
induced by the dendritic network is lower. There were numerous further developments of this theory. The 
accessibility to the interdendritic regions is related to the rate of crystal growth, which, in turn, is proportional 
to the rate of the solid formation (𝑓𝑓𝑠𝑠) with respect to the temperature at the final solidification stage, such a 
rate is called the solidification gradient. The role of solidification gradient has been emphasized in a number 
of studies. Benoit et al. compared the cracking behaviour of two IN625 powders during LPBF with slightly 
different Si contents[208]. Powder with higher silicon content had numerous solidification cracks, whereas 
powder with low Si content had no cracks. By analysing the solidification behaviour using the Scheil model, 
the authors found that the solidification gradient of the Si-rich powder was much higher. Kou[209], [210] did 
extensive work on Al-Si alloys and concluded that the difficulty in liquid feeding into the interdendritic (or 
inter-cellular in LPBF) spacing during the final stage of solidification has a strong influence on the crack 
formation in Al alloys. As the alloy solidifies, the strain develops in the direction opposite to the solidification 
direction due to shrinkage and the constrained solid. The amount of strain is proportional to the coefficient of 
thermal contraction of the material and the temperature change in the region.  This strain is opposed by the 
growing crystal and feeding of the liquid in between the solidifying structures. If strain exceeds the 
contributions of crystal growth and liquid feeding, the solid-liquid interface breaks down, and a solidification 
crack can occur. This rationale was formulated and described in Equation 2.8[210] 

 Where 𝜀𝜀𝑙𝑙𝑠𝑠𝑙𝑙𝑎𝑎𝑙𝑙  is the local thermal strain due to cooling, T is the temperature, 𝛽𝛽 is the solidification shrinkage, 
𝑓𝑓𝑠𝑠 is the fraction of solid, t is the time, z is the position along the growth direction, 𝑣𝑣𝑧𝑧 is the intergranular liquid 

- Equation 2.8 
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flow velocity. Part (1) of Equation 2.8 denotes the tensile deformation between the growing crystals, which 
leads to crack formation; part (2) denotes the contribution of the crystal growth from neighbouring dendrites 
towards one another prior to bonding. Part (3) of Equation 2.8 quantifies the feeding of the liquid into the 
interdendritic region, supporting the growth of the crystals. Kou then correlates the length of the liquid 

channel with the solidification gradient, defined by: 𝑑𝑑(𝑇𝑇)
𝑑𝑑(𝑓𝑓𝑠𝑠

0.5)
, when 0.87 < 𝑓𝑓𝑠𝑠 < 0.94, where 𝑇𝑇 is temperature 

and 𝑓𝑓𝑠𝑠 is the fraction of solid at a particular temperature during solidification.  

2.4.5 Solid-state defects 
Hunt and co-workers[211] published one of the first works evaluating the suitability of alloy for AM. They 
considered the thermal shock resistance arising from the thermal stresses (𝜎𝜎𝑎𝑎ℎ𝑎𝑎𝑟𝑟𝑎𝑎𝑎𝑎𝑙𝑙) during the rapid cooling 
and dimensional stability in their design. The thermal stresses are related to the temperature difference 
experienced, 𝛥𝛥𝑇𝑇, elastic modulus, 𝐸𝐸 and thermal expansion coefficient, α (section 2.3.6) as shown in Equation 
2.9 

𝜎𝜎𝑎𝑎ℎ𝑎𝑎𝑟𝑟𝑎𝑎𝑎𝑎𝑙𝑙 = 𝐸𝐸 ∙ 𝛥𝛥𝑇𝑇 ∙ 𝛼𝛼                        - Equation 2.9 

E and α are material dependent constants, while 𝛥𝛥𝑇𝑇 is process dependent and evaluated in the region 
surrounding the melt-pool. 𝛥𝛥𝑇𝑇 is a function of laser power (P), thermal conductivity k (section 2.3.3), melt pool 
depth (d) and melt pool shape (Fshape), Equation 2.10.  

𝛥𝛥𝑇𝑇 = 𝜂𝜂
2𝜋𝜋∙𝑘𝑘∙𝑑𝑑

𝐹𝐹𝑠𝑠ℎ𝑎𝑎𝑝𝑝𝑎𝑎           - Equation 2.10 
The extended Rosenthal model developed for welding can be used to estimate the d and  Fshape

[212]. The shock 
resistance index was defined according to Equation 2.11 after combining Equations 2.9 and 2.10 and 
normalising by the ultimate tensile strength (σUTS) of the material 

𝑆𝑆ℎ𝑜𝑜𝑜𝑜𝑜𝑜 𝑅𝑅𝐾𝐾𝑅𝑅𝑅𝑅𝑅𝑅𝑅𝑅𝑎𝑎𝑅𝑅𝑜𝑜𝐾𝐾 =  𝜎𝜎𝑈𝑈𝑈𝑈𝑈𝑈∙2𝜋𝜋∙𝑘𝑘∙𝑑𝑑
𝜂𝜂∙𝐸𝐸∙𝛼𝛼  

   - Equation 2.11 

Mukherjee with co-workers considered thermal distortions from the perspective of strains[203]. By applying the 
Buckingham pi-theorem, the authors derived a dimensionless strain equation for the LPBF process, Equation 
2.12:  

𝜀𝜀∗ = 𝛼𝛼∆𝑇𝑇
𝐸𝐸𝐸𝐸

𝑎𝑎
𝐹𝐹�𝜋𝜋

𝐻𝐻3/2          - Equation 2.12 

where 𝛼𝛼  is the thermal expansion coefficient, H is the heat input per unit length (absorbed power/scanning 
speed), ∆𝑇𝑇 is the temperature difference between liquidus and ambient temperatures, E is the elastic 
modulus, I is the second moment of inertia, 𝑅𝑅 is the characteristic timescale (deposition time). While F is a 
Fourier number characterising the thermal transfer during AM defined by Equation 2.13 

𝐹𝐹 = 𝛽𝛽
𝛼𝛼𝑣𝑣

           - Equation 2.13 

where 𝛽𝛽 is the thermal diffusivity, 𝑣𝑣 is the scanning speed, and w is the track length. By fitting the 𝜀𝜀∗ against 
the experimentally measured maximum thermal strains of various alloys, the authors identified an expression 
for the maximum thermal strain, Equation 2.14, during LPBF: 

𝜀𝜀 = 0.9081𝛼𝛼∆𝑇𝑇
𝐸𝐸𝐸𝐸

𝑎𝑎
𝐹𝐹�𝜋𝜋

𝐻𝐻3/2 + 0.0009          - Equation 2.14 
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Figure 2.27.  Relation between experimentally measured thermal strain in various alloys and (a) thermal strain 
parameter from Equation 2.12, (b) Linear heat energy and (c) thermal expansion multiplied by temperature 
difference.  
Reused from[203] with permission from the publisher. 

From Figure 2.27, Equation 2.14 is quite effective at evaluating thermal strain during AM. Figures 2.27b and c 
show the influence of individual factors of Equation 2.14 on the thermal strain. While linear heat energy is 
mostly process-dependent, volumetric expansion strongly depends on the material. In particular, the thermal 
expansion coefficient and melting temperature.   

Harrison and co-workers[38] modified Equation 2.11, considering the reported inverse dependency of 𝐸𝐸 and 
𝛼𝛼[213] and that the absorptivity decreases with increase in the thermal conductivity k. They proposed a new 
crack susceptibility parameter (ς) defined in  Equation 2.15. 

𝜍𝜍 =  𝜎𝜎𝑈𝑈𝑈𝑈𝑈𝑈
𝜎𝜎𝑈𝑈

     - Equation 2.15 

where 𝜎𝜎𝑇𝑇 is the thermal stress. Equation 2.15 might be helpful to rank alloys according to the risk factor of 
crack formation.  

Hunt and co-workers[211] defined a dimensional stability term, Equation 2.16, which describes how well the 
material copes with heat. It is defined as the ratio of thermal conductivity to thermal expansion[211]. 

𝐷𝐷𝑅𝑅𝑚𝑚𝐾𝐾𝑅𝑅𝑅𝑅𝑅𝑅𝑅𝑅𝑎𝑎𝐷𝐷 𝑆𝑆𝑅𝑅𝑎𝑎𝑆𝑆𝑅𝑅𝐷𝐷𝑅𝑅𝑅𝑅𝑆𝑆 =  𝑘𝑘
𝛼𝛼

        - Equation 2.16 
The researchers suggested that materials with high shock resistance, Equation 2.11 and dimensional stability, 
Equation 2.16, are better suited for AM[211]. Although the approach successfully predicted the printability of 
many common alloys, it could not explain the printability of stainless steel 316L. In particular, the shock 
resistance and dimensional stability of 316L are much lower than maraging or tool steels. However, the latter 
has very poor printability, while 316L are generally considered as highly printable[93].   
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2.4.6 Modifications to solidification behaviour 
Martin et al.[214] proposed to modify the metal powder, Figure 2.28a with nucleation seeds (i.e. inoculants), 
Figure 2.28b to promote the nucleation of crystals and equiaxed grain microstructure to minimise the 
solidification cracking. It is widely known that high thermal gradient and rapid solidification result in the 
epitaxial cellular growth of the crystal, Figure 2.28(c). As discussed in section 2.4.4, thermal contraction from 
the solidifying solid exerts tension onto the liquid film. If the liquid film is broken, a solidification crack is 
formed.  However, this can be avoided by the use of seeds to promote nucleation in solidification. High 
melting-point particles act as nucleation sites, forming equiaxed grains in the solidifying liquid, unconstrained 
by the nearby solid. The addition of these high melting point nanoparticles also resulted in grain refinement, 
Figure 2.28e and f. Moreover, Scheil solidification analysis reveals that the addition of Zr reduces the 
solidification gradient at the final stage of solidification (refer to Section 2.4.4). Such change in the 
solidification mode and microstructure substantially reduced the number of cracks, Figures 2.28e and f. The 
enhancement in solidification and microstructure led to an improvement in the mechanical properties of the 
alloy, Figure 2.28(h). Crack-free Zr-modified Al7075 showed one order of magnitude increase in strength and 
regained ductility. This approach can also be expected to improve fatigue performance. Zr and Sc tend to form 
Al3(Zr, Sc) L12 ordered coherent precipitates. During conventional processing, agglomeration of such 
precipitates can act as crack initiation sites during fatigue loading[215]. However, if adequately distributed, such 
intermetallics can significantly improve the fatigue properties of Al-Si-Cu-Mg alloys[216]. The turbulent 
dynamics in melting and rapid cooling in AM process minimise the agglomeration. Meanwhile, an equiaxed 
microstructure can increase the isotropy of mechanical properties.  

There has been a substantial number of studies investigating Zr and Sc additions to 2XXX, 5XXX and 7XXX series 
Aluminium alloys. Since the development of Scalmalloy®[217], numerous investigations have been conducted 
by adding Zr and/or Sc to conventional Al alloys[46], [218]–[221]. Even though most of the research used a pre-
alloyed powder, a significant reduction and even elimination of solidification cracking were achieved along 
with substantial grain refinement.  

Within the Al-based alloys, a study carried out by Thapliyal et al. is of particular interest[221]. The authors 
performed a compositional optimisation before fabrication. Their focus was on the Al-Cu system with 
additions of Sc and Zr. CALPHAD was used to identify the solubility limits for alloying elements. They 
subsequently calculated the Scheil solidification curves to provide insights into the solidification crack 
susceptibility, Figure 2.29a as previously discussed in Section 2.4.4. The authors considered the solidification 
cracking index formulated by Kou and the critical temperature range (∆TCTR), defined as the temperature range 
between solidus and 0.95 fraction of solid. Composition deemed optimal at Al-1.5Cu-0.8Sc-0.4-Zr. The 
researchers also predicted the strength of the alloy after heat treatment by evaluating the Peierls-Nabarro 
stress, solid-solution strengthening, precipitation strengthening and dislocation strengthening 
contributions[222]–[224], Figure 2.29b. It was expected that the alloy could reach strength levels of 420-450MPa. 
The measured strengths of the material in both as-fabricated and after heat treatment were lower than 
predicted, Figure 2.29c. Nevertheless, the material was reported to be printable with no evidence of 
solidification cracks.  
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Figure 2.28. Schematic diagram of the modifying conventional powder for LPBF (a) with seeding nanoparticles 
(b). The effect of seeds on solidification mode from dendritic (c) to equiaxed (d). Effect of the solidification mode 
on grain structure and cracking susceptibility (e) and (f). (g) The effect of Zr on the Scheil solidification behaviour 
of Al7075 alloy at the terminal stage of solidification and (h) resulting mechanical properties of modified alloy 
compared to unmodified version and AlSi10Mg.  
Reused from [214] with permission from the publisher 
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Figure 2.29 (a) Scheil solidification curves for different Cu contents in Al-xCu-0.8Sc-0.4Zr alloy.* (b) Estimated 
strength contributions of various strengthening mechanisms in Al-1.5Cu-0.8Sc-0.4Zr alloy as a function of 
precipitate size*. (c) Mechanical properties of as-print and precipitation hardened ally*. 

* Data taken from [221] 
2.4.7 Examples of alloy design for additive manufacturing 
This section explores several research papers in a greater depth that focus on designing an alloy for a particular 
alloy system, taking the processing conditions and application into account.  

2.4.7.1 Titanium alloy for medical applications 
Ackers et al. [225] used several factors to design Ti-based alloys for medical applications. The authors used the 
dimensional strain parameter, Equation 2.12, developed by Mukherjee et al., solidification range of the alloy, 
mean d-orbital energy level, mean bond order and surface tension[225]. The authors identified several defect 
types and methods to minimise them. 

Residual stress. Calculation of 𝜀𝜀∗ in Equation 2.12 requires known thermophysical data for an alloy. Instead, 
the authors assumed that the thermophysical properties of the alloys with similar compositions do not vary 
much. This assumption allowed them to approximate the difference in the dimensionless strain of the alloys 
by their density. Low density was preferred.  

Solidification cracking. The solidification range was considered to account for solidification cracking. As 
discussed in Section 2.4.4 high solidification range is associated with a larger mushy zone, more chemical 
segregation and a higher propensity to form cracks. Hence, the authors prefered alloys with a narrower 
solidification range. To reduce manufacturing costs, alloys with lower melting temperatures were prefered.  
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Balling. Balling defects are usually correlated with an alloy's high surface tension (γ) near its melting 
temperature. The authors used a surface tension model by Su and Mills[226] to identify alloys with low γ at the 
melting temperature.  

Additionally, Ackers et al. discuss the importance of the deformation behaviour of the alloy. They have 
indicated that a beta-metastable alloy is preferred for the medical field due to lower stiffness. To select the 
alloying elements, D-orbital energy level (M� d) - bond order (B�o) diagrams were used. D-orbital energy level is 
a function of electronegativity and atomic radius of alloying elements while the bond order (B�o) quantifies the 
covalent bond strength. M� d - B�o maps are a common tool in designing Ti-based alloys in particular to enable 
the transformation (or twinning) – induced plasticity. Figure 2.30a shows the correlation of the phase stability 
and deformation mode with M� d and B�o, with known alloys presented as dots[227]. Using this map, one can 
identify the composition that stabilises the beta phase and deformation mechanisms. Figure 2.30b shows the 
effect of some alloying elements on the M� d and B�o. Each vector coresponds to an addition of 10at% of the 
alloying element. To evaluate the effects of multiple elements, one can calculate the sum the individual 
contributions. Effectively, this works used a rule of mixtures based on individual orbital energies and bond 
orders of alloying elements, Figure 2.30c. Similar diagrams for Ni-based ad Fe-based alloys can be found in a 
recent overview by Morinaga[228] 

 

Figure 2.30 (a) Influence of M� d and B�o on the phase stability of Ti alloys*; (b) influence of alloying elements on 
phase stability; vector length corresponds to 10 at% of an alloying element*; (c) M� d and B�o for several metals 
alloyed with BCC Ti*.   *Data taken from [227]. 

Alloys for biomedical applications require high compliance to match as close as possible to the compliance of 
the bone. In Ti alloys, niobium and tantalum act as a β phase stabiliser, which aids the reduction of elastic 
modulus. On the other hand, moving joints of the implant are subjected to wear conditions. Therefore, the 
authors considered additions of Zr, Sn, Ta and Si to enable precipitation of secondary phases. Thermodynamic 
properties of the alloys (phases, solidification range) along with alloy density were predicted using commercial 
CALPHAD software – ThermoCalc under equilibrium conditions.  

Through this approach around 70,000 different alloys were generated in a compositional range Nb:0-40, Mo:0-
12, Fe:0-10, Ta:0-10, Zr:0-10, Sn:0-10. A ranking system was applied to guide the selection process, sorting the 
alloys according to the combination of properties of interest. The researcher subsequently used an effective 
approach of blending elemental powders to achieve the required nominal composition. Powders were 
deposited onto a slotted platform. Each powder-filled slot was repeatedly remelted in an LPBF printer. 
According to Ackers et al.[225],  such treatment mimics an overhang condition during LPBF processing when a 
solid section is fused over loose powder. Also, as the remelted region is thermally insulated from the build 
plate by the loose powder, remelting process approximates thermal cycles and heat build-up of the AM 
process.  In this manner, the team has evaluated 22 different alloys. Printability was evaluated via the surface 
roughness and internal structure of the printed disk. Alloys with a smooth surface and lack of visible cracks 
were deemed printable. The approach employed in this study seems very effective at rapidly evaluating 
numerous possible alloy compositions via CALPHAD and empirical relations. It allows to substantially narrow 
down the candidate list according to the specific requirements of the given application and printability criteria. 
The use of blended elemental powder blends mitigates the lengthy and costly process of manufacturing the 
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pre-alloyed powders. At the same time, the slotted platform with repeated remelting of multiple alloys at once 
provides means to rapidly screen the behaviour of several alloys during LPBF conditions. Even though such a 
method does not fully replicate the thermal cycles and cooling rates because of the reduced conductivity of 
the powder and absence of thermal passway to the build plate, it provides a glance of material microstructure 
and properties after LPBF.  

2.4.7.2 Creep resistant Ni-based superalloy 
Tang et al. performed a very comprehensive study in alloy design of precipitation-hardened Ni-based 
superalloys[229]. They considered the compositional and microstructural effects on the formation of 
solidification cracks and solid-state cracks together with the yield stress and creep performance for high-
temperature applications. The team used CALPHAD based approach to estimate the flow stress, following the 
work of Crudden et al.[230] and design rules developed by Reed et al. for the creep strength[231]. The Scheil 
module in ThermoCalc was used to evaluate the solidification range to indicate solidification crack tendency. 
The researchers also considered the susceptibility of forming a topological close-packed phase using the design 
rules by Reed et al.[231]. A database of over 107 potential alloys was generated in their study, Figures 2.31a and 
b. This data was then analysed by Pareto frontier to identify the optimal compositions with respect to multiple 
requirements. The requirements were set based on existing alloys and their performance during PBF. In 
particular, the group used IN718 as an example of a well printable alloy, which is rather insusceptible to 
solidification cracking nor solid-state cracking. IN738LC has been frequently reported to suffer from 
solidification cracking; therefore, the solidification range limit was set at 285K (IN738LC) and 265K (IN718). As 
for the solid-state cracking, the authors used a composition based index of MSAC = [Al] + 0.5[Ti] + 
0.3[Nb]+0.15[Ta], where SAC stands for strain age cracking. In this case, IN939 was used as a reference, which 
was reported to form solid-state cracks with its index of 4.3wt%; hence, the limit for MSAC was set to 4wt%. 
Using these criteria, authors developed and printed two new alloys named ABD-850AM and ABD-900AM 
alongside several known alloys (CM247LC and IN939) for comparison. Neither ABD-850AM nor ABD-900AM 
showed solidification or solid-state cracks, Figures 2.31c and d. In-depth crack characterisation and 
identification were performed. The authors applied Kou’s solidification gradient approximation[210] to evaluate 
the solidification cracking susceptibility (see section 2.4.4). IN718 and ABD-900AM alloys showed better 
solidification characteristics compared to IN738LC and CM247LC. As the primary objective was to obtain good 
creep resistance on par with high printability, Figure 2.31f shows the Larson-Miller Parameter (LMP) for the 
creep resistance in the developed ABD-900AM and known alloys produced via LPBF. Creep properties of the 
ABD-900AM are predicted to approach that of CM247LC and higher than that of the printable IN718. 
Nevertheless, further research is needed to establish more quantitatively defined design criteria to achieve 
desired alloy properties. 
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Figure 2.31. (a), (b) Computational alloy design spaces evaluated by Tang et al.[229] for printable Ni-base 
Superalloys. Heritage alloys are presented for reference as dots. Alloys developed in the study are marked with 
blue boxes, alloys used as a reference for development are outlined in green (printable) and red (with defects) 
boxes. Examples of defects forming in heritage alloys are presented in (c) – solid-state cracks and (d) – 
solidification cracks. Solidification crack index calculated for developed and heritage alloys are shown in (e). 
Comparison of creep resistance between developed and heritage alloys shown in (f) using Larson Miller 
Parameter (LMP). For the reader’s convenience, equation relating the LMP and creep rupture time (𝑅𝑅𝑟𝑟 [h]) at a temperature T [K], 
is provided in the bottom left of the (f). 
Reused from [229] with permission from the publisher. 
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2.4.7.3 High strength Co-based superalloy for high-temperature applications. 
Murray and co-workers strived to develop a Co-based Superalloy with good printability, aiming for high-
temperature strength and high oxidation resistance[232]. The goal to achieve good high-temperature strength 
was through a high volume fraction of L12 γ´ stable to at least 1100°C and a liquidus temperature exceeding 
1300°C. To achieve a good oxidation resistance, the authors considered the formation of protective coherent 
α-Al2O3. A narrow freezing range was preferred to minimise the risks of forming a solidification crack during 
PBF processes. Authors acknowledge that alloys containing a high volume fraction of γ´ have a significant risk 
of strain-age cracking. Therefore, they suggested that a temperature gap between solidus and γ´ formation 
temperature should be larger than 50°C. A computational combinatorial approach was used to optimise the 
process, starting from a ternary system of Co-Al-W and moving to a multi-component alloy. Density functional 
theory (DFT) was utilised to find optimal alloying elements to increase the γ´ fraction and APB energy (hence 
improving the strength). Analysis suggested the use of Ti, Ta, Nb and Ni. CALPHAD was employed to tune the 
composition to achieve a required range for the γ´ solvus temperature. Due to the difficulties in modelling the 
oxide coherency, a combinatorial library approach was developed. Ion plasma deposition with 5 electrodes 
containing Co, Ni, Al, W, Cr and Ta was used to create 234 different alloy variants rapidly. These variants were 
screened for the oxide with α-Al2O3 scales and verified with CALPHAD to contain a suitable amount of γ´. 
Finally, an alloy with a composition of Co-36.4Ni-13.2Al-6Cr-3.5Ta-1W (at%) was created and termed SB-CoNi-
10. Minor additions of 0.08B-0.08C-0.018Hf-0.002Y (at%) were incorporated to increase the grain boundary 
strength, promote carbide formation and enhance oxide scale adhesion. Alloy had a liquidus temperature of 
1381°C, the solidus of 1329°C and γ´ solvus of 1204°C under equilibrium conditions.  Therefore, a freezing 
range was 52°C, and the solidus - γ´ solvus gap was 125°C to minimise the solidification and solid-state cracking. 
Experiments showed that γ´ fraction could reach up to 70% after ageing at 1000°C. The alloy had been 
successfully printed via both LPBF and EB-PBF methods, producing an almost crack-free material (Figures 2.32a 
and b). As anticipated, the LPBF samples showed a solid solution appearance, with no evidence of γ´ formation 
(Figure 2.32c). Further heat treatment (HIP+SH+ageing) achieved the desired γ-γ´ microstructure, Figure 2.32d, 
achieving the alloy design goals. Interestingly, the EB-PBF samples presented a γ-γ´ microstructure in as-
printed condition, as shown in Figure 2.32e. The authors attributed it to the high preheat temperature of the 
build-plate (1000°C), which caused an inhomogeneous size distribution of the γ´ along the build height. Heat 
treatment (HIP+SH+ageing) significantly coarsened the γ´. The microstructure characteristics explain the 
differences in the mechanical testing of the specimens, Figure 2.32g, where HT reduced the strength of the 
EB-PBF sample while increasing the strength of LPBF specimens.  
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Figure 2.32. (a), (b) Microstructure of As-Print (AP) SB-CoNi-10 alloy developed by Murray et al. Manufactured 
by LPBF and EB-PBF, respectively. (c), (d) Fine microstructure of SB-CoNi-10 manufactured by LBPF in AP and 
Heat Treated (HT) condition, respectively. (e), (f) Fine microstructure of SB-CoNi-10 manufactured by EB-PBF in 
AP and HT conditions, respectively. Note that pre-heated build plate was used at 1000°C for EB-PBF and 200 °C 
for LPBF. (g) Mechanical properties of superalloys developed by Murray et al. (SB-CoNi-10*) and Tang et al. 
(ABD850AM**) compared to heritage CM247LC**. Note the references to the microstructure of the tested 
material in (c)-(f).  
*Data taken from [232] for vertically built samples and converted to an engineering strain. 
**Data taken from [229] for vertically built samples. 
(a-f) reused from [232] with permission from the publisher. 
2.5 Machine Learning 
Tom Mitchell defines machine learning (ML) as an algorithm that automatically improves its outputs with 
experience[233]. The critical difference with regular statistics is that the algorithm is not explicitly instructed 
which calculations to perform. Instead, the user defines the broad approach – i.e. machine learning algorithm. 
The following several subsections will explain the types of ML and go into a bit more detail to explain the most 
frequently used algorithms. Then, a literature review of ML applications in the fields of interest will be given. 
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2.5.1 Machine Learning types 
Machine Learning is broadly classified into 2 categories, unsupervised and supervised learning, see Figure 2.33. 
In the first category, just the raw data is fed into the algorithm to find any patterns in the data – data clustering. 
This means that the user feeds the observation data points, for example, yield strength, elastic modulus, 
ductility, and the algorithm analyses the n-dimensional data, where n is the number of different variables, 
termed ‘predictor variables’. This allows the user to see if the data can be separated into groups, for example, 
into ductile and brittle materials, without giving the prior knowledge of what is ‘ductile’ and what is ‘brittle’ 
behaviour. On the other hand, the supervised learning algorithms input the known response, termed 
‘response variables’ to train the algorithm – together with predictor variables, this dataset forms the ‘training 
data’. By analysing the training data, the algorithm develops several parameters that decide which group a 
new observation belongs to – the classification algorithm. For example, through training data, ML ‘knows’ that 
materials with low ductility, high elastic modulus and yield strength are labelled ceramics. Therefore, when a 
new observation with such characteristics is encountered, the algorithm can classify it as a ceramic. 

On the other hand, if the response variable is continuous, for example, toughness, the ML algorithm will 
manipulate the predictor variables in some fashion (depending on the algorithm) to obtain toughness as an 
output – regression. Such examples are oversimplified to imagine how a human will approach this task, but as 
the number of variables increases and when it is unknown which variables are essential, ML algorithms 
become increasingly helpful. Regression algorithms are further subdivided into several classes, parametric and 
non-parametric. As the name suggests, parametric algorithms allow determining an equation with a 
combination of several operators and between the variables (e.g. sum, power, interactions). There are 
numerous different algorithms in each class of ML. Figure 2.33 presents the ones available within the Matlab 
toolkit. 

In the following sections, the most common ML algorithms will be briefly explained, and the state of the art in 
applications of ML in materials science, AM and alloy design will be reviewed. 

 
Figure 2.33. Showing the hierarchy of Machine Learning types, classes, and algorithms available in the Matlab 
toolkit. 
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2.5.1.1 Neural Networks 
Probably the most commonly applied ML algorithm is the Neural Networks (NN). The basic principle of NN is 
using the human neural structure as the basis, see Figure 2.34a. In the human brain, the sensory system 
perceives the information, which sends the characteristic impulses to the brain (inputs). The signal travels 
through the most appropriate pathway (based on experience) to the part of the brain that deciphers the signal, 
analyses it, and generates the required response. NN operates on a similar principle: by exposing the NN 
algorithm to the training data, the algorithm develops the neural pathways, depending on the types of inputs, 
from the input to the appropriate output (response). Like the brain, the basic unit in the NN is the neuron (see 
Figure 2.34b). In the simplest feed-forward neural network algorithm, each of the inputs is connected to each 
neuron. Subsequently, each neuron is connected to an output. These connections are based upon weight 
function (see Figures 2.34b and c). This weight function normalises the data, in this case, a sigmoid function. 
Each neuron has a threshold value, which, if reached, outputs a signal (neuron firing). The output layer then 
combines the ‘signals’ and produces a response. Upon training the NN, each neuron associates a specific 
weight (w) with a specific input. The logic of whether to fire the neuron or not takes a simple form of Equation 
2.17 

𝑁𝑁𝐾𝐾𝑁𝑁𝑟𝑟𝑜𝑜𝑅𝑅 𝑜𝑜𝑁𝑁𝑅𝑅𝑜𝑜𝑁𝑁𝑅𝑅 = �
1 𝑅𝑅𝑓𝑓 ∑ 𝑤𝑤𝑗𝑗 ∗ 𝑓𝑓(𝑥𝑥)𝑗𝑗 > 𝑅𝑅ℎ𝑟𝑟𝐾𝐾𝑅𝑅ℎ𝑜𝑜𝐷𝐷𝑑𝑑 𝑗𝑗

0 𝑅𝑅𝑓𝑓 ∑ 𝑤𝑤𝑗𝑗 ∗ 𝑓𝑓(𝑥𝑥)𝑗𝑗 < 𝑅𝑅ℎ𝑟𝑟𝐾𝐾𝑅𝑅ℎ𝑜𝑜𝐷𝐷𝑑𝑑 𝑗𝑗
    -   Equation 2.17 

Where, 𝑤𝑤𝑗𝑗  – is the weight associated with the input j, and 𝑓𝑓(𝑥𝑥)𝑗𝑗  is the value of input j. 

Some connections become stronger during training, while others disappear through such formulation, as 
shown in Figure 2.34d. The example in Figures 2.34c and d is a single layer classification model with 3 inputs, 
6 neurons in the hidden layer and 2 categorical outputs. After the training, the weights in the hidden layer are 
fully defined. When an unknown data point is passed to the model, the sum of the output of the neurons from 
Equation 2.17 decides the most probable category.  

 

Figure 2.34. Showing (a) the layout of the neuron in the brain, (b) basic neuron in NN, (c) layout of basic feed-
forward NN template and (d) layout of trained feed-forward NN. 

There exist numerous variations of NN, depending on the arrangement, number of neuron layers and the 
formulation of ‘neuron’ definition[234], [235], [244]–[253], [236], [254]–[256], [237]–[243]. They have different formulations, as 
they are designed to perform different tasks. For instance, a convolutional neural network (CNN) was designed 
for image recognition[239], particularly handwritten character recognition. Its complex architecture, see Figure 
2.35a, consists of several convolutional layers, which are partially connected, which then pass the data to the 
subsampling layer and further on to fully connected neurons. This allows the network to ‘scan’ across the 
image identifying the visual features (such as corners, curved edges, end points), as the location of such 
features can be different from image to image, such partial connection and ‘scanning’ approach allows to deal 
with rotations, variations in character sizes and shapes.  

Another common NN approach is the self-organising map (SOM)[238], a clustering technique. It operates by the 
following approach: first, random weights are assigned to a 2D surface of neurons (see Figure 2.35b). Then the 
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input values are fed into the system one observation at a time. If no neurons are activated - the neuron whose 
value is the closest to the threshold is declared the ‘winner’, refer to Equation 2.17. The associated weights 
are then adjusted so that the calculated value is closer to the threshold. If several neurons are activated, all of 
them make such adjustments. The adjustments get smaller as more observations are analysed. By plotting 
such a 2D surface and colouring it according to how many times each neuron was activated, one can observe 
the clustering of the data. 

 

Figure 2.35. Showing the logic of the underlying connection in (a) CNN and (b) SOM 
 
2.5.1.2 Decision Trees 
One of the simplest ML methods is the decision tree algorithm. It uses several binary splits, which lead to a 
final class[257]. It can be used for classification and regression. However, it is easier to understand the code logic 
by considering the classification. The algorithms divide the observations into several subsets with respect to a 
predictor variable. If the subset contains only one class of response – it is termed ‘pure’. Otherwise, it splits 
the subset further with respect to a different variable until the subset becomes pure. Returning to the 
materials classification example, imagine there are 2 attributes to the material: ductility and stiffness. The 
algorithm first considers the stiffness. It splits the dataset into subsets of low and high stiffness. If just plastic 
materials have low stiffness, this subset becomes ‘pure’. On the other hand, metals, ceramics have high 
stiffness. Therefore, the subset is divided further according to the ductility values. Materials with high stiffness 
and high ductility are metals, whereas high stiffness and low ductility are characteristics of ceramic. Once each 
of the subsets becomes ‘pure’, the algorithm stops further splitting. This forms a decision making tree that 
leads to a final predicted category. However, the initial split could use a different attribute. The algorithm uses 
a probabilistic approach when choosing which split to make. It chooses an attribute that brings more certainty 
to the final classification.  

2.5.1.3 Gaussian process regression 
Gaussian Process Regression (GPR) is a supervised, stochastic, probability-based method for fitting response 
variables to the predictor variables. Gaussian regression process fits data (X) by an infinitely large number of 
linear functions (f) and characterises those functions by their mean (µ) function and covariance function or 
kernel (K), as shown in Equation 2.18. 

𝐴𝐴(𝑓𝑓| 𝑿𝑿)  =  𝛮𝛮 (𝑓𝑓| µ, 𝐾𝐾)    -   Equation 2.18 

Note that X is a matrix notation of the predictor variables. This means that the value of the response variable 
is characterised by the probability distribution of all f(X), which jointly are Gaussian distributed. This allows 
calculating the response variable f(X) and the variance, i.e. the certainty of the prediction. GPR is a potent ML 
tool widely applicable in multi-variable problems. Essentially, it is a Bayesian approach that quantifies how 
likely a particular f(X) is to describe the correlation between inputs and outputs given prior observations.  

One of the critical parameters that govern the behaviour of the GPR model is the choice of the Kernel function 
(K). The Kernel function indicates the covariance between any 2 predictor variables. One of the most used 
Kernel functions is the squared exponential function shown in Equation 2.19. 
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𝑜𝑜𝑜𝑜𝑣𝑣 �𝑓𝑓(𝑿𝑿𝒊𝒊), 𝑓𝑓�𝑿𝑿𝒋𝒋�� = 𝐾𝐾 �𝑿𝑿𝒊𝒊, 𝑿𝑿𝒋𝒋� = exp �− 1
2

�𝑿𝑿𝒊𝒊 − 𝑿𝑿𝒋𝒋�2�    -   Equation 2.19 

  Choice of the K characterises the smoothness of the functions f, i.e. how rapidly the f(X) changes with a 
change in X.[258]  

2.5.2 Machine Learning in Materials Science 
In the recent few years, there has been massive interest in the use of ML. Figure 2.36 shows the relative 
interest in ML, quantified by the normalised number of Google searches. Many advances in ML algorithms 
have found applications in materials science. The nature of materials science is based around the materials 
paradigm – typically represented as a tetrahedron with structure, properties, performance and processing at 
the corners and characterisation in the centre. Overall, the applications of ML in materials science directly 
target one of these corners, while one or more of the other corners act as the predictor variables. Therefore, 
this section will be sub-divided into sections, depending on the response variable.  

   

Figure 2.36. The relative interest of the term “machine learning” from 2004 until 2018*. 

*Data taken from Google analytics 

2.5.2.1 Structure 
The material structure contains several levels across multiple length scales, starting from atomic structure 
(nano-scale) extending to crystallographic structure, grain structure, and macrostructure. ML applications in 
the ‘Structure’ segment are mainly concentrated on the crystallographic structure, grain structure, and 
macrostructure. Numerous studies are concentrating on crystal structure determination. Long et al.[259] 
manufactured thin-film wafers with natural compositional spreads to assess Fe-Ga-Pd ternary system. They 
obtained 500 distinct compositions on a single wafer. X-Ray micro-diffraction was then used to obtain the 
crystallographic data. Then they applied hierarchical cluster analysis to separate and group distinct phases, 
obtaining a ternary phase diagram. The similarity of XRD patterns was assessed by comparing the neighbour 
distances, which represented the similarity. In such a way, only the most representative XRD pattern within 
the group had to be analysed manually. Such an approach can readily accelerate the assessment of 
compositional space. Tibbetts et al.[260] developed a joint method between ML and quantum mechanical 
calculations to predict the crystal structure. This group used the Pauling file database containing binary crystal 
structure data as the training data to accurately predict the crystal structure of unknown compositions – say 
MgCd. The algorithm uses crystal structure information available in the database (pure elements: Mg – HCP, 
Cd – HCP, compounds MgCd3 – HCP, compounds with similar materials MgZn – HCP+BCC) and statistically 
evaluates the probability of each of the candidate crystal structures to form. The model prediction was then 
compared to ab-initio calculations. Such an approach showed incredible accuracy, considering that no other 
information was used except crystal structure and position in the periodic table. An alternative approach was 
taken by Bialon et al.[261]. Their group used the crystal structure data from Pearson’s Crystal Database and 
formed 1.7*105 different predictor variables by combining different combinations of the band-filling (valence 
electrons), electronegativity and atomic volumes. Then, by performing the least absolute shrinkage and 
selection operator (LASSO) algorithm, three predictor variables were left that accurately determined the 
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crystal structure of a binary compound in 86% of cases.  Sometimes, it is hard to obtain a reliable dataset in 
order to perform ML modelling. Rajesh et al.[262] used CALPHAD to generate a dataset to study the effects of 
processing temperatures on the radius and volume fraction of Fe3Si nano-precipitates in FINEMET alloys. This 
dataset was then used to train a K- nearest neighbour (KNN) ML model. The model was then validated against 
new CALPHAD data (not used in training). The KNN models were able to predict the radius and volume fraction 
precipitates within 99% of accuracy.  

The microstructure is one of the key predictors of the materials properties, and therefore, the ability to 
recognise particular features can give a good hint on the material performance. Chowdhury et al.[263] evaluated 
how different ML algorithms perform in the classification of microstructural images into groups with or 
without dendritic morphologies. De Cost et al. used a computer vision approach to classify microstructural 
images (EBSD, SEM and TEM) into 5 categories:  Brass- bronze microstructure, ductile cast iron, grey cast iron, 
hypoeutectoid steel, malleable cast iron, superalloy and annealing twins microstructure [264]. In 2017 the same 
author applied this approach to powder characterisation (size distribution)[265]. These approaches showed a 
remarkable degree of accuracy within the analysis domain. Ling et al.[266] tested the inter-applicability of 5 pre-
trained ML models on a different set of materials exhibiting similar features. It was assumed that the trained 
NN models should have developed a broad set of features extracted from the original data that apply to 
different classes. They showed that some models could be used outside their training domain, given that a 
proper convolutional filter is activated.  

Such wide application of ML algorithms gives a promising future, where no human intervention will be 
required to evaluate the material's structure, minimising bias in analysing and obtaining results. 

2.5.2.2 Properties 
Physical properties of materials can be calculated using the ab-initio approach (e.g. DFT), experiments, or 
combinations. These approaches are highly accurate, well adopted but very computationally and time-
intensive. ML allows the use of such calculations' results and based on materials’ similarity to estimate these 
properties for new material. Such approach was used to predict melting temperatures[267], band gap[268], [269], 
magnetic properties[270], [271], electrical conductivities[272], ionic conductivities[273], thermal conductivities [272], 

[274], [275], formational enthalpies[276], [277] molecular atomisation energy[278], elastic moduli[279]. Interesting work 
was done by Isayev and co-workers[109]. They generated a set of universal fragment predictors that allowed for 
very accurate predictions of numerous materials properties, including bulk, shear and elastic moduli; Debye 
temperature; band gap; heat capacities at constant volume and constant pressure; heat expansion coefficient; 
and classifier of metals and insulators. The accuracy of the predicted values was high. In a five-fold cross-
validated (the dataset was divided into 5 parts, 4/5th of the data was used for training and 1/5th for testing at 
a time, the best of the 5 models was chosen) regressions, the R2 ranged from 0.97 for bulk modulus down to 
0.88 for shear modulus. A more detailed look at the results revealed that the error mostly came from molecular 
crystals (like N2H6Cl2). Such wide applicability and high precision owing to the choice of the predictor variables. 
They ranged from general properties like a position in Mendeleev table and number of valence electrons, 
measured properties like first three ionisation potentials, molar volumes, and incorporating the crystals 
structure information like crystal structure, lattice parameters, etc. For every property, the min, max, average, 
standard deviation and sum were also included. In total, there were 2494 predictors. The workflow of their 
models is presented in Figure 2.37. The developed models are accessible online at (http://aflow.org/aflow-
ml/) 

http://aflow.org/aflow-ml/
http://aflow.org/aflow-ml/
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Figure 2.37. Workflow of the ML models predicting multiple materials properties. Orange diamonds 
represent various ML models, whereas green squares represent response variables.  
Reused from [109] with permission from the publisher 

2.5.2.3 Performance 
A wide range of materials performance predictions were developed using ML. These include the splitting 
tensile strength of concrete reinforced by steel fibre[280], carbonation model to estimate the strength of 
reinforced concrete [281]. Neural networks were used to predict creep strength and creep life of austenitic 
stainless steels[282]. In this study, the authors used chemical composition, solutionizing temperature, 
stabilisation ratio (composition based) and test conditions (temperature and stress or creep life, depending 
on the required output) as inputs. The model showed good predictive results and applicability due to the 
additional ability to indicate uncertainty. Metzbower et al.[283] used NN to predict mechanical properties 
(tensile and yield strength, ductility and area reduction) of welding alloys based upon the chemical 
composition and cooling rates during welding. Models showed good predictive ability in estimating yield and 
tensile strength, while the area reduction and elongation to failure predictions were somewhat limited.  

2.5.2.4 Processing 
There are several studies involving the use of ML to predict material behaviour during processing. The surface 
roughness of aluminium during abrasive flow machining was analysed using neural networks, showing good 
agreement with experimental and predicted results[284]. Yescas et al.[285] developed a NN model that predicts 
the amount of retained austenite in ductile Fe alloys. This allows to evaluate the material’ mechanical 
properties, which strongly depend on the microstructure. The authors used the frequently reported literature 
values (1910 in total), such as composition and processing conditions, as inputs and applied the Bayesian 
framework algorithm, allowing uncertainty estimation. After the publication, authors expanded their model 
for other applications and made it freely available (https://www.phase-trans.msm.cam.ac.uk/map/map.html).  

2.5.3 Machine Learning in Additive Manufacturing 
The first use of ML in additive manufacturing was reported in 1997. Ikonen et al. developed a genetic packing 
algorithm. The model was designed to fit a 3D object in a given space (build chamber) with some margins 
between parts for optimum space use in AM equipment. The algorithm used a penalty function to minimise 
both the intersections and separation of bounding boxes. The model then produced several hundreds of 
possible arrangements and chose the one with the highest packing density. Despite the broad applicability of 
ML, its use in AM is somewhat limited. Primarily ML has been used in fused deposition modelling[286] for 
polymers. However, in the recent few years, the frequency of use of ML in AM has increased. The current 
focus is on process optimization using quality control and defect detection. Gobert et al.[287]  used a support 
vector machine (SVM) classifier to identify regions in the build with potential defects. The group used a digital 
single-lens reflex (DSLR) camera that captured the build layer during LPBF. Post manufactured samples were 
subjected to computer tomography (CT). Defected regions were correlated with the DSLR captured images. 

https://www.phase-trans.msm.cam.ac.uk/map/map.html
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The SVM algorithm for classification learning was fed a series of labelled images (defect/no defect). After this 
training, the model could accurately predict the positions of printing anomalies in >80% of cases. Shevchik et 
al. [288] used a slightly different approach for LPBF. They used acoustic emission (AE) signals to evaluate the 
region quality. The ML was trained by purposely printing poor, medium and high-quality regions. The AE signals 
from each of these categories were labelled accordingly. The signal was then processed by wavelet packet 
transform to extract relative energies of narrow frequency bands. This information was then fed into a spectral 
convolutional neural network. Some data was purposely corrupted to evaluate the algorithm and prevent 
overfitting. The resulting accuracy in classifying into the 3 quality groups was 83-89%. Although such 
approaches allowed for quality control of the samples, prediction of defects location and potential 
improvements of further builds by including the process parameters in their model, these approaches are not 
capable of in-situ quality improvement. A more robust approach was taken by Volker et al.[289]. This group 
developed an anomaly detection algorithm using computer vision with in-situ process parameters 
optimization for an LPBF. Their setup involved several levels. RGB sensor was installed to monitor the melt-
pool radiation. If overheat was detected, the power of the laser was adjusted. A thermal camera was installed 
to capture the temperature distribution in the build. If some regions with elevated temperature was detected, 
the scanning sequence was changed. After the layer was deposited and recoated with powder, in-process 
depth camera did measurements to find anomalies in roughness, their presence might be an indication of 
improper coating. If such were detected the layer was recoated. As the process conditions can rapidly change, 
and vast amount of data to analyse, self-adapting algorithm was used. Radial basis functions offer fast 
response time and the implied set-up allowed on-the-fly parameters update. The model constantly updates 
its database by measuring the effect of the changing parameters. This approach allowed for a significant 
improvement of part quality and is an excellent example of ML use in AM. 

In a recent publication, Baturynska et al.[290] proposed to use Finite Element Modelling (FEM) in combination 
with ML to optimise the processing parameters. The authors argue that physical experiments for quality 
improvements are very cost-ineffective. Recent progress in FEM of AM techniques[139], [291] allows for relatively 
accurate predictions of thermal stresses and consolidation. However, by combining the ML methods to 
understand the effects of process parameters based on experimental data[292], FEM analysis of the 
geometries[293], and mathematic modelling of the process[294], one can achieve a much more robust predictive 
system that might eliminate the need for complex and costly in-situ control[295].  

Another aspect of AM technology that is important for commercial applications is estimating costs and 
manufacturing time. Several works addressed this. Munguía et al.[296] used NN to estimate costs and 
manufacturing time, using the selective laser sintering process parameters and build volumes. Their dataset, 
however, consisted of only 130 observations and was limited to just one process. More recent work by Chan 
et al.[297] developed a cost estimation model by comparing part geometries to existing data (width, height, 
build time, weight, volume, hatch spacing, etc.). The article presented a conceptual framework for the 
approach and demonstrated its applicability for polymer extrusion. However, such a framework can be 
extended to many AM processes. With sufficient data for other 3D printing methods, one can add the 
technology type as one of the inputs to the model. This would allow creating a universal price ‘calculator’ for 
AM technologies. 

In summary, recent research in ML applications into AM process demonstrated high applicability and resulted 
in significant improvements in manufacturing quality. From the ML point of view, one has to correctly identify 
the predictor variables for the model to work efficiently. Furthermore, the size of the dataset has to be 
sufficient to prevent overfitting. In all of the presented studies, investigators used over 15 different inputs.  

2.5.4 Machine Learning in Alloy Design 
It is fair to say that many of the ML approaches overviewed in the previous section are directly applicable in 
alloy design. For example, the estimation of enthalpies of formation for compounds indicates their stability. 
Therefore, using the trained model on an unknown compositional space can predict the existence of previously 
undiscovered compounds, as was shown by Meredig and co-workers[298]. They used a combined heuristic and 
ML approach to screen for new materials based upon DFT calculation for several thousands of compounds. 
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The heuristic method predicts the formational enthalpy by a molar weighted sum of its constituents. For 
example ∆𝐻𝐻𝑓𝑓 for a A2(BC)3 compound can be calculated by summation of 1

5
∆𝐻𝐻𝑓𝑓 (A2B3) + 1

5
∆𝐻𝐻𝑓𝑓 (A2C3) + 3

5
∆𝐻𝐻𝑓𝑓 

(AB). Whereas the ML model was based on decision trees ensembles trained on 15000 DFT calculations. The 
group applied the model on over 1.6 million ternary compositions, ranking them by existence probability. The 
data analysis revealed 4500 of previously unreported ternary compounds. They validated their findings by 
performing DFT calculations for a selection of candidates, which revealed an 89% success rate in determining 
stable compounds. By further applying models developed by Isayev et al.[109], one can estimate the material 
properties of the potential candidates. Further application of a process-specific algorithm can reveal candidate 
materials for specific needs. For example, by estimating the band-gap of these ternary compounds, one can 
identify the required material for photovoltaic application. Eventually, an experimental investigation will be 
required to confirm the estimations, but such an approach expands the opportunities for new materials 
discovery. 

2.6 Summary  
Fusion-based AM of metallic components is a promising technology with plenty of benefits and applications. 
However, each application scenario imposes unique requirements to the alloy properties. Each industry 
segment has been developing materials for decades to reach desired properties that would suit the operating 
conditions and available manufacturing techniques. In this respect, fusion-based AM is still in its infancy, with 
the majority of available materials not designed for fusion-based AM processes. Therefore, metallurgical issues 
remain as major challenges to the wide industrial application. In particular, high cooling rates and thermal 
gradients in fusion-based AM often lead to unique microstructures such as fine solidification cells containing 
dense dislocations at cellular boundaries. Directional cooling gives rise to high texture and anisotropy of 
mechanical properties. Repeated remelting with a high energy density source can lead to excessive 
evaporation of alloying elements. At the same time, the build-up of residual stresses can warp and distort the 
printed components. Keyhole and lack of fusion pores are often observed in the printed components. Such 
defects significantly limit the reliability of the AM fabricated parts. A standard method to minimise defect 
formation is to find a processability window with optimal consolidation. However, despite showing a 
significant improvement in printability and mechanical properties, if the material is inherently prone to defect 
formation, such an approach is somewhat constrained. Another stream of research addresses the 
metallurgical and mechanical issues by selecting (and designing) alloys (which are more suitable for AM), 
considering the processing effects in fusion-based AM. Prior research in welding literature provides a 
significant understanding of underlying mechanisms responsible for defect formation and microstructure in 
fusion-based welding and AM. Several theories have been developed to evaluate the tendency to form a 
specific type of defect. Recent investigations demonstrated that such theories are useful and effective in 
selecting and developing alloys that have better resistance to the formation of defects commonly found in 
fusion-based AM, in particular for solidification cracking, thereby improving the mechanical properties.  

In addition, there have been incredible developments in the field of ML and data analytics. A wide range of 
algorithms were developed, with numerous reported applications in the field of materials science. However, 
limited research was done to apply such algorithms to AM, particularly for alloy design and printability 
assessment.  

Despite the recent advances in the field, there are several gaps remaining that need to be further explored: 

• Limited understanding of effects of inherent material properties on the defect formation in fusion-based 
AM in particular in LPBF. 

• Lack of criteria to assess the risk of liquid-state defect formation in LPBF. 
• Absence of an alloy design framework for LPBF. 
• Time consuming and labour intensive for identifying the processing window of alloys 
• Limited research and insufficient understanding of the properties (in particular long term performance) 

of printed components 
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• Incomplete understanding of the correlation of the process parameters, inherent material properties and 
final properties of printed components 

This research aims to use some common ML methods for data collected for LPBF in combination with 
understanding of physical metallurgy. Such a combination applied to data collected in literature would provide 
some insights into the influence of thermo-physical properties of the material on the printability, particularly 
on the defect formation tendencies, speeding up the printability assessment, alloy selection and design. 

 

Printability as a term has several crucial aspects. Firstly, it involves the assessment of the inherent thermo-
physical properties of an alloy as to whether it is likely to form defects during processing. Therefore, this PhD 
research will investigate the defect formation mechanisms in the fusion-based AM process, focusing on liquid-
state defects. Chapter 3 of this works aims to develop and evaluate the alloy assessment and design criteria 
to limit defect formation during the fusion-based AM process. Extensive investigation of several alloys was 
carried out to gain insights into the alloy's thermo-physical properties that cause the formation of defects. This 
understanding is then combined with ML techniques to design an alloy immune to liquid-state defects as a 
validation.  

Secondly, one of the key aspects of printability is to achieve the desired microstructure and properties by an 
AM process. Hence, it is important to examine the relationship between the process parameters, 
microstructure and, and mechanical properties in the assessment of the printability of alloys. The focus of this 
PhD study is made to look at these relationships. Chapter 4 is dedicated to investigating the effect of one of 
the influential processing parameters (scan strategy) on the consolidation, microstructure and mechanical 
behaviour of a CoNiCrFeMn high entropy alloy in an as-built condition. The choice of this alloy was made 
thanks to the alloy’s single phase that is (meta)stable in the fabrication. In addition, one of the effective and 
powerful ways to tailor the microstructure and achieve desired properties is post heat treatment, in particular 
for precipitation-hardenable alloys. Therefore, another effort was made in Chapter 5 to understand the change 
in the microstructure of a precipitation-hardenable alloy (fabricated by LPBF) during the post-heat-treatment 
procedure. A material of choice was Inconel 718. The differences in microstructure evolution between LPBF 
processed, and conventional IN718 were assessed by characterisation techniques and calculation of phase 
diagrams (CALPHAD) method. This effort was focused to quantitatively deconvolute and compare the 
contributions of the strengthening sources to the mechanical properties of the alloy. 

Finally, in Chapter 6, this study utilises the increasingly available data in the literature and analyses it to seek 
for a broader and more in-depth understanding of the LPBF process of multiple alloys commonly used for 
LPBF. Such understandings would help to reduce the lengthy process of optimising the process parameters 
and accelerate the printability assessment of new alloys for the fusion-based AM process. Several ML models 
are applied to the literature data to assist the search for optimal printability windows for various alloys. 
Analysis of literature data shows that the melt pool dimensions are influential variables that help to correlate 
the process parameters with the consolidation and mechanical properties of AM alloys. Predictions made by 
ML models on the melt-pool dimension were independently tested on LPBF IN718. The relationships between 
processing parameters, consolidation, microstructure and properties are discussed on the basis of data 
analysis and ML outcomes. 

As mentioned earlier, laser and electron beam powder bed fusion are the most common amongst the existing 
fusion-based AM technologies [4]. Considering the similarities between L-PBF and EB-PBF and the wide use of 
LPBF for intricately complex components, LPBF is selected as a representative fusion-based technology in this 
PhD investigation. However, it is recognised that EB-PBF and other fusion-based AM techniques involve slightly 
different processing conditions; therefore, some modifications might be required to translate the findings 
obtained in this study to other fusion-based AM technologies.  
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3 Alloy assessment criteria and design against liquid-state cracks 
3.1 Formulating the assessment criteria 
Fusion-based AM technologies hold great promise for manufacturing advanced materials with unprecedented 
degrees of freedom in structural optimisation to significantly improve mechanical performance and 
functionalities. However, there remain challenges such as cracks, porosity, compositional changes and 
unwanted phases that can severely affect the performance of AM components, i.e. limiting their printability[41], 

[299], [300]. Cracks formation is inherently related to the microstructure evolution in the solidification and solid-
state phase transformations. The microstructure development in solidification is affected by the thermal field, 
which, in turn, is governed by the processing conditions[301]–[303]. There is an overwhelming number of studies 
investigating the effect of the process parameters on the porosity formation during AM[96], [152], [312], [304]–[311]. 
However, the effects of solidification conditions such as freezing range and solidification gradient on cracks 
are often overlooked. Fundamental studies in welding metallurgy highlight the roles of such solidification 
conditions and alloy composition in the microstructure development[303] (including the grain 
misorientation[313]), and most importantly, in the cracking susceptibility of alloys[207], [209], [210], [314]–[316]. It is 
increasingly vital to translate such in-depth understanding to study the effects of solidification characteristics 
on the susceptibility to cracking in AM. In this chapter, key parameters (solidification range and solidification 
gradient) of the solidification behaviour of some alloys (316L steel, IN718, Hastelloy X and CoNiCrFeMn HEA) 
commonly used in fusion-based AM (with LPBF as a representation) were quantitatively examined in detail to 
help establish the link between the solidification characteristics to cracking in these alloys. Furthermore, as 
the chemical composition of the material strongly influences the solidification characteristics and subsequent 
microstructure development, it is essential to assess the compositional changes in fabrication. The assessment 
of compositional changes during processing was evaluated on an example CoNiCrFeMn high entropy alloy 
(HEA) due to an almost equiatomic concentration of alloying elements without light elements, which allows 
the measurement of composition with minimal uncertainty. The obtained knowledge in the solidification 
cracking and composition changes is used to establish a set of criteria for assessing the printability and guiding 
the selection/search of alloys for LPBF. 

3.1.1 Methods 
3.1.1.1 Solidification simulations 
Analysis of solidification behaviour of alloys was performed using Thermo-Calc (TC), commercial software for 
calculating thermodynamic phase diagrams (CALPHAD). Calculations were performed using alloy compositions 
as measured in the as-printed conditions, Table 3.1.1 using TCFE6 and TCMOBNI2 databases for 316L alloy; 
and TCNI8 and TCMOBFE2 for IN718, Hastelloy X and CoNiCrFeMn HEA. The analysis was performed under 
Scheil-Gulliver conditions (consistent with rapid cooling conditions) with a temperature step of 1 K, 
incorporating the back-diffusion of solute elements in the primary phase. Such conditions allow some degrees 
of diffusion of solutes in the primary solid phase. Mobility and diffusion are calculated for a cooling rate of 107 
K/s [179], [303] and domain size (length-scale of the solidifying structure) of 700 nm. Simulation results were 
analysed to extract the solidification range, solidification gradient, elemental segregation, density variations 
upon solidification and respective influence of alloying elements.  

By coupling TC with a Matlab script, the solidification behaviour of compositional variants within the nominal 
range of an alloy can be assessed to understand the effect of composition variation on the solidification 
cracking behaviour. The study of such effect was focused on Hastelloy X because of the availability of various 
compositions of this alloy in the literature along with reported solidification crack density[84] [86] [87] [38] [41][88] 
(Table 2.2 in Section 2.1.2.2.1). Hence, 2000 compositional variants of Hastelloy X alloy was analysed using TC. 
Partial dependence analysis was performed to analyse the effect of alloying elements on solidification gradient 
using the ML toolbox in MATLAB. Details on the procedure can be found in Appendix C3.  

3.1.1.2 Evaporation of alloying elements 
 In order to estimate the volatility of alloying elements, the vapour pressure was calculated using data in [195], 

[317], [318] at average temperature in the molten zone (details for the calculation are provided in section 3.1.1.3). 
Vapour pressure dependence on temperature for selected elements was presented in Figure 2.23 (Section 
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2.3.4).  A similar approach to Mukherjee et al.[203] for calculating the vapourisation flux of alloying elements 
the Knudsen-Langmuir equation[204], [205] (Equation 2.3 in Section 2.4.2).  

The evaporated mass of an element (∆𝑚𝑚𝑎𝑎 [𝑜𝑜𝑘𝑘]) can be estimated by considering that evaporation occurs 
through the top surface of the melt-pool with an area of 𝐴𝐴𝑠𝑠 with an intensity of 𝐽𝐽𝑎𝑎 for an element 𝑅𝑅 with a molar 
mass of 𝑀𝑀𝑎𝑎. The unit time of evaporation is taken as the time laser takes to travel 1 melt-pool length (melt-
pool length (𝐿𝐿) /scan speed (v), resulting in Equation 3.1.1: 

∆𝑚𝑚𝑎𝑎 = 𝑀𝑀𝑎𝑎𝐿𝐿𝑠𝑠𝐽𝐽𝑎𝑎𝐿𝐿
𝛼𝛼

       – Equation 3.1.1 

This allows to calculate the weight percentage of the alloying element i after deposition (𝑊𝑊𝑎𝑎
𝑑𝑑). For a melt-pool 

of volume 𝑉𝑉, Equation 3.1.2: 

𝑊𝑊𝑎𝑎
𝑑𝑑 = 𝑉𝑉𝜋𝜋𝑊𝑊𝑎𝑎−∆𝑎𝑎𝑎𝑎 

𝑉𝑉𝜋𝜋−∑ ∆𝑎𝑎𝑎𝑎𝑎𝑎
          – Equation 3.1.2 

3.1.1.3 Analytical melt-pool modelling 
A simple analytical model to calculate the temperature distribution from a point heat source by Rosenthal et 
al. was used according to Equation 3.1.3[319] : 

𝑇𝑇 = 𝑇𝑇0 + ηP
2𝜋𝜋𝑘𝑘𝑟𝑟

 exp (− 𝛼𝛼[𝑟𝑟+(𝑥𝑥−𝛼𝛼𝑎𝑎)]
2𝑎𝑎

)    – Equation 3.1.3 

Where T0 is the base plate temperature, P – laser power, η - laser absorptivity, k – thermal conductivity, x0 
coordinates along the scanning direction, t- time, r - distance to the heat source  
(𝑟𝑟 = �(𝑥𝑥 − 𝑣𝑣𝑅𝑅)2 + 𝑆𝑆2 + 𝑧𝑧2) and α is the thermal diffusivity.  

Calculations have been performed in Matlab on a grid of 1x2x1mm with a step between evaluation points of 
10-6 m. The dimensions of the region with T > Tm (melting temperature) were taken as the melt-pool size and 
used to calculate the terms 𝐴𝐴𝑠𝑠 and 𝑉𝑉 for Equations 3.1.1 and 3.1.2, respectively. The temperature term in 
Equation 2.3 was calculated as the average temperature in the melt-pool. 

3.1.1.4 Solidification cracking criteria 
Works of  Kou et al.[209], [210] were used as a basis to evaluate the solidification cracking tendency of an alloy. 
The generalised criteria to form a solidification crack was explained in section 2.4.4. Equation 2.8 (in Chapter 
2) derived by Kou[210] is re-shown and explained here for the convenience of further derivation.  

 
Where 𝜀𝜀𝑙𝑙𝑠𝑠𝑙𝑙𝑎𝑎𝑙𝑙 – local thermal strain due to cooling, T – temperature, 𝛽𝛽 – solidification shrinkage, 𝑓𝑓𝑠𝑠 – fraction 
of solid, t – time, z – position along the growth direction, 𝑣𝑣𝑧𝑧 – intergranular liquid flow velocity.  Part (1) of 
Equation 2.8 denotes the tensile deformation between the growing crystals, which drives the crack formation; 
part (2) denotes the contribution of the crystal growth from neighbouring dendrites towards one another prior 
to bonding. Part (3) of Equation 2.8 quantifies the feeding of the liquid into the interdendritic region, 

supporting the growth of the crystals. From Equation 2.8, the growth term (2)  �1 − 𝛽𝛽 𝑑𝑑�𝑓𝑓𝑠𝑠
𝑑𝑑𝑇𝑇

, has two 
components: the change in the fraction of solid over the change in temperature and the solidification 

shrinkage. In the liquid feeding term (3) in Equation 2.8, 𝑑𝑑𝑇𝑇
𝑑𝑑𝑎𝑎

 is the cooling rate at the solid-liquid interface, 

 𝑑𝑑𝑇𝑇
𝑑𝑑𝑎𝑎

= 𝐺𝐺 × 𝑅𝑅 where G thermal gradient and R solidification rate. The liquid is driven into the mushy zone 
primarily by the pressure difference induced by the solidification shrinkage[320]; therefore, the liquid velocity 
𝑣𝑣𝑧𝑧 can be estimated as 𝑣𝑣𝑧𝑧 = 𝑅𝑅𝛽𝛽 [320], resulting in: 

1
𝑑𝑑𝑈𝑈
𝑑𝑑𝑎𝑎

 𝜕𝜕
𝜕𝜕𝑧𝑧

��1 − �1 − 𝛽𝛽�𝑓𝑓𝑠𝑠�𝑣𝑣𝑧𝑧� =  1
𝑑𝑑𝑈𝑈
𝑑𝑑𝑎𝑎

 𝜕𝜕
𝜕𝜕𝑧𝑧

��1 − �1 − 𝛽𝛽�𝑓𝑓𝑠𝑠�𝑅𝑅𝛽𝛽�   - Equation 3.1.4 

- Equation 2.8 
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Cellular automaton and phase-field modelling efforts demonstrate that the dendrite tip velocity remains 

relatively constant at the final stages of solidification[321], [322], meaning that  𝑑𝑑𝑇𝑇
𝑑𝑑𝑧𝑧

→ 0 , when 𝑓𝑓𝑠𝑠 → 1. 
Solidification shrinkage (𝛽𝛽) is characterised as the normilised volume change with a reduction in temperature. 
Considering the law of conservation of mass, 𝛽𝛽 can be calculated as the normalised density change with a 
reduction in temperature. CALPHAD simulations show that at the final stages of the solidification, the density 

change of the material is minimal, hence  𝑑𝑑𝛽𝛽
𝑑𝑑𝑧𝑧

→ 0, when 𝑓𝑓𝑠𝑠 → 1. Considering that the change with respect to 
the location of solid-liquid interface, z,  in both the solidification rate and solidification shrinkage tends to zero 
at the final stages of solidification, Equation 3.1.4 can be simplified:  

1
𝑑𝑑𝑈𝑈
𝑑𝑑𝑎𝑎

 𝜕𝜕
𝜕𝜕𝑧𝑧

��1 − �1 − 𝛽𝛽�𝑓𝑓𝑠𝑠�𝑅𝑅𝛽𝛽��
𝑓𝑓𝑠𝑠→1

= − 1
𝑑𝑑𝑈𝑈
𝑑𝑑𝑎𝑎

𝑅𝑅𝛽𝛽�1 − 𝛽𝛽 𝑑𝑑�𝑓𝑓𝑠𝑠
𝑑𝑑𝑧𝑧

�
𝑓𝑓𝑠𝑠→1

     – Equation 3.1.5            

Substituting  𝑑𝑑𝑇𝑇
𝑑𝑑𝑎𝑎

= 𝐺𝐺𝑅𝑅 : 

− 1
𝑑𝑑𝑈𝑈
𝑑𝑑𝑎𝑎

𝑅𝑅𝛽𝛽�1 − 𝛽𝛽 𝑑𝑑�𝑓𝑓𝑠𝑠
𝑑𝑑𝑧𝑧

�
𝑓𝑓𝑠𝑠→1

= − 𝛽𝛽
𝐺𝐺 �1 − 𝛽𝛽 𝑑𝑑�𝑓𝑓𝑠𝑠

𝑑𝑑𝑧𝑧
�

𝑓𝑓𝑠𝑠→1
     – Equation 3.1.6 

While 𝑑𝑑�𝑓𝑓𝑠𝑠
𝑑𝑑𝑧𝑧

 can be expressed as 𝑑𝑑�𝑓𝑓𝑠𝑠
𝑑𝑑𝑇𝑇

𝑑𝑑𝑇𝑇
𝑑𝑑𝑧𝑧

. Recognising that 𝑑𝑑𝑇𝑇
𝑑𝑑𝑧𝑧

= 𝐺𝐺 : 

− 𝛽𝛽
𝐺𝐺 �1 − 𝛽𝛽 𝑑𝑑�𝑓𝑓𝑠𝑠

𝑑𝑑𝑧𝑧
�

𝑓𝑓𝑠𝑠→1
= −𝛽𝛽�1 − 𝛽𝛽 𝑑𝑑�𝑓𝑓𝑠𝑠

𝑑𝑑𝑇𝑇
�

𝑓𝑓𝑠𝑠→1
            – Equation 3.1.7 

Substituting Equation 3.1.7 into Equation 2.8 and rearranging:  

𝑑𝑑𝜀𝜀𝑙𝑙𝑙𝑙𝑙𝑙𝑎𝑎𝑙𝑙
𝑑𝑑𝑇𝑇

> 𝑑𝑑�𝑓𝑓𝑠𝑠
𝑑𝑑𝑇𝑇

(1 − 𝛽𝛽)
3
2,   𝑤𝑤ℎ𝐾𝐾𝑅𝑅 �𝑓𝑓𝑠𝑠 → 1                – Equation 3.1.8 

Solidification shrinkage (𝛽𝛽) is typically measured at the order of 10-2 [323], hence 1 ≫ 𝛽𝛽, further simplifying 
Equation 3.1.8 to Equation 3.1.9. 

𝑑𝑑𝜀𝜀𝑙𝑙𝑙𝑙𝑙𝑙𝑎𝑎𝑙𝑙
𝑑𝑑𝑇𝑇

> 𝑑𝑑�𝑓𝑓𝑠𝑠
𝑑𝑑𝑇𝑇

,   𝑤𝑤ℎ𝐾𝐾𝑅𝑅 �𝑓𝑓𝑠𝑠 → 1             – Equation 3.1.9 

Equation 3.1.9 suggests that the lower 𝑑𝑑�𝑓𝑓𝑠𝑠
𝑑𝑑𝑇𝑇

 (i.e. higher 𝑑𝑑𝑇𝑇
𝑑𝑑�𝑓𝑓𝑠𝑠

), the more susceptible of the alloy to the 

solidification cracking at the final stage of solidification. 

3.1.1.5 Alloy fabrication 
This work investigated several alloys: Fe-based 316L stainless steel and FeCrAl alloy; Ni-based IN718  and 
Hastelloy X; and CoNiCrFeMn HEA. The chemical composition of the alloys in powder form and in the as-print 
state was given in Table 3.1.1. Powder size distribution of the investigated alloys, shown in Figure 3.1.1, was 
obtained through SEM imaging and analysis through ImageJ. Process parameters were optimised for each 
material to consistently achieve minimal porosity, Table 3.1.2. Oxygen content in the build chamber was 
comparable in all builds and remained below 1000 ppm. The scan speed of HEA was varied between 0.4 and 
0.8m/s for the experiments evaluating the evaporation of alloying elements. 
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Table 3.1.1. Manufacturers of the investigated materials and chemical compositions of the raw powder (top 
row) and as-printed build (bottom row) for each alloy. 

Alloy Powder Provider 
 Chemical Composition of Powder/As-print (Wt%) 

Fe Ni Cr Mn Mo Si Al Co Nb W Ti 

316L LPW 
Bal 12.74 17.3 1.86 2.32 0.69 - - - - - 

Bal 11.81 18.71 1.57 2.57 0.65 - - - - - 

IN718 Hoganas 
17.12 Bal 19.5 0.2 3 0.2 0.8 0.7 5.1 - 1.5 

17.56 Bal 19.8 0.81 3.44 0.1 0.11 0.5 6.14 - 1.5 

Hastelloy X 
Northwest Institute 

for Nonferrous 
Metal Research 

19.6 Bal 22.6 0.39 8.9 0.65 - 1.5 - 0.89 - 

20.33 Bal 23.3 0.35 8.7 1.17 - 1.39 - 0.92 - 

CoNiCrFeMn 
HEA HC Stark 

19.5 21.2 18.2 18.9 - - - 22.2 - - - 

19.7 21.3 18.4 18.1 - - - 22.5 - - - 

 
Figure 3.1.1. Powder particle size distributions of the investigated materials expressed as frequency (bar chart) 
and cumulative distributions (line plot) 

Table 3.1.2. The nominal process parameters used to manufacture the investigated alloys  

Material 
LPBF 

Machine 
model 

Laser 
Power (W) 

Scan 
Speed 
(m/s) 

Beam 
Diameter 

(µm) 

Scan 
Strategy 

Layer 
Rotation (°) 

Hatch 
Spacing 

(µm) 

Layer 
Thickness 

(µm) 

316L 
Renishaw 

AM250 
90 0.6 35 Meander 90 84 25 

IN718 
ALT 

Alfa 150 
200 1 120 Chessboard 67 100 50 

Hastelloy X 
EOS 

M280 
180 0.34 100 Meander 16.5 90 20 

CoNiCrFeMn 
HEA 

Renishaw 
AM250 

200 0.75 35 Meander 90 0.75 50 
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3.1.1.6 Mechanical Testing 
Printed samples (with dimensions indicated in Figure 4.6b in Chapter 4) were subjected to tensile tests at room 
temperature, using a strain rate of 10−3 s−1 in accordance with ISO 6892-1:2019. The strain was measured by 
digital image correlation (DIC) using a 64 MP camera at a distance of 40 cm from the specimen with a frame 
rate of 1 fps. DIC data was analysed using GOM Correlate to extract the strain from the gauge area. Hardness 
measurements (HV2) were carried out by applying a 2 kg load for 10 s. At least 15 indentations were made in 
a regular array for each section. 

3.1.1.7 Characterisation 
As-atomised powder and printed samples were analysed by X-ray diffraction (XRD) on a Bruker D2 Phaser 
using the Cu Kα radiation (wavelength of 1.5406 Å), with a 2θ angle ranging from 9° to 99°, an angle increment 
of 0.036° and a timestep of 0.5 s to identify the crystal structure and phases in the as-received powder and as-
printed samples. Polished samples were imaged using Olympus BX51 optical microscope at 10x magnification. 
An area of 80 mm2 was imaged and processed using ImageJ to measure the crack density and porosity level. 
Cracks were separated from pores using a procedure outlined in[41]. The fine microstructure was investigated 
on polished and etched samples using a Zeiss Sigma 300 and a Zeiss Auriga SEMs. Etching of 316L, HEA and 
Hastelloy X was performed in 10% Oxalic acid (in H2O) at 5V for 90 seconds, IN718 was etched using Kalling's 
reagent №2 for 15s (by applying a droplet of the etchant via pipette onto the sample surface). The chemical 
composition of the powder and bulk samples was measured via energy dispersive X-ray spectroscopy (EDX) 
using Zeiss Auriga SEM equipped with Oxford instruments EDS detector. For the bulk HEA samples printed 
with various scan speeds, chemical composition measurements were taken in at least 3 sufficiently spaced 
areas of around 1 mm2. The composition of metal powders was taken via point analysis from at least 20 
individual powder particles for each alloy. The microscope was operated at 20 kV at a 10 mm working distance 
(optimal for the installed EDX detector). Each area in the samples was scanned until the number of counts 
reached 500 k.  Transmission and Scanning Transmission electron microscopy (TEM/STEM) was performed on 
CoNiCrFeMn, 316L and IN718 samples as representatives of the different alloy families (HEAs, stainless steels 
and Ni-base superalloys, respectively) on JEOL 2100F, equipped with an Oxford instrument EDS detector at a 
voltage of 100 kV to characterise the dislocation condition and chemical segregation. (S)TEM samples of all 
alloys were prepared by electropolishing 3mm disks using a 10 % perchloric acid solution in methanol, applying 
a voltage of 20 V at -20°C. 

3.1.2 Results and discussion 
3.1.2.1 Defects and mechanical properties 
All alloys were printed with a relative density of over 99.75%, Table 3.1.3. Porosity primarily consisted of lack 
of fusion defects and keyhole pores near free surfaces, as shown in Figure 3.1.2 a-c. Hastelloy X demonstrated 
many solidification cracks (Figure 3.1.2d), on average 4.5 cracks per mm2. Solidification cracks were also 
observed in the bulk of the IN718 and HEA alloys, Figure 3.1.2f and g. However, much less frequent, 0.04 and 
0.51 cracks per mm2, were seen for IN718 and HEA alloys, respectively. Meanwhile, there were no detectable 
solidification cracks in 316L alloy. Table 3.1.3 summarises the crack density measured in the alloys. 

The presence of various defects in the printed materials was reflected by the mechanical properties of the 
alloys, Table 3.1.3. For comparative purposes, Table 3.1. includes literature values for alloys made by LPBF and 
casting. All LPBF manufactured alloys demonstrate significantly higher yield stresses (almost 2 times) as 
compared to those in casting. Similarly, the ultimate tensile strength and hardness of the AM alloys exceed 
that of the cast versions. Such behaviour is related directly to the AM specific microstructure. LPBF process 
results in a smaller spacing of crystal cells (or dendrites) as compared to casting (Table 3.1.1), which in part 
contributes to the higher strength. However, the main contribution to the improved strength of LPBF-
processed alloys comes from high dislocation densities located at the cellular (or dendrite) boundaries[77], [93], 

[94]. Elongation to failure is, however, often lower than the cast counterparts. Typically small and smooth 
defects such as keyhole pores have less of an impact on mechanical properties compared to lack of fusion 
defects[324]. At the same time, a large concentration of cracks in the bulk of the material can significantly reduce 
the ductility and fatigue behaviour of printed components[324]. Hastelloy X, for instance, usually shows less 
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than half the ductility of cast material. This alloy demonstrates significant solidification cracking behaviour 
during LPBF processing[38], [41], [84], [86]. Harrison et al.[38] demonstrated that reduction of solidification cracks 
significantly enhances the mechanical performance of Hastelloy X. Keyholes and lack of fusion defects are 
mainly dependent on the processing conditions such as print parameters. Whereas cracking tendency can also 
strongly depend on the inherent material properties, chemical segregation and microstructure. To explore the 
reasons behind the solidification cracking behaviour and ways to evaluate the tendency to form a crack, it is 
essential to understand the material’s microstructure and properties. 

Table 3.1.3. Mechanical properties of AM investigated alloys in comparison to literature results for AM and 
cast alloys.  
[a] – This study 

Alloy 

Yield 
Strength 

(MPa) 

UTS 
(MPa) 

Elongation  
(%) 

Hardness 
(HV) 

Crack 
Number 
density 
(mm-2) 

Porosity 
(%) 

Average Grain 
size 
(µm) 

Method/ 
Reference 

Hastelloy X 

785 970 14 290 ± 5 4.5 0.1 37± 10 AM[a] 

720 ± 2 882 ± 5 23 ± 2 277 ± 4 15  N/A AM[38] 

352 ± 4 761 ± 1 51 ± 1 190 N/A  55 Casting[325] 

IN718 

714 ± 73 1175 ± 26 39 ± 9 300 ± 10 0.04 0.1 41± 8 AM[a] 

668 ± 16 1011 ± 27 22 ± 2 320 -  N/A AM[326] 

470 ± 10 750 ± 10 35 ± 2 233 -  190 Casting[327] 

316L 

520 ± 10 585 ± 10 55 ± 1 220 ± 5 0 0.21 23 ± 5 AM[a] 

546 626 42 240 -  23 ± 3 AM[328] 

200 ± 25 450 ± 20 45 ± 4 160 ± 10 -  91 ± 17 Casting[329] 

HEA 

530 ± 20 783 ± 7 23 ± 1 202 ± 4 0.52 0.25 23 ± 5 AM[a] 

519 ± 20 575 ± 15 31 ± 2  -  N/A AM[112] 

210 ± 20 590 ± 20 42 ± 2  -  34 Casting [330] 
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Figure 3.1.2. Defects observed in investigated samples. (a), (b) lack of fusion defect on the fracture surface in 
IN718; (c) near-surface keyhole porosity in 316L; (e)-(g) solidification cracking in Hastelloy X, IN718 and HEA, 
respectively.   
Image in figure (d) was kindly shared by Liu Chen from Beijing Institute of Aeronautical Materials. 
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3.1.2.2 Crystal phase and microstructure 
Scheil solidification and equilibrium cooling results predicted for the phases present in the investigated alloys 
are shown in Figure 3.1.3. Face centred cubic (FCC) γ phase upon Scheil and equilibrium solidification 
conditions of IN718 and Hastelloy X (Figure 3.1.3 a,b). However, during the rapid cooling conditions, diffusion 
is significantly limited, leading to chemical segregation, which extends the solidification range of the alloys 
compared to equilibrium conditions, promoting the formation of secondary phases. Scheil solidification model 
suggests that IN718 would form some Laves (C14), δ and σ phases at the final stages of solidification, Figure 
3.1.3a1. Hastelloy X is predicted to form some σ and μ phases, Figure 3.1.3b1. The total fraction of these 
secondary phases is limited to less than 2%. HEA alloy was predicted to form single phases upon rapid 
solidification with FCC structure Figure 3.1.3c1. 316L steel, on the other hand, was predicted to form a dual-
phase structure of ferrite-austenite, Figure 3.1.3d1. XRD analysis of the alloys detected single-phase structures 
in all as-printed alloys, Figure 3.1.4. IN718 and Hastelloy X samples with expected volume fractions of 
secondary phases of less than 2% would not give rise to detectable diffraction peaks in XRD. However, if 
ThermoCalc’s prediction of the crystal phase at room temperature was accurate, a BCC structure in the 316L 
sample (Figure 3.1.3d1) should have been detected if present. According to the equilibrium phase diagram for 
the 316L, an L->BCC reaction should happen when reaching the liquidus boundary upon cooling at 1435°C. 
Upon further cooling to 1427°C a eutectic reaction of L-> BCC + FCC is expected, while at 1414°C, a peritectic 
L+BCC-> FCC occurs. The remaining BCC then transform to FCC during a solid-state transformation, with FCC 
being the only stable phase between 1268 and 875°C, Figure 3.1.2d2. Below 875°C, some σ phase is expected 
to form under equilibrium conditions; however, limited diffusion and large required undercooling prevent it 
from forming. Moreover, experimental investigations under various cooling rates and Schaeffler welding 
diagram support that the 316L alloy should solidify with primary ferrite at the current Cr/Ni ratio [331], [332]. 
Scheil-Guliver solidification assumes negligible diffusion in solid; hence it was unable to capture the BCC -> 
FCC transformation in the solid-state.  
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Figure 3.1.3. Phase diagrams for the investigated alloys under rapid cooling (Scheil-Guliver with back diffusion) 
– (left column, 1) and equilibrium conditions – (right column, 2) for (a) – IN718, (b) – Hastelloy X, (c) – HEA, 
 (d) –316L  
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Figure 3.1.4. X-ray diffraction results for the investigated alloys. Peaks corresponding to the FCC phase are 
marked with stars 

Melt-pool boundaries could be revealed after electrochemical etching. Figure 3.1.5a shows a 3D section of an 
etched HEA sample as an example. The sample utilised the meander scanning strategy with 90° rotation 
between layers; therefore, the corner of the sample reveals both longitudinal and perpendicular cross-sections 
of the melt-pool. Analysis of the topmost layer showed that melt-pool had a domed shape, 105 ± 5 µm deep 
and 220 ± 10 µm wide (widest region). Hence, the laser penetrated just over 2 nominal layer thicknesses deep 
and 2.5 hatch spacing wide. This provided a sufficient amount of overlap between the melt-pools to minimize 
the porosity.  

 

Figure 3.1.5. (a) SEM micrographs of etched as-print HEA sample (meander with 90° rotation) along vertical 
sections (note that sections were perpendicular/parallel to the scanning directions). (b1)-(d1) SEM micrographs 
of solidification structures (b2)-(d2) and respective TEM micrographs of IN718, HEA and 316L, respectively. 

 



 
63 

Microstructural analysis of the alloys revealed a typical fish-scale structure of solidified melt-pools oriented 
with the respective scanning directions. Etching was effectively revealed the fine cellular microstructure within 
the melt-pools. The size of solidification cells varied throughout the melt-pool of individual alloys due to 
changing thermal gradient and solidification rate at various locations in the melt-pool. The cell size difference 
between alloys is a subject of different process parameters (mainly combination of laser power and scan 
speed) and inherent thermo-physical properties of the materials (solidification range, heat capacity, enthalpy 
of melting and thermal conductivity). Cellular microstructure in HEA, 316L and IN718 all consists of dense 
dislocation networks at the cell walls (Figure 3.1.5b2 – d2). STEM-EDX was carried out across the solidification 
cells to measure the partitioning of solutes in the HEA, 316L and IN718. As the material solidifies, the solute is 
rejected into the liquid resulting in segregation. Such segregation can also be quantified under the Scheil 
approximation. The first solid to form would be at the centre of the solidification cell, whereas the cell 
boundary is the end of solidification. Figure 3.1.6 shows the comparison between Scheil-calculated solute 
partitioning and the STEM-measured partitioning across the solidification cell. In all investigated alloys, Scheil 
partitioning is significantly larger than the measured values. However, the relative segregation between 
individual alloying elements, i.e. the trend and relative degree of the segregation intensities of alloying 
elements, were in good agreement.  For instance, Scheil partitioning analysis of HEA suggests that Mn would 
have the highest partitioning coefficient and would strongly segregate to the cell walls, while Fe would be 
depleted from the cell boundary, Figure 3.1.6a1. A similar segregation profile is observed in STEM-EDX line 
scan profiles, Figure 3.1.6a2. Comparison between the alloys shows that IN718 is expected to have the most 
significant segregation with a partitioning coefficient for Nb reaching 2.2 near the cell boundary, Figure 
3.1.6b1. At the same time, the EDX measurement shows that Nb partitions towards the cell wall with a 
coefficient of 1.55, Figure 3.1.6b2. In the case of 316L steel, even though Mo was expected to significantly 
partition towards the cell boundary with a coefficient of 1.5 (Figure 3.1.6c1), EDX results show that actual 
segregation only reached a level of 1.15. Moreover, secondary phases were also observed most noticeably in 
IN718, then in HEA and to some extent in 316L. For example, TEM imaging revealed secondary phases (which 
are Laves and carbides) at the cell boundaries in the IN718. Similarly, STEM-EDX analysis revealed 𝑀𝑀𝑅𝑅3𝑂𝑂4 
present at the cellular boundaries in HEA.  

There may be several reasons for the difference in the measured and simulated partitioning. Starting from the 
measurement-related, the STEM-EDX resolution limit depends on the specimen thickness. With specimens 
between 100 and 150 nm thick, the spatial resolution ranges between 8 to 10 nm[333]. Secondly, the cells may 
not be perfectly aligned with the TEM column axis, further reducing the spatial resolution. Thirdly, the 
simulated partitioning was predicted for the as-printed state. The measured samples underwent several tens 
of heating and cooling cycles during the manufacturing process. Such thermal cycles act as in-built heat 
treatment and can change the segregation. Finally, the assumption in the Scheil-Guliver model of infinite 
diffusion in liquid might not reflect the diffusion accurately during solidification in LPBF. For example, Harrison 
et al. has demonstrated that solute trapping will occur during the LPBF process [38], suggesting a limitation in 
Sheil-Guiliver’s assumption for LPBF. A combination of these factors is more than likely to explain the observed 
difference in the solute partitioning. However, the main trends were in agreement between the CALPHAD 
predictions and experimental observation, i.e. the Scheil-Guliver model provided a reasonable approximation 
of the solidification behaviour in the LPBF conditions. 
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Figure 3.1.6. Scheil solute partitioning of the elements in HEA, IN718 and 316L a1-c1, respectively; STEM-EDX 
analysis from the centre to the edge of solidification cells in investigated alloys a2-c2, respectively. 
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3.1.2.3 Solidification cracks 
Equation 3.1.9 shows the tendency of an alloy to form a solidification crack directly depends on the amount 
of strain surrounding the solidifying structure and solidification behaviour at the terminal stage of the 
solidification of the alloy. Kou has proposed a simplified index (solidification gradient) to evaluate the tendency 

of an alloy to form a crack in the form of :  𝑑𝑑(𝑇𝑇)
𝑑𝑑(𝑓𝑓𝑠𝑠

0.5)
, when 0.87 < 𝑓𝑓𝑠𝑠 < 0.94[210]. The derivation made in section 

3.1.1.4 demonstrates that this index is an inverse of the right-hand side of Equation 3.1.9. Figures 3.1.7a and 
b demonstrate the definition of solidification range and solidification gradient. A solidification simulation of 
HEA alloy is presented as an example. The temperature range between the liquidus temperature and 
temperature at which fraction of solid (𝑓𝑓𝑠𝑠) reaches 0.99 is termed as solidification range indicated by the arrow 
in Figure 3.1.7(a). During the terminal stage of solidification, when a fraction of solid is between 0.87 and 0.94 
(0.933 < (𝑓𝑓𝑠𝑠

0.5) < 0.970), the shaded region in Figure 3.1.7a, the alloy is most susceptible to solidification 
cracking. The amount of remaining liquid is limited, and it is increasingly harder to infill the interdendritic 
spacing. The calculation of the solidification gradient is graphically shown in Figure 3.1.7(b). Scheil-Guliver 
solidification curves are shown in Figure 3.1.7(c) to compare the solidification behaviour of the investigated 
alloys. Calculated solidification gradients of the alloys are presented in Figure 3.1.7d.  

 
Figure 3.1.7. Scheil solidification of HEA with the solidification range indicated (a); zoom-in view of the final 
stage of solidification indicated by the box in (a) is shown in (b) with a schematic definition of the solidification 
gradient. (c) Scheil predictions of solidification temperature-solid fraction curves of the investigated alloys. (d) 
Solidification gradient as a function of the fraction of solid.  
(Note that the legend in (c) and (d) is the same) 
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Figure 3.1.7b and c clearly show that the absolute value of solidification gradient of 316L was significantly 
lower than those of HEA, IN718 and Hastelloy X. As summarised in Table 3.1.2, experimental observation did 
not show evidence of solidification cracks in 316L while solidification cracks were observed in HEA, IN718 and 
Hastelloy X with the highest number of cracks seen in Hastelloy X. From Figure 3.1.7d, one can rank the 
susceptibility of forming the solidification cracks in alloys. 316L alloy has the smallest solidification gradient 
(between -45 and -300K) in the range 0.84<fs<0.95. On the other hand, HEA, IN718 and Hastelloy X have 
solidification gradients around -750K in this range of the solid fraction. Amongst the HEA, IN718 and Hastelloy 
X, IN718 showed the lowest number density of solidification cracks, despite having the highest absolute 
solidification gradient. As suggested by Equation 3.1.9, for a solidification crack to form, the local strain has to 
exceed the inverse of the solidification gradient, highlighting the importance of accounting for the local strain. 
However, the level of local strain may significantly differ between alloys due to differences in physical 
properties and processing conditions. To limit the number of variables, such analysis should be performed on 
a single alloy. Experimental assessment of the printability of multiple variants of the same alloy is usually a 
lengthy and costly process. Fortunately, the solidification cracking of Hastelloy X with varying compositions 
has been widely investigated in the literature. Harrison et al. performed a reduction of the content of tramp 
elements (O, N, P, Cu, Pd), achieving a reduction of solidification cracking by 80%[38]. Tomus et al. investigated 
two variants of Hastelloy X, demonstrating immunity to solidification crack in alloy with low Si and Mn 
contents. Table 3.1.4 summarises the literature findings for the solidification cracking behaviour in Hastelloy 
X with various compositions. The last column shows the calculated absolute solidification gradient in the range 
between 0.90 and 0.97 fs. Hence, the study of effects of composition variation on the solidification cracking is, 
hereafter in this section, focused on the Hastelloy X.  

Table 3.1.4. Compositions of Hastelloy X manufactured by LPBF with corresponding reported crack 
density and absolute solidification gradient. 

Reference Ni Cr Fe Mo Co W Mn Si C Cracking 
𝑑𝑑(𝑇𝑇)

𝑑𝑑(𝑓𝑓𝑠𝑠
0.5)

 

Tomus et al.[84] 
Bal. 21.38 18.43 8.82 1.83 0.86 <0.01 0.11 0.01 - 542 

Bal. 21.1 17.9 8.8 2 0.9 0.14 0.36 0.06 + 1100 

Sanchez et al.[86] Bal. 21.2 17.6 8.8 2 N/A <0.1 0.2 0.06 - 1251 

Marchese et al.[87] Bal. 21.4 18.7 9.35 1.85 0.92 N/A 0.37 0.051 3 mm/mm2 * 964 

Harrison et al.[38] 
Bal. 21.8 18.59 9.4 1.77 1.05 0.22 0.31 0.054 15 mm-2 ** 976 

Bal. 21.3 19.5 9 1.04 0.56 0.48 0.32 0.057 35 mm-2 ** 1073 

Han et al.[88] Bal. 21.2 17.6 8.8 2 0.6 0.1 0.2 0.06 0.65%*** 1270 

This study Bal. 22.6 19.6 8.9 1.5 0.89 0.39 0.65 0.05 4.5 mm-2 ** 794 
‘+’ and ‘-‘ represent the presence and absence of cracks, respectively 
*         Crack density measured as mean crack length per unit area 
**       Crack density measured as the number of cracks per unit area 
*** Crack density measured as a volume fraction using 3D CT scanning 

Figure 3.1.8a shows the calculated solidification gradient curves for the Hastelloy X with the modified 
compositions reported in Table 3.1.4. The solidification gradient analysis reflects well with the reported 
solidification cracking behaviour in Hastelloy X variants. From the two alloys investigated by Tomus et al.[84], a 
much lower solidification gradient (in absolute value) is observed for the alloy with no solidification cracks 
reported. Similarly, the solidification gradient distinguishes the difference in cracking susceptibility between 
the two alloys investigated by Harrison et al.[38] and the alloy investigated in this PhD study. However, the 
difference between the solidification gradients in these alloys only become apparent at a later stage of 
solidification (Figure 3.1.8a), hence the 0.90 < fs <0.97 range used for the calculation. Only the work performed 
by Sanchez et al.[86] did not follow the trend. However, Sanchez et al.[86] only reported the composition of the 
powder rather than the printed component and did not measure the content of W in the alloy; hence, the 
calculated solidification gradient based on the reported composition may be unreliable. Other than this 
outlier, the solidification gradient measured in the range between 0.87 and 0.94 fs would give a good indication 
of the susceptibility to the formation of solidification cracks of the Hastelloy X variants.  
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CALPHAD approach coupled with basic data analytics enables the evaluation of the relative influence of 
alloying elements on the solidification behaviour. Through analysing the Scheil-Guliver solidification curves of 
2400 different variants of Hastelloy X, one can find the effect of an element on the solidification gradient via 
partial dependence analysis. The detailed procedure is explained in Appendix C3; however, in simple terms, 
the algorithm averages out all possible combinations of alloy composition within its nominal range, keeping 
one alloying element constant at a time. Taking Figure 3.1.8a as an example, partial dependence analysis plots 
all known solidification gradients when the amount of Ti is 0 (black dots). The same procedure is done when 
the amount of Ti is 0.05 wt%, and so on. The red curve shows the average value of the combinations. Hence, 
Figures 3.1.8 (b)-(f) show the influence of minor alloying additions on the solidification gradient. It is evident 
that the amount of Si significantly influences the solidification gradient and, hence the solidification cracking 
tendency. By increasing the Si content by 0.5 wt%, the solidification gradient changes by over 1.5 times. This 
finding of the dependence is in agreement with literature findings, e.g. two Hastelloy X alloy variants 
investigated by Tomus et al.[84], the one with lower Si content did not show the presence of solidification 
cracks. On the other hand, increasing Mo content by 1 wt% can reduce the absolute solidification gradient by 
250 K. Again, this is in agreement with the experimental report by Tomus et al.[84], who showed that Hastelloy 
X alloy with higher Mo had a lower number density of solidification cracks.  Hence, a Hastelloy X alloy with 
minimal Si and an increased amount of Mo would be much less prone to solidification cracking. Even though 
the difference in chemical composition between the alloys is relatively small, the resulting cracking behavior 
is widely different, highlighting the importance of chemical composition in the quality of AM builds and raising 
needs to identify more suitable compositional bounds of alloy for AM builds. 

 
Figure 3.1.8. (a) Solidification gradient as a function of the solid fraction of Hastelloy X alloys reported in Table 
3.1.4. (b) – (f) Partial dependence analysis of the influence of alloying elements on the solidification gradient 
in Hastelloy X for Ti, W, Mn, Mo and Si, respectively. Note that the unit of the x-axis is wt %. 

  



 
68 

3.1.2.4 Compositional changes 
It has been shown that temperatures in the melt-pool can reach well above the boiling point[179]. Excessive 
evaporation can lead to significant compositional changes in printed materials, hence their properties. Such 
deviations become especially evident in composition-sensitive materials, such as shape-memory materials[334]. 
In NiTi alloys, even a slight change in composition can significantly affect the transformation temperature. 

Furthermore, section 3.1.2.4 has clearly shown that minor changes in the alloy composition can significantly 
affect the solidification behaviour and cracking tendency. However, even when the alloy composition is tuned 
to be immune to cracking behaviour, the manufacturing process itself can induce volatile elements to 
evaporate, hence, changing the composition. Due to the almost equiatomic composition of the HEA alloy 
without light elements such as N or C, the measurements of compositional changes are quite accurate. 
Moreover, Figure 2.23a in section 2.3.5 shows that Mn has a much higher vapour pressure than Fe, Cr, Ni and 
Co. Hence, there should be compositional changes due to the fusion of alloy in the fabrication, allowing an 
examination of the variation in the composition of the alloy printed with different parameters. As a 
consequence, to evaluate the reliability of Equations 3.1.1-3.1.3, HEA was selected. The alloy was printed with 
various scan speeds while keeping the rest of the process parameters constant (Table 3.1.2). 

Figure 3.1.8 shows the variation in the composition of HEA alloy depending on the laser scan speed as 
measured by EDX (markers with error bars) and as-predicted by Equations 3.1.1-3.1.3 (solid lines). The dashed 
lines in Figure 3.1.9 represent the composition of the raw powder. Mn was observed to significantly evaporate 
at lower scan speeds. In response, the relative composition of the other alloying elements increased. As the 
scan speed reaches 0.6 m/s, the composition of the printed alloy stabilised. However, the amount of Mn 
remained 1 wt% lower than the powder composition. The evaporation model set, Equations 3.1.1-3.1.3, 
appears to capture the loss of Mn with reasonable accuracy. At lower scan speeds, the model slightly 
underpredicted the level of evaporation. As noted in Section 3.1.2.1 (Figure 3.1.2a), the subsequent melt-pools 
overlap and remelt previously deposited regions. Such remelting was not accounted for in the evaporation 
model. At lower scan speeds, the extent of remelting increases significantly as the melt-pool size increases.  

 
Figure 3.1.9. Effect of scan speed on the compositional changes in HEA alloy as predicted by Langmuir equation 
(solid lines) and as measured through SEM-EDX (circles with error bars). The composition of the raw powder is 
represented as dashed lines.  
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It is worth noting that such a scenario of excessive remelting is improbable under optimised process 
parameters. Moreover, CoNiCrFeMn alloy is highly susceptible to the evaporation of Mn due to its high 
volatility. Hence such compositional changes are very apparent.  

However, there are numerous engineering alloys with a high amount of volatile alloying elements. For 
instance, TWIP steels require high amounts of Mn (17-24%) to reduce the stacking fault energy (SFE), enabling 
high ductility[335].  Some β-stabilised Ti alloys contain volatile Sn[336]; 5XXX, 6XXX and 7XXX series Al-based alloys 
include highly volatile Mg[337]. Such alloys will be prone to significant compositional changes during the fusion-
based AM processing. Moreover, one should consider not just the absolute volatility of the alloying elements 
but also the relative volatility. For instance, Al is not considered to be a volatile element; however, it has a 
large enough of a difference in volatility with Ti to cause up to 0.6wt% loss when processing Ti-6Al-4V in EBM 
processing [72]. Such compositional changes would inevitably lead to the changes in mechanical and physical 
properties of the alloys. This clearly demonstrates the importance to consider the compositional changes due 
to excessive evaporation of alloying elements.  

3.1.3 Conclusions 
It has been shown that the solidification-cracking susceptibility of alloys can be assessed by analysing the 
solidification behaviour under rapid cooling conditions. Kou’s equation for the solidification cracking condition 
has been simplified to explain the effectiveness of the solidification gradient index. It was shown that 
solidification cracking immune 316L steel has a much lower absolute solidification gradient than crack-
containing Hastelloy X, IN718 and HEA alloys. The strong dependence of solidification cracking on the 
composition suggests that the cracking behaviour would change even with a small variation in composition 
even within the nominal range. This aspect was demonstrated and discussed in examining the change in 
solidification behaviour and crack density of variants of Hastelloy X reported in the literature and 
measurements carried out in this current PhD study. CALPHAD examination showed that slight differences in 
the composition of the Hastelloy X (particularly in Si and Mo contents) significantly impact the solidification 
gradient. Such changes in the solidification gradient corresponded well with crack densities measured and 
reported in the literature, highlighting the effectiveness of solidification gradient indexing. Therefore, it was 
suggested to better identify the alloy composition (within the nominal range) for the LPBF processing to 
guarantee the desired solidification behaviour for higher quality. The index alone, however, was unable to 
explain the difference in cracking density between the Hastelloy X, IN718 and HEA alloys because the thermal 
strain was not sufficiently accounted for in the index.  IN718 had the highest susceptibility index out of the 
three crack-containing alloys, despite having the lowest crack density. This highlights a need to include the 
thermal strain in the current design criteria against solidification cracking. The strong dependence of 
solidification cracking on the minor variation in composition emphasized the need to more accurately predict 
the changes in composition due to the fusion during fabrication. An approach to estimating the compositional 
changes during LPBF processing was suggested and validated on CoNiCrFeMn HEA. The alloy showed a 
significant loss of Mn due to evaporation. The model results were close to the experimentally measured 
compositions, suggesting the effectiveness of the model in estimating the composition change in fusion-based 
AM. The importance of considering the volatility of the alloying elements during LPBF processing to prevent 
unwanted changes in mechanical properties was discussed. Many alloys, including TWIP steels, shape-memory 
alloys and Al-Mg alloys, contain highly volatile elements. Moreover, their mechanical properties and 
microstructure are directly dependent on their composition. The developed model provides a reliable tool to 
assess the possible compositional changes prior to manufacturing, preventing undesired changes in alloy 
properties. 
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3.2 Design against solidification cracking 
Section 3.1 outlined the significance and mechanisms of solidification cracking formation. As cracks tend to 
create high stress concentration locations that can significantly lower the mechanical performance in 
particular fatigue, it is of paramount importance to prevent liquid-state cracking in LPBF to enable the reliable 
long-term performance of alloys.  In addition to the solidification gradient, solidification cracking is also 
dependent on chemical segregation. The solubility of alloying elements tends to decrease with reducing the 
temperature, causing the chemical segregation towards the end of the solidification. This segregation lowers 
the solidus temperature of the material and can result in solute element enriched regions (and eutectic 
compounds) with lower melting temperatures. Lowered solidus temperature extends the duration of the 
solidification, increasing the risk to the solidification cracking. In addition, because of the repeated deposition, 
each location inside the build experiences multiple cycles of melting and solidification, and subsequently being 
the heat-affected zone (HAZ) when its adjacent locations are being deposited. Low melting temperature 
regions can be locally melted and pulled apart by thermal stresses imposed by the surrounding solid, resulting 
in another type of liquid-state cracking in the HAZ called liquation cracking [338], [339]. Designing an alloy with a 
stable single-phase and minimal chemical segregation will vastly reduce the susceptibility to liquation cracking. 
The chemical segregation is related to the freezing range (i.e. the difference between liquidus and solidus 
temperature). The wider the range, the more segregated the alloying elements. Some alloys particularly suffer 
from a different type of liquid-state crack[136], [229], [340]. Liquation cracking occurs in regions of low melting 
temperatures (eutectic compounds or solute-enriched regions) in HAZ. Designing an alloy with a narrow 
freezing range can minimise chemical segregation. 

Consequently, this study integrates the knowledge developed in section 3.1 and welding approaches into 
assessing the susceptibility to solidification and liquation cracking in fusion-based AM. The assessment criteria 
were used to generate a thermodynamics database of solidification behaviour to assist the search for alloys 
with good resistance to liquid-state cracking. The search was validated by examining the consolidation, 
microstructure and properties of a selected alloy.  

Among high-performance materials, Fe-based alloys are considered the most versatile and used alloys with 
high recyclability and potential to increase sustainability in structural applications[341]. FeCrAl alloys were of 
particular interest as they have been widely reported as a good candidate for nuclear applications, specifically 
fuel cladding, heating elements and catalytic converters[342]–[344]. A high amount of Cr and Al provide 
exceptional oxidation resistance, forming a coherent protective multilayer film of Al2O3-Cr2O3 up to the melting 
point of ~1500 °C[345]. Furthermore, FeCrAl alloys have not previously been used in AM. Therefore, this alloy 
family was chosen as a candidate for validating the assessment criteria. 

3.2.1 Methods 
3.2.1.1 Alloy Design process 
Composition optimisation was performed to minimise the solidification range and gradient within the Fe-Cr-
Al-Ni-Mo system by coupling TC with a Matlab (details of the algorithm are presented in Appendix C3, 
Automated alloy solidification simulation). In order to perform the alloy search and selection process, 
compositional ranges were set for aluminium and chromium of Fe-Cr-Al system: 9 at% to 15 at% for aluminium; 
16 at% to 22 at% for chromium. A random list of 50 compositions within these ranges was generated with 
varied amounts of C, Si, S and P concentrations typically observed for Fe based alloys. The alloy list was 
processed by the algorithm outlined in Figure 3.2.1. Solidification gradient (SR) and solidification range (SR) 
ML models were trained on the resulting data and used to perform a 2D partial dependence analysis. Where 
2 variables of interest (atomic fractions of Cr and Al in this case) were set to a given composition (within the 
defined ranges), while all other variables were evaluated at values initially available in the training dataset 
(different amounts of C, Si, S and C in this case). An average value of the response variable (SG - solidification 
gradient or SR - solidification range) was recorded for each combination of the Al and Cr atomic compositions. 
Such analysis was performed for Al in between 9 at% - 15 at%; Cr in  16 at% - 22 at% ranges with a step of 0.1 
at% for both, Figure 3.2.1. (Note that a less negative value of SG and lower SR are more beneficial for resistance 
to solidification cracking). 
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Figure 3.2.1. (a) The average effect of additions of Al and Cr on Solidification Gradient (SG); and Solidification 
Range (SR), (b) of Fe-Cr-Al alloy with the presence of various realistic amounts of C, Si, S and P. 

Impacts of interstitial elements (C, Si, S and P) were not shown here for simplicity. Regions with optimal 
solidification behaviour were chosen by evaluating both SR and SG maps. A range was selected to account for 
realistic compositional deviations upon manufacturing of the powder and printing the alloy. As a next step, 
the effect of additional alloying elements Ni and Mo was evaluated. The compositional ranges were set 
between 0 - 6 at% for Ni and 0 – 3 at% for Mo, while the Al and Cr ranges were reduced to 12 - 14 at% and 19 
– 21 at%, respectively. A list of 600 alloy variations was generated and evaluated using the same procedure as 
outlined above. Such a large alloy set was necessary to consider the interdependence between the alloying 
elements. Figure 3.2.2 shows the average impact of Mo and Ni of SG and SR, with identified optimal range. 

 

Figure 3.2.2. The average effect of additions of Ni and Mo on Solidification Gradient (SG), a; and Solidification 
Range (SR), b of Fe-Cr-Al alloy with the presence of various realistic amounts of C, Si, S and P. 

The optimisation process suggested a material (Fe-20Cr-7Al-4Mo-3Ni) that has a very narrow freezing range 

1512-1483 °C (29 °C) and a very shallow solidification gradient 𝑑𝑑𝑇𝑇
𝑑𝑑𝑓𝑓𝑠𝑠

1/2 = −150 𝐾𝐾 at the terminal range (Figure 

3.2.3a). This gradient is much lower as compared to H13 tool steel (-2364 K), which was found to form 
solidification cracks during LBPF processing[346], and even lower than that of highly printable 316L[303] (-250 K). 
While the low solidification gradient results in less susceptibility to solidification cracking, the narrow freezing 
range reduces the chemical segregation, reducing the risk of liquation cracking. Moreover, Fe, Cr and Al have 
very similar vapour pressures and low volatility, reducing preferential evaporation.  
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3.2.1.2 Alloy fabrication 
The pre-alloyed gas atomised powder (provided by HC Starck STC GmbH) was characterised using SEM analysis 
(Figure 3.2.3b). Alloy composition was confirmed by energy-dispersive X-ray spectroscopy (EDX) analysis in 
both the powder and as-printed material, conducted using a Zeiss Auriga scanning electron microscope (SEM) 
at 20 kV. Printed samples were manufactured using Renishaw AM400. Process parameters of the builds are 
presented in Table C3.1. The volumetric energy density, a common metric used to optimise the consolidation, 
was calculated using Equation 3.2.1. 

𝐸𝐸𝜋𝜋 = 𝜂𝜂
𝛼𝛼∙ℎ∙𝑎𝑎

                                                 - Equation 3.2.1 

where 𝐴𝐴, 𝑣𝑣, ℎ and 𝑅𝑅 denote laser power, scan speed, hatch spacing and layer thickness, respectively. Cubes 
10x10x10mm3 were first printed to identify an optimal process window (batch 1,2 in Table C3.1). 
Subsequently, blocks of 50x20x20 mm3 were built using identified optimal parameters to evaluate the 
mechanical properties (batch 3,4 in Table C3.1).  

3.2.1.3 Characterisation 
Consolidation of the samples was measured using the Archimedes density principle, while the theoretical 
density of the sample was estimated using the method described in[113]. To investigate the impact of the LPBF 
on material properties, some of the atomised powder was molten in a ceramic crucible at 1600 °C for 2 h using 
a vacuum furnace. The solidified block was forged with 40% height reduction, hot rolled with 80% thickness 
reduction and annealed for 1 h at 1000 °C. Powder, printed and wrought samples were analysed by X-ray 
diffraction (XRD) using a Bruker D2 Phaser to identify the phases and measure the lattice parameter. 
Mechanical properties were evaluated by tensile testing performed using a Gatan 5000W micro-tensile at a 
strain rate of 10-3 s-1 (sample dimensions are presented in Figure C3.2). Electron backscattered diffraction 
(EBSD) was performed using Zeiss Sigma300 at the voltage of 20 kV. Transmission electron microscopy (TEM) 
was done using JEOL 2100F, equipped with an Oxford instrument EDS detector at the voltage of 100 kV to 
characterise the dislocation condition and chemical segregation. Samples for TEM were prepared using 
electrochemical polishing with the standard A2 electrolyte at 25 V. 

3.2.2 Results and discussion 
3.2.2.1 Consolidation and crystal structure 
Powder size ranged between 5-45 µm, while morphology mainly was spherical, with a few satellites present 
(Figure 3.2.3b). Highly dense samples (with the consolidation above 98%) were obtained with energy density 
above 47 Jmm-3 (Figure 3.2.3c). High-resolution optical sections of the samples are presented in Appendix C3 
Figure C3.3. The remaining porosity of dense samples mainly consisted of keyholes near the free surface of 
samples (Figure C3.3c) due to changes in local thermal conduction and significant changes in the melt-pool 
dynamics near the end of the deposition line, resulting in excessive energy density and unstable melt-pool[179]. 
Lack-of-fusion pores (Figure 3.2.3c top right insert) were relatively infrequent.   

Powders, as-printed and wrought samples exhibited a single-phase body centred cubic (BBC) structure, Figure 
3.2.3d. No peak shifts were observed on the XRD, suggesting no change in the lattice structure before and 
after L-PBF. Through Rietveld refinement, the lattice parameter was identified to be 2.894 Å in all samples. 
Interestingly, the peak intensities do not substantially differ, indicating that the crystallographic texture in the 
as-print and wrought samples is minimal (XRD was carried out on the top surface of the as-print samples).  
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Figure 3.2.3. (a) SEM image of FeCrAl powder; (b) Powder size distribution measured through SEM imaging; 
(c) effect of energy density on relative density during deposition; (d) XRD patterns of powder, as-print, and 
wrought samples. 

3.2.2.2 Texture 
EBSD of the as-print material shows a typical microstructure for scan strategy with 90° rotation between 
layers[113] (discussed in detail in Chapter 4). Wide, long columnar grains were observed along the build direction 
growing across in-layer neighbouring melt-pools, extending up to 7 layers, Figure 3.2.4a. These grains appear 
rectangular or circular on the cross-section view (Figure 3.2.4b) and are alternatively arranged with thin, highly 
columnar and slender grains with their [001] parallel to the build direction growing along the middle of the 
melt-pools, Figure 3.2.4a. Solidifying regions inherit the grain orientation of the substrate thanks to the 
epitaxial growth. However, if the fast growth orientation (<100> in cubic crystals) is misaligned with the local 
thermal gradient, neighbouring grains with better alignment will outgrow them – competitive growth. The 
vertical thermal gradient along the centre of a melt-pool allowed the central grains to outgrow grains from 
the sides of the melt-pool. Such central grains grew across multiple layers with a preferred orientation of 
<001>||BD but were confined only along the centreline, making them highly textured and columnar. The 
interplay between epitaxial and competitive growth mechanisms resulted in the observed alternating 
microstructure similarly seen in FCC alloys[1], [113], [303]. Separating the crystallographic orientation from grains 
with a low aspect ratio against ones with a high aspect ratio reveals interesting insights into the texture of the 
as-printed condition. Figure 2c1 shows the pole figure (PF) from grains with an aspect ratio <4. This PF showed 
very little texture, with a maximum multiple uniform distribution (MUD) of about 2.8. On the contrary, high 
aspect ratio grains (>4) were highly textured: the three <001> crystallographic orientations were aligned along 
with the principal directions and had a maximum MUD index of about 7 (Figure 3.2.4c2). Such grains were 
found to be the slender ones located at the centre of deposited beads.  
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The PF in Figure 3.2.4c3 shows combined orientation data from Figure 3.2.4a and b. By comparing Figure 
3.2.4c2 and c3, it can be concluded that the texture is primarily made up of high aspect ratio grains. EBSD, 
Figure 3.2.4c3, confirmed the weak texture detected by XRD. Nevertheless, thanks to a higher resolution than 
XRD, EBSD was able to show the group of slender grains that had relatively strong <001> texture. The average 
grain sizes in as-print and wrought conditions were estimated to be 60±32 µm and 220±50 µm (the value of 
the error is the standard deviation), respectively. It is hypothesised that the large grain size in the wrought 
condition occurs due to the absence of solutes pinning the grain boundaries. 

 

Figure 3.2.4. EBSD scan of the as-print specimen parallel (a) and perpendicular (b) to the build direction. Pole 
figure of EBSD in (a) from grains with (c1) aspect ratio <4, (c2) >4 and (c3) from the combined orientation data 
of (a) and (b).  
Note the legend for the (a) and (b) showing the build direction and scanning directions. (a) and (b) are coloured with inverse pole figures along the build 
direction and the same scale shown at the bottom left of (a) 

3.2.2.3 Fine microstructure 
The as-printed microstructure is presented in Figure 3.2.5a, b. While chemical etching effectively revealed the 
grain boundaries, it could not highlight the melt-pool boundaries and solidification cell boundaries. Figure 3b 
was one of the few locations in the sample in which solidification cells were revealed by etching. Figure 3c 
shows dislocation tangles rather uniformly distributed throughout the material. Unlike the typical cellular 
microstructure with high dislocation density at the boundaries found in alloys fabricated by LPBF, Figure 3.1.5 
in Section 3.[94], [303] Some regions even resembled annealed condition, characterised by dislocation pile-ups 
near the grain boundaries, Figure 3.2.5d. TEM investigation rarely showed oxides in the alloy (the red circle, 
bottom right of Figure 3.2.5d) compared to other alloys where fine oxides were commonly observed after 
LPBF[113]. The chemical distribution at the observed length scale was relatively uniform (Figure 3.2.5f), 
indicating minimal chemical segregation. OM and SEM investigations did not show the presence of 
solidification and liquation cracks across all the samples, indicating that the alloy has a high resistance to the 
liquid-state cracking, confirming the validity of the design.  
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However, despite the excellent resistance to solidification and liquation cracking as designed, the alloy was 
prone to solid-state cracking (SSC), Figure 3e. EBSD of the cracked region reveals a transgranular cleavage 
crack, suggesting it was not due to solidification or liquation. These defect types were not accounted for in the 
alloy design, which was focused on solidification cracking.  The SSC is mainly associated with a reduction in 
material ductility, solid-state phase transformation, precipitation and weakened regions resulting from 
enriched (or depleted) chemical elements (chemical segregation). CALPHAD predicted that the designed alloy 
did not experience a solid-state transformation, partly confirmed by STEM and XRD. Figure 3.2.5f and 3.2.3b 
indicate that the chemical elements were distributed rather uniformly (probably explaining why no liquation 
cracks were observed). Therefore, the observed solid-state cracking in the alloy was unlikely related to phase 
transformation, precipitation or chemical segregation. The ductile-brittle transition above the room 
temperature can cause the loss of ductility during cooling, increasing the risk of forming cracks in a solid state. 
The FeCrAl alloy family is known to experience the ductile-brittle transition (DBT) at a temperature range 
between 100-350 °C[343]. Sun et al. also showed that the DBT temperature (DBTT) in the FeCrAl alloy family 
strongly depends on the residual strain, composition and microstructure[343]. Forged Fe-21Cr-5Al-3Mo with 
bimodal microstructure and relatively large grains (190 µm) remained brittle through the testing temperature 
range, up to 600 °C, whereas the hot-rolled version with smaller uniform recrystallised grains (40 µm) showed 
a DBTT at a lower temperature, 400 °C[343]. FeCrAl investigated in this study has a bimodal microstructure with 
a grain size of 30-90 µm and high thermal stress during rapid cooling rates, making the alloy prone to SSC 
induced by the DBT. 
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Figure 3.2.5. SEM image of (a) 5 final layers of the as-print sample (b) cross-section perpendicular to the build 
direction; (c),(d) bright-field TEM images of as-print sample; (e) solid-state crack with an EBSD of the region; 
(f) STEM-EDS line scan across the grain boundary.  

3.2.2.4 Mechanical properties 
Room temperature tensile tests revealed very brittle behaviour of the samples, Figure 3.2.6. The ductility of 
as-printed samples was very limited (ca 0.7±0.1%), while wrought samples hardly deform plastically, indicating 
the wrought condition was even more brittle. The 0.2% offset yield stress, and ultimate tensile strength of as-
printed samples were 750±15MPa and 800±15MPa, respectively. Failure stress of the wrought samples was 
recorded at 450±10MPa. Fractographic investigations of samples AM1 and Wrought 1 revealed a combination 
of true- and quasi-cleavage (relatively limited) fracture surfaces, Figure 3.2.6b1, c1 with failure initiating from 
process defects in both samples, Figure 3.2.6 b2-c2. Failure in as-printed sample started from a pre-existing 
transgranular crack, Figure 3.2.6b2-b3, whereas fracture of the wrought sample originated from a small pore 
with an oxidised surface, Figure 3.2.6c2 and c3. It can be noted that, even though the material did not show 
outstanding mechanical properties, the AM samples showed higher strength and ductility than the wrought 
condition – this is probably due to larger grains in the wrought. 
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Figure 3.2.6. Stress-strain behaviour of FeCrAl alloy in as-print (AM) and Wrought conditions (a) with respective 
fractographic investigations of sample AM1 and Wrought 1 (b),(c). 

3.2.3 Conclusions 
The second half of Chapter 3 demonstrates that it is possible to use criteria such as solidification gradient and 
freezing range to search alloys with minimal susceptibility to the liquid-state cracking, including both the 
solidification and liquation cracking. The experimental validation shows that a FeCrAl has excellent resistance 
to liquid-state cracking. No evidence of solidification and liquation cracking was observed in the alloy, strongly 
supporting the alloy design approach (against such cracking) and its aid in the automated search for printable 
alloys for AM. Scheil-Guliver solidification simulation is shown to be extremely helpful to assess the effect of 
composition on the solidification range and solidification gradient, providing crucial assistance to reduce and 
eliminate the liquid state cracks. This study suggests that the developed alloy design criteria against the liquid 
state cracking are valid and effective. The combination of ML and CALPHAD showed high effectiveness in 
identifying optimal compositional range minimising the liquid state defects. However, these results also signify 
the extreme importance of considering the solid-state cracking in the alloy design and solid-state 
microstructure. In the case of the FeCrAl, the inherent brittleness of the BCC alloy below the DBTT and bimodal 
microstructure increased the risk of solid-state cracking and limited the ductility. Further research is required 
to develop a thermodynamic criterion to account for the solid state defects to improve the ML-CALPHAD alloy 
design platform. 
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4 Influence of the process on mechanical properties of an alloy 
The previous chapter has shown the effectiveness of the alloy assessment criteria to evaluate the tendency of 
forming liquid-state defects. Unfortunately, the criteria did not consider the solid-state cracks, resulting in an 
alloy with poor mechanical performance. To better account for the solid-state cracking, it is necessary to 
understand the microstructure (in solids) that is strongly dependent on the processing condition. Therefore, 
the next stage of the printability assessment after the initial alloy evaluation is the examination of 
microstructure from the single deposition to multi-track and multi-layer deposition and corresponding 
mechanical behaviour and their relations to the processing condition. Such examination helps to develop 
better criteria that include the solid-state phenomena. Because the microstructure in solids is extraordinarily 
complex, this chapter was only focused on the CoCrFeMnNi high entropy alloy (HEA) thanks to its single FCC 
phase without phase transformation during cooling. Such a simple single-phase helps to better interpret the 
examination of microstructure in the as-built condition after fabrication and to relate the examined 
microstructure and measured properties to the processing parameters, particularly those such as scan strategy 
that are strongly affecting and effective in controlling the microstructure development in repeated cycles of 
deposition. Shi-Hai and colleagues[347] recently investigated the effect of scan strategy on the texture in a face 
centred cubic (FCC) Ni-Mo alloy. They reported that the degree of epitaxial growth, therefore texture, can be 
controlled by manipulating the scan strategy. Livescu et. al.[13] showed that the scan strategy can significantly 
affect the texture along the build direction in pure tantalum. The maximum multiple uniform density (MUD) 
index, a quantitative measure of texture, changed by a factor of 3 (from 32 to 12) as the stripe width was 
reduced from 5mm to 2mm. Geiger and co-workers [10] showed on IN738LC that changing the angle of rotation 
between the layers (from 90° rotation to 67°) could lead to a 25% change in the apparent Young modulus. 
Thijs et al. [12] qualitatively demonstrated on pure body centred cubic (BCC) tantalum that the grain 
morphology and texture affect the Taylor factor 𝑀𝑀�  and, hence the yield stress of the material in AM builds. 
Therefore, it is important to understand the mechanisms of texture evolution and grain growth and their effect 
on microstructures and mechanical properties of AM components made from various materials.  

In this chapter, we build a better understanding of the processing map; establish the relationship between 
process parameters, microstructure, and mechanical properties; expand the fundamental understanding of 
the microstructure in the solid state such as the crystal phase, the local and macroscopic crystallographic 
textures formed in the LPBF process in CoCrFeMnNi HEA. In particular, the effect on the microstructure of 
various process parameters, and most importantly, the scan strategy, is investigated. Crystallographic texture 
and mechanical properties are then measured and related to the process parameters.  

4.1 Materials and methods  
4.1.1 Alloy fabrication 
Pre-alloyed CoCrFeMnNi powder was provided by HC Starck Surface Technology & Ceramic Powders GmbH. 
The composition of the powder after atomisation was nearly equiatomic. This was confirmed by energy-
dispersive X-ray spectroscopy (EDX) analysis (shown in Table 3.1.1), conducted using a Zeiss Auriga scanning 
electron microscope (SEM) operating at 20 kV. The particle size distribution of the HEA powder is shown in 
Figure 3.1.1. The samples were fabricated using a Renishaw AM250 equipped with a modulated InGaAs laser 
emitting at 905nm under an argon atmosphere. Unlike most LPBF systems, Renishaw uses a pulsed beam, 
where the laser is activated for a defined time period (exposure time) at predefined distance intervals (point 
distance) along the scan path (hatch lines). A standard set of printing parameters was defined as: laser power 
of 200W, a hatch spacing of 85 μm, an exposure time of 80 μs, a point distance of 60 μm, a layer height of 50 
μm, a laser beam spot size of 65 μm and a bidirectional scan strategy with 67° rotation between consecutive. 
To investigate grain growth in rapid cooling, single track samples (the laser scans 1 hatch line on the substrate 
with 1 layer thick powder deposit) were produced using the standard process parameters. To study the 
influence of individual printing parameters on the quality of builds, selected parameters were varied from the 
standard set, see Figure 4.1 (cubes of 10x10x10 mm3 were printed in a 3x3 matrix, with sample ID 
corresponding to the location of the sample on the build plate). In particular, the exposure times were varied 
for strategies 11, 12, and 13 (100, 120, and 140 µs, respectively). The scan strategy was varied for samples 21, 
22, and 23; in particular, a bi-directional scan strategy was used for samples 21, 23, 31, 32, and 33; and a 
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chessboard scan strategy (i.e. each layer subdivided into squared domains with 90° rotation of scanning 
direction between two adjoining domains) for sample 22. In strategies 21 and 23, the rotation angle between 
layers was changed to 0° (no rotation) and 90°, respectively. The same scan strategy (bidirectional with 67° 
rotation between layers) was used, but hatch spacing was varied for 31, 32, and 33 (60, 85, and 110 µm 
respectively). All considered sets of parameters are shown and summarised in Figure and Table 4.1. Table 4.1 
also shows volumetric energy density, a common metric used to optimise consolidation, for each set of 
parameters. Energy density is calculated using Equation 3.2.1., shown here for convenience. 

𝐸𝐸𝜋𝜋 = 𝜂𝜂
𝛼𝛼∙ℎ∙𝑎𝑎

                                                     - Equation 3.2.1 

Where 𝐴𝐴, 𝑣𝑣, ℎ and 𝑅𝑅 denote laser power, scan speed, hatch spacing, and layer thickness, respectively.  

4.1.2 Measurements of consolidation 
The consolidation of the HEA fabricated by laser powder bed fusion is reflected via the relative density, which 
is calculated as a ratio of experimentally measured densities to the theoretical density. As there are no 
literature values for the theoretical density of this HEA, the theoretical density of the HEA was calculated using 
Equation 4.1.  

𝜌𝜌 = 𝑎𝑎∗𝐿𝐿
𝑉𝑉𝑙𝑙∗𝑁𝑁𝐴𝐴

                                                 - Equation 4.1 

Where n is the number of atoms per unit cell (n=4 for FCC lattice), 𝑉𝑉𝑙𝑙  the volume of a lattice unit cell (derived 
from the calculated lattice parameter  𝑉𝑉𝑙𝑙 = 𝑎𝑎3) and 𝑁𝑁𝐿𝐿 is Avogadro constant.  A is the average atomic weight 
per lattice site calculated from Equation 4.2 

𝐴𝐴 = 1
𝑎𝑎

∑ 𝑊𝑊𝑎𝑎 ∗ 𝑜𝑜𝑎𝑎
𝑎𝑎
𝑎𝑎      - Equation 4.2 

Where m is the number of elements in the alloy,  𝑊𝑊𝑎𝑎 and  𝑜𝑜𝑎𝑎  are the atomic weight and the atomic fraction of 
an element 𝑅𝑅, respectively. The atomic fraction of the elements were obtained by EDX mapping of 1x1 mm2 
region of an as-printed sample for 1.5 hours with total counts reaching 12 million. The obtained theoretical 
density, together with the density values obtained via Archimedes’ principle measurements and optical 
density measurements, were used to calculate the relative density of the samples. The error bars used in the 
figures are derived from the calculated uncertainties of the measurements according to ISO 21748:2017. 

4.1.3 Characterisation 
Both as-received powder and AM builds were analysed by X-ray diffraction (XRD) using a Bruker D2 Phaser 
using the Cu Kα radiation (wavelength of 1.5406 Å), with a 2θ angle ranging from 9° to 99°, an angle increment 
of 0.036° and a timestep of 0.5s. This analysis was aimed at identifying the phases present and at measuring 
the lattice parameter. The sample coordinates were defined with Z being parallel to the build direction (BD), 
X being parallel to a scan direction, and Y being perpendicular to both X and Z. Samples were then sectioned 
into 3 pieces to evaluate hardness and microstructural variations along the build direction (X or Y section) and 
perpendicular to the BD (Z-section). Hardness measurements (HV2) were carried out by applying a 2 kg load 
for 10 s. At least 15 indentations were made in a regular array for each section. In addition to cubic builds, 
cylindrical test pieces (dimensions are shown in Figure 4.1b) were printed horizontally and vertically (i.e., with 
their longitudinal direction perpendicular and parallel to the build direction, respectively) using strategy 22. 
The cylindrical test pieces were subjected to tensile tests at room temperature, using a strain rate of 10-3 s-1. 
The tensile tests were performed following ISO 6892‑1:2019[348]. The strain was measured using either an 
extensometer or by digital image correlation (DIC) in identical test conditions. The DIC sample was primed in 
white paint, while black spray paint produced the speckle pattern. The DIC camera was set to a rate of 1 
frame/second to capture the initial deformation in the elastic region. The image sequence for the DIC was 
analysed using the GOM Correlate software. 
As-built and deformed samples were ground using SiC papers with P-grades of 800, 1200, 2400, and 4000. 
Subsequently, specimens were polished using a colloidal silica suspension with particles of 0.04 μm mixed with 
distilled water in a 50:50 concentration ratio. To reveal the fine microstructure, the polished samples were 
electrochemically etched in 10% Oxalic acid (in H2O) at 5V for 90 seconds. Microstructural observations were 
performed using a Zeiss Sigma 300 and a Zeiss Auriga SEMs, both equipped with a high-resolution electron 
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backscatter diffraction (EBSD) detector. EBSD acquisition was carried out with a step size of 1μm on an area 
of 1050 x 1550 μm2, at an accelerating voltage of 20kV, detector distance of 12mm and a working distance of 
16mm. The MTEX toolbox[349] was used to analyse the obtained EBSD data. Samples for (Scanning) 
Transmission Electron Microscopy ((S)TEM) were prepared by electropolishing 3mm disks using a solution of 
10 % perchloric acid in methanol, applying a voltage of 20 V at -20°C. (S)TEM was performed using a JEOL 
2100F TEM equipped with an Oxford Instruments EDX detector. 

 
Figure 4.1. (a) Printing strategies used to fabricate the HEA samples with indicated variation from the standard 
parameters (N and N+1 denote the layer N and the layer N+1, respectively). (b) The geometry of the cylindrical 
tensile test piece. 

Table 4.1. Print parameters used for the investigation 

Sample 
Exposure 

time 
(µs) 

Point 
distance 

(µm) 

Hatch 
Spacing 

(µm) 

Scan 
Strategy 

Layer 
Rotation 

(°) 

Effective 
Speed 
(m/s) 

Energy 
Density 

(𝑱𝑱/𝒎𝒎𝒎𝒎𝟑𝟑) 
11 100 60 85 Meander 67 0.60 78.4 
12 120 60 85 Meander 67 0.50 94.1 
13 140 60 85 Meander 67 0.43 109.8 
21 80 60 85 Meander 0 0.75 62.7 
22 80 60 85 Chessboard 67 0.75 62.7 
23 80 60 85 Meander 90 0.75 62.7 
31 80 60 60 Meander 67 0.75 88.9 
32 80 60 85 Meander 67 0.75 62.7 
33 80 60 110 Meander 67 0.75 48.5 

Tensile 80 60 85 Chessboard 67 0.75 62.7 
Single 
track 

80 60 85 Line N/A 0.75 62.7 
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4.2 Results and discussions 
4.2.1 Process parameters and consolidation 
The effectiveness of the energy density to predict the consolidation is still being disputed because the density 
does not entirely reflect the complex physical phenomena occurring during melting and solidification in the 
LPBF process; however, this metric provides a good start for process parameter optimisation if used 
carefully[307], [350]. In this study, print strategies with energy density above 62.7 Jmm−3 provided samples with 
very good consolidation (Figure 4.3a). Energy densities above the threshold are believed to generate a 
sufficiently big pool of molten metal to fill the gap between melt tracks to minimise the formation of lack-of-
fusion porosity. However, if the energy density is too excessive, it can increase the vaporisation and keyholes, 
increasing gas-entrapped and keyhole porosity, i.e. lowering the consolidation of the alloy in LPBF. Therefore, 
there is an upper bound of the volumetric energy density, which was found for this alloy to be 109.8 Jmm−3. 
It is worth noting that a large measurement error in sample 12 (energy density of 94.1 Jmm−3) is associated 
with the small size of the sample (section) used for Archimedes density measurement. This inevitably 
influenced the uncertainty in weight measurement. The optical density measurements showed generally 
higher apparent densities compared to the values obtained via Archimedes’ principle. However, optical 
measurements are strongly dependent on the location of the section and hence less representative of the 
density of each sample. The Archimedes measurements agree with the study performed by Li et al. [112] on the 
same HEA, showing that the minimum energy density to obtain highly dense parts is around 60 Jmm−3. 
Interestingly, at the same energy density (Eρ = 62.7 Jmm−3), different scan strategies resulted in different 
consolidation, Figure 4.2(b). Archimedes measurement clearly shows that a 67° rotation between consecutive 
layers increases the consolidation: Samples 22 and 32 (chessboard and meander strategies, respectively, with 
67° rotation between layers) show higher relative density (i.e. consolidation) compared to samples 21 and 23 
(meander with 0° and 90° rotation between layers, respectively). This is believed to occur due to the rotation 
angle between layers of deposition. Unlike sample 21, in which deposition tracks should theoretically be well 
aligned on top of the tracks from the previous layer, the 67° rotation increases the crossing between newly 
and pre-deposited tracks, helping to eliminate lack-of-fusion pores that formed between tracks in the previous 
layers, hence increasing the consolidation. In addition, the deposition in sample 23 with 90° rotation is 
repeated on the same location only after every 2 layers, which is much fewer than that associated with the 
rotation of 67°.  

 
Figure 4.2. Relative densities of samples measured using Archimedes’ principle and optical measurements in 
this study and a study performed by Li et al. [112] with respect to the energy density used for printing (a). 
Differences between samples at the same energy density (marked by a black rectangle in (a)) are shown in (b) 
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4.2.2 Process parameters and microstructure 
4.2.2.1 Microstructure in the single track  
Microstructure development during solidification is governed by the nucleation and competitive growth of 
crystals. In fusion-based AM processes, the molten metal is deposited on an existing solid, which is usually of 
the same composition (except for the first few layers of deposition when a different material is used as a 
substrate). Therefore, the driving force for nucleation is nearly zero (Appendix C4). In addition, the substrate 
in laser powder bed fusion is usually cold, leading to an extremely high thermal gradient and high velocity of 
liquidus isotherm. Consequently, epitaxial columnar growth is dominant in microstructure development in 
fusion AM[351]. This was confirmed when a single track of the HEA was deposited on a solid 316L stainless steel 
substrate[1] (Figure 4.3). Cells grew epitaxially from existing grains in the substrate, with both the cell axis and 
one <100> direction nearly perpendicular to the fusion line (as shown by the cubes at the bottom right of 
Figure 4.3). Figure 4.3 confirms that cells grow following the local maximum heat flux direction along one of 
their <100> preferred growth directions which is in agreement with previous studies reporting that <100> is 
the preferred growth direction for cubic crystals, including face centred cubic and body centred cubic 
metals[301], [352], [353]. 

 

Figure 4.3. An overlay of an EBSD IPF-Z map and an SEM image of a section perpendicular to a HEA single track. 
Green cubes at the bottom right show the crystallographic orientation of the cells in the regions indicated by 
the black arrows.  
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4.2.2.2 Microstructure in multi-layer depositions 
SEM micrographs of etched samples revealed a typical ‘fish scale’ microstructure associated with the presence 
of fusion lines (Figure 4.4a) that is very commonly found in AM alloys[112]. The ‘fish scale’ microstructure is 
formed thanks to variations in local chemical composition and solidification microstructure along the 
boundaries of the solidified weld bead, which is the solid of metal after solidifying from the molten state. Each 
bead contains fine cells (Figure 4.4b). The cell diameter ranged between 300 nm and 1000 nm, depending on 
the location within the melt pool and on the processing parameters.  

 

Figure 4.4. SEM micrographs showing (a) the “fish scale“ microstructure of melt pool arrangement in the HEA 
fabricated using the ‘chessboard’ pattern (strategy 22), (b) cells at a junction of three weld beads in a magnified 
region enclosed by a rectangle in (a); Bright field TEM of the sample in (a) imaged in a two-beam condition -  
(c) (see insert for zone axis and g vector) and in multibeam condition - (d), note that different precipitates are 
highlighted by circles and squares, while dashed and solid lines represent the position at the cell boundaries 
and in bulk, respectively; (e) and (f) show the arrangement of melt-pools in the HEA fabricated with strategies 
21 (meander – 0° rotation) and 32 (meander – 90° rotation), respectively. 
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TEM investigations showed that cell interiors are mostly dislocation free, while high dislocation densities are 
observed at cell boundaries (Figure 4.4c and d), in agreement with previous TEM investigations of printed FCC 
metals [94], [111]. Dislocations within cell boundaries were tangled and can act as obstacles to the movement of 
dislocations inside cells. The misorientation between solidification cells was about 1° to 2°. Figure 4.4d shows 
the presence of several types of precipitates (marked in Figure 4.4d using circles and squares), with sizes of 
80±30nm. These precipitates formed both inside cells and on the cell boundaries (highlighted by solid and 
dashed lines in Figure 4.4d, respectively). STEM-EDX (Appendix C4, Figure C4.2) revealed increased oxygen 
level in such precipitates. This suggests that these precipitates formed due to oxidation during the LPBF 
process. The melt pools’ depth was found to increase with increasing exposure time due to the increase in the 
energy density, while the regularity of the arrangement of the melt pools strongly depended on the scan 
pattern. For example, a meander pattern with 0° rotation resulted in an ordered arrangement of melt pools, 
stacked in vertical columns along the build direction (Figure 4.4e); on the other hand, a meander pattern with 
67° rotation resulted in an apparently disordered arrangement of melt pools, Figure 4.4f, the appearance of 
which is dependent on the orientation of the section with respect to the build and scanning directions. 

 

Figure 4.5. Bright Field Scanning Transmission Electron Microscopy (BF-STEM) image of High Entropy Alloy, 
with line profile EDX – STEM through an observed precipitate, along with elemental mapping of the same 
region. 
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4.2.2.3 Scan strategy and Crystallographic texture 
It was found that variations in beam point distance and exposure time only had a negligible effect on the 
solidification microstructure in highly dense samples (> 99%). The solidification microstructure (such as planar, 
columnar cells/dendrites, and equiaxed dendrites) is mainly governed by solidification velocity and thermal 
gradient[301]. The variation in point distance and exposure time within the considered processing window 
probably did not substantially change the solidification velocity and thermal gradient to cause significant 
alterations in the solidification microstructure. However, Figure 4.6 shows that the variation in scan strategy 
results in significant changes to the microstructure of the HEA alloy, and in particular to grain morphologies 
and crystallographic orientations. The left column of Figure 4.6 shows that the appearance of the 
microstructure observed in the Z sections (perpendicular to the build direction - Figure 4.6 a, c, e, g) differs 
significantly from that observed in X sections, i.e. parallel to the build direction (right column - Figure 4.6 b, d, 
f, h). The grain structures observed in the Z sections resemble the scan strategy adopted. This is particularly 
clear for strategy 21 (meander pattern with 0° rotation), which resulted in a grain microstructure that 
resembles the deposition tracks along the sole scanning direction (the X direction), Figure 4.6a. In particular, 
the EBSD map revealed lines of small grains aligned parallel to the scanning direction. These grains are located 
along the centreline of deposition tracks. Similarly, strategy 23 (meander with 90° rotation) leads to a square 
pattern of grain microstructure, Figure 4.6e; this is because the X and Y directions were the scanning direction 
on alternating layers that were perpendicular to one another.  

Since the heat flux is a function of the beam direction (and hence of the scan pattern), it is no surprise that the 
scan patterns have profound influences on the final microstructure of HEA builds, as seen in Figure 4.6. If the 
flow of molten metal within each melt-pool is in a steady-state, a simplifying assumption can be made that 
the heat flux distribution in melt pools is repeated for each melt-pool. The variation in the scanning direction, 
however, changes the melt pool orientation. Hence, the angle between consecutive layers plays a key role in 
the epitaxial growth in AM, as it sets the orientation of the new heat flux with respect to existing cells (epitaxial 
growth and grain competition mechanisms are described in Appendix C4). With the energy density of the 
standard parameters used in this work, a new melt pool of HEA was observed to penetrate up to 4 layers of 
the previously deposited material (observed by measuring and analysing dimensions of the melt tracks on the 
top-most layer). Thus, the crystal orientations of cells in the newest melt pool are affected by those in 1-4 
previous layers thanks to epitaxial growth. Figure 4.7 shows the overlay of the scanning directions of six 
consecutive layers for the three different strategies used in this work. It is possible to observe that the 
microstructures observed in Figure 4.6 for the Z-cuts clearly resemble the top views of the corresponding scan 
patterns (Figure 4.7 b1-3), confirming the observations shown in the left column of Figure 4.6.  

It is worth noting that grains in samples built by the strategy 22 (chessboard with 67° rotation) appear to grow 
helically when observed both in the Z-section, Figure 4.6g, and in the X-section, Figure 4.6h, resembling a spiral 
microstructure as presented in a previous study[303]. The spiral microstructure has dominant grains with [011] 
orientation aligned with the build direction (Figure 4.6g and h). To explore this further, multiple EBSD scans of 
adjacent areas were carried out at the centre of the Z-section of this sample (as shown in Figure 4.8a) and 
subsequently stitched together. The spiral arrangement of grains becomes very evident on the large EBSD map 
(Figure 4.8b).  
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Figure 4.6. EBSD IPF-Z maps (Z = build direction) of samples fabricated with selected printing strategies from 
the top (left column) and the side view (right column). (a),(b) – strategy 21; (c),(d) – strategy 32; (e),(f) – 
strategy 23; (g),(h) – strategy 22. 
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Figure 4.7. (a) Scanning directions across six consecutive layers for three scan patterns: 1 -Meander 90° 
rotation, 2 - Meander 67° rotation and 3 – Chessboard. (b) Corresponding top views. Note that units on the X 
and Y axes are in mm. 

 

 
Figure 4.8. (a) Optical micrograph of the Z-cut of the sample printed with strategy 22 (b) IPF-Z EBSD map of 
the outlined region in (a). Note that the black region in the centre of (a) is the location of an indent for hardness 
testing. 
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Texture data were obtained by combining EBSD data from X- and Z-cuts and are plotted as pole figures in 
Figure 4.9. For strategy 22 only, data from Figure 4.8b was used to construct the pole figures instead of Figure 
4.6g, as the larger area scanned allowed a more representative texture analysis. Strategy 21, Figure 4.9a, leads 
to two dominating sets: the first set has all three <100> aligned to BD, X and Y, while the second one only has 
one <100> aligned with the single scanning direction Y but the other two inclined at about 45° with respect to 
the BD, making a <101> parallel to the BD (Figure 4.9a). This is consistent with the two alternating sets of 
orientation reported in our previous study[1]. The shared <100> orientation along the scan direction between 
the two sets is due to the fact that the laser beam induces crystal growth nearly parallel to the beam direction, 
in particular in the tail of the melt pool. In contrast, strategy 23, Figure 4.9c, resulted in a single set of preferred 
orientations whose three <100> were well aligned with BD, X and Y (note that X and Y were the two alternating 
scanning directions), i.e. similar to a Cube crystallographic texture. The 67° rotation of the scan pattern in 
subsequent layers (Strategy 32-meander and 22-chessboard) resulted in a more random texture, Figures 9b 
and d, respectively.  

Intuitively, following the observations above about epitaxial growth and heat flux directions, the more 
repetitive the same scan pattern, the stronger the preferred orientation (i.e., texture). Hence, amongst all the 
considered strategies, strategy 21 (meander with 0° rotation) results in the strongest texture. In fact, 
considering the (110) and (111) pole figures of the respective strategies, seen in Figure 4.9, the multiple of 
uniform density (MUD) of texture induced by strategy 21 is almost exactly double that of the 23. It is found 
that strategy 21 induces a strong (100) fibre texture along the scanning direction, Figure 4.9a, whilst strategy 
23 forms two (100) fibre textures along the two scanning directions at 90° with each other (Figure 4.9c). The 
67° rotation of patterns in strategies 22 and 32 induces a more random texture (Figure 4.9 (b, d)). In particular, 
strategy 32 induces fourteen evenly spaced strong peaks on the outer ring of the (100) pole, Figure 4.9(b); six 
of such peaks are marked with dots connected by a line. The angle between the sets of peaks is measured to 
be ~ 60-75°, consistent with the 67° rotation between layers. Therefore, such peaks in the pole figures are 
likely the consequence of a number of 67° rotations of the bi-directional scan pattern in consecutive layers 
and the consequent development of fibre texture along the scanning direction in each layer. Finally, strategy 
22 produced full rings (Figure 4.9d), reflecting the spiral microstructure seen in Figure 4.8. The differences in 
microstructure between strategies 32 (bidirectional scanning) and 22 (chessboard) are quite pronounced. Both 
strategies involve a scan pattern rotation of 67°, but strategy 22 includes islands in each layer whose scanning 
directions are rotated by 90° with respect to neighbouring ones of the same layer.  
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Figure 4.9. Pole figures of samples printed with selected scan strategies, obtained from EBSD data of Figure 
4.6. (a) - strategy 21, (b) - strategy 32, (c) - strategy 23 and (d) - strategy 22. 
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The in-layer rotation of scanning direction by 90° promotes the in-layer epitaxial growth, including side-
branching across the boundaries between adjoining islands. For example, Figure 4.10 shows clear evidence of 
epitaxial growth, including side-branching of grains across two orthogonal tracks of neighbouring islands in a 
layer of the chessboard pattern (inset of Figure 4.10). This enables the grains to extend through several islands, 
broadening the grain size in the direction perpendicular to the BD [303]. The rotation between layers by 67° can 
result in an effective angle of 23° between scan tracks between two adjoining islands of two consecutive layers 
(note that tracks between in-layer chessboard islands are oriented at 90° to each other). This angle is well 
within a deflection angle limit (found to be ~30°) within which the cells can follow to grow epitaxially without 
changing their growth direction across consecutive layers, promoting out-of-layer epitaxial growth [303], [354]. As 
this process continues through several layers, a spiral pattern emerges, Figure 4.7b3 and Figure 4.8b. 

 
Figure 4.10.  EBSD IPF-Z map of the top-most layer of the sample fabricated using the chessboard pattern 
(strategy 22) overlaid onto the SEM image of the semi-polished top-most layer. The Z-direction is the build 
direction. The white arrows indicate the scanning direction of the three adjoining islands. Inset: SEM 
micrograph of the same location showing evidence of 90° side branching across a fusion boundary. 

4.2.2.4 Scan strategy and grain size 
Different scan strategies led to different grain morphologies and orientations with respect to the build 
direction. However, a common characteristic is that columnar microstructures with elongated grains along the 
Z (build) direction were seen for all scan patterns (right column of Figure 4.6). Consequently, the aspect ratio 
of the grains sections along the BD direction was found to be consistently higher with respect to the grains 
sections perpendicular to BD, as shown in Figure 4.11a-d. Figure 4.11 reveals that strategy 21 results in the 
most columnar grains, followed by strategy 22, while strategies 23 and 32 were distinctly less columnar. Grain 
size distributions for the selected samples are shown in Figure 4.11e. The cumulative frequency plot reveals 
that strategy 22 results in the largest average grain size, followed by 32, 23, and 21, respectively.  
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Figure 4.11. Grain morphology (size and shape) obtained from EBSD data in Figure 4.8. (a)-(d) – cumulative 
frequency of aspect ratio of grains, (e)- cumulative frequency of the grain sizes resulting from scan strategies 
21,22,23 and 32. 

As previously discussed, strategies 32 (bidirectional scanning) and 22 (chessboard) involve a scan pattern 
rotation of 67°, but strategy 22 promotes strong in-layer and out-of-layer side-branching. The strong in-layer 
and out-of-layer epitaxial growth results in a substantial broadening of grains and reduces the degree of 
vertically columnar grains in the chessboard pattern. In the absence of islands in the 67°-meander strategy, 
the in-plane and out-of-plane epitaxial growth transverse to the BD are limited, resulting in smaller grains in 
strategy 32. This explains why strategy 22 shifts the cumulative frequency of grain size towards higher values 
compared to that of the meander with the same 67° rotation, Figure 4.11e. The rotation of the scan pattern 
by 90° (strategy 23) further reduced the overlapping between the deposited tracks of two consecutive layers, 
leading to finer grains. Assuming the ideal condition in which every new melt pool lines up perfectly on top of 
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the one lying beneath it for strategy 21 (no rotation between consecutive layers), the confined out-of-plane 
epitaxial but directional growth along the stacking direction of melt track (i.e. build direction) is favoured, 
leading to the most elongated yet predominantly thin grains. As the grain size is one of the main contributors 
to the mechanical properties, the understanding of crystal growth in various scan strategies offers more 
confidence in controlling the average grain size to tailor the mechanical response of the material.  

4.2.3 Mechanical properties 
The hardness of samples fabricated using the nine considered printing strategies was measured to study the 
effect of print parameters on the mechanical properties, and in particular, on plastic anisotropy. The results 
of the hardness measurements are shown in Figure 4.12. Hardness results deviate by less than 10 % from the 
overall average value across all measured samples and are over 40 % higher than those of as-cast samples of 
the same alloy reported by Zhu et al.[355] (153HV). There are two trends of interest. Firstly, for each printing 
strategy, the measurements consistently show a difference between the hardness measured in Z-sections 
(loading direction ‖ build direction) and that measured in X-sections (loading direction ⊥ build direction), 
Figure 4.12(a). In other words, strong anisotropy is seen in all the samples, with sample 23 fabricated by the 
meander 90° rotation exhibiting the least anisotropy. Secondly, the hardness measurements do not correlate 
well with the optical density measurements on the same sections, Figure 4.12(b). The sample with the highest 
measured relative density (measured using Archimedes’ method) was only the 6th hardest (in both sections), 
and the sample with the lowest measured density was 2nd hardest along the X-section. This may be because 
the indentations are limited to small regions that might not represent the entire build. However, hardness was 
measured at multiple regularly spaced locations on the same section to achieve a better representation of the 
material strength. In addition, hardness is also strongly affected by the microstructure, such as dislocation 
density, crystallographic texture and grain size. The effect of the microstructure is most reflected in the 
observed plastic anisotropy. As previously shown, different scan strategies have a considerable effect on 
microstructures and consequently on hardness. This can be observed by analysing the hardness of samples 
fabricated with the same energy densities but different scan strategies (samples 21, 22, 23 and 32), inset of 
Figure 4.12a. These samples show noticeable differences in hardness despite having very similar consolidation, 
confirming the resulting microstructure is responsible for the plastic anisotropy observed in hardness 
measurements. 

 
Figure 4.12. Hardness of printed samples measured on Z-sections (cut perpendicular to the build direction) and 
on X-sections (parallel to the build direction) with respect to the energy density (a) and relative density measure 
by Archimedes’ method (b). The error bars represent the 25th and 75th percentile of the measurements. The 
inset of Figure 4. (a) reveals the hardness for different samples with the same energy density. 

To study the deformation behaviour of the alloy in tension and compare it with data from the same alloy 
fabricated by other processes, tensile stress-strain curves of cylindrical test pieces fabricated by strategy 22 
with the sample axis oriented perpendicular to the BD are presented in Figure 4.14, along with data for the 
same HEA made by casting followed by rotary swaging and recrystallisation[356]. The stress-strain data obtained 
in the current work were highly reproducible and consistent. The total strain was in the range between 22 % 
and 24 %. Samples showed initiation of necking at around 20 % true strain, with local strain in the necking 
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region reaching over 40%, Figure 4.14b. The yield strength (Table 4.2) of the HEA tensile sample with testing 
axis perpendicular to the BD was higher than that when loading along the build direction, confirming the 
anisotropy seen in the hardness measurement, Figure 4.12. 

It should be noted that the yield stress for vertically built samples was extracted from the mechanical data 
from the first cycle of fatigue tests, performed at the same strain rate as the tensile tests in this study[324]; 
hence, the data for ultimate tensile strength and ductility is absent for these samples. The mechanical 
properties of the same alloy reported in previous studies (refs [112], [330], [356], [357]) were also included in Table 
4.2. The yield stress measured in this study is consistent with a previously reported value for the same alloy 
fabricated by LPBF [112] and is more than double compared to those reported for the same alloy fabricated by 
other processes [112], [330], [356], [357]. The ultimate tensile strength is more than 33 % higher compared to those of 
samples manufactured by spark plasma sintering (SPS) and vacuum arc remelting (VAR)[330], [357].  

 

Figure 4.13. (a) Micrograph of a fracture surface of the DIC sample (refer to Figure 4.14). (b) a zoom-in area of 
the fracture surface showing dimples, suggesting ductile fracture.  

The fracture surface of the sample, Figure 4.13, showed clear signs of dimples suggesting a ductile fracture. 
Several defects were observed (Figure 4.13), mainly lack of fusion and keyhole pores (Figure 4.13). Despite the 
presence of these defects, the samples showed consistent behaviour and remarkable strength and ductility 
(Figure 4.14a). 

 

Figure 4.14. (a) Tensile stress-strain curves for horizontally built HEA test pieces and (b) corresponding DIC 
image sequence at different strain levels of the HEA fabricated by LPBF. (Data of the red curve was obtained 
from Laplanche et al.[356])  
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Table 4.2. Tensile properties of the CoCrFeMnNi high entropy alloy measured in this study (LPBF) compared to 
those reported in previous studies. (VAR - vacuum arc remelting, SPS - spark plasma sintering) 

Sample State 
Elastic Modulus 

(GPa) 
Yield Stress  

(0.2% offset (MPa) 
UTS  

(MPa) 
Strain at break 

(%) 
Ref 

LPBF (X-direction) 160 ± 7 530 ± 20 783 ± 7 23 ± 1 This 
study LPBF (Z-direction) 162 ± 3 455 ± 10 N/A N/A 

LPBF (X-direction) 43 ± 8 519 ± 20 500 - 601 22 - 34 [112] 
VAR + drop-casting 202 210 590 42 [330] 

SPS 198 237 - 312 571 - 613 27-37 [357] 
Rotary swaging + 
Recrystallization 

N/A 265 ± 10 740 31 [356] 

 

4.2.4 Relationship between microstructure and mechanical properties 
The high entropy alloy made by LPBF consisted of very fine cells (about 700nm in diameter, Figure 4.7(b)). High 
thermal gradients and rapid cooling in LPBF result in high dislocation densities as seen in Figures 4.4c and d. 
Dislocation forests at cell boundaries can act as effective obstacles to the movement of dislocations. Hence, 
the presence of fine cells results in a significant improvement in the macroscopic flow stress of the alloy made 
by LPBF, explaining the high hardness (Figure 4.12) and yield stress (Figure 4.14) compared to the same alloy 
made by other processes, as shown in Table 4.2.  

The HEA in this study exhibits strong anisotropy, regardless of the print parameters used – as highlighted by 
differences in both the hardness (Figure 4.12) and tensile properties measured parallel and transverse to the 
BD (Table 4.2), consistent with previous investigations[303]. Figure 4.12(b) suggests that the porosity of the 
investigated sections is not the reason behind such differences. It is known that crystallographic texture and 
grain morphology are influential to plastic anisotropy[358]. Figure 4.6, 4.8, and 4.10 show that texture and grain 
morphology induced by the four considered scan strategies are distinctively different from the others. In the 
following, the contribution associated with crystallographic texture and grain morphology to the observed 
anisotropy will be discussed in detail. 

Concerning the effect induced by texture, plastic deformation is easier in grains where the slip systems are 
well aligned with the maximum shear stress (i.e. high Schmid factor) and harder in grains where slip systems 
are not favourably aligned with the maximum shear direction (i.e. low Schmid factor). Therefore, the 
crystallographic orientations of the grains control the apparent yield stress of the material. The Taylor factor 
is a common way to quantify the influence of crystallographic orientations on the macroscopically measured 
yield stress of the material, Equation 4.3: 

𝜎𝜎𝑦𝑦 ∝ 𝑀𝑀�𝜏𝜏𝑙𝑙𝑟𝑟𝑠𝑠𝑠𝑠           - Equation 4.3 
where 𝜏𝜏𝑙𝑙𝑟𝑟𝑠𝑠𝑠𝑠 denotes the critical resolved shear stress and  𝑀𝑀�  is the average Taylor factor of a polycrystalline 
material, defined by Equation 4.4: 

𝑀𝑀� = ∑ 𝑓𝑓𝑗𝑗
𝑎𝑎
𝑗𝑗=1 𝑀𝑀𝑗𝑗             - Equation 4.4 

where 𝑓𝑓𝑗𝑗  is the distribution function of the orientation of grain j with respect to the loading direction, 𝑀𝑀𝑗𝑗  is the 
Taylor factor of the orientation j, and m is the total number of orientations. Higher Taylor factor usually leads 
to higher flow stress and higher hardness. MTEX Toolbox was used to calculate the Taylor factor based on 
measured crystallographic orientations (Figure 4.9) for two conditions: loading direction is either 
perpendicular or parallel to the build direction (i.e., X section or Z section, respectively). Figure 4.15(a) clearly 
shows that the Taylor factor when loading on the X-section is larger than that on the Z-section in all samples; 
this explains why higher flow stress of the X-sections is observed in the hardness measurements.  

However, the crystallographic texture alone does not explain the variation in hardness measured along the 
same loading direction between samples fabricated by different scan strategies. For example, sample 23 
exhibits the highest values despite having the lowest Taylor factor for the hardness measurements on Z-
sections, Figure 4.15a. The variation in hardness along the same loading direction between different scan 
strategies could be associated with dislocation distribution, distinct cell morphologies (Figure 4.4c and d), and 
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grain morphology (Figure 4.6 and 4.10). Because of side-branching, the distribution of morphological cell 
orientations and dislocation densities along and orthogonal to the BD is statistically rather similar. In addition, 
the length of the indented regions was about 200µm (Figure 4.8a), much larger than the cell size (measured 
to be about 700nm for all strategies). Furthermore, the dislocation densities in samples fabricated by 21, 22, 
23, and 32 strategies, characterised by the same energy density, are expected to be not much different. It 
follows that the grain morphology (Figure 4.11e) is likely to be the cause for the differences in hardness in 
samples fabricated with distinct scan strategies; this argument is supported by the fact that grains are on a 
similar scale as the indenter tip. The grain morphology can be quantified by the grain size measured either 
parallel or perpendicular to the BD. The contribution of grain size to the flow stress due to hardness 
indentation can be accounted for using the Hall-Petch relationship,[359] Equation 4.5: 

𝜎𝜎𝑦𝑦 ∝  𝐷𝐷𝑎𝑎𝛼𝛼
−1

2                     - Equation 4.5 

In which 𝐷𝐷𝑎𝑎𝛼𝛼 stands for average grain size measured in a specific direction (either parallel or perpendicular to 

the build direction). Figure 4.15b shows the plot of 𝐷𝐷𝑎𝑎𝛼𝛼
−1

2 against the average hardness measured on the X and 
Z sections of the investigated samples. The trend line confirms that the grain size plays a significant role in the 
hardness of the samples. For example, sample 22 had the largest average grain size and hence displays the 
lowest hardness on the Z-section. Similarly, sample 23 had the smallest average grain size, therefore resulting 
in the highest hardness on the Z-section. The combined effect of crystallographic texture and grain size 
provides reasonable explanations for the trends observed.  

The obtained findings of the relationships between consolidation, solidification microstructure, and 
mechanical properties of this alloy provide crucial knowledge to control the microstructure to specific 
locations with improved confidence, hence achieving site-specific tailored properties. In particular, these 
findings form a basis for future AM of the alloy with desired anisotropy or isotropy. For example, to achieve 
the isotropy, it is recommended to use the meander 90° rotation as this scan strategy results in a cube-like 
texture which induces the most isotropic property next to a random crystallographic texture[360]. However, an 
optimal for both isotropic properties and consolidation, the chessboard 67° rotation should be considered.  

 
Figure 4.15. (a) Effect of scan strategy on hardness (large solid bars) and Taylor factor (small dashed bars) of 
samples with different scan strategies measured transverse (blue) and parallel (red) to the build direction. (b) 
Effect of the grain size on the average hardness along the X and Z sections with a linear trend line (parallel and 
perpendicular to build direction, respectively; note the labelled Sample IDs). 
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4.3 Conclusions 
This study assesses the printability, including the consolidation, solidification microstructure, and mechanical 
properties of the CoCrFeMnNi high entropy alloy fabricated by LPBF. This comprehensive assessment provides 
a basis to establish the relationship between processing parameters, microstructure, and mechanical 
properties for this alloy. It was shown that the alloy can be fabricated with high consolidation using an energy 
density ranging from 62.7 to 109.8 kJ/m3  with limited liquid-state cracking. However, it was found that the 
consolidation does not exclusively depend on the processing parameters (i.e. laser power, scan speed, hatch 
spacing and layer thickness) that constitute the energy density and are typically tailored for porosity 
minimisation; in fact, the scan pattern also plays an important role in the consolidation of the builds. For the 
same energy density, a 67° rotation of consecutive layers tends to increase consolidation. Moreover, the scan 
patterns were found to have a profound influence on the grain morphology and crystallographic textures 
developed in printed parts. In particular, the rotation angle between the scan patterns of consecutive layers 
was found to be crucial, as it influences the relative orientation of the heat gradients of a new melt pool with 
respect to those of previously solidified tracks. The rotation angle between consecutive layers controls the 
extent to which epitaxial growth (in particular the side-branching) can occur, and hence the crystallographic 
texture and the morphology of grains developed in the build. Amongst the four considered strategies, the 0° 
and 90° rotations lead to the strongest and second strongest preferred texture, while the 67° rotation results 
in weaker texture. The developed textures are responsible for plastic anisotropy, with the meander 90° 
rotation inducing the least anisotropy, as observed in hardness and tensile tests. In addition to the effect on 
crystallographic texture, the chessboard strategy with the 67° rotation resulted in the most broadened grains, 
with the lowest aspect ratio, i.e. least columnar. Different grain sizes also contribute to variations in flow stress, 
explaining the variation of hardness in samples fabricated by different scan strategies. 
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5 Strengthening mechanisms and influence of post-processing  
Chapter 4 has discussed the importance of processing parameters on printability, particularly the mechanical 
properties and microstructure of AM HEA. It has highlighted the importance of the microstructural features, 
particularly the solidification cells, grain size, and texture. To further improve on the mechanical properties of 
fusion-based manufactured components, a certain post-processing routine has to be applied. Heat treatment 
is one of the most important metallurgical post-processing tools; however, the most pronounced effects are 
seen for precipitation-hardenable alloys. The CoCrFeMnNi HEA investigated in Chapter 4, and FeCrAl alloy 
investigated in Chapter 3.2 are both non-precipitation hardenable alloys, hence would not significantly benefit 
from the heat treatment process (apart from relieving the residual stress). However, the IN718 investigated in 
Chapter 3.1 is a well-known precipitation-hardenable superalloy. Therefore, this chapter explores the 
influence of heat treatment on two important aspects of printability (microstructure and mechanical 
properties) of IN718. In particular, the microstructure and strengthening mechanisms of the IN718 superalloy 
before and after heat treatment were quantitatively examined and modelled to provide the basis for a 
discussion, comparing it to the conventional wrought variant. The differences during post-processing of fusion-
based AM materials and conventional variants have to be better understood to achieve a desired 
microstructure in the final component. Such knowledge will provide insights into AM-specific requirements 
for heat-treatment procedures. By combining these insights with the assessment criteria developed in Chapter 
3 and the influence of processing in Chapter 4, a more complete assessment of printability can be made, 
providing a deeper understanding of the development of alloys for fusion-based AM.   

5.1 Introduction 
In fusion-based AM literature, the most dominantly investigated superalloy is IN718, comprising around 70% 
of Ni-based superalloy AM research[77]. Under rapid cooling conditions of LPBF, the alloy forms a considerable 
degree of chemical segregation and a small fraction of a hexagonal C14 Laves phase[90], [361], [362]. On the other 
hand, the formation of eutectic Laves at the final stages of solidification reduce the solidification gradient, 
limiting the solidification cracking. However, phases such as Laves ((Fe, Ni, Cr) 2 (Nb, Ti)) and orthorhombic D0a 
δ (Ni3Nb) have low ductility and harm the mechanical properties. Moreover, these phases are enriched in Nb 
that is required to form strengthening ordered precipitates. Therefore, the first step in the heat treatment 
process of IN718 alloy, solutionizing, is to remove the chemical segregation and dissolve the unwanted Laves 
avoiding the formation of δ in the process[90]. Subsequent ageing of the alloy forms strengthening precipitates 
of chemically ordered FCC L12 Ni3(Al, Ti) γ´ and ordered tetragonal Ni3Nb γ″. Both of which substantially 
improve the strength of the alloy[90], [362]–[364]. Several prior works have investigated the effect of various heat 
treatments on microstructure and mechanical properties[90], [221], [361], [363], [365]–[368]. To achieve an optimal 
performance of IN718 alloy, the volume fraction and shape of γ´ and γ″ have to be optimised. At the same 
time, it is essential to preserve the microstructural benefits of LPBF, discussed in Chapter 4  (grain size and 
dislocation cell structure). Sui et al. investigated the effect of the Laves phase on mechanical properties of 
LPBF IN718 under various solutionising heat treatment conditions followed by a standard ageing route [369]. 
Their work shows that the duration of the primary solutionising treatment has a substantial impact on the 
morphology and volume fraction of the Laves phase. The volume fraction of Laves was reduced from 3.8% to 
1.55% upon solutionising at 1050 °C for 15 min, while after 45 min, it further reduced to 0.82%. However, the 
increase in the solutionizing time from 15 to 45 min resulted in a 100 MPa drop in strength and a 20% reduction 
in ductility of samples after the ageing step. A similar observation was made by Huang et al.[361], whereby an 
increase of solutionising temperature from 1080°C to 1130°C resulted in a measurable drop in the strength of 
fully heat-treated samples. Gallmeyer et al.[90] performed an extensive TEM investigation, measuring the 
interplay between heat treatment temperature, microstructure, dislocation cell structure and strength. Their 
work reported a complete dissolution of Laves phase upon solutionising at 1020°C for 15 min with retainment 
of the cellular dislocation sub-structures, as revealed by high-resolution TEM. Authors claim that if 
solidification cell structures (such as high dislocation density surrounding the solidification cells) are retained 
upon the heat treatment process, they have a measurable positive influence on the mechanical properties. 
Hence, optimal heat treatment should dissolve most Laves phase but preserve the solidification cell structure. 
In order to better understand the importance of microstructural features, their contributions to strength have 
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to be deconvoluted and quantitatively studied. Moreover, alloys processed by fusion-based AM can have 
different precipitation dynamics to conventionally manufactured alloys.  Such analysis of microstructural 
features and deconvolution of strengthening mechanisms would be able to contrast and compare the 
differences in post-processing induced by the unique microstructure of AM components. Understanding such 
differences can help develop optimal post-processing routines specific to fusion-based AM, an integral part of 
the alloy printability. 

In addition, prior works investigated the influence of heat treatment on mechanical properties under idealised 
conditions, utilising high purity argon furnaces or vacuum furnaces with machined surfaces. 

 Although heat treatment under vacuum and inert gas can minimise the oxidation, there is still oxygen and 
oxidation occurrence in the heat treatment of the alloy. Greene et al. reported that oxidation of IN718 has 
several stages[370]. At a low-temperature regime below 900°C  transient oxidation occurred within the first 24 
hours, after which the oxidation stagnated and practically stopped. Between 950 and 1300°C, the alloy 
exhibited diffusion-controlled oxidation, following a parabolic-rate dependence. The high amount of 
chromium in the alloy promotes the formation of a protective Cr2O3 layer. However, before a stable chromia 
layer is formed,  some oxides of spinels MnCr2O4 and CrNbO4 along with TiO2 are reported to form above 900°C 
[371], [372].  Furthermore, an Nb-rich layer typically forms below the chromia at temperatures above 850°C [373]. 
This layer is thought to act as a diffusion barrier of Cr to the surface, stagnating the oxidation rate. Recent 
work by Sanviemvongsak et al. investigated the oxidation behaviour of AM IN718, showing a strong influence 
of surface roughness on the oxidation rate[373]. In this study, the alloy was heat-treated in an air atmosphere 
to accelerate the oxidation to reveal the worst-case scenario of oxidation effects on microstructure and 
mechanical properties of LPBF IN718. 

This chapter evaluates the mechanical properties after two heat treatments, standard solution heat treatment 
(SHT) designed for regular IN718, along with a new proposed AM specific heat treatment developed by 
Gallmeyer et al.[90]. The effect of the heat treatment conditions on mechanical properties and microstructure 
development is thoroughly analysed via characterisation techniques and CALPHAD methods to identify the 
microstructure evolution and quantify its effect on the mechanical properties, comparing it to the wrought 
variant of the alloy. Differences in the mechanical properties are examined, and the contributions of 
strengthening sources were quantified to obtain quantitative understandings of microstructure effects on the 
mechanical behaviour of LPBF builds after the post-heat treatment in comparison to the wrought IN718. 

5.2 Materials and methods  
5.2.1 LPBF of IN718 
Gas atomised Inconel 718 powder AMPERPRINT 0181.074 provided by H. C. Starck with mostly spherical 
morphology, see Figure 5.1a, was used to manufacture bulk samples. The particle size distribution was 
analysed using REM-106 Scanning Electron Microscope (SEM), post-processed in ImageJ and is shown in Figure 
1b. The nominal composition of the powder was within the ASTM B637 requirements. This was confirmed 
through X-Ray Fluorescence spectroscopy (XRF) using EXPERT 4L for powder and as-print samples, Table 5.1. 
Additive Laser Technologies Alfa-150 Laser Powder Bed Fusion machine, equipped with 500W InGaAs laser 
emitting at 905nm, was used to manufacture 24 tensile test specimens according to ISO 6892-1, with a gauge 
diameter of 5mm. Eighteen samples were manufactured with an extra 1 mm thickness on the gauge region to 
allow for machining. Standard process parameters, developed by the machine manufacturer, were used: the 
power of 200 W, a scan speed of 1000 mm/s, hatch spacing of 100 µm, a layer thickness of 50 µm, a laser spot 
size of 120 µm and chessboard scanning strategy with 67° rotation for the bulk of the specimen; and two 
contours spaced at 100 µm, laser power of 200 W and a scan speed of 1500 mm/s were used for the skin of 
the sample, for better surface finish. LPBF was carried out in an Ar atmosphere with an oxygen content of less 
than 2000 PPM, resulting in highly dense samples with a porosity of 0.3 % (specimens' consolidation was 
checked via Optical Imaging at the top and bottom sections of the tensile test specimens and post-processed 
using ImageJ). 
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Figure 5.1. (a) SEM image of the IN718 powder manufactured by H.C. Starck. (b) Cumulative and frequency 
particle size distribution of the IN718 powder with fitted exponentially modified Gaussian curve and indicated 
quantiles at 0.1, 0.5 and 0.9 (black circle markers). 

 

Table 5.1. Composition of the IN718 powder measured through XRF and as stated by the supplier 

Element 
Nominal 

Composition  
(wt. %) 

Powder 
composition  

supplier  
(wt.%) 

Powder 
composition 

measured 
(wt. %) 

As-print 
composition 

measured  
(wt.%) 

Fe Bal. Bal. Bal. Bal. 
Cr 17-21 18.8 18.56 18.7 
Co < 1.0 0.0 0.0 0.0 
Nb 4.75-5.50 5.42 5.35 5.4 
Ni 50-55 53.0 53.1 52.93 

Mo 2.8-3.3 3.1 3.2 3.2 
Ti 0.6-1.2 1.1 1.07 1.1 
Al 0.2-0.8 0.6 0.59 0.6 
C 0.02-0.08 0.04 0.03 0.03 

Mn < 0.35 0.35 0.41 0.38 
N < 0.025 0.013   

O < 0.030 0.018   

B < 0.006 < 0.002 < 0.002 < 0.002 
Si < 0.35 < 0.1 < 0.1 < 0.1 

 

5.2.2 Heat Treatment 
Several heat-treatment procedures were employed for the specimens: (1) standard IN718 solution annealing 
at 980 °C for one hour, air cooling to room temperature followed by two ageing steps at 720 °C and 620 °C for 
eight hours each, according to ASTM B637-18 (N07718) [374], thereafter termed SHT 1; (2) developed by 
Gallmeyer et al.[90] for AM IN718, solution annealing at 1020 °C for 0.25 h, water quenching followed by single-
step ageing at 720 °C for 24 h under air, thereafter termed SHT 2. Half of the samples were machined before 
the heat treatments, and half were in as-print condition to test the effect of the surface finish. The third batch 
of specimens remained in as-print condition with surface machining. The wrought IN718 bars were sourced 
from William Gregor LTD in the heat-treated condition analogous to SHT 1 and were machined to the exact 
dimensions of the printed samples. The heat treatment procedures for the specimens are summarised in Table 
5.2.  
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Table 5.2. Heat treatment procedures and surface condition for the IN718 samples 

Designation 
Surface 

condition 

Annealing 
Temperature/ 

Time 

Post Annealing 
Cooling 

Ageing 
Temperature/

Time 

Post Ageing 
Cooling 

As-Print Machined - - - - 

SHT 1 - A As-Print 980 °C/ 1h Air cooling 
720 °C / 8h  
620 °C / 8h 

Furnace 50 °C/h 
Air cooling 

SHT 2 - M Machined 980 °C/ 1h Air cooling 
720 °C / 8h  
620 °C / 8h 

Furnace 50 °C/h 
Air cooling 

SHT 2 - A As-Print 1020 °C/ 0.25h Water Quench 720 °C / 24h  Air cooling 
SHT 2 - M Machined 1020 °C/ 0.25h Water Quench 720 °C / 24h  Air cooling 

Wrought Machined 990 °C/ 1h Water Quench 
720 °C / 8h  
620 °C / 8h 

Furnace 50 °C/h 
Air cooling 

5.2.3 Surface Roughness and Mechanical Testing 
 Surface roughness measurements were performed on the gauge region of the tensile specimens using 
BioBase Bk-r220 with a fixed control length (λ) of 0.8 mm. The roughness of the heat-treated samples was 
measured before and after the heat-treatment procedure. Tensile specimens were then primed in white paint, 
while black spray paint produced the speckle pattern. Tensile test was performed using INSTRON test machine 
ТТDL 5004 at 10-3 s1 alongside digital image correlation (DIC) for strain measurement. Commercial DIC software 
GOM Correlate was used to analyse the data.  Fracture surfaces were investigated using Zeiss Sigma 300 SEM, 
equipped with a high-resolution electron backscatter diffraction (EBSD) detector and an energy-dispersive X-
ray spectroscopy (EDS) detector. Cylindrical sections from the grip area were ground using SiC papers with P-
grades of 800, 1200, 2400, and 4000 and subsequently polished using a colloidal silica suspension with 
particles of 0.04 μm mixed with distilled water in 50:50 concentration ratio. These samples were used to 
perform Vickers microhardness measurements at 2 kg load for 10 s (HV2) 

5.2.4 Microstructural Characterisation 
Polished samples were used for EBSD analysis under 20kV with a step size of 1 µm and exposure time of 10 
ms; EDS point analysis and compositional mapping (with at least 1 million counts per site) using Zeiss Sigma 
300 SEM. EBSD data was analysed using the MTEX toolbox. The fine microstructure of the samples was 
revealed by etching in Kalling's No.2 reagent for 10 s and subsequently imaged under SEM. Transmission 
electron microscopy (TEM) was performed on electropolished samples using JEOL 2100F under a bright field 
imaging mode and scanning TEM (STEM) modes utilising Oxford Instrument EDX detector for chemical 
mapping. 

5.2.5 CALPHAD simulations 
Calculation of Phase Diagrams (CALPHAD) was performed in a commercial Thermooftware using 
thermodynamic TCNI8 and mobility MOBNI2 databases. Scheil-Guliver model approximated rapid 
solidification with back-diffusion in the primary phase, calculated at a temperature step of 1 K. Chemical 
segregation upon solidification was extracted from the Scheil solidification simulation. Precipitation module 
TC-Prisma was used to investigate the evolution of  γ´, γ ", δ and Laves phases upon the heat-treatment 
procedures. XRF composition provided in Table 5.1 was used as the nominal alloy composition. After the 
annealing step, heat treatment simulations were performed in non-isothermal mode, assuming a disordered 
FCC A1 matrix. γ´ and γ "were assumed to form in the bulk of the sample, while δ and Laves phases were 
set to form at the grain boundaries. Interfacial energies for γ´ and δ were taken from [375], while γ " 
from [376].  To approximate the simulation conditions as close to the printed sample as possible, EBSD results 
for the grain analysis of parallel section were used, with an average grain size of 56 μm and aspect ratio of 3.6.  
The dislocation density in the matrix was set to 0.86*1014 m-2 following Gallmeyer et al. measurements of LPBF 
manufactured IN718 after annealing[90]. The same conditions were used to construct a temperature-time-
transformation (TTT) diagram for LPBF IN718. 
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5.2.6 Calculation of strength contributions 
The strength of the IN718 superalloy is governed by several contributions, including friction stress (𝜎𝜎𝐹𝐹𝑠𝑠), solid 
solution strengthening (𝜎𝜎𝑆𝑆𝑆𝑆), grain boundary strengthening (𝜎𝜎𝐺𝐺𝐺𝐺), dislocation strengthening, texture, and 
precipitates. Theoretical yield stress of the as-printed and heat-treated material was evaluated using 
equations summarised in Table 5.3 [359], [377]–[385].   

After fusion-based AM processing, the fine microstructure (solidification cells) is densely populated by 
dislocations[90], [93], [94]. Although dislocations were mostly located at cell walls, they were also in the cell interior 
(Figure 3.1.5, in section 3.1). It is assumed that both the cell interior and cell walls contribute to the strength 
of the material via the Taylor model and similitude law, respectively. The similitude law states that the 
strengthening associated with dislocation cells is proportional to the size of the dislocation cell domain as 
described by Equation 5.1 [386]–[388] 

∆𝜎𝜎𝑠𝑠𝑙𝑙 = 𝐶𝐶𝐺𝐺𝑎𝑎
𝐷𝐷𝑙𝑙

     - Equation 5.1 

Where 𝐷𝐷𝑙𝑙  is dislocation cell size (assumed to be equal to solidification cell size), 𝑆𝑆 is Burgers vector, 𝐺𝐺 is shear 
modulus, and C is a material dependent constant. Riel et al. suggest that C typically ranges from 1 to 10[386]; A 
review by Sauzay et al. reports values of C between 4 and 8[389], while Gomez et al., through mesoscale 
simulations, calculated that C=6.8±0.5 for FCC materials[387], which will be used in the current investigation. 

Taylor hardening model for dislocation strengthening is described by Equation 5.2: 

∆𝜎𝜎𝐷𝐷𝑆𝑆 = 𝛼𝛼𝑀𝑀𝑆𝑆𝐺𝐺�𝜌𝜌        - Equation 5.2 

Where 𝜌𝜌 is dislocation density, 𝑀𝑀 is the Taylor factor, and 𝛼𝛼 is the coefficient related to dislocation 
interactions. Dislocation density was not measured in this investigation; instead, 𝜌𝜌 is taken from the 
investigation by Gallmeyer et al. [90] for as-print (AP) and heat-treated conditions. 

Solid solution strengthening (SSS) was only considered in the γ matrix and calculated following the work of 
Labusch[390]. Strengthening coefficients of alloying elements in the γ matrix were taken from[385].  

Two models of strong and weak coupling were used to estimate the contributions of ordered strengthening 
mechanisms with coherent precipitates were calculated to provide a basis for discussion. First was by Reppich 
and Huther[381], [382] . The second model was a more recent model development by Kozar et al.[384] .  

Several models are available to account for coherency strengthening (∆𝜎𝜎𝑙𝑙). The current analysis uses the model 
developed by Oblak et al.[380], as it accounts for both the size and the shape of precipitates (particularly 
important for γ″ precipitates).  Volume fractions of the precipitates and compositions of matrix and 
precipitates were taken from the results of ThermoCalc (TC) Prisma simulations, Figure 5.4e and f. For the 
SHT2 treatment, γ´ and γ " can be distinguished on the basis of their aspect ratio; hence an aspect ratio 
separation was performed similarly to Smith et al. [391]. Figure C5.3a (In Appendix C5) shows an example of the 
segmentation between γ´ and γ″ with corresponding precipitate size distribution, Figure C5.3b.  

Unlike the work done by Zhang et al.[365], where authors assumed that either order strengthening or coherency 
strengthening mechanisms contribute to yield stress of heat-treated LPBF IN718, we take a similar approach 
to Gleiter and Hornbogen[392], assuming that both mechanisms are active. Coherency strengthening operates 
on the principle of strain fields induced by the lattice misfit between coherent precipitates and matrix. In 
contrast, ordered strengthening (weak or strong coupling) considers the additional energy required for 
dislocation pairs to move through chemically ordered precipitates creating an antiphase boundary between 
them. However, in order for a given dislocation to enter the precipitate in the first place, it has to overcome 
the strain field induced by the lattice misfit. Hence, both mechanisms should be active.  
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Table 5.3. Summary of the strengthening mechanisms, evaluation equations, term definitions and values of 
constants used to estimate the strength of IN718 alloy. 

Mechanism Equation Terms Values/source 

Friction stress 𝜎𝜎𝐹𝐹𝑠𝑠 = 𝑀𝑀𝜏𝜏𝑓𝑓 𝑀𝑀 – Taylor Factor 
𝜏𝜏𝑓𝑓 –the friction stress 

M = 3.6 (measured from 
EBSD) 

𝜏𝜏𝑓𝑓 = 17.5 MPa[365] 

Solid Solution 
Strengthening ∆𝜎𝜎𝑠𝑠𝑠𝑠 = 𝑓𝑓𝛾𝛾 �� 𝑜𝑜𝑎𝑎

𝛾𝛾𝑎𝑎𝑎𝑎
3/2

𝑎𝑎

�

2
3

 

𝑓𝑓𝛾𝛾 – Volume fraction of 𝛾𝛾 
𝑎𝑎𝑎𝑎  – solid solution 

strengthening coefficient of 
element 𝑅𝑅 

𝑜𝑜𝑎𝑎
𝛾𝛾 – Concentration of element 𝑅𝑅 

in 𝛾𝛾 

SHT1/SHT2 
fγ = 0.76 / 0.785 

Figure 5.4, Figure 5.A2 
𝑎𝑎𝑎𝑎 from [385] 

𝑜𝑜𝑎𝑎
𝛾𝛾 (TC Prisma) 

Grain Boundary 
Strengthening ∆𝜎𝜎𝐺𝐺𝐺𝐺 =

𝑜𝑜
√𝐷𝐷

 𝑜𝑜 – Hall-Petch Constant 
𝐷𝐷 – Grain diameter 

𝑜𝑜 = 750MPa.μm0.5 from[365] 
D = 56 μm – Figure 5.5(d) 

Similitude law ∆𝜎𝜎𝑠𝑠𝑙𝑙 =
𝐶𝐶𝐺𝐺𝑆𝑆
𝐷𝐷𝑙𝑙

 

𝑆𝑆 – Magnitude of Burgers 
vector 

𝐺𝐺 – Shear modulus 
C – Material constant 

𝐷𝐷𝑙𝑙 - Dislocation cell size 

b = 0.25.10-9 m; [380] 
G = 76 GPa [365] 

C = 6.8 [387] 
𝐷𝐷𝑙𝑙= 850 nm, Figure C5.1 

Dislocation 
Strengthening ∆𝜎𝜎𝐷𝐷𝑆𝑆 = 𝛼𝛼𝑀𝑀𝑆𝑆𝐺𝐺�𝜌𝜌 

𝛼𝛼 – Coefficient associated with 
dislocation interactions 
𝜌𝜌 – dislocation density 

𝛼𝛼 = 0.2; [365] 
AP/HT 

𝜌𝜌 =1.6/0.8.1014 m-2; [90] 

Precipitation 
Strengthening –  

Ordering 

  Reppich et al.[383] 
          Weak coupling 

∆𝜎𝜎𝑇𝑇𝑣𝑣 =
0.86𝑇𝑇𝑙𝑙�𝑓𝑓𝑤𝑤

𝑆𝑆𝐷𝐷𝑠𝑠
�1.28

𝐷𝐷𝑠𝑠𝛾𝛾
𝑤𝑤𝑇𝑇𝑙𝑙

− 1� 

          Strong coupling 

∆𝜎𝜎𝑇𝑇𝑠𝑠 = 0.5 �
𝛾𝛾
𝑆𝑆�

1.5
𝐴𝐴�

𝑆𝑆𝐷𝐷𝑠𝑠𝑓𝑓
𝑇𝑇𝑙𝑙

−
𝛾𝛾𝑓𝑓
2𝑆𝑆

 

  Kozar et al. [384] 
          Weak coupling 

∆𝜎𝜎𝐾𝐾𝑣𝑣 =
2𝑇𝑇𝑙𝑙

𝜋𝜋𝑆𝑆𝐿𝐿𝑥𝑥
�

𝜋𝜋𝐷𝐷𝑠𝑠𝛾𝛾
2𝑇𝑇𝑙𝑙

− 1 

          Strong coupling 

∆𝜎𝜎𝐾𝐾𝑠𝑠 =
𝛾𝛾

2𝑆𝑆
�

𝐷𝐷𝑠𝑠

𝐿𝐿𝑠𝑠
�

𝐷𝐷𝑠𝑠𝛾𝛾
2𝑇𝑇𝑙𝑙

−
𝜋𝜋
4

�
𝐷𝐷𝑠𝑠

𝐿𝐿
�

2

� 

𝑇𝑇𝑙𝑙 – Dislocation  line tension 
𝑓𝑓 – volume fraction of 

precipitate 
𝑤𝑤 – dislocation coupling 

constant 
𝐷𝐷𝑠𝑠 – Diameter of precipitates 

𝛾𝛾 – Antiphase boundary energy 
𝐿𝐿 – Precipitate centre spacing 

𝐿𝐿𝑥𝑥 – length of dislocations 
within the precipitate 

𝐿𝐿𝑠𝑠 – Edge to edge distance 
between precipitates 

𝑇𝑇𝑙𝑙 = 0.5𝐺𝐺𝑆𝑆2 
      SHT1/SHT2 

fγ´ = 0.08 / 0.075 
fγ´’ = 0.13 / 0.12 
Figure 5.4e, f 

𝑤𝑤 = 1 [383] 
         SHT1 / SHT2 
𝐷𝐷𝑠𝑠

𝛾𝛾′  = 12 / 25 nm 
𝐷𝐷𝑠𝑠

𝛾𝛾" 
 = 12/ 30 nm 

Figure 5.3a, Figure 5.3b 
𝛾𝛾𝛾𝛾′ =208 mJ; [393] 

𝛾𝛾𝛾𝛾′′ =296 mJ;  [376] 

𝐿𝐿 = � 8
3𝜋𝜋𝑓𝑓

𝐷𝐷𝑠𝑠; [394] 

𝐿𝐿𝑥𝑥 = 𝐿𝐿 − 4𝑇𝑇𝑙𝑙
𝛾𝛾𝜋𝜋 �𝐷𝐷𝑠𝑠𝛾𝛾𝜋𝜋

2𝑇𝑇𝑙𝑙
− 1 [384] 

𝐿𝐿𝑠𝑠 = 𝐿𝐿 − 𝐷𝐷𝑠𝑠 

Precipitation 
Strengthening –

Coherency[380] ∆𝜎𝜎𝑙𝑙 = 1.7𝐺𝐺𝜖𝜖
3
2

�� 𝐷𝐷𝑠𝑠
2𝐴𝐴𝑟𝑟

�
2

𝑓𝑓(1 − 𝛽𝛽)

𝑆𝑆𝐷𝐷𝑠𝑠
 

𝜖𝜖 – lattice misfit 
𝐴𝐴𝑟𝑟 – Precipitate aspect ratio 
𝛽𝛽 – Precipitate orientation 

fraction 

𝜖𝜖𝛾𝛾′= 0.008 (TC Prisma) 
𝜖𝜖𝛾𝛾"= 0.03[395] 

Precipitation 
Strengthening -  

Bowing 
∆𝜎𝜎𝐺𝐺 =

𝐺𝐺𝑆𝑆
𝐿𝐿
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5.3 Results and discussion 
5.3.1 Cellular microstructure and precipitation 
As-printed samples exhibited typical cellular microstructure, commonly reported in AM literature[94], [303], [354], 
Figure 5.2b and Figure C5.1 a-c in Appendix C5.  Solidification cells were measured to be around 850±270 nm, 
depending on the location within the melt-pool. Cell boundaries appear to be decorated by Laves phase, 
consistent with literature findings [90], [362], [369]. Chemical segregation of the solidification cells appeared to be 
removed after 15 min at 1020 °C, as chemical etching did not reveal the cell boundaries, Figure 5.2c. 
Additionally, some remaining Laves phases were still observed, although much less frequent than in as-print 
samples. ImageJ analysis showed a 75 % reduction in the area fraction of the Laves precipitates (Figure C5.2 
in Appendix C5).  

After the complete SHT cycle, both SHT1 and SHT2 show similar microstructural features. Prior solidification 
cell boundaries were still present and appeared to be decorated by γ´/ γ″ structure on the walls. Particles were 
seen on the cell boundaries after heat treatment (Figure C5.1 f, g and j, k for SHT 1 ad SHT 2, respectively). The 
increased size and concentration of the precipitates at the solidification cell walls is believed to occur due to 
an increased degree of dislocation density at the cell walls in comparison to the cell interior, which promoted 
nucleation and growth of γ´/ γ″ precipitates via the pipe diffusion mechanism during the ageing step of the 
heat treatment. The finding of Zhao et al.[367] supports such a hypothesis, observing dense dislocation networks 
at the solidification cell walls even after 1 h heat treatment at 1080 °C. This suggests that dislocation networks 
at solidification cell walls survived through the annealing step, providing the pipe diffusion means during the 
ageing. 
 
Measurements of the cellular structure after the heat treatment did not show a significant change in the cell 
sizes. Similarly to Gallmayer et al.[90], the main difference between the microstructures after SHT1 and SHT2 is 
in the size of the fine γ´/γ″ precipitates. The equivalent diameter of γ´/ γ″ after the SHT1 and SHT2 was 
measured to be 10±3 nm and 20±8 nm, respectively, Figure 5.3a. Morphology of the precipitates also appears 
to be different between the heat treatments. SHT1 results in more globular precipitates, while SHT2 – more 
cuboid-like (Figures 5.3b, d and e). Wrought sample subjected to an SHT1 – analogous heat-treatment 
presented a very similar γ´/γ″ structure to AM samples after SHT1. However, the size (21±8 nm) of the 
precipitates was larger in the wrought samples. 
 
ImageJ analysis showed a marked decrease of volume fraction of Laves phase between as-print condition and 
after the SHT treatments. As-print sample showed an 11.5% area fraction of Laves, SHT1 reduced it to 3%, 
while SHT2, only 1% area fraction (Figure C5.2 in Appendix C5). Interestingly, the size distribution of the 
remaining Laves did not differ much between SHT1 and SHT2, except for the larger particles. Overall, SHT2 
more effectively dissolves Laves phase, even though it involves a four times shorter solutionising cycle. Higher 
temperature significantly improved the dissolution dynamics following literature findings[361]. However, 
despite the significant reduction of the Laves content, the 15 minutes of annealing at 1020 °C was not enough 
to fully dissolve it, contrary to Gallmeyer et al. [90]. This finding rather supports the results of Sui et al. [369], who 
observed a volume fraction of 1.55% of Laves upon solutionising at 1050 °C for 15 min.  However, longer 
annealing times and higher temperatures may significantly reduce the dislocation density and destroy the 
solidification cell boundaries that were widely reported to significantly improve the mechanical properties of 
AM components[90], [93], [94]. Moreover, the investigation by Huang et al. suggests that solidification cell 
boundaries might play a role in pinning the grain boundaries and delay the grain growth[361], while the study 
by Pröbstle et al. shows that solidification cell boundaries in LPBF IN718 can result in some improvement in 
the creep resistance at high creep loads[89]. Hence, it is essential to retain the solidification cells and high 
dislocation densities after the LPBF process, even at the expense of some remaining Laves phase.  
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Figure 5.2. Microstructure of LPBF IN718 at as-built and different stages of heat treatment. 

 
Figure 5.3. (a) Precipitate size and (b) shape distribution in IN718 subjected to various heat treatments; (c) 
interdependence of precipitate size and aspect ratio. (d), (e) Representative micrographs of precipitates in LPBF 
IN718 subjected to SH1 and SHT2 respectively; (f) wrought IN718 subjected to heat treatment analogous to 
SHT1. 
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5.3.2 Thermodynamic calculations 
5.3.2.1 CALPHAD approximation of rapid cooling 
The results of the thermodynamic calculations are presented in Figure 5.4. As the solidification is close to 
completion, the remaining liquid is enriched in solutes that deviate the composition from the nominal alloy 
composition and can form non-equilibrium phases like eutectic Laves[90], [362]. Minor precipitation of Laves and 
delta phases was anticipated at the final stages of solidification by the ThermoCalc, as demonstrated in the 
inset of Figure 5.4a. Scheil-Guliver rapid cooling approximation assumes no diffusion in the solid-state. Hence, 
the alloying elements are more enriched in the liquid (Figure 5.4b), causing more chemical segregation and 
precipitation of non-equilibrium phases. The segregation plot can be interpreted as the composition of the 
solidification cell from the core to the edge. The first solid to form is often in the core of the solidification cell, 
while the final solid forms at the outermost edge. Hence the core-shell microstructure, with precipitation on 
cell edges, in Figure 5.2b.  

Even though Scheil-Gulliver provides a reasonable approximation of solidification conditions in LPBF, it 
completely neglects the effects of kinetics, resulting in some inaccuracy in the predictions of the phases. For 
instance, the δ phase was not found in the as-built condition of IN718. However, CALPHAD suggested that 
Laves and δ should form in the terminal stages of solidification, Figure 5.4a. Furthermore, the amount of the 
predicted Laves phase and measured quantity differed by a factor of 10. Even considering the experimental 
measurement uncertainty, a factor of 10 difference was rather significant. Such inaccuracy of the CALPHAD 
model under Scheil-Guliver conditions is probably a result of ignoring the kinetics. As the segregation in the 
remaining liquid builds up, ThermoCalc identifies phases that should form under equilibrium conditions at the 
given composition of the liquid at the given temperature. However, this ignores the kinetics of the phase 
formation. Even though the δ phase would be thermodynamically stable at a certain level of segregation 
towards the end of solidification, Laves phase forms instead due to limited kinetics.  

5.3.2.2 Modelling of the heat-treatment 
The equilibrium phase diagram of IN718 in Figure 5.4c shows that the alloy with the investigated composition 
should have a single stable γ phase at temperatures between 1050 °C and 1250 °C. Solutionising heat 
treatment at 1050 °C and above should dissolve any secondary phases in the alloy. Once a supersaturated 
solid-solution of γ is retained, one can use ageing heat treatment to optimise the mechanical performance. 
Figure 5.4d shows the Temperature-Time-Transformation (TTT) diagram for the precipitation of γ´, γ″ and δ. 
The contours represent the time it takes to form a 0.1 % volume fraction of a given phase at a given 
temperature. It is anticipated that γ´ is the first precipitate to form if aged at 720 °C, reaching 0.1 % volume 
fraction in a matter of few seconds. γ″ starts to form shortly after within several minutes. δ phase, on the 
other hand, takes much longer to form. Upon ageing at 720 °C, a 0.1 % fraction is reached only after about 7 
hours.  TTT diagrams take into account both the driving force for nucleation and the kinetics. Even though the 
δ phase is very favourable thermodynamically between 1000 °C and room temperature (Figure 5.4c), the 
kinetics of the formation of the phase is relatively slow. It is especially evident when analysing the simulated 
ageing procedures in Figures 5.4e and f. Under both SHT1 and SHT2 ageing procedures, ThermoCalc predicted 
the δ phase barely formed (dashed black lines in Figures 5.4e and f) while γ´ and γ″ formed much earlier. 
The volume fraction of these precipitates approaches the peak concentration within the first hour of the 
ageing procedure.  After the first hour, γ´ appears to increase its concentration at the expense of γ″. During 
the SHT1 heat-treatment, Figure 5.4e, the peak volume fraction of both precipitates was increased by dropping 
the temperature from 720 °C to 620 °C after 8 hours. Whereas, during the SHT2 heat treatment, Figure 5.4f, 
the cumulative concentration of γ´ and γ″  (sum of volume fractions of γ´ and γ″)  remained almost constant. 
The evolution of the mean diameter of the precipitates is also strongly dependent on the ageing temperature. 
During SHT1, the mean precipitate diameter of γ´, γ″ and δ stopped increasing when the temperature is 
dropped to 620 °C (solid lines in Figure 5.4e). While during the SHT2 procedure, diameters of the phase 
continued to increase with time at a decreasing rate (solid lines in Figure 5.4f). Comparison between the 
simulated and measured precipitates sizes shows interesting results. The mean diameter of γ´ and γ″ after 
SHT1 is predicted to be around 19 and 23 nm, respectively; whereas after SHT2: 27 and 33 nm for γ´ and γ″, 
respectively. Simulation results of SHT2 heat treatment have matched the experimental measurements quite 
well (𝐷𝐷𝑠𝑠

𝜸𝜸′=22 nm, 𝐷𝐷𝑠𝑠
𝜸𝜸″=30 nm, Figure C5.3). In contrast, the precipitate sizes after SHT1 were overestimated 

by a factor of 2. However, simulation results of SHT1 heat treatment matched the experimental measurements 
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of the wrought samples quite well (𝐷𝐷𝑠𝑠
𝜸𝜸′/𝐷𝐷𝑠𝑠

𝜸𝜸″=21 nm. γ´ and γ″ in wrought samples could not be distinguished 
in experimental micrographs). It is believed that the main reason for such results is the residual Laves phase 
in LPBF samples after the solutionising. The presence of the Laves phase during the heat treatment simulation 
was ignored; however, experimental measurements showed that Laves was not fully dissolved after SHT1 heat 
treatment of LPBF samples. Hence, a substantial amount of Nb and Al was still entrapped in Laves, depreciating 
the growth of the γ´ and γ″ during the ageing of LPBF samples. 

 
Figure 5.4. CALPHAD results of IN718 for the Sheil-Guliver solidification showing volume fraction of phases 
forming upon cooling (a) and resulting chemical segregation in the matrix phase, γ (b); Equilibrium phase 
diagram with respect to temperature; Temperature-Time-Transformation diagram of γ´, γ″ and δ forming up 
to 0.1 % fraction (d); Evolution of γ´, γ″ and δ precipitates, showing the mean diameter (solid line) and volume 
fraction (dashed line) during SHT1 and SHT2 heat-treatments in (e) and (f) respectively. 
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5.3.3 Grain microstructure 
No significant microstructural change was seen after subjecting the samples to SHT1 nor SHT2 heat treatments 
at a mesoscale observation. EBSD analysis of as-printed and SHT1 samples show almost identical grain size, 
morphology, and texture (Figure 5.5a, b). Perpendicular cross-sections reveal islands of larger equiaxed grains 
decorated by smaller grains at the edges, Figures 5.5a1 and b1. Parallel cross-sections show highly columnar 
grains slightly inclined with respect to the build direction (Figures 5.5a2 and b2). Rotation of 67° between 
layers shifts the overlap of the melt-pool's centreline, causing the grains to epitaxially grow with inclination to 
the BD. Consistent with the microstructure development observed in HEA in Chapter 4 (Figure 4.6). Such 
growth condition in the scan strategy of 67° resulted in spiral texture, with one of the [100] cube axes aligned 
along the build direction (Figures 5.5a3 and b3). As demonstrated in Chapter 4, such texture can cause an 
anisotropic mechanical response of the samples. Calculations of the Taylor factor (Equation 4.4) from the pole 
figure in Figure 5.5a3 reveal that the M was equal to 3.6 and 4.7 if loaded along the build direction and 
perpendicular to the build direction, respectively. This suggests that the yield stress of the printed material 
would be higher when loaded perpendicular to the build direction.  

 On the other hand, the wrought sample showed plenty of annealing twins and very equiaxed grains, both 
observed in parallel and perpendicular to the rolling direction (Figures 5.5c1 and c2). A fibre texture with a 
strong (111) peak along the rolling direction[358] is clearly visible in Figure 5.5c3. The Taylor factor for the 
wrought sample was similar to the LPBF, equaling 3.54 and 4.8 when loading parallel and perpendicular to the 
rolling direction, respectively. 

Size and shape analysis of the grains in the samples are shown in Figures 5.5d and e, respectively. Analysis was 
performed separately for sections parallel and perpendicular to the build direction. The grain size and aspect 
ratio of grains was normalised by the area fraction of the grains to construct Figures 5.5d and e.  Perpendicular 
sections of LPBF samples were very similar to the wrought sample. The grain size and aspect ratio of these 
samples are very comparable. In contrast, parallel sections of LPBF samples show that the grains were on 
average 50% larger than on perpendicular sections, Figure 5.5d. The aspect ratio of the grains on the parallel 
section was 4-5 times larger, Figures 5.5e. Importantly, no significant difference in grain morphology was 
detected comparing the samples before and after the heat treatment procedure (AP samples and SHT1, SHT2 
in Figures 5.5d and e).  

The mean grain size of the LPBF samples across the two sections was very close to the wrought. Considering 
that the texture was also very similar (Taylor factor), the difference in mechanical response between SHT1 
heat-treated samples made by LPBF and wrought should be down to the fine microstructure and defect 
distribution.  

Conventional IN718 has an onset recrystallisation temperature of 950-1050 °C, depending on the degree of 
deformation (i.e. dislocation density). The wrought sample presents clear evidence of recrystallisation in the 
form of annealing twins, Figure 5.5c1. However, the current analysis shows no evidence of microstructural 
changes in IN718 manufactured by LPBF after the heat treatment procedure. Grain size, grain shape, texture 
and grain boundary misorientation angle distribution (not shown here) are indistinguishable for LPBF sample 
before and after the heat treatment process, Figure 5.5a, b, d and e. Recent works report that the 
recrystallisation temperature of IN718 after LPBF approach 1130-1150 °C[361], [396]. The reasons for such an 
increase are yet to be explained. However, the elevated recrystallisation onset allows to retain the grain size 
and texture during the high-temperature  achieved after LPBF process.   



 
108 

 
Figure 5.5. EBSD analysis of as-printed, solution heat-treated (SHT1) and wrought samples a-c respectively. 
EBSD maps parallel (1) and perpendicular (2) to the build/rolling directions, with IPF color-coded along the 
build/rolling direction; (3) showing the pole figures (with the Z direction - centre of the pole figure - parallel to 
the BD). (d) and (e) show the grain size and grain aspect ratio, respectively, of the investigated samples, both 
normalised by grain area.  
Note the EBSD acquisition and analysis information displayed in the bottom right insert. 
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5.3.4 Surface condition 
The surface of the LPBF samples had distinctively different roughness values, Figure 5.6a. As-printed sample 
without surface machining had an arithmetical mean roughness (Ra) of 6.2. After the heat treatments of the 
non-machined samples, the increase in surface roughness was insubstantial, remaining at around 6.3 - 6.4 Ra. 
Machined specimens (hatched bars in Figure 5.6a) all showed similar roughness of about 0.7-0.8 Ra after the 
two heat treatment procedures without significant change from the machined surface roughness.  

 
Figure 5.6. (a) Surface roughness of the IN718 specimens (AP – as-printed was measured prior to machining); 
(b) Thickness and depth of various oxide features; (c) and (d) SEM imaging of the cross-section of the surface 
after SHT1 and SHT2 heat treatment, respectively.  

It has to be noted that the oxide scale was only investigated for the LPBF processed samples to study the 
oxidation and its effects on the LPBF condition.  
Cross-sections of the surface of the LPBF-processed samples under SEM revealed that oxide scale thickness 
varied between 1.5 – 4 µm, Figure 5.6b. The difference in thickness between the heat treatments was well 
within the measurement deviations. However, slight variations in the oxide features were observed. Firstly, 
SHT1 heat treatment resulted in oxide fingers just below the main oxide scale, marked in Figure 5.6c. Such 
features were not observed in samples after SHT2 heat treatment, Figure 5.6d. Some oxide precipitates 
(marked in Figure 5.6c) were detected under the oxide scale after SHT1 and SHT2. They formed at a depth 
between 2 and 5 µm below the main oxide scale, Figure 5.6b. Etching of the surface revealed that the region 
just below the oxide scale was severely depleted of the γ´/γ″ precipitates. This region extended up to 5 µm 
below the oxide, Figure 5.6d. It is believed that such occurrence results from local deviation from the 
nominal composition due to solute depletion into the oxide scale; and a temperature gradient upon heating 
the samples in the furnace. For samples with a gauge diameter of 5000 µm, surface effects appear 
insignificant. However, in complex geometries with a high number of thin features (e.g. lattice structures[8]), 
mechanical properties can depreciate by a high margin.  
Unlike in the bulk of the samples, the δ phase was frequently observed near the surface. That increase of the 
δ phase at the surface is likely associated with the uneven temperature gradient at the beginning of the heat 
treatment procedure. The sample's surface remained at a higher temperature for longer, causing some δ 
phase to form. Furthermore, a high concentration of δ precipitates is observed just below the depletion 
zone.  
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Most of the oxide scale likely has formed during the initial solutionising step. Greene et al. reported that mass 
gain under temperatures below 900 °C was almost imperceptible after the first hour[370]. Using the rate 
constants obtained by Greene et al. [370], parabolic oxidation graphs were plotted for the mass gain over time 
at 980 °C and 1020 °C, Figure 5.7a. After 60 min at 980 °C, the samples should have gained 0.367 mg/cm2 of 
oxygen, while after 15 min at 1020°C – 0.22 mg/cm2. Such difference should have resulted in an increased 
oxide scale depth of the SHT1 sample. However, the oxide thickness was comparable between the two heat 
treatments, Figure 5.6b. It is anticipated that most of the oxides have formed while the furnace was heating 
to the required temperature. It is common practice to start the heat-treatment time count only after the 
furnace has reached the required temperature. The samples would continuously oxidise during the furnace 
heating stage. Consequently, the calculated mass gain in Figure 5.7a is an underestimation of the actual 
oxidation. In both cases the actual mass gain is likely to be more significant than the calculated values.  

 
Figure 5.7. (a) Parabolic oxidation curves for IN718 at 980°C and 1020°C plotted using data in[370]; (b) SEM-EDX 
map of the surface region in Figure 5.6(c) with normalised elemental concentrations; (c) EDX line profile normal 
to the surface with elemental concentrations normalised by the total element counts and average count.   

The oxide scale was investigated in a greater depth via SEM-EDX mapping. The raw map was processed in 
MATLAB by normalising the counts from each element by the total number of counts for each pixel. The map 
was then smoothed using a gaussian filter, extending to 5 neighbouring pixels to generate Figure 5.7b. This 
procedure allowed to remove the outliers and negate the edge effects of the surface. The scale bar in Figure 
5.7b represents the relative concentration of a particular element highlighting the spatial distribution of 
elements. Differences between the samples were insignificant (apart from the oxide fingers in SHT1); hence, 
such a map is only presented for SHT1 machined condition. Figure 5.7b shows that the main oxide scale was 
chromia in agreement with previous studies [370], [371], [373]. High concentrations of Ti was observed in the 
beneath region of the main oxide scale, extending along the oxide fingers (not observed in SHT2 samples). A 
film of Nb-rich layer is found just under the main oxide scale, with some local regions with increased 
concentrations of Mo. To identify the depth of oxygen penetration into the surface, a line scan was performed. 
The results were normalised by the total number of counts from each point in the line scan and then by the 
average number of counts for each element. The first normalisation compensated for the surface's 
unevenness (edge effect), whereas the normalisation by the average concentration for each element 
compensated for inevitable contamination of the surface by oxygen during sample preparation. In essence, 
Figure 5.7c shows the relative spatial distribution or segregation profile of each element. Oxygen 
concentration rapidly dropped after the first 3µm from the surface, Figure 5.7c. At the same time, 
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concentrations of Nb, Ti, Mo and Mn spike in the transition zone between 2 – 3 µm from the surface, likely to 
be spinels of MnCr2O4 and CrNbO4 along with TiO2 and MoO3 

[371], [372]. At around 4 – 5 µm depth, local regions 
show elevated concentrations of O and Al, coincident with the location of the oxide precipitates observed in 
Figure 5.6c.  

5.3.5 Mechanical properties 
As-printed samples demonstrated yield stress of around 715 MPa, an ultimate tensile strength of 1175 MPa 
and elongation of over 39%, Figure 5.8a. The measured elongation was around 30% higher than typically 
reported for vertically built IN718[90], [326], [361], [365], [397], [398] (Figure 2.10c in Chapter 2) and slightly higher than 
the typical values for casting (35%[327]), while the UTS was around 40% higher than in casting[327]. DIC analysis 
of the samples revealed the onset of necking at around 25% elongation, while the fracture surface showed the 
presence of ductile dimples providing evidence of ductile failure, Figure 5.8b.  
Mechanical properties of wrought samples were well within the standard specification ASTM B637-18 
(N07718) for IN718[374].  Yield stress and UTS were measured at 1336 MPa and 1517 MPa, respectively, with 
elongation to failure around 27%. LPBF samples subjected to SHT1 heat treatment with the machined surface 
(SHT1-M) outperformed the wrought samples by around 100 MPa in both the UTS and yield stress, with 
comparable elongation to failure of 24%. SHT2 heat treatment with a non-machined surface resulted in a 
considerably lower strength of 1402MPa (200MPa lower than SHT1 heat treatment). However, the elongation 
to failure of the machined SHT2 samples (SHT2-M) was, on average, around 29%.  For the two heat-treated 
conditions, un-machined specimens showed a significant reduction in ductility with measured elongation to 
failure lower by over 50% compared to machined versions. However, the failure mode was still ductile, with 
dimples present across the fracture surfaces of all samples, Figures 5.8d and e. Upon closer inspection, it is 
evident that the outer surface of the unmachined samples contained a substantial number of near-surface 
pores, Figure 5.8f and g. Interestingly, SHT1 samples primarily showed lack of fusion pores (Figure 5.8f), while 
SHT2 samples had a high number of keyholes, Figure 5.8e. Such difference was likely a result of an incorrect 
overlay of scan-vectors by the slicing software. The considerable lack of fusion pores near the surface 
significantly limited the ductility of the SHT1 samples and reduced the yield stress by over 300 MPa. In the 
case of SHT2 samples, the reduction of yield stress in the material was insignificant in comparison to SHT2-M. 
A summary of the mechanical properties is presented in Table 5.4.  
Despite the presence of an oxide scale on tested samples, the measured mechanical properties are within the 
top bound of reported values in the literature (Figure 2.10 in Chapter 2). The tensile strength of sample SHT2-
M even exceeds the upper bound of 1600 MPa, still retaining a good level of ductility. Hence, the oxide scale 
did not induce a significant impact on the mechanical tension properties of the alloy. The highest effect from 
the surface on mechanical properties should be attributed to the near-surface porosity, Figure 8f and g. A 
significant reduction in ductility (over 2 times) dramatically limits the energy absorption capabilities of the un-
machined component. Lack of fusion defects, in particular, showed depreciation of both tensile yield stress 
and elongation, hence posing a significant threat to the performance of additively manufactured parts. Such 
defects are prevalent in AM and typically appear from changing boundary conditions near the edge of the 
component. Keyholes (Figure 8f) form due to local overheating at the end of the scan vectors. Lack of fusion 
defects, Figure 8g, typically form due to improper selection of process parameters, where gaps in solidified 
material appear due to insufficient melting. Due to the dynamic nature of the LPBF process, the local 
environment (e.g. temperature of the solid) strongly depends on the geometry of the component. Hence, 
process parameters need to be selected so that deviations from the processing conditions would not 
significantly reduce quality.  
Hardness testing reveals another interesting observation. As-printed samples showed a radial dependence of 
hardness within the material, Figure 5.8(h). The lowest hardness was measured in the centre of the samples 
at 290 HV, steadily increasing towards the edges up to 315 HV. The hardness gradient was eliminated upon 
the heat treatment, with both heat treatments reaching the hardness of 490 HV. Interestingly, the hardness 
was almost identical despite the difference in the yield stress of SHT1 M and SHT2 M samples of 200 MPa.   
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Figure 5.8. Results of mechanical tests on IN718 after several post-processing treatments. (a) Engineering 
stress-strain plots of the representative samples in as-print, heat-treated and wrought conditions (M - heat-
treated samples with a machined surface. As-printed (AP) sample was only tested with a machined surface); 
(b)-(e) fractographic images of the samples in (a); (f), (g) near-surface defects of SHT1 and SHT2 samples 
respectively (location within sample shown in (d1) and (e1) respectively); (h) Radial Vickers hardness variation 
in as-print and heat-treated samples (insert in (h) shows the locations of the performed indents). 

Table 5.4. Summary of Uniaxial tension results from IN718 in various conditions.  
Yield Stress 

(MPa) 
UTS 

(MPa) 
Elongation  

(%) 
Elastic Modulus 

(GPa) 

As-print 714  ± 73 1175  ± 26 38.7  ± 9.7 90  ± 70 

SHT1  1123  ± 129 1319  ± 43 13.1  ± 1.0 168  ± 23 

SHT1-M 1418  ± 92 1608  ± 1 23.7  ± 1.0 222  ± 15 

SHT2 1217  ± 121 1386  ± 12 11.1  ± 1.4 216  ± 11 

SHT2-M 1237  ± 8 1402  ± 27 28.9  ± 0.5 226  ± 14 

Wrought 1336  ± 42 1517  ± 8 26.8  ± 4.2 222  ± 4 
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Mechanical properties of the wrought and LPBF samples after SHT1-M treatment raises a few questions. 
Firstly, despite having some residual porosity, LPBF samples outperformed the wrought variant. 
Characterisation of the samples has not found significant differences apart from the fine microstructure. LPBF 
specimen had a 1.5-4 µm thick oxide scale, a smaller size of the γ´ and γ″ precipitates; some Laves phase was 
present in the microstructure and remanence of the solidification cell boundaries. Neither the oxide scale nor 
the laves phase bring strength benefits to IN718. In fact, the opposite is true[361], [399]. Hence, the higher strength 
of LPBF IN718 should come either from the finer precipitates or the residual solidification cell boundaries. 

5.3.6 Strength contributions 
Figures 5.9a and b show the strength contributions of order and coherency mechanisms in γ´ and γ″ 
precipitates. As an example of contribution calculation, let us consider ordered strengthening first using the 
model by Kozar et al.[384] - blue lines in Figures 5.9a and b. Two partial dislocations can not fit in fine precipitates 
at small sizes due to repulsive strain fields. Hence, weak-coupling mechanisms are active, i.e. the dislocation 
pairs from 1 superdislocation are located in different precipitates, blue dashed lines in Figure 5.9a and b. As 
the precipitate size increases, one reaches a critical diameter, when 2 partials can fit into 1 precipitate – weak-
strong coupling transition occurs around 25 nm for γ´, Figure 5.9a, and around 21 nm for γ″, Figure 5.9b. As 
the precipitate sizes increase further, the strength contribution decreases. The total area with the antiphase 
boundary energy penalty remains relatively constant, while the number density of precipitates decreases with 
increasing average diameter. Further increase in diameter can reach a second transition to the Orowan bowing 
mechanism (solid black line in Figure 5.9a and b), which would require even lower additional shear stress for 
dislocation movement after threshold diameters of 55 nm and 45 nm for γ´ and γ "respectively. Similar logic 
applies to the coherency strengthening mechanism - solid green line on Figure 5.9a and b. Flow stress 
contribution from the coherency strain field increases until bowing becomes easier.  

From Figures 5.9a and b, the model by Reppich et al.[382] predicts a lower ordered strengthening contribution 
in both γ´ and γ″ precipitates. The difference in the contributions to the strength of SHT1 and SHT2 samples 
between the two strengthening models is around 200 MPa for SHT1 and 140 MPa for SHT2. By comparing the 
total predicted flow stress from all strengthening contributions in SHT1 and SHT2, the model by Kozar et al.[384] 
provides a much closer match to the experimental measurements, Figure 5.9c. In both SHT1 and SHT2 samples, 
the model prediction is within the measurement standard deviation. This suggests that the model by Reppich 
et al.[381], [382] significantly underestimates the ordered strengthening contribution.  

From Figure 5.9c, it is evident that the majority of strength in IN718 comes from the γ´ and γ″ precipitates. 
Calculations of strength contributions from γ´ and γ″ were performed over a range of precipitate sizes and 
volume fraction to obtain an overview of optimal microstructure. Figures 5.9d and e show the sum of the 
coherence and ordered strengthening contributions from γ´ and γ″ respectively.  

The shape of the precipitates also plays a significant role in the precipitation strengthening, especially in the 
coherency strengthening mechanism. Figure 5.9f illustrates the effect of the aspect ratio of γ″ on the combined 
strengthening from coherency and order. The circular shape (aspect ratio of 1) of the precipitates would result 
in a higher strengthening effect. Moreover, the aspect ratio of γ″ has been shown to be linearly related to the 
size of the precipitate[400]. The larger the size, the higher the aspect ratio. After a specific threshold diameter 
(~45 nm[400]), the γ″ precipitate starts to lose coherency with the matrix phase. Hence, analysing Figure 5.9e, 
the peak contribution to the strength of γ″ precipitates is expected at sizes between 22 and 25nm. This 
suggests that SHT1 heat treatment of LPBF samples resulted in a slightly under-aged γ″, while SHT2 – slightly 
overaged. Figure 5.2e suggests that little to no growth of the precipitates was observed in the 2nd ageing stage 
of the SHT1 heat-treatment (620°C for 8h). The 1st stage can be prolonged to increase the size of γ″. On the 
other hand, the size of γ″ in wrought samples, was around 22 nm, which brought a 150 MPa higher 
contribution from the precipitates to the strength in comparison to the SHT1 samples, Figure 5.9c. However, 
the measured yield stress of the wrought samples was 100 MPa lower than the SHT1-M. Through Equations 
5.1 and 5.2 (Taylor and similitude models for dislocations at the cell interior and walls, respectively) , the joint 
contribution from dislocation densities in the cells approaches 250 MPa. This strongly suggests that the extra 
strength of the LPBF samples comes from the added dislocation density in the solidification cells (both interior 
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and at the cell walls). Hence, it is highly beneficial to retain these features in LPBF marials to maximise the 
mechanical properties.   

This examination of strengthening contributions clearly shows the need to treat the LPBF processed samples 
differently from conventionally processed materials. The unique characteristics of LPBF bring new 
opportunities to increase the mechanical performance of alloys. 

 
Figure 5.9. Theoretical calculations of the contributions to the flow stress in IN718. (a), (b) Strength 
contributions from γ´ and γ″ respectively. (c), (b) Sum of coherency and order (by Kozar et al.[384]) from γ´ and 
γ″, respectively. (e) Strength contribution of γ″ precipitate at a constant volume fraction of 13%. (f) The total 
calculated flow stress of IN718 subjected to SHT1, SHT2 and as-printed condition compared to the measured 
yield stress.  'K' and 'R' correspond to Kozar et al. [384] and Reppich[383] models of order strengthening.  
(Note that in (c)-(e) 'SHT1' and 'SHT2' labels locate the characteristics of the precipitates in the investigated samples) 
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5.4 Conclusions 
This chapter has investigated the effects of two heat treatment procedures on the microstructural evolution 
and its contributions to the strength of IN718 produced by fusion-based AM and conventionally. It was found 
that neither solutionizing steps have entirely removed the eutectic Laves phase in fusion-based manufactured 
IN178. Annealing at 1020 °C for 15 minutes was more effective than 1 h at 980 °C. However, despite the 
presence of the remaining Laves phase, the mechanical properties of LPBF samples were superior to the 
conventional samples subjected to the same heat treatment procedure. It was suggested that high dislocation 
density at solidification cells' interior and boundaries in the LPBF sample provided additional strength 
contributions. As such, heat treatment procedures, particularly the solutionising step for precipitation-
hardenable LPBF processed materials, must be adapted to balance the preservation of dislocations associated 
with solidification cells and the dissolution of unwanted phases.   

Through CALPHAD and strength modelling, it was found that the highest contribution to the strength comes 
from γ″ precipitates in the form of both order and coherency strengthening mechanisms. Analysis of the shape 
and size effects of the precipitates on strength revealed that the heat treatment procedures used in this 
current investigation did not reach the peak strength capabilities of the precipitates. At the volume fraction 
13% of γ″, the highest strengthening contribution is expected for precipitates with an average size of 22 nm. 
Slower precipitation kinetics of the strengthening phases were associated with the incomplete dissolution of 
Laves phase, which entrapped Nb and Al required for γ´ and γ’’ formation and growth. At the same time, a 
longer solutionizing stage might destroy the beneficial solidification sub-structures. Fusion-based AM 
processing conditions require process-specific heat treatment procedures to enable better control of final 
mechanical properties. Additionally, using an alloy with Nb and Al contents at the higher end of the allovable 
range in IN718 may benefit the precipitation process. 

The effects of air as a medium for the heat treatment procedure were discussed. It was found that despite the 
presence of oxide scale on the surface of the samples, the most significant impact on monotonic tension 
properties is still coming from the near-surface porosity (lack of fusion and keyhole).  
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6 A data analytics approach 
Previous chapters have explored the material-related aspects of defect formation mechanisms, process and 
post-processing effects on the mechanical properties of the materials manufactured by LPBF. However, 
considering a significant body of studies in the processing, microstructure and mechanical properties of alloys 
available in the literature, analysing the reported data (including some from this own PhD study) provides a 
bigger picture and better understanding of the printability of alloys in LPBF. This chapter uses the available 
theories, literature data and Machine Learning (ML) to help establish connections between the process 
parameters, material and properties of the printed samples. In addition, such analysis also assists in the 
identification of processing windows that remain the labour-intensive and lengthy process for every material 
to increase the adoption of the LPBF, in particular for newly developed alloys. 

6.1 Introduction 
During the laser powder bed fusion (LPBF) process, fine metal powder is selectively melted according to a 
sliced 2D profile of a 3D part.  Once the layer is scanned, the powder platform is lowered by one layer thickness, 
a new layer of powder is deposited, and the process repeats. Each layer consists of stacked melt-pool tracks 
with some overlap. Similarly, there must be an overlap between layers to ensure that no gaps are present. 
Essentially, the printed part consists of stacked overlapping melt-pools. To achieve higher consolidation, the 
process parameters have to be optimised to ensure such an overlap.  

Even though there are over 140 different process parameters to tune[401], the main ones are the laser power, 
laser scan speed, laser spot size, hatch spacing (nominal distance between the deposition tracks), layer 
thickness and scanning strategy. The former three parameters directly influence the formation and dimensions 
of the melt-pool during the process. Lack of sufficient overlap between the melt-pools can result in a lack of 
fusion (LOF) porosity. Tang et al. formulated a LOF criterion as a sum of squared ratios (of melt-pool width to 
the hatch spacing and of melt-pool depth to the layer thickness) smaller than 1[402]. Essentially the melt-pool 
depth has to be larger than the layer thickness, while melt-pool width has to be larger than the hatch spacing. 
Experimental observations show that the melt-pool size correlates well with the absorbed linear energy 
density of the laser (laser power normalised by the scan speed and laser absorptivity) [37], [403], [404]. Therefore, 
the melt-pool must absorb a sufficiently high energy density for a given layer height and hatch spacing to avoid 
the LOF defect.  

On the other hand, if too much energy is input into the melt-pool, a keyhole pore can form[137], [154], [405]. When 
the laser interacts with the liquid metal, some of the liquid starts to boil locally then evaporate, resulting in 
localised vapour depression due to recoil pressure[134]. The vapour depression grows and fluctuates, depending 
on the power density (laser power normalised by the laser spot size) and the scan speed[137]. If the power 
density is high and scan speed is low, the vapour depression will transition from semi-circular shape to conical 
and further to keyhole shape, causing a substantial increase in the melt-pool depth as the heat from the energy 
source travels through the vapour depression towards the bottom of the melt-pool. This creates a metal 
vapour cloud within the molten metal. Convection currents from Marangoni forces (surface-tension-driven 
convection) can drag the vapour cloud deeper into the molten metal[134], [135]. If such a vapour bubble does not 
escape the melt-pool, a residual keyhole pore will form.  

The process parameters have to be just right to remain in between the lack of fusion and keyhole-pore forming 
window for an optimal consolidation. This intricate balance can be easily toppled if any of the variables are 
changed. For commercial LPBF, the user has to develop several sets of process parameters for different levels 
of accuracy and print speeds. Typically this involves creating a process map of laser power, scan speed and 
hatch spacing for every layer thickness intended to use[406]–[408]. This process is quite lengthy and costly. On the 
other hand, there have been many investigations in the literature correlating the processing conditions and 
final consolidation of the components in various alloys[88], [96], [415]–[418], [361], [406], [409]–[414]. By collecting such data 
and analysing it in bulk, one can gain a deeper understanding of the influence of processing parameters on the 
quality of the printed parts.  
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Moreover, melt-pool dimensions influence not only the consolidation but also the mechanical properties of 
the printed components. The size of the melt-pool strongly influences the thermal gradients and solidification 
rates during the solidification process[303]. Thermal gradient and solidification rate, in turn, govern the 
microstructure formation mechanisms. Size of the melt-pool and stacking (scanning strategy) influence the 
grain size and texture[113], while the cooling rate controls the spacing of solidification cells [419]. These factors 
are one of the key parameters in the strengthening mechanisms of an alloy, as discussed in Chapter 5. 

Hence, this investigation focuses on exploring the main factors that influence the melt-pool formation and 
sample properties—covering from the absorptivity of the laser during processing, the influence of the process 
parameters on melt-pool formation and finally to the bulk sample properties. This section aims to generate 
tools that will help speed up the identification of appropriate process parameters to achieve optimised 
consolidation and desired mechanical properties of LPBF build. 

In order to develop a practical framework, this PhD study carried out an extensive literature search to gather 
data on the process parameters, consolidation, cell spacing and mechanical properties. This data is used to 
train ML models, helping gain additional insights into the printing process, particularly the melt-pool formation 
process. The performance of the ML models trained by literature data in predicting the melt-pool dimensions 
was tested against an independent and separate dataset of IN718 single tracks (generated in this PhD study) 
to discuss and outline the benefits and limitations of the models. The ML models are then used in conjunction 
with analytical models to correlate the process parameters with the consolidation and mechanical properties 
of several common LPBF materials. 

6.2 Materials and methods  
6.2.1 Data Collection 
6.2.1.1 Laser absorptivity  
Laser absorptivity is influential for energy absorption, hence the melt pool dimensions that, in turn, affect the 
consolidation as discussed earlier. A literature search was conducted to evaluate the effect of process 
parameters (scan speed, laser spot size and laser power) on the laser absorptivity of metallic powders. Data 
included 173 observations with information on the process parameters, alloy type, average powder size and 
energy absorptivity. 

6.2.1.2 Single tracks 
The influence of laser parameters such as power, scan speed and spot size; and the nominal layer thickness 
on the melt-pool dimensions were collected from the prior art. Melt-pool dimensions of interest included the 
width and depth of the track. A total of 223 observations were collected for melt-pool width and 225 for depth 
across 9 alloys: Fe-based 316L and 904L, Ni-based IN718LC, IN718, IN625 and Hastelloy X, Ti-based CP Ti and 
Ti6Al4V and Al-based AlSi10Mg. 

6.2.1.3 Multi-layer builds 
Extensive data search has been conducted to collect reported process parameters and corresponding 
consolidation and mechanical properties for commonly LPBF alloys such as 316L stainless steel, Ti–6Al–4V, 
IN718 and IN625 superalloys, Hastelloy-X and AlSi10Mg alloys. In total, over 250 individual research papers 
were reviewed and analysed with around 2000 data points. Data collection contained 3 aspects: alloy printing 
details,  post-processing information and properties of the sample. 11 process parameters variables were 
collected: manufacturer of LPBF equipment, equipment model and laser type of the printer, laser power (P), 
scan speed (v), nominal powder layer thickness (t), hatch spacing (h), laser beam diameter (spot size (d), focus 
offset distance of the laser beam, scanning strategy, rotation angle of scanning strategy between layers and 
the build plate temperature (𝑇𝑇0). Information about the post-processing of the alloys was collected as to 
whether the alloy was heat-treated, including the heat treatment type, temperature and duration of each heat 
treatment step. Sample properties characteristics included level of consolidation, hardness, yield stress, 
tensile strength, ductility and testing direction with respect to the build. 
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6.2.2 Melt-pool dimensions approximation 
Melt-pool dimensions can be estimated using the 3D Rosenthal model[319] according to Equation  3.1.2 (re-
shown here for convenience). 

𝑇𝑇 = 𝑇𝑇0 + ηP
2𝜋𝜋𝑘𝑘𝑟𝑟

 exp (− 𝛼𝛼[𝑟𝑟+(𝑥𝑥−𝛼𝛼𝑎𝑎)]
2𝑎𝑎

)        – Equation 3.1.2 

Where T is the temperature at a given point, T0 is the base plate temperature, P – laser power, η - laser 
absorptivity, k – thermal conductivity, x0 coordinates along the scanning direction, t- time, r - distance to the 
heat source (𝑟𝑟 = �(𝑥𝑥 − 𝑣𝑣𝑅𝑅)2 + 𝑆𝑆2 + 𝑧𝑧2) and α is the thermal diffusivity.  Melt-pool boundaries are enclosed 
by an iso-surface at T=Tm, where Tm is the melting temperature. Through differentiation and rearrangement, 
one can evaluate the largest separation of the boundaries perpendicular to the laser travel direction[402]. As 
the Rosenthal model assumes a symmetrical melt-pool, depth (D) equals half of the width (W), resulting in 
equation 6.1:  

𝐷𝐷 = 1
2

𝑊𝑊 ≈  � 2η𝜂𝜂
𝑎𝑎𝜋𝜋𝜋𝜋𝐶𝐶(𝑇𝑇𝑎𝑎−𝑇𝑇0)𝛼𝛼

                 – Equation 6.1 

Where ρ is the material density, and C is specific heat capacity. Physical properties for alloys were taken from 
the MakeItFrom repository[14]. 

6.2.3 Machine Learning 
6.2.3.1 Laser absorptivity 
The laser absorptivity parameter η in equations 3.1.2 and 6.1 has been shown to depend on both the material 
and process parameters. To evaluate the influences, a Gaussian regression model was used to fit the influence 
of process parameters on laser absorptivity for 3 alloys (IN625, Ti6Al4V and 316L), containing 173 
observations. Laser power, scan speed, laser spot size and alloy family were used as inputs, while the 
experimental absorptivity was used as a response variable. Gaussian regression model does not allow the 
categorical variable as inputs; therefore, the alloy type was encoded as a dummy variable to help identifying 
if a data set belongs to a specific alloy family. A 5-fold cross-validation algorithm was employed to avoid 
overfitting the data and to utilise all available data. A cross-validation algorithm equally divides the dataset 
into a particular number of slices or folds, 5 in this case. Each slice at a time is used as a validation set, while 
the rest is used to train the model. The number of models trained corresponds to the number of folds. When 
the training process was complete, the prediction from all the folds was averaged to get the final model 
prediction. Due to the small size of the collected dataset and a limited number of publications on the topic, all 
of the collected data was used in developing the model without additional testing. To visualise the model, the 
authors perform a partial-dependence analysis[420]. This algorithm evaluates the average influence of each 
predictor on the output variable. 

6.2.3.2 Melt-pool dimensions 
Several models were used to evaluate the influence of process parameters on melt-pool dimensions. Firstly, a 
5-fold cross-validated Gaussian regression, as explained in section 6.2.3.1. The depth and width of the melt-
pool were used as response variables in two separate models. Individual alloys were group into a alloy family 
that was used as an input. This was done as the available literature contained limited information on some 
alloys. Therefore, an assumption was made that the investigated alloys' physical properties (enthalpy of 
melting, heat capacity, mass density, thermal conductivity, and energy absorptivity) do not vary significantly 
within each alloy family. Also, as the number of data points was sufficient, 20% of the data points were 
excluded from the dataset to test the model. 

Secondly, a 2 layer neural network (NN) model was used to improve on the Gaussian regression model for 
melt-pool depth. For the NN analysis, the data for each alloy family was divided equally into 3 sets: training, 
validation, and testing. This is shown graphically in Figure 6.1a. Two NN model types were evaluated, a feed-
forward NN (Figure 6.1b) and a cascade feed-forward NN (Figure 6.1c). The number of neurons in the first 
layer corresponds to the number of predictors: laser scan speed, laser power, spot size and 4 dummy variable 
for the alloy family. The number of neurons in the second layer was varied between 10 and 200 to find the 
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optimal performance.  Models used a Bayesian regularisation algorithm for learning, and each model was 
retrained 5 times, reshuffling the training and validation data. The training and validation were stopped when 
the RMSE of the validation data exceeded the RMSE of the training data according to the Bayesian 
regularisation algorithm. Details on the transfer functions between layers are presented in Figure 6.1a  

NN models tend to capture better trends in data than Gaussian regression; however, they lack the statistical 
information on the predicted values (Gaussian regression provide both the prediction and standard deviation 
of the prediction). To compensate for this, the trained NN models were first ranked according to the RMSE 
values on the validation dataset. Secondly, the best models were grouped into an ensemble. Such an ensemble 
allows averaging out of the predictions from the underlying models and getting a standard deviation of the 
prediction as an indicator for certainty.  

 

Figure 6.1. (a) Division of the depth data into training, validation and testing groups. (b), (c) structure of the 
Feed-Forward and Cascade Feed-Forward Neural Network models, respectively. 

6.2.4 Laser Powder Bed Fusion of IN718 
A series of single-track experiments were carried out on IN718 to provide independent data set with process 
parameters outside of the domain of the collected dataset. Such independent data set was used for testing 
the ML models. 150 single tracks of IN718 were printed with scan speed ranging between 450 and 1000mm/s 
and laser powder between 50 and 400W. Before printing the single tracks, 4mm thick cubes were deposited 
using the default manufacturer-developed process parameters to achieve good levelling of the printing surface 
for single tracks and simulate realistic printing conditions: the power of 200W, a scan speed of 1000 mm/s, 
hatch spacing of 100 µm, a layer thickness of 50 µm and a laser spot size of 50µm.  Experiments were 
performed using an Additive Laser Technologies Alfa-150, equipped with a 500W IPG laser with a fixed spot 
size of 50µm at 30µm layers. After printing, the samples were sectioned, ground, polished, and etched to 
reveal the location of once melt-pools. Dimensions of the melt-pools were measured using an image 
processing software, ImageJ. 

6.3 Results and Discussion 
6.3.1 Laser absorptivity 
The collected dataset of laser absorptivity contained 173 data points for three alloys across 6 publications 
(316L[172], [173], IN625[171], [421] and Ti6Al4V[422], [423]). Figure 6.2 shows the boxplots of the distribution of laser 
speed, laser power and laser spot size in the literature investigating the effect of process parameters on 
absorptivity. Both laser speed and power had sufficient variation across the three alloys. These investigated 
values are in the range of typical process parameters for LPBF printing. However, the spot size variability was 
quite limited for 316L and IN625. This is because most LPBF equipment manufacturers have a fixed laser spot 
size. Nevertheless, it is anticipated that the variance of spot size in Ti6Al4V is sufficient to provide a decent 
generalisation of the trend.  
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Figure 6.2. Distribution of the (a) laser speed, (b) laser power and (c) laser spot size in the collected laser 
absorptivity dataset for 316L[172], [173], IN625 [171], [421]and Ti6Al4V[422], [423]. 

The Gaussian regression model used to correlate the process parameters with absorbtivity shows a good 
agreement with the experimental values. Figure 6.3 shows the model performance plot of predicted versus 
the measured (true) absorptivities. The regression coefficient between the predicted and true absorptivity 
was calculated to be 0.92, with an RMSE of 0.032. The model correlates with the data from all alloys quite 
well. IN625 results almost perfectly laid on the 1:1 line of predicted versus experimental absorptivity line. The 
trained Gaussian regression model was used to construct a partial dependence plot to reveal the influence of 
process parameters on the laser absorptivity, Figure 6.4. At any laser power, as the scan speed increased, the 
absorptivity dropped. Similarly, higher laser power resulted in better absorptivity. Essentially, raising the 
energy density increased the absorptivity of the laser in the LPBF process. A similar effect was observed with 
laser spot size. A smaller spot raises the energy concentration and the amount of energy absorbed. Despite 
the lack of variability in stop size literature data, the Gaussian regression model has captured a smooth change 
in absorptivity with a change in spot size. This result signifies that the process parameters strongly influence 
the laser absorptivity and can change by a factor of 2 within the same material. Energy absorptivity is one of 
the key parameters in modelling the LPBF fusion process, directly influencing the melt-pool formation, as 
shown in Equation 6.1. The trained model can effectively predict the influence of process parameters on 
absorptivity, enabling an effective evaluation of melt-pool dimensions. 

 
Figure 6.3. Performance of Gaussian regression model correlating process parameters and absorptivity for 
316L, IN625 and Ti6Al4V alloys. 1:1 plot represents a perfect fit between predicted and true values, while the 
actual fit is plotted in a red dotted line. The regression between true and predicted values and RMSE are 
displayed at the top left corner of the plot.  
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Figure 6.4. Partial dependence of (a) laser power and scan speed and (b) laser power and spot size on the laser 
absorptivity during laser powder bed fusion process. 

6.3.2 Melt-pool dimensions 
As discussed previously, the dimensions of the melt-pool are important variables to relating the processing 
parameters to the consolidation, microstructure and mechanical properties. Therefore, it is necessary to 
predict the melt pool dimensions from the information of processing parameters. Data for the influence of 
process parameters on melt-pool dimensions have been collected for 9 alloys: Fe-based 316L[155], [411], [424], [425] 
and 904L[426], Ni-based IN718LC[424], IN718[427], IN625[403], [428] and Hastelloy X[37], Ti-based CP Ti[410] and 
Ti6Al4V[410], [429], [430] and Al-based AlSi10Mg[431]–[433]. Figure 6.5 presents an overview of the process parameters 
used for single-track experiments reported in the literature. Laser power mainly ranged between 100 and 350 
W, Figure 6.5a. Laser power varies more significantly across alloys ranging from 100 to 2000 mm/s (Figure 
6.5b). On the other hand, the laser spot size variation was extremely limited for all alloys except 316L. For the 
majority of materials, just 1 or 2 different spot sizes were investigated, Figure 6.5c. The number of 
observations for each alloy is shown in Figure 6.6a. However, in some cases like IN718LC, the number of data 
points is too limited to be used in an ML model. Instead, as explained in section 6.2.3.2, individual alloys were 
grouped into an alloy family based on their principal element, Figure 6.6b. The resulting dataset contained a 
comparable number of observations in each category, allowing for a better generalisation of the trained 
model. 

 
Figure 6.5. Overview of process parameters ((a)-laser power, (b)-scan speed and (c)-spot size) in literature in 
various alloys used to investigate the influence of the melt-pool dimensions. 
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The following sections will examine the use of Rosenthal analytical and ML learning models in correlating the 
process parameters in Figure 6.5 to the melt-pool dimensions. Firstly the Rosenthal model will be applied using 
Equation 6.1 and the physical properties of individual alloys. Next, the performance of ML models outlined in 
section 6.2.3.2 will be compared to the analytical model. 

 
Figure 6.6.The number of observations for the influence of process parameters on depth and width of the melt-
pool for individual alloys (a) and grouped by the alloy family (b). 

6.3.2.1 Rosenthal model 
Rosenthal model was used to calculate the melt-pool dimensions according to Equation 6.1. The laser 
absorbtivity parameter 𝜂𝜂 was predicted using the Gaussian regression model outlined in section 6.3.1.1. A 
measurable improvement was observed by incorporating a process-dependent absorptivity value predicted 
by the Gaussian regression model instead of nominal material absorptivity. The RMSE between calculated and 
measured melt-pool dimensions was reduced by 15%. 

 Overall, the calculated melt-pool width through the Rosenthal model shows a very good agreement with the 
experimental data from the literature, Figure 6.7a. Melt-pool width datapoints calculated by the Rosenthal 
model for all considered alloy families lay close to 1:1 line except the Al-based alloys. An approximation made 
to derive Equation 6.1 from Equation 3.1.3 assumed that alloys have relatively low thermal conductivity[402]. 
However, Al-based alloys have a much higher thermal conductivity than Fe, Ni and Ti-based alloys. Despite 
this, a linear regression coefficient for the fit between the calculated and measured width reaches 0.996, 
reflecting a reasonable accuracy of the Rosenthal model in estimating the melt-pool width. A much worse fit 
is observed between the calculated and measured melt-pool depth, Figure 6.7b. Rosenthal model significantly 
underestimates the depth at higher melt-pool depth values while overestimating the depth at lower depth 
values. This inaccuracy is because the Rosenthal model assumes a point heat source and the depth being half 
of the width (i.e. ratio of the depth to the half-width of the melt-pool equals 1). However, the laser has a 
certain energy distribution over the incident surface. When the laser of a low energy density irradiates the 
surface, the penetration depth is much smaller than the half-width of the beam size, (i.e.the ratio between 
the depth and the half-width of the melt-pool is smaller than 1). Hence, the assumption of this ratio be 1 
overestimate the depth at low energy density. At higher energy densities, the melt-pool becomes deeper and 
creates a vapour depression [137]. Such depressions are irregular in shape. Laser light can therefore reflect off 
the interphase and get trapped within the melt-pool[434]. A keyhole would form as the vapour depression 
becomes more prominent, allowing the laser beam to penetrate deeper into the melt-pool[154], causing the 
depth to be larger than the half-width. Hence, at higher energy densities, the Rosenthal underestimates the 
depth. Given that the point heat source assumption in the Rosenthal model results in a semi-circular melt-
pool cross-section with depth to half-width equaling 1, the reasons outlined above explain the trend observed 
in Figure 6.7b quite well. 
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The relation between laser energy density and the ratio between melt-pool depth to the half-width is 
presented in Figure C6.1 in Appendix C6. Figure C6.1a is quite noisy as it combines data with different laser 
spot sizes. As discussed previously, laser spot size strongly affects the melt-pool shape at lower energy 
densities, hence the variation. Figure C6.1b, plotted from the experimental measurement of LPBF processed 
IN718 with constant laser spot size, shows a clear trend. 

 

Figure 6.7. Comparison between melt-pool dimensions calculated through the Rosenthal model and (a,b) 
experimentally measured in literature in various alloys; (c,d) measured in LPBF processed IN718 in this 
investigation. Melt-pool width is shown in (a) and (c), while depth in (b) and (d). 

 To verify that the trends in Figures 6.7a and b hold for a larger process parameter range, Figures 6.7c and d 
show the calculation of the melt pool dimensions from Equation 6.1 and experimentally measured ones for 
LPBF IN718. The Rosenthal model provides a very good estimation of the width of the melt pool. However, the 
accuracy of the Rosenthal model gradually decreased for the width larger than 200 µm (Figure 6.7c). 

6.3.2.2 Gaussian regression model 
A Gaussian regression model trained on the literature dataset can be used as an alternative to the Rosenthal 
model. A clear benefit of ML algorithms in comparison to analytical models is the absence of assumptions. As 
long as the data is reliable and large enough, and a connection between variables and output is present, ML 
models can effectively correlate the cause and effect without the need for any prior knowledge of the process. 
Figures 6.8a and b show the comparison between the measured melt-pool dimensions from literature and 
predicted dimensions using the Gaussian regression model from the test dataset (not used in the training 
process). The model shows a perfect fit for both the regression coefficient and RMSE for both the melt-pool 
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width and depth in all the alloy families. Such a good fit confirms that the process parameters strongly 
correlate with melt-pool dimensions. Notably, the ML model accurately captures the melt-pool depth at both 
high and low energy densities – this is much better than the Rosenthal calculation, suggesting that the ML 
model can capture the complex physics of keyhole formation. The predicted values contain the errorbar, 
representing the standard deviation of the Gaussian prediction (an inherent property of the Gaussian 
regression model). Essentially the error bar characterises the certainty of the predicted value. From the 
fundamental formulation of the model, the magnitude of the error bars increases when the training data is 
nosier and the further away the predicted value is from a known data point.  

 
Figure 6.8. Comparison between melt-pool dimensions predicted through a Gaussian regression model and 
(a,b) experimentally measured in literature in various alloys; (c,d) measured in LPBF processed IN718 in this 
investigation. Melt-pool width is shown in (a) and (c), while depth in (b) and (d). 

Given that both the training and test data come from the same sources, the 'learned' and predicted melt-pool 
dimensions are inevitably close. To test the accuracy of the ML model further, ML prediction was tested on 
the IN718 alloy dataset experimentally obtained in this study and independent from the literature data. 
Figures 6.8c and d show the model performance on melt-pool width and depth, respectively. The models 
overpredicted the width (Figure 6.8c) and underpredicted the depth (Figure 6.8d) of the melt-pool. Large error 
bars on the predictions signify that the process parameters in the IN718 dataset are far from the learned 
domain. From Figure 6.5, it is apparent that none of the Ni-based alloys in the literature dataset had similar 
process parameters, particularly the laser spot size. Such behaviour suggests that the developed Gaussian 
model cannot extrapolate far from the known domain with reasonable accuracy.  

Another possible explanation for the mismatch between the predicted and measured melt-pool dimensions is 
some variables that were unaccounted for in the ML training. A closer look at the experimental procedures in 
the literature data reveals that most of the prior art experiments were performed on top of a machined 
substrate with a single layer of powder. Whereas, in this work, the single tracks were deposited on top of a 
printed substrate. Detailed thermographic investigations have shown that heat builds up during printing, 
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reaching up to 500°C[150]. From Equation 6.1, it is evident that the surrounding temperature (i.e. substrate 
temperature) directly influences the melt-pool dimensions. It is plausible that such preheat was one of the 
unaccounted variables in the model.   

Nevertheless, Figures 6.8a and b provide sufficient evidence that the ML model has some merit in describing 
the effect of process parameters on the melt pool dimensions, in particular for the process parameters within 
or close to the known domain of reported process parameters. Partial dependence plots are presented in 
Figure 6.9 to take a closer look at the captured influence of process parameters on the melt-pool dimensions. 

 
Figure 6.9. Partial dependence plots revealing the averaged influence of alloy family in the melt pool 
dimensions (a and e), laser power (b and f), scan speed (c and g) and laser spot size (d and h) on the melt-pool 
width (a)-(d) and depth (e)-(h).  

On average, the effect of the alloy family on the width and depth of the melt-pool is almost imperceivable 
(Figure 6.9a and e). Fe-based alloys appear to have a minute reduction in expected depth and width under the 
same processing conditions in comparison to the other alloy families. Nevertheless, the difference is negligible. 
ML Gaussian models predicted that laser power and scan speed have a much more noticeable effect (Figure 
6.9b, c, f and g). Laser spot size almost does not influence the width of the melt-pool. However, it has a 
measurable influence on the depth. The melt-pool depth is expected to decrease with increasing spot size. 
Interestingly, an increase of spot size by 50 µm has a more considerable influence on the melt-pool depth than 
changing the alloy composition, e.g., from Fe-based to Ti-based. 

6.3.2.3 Neural Network models 
From sections 6.3.2.1 and 6.3.2.2, it becomes apparent that the Rosenthal model generally provides an 
acceptable level of accuracy in calculating the melt-pool width. However, neither the analytical Rosenthal 
model nor the ML Gaussian regression process could give a reliable prediction of the melt-pool depth outside 
the known domain. Therefore, the section on neural networks will concentrate on correlating the process 
parameters to the depth of the melt-pool.  

NN models are generally considered to be very robust and adaptive[435]. However, the more complex they get, 
the longer it takes to train the model. Figure 6.10a shows the training time of cascade and feed-forward NN 
generated in this study. The error bars represent the standard deviation across the 5 repeats. Generally, the 
cascade NN required 10 times less time to finish the training process. Despite having more connections in the 
structure, the weights reached the optimal values in fewer iterations. However, the performance of feed-
forward NN was generally better, as shown in Figure 6.10b. The presented RMSE value in Figure 6.10b is 
obtained from the validation dataset. The best performance of the feed-forward models was observed for a 
lower number of neurons (<50). Cascade NN did not show significant dependence of the performance on the 
number of neurons.  



 
126 

 

Figure 6.10. (a) The learning speed and (b) root mean square error of Cascade Neural Network (NN) and Feed-
Forward NN as a function of the number of neurons in the second layer. 

However, even the best feed-forward NN model with RMSE of 42µm underperformed in comparison with the 
Gaussian regression from Figure 6.8b. Moreover, the NN models do not provide any information on the 
certainty of the prediction. To solve both issues, the NN models were ranked according to the RMSE value on 
the validation dataset and grouped an increasing number of the best sub-models into ensembles. For example, 
an ensemble with 2 sub-models includes the best and second-best performing sub-models, as ranked by 
increasing the value of RMSE on the validation data.  Figure 6.11a shows the performance of such ensembles 
on a test dataset (i.e. the data was not included in the training and validation process of the sub-models). As 
the number of sub-models in the ensemble increases, the accuracy of the group increases. For the feed-
forward NN ensembles, the RMSE reaches a plateau with more than 5 sub-models, whereas the cascade NN 
ensemble reaches a minimum RMSE with 10 sub-models and rises again. This signifies that the NN sub-models 
learned to recognise slightly different aspects of the data. Once the sub-models were combined, the average 
predicted values became much closer to the experimentally measured in literature. 

Most importantly, such ensembles allow the estimation of the uncertainty of the prediction. The best models 
from each ensemble class (with 7 sub-models for feed-forward and 10 for cascade NN) were evaluated against 
the test dataset, Figures 6.11b and c. The performance of the feed-forward NN ensemble model (Figure 6.11b) 
was slightly better than the cascade ensemble. However, both ensembles outperformed the Gaussian 
regression in Figure 6.8b.  

 

Figure 6.11. (a) Performance of Feed-Forward and Cascade NN ensembles models as a function of the number 
of best predictors measured on the validation dataset. (b) and (c) Performance of the best Feed-Forward and 
Cascade ensembles from (a), respectively measured on the test dataset.  
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Similarly to the Gaussian regression, the final testing of NN models was performed on the melt pool dimension 
dataset IN718. For the purpose of completeness, a different number of sub-models in the ensembles were 
evaluated against the IN718 dataset, Figure 6.12a. Analogously to the case in Figure 6.11a, feed-forward 
ensemble models displayed better performance than cascade ensembles. The performances of ensembles 
with 7 sub-models for feed-forward and 10 for cascade NN (same as in Figure 6.11b and c), are displayed in 
Figures 6.12b and c, respectively. The feed-forward ensemble model presents a similar trend to the gaussian 
regression model in Figure 6.8d. At lower melt-pool depth, models suffer from overestimation, while at higher 
depth, both models underestimate the actual depth. However, the NN model seems to follow the 1:1 
correspondence between NN prediction and measurement much better than the Gaussian regression (Figure 
6.12b in comparison to Figure 6.8d). Moreover, the error bars of the feed-forward NN ensemble are smaller 
and mostly contain the 1:1 line within their boundaries, unlike in the Gaussian regression model, where the 
error bars generally do not enclose the 1:1 line. Such behaviour of the ensemble model in Figure 6.12b would 
provide enough confidence to use it outside the learned domain.  

 
Figure 6.12. (a) Performance of Feed-Forward and Cascade NN ensembles models as a function of the number 
of best predictors measured on the IN718 dataset. (b) and (c) Performance of the best Feed-Forward and 
Cascade ensembles from Figure 6.11(a), respectively measured on the IN718 dataset.  

6.3.3 Data analytics on the process, consolidation and property relationship of bulk builds 
6.3.3.1 Overview of datasets 
Around 2000 observations were collected from literature for the dataset containing the processing parameters 
and properties of 7 alloys manufactured by LPBF. Predominantly the printing process was carried out using 
market-leading equipment (75% of data points) – EOS, SLM Solutions, Concept Laser, Renishaw, Trumpf and 
3D Systems. These manufacturers are well known for the high level of quality of their LPBF equipment. About 
10% of data points were obtained from in-house development and other vendors, Figure 6.13.  
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Figure 6.13. Histogram of LPBF equipment manufacturers for the bulk builds collected dataset 

An overview of the process parameters employed in the manufacturing of the samples is presented in Figure 
6.14. On average, AlSi10Mg alloy was often processed at a higher laser power, scan speed and hatch spacing 
compared to the other materials, Figures 6.14a, b and d.  The typical layer thickness of the prints ranged from 
20 to 60µm, Figure 6.14c. The wast majority of investigations used a laser spot size of around 100µm. Most of 
the collected data contained samples with high consolidation, Figure 6.14f. 

 
Figure 6.14. Leafplots of statistical representation of the process parameters (laser power (a), scan speed (b), 
layer thickness (c), hatch spacing (d), stop size (e)) used in LPBF of 316L, AlSi10Mg, Hastelloy X, IN625, IN718 
and Ti6Al4V alloys and the resulting consolidation (f).  
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From the 2000 data points collected, only 605 contained information on mechanical properties. Moreover, it 
was not uncommon for the authors to not report the complete set of process parameters used to manufacture 
their samples. One of the least frequently reported parameters was the laser spot size. As all of the ML models 
require laser spot size as an input, the data points with missing values were assumed to be 100µm. Moreover, 
the partial dependence analysis in Figure 6.9h suggests the significant importance of laser spot size in the melt-
pool dimensions. Hence, this present study suggests the LPBF community should have a better practice by 
reporting the spot size to make a complete set of process parameters. 

The first step of the analysis used the process parameters from the bulk build to estimate the melt-pool 
dimensions. Rosenthal model (Equation 6.1) with absorptivity predicted by the Gaussian regression model was 
used to estimate the width of the melt-pools while the melt-pool depth was predicted using the feed-forward 
neural network ensemble with 7 sub-models from Figure 6.11c. The results of the predictions for AlSi10Mg, 
316L, Hastelloy-X, IN718 and IN625; and Ti6Al4V are shown in Figure 6.15  a to c, respectively, as a function of 
linear energy density. Ni-based alloys (Hastelloy-X, IN718 and IN625) were combined into a single plot, as the 
physical properties of the three alloys were deemed to be similar enough. Figure 6.15 reveals some interesting 
insights into the processing of the considered alloys. AlSi10Mg alloy can be primarily processed in between 
the conduction and the keyhole mode. With melt-pool depth being consistently higher than half of the width 
(Figure 6.15a). Ni-based alloy fabrication regularly appears to require deep and narrow melt-pools (Figure 
6.15c) (suggesting mostly in the keyhole mode) to achieve high consolidation, while Ti6Al4V can be fabricated 
in a mixed-mode (Figure 6.15d). In comparison, 316L can have frequent instances where the half-width was 
larger than the melt-pool depth, i.e. conduction mode fabrication, to achieve a good consolidation. Combining 
the data across a wide range of investigations provides many benefits for data analytics. For instance, many 
investigations reported that the melt-pool dimensions scale linearly with energy density[161], [410], [427], [436]–[438], 
similar to what is observed in Figure C6.1b. However, most investigations were constrained in terms of 
variability of the process parameters. The trend may indeed be linear within certain bounds, whereas when 
one expands the process parameters window and adds more variables (for instance, laser spot size), the linear 
trend breaks down.  
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Figure 6.15. Predicted melt-pool dimensions of AlSi10Mg (a), 316L (b),  Ni-based  Hastelloy, IN718 and IN625 
(c),  and Ti6Al4V (d) alloys plotted as a function of linear energy density. Note that ½ width stands for half of 
the melt-pool width.  

6.3.3.2 Consolidation of alloys 
The predicted melt-pool dimensions were used in combination with the reported consolidation (i.e. relative 
density) of the respective samples to construct the consolidation surface plots, Figure 6.16, where x and y-axis 
are ratios of melt-pool width to hatch spacing and melt-pool depth to layer thickness, respectively. Essentially 
these plots represent how horizontal and vertical stacking of the melt-pool influences the consolidation. 
Calculated data points of melt pool dimensions were plotted over the consolidation surface. The regions 
between the data points were linearly interpolated. Data points with a standard deviation larger than half of 
the predicted value were excluded to improve the reliability of melt-pool depth predictions. 

Figure 6.16 shows that all considered alloys were mainly processed with a melt-pool width/hatch spacing ratio 
(W/h for short) of around 2. Melt-pool depth/layer thickness (D/t for short) had a much more considerable 
variation. The bottom left regions of the plots (where both ratios were low) had a high concentration of low 
consolidation points, consistent with the LOF criteria by Tang et al.[402]. AlSi10Mg alloy (Figure 6.16a) had the 
highest consolidation observed at D/t between 4 and 6; and W/h between 1.5 and 2. However, a limited 
number of reliable data points were available for the alloy, causing a high degree of uncertainty; hence it will 
be excluded from further discussion. 316L steel samples in Figure 6.16b had a much larger processability 
window. Apart from a few low-density points, high consolidation was obtained at D/t between 1.5 and 4; and 
W/h between 1.5 and 3. At D/t larger than 4 with W/h around 2, data shows a consistent drop in the 
consolidation. It is believed that this region belongs to the keyhole porosity regime. When this region is 
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compared to a similar location for Ni-based alloys (Figure 6.16c), it is fair to say that 316L is much more prone 
to keyhole pore formation. Figures 6.14c and d show that the typical layer thickness used to process 316L is 
around 50µm, while the hatch spacing is around 100µm. Combining this knowledge with Figure 6.16b implies 
that optimal consolidation in 316L could be achieved with a reasonable high wide/depth ratio. On the other 
hand, the Ni-based alloys were regularly processed with D/t greater than 4 with no reduction in consolidation 
if the W/h was kept below 4, Figure 6.16c. Even though it may seem inefficient to remelt up to 8 layers, there 
is a benefit of removing the residual porosity from the previous layers. The region with the highest 
consolidation for Ni-based alloys was observed at D/t between 5 and 7 with a W/h of around 2. Figure 6.16d 
suggests that Ti6Al4V alloy appears to have the most extensive processability range across the investigated 
alloys. Very high consolidation was consistently observed at D/t above 2 and W/h between 1.5 and 5.  

  

 
Figure 6.16. Calculated melt-pool depth/layer thickness and width/hatch spacing ratios for AlSi10Mg (a), 316L 
(b),  Ni-based  Hastelloy X, IN718 and IN625 (c),  and Ti6Al4V (d) alloys plotted as a surface plot with colour 
scale representing the consolidation (% theoretical density). Dots on the figure represent the experimental data 
points for consolidation. 

It is recognised that such an analysis is not perfect. For instance, it does not account for the scanning strategy 
(Figure 4.2 in Chapter 4). However, it provides a good guide to the processability windows of alloys. With the 
use of the developed models, the process of the process parameters search can be significantly shortened.  

6.3.3.3 Mechanical properties and limitations of the data 
The main aim of the LPBF is not to get a fully dense part but rather a component that performs reliably in the 
intended use. This imposes specific requirements on the mechanical properties of the printed sample. 
Therefore, it is crucial to establish a connection between the process parameters and the mechanical 
properties. In this section, each individual alloy was analysed in detail. Alloys with an insufficient amount of 
data (AlSi10Mg and IN625) are excluded. 
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Figure 6.17. Elongation to failure of LPBF processed 316L (a), Hastelloy X (b), IN718 (c) and Ti6Al4V (d) plotted 
as a function of linear energy density. Note that the marker type and colour correspond to different loading 
directions and heat treatment processing, shown in the legend in (d). BD – build direction, TD-transverse 
direction; HIP- hot isostatic pressing, N – not heat-treated, Y – heat-treated. 

Figure 6.17a-d summarises the mechanical properties for four alloys 316L, Hastelloy X, IN718 and Ti6Al4V, 
respectively, as a function of linear energy density. On average, the elongation of as-print 316L samples was 
higher when loading in the build direction, Figure 6.17a. The highest level of elongation was reached at linear 
energy densities beyond 200 J/m. Beyond that, the elongation to failure did not seem to increase – the 
reported elongation was even scattered with some low value of elongation. Below this threshold, the data on 
the density of some 316L samples (which were reported by Ruidi et al. [439]) was relatively poor. For the range 
of data reported in the literature for Hastelloy X, Figure 6.17b shows a trend of increasing elongation with 
increasing linear energy density within the reported range. Similarly to the 316L, the elongation of Hastelloy X 
tested along the build direction was higher. However, in this case, the difference between the two directions 
was much more significant. Hastelloy X is known to form solidification cracks when processed by LPBF[38], [41], 

[85] (discussed in greater detail in Chapter 3.1). Such cracks tend to be parallel to the build direction. Loading 
the sample perpendicularly to the crack orientation can result in premature failure, hence lower elongation. 
The crack orientations were likely the main reason for this anisotropy in the Hastelloy X. Data for LPBF as-built 
IN718 samples was quite limited (Figure 6.17c); most of the data for this alloy was for heat-treated conditions. 
Because the heat treatment significantly alters the mechanical behaviour, depending on the procedure. 
Hence, the reported data for IN718 was not valid to understand the correlation between the as-built 
properties and the process parameters. Ti6Al4V samples display a wide range of elongation to failure, Figure 
6.17d. However, on average, the elongation to failure slowly increases with increasing linear energy density, 
reaching a peak at around 300J/m. Beyond this point, the elongation slowly drops.  

The developed machine learning and analytical models were used to evaluate the depth to the half-width ratio 
of the melt-pool for the data containing mechanical properties, including samples with consolidation above 
98%. However, the number of data points is too low to observe any trends, Figure C6.2.  
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Li et al. have shown that the larger the melt-pools, the larger the solidification cell size during LPBF processing 
of IN625[440]. As a result, samples with larger melt-pool had lower hardness. Montero et al. provided good 
evidence that shallow and wide melt-pool results in high crystallographic texturing of LPBF materials[418], 
increasing the anisotropy of the samples. There is plenty of evidence that the melt-pool size strongly influences 
the mechanical properties of LPBF components. However, the current incompleteness of reported data 
restricts a comprehensive and thorough analysis. Data analytics is a powerful tool enabling multivariate 
analysis of complex processes. However, it strongly relies on the quality and completeness of the dataset. 
Despite the ever-increasing number of investigations in the field of LPBF and the overwhelming potential of 
machine learning models and data analytics, there is still a remaining gap in the practice of the LPBF 
community in reporting the methodology and results of their studies on AM alloys. In particular, this relates 
to the laser spot size, preheat temperature of the build plate, scanning strategy, build orientation and post-
processing history of tensile tested specimens reported in the literature. 

6.4 Conclusions 
This chapter has analysed the influence of process parameters on the LPBF process. A Gaussian regression 
model was developed correlating the laser power, scan speed and beam diameter to the laser absorptivity 
during processing. This model allows for an improvement in the accuracy of melt-pool dimension predictions, 
especially using the analytical Rosenthal approach. It was shown that the accuracy of Rosenthal melt-pool 
width estimation improved by 15% by incorporating the absorptivity coefficient predicted by a machine 
learning Gaussian model. However, the Rosenthal model estimation of melt-pool depth is inaccurate. The 
Rosenthal model significantly underestimates the melt-pool depth at high energy densities due to the 
assumption of the depth to be half of the width. This study has used several machine learning models based 
on Gaussian regression and neural networks to estimate the melt-pool depth with higher accuracy. Between 
the Gaussian regression model and neural network ensembles, the latter has shown higher accuracy and more 
reliability outside the learned domain. These models were successfully used to identify the processability maps 
of 316L, Ti6Al4V, AlSi10Mg and Ni-based alloys. The ratios of melt-pool depth to layer thickness and melt-pool 
width to hatch spacing provided a reliable platform to estimate the consolidation from known information of 
processing parameters. Therefore, this approach offers a capability to significantly speed up the process 
parameter optimisation process on the basis of prior known data reported in the literature with minimal 
experimental works. A similar approach was made to analyse the mechanical properties of LPBF materials. 
However, due to the incompleteness of data-reporting exercise in the LPBF community, data were not 
sufficient for a comprehensive and thorough analysis to reliably obtain additional insights. 
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7 Conclusions and future works 
The objective of this work is to gain a deeper understanding of the factors influencing the printability of alloys 
in the LPBF process. Several aspects of ‘’printability” were investigated, including the influence of alloy 
composition on defect formation tendencies, the influence of processing conditions on microstructure and 
mechanical properties, the effect of post-processing heat treatment on the mechanical properties and search 
for a processability window in LPBF that is a representation of fusion-based AM. The main conclusions are 
summarised below. 

Chapter 3 demonstrates that the solidification gradient and freezing range can serve as effective solidification 
cracking indicators, with the former being more influential for the LPBF processing of alloys. It was shown that 
alloys with a low absolute solidification gradient have good resistance to solidification cracks. On the other 
hand, alloys with a large solidification gradient often suffer from solidification cracking, and the cracking 
susceptibility of such alloys is very sensitive to minor compositional changes. One example of such sensitivity 
was demonstrated in the partial dependence analysis of compositional variants within the nominal 
composition range of Hastelloy X. It was shown that an increased amount of Si and a low concentration of Mo 
in Hastelloy X significantly increased the solidification crack density. The knowledge of assessment of 
solidification cracking susceptibility was validated by using the solidification gradient and freezing range 
criteria to design a FeCrAl alloy that was shown to be immune to solidification cracks. However, the alloy was 
prone to solid state crack formation that was not included in the design criteria, reflecting the limitation of the 
approach.  

An analytical model from welding was adapted to estimate the intensity of compositional changes in alloys in 
the LPBF processing. It was shown that processing an alloy with a high energy density leads to a significant loss 
of volatile elements. As an example, the loss (up to 2.5 wt%) of volatile element Mn in CoCrFeMnNi HEA was 
predicted, showing a good agreement with experimental measurement. Such loss of volatile elements 
highlights a need to include the change of elements in fusion-based AM, in particular when such change affects 
the solidification behaviour, hence the solidification cracking.  

In addition to the defect formation such as cracks, the microstructure and mechanical properties are two 
important aspects of printability. Therefore, Chapter 4 focused on the processing parameters (particularly the 
scanning strategy) on the microstructure and mechanical properties. The CoCrFeMnNi HEA was used and 
fabricated to show that the scanning strategy has a significant impact on the epitaxial growth of crystals, hence 
the microstructure development during LPBF. By varying the degree of interlayer rotation, it is possible to 
control the direction of heat flux, thereby the epitaxial growth of the crystal. Varying the scan strategy can 
effectively change the degree of texture and grain size in the printed component, hence the mechanical 
properties and anisotropy. A rotation angle of 67° between layers results in a weaker texture. While the 
addition of 90° rotations between the scan vectors within the layer (chessboard strategy) significantly 
broadens the grains due to the side-branching in response to the change of 90° in local heat flux. 

In line with the microstructure and property aspect of printability assessment, it is necessary to examine such 
aspects of AM alloys after post-processing heat treatment, particularly for precipitation-hardenable alloys. 
Strengthening contributions of a heat-treated precipitation-hardenable IN718 processed by LPBF were 
deconvoluted and compared to a wrought variant of the alloy in Chapter 5. It was suggested that high 
dislocation density at solidification cells interior and boundaries in the LPBF sample provided additional 
strength contributions, increasing the yield stress to 1420 MPa, which is 100 MPa higher than that of the 
wrought variant after the same heat-treatment procedure. Additional analysis has shown that such high yield 
stress was achieved thanks to the strengthening contributions from dislocations despite the underaged in LPBF 
alloy resulting in not optimal γ´ and γ’’ precipitate size while the γ´ and γ’’ precipitates in the wrought sample 
were closer to optimal. Calculations identified that the maximum strengthening contribution from γ’’ 
precipitates is expected at an average diameter of 21-22 nm. This analysis has shown the fundamental 
differences in precipitation kinetics and strength contributions between conventional and LPBF processed 
material. Understanding such differences can help develop optimal post-processing routines specific to fusion-
based AM, an integral part of the alloy printability. 
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In order to develop a practical alloy assessment framework, an extensive literature search was performed on 
data gathered from literature studies concerning the process parameters, consolidation and mechanical 
properties. Chapter 6 presents results on correlating the process parameters with the melt-pool formation 
process via applying machine learning and analytical Rosenthal models to the collected data. These models 
were successfully applied to identify the processability maps of alloys most commonly used in LPBF such as 
316L, Ti6Al4V, AlSi10Mg and Ni-based alloys, offering a capability to significantly speed up the process 
parameter optimisation process based on prior known data reported in the literature with minimal 
experimental works. In an attempt to enable further studies in this field, the dataset collected in this PhD was 
made available in a data repository in [15]. 

Considering the scope of the challenges in the field of printability assessment of alloys in fusion-based AM and 
the limitations of a single PhD study, many issues remain.  

It has been shown that the solidification gradient criterion is a useful tool to assess the tendency to form 
solidification cracks during fusion-based additive manufacturing. However, it does not include the thermal 
strain that drives the crack formation, the left-hand side of Equation 3.1.9.  Differences in thermo-physical 
properties in alloys result in different strain levels in the region surrounding the solidifying zone. Hence the 
tendency to form solidification cracks varies between alloys even with similar solidification gradients. 
Moreover, processing conditions, such as the scanning strategy and energy source parameters (scan speed, 
power, spot size), influence the strain built up. Hence to improve the solidification cracking criteria, further 
research is needed to better account for the thermal strain under the influence of the processing parameters. 

Apart from solidification cracking, solid-state cracks are equally important. They pose a significant threat to 
the printability of alloys in fusion-based AM. As was unfortunately shown in Section 3.2, brittle materials can 
easily form cracks in the solid state to relieve the build-up of internal stresses. Literature has shown that 
microstructure significantly influences the ductility of brittle alloys during cooling, impacting the susceptibility 
to solid-state cracking. Hence, more research is needed to investigate the process-specific factors and 
microstructural effects influencing the formation of solid-state cracks. Many high-strength alloys with limited 
toughness are susceptible to the formation of solid-state cracks during AM. This is especially important for 
cutting tools and injection moulds, both of which can greatly benefit from fusion-based AM.  

This thesis has demonstrated the effectiveness of solidification gradient and solidification range criteria to 
search for alloys with high resistance to solidification cracking. A model to account for compositional changes 
during processing was adapted to LPBF conditions and verified in Chapter 3. Also, several theories were 
presented in the literature review that can be potentially used to account for other defect types, such as balling 
and keyhole pore formation. These criteria, theories and models impose certain restrictions on the 
composition and physical properties of an alloy. Combining such restriction, criteria and defect formation 
theories with CALPHAD software and an ML optimisation algorithm can yield an automated material search 
platform of printable alloys for fusion-based AM. However, additional work is needed to improve the 
understanding of underlying mechanisms responsible for other defect types. 

Chapter 5 has shown that despite the microstructure not being optimal for strength, IN718 produced via 
fusion-based AM still have better strength and ductility than the conventional counterparts after the same 
heat treatment. Further investigations are needed to find a balance between the dissolution of Laves phase 
during annealing and the retainment of dislocation networks in the solidification cells. Furthermore, the ageing 
step for the heat treatment has to account for the different precipitation kinetics of γ´ and γ’’ in IN718 
processed by fusion-based AM process to achieve optimal dimensions and volume fraction for strength, as 
identified in Chapter 5. This brings the need for more investigations for AM-specific heat-treatments in 
precipitation-hardenable alloys. The unique microstructure of fusion-based processed materials brings both 
new opportunities and challenges, requiring further in-depth investigations. 
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This study has developed a comprehensive dataset of process parameters, consolidation, post-heat-treatment 
procedures, and mechanical properties of alloys manufactured via LPBF. Despite some limitations imposed by 
the incompleteness of data-reporting exercise in the LPBF community, such a dataset can provide some 
interesting insights into the technology. However, to benefit from the full potential of machine learning 
techniques, such a database has to be further expanded to include more alloys, additional fusion-based 
technologies and complete sets of processes and processing parameters used to manufacture the alloys. The 
potential applications of ML into AM processing analysis is significant, including the optimisation of heat-
treatment procedures, correlation of process parameters and solidification cell spacing and many more. 
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Appendix 
This section presents the supplementary information and details on the procedures used in the main text of 
the Thesis. The sub-sections are organised according to the charter order.  
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Appendix 
Chapter 3 (C3)  
 
Automated alloy solidification simulation 
An initial step of the procedure involved generating a list of alloy compositions of interest. For conventional 
alloys, this is done by setting the compositional limits for every alloying element and a step size between such 
limits. Part of the Matlab code to generate a list of compositional variants of Hastelloy X is presented below 
for a better understanding: 

Elements= { 'Ni'    'Cr'  'Fe'   'Mo'  'Mn'  'Si'   'W'    'Ti'  }; 

range =                [20.5  17      8       0       0        0.2    0    ;... 

                                23    20      10     1       1        1.2    0.15  ]; 

Step =                  [1.25  1.5      1      0.5    0.5    0.25   0.15  ]; 

 

Then a series of for-loops are scanned through the set compositional range: 

AloysToCheck=table; 

i=1;  

for Cr=range(1,1):Step(1):range(2,1) 
    for Fe=range(1,2):Step(2):range(2,2) 
        for Mo=range(1,3):Step(3):range(2,3) 
            for Mn=range(1,4):Step(4):range(2,4) 
                for Si=range(1,5):Step(5):range(2,5) 
                    for W=range(1,6):Step(6):range(2,6) 
                        for Ti=range(1,7):Step(7):range(2,7) 
                    Ni=100-sum([Cr Fe Mo Mn Si W Ti]); 
                    Alloy_Name=sprintf('Hastelloy_Variant_%d',i); 
                    Alloy_Name=string(Alloy_Name); 
                    AloysToCheck=[AloysToCheck;… 
                     table(Alloy_Name, Ni, Cr, Fe, Mo, Mn, Si, W, Ti)]; 
                    i=i+1; 
                        end 
                    end 
                end 
            end 
        end 
    end 
end 

Each alloy was then passed through a developed Matlab – ThermoCalc (TC) script to automate the process, 
Figure C3.1. Due to unavailability of Scheil module in TC- Matlab toolbox, a CPU tracking algorithm was 
developed to monitor the progress of the TC task on a PC enabling the automation of the process. Once the 
macro has been completed, the CPU load of the task drops, the script automatically starts the analysis of the 
subsequent alloy in the list. To account for the inability of TC to perform a certain solidification simulation, a 
CPU time limit was set to 15 minutes. If a certain simulation failed to complete within this time, the algorithm 
would automatically proceed to the next alloy in the list.  
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Figure C3.1. The sequence of Matlab-ThermoCalc interactions for automated materials scanning 

Once the whole list of alloys had been analysed, the data was imported to Matlab and processed. The 
Solidification Gradient (SG) and Solidification Range (SR) information were calculated from the solidification 
curve.  

Machine Learning models on solidification range  

SG with respective alloy compositions was used as a training dataset for a Machine Learning (ML) model based 
on the Gaussian regression process (GRP) with a squared exponential kernel. GRP algorithm was chosen, as it 
is a statistics-based regression. This method not only provides a prediction but also gives an estimate of the 
certainty of the predicted value.  The weight percentages of the alloying elements were used as the predictor 
variables, while the SG was used as the response variables for the model. A 5-fold cross-validation algorithm 
was used to protect the models from overfitting the data and accurately capture each alloying element's effect 
on SG while keeping reasonable extrapolation and interpolation capabilities of the ML models. 5-fold cross-
validation algorithm splits the data into 5 slices and trains a model for each slice, where 4/5 of the original 
dataset is used for training, and 1/5 is used for testing. The resulting model is an ensemble of the underlying 
5 folds, which outputs the average prediction of the 5 sub-models.  
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Alloy design of FeCrAl alloy 

Table C3.1. Process parameters used in print optimisation process with corresponding relative density measurements. Yellow highlighted row indicated the 
block used to manufacture the tensile test specimens.

Sample 

Print Parameter 
Relative 
Density 

(%) 
Strategy 

Power 
(W) 

Exposure 
Time 
(μs) 

Point 
Distance 

(μm) 

Scan 
Speed 
(m/s) 

Hatch 
Spacing 

(μm) 

Layer 
Height 
(μm) 

Spot 
Size 
(μm) 

Volume Energy 
Density 
(J/mm³) 

Batch 
1 

B1S1 Meander 90 150.0 60.0 60.0 1.0 90.0 50.0 70.0 33.3 94.3 
B1S2 Meander 90 175.0 60.0 60.0 1.0 90.0 50.0 70.0 38.9 98.1 
B1S3 Meander 90 200.0 60.0 60.0 1.0 90.0 50.0 70.0 44.4 98.1 
B1S4 Meander 90 150.0 60.0 60.0 1.0 90.0 50.0 70.0 33.3 97.4 
B1S5 Meander 90 175.0 60.0 60.0 1.0 90.0 50.0 70.0 38.9 97.4 
B1S6 Meander 90 200.0 60.0 60.0 1.0 90.0 50.0 70.0 44.4 98.8 
B1S7 Meander 90 150.0 60.0 60.0 1.0 90.0 50.0 70.0 33.3 97.1 
B1S8 Meander 90 175.0 60.0 60.0 1.0 90.0 50.0 70.0 38.9 98.3 
B1S9 Meander 90 200.0 60.0 60.0 1.0 90.0 50.0 70.0 44.4 98.0 

Batch 
2 

B2S1 Meander 90 150.0 75.0 60.0 0.8 90.0 50.0 70.0 41.7 97.1 
B2S2 Meander 90 175.0 50.0 60.0 1.2 90.0 50.0 70.0 32.4 97.0 
B2S3 Meander 90 200.0 25.0 60.0 2.4 90.0 50.0 70.0 18.5 82.6 
B2S4 Meander 90 150.0 75.0 60.0 0.8 90.0 50.0 70.0 41.7 98.3 
B2S5 Meander 90 175.0 50.0 60.0 1.2 90.0 50.0 70.0 32.4 97.1 
B2S6 Meander 90 200.0 25.0 60.0 2.4 90.0 50.0 70.0 18.5 89.2 
B2S7 Meander 90 150.0 75.0 60.0 0.8 90.0 50.0 70.0 41.7 99.0 
B2S8 Meander 90 200.0 25.0 60.0 2.4 90.0 50.0 70.0 18.5 88.4 
B2S9 Meander 90 175.0 50.0 60.0 1.2 90.0 50.0 70.0 32.4 96.8 

Batch 
3 

B3S1 Meander 67 180.0 75.0 60.0 0.8 90.0 50.0 70.0 50.0 99.5 
B3S2 Meander 90 180.0 75.0 60.0 0.8 90.0 50.0 70.0 50.0 98.8 
B3S3 Meander 90 166.0 75.0 60.0 0.8 90.0 50.0 70.0 46.1 98.7 

Batch 
4 

B4S1 Meander 67 166.0 75.0 60.0 0.8 90.0 50.0 70.0 46.1 99.4 
B4S2 Chessboard 90 180.0 75.0 60.0 0.8 90.0 50.0 70.0 50.0 96.5 
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Figure C3.2. Dimensions of the Tensile Test specimen 

Figure C3.3. Cross-sectional optical microscopy of samples B2S3, B1S7 and B1S6 on (a), (b) and (c) 
respectively, indicating the volume energy density (VED) and porosity measured via Archimedes density 
method (A) and optical segmentation (O). 
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Chapter 4 (C4) 
Mechanisms of competitive growth  
(This section is based on the theories of heterogeneous nucleation and competitive growth presented in a text 
book authored by Dantzig and Rappaz ref [441]) 

Assuming that a nucleus solid (which is a spherical cap) present at the interface of liquid and a pre-existing solid 
and all surface energies are isotropic, the contact angle (𝜃𝜃) is related to surface energies (Figure C4.1a) as follows: 

ɣ𝑎𝑎𝑙𝑙 =  ɣ𝑠𝑠𝑎𝑎 + 𝑜𝑜𝑜𝑜𝑅𝑅 𝜃𝜃 ɣ𝑠𝑠𝑙𝑙     - Equation C4.1 

Rearranging, gives:                                                  

         

𝑜𝑜𝑜𝑜𝑅𝑅 𝜃𝜃 = ɣ𝑎𝑎𝑙𝑙− ɣ𝑠𝑠𝑎𝑎
ɣ𝑠𝑠𝑙𝑙

    - Equation C4.2 

Where ɣ denotes surface energy, the subscripts denote the involved medium (m: pre-existing solid (i.e. metallic 
substrate), s: solidifying nucleus and l: liquid). Assuming that the nucleus has almost identical composition to that 
of the pre-existing metal which is usually the case in additive manufacturing, then ɣ𝑠𝑠𝑎𝑎 ≈ 0 and ɣ𝑎𝑎𝑙𝑙 ≈ ɣ𝑠𝑠𝑙𝑙; 
therefore, 𝜃𝜃~ 0. 

 

  

Figure C4.1. (a) Contact angle (𝜃𝜃) and surface tensions in the presence of a solid nucleus at the interface between 
liquid and a pre-existing solid (b) Competitive growth of crystals (adapted from ref [441]) 

In addition, the Gibbs free energy change (∆𝐺𝐺) associated with the presence of the solid nucleus:  

∆𝐺𝐺 = 𝑓𝑓(𝜃𝜃) �4𝜋𝜋𝑟𝑟2𝛾𝛾𝑠𝑠𝑙𝑙 − ∆𝑆𝑆𝑓𝑓
𝑎𝑎Δ𝑇𝑇 4

3
𝜋𝜋𝑟𝑟3�       - Equation C4.3 

Where 𝑓𝑓(𝜃𝜃) = 2−3 𝑙𝑙𝑠𝑠𝑠𝑠 𝜃𝜃+𝑙𝑙𝑠𝑠𝑠𝑠3𝜃𝜃
4

, ∆𝑆𝑆𝑓𝑓
𝑎𝑎 is the molar entropy of fusion, T is temperature, and 𝑟𝑟 is the radius of the 

spherical cap. 

Minimizing ∆𝐺𝐺 with respect to 𝑟𝑟 gives the energy barrier (i.e. minimum driving force) for nucleation of grains is: 

∆𝐺𝐺∗ = 𝑓𝑓(𝜃𝜃) 16𝜋𝜋
3

 𝛾𝛾𝑠𝑠𝑙𝑙
3

(∆𝑆𝑆𝑓𝑓
𝑎𝑎Δ𝑇𝑇)2    - Equation C4.4 

If 𝜃𝜃 = 0, 𝑓𝑓(𝜃𝜃) = 0: there is no nuclear. The solidification of liquid metal is governed by growth. 

Within each melt pool, the growth of multiple cells of different orientations inevitably leads to growth 
competition. In turn, growth competition is governed by the alignment of cells with respect to the heat flux (Figure 
C4.1b). Say, a liquidus isotherm, TL, travels at a velocity, 𝑣𝑣𝐿𝐿. Assuming flat isotherms, the cells misaligned at an 
angle 𝜃𝜃 grow at a velocity, 𝑣𝑣𝜃𝜃 =  𝛼𝛼𝐿𝐿

cos (𝜃𝜃)
, while cells aligned with the thermal gradient grow at the speed of the 
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liquid isotherm 𝑣𝑣0 =  𝑣𝑣𝐿𝐿. This means that the misaligned cells should grow faster than the aligned one. Because 
the cell tip undercooling increases with velocity, meaning that inclined cells experience greater undercooling, i.e. 
∆𝑇𝑇(𝑣𝑣𝜃𝜃) > ∆𝑇𝑇(𝑣𝑣0). This requires the distance of the tip of misaligned cells to the liquid isotherm (∆𝑍𝑍𝜃𝜃) to be larger 
than that of the aligned cells (∆𝑍𝑍0), i.e. the tip of misaligned cells should be behind that of aligned ones. As the 
misaligned cells lag behind, their path gets blocked by better-aligned ones. 

Supplementary figures 
 

Chapter 5 (C5) 

 

Figure C5.1. Microstructure of as-print (a)-(c), solution heat treated with sequence 1 (d)-(g) and sequence 2 (h)-(k) 
IN718 manufactured via laser powder bed fusion. 
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Figure C5.2. Segmentation of Laves phase in IN718 samples in as-print condition (a), subjected to SHT1 (b) and 
SHT2 (c) treatments. (d) shows a bar chart of the Laves phase area fraction in the three samples (left axis) and 
particle size distribution (right axis). Colours of the outlines in (a)-(c) correspond to the line colours of cumulative 
size distribution in (d).  

 

Figure C5.3. Segmentation of precipitates in IN718 sample subjected to SHT2 treatment, separating γ´ and γ″ 
precipitates through an aspect ratio threshold of 1.5. (a) SEM image with outlines for γ´ and γ″ precipitates 
coloured orange and blue respectively; (b) showing violin plots for the size distribution or respective precipitates. 
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Chapter 6 (C6) 

 

Figure C6.1. Dependence of melt-pool depth to half-width ratio and laser energy density in (a) literature dataset, 
(b) IN718 printed in this investigation.  

 

Figure C6.2. Elongation to failure (a)-(c) and Ultimate Tensile Strength (d)-(f) of LPBF processed 316L (a,d) 
Hastelloy X (b,e)) and Ti6Al4V (c,f) plotted as a function of depth to half-width ratio of the melt-pool. Note that 
the marker type and colour correspond to different loading directions, as shown in the legend in (c). BD – build 
direction, TD-transverse direction. 
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