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Abstract

This thesis presents the development of cobalt/nickel-based polycrystalline superalloys for gas
turbine applications. The optimisation of the hot isostatic pressing (HIP) process and subsequent
heat treatments has been investigated. Additionally, two powder alloys V208E and V208F have
been characterised and investigated to determine the effects of 1.5at% titanium and 1at%
niobium substitutions. Finally six alloys based on V208C, developed by M. Knop [113], were
developed and characterised. Additions of 1at% chromium, 1at% aluminium, 1 and 2at%
molybdenum, 0.5at% niobium and a swap in the carbon and boron level (0.20 and 0.15at%
respectively) were investigated.
Introducing a lower temperature stage of 950°C during the HIP process caused the carbides that
form to reduce in size from approximately 1µm to 80-150nm, as well as confining them to grain
boundaries. STEM-EDS confirmed that the small carbides formed are rich in tantalum and
zirconium. Upon cooling from above the γ’ solvus, cooling rates below 0.5°C/s were found to
cause grain boundary serration, which resulted in an increase in room temperature strength of
approximately 100MPa.
Titanium was found to increase the γ’ solvus by around 30°C, whereas niobium had little effect.
Both alloys had an acceptable low cycle fatigue (LCF) strength with a life of over 0.25 million
cycles at 650°C and 774MPa, which was above the yield stress. Titanium was detrimental to
oxidation performance, with a damage depth of 4.7µm, compared to niobium with 1.1µm. Both
titanium and niobium improved creep strength compared to Knop’s alloy V208C.
In the V208C-based alloy series, niobium and aluminium were found to increase the γ’ fraction
and solvus, with molybdenum and chromium reducing them. All additions improved oxidation
performance except niobium. Molybdenum and niobium were found to be particularly beneficial
to high temperature strength. Substitution of carbon for boron significantly improved both high
temperature strength and oxidation performance.
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1. Introduction
The success of human flight has played a large part in shaping the modern world. It has
revolutionised travel, transportation and communication, opening up a new age of global
accessibility. Over the last century, advances in aerospace technology have seen a progression
from basic wooden framed aircraft to gigantic jet airliners such as the double-deck Airbus A380.
A significant proportion of these leaps in technology can be credited to advances in materials
science and engineering. Understanding and development of new and existing materials have
allowed for the production of stronger, lighter, faster and more efficient aircraft.
At the forefront of aircraft performance improvement lies the engine. It is a key component that
has one of the most significant effects on the overall efficiency of an aircraft. Engines generate
very high temperatures and pressures, making them highly dependent on materials that are
capable of performing in such harsh environments. As modern aviation moves forward, there is
an industry-wide focus on increasing engine efficiency and reducing the overall carbon footprint.
Engine design has long since reached a stage where it is being limited by material properties, and
so one key to unlocking the future of engine performance now lies with material development.
In the hot sections of a jet engine, a number of the components are made from nickel
superalloys, namely the turbine blades and discs. Superalloys are a class of materials that exhibit
excellent strength and creep properties at high temperatures, as well as superior oxidation
resistance. They have a desirable density that offers a large contribution to the overall strength to
weight ratio of the engine, making them one of the most important materials in the development
of aerospace technology.
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1.1 Gas Turbine Engines
Modern jet engines are generally a form of turbofan gas turbine design. This type of engine
consists of four main parts. The first section is the fan. This is where air is drawn in and then
accelerated around the core of the engine to provide roughly half of the thrust. In doing this
approximately 80% of the air intake is used. The remaining air that has not been used for
acceleration then enters the second section of the engine; the compressor. Here the air is
compressed to a much higher pressure and thus a higher temperature. Once this air has been
compressed, it enters the third section of the engine, known as the combustor. At this point the
compressed air is mixed with fuel and ignited. This generates extremely high temperatures and
additional combustion products, which further increases the pressure. Some of the energy
generated at this stage is then extracted to the fourth section, the turbine, and is used to spin the
compressor and fan blades. The rest of the compressed and ignited gas/fuel mixture is then
released through the rear exhaust as a jet of high velocity air. This combined effect produces the
forwards thrust needed to power the aircraft [1, 2, 3, 4].
Fan

Compressor

Combustion Chamber

Turbine

Exhaust

Fig. 1.1 Schematic of a Gas Turbine Engine [5]

Since the introduction of the turbofan engine design, it has effectively replaced its predecessor the piston engine. This is due to a much more desirable power/mass ratio and much higher
efficiency. One of the main reasons for this increased performance is the much higher operating
temperature that can be achieved with this design [1]. However, this triumph is now becoming its
limitation, whereby the current selection of available materials are not capable of withstanding the
higher temperatures, oxidation and stresses that are brought in with each new development in
design.
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1.2 Superalloys
Superalloys are a class of material that exhibit superior strength, oxidation and creep resistance in
high temperature environments. They are generally either a nickel, cobalt or iron-nickel base
alloyed with a large number of additional elements, often more than ten. The basis for these
superalloys is an FCC matrix, known as the gamma phase (γ), with a precipitate phase, known as
gamma prime (γ’). The γ’ exhibits an L12 crystal structure that is coherent with the surrounding
FCC γ matrix. The γ matrix has a relatively high modulus as well as a large number of
a/2<110>{111} slip systems. This results in dislocation locks being likely to occur, which
promotes a hardening effect on the material. The γ’ phase primarily forms due to aluminium
additions in the alloy, however it can be promoted by additions of other elements. The
aluminium forms a L12 structure with the base metal (eg. Ni3Al). This causes the γ’ to form as a
cuboidal precipitate in the γ matrix. The γ’ phases produces a desirable strengthening effect by
blocking dislocations travelling from the surrounding matrix. This occurs because dislocations
dissociate in the γ’ phase, which forms an anti-phase boundary (APB). The free energy of the
APB is drastically reduced if it lies on a particular plane, which is fortunately not a permitted slip
plane. Therefore, dislocations travelling from the γ matrix into the γ’ are effectively locked in.
This results in an unusual phenomenon known as the ‘yield strength anomaly’, where the yield
strength of the superalloy actually increases with temperature up until a limit of about 1000°C [3,
6]. This is what makes superalloys so desirable for jet engine applications.
A number of other elements are utilised in superalloys to provide various desirable effects. Most
commonly these are d-block metals and are added for various reasons including; grain boundary
pinning, γ’ forming and oxidation resistance.
Chromium is a key element that is often added to superalloys. It greatly increases the oxidation
resistance of the alloy by forming a chromia scale, which provides a good oxidation barrier.
Other elements that are added to superalloys can generally be separated into three different types;
γ stabilisers, γ’ formers and grain boundary segregators. Elements such as iron, nickel, ruthenium
and any other that have a similar atomic radius to the base metal will generally partition to the γ
matrix, helping to stabilise it. Aluminium, titanium and other elements with greater atomic radii
than the base metal are more likely to promote the formation of γ’. Any elements that poses a
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very different atomic radius to that of the base metal are much more likely to segregate to the
grain boundaries as carbides and borides. This is commonly found to occur with tantalum,
molybdenum and niobium as well as many other transition metals that also have a significantly
different atomic radius to the base metal [3, 6].

1.3 Project Motivation and Aims
Current superalloy technology is predominantly nickel based. Introduced in the 1940’s it is a
relatively well-understood alloy system with many iterations and advances since its discovery.
However, it is widely believed that the capabilities of nickel superalloys have been pushed to their
limits and that the aerospace industry will experience a plateau in engine performance
improvement unless new alternatives are found.
In 2006 Sato et al. discovered a new ternary system, Co-Al-W, which exhibits the L12 γ’ phase.
However, unlike other attempts with binary cobalt alloy systems, the γ’ phase is stable at high
temperatures. This opened up a huge range of opportunities for potential new superalloys that
could be the next step after nickel.
As this material system is still in its infancy, a great deal of work is required in order to fully
explore its true potential. There is an on going research effort at Imperial College London to
increase the understanding of Co-Al-W superalloys and develop new variants with an aim to outperform the current leading nickel superalloys. An initial investigation into the viability of the
ternary cobalt system was carried out by H. Yan, exploring a wide range of alloy compositions
and the subsequent effects on material properties, oxidation performance and micromechanical
deformation. This work was further built upon by M. Knop, who developed and characterised a
series of optimised alloy variants produced using powder metallurgy.
This thesis aims to further contribute to the cobalt superalloy research effort at Imperial College
by optimising the processing of these alloys, characterising the latest powder metallurgy alloys
and developing the next iteration of alloy variants.
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1.4 Thesis Outline
This thesis is comprised of a comprehensive literature review, followed by a detailed specification
of the methodologies used and three chapters focusing on the different research aims of this
project.
The literature review will give a thorough background on the current state of superalloy
technology, with a particular focus on the effects of alloying elements, partitioning behaviour,
processing techniques and the behaviour of microstructural phases in superalloys.
A detailed explanation of the experimental methods used in this project is then provided. This
includes the processes used to produce prototype alloy specimens and the subsequent analysis
techniques used to characterise alloy properties and performance.
Chapter one outlines the processing and heat treatment techniques developed to further enhance
the powder metallurgy alloys developed by M. Knop. The Hot Isostatic Pressing (HIP) process
used to produce these alloys was revised in order to promote the formation of favourable carbide
formation on the grain boundaries. Then new heat treatments were developed to optimise the γ’
formation and form serrated grain boundaries to improve creep resistance.
Chapter two will focus on the characterisation of two powder metallurgy alloys that were
produced as a follow on from the alloys designed by M. Knop. This will include microstructural
analysis using scanning electron microscope (SEM) techniques, thermal stability analysis and
performance analysis including oxidation, tensile, creep and low cycle fatigue.
Chapter three exhibits a new range of alloy variants based on the most successful alloy produced
by M. Knop. These alloys were produced using a laboratory-scale ingot melting process as a
means to create a higher number of new alloy variants compared to the powder metallurgy
method. Characterisation of this alloy series is presented by microstructural analysis using SEM
techniques, differential scanning calorimetry (DSC), thermogravimetric analysis (TGA), oxidation
performance and tensile strength. These prototype alloys have been designed as the next iteration
of cobalt superalloys in the on going research at Imperial College, and will form the basis for the
next step towards a viable powder metallurgy alloy candidate.
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A final summary is given at the end of this thesis outlining the core findings of this project.
Details are also given of future work and the next steps required in the effort to understand this
alloy system and produce new variants capable of replacing current nickel alloy systems.
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2. Literature Review
2.1 Jet Engine Material Requirements
Across all engineering applications, jet engines pose some of the harshest operating conditions
for internal components, assemblies and systems. Typical high temperature jet engine
components will experience a range of severe environments throughout general use including
high temperatures, corrosive propellants and tremendous applied stresses. These conditions can
vary significantly across a standard jet engine design, therefore materials selection and
development is key across all areas of an engine in order to withstand these adverse
environments.
As a result, jet engines possess an incredibly diverse range of materials across their collective
components. In the cooler sections of a jet engine (below approximately 550°C) titanium alloys
and composite materials are favoured for their excellent fatigue-allowable strength to weight
ratios. Titanium is a favourable candidate for the front fan blades and compressor section blades.
With these being relatively large, titanium offers high strength at a lower mass penalty. Engine
casings are also one of the larger components that make up a jet engine, with composite materials
being the preferred choice, or titanium. Carbon and glass fibre reinforced composites are a
lightweight solution that provide strength and stiffness performance that exceed many steels, yet
at a fraction of the density. Aramid fibre composites such as Kevlar are also often used to coat
exposed panels of the engine casing to help protect against impact damage. High strength steels
also play a vital role in the jet engine, being the material of choice for the central shaft and
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bearings. The engine shaft transfers torque between the turbine and compressor, as well as being
a load bearer for the turbine disc and blade assemblies. The shaft operates at relatively low
temperatures in comparison the rest of the engine, and so steels offer adequate strength
performance without the need for high temperature oxidation resistance [2].
However, when it comes to the combustion chamber, turbine and other hot sections of the jet
engine, the properties of titanium, composites and steel fall short. Materials with much greater
temperature, oxidation and strength capabilities are required, which is where superalloys take the
reigns. Nickel based superalloys offer the characteristics required for some of the most safety and
performance critical components in a jet engine; the turbine discs and blades.

Fig. 2.1 Overview of the materials used in modern jet engines. Adapted from [3]

2.1.1 Turbine Discs
Turbine discs are one of the most safety critical components within a jet engine. Their role is to
hold the turbine blades in place and transfer the energy from the gas stream to the central shaft,
which then in turn drives the compressor blades at the front of the engine to facilitate air intake.
Not only would disc failure during engine operation most likely cause a catastrophic failure of the
entire engine, the extremely high level of energy being transferred through the disc may cause it
‘slingshot’ from the central shaft and pierce through the engine casing and possibly even the
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wings or fuselage. Therefore a precise combination of optimised properties is required for
turbine discs to withstand extreme conditions yet operate within strict safety margins.
One of the main issues facing turbine disc design is the variation of conditions that are
experienced across the disc during operation. The stresses applied to the bore of the disc during
service greatly exceed the stresses placed on the outer rim. Conversely the temperature
experienced at the bore is much lower than that of the rim, which can reach up to 600-700°C,
shifting towards 800°C with new engine designs. This contradictory set of property requirements
across the same component presents a challenge for the materials used. The bore region requires
a small grain size to improve high-cycle fatigue strength, however the rim requires a larger grain
size to aid creep and dwell crack growth resistance. Previous engine designs have simply
incorporated an insulating barrier to conduct heat away from the rim of the disc and prevent it
from transferring to the bore, hindering grain growth in this region. More recently a heat
treatment has been developed by NASA to promote simultaneous optimised microstructures
across the same turbine disc. Alloying elements are also used to optimise grain size, with grain
boundary pinning elements such as carbon and boron being incorporated into disc alloys
(discussed later in this chapter).
In addition to complex microstructural requirements, turbine discs also need to have a relatively
low density, both to lower the overall mass of the engine, and reduce the stresses transferred to
the bore region. High mechanical strength is another key factor. With turbine discs accounting
for up to one fifth of the total engine mass, any variations in shape or stability due to
deformation can cause severe unbalance within the engine and result in catastrophic failure.
Oxidation resistance is also an important aspect of disc design. The outer rim is exposed to high
temperatures and highly oxidative environments, which can severely exacerbate any fatigue cracks
that may form during service. Therefore protective layer forming elements such as chromium and
aluminium need to be considered during alloy design [3, 8].

2.1.2 Turbine Blades
Turbine blades are used to harness the energy from the gas stream created by the combustion of
fuel and air and transfer it to the turbine disc, and subsequently to the central shaft. The blades
are connected to the turbine disc via fir tree shaped sockets located around the outer rim of the
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turbine disc, which has geometry designed to dissipate stress build-ups throughout the bulk of
the disc. Compared to discs, blades experience relatively lower stresses, however they are exposed
to much higher temperatures and corrosive atmospheres, with operating temperatures in some
engine designs actually exceeding the melting temperature of the blade material. As such, highly
protective coatings are usually applied to blades to increase their operating temperature and
lifespan, along with the use of bleed air from the compressor.
Creep deformation is one of the main issues with blades, as creep elongation can cause the blade
tip to pierce the turbine casing. Therefore most modern turbine blades are manufactured as a
single crystal to eliminate grain boundaries and therefore significantly improve creep resistance.
Also, as with turbine discs, alloy chemistry is designed to keep density as low as possible in order
to reduce stresses applied to the blade during service [3, 7].

2.1.3 Turbine Inlet Temperature
The required properties of turbine discs and blades are largely governed by the turbine inlet
temperature, which is the temperature of the gas stream at the point where it enters the turbine
section. It is the hottest point within the engine during operation and engine manufacturers are
constantly aiming to increase it to improve power output and fuel efficiency. The turbine inlet
temperature varies greatly throughout each flight cycle, with peak temperatures occurring during
take off and the thrust reverse on landing. These high temperatures and thermal fluctuations
directly affect the turbine discs and blades, and it is what gives rise to the demand for more
advanced superalloys as engine designs begin to outstrip the temperature capabilities of existing
superalloy systems [4].

2.2 Current Nickel Superalloys used in Turbine Discs
Most current turbine discs are produced using nickel-based superalloys, a material system that has
been used for decades and is relatively well understood. Nickel superalloys offer desirable
material properties that are required for this application. They display high strength at elevated
temperatures, excellent creep resistance and relatively good oxidation behaviour.

11
The fact that turbine discs, as opposed to blades, are made using polycrystalline material opens
up a wide range of opportunities for alloy optimisation with grain size and boundary refinement.
Additionally, the lower operating temperatures of the discs and the lack of exotic elements
required in single crystal alloys allows for lower material and manufacturing costs. However, extra
care needs to be taken with polycrystalline alloys as there are a greater number of potential phase
combinations that can form, not all of which are desirable.

2.2.1 Nickel Superalloy Chemistry and Phases
Nickel superalloys possess a unique chemistry that can be tweaked and optimised in multiple
ways, and as a result are typically alloyed with around ten or more elements. Nickel possesses a
face centre cubic (FCC) crystal lattice structure, which is stable up to its melting point. This
forms a continuous phase known as gamma (γ) and exhibits the A1 crystal structure. However,
superalloys’ superior properties come into effect with the addition of aluminium to create a
binary system. At a critical level of aluminium content a second phase forms, referred to as
gamma prime (γ’). It is the γ’ phase that gives superalloys their unique strength properties and
controlling its formation is key to optimising the performance of the material [9].

Fig. 2.2 Ni-Al equilibrium phase diagram highlighting the γ’ phase field. Adapted from [10]
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2.2.1.1 The γ Phase
The disordered FCC γ phase serves as a matrix for the γ’ phase precipitates. It is extremely
important for the γ matrix to be as stable as possible. Lattice stability calculations show that FCC
provides the most stable crystal structure for nickel, even at extended elevated temperatures [11].
This stability inhibits undesirable phase transformations that would be increasingly detrimental to
the mechanical properties of the alloy as temperature increases [9].
The γ matrix can also be used improve the strength of the superalloy through solid solution
strengthening with elements that follow the Hume-Rothery rules and fall within 15% of the
atomic radius of nickel. In addition to providing extra strengthening, the γ matrix also acts as a
source for essential protective oxide layers to form at the surface of the material [3].

Fig. 2.3 Schematic diagram of the FCC structure exhibited by nickel in the γ matrix. Adapted from [3]

2.2.1.2 The γ’ Phase
Within the Ni-Al binary system, a number of phases form. Whilst nickel and aluminium are both
FCC in their most stable form, complete solid solubility does not occur. As shown in the Ni-Al
phase diagram in figure 2.2, the other phases that can form are NiAl3, Ni2Al3, NiAl, Ni2Al9 and
Ni3Al. Each of these phases are regarded as being ordered, as each one possesses a crystal
structure with a preference for Ni-Al bonds as opposed to Ni-Ni or Al-Al. There is also such
directional covalent bonding that precise stoichiometric relationships occur, causing the number
of nickel and aluminium atoms in each unit cell to be remain constant. Of these phases it is the
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Ni3Al that is of most significance when designing superalloys, as it is what gives rise to the unique
and superior strengthening mechanisms they possess.
The Ni3Al, or γ’, phase forms a cubic L12 crystal structure, similar to the FCC structure of the γ
matrix except with nickel atoms substituted at the corners of the unit cell. This means that four
aluminium and eight other nickel atoms surround each nickel atom, whereas each aluminium
atom has twelve nickel atoms as its nearest neighbours giving aluminium and nickel specific
atomic site occupations in the unit cell.

Fig. 2.4 Schematic diagram of the L12 structure exhibited by the γ’ phase. Adapted from [3]

Atom probe tomography experiments can be used to verify the ordered structure of γ’. This
involves evaporating atoms layer by layer from the tip of a microscopic needle using a field ion
microscope. The ions that form are detected and can be mapped by calculating their mass based
on the time it takes them to reach the detector, thus allowing a three dimensional atomic map of
the microstructure to be established. When atom probe experiments are formed on the γ’ phase
oriented in the [001] direction the distinct layers of alternating layers of nickel atoms and Ni3Al
can be seen, proving that the aluminium atoms inhabit the corner vacancies of the L12 unit cell
[3]. Alternatively, diffraction spot patterns can be used to identify structure.
The γ’ phase can take a number of different microstructural forms in nickel superalloys and
obtaining the correct balance is a key aspect of superalloy design. Their size, microstructure and
distribution have a profound effect on mechanical properties including tensile strength, creep and
fatigue resistance.
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There are three different formations of γ’ that can occur in superalloys. Primary γ’ generally
forms between grains and is the largest precipitate, with particles around 1-10µm in size. It
typically forms on grain boundaries, sometimes elongated covering the entire grain boundary
region. Secondary γ’ forms within the grains and exhibits a precipitate size that is in the region of
70-120nm. Tertiary γ’ forms within the grain, in between the secondary γ’ particles, and is the
smallest precipitate with particles generally being 5-10nm in size.

Fig. 2.5 Schematic diagram of the γ’ morphologies in polycrystalline disc alloys. Adapted from [12]

Of these three γ’ morphologies, it is the secondary and tertiary formations that are most
desirable. They offer the most uniform spread of precipitates, maximising their strengthening
properties across the alloy. Whilst primary γ’ does not necessarily have a detrimental effect, alloy
design will usually aim to minimise its presence. The formation of secondary and tertiary γ’
precipitates is generally governed by the heat treatments applied to the alloy, in particular the
cooling regimes. The γ’ precipitates out from the γ matrix during cooling, with secondary
precipitates forming at higher temperatures and tertiary forming at lower temperatures [12].
The γ’ phase is stable at temperatures close to the melting point of the alloy. The solvus
temperature of the gamma prime defines the upper limits for the usefulness of the superalloy, as
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γ’ provides the largest contribution to strength. However, other factors such as oxidation and
corrosion can generally facilitate failure at lower temperatures.
The size and distribution of γ’ is largely determined by the heat treatment stage in the processing
of a disc alloy. This heat treatment is usually split into two parts; solution treating, and ageing.
The solution treating stage is implemented to homogenise the alloy and generate an even
distribution of secondary γ’ precipitates [3]. The aim of the ageing stage is to coarsen the γ’ to
give an optimum precipitate size, which is important as it will affect dislocation movement
throughout the material.
Coarsening rates during both processing and service will also affect the overall volume fraction of
the γ’ phase. Lower temperatures allow for a greater degree for γ’ precipitation, and longer
exposure times causes the precipitates to grow larger in size. An optimum volume fraction of γ’
has to be achieved in order to maintain a balance between strength and workability, with different
applications requiring varying percentages of γ’ content. Turbine discs usually require no more
than 55% compared to blades, which often reach levels of around 70% [3]. This is due to turbine
discs having to go through a forging process, whereas blades are just cast. Too much γ’ would
over-strengthen the alloy causing it to crack during forging, yet too little will not offer sufficient
strength and creep resistance [13, 14]. Additionally, creep strength is a more important factor in
turbine blades, and with creep mechanisms primarily occurring in the γ matrix it is desirable to
keep the matrix volume to a minimum by increasing the γ’ volume fraction [3].
The formation of γ’ precipitates promotes a strengthening mechanism by creating a strain field in
the γ matrix around each γ’ precipitate. The resulting strain fields then inhibit the motion of any
dislocations that are present. The degree of strengthening and other mechanical properties of the
alloy directly correlates with the coherency of the interface between the matrix and γ’, with a
smaller lattice misfit being desirable, with lattice misfit (δ) given as:

!=2

!!! − !!
!!! + !!
(2.1)
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where a represents lattice parameter. This relationship shows that a positive lattice misfit will
occur if the lattice parameter of the γ matrix exceeds that of the γ’.
In nickel superalloys the γ’ phase is generally very coherent with the γ matrix. This is due to their
similar crystal structure and lattice parameters. The γ’ precipitates also form as cuboids, enabling
the lattice planes of both the γ’ and γ matrix to align in a parallel fashion. Elevated temperature
ageing can cause the γ’ precipitates to lose their cuboidal shape and form as the corners of each
cube will start to nucleate further cubes, reducing the uniformity of the γ’ distribution across the
alloy. This coarsening mechanism can be reduced by ensuring the lattice misfit, and therefore the
interfacial energy between the γ and γ’, is kept to a minimum. The cuboidal shape of the
precipitates is lost when the lattice misfit rises above 0.5%, where the γ’ opts for a spherical shape
instead [7]. There is also a difference in thermal expansion rates between the γ matrix and γ’
precipitates. The γ’ will expand to a greater degree than the γ matrix, effectively increasing the
negativity of the lattice misfit as temperature increases [15].
It is especially important to consider lattice misfit when using alloying additions to strengthen the
γ matrix and promote the formation of γ’. Different elements will exhibit various partitioning
behaviours, where some prefer the γ’ matrix and others prefer the γ’ precipitates, with each
element increasing the lattice parameter by varying magnitudes. Furthermore the γ matrix is
much more susceptible to a greater lattice parameter change when other elements are added.
When alloying with further elements, a balance has to be struck to maintain a small lattice misfit
and reduce excessive coarsening of the γ’ precipitates [16]. Further attention needs to be given to
different alloying additions, as they will also affect the elastic modulus of the phases they partition
to. Difference in elastic modulus between the γ matrix and γ’ has been shown to play an
important role in strengthening disc alloys [3, 6, 17].

2.2.1.3 Grain Boundary Phases
Certain elements, such as carbon, boron and zirconium, will preferentially segregate to the grain
boundaries in nickel superalloys. Of these elements it is carbon, boron and zirconium that are of
most significance. They form a range of various grain boundary phases that can vastly improve
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the mechanical properties of the alloy. These grain boundary elements are generally added to the
alloy in very small amounts, usually no more than ~0.5wt%. However, it is a fine balance and
adding too much can promote excessive formation or different undesirable phases [18].

Carbides
Carbon is the most widely understood grain boundary segregator in nickel superalloys, yet its role
is particularly complex. It will generally react with refractory metals present in the alloy chemistry
to form carbides, with the most common types being MC, M6C, M23C6 and M7C3, where M refers
to a refractory metal, such as tungsten, tantalum, molybdenum and niobium. Each carbide phase
possesses a unique crystal structure, morphology and distribution with some being more
beneficial than others. In nickel superalloys it is MC, M23C6 and M6C that are of most
significance.
MC carbides generally form as discrete particles with a ‘blocky’ morphology. When the carbon
content is above 0.05at% MC will form in the liquid, due to a high degree of carbon segregation.
As such, MC carbides can form either on grain boundaries or intragranularly [19]. MC carbides
exhibit an FCC structure therefore offering high stability, however they can degenerate into
M23C6 and M6C at elevated temperatures. MC carbides display a preferential order of formation
with refractory elements, with HfC being the most stable during formation, followed by TaC,
NbC and then TiC. However, this order changes when considering thermodynamic stability. HfC
still remains the most stable, yet NbC and TaC become less stable than TiC. This is due to the
ability for M atoms to interchange with one another within MC carbides. Less reactive metals
such as molybdenum and tungsten can also substitute into the M vacancies in these carbides,
which is why NbC and TaC become less stable thermodynamically compared to stability in
formation. Molybdenum and tungsten substitutions can weaken the bonding forces in MC
carbides and trigger degeneration reactions to form M23C6 and M6C [20].
M23C6 carbides are arguably the most desirable carbide morphology in superalloy microstructures,
when precipitated with optimum size and distribution, as they play a significant part in
strengthening of the alloy by blocking dislocation movement. M23C6 tends to form in chromium
rich alloys along grain boundaries. As such the M in M23C6 is most often chromium however it
can also form with iron, and less commonly cobalt, tungsten and molybdenum [21]. It exhibits a
complex cubic crystal structure and a discontinuous morphology, however excessive formation
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Fig. 2.6 Schematic diagram showing the formation of different carbide morphologies. Adapted from [22]

can lead to a continuous intergranular film that causes a reduction in ductility at high
temperatures having a negative effect on rupture strength. The complex cubic structure is of
notable similarity to tetragonal close packed (TCP) structures, making it possible for undesirable
TCP phases to nucleate on M23C6 carbides [6].
M23C6 is known to form at temperatures between 760°C and 980°C, lower than that of MC
carbides. At temperatures above the solvus, M23C6 will distribute its carbon evenly throughout the
γ matrix and MC carbides [23]. M23C6 can either form through degeneration reactions from
existing MC carbides, or from residual carbon left in the matrix. As shown in figure 2.6, M23C6
forms at lower temperatures, generally during specific heat treatments but also during service
[21]. The formation of M23C6 from MC is given as:
MC + γ → !!" !! + !′
(2.2)
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An example of this reaction would be:
(Ti, Mo)C + (Ni, Cr, Al, Ti) → !"!" !"! !! + !"! (!", !")
(2.3)
This reaction is based on findings that M23C6 and γ’ persistently forms around degenerated MC
carbides [9, 21, 24]. It takes place due to carbon diffusing from the carbon-rich MC carbide into
the γ matrix and nickel, cobalt and chromium diffusing in the opposite direction [24]. If this
mechanism occurs to a high degree an excessive level of molybdenum and chromium can be
removed from the γ matrix, causing a significant detrimental effect on solid solution
strengthening and oxide forming capabilities [25].
In addition to M23C6 another type of carbide, M6C, can form through degeneration from MC
particles. M6C has a higher thermal stability compared to M23C6, however it is less common as
they tend to only be identified in alloys that have a molybdenum or tungsten content higher than
approximately 6-8wt%. Formation occurs when molybdenum or tungsten replace chromium in
other carbides [6].
The degeneration reaction that forms M6C carbides is given as:
MC + γ → !! ! + !′
(2.4)
An example of this reaction would be:
Ti, Mo C + (Ni, Co, Al, Ti) → !"! !", !" ! ! + !"! (!", !")
(2.5)
M6C forms at temperatures in the range of 815 to 980°C, higher than that of M23C6, making them
more effective for grain boundary pinning and grain size control due to increased thermal
stability. They also tend to be located along grain boundaries, however it is also possible for them
to precipitate within grains.
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In addition to precipitation through degeneration from MC carbides, both M23C6 and M6C can
also interchange with one another via:
!! ! + !! ↔ !!" !! + !′′
(2.6)
An example of this reaction would be:
!"! (!", !")! ! + !" ↔ !"!" !"! !! + (!", !", !")
(2.7)
This particular reaction can occur when there is excess chromium surrounding M23C6 carbides in
the γ matrix, likely due to the precipitation of γ’ in the matrix.
Each carbide variety can precipitate as a number of different morphologies dependent on thermal
conditions, alloy chemistry and existing microstructures. The shape, size and distribution of
carbides are what govern their effects on mechanical properties, making it crucial to ensure
optimal formation. Carbides are more likely to form on grain boundaries because there is a higher
degree of diffusivity compared to the rest of the γ matrix, which is due to a depleted zone at
surrounding the grain boundary [26].
It is suggested that carbides will form when their lattice structure is coherent with the
surrounding matrix, and as such various microstructural features can influence carbide
morphology [27]. Although MC will typically form as relatively large cubic blocks, it can also
precipitate on grain boundaries as smaller ‘script’ like particles. Additionally when M23C6 forms,
its precipitation behaviour is heavily influenced by grain boundary characteristics and subsequent
interfacial energy. It has been shown to form preferentially on grain boundaries with large angles
and therefore a high interfacial energy [28]. Furthermore, M23C6 carbides with lamellar
morphologies have been observed in austenitic steel alloys with a similar FCC crystal structure to
that of nickel superalloys. These carbides have been shown to be influenced by dislocation
movement, forming around stacking faults and twin boundaries [29]. It is still possible for
carbides to precipitate when they are incoherent with the matrix. In this instance they form
elongated rod-like morphologies [28]. The initial size and distribution of the MC carbides that
form in the liquid will also have an effect on the further precipitation of secondary carbides
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through degeneration reactions. When MC precipitates as smaller particles on or around grain
boundaries, it increases the likelihood of continuous thin film carbides forming, as smaller MC
carbides possess a higher free energy compared to larger ones allowing for greater diffusivity [30].

Borides
Aside from carbides, boron can also react with existing elements in the alloy to precipitate boride
phases. This generally occurs when boron is added in small amounts over approximately
0.03wt%. Similar to carbides, borides also form with refractory elements, either as discrete
particles or in a crescent morphology, with high hardness [31]. They will typically form as M3B2,
however M5B3 borides have been observed in Rene 80, IN738 and IN792 nickel superalloys [32,
33, 34]. The M3B2 borides exhibit a tetragonal crystal structure and precipitate on grain
boundaries due to boron’s tendency to segregate to them. They are more likely to form in alloys
with higher molybdenum and chromium contents, as they possess a high affinity with boron as
well as boron having low solubility in the γ matrix. As borides will readily form with a number of
refractory metals, they exhibit particularly complex compositions. An example of a typical boride
found in nickel superalloys is (Mo0.5Ti0.15Cr0.25Ni0.1)3B2, although it should be noted that this
composition is commonly assumed and that actual compositions vary slightly. Even though the
total volume fraction of borides in nickel superalloys is extremely low, their precipitation on grain
boundaries is known to have a significant effect on the creep properties of an alloy [35].

2.2.1.4 The γ” Phase
When nickel superalloys include a high iron and niobium content, the gamma double prime (γ”)
phase can form. It exhibits a D022 crystal structure, which is ordered body central tetragonal
(BCT) in nature with an approximate composition of Ni3Nb. The position of atoms in the D022
unit cell are extremely similar to that of L12, and as such the γ” phase is coherent within the γ
matrix. The main difference between γ” and γ’ is the D022 unit cell ‘c’ lattice parameter is
approximately twice the length of L12 [3]. The γ’’ phase forms as disc-shaped precipitates
throughout the γ matrix, causing relatively high coherency strains. These coherency strains,
alongside a limited number of slip systems in γ”, serve as the main strengthening mechanism for
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the widely used nickel superalloy IN718 [36]. However, in γ” strengthened alloys there is a
likelihood of an orthorhombic delta (δ) phase forming when the alloy experiences over-ageing in
temperatures between 650 and 980°C. Within this range it will form on grain boundaries at
temperatures below 700°C, reducing γ” precipitation. At temperatures between 700 and 885°C
the δ phase will form alongside severe coarsening of the γ”. Plates of δ are capable of forming in
less than twenty-four hours in the temperature range of 840 and 950°C. Aside from preventing
the formation of strengthening phases, δ is also very incoherent with the matrix rendering it
particularly detrimental to the strength of nickel superalloys [3].

2.2.1.5 Tetragonal Close Packed Phases
Another group of undesirable phases in nickel superalloys are those that exhibit tetragonal close
packed (TCP) crystal structures. These phases are intermetallic and tend to be very densely
packed, displaying directional non-metallic bonding. They precipitate in alloys that contain very
high levels of molybdenum, chromium, rhenium and tungsten, usually during long-term periods
at elevated temperatures. The TCP crystal structure is extremely complex and consists of layered
hexagonal, pentagonal and triangle atom arrangements (known as Kasper coordination
polyhedra) [37].
The most common types of TCP phases are sigma (σ) and mu (µ), with stoichiometric
compositions of A2B and A6B7 respectively (where A and B are transition metals from opposite
sides of group VIIB in the periodic table) [37]. Additionally there are the P and R phases, which
both exhibit extremely complex crystal structures with 56 and 53 atoms in each unit cell
respectively. Compositions of TCP phases can vary significantly, however examples include
Cr2Ru (σ phase), Mo6Co7 (µ phase), Cr18Mo42Ni40 (P phase) and Fe52Mn16Mo32 [3].
TCP phases generally form with a plate like morphology, and being intermetallic they are hard,
highly brittle and incoherent with the γ matrix. Therefore they create a high degree of stress
concentration in the surrounding matrix and can act as crack initiation sites, causing early alloy
failure at low temperatures. It is for these reasons that TCP phases are usually avoided, by precise
heat treatments and careful alloy chemistry control to prevent excess levels of TCP phasepromoting elements [38].
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2.2.2 Strengthening Superalloys
Superior mechanical properties, especially at high temperatures, are what give superalloys their
name and set them apart from other materials. These properties can be attributed to a number of
atomic and microstructural strengthening mechanisms, many of which are unique to superalloys.
These mechanisms are defined according to their relation to crystal geometry. Point defects occur
when there is a discrepancy at individual atomic sites within the crystal lattice, line defects are
when aligned atoms do not fit within the lattice and planar defects involve entire atomic planes
being out of sequence. Each type of defect has different effects on both the γ matrix and γ’
precipitates. Furthermore, in polycrystalline alloys, there is the added feature of grains and grain
boundaries. There are a plethora of additional strengthening mechanisms employed to help
optimise both grain size and grain boundary properties. Many of these separate mechanisms
intertwine with each other to give a combined improvement of alloy performance.

2.2.2.1 Strengthening Mechanisms in the γ Matrix
Although in theory the FCC γ matrix would be a perfect continuous lattice of nickel atoms, in
reality there are many vacancies throughout the crystal structure. They occur due to the increase
free energy being over-compensated for by configurational entropy during the breaking of bonds.
These vacancies serve an important role as they effectively regulate the rate at which additional
elements can diffuse through the matrix, which subsequently affects a number of strengthening
mechanisms that rely on the diffusion of alloying additions. When an element diffuses through a
crystal lattice, its rate is dependent on whether or not the nearest atomic site is a vacancy and the
success rate of actually exchanging into that vacancy. Therefore a higher occurrence of vacancies
throughout the matrix increases diffusion rate [3, 6].
Furthermore, the type of element trying to diffuse through the matrix also governs diffusion rate.
It is generally accepted that the difference in atomic radius between the solute and solvent atoms
affect diffusion, with a large imbalance between the two slowing it down. Therefore transition
metals that are located further away from nickel in the periodic table should experience lower
diffusivity. However there is evidence to suggest that certain elements with relatively similar
atomic radii to nickel actually exhibit a significantly lower diffusivity in nickel compared to
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elements at the edge of the d block in the periodic table [39]. This has been shown to occur with
rhenium and ruthenium, and is due to their formation of highly directional Ni-Re and Ni-Ru
electronic bonding, which is not compatible with the exchange between solute atoms and
vacancies [40].
In addition to individual atomic defects, larger defects can also occur when full atomic planes
become misaligned. The γ matrix exhibits a FCC crystal structure, and (theoretically) is comprised
of nickel atoms in each vacancy. It displays a stacking system that consists of three close-packed
planes that are then repeated throughout the matrix giving a relatively simple sequence of
ABCABCABCABC etc. When a plane is either removed or added to the crystal lattice it disrupts
this order, creating what is known as a stacking fault. Removing a plane results in an intrinsic
stacking fault, whereas adding a plane is referred to being an extrinsic stacking fault. The
deviation from the standard stacking sequence brought about by stacking faults causes hexagonal
close-packed (HCP) structures to be formed by the planes that are out of alignment [41].
When an entire line of atoms is displaced from the lattice a dislocation occurs, which can then
cause plastic deformation in the lattice in a process known as slip. In FCC structures slip occurs
in the <110> direction on the {111} plane with a Burgers vector of a/√2, as this is the closestpacked plane with the highest atomic density. In practise this slip system actually occurs as two
separate partial dislocations:
!
!
!
110 111 →
211 111 +
121 {111}
2
6
6
(2.8)
These partial dislocations are referred to as Schockley partials and they occur due to the energetic
favourability of the decomposition of one dislocation into two partial dislocations, as the
resulting pair of smaller Burgers vectors reduce the total energy of the dislocation.
Each Shockley dislocation causes a localised intrinsic stacking fault with a stacking sequence of
ABCBCA, which separates the two partial dislocations. The difference in the total energy of a
theoretically perfect crystal and the reduced energy due to partial dislocations forming a stacking
fault is known as the stacking fault energy [42].
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Stacking fault energy has an inverse relationship with the spacing between two partial
dislocations, meaning that alloys with lower stacking fault energy produce wider stacking fault
gaps that hinder the movement of dislocations through the γ matrix. High stacking fault energy
will result in much narrower dislocation separation making it easier for cross slip to occur,
reducing work hardening of the alloy [43, 44]. Nickel exhibits the highest stacking fault energy for
an FCC metal, however it can be significantly lowered by various γ matrix alloying additions,
most notably cobalt which causes a 50% reduction in the stacking fault energy when alloyed at
50wt% [45].

2.2.2.2 Improving γ Matrix Strength
The primary method of strengthening the γ matrix in superalloys is to use alloying additions to
promote solid solution strengthening. The aim is for the solute atoms to create lattice misfit
throughout the matrix, reducing the mobility of dislocations. To achieve this, elements such as
cobalt, tungsten, iron, molybdenum, chromium, rhenium and vanadium are added, as they
possess atomic radii slightly higher than that of nickel. Rhenium, tungsten and molybdenum are
of particular interest as they offer the most significant improvement to creep strength at elevated
temperatures, due to their high melting points and low diffusivity in the γ matrix [46, 47]. Solid
solution strengthening can prove effective at temperatures up to approximately 0.6Tm, at which
point strengthening mechanisms become entirely diffusion dependent [48].

2.2.2.3 Strengthening Mechanisms in γ’ Precipitates
As with the γ matrix, γ’ precipitates exhibit a number of point, line and planar defect-based
strengthening mechanisms. Point defects do occur in γ’, however due to its high stability it is
difficult for solute atoms to interact with atomic sites in the L12 Ni3Al structure. Point defects can
either occur as anti-site defects, where nickel atoms relocate to nickel sites and vice versa, or
constitutional vacancies at the nickel or aluminium sites for solute atoms to occupy. Any
deviation from perfect stoichiometry in Ni3Al is always accompanied by anti-site defects, and as
such the γ’ phase can in reality be noted as Ni3+x Al1-x with x referring to the influence of a solute
element [3].
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The planar defects that occur in γ’ behave very differently to those found in the γ matrix, due to
the ordered crystal structure of γ’. As there are ordered layers of both nickel and aluminium
atoms in γ’, a shift in atomic planes can cause very unfavourable bonds between neighbouring
atoms. The degree to which planes shift, the shearing vector, will determine what type of defect it
results in. The most important type of planar defect that can occur is known as the anti-phase
boundary (APB), and is the most significant strengthening mechanism in superalloys. It can occur
with {111}, {110} or {001} when a plane shifts by a certain shearing vector [49]. If a {111}
plane shifts by a length of ! 2 110 , below another {111} plane, atoms in that plane to become
nearest neighbours with similar atoms, creating unfavourable Ni-Ni and Al-Al bonds. These
bonds carry a large associated energy of approximately 100mJ/m2, referred to as the APB energy.
The number of unfavourable bonds that occur is defined by the particular plane that shears, with
{110} shearing resulting in more than {111}. If a {001} shifts then no unfavourable bonds arise
because {200} planes consist entirely of nickel atoms, meaning that any shift can never result in
an Al-Al bond. Therefore the APB energy for {001} planes is extremely low.
Slip deformation in the γ matrix is relatively simple, with dislocation glide occurring on the same
slip system due to the shortest lattice vector residing in the close-packed {111} plane. However,
as γ’ is ordered, the close packed {111} plane does not contain the shortest lattice vector and the
resulting slip system is actually governed by temperature. When temperature is relatively low, it is
the ! 110 {111} slip system that prevails. With this slip system a single complete dislocation,
referred to as a superdislocation, is incapable of moving through the γ’ phase unless it forms an
APB. Therefore it moves as two partial dislocations known as superpartials, resulting in the
superdislocation ! 2 110 {111}. These superpartials possess what is known as a ‘coupling’
interaction, which can be strong or weak depending on the volume fraction of the γ’ precipitates.
When the γ’ fraction is low, the superpartials are referred to as being ‘weakly coupled’, where
their spacing is relatively large compared to the γ’ particle size. Conversely in a high γ’ fraction
alloy they are ‘strongly coupled’ and the superpartial spacing is relatively low compared to γ’
precipitate size. Both strong and weak coupling of superpartials provide by far the most
significant strengthening effect in superalloys. However it is also highly dependent on γ’ particle
size, with the strengthening effect of weak coupling in low γ’ fractions increasing with particle
size, and strong coupling in high γ’ fractions suffering with increasing particle size. Therefore the
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greatest improvement in strength is achieved at the midpoint between these two mechanisms,
making it essential to find an optimum γ’ particle size when designing superalloys [12].
Other planar defects in the γ’ phase are similar to intrinsic and extrinsic stacking faults found in
the γ matrix. However, due to the ordered nature of γ’, they are referred to as superlattice
intrinsic stacking faults and superlattice extrinsic stacking faults. A superlattice intrinsic stacking
fault can occur in, for example, a {111} plane if it shears by ! 3 211 it will cause a change in
stacking sequence comparable to removing a {111} layer. Similarly a superlattice extrinsic
stacking fault can arise if a {111} plane shears by ! 3 211 , effectively introducing another
{111} layer. In addition to these stacking faults, complex stacking faults can occur in γ’. A shift
of ! 6 112 along the {111} plane alters the nearest neighbour arrangement and is
accompanied by a significant energy of approximately 250mJ/m2 [3].

2.2.2.4 Improving γ’ Precipitate Strength
The key to maximising the strengthening mechanisms of the γ’ phase lies with obtaining an
optimal volume fraction and precipitate size. The volume fraction can be influenced by alloying
additions and careful control of the overall alloy chemistry, with increasing levels of aluminium,
titanium and tantalum promoting a higher percentage of γ’ [50]. However, the precipitate size and
distribution are mostly dependent on coarsening mechanisms of the γ’ phase.
Upon cooling from liquid, γ’ will begin to precipitate around the γ’ solvus temperature. In order
to achieve optimum stability the precipitates cannot be too small, as this will increase their
surface area compared to overall volume. However, due to thermodynamic favourability, γ’ will
initially form as smaller precipitates because of the lower resulting surface energy. Fortunately, if
the alloy is exposed to elevated temperatures (above 0.6Tm), these smaller precipitates will be
replaced by larger ones. This type of coarsening is Ostwald ripening [51], however it is more
commonly known as LSW theory, having been further developed by Lifshitz, Slyozov and
Wagner [52, 53]. By using LSW theory, the long term coarsening rates of precipitates can be
predicted, which enables alloys to be designed to capitalise on precipitate size-based
strengthening mechanisms.
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LSW theory can be expressed as:
!

! ∝ (!")!
(2.9)
Where ! is average particle radius, t is time and A is a term that refers to a number of influencing
factors, which can be expressed as:

!=

8Γ! !"! !!!
9!"
(2.10)

Where Γ! is the interfacial energy between γ and γ’, D is the diffusion coefficient of γ’ solutes in
the γ matrix, !! is the equilibrium solute content of γ’ in γ, !! is the molar volume of γ’, R is the
gas constant and T is absolute temperature. This relationship shows that particle radius is
approximately proportional to the cubed root of time spent at specific temperatures, and can
therefore be used to design heat treatments to obtain an optimal γ’ precipitate size.
Using LSW theory can be helpful to predict precipitate coarsening behaviour, however it does
carry limitations. It assumes a γ’ volume fraction of zero, therefore a realistic volume fraction of
the alloy must be incorporated into the theory to achieve more realistic results. Also, LSW theory
produces a particle coarsening prediction that is asymptotic in nature, whereas actual particle
coarsening behaviour tends to be symmetrical [54].
Precipitate coarsening rates are also affected by alloy chemistry. An example being chromium,
whose content has an inverse relationship with coarsening rates. This can be attributed to
chromium’s tendency to partition to the γ matrix, which causes the equilibrium solute content to
decrease. Additionally elements, such as tungsten and molybdenum exhibit low diffusivity and
will decrease atomic mobility. This will inhibit coarsening mechanisms and cause a reduction in
overall coarsening rates [6]. Increases in temperature have also been shown to have a particularly
sensitive effect on coarsening rates, making operating temperature something that needs to be
carefully considered during alloy design [13].
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2.2.2.5 Strengthening Mechanisms in the γ/γ’ Microstructure
Whilst there are many independent types of defect in both the γ matrix and γ’ precipitates, a great
degree of superalloy strengthening comes from the mechanisms that occur when a defect tries to
pass from one phase to the other. As previously discussed, dislocations in γ’ have to form as pairs
due to the APB. Therefore a dislocation in the γ matrix cannot move into a γ’ precipitate without
forming a second one to overcome the APB and form the unfavourable Al-Al and Ni-Ni bonds.
For a dislocation to result in the cutting of a γ’ particle, it therefore has to overcome the APB
energy which is equivalent to a particle cutting stress of 400MPa in nickel superalloys [3]. This
strengthening effect is referred to as order strengthening and can occur as two different
mechanisms depending on whether the dislocations are strongly or weakly coupled.

Fig. 2.7 Weakly coupled dislocations shearing γ’ precipitates. Adapted from [55]

When the dislocations are weakly coupled their separation width is relatively large compared to
the size of the γ’ precipitates, which is why this mechanism occurs when the γ’ volume fraction is
small (usually in the under-aged condition). As the dislocation pair travels forwards the leading
dislocation will encounter γ’ precipitates. It will attempt to cut through them and as a result will
bow around due to the pinning forces and resistance presented by the precipitates. The trailing
dislocation, which can is assumed to be straight, is then pulled in the same direction to reduce the
anti-phase domain. The γ’ precipitates’ effectiveness as dislocation inhibitors is reduced as the
trailing dislocation cuts more of the anti-phase domain [55].
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Fig. 2.8 Strongly coupled dislocations shearing γ’ precipitates. Adapted from [55]

Dislocations are referred to as being strongly coupled when their separation width is
approximately the same size as, or smaller than, the actual γ’ precipitates. This usually occurs
when the γ’ precipitates are over-aged and therefore large, giving a high γ’ volume fraction.
Unlike weakly coupled dislocations, the trailing dislocation will already be in contact with the γ’
precipitate when the leading dislocation cuts through it. In the case of strongly coupled
dislocations, a critical precipitate size is reached where the leading dislocation is no longer able to
cut through them, at which point it will begin to bypass them instead. This mechanism is known
as Orowan looping, as the dislocation will effectively loop around the precipitate. It occurs
because at the critical precipitate size the stress from looping around a precipitate becomes less
than attempting to cut through it [55]. As mentioned previously, the optimum contribution to
strength is found at the point where precipitate size transitions from inducing weak coupling to
strong coupling [56, 57].
In addition to order strengthening, the γ/γ’ interaction creates a coherency strain in the γ matrix,
which can further provide a strengthening effect. Coherency strain is determined by the lattice
misfit between the γ matrix and γ’ precipitates. As briefly mentioned previously, alloying
additions can be utilised to influence the lattice misfit and therefore the coherency strain.
Elements that partition to the γ’ phase, such as titanium, tantalum and niobium, have been shown
to increase lattice misfit. Conversely, γ matrix-partitioning elements such as chromium and
molybdenum will decrease misfit [17]. For the coherency strain to offer a significant contribution
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to strength, the degree of lattice misfit has to be increased enough to create a strain field that
inhibits dislocations from travelling through the microstructure. In nickel alloys an increase of
0.2% lattice misfit to 0.8% has been shown to cause the peak hardness to double [58].

2.2.2.6 The Yield Stress Anomaly
Most metallic materials will experience a rapid decline in strength as temperature increases.
However, in the case of nickel superalloys, an unusual behaviour is observed whereby their yield
strength actually increases (or at least remains constant) up to temperatures typically around
800°C, after which it drastically reduces due to the γ’ dissolving. This is referred to as the yield
stress anomaly and is what defines superalloys as the primary choice for high temperature jet
engine applications.

Fig. 2.9 The yield stress curves of some modern single crystal nickel superalloys. The peak in yield stress at
approximately 800°C shows the yield stress anomaly occurring. Adapted from [3]

The yield stress anomaly occurs due to the applied stress and anisotropy of the APB energy
causing dislocations in the L12 γ’ phase to cross-slip from the {111} plane to the {001} plane.
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Whilst the octahedral {111} plane is the activated slip plane in γ’, once in the cubic {001} plane
the dislocations cannot travel without being followed by an APB, effectively rendering them
immobile. These ‘locked in’ dislocations are known as Kear-Wilsdorf locks [59, 60]. The
formation of these locks is thermally activated, with more being formed as the temperature
increases (until the upper limit at approximately 800°C). This temperature induced locking of
dislocation movement is what gives rise to superalloys’ unique increase in strength at elevated
temperatures [3].
As this phenomenon occurs in the γ’ phase the extent of its strengthening effect is largely
dependent on the γ’ volume fraction, with between 60-70% often being cited as the optimum for
single crystal applications (polycrystalline is usually slightly lower) [61]. As previously mentioned,
γ’ volume fraction has a critical effect on the dislocation-precipitation interaction mechanisms,
however it also affects the degree of strengthening from Kear-Wilsdorf locks. Research has
shown that superalloys made entirely of γ’ will exhibit the highest peak yield stress, however their
yield stress at low temperature will be much lower than alloys with a balance of γ and γ’. This is
due to the γ matrix providing a significant proportion of alloy strengthening at lower
temperatures, with γ’ covering the higher temperatures [62].

2.2.2.7 Grain Size Refinement
As superalloys used for turbine disc applications are polycrystalline, the grains and grain
boundaries are important factors that need to be considered during alloy design. Grain size has a
profound effect on creep and yield strength, as well as playing a major role in the mechanisms of
fatigue crack initiation and growth [3, 6]. Grain boundary strength needs to be optimised to
improve creep and low cycle fatigue (LCF) performance.
Research carried out by Bain et al [63] shows a comprehensive study of the effects of grain size
on mechanical properties of the Ni-based disc alloy Udimet 720. A range of samples was
produced to give grain sizes of 19µm, 90µm, 127µm and 360µm. Various tests were carried out
on each sample to determine the effects of increasing grain size. The results showed that yield
stress and ultimate tensile stress increased as grain size decreased, with the 19µm sample
achieving a yield stress of 1200MPa and an ultimate tensile strength of 1650MPa. The 360µm
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grain sample showed lower values of 965MPa and 1200MPa for yield and ultimate tensile
strength respectively. This study also showed that decreasing the grain size prolonged the low
cycle fatigue (LCF) life. LCF tests were carried out on each sample at 650°C, with the 19µm
sample outperforming the 360µm sample by a factor of 10. However, when creep rupture tests
were carried out, it was found that the larger grain sizes performed much better. The 360µm
sample exhibited a creep life more than twice that of the 19µm sample. This idea is reinforced by
work carried out by Wei et al [64], who tested the polycrystalline nickel-base alloy IN-713LC. The
results showed that lowering grain sizes to approximately 25µm resulted in an increased yield
stress of 1010MPa. However, in this case, there was a sharp drop in ultimate tensile strength at
smaller grain sizes due to micro-pores forming during the processing of this particular alloy.

Fig 2.10 Graphical representation of the effect grain size has on key mechanical properties. Adapted from [65]

As there are desirable and undesirable effects caused by both increasing and decreasing grain size,
it is important to maintain a balance when designing disc alloys. Grain sizes of around 30-50µm
are considered to be ideal, offering the desired strengthening effects and fatigue resistance,
without sacrificing too much creep resistance [3].
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Grain size can also have an effect on the formation of grain boundary particles. Finer-grained
microstructures are more likely to form smaller carbides/borides on the grain boundaries, further
promoting the strengthening effect that helps to stop dislocation glide along in the grain
boundary regions. Also, cracks are less likely to propagate through smaller carbides compared to
larger ones [3, 66].

2.2.2.8 Grain Boundary Strengthening

Grain boundaries also play a very important role in disc alloys, with their characteristics strongly
affecting creep strength and LCF resistance. Altering the grain size in a polycrystalline alloy will
obviously have a direct subsequent effect on the number of grain boundaries that are present,
which is important because grain boundaries exhibit a strengthening effect by inhibiting
dislocation gliding. As grains are effectively single crystals with different orientations to
neighbouring grains, a dislocation attempting to cross a grain boundary into the next grain will
have to change direction to compensate for the new crystal alignment. This is accompanied by a
notable energy cost, which inhibits the dislocation [3, 6].
As grain boundaries will block dislocations, further dislocations trailing behind can begin to build
up, resulting in a phenomenon known as dislocation pile up. Unlike dislocations previously
discussed in γ and γ’ strengthening mechanisms, these dislocations tend to be immobile and as
such do not produce a particularly large degree of slip. These dislocations are closely packed
together at the grain boundary, and gradually become more spaced backwards towards their
source (as shown in figure 2.11). The dislocation at the forefront of the pile up experiences the
applied stress to the material as well as the interaction forces of the trailing dislocations, with the
number of dislocations increasing proportional to the applied stress. This has the potential to
initiate microcracking at the grain boundary in the subsequent grain the dislocations are
attempting to travel into. The number of dislocations in each pile up can be calculated using:
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Where ! is the number of dislocations, ! is a factor close to unity, !! is the average resolved
shear stress in the slip plane ! is the applied shear stress and ! is the Burgers vector [67]. The
dislocation pile up phenomenon is heavily influenced by grain size. Decreasing grain size will
inherently reduce the available space within the grains and therefore offer much less opportunity
for dislocations to pile up.

Fig. 2.11 Schematic diagram of dislocation pile up at a grain boundary. Adapted from [68]

Another key aspect of grain boundaries in the strengthening and creep resistance of disc alloys is
based around the formation of precipitates. As previously discussed small amounts of carbon and
boron are usually added to disc alloys, as they segregate to the grain boundaries. At quantities
around 0.03wt% for boron and 0.025wt% for carbon, these elements will form monolayers at the
γ/γ grain boundary and increase cohesion [3]. However, when added in slightly larger quantities,
carbides and borides begin to form on the grain boundaries. The formation and morphology of
carbides and borides have already been discussed in section 2.2.1.3, however they can affect the
mechanical properties of polycrystalline superalloys in a number of different ways. Primarily these
intermetallic phases act as ‘blocks’ to inhibit grain boundary sliding, which significantly improves
creep and low cycle fatigue resistance [3, 6, 66]. In order to capitalise upon the strengthening
effect of carbides and borides, their volume fraction and microstructural location needs to be
optimised.
The strengthening effects of grain boundary elements have been observed by Jain et al. Nickel
superalloy Udimet 720 was modified with additions of carbon, boron, zirconium and hafnium in
order to determine their effects on LCF performance. In comparison to standard Udimet 720 the
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LCF life was improved by 50% [69]. However in this instance the doped materials were produced
via powder metallurgy whereas the standard Udimet 720 comparison was a cast and wrought
ingot, therefore consideration needs to be given to the effect of grain size as a result of different
production methods. Furthermore, Garosshen et al. investigated the effect of grain boundary
segregators on the creep performance of polycrystalline nickel superalloys. With similar additions
of carbon, boron and zirconium, they were able to show that these elements drastically improve
creep life. Compared to the un-modified base alloy, which had a creep life of 0.1 hours, the grain
boundary element additions increased creep life to 69 hours [70].
Although there is a wealth of evidence to support the benefits of grain boundary phases in
superalloys, care has to be taken not to promote too much carbide/boride formation. Larger
quantities of these intermetallic particles can have an extremely detrimental effect on the ductility
of the alloy. This is especially true if they begin to form as large blocky particles away from the
grain boundaries, towards the centre of the grains. Here they can act as crack initiation points and
drastically reduce mechanical properties [3].
It is not just carbon and boron that segregate to grain boundaries. Zirconium will also segregate
to the γ/γ interface, however instead of reacting with carbon and boron additions, it will react
with certain elements that are detrimental to the mechanical properties of the alloy such as
sulphur and phosphorus. These impurity elements can be picked up in the alloy chemistry during
production and processing, or from impurities in the raw metals used to make the alloy. They can
have a number of undesirable effects including the formation of unwanted phases, such as the
TCP phases. Zirconium acts to essentially ‘remove’ these impurities from action, preventing them
from having any further negative effects. This grain boundary mechanism has been observed, but
is not yet fully developed and understood [71].

2.2.3 Oxidation of Nickel Superalloys
Whilst internal atomic and microstructural aspects of superalloy design are crucial to optimum
performance during service, their interaction with the surrounding environments is just as
important. There are a number of different ways in which superalloys (and any metallic materials)
can experience environmental degradation caused by a range of external factors. Alloys can react
with many different substances in the surrounding environment, particularly impurities, which
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leads to the occurrence of carburisation, nitration and sulphidation. However, the type of
environmental degradation that is of most interest concerning jet engines is oxidation. For both
turbine blade and disc applications, components will be operating in an open environment
exposed to both air and fuel. The elevated temperatures experienced during flight mean that risk
of oxidation is high, and steps need to be taken to improve oxidation protection and resistance.
With engine designers perpetually moving towards hotter engine operating temperatures, the
need for more oxidation resistance in superalloys is ever increasing.
The basis of most oxidation reactions is oxygen from the surrounding environment being
adsorbed into the surface region of a metal. This results in an initial thin oxide layer, which acts
as a barrier between the bulk metal and the external environment. Ion migration can then occur
across the initial layer as metal ions travel to the outer oxide surface, and oxygen ions from the
surroundings travel towards the underlying metal. As ions carry a charge, their migration causes
an electrical field across the oxide layer, of which the net charge is electrically balanced. Further
oxide layers can then continue to form on top of the initial layer, with certain growth behaviours
being more desirable in order to offer optimal oxide stability and protection.
The mechanisms of oxide formation in nickel superalloys are extremely complex, and can be
influenced by a number of factors including alloy chemistry, temperature, surrounding
environment and impurities. Furthermore the cycling, extent and order of these influencing
factors can induce varying oxidation mechanisms, which is why both isothermal and cyclic
oxidation behaviours are usually studied during in depth investigations. Typically, to avoid
detrimental oxidation and corrosion, superalloys are designed to form a continuous oxide layer
that is highly stable at elevated temperatures and has a minimal effect on bulk material properties.

2.2.3.1 Oxidation Thermodynamics and Kinetics
Oxidation occurs when metal reacts with oxygen at its most stable state in a favourable
environment. It can be chemically represented as:
2!
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where M is the metal being oxidised and !! !! is the oxide product. For this reaction to be
thermodynamically favourable at high temperatures, the change in the Gibbs free energy of the
system has to be negative. Additionally, the partial pressure of oxygen in the surrounding
environment has to be higher than that of the partial pressure of oxygen in equilibrium with the
oxide [72].
There are a number of different oxide formation behaviours that can occur, with temperature
being a key influencing factor. Typically oxidation will result in a net mass gain for the material,
with formation exhibiting either logarithmic, parabolic or linear growth. A loss in mass can be
observed when either a volatile oxide is formed, or spallation occurs causing flakes of the oxide
layer to detach from the material’s surface. For superalloys in jet engine applications, parabolic
growth behaviour offers the best possible protective oxide. Initial growth rate is high, before
slowing down significantly. This allows for the formation of a protective layer that becomes
stable relatively quickly and does not continue to grow excessively. Oxide growth rate is governed
by the diffusivity of metal ions from the bulk of the material and oxygen atoms from the
surrounding environment. As the oxide layer becomes thicker diffusion becomes more difficult
and metal ions take longer to travel, causing growth rates to slow down. Parabolic oxide growth
rate can be expressed using the parabolic oxide growth law:
Δ!
!

!

= !! !
(2.13)

where Δ! is the change in mass, A is surface area, !! is a normalised parabolic oxidation
constant and ! is oxidation time. The parabolic oxidation constant is used to compare different
metal oxides and determine their growth rates and behaviours at certain temperatures. The
kinetics of oxidation are primarily determined by temperature, as higher temperatures will
increase diffusion rates enabling more rapid oxide formation. Therefore the operating
temperature has to be as low as possible in relation to the melting temperatures of the oxides
being formed [73].
In addition to growth rate, growth direction also needs to be considered. This is governed by the
diffusivity of oxygen and the active metal in the oxide reaction. When the metal ions diffuse
faster than oxygen through the oxide, growth will occur externally as further layers on top of the
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existing oxide layer. When it is the other way around and the oxygen diffuses faster than the
metal, oxide growth will be internal and will form into the bulk of the metal.
For ideal oxide growth in superalloys, the Pilling-Bedworth ratio can be used to describe oxide
behaviour:

!!" =

!!"#$%
!!"#$%
(2.14)

where ! is volume. This represents the volume of oxide formed in relation to the base metal. In
superalloy design an RPB between 1 and 2 is most desirable. At this level the oxide that forms will
be adherent and not open due to cracking, keeping the base metal protected. Above 1 the oxide
layer exhibits compressive stresses that act to close cracks that may form, however when the RPB
rises above 2 the compressive stresses are large enough to overcome this mechanism and begin
to delaminate the oxide layer. When the RPB falls below 1 the oxide layer is not thick enough to
provide continuous protection. Tensile stresses occur within the oxide causing it to crack and
leave areas of the metal exposed [74, 75].

2.2.3.2 Oxide Formation Mechanisms
Oxidation thermodynamics and kinetics form the theoretical basis of understanding of how
oxides form and behave under certain conditions, however these theories and models are
typically applied to pure metals. The actual mechanisms of oxidation become very complex when
alloys are concerned. Fortunately, as nickel superalloys are used extensively in high temperature
applications, their oxidation behaviour has been studied in great depth.
The key oxides that form in nickel superalloys are Al2O3 and Cr2O3, due to their high stability at
elevated temperatures. Therefore aluminium and chromium play a crucial role in alloy chemistry
design [76]. The amounts of aluminium and chromium additions have been shown by Giggins et
al. to have significant influence on the type of oxidation mechanisms that occur, as well as the
resulting oxide formations. A nickel, aluminium and chromium ternary alloy was oxidised at
temperatures between 1000°C and 1200°C. Initially a thin layer formed on the surface of the
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material, comprised of a mixture of NiO and (Ni(Cr,Al))2O4. When alloys with low aluminium
and chromium contents of approximately 2-4wt% were oxidised further, Al2O3 and Cr2O3 layers
formed underneath the initial outer layer. However these sub layers were non-continuous and
provided little oxidation protection for the alloy. For alloys with a higher concentration of
aluminium and chromium at approximately 20-30wt% the sub layers became continuous and
highly stable, protecting the bulk of the alloy from further oxidation [77, 78].
The reason why Al2O3 and Cr2O3 are so stable at high temperatures is partly due to their high
melting points, but also due to their stoichiometric compositions. Oxides tend to form as either
FCC or HCP structures, and as such can contain a number of point defects similar to those
discussed previously for γ and γ’. Al2O3 and Cr2O3 exhibit a far lower concentration of defects
compared to other oxides, reducing diffusivity and improving stability. The creep properties of
Al2O3 and Cr2O3 are also of interest, as ductility of the oxide scale significantly affects its ability to
adhere to the bulk metal surface [79]. Although they both display relatively low creep rates, they
don’t crack macroscopically, as long as the strain rate is also low. Whilst microcracks may form,
Al2O3 and Cr2O3 are able to effectively heal them by regrowth of the oxide. Both of these oxides
offer superior protection for temperatures up to 1000°C. However above this Al2O3 is preferred,
as chromium will form the volatile CrO3 oxide, relinquishing any previous protective oxides [80].

2.2.3.3 Isothermal vs. Cyclic Oxidation
Whilst a number of oxidation theories and models are based on continual exposure to an
oxidative environment and constant temperature, in service the conditions experienced by
turbine discs and blades varies greatly. Aero engines are not run constantly, and will cycle
between extremely high temperatures during flight, ambient temperatures on the ground and
possibly even sub zero temperatures when grounded in locations with cold climates. Furthermore
the temperature varies within the flight cycle, with it being highest during take off and landing.
The partial pressure of oxygen in the engine environment can also vary depending on altitude.
Alloys that exhibit parabolic growth during isothermal oxidation will typically do the same in
cyclic conditions. However, when the temperature is being cycled, the rates of thermal expansion
become a key aspect of successful oxide layer growth and protection. As previously mentioned,
the ductility of the oxide will affect how well it adheres to the metal surface. Differences in the
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coefficient of thermal expansion between the oxide and the metal will induce even more internal
stresses in the oxide. Therefore ductility of the oxide itself has to be sufficient to overcompensate
and remain adhered to the metal, in order to prevent macrocracking and spallation [79].

2.3 Cobalt-base Superalloys
In 2006, Sato et al identified a new type of cobalt-base superalloy that exhibits superior strength
compared to the existing nickel-base superalloys that are currently in service [81]. Cobalt alloys
had been researched in depth for a considerable time, however they had not been implemented
into many service applications because they offered poorer elevated temperature capabilities
compared to nickel alloys. This was due to the fact that nickel exhibited the precipitation
hardening mechanism that occurred with the formation of stable γ’. However, Sato et al
established a ternary Co-Al-W system that formed the stable L12 structure γ’ phase Co3(Al,W).
This γ’ phase was shown to be coherent with the surrounding FCC cobalt matrix, meaning that
the precipitation hardening effect demonstrated by nickel-base superalloys was now achievable
with cobalt alloys. Furthermore, cobalt as an alloy base offers far superior weldability and
environmental damage resistance [82]. As developments in high temperature capabilities of
current nickel-base superalloys is beginning to plateau, this new ternary Co-Al-W system opens
up a new research route on the path to higher engine operating temperatures and greater
efficiency.

2.3.1 Binary Cobalt Alloy Systems
Before the discovery of the ternary Co-Al-W system by Sato et al, a number of binary cobalt-base
systems existed that had some limited uses in industry. Cobalt-chromium alloys are well
established and are utilised for their stainless properties. They are often used in the medical field
for joint replacement applications. This system has been further alloyed with additions of
tungsten and molybdenum to promote high temperature strength, making it ideal for use in
cutting tools. However, there was still no γ/γ’ strengthening mechanism, such as that in nickelbase superalloys, and so efforts were made to develop cobalt-base systems to form a stable L12 γ’
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precipitate. This resulted in a number of different alloy systems that contain a Co3X γ’ phase.
However, not a great deal of success has been achieved, as the majority of the L12 precipitates
that have been recorded are metastable. This is because cobalt exhibits a hexagonal close packed
(HCP) structure below 417°C and doesn’t form the desired FCC structure until it reaches higher
temperatures. The stability of the FCC structure is further reduced by commonly used alloying
additions such as chromium and tungsten [6].

Research carried out by Omori et al [83] has shown that alloying with 14at% aluminium forms a
Co-Al binary system that contains the L12 structure γ’ precipitate phase. These precipitates were
cuboidal in shape, and ageing at 600°C for 24 hours was required for them to form. However,
the L12 γ’ phase Co3Al is only metastable, causing it to decompose at 800°C, where it would
break down into HCP and BCC Co-Al, which is detrimental to the mechanical properties of the
alloy.

A binary system is also formed when cobalt is alloyed with tantalum. In work carried out by
Korchynsky and Fountain [84], an addition of 50.6wt% tantalum resulted in an ordered L12 γ’
Co3Ta phase, which formed a cuboidal precipitate. However, this was also metastable and
returned to a HCP structure above 800°C. The lattice misfit of the Co3Ta phase is above 1%,
which is undesirable as it is not particularly coherent with the surrounding matrix.

The only stable ordered L12 phase that has been achieved in a binary cobalt alloy is with the
cobalt-titanium system. Blaise et al successfully produced stable L12 γ’ precipitates in two cobalt
alloys with 6at% and 11at% titanium [85]. These alloys were solution treated at 1225°C and then
aged at increasing temperatures, starting at 700°C, for up to 1000 hours. The alloys that were
aged between 700°C and 800°C formed a stable Co3Ti precipitate with the L12 crystal structure,
which is cuboidal in shape. Additionally, work has been carried out by Thornton et al to produce
cobalt alloys with 7.5at% and 10at% titanium [86]. They also produced stable L12 Co3Ti
precipitates, with overall volume fractions of 22% and 40%. However, the lattice mismatch of the
Co3Ti with the surrounding matrix is also greater than 1%, rendering it relatively incoherent with
the matrix and negating many of the strengthening mechanisms observed in nickel-base
superalloys. It is for this reason that binary Co-Ti systems do not have widespread use in
industry.

43

2.3.2 The Ternary Co-Al-W System
With most Co-X systems only being able to produce metastable L12 precipitates, and the Co-Ti
system producing a stable precipitate that did not have good coherency with the matrix, ternary
systems have been investigated. The first ternary system that showed the formation of a stable
L12 γ’ precipitate was the Co-Al-W system, discovered by Sato et al in 2006 [81].
The ordered precipitate in this system was observed as the Co3(Al,W) phase. It exhibited a
cuboidal morphology and looked similar to the γ’ precipitates that are found in nickel-base
superalloys. The lattice mismatch between the precipitate and the surrounding matrix was found
to be approximately 0.53%, resulting in a high level of coherency between the two phases. The
Co3(Al,W) phase exhibits the L12 crystal structure with a tungsten to aluminium ratio of
approximately 1:1. The aluminium and tungsten atoms are located at the corners of the L12 unit
cell, in the same positions that aluminium atoms take in the similar Ni3Al precipitate. The rest of
the face atoms are cobalt.

Fig. 2.12 Schematic of the Co3(Al,W) FCC unit cell. Adapted from [3, 87]

As this ordered γ’ phase exhibits such a similar structure and morphology to that of the Ni3Al-γ’
phase, the strengthening mechanisms that are observed in nickel-base superalloys are directly
comparable and can be expected to occur in the Co-Al-W system. The morphology of the
Co3(Al,W) γ’ phase can be seen in fig. 2.13.
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Fig. 2.13 Dark field TEM micrograph of Co-9Al-7.5W (1), with diffraction pattern (2), SEM micrographs of
Co-8.8Al-9.8W-2Ta (3) and Co-8.8Al-9.8W-2Mo (4) annealed at 1000°C for 1 week. Adapted from [81]

The occurrence of the stable L12 γ’ phase in Co-Al-W alloys can be highlighted in the isothermal
phase diagram for this alloy system (Fig. 2.14), developed by Sato et al. This particular section is
for stable γ’ precipitates observed at 900°C. It is clear from Fig. 4 that the window of formation
for γ and γ’ is very narrow. Therefore the base system of Co-Al-W requires various alloying
additions to attempt to expand both the γ- matrix and γ’ L12 phase fields.

Fig 2.14 Isothermal section of the Co-Al-W phase diagram at 900°C. Adapted from [81]
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2.3.3 Effects of Alloying Additions in the Co-Al-W System
Balancing alloy chemistry is the key to controlling microstructures and thus achieving an
optimised range of desired properties. As Co-Al-W is still a relatively new material system, the
effects of alloying are of great interest. Soon after its initial discovery by Sato et al, many research
groups began to investigate the alloy system, however there is still a great deal that needs to be
understood. When considering just the base elements of this system, it is extremely important to
ensure the correct levels of aluminium and tungsten, as they can easily form undesirable phases.
If too much aluminium is included in the alloy chemistry, the CoAl phase will form, which is
metastable and will decompose above 800°C [81, 88]. Additionally, if there is too much tungsten
in the alloy, the Co3W phase will form. This phase exhibits a hexagonal D019 crystal structure,
which does not offer good coherency with the surrounding γ matrix and is also particularly
detrimental to the mechanical properties of the alloy [89]. When these two elements are added in
the correct quantities, it is the tungsten that stabilises the CoAl phase when forming Co3(Al,W).
The original work by Sato et al highlighted that the Co3(Al,W) phase will remain stable up to
temperatures around 900°C [81]. This has subsequently been observed and confirmed in work
carried out by Chen and Wang [90].
As the Co-Al-W system exhibits similar behaviour to that of the currently used nickel-base alloy
systems, many of the alloying additions have similar effects. These effects can be grouped into
four different areas: γ solid solution strengthening, γ’ forming, oxidation resistance and grain
boundary precipitate (carbide/boride) forming.

2.3.3.1 γ Strengthening Elements
Nickel, Chromium, Iron, Molybdenum and Rhenium will strengthen the γ matrix when added to
the Co-Al-W system. This is achieved by the means of solid solution strengthening. These
elements all have slightly higher atomic radii than that of cobalt. When added to the alloy they
partition to the γ matrix and create a lattice mismatch, restricting the movements of dislocations
throughout the γ matrix. This strengthening mechanism will occur up until approximately 60% of
the melting temperature for the alloy. Beyond this the strength provided by this mechanism
becomes dependent on diffusion rates [91]. Therefore, elements that possess high melting
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temperatures and low diffusion rates, such as rhenium, are particularly desirable for γ matrix
strengthening. However, these elements tend to increase the density of the alloy beyond desirable
levels. They are also prone to forming unwanted phases with tetragonal close packed structures
that are detrimental to the mechanical properties. Elements that strengthen the γ matrix can also
reduce the level of γ’ present in the alloy, reducing the favourable properties that are a result of
the γ’ strengthening mechanisms. Therefore, additions of these elements are carefully controlled
and usually limited [46, 91].

2.3.3.2 γ’ Forming Elements
The precipitation of the γ’ phase is the biggest contributor to increasing strength in cobalt
superalloys. Various elements can have a profound effect on the volume fraction and solvus
temperature of γ’, and therefore they are carefully considered during alloy design.
Sato’s original paper highlighted the effect of tantalum additions on γ’ formation. It caused a
reduction in lattice mismatch, which helps stabilise the γ’ precipitates. This resulted in a higher
volume fraction and a more cuboidal γ’ morphology. As such, a significant increase in hardness
was observed, with an increase in compressive strength from 473MPa to 674MPa [81]. Tantalum
additions have been studied further by Suzuki et al. An addition of 2at% tantalum was shown to
improve the flow stress at both high and low temperatures, with a peak temperature 100°C
higher than that of the base alloy. Furthermore, the alloy with added tantalum displayed a much
more gentle flow stress drop-off at temperatures after the peak [92]. This highlights tantalum’s
ability to stabilise the γ’ precipitates at higher temperatures. H. Yan et al have also confirmed that
a 2at% tantalum addition causes a significant increase in γ’ solvus temperature [93].
Tungsten has been shown to have a notable effect on the γ’ solvus temperature in Co-Al-W
alloys. Shinagawa et al investigated the effects of increasing the tungsten content. Using a base
alloy similar to that of Sato’s, they started with 7at% tungsten and increased it to 10.5at%. This
caused a 100°C increase in the γ’ solvus and a small increase in flow stress when tested under
compression [94]. Suzuki et al observed a similar phenomenon. Using a base alloy of Co-9.2Al9W they increased the tungsten content to 10.7at%. The result was a 30°C increase in the γ’
solvus [94].
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An extensive study was carried out by Ooshima et al [95], investigating the effect various alloying
additions had on γ’ solvus temperature and volume fraction. Using a base alloy of Co-9Al-7W-2X
(X=alloying addition, compositions in at.%), they designed a number of alloys with additions of
tantalum, molybdenum, niobium, vanadium, rhenium, titanium, chromium, iron and nickel. A
significant increase in γ’ volume fraction was reported for additions of vanadium, titanium,
niobium and tantalum. These elements also caused a notable increase in the γ’ solvus
temperature, particularly tantalum. Additions of iron, chromium, rhenium and molybdenum were
shown to decrease the volume fraction of the γ’, but had little to no effect on the solvus
temperature. The alloy with the 2at% nickel addition showed virtually no change in volume
fraction or solvus temperature. It is clear that tantalum additions are particularly effective for
increasing γ’ volume fraction and solvus temperature. However this is at a cost, as tantalum will
significantly increase the density of the alloy. Although the niobium, titanium and vanadium
additions weren’t as effective as tantalum, they still produced favourable results and don’t
contribute as much to a detrimental increase in density. Therefore they may be looked upon
more favourably when trying to balance mechanical properties with density.
This study also investigated the effects of altering the tungsten content of the base alloy. Three
different alloys were produced, with compositions of Co-9Al-6W, Co-9Al-7W and Co-9Al-8W.
The γ’ solvus temperature increased only slightly with increasing tungsten content, however the γ’
volume fraction was increased significantly. When increasing tungsten content from 6at% to
8at%, the γ’ volume fraction nearly doubled from 35% to 65%.
Research carried out by Bauer et al [96] has improved existing knowledge on alloying additions by
investigating dual additions to a Co-9Al-8W base alloy. Six alloys were produced, each with an
alloying addition of 2at% tantalum and then a further 2at% chromium, niobium, vanadium,
molybdenum, silicon and iridium to create Co-9Al-8W-2Ta-2X alloys. The extra additions were
made in substitution of cobalt. The iridium addition had no effect on γ’ prime volume fraction,
yet caused a significant increase in solvus temperature. Vanadium appeared to increase both the
volume fraction and solvus temperature of γ’. Niobium, chromium and silicon all reduced
volume fraction and solvus temperature, with silicon exhibiting a particularly profound reduction
in γ’ volume fraction from 80% down to 60%. The addition of molybdenum also decreased the
solvus temperature, however it resulted in a significant increase in γ’ volume fraction to 90%.
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Bauer’s results clearly show that niobium additions cause a reduction in γ’ prime volume fraction
and solvus temperature, whereas in Ooshima’s alloys the exact opposite occurs and there is an
increase in both volume fraction and solvus temperature. Both alloys contain a 2at% addition of
niobium, therefore it is clear that the additional 2at% tantalum in Bauer’s alloy strongly affects
the way in which niobium interacts with the γ/γ’ microstructure.
Nickel is also a key alloying element that can be added to cobalt superalloys to help extend the γ’
phase field, giving a wider window of opportunity for formation. Shinagawa et al have produced
a further study to investigate the effect of nickel additions to the Co-Al-W system [97]. Nickel
was observed to partition to the γ’ phase, establishing a continuous phase field between Ni3Al
and Co3(Al,W). This paved the way to a quaternary Co-Ni-Al-W alloy. Nickel was found to
expand the γ’ phase field as shown in figure 2.15.

Fig. 2.15 Isothermal section diagrams (900°C) of four different Co-Ni-Al-W alloys with 10at% (1), 30at% (2), 50at%
(3) and 70at% (4) nickel contents. Adapted from [97]
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The compositions with 50at% and 70at% nickel are of particular interest, as the γ’ phase field
extends all the way to the aluminium baseline. This means that at these compositions, the
formation of γ’ is possible without tungsten. This is due to the solubility of tungsten increasing as
nickel content rises [112]. At 50at% it appears to no longer be found in the γ’ phase, partitioning
instead to the γ matrix.

2.3.3.3 Alloying for Oxidation Resistance
Nickel-base superalloys that are currently used in service are generally dependent on oxidation
resistance by the means of protective oxide layer formation. As previously mentioned, these
layers are primarily Al2O3 and Cr2O3, meaning the chromium and aluminium additions in these
alloys play a vital role in oxidation [3]. Both of these oxide layers are also pivotal in oxidation
protection in cobalt-base alloys, however there are also other oxides involved. Klein et al [98]
have reported that a triple oxide layer is found on Co-Al-W alloy systems during isothermal
oxidation at 800°C. The outermost layer being a purely cobalt oxide, the second layer being a
mixture of cobalt, aluminium and tungsten oxides, and the bottom layer being a layer of
protective Al2O3. It can be deduced that the cobalt oxide is in fact Co3O4, as this is the most
thermodynamically favourable stable oxide at 800°C [99]. Other oxides (CoO and Co2O3) can
form, however CoO is only formed by the decomposition of Co3O4 at temperatures above 900°C
and Co2O3 is thermally unstable and can only be produced electrochemically [100].
Yan et al investigated the oxidation behaviour of Co-Al-W superalloys, with various alloying
additions, under cyclic conditions [101]. A range of alloys was produced with a base composition
of Co-7Al-7W and further additions of chromium, iron, silicon, nickel, tantalum, molybdenum,
titanium and vanadium. After 200 hours of cyclic oxidation, chromium, iron, silicon and tantalum
displayed a lower mass gain compared to the base alloy, whereas the other elements resulted in
increased mass gain, with vanadium and molybdenum performing particularly poorly. The oxide
layer formations were also investigated, with the base alloy exhibiting an oxide scale comprised of
Co3O4 at the surface of the metal with a combination of Co3O4 and Al2O3 on top and then an
outer layer of Co3O4. The alloy with the chromium addition showed by far the most significant
improvement in both mass gain and oxide thickness. This alloy’s oxide layer was only 1.3µm
thick compared to 106µm for the base alloy, two orders of magnitude smaller. The oxide layer
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formation for the chromium alloy was found to be a thin layer of Al2O3 at the surface of the
metal, then a mixture of CrO2 and Cr2O3 with an outer layer of CoAl2O4. This reinforces the
previously discussed idea that the initial formation of a thin Al2O3 oxide scale will slow diffusivity
of oxygen and prevent excessive formation of further oxide layers. The chromium alloy did
however exhibit a γ’-depleted region approximately 20µm deep underneath the initial oxide scale
containing γ and Co3W, giving an effective oxidation damage depth much greater than the
thickness of just the oxide.
Additions of boron can also improve oxidation resistance by aiding the formation of a protective
Al2O3 layer that is situated between the alloy and any other oxide layers that form. Boron can also
contribute to grain boundary strengthening by segregating to the γ/γ grain boundary interfaces.
However, care has to be taken over the level of boron additions, as anything over approximately
1at% will result in the formation of borides, which have a detrimental embrittling effect on the
alloy [102].

2.3.3.4 Grain Boundary Precipitate Forming Elements
Cobalt-base superalloys generally contain a carbon content between 0.25-1wt%, which is higher
than currently used nickel-base superalloys. This allows for the formation of non-coherent
carbide precipitates, which can be used to strengthen the alloy [6]. As previously discussed, there
are many different formations of carbides that are possible, each with its own morphology and
crystal structure. Certain carbides are more stable at various temperatures than others, and so the
type of carbide that precipitates is often dependent on the temperature profiles during processing
and heat-treating. As with nickel superalloys, carbides will most commonly precipitate on grain
boundaries, stacking faults and twin boundaries. This promotes strengthening by inhibiting grain
boundary slip, which increases creep resistance, low cycle fatigue life and ductility. It is desirable
for carbides to be very fine and evenly dispersed as larger, more block-like carbides can have a
particularly detrimental effect on the ductility and high temperature properties of the alloy [3, 6,
103].
In a study by Youdelis and Kwon [66], the effects of tantalum and niobium additions were
investigated in cobalt alloys. Both of these elements are known to be strong carbide formers, and
so different at% additions were tested to see what carbides formed. It was found that lower
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additions resulted in the formation of the M23C6 carbide. However, once the additions were
increased to approximately 0.5at% both M23C6 and MC formed. Once the additions of tantalum
and niobium were raised to above 1at%, MC became the dominant carbide. Care must be taken
when adding refractory metals. If the content of these elements is too high, topologically close
packed (TCP) phases can form. These are brittle intermetallic phases that can aid crack formation
and propagation, drastically reducing fatigue resistance of the alloy.
Jiang et al conducted a study on a carbide-strengthened (non γ/γ’) cobalt superalloy to determine
the types of secondary carbide formation after initial carbide precipitation. MC carbides were
expected to initially form, however there was also a notable presence of M7C3, which is less
commonly found in nickel superalloys. The authors believed this to be a result of carbide
composition being affected by directional solidification during processing. After ageing at 850°C
for 100 hours, significant secondary carbide precipitation was observed. The primary MC and
M7C3 carbides acted as carbon banks for the smaller secondary carbides, which were found to be
M23C6 [104].

2.3.3.5 Tungsten-Free γ/γ’ Cobalt Superalloys
One major drawback to the Co-Al-W system is the fairly significant tungsten content that is
required to form stable γ’, as it causes a notable increase in density. Whilst the density of
emerging γ/γ’ superalloys is comparable to that of the current leading nickel superalloys,
improvements are always sought after and tungsten is hindering the development of lighter
alloys.
Makineni et al have developed tungsten free cobalt superalloys that still exhibit the γ/γ’
microstructure. Four alloys based on the original Sato composition were modified to remove the
tungsten content and add 0, 10, 20 and 30at% nickel. As previously discussed, increasing nickel
content expands the γ’ phase field, enabling a wider window of formation. With further additions
of 5at% molybdenum and 2at% niobium, the 30at% nickel alloy contained a 76% γ’ volume
fraction. Both molybdenum and niobium showed significant partitioning to the γ’ precipitates,
which resulted in a nominal γ’ composition of Co3(Al, Mo, Nb). The formation of γ’ precipitates
in this tungsten free alloy was enabled by the niobium addition, which lowered the energy of the
γ’ phase [105].
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In further research by Makineni et al, new variants of tungsten-free cobalt superalloys have been
developed using tantalum to stabilise the γ’ phase. Using an alloy chemistry based on previous
findings [105], 2at% tantalum was substituted for the original niobium addition to give Co-30Ni10Al-5Mo-2Ta. The tantalum was found to occupy lattice sites in the γ’ precipitates causing the
enthalpy of formation for γ’ to become negative compared to the detrimental D019 phase, which
results in γ’ forming preferentially. A further addition of 2at% titanium was shown to also
partition to γ’ lattice sites, making the γ’ formation enthalpy even more negative [106].

2.4 Production and Processing of Turbine Disc Alloys
The processing route of a turbine disc is highly important, as it is where the key properties of the
alloy are determined. Microstructure can be drastically altered at many different stages during
processing, and as turbine discs are such a safety critical component, high levels of quality control
are implemented throughout processing to ensure that alloy microstructures, and subsequent
material properties, are optimised.
The production of turbine discs involves numerous steps, from the initial forging of the
superalloy, to machining the final disc shape and subsequent heat treatments to optimise the
microstructure. There are two main different approaches to forging the superalloy to form billets
that can be machined into discs, the ingot method and powder metallurgy.

2.4.1 Ingot Based Production Route
The first stage of the ingot metallurgy route is vacuum induction melting (VIM). The alloy
constituents are heated up by means of induction coils being fed by an AC current. This
generates eddy currents within the superalloy constituents causing them to heat up until they
melt. At this stage of processing the alloys are not suitable for immediate use as there are still a
large number of impurities present, including oxides and refractory ceramic particles. There will
also be a solidification pipe present in the ingot that could be machined away, although this
would generate a high level of wastage.
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The next stage is electro-slag refining (ESR). This is where impurities such as oxides and sulphur
are removed. The ingot is re-melted under an electrode, however this process is carried out in air,
and a highly reactive slag is present between the electrode and the ingot. This slag reacts with
molten metal droplets on the electrode, removing oxides and sulphur.
The third stage in ingot metallurgy is vacuum arc re-melting (VAR). Here the ingot is taken from
the electro-slag refining process and placed into a cooled copper crucible. The ingot itself serves
as a consumable electrode. A DC arc is then struck between the ingot and the copper crucible
(which acts as an anode), which heats up the ingot generating a pool of molten metal. The alloy is
then cooled to obtain a long ingot. This stage produces a much higher quality alloy in terms of
structure and chemistry. Many detrimental elements are removed, including lead and bismuth.
Once the long ingot has been produced, it is heat treated well above the solvus temperature to
homogenize the microstructure. The ingot then goes through ‘cogging’ to transform it into a
billet. This involves heating the ingot and passing it through a series of dies that get progressively
smaller. This is a hot working process that inflicts thermo-mechanical working on the billet to
reduce grain size. The diameter of the ingot is also reduced to a point where it is approximately
half its original size, increasing its length by around four times [3, 107].

Fig. 2.16 Each stage of the ingot production route use to produce disc alloys. Adapted from [107]
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The resulting billet is then forged in order to achieve a cylindrical shape that can be machined
into a disc. The forging process takes place below the solvus temperature in order to maintain a
fine grain size. Once the billet is forged, it then undergoes subsequent heat treatments in order to
tailor the microstructure to meet high temperature requirements.

2.4.2 Powder Metallurgy Production Route
Powder metallurgy has become more common practise for the production of turbine disc
superalloys as it offers numerous advantages and improvements from the more traditional ingot
based processing route.
The first stages of the powder-based route are virtually the same as the ingot metallurgy process.
A master melt is created by VIM, and then impurities are subsequently removed by means of
ESR and VAR. Once the purity of the alloy chemistry has been optimised, it goes through the
process of atomization (figure 2.17). The molten alloy is poured into a tundish where a jet of
inert gas is used to force it through a ceramic nozzle. This causes the molten metal to break down
into extremely small spherical particles with a diameter that is generally between 30 and 300µm.
The particles then pass through the atomization chamber and solidify before they reach the outlet
valve.
The powder then needs to be consolidated into a solid mass. As solidification occurs after the
spherical particles have formed, it is highly likely that oxidation layers are present on the surface
of each particle. To achieve good bonding across the particle boundaries the powder undergoes
hot isostatic pressing (HIP), which exerts high pressure and mechanical deformation on the
particles. During this stage the powder is placed into a steel can that has been carefully cleaned to
stop any impurities being introduced to the alloy. All gas in the can is then evacuated and the can
is sealed with the powder tightly packed in. The can is then compacted under high temperature
and pressure. This causes the powder to sinter and form a solid mass. The alloy is then extruded
and pressed with high reduction ratios, which generates a finer grain size. The resulting billet is
then forged and heat-treated, as occurs in the ingot metallurgy process.
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Fig. 2.17 Schematic diagram of the argon atomisation process used to produce powders. Adapted from [3]

Cleanliness is highly important throughout the atomization process, as contaminants picked up at
this stage will remain in the powder and be taken through to the rest of the process. There are a
number of ceramic components used in the atomization process that can be prone to erosion,
making it possible for small ceramic contaminant fragments to break off and mix with the
powder. This is a critical issue that can drastically reduce the mechanical properties of the final
compact, which is why meticulous screening steps are implemented throughout the whole
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process. Care also needs to be taken to ensure adequate pressure and force when HIPing, If the
powder is not fully consolidated porosity can occur throughout the finished compact material,
resulting in prior particle boundaries that severely degrade the creep and tensile performance of
the material. Carbon has also been shown to migrate to the surface of particles during
atomization, so appropriate heat treatments must be applied at a later stage in order to achieve
even carbide distribution [111].

Fig. 2.18 Each stage of the powder metallurgy production route use to produce disc alloys. Adapted from [107]

Although powder metallurgy is a more expensive and complex option than the ingot route, it
offers much more control over grain size and therefore much finer grains can be achieved. It also
eliminates the possibility of macrosegregation occurring [3, 107].
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2.4.3 Heat Treatments
Once the turbine disc has been machined into its final shape, it will often undergo heat treatment
to optimise the microstructure and its subsequent effects on mechanical properties. Two
different types of heat treatments are carried out in succession; solution heat-treating and ageing.
The aim of the solution heat treatment is to homogenise the alloy, as many of the refractory
elements present in the alloy chemistry will segregate during cooling, forming unwanted carbide
precipitates. The alloy is heated above the γ’ solvus temperature, usually at temperatures between
1050°C and 1200°C. This ensures that all γ’ and refractory metal carbides are dissolved. Upon
cooling, secondary and tertiary γ’ precipitates will begin to nucleate and grow, forming a
homogenous microstructure [3]. This process is typically carried out in a protective atmosphere
of either vacuum or inert gas to prevent any oxidation from occurring [35].
Once the alloy has been homogenised, it will undergo an ageing process. The intention of this
heat treatment is to coarsen the γ’ precipitates, increasing their volume fraction. The ageing
process can be controlled to optimise the size of the γ’ in order to improve the mechanical
properties of the alloy [3].
Grain size can also be controlled using heat treatments, depending on whether they are above or
below the γ’ solvus. Sub-solvus treatments will be unable to dissolve any γ’, causing large primary
γ’ to remain at the grain boundaries. This will pin the grain boundaries during the heat treatment,
preventing them from growing larger and resulting in a smaller final grain size. Super-solvus
treatments will fully dissolve any γ’, leaving grain boundaries unrestricted and able to grow
throughout the heat treatment [3]. As previously discussed, grain size has a profound effect on
mechanical properties, with smaller grains benefitting `LCF performance and large grains being
preferential for creep performance. Therefore great care has to be taken to control the heat
treatment process to ensure optimal grain size.
Heat treatments can also be used to control the formation of grain boundary phases. As
previously discussed, carbide formation in superalloys can be both detrimental and
supplementary to mechanical properties. This is dependent on the composition and morphology
of the carbides that form, which can be influenced by heat treatments. As different carbides form
at different temperatures, appropriate heat treatments can be applied to promote their formation
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preferentially over other, less desirable carbide types. This will use up the free carbon in the alloy
and prevent further carbide formation, as the carbon will effectively be ‘locked in’ as the carbides
are extremely thermally stable [20].

2.4.4 Dual Microstructure Heat Treatment
One of the main issues with turbine disc design is that although it is one continuous component,
different properties are required at different locations across the disc. The edge of the disc is
subjected to much higher temperatures than the centre, requiring good creep and fatigue crack
growth resistance. At the centre of the disc the temperatures are lower but a much higher load is
experienced, which requires tensile strength and low cycle fatigue to be maximised. Therefore it is
desirable to have a coarse grained microstructure in the outer region of the disc, and finer grains
at the centre.
NASA has developed a dual heat treatment to achieve these different microstructures across the
same disc [108, 109, 110]. This involves subjecting the outer edge of the disc to a super solvus
heat, which allows grain coarsening to occur, increasing creep resistance. The centre of the disc is
kept under insulation, and thermal blocks are put in place to minimise heat transfer from the disc
edge. This allows the centre of the disc to retain a fine grain size, optimising low cycle fatigue
resistance and tensile strength.

Fig. 2.19 Schematic diagram of the dual microstructure heat treatment. Adapted from [3, 108]

59

2.5 Concluding Remarks
This literature review has given an overview of the key topics surrounding the overall aim of this
thesis. Firstly, the chemistry and properties of the long-established nickel superalloys has been
reviewed in order to gain an understanding of how the material system provides the necessary
properties for jet engine applications. It is clear that nickel superalloys offer a unique set of
material properties that can be manipulated and optimised by altering the alloy chemistry,
controlling the morphology and distribution of the γ/γ’ microstructure, promoting the formation
of grain boundary phases and manipulating the grain size. Further improved mechanical
properties can be gained from improving the strength of the two main phases, γ and γ’, through
solution strengthening, which requires an understanding of how elements partition throughout
the phases within an alloy. The oxidation performance of nickel superalloys has also been
considered, highlighting the microstructural mechanisms that occur and the various types of
oxide scales that can form.
The main aim of this thesis is to further develop new variants of cobalt superalloys as potential
successors to the nickel superalloys currently in widespread use in jet engines. Therefore the
existing research on cobalt systems has been reviewed, with particular attention being paid to the
recently discovered Co-Al-W system. This alloy system has been shown to exhibit the
microstructural features that give nickel alloys their unique mechanical properties. However, with
cobalt as a base material, the melting point is higher and it displays better environmental damage
resistance. The currently known effects of alloying additions to the Co-Al-W system have been
highlighted, as this thesis will primarily focus on new alloy chemistries that have been designed
based on existing knowledge. The oxidation mechanisms of cobalt superalloys have also been
looked at as they can differ from those of nickel superalloys. As is clear from the existing
research this new class of superalloys shows great promise, however there is still a great deal
further to go before a viable replacement for nickel superalloys is found. Issues such as density, γ’
solvus and mechanical performance still need to be addressed.
Finally the processing routes and techniques of superalloys has been illustrated as this thesis will
feature alloys produced by both ingot and powder metallurgy, as well as the optimisation of heat
treatments in order to achieve unique microstructural features and enhance mechanical
properties.
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3. Experimental Procedures

3.1 Alloys Studied
The experimental work carried out in chapters 4 and 6 is based upon the Co-Ni-Al-W superalloy
V208C, which was developed prior to this PhD project by Knop et al [113]. The chemical
composition of V208C can be found in table 3.1. All alloy variants used are outlined within the
relevant chapters. Chapter 4 involves experimental work carried out on V208C produced by
powder metallurgy, whereas the work in chapter 6 uses an ingot metallurgy version of the alloy
and a range of variants.
Alloy

Co

Ni

Cr

Al

W

Ta

C

B

Zr

V208C (nom.)

Bal.

35

15

10

3

1

0.15 0.18 0.04

V208C (act.)

Bal.

34.2 14.8 9.5

3.0

1.0

0.15 0.20 0.04

Table 3.1 Nominal and actual compositions of V208C (in at%) [116, 142]

Chapter 5 focuses on two different Co-Ni-Al-W alloys, V208E and V208F. Both alloys have a
similar base composition, but with alloying substitutions of 1.5at% titanium in V208E (for
tungsten, tantalum and aluminium) and 1at% niobium in V208F (for tantalum and tungsten).
Both alloys in this chapter were produced using the powder metallurgy route.
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Alloy

Co

Ni

Cr

Al

W

V208E (nom.)

Bal.

30

15

9

2.75 0.75 0.15 0.16 0.04 1.5

V208E (act.)

Bal.

30.4 15.1 9.98 2.72 0.82 0.11 0.17 0.04 1.53 -

V208F (nom.)

Bal.

31

V208F (act.)

Bal.

30.6 14.9 9.56 2.30 0.75 0.14 0.16 0.04 -

15

9.5

Ta

C

B

Zr

Ti

2.25 0.75 0.15 0.16 0.04 -

Nb
-

1
1.08

Table 3.2 Nominal and actual compositions of V208E and V208F (in at%) [143]

3.2 Alloy Production
The alloys being investigated in this project are intended to be successors to current
polycrystalline nickel superalloys used in turbine discs. As currently used commercial alloys are
now produced predominantly via powder metallurgy, efforts were made to produce prototype
alloys using similar methods. However, due to time and equipment constraints, it was not feasible
to test a wide range of powder metallurgy alloys, so an in-house ingot production method was
established. This enabled the relatively fast production of new alloys with prototype chemistries
at a laboratory scale.

3.2.1 Powder Metallurgy Production
All powder metallurgy alloys used in this project were produced and HIPed by ATI Powder
Metals, Oakdale, PA, USA. Subsequent forging was carried out by ATI Ladish Forging, Cudahy,
WI, USA.
Initial alloy ingots were melted using vacuum induction melting before going through the inert
gas atomisation process, as described in section 2.4.2. The atomised powder was then passed
through a 270 mesh sieve, filtering out any particles larger than 53µm before being super-solvus
HIPed in steel cans for 4 hours at 1050°C to consolidate into a single compact. The steel cans
were removed to give cylindrical sections 75mm thick and 75mm in diameter. Each section was
then isothermally forged at 1050°C until a reduction to a height of 20mm was achieved. This
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level of reduction implemented to avoid the occurrence of prior particle boundaries, as they had
been experienced in previous work on similar alloys by M. Knop.
The resulting material was then sectioned into smaller blanks for testing before being sent to
Imperial College for final optimising heat treatments, which are discussed in depth in chapter 4.

3.2.2 Ingot Metallurgy Production
As the full powder metallurgy production process for these alloys required upwards of 6 months
per alloy batch, a small-scale ingot production route was established in order to produce alloys
much more frequently.
Vacuum Arc Melting

Homogenisation

Profile Hot Rolling

Heat Treatment

Fig. 3.1 Schematic overview of the ingot production process

The raw metal constituents of each alloy were weighed to give 400g of the overall composition.
The final ingots weighed 350g, however more was initially added to compensate for losses during
the melting process. The raw alloy components were then distributed evenly in a copper crucible
to achieve uniform dispersion during melting. As the alloys used in this project contained
elements with a wide range of melting points (aluminium at 660°C to tungsten at 3422°C) they
had to be positioned with the higher melting point metals on top, covering the metals with low
melting points. This helped prevent the metals with lower melting points from becoming volatile
and escaping the crucible before the rest had begun to melt. The raw materials were then arc
melted to produce a dome shaped ‘button’ of material. Although the interior of the melter was
vigorously cleaned between each melt, impurities would still be present, and unwanted oxide
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scales and impurity phases segregated and would rise to the top of the button after the first melt.
To remove these an additional step was added where the button was removed from the melter to
have the impurities and oxides ground away from the surface, before being re-melted to produce
a cleaner final ingot. On some occasions this process was repeated more than once in order to
obtain a sufficiently clean melt.
The clean button was then re-melted for a final time and the crucible was tipped to pour the
molten metal into a 23x23x60mm water-cooled copper mould. Great care was required when
pouring to avoid solidification at the spout of the crucible before the mould had been filled. It
was not possible to pour all of the molten metal into the mould, and so a small button would be
left over after pouring. The resulting ingots were then checked for sinkholes at the top, caused by
solidification shrinkage. If any sinkholes or recesses were present, material was cut away from the
same end of the ingot until the end of the recess had been reached. This was to prevent cracking
and alligatoring during the rolling process.

Vacuum controls
Arc manipulator

Melt chamber
UV
protective
glass

Crucible
tilting
handle
Fig. 3.2 The vacuum arc melter used to melt alloys
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1

2

3

4

Fig. 3.3 1) Copper crucible with the melted button inside, 2) water-cooled copper mould, 3) resulting ingot, 4)
leftover button after final melt/pour

After the final melt/pour, the ingot was removed from the mould and left to cool. It then
underwent a homogenisation heat treatment in a vacuum furnace to overcome any macro and
micro-segregation from both the initial distribution of elements in the crucible and solidification
processes. A vacuum furnace was opted for because preliminary ingot production was
unsuccessful due to severe cracking and disintegration of the ingots during the hot rolling
process. This was mainly due to heavy surface oxidation as homogenisation had been previously
carried out in air. Encapsulation of the ingots was attempted however it was not a viable option
as they were too large. It was also found that non-homogeneity in the ingots was a contributing
factor so the homogenisation temperature was raised to 1250°C for 48 hours, successfully
achieving homogenised alloys.
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Once the ingots had been homogenised they were then hot rolled at 1200°C to refine grain size
and induce work hardening. Ingots were initially soaked at temperature for 30 minutes, then a
further 2 minutes at temperature in between each subsequent rolling pass. Rolling was carried out
on a rolling mill with V-shaped profiles machined into the rolls, with the ingot being rotated 90°
and re-rolled on each pass to achieve even stress distribution across the full cross section of the
ingot. Separation between the rolls was reduced gradually in between each step to maintain a
constant strain of approximately 11-17%. A 19mm profile was used for the first three rolling
passes, before moving to a 13mm profile to gain further reduction in the final passes. For the
final pass on each profile the rolls were lowered until touching, giving exactly 19x19mm and
13x13mm ingots. The rolling speed was 30RPM and the roll diameter was 125.5mm. The ingot
rolling steps are displayed in table 3.3.
Profile
19mm

13mm

Pass No. Roll Gap Reduction

Total Reduction

Strain Total Strain

1

3.5mm

13%

13%

14%

14%

2

1.5mm

13%

24%

14%

27%

3

0mm

10%

32%

11%

38%

4

6.5mm

14%

41%

15%

54%

5

4.5mm

15%

50%

17%

70%

6

3mm

13%

57%

14%

84%

7

1.5mm

14%

63%

15%

98%

8

0mm

15%

68%

16%

114%

Table 3.3 Ingot rolling steps

This rolling schedule was designed to result in a total reduction of approximately 70%. Initial
trials were unsuccessful due to ingots either forming cracks, alligatoring or completely
disintegrating. Alligatoring was found to be caused by either sinkholes in the ingot from the
melting stage, or adhesion of the ingot to the rolls when at high temperature. This was avoided
by adding oil-based lubricant to the surface of the rolls in between each pass. Examples of
unsuccessful ingots are shown in figure 3.4(1), (2) and (3). Rolling speed was also increased from
20rpm to 30rpm to minimise chilling across the ingot during rolling passes, as they would lose
their workability as the temperature decreased.
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After the final rolling pass, ingots were approximately 13x13x190mm. They were heated to
1200°C once more before being straightened under a fly press. An example of a finished ingot
can be seen in figure 3.4(4). The final ingots were then solution heat treated and aged to achieve
an optimised γ/γ’ microstructure. The development of the heat treatment is discussed in further
detail in chapter 4.

1

2

3

4

Fig. 3.4 Examples of unsuccessful ingots 1) typical sinkhole, 2) alligatoring caused by adhesion to rolls, 3) severe
cracking due to oxidation during homogenisation treatment, and 4) an example of a successful ingot after rolling

Once rolled and heat treated, the ingots were then sectioned to provide samples for thermal
analysis, microstructure characterisation and oxidation performance. Wire electronic discharge
machining (wire EDM) was also used to cut out dog bone samples for tensile testing.
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3.3 Alloy Characterisation
As the alloys being investigated in this project were produced with prototype compositions, a
wide range of characterisation techniques were used to give an overview of the alloy as a whole
before any decisions were made to investigate certain aspects in more depth. Microscopy
techniques were used to characterise the microstructural features of each alloy, as well as a range
of mechanical and thermal tests to rank alloy performance. Thermal analysis was also used to
determine the solvus temperatures of each alloy.

3.3.1 Composition Measurements
The powder metallurgy alloys V208E and V208F were supplied with detailed compositional
analysis obtained by ICP-OES and LECO inert gas fusion for carbon and boron content by ATI
Ladish Forging. However, the alloys produced by ingot metallurgy were measured using nominal
composition. Therefore, energy-dispersive X-ray spectroscopy (EDX) was used to determine
chemical composition more accurately in the V208C ingots. This was carried out on a JEOL
JSM6400 SEM fitted with an Inca EDX detector by Oxford Instruments. An accelerating voltage
of 20kV was used and EDX maps were taken on three separate surface locations at low (x500)
magnification in order to obtain a more accurate average compositional analysis.

3.3.2 Density Measurements
The density of each alloy was measured in accordance with the ASTM B311-08 method
guidelines. This involved the use of Archimedes’ principle to calculate density based on the mass
of a sample in air and it’s mass in water. When suspended in water the apparent mass of the
sample is equal to the mass of the sample minus the weight of the displaced water. Therefore:

!=

!!"# !!"#$%
!!"# − !!""#$%#&
(3.1)
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where !!"# is the mass of the sample in air, !!""#$%#& is the mass of the sample when
immersed in water and !!"#$% is the density of water at the temperature the measurement was
performed at. Each measurement was carried out at 22°C. Distilled water was used, along with a
small quantity of ethanol as a wetting agent to reduce discrepancies caused by surface tension
around the immersion apparatus.

3.3.3 Microstructural Analysis

One of the key aspects of microstructural analysis for the cobalt alloys in this project was the γ/γ’
microstructure. While in previous generations of superalloys the γ’ precipitates are often large
enough to be visible under a light microscope, the γ’ in Co-Al-W alloys is typically in the size
range of approximately 20-150nm. Therefore SEM was the only viable method to image the full
microstructure. Electron backscatter detection (EBSD) was also used to determine grain size and
distribution.

3.3.3.1 γ/γ’ Characterisation
The size, distribution and volume fraction of γ’ precipitates was of particular interest throughout
this project, as it had a significant effect on performance and workability of the alloys. Samples
were mounted in Bakelite and sequentially ground on a Struers TegraPol-15 using 500, 800, 1200,
2000 and 4000 grit silicon carbide grinding papers. They were then given a final polish for 40
minutes using a colloidal silica suspension (OPS) on a Struers Tegramin-20. Samples were then
electrolytically etched in a metal beaker containing 2.5% phosphoric acid in methanol. The
sample was connected to the positive terminal and the metal beaker to the negative in order to
complete the circuit. The power source was set to 3.5V and samples were etched for
approximately 5 seconds before being quelled in water. They were then broken out of the
Bakelite supports before being ultrasonically cleaned in methanol and mounted to aluminium
stubs with adhesive carbon tape to be viewed in the SEM. The electrolytic etching method
dissolves away the γ matrix in superalloys to give a more distinct contrast, making the γ’
precipitates more visible under the SEM.
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For γ/γ’ imaging a LEO Gemini 1525 FEGSEM was used, with an acceleration voltage of 5kV.
Samples were observed at a working distance of 5mm. To statistically characterise the secondary
γ’ volume fraction, images at x100k magnification were taken and processed using ImageJ
software. The contrast levels of the SEM micrograph were adjusted to highlight the γ’
precipitates before being converted to a binary image with γ’ in black and the surrounding γ
matrix in white. Smaller tertiary γ’ precipitates were removed using a particle size filter set to
30nm. The ImageJ particle analysis function was then used to determine area coverage of the γ’
precipitates, as well as average particle diameter.

3.3.3.2 Carbide Characterisation
Carbide formation occurred in all alloys tested throughout this project, as the carbon content was
sufficient in each one. Imaging the size and distribution of carbides was essential to
understanding how they form during processing and their subsequent effect on mechanical
properties. The electrolytic etching method outlined in section 3.3.3.1 did not provide any
contrast to carbide phases and so an alternative approach was required. Carbides were therefore
imaged using backscattered detection (BSE) in a SEM. For this project BSE imaging was carried
out using a Zeiss Auriga Cross-Beam FEGSEM, fitted with a backscatter detector. An
acceleration voltage of 5kV was used, with a working distance of 5mm. As the intensity of the
backscattered signal is proportional to the mass of the elements in the sample, contrast is a direct
indication of atomic number (Z) and heavier atoms will appear brighter on BSE micrographs.
This helped identify carbide phases, as they tend to form with heavy refractory elements such as
tantalum and tungsten. For BSE imaging samples were polished to the same finish as in section
3.3.3.1, but were not etched.
It is also important to define the composition of carbides, in order to gain an understanding of
how certain alloying elements may affect their formation. EDX was used to evaluate the
composition of carbides, however as they were often <1µm this was carried out using the EDX
detector in the Zeiss Auriga Cross-Beam FEGSEM. Point scans were utilised to highlight the
concentration of elements in individual carbides throughout the microstructure. EDX functions
more efficiently when the accelerating voltage of the electron beam is higher, typically around
20KeV, as this allows a wider range to be scanned. However, increasing the accelerating voltage
also increases the interaction volume, meaning that larger areas of the microstructure are

71
captured. The carbides observed in this project were predominantly sub-micron in size, and the
interaction volumes experienced at accelerating voltages of 20KeV were not able to pinpoint scan
locations solely on the carbides. Therefore a lower voltage of 5KeV was used to ensure more of
the EDX data returned from the point scans related exclusively to the carbide being examined.
The SEM-based EDX technique gave a good indication of the types of elements that were
promoting the formation of carbides, however the resolution of this technique is not good
enough to obtain an accurate chemical composition. As discussed in section 2.2.1.3, various
different types of carbides can form (MC, M23C6, M6C etc.) depending on processing and
production temperatures/conditions. Therefore a precise confirmation of chemical composition
can give a good indication of the type of carbide, for example MC carbides are approximately
50% carbon and 50% metal. Transmission electron microscopy (TEM) techniques were used to
obtain more accurate compositional analysis, particularly the STEM-EDS method.
To ensure carbides were present when imaging in TEM, site-selective samples were prepared
using the focused ion beam (FIB) method to prepare TEM foils. Standard SEM-scale samples
were polished to the same standard outlined in section 3.3.2.1, except silver paint was used as an
adhesive as opposed to carbon tape. They were then imaged in secondary electron mode using a
FEI Helios NanoLab 600 dual-beam FIB/SEM. Secondary electron images were acquired using
an acceleration voltage of 5kV and a 0.17nA beam current. The secondary mode highlighted the
location of carbides throughout the sample, which enabled a location to be selected for milling
out a TEM sample. Once a location had been selected, a platinum layer was deposited to protect
the area during milling. The gallium ion beam was used to mill away material surrounding the
desired sample area using an acceleration voltage of 30kV and a beam current of 48pA in order
to reduce gallium contamination. An OmniProbe AutoProbe micromanipulator was then guided
onto the surface of the sample area and attached via platinum deposition. The underside of the
desired sample was then milled away using the same milling parameters above, allowing it to be
freely removed from the bulk material. The sample was then further thinned using the FIB with
an acceleration voltage of 5kV and until electron transparency was observed, therefore indicating
a section of the sample was thin enough for TEM imaging. A final polish was performed using an
acceleration voltage of 2kV. Samples were stored in a desiccation chamber before being
examined in the TEM. Electron micrographs of some of the stages of this method are shown in
figure 3.5.
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Fig. 3.5 Secondary electron micrographs showing 1) platinum deposition before milling, 2) the TEM foil postmilling, prior to being lifted out with the micromanipulator, 3) side view of the TEM foil after being removed from
the material surface with the micromanipulator and 4) the TEM foil after being thinned by the FIB

Foils were observed using a JEOL JEM-2100F TEM with an acceleration voltage of 200kV. The
TEM was equipped with a silicon-drift detector (SSD) from Oxford Instruments for X-ray
energy-dispersive spectrometry (XEDS). The XEDS data was collected using a spot size of
0.7nm. Qualitative X-ray maps were constructed from spectral image data of a 487 x 385 (1.53µm
x 1.21µm) pixel scan using an acceleration voltage of 200kV with 2048 channels. Maps were
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acquired over 280 frames with an energy range of 20KeV and a live time of 2625 seconds,
resulting in a total of 43,946,555 counts. The XEDS maps were then split to show atomic
concentration per element detected across the microstructure. Maps were corrected for
background and peak overlap using the TruMap function available in the Oxford instruments
AZtecTEM software.
Spot spectra were acquired using an acceleration voltage of 200kV, acquiring data over an energy
range of 20KeV with 2048 channels and a live time of 43 seconds.

3.3.3.3 Grain Size Measurement
Initial attempts were made to characterise grain size using etchants and light microscopy. Kallings
No.2 etch (5g copper chloride, 100ml hydrochloric acid, 100ml ethanol) was used to etch away
and highlight grain boundaries. However, due to the significant hydrochloric acid component of
this etchant, the effect was particularly aggressive. Grain boundaries were visible under light
microscopy, however when attempting to gain a closer look under SEM, the etched grain
boundaries could not be seen clearly.
To achieve a clear analysis of grain size and distribution, the electron backscatter diffraction
(EBSD) technique was used. EBSD determines crystal orientation across a sample, and as each
grain is effectively one crystal with a different orientation to surrounding grains it was an effective
method to analyse grain size. Samples were ground, polished and cleaned using the method
described in section 3.3.3.1, but were not etched. For EBSD the Zeiss Auriga Cross-Beam
FEGSEM was used. The samples were imaged and focused using secondary electron imaging at a
working distance of 15mm, then tilted to 70°. Magnification was set to approximately x500 to
incorporate a large area of the sample to give a wide range of grain sizes. A step size of 0.5µm
was used to give a relatively high resolution and only FCC cobalt structures were selected for
detection. Electron scattering was detected by a CCD chip and then analysed using the Esprit 2.0
EBSD software. The resulting IPFZ EBSD map was then overlaid with the original SEM
micrograph. Average grain size and distribution were calculated and weighted by area fraction.
The crystallographic orientations of each grain were also noted.
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3.3.4 Determining γ’ Solvus Temperatures
One of the most important parameters that affected nearly all aspects of the investigation for
each alloy was the γ’ solvus temperature. It correlates with volume fraction, workability and
temperature performance limits, as well as being a key defining factor for establishing heat
treatments. The solvus temperature can be measured using differential scanning calorimetry
(DSC), which is a technique where heat flow to a sample is measured over a temperature range,
both on heating and cooling, compared to an empty crucible that acts as a reference sample.
During any endothermic phase transformations, a greater amount of heat flow will be required
for the dissolution of a particular phase when compared to the reference. This results in a notable
peak in the heat flow curve at that particular temperature, highlighting the transformation. DSC is
typically carried out in an inert gas atmosphere (argon in this case) to prevent any separate phase
formation such as oxidation.

In this project a Mettler-Toledo TGA/DSC 2 was used to carry out DSC experiments. It was
fitted with a GC100 gas controller to regulate argon purging in the DSC furnace chamber, as well
as control argon flow around the balance components where it acted as a protective gas. A Huber
Ministat 230 chiller unit was also connected to increase temperature accuracy at lower
temperatures. Experimental control and curve analysis was performed using the Mettler-Toledo
STARe software.

Samples were cut into 2x2x2mm cubes and heated to 1200°C at 10°C/min before being cooled
back down to room temperature at the same rate. The argon flow rate into the furnace chamber
was set at 50ml/min. The γ’ solvus temperatures for the alloys studied in this project were
expected to be in the 900-1100°C range, which is why 1200°C was chosen as an upper limit.
Solvus temperatures were measured on the cooling section of the curve, as the peak was far more
pronounced compared to heating. Also, the alloys in this project were not mechanically tested at
temperatures around the γ’ solvus, and so the dissolution of γ’ on heating was not considered to
be as important. Formation of γ’ on cooling was of particular interest as the majority of work
developing heat treatments revolved around using super-solvus heat treatments control γ’
precipitation. The peaks produced in DSC occur over a small range of temperatures, as the phase
transformation is not instantaneous and occurs over a range of temperatures. Therefore an exact
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solvus temperature is difficult to measure. For this project, the γ’ solvus was taken as the
temperature at which the peak begins, i.e. the point at which γ’ first starts to form.

1

2

Fig. 3.6 1) The DSC/TGA 2 used in this project and 2) a schematic diagram of the setup inside the furnace
chamber. Adapted from [114]

3.4 Alloy Performance
Whilst the microstructural features and γ’ solvus temperatures give an indication of how the alloy
might perform under engine-like conditions, performance tests need to be carried out in order to
verify the properties of new alloys. A range of scaled and accelerated testing techniques were used
to characterise the mechanical, thermal stability and oxidation performance of alloys being
investigated.

3.4.1 Mechanical Performance
As conditions within a jet engine can vary significantly, many aspects of mechanical performance
need to be considered. Strength alone is not enough to provide an insight into how well an alloy
deals with the stresses experienced within an engine. Time and temperature also need to be taken
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into consideration. The ingot metallurgy alloy variants of V208C produced in this project
underwent tensile testing at elevated temperatures, due to limited material available. However,
both powder metallurgy alloys V208E and V208F were tested under tensile, creep and fatigue
loading.

3.4.1.1 Tensile Testing
For tensile testing, dog bone test pieces with a gauge length of 15mm and cross sectional area of
1.5x1.5mm were cut from each alloy using a wire electro discharge machining (EDM). Testing
was performed on a hydraulic Zwick rig with a water-cooled vacuum chamber furnace attached.
Samples were loaded and placed under vacuum before being held at a load of 50MPa whilst being
brought to the correct temperature. This was to allow adjustment for the expansion of the grips
at higher temperatures. Once the thermal expansion had settled, tests were performed with a
strain rate of 10-3s-1 until sample failure. For each alloy a range of tests were carried out, at room
temperature and then in 50°C increments from 650°C to 900°C. The resulting flow stress curves
were then used to pinpoint the 0.2% offset yield stress, and then plotted against temperature to
highlight the yield stress anomaly peak.

3.4.1.2 Creep Testing
Creep tests were performed to observe alloy performance under static loading at elevated
temperatures. For this project alloys were tested under tensile loads, as compression creep tests
tend to over-estimate true creep performance, often by an order of magnitude. Round samples
were machined from forged powder alloy compacts according to a standard M12 creep specimen
design that had been modified to reduce the gauge size. This was to reduce strain on the grips, as
previous experiments had caused the IN718 grips to crack during testing. As shown in figure 3.7,
the specimens had a gauge length of 9.8mm and a diameter of 5mm, with raised ridges either side
to accommodate separate smaller grips that were attached to a strain gauge to measure
elongation.
Two sets of creep tests were performed at 800°C with a 300MPa load, and 700°C with a 650MPa
load. The resulting creep curves were used to observe primary, secondary and tertiary creep
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behaviour, and Larson-Miller parameters were calculated in order to compare to existing data in
the literature. Due to material availability, creep tests were only performed on powder alloys in
this project and not ingot alloys.

Fig. 3.7 Technical drawing for the M12 creep specimens, modified to reduce gauge diameter. All dimensions in mm

3.4.1.3 Fatigue Testing

While creep testing can evaluate the ability of alloys to withstand loading at high temperatures,
behaviour under dynamic loading is also critical to characterising alloy performance. Low cycle
fatigue (LCF) tests at were carried out at 650°C on the powder alloys being investigated in this
project to evaluate cyclic loading behaviour, as well as crack initiation and growth. Smaller M8
specimens with a gauge length of 15mm and diameter of 3mm were machined from powder alloy
compacts, according to the technical drawing in figure 3.8.
Fatigue tests were performed on a 100kN Mayes rig, using IN718 high temperature grips, pull
rods and base plates. The grips and pull rods were aligned using the MTS alignment cell and
software. A class 5 alignment was achieved before testing, with ASTM standards requiring at least
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class 10. Alloy samples were tested under a trapezoidal 1-1-1-1 waveform at 2.5Hz with R=0.05.
Complete sample unloading was not implemented due to limitations with the test rig.

Fig. 3.8 Technical drawing for the M8 fatigue specimens. All dimensions in mm

To establish an appropriate load for fatigue testing, tensile tests were performed on each alloy
according the procedure in section 3.4.1.1 to establish the yield stress at 650°C. A ‘step test’ was
then carried out, whereby an alloy sample was subjected to 250,000 cycles under the proposed
test parameters, but at 90% of the yield stress. Once completed, the loading stress was increased
by 40MPa and the sample was tested for another 250,000 cycles. This process was repeated until
sample failure, with the load at this point being used for the final fatigue tests.

3.4.2 Thermal Stability
With turbine discs being exposed to elevated temperatures for extended periods of time, the
thermal stability of superalloys being used is extremely important. In this project, an operating
temperature of 800°C was the benchmark for alloy performance. Therefore, the stability of the
two powder metallurgy alloys V208E and V208F was investigated for 1000, 2000, 5000 and
10,000 hours at 800°C in air. The extent of γ’ coarsening was examined using SEM.
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3.4.3 Oxidation Performance
Oxidation is key factor of alloy performance that needs to be carefully considered when
designing new alloys for jet engine applications. As the target operating temperature of the alloys
being developed in this project was 800°C, they need to show oxidation resistance for extended
time periods at this temperature. Oxidation can be graded in a number of different ways, with
mass gain, scale thickness and damage depth being considered in this project.

3.4.3.1 Mass Gain
To measure mass gain due to oxide formation, thermogravimetric analysis (TGA) was carried out
using the same Mettler Toledo TGA/DSC 2 used for DSC experiments. Samples were cut into
3.5x3.5x6mm cuboids, which was the largest possible geometry able to fit into the available
alumina crucibles. This size was used to maximise the surface area of the sample in order to
reduce the error margin when calculating mass gain rates. Samples were then heated to 800°C for
100 hours in a bottled air environment, with the GC100 gas controller maintaining the flow at
50ml/min. Mass change was plotted against time for each alloy, giving a mass gain curve. The
overall mass gain throughout the 100 hours was then used to calculate a mass gain rate of the
alloy based on the surface area of the sample. The curves featured an initial spike in mass at the
beginning of the test, which was due the sensors and mass balance adjusting to the buoyancy
effect caused by the increase in temperature. Therefore mass gain was measured from the point
at which the curve becomes relatively linear after the maxima, as shown in figure 3.9.

Fig. 3.9 Example of a TGA curve for the ingot metallurgy version of V208C
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3.4.3.2 Oxide Scale Thickness and Damage Depth
Whilst the mass gain of an alloy is a good indication of its oxidation resistance, there a number of
microstructural phenomena occurring beneath the oxide scale that can significantly influence
performance. In superalloys, Al2O3 and Cr2O3 are the dominant oxides, with a continuous layer
of Al2O3 being the most desirable formation. However, when Al2O3 forms it draws upon the
local aluminium in the γ’ precipitates around the surface of the material. As the aluminium
diffuses to the surface to form oxide layers, it leaves behind a γ’ depleted zone. The depth of this
depleted zone, in addition to the oxide scale thickness, is regarded as the total damage caused by
oxidation. Therefore the oxidation performance of alloys in this project was also ranked based on
this parameter. A schematic representation of this damage depth is shown in figure 3.10.

Fig. 3.10 Schematic cross sectional diagram of oxidation damage in superalloys, showing 1) oxide scale thickness, 2)
internal oxidation thickness, 3) total oxidation thickness and 4) total damage depth.

Samples were polished according to the method detailed in section 3.3.3.1 and placed in a
furnace, in air, at 800°C for 100 hours. Polishing was used to negate any discrepancies in results
caused by differences in surface roughness across samples. Once removed from the surface the
samples were coated with a 10nm chromium layer.
To obtain a cross sectional image of the surface layers and sub-surface microstructure, a FIB was
used to mill a trench into the sample. The FIB function on the Zeiss Auriga Cross-beam
FEGSEM was used for the oxidation samples in this project. Samples were focused and imaged
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using an acceleration voltage of 5kV and a working distance of 5mm. They were then tilted to
54° in order to be aligned with the FIB, at which point a trapezoidal trench was milled from the
sample with a width of 20µm, height of 15µm and depth of 10µm using a milling current of
16nA. An example of a trench is shown in figure 3.11. The cross sectioned side of the trench was
then further polished using the FIB with a milling current of 1nA. The exposed cross section was
imaged in BSE mode using an acceleration voltage of 1.48kV to provide Z-contrast between
different layers and highlight both oxide formations, the γ’ depleted zone and γ/γ’
microstructure. Damage depth was measured using the point-to-point measure feature included
in the SEM software. Ten measurements were taken along the cross section and an average was
taken to give the overall damage depth.

Fig. 3.11 Example of a FIB trench used to image a cross section of the oxide layers formed and sub-surface damage.
Taken across a grain boundary in order to reveal any grain boundary specific behaviour.
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4. Process Optimisation of Co/Ni Powder
Alloys

4.1 Introduction
Optimising alloy chemistry forms the basis of the development of new superalloys and
determines many key properties and performance attributes. However, due to the unique
microstructural features of superalloys careful control of the production and processing routes
can also result in significant increases in alloy capabilities.
The powder alloy V208C, developed by M. Knop [113, 116], is a prototype alloy candidate that
has been developed as part of the on-going cobalt research effort at Imperial College. Knop’s
work predominantly involved optimising the alloy chemistry, γ/γ’ microstructure characterisation,
mechanical testing and oxidation performance. The alloy was produced via the vacuum induction
melting, gas atomisation, HIP and isothermal forging process described in section 3.2.1, and a
standardised stabilisation heat treatment of 900°C for 16 hours was used to coarsen and stabilise
the γ’ precipitates. Prior to this PhD project there had been no investigation into the optimisation
of the processing route and post-processing heat treatments, even though there is a wealth of
literature to support the notion that they can offer significant improvements in alloy properties
and performance.

84
Building upon Knop’s work on V208C, this chapter outlines efforts made to improve
microstructural formation and mechanical performance through the development of heat
treatments and optimisation of the HIP section of the production route. The heat treatment
established in this chapter will be taken forward and applied to subsequent alloys investigated
throughout this programme.

4.2 Results and Discussion
In this chapter the HIP stage of the V208C production process has been investigated in an
attempt to optimise carbide formation and distribution throughout the microstructure.
Additionally, a multi-step heat treatment was developed in order to promote the formation of
serrated grain boundaries to improve mechanical performance, as well as optimise γ’ size and
distribution.

4.2.1 HIP Optimisation
The HIP stage of powder alloy production is highly important as it forms the initial compact
from the atomised powder. Great care needs to be taken to minimise porosity, which is achieved
by keeping HIP temperature and pressure as high as possible. However raising the temperature
to ensure a higher degree of compacting can enable certain microstructural changes to occur, in
particular, carbide formation.
Carbides can form at multiple stages throughout production and processing, in particular during
the melting of the alloy and HIPing. As outlined in section 2.3.3.4, carbides play a key role in the
strengthening of superalloys and the way in which they form needs to be optimised to achieve a
notable improvement in alloy strength. Control over carbide formation during melting is
extremely limited and very little can be done to affect the types and distribution of carbides that
form during solidification or in the melt itself. However it is possible to influence formation
during the HIP process, as the alloy constituents are solidified and much less volatile compared
to the melting stage.
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During the development of V208C prior to this PhD project, large blocky carbides were
observed in the grain bulk (as shown in figure 4.1). This is likely to have a detrimental effect on
the mechanical performance of the alloy as large brittle inclusions within the grain bulk can act as
stress concentration and crack initiation points. Finer carbides are generally preferred over large
bulky ones as they promote grain boundary pinning during recrystallization, which allows for
greater control over grain size. Additionally, a higher coverage of fine carbides at grain
boundaries improves creep performance by increasing resistance to grain boundary sliding.

Figure 4.1 Backscatter electron (BSE) images showing large blocky carbides found in the grain bulk of V208C

As the carbon content in V208C is relatively high (0.15at%) compared to similar superalloys, and
the tantalum content is 1at%, MC is more likely to be the dominant carbide that forms [66]. MC
also has a tendency to form blocky carbide morphologies, therefore the large carbides found in
the grain bulk were presumed to be MC. The desirable carbide formation for polycrystalline
superalloys is fine discrete carbides that decorate the grain boundaries. This can typically be either
fine MC carbides or M23C6.
It was not viable to alter the parameters of the melting, atomisation or forging processes outlined
in section 3.2.1. Therefore a HIP process was developed to promote desirable carbide formation.
As carbides exhibit high thermal stability, any processing steps after HIPing should not
significantly affect carbide size and distribution. Temperature and exposure time in the
subsequent steps throughout the production of V208C were not sufficient enough to cause
excessive coarsening or decomposition of carbides.
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Prior to this investigation, V208C was HIPed at 100MPa for 4 hours at 1050°C. A super-solvus
temperature was used to provide an optimal γ’ volume fraction, size and distribution, as well as
ensure a higher degree of HIP compaction. However higher temperatures are more likely to
cause the formation of large blocky MC as opposed to M23C6, which tends to form between 760
and 980°C [23]. Higher temperatures also increase the diffusivity of carbide forming elements,
which facilitates the precipitation of large blocky carbides in the grain bulk. Therefore lower
temperatures would also prevent any existing MC from severely coarsening. In order to either
promote fine, discrete M23C6 or MC carbides during the HIP process an initial lower temperature
stage was introduced at 950°C for an additional 4 hours, as outlined in the schematic diagram in
figure 4.2.
Temperature
4h

1050°C
950°C

4h

Ramp Rate = 10°C/min

Figure 4.2 Schematic representation of the 2-stage HIP process

Time

The purpose of the 950°C stage is to create the appropriate conditions for fine, discrete carbides
to form in place of large blocky MC. The concept is that at lower temperatures M23C6 will be
more stable, relative to MC, than at higher temperatures, whilst slow diffusing refractory metals
like tantalum and tungsten will be less mobile. This should enable finer carbides to form with
nucleation being the dominant mechanism as opposed to diffusion [138]. Then, once the
desirable carbide distribution has been achieved, the temperature is increased to 1050°C for the
second stage where the standard HIP conditions previously used are applied in order to bond the
compact together. As the carbides that form during the lower temperature stage would effectively
‘lock in’ a large portion of the carbon in the alloy, it would be very difficult for large blocky MC
to precipitate out during the high temperature stage. The thermal stability of carbides then helps
retain the carbide formation achieved at the lower temperature. Small samples of powder
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(approximately 100g) were subjected to this two-stage HIP using facilities at the University of
Birmingham and subsequently analysed at Imperial College to identify the effect it had on carbide
formation. This followed on from preliminary experiments performed on powder in argon in the
DSC.
As can be seen in figure 4.3, the two-stage HIP had a significant effect on the carbide size and
distribution in V208C. There is no indication of large blocky carbides forming in the grain bulk,
and fine discrete carbides can be seen at the powder particle boundaries. This is likely to have
occurred due to the tendency for carbon to migrate to the edge of the powder particles during
the atomization process [111]. HIPing the alloy at the lower temperature of 950°C during the
first stage will have reduced diffusivity compared to the standard 1050°C HIP, therefore retaining
carbon at the particle boundaries. However, at 950°C the conditions are sufficient to promote the
formation and slight coarsening of fine, discrete carbides.

Figure 4.3 BSE images showing the distribution of carbides at prior particle boundaries after the two-stage HIP

Although BSE imaging shows that implementing the two-stage HIP is capable of preventing
large carbides in the grain bulk, further analysis was performed using TEM. A cross-section of a
particle boundary containing a small number of carbides was extracted and thinned using the FIB
technique described in section 3.3.3.2. The resulting foil was then observed in STEM and STEMEDS in order to analyse the chemical composition of the carbides. As shown in figure 4.4, the
extracted foil contained grain boundary carbides ranging in size from approximately 60nm to
300nm. At this size it was not feasible to obtain accurate diffraction patterns in order to
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determine crystal structure. Therefore it was not possible to accurately confirm the exact
crystallography of carbides forming in V208C after the two-stage HIP.

Figure 4.4 Bright Field TEM image of the extracted foil and carbides examined

To confirm the elements responsible for carbide formation in V208C, a STEM-EDS map was
used to highlight the distribution of elements around the carbides seen in the foil. The scanned
area is shown in figure 4.5, and the EDS results are shown in figure 4.6. It is clear that tantalum
and zirconium are the primary carbide formers in V208C. Although tungsten is a known carbide
former, it does not appear to contribute to carbide formation and is instead distributed evenly
throughout both the γ’ and γ matrix. TEM imaging was performed by I. Bantounas.

Figure 4.5 Bright Field TEM image of the STEM-EDS smart map area
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Figure 4.6 STEM EDS smart maps showing element distribution around the particle boundary carbides in V208C
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4.2.2 Heat Treatment Optimisation
After the HIP and isothermal forging process, the microstructure of V208C, like most
superalloys, still needs to be optimised using heat treatments. The γ’ precipitates are typically very
small immediately after forging and so they need to be coarsened to ensure thermal stability.
Prior to this PhD project, V208C was subjected to a standardised heat treatment of 900°C for 16
hours to coarsen the γ’ to approximately 80-100nm. In order to build upon this heat treatment
and further optimise the microstructure, additional steps were investigated to determine the
effects of super-solvus heat-treating and cooling rates.

4.2.2.1 Sub vs. Super Solvus Heat Treatments

The 900°C stabilisation treatment initially used for V208C coarsened the γ’ precipitates from
their size and distribution as at the end of the forging process. Although the forging temperature
is intended to be fixed at 1050°C, there is not a great deal of control, which can potentially result
in an uneven γ’ distribution. Therefore an additional step was investigated to be implemented in
order to optimise γ’ precipitate size and distribution prior to the 16 hour 900°C stabilisation
treatment.
The effect of heat treatments on the γ’ microstructure is largely influenced by the γ’ solvus
temperature. Knop established that V208C has a solvus temperature of 1000°C [116]. In this
project both sub-solvus and super-solvus heat treatments of 990°C and 1050°C for 4 hours were
performed in order to determine the effects on the γ/γ’ microstructure. Figure 4.6 shows the
resulting microstructures of V208C after both sub and super-solvus heat treatments. It is clear
that the sub-solvus heat treatment results in a bimodal γ’ precipitate size distribution, with larger
precipitates

(approximately

120-150nm)

interspersed

with

much

smaller

precipitates

(approximately 30nm). The super-solvus heat treatment however results in a finer and more
uniform γ’ precipitate size of approximately 80nm, with a uni-modal distribution. This correlates
with research by Balikci et al [125], which shows sub-solvus treatments tend to produce bimodal
γ’ precipitate microstructures, whereas taking the alloy above the solvus temperature completely
dissolves the γ’ and allows for an even redistribution when it begins to precipitate on cooling.
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990° C

1050°C

Figure 4.7 Etched SEM images showing the γ’ precipitate size and distribution after 4 hours above and below the γ’
solvus temperature

The high degree of homogeneity offered by the super-solvus heat treatment helps retain a more
even γ’ distribution throughout subsequent heat treatment steps, including the coarsening
treatment. The standardised heat treatment for V208C was therefore modified to include a 4hour super-solvus step at 1050°C prior to the 16 hour stabilisation treatment at 900°C.

4.2.2.2 Grain Boundary Serration
Serrated grain boundaries are desirable in superalloys as they significantly reduce grain boundary
sliding and improve creep strength. Serrations have been observed in a number of nickel-base
superalloys such as Astroloy, IN783, Nimonic 105 and Nimonic 115 [126, 127, 128], and are
primarily caused by grain boundary phases such as carbides and large γ’ precipitates. Early
research by Larson et al established that grain boundary serration is heavily influenced by cooling
rates during heat treatments [129]. This mechanism requires the heat treatment to go above the
solvus temperature of the grain boundary phases that cause the serrations. Once dissolved, grains
become unpinned and are free to expand. Once the temperature drops below the solvus, the
grain boundary phase begins to form, causing the grain boundary to warp around it as the grain
continues to expand. It has been observed that lowering the cooling rate increases the degree of
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serration, as it enables slower formation of the grain boundary phases, allowing more opportunity
for the grain boundary to wrap around them throughout cooling.
Grain boundary serrations observed in nickel superalloys typically involve either M23C6 carbides
or particularly large coalesced grain boundary γ’, and cobalt superalloys are historically
strengthened through carbides. V208C does not form large grain boundary γ’ and the only grain
boundary carbides present appear to be small discreet MC.
As the initial step of the V208C heat treatment was established to be super-solvus at 1050°C,
there was scope to control the cooling rate between the solution heat treat step and the
stabilisation step at 900°C, resulting in all-encompassing heat treatment outlined in figure 4.8.
Although the traditional grain boundary phases required for serration were not present in V208C,
cooling rates were investigated in an attempt to achieve serrated grain boundaries using the
uniformly distributed γ’ precipitates.

Temperature

1050°C

4h

Serrated Grain Boundary Slow Cool
16h

900°C

Ramp Rate = 10°C/min

Time
Figure 4.8 Schematic representation of the post-processing heat treatment for V208C

Nine identical samples of V208C were subjected to the heat treatment in figure 4.8, with different
cooling rates between the 1050°C and the 900°C steps. Rates of 2.0, 1.7, 1.5, 1.2, 1.0, 0.7, 0.5, 0.2
and 0.1°C/s were applied and the resulting microstructures were observed in BSE to determine
the degree of serration that had been achieved.

93

2.0°C/s

1.7°C/s

1.5°C/s

1.2°C/s

1.0°C/s

0.7°C/s

0.5°C/s

0.2°C/s

0.1°C/s

Figure 4.9 BSE images showing the degree of grain boundary serration caused by different cooling rates

As can be seen in figure 4.9, the degree of grain boundary serration increased as the cooling rate
was reduced, with cooling rates of 1.5°C/s and above resulting in predominantly straight grain
boundaries. It also established that serration around small homogenous γ’ precipitates is
achievable when cooling rates from above the solvus temperature are approximately 0.5°C/s and
under. Therefore all subsequent alloys studied in this PhD project were subjected to the heat
treatment in figure 4.9 with a slow cool rate of 0.3°C/s, to ensure grain boundary serration.
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Due to limited material, creep tests were not viable. However tensile tests were performed to
compare the as-received V208C alloy, which had only been subjected to a 16 hour 900°C
stabilisation treatment, with the serration heat treated alloy. The tests were carried out at room
temperature and then in 50°C increments from 650°C to 900°C, using the method outlined in
section 3.4.1.1. Figure 4.10 shows the resulting flow stress variation with temperature.

Figure 4.10 Yield stress curves for V208C as received and with the serrated grain boundary heat treatment

The serrated grain boundary heat treatment results in a clear and significant improvement in yield
stress performance for V208C, offering an increase in approximately 100MPa at both room
temperature and temperatures between 650-800°C. Above 800°C the improvement in yield stress
is reduced to approximately 50°C. This superior high temperature strength is a strong indicator
that the slow cool heat treatment is likely to positively influence the very high temperature creep
performance of V208C, as the grain boundary sliding mechanism involved in creep are
significantly hindered by serrated grain boundaries.
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4.3 Conclusions
In this chapter the control of carbide formation in V208C throughout the HIP process was
investigated. Additionally the feasibility of achieving serrated grain boundaries via heat treatments
was determined. The following conclusions have been drawn:

•

Large blocky grain bulk carbides can be eliminated by introducing an additional low
temperature stage of 950°C prior to the main HIP stage of 1050°C as it promotes the
formation of discreet 80-150nm carbides at the particle boundaries. STEM-EDS confirms
that the small carbides are tantalum/zirconium carbides, with no tungsten present.

•

Subjecting V208C to a super-solvus heat treatment of 1050°C results in an even
distribution of γ’ precipitates approximately 80nm in size, whereas a sub-solvus heat
treatment of 950°C causes the formation of bimodal γ’ precipitate’s either 120-150nm or
30nm.

•

Grain boundary serration is achievable in V208C using small, evenly dispersed γ’
precipitates as opposed to large γ’ or carbides traditionally used in superalloys. The degree
of grain boundary serration is heavily influenced by the cooling rate from above the γ’
solvus. Cooling rates below 0.5°C/s appear to form desirable serration to help improve
creep resistance. Applying this heat treatment to V208C results in approximately a
100MPa increase in yield strength from room temperature up to 800°C due to a more
homogeneous γ’ distribution.
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5. Characterisation of Co-Ni-Al-W Powder
Alloys with Ti and Nb Additions

5.1 Introduction
In chapter 4 the HIP and heat treatment processes were optimised for V208C, a prototype cobalt
powder alloy developed by M. Knop [116]. V208C is the third iteration in the V208 series, with
Knop’s work covering V208A-D. In previous research, V208A exhibited promising
microstructural characteristics, with a favourable γ’ fraction. However there had not been
sufficient deformation during forging, which resulted in prior particle boundaries being present.
This severely impacted the mechanical performance of the alloy. V208B was produced to
investigate an increase in both chromium and aluminium, whilst lowering the cobalt to nickel
ratio to approximately 1:1. This alloy produced a particularly poor microstructure with many
intermetallic phases present. V208C and V208D were forged at a higher temperature to eliminate
prior particle boundaries. V208C exhibited a number desirable properties with a promising γ’
fraction of 56% and virtually no occurrence of unwanted phases, however V208D displayed a
similar volume of contaminant phases to V208B. As both V208B and V208D contained a 17at%
chromium level it was deduced that the chromium ‘limit’ for these alloys had been surpassed,
causing destabilisation of the γ’ and the formation of intermetallic phases [113, 116]. Although
V208C exhibited promising results, two more alloys were produced to further investigate
chemistry changes to this series.

98
V208E and V208F were created as the next iterations in the V208 alloy series, their nominal and
actual compositions are shown in table 5.1 (actual composition measured using ICP-OES by ATI
Ladish, WI USA). They are based on the chemistry of V208D with a cobalt to nickel ratio of
approximately 1:1.3. However the chromium content was lowered to 15at% in an attempt to
prevent the formation of undesirable intermetallic phases. V208E also includes a substitution of
1.5at% titanium for 1at% aluminium, 0.25at% tungsten and 0.25at% tantalum, and V208F
substitutes 1at% niobium for 0.75at% tungsten and 0.25at% tantalum. These were both added to
investigate the effect on both γ’ fraction and carbides, as both elements are known γ’ and carbide
formers.

Alloy

Co

Ni

Cr

Al

W

Ta

C

V208A*

Bal.

32

12

10

3

1

0.15 0.18 0.04 -

-

V208B*

Bal.

33.5 17

12

3

1

0.15 0.18 0.04 -

-

V208C*

Bal.

35

15

10

3

1

0.15 0.18 0.04 -

-

V208D*

Bal.

29

17

10

3

1

0.15 0.18 0.04 -

-

V208E (nom.)

Bal.

30

15

9

2.75 0.75 0.15 0.16 0.04 1.5

V208E (act.)

Bal.

30.4 15.1 9.98 2.72 0.82 0.11 0.17 0.04 1.53 -

V208F (nom.)

Bal.

31

V208F (act.)

Bal.

30.6 14.9 9.56 2.30 0.75 0.14 0.16 0.04 -

15

10

B

Zr

Ti

2.25 0.75 0.15 0.16 0.04 -

Nb

-

1
1.08

Table 5.1 Nominal compositions of V208A-F, including actual compositions of V208E & V208F [143].
Alloys marked with * developed by M. Knop [116, 142]

V208E and V208F were HIPed and forged as described in section 3.2.1. Unlike V208A-D they
were delivered as forged, with no stabilisation heat treatment. The heat treatment developed in
chapter 4 was applied at Imperial College to produce the serrated grain boundary effect. The twostage HIP process developed in chapter 4 was developed after the production of V208E and
V208F; therefore it was not used in their production.
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5.2 Results and Discussion
The powder alloys V208E and V208F were characterised to determine their density, γ’ solvus
temperature, γ’ volume fraction and distribution, grain size, carbide formation and oxidation
performance. Mechanical performance was assessed by tensile testing, elevated temperature lowcycle fatigue tests and high temperature creep.

5.2.1 Density Measurements
The densities of V208E and V208F were measured under ASTM standards using the
Archimedes’ principle method outlined in section 3.3.2. Both alloys are based on V208D, which
has a density of 8.5g/cm3.
Alloy

Density (g/cm3)

V208E

8.48

V208F

8.49

V208D

8.50

RR1000

8.21

Table 5.2 Densities of V208E and V208F, with V208D [116] and RR1000 [130] for comparison. Uncertainty is +/0.02mg/cm3

As expected, the density of V208E was slightly reduced in comparison to V208D as it contains
0.25at% less tungsten and 0.25at% less tantalum. The substituted titanium possesses a lower
atomic mass resulting in a lower overall density. The density of V208F was also marginally
reduced compared to V208D, however not by a significant degree. Although V208F contained
0.5at% less tungsten than V208E, this would have been counteracted by the atomic mass of
niobium being approximately twice that of titanium. The density of V208C was measured by
Knop to be 8.52g/cm3 [116] (confirmed again in chapter 6), which suggests that altering the
cobalt to nickel ratio has little effect on density as they have near identical atomic mass.
Both V208E and V208F, and the other cobalt alloys developed in this series still possess densities
notably higher than the main competitor alloy RR1000. Although cobalt superalloys appear to
offer a number of performance improvements compared to their nickel rivals, there is still some
way to go to achieve a truly comparable density.
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5.2.2 γ’ Solvus Temperatures
The γ’ solvus temperatures of V208E and V208F were measured using the DSC technique
outlined in section 3.3.2. Solvus temperatures were measured on cooling and are presented to the
nearest °C.

Alloy

γ’ Solvus (°C)

V208E

1037

V208F

998

V208D

1010

RR1000

1170

Figure 5.1 The γ’ solvus temperatures and heat flow curves of V208E and V208F, with the solvus temperatures of
V208D [116] and RR1000 [131] for comparison. Uncertainty is +/-1.3°C

As both V208E and V208F have lower chromium contents than V208D, and the addition of
refractory elements, their γ’ solvus temperatures were expected to increase. V208E exhibited a
significantly higher γ’ solvus of 1037°C in comparison to 998°C for V208F, indicating that
titanium is a much stronger γ’ former than niobium. As niobium is still a known γ’ former, the
solvus temperature of V208F would be expected to be higher than that of V208D. However, this
was likely counteracted by the 0.75at% reduction of tungsten content in V208F, as it is also a
strong γ’ former. Any increase in γ’ solvus is beneficial to superalloy performance as it allows the
material to function at even higher operating temperatures, therefore the increase provided by
titanium in V208E is promising. However, in comparison to other nickel superalloys such as
RR1000 (shown in figure 5.1), the γ’ solvus’ of both V208E and V208F are still lower by over
100°C.
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5.2.3 Alloy Microstructure
Before any performance testing was carried out, the microstructures of V208E and V208F were
observed and analysed using the SEM techniques described in section 3.3.3. The large-scale
microstructure, grain size and distribution were examined, as well as the γ/γ’ microstructure and
carbide formation.

5.2.3.1 Microstructural Overview
To provide an overview of the microstructures of V208E and V208F, low magnification BSE
images were taken to observe the phase distribution and, most importantly, determine whether or
not any undesirable phases such as σ, µ or any other TCP phases had formed.
V208E

V208F

Figure 5.2 Low magnification BSE images showing the large-scale microstructure of V208E and V208F

Knop’s previous alloy V208D exhibited a notable volume fraction of grain boundary phases
believed to be CoAl, Co3W or both [116]. However, as shown in figure 5.2, V208E and V208F
do not exhibit any undesirable phases throughout their microstructures. Although both alloys
were based upon the chemistry of V208D, the 2at% reduction in chromium content is likely to
have been sufficient to prevent any destabilisation of the γ/γ’ microstructure, thus preventing the
formation of any rogue phases. The additions of both titanium and niobium were not expected to
have contributed to the formation of brittle phases as they are both strong γ’ formers.
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V208E

V208F

V208E

V208F

Figure 5.3 Medium magnification (above) and high magnification (below) BSE images showing carbide formation
and distribution in V208E and V208F

Aside from being strong γ’ formers, titanium and niobium are also known carbide formers in
superalloys. Figure 5.3 shows the carbide distribution in both alloys, and it is clear that the
niobium addition in V208F has resulted in a higher number of carbides scattered throughout the
microstructure. Both alloys appear to have formed small carbides at grain boundaries and large
blocky carbides in the grain bulk, similar to the carbide formation observed in V208C prior to the
two-stage HIP in chapter 4. Both V208E and V208F had been processed using the standard
single-stage HIP process outlined in section 3.2.1, however their carbide formation could be
optimised and large blocky carbides eliminated from the bulk if the two-stage HIP process were
to be applied.
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5.2.3.2 Grain Size and Distribution
As grain size, morphology and distribution is an important factor that affects the mechanical
performance of superalloys, EBSD maps were obtained for V208E and V208F to highlight grain
size and grain distribution.
It is clear from figure 5.4 that V208E exhibits a much smaller average grain size than V208F, with
12.8µm compared to 26.8µm. A significant degree of microstructural twinning can also be
observed in both alloys. Additional EBSD maps with the twins removed highlight the true grain
size.
V208E

V208E Minus Twins

12.8μm

V208F

26.8μm

V208F Minus Twins

Figure 5.4 IPFZ EBSD maps of V208E and V208F showing grain size and distribution with twins (above) and
without twins (below)
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The average grain size of both alloys is larger than that of V208C and V208D, at 2µm and 4µm
respectively [116]. This may have been due to slight differences in the processing parameters such
as HIPing pressure or forging stress, as Knop’s alloys were produced separately to V208E and
V208F. However, they still possess average grain sizes in a range that is comparable to grain sizes
typically found in nickel and other cobalt powder metallurgy superalloys.

5.2.3.3 γ/γ’ Microstructure
Samples of V208E and V208F were polished and electrolytically etched to highlight the γ/γ’
formation and calculate the γ’ area fraction. The microstructures observed are shown in figure
5.5. V208E and V208F exhibited area fractions of 59% and 55% respectively, which is a notable
improvement upon V208D (47%) and comparable to V208C (56%) [116]. This indicates that
additions of titanium and niobium result in a significant increase in γ’ formation. The titanium
addition in V208E appears to have caused a bimodal secondary γ’ precipitate size, with larger
precipitates of approximately 250-300nm interspersed with smaller γ’ approximately 80-100nm in
size. However the niobium addition in V208F resulted in a much more evenly distributed γ’, with
a finer precipitate size of approximately 60-80nm. Interestingly both alloys exhibit a more
cuboidal γ’ precipitate shape compared to V208C in chapter 4, which is more spherical.

V208E

59%

V208F

55%

Figure 5.5 Etched secondary electron images highlighting the γ’ formation and area fraction of V208E and V208F.
Uncertainty is +/- 1.4%
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V208F

V208E

Figure 5.6 BSE images showing serrated grain boundaries in V208E and V208F

The heat treatment developed in chapter 4 was applied to V208E and V208F in order to achieve
grain boundary serration and coarsen the γ’ precipitates. Figure 5.6 highlights how the different γ’
distributions affected the degree of grain boundary serration. The bimodal γ’ precipitate size in
V208E has resulted in widely spaced serrations with a relatively high amplitude, as the grain
boundary has predominantly wrapped around the larger precipitates. Conversely in V208F, the
grain boundary serrations are much smaller and close packed due to the small γ’ precipitate size
and even distribution.

5.2.3.4 Carbide Formation
As highlighted in chapter 4, a notable degree of carbide formation occurs in V208C. However
there were no prominent carbides were observed in V208D during Knop’s work [116]. Although
V208E and V208F are designed on the same base chemistry, the additions of titanium and
niobium were expected to contribute to carbide formation as refractory metals often do so in
superalloys. As can be seen in figure 5.3, carbides form in each alloy at both grain boundaries and
within the grain bulk. EDX line scans were performed on carbides at each type of location to
determine the elements responsible for their formation. The resolution of the EDX used was not
sufficient enough to accurately represent carbon level in order to determine carbide structure.
Therefore the results have only been used to confirm any elements present to gain a qualitative
understanding of carbide composition.
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V208E Bulk

V208E Grain Boundary

V208F Bulk

V208F Grain Boundary

Figure 5.7 EDX point scans of bulk and grain boundary carbides in V208E and V208F
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The EDX spectra in figure 5.7 show that V208E formed tantalum/tungsten carbides at both the
grain boundaries and in the grain bulk. The titanium addition was expected to contribute towards
carbide formation, however no trace was found at either location type. It can therefore be
assumed that the titanium content in V208E was solely contained in solid solution within the γ’
phase, which may explain why the γ’ precipitate size far exceeded that of V208F. The niobium
addition

in

V208F

did

however

contribute

to

carbide

formation,

with

tantalum/tungsten/niobium carbides present at both grain boundaries and in the grain bulk. This
suggests that niobium, tungsten and tantalum all form carbides more readily than titanium, which
is pushed to the γ’ phase when these other elements are present.

5.2.4 Long Term Thermal Stability

It is well documented that the γ’ phase can coarsen when exposed to elevated temperatures over
long periods of time. Although a certain degree of coarsening is desirable (usually controlled via
heat treatments), it is possible for γ’ precipitates to coarsen discontinuously, or disproportionately
if they exhibit low stability at elevated temperatures. This results in a sub-optimal γ’
microstructure and can severely impact mechanical performance. Furthermore, the formation of
TCP phases tends to occur during thermal exposure over long periods of time. These brittle
intermetallic phases are highly detrimental to mechanical performance. Samples of V208E and
V208F were placed in a furnace at 800°C for 1000, 2000, 5000 and 10,000 hours. The samples
were then electrolytically etched and examined under an SEM to observe the degree of γ’
coarsening. The resulting microstructures are shown in figure 5.8.
Both V208E and V208F appear to be extremely stable up to 5000 hours, with little to no γ’
coarsening. The bimodal distribution of γ’ precipitate size in V208E diminished after 1000 hours,
which suggests the smaller secondary precipitates coalesce with the larger ones to give a more
even distribution The samples of both alloys exposed for 10,000 hours exhibit a notable degree
of grain boundary γ’ caused by the coalescing of precipitates [131], which occurs due to higher
diffusivity in the grain boundary region. Even after 10,000 there was no trace of CoAl, Co3W, µ,
σ or any other undesirable TCP phases. This indicates that the additions of titanium and niobium
did not affect microstructural stability, and that both V208E and V208F are highly stable for up
to 10,000 hours at the target operating temperature of 800°C
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V208E

1000h

V208F

1000h

2000h

2000h

5000h

5000h

10,000h

10,000h

Figure 5.8 Etched secondary electron images showing γ’ coarsening at 800°C for 10,000 hours in V208E and V208F
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5.2.5 Oxidation Performance
The oxidation performance of V208E and V208F was determined by placing polished samples in
a furnace at 800°C for 100 hours and examining a cross section of the oxide layers and sub
surface damage using the FIB slice method described in section 3.4.3.2. Oxidation performance
was measured by the total damage depth from the outer surface of the oxide layers to the edge of
the γ’-depleted zone beneath the surface. The performance of V208C and RR1000 was also
measured for comparison.

Alloy

Oxide Thickness
(µm)

γ’ Depletion
(µm)

Total Damage
(µm)

V208E

1.52

3.16

4.68

V208F

0.32

0.78

1.10

V208C

0.67

1.34

2.01

RR1000

1.39

3.10

4.49

Table 5.3 Oxide thickness, γ’ depletion zone and total damage depths of V208E, V208F, V208C and RR1000

The oxide damage measurements in table 5.3 and FIB slice BSE images in figure 5.9 clearly show
that V208F vastly outperformed the other alloys with a total oxide damage depth of just 1.1µm.
V208E displays the greatest degree of oxidation damage, however it is very similar to the damage
depth that occurs in RR1000, as both exhibited approximately 4.5µm total depth from the outer
oxide layer to the edge of the γ’-depleted zone.
Alumina fingers were present in each alloy, albeit with slightly different morphology. V208E and
V208C displayed formations with similar morphologies of discrete phases, with some larger
elongated particles extending downwards into the γ’-depleted zone and smaller round ones
stretching along the surface below the outer oxide layers. V208F formed more uniform elongated
alumina and ultra fine discrete alumina particles aligning along the surface of the alloy. RR1000
formed a more sporadic alumina distribution below the oxide layer as well as what appears to be
an additional phase that occupies more volume than the alumina in the other alloys and is likely
to be an undesirable TCP phase.
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V208E

RR1000

V208F

V208C

Figure 5.9 BSE images of the oxidation damage in V208E, V208F, V208C and RR1000. Cross-sectioned using the
FIB slice technique

Typically, superalloys form a continuous alumina layer that acts as the main diffusion barrier to
prevent excessive growth of the outer oxides, however none of the alloys tested formed
continuous alumina. The V208 alloys all formed small, relatively close packed discrete alumina
particles just below the outer oxide layer. Knop’s work established that it takes approximately 300
hours exposure at 800°C for the continuous alumina layer to form [116], and so it can be
assumed that the small alumina particles will eventually coalesce to form a complete layer below
the outer oxide.
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Additionally neither V208E, V208F nor V208C formed Co3W below the surface in the γ’
depletion zone, which is a common issue with cobalt alloys when exposed to oxidative
environments for extended periods. This highlights the stability of the sub surface
microstructural phases in the V208 alloys.
Using V208C as a performance benchmark with no additional refractory elements (apart from
the standard tungsten and tantalum contents), the oxidation performance of V208E and V208F
in comparison shows that niobium significantly improves oxidation resistance in cobalt
superalloys, whereas titanium acts to reduce it.

5.2.6 Tensile Testing
Both V208E and V208F were subjected to tensile testing at room temperature and at 50°C
intervals between 650°C and 900°C using the method outlined in section 3.4.1.1. The yield stress
performances of V208C (figure 4.10) and coarse-grain RR1000 were also included for
comparison. The yield stress vs. temperature curves are shown in figure 5.10.

Figure 5.10 Yield stress vs. temperature curves for V208E, V208F, V208C, V208D [116] and RR1000. All alloys
except RR1000 have been subjected to the serrated grain boundary heat treatment developed in chapter 4.
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Figure 5.10 shows that both V208E and V208F exhibit poorer yield strength performance than
V208C, V208D and RR1000. It can also be noted that V208C outperformed RR1000 by
approximately 100MPa across the temperature range. However, due to material availability, only
coarse grain RR1000 was tested, whereas the V208 powder alloys possessed a fine grain size. As
larger grain size reduces yield stress [65], samples of fine-grain RR1000 could be expected to
display a yield stress performance similar to, or greater than V208C. Previous work by May et al
shows that the yield stress of fine grain RR1000 is approximately 1100MPa at room temperature
and 950MPa at 700°C [133].
Each alloy contains both nickel and cobalt as predominant elements within the overall
composition, however the respective performance of each alloy suggests that the nickel to cobalt
ratio had a notable effect on yield strength. This relationship is highlighted in table 5.4. The room
temperature yield stress is specified and the 850°C yield stress is included as a benchmark for
target operating temperature of the alloys.

Nickel

Cobalt

Ni:Co

Yield σ at

Yield σ at

(at%)

(at%)

Ratio

RT (MPa)

850°C (MPa)

V208E

30.0

40.5

1:1.3

838

602

V208F

31.0

39.2

1:1.3

870

669

V208C

35.0

35.6

1:1

1003

699

V208D

29.0

40

1:1.3

940

646

RR1000

50.0

18.5

1:0.4

923

650

Alloy

Table 5.4 The cobalt and nickel contents of V208E and V208F compared to V208C and V208D [116] and RR1000
[132], and the subsequent effects on yield strength at room temperature and 850°C

For the V208 alloys it is clear that an increase in nickel content resulted in an improvement in
yield strength at both room temperature and elevated temperatures. The performance of RR1000
was below that of V208C, despite the far greater nickel content. However, samples of RR1000
with a more comparable fine grain size would be expected to exceed V208C in yield strength.
The yield strength of V208D is higher than both V208E and V208F, despite having the same
cobalt to nickel ratio. This implies that either the titanium and niobium additions, or the lower
chromium content in V208E and V208F have a negative impact on yield strength.
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When comparing V208E to V208F, it appears that the additions of titanium and niobium had
very similar effects on performance up to 750°C. This is typically where the yield stress anomaly
peak occurs in similar superalloys, however V208E and V208F exhibit a peak at 800°C. This
would imply that the titanium and niobium additions contribute to γ’ strengthening by increasing
the temperature capabilities of the γ’ phase causing a shift in the yield stress peak. This may be
due to niobium and titanium causing a lower stacking fault energy in both alloys. This would
require a higher temperature for the recombination of partials to occur, overcoming the KearWilsdorf locking mechanism that gives superalloys their high temperature strength. Alternatively,
the increase in the yield stress peak could be due to the grain boundary carbides that form, as this
will be the predominant strengthening mechanism at temperatures beyond the yield stress peak.
At 800°C the niobium addition in V208F shows a clear improvement over V208E, indicating that
niobium has a greater effect on grain boundary carbide strengthening compared to titanium. This
correlates with the EDX analysis, which shows that niobium is present in the carbides in V208F,
but titanium is not present in the carbides in V208E.

5.2.7 Fatigue Testing

Low-cycle fatigue (LCF) testing was performed on V208E and V208F at 650°C using the test
parameters and M8 specimen dimensions given in section 3.4.1.3. Due to limited material
availability, only two samples per alloy were available. One was used to establish the testing stress
using the step-test method and the other was used to perform the actual fatigue test. The starting
point for the step test of both alloys was based on the yield stress results at 650°C obtained in
section 5.2.6. For V208E this was 737MPa, compared to 727MPa for V208F. The step test
parameters were based upon V208F’s yield stress result to ensure reasonable test duration for
both alloys during the actual fatigue test. If the step test had been performed on V208E, the final
testing stress would have likely been higher and may have resulted in premature failure for
V208F. For the step test a sample of V208F was subjected to 250,000 cycles at 654MPa (90% of
the yield stress), after which the applied stress was increased in 40MPa increments for a further
250,000 cycles at a time until failure. This occurred during the 774MPa step for V208F, which
was then used as the main testing stress for both alloys.
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Both alloys were tested until failure, with V208E lasting 277,334 cycles and V208F lasting
273,657 cycles. This correlates with the yield stress performance of each alloy in section 5.2.6, as
V208E is 10MPa greater at 650°C it was expected to last slightly longer than V208F under fatigue
conditions. These results are compared with V208C and V208D from Knop’s work [116] in table
5.5. Both V208C and V208D were tested under the same conditions, but at 115% of their yield
stress, compared to 105% and 107% for V208E and V208F respectively. V208C failed after
280,158 cycles and V208D failed after 316,961 cycles. This is a clear indication that the additions
of titanium and niobium to V208E and V208F caused a reduction in fatigue resistance as they
exhibited shorter fatigue lives at lower loading stresses compared to V208D, which has a similar
base chemistry. Additionally, the reduced chromium content compared to V208D may have been
a factor in fatigue performance.
The fracture surfaces of both alloys are shown in figures 5.11, 5.12 and 5.13. Clear examples of
initial brittle cracking are seen in both alloys, with intergranular fracture surfaces observed in the
area surrounding the initiation point where grains have been pulled apart at their boundaries.
Macroscopic ledges can then be seen beginning approximately halfway through each specimen,
which indicates increased plasticity due to overloading. Towards the point of final failure there
are indicators of plastic deformation on the fracture surfaces of each alloy, with intragranular
fracture surfaces and a degree of cup and cone features indicating ductile fracture. This was as
expected in both alloys, as initial crack propagation is much slower, allowing for oxidation at the
crack tip leading to brittle cracking. As the crack propagates there is increasing plasticity, resulting
in predominantly plastic failure towards the end of the fatigue life. Figure 5.13 shows examples of
river lines that were also observed on the plastic zone fracture surfaces in both alloys,
highlighting the plastic deformation occurring in increments with each oscillation.
The fracture surface of the V208E specimen shows a slightly larger area of brittle fracture and
less plastic deformation compared to V208F, which correlates with the fatigue lives of each alloy
as V208E lasted slightly longer. There were also slightly more macroscopic ledges that formed in
V208E, also indicating that it had greater resistance to failure than V208F. Although when
compared to the fatigue life of V208D the titanium and niobium additions are detrimental to
fatigue performance, titanium appears to have a smaller negative impact in comparison to
niobium.
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277,334 cycles

V208E

1

2

3

1

2

3

Figure 5.11 Secondary electron images showing the fracture surface and number of cycles to failure for V208E and
examples of 1) the brittle zone fracture surface, 2) macro-ledges caused by overloading and 3) the plastic zone shear
fracture surface after LCF testing

116

V208F

273,657 cycles

1

2

3

1

2

3

Figure 5.12 Secondary electron images showing the fracture surface and number of cycles to failure for V208E and
examples of 1) the brittle zone fracture surface, 2) macro-ledges caused by overloading and 3) the plastic zone shear
fracture surface after LCF testing
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V208E

V208F

Figure 5.13 Secondary electron images showing striation-like features on the fracture surfaces in the brittle
deformation zones in V208E and V208F after LCF testing

Cycles to

Yield σ at

Testing Stress

650°C (MPa)

(MPa)

V208E

737

774

105%

277,334

V208F

727

774

107%

273,657

V208C

735

845

115%

280,158

V208D

810

932

115%

316,961

Alloy

% Yield σ

Failure

Table 5.5 The yield stress to testing stress relationship and cycles to failure for V208E and V208F, with V208C and
V208D included for comparison [116]
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5.2.8 Creep Testing
Tensile creep tests were carried out on V208E and V208F using the method and M12 specimen
design described in section 3.4.1.2. Due to material availability it was only possible to machine
two specimens from each alloy compact. Two creep tests were performed for each alloy, one at
800°C with a static load of 300MPa, and another at 700°C with a static load of 650MPa. The tests
were performed until complete failure. All creep tests were successfully completed with specimen
fracture occurring through the gauge zone, and not through the threaded area. The creep curves
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for each alloy are shown in figure 5.14.

Figure 5.14 Creep curves for V208E and V208F under both creep conditions tested

V208E lasted 300 hours under 300MPa at 800°C and 170 hours under 650MPa at 700°C, with
V208F lasting 70 and 100 hours respectively under the same conditions. This indicates that the
titanium addition in V208E provides a much more significant contribution to creep strengthening
than niobium. This can partly be attributed to the greater degree of grain boundary serration
caused by the super solvus heat treatment applied, as shown in figure 5.6. The larger secondary γ’
precipitates create a higher amplitude of serrations, which inhibits grain boundary sliding at
elevated temperatures.
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Of the two V208E creep tests, the 800°C/300MPa specimen performed significantly better than
the 700°C/650MPa specimen, whereas the opposite occurred for V208F. Testing temperatures
of 700°C and 800°C were chosen because the yield stress peak for each alloy was expected to lie
in this range. At 700°C dislocations are immobile due to the formation of Kear-Wilsdorf locks.
As temperature increases beyond the yield stress anomaly peak, cross slip/climb begins to occur,
and dislocations become mobile within the microstructure. Therefore, performing creep tests
either side of the yield stress peak should highlight the difference in performance caused by
dislocation movement. As V208F exhibited greater creep performance at 700°C compared to
800°C it would suggest that dislocation movement is restricted to the γ channels within the
microstructure. The shorter time to failure at 800°C implies that dislocation movement is more
prevalent, which could be caused by cross slip occurring and dislocations being mobile in the γ’
precipitates. As V208E’s creep performance increases significantly between 700°C and 800°C, it
could be likely that the degree of Kear-Wilsdorf locking is increasing, and that in fact the alloy is
yet to reach the yield anomaly peak. It could however also be due to the higher degree of grain
boundary serration in V208E. An in depth TEM dislocation analysis would be required to
establish the extent to which dislocation mechanisms are responsible for V208E’s improved
performance at 800°C.
The fracture surfaces of each creep specimen were observed in an SEM and are shown in figures
5.15, 5.16, 5.17 and 5.18. Both alloys exhibit similar fracture surface features for each testing
condition. Loading under 650MPa at 700°C initially caused the crack to propagate in a brittle
fashion in both alloys, with clear examples of brittle fracture surfaces surrounding the crack
initiation point and distinct areas of plastic deformation in the failure region. The areas of brittle
fracture can be identified by the smooth, faceted surfaces where failure has clearly occurred along
grain boundaries without causing any notable plastic deformation. In the regions of plastic
deformation the fracture surfaces of both alloys exhibit cup and cone morphologies caused by
necking occurring during ductile failure. The specimens loaded under 300MPa at 800°C appear to
have failed in a predominantly brittle manner, with no distinct regions of plastic deformation.
However, under closer inspection, a small number of cup and cone features were observed
amongst the brittle facets in the region surrounding the final point of failure. This suggests that at
800°C both alloys experienced a small degree of necking and plastic deformation just before
failure.
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V208E
700°C/650MPa

1
2

1

2

Figure 5.15 Secondary electron images showing the fracture surface of V208E and examples of 1) the brittle zone
fracture surface and 2) microvoid coalescence fracture features in the plastic zone after tensile creep testing at 700°C
with a static load of 650MPa
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V208E
800°C/300MPa

2

1

1

2

Figure 5.16 Secondary electron images showing the fracture surface of V208E and examples of 1) the brittle zone
fracture surface and 2) microvoid coalescence fracture features in the plastic zone after tensile creep testing at 800°C
with a static load of 300MPa
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V208F
700°C/650MPa

1

2

1

2

Figure 5.17 Secondary electron images showing the fracture surface of V208F and examples of 1) the brittle zone
fracture surface and 2) microvoid coalescence fracture features in the plastic zone after tensile creep testing at 700°C
with a static load of 650MPa
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V208F
800° C/300MPa

1

1

2

2

Figure 5.18 Secondary electron images showing the fracture surface of V208F and examples of 1) the brittle zone
fracture surface and 2) microvoid coalescence fracture features in the plastic zone after tensile creep testing at 800°C
with a static load of 300MPa
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The difference in fracture surfaces between the 700°C and 800°C specimens indicates that both
alloys transition through the equicohesive temperature within this range. This phenomenon
typically occurs because at lower temperatures the grain boundary strength is closer to that of the
actual grains. Therefore when failure occurs there is plastic deformation at the grain boundaries,
resulting in cup and cone fracture. Above the equicohesive temperature it is predominantly brittle
intergranular fracture that occurs [134].
The shapes of the creep curves in figure 5.14 suggest that little to no primary creep occurred in
either alloy under both testing conditions. This could indicate that dislocations are still limited to
the γ phase due to the Kear-Wilsdorf lock mechanism. As V208E has a higher γ’ volume fraction
than V208F, if dislocations were being contained in the γ channels there would have been less
availability for dislocation glide within the microstructure due to there being less γ phase, thus

Stress (MPa)

improving the creep resistance of V208E.

Larson Miller Parameter
P = T(20+log t)10-3
Figure 5.19 Larson Miller Parameter vs. applied stress for V208E and V208F. Curves for V208C and V208D [116],
RR1000 (CG) (courtesy of Rolls Royce Plc)[136], U720Li (cast & wrought) [133], ME-3 (powder alloy) [133] and
Rene 80 [135] are shown for comparison
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The Larson Miller parameter for V208E and V208F was calculated and plotted against existing
nickel superalloys in figure 5.19 to compare creep properties against current competitor alloys.
The Larson Miller parameters for V208C and V208D were also included to highlight the effects
of the titanium and niobium additions.
Both V208E and V208F outperform V208C and V208D in creep, which suggests that additions
of titanium and niobium act to improve creep resistance. V208F exhibits a very similar creep
performance to U720Li, with V208E showing an increase in creep strength in comparison.
However, both V208E and V208F are still behind other nickel alloys, indicating that cobalt alloys
still have a way to go before they can overtake nickel in creep strength.
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5.3 Conclusions
In this chapter the cobalt-base superalloys V208E and V208F were characterised and tested to
establish oxidation, thermal stability, tensile, fatigue and creep performance. The effects of
1.5at% titanium and 1at% niobium additions have also been considered. The following
conclusions have been reached:

•

As expected, titanium increases the γ’ solvus temperature and volume fraction, however it
also results in a bi-modal γ’ precipitate size distribution. V208E appeared to be relatively
stable at 800°C up to 5000 hours, however it proved to be detrimental to oxidation
performance. No presence of titanium was found in carbides throughout the alloy.

•

The niobium addition also increased γ’ solvus and volume fraction, albeit not as much as
titanium, however it resulted in a much finer γ’ precipitate size and homogenous
distribution. V208F was relatively stable at 800°C up to 5000 hours. Niobium also
significantly improved oxidation performance and contributed to carbide formation.

•

Both titanium and niobium additions appear to improve creep performance, with
titanium offering the most significant increase in creep life. However, yield stress and
fatigue life were compromised in both alloys compared to the original alloy V208D their
chemistries are based upon.

•

Both alloys highlight the ability of titanium and niobium to replace a degree of tungsten
content and slightly reduce density without compromising desirable γ’ characteristics.

•

The effects of the serrated grain boundary heat treatment developed in chapter 4 can be
observed in the microstructures of both alloys, and appear to contribute to creep
strength, with V208E exhibiting larger serrations due to the bi-modal γ’ distribution
caused by the titanium substitution.

127

6. Alloying Effects in Polycrystalline
Co-Ni-Al-W Superalloys
6.1 Introduction
The original discovery by Sato et al [81] proposed that the Co-Al-W system exhibited a stable L12
γ’ phase at 900°C, becoming metastable at 1000°C. However, subsequent research indicated that
the γ’ is actually metastable at 900°C, breaking down into Co3W and CoAl after extended
exposure to temperatures above this [115]. Yan et al investigated alloying effects in the Co-Al-W
system [93] using a base alloy of Co-7Al-7W to investigate additions of molybdenum, vanadium,
titanium, tantalum, nickel, silicon, iron and chromium. Extensive microstructure analysis showed
the formation of undesirable β, χ and µ TCP secondary phases in most alloys during heat
treatments, due to γ’ becoming metastable during ageing treatments. Further work by Shinagawa
et al [97] proved that a continuous phase field links both Ni3Al and Co3(Al, W), indicating that
nickel additions could be added to extend the phase field and further stabilise the γ’ phase in CoAl-W alloys. This, combined with Yan’s research, formed the basis for the work carried out by
Knop et al [113, 116], where the nickel and tungsten contents of Co-Al-W alloys were optimised
to produce a γ’ phase that remained stable at elevated temperatures and during ageing treatment.
The aim of this chapter is to build upon the work of both Yan and Knop by investigating alloying
additions in the latest iteration of Co-Al-W alloys with improved γ’ stability.
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In chapter 5, the powder metallurgy alloys V208E and V208F have been shown to exhibit
inferior microstructural and performance properties compared to V208C in the work carried out
by Knop et al [113, 116]. Therefore, in the search for a viable candidate alloy to replace current
nickel superalloys, V208C has been chosen as the base system for further alloy chemistry
development.
The successful alloy candidate that will eventually be put forward as a replacement for the current
RR1000 nickel superalloy will be produced using powder metallurgy, due to the many
improvements in alloy performance over the ingot method. However, as mentioned in section
3.2.2, powder metallurgy is a long and intricate process and due to time constraints it was not a
viable method for producing and testing a wide range of prototype alloys in this project.
Therefore the in-house melting, rolling and heat treatment process was developed at Imperial
College to facilitate faster production of new alloys for testing.
This chapter presents six alloys based on V208C produced by the ingot metallurgy method, as
well as an ingot version of the standard V208C composition for comparison. Alloying additions
of chromium, aluminium, molybdenum, niobium and an alteration of the standard carbon and
boron levels have been evaluated. DSC was used to determine the γ’ solvus of each alloy, and
microstructures were characterised using SEM and BSE techniques. Oxidation performance has
been evaluated using TGA to measure mass gain and FIB techniques to cross section and view
oxide layers. The mechanical performance of each alloy was ranked in tensile testing over a
temperature range of 25°C to 900°C.
Alloy

Co

Ni

Cr

Al

W

Ta

C

B

Zr

Mo

Nb

V208C

36

35

15

10

3

1

0.15

0.20

0.04

-

-

V208C+Cr

36

34

16

10

3

1

0.15

0.20

0.04

-

-

V208C+Al

36

34

15

11

3

1

0.15

0.20

0.04

-

-

V208C+Mo

36

34

15

10

3

1

0.15

0.20

0.04

1

-

V208C+2Mo

35

34

15

10

3

1

0.15

0.20

0.04

2

-

V208C C/B

36

35

15

10

3

1

0.20

0.15

0.04

-

-

V208C+Nb

36

35

15

10

2.5

1

0.15

0.20

0.04

-

0.5

Table 6.1 Nominal compositions in at% of the V208C variants being evaluated [142]. Deviations from the base
composition of V208C are highlighted in red
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The base alloy of V208C was produced as an ingot in order to provide a comparable reference
for further alloy variants. As the original V208C was produced using powder metallurgy, it
possessed a much finer grain size approximately an order of magnitude less than the ingot alloys.
The forging process it had been subjected to also induced a recrystallisation, which helped further
reduce grain size. Therefore properties such as mechanical strength and carbide distribution
would not have been directly comparable. However, as the ingot alloys experienced a similar
melting and heat treatment process, the γ’ content of alloys produced by either method should
not be significantly affected. Before the alloy series was produced and ingots were subjected to
the full melt and rolling process described in section 3.2.2, a small sample of V208C produced in
the laboratory melter was flat rolled to ensure a γ/γ’ microstructure similar to that of the powder
metallurgy alloy could be achieved. This initial test run exhibited a similar γ’ fraction to that of the
powder alloy and no undesirable phases were observed, confirming that the ingot method could
produce viable prototype alloys.
The profile rolling process induced more work hardening than flat rolling, due to strain being
applied from four sides as opposed to two. Therefore the grain size of the ingots produced for
this project was reduced even further, although still much larger compare to the powder alloy.
With a reasonable degree of similarity obtained in the ingot version of V208C, it was used as a
benchmark for grading the properties of the alloy variants in this chapter. Any future alloys to be
developed based on the findings of this work should in theory exhibit further enhanced
properties, particularly in tensile and yield strength, after being processed via powder metallurgy,
due to improvements in γ’ volume fraction and distributions, and greater control over grain size.
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6.2 Results and Discussion
The ingot and powder versions of V208C, and the variant ingot alloys examined in this chapter
have been characterised by γ’ solvus temperature, γ’ volume fraction and distribution, grain size,
carbide formation, oxidation performance and yield stress. Each alloy has been subjected to the
super solvus solution treat and ageing heat treatment developed in chapter 4 (1050°C for 4 hours,
0.3°C/s cool then 900°C for 16 hours) in order to optimise the γ/γ’ microstructure and grain
boundary serration.

6.2.1 Composition and Density Measurements
Using the EDX technique outlined in section 3.3.1, a more accurate compositional analysis of
each alloy was obtained in order to see whether there were any deviations from the nominal
composition caused by losses during the melting process. Actual compositions of the ingot
V208C and V208C-1 to 6 are shown in table 6.2. Carbon, boron and zirconium contents were
not included as they were present in quantities far too small for the EDX detector to accurately
scan. The degree of uncertainty is given in the appendix.
Alloy

Co

Ni

Cr

Al

W

Ta

Mo

Nb

V208C

36.1

35.4

15.3

9.65

2.75

0.80

-

-

+Cr

35.8

34.4

16.3

9.51

3.13

0.86

-

-

+Al

36.0

34.2

15.1

11.1

2.83

0.77

-

-

+Mo

36.1

34.5

15.4

9.33

2.86

0.74

1.07

-

+2Mo

35.1

34.1

15.5

9.37

2.99

0.83

2.11

-

C/B

36.2

35.2

15.5

9.44

2.88

0.78

-

-

+Nb

36.7

35.4

15.4

9.02

2.21

0.81

-

0.46

Table 6.2 Actual compositions of ingot V208C and variants in at%, determined by EDX analysis

The aluminium content of each alloy is slightly lower than that of the nominal composition. This
is likely due to losses during melting, as aluminium becomes volatile before most other raw
elements begin to melt. Although excess material is added to compensate for this, it is difficult to
retain the exact proportions of each element during vacuum arc melting. The lower tantalum
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content of each alloy is likely to have been caused by difficulties in precisely weighting pure
tantalum before melting, due to the discrete nature of pellet size the tantalum was supplied in.
Chromium content is also approximately 0.5at% higher than the nominal composition across all
the alloys.
Density measurements were performed according to the ASTM method in section 3.3.2.
Calculated densities are provided in table 6.3. The densities of powder metallurgy V208C and
main nickel-base competitor RR1000 are also included.
Alloy

Density (mg/cm3)

V208C

8.59

+Cr

8.57

+Al

8.62

+Mo

8.61

+2Mo

8.66

C/B

8.60

+Nb

8.48

V208C PM

8.52

RR1000

8.21

Table 6.3 Densities of ingot and powder metallurgy V208C and ingot variants, with RR1000 for comparison [130].
Uncertainty is +/- 0.02mg/cm3

The measured density of the V208C ingot material at 8.59mg/cm3 is notably similar to that of the
powder metallurgy version at 8.52mg/cm3, further highlighting it’s comparability and suitability as
a standardised base alloy for this study.
Additions of 1at% chromium, aluminium and molybdenum appear to have very little effect on
density. Both chromium and aluminium should in theory reduce density due to their higher
atomic mass compared to the nickel they are replacing. The niobium addition in V208C-6 caused
the most notable reduction in density, as it has approximately half the atomic mass of the 0.5at%
tungsten it is being substituted for. The densities of the ingot materials produced are comparable
with the powder metallurgy alloys of similar chemistry, however they are still higher than RR1000
and similar nickel base alloys. It is clear from these results that the key to significantly reducing
density lies with lowering tungsten content as much as possible.
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6.2.2 γ’ Solvus Temperatures
After rolling and heat treatments, the γ’ solvus of each alloy was determined using DSC, as
described in section 3.3.2. Solvus temperatures were measured on cooling and are presented to
the nearest °C.

Alloy

γ’ Solvus (°C)

V208C

1011

+Cr

1003

+Al

1022

+Mo

1006

+2Mo

996

C/B

1011

+Nb

1015

V208C PM

1000

Figure 6.1 The γ’ solvus temperatures and DSC heat flow curves of V208C base alloy and variants. Uncertainty is
+/- 1.3°C

The γ’ solvus temperature obtained in the powder metallurgy version of V208C was 1000°C,
whereas the V208C base composition ingot exhibits a slightly higher solvus by 11°C. This may be
due to slightly higher aluminium content in the ingot version compared to the nominal
composition, as extra aluminium was initially added to compensate for losses during melting.
However, as the difference is reasonably minimal, this result shows that the V208C ingot is still a
viable comparison to the powder alloy.
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The 1at% chromium addition caused a drop of 8°C in solvus temperature. This was to be
expected as chromium has been shown to partition to the γ-matrix in Co-Al-W alloys [113] and
therefore does not promote further precipitation of γ’. Furthermore the 1at% aluminium addition
resulted in a notable increase in solvus temperature, it well known that aluminium is a γ’ forming
element.
The additions of 1 and 2at% molybdenum exhibited a decrease in γ’ solvus temperature,
proportional to increasing molybdenum content with each at% causing a 5°C reduction. This can
be attributed to molybdenum being a γ-matrix strengthening element. This correlates with work
carried out by Yan et al [93], and Bauer et al [96], who both observed a lower solvus temperature
when 2at% molybdenum was added to their base Co-Al-W alloys. However, in research by
Ooshima et al [95] molybdenum was shown to actually increase the γ’ solvus temperature.
Compared to Yan and Bauer’s alloys, Ooshima used a base alloy with only 5at% tungsten, which
would have exhibited lower γ’ fraction and stability. V208C contains only 3at% tungsten,
however due to it’s 1:1 nickel to cobalt ratio, it displays highly stable γ’ precipitates. This suggests
that molybdenum may act as a γ’ former in alloys with lower γ’ volume fractions and/or in alloys
that contain a higher cobalt to nickel ratio, as demonstrated by Makineni et al [140, 141].
The carbon and boron level swap did not cause any variation in the γ’ solvus as they are both
grain boundary segregators and neither have a tendency to partition to the γ matrix or γ’
precipitates. Niobium is another known γ’ former and resulted in an increase in the solvus
temperature, albeit a small one. This is likely due to the total niobium addition being relatively
low at 0.5at%, as well as being counteracted by a reduction in tungsten content. Also the
aluminium content in the alloy was approximately 0.5at% lower than the rest of the alloy series,
which would have counteracted the niobium and helped to lower the solvus temperature.
As each alloy possesses slightly lower tungsten, tantalum and aluminium contents than expected,
the solvus temperatures of more precisely produced powder metallurgy versions can be expected
to exhibit marginally higher solvus temperatures due to these elements all being γ’ formers. All of
the alloys in this series exhibited a γ’ solvus lower than the 1050°C super solvus heat treatment
devised in chapter 4. Therefore it was assumed that the grain boundary serration and γ’
precipitate size optimisation was achieved prior to microstructural observation and performance
tests.
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6.2.3 Alloy Microstructure
The microstructural characterisation of V208C and its variants was carried out post-heat
treatment using the SEM techniques described in section 3.3.3. The γ’ size, volume fraction and
distribution has been evaluated, as well as grain size and carbide characterisation.

6.2.3.1 Microstructural Overview
In order to gain an overview of ingot alloy microstructures, low magnification BSE micrographs
were obtained to highlight the distribution of large-scale phases and investigate any undesirable
phases that may have formed. The powder vs. ingot comparison is shown in figure 6.2.
Powder

Ingot

Figure 6.2 Low magnification BSE images showing carbide distribution in the V208C powder and ingot alloys

In addition to its promising oxidation and mechanical performance, the V208C powder alloy
produced by M. Knop [113] was chosen as the successful alloy candidate to take forward as it did
not exhibit any undesirable phases such as CoAl, Co3W and other TCP phases. Figure 6.2 shows
the microstructures, in particular carbide distribution, of both the powder and ingot versions of
V208C. It is clear that the ingot alloy has also not formed any undesirable phases, and that the
carbide/boride concentration and distribution is similar to that of the powder alloy (albeit with a
much larger grain size). The only notable difference is the occurrence of slightly larger carbide
particles in the ingot alloy. If they are assumed to be MC they could plausibly be removed using
the 2-stage HIP process outlined in chapter 4. BSE images of the V208C variants are shown in
figure 6.3.
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+Cr

+Al

+Mo

+2Mo

C/B

+Nb

Figure 6.3 Low magnification BSE images showing carbide distribution in the V208C variants
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The addition of chromium appears to have resulted in a similar carbide distribution as the base
alloy. As chromium is known to partition to the γ matrix [113] it can potentially destabilise the γ’
if added in excessive quantities, leading to large areas of pure γ or other undesirable phases. In
this instance, an addition of 1at% appears to have not promoted the formation of any
undesirable phases. The formation of the CoAl phase in Co-Al-W alloys is particularly sensitive
to the aluminium content, with large quantities enabling its formation. However, the addition of
1at% aluminium has not gone beyond this critical limit and no CoAl has formed.
Molybdenum, like chromium, is a γ matrix strengthening element and therefore can destabilise
the γ’ phase if too much is added. Both 1 and 2at% additions to the V208C base alloy
composition however, have retained the γ/γ’ phases and not caused any instability. It is also clear
from figure 6.4 that molybdenum strongly promotes the formation of carbides, especially at grain
boundaries. The 1at% addition exhibits a near continuous grain boundary carbide decoration,
with the 2at% addition forming even more.
Swapping the carbon and boron levels caused much finer carbides to form at grain boundaries,
occupying much less area than those in the base alloy. Blocky discrete carbides were still present
in the bulk. Although the carbon content was increased in this alloy, it has not lead to a
noticeably higher carbide volume fraction. This indicates that the carbon/boron balance affects
the mobility of carbon within the matrix, as carbon diffusion through the grain appears to have
been hindered resulting in finer carbides at the grain boundary. The 0.5at% niobium addition also
formed particularly fine carbides at the grain boundary compared to the base alloy whilst
retaining large blocky carbides in the bulk.

6.2.3.2 Grain Size and Distribution
Grain size will affect the mechanical performance of an alloy. As discussed in section 2.2.2.7,
smaller grain sizes will improve tensile strength and LCF life, whereas larger grains will benefit
creep and dwell crack growth performance. The alloy ingots produced for this work were
investigated in order to eventually produce an optimised powder metallurgy version. Therefore it
is important to consider the differences in grain size when an alloy is melted and rolled into an
ingot, in order to account for any differences in mechanical performance that may arise between
the ingot and future powder alloys.

137
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Ingot

70.1μm

Figure 6.4 IPFZ EBSD maps of the V208C powder and ingot alloys

Figure 6.4 illustrates the difference in grain size between the powder and ingot versions of
V208C. As the powder is produced by atomisation, it allows for a much greater control over
grain size, as the powder particle size can be controlled resulting in a very small average grain size
of approximately 12µm, compared to 70µm in the ingot version. Furthermore, rapid
solidification in powder alloys also helps inhibit grain coarsening [6]. The V208C powder alloy
was also isothermally super-solvus forged, which helps to maintain a smaller grain size. It was
much more difficult to control grain coarsening throughout the rolling process used in this
project, as it did not provide enough strain to reduce grain size sufficiently to match the powder
alloy. The only mechanical test performed on the ingot alloys was tensile testing. Therefore if
their performance were to be directly compared to an identical powder alloy, their yield strength
would be much lower in comparison. However, as a V208C base alloy ingot was produced, it
serves as standard comparison to observe the effects of alloying on tensile strength, which can
then be scaled up for any subsequent powder alloys. This is discussed in further detail in section
6.2.6.
The EBSD maps in figure 6.5 show that the average grain size across each alloy are relatively
similar to the base alloy ingot with some deviations of approximately 10-20µm. Differences in
grain size may have been caused by uncontrollable discrepancies in the rolling process. The
similarity indicates that the tensile performance of each alloy variant should be comparable to the
base alloy.
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Fig. 6.5 IPFZ EBSD maps showing grain size and distribution in the V208C variants
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6.2.3.3 γ/γ’ Microstructure
The electrolytically etched SEM micrographs in figure 6.6 show the γ/γ’ microstructure in each
alloy, the same micrograph of the V208C base alloy is shown in figure 6.1(2). The γ’ volume
fraction and average precipitate diameter of each alloy is displayed in table 6.3.
Powder

Ingot

Figure 6.6 Etched secondary electron images showing γ/γ’ microstructure of the V208C powder and ingot alloys

The γ/γ’ microstructure of the V208C ingot is relatively comparable to that of the powder
metallurgy version. Precipitates are very similar in size, and although the ingot possesses a 6%
lower volume fraction, it is clear from figure 6.6 that there is a notable occurrence of smaller
tertiary γ’ precipitates. Only secondary γ’ is included in the volume fraction measurements,
therefore the total γ’ content is likely to be closer to that of the powder metallurgy material.
Tertiary γ’ is known to significantly improve creep performance by inhibiting the passage of
a/2<110> dislocations through the γ/γ’ microstructure [117].
As expected, the 1at% aluminium addition offered the most significant increase in γ’ fraction due
to it’s tendency to partition to the γ’ phase [113]. The γ/γ’ microstructure appears to have
remained stable throughout the heat treatment, coarsening to give an average precipitate size
slightly higher than that of the V208C base alloy. This also correlates with the increase in γ’
solvus temperature.
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Fig. 6.7 Etched secondary electron images showing γ/γ’ microstructure of V208C variants
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Alloy

γ’ Volume Fraction Mean γ’ Precipitate Diameter (nm)

V208C

50%

82

+Cr

44%

79

+Al

54%

90

+Mo

47%

75

+2Mo

45%

68

C/B

49%

80

+Nb

51%

89

V208C PM

56%

77

Table 6.4 The γ’ fraction and mean precipitate diameters of the V208C ingot, powder and variant alloys. Uncertainty
is +/- 1.4%

Chromium and molybdenum both reduce the γ’ fraction of V208C, with chromium causing the
most notable decrease. The addition of molybdenum causes a relatively linear reduction in γ’
fraction per at%, whilst also decreasing the average precipitate size. The chromium addition also
seems to result in a smaller precipitate size, however the effect is less significant. This reduction
in both γ’ volume fraction and precipitate size can be accounted for by chromium and
molybdenum’s capacity as γ strengthening elements, preferentially partitioning to the γ-matrix.
They are also known to destabilise the γ’ phase, however the additions of 1at% chromium and 12at% molybdenum in these alloys appears to have retained γ’ stability as there appears to be no
undesirable coarsening after being subjected to the ageing heat treatment.
Swapping the carbon and boron levels resulted in a 1% decrease in volume fraction. However as
the only change in alloy chemistry involved neither γ strengthening γ’ forming elements, in theory
there should have been no difference in γ’ fraction. This may be attributable to slight
discrepancies in actual composition compared to the nominal composition of the alloy.
The addition of 0.5at% niobium also lead to an increase in volume fraction, albeit only by 1%. As
niobium is a particularly strong γ’ former, a more significant increase should be expected. Even in
relatively small additions it can cause a significant increase in γ’ fraction. This can be explained by
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the accompanying reduction in tungsten, which is also a strong γ’ former. Upon closer inspection
of the niobium alloy γ’ microstructure in figure 6.7, a notable amount of tertiary γ’ precipitates are
present, indicating that the actual volume fraction is most likely higher than what was measured.
Additionally, the strengthening effect of niobium is not just limited to increasing volume fraction.
It also increases the APB energy of the γ’ precipitates, further improving high temperature
strength by increasing resistance to dislocation cutting [117]. Niobium is also a strong carbide
former, therefore it is possible that a significant portion of the additional niobium content in the
alloy has contributed to carbide formation as opposed to precipitate strengthening.
Whilst the measured γ’ volume fractions of the alloy series appear to correlate with what was
expected compared to existing literature, there is a notable tertiary γ’ content in each alloy. As this
is not included in the measurement of the γ’ fraction, a true representation of the γ’ content is
difficult to achieve. The effects of tertiary γ’ have been explored in the literature. It has been
proven to significantly improve creep strength, due to further inhibiting dislocation cutting [118].
However, tertiary γ’ has also been identified as being detrimental to high temperature fatigue
crack resistance. As cracks develop at elevated temperatures oxides form at the crack tip, exerting
a stress on the surrounding material. A degree of creep deformation is required in order to relieve
these stresses at the crack tip, which is less achievable with the presence of tertiary γ’ [119]. There
is still debate over whether tertiary γ’ is desirable in polycrystalline superalloys, i.e. whether creep
or high temperature fatigue performance is more important to alloy performance.

6.2.3.4 Carbide Formation
As discussed in chapter 4 the carbon content in V208C is sufficient enough to promote the
formation of carbides throughout the microstructure, and carbide morphology can be controlled
using specific heat treatments. This chapter focuses on the effect of alloying elements on the
types of carbides that form.
Section 6.2.3.1 outlines carbide size and distribution in the V208C alloy series, with figure 6.2
highlighting the difference in carbide size between the powder and ingot alloys. Larger carbides
are expected to form in the ingot alloy due to an increased grain size compared to powder alloys,
and excess carbon content caused by residual carbon occurring in the melting process.
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Figure 6.3 clearly shows that prominent carbide formation occurs in all V208C variants, and that
certain additions have a significant effect on carbide volume fraction. The carbides in these alloys
were further examined using EDX point scans to determine the elements present in order to gain
an understanding of which alloying additions contributed to carbide formation. As M23C6 tends to
form on grain boundaries [3, 6, 66, 103] and MC is believed to form in V208C within the grain
bulk [116], both bulk and grain boundary carbides were examined in each alloy to highlight any
differences. The resolution of the EDX used was not sufficient enough to accurately represent
carbon level in order to determine carbide structure. Therefore the results have only been used to
confirm any elements present to gain a qualitative understanding of carbide composition.
Figure 6.8 compares the EDX spectra of the V208C ingot and powder alloys. The bulk carbides
present in the powder alloy are comprised of a tantalum/zirconium combination. This was
previously confirmed by the STEM-EDS results in chapter 4, which bolsters the accuracy of the
SEM-EDX used to indicate carbide composition in this chapter.
The only difference between the two base alloys is the presence of zirconium in the powder
version. Tantalum/zirconium carbides form within the grain bulk in the powder alloy, whereas
only tantalum carbides form in the ingot. A lack of zirconium carbides is further observed in all
of the V208C variant ingots. This is likely to have been caused by greater loss of zirconium
during the melting process. As it is the smallest component of the alloy (in at%), it is much more
difficult to maintain accurate control over it’s concentration when melting the raw constituents.
However, the similarities in other carbide forming elements in both the ingot and powder alloys
further indicates a high degree of comparability between the two processes. Grain boundary
carbides in both alloys contain a cobalt/nickel/tungsten variation, with additional zirconium in
the powder.
As expected, the aluminium and chromium additions did not act as carbide formers. Figure 6.9
shows that both alloys formed cobalt/nickel/tungsten carbides at the grain boundaries. The
chromium addition contained tantalum/tungsten carbides within the grain bulk, however the
aluminium addition caused the formation of tantalum only carbides. This may be due to
aluminium being a strong γ’ former, increasing the γ’ volume fraction, which could have lead to
tungsten occupying γ’ lattice sites as opposed to forming carbides. This would indicate that
tantalum forms carbides more readily than tungsten, likely due to tantalum having a higher degree
of mobility. However it is worth noting that there could be a peak overlap between tungsten and
tantalum due to their atomic masses being very similar.
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Figure 6.8 EDX point scan spectrums of bulk and grain boundary carbides in V208C ingot and powder alloys
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Figure 6.9 EDX point scan spectrums of bulk and grain boundary carbides in the V208C +Cr and +Al alloys
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Figure 6.10 EDX point scan spectrums of bulk and grain boundary carbides in the V208C +Mo and +2Mo alloys
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Figure 6.11 EDX point scan spectrums of bulk and grain boundary carbides in the V208C C/B and +Nb alloys
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As shown in figure 6.3, molybdenum clearly contributes to carbide formation. This is confirmed
in figure 6.10, which shows that it is present in both the bulk and grain boundary carbides
throughout the alloy, forming a molybdenum/tungsten/cobalt/nickel carbide composition. Both
the 1at% and 2at% additions exhibit blocky discrete carbides in the bulk, slightly larger than the
ones found in the other alloys in the series, with much finer carbides precipitating at the grain
boundaries. Niobium is another strong carbide former, with presence in both bulk and grain
boundary carbides after the 0.5at% addition. However unlike the rest of the alloy series it forms
niobium/tungsten/tantalum carbides at both locations, with no presence of cobalt or nickel.
The alloy with the carbon/boron level swap experienced no change in the metal content of the
carbides compared to the base alloy, however it is clear from figures 6.3 and 6.11 that the
increase in carbon and reduction in boron has an effect on carbide size and distribution. There is
also no evidence of borides forming throughout the microstructure, which suggests boron is
present in solution or in the grain boundaries or as mixed carbo-borides, although the ability of
EDX to measure carbon and boron is limited in the SEM. A previous study by Kontis et al [123]
on the role of boron in polycrystalline nickel-base superalloys suggests that boron segregates to
grain boundary M23C6 carbides to form M23(B,C)6. In further work by Kontis et al [124] atom
probe analysis was used to investigate the grain boundary characteristics of boron doped nickel
superalloys. In this study it was found that boron actually replaced most carbides at the grain
boundaries with increasing content, forming M5B3 borides. An optimum level of boron was
observed, as alloys with a medium boron content (0.05at%) exhibited the most favourable boride
formation and mechanical performance. The prevalence of borides was also found to be heavily
influenced by chromium content, with a higher chromium concentration increasing the likelihood
of borides forming as opposed to boron going into solid solution. This contradicts the findings in
this chapter, as no borides were evident in the carbon/boron swap alloy as well as the other
alloys in the series. The boron content of the V208C alloy variants was particularly high at 0.150.20at%, compared to a maximum of 0.08at% in the work by Kontis et al. This would suggest
that the boron content in V208C greatly exceeds the effective level for promoting the formation
of borides, as even dropping from 0.20 to 0.15at% in the carbon/boron swap alloy seemingly has
no effect on carbide/boride formation. However, as discussed later in sections 6.2.4 and 6.2.6,
lowering the boron level to 0.15at% results in a drastic improvement in both oxidation and
tensile performance. Boron exhibits low solubility in the γ matrix, making it unlikely to be present
in solid solution. Therefore the effect of boron on V208C is likely to be a mechanism influenced
by the formation of ultra-fine discrete boride particles that can’t be observed using SEM
techniques.
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6.2.4 Oxidation Performance
Although there have been limited studies on the oxidation of the Co-Al-W system, a number of
investigations have been carried out and the key components of oxidation kinetics have been
observed. [98, 99, 101, 102, 120, 121, 122]. As outlined in section 2.3.3.3, the oxide formation
mechanisms of cobalt superalloys are complex and generally form a mixed outer oxide scale,
usually comprised of a Co3O4, CrO2 and Cr2O3 mixture. Below the outer oxide lies a continuous
Al2O3 scale, often with fingers stretching downwards into the bulk of the material. There is also a
sub-surface γ’ depleted zone caused by the diffusion of aluminium towards the surface to form
the Al2O3 scale. In cobalt superalloys Co3W often also forms in the depleted zone due to excess
tungsten left from the destabilisation of the γ’.
The oxidation performance of the V208C alloys series at 800°C for 100 hours was investigated
using the mass gain and damage depth techniques described in sections 3.4.3.1 and 3.4.3.2. Table
6.5 shows the thickness of the oxide layer, sub-surface depletion zone and the overall damage
depth, as well as the mass gain rate.

Alloy

Oxide Thickness γ’ Depletion Total Damage Mass Gain Rate
(mg/cm2)
(µm)
(µm)
(µm)

V208C

0.63

1.41

2.04

0.210

+Cr

0.49

1.18

1.67

0.066

+Al

0.32

1.48

1.80

0.029

+Mo

0.48

1.43

1.91

0.248

+2Mo

0.58

1.07

1.65

0.118

C/B

0.68

0.89

1.57

0.203

+Nb

0.87

1.71

2.58

0.198

V208C PM

0.67

1.34

2.01

0.203

Table 6.5 The oxide thickness, γ’ depletion zone, total damage depth and mass gain rate of V208C ingot, powder
and variant alloys
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Figure 6.12 BSE images of the oxidation damage in the V208C ingot and powder base alloys. Cross-sectioned using
the FIB slice technique

As can be seen from table 6.5 and figure 6.12, the oxidation performance of the ingot and
powder versions of V208C is near identical, indicating that differences in processing have little to
no effect on oxidation. The base alloy exhibits a thin outer oxide under 1µm, with distinct Al2O3
fingers reaching downwards into the bulk. The resulting γ’ depleted zone extends to
approximately the same depth. It should be noted that a continuous Al2O3 layer has not formed,
leaving the alloy bulk exposed to the outer oxide. Although a continuous Al2O3 is expected to be
present in Co-Al-W alloys, it has been found that it generally does not form until after 300 hours
exposure [116]. Therefore the alloys examined in this chapter are in a state where diffusion is still
possible between the alloy and external oxide. It is also clear that Co3W has not formed beneath
the surface in the γ’ depleted zone, unlike cobalt alloys examined in the literature [98]. This may
be due to the higher aluminium and lower tungsten content in V208C, which enables the Al2O3
oxide to form without extracting enough aluminium from the depletion zone to completely
destabilise the γ’. The lower tungsten content then further inhibits the formation of Co3W.
Figure 6.13 shows the oxidation damage depths of the V208C alloy variants. The only noticeably
different oxide formation is caused by the niobium addition, with large spinels forming across the
surface that extend much deeper into the bulk than any features present in the other alloys. These
spinels give the alloy a bi-modal damage depth, as the areas in between exhibit a relatively small
oxide scale and depletion zone. Interestingly the niobium addition was the only one to form a
continuous Al2O3 layer. As the niobium addition was counteracted with a reduction in tungsten,
it may have improved diffusivity therefore facilitating more rapid formation of the protective
layer.
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Figure 6.13 BSE images of the oxidation damage in V208C variants, cross-sectioned using the FIB slice technique
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Aside from the niobium addition, the alloys shown in figure 6.11 show a similar
oxide/microstructural formation compared to the V208C base alloy. The main difference is the
variation in overall damage depths.
The addition of chromium reduced both the external oxide layer and γ’ depleted zone, and
resulted in a very low mass gain rate. This is likely to be caused by chromium oxides forming in
the outer scale, creating a highly stable protective layer to significantly inhibit further oxidation.
The aluminium addition also reduced the overall damage depth, however this is largely due to a
much smaller outer scale. The internal damage actually penetrates slightly deeper than the base
alloy. The increase in aluminium content appears to aid the deeper formation of Al2O3 fingers,
causing the γ’ depleted zone to be greater.
The 1at% molybdenum addition marginally reduced the overall damage depth compared to the
base alloy, and the mass gain was actually greater. However, when increased to 2at%,
molybdenum significantly improved both the damage depth and mass gain of the alloy. This
contradicts the work of Yan et al [93], which showed that a 2at% molybdenum addition has a
negative impact on oxidation performance of Co-Al-W alloys. However, the alloys tested in Yan’s
study did not contain nickel, and had much lower aluminium and tungsten contents. This would
suggest that molybdenum’s effect on oxidation kinetics is highly influenced by the levels of other
alloying elements, and that in the correct amounts it can offer a notable improvement to
oxidation performance.
The reduction in boron levels significantly reduced the oxidation damage depth, but had virtually
no effect on mass gain. In previous work by Klein et al [102] it was suggested that there is an
appropriate boron level at which oxidation performance is drastically improved. In Klein’s alloys,
a boron content of 0.04at% was used, which is much lower than V208C. However, it was also
shown that boron’s ability to improve oxidation resistance is highly sensitive to chromium
content. Therefore V208C’s sensitivity to the effect of boron may be significantly different,
however it is still clear that there is an optimum boron level that can be achieved.
As with the V208C base alloy, no further alloying additions have triggered the formation of
Co3W, or any other undesirable TCP phases in the γ’ depleted zone. Although TCP phases do
tend to form after long periods of thermal exposure, the long-term stability results of the V208C
alloy series (shown in section 6.2.5) indicate that each alloy is highly stable, and undesirable
phases are unlikely to form.
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6.2.5 Long Term Thermal Stability
As superalloys are required to perform over an extended lifetime, long-term thermal stability is an
important factor to consider. When exposed to elevated temperatures, γ’ will begin to coarsen,
causing an increase in volume fraction (assuming diffusion from γ’ elements in solid solution).
This can pose a risk to mechanical performance as volume fraction could be pushed beyond the
optimal limit. Additionally, superalloys can be prone to the formation of undesirable TCP phases
over long periods of time at elevated temperatures. Even though they may be absent during alloy
melting and processing, their presence in the microstructure after long-term usage can cause
severe reductions in fatigue or creep life.
Powder

Ingot

Fig. 6.14 Etched secondary images showing the γ/γ’ microstructure of V208C powder and ingot alloys
after 1000h at 800°C

Comparing figures 6.6 and 6.14 clearly shows that both the powder and ingot versions of V208C
experience a relatively insignificant degree of γ’ coarsening when held at 800°C for 1000 hours.
There is also no evidence of the formation of any TCP phases, indicating that the mechanical
performance of the alloy is unlikely to be severely affected after extended exposure to elevated
temperatures.
Figure 6.15 also shows extremely minor γ’ coarsening when compared the secondary images in
figure 6.7. Additionally there is again no sign of TCP phases in the microstructure. This shows
that the additions of chromium, aluminium, molybdenum and niobium in this alloy series have
not resulted in any detrimental effect on long-term thermal stability.
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Fig. 6.15 Etched secondary images showing the γ/γ’ microstructure of the V208C alloy variants
after 1000h at 800°C
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6.2.6 Tensile Testing
In order to assess the mechanical performance of each alloy, tensile testing was carried out across
a range of temperatures to determine the yield stress profile at elevated temperatures and
highlight the yield stress anomaly. Tests were performed at room temperature and then at 50°C
intervals between 650°C and 900°C, as described in section 3.4.1.1.
As there was a significant difference in grain size between the powder and ingot alloys, it was
important to understand the extent to which it affected yield strength, so that the alloying effects
on the ingot material could be effectively scaled up when going forward to produce the next
powder alloy. Figure 6.16 shows the yield stress curves of the ingot and powder V208C base
alloys. Both alloys were subjected to the serrated grain boundary heat treatment described in
chapter 4.

Fig. 6.16 Yield Stress vs. Temperature curves for V208C powder and ingot base alloys

The powder alloy outperformed the ingot, with room temperature yield stress increasing from
830MPa to 1000MPa and continuing an improvement of approximately 150MPa across the entire
temperature range. Therefore it can be assumed that any improvements brought about by
alloying additions in the ingot material could be extrapolated to compensate for the smaller grain
size as a result of the powder production process.
Figure 6.17 shows the yield stress curves of the V208C ingot base alloy and it’s variants. Each
alloy exhibits a yield stress peak between 700°C and 800°C, with some more pronounced than
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others. The profile of each yield stress curve helps identify the effect each alloying addition is
having on the tensile performance.

Fig. 6.17 Yield Stress vs. Temperature Curves for theV208C ingot base and variant alloys

Table 6.6 shows the room temperature yield stress of each alloy, including the V208C powder
version. Additionally, 850°C was chosen as a benchmark to rank the high temperature
performance of each alloy.
The chromium addition caused a slight increase in yield stress at lower temperatures, likely due to
its tendency to partition to the γ matrix and improve solid solution strengthening. However, at
750°C it begins to underperform compared to the base alloy. This can be explained by its lower γ’
fraction, which results in a reduced occurrence of the Kear-Wilsdorf locking mechanism
therefore reducing the yield stress peak.
Aluminium, as expected, increased the yield strength due to its γ’ forming properties resulting in a
higher γ’ fraction. This can be confirmed by noting that the improvement is most significant at
the height of the yield stress peak at 700°C, where the aluminium addition results in an increase
from 712MPa to 773MPa. Beyond the peak the yield stress begins to fall to levels similar to the
base alloy, indicating that aluminium contributes solely to γ’ strengthening and does not offer any
matrix strength improvement.
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Alloy

Yield σ 25°C (MPa) Yield σ 850°C (MPa)

V208C

830

460

+Cr

838

450

+Al

844

513

+Mo

808

578

+2Mo

888

633

C/B

815

635

+Nb

827

564

V208C (PM)

1003

699

Table 6.6 Yield Stress of V208C powder and ingot alloys and V208C ingot variants at room temperature and 850°C

The addition of 1at% molybdenum appears to have little effect on yield stress at 650-750°C, with
V208C-3 exhibiting a similar yield stress peak compared to the base alloy at these temperatures.
However, above 750°C, a notable improvement is observed in comparison to the base alloy.
When the molybdenum content is increased to 2at%, a significant increase in yield strength is
seen across all temperatures, with an even greater performance at 850-900°C. As molybdenum
has been shown to decrease the γ’ content, it is clear that something other than the KearWilsdorf lock mechanism is occurring at elevated temperatures to improve yield strength so
significantly. As shown in section 6.2.3.1, molybdenum additions promote the formation of
carbides, particularly at the grain boundaries. This indicates that grain boundary based
strengthening mechanisms take over at temperatures above the γ’ based yield strength peak,
offering further improved strength at temperatures above 700-750°C. The same can be said for
the carbon/boron level swap in V208C-5, which also exhibits a significant improvement in yield
strength across the entire temperature range. As this alloy contains little to no alterations in
elements that may affect the γ/γ’ microstructure, its γ’ volume fraction is virtually the same as
that of the base alloy. However, as discussed in section 6.2.3.4, the alteration of carbon and
boron levels seemingly has no effect on the volume fraction, morphology and composition of
grain boundary carbides. Therefore the effect of boron on yield strength is likely due to a
mechanism involving the formation of ultra-fine grain boundary borides, as observed in studies
by Kontis et al [123, 124]. The strength improvement offered by molybdenum could also be a
result of matrix solid solution strengthening, as suggested by Roth et al [137].

158
The yield stress peak of V208C-6, with the 0.5at% niobium addition, is much less pronounced
compared to the base alloy. It does however display an improved performance across all
temperatures, with yield strength close to that of the 2at% molybdenum and carbon/boron swap
alloys at the higher end. This may be due to niobium’s ability to promote both γ’ and carbide
formation, offering both strengthening contributions.

Fig. 6.18 Bar chart showing the yield stress of the V208C ingot alloy and V208C-1 to 6 at room temperature, 700°C
and 850°C

The effects of alloying additions on yield stress in the V208C series clearly highlights two types of
strengthening mechanism occurring at distinct temperatures. This is represented in figure 6.18,
which shows the alloying elements responsible for the improving the γ’ based strengthening
mechanism at 700°C and the elements that affect the grain boundary strengthening at 850°C.
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6.3 Conclusions
In this chapter the effects alloying additions on the cobalt-base ingot superalloy V208C were
investigated. This included additions of chromium, aluminium, molybdenum, niobium and an
alteration of the carbon/boron levels. The following conclusions have been drawn:

•

An ingot metallurgy preparation process can be used to produce prototype alloys with a
high degree of comparability to an equivalent powder alloy.

•

In terms of the effects on density, γ’ solvus and γ’ fraction each alloying addition
exhibited results as expected, in line with existing literature. Stability was not
compromised in any of the alloys, with no presence of TCP phases after both processing
and 1000 hours at 800°C.

•

Both molybdenum and niobium appear to be strong carbide formers, with molybdenum
causing a notable increase in carbide volume fraction.

•

Contrary to the results in chapter 5, niobium was the only addition that reduced oxidation
performance, suggesting the effect of niobium is influenced by the cobalt to nickel ratio.

•

Reducing the boron content and increasing carbon offered a significant improvement in
both oxidation and mechanical performance, suggesting that there is an optimal boron
content below 0.20at%. The mechanisms involving boron in strengthening and oxidation
are not yet understood.
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7. Conclusions and Further Work

7.1 Conclusions
This thesis has described the development of cobalt/nickel-based polycrystalline superalloys for
gas turbine applications. First, the optimisation of the heat treatment cycle applied during
consolidation of the alloy powders by hot isostatic pressing (HIP) was considered. Then, two
powder alloys V208E and V208F exploring the addition of titanium and niobium, respectively,
were characterized and investigated. Finally, a lab-scale ingot production route was developed in
order to enable the rapid assessment of alloying effects, resulting in a systematic study on
additions of chromium, aluminium, molybdenum, carbon and niobium.
It is found that carbide formation during consolidation can be controlled by first employing a low
temperature heat treatment, followed by the super-solvus part of the conventional HIP cycle.
This route was first verified by heat-treating powders, followed by consolidation at the University
of Birmingham using their HIP. It is hypothesized that the mechanism underlying this effect is
that the M23C6 carbide is more stable than MC at the lower temperature, with its slower
formation kinetics. At this temperature, carbon can then diffuse throughout the alloy away from
the terminal solidification films. Whatever the precise mechanism, the carbides that form reduce
in size from around 1µm to 80-150nm, and move from being arranged in stringers associated
with the parent interdendritic regions to being found at the grain boundaries. STEM-EDS
confirms that the small carbides formed are rich in tantalum and zirconium.
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The effect of cooling rate from above the γ’ solvus temperature was then examined. It was found
that the lowering the cooling rate produced more serrated grain boundaries, as they loop around
the γ’ formed on cooling. It is recommended that a cooling rate below 0.5°C/s be applied. The
effect of the resulting grain boundary serration was noticed in V208E, with larger secondary γ’
and consequently larger serrations. It exhibited a notable improvement in creep performance,
although other effects such as grain size and composition may have also contributed. Applying
this heat treatment also resulted in an increase in V208C’s room temperature yield stress from
900MPa to 1003MPa, most likely due to the super solvus stage of the heat treatment resulting in
an improved γ’ distribution.
Two powder alloys using a 1:1.3 nickel to cobalt ratio were then examined, to explore the effect
of titanium and niobium substitutions. 1.5at.% titanium was found to increase the γ’ solvus by
around 30°C when substituted atom-for-atom for 1at % aluminium, 0.25at% tungsten and
0.25at% tantalum. The titanium-containing alloy was found to posses a finer grain size, whilst the
niobium-added alloy twinned heavily and possessed a larger grain size. Nevertheless, neither alloy
was as strong as the parent alloy V208D at room temperature. However, the niobium
substitution (1at% for 0.75at% tungsten and 0.25at% tantalum) had only minimal effect on the
strength at 850°C. Both alloys had acceptable low cycle fatigue (LCF) strength, with a life of over
0.25 million cycles at 650°C and 774MPa, which was greater than the yield stress. The major
finding was that the titanium addition was detrimental to the oxidation performance, resulting in
performance similar to coarse grain RR1000, whilst the niobium addition appeared to be
beneficial, resulting in an oxidation damage depth of only 1.1µm after 100 hours at 800°C, over
four times better than in coarse grain RR1000. It was also found that the secondary γ’
precipitates in the niobium-containing alloy were much finer than in the titanium-containing
alloy. Both alloys were found to be microstructurally stable against tetragonal close-packed phase
formation after 10,000-hour heat treatment at 800°C. Niobium could be found in the carbides in
the niobium-containing alloy, and the carbides in both alloys also appeared to contain tungsten
and tantalum. In creep, both alloys outperformed V208C, which contained no titanium or
niobium, with the titanium-containing alloy showing a creep rupture life of 300 hours in the
800°C/300MPa condition, which approaches the performance of coarse grain RR1000. The
fracture surfaces under both creep and LCF showed evidence of intergranular cracking prior to
final overload failure.
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The alloy chemistry optimisation campaign examined alloy additions from the baseline V208C
composition of 1:1 nickel to cobalt ratio, 15at% chromium, 10at% aluminium, 3at% tungsten,
1at% tantalum, plus carbon, boron and zirconium. 1at% additions of chromium, aluminium,
molybdenum, and niobium were examined as well as exchange of the carbon and boron levels (to
increase carbon) and 2at% molybdenum. Niobium and aluminium increased the γ’ solvus by
around 20°C/at%, whilst molybdenum and chromium decreased the solvus by around
10°C/at%. All the additions apart from niobium improved the oxidation resistance, but the
chromium addition resulted in oxide spallation. Molybdenum additions were particularly
effective at increasing the high temperature strength, presumably either by providing matrix solid
solution strengthening or by grain boundary strengthening due to carbide formation. Substitution
of carbon for boron also increased strength, as did niobium additions. Lower boron levels (from
0.2 to 0.15 at%) and higher carbon levels (from 0.15 to 0.2 at%) also reduced the extent of
alumina intrusions into the alloy.
For future alloys it is recommended that the two-stage HIP treatment and serrated grain
boundary cooling procedure be applied routinely. It is concluded that molybdenum additions to
provide matrix strength are highly desirable, and that is desirable to increase aluminium contents
at the expense of chromium. Titanium additions appear to be too detrimental to oxidation
resistance to be sanctioned. The role of niobium and the optimisation of the carbon, boron and
zirconium levels need to be examined further.

7.2 Further Work
The optimisation of the γ’ microstructure and grain size should be examined in greater detail,
especially with respect to complex mechanical properties such as (time-dependent) fatigue crack
growth and creep. The role of tertiary γ’ also requires further investigation. The alloys V208E and
V208F show properties close to that attained by CG RR1000, which shows promise that alloys
superior to conventional low-cobalt nickel superalloys may be possible. Improvements in
strength will also be a key requirement for future examination, which may be addressed simply by
optimisation of the γ’ size distribution.
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Appendix
I. EDX Composition Uncertainty
Compositions determined in this project using EDX analysis are subjected to an uncertainty
range of +/- 1at% for compositions greater than 10at% and +/- 0.3at% for compositions lower
than 10at%. This is due to equipment limitations with the SEM EDX technique used.

II. Density Measurement Uncertainty
Density measurements were performed using the Archimedes’ principle method outlined in
section 3.3.2. In order to minimise uncertainty, each alloy was weighed five times both in and out
of water. The mean mass of each condition was then used to calculate density. A balance with an
accuracy of +/- 0.01mg was used. The standard deviation was calculated to be 0.02mg. This
directly correlates to the uncertainty of the density values established, as the method used only
required measurements of mass. Therefore the standard deviation of density measurements in
this project is taken to be 0.02mg/cm3. The standard deviation calculation used is given below.

!! =

!−!
!−1

!

(A.1)
Where m is mass and n is the number of measurements taken.
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III. Solvus Temperature Uncertainty
γ’ solvus temperatures were measured using the DSC technique described in section 3.3.4. The γ’
solvus of alloy V208C was measured three times separately to confirm accuracy of equipment
and technique. The standard deviation was found to be 1.3°C. The standard deviation calculation
used is given below.

!! =

!−!
!−1

!

(A.2)
Where t is temperature of the γ’ solvus and n is the number of measurements taken.

IV. γ’ Fraction Uncertainty
γ’ fractions were measured using the ImageJ technique described in section 3.3.3.1. Each
measurement was performed five separate times on different areas of the sample microstructure.
The standard deviation was calculated to be 1.4% γ’ fraction. The standard deviation calculation
used is given below.

!! =

!−!
!−1

!

(A.3)
Where f is γ’ fraction and n is the number of measurements taken.
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