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Abstract
Microstructure and formation mechanisms of δ-hydrides in rolled and recrystallised fine grain
(grain size ~11 μm) and ‘blocky alpha’ large grain (grain size >200 μm) Zircaloy-4 have been
studied using electron backscatter diffraction (EBSD). A unique {0001}𝛼 ||{111}𝛿 ; <
112̅0 >𝛼 || < 110 >𝛿 matrix-hydride orientation relationship (OR) was found which
supports the hydride formation mechanism through partial dislocation gliding on alternate
matrix basal planes. Hydride stringers in the fine grain material were found to form through
sympathetic hydride growth across grain boundaries. The macroscopic alignment of hydride
stringers perpendicular to the plate normal direction (ND) is due mainly to the matrix material
texture while relates weakly to the grain boundary characters.
Micropillar compression tests reveal that the properties of < 𝑎 > basal slip in Zircaloy-4 vary
strongly with temperature between 298 K and 623 K and the change in critical resolved shear
stress (CRSS) with temperature follows a thermally activated constitutive law. At 623 K, the
addition of hydrogen solutes has led to more homogeneous < 𝑎 > basal slip and negligible
strain hardening.
The interactions between crystal slip and hydrides in Zircaloy-4 have been studied using
micropillar compression tests of single crystal specimens (where hydrides are intragranular)
and macroscale tensile tests of polycrystal specimens (where hydrides are intergranular).
Results suggest that local shear along some of the hydride-matrix interfaces is favoured over
slip in the matrix nearby, causing localised deformation. Slip bands in the matrix, when
reaching the hydride-matrix interfaces (nearly) perpendicularly, can either get arrested at the
interfaces or result in shear within the hydride. Using high angular resolution EBSD (HR-EBSD),
these complicated slip-hydride interactions have been observed to give rise to significant
geometrically necessary dislocation (GND) pile-up along the hydride-matrix interface,
indicating the risks of local damage accumulation and the tendency of hydrogen diffusion
towards the dislocated area at high temperature triggering delayed hydride cracking (DHC).
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1. Introduction
Zirconium alloys are used extensively as fuel cladding materials in water-based nuclear
reactors. Due to their susceptibility to hydrogen ingress, the effects of hydride (at low
temperature) and solute hydrogen (at high temperature) on the mechanical performance of
Zr alloy claddings need to be understood in order to predict and improve the structural
integrity of the reactor core.
For a long time, whether < 𝑎 > basal slip is a fundamental deformation mode of Zr alloys
remains unclear. Local activation of this slip system were occasionally observed at room
temperature [1–3], however in large-scale single crystal tests this slip system were not
successfully activated below 873 K [4]. Therefore, it is essential to study the activity and
properties of this slip system at temperatures with carefully designed experiments, in order
to shed light on the understanding of Zr deformation. This can also provide important
parameters for life-predicting models of industrial Zr claddings.
The formation of hydrides in single crystal Zr is generally well-understood. However, the
formation mechanism of mesoscale hydride stringers across multiple grains in Zr alloy fuel
claddings is unknown. Furthermore, although it is broadly known that hydrides degrade the
ductility and toughness of Zr alloy fuel claddings, the detailed mechanisms still need
addressing. To study quantitatively the initiation process of hydride-induced failure,
techniques with high sensitivity to small deformation is required, and multiple techniques are
required to access the various physical quantities involved (stress, strain, dislocation density,
etc.). Moreover, both single crystal and polycrystal tests are necessary as the former provides
well-known stress states while the latter has more direct industrial implications.
Understanding of these problems is particularly important not only for the scientific aspect of
the physical processes, but also for the industrial processing and the development of new
materials to reduce hydride embrittlement in these materials.
A substantial amount of research work on hydrogen in Zr alloys has been carried out, enabling
the understanding of some fundamental questions in this field. There remains a few key
aspects that need addressing which motivated the work reported in this thesis:
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•

The mechanisms for the zirconium-to-hydride phase transformation and the
formation of hydride stringers in Zr alloys.

•

The properties of < 𝑎 > basal slip in Zr between room temperature and cladding
service temperature, and the effect of solute hydrogen.

•

The ways slip and hydrides interact under stress, and the influences of microstructure
and crystallography.

•

The evolutions of defect density, stress and strain at hydride-matrix interfaces upon
plastic deformation.

This thesis explores the microscale mechanisms for a variety of microstructural and
mechanical phenomena in zirconium-hydrogen alloy system, including hydride formation,
elevated temperature mechanical performance, and hydride embrittlement, using microscale
characterisation and testing techniques such as electron backscatter diffraction,
micromechanical testing and digital image correlation.
Chapter 2 gives a detailed review of the literature in the fields of zirconium alloys (mechanical
properties), zirconium hydrides (crystallography, dissolution/precipitation, mechanical
properties and delayed hydride cracking), micromechanical testing, digital image correlation
and high angular resolution electron backscatter diffraction.
Chapter 3 investigates the microstructure and formation mechanisms of individual hydride
packets in ‘blocky alpha’ large grain Zircaloy-4 and hydride stringers in as-received fine grain
Zircaloy-4, based on their crystallographic and microstructural characters revealed by
electron backscatter diffraction.
Chapter 4 studies the properties of < 𝑎 > basal slip in Zircaloy-4 and their variations with
temperature between 298 K (room temperature) and 623 K (cladding service temperature),
as well as the influence of solute hydrogen on the < 𝑎 > basal slip properties at 623 K through
elevated temperature micropillar compression tests.
In chapter 5, in situ scanning electron microscopy micropillar compression tests and ex situ
digital image correlation macroscale tensile tests are carried out to reveal the interactions
between matrix plastic slip and hydride packets in Zircaloy-4. The fine scale mechanisms are
found to relate strongly to the hydride formation process and may lead to the ultimate failure
of the material.
24

Chapter 6 gives an example of utilising in situ high angular electron backscatter diffraction
microcantilever bending tests to study the geometrically necessary dislocation density and
elastic stress evolution at the hydride-matrix interfaces during the deformation processes of
small scale specimens.
The conclusions of the chapters, their mutual relationships, and their implications on the
mechanical performance of Zr alloy fuel claddings are summarised in chapter 7 where future
studies are also proposed.
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2. Literature review
2.1. Zirconium alloys in fission nuclear reactors
2.1.1. Principles of nuclear fission
When a large fissile atomic nucleus such as U235 is intercepted by a neutron, it may split into
two or more smaller nuclei and release free neutrons with high kinetic energy, γ radiation as
well as α and β particles [5]. The process is known as nuclear fission. Later, a portion of the
free neutrons may intercept some more fissile nuclei and trigger further nuclear fission events,
which release more neutrons. This is called a nuclear chain reaction.
The key to control such a nuclear chain reaction is to change the portion and speeds of
neutrons intercepting the fissile nuclei and consequently cause more fission [6]. Nuclear
reactors are devices used to initiate and control sustained nuclear chain reactions. The large
amount of heat produced by nuclear reactions can be properly utilized to generate power. As
nuclear energy is a clean energy which has high energy density and does not produce
greenhouse gases, it is developing rapidly and becoming more and more important for
modern society.
In order to increase the nuclear cross section of U235 and avoid the free neutrons with high
kinetic energy produced in the nuclear fission from being absorbed by U238, the free neutrons
need to be slowed down to a specific velocity range in which the neutrons are called thermal
neutrons. This is carried out by a neutron moderator material with a low neutron absorption
value and a high neutron scattering value. Commonly-used moderators include light water
(H2O), solid graphite and heavy water (D2O) [5].
A schematic diagram of pressurised water reactor (PWR) fuel assembly is shown in Figure 1
and the fuel cladding is labelled in the magnified schematic of the fuel rod. As the outer layer
of the fuel rod, fuel cladding stands between the fuel pellets and the coolant. The cladding
also ensures that most of the radioactive fission products are restrained within its volume [5].
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Figure 1 An example of PWR fuel assembly [7].

2.1.2. Property requirements for fuel cladding materials
Based on the service environment of fuel cladding, the following material properties are
required in order to promote its performance and lifetime:
•

Low neutron absorption cross section.

•

High mechanical strength, creep resistance and toughness.

•

High thermal conductivity.

•

Chemical compatibility with fissile products and coolant, moderator and fuel materials
[8].

•

Resistance to hydrogen absorption and hydrides formation [9].

Since zirconium alloys have low neutron absorption cross section, excellent mechanical
performance and relatively good corrosion resistance, they are one of the most commonlyused fuel cladding materials in water-based reactors.
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2.2. Zirconium alloys
Most types of zirconium alloys are composed of zirconium and little amount of alloying
additions including Sn, Fe, Cr and Nb. Sn solute atoms in the Zr matrix can strengthen the
material and improve its corrosion resistance [10]. Fe and Cr in Zircaloys exist typically in the
form of Zr(Fe,Cr)2 second phase particles (SPP), that help improve the corrosion resistance of
the parent material. In some Zr alloys, Nb is added to improve the strength of the material
and thus make it more suitable for high burn-up fuels [11]. The typical chemical compositions
of some common Zr alloys used in nuclear applications are listed in Table 1.
Table 1 Typical compositions (wt%) of zirconium alloys used in nuclear applications (from [12]).
Sn

Fe

Cr

Ni

Nb

Zircaloy-2

1.5

0.1

0.1

0.1

-

Zircaloy-4

1.5

0.2

0.1

-

-

Zr-2.5Nb

-

-

-

-

2.5

Zr

Balance

2.2.1. Crystal structure of zirconium
The crystal structure of pure zirconium between room temperature and up to 862 ± 5 °C is
hexagonal close packed (HCP), and the corresponding phase is named α phase. When the
temperature goes above 862 ± 5 °C, α phase transforms to β phase, which has a crystal
structure of body-centered cubic (BCC) [13].
Alpha stabilizers (O, Sn, etc.) and beta stabilizers (Nb, Fe, Cr, H, etc.) can increase and decrease
the α-β transformation temperature respectively when alloyed with zirconium. The lattice
parameters of α-Zr at 25 °C are a=3.231 Å, c=5.146 Å.

2.2.2. Deformation of zirconium
Elastic properties
In the field of elasticity, HCP structure is regarded as transversely isotropic. Therefore, the
number of independent elastic constants for HCP material is five. The five independent elastic
compliance constants for single crystal HCP alpha zirconium at 19.7°C, as shown in Table 2,
were determined by measuring the velocities of ultrasonic waves in relatively small α-Zr
crystals [14].
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Table 2 Compliances of alpha zirconium at 19.7°C in units of 1/GPa [14].
s11

s12

s13

s33

s44

0.010090

-0.004000

-0.002420

0.007980

0.031182

According to the symmetry of HCP crystal structure, the elastic constants obtained above can
be used to calculate the Young’s modulus along an arbitrary orientation of HCP single crystal,
following the expression given by Schmid and Boas [15].
1
𝐸

= 𝑠11 (1 − 𝛾3 2 )2 + 𝑠33 𝛾3 4 + (2𝑠13 + 𝑠44 )𝛾3 2 (1 − 𝛾3 2 )

1

where γ3 is the cosine of the angle between the orientation of interest and the c-axis.
The orientation dependence of the Young’s modulus of single crystal α-Zr can hence be
obtained, as shown in Figure 2. The declination angle is the angle between the axis
examined and the c-axis.

Figure 2 Variation of the Young’s modulus of single crystal alpha zirconium with orientation.

Pan et al. [16] measured the Young’s modulus of various types of Zr alloys including Zircaloy2, Zircaloy-4, Zr-2.5Nb and Excel Zr alloy using ultrasonic resonance method. Results indicate
that the Young’s modulus of Zr alloys decrease with increasing temperature. Besides, the
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Young’s modulus showed a strong dependence on the texture of the material, consistent with
its variation with orientation in single crystal Zr [14].

Plastic properties
Similar to other metallic materials, plastic deformation of α-Zr is achieved by plastic slip and
twinning. The observed slip systems for HCP metals and alloys are shown in Figure 3. For HCP
𝑎

structure, the < 𝑎 > (3 < 112̅0 >) directions are the close-packed directions and are thus
the most favourable slip directions upon plastic deformation. < 𝑎 > type dislocations can
glide on basal, prismatic and pyramidal planes. Dislocations with Burgers vectors of

𝑎
3

<

1 1 2̅ 3 > or < 𝑐 + 𝑎 > have also been found to glide on the pyramidal planes. The Burgers
vectors of < 𝑐 + 𝑎 > type dislocations are much longer than those of the < 𝑎 > type
dislocations, therefore the CRSS values for < 𝑐 + 𝑎 > slip is much higher.

Figure 3 Slip systems in HCP metals and alloys [15].

Generally, for HCP materials with relatively high c/a ratios, such as cadmium, zinc and
magnesium, the easiest slip mode is < 𝑎 > basal slip. However, typically the easiest slip mode
for low c/a ratio materials such as titanium and zirconium is < 𝑎 > prismatic slip. Also, < 𝑐 +
𝑎 > pyramidal slip is often observed to occur on first ({101̅1}) and second ({112̅2}) order
pyramidal planes for low and high c/a ratio metals, respectively. Apart from the c/a ratio, the
local atomic bonding is considered significant in determining the preferential slip system.
Bacon and Vitek [17] pointed out that d-electrons may play an important role in promoting
prismatic slip over basal slip. For Ti, Girshick et al. [18] identified the preferred lower energy
configuration with the dislocation core spreading on the prism plane, as compared to the core
splitting into Shockley partials on the basal plane through simulation routes.
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Gong et al. [19] measured the room temperature CRSS values for < 𝑎 > prismatic, < 𝑎 >
basal and first order < 𝑐 + 𝑎 > pyramidal slip systems in commercially pure zirconium using
micro-cantilever tests and crystal plasticity finite element analysis (CP-FEA) simulations, and
the results are shown in Figure 4. As can be seen, the ratio of the bulk extrapolated CRSS for
< 𝑎 > prismatic to < 𝑎 > basal to < 𝑐 + 𝑎 > first order pyramidal slip is ~1:1.3:3.5.
Furthermore, an obvious size effect is observed for all the three slip systems in this microcantilever bending geometry and the variation of CRSS with cantilever beam width can be
fitted to the following equation
𝐴

𝜏𝐶𝑅𝑆𝑆 (𝑤) = 𝜏0 + 𝑤

2

where τ0 is the size-independent CRSS, A is a constant reflecting the strength of the size effect
and w is the cantilever beam width.

Figure 4 CRSS vs. size (beam width) for < 𝒂 > prismatic, < 𝒂 > basal and < 𝒄 + 𝒂 > first order pyramidal slip
in commercially pure Zr microcantilevers. Dashed lines showing fit to τy = τ0 + Aw-1 [19].

The CRSS values vary significantly with deformation temperature. Generally, the CRSS for <
𝑎 >prismatic and < 𝑎 > basal slip systems in Zr single crystals with very low interstitial
content tend to decrease with the increase in temperature [20].
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Alternatively, twinning can accommodate the plastic deformation of Zr alloys under suitable
conditions. Twinning is achieved through significant shear of the crystal lattice and often
involves local atomic shuffling [21] which leads to lattice reorientation.

Figure 5 Twin systems in HCP-Zr [20].

The twin systems in HCP α-Zr are shown in Figure 5. These systems can be categorised into
extension/tension and contraction/compression twins, which describe the sense of strain
generated upon operation of specific twin systems along the c-axis of the parent crystal. Like
crystal slip, twinning can also influence the formation of crystallographic texture during
processing of HCP metals such as Zr, and even to a greater extent due to the associated abrupt
change of the crystal orientation. This can have a strong impact on the formability of HCP
materials. For example, due to the predominance of twinning modes and the lack of easy <
𝑐 + 𝑎 > slip, Mg alloys are often strongly textured post-processing and this has restricted the
engineering use of these materials [22].
Experimental studies on twin transmission across grain boundaries in Zr using statistical
analysis based on EBSD results reveal that the tendency for twin transmission decreases with
increasing grain boundary misorientation angle [23]. Nevertheless, it was found that the
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propensity for twin transmission is different for Zr and Mg which both have HCP crystal
structure. Through computational modelling, this dissimilarity was attributed to the
difference in the crystallographic slip anisotropy for these two materials [23].

Hardening
As mentioned earlier, zirconium alloys employed in the industry are often not heavily alloyed
as compared to other HCP alloys such as titanium alloys. The common alloying elements such
as Sn, Fe and Cr are added to the materials mainly in order to improve their corrosion
resistance [10]. However, there are several hardening mechanisms that can operate during
the plastic deformation of Zr alloys that are worth mentioning:
•

Forest hardening: since a variety of slip systems are involved in the plastic deformation
of Zr alloys, dislocations in one of the slip systems can act as barriers for the motion
of the dislocations in the others. The pinning points formed can be either jogs when
the dislocations intersect each other, or Lomer-Cottrell locks as a result of dislocation
reactions.

•

Solid solution hardening: Atoms with small radii such as oxygen, nitrogen and carbon
atoms can adopt the octahedral interstitial sites in HCP metals and significantly
influence the CRSS values even at low concentrations [24]. A pronounced increase in
the CRSS values for < 𝑎 > prismatic slip has been observed with increasing oxygen
interstitial content up to the measurement limit of ~1.2 at% [20]. Through
compression tests of Zr-2.5 wt% Nb alloys, Cochrane and Daymond [25] inferred that
in α-Zr the strengthening effect of oxygen interstitials is greater on < 𝑎 > prismatic
slip than on < 𝑎 > basal slip at room temperature. Moreover, Sn may also improve
the strength of Zr alloys through solid solution hardening [26].

•

Precipitation hardening: Precipitates such as Zr(Fe,Cr)2 SPPs can impede the motion
of dislocations in Zr alloys and hence harden the material. The number density of these
SPPs is typically low (due to the low concentrations of Fe and Cr) and thus they only
weakly contribute towards hardening. Large δ-hydrides were found to introduce
significant hardening to Zircaloy-4 even at low concentration (15 atomic ppm) [27].
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2.2.3. Crystallographic texture
Crystallographic texture can have a significant influence on the properties of zirconium alloys
due to not only the consequent anisotropy of the zirconium matrix, but also the preferential
formation of hydrides along specific texture components [28–32]. Textures of materials can
be characterized by pole figures, inverse pole figures (IPF), orientation distribution functions
(ODF) [33] and Kearns texture factors.
•

A pole figure (in the context of texture) is a map of a specific set of crystal plane
normals plotted with respect to the sample coordinate system.

•

An inverse pole figure is a map of a specific set of sample directions plotted with
respect to the crystal coordinate system.

•

ODF is used to express the frequency of recurrence of specific orientations in a 3D
(Euler) orientation space [33].

For rolled sheets, Kearns factors are the relative fractions of resolved basal poles aligned along
the rolling, normal and transverse directions [34]. Kearns factors for the three mutually
perpendicular sample directions necessarily sum to 1. The texture factors can be used to
compute the bulk behaviour of materials in a simple averaging scheme [34].

Euler angles
Euler space is defined by 3 (Bunge) Euler angles, φ1, Φ and φ2, which relates the crystal
coordinate system with the sample coordinate system [33]. The physical operations of BungeEuler angles are accomplished by three rotations (as shown in Figure 6): First rotate a crystal
φ1 degrees anticlockwise about the Z axis, then rotate it Φ degrees anticlockwise about the
new X axis, and finally rotate it φ2 degrees anticlockwise about the new Z axis.
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Figure 6 Illustration of the Euler angles φ1, Φ, φ2 in accordance with the Bunge system [33].

Pole figures and inverse pole figures are commonly used to characterize the texture of
materials. For rolled sheet hexagonal metals, if the crystallites possess one specific preferred
orientation, the textures are represented by {h k i l} <u v t w>, which indicates that the {h k i
l} planes of the grains are parallel to the sheet plane, while the <u v t w> directions of the
grains are parallel to the rolling direction (RD) [33]. Metal processing techniques such as
rolling and forging can modify the crystal orientations of the grains and thus produce texture,
therefore the microstructure and mechanical properties of the material can be significantly
changed. Furthermore, as the HCP structure is highly anisotropic, the texture of the material
can result in significant anisotropy in bulk material properties. As a result of the anisotropic
CRSS for different slip systems, grains with <c> axis perpendicular to applied stress are called
‘soft’ grains as prismatic slip, which is soft as compared to the other systems, likely
accommodates the imposed plastic deformation. On the other hand, those grains with <c>
axis parallel to the applied stress are called ‘hard’ grains, as the macroscopic Schmid factors
for basal and prismatic slip systems of these grains are effectively zero, hence plastic
deformation can only occur through pyramidal slip or twinning, either having a CRSS value
substantially higher than those of basal and prismatic slip systems. For low c/a ratio HCP
materials such as zirconium and titanium, due to the fact that basal and prismatic slip systems
have comparable CRSS values, the co-activation of these slip systems upon rolling leads to a
texture with basal poles tilted ~30° away from the normal direction (ND) towards the
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transverse direction (TD) [33]. Therefore, HCP materials accompanied with a heavy texture,
such as rolled HCP metals, have significantly different physical, chemical and mechanical
properties along different texture components [33].

2.3. Hydrides in zirconium alloys
2.3.1. The solubility of hydrogen in zirconium
The Zr-H phase diagram is shown in Figure 7. As can be seen, the Zr-H binary system is of
eutectoid type and the eutectoid temperature is 550 °C. It is evident that below the eutectoid
temperature the H solubility in α-Zr decreases dramatically with decreasing temperature. Five
individual phases, including α and β Zr as well as δ, ε and γ zirconium hydrides can be observed
in the Zr-H alloy system. Among the hydride phases, δ and ε phases are stable phases, while
the γ phase is metastable. Apart from these, ζ phase hydride has been occasionally observed
in Zr alloys [35,36].

Figure 7 Zr–H phase diagram [37].

The crystal structures of the δ, ε, γ and ζ phases are FCC, face-centered tetragonal (FCT), FCT
and trigonal respectively [27,38,39]. Although ε and γ phase hydrides both have FCT crystal
structure, their c/a ratios are lower and higher than 1, respectively. As the main stable phase
37

in Zr alloys, δ phase zirconium hydride is of the CaF2 polytype, with approximately six H atoms
randomly occupying the eight available tetragonal interstitial sites [40]. Within Zr and its
alloys, δ phase hydride tends to precipitate at relatively low cooling rates (< 10 °C/min),
whereas cooling rates of > 10 °C/min promotes the formation of γ phase hydrides [41,42].
Yamanaka et al. [43] investigated the hydrogen solubility in pure zirconium with a variety of
O/H atomic ratios. Results show that as the O/H atomic ratio increases from 0.026 to 0.177,
the hydrogen solubility increases at first, reaches maximum where O/H atomic ratio is 0.111,
and finally decreases. It was then suggested that when the O/H atomic ratio is relatively low
(between 0.026 and 0.111), oxygen atoms in the octahedral sites can lead to lattice distortion
and thus an increase in local lattice parameters, which extends the volume of the tetragonal
sites where hydrogen atoms can reside in. This effect along with the affinity between
hydrogen and oxygen atoms both result in the increase in hydrogen solubility with oxygen
content. As O/H atomic ratio is further increased, oxygen atoms occupying the octahedral
sites may impede the hydrogen occupation of tetrahedral sites and as a consequence the
hydrogen solubility decreases [44].
Generally, an increase in hydrogen solubility is observed post-irradiation. Vizcaíno et al. [45]
utilized differential scanning calorimetry (DSC) technique to study the effect of neutron
irradiation on the terminal solid solubility of [H+D] in Zircaloy-4. Results indicate that the
temperature of terminal solid solubility on dissolution (TSSd) for irradiated Zircaloy-4 is lower
than that for the unirradiated ones with the same [H+D] content. Dislocation density in Zr
alloys increases as irradiation takes place [46] and these dislocations produced upon
irradiation may act as additional nucleation sites for hydrides [47].

2.3.2. Hydrogen uptake
For water-based reactors, hydrogen atoms (mostly) come from coolant D2O/H2O. Four main
mechanisms are thought to be responsible for the uptake of hydrogen in Zircaloy claddings
[48], which are
•

Absorption during the regular corrosion processes which take place in aqueous
solutions at elevated temperatures.

•

Reaction between gaseous hydrogen and pure Zr surface.

•

Hydrogen diffusion through a metallic bond with a dissimilar metal.
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•

Cathodic polarization of Zr in an electrolyte.

2.3.3. Hydride formation
As shown in Figure 7, the terminal solid solubility of hydrogen in α-Zr decreases significantly
with temperature below the eutectoid temperature of 550 °C. In nuclear reactor operations,
as the system is cooled down from service temperature (~350 °C), hydrogen dissolved in the
Zr matrix can easily become supersaturated and then precipitate out in the form of Zr
hydrides. These hydrides tend to nucleate at heterogeneous nucleation sites such as
vacancies, dislocations and grain boundaries in order to minimize the free energy.
Microscopic δ phase hydrides which have a habit plane of {0001} basal plane of the α-Zr
matrix, tend to coalesce upon slow cooling due to the potential to reduce the hydride-matrix
interfacial energy, to form macroscopic hydrides [49]. The process of microscopic hydride
plates stacking next to each other to form macroscopic hydride packet is illustrated in Figure
8(a). By using X-ray Laue diffraction technique to determine the matrix grain orientations and
hydride platelet trace analysis to extract out the habit plane of δ-hydrides, Westlake [30]
found that the habit plane of intragranular δ-hydrides in unstressed Zircaloy-2 and Zircaloy-4
is {101̅7}𝛼 . Using transmission electron microscope (TEM) investigation, Kim et al. [49] found
that macroscopic δ-hydrides in Zircaloy-4 have two types of habit planes, including {0001}𝛼
and {101̅7}𝛼 . The orientation relationship (OR) between the α-Zr matrix and the δ-hydrides
was found to be (0001)𝛼 ǁ(111)𝛿 ; [112̅0]𝛼 ǁ[11̅0]𝛿 (Figure 8(b)) [31,36,49,50]. Only
microscopic γ phase hydrides with a major habit plane of {101̅7}𝛼 were observed in a
Zircaloy-4 sample cooled down with a high cooling rate of 300 K/min, and the orientation
relationship between the γ-hydrides and the matrix was found to be (011̅1)𝛼 ~ǁ(111̅)𝛾 ;
(0001)𝛼 ǁ(111)𝛾 ; [112̅0]𝛼 ǁ[11̅0]𝛾 [49].
Owing to the lower volumetric mass densities of hydrides as compared to the matrix, hydride
precipitation in Zr alloys is always accompanied by a volume expansion, and hence, misfit
strain (stress) between the hydrides and the matrix. Therefore, in addition to the
undercooling required to account for the formation of new interfaces, there is also a
contribution of misfit strain to the energy barrier of hydride nucleation. Based on these, the
misfit strain is considered the reason for the hysteresis observed between the dissolution and
the precipitation curves of hydrogen in Zr alloys [54].
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̅𝟕} for macroscopic hydride packets and {𝟎𝟎𝟎𝟏} for
Figure 8 (a) The habit planes of δ-hydride in α-Zr: {𝟏𝟎𝟏
microscopic hydride platelets [51], (b) Schematic illustration showing the OR between α-Zr and δ-hydride
[52,53].

Bradbrook et al. [41] found that at cooling rates of < 2 °C/min large precipitates of the
equilibrium δ-hydride formed mainly at grain boundaries, while the amount of intragranular
precipitates increases as the cooling rate is elevated. For intermediate cooling rates (oil
quench) both intergranular and intragranular hydride precipitates can be observed. Birch et
al. [42] observed the same behaviour in very large grain Zircaloy-4, where the density of grain
boundaries is significantly reduced. Nath et al. [55] found that the δ-hydride precipitates
formed at grain boundaries at low cooling rates are equiaxed (i.e., composed of accumulated
platelets) in morphology, while the intragranular γ-hydride precipitates formed at high
cooling rates are needle-like in shape. Moreover, it has been observed that hydrides in slow
cooled Zr alloys tend to cluster together to form elongated stringers [32,49,56]. The
orientations of these stringers with respect to that of the externally applied stress can
significantly affect the mechanical performance of fuel claddings [56] and this will be
introduced in the next subsection. The needle-shaped hydride nuclei formed at high cooling
rates tend to lie along the basal plane and the < 𝑎 > directions of the parent matrix as these
are the planes & directions most atomically similar between α-Zr and δ-hydride, and therefore
the minimisation of strain energy (rather than surface energy) is likely the controlling
mechanism. The subsequent growth process results in the formation of hydride plates
decorating the matrix basal plane, as in such a way the elastic strain energy at the interface is
minimised.
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Cameron et al. [57] heated a Zr-2.5%Nb sample up to 225 °C and cooled it down with a very
low cooling rate of 0.025 °C/min. After the hydride population is recorded, the sample was
again heated up to 225 °C and cooled down at a higher cooling rate of 1 °C/min. Observation
showed that after the second thermal cycle the hydrides within the sample formed at the
same locations as before and a fairly large proportion are big in size. This implies that the
nucleation sites were identical (initial heterogeneous nucleation sites and precipitationinduced defects after the first cycle) for the two thermal cycles with different cooling rates.
Steuwer et al. [38] reported that externally applied uniaxial stress on hydride-containing
Zircaloy specimens can lead to the transformation of δ phase hydrides into γ phase hydrides
in the grains suitably oriented with respect to the loading axis. The in situ experiment was
conducted at relatively low strain rates. The macroscopic strain applied was ~4%, which
coincides with the ratio between the lattice parameters of the two hydride phases.

2.3.4. The effect of hydrides on the mechanical properties of zirconium alloys
In general, hydrides deteriorate the mechanical performance of Zr claddings through
degrading the overall fracture toughness and ductility of the material [9,58–62]. The detailed
mechanism for the embrittling effect of hydrides on Zr alloys is complicated and involves a
variety of thermodynamical and mechanical processes, including the individual behaviours of
the hydrides and the matrix under mechanical loading, their interactions upon hydride
formation and mechanical deformation, and the evolution of the hydrides when the bulk
material is subjected to thermal cycling under stress.

Mechanical properties of the hydrides
Yamanaka et al. [63] found that the microhardness of the hydrides is higher than that of pure
Zr, and the microhardness of hydrides decreases as the H/Zr atomic ratio increases from 1.5
to 1.7 which fit to their empirical equation:
𝐻𝑣 (𝐺𝑃𝑎) = 7.19 − 2.77 × 𝐶𝐻 (𝐻/𝑍𝑟)

3

where Hv is the microhardness of the hydride in GPa as shown in the paper and CH is the H/Zr
atomic ratio.
Puls et al. [64] found that the Young’s modulus of hydrides in Zr-2.5%Nb at room temperature
is relatively constant (about 96 GPa) as the H/Zr atomic ratio varies from 1.4 to 1.6, however
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it drops significantly as the H/Zr atomic ratio increases from 1.6 to 1.8, where the δ phase
hydrides become the dominating hydride phase within the alloy. Variation of the yield stress
of the hydrides with H content exhibits a similar trend to that of the Young’s modulus.
By examining the fracture surfaces of fuel cladding materials, Kuroda et al. [65] found that
claddings with Zr hydride locally accumulated beneath the outer surface fails by crack
propagation, while hydrides distributed evenly and oriented in the circumferential direction
of the cladding leads to plastic collapse. Failure load of the former type claddings was found
to be lower than that of the latter, which was nearly equal to that of the cladding with no
hydride. At 150 °C, Singh et al. [66] observed that the fracture surfaces of Zr-2.5%Nb alloy are
predominantly of hydride cleavage type with little fibrous area within the matrix, indicating
brittle failure. When the temperature is above 150 °C, a fibrous area was found at the fracture
surface which proves that the material failed likely through ductile tearing. Simpson et al. [67]
who have done a similar work pointed out that the improvement in toughness of hydridecontaining Zr alloy above 150 °C is mainly due to the improved ductility of the Zr phase rather
than the hydride, as they found that the fracture toughness of δ-hydride is 3 MPa·m1/2 at
300 °C, indicating its brittle character even at high temperature.

Hydride reorientation
Ells [28] pointed out that the extent of the embrittling effect of hydride precipitation is highly
dependent on the morphology and orientation of the hydrides with respect to the stress
condition that the bulk material is subjected to. During operation of a P/BWR, the thin walled
tube fuel cladding is mostly under hoop stress due to thermal expansion and irradiationinduced swelling of the interior fuel pellets [68]. In such case, hydrides oriented along the
radial direction of the cladding are particularly susceptible to mode 1 fracture and can act as
a crack path in the material. Since it was found that hydrides in rolled Zr alloy form along
specific texture components (perpendicular to the plate ND), the texture of the fuel claddings
is manipulated such that hydrides form circumferentially during reactor operation. However,
a phenomenon called hydride reorientation can occur both in service and during storage, as
introduced below.
In order to reduce the decay heat after operation, the used nuclear fuel is stored in spent fuel
pools for years. Then the fuel is dried out through different drying processes and placed in a
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dry storage. Vacuum drying, for example, consists of heating the fuel rods up to 400 °C and
cooling it down for multiple times. As the fuel rods are heated up, the rod internal pressure
increases due to fission gases produced during operation. This applies a tensile hoop and axial
stress to the cladding tube. During the slow cooling-down process afterwards in the dry
storage, hydrides gradually form within the cladding. Since the hydride platelets precipitate
under an applied hoop stress, they tend to reorient and make themselves perpendicular to
the applied tensile stress, and thus become radial hydrides which can heavily degrade the
cladding ductility [69].
Through in situ tests, Colas et al. [69] observed that thermal cycling greatly increases the
fraction of radial hydride as well as the hydride length and connectivity, while cold-worked
stress-relieved (CWSR) Zircaloy-4 is under a constant uniaxial stress of above 160-200 MPa.
In addition, it was found that compared to the circumferential hydrides in the unstressed
samples, the stress-induced radial hydrides precipitate at a lower temperature.

Delayed hydride cracking
Delayed hydride cracking (DHC) is a main mechanism that leads to the failure of fuel cladding
materials. DHC is a time-dependent process of hydride-induced fracture in Zr alloys [70–72].
Cracking of hydrides is generally rapid, however time is required for the formation of new
hydrides at the crack tip and, this leads to intermittent cracking and ultimately the failure of
the whole material.
Two possible models for DHC was reported by McRae [73].
1) The loading of a crack changes the local H solubility and makes it easier for hydride
precipitation to occur at the crack tip than elsewhere in the bulk material. This creates
an H concentration gradient in the matrix phase that the bulk material is more Henriched than the crack tip, therefore triggering diffusion of H towards the crack tip
and further precipitation. This is called the precipitate first model (PFM).
2) The tensile stress at the crack tip creates a local chemical potential well that drives H
to diffuse towards the crack tip and results in hydride precipitation. In this model, the
dominating driving force is the chemical potential gradient rather than the
concentration gradient that drives the H solute atoms away from the crack tip. This is
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called the diffusion first model (DFM) and was found to describe the key features
observed in the experimental works better than PFM.

Figure 9 Stages of crack development in DHC [27].

2.4. Micromechanical testing
Nowadays the rapid developments of focused ion beam (FIB) machining and micromechanical
testing enable unique insight into mechanical processes and deformation mechanisms within
single crystals or bi-crystals fabricated from polycrystalline samples. For instance, micropillar
test is a fairly good method to determine the CRSS values for individual deformation modes
in materials as in a single test it is possible to isolate the plastic response into a targeted slip
system, and thus the interpretation of the load-displacement data becomes simplified since
from a given test only one CRSS value need to be extracted [20]. Microcantilever bending test,
on the other hand, makes it possible to apply a tensile stress to the microscale test pieces and
are often used to measure the fracture toughness of materials. There are other testing
geometries that are present in order to extract a variety of material properties. Typically,
micromechanical testing of single crystal samples requires grains of ~tens of microns in size
to perform (to reduce contributions of size effects [74]) and these can be more easily obtained
than the macroscopic single crystal samples.
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2.4.1. Specimen fabrication
Fabrication of the micromechanical testing specimens is usually carried out using FIB.
Depending on the aim and design of the experiment, this fabrication process can be done at
specific locations where the local chemical composition, crystallography or other characters
are pre-characterised using other techniques such as energy-dispersive X-ray spectroscopy
(EDX) and electron backscatter diffraction (EBSD).
The high energy Ga ion beam used to fabricate micropillars can however induce defect
structures near the pillar surfaces such as vacancies, interstitials, dislocation loops and
stacking fault tetrahedra [75]. The damaged layer containing such defects can be as thick as
several tens of nanometers, of which the exact thickness is both milling condition and target
material dependent [76,77]. The effect of FIB-induced dislocation loops on the deformation
behaviour and mechanical properties of micropillars has been studied by both simulations
and experiments. Dislocation dynamics simulations showed that due to the FIB-induced
dislocations close to the pillar surfaces, the flow stresses of FCC pillars with diameters ranging
from 0.5 to 1.0 µm increase by 10-20% [78]. Through nanoindentation tests on single crystal
Mo alloys, the surface hardness of the FIB-milled region was found to increase with increasing
Ga+ FIB accelerating voltage [79,80].
Therefore, in order to explore the intrinsic mechanical properties and deformation
behaviours of the micropillar materials, it is crucial to reduce or even remove the FIB-induced
defects. Several methods have been introduced in literatures to remove these defects and
hence get rid of the influence of gallium damage on the mechanical properties of the small
scale samples. Apart from the use of low-energy Ga+ beam during the final stage of the pillar
fabrication process, Shan et al. [81] found that the initial dislocations in Ni micropillars,
including pre-existing long line dislocations and FIB-induced dislocation loops, could be
removed by applying a small plastic strain to the pillars, which was termed ‘mechanical
annealing’. Lowry et al. [82] showed that the initial dislocations within molybdenum
nanopillars can be removed by annealing the sample at 990 °C in vacuum, after which the
strengths of the pillars can reach the theoretical strength of the material. The removal of
dislocations using the thermal annealing method has also been demonstrated in Cu
nanopillars, with an annealing temperature of 500 °C [83]. Using in situ TEM investigation, Lee
et al. [84] observed that thermal annealing of Al micropillars at 200 °C effectively removes the
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FIB-induced dislocation loops. These dislocation loops were observed to assist the formation
of localised slip steps during the compression process of the as-fabricated pillars, whilst the
flow behaviour of as-annealed pillars was found to be more homogeneous. However,
annealing did not strongly affect the yield stress, as it is determined predominantly by the
dislocations at the top end of the pillar, which cannot be easily removed by thermal annealing.

2.4.2. Testing
A schematic diagram of a typical platform for micromechanical testing experiments is shown
in Figure 10. An indenter tip with appropriate shape and size needs to be chosen for each type
of experiment depending on the testing geometry and specimen size. Direct observation and
recording of the deformation process is achieved through conducting the experiments inside
scanning electron microscopes (SEM). The testing stage is usually tilted 30° away from the
SEM stage plane in order to ensure adequate visibility of the test pieces during the
experiments.

Figure 10 In situ SEM micromechanical testing setup [51].

Besides, in situ synchrotron X-ray Laue microbeam diffraction micropillar compression
experiments can help investigate the lattice structure change and dislocation density
evolution during deformation [51]. Furthermore, post-mortem TEM analysis carried out on
thin foils lifted out from the as-deformed micropillars allows insight into the operative
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deformation mechanisms [51]. In situ HR-EBSD is also an emerging technique that can reveal
underlying mechanisms through capturing the evolution of geometrically necessary
dislocation (GND) density and strain (stress) distribution across the side surface of the
deforming objects during the test process [85–92]. Mapping of the total strain distribution on
the micropillar side surface is possible through digital image correlation (DIC), using speckle
patterns created with electron beam-assisted Pt deposition [93].

2.4.3. Size and temperature effects
One of the major findings in micromechanical testing is the ‘smaller is stronger’ size effect,
which contradicts the classical crystal plasticity theory (according to Schmid’s law) in which
the strength of a single crystal is considered independent of its size, but depends on the
geometrically predicted slip system for which the resolved shear stress first reach the
corresponding CRSS. Size effects have been observed experimentally in micropillar
compression tests for prismatic slip in Ti [94], as well as for basal [95,96] and pyramidal slip
[96] in Mg. Prasad et al. [97] conducted uniaxial compression tests on micro (μm) and macro
(mm) pillars fabricated from two Mg single crystals with orientations favourable for
deformation by basal slip and extension twinning. Results show strong size effects in strength
and strain hardening behaviour in both crystals. Besides, the stress required to nucleate the
twins in micropillars is higher than that in the bulk samples, however the propagation of the
twins is more difficult in bulk crystals. Furthermore, it was found that the strain hardening
rate increases with decreasing specimen size.
Size effect has also been found to be temperature dependent. Through testing [111] LiF
single crystal micropillars of diameters ranging from 1 to 5 μm at temperatures, Soler et al.
[98] found that although the size effect was absent at ambient temperature, it became
evident at elevated temperature (250 °C). Similar size effect-temperature relationship was
observed in compression tests of Ta and W micropillars [99]. This was attributed to the
enhanced contribution of the operation of single-arm dislocation sources to the flow stress
of the micropillars at high temperature.
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2.4.4. Micromechanics of HCP alloys
Micropillar compression tests have been used to study the deformation behaviour of a wide
range of HCP materials including Mg [95–97,100], Ti [94,101–105] and Zr [51,106]. In
particular, this method was found to be a powerful tool for assessing the anisotropic strain
rate sensitivity (SRS) in α-Ti due to the feasibility of testing single crystals thus activating target
slip systems, and varying the loading conditions such as strain rate. It was found that < 𝑎 >
prismatic slip is 2-3 times more strain rate sensitive than < 𝑎 > basal slip and this can
potentially help deepen the understanding of dwell fatigue properties of the material [102].
In the field of Zr hydride study, Weekes et al. [51] investigated the deformation behaviour of
Zircaloy-4 micropillars containing hydride packets placed near the plane of maximum shear
upon compression (~45° to the top surface). Slip bands within the hydride packet were
observed, indicating that although the hydride packets are strong out-of-plane, deformation
can occur between the fine-scale platelets within the hydride packets. TEM analysis of the
pillars identified twin structures in the hydride phase that had formed presumably due to the
applied stress.

2.5. Two-dimensional digital image correlation (2D-DIC)
Two-dimensional digital image correlation is a technique used to quantitatively determine the
displacement and strain distribution on a sampling surface of a test object subject to
mechanical, thermal, or other types of loading. By tracking the movement of either preexisting/intrinsic features or artificially produced speckle patterns on a sampling surface, the
displacement fields within specific regions of interest on the surface can then be solved and
mapped to give a direct and quantitative representation of deformation. Generally, the
implementation of 2D-DIC technique consists of three main stages [107]:
1) Sample preparation and speckle pattern application.
2) Image capturing before, (during) and after the testing.
3) Computational analysis of the acquired images to obtain the displacement and strain
information.
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2.5.1. Speckle pattern application
In 2D-DIC, the image of the speckle pattern captured before the testing is firstly divided into
square subsets. The matching of each subset before and after a certain deformation period is
used to calculate the displacement of each mesh grid center. Therefore, the gray scale pattern
within each subset must be unique to guarantee reliable matching results and displacement
field measurements. A randomly-distributed speckle pattern with relatively constant speckle
size and spacing on the sampling surface is thus favoured to serve as a carrier of the
deformation information.
A variety of speckle pattern application techniques used for SEM-based DIC have been
introduced in the literature, as summarized in Table 3.
Vapour-assisted remodelling can transform thin gold film deposited on a substrate surface
into homogeneously-distributed islands of gold particles which can be used as speckle
patterns in 2D-DIC and provide a sub-micron-resolution displacement/strain measurement
[108]. This technique is termed gold remodelling. Gold remodelling stands out as a patterning
technique that enables high spatial resolution strain mapping over relatively large areas. This
technique has also been demonstrated to be suitable for high temperature applications while
employing an additional heat treatment process after gold remodelling [109].
The remodelling behaviour of very thin (<20nm) gold films on glass substrates as exposed to
condensable vapours of volatile solvents was first observed by Luo et al. [110]. Various
different morphologies of the gold film after remodelling were observed, including islands,
interconnected networks and holey films, depending on the initial film thickness and
remodelling time. Both heating the film in vacuum and immersing it directly in the solvents
did not lead to remodelling. Therefore, the capillary force caused by the condensation of the
vapours in the surface nanopores of the films were considered to be the main mechanism for
the remodelling phenomenon. Scrivens et al. [111] later proposed to use the speckle pattern
produced through gold remodelling for DIC strain mapping and the influence of vapour
temperature and exposure time on the pattern morphology were also discussed. Gold
remodelling-based DIC strain mapping with sub-micron scale spatial resolution has
significantly helped understand the deformation mechanisms of a wide range of materials
including steel [108], Mg [112], Ti [113], Zr [114] and TiAl [109].
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Table 3 Summary of patterning techniques for SEM-DIC (adapted from Ref. [115]).
Technique

Advantages

Disadvantages

Accurate control of pattern
Focused ion beam patterning

location

Time consuming

Repeatable
Substrate independent
Fast

Ion beam surface damage

Filter must be held perfectly flat

Inexpensive
Numerous samples can be
Template patterning

Expensive

patterned at once
Repeatable
Accurate control of pattern
location
Substrate independent

to the surface of the sample
Stock filter pore aspect ratio
limits the minimum feature size
to 400 nm
Low pore density in stock filters
requires numerous applications

Fast
Inexpensive
Can be stock purchased with
Nanoparticle patterning

diameters ranging from 2 to
250 nm
Easily synthesized
Broad distribution of speckle

Difficult to control pattern
location
Difficult to achieve repeatable
results
Substrate dependent

sizes
Accurate control of pattern
location

E-beam lithography

Repeatable

Expensive

Easily scaled for different

Time consuming

magnifications

Multi-step process

Suitable for high temperature
Substrate independent
Small and controllable particle

Gold remodelling

size & spacing

Requires high quality substrate

Inexpensive

surface finish

Suitable for high temperature

Occasionally time consuming

Not sensitive to substrate

Multi-step process

material
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2.5.2. Quantifying deformation
Displacement field measurement
To evaluate the displacement of a point P in the reference image, a square subset containing
(2M+1)×(2M+1) pixels with P in the center is extracted and the position of this subset in the
deformed image will be found through a matching procedure.

Figure 11 Schematic illustration of a reference square subset before deformation and its corresponding target
(or deformed) subset after deformation [107].

Determination of the position of the deformed reference subset in the deformed image is
done by finding the peak position of the distribution of a predefined correlation coefficient,
which is utilised to measure the degree of similarity between subsets in the
reference/deformed images. As the position of the target subset is found, the (in-plane)
displacement vector at the central point of the reference subset (point P in Figure 11) can
then be determined as the vector pointing from point P to point P’, the central point of the
target subset.
In practical cases, the shapes of the subsets are usually changed in the deformed image and
this shape change can be depicted by a shape function. For example, the displacement vector
at point Q in the reference subset in Figure 11 can be written as
{

𝑥𝑖 ′ = 𝑥𝑖 + 𝜉(𝑥𝑖 , 𝑦𝑖 )
𝑦𝑖 ′ = 𝑦𝑖 + 𝜂(𝑥𝑖 , 𝑦𝑖 )

4

where 𝜉(𝑥𝑖 , 𝑦𝑖 ) and 𝜂(𝑥𝑖 , 𝑦𝑖 ) are the shape functions.
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The order of the shape functions used depends mainly on the complexity of the deformation.
Generally second-order shape functions can describe complicated deformation [116], while
zero-order shape functions can only be used for rigid body translation. First-order shape
functions are most commonly used, with 2D mapping of the displacement field, because of
their ability to describe translation, rotation, normal strains, shear and their combinations.
It is possible for a pixel in the reference image to locate in a sub-pixel position in the deformed
image. Hence, before computing the displacement field by using the correlation criterion, a
sub-pixel interpolation scheme can be utilised to provide the grey levels of the points between
pixels. High-order interpolation schemes are generally favoured since they offer better
accuracy and convergence behaviour [117,118]. Thus, in order to improve the accuracy of the
displacement measurement, the image correlation process can be executed with a step size
of 1/n pixel where n is an integer. A higher n value gives a higher measurement precision,
however it also increases the computational cost.
Another route to calculate the displacement field with sub-pixel accuracy is through the socalled peak-finding algorithm. The local correlation coefficient matrix (normally 3×3 or 5×5)
around the point with the maximum correlation coefficient is used to reconstruct the
correlation coefficient values of the sub-pixels positions in the local region by using either
interpolation algorithms or least-square fitting. The approximated peak position of
correlation coefficient is eventually regarded as the location of the central point of the target
subset in the deformed image. A few other algorithms for sub-pixel registration also exist, as
introduced in detail in Ref. [107].

Strain field estimation
Strain field calculation in 2D-DIC is accomplished by firstly smoothing the displacement fields
obtained (in order to improve the strain estimation precision) and subsequently computing
the strains by differentiating the displacement fields.
Usually, the pointwise local least-squares fitting method introduced by Wattrisse et al. [119]
is utilised to compute the strain field. As introduced above, the displacements at regularlydistributed points on the sampling surface can be determined. In the strain calculation
process, the whole region of interest is pre-divided into square windows of (2m+1)×(2m+1)
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points. If the windows are small enough, the displacement fields within them can be fitted to
linear functions:
{

𝑢(𝑖, 𝑗) = 𝑎0 + 𝑎1 𝑥 + 𝑎2 𝑦
𝑣(𝑖, 𝑗) = 𝑏0 + 𝑏1 𝑥 + 𝑏2 𝑦

5

where i and j are the coordinates of the point studied, while u and v are the displacements
along x and y direction respectively at point (i,j).
The first formula of the above equation can be rewritten as
1
1
⋮
1
⋮
1
[1

−𝑚
−𝑚+1
⋮
0
⋮
𝑚−1
𝑚

𝑢(−𝑚, −𝑚)
−𝑚
𝑢(−𝑚
+ 1, −𝑚)
−𝑚
⋮
⋮ 𝑎0
𝑎
𝑢(0,0)
[
]
=
0 1
⋮
⋮ 𝑎2
𝑢(𝑚
−
1, 𝑚)
𝑚
𝑢(𝑚, 𝑚)
𝑚]
[
]

6

Once 𝑎𝑖=0,1,2 and 𝑏𝑖=0,1,2 are worked out for each square window, the strain fields can then
be estimated by differentiating the linear functions of the displacement fields.
Apart from an accurate displacement field estimation process, a proper selection of the strain
calculation window size is also significantly important to guarantee the accuracy of full-field
strain estimation. For homogeneous deformation, large strain calculation windows can be
used to reduce the computational cost. However, in the cases where the deformation is
inhomogeneous, the size of the windows needs to be carefully determined. Noises in the
displacement fields may not be effectively suppressed if a small window size is used, however
large strain calculation windows could result in the unreasonable linear approximation of the
local displacement fields.

2.6. High angular resolution electron backscatter diffraction (HR-EBSD)
HR-EBSD is a technique for calculating variations in elastic strain (and stress) and lattice
rotations through measuring small shifts between corresponding regions of interest (ROI)
within two electron backscatter patterns (EBSPs) via image correlation, as well as estimating
GND densities based on lattice curvature and Nye’s dislocation tensor [120]. Details about the
HR-EBSD technique are introduced in the following sections, which are adapted from Ref.
[121].
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2.6.1. Elastic strain and lattice rotation estimation
As shown in Figure 12, consider an arbitrary vector in the reference crystal, 𝒓, that has turned
into 𝒓′ in the deformed crystal. The change in this vector is described by a displacement
gradient tensor 𝑨, therefore
𝒓′ = 𝑨𝒓

7

and
𝜕𝑢1

𝜕𝑢1

𝜕𝑢1

𝜕𝑥1
𝜕𝑢2

𝜕𝑥2
𝜕𝑢2

𝜕𝑥3
𝜕𝑢2

𝜕𝑥1
𝜕𝑢3

𝜕𝑥2
𝜕𝑢3

𝜕𝑥3
𝜕𝑢3

(𝜕𝑥1

𝜕𝑥2

𝜕𝑥3 )

𝑨−𝑰 =

8

where 𝑢𝑖 is the displacement in the 𝑥𝑖 direction and 𝑰 is the identity matrix.
The displacement 𝑸 can then be written as
𝑸 = 𝒓′ − 𝒓 = (𝑨 − 𝑰)𝒓

9

and the projection of 𝑸 onto the EBSD phosphor screen, 𝒒, which is perpendicular to 𝒓, is
𝒒 = 𝑸 − 𝜆𝒓 = [𝑨 − (𝜆 + 1)𝑰]𝒓

10

where 𝜆 is an unknown constant, therefore
𝑞1 =
𝑞2 =
{𝑞3 =

𝜕𝑢1

𝜕𝑢

𝜕𝑢

𝑟
𝜕𝑥1 1
𝜕𝑢2
𝑟
𝜕𝑥 1

+ 𝜕𝑥1 𝑟2 + 𝜕𝑥1 𝑟3 − 𝜆𝑟1

𝜕𝑢3

+ 𝜕𝑥3 𝑟2 + 𝜕𝑥3 𝑟3 − 𝜆𝑟3

1

𝑟
𝜕𝑥1 1

2

3

𝜕𝑢2

𝜕𝑢2

2

3

+ 𝜕𝑥 𝑟2 + 𝜕𝑥 𝑟3 − 𝜆𝑟2
𝜕𝑢

11

𝜕𝑢

2

3

Eliminating 𝜆 in Equation 11 yields:
𝜕𝑢

𝜕𝑢

𝜕𝑢

𝜕𝑢

𝜕𝑢

𝜕𝑢

𝑞1 𝑟3 − 𝑞3 𝑟1 = (𝜕𝑥1 − 𝜕𝑥3 ) 𝑟1 𝑟3 + 𝜕𝑥1 𝑟2 𝑟3 + 𝜕𝑥1 𝑟3 2 − 𝜕𝑥3 𝑟1 2 − 𝜕𝑥3 𝑟1 𝑟2
1

3

2

3

1

2
{
𝜕𝑢2
𝜕𝑢3
𝜕𝑢2
𝜕𝑢2 2
𝜕𝑢3 2
𝜕𝑢3
𝑞2 𝑟3 − 𝑞3 𝑟2 = (𝜕𝑥 − 𝜕𝑥 ) 𝑟2 𝑟3 + 𝜕𝑥 𝑟1 𝑟3 + 𝜕𝑥 𝑟3 − 𝜕𝑥 𝑟2 − 𝜕𝑥 𝑟1 𝑟2
2

3

1

3

2

12

1

Since 𝒒 is within the plane of the phosphor screen, 𝑞3 = 0, therefore Equation 12 becomes
𝜕𝑢

𝜕𝑢

𝜕𝑢

𝜕𝑢

𝜕𝑢 𝑟1 2

𝑞1 = (𝜕𝑥1 − 𝜕𝑥3 ) 𝑟1 + 𝜕𝑥1 𝑟2 + 𝜕𝑥1 𝑟3 − 𝜕𝑥3

𝑟

𝜕𝑢 𝑟1 𝑟2
2 𝑟3

− 𝜕𝑥3

1
3
2
3
1 3
{
𝜕𝑢2
𝜕𝑢3
𝜕𝑢2
𝜕𝑢2
𝜕𝑢3 𝑟2 2
𝜕𝑢 𝑟 𝑟
𝑞2 = (𝜕𝑥 − 𝜕𝑥 ) 𝑟2 + 𝜕𝑥 𝑟1 + 𝜕𝑥 𝑟3 − 𝜕𝑥 𝑟 − 𝜕𝑥3 1𝑟 2
2

3

1

3

2

3
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1

3

13

and this can be rewritten as
𝜕𝑢1

𝜕𝑢

− 𝜕𝑥3

𝜕𝑥1

3

𝜕𝑢1
𝜕𝑥2
𝜕𝑢1
𝜕𝑥3
𝜕𝑢2

𝑟1 𝑟2

𝑟1 2

− 𝑟
𝑞1
𝑟1 𝑟2 𝑟3 0 0 0 − 𝑟3
3
(𝑞 ) = (
)
0 0 0 𝑟1 𝑟2 𝑟3 − 𝑟1 𝑟2 − 𝑟2 2
2
𝑟
𝑟
3

3

𝜕𝑢2

𝜕𝑥1
𝜕𝑢3

𝜕𝑥2

3

− 𝜕𝑥

14

𝜕𝑢2
𝜕𝑥3
𝜕𝑢3

(

𝜕𝑥1
𝜕𝑢3
𝜕𝑥2

)

Therefore, in order to solve the eight unknown elements in the right most matrix of Equation
14, the pattern shifts in at least four regions of interest (ROI) on each pair of EBSD patterns
need to be measured. Once this is done, the displacement gradient tensor is rotated from the
phosphor screen frame to the sample frame for further treatment.

Figure 12 Schematic of displacement of an arbitrary vector [122].
𝜕𝑢

𝜕𝑢

𝜕𝑢

𝜕𝑢

Since (𝜕𝑥1 − 𝜕𝑥3 ) and (𝜕𝑥2 − 𝜕𝑥3 ) are solved, for a given material with known elastic
1

3

2

𝜕𝑢

3

𝜕𝑢

𝜕𝑢

constants, each of the 𝜕𝑥1, 𝜕𝑥2 and 𝜕𝑥3 can be solved using generalised Hooke’s law by making
1

2

3

a plane stress (𝜎33 = 0) assumption. This allows all the components of the displacement
gradient tensor at a given point on the sample to be worked out.
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The elastic strains (normal strains ε𝑖𝑖 , shear strains ε𝑖𝑗 and lattice rotations ω𝑖𝑗 ) can then be
worked out, applying infinitesimal strain theory:
ε𝑖𝑖 =

𝜕𝑢𝑖

15

𝜕𝑥𝑖
𝜕𝑢

1 𝜕𝑢

ε𝑖𝑗 = 2 (𝜕𝑥 𝑖 + 𝜕𝑥𝑗 )
𝑗

𝑖

1 𝜕𝑢

𝜕𝑢

16

ω𝑖𝑗 = 2 (𝜕𝑥 𝑖 − 𝜕𝑥𝑗)
𝑗

17

𝑖

2.6.2. GND density estimation
The assumption of continuous deformation of a solid object can be expressed as
∮ 𝑑𝒖 = ∮𝐶 𝑨 𝑑𝒙 = 0

18

where 𝒖 is displacement and 𝑨 is the displacement gradient tensor.
Applying Stokes’ theorem
∮ 𝑨 𝑑𝒙 = ∯ 𝑐𝑢𝑟𝑙(𝑨) 𝑑𝑠 = ∯ 𝑐𝑢𝑟𝑙(𝑨𝒆 + 𝑨𝒑 ) 𝑑𝑠 = 0
𝐶

𝑠

𝑠

where 𝑨𝒆 and 𝑨𝒑 are the elastic and plastic displacement gradient tensors, respectively.
Therefore
𝑐𝑢𝑟𝑙(𝑨𝒆 ) = −𝑐𝑢𝑟𝑙(𝑨𝒑 )

19

The net Burgers vector 𝑩 of dislocation lines piercing the loop 𝐶, is defined as
𝑩 = − ∮𝐶 𝑨𝒑 𝑑𝒙 = − ∯𝑠 𝑐𝑢𝑟𝑙(𝑨𝒑 ) 𝑑𝑠

20

As the Nye’s dislocation tensor 𝜶 is defined as
𝑩 = ∯𝑠𝜶 𝑑𝑠

21

then
𝜶 = −𝑐𝑢𝑟𝑙(𝑨𝒑 ) = 𝑐𝑢𝑟𝑙(𝑨𝒆 )

22

Writing this as the sum of the elastic strain and lattice rotation gradients it becomes (see
Wilkinson and Randman [123])
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𝜕𝜀12
𝜕𝑥3
𝜕𝜀22

𝜶=

𝜕𝑥3
𝜕𝜀32

−
−

( 𝜕𝑥3 −

𝜕𝜀13

𝜕𝜀13

𝜕𝑥2
𝜕𝜀23

𝜕𝑥1
𝜕𝜀23

𝜕𝑥2
𝜕𝜀33

𝜕𝑥1
𝜕𝜀33

𝜕𝑥2

𝜕𝑥1

−
−
−

𝜕𝜀11

𝜕𝜀11

𝜕𝑥3
𝜕𝜀21

𝜕𝑥2
𝜕𝜀21

𝜕𝑥3
𝜕𝜀31

𝜕𝑥2
𝜕𝜀31

𝜕𝑥3

𝜕𝑥2

−
−
−

𝜕𝜀12

𝜕ω12

𝜕𝑥1
𝜕𝜀22

𝜕𝑥3

+

𝜕𝑥1
𝜕𝜀32
𝜕𝑥1 )

−

𝜕ω13

𝜕𝑥2
𝜕ω32
𝜕𝑥2
𝜕ω32

(

𝜕𝑥3

𝜕ω13

𝜕ω21

𝜕𝑥1
𝜕ω23
𝜕ω21

𝜕𝑥1
𝜕ω21

𝜕𝑥1

−

𝜕𝑥3
𝜕ω13
𝜕𝑥3

𝜕𝑥2
𝜕ω31
𝜕ω32
𝜕𝑥2

−

𝜕𝑥1

)
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The elastic strain gradients can be neglected if they are significantly lower than the lattice
rotation gradients, which is often the case as observed experimentally [123], then
𝜕ω12
𝜕𝑥3

𝜶=
(

−

𝜕ω13

𝜕ω13

𝜕ω21

𝜕𝑥2

𝜕𝑥1

𝜕𝑥1
𝜕ω21

𝜕ω32

𝜕ω23

𝜕𝑥2
𝜕ω32

𝜕𝑥1

−

𝜕ω21
𝜕𝑥3

𝜕ω13

𝜕𝑥3

𝜕𝑥3
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𝜕𝑥2
𝜕ω31
𝜕ω32
𝜕𝑥2

−

𝜕𝑥1

)

It is not possible to measure the variation of strain and rotation fields with depth (𝑥3 ) using
HR-EBSD, making the red terms in Equation 24 inaccessible and only 𝛼12 , 𝛼13 , 𝛼21 , 𝛼23 , 𝛼33
and 𝛼11 − 𝛼22 =

𝜕ω31
𝜕𝑥2

+

𝜕ω32
𝜕𝑥1

can be obtained.

The elements in 𝜶 are related to dislocation density through
𝛼𝑖𝑗 = ∑𝑠 𝜌𝑠 𝒃𝑖𝑠 𝒍𝑗𝑠
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where 𝜌𝑠 , 𝒃𝑠 and 𝒍𝑠 are the density, Burgers vector and unit line direction of the 𝑠th type of
dislocation, respectively.
This can be rewritten in the matrix form:
𝜦 = 𝑩𝝆

26

where 𝜦 is a 6-element column vector that contains the 6 measured lattice rotation gradients
in Equation 24, 𝝆 is a column vector of 𝑚 elements and 𝑚 is the number of possible
dislocation types, and 𝑩 is constructed to carry the information about 𝒃 and 𝒍 of the
dislocations.
Writing Equation 26 in detail:
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𝜕ω32
𝜕𝑥1
𝜕ω13

𝛼11 −

𝜕𝑥1
𝜕ω21
𝜕𝑥1
𝜕ω32

𝛼12
𝛼13
𝛼21

=

𝜕𝑥2
𝜕ω13
𝜕𝑥2
𝜕ω21

𝛼22 −
(

1

𝑏11 𝑙11 − 2 𝒃𝟏 · 𝒍𝟏

𝛼11 +𝛼22 +𝛼33
2

𝑏11 𝑙21
𝑏11 𝑙31
𝑏21 𝑙11

=

𝛼11 +𝛼22 +𝛼33

𝛼23

2

1

)

𝑏21 𝑙21 − 2 𝒃𝟏 · 𝒍𝟏
(

𝑏21 𝑙31

1

𝑠 𝑠
𝒔
𝒔
· 𝑏1 𝑙1 − 2 𝒃 · 𝒍
𝑏1𝑠 𝑙2𝑠
·
𝜌1
·
𝑏1𝑠 𝑙3𝑠
(·)
·
𝑏2𝑠 𝑙1𝑠
𝜌𝑠
· 𝑠 𝑠 1 𝒔 𝒔
𝑏2 𝑙2 − 2 𝒃 · 𝒍
·
𝑏2𝑠 𝑙3𝑠
)
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( 𝜕𝑥2 )
Thus, once 𝜦 is measured, 𝝆 can be obtained based on the knowledge of 𝑩 for a given
material.
A L1 based line energy minimisation scheme is then employed to find out the solution of the
above equation with the lowest possible total dislocation line length, and this specific solution
is regarded as the estimated GND density (distribution). Therefore, it is worth noting that the
obtained GND density using the energy minimization methodology is a lower bound
estimation.
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3. Microstructure and formation mechanisms of δ-hydrides
in variable grain size Zircaloy-4 studied by electron
backscatter diffraction
3.1. Introduction
In zirconium, hydrogen ingress can result in the formation of hydrides as the hydride solidus
line (Figure 7) is steep for low concentrations of hydrogen. To recap, the literature suggests
that four different Zr hydride phases have been observed so far, including trigonal ζ phase,
face-centred tetragonal (FCT) γ phase (c/a>1), face-centred cubic (FCC) δ phase, and FCT ε
phase (c/a<1) [27,38,39]. The most commonly observed hydride phase in fuel claddings is δ
phase, therefore the formation mechanism and mechanical properties of δ phase hydride is
of particular interest. It was reported that δ phase Zr hydrides tend to form preferentially at
grain boundaries under slow cooling rates [41,42,49,55]. In Zircaloy-4, it has been found that
the crystallographic orientation relationship (OR) between hexagonal close packed (HCP) αZr matrix and FCC δ-hydride is {0001}𝛼 ||{111}𝛿 ; < 112̅0 >𝛼 || < 110 >𝛿 [31,36,49,50], and
the habit planes of the macroscopic hydride packets are the {101̅7} planes, which are close
to the basal plane (~14.7°), of the surrounding α-Zr matrix [30,124]. The precipitation of δhydride in α-Zr results in a dilatational volumetric strain of 17.2% locally [125], and this misfit
is accommodated by dislocations observed within both the hydride and the matrix [53,126].
In textured Zircaloy it was observed that the hydride stringers align perpendicular to the sheet
or tube normal direction (ND) [50,127]. In thin wall cladding tubes, the radial hydrides are
extremely detrimental to the ductility of fuel claddings as compared to circumferential
hydrides, the texture of the cladding materials is controlled through processing such that
hydrides form circumferentially during operation [47,56]. However, the reason why hydrides
orient along specific texture components of Zircaloy is still not well understood. Kumar et al.
[50] claimed that in textured Zircaloy-4 the intergranular hydrides form more easily in those
grains with their basal planes oriented close to the grain boundaries, but no direct
experimental evidence was provided. Theoretical calculations by Qin et al. [128] found that
both grain boundary structure and energy may influence the propensity for hydride
nucleation, and intergranular hydrides tend to nucleate at high energy grain boundaries with
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one of the grains having its basal plane nearly parallel to the grain boundary. Conflicting
results on the preferred nucleation grain boundaries of hydrides in Zircaloy-2 have also been
reported, including basal and prism tilt grain boundaries [129], grain boundaries making
specific angles to the basal plane of the adjacent grains [130] and any grain boundaries
[131,132].
Research efforts on hydride precipitation in Zr alloys so far are mostly carried out on asreceived commercial Zircaloy cladding materials consist of relatively fine grains (around or
less than 10 μm). Microstructural characterisation of δ phase hydrides in Zircaloy-4 using
electron backscatter diffraction (EBSD) has significantly promoted the knowledge of the
hydride distribution and hydride-matrix OR [31,50,53]. However, the focus of these works are
mostly on the nature of the individual hydride packets instead of the interconnected hydride
stringers which are of more significant industrial importance. The introduction of very large
‘blocky alpha’ grains (average grain size >200 μm) in Zircaloy-4 by Tong and Britton [133]
opens up an opportunity for studying the grain size effect on hydride precipitation in the
material and to significantly develop the work of Birch et al.[134]. The character of δ-hydrides
in large grain Zircaloy-4 where the density of preferential nucleation sites are lower than the
fine grain material may also provide useful industrial implications and new insights for the
zirconium hydride study.
In the present chapter, EBSD is used to investigate the microstructural and crystallographic
character of δ phase hydrides in both as-received fine grain (~11 μm) and large ‘blocky alpha’
grain (>200 μm) Zircaloy-4. The chapter is organised as follows. Section 3.2 gives a description
of the sample preparation methods and details about the EBSD experiments. Section 3.3
presents the EBSD results for the hydrides in large and fine grain Zircaloy-4 samples, and
characters of the hydride packets are introduced individually in detail. In section 3.4, the
results are discussed to deduce the formation mechanisms of hydrides, which are then used
to assist the understanding of their crystallography and morphology.
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3.2. Experiments
3.2.1. Materials and sample preparation
The material used in this study was cut from a rolled and recrystallised commercial Zircaloy4 plate with a nominal chemical composition of Zr-1.5%Sn-0.2%Fe-0.1%Cr (wt%) [12]. The
average grain size of the as-received material is ~11 μm, and the texture is a typical split basal
texture with basal poles oriented ±30° away from the plate ND towards the plate transverse
direction (TD). An annealing at 800 °C for 14 days was used for the production of samples
consisting of large ‘blocky alpha’ grains [133]. Hydrogen charging of the samples was carried
out electrochemically in a solution of 1.5 wt% sulfuric acid using a current density of 2 kA/m2
at 65 °C for 24 hours. The approximate hydrogen concentration was controlled by establishing
the exposed surface area to volume ratio of the Zircaloy-4 samples during electrochemical
charging. The hydrogen content of the samples was determined through measuring the
temperatures of terminal solid solubility on dissolution (TSSd) and precipitation (TSSp) of a
fine grain sample using differential scanning calorimetry (DSC, Mettler Toledo DSC1). The
peak temperature and heating/cooling rates were 500 ˚C and 5 ˚C/min. Using the following
equation established in Ref. [135], a measured TSSd temperature of 395 ˚C was used to
calculate the concentration of hydrogen as 147 ppm.
𝑐𝑇𝑆𝑆𝑑 (𝑝𝑝𝑚) = 1.41 × 105 exp(−(38104 ± 701)/𝑅𝑇)
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where cTSSd is the hydrogen content in ppm, R is the gas constant (8.314 J/K/mol), and T is the
TSSd in K.
After hydrogen charging, the samples were annealed at 400 °C (i.e. above the hydride solvus
line for these alloys) for 5 hours to homogenise the hydrogen distribution, followed by a
controlled slow furnace cooling of 0.5 °C/min to room temperature to promote the formation
of δ phase hydrides. The samples were then mechanically polished with colloidal silica and
electropolished in a solution of 10 vol% perchloric acid in methanol at −40 °C for 90s under
an applied voltage of 30 V to remove the surface stress layer and improve the quality of the
subsequent EBSD characterisation.
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3.2.2. EBSD characterisation
EBSD scanning was conducted on an FEI Quanta 650 scanning electron microscope (SEM)
equipped with a Bruker eFlashHR (v2) EBSD camera, using a beam accelerating voltage of
20 kV and probe current of ~10 nA. Collection and analysis of the EBSD data were carried out
using Bruker ESPRIT 2.1 software. Depending on the experiment, EBSD patterns were binned
from a native resolution of 1600×1200 pixels to 320×240 pixels, with an exposure time of
22ms.

3.3. Results
3.3.1. General hydride distribution
Inverse pole figure (IPF) maps of the as-received fine grain and ‘blocky alpha’ large grain
samples before hydrogen charging are given in Figure 13(a) and (b), respectively. Figure 13(c)
and (d) show the distribution of hydrides within the fine and large grain Zircaloy-4,
respectively.

Figure 13 Inverse pole figure - rolling direction (IPF-RD) map of the (a) as-received fine grain and (b) ‘blocky
alpha’ large grain Zircaloy-4; Polarised light optical micrograph of hydrided (c) fine grain and (d) large grain
Zircaloy-4. The directions of the texture components are the same for the four images, as labelled in (a).
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In the fine grain material, most of the hydrides are found at grain boundaries. Macroscopically,
the interconnected hydride stringers align perpendicular to ND, in agreement with the
observations in the literature [50,127]. In the large grain sample, three types of hydrides are
observed which can be described in terms of their different nucleation sites:
(1) Intergranular hydrides are those observed at the matrix grain boundaries. It is obvious
that the proportion of intragranular hydrides is higher in the large grain sample than
in the fine grain sample, which is likely a result of the smaller number/area of grain
boundaries per unit volume in the large grain material (similar to observations of Birch
et al. [134]).
(2) Twin boundary hydrides can be seen at the matrix twin boundaries. Twin boundaries
are preferential nucleation sites for hydride formation in commercial fine grain
Zircaloy-4 [136], and this has also been found to be true in the ‘blocky alpha’
microstructure (Figure 13(d)).
(3) Intragranular hydrides are observed inside the ‘blocky alpha’ grains.
The intergranular and twin boundary hydrides are mostly thicker than the intragranular
hydrides, and a depletion of intragranular hydrides can be seen in the regions near the grain
boundaries and the twin boundaries. Unfortunately, it is hard to determine quantitatively the
relative volume fractions of inter vs intra granular hydrides from the 2D images, as the
material is heavily textured, making the precipitation of hydrides highly anisotropic, therefore
the results can vary significantly with the sample sectioning scheme indicating low accuracy.

3.3.2. Hydrides in ‘blocky alpha’ large grain Zircaloy-4
Intragranular hydride
Figure 14 shows the crystal orientation map and the pole figures of a local area within a
‘blocky alpha’ grain containing an intragranular hydride packet. The blue region in the map
corresponds to the hydride packet, while the red region corresponds to the zirconium matrix.
In the hydride packet there exists two hydride grains with different crystal orientations
(shown within the pole figures).
Analysis of the pole figures enables analysis of the orientation relationships between the αzirconium matrix and the two observed hydrides. Comparing the pole figures of the δ hydrides
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with α-Zr matrix, both hydride grains follow the {0001}𝛼 ||{111}𝛿 ; < 112̅0 >𝛼 || < 110 >𝛿
OR with the surrounding matrix.

Figure 14 Crystal orientation map and pole figures of an intragranular hydride packet in Zircaloy-4. In the pole
figures, the poles within the red circles are indexed points inside smaller hydride (contained in the white box
within the map) and those highlighted with red squares correspond to the points outside the white box and for
the larger hydride area.

For the hydride pole figures, the poles within the red circles are indexed points inside smaller
hydride (contained in the white box within the map) and those highlighted with red squares
correspond to the points outside the white box and for the larger hydride area. The pole
figures of the δ-hydride suggest that the two hydride grains share one of the {111} planes
and three of the < 110 > directions, indicating that they are {111} < 112̅ > twins, and the
twinning axis is the <c> axis of the zirconium matrix. In the pole figures, the projections of the
hydrides are more dispersive than those of the matrix, implying that the degree of crystal
misorientation in the hydride phase is higher than that in the matrix.
Further to this crystallographic analysis, spatial analysis of the hydride packet with the
orientation of the matrix confirms that the trace of the habit plane of this hydride packet is
nearly parallel to one of the {101̅7} planes but not to the basal plane of the matrix
surrounding it. Furthermore, the hydride twin interface is colinear with the basal plane of the
α-zirconium matrix.
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Twin boundary hydride
EBSD results of a typical twin boundary hydride packet are shown in Figure 15. The crystal
orientation map clearly shows that two crystal orientations of the α-Zr matrix can be observed
within the field-of-view, and their OR indicates that they are {101̅2} < 1̅011 > (T1) twins.
The crystal orientation map and the pole figures show the presence of two pink hydrides,
both sitting on the parent grain side at the twin boundaries. These hydrides follow the
{0001}𝛼 ||{111}𝛿 ; < 112̅0 >𝛼 || < 110 >𝛿 OR with the blue-coloured parent α-Zr grain.
Similarly, the two purple hydrides sitting on the twin side at the twin boundaries, follow the
same OR with the green-coloured matrix twin.

Figure 15 (a) phase map, (b) crystal orientation map and pole figures of a twin boundary hydride packet in
Zircaloy-4. Colouring in the pole figure corresponds to the map colouring in (b). Hydride packet contains twin
structure.

There is third hydride orientation, coloured red in the crystal orientation map, which resides
inside the green-coloured α-Zr grain. This hydride also follows the {0001}𝛼 ||{111}𝛿 ; <
112̅0 >𝛼 || < 110 >𝛿 OR with the surrounding matrix, and is a {111} < 112̅ > twin to the
purple-coloured hydrides. The relatively dispersive hydride projections in the pole figures
imply a higher internal lattice rotation gradients likely due to a high density of geometrically
necessary dislocation within the hydrides, and this is greater than in the matrix. The
macroscopic habit plane of this hydride packet follows the {101̅2} matrix twin plane.
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To summarise this complicated structure, we observe hydrides at a T1 twin. The hydrides have
an OR with the neighbouring zirconium twin or parent, and therefore also have an orientation
relationship with each other. The third hydride has an OR with the neighbour α-zirconium and
is a twin with its neighbour hydride.

Intergranular hydride
Observations of the large grain sample using SEM reveal that there are two different types of
intergranular hydrides in the material, as shown in Figure 16. Some of the intergranular
hydrides are along the grain boundaries (type-a) while the others are not (type-b), and usually
the former appear to be thicker than the latter in morphology. The presence of these two
types of intergranular hydrides has also been reported in fine grain Zircaloy-4 [35,50,53], but
not analysed in detail. EBSD analyses were then carried out on these two different types of
intergranular hydrides to study the origins of their different morphologies.

Figure 16 SEM micrograph showing two different types of intergranular hydrides: hydrides along the grain
boundaries (type-a) and hydrides nucleated at the grain boundaries and grew into the grain interior (type-b).
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Figure 17 Crystal orientation map and pole figures of a type-a intergranular hydride packet along the grain
boundary in Zircaloy-4.

An example of the type-a intergranular hydride is given in Figure 17, where the hydride packet
(purple-coloured)

can

be

observed

to

form

along

the

grain

boundary.

The

{0001}𝛼 ||{111}𝛿 ; < 112̅0 >𝛼 || < 110 >𝛿 OR is satisfied between the hydride packet and
the orange-coloured matrix grain on the right side of the grain boundary. From this local OR,
it is therefore inferred that the hydride packet is transformed from the orange-coloured
matrix grain during the cooling process. The pole figures also suggest that a higher degree of
orientation gradient is present in the hydride than in the α-Zr matrix, similar to the previous
observations in the intragranular and the twin boundary hydrides.

Figure 18 Crystal orientation map and pole figures of an intergranular hydride packet along the grain
boundary in Zircaloy-4. Hydride packet contains twin structure.
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A second example of type-a intergranular hydride is shown in Figure 18. However in this case
multiple crystal orientations can be seen in the hydride on both sides of the grain boundary.
The zirconium grain boundary has a slight misorientation of the <c> axis and a significant twist
about the <c> axis (mismatching the < 𝑎 > type directions).
The three hydride orientations can be matched with the {0001}𝛼 ||{111}𝛿 ; < 112̅0 >𝛼 || <
110 >𝛿 OR with their adjacent matrix grains, as can be seen in the pole figures. The blue- and
orange-coloured hydrides are {111} < 112̅ > twins to each other. There are two orange
hydride grains, one on the top right in the crystal orientation map and another inside the blue
hydride grain.
Additionally to the two matrix α-zirconium grains, there is a small region of α-zirconium
contained within the hydride packet and at the interface of two of the orange and the blue
hydrides. This small grain of zirconium has a slightly different crystal orientation to the bulk
grain on the right, which is also noticeable in the pole figures, where the projections from the
small matrix region between the hydrides are highlighted with red squares.
Again, the orientation gradients within the hydrides are more significant than that in the
matrix, as suggested by spread of orientations within the pole figures.
Figure 19 shows the local crystal orientation map of another type-a intergranular hydride
packet along the grain boundary. The yellow- and light green-coloured regions on both sides
of the grain boundary correspond to the two matrix grains, while four hydride crystal
orientations (red, pink, orange and purple) are present as well. The {0001}𝛼 ||{111}𝛿 ; <
̅ 0 >𝛼 || < 110 >𝛿 OR is satisfied between the yellow-coloured matrix and the two hydride
112
orientations near it (red and pink), as well as between the light green-coloured matrix and its
two neighbouring hydride orientations (orange and purple). This suggests that the red and
pink hydrides were transformed from the yellow matrix grain, and the orange and purple
hydrides were transformed from the light green matrix grain. As before, populations of
hydrides attached to the same matrix are {111} < 112̅ > twin pairs, such as the red- & pinkcoloured hydrides and the orange- & purple- coloured hydrides. Similar to prior hydrides,
sharper projections of the α-Zr phase than the δ hydride phase suggest a lower degree of
misorientation within the matrix than in the hydride. The crystal orientation map in Figure 19
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shows that the twin boundaries in the hydrides transformed from the matrix grains on both
sides of the grain boundary coincide, as highlighted with black arrows.

Figure 19 Crystal orientation map and pole figures of an intergranular hydride packet along the grain
boundary in Zircaloy-4. Hydride packet contains twin structure and the twin boundaries coincide as highlighted
with black arrows. (①yellow, ②light green, ③pink, ④red, ⑤orange, ⑥purple).

Figure 20 Crystal orientation map and pole figures of an intergranular hydride packet nearly perpendicular the
̅𝟕} planes of
grain boundary in Zircaloy-4. The macroscopic habit planes of the hydrides are close to the {𝟏𝟎𝟏
the surrounding matrix grains.

Next, a type-b intergranular hydride is introduced in Figure 20. This hydride packet is attached
to a grain boundary and the macroscopic habit plane is nearly perpendicular to the grain
boundary (the grain boundary lies horizontally in the crystal orientation map as labelled in
the figure). The two dark blue hydrides in the map are twins to each other. The hydrides and
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matrix adhere to the {0001}𝛼 ||{111}𝛿 ; < 112̅0 >𝛼 || < 110 >𝛿 OR. The habit planes of the
hydride packets in both grains are found to align more closely with one of the {101̅7} planes
than to the basal planes of the grains that they grew into respectively. As per previous
observations, a higher degree of misorientation can be seen in the hydride phase than in the
surrounding matrix.
The {0001} pole figure of the α-Zr phase also reveals that the two matrix grains involved have
similar basal pole orientations. Furthermore, it seems that the precipitation of this
intergranular hydride has led to a local perturbation of the position of the grain boundary, as
can be seen in the crystal orientation map. This implies that there is a sympathetic nucleation
and growth of these hydrides associated with this particular boundary. It is believed that the
grain boundary was smooth in the as-annealed state prior to hydride formation, so the
presence of this local grain boundary structure should be associated with the hydride
precipitation process. However, there is a possibility that this is due to a geometrical effect as
the hydrides tend to be trenched slightly after electropolishing (see Figure 16), and this may
lead to a pseudo-perturbated grain boundary structure in the EBSD configuration (70° tilted)
which could be the origin of the above observation.

3.3.3. Hydrides in as-received fine grain Zircaloy-4
A hydride-containing region of ~100 μm × 200 μm in the as-received fine grain material (Figure
13(c)) was studied using EBSD, and the results are shown in Figure 21. Generally, most of the
hydrides observed are intergranular hydrides, while a relatively small fraction of the hydrides
are thin intragranular hydride plates nucleated inside the grains. The macroscopic habit
planes of the intragranular hydrides are found to be {101̅7}. Similar to the hydrides in the
‘blocky alpha’ microstructure, some hydride packets have two different crystal orientations
internally which are {111} < 112̅ > twins to each other.
The intergranular hydrides at vertical grain boundaries in the map (perpendicular to ND) are
mostly type-a intergranular hydrides and appear to be thicker than those at horizontal grain
boundaries which mostly belong to type-b.
From Figure 21, four regions of interest in the map were picked out and the magnified local
IPF-ND maps are given in Figure 22.
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The hydride packet in region 1 (Figure 22(a)) is an intergranular hydride, containing two
crystal orientations which are twins to each other. A demonstrable orientation gradient can
be seen in the hydride packet, likely developed progressively during its growth process.
The IPF-ND map of region 2 (Figure 22(b)) shows no clear evidence of hydride formation in
the blue grain, however multiple intergranular hydride packets can be observed in the
neighbouring grains. Figure 22(e) shows the misorientation to reference point (the red cross
at the centre of the grain) map and it is evident that local misorientations of up to 3° in this
grain are present adjacent to the intergranular hydrides in the neighbouring grains. For those
grain boundaries that are hydride-free, no significant local misorientation can be seen.

Figure 21 (a) Forescatter electron image, (b) phase map, (c) IPF-ND map of a hydride stringer in fine grain
Zircaloy-4.

Region 3 (Figure 22(c)) contains two hydride packets, both having internal twin structures, in
two adjacent grains. Changes in twin variants can be seen in the hydride packet in the orangecoloured matrix grain to have occurred repeatedly upon growth. Since these two hydride
packets are interconnected at the grain boundary, it is inferred that the formation processes
of them are related to each other.
A long hydride stringer extending across several grains can be observed in region 4 (Figure
22(d)). The hydride stringer consists of multiple intergranular hydride packets. These hydride
packets, though formed in different grains, are connected with the hydrides in the adjacent
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grains at the grain boundaries. Lots of internal twin structures are observable within the
hydride packets.

Figure 22 Magnified IPF-ND maps of region (a)1, (b)2, (c)3, (d)4 in Figure 21, (e) crystal misorientation to
reference point (red cross) map of (b). The hydride-matrix phase boundaries are highlighted with black lines.

3.4. Discussion
For all the δ-hydrides studied in this work, including different types of hydrides in both the
‘blocky alpha’ large grain and the as-received fine grain Zircaloy-4, {0001}𝛼 ||{111}𝛿 ; <
112̅0 >𝛼 || < 110 >𝛿 is the only observed OR between the δ-hydrides and the α-Zr matrix
where the hydrides form. This indicates that the OR between these two phases is independent
of the nucleation site of the hydrides and the grain size of the matrix material.
Generally, hydride packets were found to have a higher degree of crystal misorientation than
the surrounding α-Zr matrix. This is indicative of a higher dislocation density in the hydrides
than in the matrix, which is in agreement with results obtained from X-ray diffraction [126]
and neutron diffraction [53] experiments, as well as electron channelling contrast imaging
(ECCI) observations [36]. The dislocations produced during the transformation processes are
presumably associated with the accommodation of the misfit strain between the matrix and
the hydride.
The precipitation of δ-hydrides in α-Zr is achieved through an HCP to FCC phase
transformation. This transformation, as proposed by Carpenter [137], may occur through the
72

𝑎
glide of 3 < 11̅00 > partial dislocations on alternate {0001} planes, leaving behind stacking

faults and thus changing the stacking sequence of the atomic layers. A schematic diagram of
the transformation is reproduced in Figure 23.

Figure 23 Schematic illustration of the HCP(α-Zr) to FCC(δ-hydride) phase transformation, adapted from [137].

For the basal planes of HCP α-Zr, the stacking of atomic layers follows a ‘…ABABABABA…’ type
sequence. As the hydride precipitation (phase transformation) initiates, partial dislocations
with Burgers vectors of

𝑎
3

< 11̅00 > are generated and glide on the basal plane. Stacking

faults are therefore produced and lead to changes in the local atomic stacking. As shown in
the bottom two atomic layers in Figure 23, glide of partial dislocation and the resulting
stacking fault (dashed line) transforms the local atomic stacking sequence from
‘…ABABABABA…’ into ‘…ABCACACAC…’. As the transformation progresses, these partial
dislocations glide on every other basal plane and can thus gradually shift the atomic stacking
sequence to ‘…ABCABCABC…’ and, as a result, a local FCC structure forms. The nature of this
transformation also causes an {0001}𝛼 ||{111}𝛿 ; < 112̅0 >𝛼 || < 110 >𝛿 OR, as observed
experimentally above.
Figure 24 illustrates this transformation with the motion of the atoms. It can be seen from the
bottom five atomic layers that as the transformation progresses, strain is built up at the
hydride-matrix interface and gradually increases. As a result, the gliding of partial dislocations
with an opposite Burgers vector ahead of the growth front may become more energetically
favourable which can then mitigate the strain progressively. This, as shown in the figure, can
lead to the formation of twins in the hydride, which explains the routine observation of twin
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structures within the hydrides. As such, the repeated strain build-up and mitigation may cause
the alternate formation of twin variants upon hydride growth as observed in Figure 22(c).

Figure 24 Schematic illustration of twin formation in δ-hydrides.

In the ‘blocky alpha’ large grain sample, some intergranular hydrides sit along the grain
boundaries while the others seem to have nucleated at the grain boundaries and then grew
into the grain interior, with their habit planes close to the {101̅7} plane of the matrixes
around them, similar to the habit planes of intragranular hydrides.
These two types of intergranular hydrides are also observed at grain boundaries in the fine
grain material. This implies that after the initial nucleation event at the grain boundaries, the
subsequent nucleation sites for further growth can vary depending on the local configuration
of the chemical potential distribution.
The tensile stress state at dislocation cores creates the tendency for interstitial solute atoms
such as hydrogen to diffuse towards them, such that the stress fields around the solute atoms
can be relaxed. As a result, grain boundaries are often rich in solute atoms and are fast
diffusion routes for them due to high local dislocation density. In other words, the chemical
potential of hydrogen atoms is lower at the dislocation cores and grain boundaries than
elsewhere in the material microstructure and therefore dislocation cores and grain
boundaries are effectively chemical potential wells for solute hydrogen atoms. According to
the auto-catalytic nucleation mechanism of intragranular hydrides [29,41], upon hydride
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growth chemical potential wells are dynamically built up at the growth front which controls
the path for further nucleation and growth. However, in the case of intergranular hydrides,
the growth pattern is controlled by the competition between the chemical potential well
produced by the hydride that has already formed and the initial chemical potential well at the
grain boundary. Their relative hydrogen affinities likely determine the growth path of the
intergranular hydrides.
The formation of type-a intergranular hydrides is presumably through significant amount of
nucleation events at the grain boundaries and the thickening of the hydride packets
afterwards. The formation processes of type-b intergranular hydrides, on the other hand, are
dominated by the chemical potential well at the hydride growth front, which leads to a growth
pattern similar to that of the intragranular hydrides and hydride depletion nearby at the grain
boundaries (Figure 20).
The precipitation of δ-hydrides may result in orientation gradients within the matrix ahead of
the growth front, and this can happen not only in the grain where the hydride formed (Figure
18) but also in the adjacent grain (Figure 22(b, e)). The orientation gradients observed are
presumably due to the presence of dislocations produced to accommodate the misfit strain.
Intergranular hydrides in the fine grain material are often interconnected at the grain
boundaries (Figure 22(c, d)), implying their formation processes are not irrelevant.
Combining these two observations, a formation mechanism for the interconnected hydride
stringers can be proposed as follows. During the moderately slow cooling process, hydride
nucleation occurs preferentially at grain boundaries. The intergranular hydrides formed
initially can produce dislocations in the neighbouring grains due to misfit strain ahead of the
grown hydrides. This leads to the formation of chemical potential wells in the dislocated areas.
Solute hydrogen atoms nearby then tend to diffuse towards these chemical potential wells.
When local supersaturations of hydrogen are reached, new hydride nucleation events occur
and these nuclei may grow out. Hence, similar to the growth of intragranular hydrides through
repeated auto-catalytic nucleation, the growth of hydrides across grain boundaries is also
achieved via an auto-catalytic mechanism. This creates chains of hydrides as stringers. The
growth direction of these stringers is therefore dependent on the orientation of the repeated
successful nucleation of hydrides as the stringers grow in the network.
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Moreover, the fact that the twin boundaries in the hydrides on both sides of the grain
boundary coincide at the grain boundary, as shown in Figure 19, suggests further that the
formation of intergranular hydrides in adjacent grains cannot be considered as independent
processes. As HCP structure is highly anisotropic, the dislocations produced by an
intergranular hydride at the other side of the grain boundary may make it easier for the matrix
to locally shear and transform into one hydride orientation than its twin orientation, which
results in the observed intergranular hydride pairs at the grain boundaries.
It is therefore speculated that the characters of the grain boundaries may have an impact on
the propensity for hydride formation, and the alignment of the shear planes and shear
directions responsible for the transformation, {0001} and < 11̅00 >, are likely of particular
importance. Their respective effects on the hydride formation are thus extracted below.
Analysis of the c-axis ({0001} basal plane normal) misorientation angles (θc) was carried out
for all the grain boundaries where intergranular hydrides have formed in Figure 21. The θc
values for all the grain boundaries in Figure 13(a) were also calculated in order to reveal the
intrinsic c-axis misorientation distribution for the textured plate. The two sets of data are
plotted in Figure 25 for direct comparison.

Figure 25 EBSD-based distribution of grain boundaries with c-axis misorientation angle.

It can be seen that the precipitation of intergranular hydrides seems to favour both the low
θc (<40°) and the high θc (>80°) grain boundaries, while hydride formation at grain boundaries
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with θc between 40° and 80° is observed to be less frequent than the population of boundaries
within these samples.
For low θc grain boundaries, the collective shear on the basal planes in both grains can take
place relatively readily which may make it easy for hydride nucleation to occur (the case in
Figure 20, for example). For high θc grain boundaries, basal planes on one side of the grain
boundaries are aligned closely with one of the prismatic planes on the other side. As < 𝑎 >
prismatic slip is an easy deformation mode in Zr [20], it is inferred that collective
basal/prismatic shear may be a reason for the observed propensity for hydride nucleation
(through basal shear) at high θc grain boundaries. Another possible origin for this observation
is the high grain boundary energy for those high θc grain boundaries, leading to high local
hydrogen concentration at high temperature prior to hydride precipitation. Molecular
dynamics (MD) simulation could help improve the understanding of this question by
establishing the relationship between θc and grain boundary energy in Zr. It is also worth
noting that, as no α-Zr twinning was observed in the fine grain material as shown in Figure
13(a) and Figure 21, the data in Figure 25 is not contributed by any twin boundary hydrides.

̅𝟎𝟎 > misorientation angle with ϕ1 and φ, using [0,0,30°] as a
Figure 26 Change in the cosine of the < 𝟏𝟏
reference.

It is also noticed that hydride nucleation is possible at grain boundaries with any θc value,
which implies that the misorientation angle of the < 11̅00 > shear directions available (θa)
may also have an influence on hydride nucleation.
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Therefore, to reveal the < 11̅00 > misorientation angles for different types of grain
boundaries, we take an HCP crystal with Euler angles of [ϕ1,φ,ϕ2]=[0,0,30°] as a reference
(crystal A). We then misorient a second crystal (crystal B) by varying its orientation through
manipulating its Euler angles φ (i.e. the c-axis mismatch) and ϕ1 which is the misorientation
around the c-axis. The ϕ2 for crystal B is forced to 30° for all cases. Figure 26 shows the change
in the cosine of θa between these two crystals with the φ and ϕ2 of crystal B. The conditions
included in the figure are representative of the θa between any two randomly orientated HCP
crystals due to the symmetry of the HCP crystal structure. It is evident that the cos θa values
for all types of grain boundaries are high and the lowest possible value is 0.75, corresponding
to a θa of 41.4°. This means that for any grain boundary the < 11̅00 > misorientation angle
is always low, allowing for easy collective shear and making it possible for hydride nucleation
at any grain boundaries as observed in Figure 25.
To explore the reason for the preferred orientation of the hydride stringers in the fine grain
material, the grain boundaries where hydrides formed in Figure 21 were analysed in Figure
27, in terms of the angle between the surface traces of the grain boundaries and the basal
planes of the grains where the intergranular hydrides formed (ϕ). Grains smaller than 40 μm2
in the map were ruled out from the analysis as their boundaries likely make a relatively
substantial angle with the surface traces. Results indicate a weak correlation between hydride
precipitation and the ϕ value, and the preference of low ϕ grain boundaries for hydride
nucleation as hypothesised in literatures [50,128] cannot be proved by the experimental
results here.
In Figure 21, the texture of the material is such that the {101̅7} planes of the grains are mostly
close to the vertical direction. It is hence speculated that the type-a intergranular hydrides
tend to form in the grains with their {101̅7} planes aligned close to the grain boundary, while
the morphology of type-b hydrides (thin and not along the grain boundaries) are due to their
habit planes being relatively far from the grain boundaries. Therefore, in the fine grain
material, the macroscopically observed preferential alignment of the hydride stringers
perpendicular to ND is likely a collective effect of the thick morphology of the type-a
intergranular hydrides and the fact that the {101̅7} habit plane of the type-b intergranular
hydrides being nearly perpendicular to the ND of the textured Zircaloy-4 plate.
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Figure 27 Distribution of hydride-containing grain boundaries with the angle between the grain boundary
surface trace and the basal plane of the hydride-containing grain(s).

3.5. Conclusions
Various types of δ phase hydrides in textured as-received fine grain (~11 μm in average grain
size) and ‘blocky alpha’ large grain (average grain size >200 μm) Zircaloy-4 have been
investigated in detail using EBSD. Hydrides were formed using a moderate cooling rate
(0.5 °C/min) and in these materials the following conclusions can be drawn.
1. All the hydrides examined in Zircaloy-4 follow the {0001}𝛼 ||{111}𝛿 ; < 112̅0 >𝛼 || <
110 >𝛿 OR with the surrounding matrix and no exception was found. The OR is
independent of matrix grain size and hydride nucleation site.
2. The macroscopic habit planes of the intragranular hydrides and the intergranular hydrides
which nucleated at the grain boundaries and grew into the grain interior are the {101̅7}
planes of the surrounding matrix.
3. The {101̅2} < 1̅011 > T1 twin boundaries in ‘blocky alpha’ Zircaloy-4 are preferential
nucleation sites for hydrides, and the macroscopic habit planes of the hydrides at T1 twin
boundaries are parallel to the {101̅2} twin plane.
4. The morphology of the intergranular hydrides depends strongly on the angle between the
grain boundary and the {101̅7} planes. For grain boundaries aligned close to the {101̅7}
planes, relatively thick hydrides are formed along the boundary. For other boundaries,
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thin hydrides are formed which preferentially decorate the {101̅7} planes leading from
the boundary and into the grain, instead of forming along the grain boundary.
5. The misfit strain between α-Zr and δ-hydride is accommodated by dislocations in both the
matrix and the hydrides and twinning in the hydrides. A higher degree of internal crystal
orientation gradient in the hydrides indicate a higher dislocation density in the hydrides
than in the matrix, and the twinning in the hydrides can be caused by the changes in the
𝑎
Burgers vectors of the 3 < 11̅00 > partial dislocations upon hydride formation.

6. The growth of hydrides across grain boundaries is achieved through an auto-catalytic
nucleation process, that is, the modulation of the local chemical potential distribution in
the grain ahead of the hydride growth front due to the existing hydride leads to the
hydride nucleation on the other side of the grain boundary.
7. Intergranular hydride nucleation favours grain boundaries with low (<40°) and high (>80°)
c-axis misorientation angles. Presumably, the former is due to easy collective shear on
basal planes required for the transformation and the latter is due to high grain boundary
energy.
8. Intergranular hydride nucleation does not prefer grain boundaries close to the basal
planes of the adjacent grains. The alignment of the hydride stringer observed
macroscopically is due to the alignment of the {101̅7} habit planes perpendicular to ND
as a result of the bulk material texture.
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4. Micropillar compression to study the effect of
temperature and solute hydrogen on the < 𝒂 > basal slip
properties of Zircaloy-4
4.1. Introduction
Akhtar [4] measured the CRSS of < 𝑎 > basal slip in Zr between 873 and 1123 K, however
below this temperature range the deformation of single crystal samples favourably orientated
for < 𝑎 > basal slip was accommodated instead by prismatic slip and twinning and so
variations within this range were not measured. However, in Zr the activation of < 𝑎 > basal
slip at room temperature has been observed locally where the stress is concentrated and
deformation rate is high [1], as well as around Zr hydride packets in transmission electron
microscope (TEM) foils [2,3]. Recent work by Caillard et al. [3] observed the glide of < 𝑎 >
dislocations on the basal plane in Zr from room temperature up to 573 K under suitable stress
states through in situ TEM experiments. The influence of stress state on the basal-prismatic
cross slip behaviour indicates that basal slip is only slightly harder than prismatic slip and is a
primary slip system for Zr at and above room temperature. Furthermore, the increasingly
rapid motion of screw dislocations on the basal plane with increasing temperature is
indicative of the fact that < 𝑎 > basal slip is strongly thermally activated and becomes nearly
athermal at 573 K.
Attempts have been made experimentally to study the high temperature deformation
behaviour of bulk Zr alloys [138–146], and the results are briefly attributed to two types of
mechanisms, including the thermally-activated dislocation glide and the climb-driven
dislocation annihilation and recovery [147]. Computational modelling was used to evaluate
the effect of temperature on the relative contributions of different deformation modes to the
macroscopic response of polycrystalline Zr [148,149]. However, the lack of high temperature
experimental data on the strength of the slip and twinning deformation modes has restricted
the accuracy of the models in predicting the practical material response. Therefore,
knowledge of the properties of single deformation modes at high temperatures, especially at
the service temperature of Zircaloy claddings, would be advantageous for developing the
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current understanding of the deformation of Zr at high temperatures and improving the inservice mechanical performance of the material.
As has been introduced in the previous chapter, hydrogen pick-up during operation and the
potential effects of this on the mechanical performance of Zircaloy fuel claddings are of
significant industrial importance. The cladding materials, while in-service, may contain a
noticeable amount of hydrogen solute atoms at the HCP interstitial sites in α-Zr. Whether
these solutes have an impact on the mechanical performance of the material is also of great
interest. Generally, it was found that solute hydrogen tend to decrease the creep resistance
of pure Zr and recrystallized Zircaloy-4 [150–153], and this was attributed to change in
Young’s modulus and/or promoted dislocation mobility due to the presence of hydrogen,
though there is limited experimental evidence through detailed characterisation to support
these hypotheses.
In the past decade, development of the state-of-art experimental apparatus has allowed
micropillar compression tests to be carried out at elevated temperatures. This provides a way
of investigating the high temperature mechanical properties of a wide range of materials
including Ni superalloy [154], nanocrystalline Ni [155], Cu [156], Ta and W [99], Cu/TiN
multilayers [157], Au-based metallic glass [158], LiF [98], CrN-based hard coating [159] and
MgAl2O4 spinel [160].
The motivation of this chapter is to utilise the advantages of elevated temperature micropillar
compression tests and to explore the variation of < 𝑎 > basal slip properties of Zircaloy-4
with temperature between 298 K and 623 K, as well as the effect of solute hydrogen atoms
on the < 𝑎 > basal slip properties at 623 K, the typical service temperature of Zircaloy fuel
claddings.

4.2. Experiments
Two approximately 10 mm × 10 mm × 1.5 mm cuboids were cut from the as-received Zircaloy4 plate and then heat treated for 336 hours at 800 °C in Ar atmosphere to produce ‘blocky
alpha’ grains with an average size >200 μm [133]. After that, one of the samples was charged
with ~87 wt ppm hydrogen using the method introduced in section 3.2.1. The samples were
then ground, mechanically polished, and finally electropolished in a solution of 10 vol%
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perchloric acid in methanol at -45 °C for 90 seconds, under 30 V applied voltage to remove
the surface stress layer.

Figure 28 (a) Secondary electron (SE) image of a micropillar fabricated with FIB, with an insert of the unit cell
representation of the crystal orientation, (b) high temperature Alemnis nanoindentation system for in situ
compression tests and (c) SE image showing the flat punch indenter and an array of micropillars.

I selected crystals that would activate < 𝑎 > basal slip. Electron backscatter diffraction (EBSD)
scanning was carried out on an FEI Quanta scanning electron microscope (SEM) equipped with
a Bruker eFlashHR (v2) EBSD camera using 20 kV beam voltage. For each sample, a large (>0.2
mm2) grain of interest was found and the highest Schmid factors for all available slip systems
while the loading axis is perpendicular to the sample surface are listed in Table 4. It is worth
noting that although < 𝑎 > prismatic slip has a slightly lower CRSS than that for < 𝑎 > basal
slip, the weighted Schmid factors for < 𝑎 > basal slip for these two grains are still the highest
among all slip systems. Square micropillars with 5 µm mid-height width and 15 µm height
were hence fabricated within these grains using Ga focused ion beam (FIB) milling on an FEI
Helios Nanolab 600 Dualbeam microscope (Figure 28(a)). The taper angle of the pillars was
measured to be about 2.3° using the SEM images taken. Thermo Scientific NanoBuilder
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software was used to set up the FIB patterning profile. The acceleration voltage of the FIB was
set to 30kV and a series of FIB beam current from 21 nA down to 1 nA was used. High current
beam was applied to produce a 50 µm-diameter trench around the micropillar in order to
achieve in situ visualisation of the micropillar during the subsequent tests, while low current
beam was used for the final tailoring of the micropillar contour.
In situ SEM micropillar compression tests were carried out using a displacement-controlled
Alemnis nanoindenter coupled with a high temperature module (as shown in Figure 28(b)),
on the FEI Quanta SEM. A 10 µm-diameter circular flat punch indenter was used in order to
achieve a uniaxial stress state for the compression tests (Figure 28(c)). The loading and
unloading speed used were 5 nm/s and 50 nm/s, respectively, resulting in a compressive
strain rate of 3.3 × 10-4 s-1 during the tests. Two micropillars were tested for each experimental
condition and all micropillars were deformed to a displacement of 1.5 μm.
Table 4 The highest Schmid factors for all available slip systems of the Zr micropillars under a uniaxial stress
applied perpendicular to the sample surface
First order < 𝑐 +

< 𝑎 > basal

< 𝑎 > prismatic

< 𝑎 > pyramidal

As-received pillars

0.49

0.24

0.37

0.39

Hydrogen-charged pillars

0.47

0.32

0.42

0.35

𝑎 > pyramidal

Prior to the micropillar compression tests, thermal equilibrium between the sample and the
indenter tip at each testing temperature was achieved using a free surface indentation
method as described in detail in [161] to minimize the thermal drift. Figure 29(a) shows the
load profile used for the temperature tuning indentations, which were done on the sample
surface under pseudo load-controlled mode of the nanoindenter. The load was initially held
for 60 s at a maximum value of 50 mN to produce a plastic zone beneath the sample surface
and allow the stress relaxation to occur, and then held at 10% of the maximum load (5 mN)
for another 60 s where the creep of the sample material was not expected and the
displacement drift observed should be solely contributed by the thermal drift between the
flat punch indenter and the sample surface.
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Figure 29 (a)Load profile used and (b)Load-displacement curves obtained in pseudo load-controlled
indentations on the Zircaloy-4 sample surface using the 10 μm diameter diamond flat punch to minimise the
thermal drift prior to micropillar compresstion tests.

Figure 29(b) shows the load-displacement curves obtained in the temperature tuning
indentations. The displacement drift during the drift hold period at 5 mN was negative for the
blue curve, indicating the backward motion of the indenter tip to keep the load value constant
due to its thermal expansion while in contact with the sample surface. This implied that the
direction of the heat flow was from the sample to the indenter and therefore the indenter
temperature needed to be increased. Conversely, positive displacement drift means that the
indenter was hotter than the sample. Iterative indenter temperature manipulation was thus
carried out according to the direction of thermal drift until the drift was minimised, as shown
in the green curve, before the micropillar compression tests at each temperature.

4.3. Results and discussion
4.3.1. Temperature dependence of < 𝒂 > basal slip properties
For the as-received sample, in situ SEM micropillar compression tests were conducted at five
different temperatures: 298 K, 373 K, 473 K, 573 K and 623 K. The tests were done successively
from low temperature to high temperature. The engineering stress-strain curves obtained for
all tests are plotted in Figure 30(a). The engineering stress (σeng) and engineering strain (εeng)
was calculated by dividing the load value with the mid-height cross sectional area of the
micropillar and dividing the displacement value with the height of the micropillar, respectively
(as per Jun et al. [88,102,105]). There is good consistency between both micropillars tested
for each temperature and significant variations with temperature.
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Figure 30 (a) Engineering stress-strain curves for micropillar compression tests at various temperatures and (b)
post-deformation SE images of the micropillars at each testing temperature, with arrows highlighting the slip
bands. The length of the scale bar is 5 μm.

Figure 30(b) shows the SEM micrographs of the micropillars captured when the compression
tests were complete. Dashed lines overlaid on the images show the theoretical orientation of
the < 𝑎 > basal slip trace derived from the orientation of the crystal measured by EBSD. Slip
bands could be observed on all micropillars at a similar position on the pillar body, between
the top left corner and the right edge of the micropillars. The parallel between the observed
slip bands and the dashed lines confirms the activation of < 𝑎 > basal slip at all testing
temperatures, and there was no evidence of the activation of other deformation modes
within the SEM micrographs. Deformation of pillars at room temperature, 373 K and 473 K
tends to result in the formation of multiple closely spaced slip bands on the basal plane,
ultimately leading to several small slip steps at the right edge of the micropillars. As the
temperature reaches 573 K, the deformation becomes more heterogeneous. Further
increasing the temperature to 623 K, the plastic strain is highly localised and only one distinct
slip band and a sharp slip step can be observed. The slip step was formed while the slip band
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reached the edge of the micropillar during the deformation process, causing the abrupt stress
drops at around 6% to 7% engineering strain on the engineering stress-strain response (Figure
30(a)).
The CRSS for < 𝑎 > basal slip is then extracted from the engineering stress-strain curve
measured for each test, by multiplying the yield stress by the Schmid factor for < 𝑎 > basal
slip. Determination of the yield stress was done by plotting the derivative of σeng with respect
to εeng against εeng, and the first deviation from the elastic plateau was regarded as the yield
point. The CRSS values were then plotted against temperature in Figure 31, along with
literature results for commercially pure (CP) Zr [19] and Zr single crystal with unspecified
composition [4]. Zircaloy-4 is a dilute Zr alloy and has very similar mechanical properties to
CP Zr (ASTM standards B352/B352M and B551/B551M), therefore our results from Zircaloy4 are likely reasonable. The two CRSS values obtained through micropillar compression tests
at room temperature, 178 MPa and 155 MPa, are both well within the 95% confidence
interval of 204±66 MPa which is the size independent CRSS for < 𝑎 > basal slip in CP Zr at
room temperature. This implies that the size effect is minimised here by testing relatively
large micropillars and therefore the results at all temperatures should be representative of
the macroscopically relevant mechanical properties.

Figure 31 The variation of CRSS for < 𝒂 > basal slip with temperature [4,19].

87

A strong temperature dependence of the CRSS for < 𝑎 > basal slip could be seen in Figure 31
as the CRSS decrease significantly with increasing temperature between 298 and 623 K,
revealing the strong thermally activated character of this slip system. An exponential curve
(𝜏𝐶𝑅𝑆𝑆 = 11.3 𝑒

807.7
𝑇

) is found through least squares fitting to describe the CRSS-temperature

relationship. The gradient of the curve is steep below 473 K, and becomes gentle above 573
K, where the temperature dependence of the < 𝑎 > basal slip strength becomes weak.

Figure 32 The variation of hardening rate at 5% engineering strain with temperature, with an insert showing
the extraction of the hardening rate from a stress-strain response.

A noticeable difference in the strain hardening behaviour of the micropillars deformed at
different temperatures can be observed on the engineering stress-strain curves (Figure 30(a)).
For the tests conducted at between 298 K and 573 K, two strain hardening stages can be
observed on each of the engineering stress-strain curves. The strain hardening rates are
nearly constant after the yield point until around 6% engineering strain, and from 6% to 10%
engineering strain an increasing trend of the strain hardening rates can be seen. It has been
found that the engineering stress levels at the points where the changes in the strain
hardening rate occur are all approximately 1.5 times the yield stresses, similar to the ratio
between the Schmid factors of the easiest (0.49) and the second easiest (0.33) < 𝑎 > basal
slip systems. It is therefore speculated that the observed increase in the strain hardening rates
after 6% engineering strain is due to the activation of the second < 𝑎 > basal slip system and
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the consequent interactions between the dislocations with different < 𝑎 > Burgers vectors
gliding on the basal plane. The strain hardening rate (the derivative of σeng with respect to
εeng) at 5% engineering strain for each test was extracted and its variation with temperature
is shown in Figure 32. The strain hardening rates are extracted from the engineering stressstrain response rather than true stress-strain response and we note that care must be taken
in interpretation due to the taper of the micropillars and the strain localisation observed.
Broadly, the hardening rate for tests between room temperature and 573 K are approximately
half that the test at 623 K. A similar temperature dependence has been noticed for the extent
of strain localisation, as shown in Figure 30 (b). It is therefore inferred that the formation of
localised slip band is associated with high hardening rate. This has also been observed for <
𝑎 > basal slip in α-Ti at room temperature by Jun et al. [102], and was attributed to strong
resistance to dislocation motion from pinning obstacles and complicated dislocationdislocation interactions. We see slip is more localised at 623 K and the nature of the slip
band/shear together with the stress-strain response implies that the dislocations are
behaving differently which could be a result of a change in the operation of < 𝑎 > basal
dislocations or the interaction with other systems, which seems to vary with temperature.
The temperature dependency of < 𝑎 > prismatic slip in pure Zr has been found to vary
significantly with oxygen content [162] and is yet to be established in Zircaloy-4. Future
investigation into the change in the CRSS for < 𝑎 > prismatic slip with temperature in
Zircaloy-4 may help better understand the hardening behaviour observed here.

4.3.2. Effect of solute hydrogen on the < 𝒂 > basal slip properties at 623 K
For the hydrogen-containing sample, in situ tests were carried out at 623 K. As this
temperature is higher than the temperature of terminal solid solubility on dissolution of the
sample (the temperature at the dissolution peak on the DSC curve is 620 K), no hydride is
supposed to exist and all the hydrogen atoms should take the form of interstitial hydrogen
solutes dissolved in the HCP α-Zr matrix. Although the measured difference between the test
temperature and the TSSd of hydrogen is very small, full dissolution of hydrides was observed
at 623 K prior to the tests in the SEM as the hydride-matrix contrast was lost. Moreover,
examination of the sample after the experiment using optical microscope revealed that only
fine scale hydride needles uniformly-distributed in the microstructure are present, which
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again confirms the complete dissolution of hydrides before the tests as the small hydride
needles were not observed prior the tests and can only form as a result of the cooling rate
applied to the sample post-test (~10 K/min). The stress-strain responses and the postdeformation SEM image of the hydrogen-containing micropillars are shown in Figure 33 (a)
and (b), respectively, along with those for the as-received micropillars tested at the same
temperature in order for direct comparison.

Figure 33 (a) Resolved shear stress on < 𝒂 >basal slip-engineering strain curves for compression tests of asreceived and solute hydrogen-containing micropillars at 623 K and (b) post-deformation SE images of the asreceived and solute-hydrogen containing micropillars tested at 623 K. The length of the scale bar is 5 μm.

Since it is evident in the SEM images of the two types of pillars that they both exhibit < 𝑎 >
basal slip (the dashed lines show the theoretical orientation of the < 𝑎 > basal slip trace
derived from the orientation of the crystal measured by EBSD), the stress in the stress-strain
curves are presented in the form of resolved shear stress on < 𝑎 > basal slip to reduce
ambiguity arisen from the slightly different crystal orientations of the two sets of pillars. Note
that due to the lattice rotation upon plastic deformation (the slip plane normal tends to rotate
towards the compression axis), the resolved shear stresses on the activated slip system
presented here may have been overestimated as the calculation assumes constant crystal
orientation. This is deemed particularly true for the as-received pillars which exhibited planar
slip. However, the good alignment between the slip trace and the < 𝑎 > basal plane trace
derived from EBSD that was carried out on the sample top surface pre-deformation indicates
that the lattice rotation was not significant within the 10% engineering strain imposed.
The stress-strain responses clearly show three major different characteristics between the asreceived and the hydrogen-containing pillars.
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1) The yield stress is higher for the hydrogen-containing pillars;
2) The strain hardening rate is higher for the as-received pillars;
3) The as-received pillars show more significant stress drops upon plastic deformation.
In the absence of solute hydrogen, the CRSS for < 𝑎 > basal slip has been found to be ~46
MPa at 623 K. However, when ~87 wt-ppm of hydrogen is introduced, the CRSS for < 𝑎 >
basal slip at the same temperature has become ~94 MPa as can be seen in Figure 33(a). Since
hydrogen content is the only difference between the as-received and hydrogen-containing
samples, this significant change in CRSS is deemed a result of the presence of solute hydrogen
atoms.
One possible reason for the increase in CRSS for < 𝑎 > basal slip in the presence of solute
hydrogen is the pinning of < 𝑎 > basal dislocations by the hydrogen solutes. At 623 K, the
solute hydrogen atoms in Zircaloy-4 are highly mobile as the diffusion coefficient of hydrogen
in the material is found to be 1.36×10-6 cm2/s [163]. The local chemical potential gradients
adjacent to the < 𝑎 > basal dislocation cores may possibly drive these hydrogen atoms
towards the dislocations to relieve the local stress fields. Thus, the dislocations may get
pinned by these trapped hydrogen atoms and a higher level of externally applied stress is
required to unpin the dislocations and initiate plastic deformation. This hydrogen-dislocation
interaction can give rise to a higher CRSS for this particular slip system, as observed on the
stress-strain response.
Akhtar [4] proposed that < 𝑎 > basal slip in α-Zr takes place through the recombination of
dissociated partials on the prismatic planes followed by cross slip. If this is the case, the
recombination of partial dislocations could possibly be supressed by the presence of
hydrogen solutes in the material, as these solute atoms may segregate at the prismatic
stacking faults in between the dissociated partials and stabilise them, according to the
modelling work of Domain et al. [164]. This additional difficultly of initiating < 𝑎 > basal slip
might have contributed to the increased CRSS observed, likely through the resulting extra
stress/energy needed for the partial dislocations to recombine and/or a change in the
dominating mechanism for the onset of the < 𝑎 > basal slip activation.
For the hydrogen-containing pillars, the flow stress upon plastic deformation is nearly
constant up to the applied 10% strain, i.e. there is no or limited hardening. The limited
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hardening can be associated with dynamic strain aging, where interactions between
dislocation cores and hydrogen solute atoms might promote planar glide and reduce the
effect of other obstacles on dislocation motion. Similar observations (hydrogen-induced
softening) was made previously in α-Ti and it was proposed that the presence of hydrogen
decreases the effectiveness of dynamic strain aging, through preventing the interactions
between dislocation cores and other solute atoms (or even other types of obstacles) due to
the high mobility of hydrogen, and/or decreasing the diffusivity of other solute atoms.
Therefore, the extent of back stress build-up and/or forest hardening may not be high, and
these together can give rise to the negligible work hardening rate observed on the stressstrain response.
Although broadly the deformation of the hydrogen-containing pillar seems to be more
homogeneous relative to the shear event of the as-received pillar, straight deformation bands
are clearly visible on the side surface of the hydrogen-containing pillar (Figure 33(b)),
indicating that planar slip is promoted, as compared with the pillar that does not contain extra
hydrogen. This experimental observation is consistent with the computational study carried
out by Domain et al. [164] (as introduced earlier), where solute hydrogen is found to
segregate at both the basal and prismatic stacking faults in α-Zr, reduces the stacking fault
energy and therefore supresses the recombination of partial dislocations and cross slip,
thereby promoting planar slip. The planarity of slip supports the argument that dynamic strain
ageing would be responsible for the limited hardening. It is suggested that the extremely high
mobility of hydrogen atoms in Zr alloys at elevated temperatures can potentially accelerate
the dislocation motion [153], and the experimental results here imply that hydrogen solutes
affect the behaviour and properties of < 𝑎 > basal slip in Zr via a complicated manner which
likely involves the simultaneous activation and interactions of multiple processes such as
dislocation dissociation, recombination, cross slip and/or climb. Research effort is needed to
address the effect of solute hydrogen on each of these individual processes, their mutual
relationships and how they contribute to the overall properties of < 𝑎 > basal slip in
zirconium.
Zircaloy fuel claddings undergo thermal creep upon long-term storage, and it is well accepted
that the power law creep of Zr alloys is dominated by dislocation-based mechanisms, i.e., the
competition between work hardening and recovery processes [153]. In the present work, the
92

observed reduction in strain hardening rate for < 𝑎 > basal slip in the presence of solute
hydrogen at 623 K imply that hydrogen solutes dissolved in the matrix may have a deleterious
effect on the creep resistance of Zircaloy-4 at elevated temperature upon activation of < 𝑎 >
basal slip. Since the creep of Zr alloy fuel claddings involves the co-activation of various
deformation modes, study into the effect of solute hydrogen on the elevated temperature
deformation behaviour of other slip systems in Zr alloys, the mutual interactions between
deformation modes and the role of grain boundaries may help better understand and predict
the creep performance of Zr-based fuel cladding materials under practical conditions.

4.4. Conclusions
Compression tests were carried out on single crystal Zircaloy-4 micropillars between room
temperature and 623 K with an effective strain rate of 3.3 × 10-4 s-1. Post-deformation SEM
micrographs confirmed the activation of < 𝑎 > basal slip system at all testing temperatures.
The CRSS for < 𝑎 > basal slip at the testing temperatures were unambiguously determined
and an obvious temperature dependence was found. The variation of CRSS within the testing
temperature range is well described well by 𝜏𝐶𝑅𝑆𝑆 = 11.3 𝑒

807.7
𝑇

, indicating the strong

thermally activated nature of the < 𝑎 > basal slip system. Through comparison with the size
independent CRSS of CP Zr, it has been validated that the CRSS values extracted in the present
work is representative of the macroscopically relevant mechanical properties. The change in
slip band structure with temperature implies a change in the < 𝑎 > basal slip mechanism
with temperature, and localisation is promoted at elevated temperatures which is observed
in the formation of the slip step on the side of our pillars, a change in hardening, and a
reduction in the critical resolved shear stress with temperature. Together these imply that
the < 𝑎 > basal slip mechanism changes with temperature, which should be related to the
viscoplastic nature of < 𝑎 > basal slip in Zircaloy-4. This could be caused by a change in (time
dependant) dislocation mechanism [3], potentially due to dislocation glide, local climb, or
cross slip.
At 623 K, micropillars containing ~87 wt ppm solute hydrogen tested under the same
conditions also deformed via < 𝑎 > basal slip but exhibited a CRSS of ~94 MPa, nearly zero
strain hardening rate and planar deformation, in contrast with the as-received pillars tested
at the same temperature which showed lower CRSS and significant strain hardening. These
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imply that solute hydrogen dissolved in the α-Zr matrix may increase the shear stress required
to initiate the motion of < 𝑎 > basal dislocations. Strain hardening rate is reduced in the
presence of solute hydrogen which may then lead to a decrease in the creep resistance of
Zircaloy-4 upon activation of < 𝑎 > basal slip.
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5. Slip-hydride interactions in Zircaloy-4: Multiscale
mechanical testing and characterisation
5.1. Introduction
Although it is generally well-accepted that hydrides deteriorate the mechanical performance
of Zr alloys, there still lacks a thorough understanding of the detailed mechanisms responsible
for the hydride embrittlement process. Understanding the driver for damage initiation is
technically difficult due to the requirement for in situ experiments, yet particularly important
for finding out the mechanistic and microstructural origins of DHC as well as their influencing
factors, and can therefore provide guidance for the development of Zr-based cladding
materials to reduce the risks of hydride-assisted failure through proper use,
thermomechanical processing or compositional design.
The hydrides, though normally fail through fracture, have been found to be not purely brittle.
Plastic deformation of the δ-hydride, both as a bulk [165] and as planar precipitates within Zr
alloy matrix [51], has been routinely observed prior to fracture events during mechanical tests.
This indicates that plasticity within the hydride, the matrix, and at the hydride-matrix
interface may play an important role at the early stage of damage accumulation that
ultimately leads to material failure in the macroscopic scale. Furthermore, as the δ-hydride
precipitates sit on {101̅7} planes of the matrix, their relative orientation with respect to the
applied load can affect the failure mode strongly in textured Zr alloys. From a
micromechanical point of view, this also means that the hydrides likely have different impacts
on the different slip systems of the matrix due to the anisotropy of the HCP structure.
Therefore, detailed investigation into the effect of hydrides on the mechanical behaviour per
slip system is required to evaluate if and how the hydrides mechanically affect the various
deformation modes differently, and to analyse and predict the plastic response of the
material in practical scenarios under complicated stress states.
In order to investigate the mechanical effect of the hydride precipitates on individual matrix
slip systems, it is necessary to test single crystal specimens with known crystal orientations
under well-defined loading conditions, such that ambiguities in the local stress states arisen
from grain neighbour effects can be effectively removed. This can be achieved through in situ
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micromechanical testing. The application of this technique has contributed noticeably to the
understanding of the mechanical properties of Zr alloys and Zr hydrides in terms of critical
resolved shear stress (CRSS) [19,106], fracture toughness [165], hydride-matrix interactions
[51] and phase boundary defect evolution [166].
Industrial cladding tubes are mainly made of polycrystalline fine grain Zr alloys in order to
achieve high level of mechanical strength. Since hoop stress is normally the most severe stress
component that the claddings are subject to, the texture of the tubes is often controlled
through processing routes such that hydrides form circumferentially upon service, in which
case local mode 1 fracture events can be effectively suppressed [47,56]. However, straininduced voids were found to form along circumferential hydrides which may lead to damage
accumulation type ductile failure [167,168], though the mechanisms for the initiation of this
process remain unclear.
In recent years, the development of nanoscale digital image correlation (DIC) has enabled the
detection and quantification of local deformation over relatively large areas on deformed
material surfaces. This technique is deemed appropriate for addressing the early stage
initiator of damage accumulation type failure due to its high sensitivity to small deformation
and high spatial resolution. Here we employ this technique to reveal the evolution of strain
distribution within and around circumferential hydrides in Zircaloy-4 upon plastic
deformation, which may help better understand the local deformation behaviour at and near
the hydride precipitates.
In this chapter, in situ SEM micropillar compression tests and ex situ DIC macroscale tensile
tests are utilised to study the interactions between plastic slip in α-Zr and δ-hydrides in single
and polycrystal Zircaloy-4 specimens. The chapter is organised as follows. Section 5.2 gives a
description of the sample preparation methods and details about the mechanical tests. The
experimental results are shown in section 5.3, which are then discussed in section 5.4 in terms
of the anisotropic effects of the hydrides on the matrix slip behaviour along with the
implications of these effects in the initiation of hydride-induced failure of Zr alloys.
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5.2. Experiments
5.2.1. Micropillar compression tests
A cuboid fine grain Zircaloy-4 sample cut from the as-received plate was heat treated for 336 h
at 800 °C in Ar atmosphere in order to produce large ‘blocky alpha’ grains [133]. Hydrogen
charging of the sample, as well as the following mechanical and electrochemical polishing
were then conducted using the methods introduced in Section 3.2.1 (see also Ref. [32,42]).
The microstructure of the sample after these treatments is shown in Figure 34, where
intragranular, intergranular and twin boundary hydrides can be observed.

Figure 34 Polarised light optical micrograph of hydrided large grain Zircaloy-4.

Knowledge of the crystal orientations of the grains is required in order for fabricating and
testing micropillars in specific crystals such that target slip systems can be activated while the
others are switched off during the tests. EBSD scanning of the polished sample surface was
hence carried out on a FEI Quanta 650 SEM and the details about EBSD characterisation can
be found in Section 3.2.2. Within the present chapter, all the unit cell representations of
crystal orientations are plotted in the same frame as that of the images they attach to
respectively.
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Table 5 The highest Schmid factors for all potential slip systems of the Zr micropillars under a uniaxial stress
applied perpendicular to the sample surface.
First order < 𝑐 +

< 𝑎 > basal

< 𝑎 > prismatic

< 𝑎 > pyramidal

Grain 1

0.47

0.29

0.43

0.35

Grain 2

0.12

0.49

0.47

0.48

𝑎 > pyramidal

Micropillar fabrication was achieved using FIB on a FEI Helios Nanolab 600 Dualbeam
microscope and the details about FIB milling can be found in Section 4.2. Square micropillars
with 5 μm mid-height width and 15 μm height were fabricated within two grains – one has a
high Schmid factor for < 𝑎 > basal slip and another has a high Schmid factor for < 𝑎 >
prismatic slip, assuming a uniaxial stress applied along the direction perpendicular to the
sample surface. These two grains will hence be termed grain 1 (where < 𝑎 > basal slip is
favoured) and grain 2 (where < 𝑎 > prismatic slip is favoured) respectively herein. For the
micropillars in these two grains, the calculated highest Schmid factors for the available slip
systems of Zircaloy-4 in the micropillar compression geometry are listed in Table 5. Due to
their significantly higher CRSS values, the pyramidal slip systems are unlikely to be active even
though the Schmid factors for some of them are relatively high [19].

Figure 35 SEM images of hydride-containing micropillars in (a) grain 1 and (b) grain 2, with inserts of unit cell
representations of matrix crystal orientations and black lines highlighting the hydride packets.

Some micropillars in these two grains were fabricated site-specifically such that they contain
intragranular hydrides. Since the {101̅7} habit planes of the hydrides are close to the {0001}
basal planes of the matrix, in grain 1 where the c-axis (basal plane normal) is ~45° inclined,
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the hydride packets were found to make a similar angle to the pillar top surface as shown on
the SEM image in Figure 35(a), where a lens-shaped hydride packet that appears as a darker
contrast region than the matrix (highlighted with black lines) can be observed on the pillar
front surface. The hydride packet penetrates the pillar from its top left corner to its right edge,
and the hydride-matrix interfaces at the right edge of the pillar are highlighted with black
lines. Pillars in grain 2 where the c-axis is nearly parallel to the pillar top surface contain
hydride packets that sit nearly vertically, as shown on the SEM image in Figure 35(b), where
the hydride-matrix interfaces at the top edge of the pillar front surface are highlighted with
black lines.
In situ micropillar compression tests were carried out using a displacement-controlled
Alemnis nanoindenter on the FEI Quanta SEM. Micropillars were compressed with a 10 μmdiameter circular flat punch indenter in order to achieve a (near) uniaxial stress state. All the
pillars were deformed to a displacement of 1.5 µm, corresponding to a nominal strain of 10%.
The loading and unloading speeds used were 5 nm/s and 50 nm/s, respectively.

5.2.2. Macroscale tensile tests
Macroscale tensile tests of a fine grain, hydrogen charged sample were carried out ex situ
using a load-controlled Gatan MTest 2000E tensile stage (Figure 36). The sample was cut from
the rolled plate in such a manner that the loading direction is aligned with the plate rolling
direction (RD). The geometry and microstructure of the sample are shown in Figure 37. In the
fine grain material the hydrides form interconnected hydride stringers. This promotes the
formation of hydride stringers along the loading direction in the current configuration, and
this was chosen to be similar to the practical case of fuel claddings where circumferential
hydrides are subject to hoop stress. The tests were done with a crosshead speed of 0.033
mm/min, under pseudo displacement-controlled mode.
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Figure 36 2 kN Gatan MTest 2000E tensile stage.

Figure 37 Geometry and microstructure of the hydrogen charged fine grain Zircaloy-4 specimen for
macroscale tensile tests. RD and ND denote rolling direction and normal direction (of the rolled plate),
respectively.

Surface strain mapping within a region of interest (ROI) that contains a hydride stringer was
achieved using digital image correlation (DIC). Prior to speckle pattern application, EBSD was
used to reveal the crystal orientation of the grains. Speckle pattern was applied to the sample
surface via a styrene-assisted gold remodelling method adapted from those introduced in Ref.
[108,112]. The styrene used as the remodelling assistor was heated up to about 60 °C in order
to increase the styrene vapour pressure and therefore speed up the remodelling process. This
method enables the production of controllable speckle size (through controlling the initial
gold film thickness) for the desired DIC spatial resolution requirements, on a wide range of
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materials prepared using a variety of polishing techniques as summarised in Figure 38. Based
on the requirement for sub-micron spatial resolution strain mapping (in order to capture
subtle deformation) over a ROI that contains tens of grains, in the present study the Zircaloy4 sample was polished with broad Ar ion beam in a Gatan PECS II System, after which a 2 nm
thick gold film was sputter deposited on the sample surface using a Quorum Q150T TurboPumped Sputter Coater. Gold remodelling was then carried out at 120 °C in styrene steam
environment for 1.5 h, resulting in a speckle pattern as that marked with a star in Figure 38.

Figure 38 SEM micrographcs showing the variation of speckle patterns produced via gold remodelling on
multiple substrate materials polished with different methods for a range of initial gold film thicknesses. The
initial film thickness for all the speckle patterns shown in the red box is 2 nm. The CP-Ti sample was
mechanically polished and the steel samples were ion polished.

The tensile tests were performed under displacement control in a series of (increasing)
displacement increments and ex situ DIC strain mapping was carried out after each step of
deformation. Images of the speckle pattern within the DIC-ROI were taken on a Zeiss Sigma
300 SEM, in in-lens secondary electron mode at a magnification of 15000×. A matrix of 6×7
images were taken with 25% overlap, and each of the images has a resolution of 3072×2304
pixels. The pixel size is about 6 nm. Stitching of the SEM images were carried out using the
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stitching plugin [169] in the Fiji [170] software package based on ImageJ [171]. Subpixel
stitching accuracy was achieved through linear interpolation and the intensities in the
overlapped regions were blended linearly. For each frame, this gives a DIC area of interest of
which the size is about 19×14 µm2 and the total composite frame is about 80×75 µm2.
DaVis software (LaVision, Germany) was used for the image correlation and strain estimation,
with a subset size of 21x21 pixels and a step size of 5 pixels, giving a strain spatial resolution
of ~90 nm. Within the present work, all the DIC strain maps are projected into the
undeformed configuration.

5.3. Results
5.3.1. Micropillar compression tests
< 𝒂 > basal slip and near parallel hydrides
Compression tests were first carried out on two as-received (no hydride present) micropillars,
and it was found that they exhibited similar slip behaviour. An SEM image of one of these asreceived pillars after compression testing is shown in Figure 39(a), with an insert of the unit
cell representation of the crystal orientation for all the pillars in grain 1. A slip band can be
observed on the front surface of the as-received pillar, between its top left corner and right
edge. The dashed line overlaid on the SEM image shows the theoretical orientation of the <
𝑎 > basal slip band derived from the crystal orientation of the pillar measured by EBSD. The
parallel between the observed slip band on the pillar and the dashed line suggests that < 𝑎 >
basal slip is the dominating deformation mode in the as-received pillars, in agreement with
the Schmid factor analysis shown in the previous section.
The critical resolved shear stress (CRSS) for < 𝑎 > basal slip in Zircaloy-4 can therefore be
extracted from the engineering stress-strain responses of the micropillars, through
multiplying the yield stress by the calculated Schmid factor for < 𝑎 > basal slip. From the two
pillars tested, measured yield stresses of 314 MPa and 325 MPa, with a Schimd factor of 0.47
give a calculated CRSS for < 𝑎 > basal slip of 148 MPa and 153 MPa.
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Figure 39 Post-deformation SEM images of (a) as-received and (b,c) hydride-containing micropillars in grain 1,
with inserts of unit cell representations of matrix crystal orientations and black lines highlighting the hydride
packets. The pillar in (b) contains a single hydride packet while that in (c) contains multiple hydride packets.
The scale bar is 3 µm.

Figure 40 Engineering stress-strain curves for the as-received and hydride-containing micropillars in grain 1.

Compression tests were then carried out on micropillars fabricated within the same grain but
contain hydride packets. Figure 39(b) shows the post-deformation SEM image of the hydridecontaining micropillar shown in Figure 35(a). Instead of following the trace of < 𝑎 > basal
plane like what the slip band on the as-received pillar does, the shear band formed on this
hydride-containing pillar is found close to the lower interface between the hydride packet
and the matrix (the matrix-hydride interfaces are highlighted with black lines). Moreover, this
shear band formed at the phase boundary is more localised than that formed on the as-
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received pillar, and this localised shear band has led to the formation of a distinct step at the
right edge of the pillar, as highlighted with a yellow arrow in Figure 39(b).
The post-deformation SEM image of another type of hydride-containing pillars in grain 1 is
shown in Figure 39(c). Unlike the micropillar shown previously that contains a single hydride
packet, multiple hydride packets lying parallel to each other can be seen on the front surface
of this pillar, and the interfaces between the hydride and the matrix are highlighted with black
lines at the right edge of the pillar on the image. For this pillar with a complicated hydride
structure, the deformation behaviour shows some distinct features. Similar to the shear band
observed in the pillar that contains a single hydride packet, some of the shear bands formed
on the front surface of this pillar are also observed near the interfaces between the matrix
and the hydride packets. It can be observed that these shear bands have resulted in the
formation of small steps at those points where the hydride-matrix interfaces meet the right
edge of the pillars, as highlighted with the yellow arrows in Figure 39(c). Apart from these
shear bands near the phase interface, another distinct shear band, as highlighted with the red
arrow on the image, is present not close to any hydride-matrix interface but seems to have
interconnected with two shear bands near the phase interfaces that has been highlighted
with green arrows – one close to the right edge of the pillar and near the upper phase
interface of the hydride packet at the bottom, and the other close to the left edge of the pillar
and near the lower phase interface of the second hydride packet from the bottom. Moreover,
this interconnecting shear band aligns closely to the trace of the {0001} basal plane on the
pillar front surface.
Figure 40 summarises the engineering stress-strain response of all the micropillars within
grain 1 that have been tested. Results for the two as-received pillars are plotted in black and
those for the four hydride-containing pillars are plotted in red. It is noticeable that the flow
stresses for the hydride-containing pillars are in general ~10% lower than those for the asreceived pillars, while the strain hardening rates for both sets of pillars are of comparable
values.

< 𝒂 > prism slip selectively blocked by hydrides
Micropillars were tested in a second grain (grain 2), selected to activate < 𝑎 > prism slip and
have hydrides that run vertical in the micropillars. Inspection of the post-deformation SEM
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images indicates that the five as-received pillars in this grain show similar deformation
behaviour. An example of the appearance of the as-received pillar after deformation is shown
in Figure 41(a), with an insert of the unit cell representation of the crystal orientation. Slip
bands can be observed on the front surface of the pillar which align with the trace of one of
the prismatic crystallographic planes (the yellow-coloured plane on the unit cell
representation, trace plotted with the dashed line overlaid on the image). This indicates that
< 𝑎 > prismatic slip is the dominating deformation mode for the as-received pillars in grain
2, in line with the Schmid factor analysis. The distribution of slip bands on the pillar for the asreceived pillars in grain 2, however, is evidently different from that for the as-received pillars
in grain 1 where the < 𝑎 > basal slip is activated (see Figure 39(a)). For the pillars in grain 2,
narrow slip bands can be seen throughout the pillar body from top to bottom. However, for
the pillars in grain 1 there is only one relatively broad slip band per pillar observed close to
the top of the pillars. Figure 41(b) shows an SEM image of the same pillar as that shown in
Figure 41(a) but viewed from its ‘west’ (the ‘left surface’ of the pillar in Figure 41(a)), in order
for comparison with the hydride-containing pillars as will be shown below. This image clearly
shows the individual slip steps formed on the side surface of the pillar which, as expected,
also align well with the trace of the yellow-coloured prismatic plane on the unit cell
representation.
The CRSS for < 𝑎 > prismatic slip was hence extracted from the engineering stress-strain
responses of the pillars tested, using the same method as introduced previously. For the five
pillars, the measured CRSS values are 105 MPa, 112 MPa, 101 MPa, 123 MPa and 112 MPa,
respectively.
As introduced previously, the hydride packets lie close to the matrix {0001} basal plane.
Therefore, viewing the pillars in grain 2 from a side surface which is nearly parallel to the caxis of the HCP structure allows for the observation of the cross-section of the hydride packets
and therefore their impacts on the deformation behaviour. Figure 41(c,d,e) show the postdeformation SEM images of three different hydride-containing pillars viewed from the same
direction (as that in Figure 41(b) for the as-received pillar), with black lines highlighting the
hydride-matrix interfaces near the pillar top edge.
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Figure 41 Post-deformation SEM images of (a,b) as-received micropillar ((b) is the front view of the pillar left
surface in (a)) and (c,d,e) hydride-containing micropillars in grain 2, with inserts of unit cell representations of
matrix crystal orientations and black lines highlighting the hydride packets. (f) magnified image of the region
within the dashed box in (d). The scale bar is 3 µm.

In Figure 41(c), some distinct slip bands can be observed on the side surface of the pillar and
close to its bottom. These slip bands, unlike those observed on the as-received pillars which
have penetrated the entire pillar body, have apparently been affected by the vertical hydride
packet that sits in the middle. The three slip bands in the matrix that have been marked with
yellow arrows in the figure seem to have been arrested by the hydride packet as no obvious
deformation feature is observable on the other side of the hydride. For the slip band marked
with the red arrow, on the other hand, a faint slip band can be seen on the other side of the
hydride (marked with the green arrow) and these two bands align with each other and are
interconnected at the hydride. This implies that the original slip band was able to get through
the hydride and continue its propagation during the deformation process.
The pillar in Figure 41(d) contains a hydride packet of similar thickness to the one shown in
Figure 41(c). Here, a conspicuous slip band (as marked with the red arrow) can be seen to
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have penetrated the pillar entirely, despite the presence of the hydride packet. There are,
however, some other slip bands on this pillar that have been affected by the hydride
noticeably. A magnified image of the region within the dashed box in Figure 41(d) is shown in
Figure 41(f). It can be seen that apart from the slip band that has been mentioned above, a
few others (marked with green arrows) have also propagated through the hydride.
Nevertheless, these slip bands seem to have deviated slightly away from their original
direction while going through the hydride, as local kinks (marked with purple arrows) can be
observed within the hydride in those regions where the slip bands intersect the hydride
packet.
The pillar in Figure 41(e) contains a hydride packet which is ~1/3 the thickness of those
hydride packets in the two pillars shown above. It is clear that although this hydride packet is
remarkably thinner than the previous ones, it also poses an impact to the slip behaviour of
the matrix material. For instance, the slip band marked with the yellow arrow hardly
penetrated the hydride packet upon its propagation, while those marked with the two red
arrows seem to have managed to get through the hydride, although the fainter slip bands
observed on the other side of the hydride suggest that there might have been some
interruption from the hydride as the slip band propagated through.
Penetration of slip bands through the hydrides is also observed in a few cases, which is likely
achieved through crystallographic slip of the hydrides since well-defined straight slip bands
were routinely observed in the hydride packets. Moreover, in terms of their directions, the
slip bands in the hydrides are close to, yet often make a specific angle to the slip bands within
the matrix, implying that the local slip behaviour is presumably controlled by the relative
crystal orientations of both phases near the phase boundary.
Since δ-hydride has a FCC crystal structure for which the most likely slip system is {111} <
110 >, and due to the OR between the hydride and the matrix there are only two possible
hydride orientations (which are twins to each other) for a single matrix crystal and these two
orientations often co-exist due to the misfit strain present [32]. For the pillars in grain 2, the
two possible hydride crystal orientations are shown by the unit cell representations in Figure
42, in the frame of Figure 41(f) which has also been shown here. The hydride crystal
orientations are reproduced based on the EBSD analysis of the hydrides in this grain on the
sample top surface.
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Figure 42 Slip band structure within and around a hydride packet (Figure 41(d,f)), with unit cell
representations of the crystal orientations of the two hydride variants and black lines highlighting the hydride
packets. The scale bar is 1 µm.

Geometrical analysis of the eight {111} planes for the two hydride variants indicates that
some of the slip bands within the hydride packet observed on the pillar side surface are
parallel to the trace of one of the {111} planes for hydride variant 1 in Figure 42. This {111}
plane is highlighted in green in the unit cell representation and the spatial orientation of its
trace on the pillar side surface is shown with the dashed line on the SEM image. It is evident
that those slip bands in the hydrides that have been marked with purple arrows are nearly
parallel to the dashed line, indicating that they are likely {111} slip traces of the FCC δ-hydride.
As mentioned above, the matrix slip plane is the yellow-coloured prismatic plane on the HCP
unit cell in Figure 42, and the slip directions are therefore likely the < 𝑎 > directions within
this plane. Due to the OR between the matrix and the hydride, the < 𝑎 > slip directions for
the active system are parallel to a set of < 110 > directions of the hydride, as highlighted
with the red arrow on the FCC unit cell for hydride variant 1. Since these < 110 > directions
are within the observed {111} hydride slip plane, it is speculated that they are the slip
directions of the hydride and slip along these directions occurred as a result of the imposed
shear by the matrix in the same directions at the hydride-matrix interface. Furthermore, slip
events within the hydride took place on this specific {111} plane but not on the other {111}
plane which also has the active < 110 > slip directions within it (as highlighted in blue in the
FCC unit cell), presumably because the {111} plane for the active system is more closelyoriented to the matrix slip plane than the other.
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The shear band marked with the red arrow in Figure 42, however, is not parallel to the trace
of any of the {111} planes for the two hydride variants. Presumably, this is due to either that
this band is broader than the others so the change in its direction while penetrating the
hydride is not readily observable on the SEM image, or that this specific shear band within
the hydride is a result of more complicated deformation mechanisms than merely local {111}
slip.
On the other hand, three possible reasons may account for the case where some of the slip
bands in the matrix are observed to not have penetrated the hydride packet:
i.

The shear strain within and on the other side of the hydride packet is not high enough
for the slip bands to be detectable on the SEM images;

ii.

The local shear strain at the front of the incoming slip bands is not high enough to
induce shear within the hydrides;

The local crystal orientation of the hydride is the variant 2 in Figure 42 rather than the variant
1, making hydride slip more difficult to occur as the {111} plane of variant 2 which contains
the < 110 > directions parallel to the matrix slip directions and is most closely-oriented to
the matrix slip plane is further away from the matrix slip plane than that for variant 1.

Figure 43 Engineering stress-strain curves for the as-received and hydride-containing micropillars in grain 2.
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The engineering stress-strain responses of all the pillars tested in grain 2 are summarised in
Figure 43, with the ones for the as-received pillars plotted in black and those for the hydridecontaining pillars plotted in red. The two sets of data exhibit three major differences:
i.

The yield stresses are generally higher for the hydride-containing pillars than the asreceived pillars;

ii.

The strain hardening rates are generally higher for the hydride-containing pillars than
the as-received pillars;

iii.

The hydride-containing pillars exhibit less stress drops than the as-received pillars
upon plastic deformation. Some of the stress drops on the stress-strain curves for the
as-received pillars are so significant that the stress dropped to zero during the testing
processes.

5.3.2. Macroscale tensile tests
The engineering stress-crosshead displacement curve for the hydride-containing fine grain
tensile specimen is shown in Figure 44. DIC strain mapping of the ROI on the sample surface
was carried out within the plastic deformation regime at those three points marked with blue
crosses on the curve, and the corresponding maximum shear strain maps of the DIC-ROI are
given in Figure 45. The grain and phase boundaries in this region are plotted and overlaid on
the strain maps, with grain boundaries plotted in white and phase boundaries in yellow.

Figure 44 Engineering stress-crosshead displacement curve for the macroscale tensile specimen.
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Generally, the maximum shear strain distribution in the α-Zr matrix in those regions away
from the hydrides is similar to that reported in the literature for the same material, where
relatively diffuse and homogeneous slip as well as grain boundary shear accommodate the
imposed strain [114]. For those regions within and around the hydrides, there are in general
three types of distinct features that can be seen:
i.

Significantly lower level of maximum shear strain within the hydrides than that within
the matrix;

ii.

Localised shear along some of the hydride-matrix interfaces, as marked with green
arrows on the maximum shear strain maps.

iii.

Arrested slip bands at most of the hydride-matrix interfaces, as marked with red
arrows on the maximum shear strain maps.

Furthermore, it is evident that the hydride-matrix interfaces along which localised shear can
be observed (those marked with green arrows on the maps) are often inclined from the
loading direction for roughly 45°, while those where the slip bands were terminated (marked
with red arrows on the maps) do not have such character. In other words, the slip bands in
the matrix get arrested once they reach the hydride-matrix interfaces, regardless of the
geometry of the local microstructure.
Although the majority of the hydrides in the as-received fine grain sample are intergranular
hydrides due to the cooling rate applied for hydride precipitation, an intragranular hydride
can be observed in Figure 45. In this figure, the right most hydride packet on the strain maps
may have nucleated at a grain boundary outside the DIC-ROI and then grew into the grain
interior and slip events in the matrix were stopped at both sides of the hydride packet, as
marked with the red arrows. It is also worth mentioning that in the case of intergranular
hydrides, the slip bands in α-Zr were arrested not only at the grain boundaries of the Zr matrix
but also at the hydride-matrix interfaces that do not coincide with the grain boundaries,
indicating that the intergranular hydrides can indeed stop slip. These two observations
together suggest that the effect of hydrides on matrix slip is independent of the hydride type
but is a result of the differences in the intrinsic mechanical properties of the Zr matrix and the
hydride phase.
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Figure 45 Maximum shear strain maps of the DIC-ROI during plastic deformation of the tensile specimen.
Maps ①, ② and ③ were obtained after unloading from the three points marked with the crosses in Figure
44 correspondingly. The grain and phase boundaries in this region are also shown, with grain boundaries
plotted in white and phase boundaries in yellow. LD denotes loading direction.
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Magnified maximum shear strain maps of the region within the dashed box on map ①, Figure
45 are shown in Figure 46, along with a crystal orientation map of this region showing the
crystal orientations as well as the positions of the grain and phase boundaries. Crystal
orientations of the two hydride variants in grain A are illustrated by the two FCC unit cells
inside the blue ellipse.
Noticeably, a set of parallel slip bands are present within the hydride packet on map ① (as
marked with the arrows) and the local maximum shear strain increased in magnitude
progressively upon further plastic deformation (maps ② and ③). Geometrical analysis of
these slip bands reveals that they are parallel to the surface trace of the {111} plane which
has been highlighted in red on the FCC unit cell representation on the crystal orientation map
(the theoretical orientation of the surface trace is shown by the red dashed line within the
hydride). Interestingly, unlike the previous case for the hydrides in the pillars where a set of
< 110 > directions within the {111} slip plane are parallel to the < 𝑎 > slip directions of the
matrix, in the present case the {111} plane for the activated slip system does not have any of
the < 110 > directions within it that is parallel to the < 𝑎 > slip directions of the α-Zr grain
where it formed (grain A on the crystal orientation map in Figure 46, the activated slip system
is < 𝑎 > prismatic slip on the yellow-coloured prismatic plane on the corresponding unit cell
representation, of which the orientation of the surface trace is shown by the yellow dashed
line within grain A).
Moreover, although the hydride in which slip occurred formed in grain A, quite a few slip
bands within it are observed to interconnect with some of the slip bands in the matrix in grain
D (as highlighted by the yellow arrows in map ③, Figure 46) and these two sets of
interconnected bands have similar orientations on the strain maps. It is therefore inferred
that slip within grain D triggered the slip observed in the hydride, and this implies that for an
intergranular hydride, the initiation of interior slip can occur as a result of slip in one of its
neighbouring grains but not necessarily its parent grain.
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Figure 46 Magnified maximum shear strain maps of the region highlighted with the dashed box in Figure 45①,
and crystal orientation map showing the crystal orientations as well as the grain and phase boundaries (grain
boundaries are plotted in white and phase boundaries in yellow). LD denotes loading direction. Within each
grain on the crystal orientation map, the dashed lines denote the surface trace orientations of the crystal
planes drawn in the same colours on the unit cells correspondingly.

Furthermore, a broad and intense slip band is observable on map ③ in grain D that extends
from the hydride-matrix interface at the point where the rightmost yellow arrow is pointing,
to its bottom left direction. For grain D, two sets of slip bands that are nearly perpendicular
to each other can be seen on the strain maps. Slip trace analysis shows that they are due to
the activation of two < 𝑎 > prismatic slip systems (see the crystal orientation map – the
dashed lines within grain D denote the surface trace orientations of the crystal planes drawn
in the same colours on the HCP unit cell correspondingly).
On the strain maps, the slip bands in the matrix in grain A are relatively close in orientation
to the hydride-matrix interface on the grain A side. For the two sets of bands in grain D, one
of them (the one parallel to the yellow dashed line in grain D on the crystal orientation map)
is close to the hydride-matrix interface on the grain D side, while the other (the one parallel
to the green dashed line on the crystal orientation map) is nearly perpendicular to the
hydride-matrix interface. For the three sets of slip bands in grains A and D, the two that are
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close in orientation to the hydride-matrix interface have led to local shear at the interface
which either developed along the interface (grain A) or propagated into the matrix (grain D).
The slip bands that are nearly perpendicular to the interface, however, have resulted in the
crystal slip within the hydride as observed.
Similar observations can be made in grain B, where there are also two sets of < 𝑎 > prismatic
slip bands of which the surface trace are nearly perpendicular to each other. Unlike grains A
and D where the hydride-matrix interfaces have a single spatial orientation, there are two
parts of hydride-matrix interfaces in grain B that are also nearly perpendicular to each other,
and each of them are nearly parallel to one set of the slip bands in grain B (and hence
perpendicular to the other). The two sets of slip bands have both caused intense local shear
at where the hydride-matrix interfaces are parallel to them (as marked with green arrows in
map ③, Figure 46). Conversely, at those points where the slip bands meet the hydride-matrix
interfaces perpendicularly, either crystal slip within the hydride in a direction close to the
incoming slip band is initiated (as marked with the blue arrow) or the slip bands get arrested
(as marked with the red arrow).

Figure 47 Normalised frequency distributions of the maximum shear strain from HR-DIC data for maps ①, ②
and ③ in Figure 45. The vertical lines show the average maximum shear strain values for each set of data.
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The normalised frequency distributions of the maximum shear strain from HR-DIC data for
maps ①, ② and ③ in Figure 45 are shown in Figure 47, with the vertical lines showing the
average maximum shear strain values for each set of data. It is clear that as the plastic
deformation progresses, the average maximum shear strain within the DIC-ROI increases.
Meanwhile, the frequencies of high maximum shear strain values (> 0.1) have increased
significantly upon plastic deformation, indicating promoted strain localisation.

5.4. Discussion
In the present work, the measured CRSS values for < 𝑎 > basal and < 𝑎 > prismatic slip in
α-Zr through micropillar compression tests are around 150 MPa and 110 MPa, respectively.
For these two slip systems in α-Zr, CRSS values reported in the literature are 204 ± 66 MPa for
< 𝑎 > basal slip and 153 ± 30 MPa for < 𝑎 > prismatic slip and these results are obtained
through microcantilever bending tests and fitting with a crystal plasticity model [19]. The two
sets of results are in relatively good agreement though broadly the CRSS values measured
here using pillar compression geometry are moderately lower than those measured from
cantilever tests. This could be a result of the size effect in small scale mechanical tests, and
the geometry of the test pieces may also have an influence. The ratios of CRSS values for <
𝑎 > basal to < 𝑎 > prismatic slip are both ~1.3 for the two sets of results. It is also worth
noting that the CRSS for < 𝑎 > basal slip measured here agrees well with our previous
measurement using the same method but with pillars having a slightly different crystal
orientation [106].
Plastic deformation is accommodated by < 𝑎 > basal and < 𝑎 > prismatic slip for pillars in
grain 1 and 2, respectively. However, unlike the diffused character of < 𝑎 > basal slip
(exhibited as the broad shear band that has formed on the side surface of the pillars in grain
1, Figure 39(a)), < 𝑎 > prismatic slip appears as discrete and localised slip bands as can be
observed on the side surface of the pillars in grain 2, Figure 41(a,b). The highly planar
character of the slip bands on the pillars in grain 2 implies that the strain imposed during the
tests is accommodated dominantly by < 𝑎 > prismatic slip with negligible cross-slip of
dislocations onto the other planes. This is also supported by the Schmid’s law where for these
pillars the Schmid factor for the < 𝑎 > basal slip system that shares an < 𝑎 > direction with
the activated < 𝑎 > prismatic slip system is only 0.09. For the pillars in grain 1, on the other
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hand, the broad/diffused slip character is deemed an indication for cross-slip, presumably
onto the prismatic planes since pyramidal slip was found to be rather difficult in Zr [3]. For
pillars in grain 1, the Schmid factor for the < 𝑎 > prismatic slip system that shares an < 𝑎 >
direction of the activated < 𝑎 > basal slip system is 0.18. The ratio of the Schmid factors for
< 𝑎 > basal to < 𝑎 > prismatic slip is 2.6 while the ratio of CRSS being 1.3, indicating that
this < 𝑎 > prismatic slip system, although being not the most favourably oriented, is under
noticeable amount of stress upon deformation and this could have made it easier for crossslip from basal to prismatic plane to occur. For uniaxial tests, due to the geometry of HCP
crystal structure it is possible to activate < 𝑎 > prismatic slip while switching off < 𝑎 > basal
slip, however when < 𝑎 > basal slip is well aligned, the corresponding < 𝑎 > prismatic slip
system necessarily has a Schmid factor that is not low. This geometrical effect may have partly
contributed to the routinely observed experimental phenomenon that basal slip in Zr is often
accompanied by prismatic slip [3].
Unlike the as-received pillars which deform by < 𝑎 > basal slip, the hydride-containing pillars
in grain 1 were found to shear locally close to the hydride-matrix interfaces under stress and
this type of shear can occasionally be accompanied by local < 𝑎 > basal slip (Figure 39(b,c)).
It is evident on the stress-strain curves (Figure 40) that this near-interface shear (which is
potentially coordinated < 𝑎 > basal slip) requires a lower applied stress to activate than that
for < 𝑎 > basal slip, which is likely the reason for the observed change in deformation path
upon the introduction of hydride packets.
The slip band structures formed on the hydride-containing pillars in grain 2 indicate that while
the pillars were deformed into the plastic regime, plastic slip (< 𝑎 > prismatic) took place
first in the matrix and, when the slip bands reached the hydride-matrix interface, the hydride
packets can retard the propagation of the slip bands. In general, this effect of the hydrides on
matrix slip is independent of the thickness of the hydride packets (see Figure 41(c,d,e)).
For the pillars in grain 2, the increased yield stresses for the hydride-containing pillars as
compared to the as-received pillars indicate that the vertical hydride packets have improved
the strength of the pillars in general, and a higher level of externally applied stress is required
to initiate plastic deformation. The inhibition of matrix plastic deformation by the hydride
packets as observed on the SEM images, has led to an increase in the strain hardening rate
for the hydride-containing pillars as the hydrides evidently act as barriers for the motion of
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dislocations in the matrix. Interestingly, the strain hardening rates for all the hydridecontaining pillars are of a similar value while the hydride thickness varies from pillar to pillar.
This along with the negligible influence of the thickness of the hydrides on their effect on
matrix slip (Figure 41(c,d,e)) suggest that the change in hardening rate and the influence on
the plastic flow due to the presence of the hydride packets originate from the difference in
the intrinsic properties of the hydride and the matrix but are insensitive to the thickness of
the hydrides, which also implies that plastic slip in the hydrides progresses relatively smoothly
once it initiates at the interface.
The stress drops observed on the engineering stress-strain responses of the as-received pillars
are presumably due to abrupt separation between the indenter tip and the pillar top surface
during plastic deformation, which normally occurs when dislocation loops move out of the
pillar body, creating high local strain. In load-controlled tests this manifests as strain bursts
on the stress-strain response, as those observed previously in small scale single crystal tests
[172,173]. The origin of the stress drops observed here is deemed a result of highly planar
and rapid motion of dislocations on the prismatic plane, which is supported by the literature
where prismatic slip in zirconium was found to be controlled by the interactions between
mobile dislocations and obstacles, while the Peierls friction forces are negligible. Hence, it is
not surprising that stress drops are significantly suppressed in the presence of hydride packets,
since the hydrides can retard the motion of dislocations gliding on the matrix prismatic plane
as suggested by the deformation behaviour of the hydride-containing pillars.
In the case of fine grain material where the hydrides mainly decorate the grain boundaries,
local shear along the hydride-matrix interfaces remains a significant path for accommodating
plastic deformation around the hydrides that locate close to the plane of maximum shear for
the macroscopic stress state. Meanwhile, the fact that slip bands in the matrix are routinely
arrested at the hydride-matrix interfaces indicates that the δ-hydride is intrinsically stronger
than the α-Zr matrix, in agreement with observations in Ref. [174]. These two observations in
the macroscale tensile tests are both consistent with the results of the micropillar
compression tests, suggesting that the underlying mechanisms introduced above hold across
specimen size, number of grains within a specimen, loading mode (tensile vs. compressive)
and hydride type (in terms of nucleation sites).
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It was found previously that those regions with high local shear strain are potential initiation
sites for ductile fracture of metallic materials [175]. In the present case, the maximum shear
strain values at the sheared hydride-matrix interfaces (as marked with the green arrows in
Figure 45) are found to be in the high value region for each set of data (the right-hand tails of
the histogram plots in Figure 47). This further suggests that the presence of hydrides has
promoted strain localisation which can then lead to material failure at relatively low overall
strain.
In the present case, the sample was pulled along its RD and therefore the majority of
crystallographic slip in the matrix is of < 𝑎 > prismatic type. Meanwhile, in contrast to the
intragranular hydrides in the pillars which decorate the matrix {101̅7} planes, the habit
planes of the intergranular hydrides in the macroscale tensile specimen can vary depending
upon the local microstructural-crystallographic relationships [32] and this may have led to the
difference in slip-hydride interactions between these two types of hydrides. For example, for
intragranular hydrides the interface shear is always related to < 𝑎 > basal slip and the
blocking of matrix shear to < 𝑎 > prismatic slip since the hydrides are close to the basal plane
and nearly perpendicular to the prismatic planes, however for intergranular hydrides < 𝑎 >
prismatic slip alone can result in both types of slip-hydride interactions, due to the modulation
of hydride morphologies by the grain boundaries upon hydride formation and therefore the
change in local slip-hydride geometry.
Through micropillar compression tests, Weekes et al. [51] observed that interior deformation
of hydrides located near the plane of maximum shear is accommodated by slip between the
individual hydride platelets. This implies that the hydride itself may still not be shearable and
the ‘apparent shear’ of the hydride observed macroscopically is a result of deformation within
the Zr ligaments in between the hydride platelets. However, in the present case, the shear
bands observed in the hydrides are nearly perpendicular to the hydride plate/matrix basal
plane, suggesting that the local deformation path is not likely shear in between the hydride
platelets, but necessarily deformation of the hydride itself.
The observation of slip within the hydrides in the fine grain material also proves that the
formation of slip bands within the hydrides in the micropillars are not due to the size effect
in micromechanical testing, where it was found previously that when the pillar size reduces
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to critical values, plasticity is favoured over fracture even in brittle materials such as MgO
[176].
It is worth noting that although crystal slip is clearly observed within the hydride packet shown
in Figure 46, most of the hydrides in Figure 45 are free from noticeable interior deformation.
This means that significant local stress can potentially build up at those points at the hydridematrix interface where the slip bands are terminated. Even if local stress is relieved through
slip within the hydrides, since the matrix crystal orientation on the other side of the hydride
is normally different to where the incoming slip bands initiated in fine grain polycrystalline
materials, the slip bands in the hydride will likely stop when they reach the hydride-matrix
interface ahead of them and potentially lead to local stress concentration. This local
deformation incompatibility as well as the shear at the hydride-matrix interface as introduced
above are likely two significant early-stage microscale mechanisms that may separately or
collectively give rise to local microvoid formation and/or cracking, which are widely-believed
precursors to the ultimate failure of Zr alloy fuel cladding materials.

5.5. Conclusions
The interactions between δ-hydrides and plastic slip in Zircaloy-4 and their effects on the
mechanical performance has been studied using in situ SEM micropillar compression tests of
single crystal specimens and ex situ HR-DIC macroscale tensile tests of polycrystal specimens.
The following conclusions can be drawn:
1. The room temperature CRSS values for < 𝑎 > basal and < 𝑎 > prismatic slip systems in
Zircaloy-4 were measured to be around 150 MPa and 110 MPa, respectively.
2. Compared to the discrete and localised < 𝑎 > prismatic slip bands, the < 𝑎 > basal slip
bands are broader and more homogeneous, presumably due to the occurrence of crossslip. Easy and highly planar < 𝑎 > prismatic slip leads to significant stress drops on the
stress-strain responses of the micropillars.
3. Shear along the hydride-matrix interface is favoured over < 𝑎 > basal slip for pillars with
intragranular hydride packets sitting ~45° to the loading axis, leading to strain localisation.
The interface shear can be accompanied by local < 𝑎 > basal slip between hydride
packets.
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4. Intragranular hydride packets sitting ~parallel to the loading axis can retard the
propagation of < 𝑎 > prismatic slip bands, and this exhibits on the stress-strain responses
as increased yield stress and hardening rate, as well as decreased number of stress drops.
This effect of hydrides on the slip bands is independent of hydride thickness.
5. < 𝑎 > prismatic slip can get through intragranular hydride packets via slip within the
hydride on the {111} plane close to the matrix prismatic plane of the activated slip system,
and this may be achieved through the initiation of < 110 >-type shear in the hydride by
< 𝑎 >-type shear in the matrix due to the hydride-matrix OR.
6. Matrix slip on the planes close in orientation to the adjacent hydride-matrix interfaces can
lead to intense local shear along these interfaces, while slip on the planes nearly
perpendicular to the adjacent interfaces can either get arrested at the interfaces or
initiate slip within the hydride, on {111} planes close to the matrix slip planes. Therefore,
slip within intergranular hydrides can be initiated by slip in their neighbouring matrix
grains which may not necessarily be their parent grains.
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6. The effect of δ-hydride on the micromechanical
deformation of Zircaloy-4 studied by in situ high angular
resolution electron backscatter diffraction
6.1. Introduction
Recently, cross correlation based, high angular resolution electron backscatter diffraction
(HR-EBSD), has been used as an advanced technique for measuring variations in elastic strain
(and stress), lattice rotations and geometrically necessary dislocation (GND) densities [120].
In situ HR-EBSD has been used during micromechanical testing [85–92], where EBSD scanning
of the micropillar or microcantilever side surface was carried out at stages during interrupted
mechanical tests and the data collected was run through post-mortem offline analytical tools
to extract quantitative information characterising deformation features. We investigate here
the effect of δ-hydride packet on the local strain accommodation and deformation
mechanisms of Zircaloy-4, using bending tests conducted on hydride-free and hydridecontaining microcantilevers.

6.2. Experiments and methods
6.2.1. Experiments
A cuboid as-received Zircaloy-4 sample of about 10 mm × 10 mm × 1.5 mm was heat treated
at 800 °C for 336 h in Ar atmosphere to produce ‘blocky alpha’ grains and then hydrogen
charged using the method introduced in section 3.2.1. The microstructure of the sample after
hydrogen charging is shown in Figure 48(a).
A sharp 90° edge (top and cross section) was created using mechanical polishing, finishing
with colloidal silica. In the near-edge region, conventional electron backscatter diffraction
(EBSD) was used to map the grain orientations on the top surface, in a FEI Quanta 650
scanning electron microscope (SEM) with a Bruker eFlashHR (v2) EBSD camera, using a beam
acceleration voltage of 20 kV. Microcantilever fabrication was conducted using Ga+ focussed
ion beam (FIB) milling in the grain of interest at the edge of the sample, in a FEI Helios Nanolab
600 FIB-SEM. FIB with acceleration voltage of 30 kV and beam currents of 9 nA, 3 nA and 1 nA
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were successively used. Within one grain two microcantilevers of the same size
(6 μm × 6 μm × 22 μm) were fabricated, with the c-axis of the HCP matrix nearly parallel to
the cantilever long axis. Microcantilever 1, as shown in Figure 48(b), is a hydride-free single
crystal Zircaloy-4 cantilever. Microcantilever 2, as shown in Figure 48(c), contains a thin
intragranular hydride packet of around 50 nm in thickness lying vertically near the cantilever
fixed end. In order to obtain high quality EBSD patterns during subsequent in situ
characterisation, the side surfaces of the microcantilevers were polished with 30 kV, 270 pA
FIB in a Tescan Lyra 3 FEG FIB-SEM immediately before the micromechanical testing.

Figure 48 (a) Polarised light optical micrograph of ‘blocky-alpha’ large grain Zircaloy-4 with intragranular,
intergranular and twin boundary hydrides. SEM images of (b) microcantilever 1, a hydride-free single crystal
Zircaloy-4 and (c) microcantilever 2 in the same grain as microcantilever 1 but contains a vertical intragranular
hydride near the fixed end. (d) Schematic diagram of the experimental setup for in situ HR-EBSD
microcantilever bending test.

Microcantilever bending was performed with a displacement-controlled (10 nm/s during
cantilever loading and unloading) Alemnis nanoindenter in the Tescan Lyra 3 SEM, using a
conospherical indenter tip with a tip radius of 1 μm. The microcantilever was aligned with the
loading axis parallel to the SEM stage and with the cantilever side surface inclined at 70° for
in situ EBSD analysis (Figure 48(d)).
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For each test, five EBSD maps of the microcantilever side surface were acquired with a spatial
step size of 100 nm. The first and the last maps were acquired before and after (in the fully
unloaded state) the tests respectively, and three others were obtained while the
displacement was held constant at certain stages during the test processes. EBSD patterns
were collected with an EDAX Digiview camera using a beam acceleration voltage of 20 kV and
were 2 × 2 binned to a resolution of 442 × 442 pixels. All the points, including those near the
hydride packet, were indexed as α-Zr phase although the δ-hydride phase was also set to be
a candidate within the EBSD software. This is likely due to the hydride thickness being smaller
than the spatial step size for EBSD scanning. CrossCourt software v.4.255 was used for the
HR-EBSD evaluation. Reference patterns were selected from the support region of each
microcantilever, which was likely to be at zero stress. The elastic constants of α-Zr were taken
from [14] for the elastic stress calculation. Details of the principle of HR-EBSD can be found in
the literature [177–179]. The GND density was evaluated using Nye’s analysis and a L1 based
line energy minimisation considering < 𝑎 > prismatic, < 𝑎 > basal, < 𝑎 > pyramidal, and 1st
order < 𝑐 + 𝑎 > pyramidal dislocation types, as described in more detail within Ref. [180].

6.2.2. Elastic bending stress calculation
For free-end cantilevers with square cross-section, the maximum bending (normal) stress
σxx,max in the elastic regime is:
𝜎𝑥𝑥,𝑚𝑎𝑥 =

6𝐹𝑙

29

𝑎3

where F is the load applied, l is the moment arm and a is the side length of the cantilever
cross-section.
l value for each microcantilever was measured using post-deformation SEM images.

6.3. Results and discussion
Figure 49 shows the load-displacement curves recorded during the bending tests of the two
microcantilevers, with an observed change in elastic slope and maximum load for the hydridecontaining cantilever which has been indented closer to the fixed end, making it effectively
shorter and this could have increased the elastic load-displacement slope by ~18.5%. The
variation in normal stress along the cantilever long axis (σxx) distribution maps at stages during
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the tests (as labelled on the load-displacement curves correspondingly) derived through HREBSD analysis is also shown. The other stress components are not displayed since they are
small in magnitude compared to σxx and show negligible difference between the two
cantilevers. For the as-received cantilever, σxx values prior to the test (map 1, Figure 49) are
around 0 and show negligible spatial variation across the microcantilever side surface. Upon
elastic deformation, tensile (positive) and compressive (negative) σxx are present in the top
and bottom regions of the surface examined (map 2), and the σxx at the outer fibres (σxx,max,HREBSD)

at the fixed end is around 800 MPa, in good agreement with σxx,max extracted from the

load-displacement response (830±30 MPa). The load value upon yielding for the as-received
cantilever (as denoted by the cross on the curve) is approximately 2.12 mN. The maximum
bending (normal) stress at the fixed end σxx,max,yield is therefore ~1.17 GPa. According to the
crystal orientation of the microcantilevers (Figure 49(a)), the highest Schmid factors for all
potential slip systems under a uniaxial stress applied along the x direction are listed in Table
6 (< 𝑐 + 𝑎 > second order pyramidal slip not likely available in Zr [181]). The < 𝑐 + 𝑎 > first
order pyramidal slip is therefore the easiest slip mode in the present loading configuration
for single crystal (as-received) Zr and is hence responsible for the initiation of plastic
deformation. The CRSS for < 𝑐 + 𝑎 > first order pyramidal slip was hence extracted and
found to be ~496 MPa. This CRSS value is in good agreement with the size-independent CRSS
for < 𝑐 + 𝑎 > first order pyramidal slip in CP Zr (532±58 MPa) [19].
The high work hardening rate for first order < 𝑐 + 𝑎 > pyramidal slip observed here may be
a result of forest hardening and the difficulty for < 𝑐 + 𝑎 > dislocations to cross slip. Another
origin for the high work hardening rate observed might be related to the small specimen size
and the testing geometry. In the present work the test piece is a locally anisotropic smallscale single crystal cantilever and the plastic deformation may be highly localised (as
suggested by the GND results presented later) which may be a collective effect of the nature
of the specimen and the loading configuration. A consequence of this is that the < 𝑐 + 𝑎 >
dislocations nucleated at the high stress regions (outer fibres of the cantilever) may glide for
only few microns along the slip plane until they reach the neutral axis of the cantilever. This
can then lead to local pile-up of dislocations which creates a local back stress making the glide
of subsequent dislocations and source activation even more difficult [19]. This may ultimately
contribute to the high work hardening rate on the load-displacement response and the stress
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maps obtained through HR-EBSD. It is also worth noting that high hardening rate for first
order < 𝑐 + 𝑎 > pyramidal slip is often adopted in modelling works of Zr alloys [182].
Table 6 The highest Schmid factors for all potential slip systems of the Zr microcantilevers under a uniaxial stress
applied along the x direction.

Slip system

< 𝑎 > prismatic

< 𝑎 > basal

< 𝑎 > pyramidal

Schmid factor

0.001

0.012

0.019

< 𝑐 + 𝑎 > first
order pyramidal
0.424

Further deformation into the plastic regime has led to progressively higher stress levels on
the cantilever side surface (maps 3 and 4, Figure 49), with σxx reaching up to ±2.4 GPa at an
indenter displacement of ~1.7 μm. A V-shaped pattern is present in the compressive stress
region close to the cantilever support, as highlighted with dashed lines in maps 3 and 4. The
alignment between the shape of the pattern and the first order pyramidal planes as shown in
Figure 49(a) suggests that local stress relief has taken place, likely due to the occurrence of
< 𝑐 + 𝑎 > first order pyramidal slip. When the cantilever was fully unloaded, a general
decrease of σxx can be observed (map 5).
For the hydride-containing cantilever, a compressive σxx field is observed around the hydride
packet (position of the hydride is labelled with a dotted line in Figure 49, map 6) prior to
deformation. The σxx along the arrow in map 6, as plotted in Figure 49(b), shows that the
compressive stress field has a width of ~900 nm perpendicular to the hydride and a peak σxx
of ~0.5 GPa. This is likely produced upon hydride formation as a result of the misfit between
the hydride and the matrix, of which the dilatational volumetric strain is ~17.2% [2]. The
precipitation-induced σxx value obtained here agrees with that extracted from finite element
calculations (i.e. between 407.0 and 719.2 MPa for hydride/metal with yield stresses ranging
between 200 and 500 MPa and a model hydride aspect ratio of 0.1) [183]. During elastic
deformation, the precipitation-induced compressive stress in the region above the neutral
axis was partly relieved (map 7). Upon plastic deformation, superposition of the precipitationinduced compressive stress and the applied tensile stress above the neutral axis resulted in
the changing to a tensile field around the hydride (map 8 and 9). Below the neutral axis, the
field remained compressive and increased in magnitude. After unloading (map 10), the stress
value decreased in general, however, the stress around the hydride packet above the neutral
axis switched to be compressive again. The stress field around the hydride after unloading
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may arise from the residue precipitation-induced stress, the local deformation incompatibility,
the load transfer between the matrix and the hydride [174], or the accumulation of GND near
the interface as will be introduced below. Note that formerly we measure the change in
interplanar angles with respect to the reference point, and a concentration of hydrogen could
induce a “phantom stress” (i.e. the lattice is relaxed but with differences in hydrogen
concentration) but this is unlikely as in atom probe tomography we tend to observe strong
partitioning of the hydrogen to the hydrides [36]. Throughout the deformation process, stress
patterns further from the hydride are similar to those observed on the as-received cantilever.

Figure 49 Load-displacement curves for bending tests of the as-received and hydride-containing
microcantilevers with crosses denoting yield points (the yellow-coloured curve is that for the as-received
cantilever in order for comparison), and normal stress along the cantilever long axis (σxx) distribution maps at
various stages during the tests derived through HR-EBSD analysis. (a) unit cell representation of the crystal
orientation of the microcantilevers, (b) σxx variation along the arrow on map 6.

The evolution of GND density during the deformation processes of the two microcantilevers
is plotted in Figure 50. For the as-received cantilever, GND density is negligible predeformation and upon elastic deformation (map 1 and 2). A systematic increase in the GND
density occurred upon plastic deformation (map 3) and an increase with deformation further
into the plastic regime (map 4) can be seen. The GND distribution is more localised in the
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compressive stress region than in the tensile stress region, and local GND pile-ups along the
first order pyramidal planes can be observed near the cantilever support. The GND density
decreased in general after the cantilever was unloaded (map 5).

Figure 50 GND density evolution during the microcantilever bending tests, with an insert of the unit cell
represetation of the crystal orientation of the microcantilevers.

On the hydride-containing cantilever, GNDs are observed to pile up along the hydride-matrix
interface before the test, particularly evident at the top and bottom of the surface examined
(map 6, Figure 50, highlighted with arrows), which are likely produced upon hydride
precipitation to accommodate the misfit strain at the hydride-matrix interface [2,41]. These
GNDs then increased in density subtly upon elastic deformation (map 7) and extended along
the hydride-matrix interface in the tensile stress region when the cantilever was deformed
plastically (map 8 and 9). In the compressive stress region, however, no significant GND pileup along the phase boundary can be seen. The density of GNDs, including those piled up at
the matrix-hydride interface, decreased after unloading (map 10). Generally, the GND
evolution in those regions further from the hydride is similar to that for the as-received
cantilever (maps 1-5).

6.4. Conclusions
In summary, bending tests were carried out on two single crystal Zircaloy-4 microcantilevers
with same crystal orientation while one of them contained a hydride packet sitting vertically
at the cantilever fixed end. Under the applied stress, localised slip associated with the < 𝑐 +
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𝑎 > first order pyramidal planes accommodated plastic deformation of the as-received
cantilever. A compressive stress field of ~0.5 GPa in peak magnitude and ~900 nm in width
was observed in the direction perpendicular to the hydride plane, likely due to the dilatational
misfit upon hydride formation. During plastic deformation, the hydride, as located
perpendicular to the applied tensile stress, can lead to considerable pile-up of GNDs at the
hydride-matrix interface. This may further result in both local mode 1 fracture events and
hydrogen diffusion towards the dislocated area, triggering the nucleation and growth of more
hydrides when the material is employed at high temperature [32]. These observations of the
micromechanical mechanisms supported the understanding of the initial stage of DHC where
the local plasticity is modulated by the hydride, and explained why, when and how chemical
potential wells are built around the hydride for further hydride precipitation, deformation
and cracking.
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7. Summary and future work
7.1. Summary
Hydride embrittlement and elevated temperature mechanical properties of fuel cladding Zr
alloys is of significant industrial importance, yet in general not sufficiently well-understood so
far. The present thesis attempts to make a contribution to the knowledge of the underlying
mechanisms through microscale characterisation and testing techniques, mainly trying to
understand the following questions:
•

How do hydrides form in zirconium?
For the cooling rate of 0.5 °C/min, the most common hydride-matrix orientation
relationship, {0001}𝛼 ||{111}𝛿 ; < 112̅0 >𝛼 || < 110 >𝛿 , confirms the hydride
formation mechanism by partial dislocation gliding as proposed previously [137] and
that this mechanism is independent of hydride nucleation site and matrix grain size.

•

How do elongated hydride stringers form in fine grain Zr alloys?
In the fine grain material, sympathetic nucleation has been found to be the
mechanism for the formation of the hydride stringers, and the alignment of these
stringers is a result of the texture of the matrix material.

•

Is < 𝒂 > basal slip in Zr active between room temperature and fuel cladding service
temperature (623 K) and what is the influence of solute hydrogen?
Single slip of < 𝑎 > dislocations on basal slip planes has been directly activated
between room temperature and 623 K for the first time in the present thesis, using
micropillar compression tests. The slip properties vary strongly with temperature.
Solute hydrogen is found to result in more homogeneous deformation for pillars
exhibiting < 𝑎 > basal slip, which is against the general knowledge that hydrogen
tends to induce localised plasticity. This implies that the effect of solute hydrogen on
plastic deformation may be complicated in nature, and for HCP materials it may be
anisotropic for different slip systems.

•

Since intragranular hydrides habit close to the matrix basal planes, do they influence
matrix < 𝒂 > basal and < 𝒂 > prismatic slip anisotropically?
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Local shear at the hydride-matrix interface is the favoured deformation path over <
𝑎 > basal slip due to a lower shear stress required, and < 𝑎 > prismatic slip on the
plane nearly perpendicular to the hydride habit planes can be retarded by the hydrides.
•

How do matrix slip and hydride precipitates interact upon plastic deformation of
fine grain Zr alloys?
For the intergranular hydrides in the fine grain material, the relationship between sliphydride interaction modes and matrix slip systems is not one-on-one due to the
complicated morphologies of the hydrides at the grain boundaries. Nevertheless, it
was found that the active interaction mode essentially depends on the relative
orientations between the incoming slip bands and the hydride-matrix interfaces, with
slip bands nearly parallel to the interfaces triggering shear along the interfaces, and
slip bands nearly perpendicular to the interfaces arrested at the interface.

•

Are Zr hydrides purely brittle? Can they deform plastically?
On some occasions, when the slip bands in the matrix reach the interfaces, {111} slip
within the hydrides happens as a result of the local shear. For the intragranular
hydrides, due to the matrix-hydride OR, < 110 > shear in the hydrides may be
initiated by the parallel < 𝑎 > type shear in the matrix. For the intergranular hydrides,
slip in the hydrides can happen as a result of the plastic deformation within one of
their adjacent grains which may not necessarily be their parent grains.

•

What are the early-stage precursors to hydride-induced failure? How do
geometrically necessary dislocation density at the hydride-matrix interface evolve
upon plastic deformation?
Localised deformation along the hydride-matrix interface and stress concentration at
the blocked slip bands at the interface are likely two microscale precursors to the
ultimate hydride-induced failure of Zr alloy claddings. Furthermore, these slip-hydride
interactions may have given rise to the significant GND pile-up along the hydridematrix interface, as observed in the HR-EBSD study in chapter 6. The present thesis
points out that the slip-hydride interactions which produce high local strain/stress
take place at early stages in the plastic deformation process while the total strain of
the whole material is relatively low, therefore more attention should be paid to the
local microscale plasticity at the hydride-matrix interface in order to promote the
understanding, prediction and prevention of DHC.
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7.2. Future work
The HR-DIC macroscale tensile test in chapter 5 of this thesis explores the influence of
circumferential hydrides on the deformation behaviour of Zircaloy-4. However, it is wellknown that upon cladding service, hydride reorientation can occur upon thermal cycling and
under hoop stress. Compared to circumferential hydrides, the reoriented radial hydrides
make a more direct contribution to DHC. Unfortunately, there still lacks a consensus about
the detailed mechanism for this phenomenon [168]. One interesting observation in this field
that has not yet been paid plenty of attention, is that cold worked stress relieved (CWSR)
Zircaloy-4 seems to be a lot more susceptible to hydride reorientation than cold worked
recrystallised Zircaloy-4 (see the comparison between Colas et al. [69] and Weekes et al. [184])
and the origin of this difference which may inspire the exploration of hydride reorientation
mechanism, remains unknown.
In chapter 3, EBSD has been shown to be a powerful tool for hydride microstructure
characterisation which can then be utilised to deduce the hydride formation mechanisms. It
is therefore reasonable to expect that this technique can help address more hydride-related
questions such as hydride reorientation. However, although CWSR Zircaloy-4 is highly
susceptible to hydride reorientation and is therefore an ideal base material to study the
underlying mechanisms, it was found that the preparation of this material for good EBSD
quality is rather difficult [185]. A reproducible preparation method for EBSD characterisation
of CWSR Zircaloy-4 therefore needs to be established. Alternatively, electron diffraction in
other geometries such as transmission Kikuchi diffraction (TKD) are also promising methods
for extracting the local microstructural and crystallographic characters.
In chapters 5 and 6, in situ micromechanical testing has revealed a few interesting features at
the hydride-matrix interface during the deformation processes, such as interface shearing,
slip transmission through hydrides, and local GND pile-up. Observation of the dislocation
structures at these interface regions using TEM may help deepen the understanding of the
local slip-hydride interactions through clarifying the Burgers vectors and other characters of
the dislocations. Besides, while the hydride-containing material is under stress, the way that
the misfit defects (dislocations, twins, stacking faults) interact with the deformation-induced
dislocations could also be an interesting research topic.
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Since the fuel claddings are subject to neutron irradiation in-service, the effect of neutron
irradiation on the mechanical properties of Zr alloys is of significant research interest and
industrial relevance. It was found previously that 0.4 dpa (displacements per atom) of neutron
irradiation hardened < 𝑎 > prismatic and < 𝑎 > basal slip of α-Zr in Zr-2.5Nb significantly
but had very small impact on the initiation of < 𝑐 + 𝑎 > pyramidal slip [186]. As a result, the
deformation of Zr becomes more isotropic after irradiation and < 𝑐 + 𝑎 > pyramidal slip can
play an important role in accommodating plastic strain. Micromechanical testing is a powerful
tool in directly measuring the properties for individual slip systems of irradiated Zr alloys and
may therefore help deepen the understanding of the operating mechanisms for irradiation
hardening. Furthermore, the coupled effect of hydrogen and irradiation on the mechanical
performance of Zr alloys could also be studied.
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