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Abstract 

This thesis explores microstructural damage in steels as a result of mechanical loading, 

hydrogen charging into the microstructure, and H2S-based corrosion with a view to informing 

and improving understanding of steels used in sour (H2S) service. Interstitial Free (IF) steel 

samples had their microstructures altered and were mechanically tested to reveal different 

Lüders band formation and this was correlated both with Ti-based precipitate distributions and 

populations with Energy Dispersive Spectroscopy (EDS) and with local Geometrically Necessary 

Dislocation (GND) content using High Angular Resolution Electron Backscatter Diffraction (HR-

EBSD). Four-point bend coupons of Q125R and L80 (quenched and tempered martensitic 

steels) were deformed and electrolytically charged with hydrogen. Three crack geometries were 

observed: (1) Hydrogen Induced Crack (HICs); (2) Stress Orientation Hydrogen Induced Cracks 

(SOHICs); (3) Sulphide Stress Cracks (SSCs). Combined EDS and EBSD revealed that HICs 

were seen to initiate regardless of bending stress and were correlated with sulphur-rich regions 

of the microstructure. Conversely, no correlation of SOHICs and SSCs with sulphur-rich regions 

of the microstructure was found. The extent to which SSCs propagate along Prior Austenite 

Grain (PAG) boundaries was also quantified using EBSD. Finally, wet H2S autoclave testing on 

four-point bend coupons of Q125R and L80 was performed. Three tests were conducted at H2S 

partial pressures of 0.1 bar(a), 0.5 bar(a) and 1.0 bar(a). No HICs, SOHICs or SSCs developed 

in the 0.1 bar(a) test. However, microstructural damage sites as a result of hydrogen egress was 

detected around large sulphur-inclusions in the microstructure. Macroscopic cracking developed 

in all Q125R samples in the 0.5 bar(a) and 1.0 bar(a) tests. Little to no microscopic damage or 

cracking was found in the L80 samples. These findings are drawn together to discuss the 

relative role of microstructural features on damage accumulation and failure of steels for use in 

sour gas applications. 
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1 Introduction 

Steel is an umbrella term for a vast collection of iron-based alloys and is an integral part of modern 

industrialised society. Humanity’s relationship with iron stretches back 4,000 years to the primitive, 

yet remarkable thermal reduction of iron-based ores. Perhaps unknown at the time, a tiny amount of 

impurity elements such as carbon, nitrogen, sulphur and phosphor dramatically alter the mechanical 

properties of the iron leading to a material with variable properties but always stronger than the 

bronze it eventually replaced.  

By the late 18th and early 19th century, production of iron-based alloys with predictable and reliable 

mechanical properties remained elusive. For example, brittleness was a problem limiting pig iron’s 

applicability as a structural material in the development of the world’s first railways. Furthermore, the 

quality of the iron and steel produced was very much dependent on the composition of the ore from 

which it came from and hence the leftover impurities in the steel. It was not until Henry Bessemer 

developed a novel process to blow air through molten pig iron to reduce the impurities to very small 

concentrations that nearly gave steel the desired mechanical properties, such as appropriate 

ductility and wear resistance [1]. A schematic of the Bessmer process is shown in Figure 1-1. The 

Bessemer process worked too well however, with the resultant steel deficient in carbon but too rich 

in oxygen. Robert Mushet, a fellow metallurgist, solved Bessemer’s problems by adding 

Spiegeleisen, an iron-manganese-carbon-based compound, to the Bessemer process to remove 

the oxygen and other impurities such as sulphur from the melt [2].  

Phosphor was the final impurity that needed to be controlled and the solution was developed by 

Sidney Gilchrist Thomas who added limestone to the Bessemer process [3]. Steel could now be 

produced with reliable and tuneable mechanical properties and the final product was not dependent 

on the initial ore quality. The innovations in the production of steel lead to a dramatic reduction in its 

cost by 80% between 1867 and 1884 [4], thus facilitating the roll-out of railway networks across 
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nations and continents as well as other remarkable projects of the industrial revolutions of the 19 th 

and early 20th centuries.  

 

Figure 1-1 – Schematic diagram of the vessel used in the Bessemer process. The vessel was filled with molten pig iron 
and air was blown into the bottom of it to decontaminate the pig iron. Molten steel could be easily poured out when the 

vessel was tipped about its pivot. 

By the 1980s, steel grades could be produced that had a high strength and low ductility or vice-

versa. Significant developments in corrosion-resistant steels and treatments as well as novel 

production methods such as the arc-furnace were made in the 20th century but the trade-off in 

strength and ductility remained. It appeared that steel had reached its limits and despite a few 

perceived loose ends (see bainite), steel research was, in the opinion of many, complete. As shown 

in Figure 1-2, the magic combination of high-strength, high ductility steels was unlocked however 

with the development of Dual Phase (DP), Transformation Induced Plasticity Steels (TRIP) [5–8] 

and Twinning Induced Plasticity Steels (TWIP) [9–11] for example. Subject to issues of 

microstructural control, these types of steel continue to revolutionise the mechanical properties of 

the material.   
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Figure 1-2 – Schematic steel banana curve (adapted from [12]) 

Fundamentally, the array of mechanical and corrosion-resistant properties a steel can be tuned to 

depend on the arrangement of the constituent atoms in the material. Iron and carbon atoms can 

arrange themselves into many configurations (some thermodynamically stable, some not so) 

depending on the mixture of the properties and processing conditions. As shown in Figure 1-3, the 

unit-cells of the steel grades used in this study are ferritic, iron atoms arranged in the body centred 

cubic unit cell, and martensite, iron atoms still arranged in the body centred cubic unit cell but 

carbon has been crammed into every available space between the iron atoms (termed 

supersaturation). As the carbon content in a martensitic steel increases, so does the elongation of 

the c-axis of the BCT martensite unit cell [13]. Heat them to higher than ~720°C and both will 

transform to austenite, face-centred cubic iron. The shape change associated with the austenite-

martensite transformation is accommodated by the generation of dislocations and boundaries that 

generally results in a high strength, brittle microstructure for a steel.   
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Figure 1-3 – The Body Centred Cubic (BCC), Body Centred Tetragonal (BCT) and Face Centred Cubic (FCC) crystal 
structures. 

A lot of steel grades corrode. A 2016 National Association of Corrosion Engineers (NACE) report 

[14] estimates the global cost of corrosion at $2.5 trillion. Given steel’s ubiquity, we can assume a 

lot of this cost is a result of the corrosion of steel. The financial cost also hides the human cost of 

failed structures due to corrosion, leading to the endangerment and loss of lives. Huge advances 

have been made in the development of corrosion resistant steel however, it is particularly 

susceptible to the corrosive and embrittling action of one element: hydrogen.  

When dissolved in water or another suitable solvent, H2S, a compound that gives the potent smell of 

rotten eggs, is lethal in high enough concentrations (and contributes to other, unpleasant human-

based smells), acts as a facilitator for hydrogen embrittlement as well as forming iron sulphides with 

the steel. H2S is typically locked in with oil and gas wells. Therefore, oil and gas extraction from 

these wells typically leads to the release of H2S that infiltrates the extraction infrastructure used. 

Therefore, there has been a huge effort within the oil and gas industry to mitigate the effect of H2S, 

including but not limited to: (1) design of steels with increasing resistance to H2S corrosion; (2) 

development of corrosion inhibitors to mitigate iron sulphide formation; (3) sophisticated control 

systems for monitoring of down well environments (e.g. pressure and temperature and H2S 

concentration).  

Despite considerable research efforts dating back to the first documented set of experiments on the 

embrittling effects of hydrogen on steel made by Johnson [15] in the late 1800s, every type of steel 
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is susceptible to hydrogen embrittlement. As the strength of a steel increases, so does its 

susceptibility to hydrogen embrittlement. This is fundamentally due to the general increase in the 

number of features within the microstructure that the hydrogen interacts with that range from the 

atomic-scale (e.g. dislocations and vacancies) to the micrometer-scale (e.g. grain boundaries and 

inclusions). Therefore, obtaining reliable correlations between microstructural features and 

hydrogen damage sites remains elusive and is still heavily researched.  

The fundamental mechanism of hydrogen embrittlement of steel is still debated: there are several 

hypotheses yet robust and direct experimental evidence is very difficult to obtain. This is because all 

the proposed mechanisms operate at the atomic-scale and there are few techniques that can detect 

hydrogen in steel at this scale. With this said, it is very likely that the next breakthrough in this field 

will be due to the combined efforts of the experimental and materials modelling communities [16]. 

For example, Density Functional Theory (DFT) studies have been used to confirm that hydrogen 

prefers to reside in a tetrahedral interstitial site in bcc and bct iron compared with the octahedral site 

and this has aided to enlighten the diffusion and transport properties of hydrogen in ferritic or 

martensitic steels [17,18]. However, such simulations are computationally expensive due to factors 

such as bcc/bct iron’s ferromagnetism and the fact that the hydrogen must be treated as a quantum 

particle. Therefore, these studies are typically limited to relatively simple simulations such as 

hydrogen-vacancy interactions and are very difficult to apply to scenarios such as what happens to 

hydrogen when it enters the vicinity of a grain boundary.  

The two main aims of this project are to: (1) explore the microstructural deformation response of low 

strength, Interstitial Free (IF) steel without the effect of hydrogen (the results of which are shown in 

Chapter 4) using in-situ tensile testing combined with High Resolution Electron Backscatter 

Diffraction (HR-EBSD); (2) explore the hydrogen accelerated damage in American Petroleum 

Institute (API) grades of quenched and tempered martensitic steel subjected to varying levels of 

stress using the four-point bend geometry with wet autoclave and cathodic hydrogen charging (the 

results of which are shown in Chapters 5 & 6). 
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2 Literature Review 

The main themes of this literature review are: (1) processing and deformation of IF steel with an 

emphasis on the observed microstructural deformation and manipulation of the microstructure to 

alter the deformation response; (2) the processing of quenched and tempered, low carbon 

(<0.5 wt%) martensitic steels, with an emphasis on the chemistry and crystallographic arrangement 

of the microstructure of martensitic steels; (3) a review of H2S corrosion including the proposed 

fundamental mechanisms of hydrogen embrittlement and how they manifest in the microstructure of 

quenched and tempered martensitic steels. 

2.1 Interstitial Free (IF) & Low Alloy Martensitic Steels Review 

2.1.1 Interstitial Free (IF) Steel 

Interstitial Free (IF) is a ferritic steel typically containing <0.01 wt% of both carbon and nitrogen [19]. 

It was developed in the late 1970s/ early 1980s and is used extensively in the automotive industry, 

particularly for deep drawing and sheet applications due to its relatively low strength (for a low alloy 

steel) and high ductility. A typical IF steel microstructure with various grain sizes is shown in Figure 

2-1. The strength of IF steel can be enhanced by generating a microstructure with a very small grain 

size usually however at the expense of its drawability [13]. High drawability is typically required for 

the formation of complex shapes, such as car door skins, but without the requirement for significant 

strength. During melt processing of IF steel, carbide forming elements such as titanium and niobium 

are added. Therefore, the majority of dissolved carbon and nitrogen (solute atoms) is removed from 

the ferrite matrix and locked into the carbides. As such, this increases the mobile dislocation content 

because the carbon and nitrogen atoms are unavailable to pin dislocations when an IF steel 

microstructure is yielded through Cottrell pinning [20], contributing towards its very high formability. 
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Figure 2-1 – Light micrograph of a titanium-stabilised IF steel etched using Marshall’s reagent ([21] pg. 77) 

As shown in Figure 2-2, when an IF steel is rolled to ~>80% thickness reduction, three significant 

texture fibres develop: (1) the {111}||ND (commonly referred to as the γ-fibre); (2) {110}||RD 

(commonly referred to as the α-fibre) and; (3) {100}||ND (sometimes referred to as the η fibre) 

[19,22–25]. The strength of these fibres depends on many factors such as the rolling temperature, 

number of rolling passes, steel chemical composition, microstructure (e.g. presence of inclusions 

and precipitates) and the texture prior to rolling. The γ-fibre is industrially important because it 

enhances the drawability of an IF steel and therefore many IF steels are processed to contain this 

fibre [19]. The precise mechanism for the formation of these texture fibres is still subject to research 

[13]. There is considerable modelling efforts to predict the strength of each fibre as a result of input 

processing and microstructural parameters [26]. Of importance for modelling predictions is the 

selection of the correct grain constraint model [26] (i.e. Taylor or lath and pancake models) that 

must be updated as the general grain morphology during deformation is altered. 
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Figure 2-2 – Texture fibres represented as pole figures resulting from rolling of IF/ low carbon steels (adapted from [26] pg. 
2986) 

When recrystallizing a rolled IF steel in the ferritic phase, the γ-fibre and α-fibres are retained and 

the strength of the η fibre is reduced [22,23,27]. Recrystallization nuclei generally initiate in the 

rolled γ-fibre grains because these have a much higher degree of deformation induced during 

rolling, therefore increasing the concentration of suitable recrystallization sites in these regions [22]. 

The final orientations of the recrystallized grains are dominated by the orientation of the deformed 

material rather than by a competitive growth mechanism of the recrystallized grains [22,23].  

During tensile deformation, an IF steel can display either a discontinuous yield, i.e. stress-drops 

because of the formation and propagation of Lϋders bands, or a continuous yield, i.e. a continuous 

transition from the elastic to plastic deformation regions, as shown in Figure 2-3. The yielding 

behaviour is dominated by the initial mobile dislocation content in the tensile sample just prior to 

yielding. The lower the initial mobile dislocation content, the higher the probability of a discontinuous 

yield.  
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Figure 2-3 – Schematic that compares the yielding behaviour in an IF steel and a steel with carbon dissolved in the ferrite 
therefore decreasing the mobile dislocation content. Note that the stress-gap between the post yielding depends on the 

magnitude of the stress-drops at yield (amongst other factors).  

The initial mobile dislocation content is dominated by the prior-processing that affects the total 

dislocation content for example, altering the grain size [28,29], and the solute concentration in the 

ferrite matrix [30]. The greater the initial mobile dislocation content, the higher the probability of 

continuous yielding. This behaviour is typically shown when tensile samples of low and ultra-low 

carbon steels are loaded pass their yield point, unloaded and then reloaded past their yield again. If 

the microstructures are such that the first yield is discontinuous, the second yield can be continuous 

if the increase in the dislocation content generated by the first yield generates a sufficiently large 

increase in the mobile dislocation content to facilitate a continuous yield.  

Heat-treating a ferritic material to adjust its solute content can be used to adjust the initial mobile 

dislocation content through Cottrell-based pinning [20]. For example, Gao et al. [30] altered the 

cooling rate of a series of high-purity iron samples of fixed chemistry and showed that higher cooling 

rates resulted in a discontinuous yield. Gao et al. [30] attributed this to the diffusion properties of the 

solute carbon and nitrogen atoms in the iron samples. By increasing the cooling rate, the solute 

atoms did not have sufficient time to diffuse and pin dislocations or dislocation sources in the 

microstructure. The authors therefore concluded that it is not only the amount of solute in the 



Chapter 2: Literature Review 

32 

 

microstructure that matters but also where the solute is distributed in the microstructure. 

Interestingly, their iron samples also contained 11 ppm carbon (0.0011 wt%) and 8 ppm nitrogen 

(0.0008 wt%), showing just how small amount of carbon or nitrogen is required for a ferritic material 

to exhibit a discontinuous yield. 

It is possible to heat-treat an IF steel to release locked carbon or nitrogen atoms from the carbides 

and nitrides (precipitates) and dissolve them in the ferrite matrix. It is important to heat-treat at a 

sufficiently high enough temperature to dissolve the precipitates because the dissolution 

mechanism is driven by the thermodynamics, not the kinetics (i.e. simply increasing the soak time 

does not have a significant effect on the proportion of the carbides that dissolve) of the dissolution 

process. As shown in Figure 2-4, titanium-based precipitates typically do not dissolve unless the 

heat-treatment temperatures are >1200°C [19,31,32]. However, niobium-based precipitates dissolve 

at temperatures around 800°C – 900°C [19] indicative of their lower thermal stability. Gong et al.. 

[33], also observed a higher rate of coarsening and dissolution of niobium-based precipitates in 

samples of high-strength, low alloy steel compared with titanium-based precipitates. Indeed, the 

composition of commercially available grades of IF steel are designed to avoid this during 

processing because discontinuous yielding is not desirable for a lot of industrial applications such as 

rolling and drawing. This is because it results in a poor surface finish due to the development of 

highly strained bands associated with the formation and propagation of Lüders striations during 

yielding. Therefore, sufficient concentrations of carbide/nitride forming elements are added in 

combination with the thermomechanical processing routine to ensure as much of the solute atoms 

are locked in precipitates. 
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Figure 2-4 – Bar graph comparing the effect of temperature (slab reheat temperature – SRT) on the precipitation of 
different titanium and niobium based species in IF steel microstructures ([32] pg. 1809).   

Furthermore, the cooling rate needs to be sufficiently high such that the precipitates do not simply 

reform when cooling. However, this would also affect the initial mobile dislocation content through 

the resultant grain size for example. Additionally, precipitate size and distribution play an important 

role on both the solute content and resultant grain size. For example, precipitate coarsening through 

Otswald ripening [34] processes could remove solute from the ferrite matrix and decrease the 

number of precipitates available to pin grain boundaries as they sweep through the microstructure 

during recrystallization. Akama et al. [35] noted a comparable phenomenon on the addition of nickel 

to IF steels where the solute atoms were initially unavailable to decrease the initial mobile 

dislocation content. The authors reported that increasing nickel contents increased the magnitude of 

the yield point and the propensity towards discontinuous yield. Akama et al. [35] attributed these 

phenomena to grain refinement strengthening because of nickel segregation to ferrite grain 

boundaries.  

Discontinuous yielding in IF steels has also been observed in microstructures containing ferrite 

grain sizes of ~< 1 µm, so called ultra-fine grained. Gao et al. [30] reported this phenomenon and 

attributed it a decrease in the initial mobile dislocation content (or dislocation source density) with 
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decreasing grain-size. Discontinuous yielding has also been observed in ultra-fine-grained 

aluminium [28].  

Deformation of IF steel at the micrometre scale has been extensively studied. For example, Li et al. 

[36] examined samples of IF steel using Transmission Electron Microscopy (TEM) rolled to different 

thickness reductions. As shown in Figure 2-5, they observed dislocation cell blocks, as similarly 

found in FCC metals. Contrary to FCC metals however, they also noted highly localised micro-

shearing which developed in the dark regions of the micrographs and explained their observed drop 

in the ductility of the steel when rolled between rolling reductions of 30% and 50%. 

 

Figure 2-5 – TEM micrographs of IF steel rolled to 80% thickness reduction: (a) shows a consistent lamella dislocation 
structure; (b) and (c) show dark regions where shear-localisation has developed ([36] pg. 1075).   

As shown in Figure 2-6, Allain-Bonasso et al. [37] studied the microstructural deformation of an IF 

steel using Electron Backscatter Diffraction (EBSD). Importantly, they observed a heterogeneous 

microstructural deformation structure and attempted to relate this to the microstructural parameters 
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that are measurable using EBSD such as grain size, texture and grain morphology. The authors 

found that none of these three parameters had a significant effect on the heterogeneity, as 

quantified by comparing the Geometrically Necessary Dislocation (GND) density and Grain 

Orientation Spread (GOS) between the deformed and undeformed states. It is the effect of the local 

networked microstructure (i.e. the dislocation pinning effect of grain boundaries and triple junctions) 

that have the most significant effect on the development of microstructural plastic heterogeneity. 

This is also observed in other materials systems such as copper [38,39], and zirconium and titanium 

[40].  

 

Figure 2-6 – GND density map measured from a sample deformed to 17% tension showing significant GND density 
heterogeneity, particularly around grain boundaries and triple junctions ([37] pg. 61) 

To the author’s knowledge, there has been little work on relating different yielding behaviour in IF 

steels to their microstructural deformation response. This forms an important section on the 

investigation of IF steel included in this study (Chapter 4). 

2.1.2 Martensitic Steels 

Martensite is a non-equilibrium crystalline form of steel named after Adolf Martens. It typically forms 

upon quenching of carbon steel from the austenite phase although it can also form when working a 

steel (for example in TRIP steels). In low-carbon steels, the quenching process does not allow 
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sufficient time for the carbon atoms to diffuse to form ferrite and cementite. Therefore, a 

diffusionless, shear transformation occurs which, for the case of steel systems, results in a high-

strength but usually brittle microstructure. The high strength and brittleness typically associated with 

a martensitic steel are due to the generation of dislocations to accommodate the shape change 

associated with the austenite to martensite transformation and the production of multiple boundaries 

(e.g. lath, sub block and block) that block the motion of these dislocations during plastic 

deformation. Typically, the brittleness can be alleviated a little by tempering a martensitic steel after 

deformation, usually at the expense of its strength.  

The carbon content alters the morphology of martensite microstructures. For the case of this project, 

API quenched and tempered martensitic steel grades were examined with carbon contents of 

<0.5 wt%. All martensite microstructures included in this work therefore exhibit a lath-like 

morphology as illustrated in Figure 2-7 [13]. Above 0.5 wt%, martensitic steels can exhibit a plate-

like morphology [13]. 

 

Figure 2-7 – The morphology of lath martensite represented as: (a) and Electron Backscatter Pattern (EBSP) quality (band 
contrast) map and (b) corresponding Coloured Orientation Map (COM) w.r.t. the inverse pole figure key ([41] pg. 1284) 

All quenched and tempered API steel coupons used in this study (Q125R and L80) were machined 

from commercially available seamless pipes. The precise parameters used in the production of the 

pipes used are commercially sensitive. Briefly, impurities such as phosphor, sulphur and excess 
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carbon are removed from pig iron and this is continuously cast into a bar with a circular cross-

section (billet). The billet is then pierced and continuously rolled to form the pipe geometry. The 

pipes are then heat-treated and subsequently quenched to form the martensite microstructures. 

Following this, the pipe sections are inspected and threaded before delivery to the customer. 

A heterogeneous distribution of alloying and impurity elements in the microstructure has a profound 

effect on the susceptibility of a grade of steel to hydrogen embrittlement. Chemical segregation of 

impurity elements occurs during seamless pipe production, particularly during the initial rolling of the 

billet, and piercing and rolling of the pipe geometry. In particular, sulphur has a relatively high 

solubility in the iron melt but sulphur solubility is comparably much lower in the solid iron phases 

[42–44]. It is also virtually impossible to eliminate the presence of sulphur in the commercial 

production of steel; modern steels typically contain <0.01 wt% sulphur1. For the case of Q125R and 

L80, the sulphur tends to form sulphides with the manganese in the microstructure. 

Of interest to this project is the characterisation of a martensitic microstructure sub-components 

particularly as techniques such as EBSD have enabled significant progress towards understanding 

the crystallographic relationship between the different substructures. From a hydrogen 

embrittlement perspective, this can influence a Hydrogen Accelerated Crack (HAC) initiation and 

propagation path because of the distribution of hydrogen trap sites in a martensite microstructure as 

a result of the substructure formation and distribution.  

 

 

 

 

                                                

1 Communication with Manuel Gonzalez on 13th Nov 2018 
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Precise nucleation sites for lath martensite are thought to be at prior-dislocation structures in the 

austenite [13]. For the case of low-carbon steels, the Kurdjumov-Sachs (KS) relationship [45] can 

be used to approximate the crystallographic relationship between martensite (α’) and its parent 

austenite (γ). In terms of Miller indices, the KS relationship is defined as: 

{110}𝛼′||{111}𝛾 

< 111 >𝛼′ || < 110 >𝛾  

(1) 

 

The microstructural hierarchy of lath martensite is categorized as Prior Austenite Grains (PAGs) 

packets and blocks as depicted in Figure 2-8 [46–49]. Also included in this figure is a martensite 

EBSD dataset measured by the author contained within a PAG boundary. The PAG boundary was 

calculated using a PAG data reconstruction code described in Nyyssönen et al. [50] which is 

subsequently discussed after the figure.  
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Figure 2-8 – (a) Schematic of the lath martensite microstructural hierarchy showing the Prior Austenite Grains (PAGs), 
packets, blocks, sub-blocks and finally individual martensite laths (adapted from [46] pg. 203); (b) an example Coloured 
Orientation Map (COM) with respect to the Z-axis of martensite within a reconstructed PAG boundary; (c) corresponding 

{111} pole figure of the martensite orientations as measured from EBSD with {110} poles of the reconstructed PAG 
superimposed as black dots; (d) corresponding pole figure produced from an orientation distribution function with a 

halfwidth of 6°. A spherical grid is included and has an interval of 15°. The units of the scalebar are xRandom density. 
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There are 24 symmetrically equivalent variants of the KS relationship that can be grouped into four 

packets. As shown in Figure 2-8(b), four symmetrically equivalent packets of martensite orientations 

extend from each of the {110}γ habit planes. These packets are further sub-divided into blocks which 

contain laths that share the Bain elongation axes (variants) that minimise the energy change in 

accommodating the austenite-martensite shape change. Blocks are therefore typically separated by 

high angle boundaries. As shown by Morito et al. [51] block-size significantly affects the yield 

strength of a low-carbon martensitic steel because dislocations have a higher propensity to pile-up 

against the higher-angle boundaries [52]. Sub-blocks contain martensite laths of the same variant of 

the KS relationship and therefore sub-block boundaries are typically low-angle.  

PAG boundaries are thought to play an important role in the susceptibility of a martensitic steel to 

hydrogen embrittlement [53]. Specifically, HACs have been seen to propagate along PAG 

boundaries [53] and one of the core objectives of this study is to explore this observation further. 

Therefore, identifying the spatial location of PAG boundaries is of upmost importance. Historically, 

PAG boundaries were typically found using etchants such as picral (picric acid dissolved in ethanol) 

[54] and picral with hydrochloric acid [55]. These techniques however do not contain much useful 

information about the local orientation. With this is mind, EBSD is an invaluable tool to not only 

locate PAG boundaries, but also reconstruct the orientations of the PAGs from the measured 

martensite phase orientations. A plugin for the MTex package [56] was developed by Nyyssönen et 

al. [50,57] that reconstructs a PAG data set from EBSD measurements on martensitic samples. It is 

used extensively in this work to correlate HAC sites with PAG parameters (e.g. PAG grain size).  

PAG reconstruction requires the determination of a more accurate Orientation Relationship (OR) 

between the measured martensite phase and the parent austenite phase to be reconstructed than 

can be provided by the theoretical relationships such as the KS relationship. This is because the 

actual OR between martensite and parent austenite deviates significantly from the theoretical KS 

relationship [58] to accommodate the shape-change strain associated with the transformation. To 

achieve this, Nyyssönen et al. [50] firstly defined the OR between austenite and martensite as:  
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𝑂𝛾𝐶𝑖𝑇𝛾−𝛼 = 𝑂𝛼,𝑖 (2) 

Where 𝑂𝛾 and 𝑂𝛼,𝑖 = orientation matrices representing the crystallographic orientations of austenite 

and martensite, 𝑇𝛾−𝛼= misorientation matrix between the martensite and austenite and 𝐶𝑖 = 

symmetry operator for one of 24 equivalent crystallographic solutions in cubic symmetry 

The misorientation (𝑀) between two different martensite variants sharing the same austenite habit 

plane is defined as: 

(𝑂𝛼,𝑖)
−1
𝑂𝛼,𝑗 = 𝑀 

(3) 

Substituting (2) into (3): 

(𝑂𝛾𝐶𝑖𝑇𝛾−𝛼)
−1
𝑂𝛾𝐶𝑗𝑇𝛾−𝛼 = (𝐶𝑖𝑇𝛾−𝛼)

−1
𝐶𝑗𝑇𝛾−𝛼 = 𝑀 

(4) 

The misorientation at a lath boundary (𝑀) can be measured experimentally using EBSD and the 

positions of the martensite lath boundaries can also be calculated during post-processing of the 

EBSD dataset. Therefore, the MO data can be compared to the KS relationship to determine 

whether it is an inter-martensitic misorientation.  

The actual OR can therefore be iteratively determined by rewriting (4) as: 

𝑇𝑛+1,𝑘 = 𝐶𝑗
−1𝐶𝑖 �̅�𝑛𝑀𝑘 (5) 

Where �̅�𝑛=the input OR of an iteration that results in 𝑇𝑛+1,𝑘, 𝑀𝑘= martensitic lath misorientation. 

(𝑇0=KS relationship typically) 

The symmetry operator that minimises 𝑀𝑘 is used for each iteration.  

Finally, to reconstruct the parent austenite phase, a Markov clustering algorithm is used [59,60] 

which identifies groups of grains that are closely related based on their angular deviation from the 

iteratively determined OR. Specifically, a graph is constructed where a martensite lath and a 

martensite lath boundary become a node and an edge respectively, with the latter connecting two 

neighbouring nodes. Each edge is then assigned a probability value based on its angular deviation 
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from the iteratively calculated OR, i.e. the probability that two neighbouring laths are products of the 

same PAG [59,60]. Markov clustering is a good choice for this type of clustering because it does not 

require input parameters that cannot be determined reliably such as an initial guess of the number 

of PAGs in each dataset. That said, it can be computationally more expensive than commonly used 

clustering algorithms such as the K means algorithm. The plugin is freely available2 and MTex tools 

[61] can be used to manipulate the reconstructed parent austenite phase.  

2.1.3 Interstitial Free (IF) & Low Alloy Martensitic Steels Review Summary 

Summarising, yielding an IF steel results in heterogeneous microstructural deformation patterning. 

Discontinuous yielding in an IF steel can be achieved through controlling the amount of dissolved 

solute in the ferrite matrix. The titanium and niobium-based precipitates can be dissolved or 

coarsened for example to control the amount of solute in the ferrite matrix. There is a 

crystallographic hierarchy in lath martensitic steels (packets, blocks and sub-blocks) within a prior 

austenite grain. Prior austenite grain boundaries play a role in the hydrogen embrittlement of 

quenched and tempered lath-martensitic steels.  

2.2 H2S Corrosion Review 

The emphases of the H2S corrosion review are: (1) how hydrogen enters a steel and the role of 

sulphide species during this process; (2) the solubility, diffusion and trapping of hydrogen in iron and 

steel; (3) a review of the proposed hydrogen embrittlement mechanisms in quenched and tempered 

martensitic steels.  

                                                

2 Please see: 

https://groups.google.com/forum/#!searchin/mtexmail/prior$20austenite$20reconstruction%7Csort:date/mtex

mail/xCWWf8PzpRU/ASoXxeDbAAAJ  

https://groups.google.com/forum/#!searchin/mtexmail/prior$20austenite$20reconstruction%7Csort:date/mtexmail/xCWWf8PzpRU/ASoXxeDbAAAJ
https://groups.google.com/forum/#!searchin/mtexmail/prior$20austenite$20reconstruction%7Csort:date/mtexmail/xCWWf8PzpRU/ASoXxeDbAAAJ
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2.2.1 Role of H2S 

It was initially thought that H2S corrosion failures of components in sour (H2S containing) well 

environments was a form of Stress Corrosion Cracking (SCC) because of the similar conditions 

under which both processes occur [62]. However, it is now widely believed that H2S corrosion 

(summarised in (6) and Figure 2-9 [63,64]) is a form of hydrogen embrittlement because: (1) SCC 

cracks always initiate at pits on the surface of a steel whereas SSC cracks can initiate within the 

bulk of the metal; (2) SCC cracking/ damage of high-strength steels increases with temperature 

whereas it reaches a maximum at around room temperature with H2S corrosion; (3) Application of 

an anodic potential to a steel undergoing corrosion inhibits SCC but promotes H2S corrosion 

[62,65].  

𝐹𝑒 + 𝐻2𝑆.+2𝐻2𝑂 → 𝐹𝑒𝑆 + 2𝐻3𝑂
+ (6) 

 

Figure 2-9 – Schematic of the dissolution of a steel’s surface in an aqueous H2S environment (adapted from [64] pg. 487)  

Corrosion cells (i.e. anodes and cathodes) are generated on the surface due to fluctuations in for 

example, steel composition, cold work and surface roughness [62]. An applied stress promotes 

entry and solubility of hydrogen into the lattice by dilating the volume of interstitial sites in the crystal 

lattice [64].  

H2S promotes entry of hydrogen into a steel in two ways. Firstly, the dissociation of H2S produces 

H+ ions that can be adsorbed onto the surface (i.e. formation of a Fe-H surface bond) [63,66]. 

Adsorbed hydrogen is then incorporated into the bulk of the steel through diffusion processes. Note 
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that the interaction of hydrogen and sulphides with a steel’s surface is a dynamic process where the 

species are continually adsorbed and then recombine or enter the bulk steel.  

Secondly, the sulphide species poison this recombination of adsorbed hydrogen by retarding the 

kinetics of the reaction [63,66] and the precise mechanism for this is not fully understood [63,66]. 

Finally, sulphide species also aid in the depassivation (removal of the iron oxide layer) of a steel’s 

surface by providing a more thermodynamically favourable route for the formation of iron sulphides 

rather than iron oxides [66]. This accelerates iron dissolution and also provides hydrogen 

recombination poisoning species.  

2.2.2 Observation and Transport of Hydrogen in Ferrous Materials 

Once the adsorbed hydrogen is incorporated into the bulk metal, understanding how it dissolves 

and migrates in the steel is crucial because the embrittlement processes require a continuous 

supply of hydrogen at crack tips and local plastic zones [67].  

The temperature dependency of the solubility of hydrogen in iron (i.e. at interstitial sites in the 

lattice) is shown in Figure 2-10 [68]. 

 

Figure 2-10 – Fe-H Binary Phase Diagram at a hydrogen pressure of 0.1 MPa [68] 
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The low solubility below 200°C in ferrite suggests hydrogen must also reside in other regions of the 

microstructure in order for sufficient quantities to be available for hydrogen embrittlement [67].    

Hydrogen is however highly mobile when dissolved in iron because of its small size; random walk 

interstitial diffusion is the dominant mechanism for dissolved hydrogen migration in ferrous materials 

[53]. The mobility is quantitatively represented by the diffusivity (D); a measure of the rate at which 

particles can spread in a given medium. However, there is a broad range of measured values for D 

of hydrogen in annealed ferrite as summarised in Figure 2-11 [69]. 

 

Figure 2-11 – Range of values for the diffusivity of H in bcc iron as a function of temperature. The bold lines define the 
range of values of measured D (the shaded region) ([69] pg. 322).  

The large range of measured D values are explained by the presence of hydrogen traps; features in 

the microstructure that can increase the capacity of hydrogen uptake and decrease hydrogen’s 

mobility in a steel [53,67]. Statistical analysis showed that correlative values of D from the data used 

to plot Figure 2-11 were measured from experiments with a palladium layer deposited on the 

external sample surface to minimise hydrogen entry constraints into the bulk. [70]. The analysis 

suggests external surfaces of the sample are particularly strong hydrogen traps but difficult to 

control for example, due to surface topology and chemical species present. Higher values of D to 

describe the true interstitial diffusion of hydrogen in ferrite are therefore believed to be more 

accurate – generally speaking 10-6 m2s-1 at room temperature is an accepted value [71,72]. In 

comparison, measured Ds to describe interstitial diffusion of carbon and nitrogen in ferrite is around 

10-16 m2s-1 [71,72] at room temperature. 
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Hydrogen traps in steel microstructures play an important role on the transport of hydrogen in steels 

[73]. Characterising them is therefore extremely important because they could be used to starve 

potential hydrogen embrittlement initiation sites of hydrogen. Figure 2-12 is a schematic of potential 

trap features in a metal [74]. 

 

Figure 2-12 – Schematic representation of potential hydrogen trap sites in a metal lattice. (1) interstitial lattice site; (2) 
bonded to an impurity (e.g. a metalloid); (3) dislocations; (4) Internal surfaces (e.g. grain boundaries); (5) inclusions/ 

carbides; (6) vacancies (adapted from [74] pg. 558) 

Traps are characterised by their affinity to hydrogen, quantitatively expressed as a binding enthalpy 

(H). Table 2-1 summarises the binding enthalpies of hydrogen to common traps in a steel 

microstructure at room temperature. Note the energies are given relative to the binding enthalpy of 

a hydrogen atom to an interstitial site in ferrite (set at 0 kJmol-1). 
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Table 2-1 – Table of dissolved hydrogen to specified of common trapping sites binding energies (H) at room temperature 
relative to dissolved hydrogen residing in an interstitial site in ferrite 

Trap H (kJmol-1) Reference 
Measurement 

Technique 
Comments 

H – Perfect 
Lattice 

0 -  - 

H – 
Dislocation 

26.8 [75] 

Thermal 
Desorption 

Spectroscopy 

Precise value of H for dislocations 
depends on the dislocation’s 

Burgers vector and proximity of 
hydrogen to dislocation core [70]. 

H – 
Dislocation 

21.6 [76] 

H – Grain 
Boundary 

27 – 60 
 

[75] 

H for grain boundaries highly 
dependent on grain boundary 

angle and species present near 
grain boundary [77]. 

H – Fe3C 
Interface 

84 [77] Autoradiography  

H – TiC 
Interface 

94.6 [77] Unavailable  

H – Free 
Surface 

95 [78] Flash Desorption  

 

The measurement technique for each trap site is included in Table 2-1 for completion. Briefly, 

Thermal Desorption Spectroscopy [75,76] is where a sample is charged with hydrogen and 

subsequently heated. The release rate of hydrogen is measured with temperature, with peaks in the 

release rate corresponding to hydrogen release from one or a plurality of traps (if they share a 

similar H). This is correlated to the trap(s) and H is calculated. Autoradiography [77] is where a 

radioisotope (tritium in the case of [77]) is used to track the location of the hydrogen in a steel 

microstructure by observing the radioactive decay of said isotope. Flash desorption [78] is similar to 

TDS except only the sample surface is charged with hydrogen. It is important to note that 

experimentally measuring H for specific trap sites is difficult because of factors such as trap site 

control of the original sample [75].  
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However, Table 2-1 does illustrate that certain microstructural features are better at trapping 

hydrogen than others. Above a certain binding enthalpy (arbitrarily defined in the literature at around  

60 kJmol-1 at room temperature [75]), the trap is considered irreversible, the hydrogen is 

permanently bound to the trap unless sufficient heat is added to release it. A homogenous 

distribution of traps with high H can increase the resistance of a steel to hydrogen embrittlement 

[79]. However, as noted by Turnbull [79], the concept of irreversibly bound hydrogen should be 

considered carefully. All traps must have a certain hydrogen capacity and basic kinetics means they 

will also have a hydrogen leakage rate above a certain temperature. Further to this, the whole story 

of hydrogen transport to the trap should be considered. For example, if there is a higher energy 

barrier to enter a trap relative to the interstitial diffusion of hydrogen, clearly very little hydrogen will 

enter the trap [79]. Furthermore, the service conditions must also be considered – if the steel has a 

one-off exposure to hydrogen (e.g. through welding or electroplating), it is likely the steel will not 

embrittle provided there are sufficient traps in the microstructure for the dissolved hydrogen to bind 

with. However, if the service conditions mean the steel is constantly exposed to hydrogen (e.g. for 

the case of steels in sour gas well infrastructure), then the traps must become saturated, suggesting 

that there should be periodic baking to release the hydrogen from the traps [79].  

Direct experimental observation of atomic hydrogen and its effect when moving through iron and 

steel microstructures is challenging to obtain. This is primarily because: (1) hydrogen has a very 

small cross-section to radiation commonly used in laboratory-based characterisation techniques 

such as X-rays and electrons, fundamentally due to its small electron cloud ; (2) the hydrogen 

species causing damage is highly mobile and can therefore diffuse away from the damage site (and 

out of the sample) unless it is cryogenically frozen for example; (3) the threshold concentration of 

hydrogen required for damage is usually extremely small [16]. The following is a brief review of 

some of the experimental techniques used to explore hydrogen induced damage in steel.  

Griesche et al. [80] used neutron tomography to observe the development of internal and external 

hydrogen blisters in iron and martensitic steel. Hydrogen has a much larger neutron interaction 
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cross-section compared with its X-ray or electron cross-sections and hence neutron-based 

techniques are commonly cited as promising techniques to directly observe hydrogen in steel 

microstructures. However, there are still significant challenges with reducing the spatial resolution of 

neutron-based techniques to useful values (micrometer or even the sub-micrometer scale). There 

are also challenges with designing neutron detectors that can detect extremely small concentrations 

of hydrogen in steel. Note also that the work presented by Griesche et al. [80] is the observation of 

hydrogen gas-based internal blisters.  

Observation of the effect of atomic hydrogen in steels was achieved using Small Angle Neutron 

Scattering (SANS) techniques. Note this does not extend to directly mapping the position of the 

atomic hydrogen within the microstructure. As shown in Figure 2-13, Malard et al. [81] used SANS 

to quantify the atomic hydrogen concentrations around vanadium carbide precipitates in a high-

strength manganese steel. They found significant differences in the intensity and scattering vectors 

of the neutrons of the hydrogen charged steel samples compared with the uncharged. By 

measuring the atomic hydrogen concentrations using the changes in the intensity-scattering vectors 

and comparing this with the vanadium carbide precipitate size distributions, they suggested that it 

was likely the hydrogen was trapped within the vanadium carbide precipitates but were unable to 

exclude the possibility that hydrogen was also trapped at the carbide-matrix interface. Specifically, 

Figure 2-13 shows that as the hydrogen concentration increases, the scattering intensity also 

increases at high scattering vectors. Note that the intensity Vs scattering vector signal is dominated 

by trapping of hydrogen in or around these precipitates at high scattering vectors. Moreover, this 

increase in the scattering intensity was a simple multiple of the measured hydrogen content relative 

to the uncharged hydrogen sample which at least suggests that trapping was within the precipitates 

if the carbide size distribution is considered. A useful complementary study would be to compare the 

trapping energy of the carbide-precipitate interface with that of the bulk of the precipitate to suggest 

whether the hydrogen would be permanently trapped before entering the precipitate bulk.  Similarly, 

Ulbricht et al. [82] used SANS to study the effect of irradiation defects on the transport and storage 

of hydrogen in Reactor Pressure Vessel (RPV) steels. They concluded that defects of ~10 nm acted 
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as preferential trapping sites but surprisingly found no evidence of irradiation defects acting as 

hydrogen traps. 

 

Figure 2-13 – Plots of IQ2 (where I = neutron intensity, Q = scattering vector) vs scattering vector  (referred to as Kratky 
plot)  comparing the effect of hydrogen charging (green and orange plots) of a vanadium-carbide containing steel alloy on 

the neutron scattering characteristics to that of the steel not charged with hydrogen (blue plot) ([81] pg. 114) 

Additionally, Atom Probe Tomography (APT) has been used to reconstruct a spatial map of atomic 

hydrogen isotope positions in very small volumes of steel. The first such study published was 

conducted by Takahashi et al. [83] by charging deuterium into steel containing titanium carbide 

precipitates. They showed direct observations of deuterium atoms around the titanium-carbide 

precipitates. This partially contradicts the findings of Malard et al. [81], who suggest that the 

hydrogen must reside within the vanadium carbide precipitates in their work though could not rule 

out the possibility that the hydrogen was also trapped at the carbide-matrix interface. This therefore 

suggests that different carbide species trap hydrogen differently and has profound consequences 

on the ideal size distribution and morphology of carbide precipitates to mitigate hydrogen 

embrittlement in steels. In an additional study, Takahashi et al. [84] further assessed the effect 

hydrogen trapping properties of vanadium carbides in steel using a similar deuterium charging 

method combined with APT. They detected deuterium around large vanadium carbide platelets and 

suggested that the hydrogen must be trapped within the cores of dislocations required to 

accommodate the misfit strain at the carbide-matrix interface. As shown in Figure 2-14, Chen et al. 
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[85] charged deuterium into a ferritic steel containing a fine dispersion of vanadium-molybdenum-

niobium carbides and cryogenically froze the sample before performing APT. Their results suggest 

that the deuterium resides within the core of the carbides rather than the carbide-matrix interface.  

  

Figure 2-14 – Atom probe tomography results showing a higher concentration of deuterium atoms around nanometer-
scale vanadium-carbide precipitates in a ferritic steel ([85] pg. 2) 

The APT and neutron-based results have proved invaluable in exploring the hydrogen trapping 

properties of carbide populations and will likely lead to the design of steels with a lower 

susceptibility to hydrogen embrittlement by tailoring the distribution, chemistry and morphology of 

the carbides. However, it is important to note that the results described do not contain information 

on the hydrogen that embrittles the steel because this is generally caused by the weakly trapped 

and mobile hydrogen populations. Furthermore, Turnball [79] notes that a finite carbide population 

will only be able to trap a certain amount of hydrogen in the steel. Therefore, the application of the 

steel needs to be considered when mitigating hydrogen embrittlement using strong traps.  

Thermal Desorption Spectroscopy (TDS) [86] has also provided valuable insights in hydrogen 

embrittlement of steels, particularly when quantifying the total hydrogen concentration in a sample. 

Typically, a hydrogen-charged sample of steel is placed in a vacuum chamber connected to a mass 

spectrometer. The sample is then heated at a constant rate to outgas the hydrogen species. The 

outgas is then analysed to quantify the hydrogen species present. Plots of hydrogen evolution rate 

with temperature typically consist of a series of peaks corresponding to different trap types. 
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Furthermore, several samples can be subjected to the same hydrogen charging conditions can also 

be heated at different known rates so that the rate of evolution is altered. The hydrogen evolution 

rates can then be fitted to an Arrhenius type solution to determine the activation energy required to 

remove hydrogen from a particular trap type. Thermodynamically however, weakly trapped 

hydrogen (e.g. in solid solution) tends to evolve from the hydrogen within the cryogenic temperature 

range as illustrated in Figure 2-15. Therefore, the sample should be initially cryogenically cooled to 

obtain the whole story of hydrogen trapping and diffusion in a sample.  

 

Figure 2-15 – A schematic of the TDS spectrum taken from a sample of pure iron (adapted from [87] pg. 1483) 

Furthermore, TDS does not reveal information on the spatial location of the hydrogen species in the 

sample.  

Secondary Ion Mass Spectroscopy (SIMS) has also been used to quantify and spatially resolve 

hydrogen isotope populations in samples of steel [87–89]. For example, an early work conducted by 

Takai et al. [89] measured deuterium concentration profiles in high-strength martensitic steel and 

noted that: (1) the hydrogen isotopes tended to segregate to inclusions and grain boundaries; (2) 

the accumulation ratios of hydrogen isotopes at phosphor segregation bands were 11 times higher 

compared with the matrix. The authors also note that to detect hydrogen isotope concentration 

profiles at grain boundaries, the samples must be analysed using SIMS within 24 hours after their 
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electrolytic hydrogen charging tests, reflective of the weaker trapping of hydrogen isotopes at grain 

boundaries compared with the phosphor segregation bands. SIMS can be used to quantify 

hydrogen concentration profiles in three dimensions with micrometer-scale resolution and is an 

extremely useful tool for understanding the effect of micrometer-scale hydrogen trap sites. However, 

there are issues with the technique in that: (1) its resolution is typically limited to the micrometer 

range; (2) the results are very susceptible to contamination of hydrogen in the equipment and on the 

surface of the sample itself, however this can be mitigated using a liquid nitrogen cold-trap as noted 

by Nishimoto et al. [90]; (3) good sample preparation is key because hydrogen isotope 

concentration profiles are very susceptible to damage induced by mechanical polishing and surface 

topography. 

 

Figure 2-16 – Hydrogen and deuterium depth profiles measured using SIMS correlated with grain boundaries and 
phosphor segregation bands (adapted from [89] pg. 1137) 

Scanning Kelvin Probe Force Microscopy (SKPFM) [91] has also been used to understand 

variations in hydrogen concentrations on the surface of a steel sample. SKPFM is a promising 

technique that offers nanometer scale spatial resolution, and with additional work could be used to 

quantify hydrogen by calibrating the changes in the work function with a known concentration of 

hydrogen on the surface measured.  
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Briefly, an alternating potential is applied to a cantilever beam (typically made of silicon) at the same 

frequency as one of the mechanical resonance frequency of the beam. The beam is then electrically 

connected to the sample to be analysed and scanned over its surface. The beam will oscillate when 

a direct potential between the beam and sample is established because of the combined direct and 

alternating potentials. Optical equipment is typically used to measure this vibration and the 

oscillations combined with the measured direct potential can be used to calculate and map the work 

function3 across the surface of the sample. The work function varies with the amount of hydrogen on 

the surface of the sample. Therefore, typical experiments include charging hydrogen into the 

sample, applying a palladium layer to the surface to be measured with SKP because of the low 

chemical potential between hydrogen and palladium [91] and measuring the change in potential 

across the surface of the palladium layer. This layer also reduces the effect of surface oxides on a 

steel sample for example.  

Senöz et al. [92] electrolytically charged a plate of duplex steel on one of its main faces and 

examined the opposing surface using the SKPFM technique. This is commonly referred to as a 

permeation experiment. They found a relatively lower measured work function in the austenitic 

regions compared with the ferritic regions of the microstructure because austenite can 

accommodate more hydrogen and hence there is a larger hydrogen permeation rate out of 

austenite regions of the microstructure compared with the ferrite regions.  

                                                

3 Simply put, the energy required to completely remove an electron from the surface 
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Figure 2-17 – Potential map obtained from SKPFM in a sample of dual phase steel with example line scans (marked with 
a dashed red line on the map) of the potential profiles at various times after starting hydrogen charging ([92] pg. 1545).  

Krieger et al. [93] combined SKPFM with TDS in order to understand various defects acting as 

hydrogen trap sites in samples of ferritic steel deformed to different amounts. They once again 

showed that voids and the matrix-inclusion interface were important hydrogen trap sites. However, 

they also note that dislocations and vacancies were the dominant hydrogen trapping sites in the 

steel sample, with vacancy sites becoming increasingly important for the hydrogen trapping 

properties as the degree of deformation in the sample increased. Surprisingly, they showed that 

high angle grain boundaries in the sample did not appear to accommodate hydrogen but could not 

correlate this with prior literature.  

A comparable but simpler method of spatially resolving where the hydrogen outgasses from 

hydrogen charged samples of steel compared with SKPFM is silver decoration. Typically, samples 

are immersed in a solution or gel containing silver ions (Ag+). As the hydrogen outgasses from the 

steel sample, it reduces the silver ions to silver metal which deposits on the exit points of the 

hydrogen. For example, Koyama et al. [87]  used the technique to explore they HAC damage in a 

0.2 wt% martensitic steel. Their silver decoration technique suggested that hydrogen accumulated 

at PAG boundaries, but not at block boundaries as shown in Figure 2-18. 
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Figure 2-18 – Silver decoration of a martensitic steel deformed in tension and electrolytically charged with hydrogen: (a) 
SE image prior to any deformation; (b) SE image with silver decoration (note the accumulation of hydrogen around prior-

austenite grain boundaries; (c) corresponding COM w.r.t. the tensile axis ([94] pg. 737).  

As with SKPFM, silver decoration shows the exit regions of hydrogen from the microstructure. 

Therefore care must be taken when interpreting results, particular as grain boundary networks for 

example could provide preferential routes for hydrogen to leave the microstructure.  

Finally, Barnoush and Vehoff [95,96] developed a technique combining a nanoindenter with 

electrochemically charging a sample with hydrogen to investigate embrittlement mechanisms. They 

noted that for single crystal samples of FeSi in [95], the pop-in stress decreased significantly once 

the samples were charged with hydrogen [95]. 

 

Figure 2-19 – Load-displacement data from several tests into samples of FeSi showing the decreased pop-in load for 
hydrogen charged samples ([95] pg. 5279) 

A lower load pop-in typically occurs when the Hertzian elastic stress field is relieved through 

dislocation source activity or movement of prior dislocations. Barnoush and Vehoff’s work [95,96] 
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shows that a pop-in occurs at lower loads, indicating that hydrogen decreases dislocation source 

strength or enhances dislocation mobility.  

2.2.3 Observation & Proposed Fundamental Hydrogen Embrittlement Mechanisms of High 

Strength Steels 

As the yield strength of a steel increases, the susceptibility to hydrogen embrittlement increases 

[53]. This appears to be due to more microstructural features in high-strength steels that lead to 

embrittlement (e.g. interfaces and carbides). Furthermore, a higher yield stress suggests the iron 

matrix can be elastically strained to higher values, further enhancing the local hydrogen solubility 

[53]. The embrittlement of high-strength steels is generally considered to be a solid state process 

[62] as opposed to the accumulation of hydrogen bubbles in the bulk of the metal causing internal 

pressures and cracking. However, a single, fundamental mechanism has yet to be defined and 

current research aims towards a single, multi-mechanism understanding, incorporating observations 

across all length-scales [71,79,97–103]. It is observed that failure of high-strength steels that 

contain a quenched and tempered martensitic microstructure is generally along prior austenite grain 

boundaries [53]. Furthermore, segregation of metalloids (e.g. sulphur) to grain boundaries is known 

to be detrimental to the high strength steel’s resistance to hydrogen embrittlement [53].  

The atomic-scale mechanisms for hydrogen embrittlement of high-strength steels are summarised 

schematically in Figure 2-20 and described in the subsequent text. 

(a) (b) (c) 

Figure 2-20 – Summary schematics of current frontrunners of hydrogen embrittlement mechanisms in high strength, 
non-hydride forming alloys: (a) Hydrogen Enhanced Decohesion; (b) Hydrogen Enhanced Local Plasticity; (c) 

Adsorption Induced Dislocation Emission ([53] pg. 111) 
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2.2.3.1 Hydrogen Enhanced Decohesion (HEDE) 

Firstly, Hydrogen Enhanced Decohesion (HEDE): tensile stress ahead of a crack tip enhances the 

local solubility of hydrogen in that region. The accumulation of hydrogen reduces the bond strength 

between adjacent iron atoms in that region, promoting crack propagation. The fundamental 

mechanism for this is thought to be the donation of the 1s electron of the solute hydrogen to the 

empty unfilled 3d shell of the iron atoms [53]. HEDE was first described by Troiano et al. [104–106] 

and indirect experimental evidence exists for the mechanism. For example, Vehoff and Rothe [107] 

noted a reduction in the crack-tip opening angle with increasing hydrogen fugacity4 in single crystals 

of FeSi and Ni [107] as shown in Figure 2-21. 

 

 

Figure 2-21 – Optical micrographs showing the crack tip angle after stressing in different hydrogen atmospheres in a 
sample of FeSi. From left-right the hydrogen pressures are 10 Pa, 0.7 Pa and vacuum ([107] pg. 1784).  

The sharpness of the crack tip increases with hydrogen fugacity in Figure 2-21, suggesting the 

crack propagation mechanism moved from slip ahead of the crack tip to atomic cleavage [107].  

The HEDE mechanism is a key hydrogen embrittlement mechanism proposal for non-hydride-

forming high strength alloys [108]. However, HEDE is very challenging to directly observe because 

there is little direct evidence for it above the atomic length-scale. Arguably, a featureless fracture 

could be indirect evidence of HEDE. However, it is debatable as to whether even modern Scanning 

                                                

4 Fugacity is the equivalent of partial pressure when the gas is behaving like a real gas 
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Electron Microscopes (SEMs) have sufficient resolution to distinguish features on the fracture 

surface that suggest other mechanisms are involved [53] such as evidence for plasticity. 

Furthermore, as noted by Gangloff et al. [108], experimentally preparing the extreme stresses 

ahead of a crack tip in-order to directly measure the solubility enhancement of hydrogen in these 

areas would be very challenging. Therefore, it would also be very difficult to measure the required 

concentration of hydrogen (coupled with the crack opening stress) to sufficiently weaken the Fe-Fe 

bonds [53] for bulk-scale embrittlement to occur.  

2.2.3.2 Hydrogen Enhanced Local Plasticity (HELP) 

Secondly Hydrogen Enhanced Local Plasticity (HELP): hydrogen shields the repulsive stress fields 

of adjacent dislocations, resulting in very localised regions of enhanced slip. This results in easier 

formation of microvoids that coalesce to form a ‘quasi-brittle’ crack. HELP was first proposed by 

Beacham et al. [109] as a result of observing evidence of plasticity on the fracture surfaces of 

hydrogen charged samples of steel.   

As with HEDE, HELP also suffers from the difficulty of obtaining direct experimental evidence. TEM 

observations by Robertson [110], using an in-situ hydrogen containing environmental cell, plastically 

deformed samples of numerous materials (steels included) whilst they were charged with hydrogen. 

The results show enhanced dislocation motion and other related effects such as increased proximity 

of dislocations in pile-ups as shown in Figure 2-22. 

 

Figure 2-22 – Two superimposed TEM micrographs, a and e, showing the effect of two hydrogen pressures on the pile-up 
of dislocations in a stainless steel. Micrograph a was taken in vacuum and micrograph b in in a hydrogen atmosphere of 
13 kPa ([110] pg. 678). (A negative of e was deliberately taken, therefore the white dislocations are from micrograph e) 
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This supports the view that hydrogen does shield the repulsive stress fields of adjacent dislocations. 

However, it should be noted that because TEM samples are electron transparent (~200 nm in 

thickness), the proximity of the free surface will influence the motion of dislocations [110]. Barnoush 

and Vehoff [96] also note that in-situ TEM experiments result in very high hydrogen fugacities (see 

Figure 2-22) that can be unrepresentative of in-service conditions since hydrogen molecules are 

dissociated by the high voltage electron beam. They also note that the beam can heat the sample 

locally, also enhancing dislocation motion.  

2.2.3.3 Adsorption Induced Dislocation Emission (AIDE) 

Finally, Adsorption Induced Dislocation Emission (AIDE) first proposed by Lynch in 1976 [53]: 

adsorption of hydrogen onto a surface (e.g. the internal surface of a crack) results in the enhanced 

emission of a dislocation, particularly if there are favourably orientated slip systems around the 

crack tip. AIDE can be thought of as a combination of HEDE and HELP i.e. nucleation of 

dislocations at a surface due to decohesion of adjacent iron atoms and HELP due to the resultant 

enhanced slip.  

Lynch [53], notes that AIDE is a viable mechanism because of the relatively hydrogen trapping 

capacity (see Table 2-1) of both internal and external surfaces. Therefore, the mechanism is 

fundamentally based at regions of a microstructure that have a high hydrogen trapping capacity. 

However, it would be very challenging to separate AIDE from HELP, unless the nucleation site of 

dislocations was precisely traced to the surface. 

2.2.3.4 Hydrogen Enhanced Vacancy Formation 

Finally, there is also indirect experimental evidence and Density Functional Theory modelling (DFT) 

of how hydrogen enhances void formation in ferrous materials [111]. This could also play a role in 

embrittlement mechanism, particularly in the plasticity enhancement mechanisms.  

2.2.4 Hydrogen Embrittlement Induced Cracking Mechanisms in Martensitic Steels  

Microstructurally, hydrogen embrittlement manifests itself in many ways depending on the 

microstructure, hydrogen charging conditions and stress-state. For the case of quenched and 
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tempered martensitic steels (e.g. the API Q125R and L80 grades used in this study), microstructural 

HACs within the oil and gas industry (amongst other) have generally been categorised, based on 

their geometry, as Hydrogen Induced Cracks (HICs), Stress Orientated Hydrogen Induced Cracks 

(SOHICs) and Sulphide Stress Cracks (SSCs) [62] as illustrated in Figure 2-23 and Figure 2-24. 

 

Figure 2-23 – Schematics of the different geometries of HACs shown in the four-point bend coupon geometry 

It is generally accepted that HICs initiate and propagate regardless of the stress state [112]. That is 

not to say however that residual microstructural stresses play an important role. SOHICs and SSCs 

however require an externally applied stress in order to initiate and propagate specifically, a mode 1 

opening stress [113] as shown in Figure 2-23. 

For the case of HICs, atomic hydrogen accumulates at traps in the microstructure and recombines 

at sufficient concentrations to form internal hydrogen gas bubbles [80]. These exert a deviatoric 

stress on the surrounding microstructure resulting in the development of a HIC. For the case of 

seamless pipeline steels, HICs will develop a lenticular morphology because they tend to initiate 

within segregation bands that are arranged circumferentially when observing the cross-section of 

the pipes (typically manganese sulphide-based species) in the microstructure [43,114,115].  
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Figure 2-24 – HICs and SOHICs in a steel bend coupon. The top surface is the tensile surface. A scalebar was not 
provided for this figure. ([112] pg. 21) 

Similarly, SOHICs are thought to the linking of several HICs. This results in a step-like morphology 

through the microstructure because HICs tend to initiate at segregation bands. As proposed by 

Amano et al. [116] and illustrated in [112], the linking of HICs to form a SOHIC is exacerbated not 

only by a higher global stress, but also by hydrogen transport in the activa ted plastic zone (i.e. 

using glissile dislocations) surrounding a developing HIC. This could be due to a shear stress 

component of the tensile stress operating at 45° to the tensile surface. However, as shown in Figure 

2-24, the SOHICs are seen to change direction as the crack path moves towards the neutral axis of 

the bend coupon, i.e. as the bending shear stress approaches its maximum. This does not consider 

however consider the local crystallography (orientation of the activated slip-systems) surrounding 

the developing HIC.  

The microstructural origins of SSC initiation and propagation however are less conclusive. Craig 

[62] notes that SSCs do not initiate and propagate with a gaseous hydrogen induced mechanism as 

with HICs and partially with SOHICs. They are attributed to an atomic hydrogen-based mechanism. 
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SSCs also tend to initiate and propagate at higher applied global stresses compared with HICs and 

SOHICs [62] and in higher-strength steels. The lack of understanding combined with unpredictable 

crack initiation location and rapid propagation drives research into understanding the microstructural 

origins of SSCs to design steels that are less susceptible to them.  

Liu et al. studied the susceptibility of C110 steel (another quenched and tempered martensitic steel 

grade) to sulphide stress cracking as a function of its microstructure [117] and heat-treatment [118]. 

Note that C110 has a lower perceived susceptibility to hydrogen embrittlement compared with 

Q125R but not L80. The samples were double cantilever beam or tensile coupons and were 

submerged in a solution of acetic acid and sodium chloride dissolved in distilled water and saturated 

with 1 bar H2S for two weeks. For the former study, they utilised EBSD to assess the misorientation 

distribution around cracked regions of the microstructure and compared it to uncracked regions. 

They found that cracked regions contained a higher proportion of low angle grain boundaries 

compared with uncracked regions. Similarly for the latter, the authors concluded in [118] that it is the 

heat-treatments that reduce the proportion of low angle boundaries that decrease the susceptibility 

of the steel to sulphide stress cracking. These results are summarised in Figure 2-25 and also agree 

with the findings of Cao et al. [119], who assessed different grades of 125 ksi (862 MPa) API grades 

of steel and found that the grades containing a lower portion of low angle boundaries have lower 

susceptibility to sulphide stress cracking. 
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Figure 2-25 – Grain boundary misorientation distributions measured from different regions of a microstructure of C110 
showing the change in the misorientation distributions ([117] pg. 249) 

It is not clear from this work as to whether some of the contributions to the increased proportion of 

low angle grain boundaries around cracked regions of the microstructure are required to 

accommodate the initiation and propagation of the crack.  

Low angle boundaries suggest it is the presence of dislocations (or arrays of dislocations) that play 

a significant role on the initiation and propagation of SSCs. With this in mind, Nagao et al. [120–124] 

assessed HAC sites using SEM and TEM-based techniques measured from samples of notched 

four-point bend coupons of quenched and tempered martensitic steels and dynamically tested at 

various displacement rates. It is not explicitly stated that these are SSCs. The samples were 

charged with hydrogen using a hydrogen gas autoclave and compared with uncharged samples. 

They found two fracture morphologies, which they termed “flat” and “quasi-cleavage” which 

operated along PAG boundaries and martensite lath boundaries respectively. These fracture 

morphologies contrasted to those of the uncharged coupons, which were a product of micro-void 

coalescence.  
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The authors attributed the transition of the fracture mode to the observed clear increase in the 

dislocation activity beneath the fracture surface of the hydrogen charged coupons compared with 

the uncharged coupons. They firstly suggest that this is evidence for the HELP mechanism although 

they clearly note that post-mortem observation of fracture surfaces is not conclusive of this [122]. 

They also suggest that the lack of micro-void coalescence in the observed fracture surfaces of the 

hydrogen charged samples suggests that a hydrogen enhanced vacancy formation does not play a 

role. 

As shown in Figure 2-26, comparison of the dislocation activity beneath flat and quasi-cleavage 

fracture surfaces revealed for the flat case that the slip bands were running parallel to the 

longitudinal direction of the martensite laths and the intersection between the slip bands and 

fracture surface is inclined towards the PAG boundary. For the quasi-cleavage case, the slip-bands 

were inclined towards the longitudinal direction of the laths and the slip planes were inclined 

towards the lath boundary [123].   

 

Figure 2-26 – TEM micrographs of the observed dislocation activity directly beneath a (a) flat and (b) quasi-cleavage 
fracture surface comparing the orientation of the observed slip planes relative to the martensite lath boundaries and PAG 

boundaries ([123] pg. 1703) 

The authors attributed this difference to a combination of the applied global stress, the local stress-

state variation and the enhanced dislocation activity due to the HELP mechanism. The latter 
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resulted in a redistribution of the hydrogen to the PAG and lath boundaries causing HAC. 

Furthermore, the authors also suggest that it is the higher angle boundaries (which generally occur 

at PAG and block boundaries in martensitic steel) that increase the propensity of dislocations to 

pile-up against them therefore increasing the accumulation of hydrogen to these regions.  

However, careful consideration must be made firstly on the dynamic stress-state of the test and the 

extremely high stress magnitude at the notch leading to exacerbated dislocation activity compared 

with a static, un-notched bend-test for example. Secondly, with exception to the cementite and 

titanium/molybdenum precipitates these studies do not assess the local alloying elements or 

impurity chemistry at the PAG or lath boundaries (for example sulphur or phosphor). Finally, there 

are some large field of view SEM images of the different fracture surfaces [123] however there is not 

a quantitative analysis of the amount of each surface.  

One of the core objectives of this work is to statically stress four-point bend coupons of API grade 

martensitic steels and charged them with hydrogen (electrolytically and using a H2S autoclave.) 

Therefore, these will form a very interesting comparison of the HACs in these samples with those 

published by Liu et al. [117,118], Cao et al. [119] and Nagao et al. [120–124]. 

2.2.5 Summary of H2S Corrosion Review 

Summarising, hydrogen embrittlement is one of the components of H2S corrosion. Hydrogen entry 

into a ferrous material is enhanced by the presence of sulphide species at the surface. Hydrogen is 

very mobile but not particularly soluble in a ferrous material. Experimental observation of hydrogen 

in iron-based alloys is challenging because atomic hydrogen does not interact strongly with 

laboratory-based radiation (electrons and X-rays). Neutrons are claimed to be the most promising 

for the observation of hydrogen in steels however challenges remain to increase the spatial 

resolution and development of high-sensitivity neutron detectors. The three main hypothesised 

mechanisms for hydrogen embrittlement of iron-based materials are Hydrogen Enhanced 

Decohesion (HEDE), Hydrogen Enhanced Local Plasticity (HELP), and Adsorption Induced 

Dislocation Emission (AIDE). In the literature, HEDE and HELP are the most likely cause of 
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hydrogen embrittlement of high strength steels. However, separation of each mechanism suffers 

from lack of direct experimental evidence. As the strength of a steel increases, so does its 

susceptibility to hydrogen embrittlement. Hydrogen embrittlement in quenched and tempered 

martensitic steels manifests microstructurally as three main crack geometries: Hydrogen Induced 

Cracks (HICs), Stress Orientated Hydrogen Induced Cracks (SOHICs) and Sulphide Stress Cracks 

(SSCs). The precise mechanism for SSCs remains unclear and they are studied in this work.  
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3 Experimental Methods 

This chapter contains overviews of the main experimental techniques used in this study and 

detailed methods for each results chapters (4, 5 and 6).   

3.1 Hydrogen Charging 

Experimental hydrogen charging of steels (charging atomic hydrogen into the bulk of the steel) is 

typically accomplished using: (1) electrolytic hydrogen charging [125–127,127–129]; (2) autoclave 

testing in a pressurised hydrogen containing atmosphere [120–124]; (3) autoclave testing where 

samples are submerged in a solution and a hydrogen-containing species is bubbled through the 

solution to establish a hydrogen concentration equilibrium between the solution and gas phase 

[63,64,130,131]. These techniques are illustrated in Figure 3-1.  

 

Figure 3-1 – (a) Schematic of a typical two-electrode electrolytic hydrogen charging rig; (b) A filled autoclave schematic 

For electrolytic hydrogen charging, the sample to be charged with hydrogen is typically immersed in 

an acidic or alkaline solution. An electrochemical cell is then created between the sample and a 
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reference electrode by applying a cathodic potential between the steel to be charged with hydrogen 

and the reference electrode. Three-cell electrochemical cells are also used to increase the accuracy 

of measurement of potential and current of the sample charged with hydrogen (working electrode). 

The cathodic potential essentially promotes the reduction of H+ ions in the solution at the surface of 

the steel cathode, e.g. for acidic solutions.  

2𝐻+(𝑎𝑞) + 2𝑒− → 𝐻2(𝑔) (7) 

And for alkaline solutions 

2𝐻2𝑂(𝑙) + 2𝑒
− → 𝐻2(𝑔) + 2𝑂𝐻

−(𝑎𝑞) (8) 

The hydrogen gas is adsorbed onto the steel surface and subsequently absorbed into the bulk. An 

equilibrium is established between the gaseous hydrogen produced from the cathodic reaction and 

the adsorbed hydrogen on the surface of the steel. As such, hydrogen recombination poisons [132] 

(e.g. thiocyanates) are sometimes added to poison the recombination of adsorbed hydrogen, similar 

to the sulphide species produced from the dissolution and dissociation of H2S gas in aqueous 

solution. This therefore increases the proportion of atomic hydrogen entering the steel bulk by 

shifting the equilibrium position towards the adsorbed hydrogen species. 

Autoclave testing can be conducted in a purely gaseous mode, i.e. the samples are exposed to a 

high-pressure hydrogen atmosphere. Alternatively, the samples are submerged in a solution and a 

hydrogen containing gas is bubbled through the solution. Typically, the hydrogen containing gas is 

bubbled through the solution until the solution is saturated with dissociated species from the gas. 

The autoclave chamber is then isolated in order to stabilise the test conditions. Furthermore, the 

autoclave chamber is only partially filled with solution such that before being isolated, the unfilled 

volume of the chamber can be pressurised with the hydrogen containing gas such that an 

equilibrium can be set up between the gas and liquid phases to increase the concentration of 
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dissolved species from the gas in solution, in accordance with Henry’s law5. To maintain a 

reasonably constant activity of the reagents, the autoclave chamber can be purged periodically 

during the test to refresh the gas phase.  

For the case of this project, both two-cell electrolytic hydrogen charging using an acidic electrolyte 

and wet H2S autoclave testing are used. For the former, 0.2 M sulphuric acid with 3 g/L ammonium 

thiocyanate was used as the electrolyte combined with a cathodic current density of 200 mA/cm2 

applied to a 1 cm2 circular region of the steel four-point bend coupons. For the latter, NACE solution 

B [131] (an analogy of sea water – an aqueous solution of sodium acetate, sodium chloride and 

acetic acid) was used as the solution in which the samples were submerged in. A mixture of N2 and 

H2S gas was then bubbled through the solutions. The N2/H2S ratio was altered to alter the partial 

pressure of H2S (p(H2S)).  

The key advantages of using electrolytic hydrogen charging compared with wet H2S autoclave 

testing are: (1) the laboratory equipment is inherently safer because no H2S is present or 

pressurised equipment is necessary; (2) it is easier to control by simply adjusting the electrolyte 

composition or cathodic polarisation; (3) it is easier to monitor; (4) the applied cathodic current 

inhibits the anodic dissolution of iron, therefore metallographic finishes of the charged region are 

retained during the hydrogen charging. However, it should be noted that H2S autoclave testing is 

generally more representative of industrial conditions (such as down-well or pressurised pipeline 

transport). Kane et al. [130] found that autoclave testing were generally a conservative estimate of 

in-service conditions. Specifically, the severity of hydrogen accelerated cracking was found to be 

greater in autoclave tests compared with in-service conditions for like-for-like H2S concentrations. 

This suggests that local chemistry (e.g. presence of multiple impurities in the oil and gas well such 

                                                

5Henry’s law states that the concentration of dissolved species from a gas in a solution is proportional to the 

partial pressure of the gas at a fixed temperature.  
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as CO2) changes the corrosion response of the underlying steel and work is also underway in 

understanding the combined effects of multiple corrosive agents [65]. 

Furthermore, estimating the partial pressure of H2S in a wet autoclave that corresponds to an 

electrochemical cathodic cell potential is very challenging though could be achieved by using 

permeation techniques such as the Devanathan-Stachurski cell [133,134] as illustrated in Figure 

3-2. That is, the hydrogen permeation rate through the cells because of the electrolytic conditions 

and dissolved H2S conditions could be compared. Note that issues such as anodic dissolution of the 

test-coupon on the charging side in the H2S environment would have to be addressed because the 

coupon would not be cathodically protected during the test.  

 

Figure 3-2 – Schematic of a hydrogen permeation cell (adapted from [135]). The L.H.S cell would reduce hydrogen ions in 
the L.H.S. electrolyte onto the working electrode (a steel coupon). The R.H.S. cell would re-oxidise the hydrogen ions 

once they have diffused through the working electrode. 

There are several studies of relating the hydrogen fugacity to electrochemical parameters 

(essentially the conditions of a gaseous autoclave to an electrochemical charging cell) [136–139]. 
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Bockris et al. [136] related the two by utilising the Nernst equation6. Liu et al. [138] developed and 

experimentally evaluated by defining the relationship as: 

𝑓𝐻2 = 𝐴𝑒𝑥𝑝 (
−𝜂𝐹

𝜁𝑅𝑇
) 

(9) 

Where 𝑓𝐻2  = hydrogen fugacity, 𝜂 = overpotential, 𝐹 = Faraday constant, 𝑅 = gas constant, 𝑇 = 

absolute temperature, 𝐴 and 𝜁 are constants to be experimentally determined 

𝜂 is defined as: 

𝜂 = 𝐸𝑐 − 𝐸𝐻
0  (10) 

Where 𝐸𝑐 = applied potential, 𝐸𝐻
0  = equilibrium potential at the steel surface when it is submerged in 

the charging electrolyte 

𝐸𝐻
0  can be determined experimentally or is empirically defined in terms of the pH of the electrolyte 

and 𝑓𝐻2  as: 

𝐸𝐻
0 = −0.0591𝑝𝐻 − 0.0295log (𝑓𝐻2) 

(11) 

Eqn (9) relates the hydrogen activity at a steel electrode surface in an electrochemical cell to the 

cell potential. Assuming the hydrogen gas liberated during an electrochemical manner behaves in 

the same manner as pressurised hydrogen gas in an autoclave, the hydrogen concentration 

dissolved inside the steel surface can be evaluated from Sievert’s law (𝐶𝐻) as: 

𝐶𝐻 = 𝑆√𝑓𝐻2 
(12) 

Where 𝑆 = solubility constant 

Therefore, the unknown constants, 𝜁 and 𝐴  can be evaluated in an electrochemical permeation 

experiment in order to determine eqn (9). Liu et al. [138] determined 𝜁 and 𝐴 for a series of 

                                                

6 Relates the standard electrode potential to the reduction potential of an electrochemical half-cell  
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electrolytes (both acidic and basic) and noted they also change between certain ranges of 

overpotentials using a sample of pure iron using a permeation cell. Venezuela et al. [139] extended 

this technique to determine eqn (9) for a 3.5NiCrMoV steel. 

3.2 Electron Backscatter Diffraction (EBSD) 

EBSD is used extensively in this project to: (1) measure texture and grain morphology of samples of 

IF steel and quenched and tempered martensitic steels; (2) measure the development of the GND 

density in samples of IF steel deformed in tension using the High Angular Resolution EBSD (HR-

EBSD) technique.  

3.2.1.1 Conventional Electron Backscatter Diffraction 

EBSD is a technique that is primarily used to evaluate the local (<1 µm resolution limit [140,141]) 

orientation of crystalline materials using a SEM. It is based on the phenomenon of electron 

diffraction: typically, a focussed beam of electrons (probe) is scanned over the surface of a sample 

in discreet steps. Simply put, when Bragg conditions are satisfied7, (eqn (13)) [142] electrons diffract 

back out of the sample and can be analysed to assess the crystal orientation at each step. 

Therefore, a map of the local surface orientations can be generated using EBSD. A schematic of a 

typical EBSD experiment is depicted in Figure 3-3 [140,141]. 

𝑛𝜆 = 2𝑑 sin𝜃 (13) 

Where 𝑛=positive integer, 𝜆=incident electron beam wavelength, 𝑑= atomic plane spacing, 𝜃=half 

angle between incident and diffracted electron beam  

                                                

7 Bragg’s law is only strictly true for the edges of a Kikuchi band however there is raised electron intensity 

between the band edges.  
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Figure 3-3 – Schematic of how a Kikuchi band from one atomic plane in a crystalline sample is generate from an incident 
electron beam (adapted from [143], pg. 3837) 

From Figure 3-3, the sample is typically tilted towards to phosphor screen by 70˚ to maximise the 

diffracted electrons signal. The incident electron beam’s tension is typically 20 kV – 30 kV. The 

desired probe size should be carefully considered during the experiment design process but is 

limited to around 0.1 µm with modern FEG SEMs [140,141,143].   

As the probe is scanned over the surface, the diffracted electrons impact the phosphor screen on 

the EBSD detector with spatial variations in intensity that give-rise to diffraction patterns, termed 

Electron Backscatter Patterns (EBSPs). The screen is coupled to a Charged Coupled Device (CCD) 

camera and the whole EBSD detector is connected to a computer for signal processing.  

Bragg diffraction of the incident electron beam results in the generation of two relatively intense 

cones of diffracted electrons compared with background electron intensity. The intersection these 

cones with the phosphor screen are two Kikuchi lines [144] that are formed from the diffraction from 

two sides of atomic planes as depicted in Figure 3-3 [143]. The region between these lines is called 

a Kikuchi band. Given the orientation of multiple families of planes could satisfy Bragg’s law at one 
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given probe location, a typical EBSP pattern will consist of multiple Kikuchi bands as depicted in 

Figure 3-4. 

 

Figure 3-4 – An EBSP generated from a sample of IF steel (Author’s figure). Note the split down the centre of the screen is 
due to an incorrect intensity balance between the two halves of the CCD in the EBSD camera.  

Note, that EBSD fundamentally has a low signal to noise ratio (hence tilting the sample and using a 

high incident beam tension [140,141].) Figure 3-4 is a result of processing the diffracted signal by 

accounting for the background intensity of electrons. Each band represents the direct projection of a 

diffracting crystal plane and their intersection is a zone axis.   

Scanning the probe over the surface of a sample in a series of discreet steps, multiple EBSPs can 

be collected and indexed. Indexing is achieved by converting each Kikuchi band on the collected 

EBSP to a point using the Hough transformation [140,141]. The positions of these points are used 

to generate a look-up table of interplanar angles. Once the pattern is indexed, orientation can be 

determined for each EBSP.   

Briefly, successful indexing can only be achieved if the geometry of the setup (Figure 3-3) is known. 

Specifically, the pattern centre (the minimum distance between the interaction volume and detector 

screen) must be correctly determined. There are several methods of calibrating the geometry of the 

set-up before a run as detailed in [145] such as shadow casting, known crystal orientation, pattern 

magnification and iterative pattern fitting.  
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3.2.1.2 High-Resolution Electron Backscatter Diffraction 

Elastic strain is fundamentally a result of the displacement of interatomic bonds from their resting 

energy state. Therefore, this will affect the relative position and orientation of Kikuchi bands in an 

EBSP. As such, by measuring this difference relative to a reference EBSP pattern, a strain gradient 

can be evaluated. In practice, this is achieved by collecting a high definition EBSP, at the time of 

writing, EBSD detectors can collect diffraction patterns with 1600 x 1200 pixels. Hence the EBSD 

applied to strain mapping is commonly referred to as High (Angular) Resolution Electron 

Backscatter Diffraction (HR-EBSD).  

Several methods of calculating strain from diffracted electrons in an SEM have been evaluated. For 

example, elastic strain will relocate Kikuchi line edges. Attempts were made to quantify this with 

some success. For example, Kozubowski et al. [146] measured elastic strains to an accuracy of 

0.2% in a thin-film of (In,Ga)As deposited on a substrate of GaAs using this technique. However, 

EBSP quality (specifically, the presence of higher order Kikuchi bands) halted the development of 

this technique [147].  

Currently, the most common elastic strain evaluation technique is to collect a reference EBSP 

pattern area of the sample and cross-correlate this with EBSP patterns collected from a strained 

region of the sample [148,149]. Care must be taken when selecting an appropriate reference 

pattern. In theory, it should be from a strain-free region of the material. In practice, it is very difficult 

to ascertain whether a region of material is completely strain free. Consequently, calculating the 

shift between a strained and reference EBSP pattern often results in a strain gradient, not an 

absolute strain. This issue applies to all subsequent analysis included in this review and is generally 

called the “reference pattern problem” as discussed by Wilkinson et al. in [140]. 

The measured shift in patterns can be fed into the displacement gradient tensor to evaluate the 

deviatoric strains and rotations of the region. The relevant experimental set-up is depicted in Figure 

3-5 [140]: a direction (e.g. the zone axis), r, is defined in a reference crystal and another zone axis, 

r’, is defined in a strained crystal as depicted in Figure 3-6 [141,150]. 
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Figure 3-5 – Generation of a projected shift (q) of the zone axes 
on the phosphor screen between a reference EBSP and EBSP 

from a strained region (adapted from [140] pg. 367) 

Figure 3-6 – Schematic of a reference and strained 
crystal showing how r and r’ can be related to Q 

(adapted from [150] pg. 1397) 

Q is the actual shift between the two axes. However, q is the projection of Q onto the phosphor 

screen and is therefore the measured shift. r can be mapped onto r’ using the displacement 

gradient tensor A: 

𝒓′ = (𝑨 − 𝑰)𝒓 =

(

 
 
 
 

𝜕𝑢1
𝜕𝑥1

𝜕𝑢1
𝜕𝑥2

𝜕𝑢1
𝜕𝑥3

𝜕𝑢2
𝜕𝑥1

𝜕𝑢2
𝜕𝑥2

𝜕𝑢2
𝜕𝑢3

𝜕𝑢3
𝜕𝑥1

𝜕𝑢3
𝜕𝑥2

𝜕𝑢3
𝜕𝑥3)

 
 
 
 

(

𝑟1
𝑟2
𝑟3
) 

(14) 

 

Where 𝑢𝑖 and 𝑥𝑖 are displacement and position along the ith axis respectively 

From Figure 3-6, Q can be related to q as [148]: 

𝒒 = 𝑸 − 𝜆𝒓 = (𝑨 − 𝑰)𝒓 − 𝜆𝒓 = {𝑨 − (𝜆 + 𝑰)}𝒓 (15) 

Where 𝜆 is an unknown scalar. 

Therefore: 

(

𝑞1
𝑞2
𝑞3
) =

(
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𝜕𝑢3
𝜕𝑥3

− (𝜆 + 1)
)

 
 
 
 

(

𝑟1
𝑟2
𝑟3
) 

(16) 

 

Expanding: 
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𝑞1 = [
𝜕𝑢1
𝜕𝑥1

− (𝜆 + 1)] + 𝑟2
𝜕𝑢1
𝜕𝑥2

+ 𝑟3
𝜕𝑢1
𝜕𝑥3

 
(17) 

𝑞2 =
𝜕𝑢2
𝜕𝑥1

+ 𝑟2 [
𝜕𝑢2
𝜕𝑥2

− (𝜆 + 1)] + 𝑟3
𝜕𝑢2
𝜕𝑢3

 
(18) 

𝑞3 =
𝜕𝑢3
𝜕𝑥1

+ 𝑟2
𝜕𝑢3
𝜕𝑥2

+ 𝑟3 [
𝜕𝑢3
𝜕𝑢3

− (𝜆 + 1)] 
(19) 

Eqn (19) can be rearranged and substituted into eqns (17) and (18) to eliminate 𝜆 to produce 

[141,148]: 

𝑟3𝑞1 − 𝑟1𝑞3 = 𝑟1𝑟3 (
𝜕𝑢1
𝜕𝑥1

−
𝜕𝑢3
𝜕𝑥3

) + 𝑟2𝑟3
𝜕𝑢1
𝜕𝑥2

+ 𝑟3
2
𝜕𝑢1
𝜕𝑥3

− 𝑟1
2
𝜕𝑢3
𝜕𝑥1

− 𝑟1𝑟2
𝜕𝑢3
𝜕𝑥2

 
(20) 

𝑟3𝑞2 − 𝑟2𝑞3 = 𝑟2𝑟3 (
𝜕𝑢2
𝜕𝑥2

−
𝜕𝑢3
𝜕𝑥3

) + 𝑟1𝑟3
𝜕𝑢2
𝜕𝑥1

+ 𝑟3
2
𝜕𝑢2
𝜕𝑥3

− 𝑟2
2
𝜕𝑢3
𝜕𝑥2

− 𝑟1𝑟2
𝜕𝑢3
𝜕𝑥1

 
(21) 

Therefore, q can be evaluated by measuring r in multiple directions that are not collinear. The 

deviatoric displacement gradient tensor components can be evaluated from eqns (20) and (21). 

Provided the strains are very small (i.e. using infinitesimal strain theory) strain and rotation can be 

evaluated using eqn (22) and (23) from the symmetric and antisymmetric components of the 

displacement gradient tensor. 

𝜀𝑖𝑗 =
1

2
(
𝜕𝑢𝑖
𝜕𝑥𝑗

+
𝜕𝑢𝑗

𝜕𝑥𝑖
) 

(22) 

𝜔𝑖𝑗 =
1

2
(
𝜕𝑢𝑖
𝜕𝑥𝑗

−
𝜕𝑢𝑗

𝜕𝑥𝑖
) 

(23) 

Where 𝜀𝑖𝑗 and 𝜔𝑖𝑗 are strain and lattice rotation components respectively 

It is currently not possible to determine the hydrostatic components of the displacement gradient 

tensor by cross-correlating a strained and reference EBSP patterns because these displacement 

gradients do not result in a shift of the strained EBSP’s zone axis in the plane of the phosphor 

screen. This can be overcome by setting a traction free boundary (i.e. 𝜎33 = 0) and evaluating 
𝜕𝑢1

𝜕𝑥1
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and 
𝜕𝑢2

𝜕𝑥2
 from eqns (20) and (21) [141]. However, it should be noted that the hydrostatic components 

of the displacement gradient tensor could be evaluated directly from a change in the Kikuchi band 

edges if their characterisation could be improved [140]. A hydrostatic strain would manifest itself 

between a test and reference EBSP as a dilation (broadening) of the band widths. 

In practise, pattern shifts are measured as follows [140]: (1) define a set of Regions of Interest 

(ROIs) on the strained and reference EBSP patterns (typically a minimum of 20-50 ROIs are defined 

to result in an over determined solution [150]); (2) fast Fourier transform the ROI data; (3) filter in the 

Fourier domain; (4) iteratively evaluate the shift required to superimpose the intensity peaks in 

Fourier space for each ROI on the reference and strained EBSP. For the case of this project, an in-

house cross-correlation code, XEBSD [140], based in Matlab is used. 

In the case where the lattice rotation (and strain) components are large (e.g. > 11° in [151]) the 

following analysis is applied because the rotations can no longer be treated as very small: (1) the 

shifts evaluated from the first cross-correlation pass (task four in the previous paragraph) are used 

to evaluate an estimate of the displacement gradient tensor and remap the EBSP from the strained 

region onto the reference region; (2) a second cross-correlation is performed on the remapped 

EBSPs and used to evaluate a second displacement gradient tensor; (3) the two displacement 

gradient tensors are combined and the Green strain tensor (𝑬 ) is evaluated using 𝑬 =
1

2
(𝑨𝑨𝑻 − 𝑰) 

[151]. The lattice rotations are evaluated by splitting the displacement gradient tensor into its stretch 

and rotation components using polar decomposition [151].  

The theoretical lower limit of strain and rotation sensitivity from HR-EBSD are calculated to be ±10-4 

and 0.006˚ respectively [148,149]. Strain sensitivity and spatial resolution is the highest of any 

technique that measures strain from a bulk sample and the values sit between those of TEM and X-

ray diffraction-based techniques. In practice, the errors can also be exacerbated by the 

experimental set-up. For example, the lens of the CCD camera can distort the captured EBSP 

resulting in phantom strains. Lens distortion has been corrected in some EBSD detectors by 

measuring the distortion using a chequerboard in place of the phosphor screen and applying a 
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distortion model as achieved by Mingard et al. [152]. Another source of error is correctly determining 

the pattern centre to sub-pixel accuracy. Conventional iterative pattern centre locating techniques 

can locate the pattern centre with an uncertainty of 0.5% (of the image width), producing an error in 

the elastic strain of 10-3 [153]. Mingard et al. [152] have also described an additional step to 

calibrating the pattern centre using the aforementioned cross-correlation technique applied after a 

conventional iterative procedure to locate the pattern centre to within 0.05% (of the image width).  

The presence of dislocations in a sample will tend to blur an EBSP or Electron Channelling Patterns 

(ECPs) because of the departure from perfect lattice quality [154] and there were early attempts to 

relate this degradation in pattern quality to degree of plastic deformation in the material (e.g. by 

Crompton et al. in [154]). However, this proved challenging because pattern quality is also affected 

by many other factors of the experiment’s setup (e.g. sample preparation and microscope set-up).   

The analysis above only measures elastic strain and lattice rotation in the sample. An alternative 

approach is to explore the storage of dislocations which give rise to lattice curvature. However, the 

displacement field (𝒖) in a strained sample will be continuous provided there are no artefacts such 

as a void or crack. Therefore, integrating around a closed loop (c) of this displacement field 

[155,156]: 

∮ 𝑑𝒖
𝒄

= ∮ 𝑑𝑨𝑑𝒙
𝒄

= 0 
(24) 

Where 𝑨 = displacement gradient tensor  

The displacement gradient tensor can be separated into elastic (𝑨𝒆) and plastic (𝑨𝒑) components. 

With application of Stoke’s theorem, eqn (24) (integration around a closed loop) can therefore be re-

written as a surface integral over a bound surface (s) [155,156]: 

∯ 𝑐𝑢𝑟𝑙(𝑨)𝑑𝒔 =
𝒔

∯ 𝑐𝑢𝑟𝑙(𝑨𝒆 +𝑨𝒑)𝑑𝒔 = 0
𝒔

 
(25) 

Therefore: 
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𝑐𝑢𝑟𝑙(𝑨𝒑) = −𝑐𝑢𝑟𝑙(𝑨𝒆) (26) 

Eqn (26) means that evaluation of  𝑐𝑢𝑟𝑙(𝑨𝒆) (measurable with HR-EBSD) relates to the dislocation 

content, 𝑐𝑢𝑟𝑙(𝑨𝒑) 

From eqn (24), if a closed loop is constructed around an area of dislocations, their net Burgers 

vector penetrating the loop can be evaluated as: 

𝑩 = −∮ 𝑑𝑨𝒑𝑑𝒙
𝒄

= −∯ 𝑐𝑢𝑟𝑙(𝑨𝒑)𝑑𝒔
𝒔

 
(27) 

𝑩 can be related to the Nye tensor (𝜶) [157], a set of elastic strain and rotation gradients generated 

due to the presence of dislocations, generalised in three-dimensions as: 

𝑩 =∯ 𝜶𝑑𝒔
𝑆

 
(28) 

Expanding 𝜶 [155,156]:  

𝜶 =

(

 
 
 
 

𝜕𝜔12
𝜕𝑥3

−
𝜕𝜔13
𝜕𝑥2

𝜕𝜔13
𝜕𝑥1
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−
𝜕𝜔32
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+
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−
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−
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(29) 

EBSD only measures strain and rotation gradients in the 𝑥1 and 𝑥2 directions. Therefore all terms in 

eqn (29) containing the 𝜕/𝜕𝑥3 spatial derivative (in red) are not measurable. 

However, after a certain degree of plastic deformation the elastic strain gradients are usually very 

small compared to the rotation gradients and can therefore be neglected. Careful consideration of 

this assumption must be taken when considering materials with high elastic strains before the onset 
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of plasticity, e.g. most ceramics [155]. The difference between the 𝛼11 and 𝛼22 can be evaluated by 

considering the symmetry of the two rotation terms 𝜔12 and 𝜔21 terms as argued by Pantleon et al. 

in [158]. 

Therefore, five of nine terms and one difference of the Nye tensor can be evaluated from EBSD and 

can be related to the dislocation densities of s dislocation types as [155]: 

𝛼𝑖𝑗 = ∑ 𝜌𝑠𝒃𝒊
𝒕

𝑠𝑚𝑎𝑥

𝑠=1

𝒕𝒋
𝒔 

(30) 

Where 𝜌𝑠, 𝒃𝒊
𝒕  and 𝒕𝒋

𝒔 are the density, Burgers vector and unit line direction of the sth dislocation type 

respectively 

Eqn (30) can be specified for the case of deformation of a certain material system by considering 

what slip systems and dislocation types are active. For example, for the room temperature 

deformation of ferritic steels, only the <111>, {110} slip systems can be considered active [159]. The 

model can also be further simplified such that only pure edge or screw dislocations are active along 

these slip systems. This results in 12 active edge dislocations (with <112> line directions) and 4 

edge dislocations (with <111> line directions) [155]. The solvable rotation gradient components of 

the Nye tensor can be re-written as a 6 x 1 array (𝜦), and related to the product of a dislocation 

density tensor (𝝆) and a further tensor containing the product of the Burgers vector and line 

direction of each dislocation operating on the active slip systems (𝑩) [155]: 

𝑩𝝆 = 𝜦 (31) 

Therefore, in theory the dislocation densities operating on each active slip systems can be 

evaluated from the measured lattice rotation gradients. However, because there are usually more 

than six active slip systems in a real material, eqn (31) is normally underdetermined [156]. An 

exception to this is the work presented by Wallis et al. [160,161] who calculated GND density in 

samples of olivine which has 6 slip systems. Consequently, a solution is usually sought to minimise 
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the dislocation line energy of the system combined with weighting the dislocation types according to 

their line energies and accounting for the magnitude of the Burgers vector [155]: 

𝑤𝑠𝑐𝑟𝑒𝑤 = |𝑏
2|, 𝑤𝑒𝑑𝑔𝑒 =

|𝑏2|

(1 − 𝑣)
 

(32) 

Where 𝑤𝑠𝑐𝑟𝑒𝑤=weighting factor of screw dislocations, 𝑤𝑒𝑑𝑔𝑒=weighting factor of edge dislocations, 

𝑏 = Burgers vector magnitude, 𝑣= Poisson’s ratio 

As such, it should be clearly noted that the described solution does not evaluate the plastic strain in 

the sample. Instead, a minimised solution of dislocation densities are inferred from measured lattice 

rotation gradients. Fundamentally, this is because the Kikuchi bands in EBSPs do not contain 

information on the plastic deformation of the material because they are the result of electron 

diffraction between two atomic planes. Furthermore, it is very challenging to evaluate the statistically 

stored dislocation content. Nonetheless, it can be used to provide very useful information on the 

plastic state of the material and this analysis has been applied (e.g. [156,158,162–167]) in several 

types of deformation experiments, including nanoindentation, flexural testing and tensile testing. For 

the GND results presented in this thesis, the rotation field gradients assume a small-strain 

approximation (i.e. they are evaluated from eqn (23)) 

Summarising, EBSD is a powerful technique for mapping strain at the micron-scale and has been 

applied to similar scenarios as the core objective of this project’s initial work. Importantly however, 

stress, strain and dislocation content results should be interpreted carefully. Fundamentally, EBSD 

can only measure stress, strain and dislocation content in two dimensions because it is a surface-

based technique8. Also, EBSD will measure stress and strain gradients as opposed to absolute 

values. Finally, dislocation content is calculated from an underdetermined tensor solution based 

                                                

8 Although there is potential to access components in the 3rd dimension given EBSD operates in reciprocal 

space 
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upon minimising the dislocation line energy. This could be unrepresentative of the true dislocation 

content in the system but nonetheless can yield important information.  

3.3 Digital Image Correlation (DIC) 

Optical DIC has been used in this project to measure the development of surface strain in samples 

of IF steel deformed in tension. Summarising, the sample gauges were spray painted white and 

pressurised nitrogen gas was used to disperse a black photocopy toner onto the gauges. The black 

toner on white pain provided sufficient pixel intensity gradients (optical contrast gradients) for DIC 

measurements.  

As the sample was deformed, photographs of the gauge were periodically taken to capture the 

deformation of the sample. DIC is essentially a technique that correlates these images by 

calculating the maximum pixel intensity correlation coefficient (similar to HR-EBSD EBSP pattern 

correlation) between two sequential images. From this, a displacement (or shift) field is evaluated 

which can then be decomposed into strain and rotation fields.  

For the work undertaken for this thesis, .tiff images were captured of the sample gauges and these 

were cross-correlated using an in-house code similar to the code used in the HR-EBSD method. 

The code works by sub-setting the images into smaller Regions of Interest (ROIs) and performing 

fast Fourier transforms on the pixel-intensity data in each ROI. High and low pass filters are applied 

to each ROI to remove high and low frequency noise. The fast Fourier transformed data is then 

correlated by matching the positions of the peak maxima between equivalent subsets of sequential 

images. A shift for each subset is therefore evaluated. As such a displacement field between each 

sequential image is generated, which is differentiated to obtain the strain and rotation between each 

image.    
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3.4 Energy Dispersive X-ray Spectroscopy (EDS) 

Combined EDS and EBSD have been used in the work undertaken for this thesis to: (1) assess the 

titanium-based precipitates in different samples of IF steel; (2) correlate the local chemistry and 

microstructure around HAC sites in martensitic steels.  

As illustrated in Figure 3-7, when the incident electron beam in a SEM impacts the sample surface, 

some of the electrons in the incident beam will interact with the electron shells in the constituent 

atoms of the samples. Specifically, an electron from the incident beam can knock an electron out of 

the inner shell of an atom in the sample, therefore destabilising the configuration of the electrons in 

the atom. Typically, this moves the atom from its ground-state to an excited-state. Therefore, an 

electron from an outer-shell will move to the inner-shell to replace the electron that was knocked-out 

by the electron in the incident beam. Correspondingly, this transition from a higher shell to a lower 

shell, the electron will shed its excess energy by emitting an X-ray. Importantly, this X-ray has a 

frequency that is characteristic of the energy difference between the outer and inner electron shells. 

Therefore, the X-ray frequency is characteristic of the element from which it was emitted from 

because the energy difference between the electron shells are unique to the element.  

Bremsstrahlung or uncharacteristic X-rays (X-rays which contain no information from the atoms they 

come from) are also generated when incident electrons interact with the atomic nuclei of the 

sample. Essentially, the Coulombic force of the positively charged nuclei deflect the incident 

electrons causing a loss of energy of the incident electron. This loss of energy is also emitted as an 

X-ray and contributes to the detected signal as background noise.  
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Figure 3-7 – Schematic of an atom and two electrons from a microscope’s incident electron beam interacting with the 
electron shells of the atom and atomic nucleus to produce a characteristic X-ray and Bremsstrahlung radiation. 

As shown in Figure 3-8, a Silicon Drift Diode (SDD) EDS detector was used in this project. The 

detector consists of a piece of undoped ultra-high purity silicon with positively doped concentric 

rings, an integrated Field Effect Transistor (FET) mounted directly onto the silicon and an anode at 

the centre of the of silicon. The integrated design of modern detectors decreases the capacitance of 

the system compared with older Si(Li) EDS detectors such that the hole-electron pairs can be swept 

off the detector as quickly as possible. The design also allows the system to be Peltier cooled (older 

detectors were typically cooled using a liquid nitrogen dewar), decreasing the complexity of the 

detector whilst still minimising thermal noise.  
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Figure 3-8 – Front and side view schematics of a SSD EDS detector 

When an X-ray (photon) impacts the detector, a hole-electron pair is generated. The rings create an 

electric field, which sweeps the hole-electron pairs to the anode and this electrical signal is amplified 

by the FET. A capacitor behind the FET collects this signal, i.e. an electrical charge is accumulated 

on the capacitor. Once the charge build-up has reached some pre-defined value, the capacitor 

shorts and the charge build-up is repeated. As shown in Figure 3-9, this produces a saw-tooth 

signal that is analysed by a pulse-processor. These signals are used to accumulate a plot of X-ray 

counts vs X-ray energy, which consist of peaks of characteristic X-rays. These energy values of 

these peaks are compared to standard values so that the elements in the samples can be identified. 
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Figure 3-9 – Voltage and X-ray counts energy spectrum schematics  

Modern EDS detectors typically have an energy resolution of around 100 eV. The spatial resolution 

is dependent on the elemental composition of the sample and the incident beam tension used. 

Typically, 1 µm2 is quoted as a conservative estimate. This is much lower than the spatial resolution 

of EBSD because the diffraction events of EBSD come from a much smaller interaction volume 

compared with the X-ray events.  

Although not utilised in this work, EDS can be used to quasi-quantify the elemental composition of 

the sample. This is typically achieved by normalizing the peaks with respect to a standard that 

considers factors such as: (1) geometric relationship between the sample, beam and detector used; 

(2) electron beam parameters, e.g. beam voltage used; (3) the elements present in the sample, i.e. 

consideration is given to the journey the X-ray takes from the bulk of the sample to the X-ray. It is 

challenging to quantify elements present in the sample when sample is tilted for EBSD mode and 

therefore, only qualitative EDS mapping data is included in this work.   
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3.5 Tensile Deformation of Interstitial Free Steel Methods & 

Instrumentation 

Tensile samples were machined from the as-received sheet of IF steel with dimensions depicted in 

Figure 3-10. 

 

Figure 3-10 – Dimensions in mm of the tensile specimen used in the ex-situ and in-situ tensile tests 

The sample perimeters were machined using water-based Electrical Discharge Machining (EDM) for 

high dimension confidence and to minimise the effect of machining on the microstructures around 

the sample perimeters. The holes were drilled using a flat-bottomed high-speed drill to conform to 

the dimension tolerance.  

The samples were subsequently encapsulated in quartz tubes back-filled with argon. Two batches 

of the samples were subjected to the two heat-treatments shown in Table 3-1. 
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Table 3-1 – Heat-treatment steps applied to the two batches of steel samples 

Step 1 2 3 

Temp & 
Time 

Temperature 
(°C) 

Time 

(hrs) 

Temperature 
(°C) 

Time 

(hrs) 

Temperature 
(°C) 

Time 

(hrs) 

Heat-
Treatment 

1 
700 4 900 

1 

Air cool 
Heat-

Treatment 
2 

24 

 

The air cooling rate was controlled by removing the quartz tubes from the furnace and resting onto 

the same stand for both batches within 5 s and leaving to cool. The tubes were cool enough to 

touch after approximately 10 mins using this method.  

The samples were subsequently glued to 30 mm diameter Bakelite pucks and ground to a 4000 grit 

(5 µm) finish with SiC paper using water as a lubricant. The samples were then polished for light 

microscopy and conventional EBSD using the protocol shown in Table 3-2.  

Table 3-2 – Polishing protocol used to prepare the IF steel samples for light microscopy (steps 1 – 2) & EBSD (steps 1 – 
3). The Struers product names are included in brackets. 

Step 1 2 3 

Surface 
Woven Silk 

(MD-Dur) 

Fabric/ Silk 

(MD-Nap) 

Neoprene 

(OP-Chem) 

Suspension 
3 µm Diamond 

(DiaPro Dur 3 µm) 

1 µm Diamond 

(DiaPro Nap B) 

Neutralised Colloidal 
Silica (OP-S) 

rpm 200 (co-rotation between polisher head and table) 

Force (N) (per 
sample) 

30 15 10 10 

Time (min) 5 5 5 60 
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Between each step, the samples were washed with water anddried using a nitrogen gun. After step 

3, the samples were degreased in acetone using an ultrasonic bath for 10 mins. For light 

microscopy, the as-received rolled surface of the IF steel was etched with 2% Nital for 10 s and the 

as-received cross-section surface of the samples were etched with Marshall’s reagent [21] for 10 s. 

The reason for using two etchants was the rolled-surface consistently reacted too vigorously with 

Marshall’s reagent to produce any useable light micrographs. Conversely, the as-received cross-

section surface barely reacted with the Nital and eventually pitted. It is thought this is because Nital 

requires a higher concentration of carbon to reveal fine features (e.g. grain boundaries) in a material 

compared with Marshall’s reagent. Marshall’s reagent also reacts with the steel surface uniformly 

compared with Nital, thus the pitting effect was reduced [21]. All of the subsequent recrystallized 

light micrographs were etched using Marshall’s reagent. An Olympus BX51M was used for light 

microscopy. 

For the ex-situ DIC tests, one side of the sample gauge was ground to a 4000 grit finish using SiC 

paper, degreased in acetone and spray painted white using Hammerite paint with a smooth finish. 

The paint was left to dry for 48 hours and photocopy carbon particles were then deposited onto the 

paint using a nitrogen gun to disperse the particles as evenly as possible but avoiding any 

agglomeration to produce a speckle pattern for DIC. An acceptable example of a speckle pattern is 

shown in Figure 3-11. 
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Figure 3-11 – Example speckle pattern deposited onto the gauge of an IF steel tensile sample 

For the ex-situ tensile tests, the Gatan MTest 2000E tensile stage was used. The samples were 

loaded into the EBSD jaws (i.e. the jaws tilted by 70°) by inserting Nimonic pins into the four holes 

shown in Figure 3-12.  

 

Figure 3-12 – Front-facing photograph of a tensile specimen of IF steel loaded into the EBSD jaws of the load-frame 

Tensile tests were performed on one sample from each batch using a displacement rate of 0.55 

µm/s in order to understand the general deformation behaviour each heat-treatment resulted in. 

1392 x 1040 pixel, 16 bit TIFF images were captured of the sample gauge every second during 

deformation. The DIC measurements were processed using an in-house cross-correlation code. 

Briefly, the code works by subdividing two sequential images of the gauge into user-defined ROIs 

and fast Fourier transforming the intensity values. A first pass cross-correlation is used to evaluate 

1.8 mm 

Sample 

Tensile Stage 

Jaws 

Nimonic Pins 
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the rigid body translation between each image of the gauge. A second pass of the cross-correlation 

is used to evaluate the finite strain field elements. In this case the ROIs were defined such that the 

second pass gave a spatial resolution of the calculated strain fields of approximately 30 µm.  

After ex-situ straining, a second sample from the same heat-treatment batch was prepared for HR-

EBSD by grinding the sample to a 4000 grit finish and final polishing was performed using a Gatan 

PECS II dual argon ion beam polisher with gun settings shown in Table 3-3. 

Table 3-3 – Table of ion beam settings used to prepare the tensile specimen gauges for HR-EBSD 

Step 1 2 3 

 
Gun 

Angle (°) 

Gun 
Voltage 

(kV) 

Gun 
Angle (°) 

Gun 
Voltage 

(kV) 

Gun 
Angle (°) 

Gun 
Voltage 

(kV) 

Heat-treatment 1 5 8 

3 3 3 1 

Heat-Treatment 2 5 5 

 

Each step took two hours. Note a lower gun voltage for the 1st step of the ion beam protocols was 

used for the second heat-treatment batch because it was found using the same settings resulted in 

residual artefacts in the kernel misorientation (and hence GND density maps) that were not because 

of the applied heat-treatment.  

Vickers hardness indents were used to define ROIs of approximately 500 µm x 300 µm on the 

sample gauges. Conventional EBSD measurements were made of these ROIs using a FEI Quanta 

650g Field Emission Gun (FEG) microscope with a beam tension of 20 kV and an FEI software spot 

size of 5.5 coupled with a Bruker eFlash HR-EBSD camera with a maximum resolution of 1600 x 

1200 pixels. The dimensions of the phosphor screen of the EBSD were 3.5 cm x 2.5 cm.  A step 

size of 1 µm was used in order to measure both texture and grain morphology measurements in 

accordance with Humphrey’s criteria [143]. All EBSD figures were processed using the MTex 
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software package [56]. Polishing quality prior to any HR-EBSD measurements was also checked in 

this step by evaluating the kernel (3 x 3 pixel) misorientation maps.   

In-situ HR-EBSD scans were subsequently performed on tensile samples from both heat-

treatments. The in-situ tests were conducted in a multi-step approach whereby the sample was 

loaded to a certain displacement to produce an arithmetic mean strain parallel to the loading axis as 

evaluated from the ex-situ tensile tests. It is acknowledged that this only estimates the strain applied 

to the in-situ samples. However, it was found that evaluation of the global strain from the in-situ 

samples was inaccurate because: (1) there was insufficient contrast gradients in the SE and 

Forward Scatter Diode (FSD) (Argus) images of the deformed ROI to evaluate the strain using DIC 

methods; (2) the load frame itself was very compliant thus it was impossible to read an accurate 

engineering strain from the displacement reading on the frame.  

The sample was then unloaded to 75% of the peak load for each step and a HR-EBSD scan was 

taken. Therefore, the global strains shown in subsequent results should be taken as estimates 

because they were not calculated from the in-situ deformation of the same samples.  

For all HR-EBSD scans, a step size of 0.4 µm was used and each scan was repeated over the 

same 200 x 150 µm region of the gauge. As concluded by Jiang et al [38], GND density can be 

calculated from cross-correlation based HR-EBSD scans with a hardware detector binning of 4 x 4 

without significant degradation in the precision and accuracy of the calculated GND density fields. 

Therefore, the detector was hardware binned to 4 x 4 (i.e. 400 x 300 super pixels) coupled with an 

exposure time of 45 ms. A 16 bit depth was used for the captured EBSPs and they were written to 

the BCF file along with the orientation data evaluated from the Bruker esprit software.  

The GND density was evaluated using an in-house cross-correlation code. Briefly, the code works 

by reading a raw EBSP, defining 50 ROIs (30 in a circle and 20 randomly distributed) over the 

EBSP, filtering each window by: (1) setting the intensity values of the edge pixels to 0 (Hamming 

Window); (2) removing the high and low frequency noise. A misorientation threshold of 5° was used 

to detect grain boundaries in the sample ROI. For each detected grain in the map, a reference 
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pattern is selected based on two parameters: (1) proximity to the centre of the grain; (2) highest 

band contrast in the EBSP. A first pass cross-correlation where the shift for each ROI required to 

map each captured EBSP in one grain to the reference EBSP for the same grain is performed. The 

shift fields for the first pass are subsequently used in a second cross-correlation pass where the 

patterns are back-rotated. The shift fields from each pass are summed and used to calculate GND 

density as described in chapter 3.2 of this work. Details of the calculation of the GND density field 

are discussed by Britton et al. in [168] and the cross-correlation remapping code is also discussed 

in [151].  

The same two samples used for the in-situ experiments were re-polished to an Oxide Polishing 

Suspension (OPS) finish (see Table 3-2) and a 400 µm x 300 µm region of each gauge was 

examined using EDS to qualitatively map the Ti-based precipitates in the sample. The map-time 

was approximately 9 hours and a beam tension of 20 kV was used. A software determined 

automatic dead-time calculator was used to ensure the detector was not saturated with incoming X-

rays, resulting in an approximately 300 kcps incident X-rays throughout the map measurement. The 

Fuiji ImageJ software was used to complete a quantification study of the Ti-based precipitates 

mapped using EDS. The EDS maps were converted to grey-scale and an intensity threshold was 

set by eye such that features in the map other than Ti-based precipitates were removed. The 

software was then used to measure the size and relative area of the Ti-based precipitates.   

Finally, an un-stressed sample of IF steel subjected to heat-treatment 2 was electrolytically charged 

with hydrogen. A 1 cm2 circular region of the rolled-surface of the sample was cathodically polarised 

to 200 mA/cm2 relative to a platinum electrode and exposed to an electrolyte of 0.2M H2SO4 with 3 

g/L NH4SCN. The charging-time was 1.5 hours. The samples were subsequently sectioned, and 

one HIC was examined using combined HR-EBSD and EDS. For HR-EBSD, the same experimental 

parameters were used as those of the in-situ tensile tests. For EDS, a software determined 

automatic dead-time calculator was used to ensure the detector was not saturated with incoming X-

rays, resulting in approximately 300 kcps incident X-rays throughout the map measurement. 
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3.6 Electrolytic Hydrogen Charging of Q125R and L80 Steel Grades 

Methods & Instrumentation 

3.6.1 Four-point bend coupon manufacture and hydrogen charging 

As shown in Figure 3-13, the four-point bend coupons were machined from the as-received pipes 

using oil-based Electrical Discharge Machining (EDM) to prevent any unintentional egress of 

hydrogen into the samples, which can occur in water-based EDM due to splitting of the water 

molecules into hydrogen and oxygen by the electrical arc. The samples were manufactured in the 

EDM with an oversize of 0.5 mm in all dimensions followed by hand grinding to a 320 grit finish. The 

samples had a size tolerance of approximately 0.1 mm.  
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Figure 3-13 – (a) Photograph of a cross-section of an example pipe section made of Q125R with four-point bend coupons 
already machined out of it; (b) Schematic of a pipe section with the dimensions of the four-point bend coupons defined in 

mm and sample axes defined. 

Table 3-4 compares the compositions of the Q125R and L80 pipes. Note the compositions were 

evaluated from the heat batches from which the pipes were supplied from.   
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Table 3-4 – Composition of Q125R and L80 taken from the material certificates supplied for both Q125R and L80 

Q125R (wt%) 

C Si Mn P S Cu Cr Ni Mo Ti V Nb B Ca N Al 

0.27 0.27 0.50 0.08 0.02 0.02 1.05 0.03 0.71 0.02 0 0.28 0.11 0.14 0.30 0.03 

L80 (wt%) 

0.24 0.33 1.42 0.20 0.05 0.02 not measured 0.04 

 

To examine the as-received microstructure, off cuts from the pipe were polished to a 1 µm diamond 

finish and etched in 2% Nital solution for as-received light microscopy [21]. These were 

subsequently further polished to an EBSD finish using OPS for 1 hour. For further details of the 

polishing protocol, the reader is referred to Table 3-2 (pg. 90). As-received EBSD texture and grain 

morphology maps were taken using a step size of 1 µm over a map area of 500 µm x 350 µm. All 

EBSD data in this chapter was analysed and plotted using the MTex plugin for Matlab [61]. The as-

received EBSD data was also processed using a Prior Austenite Grain (PAG) reconstruction code 

that plugs into MTex [169]. Briefly, the code works in two steps. Firstly, the Orientation Relationship 

(OR) is determined between the martensite (indexed as ferrite in the Bruker eSpirit software) and a 

simulated austenite phase [50]. Secondly, a Markov Cluster Algorithm (MCL) is used to reconstruct 

the PAGs which were subsequently stored and plotted [57].  

An initial series of charging of stressed four-point bend coupons was completed to determine the 

upper-bound charging time. The equipment set-up is shown in Figure 3-14. 
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Figure 3-14 – (a) annotated photograph of the rig used to charge hydrogen into the steel samples; (b) schematic of the 
charging rig showing the electrical circuit used to connect the three electrodes with the geometry of the bend coupon 

defined. 

The coupons were hand ground to an 800 grit finish and degreased in acetone for 30 mins as per 

the NACE standard [131]. The four-point bend coupons were stressed in Hastealloy bend rigs 

supplied by Shell using the deflection measurement rig shown in Figure 5-1.  
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Figure 3-15 – Equipment used to stress the steel four-point bend coupons in accordance with NACE standard 

Importantly, the alignment stand in Figure 3-15 centres the displacement needle on the tensile 

surface of the sample. Therefore, the stress (provided the strains are elastic) can be calculated 

using eqn (33) [170]. 

𝑦 =  
(3𝐻2 − 4𝐴2)𝜎

12𝐸𝑡
 

(33) 

 

Where 𝑦 = maximum deflection, 𝐻 = length of coupon between outer-rollers, 𝐴 = length between 

outer and inner roller, 𝜎 = maximum tensile stress (and compressive if the sense is changed) 

applied to the sample, 𝐸 = elastic modulus, 𝑡 = thickness of the sample. 
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Copies of the material certificates for Q125R and L80 are supplied in the appendix (Figure 10-1 & 

Figure 10-2, pgs. 234 & 235 respectively). The calculated stresses and required deflections9 for all 

subsequent tests in this chapter are shown in Table 3-5. 

Table 3-5 – Table of % of certified yield, required stress and calculated maximum deflection applied to the samples used 
in this study. A nominal thickness and elastic modulus of 5 mm and 210 GPa were used in the deflection calculations.  

% of Cert Yield (%) 

Required Stress (MPa) Calculated Deflection (mm) 

Q125R L80 Q125R L80 

25 225 145 0.47 0.30 

50 450 289 0.94 0.60 

75 675 434 1.41 0.91 

 

After deflection, the samples were left in the alignment stand for 30 mins so that any relaxation and 

creep were detected. None of the samples displayed any detected behaviour. The loaded coupons 

were subsequently pressed against the O-ring of the Avesta cell using the clamp shown in Figure 

3-14. The cell was connected to the power supply which was set to provide a fixed current of 

200 mA to the 1 cm2 exposed O-ring region. The electrolyte was added at this this point and the test 

was started. For the initial charging tests, the Ag/AgCl electrode and thermometer were added to 

assess how the voltage and temperature varied throughout the test. They measured approximately 

22 ± 0.1°C and 7.5 ±0.5 V respectively. No systemic change in both were detected over the course 

of the test. The fluctuations in the voltage were likely due to effervescence of hydrogen at the 

exposed surface of the tensile coupon. The Q125R sample stressed to 75% cert yield failed (i.e. 

cracked such that electrolyte began to leak out of the cell) within 1.5 hours of charging using the 

                                                

9These values should be treated as a guide only. The thickness of each sample was measured 3 times and 

averaged to provide a per sample thickness measurement for each stress calculation. This was because the 

samples were hand ground after machining resulting in small (± 0.1 mm) deviations in the thickness.  
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above conditions. This was considered the shortest time to failure because it is the most susceptible 

steel at the highest stress. This was consistently observed for all subsequent tests performed on 

Q125R samples subjected to 75% of the certified yield. Therefore, 1.5 hours was defined as an 

upper limit of the charging time for all subsequent tests.  

3.6.2 Post-charging analysis 

Post-charging, the samples were removed and washed with soapy water, dried and subsequently 

submerged in acetone for 24 hours. They were then sectioned four times along the RZ plane (see 

Figure 3-16) directly beneath the charged surface using a Buehler IsoMet 1000 precision cutter with 

an oil-based lubricant to prevent any water-based corrosion of the coupons during cutting. 

 

Figure 3-16 – Cutting protocol used to section hydrogen charged coupons. The cuts are highlighted in red and the blue 
surfaces are those examined via light microscopy unless otherwise denoted.  

The four cut surfaces per sample were polished to a 1 µm finish and left unetched to maximise 

contrast between the cracks and surrounding material. The surfaces were initially examined using 

light microscopy using an Olympus BX51M light microscope with a 25x lens. Micrographs of each 

surface were taken and stitched together using the Olympus Stream Essentials software to produce 

a high definition, large field of view micrograph of each surface. The Fiji ImageJ software was used 

to define each observable crack cross-section using its length and angle between the crack path 
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and the charged surface. 3D histograms were made of crack counts, crack angles, and crack length 

to quantify the change in crack geometry as a function of applied stress.  

Representative cracks from each crack geometry defined (HIC, SOHIC and SSC) were 

subsequently identified and the parent surface was polished using neutralised OPS as per the as-

received EBSD analysis. Example HIC and SSC cracks were then examined using EDS and EBSD 

using a FEI Quanta FEG-SEM to correlate the local chemistry and microstructure with each crack 

geometry. An EBSD step-size of 0.2 µm was used but the EDS spatial resolution was likely to be 

around 1 µm. The beam voltage and FEI spot size were set to 20 kV and 5.5 for both analyses. 

Note the sample was tilted at 70° for both analyses allowing simultaneous EDS and EBSD 

acquisition at the expense of quantitative information from the EDS analysis.  

To explore how each crack geometry develops and interacts with charging time, interrupted tests 

were performed on four different samples of Q125R. The Q125R grade was used because this was 

the only grade that exhibited all crack geometries under the applied charging conditions. Each 

sample’s tensile surface was hand-polished to a 1 µm finish and stressed to 50% cert yield. They 

were then charged for 15, 30, 45 and 60 minutes respectively and sectioned using the cutting 

procedure shown in Figure 3-16 (i.e. to produce 4 R-Z faces.) The development of these cracks with 

charging time was once again quantified by using the Fiji ImageJ software to define each 

observable crack cross-section using its length and angle between the crack path and the charged 

surface. 3D histograms were made of crack counts, crack angles, and crack length to quantify the 

change in crack geometry as a function of hydrogen charging time.  

To determine the effect of performing the interrupted tests on four different samples, a similar test 

was performed on the same sample of Q125R. The sample’s tensile (charged) surface was polished 

to a 1 µm finish and stressed to 50% cert yield. It was subsequently charged at 15 min intervals until 

60 mins. After each charging interval, the sample was left loaded but stood in air for 24 hours before 

the next charge. This was so that any gaseous hydrogen could outgas from the bulk of the coupon. 

The 1 µm finish was preserved during charging due to the cathodic protection offered by the 
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polarisation of the steel sample. The charged surface was therefore examined using light 

microscopy and compared to those from the interrupted test. 

Finally, six example SSC cross-sections on the Q125R R-Z planes (used in interrupted tests on 

different samples) were measured using EBSD. A step-size of 0.2 µm was also used in this case. 

The PAGs were reconstructed similarly to the as-received material and three parameters were 

assessed: 

1. PAG boundary – the proportion of the SSC that propagates along a PAG boundary was 

determined by overlaying the PAG boundary map onto the unindexed regions of the EBSD 

data with the Argus (FSD) image used in aiding the crack path. This proportion was 

compared with the total length of PAG boundaries in each SSC map.  

2. PAG size – the parent PAGs of the boundaries between which the SSC propagates along 

were segmented from each data set and plotted. These datasets were combined and the 

geometric mean and standard deviation of each grain-size data set were plotted to 

determine the effect of PAG size on the SSC propagation path.  

3. PAG boundary misorientation – the PAG boundary misorientation between which the SSC 

propagates along were segmented from the original datasets to determine the effect of PAG 

boundary on the SSC propagation path. 

3.7 Wet H2S Autoclave Testing of Q125R and L80 API Steel Grades 

Methods & Instrumentation 

Four-point bend coupons of the same geometry depicted in Figure 3-13 (pg. 97) of Q125R and L80 

were manufactured by oil-based EDM. The same Hastealloy test rigs used in the electrolytic 

hydrogen charging work presented in Chapter 5 were also used for these tests. The tensile surfaces 

of the coupons were polished to a 1 µm finish using the polishing protocol defined in Table 3-2 (pg. 

90). The minimum surface finish stated in NACE TM0177 [131] is an 800 grit finish. The coupons 

were subsequently degreased in acetone for 20 mins, weighed and their widths were measured 
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three times at different locations to calculate the required deflections and deflected to various 

proportions of their yield stress using eqn (31) (pg. 82). Following this, the coupons were deflected 

using the apparatus shown in Figure 3-15 (pg. 100) to produce the required calculated bend stress.  

The H2S autoclave tests were conducted in accordance with NACE TM0177 standard for testing the 

susceptibility of a material to H2S corrosion [131] combined with a standard four-point bend coupon 

setup as summarised in the NACE TM0316 [170]. Three autoclave tests were performed on 

samples of Q125R and L80 (the same grades of steel used in Chapter 5) as summarised in Table 

3-6. 

Table 3-6 – Summary of H2S partial pressure, steel grade and applied stress to each bend coupon for the three autoclave 
tests conducted 

Autoclave Test Number 
H2S Partial Pressure 

(bar(a)) 
Steel Grade 

Applied Stress (% of 
certified yield stress) 

1 0.1 

Q125R 

 

25 

50 

L80 

 

25 

50 

2 0.5 

Q125R 

 

25 

50 

75 

L80 50 

3 1 

Q125R 

25 

50 

75 

L80 50 
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Note that the 0.1 bar(a) tests were conducted first and no HICs, SOHICs or SSCs were detected. 

Therefore, the samples of Q125R with applied bending stresses of 75% of the certified yield stress 

were used in the subsequent autoclave tests.  

To prepare the tests, 4.5 L of NACE solution B with was prepared for each test, the composition for 

which is defined in Table 3-7.  

Table 3-7 – Composition of NACE solution B for the autoclave test 1, tantamount to the compositions used in the other two 
tests 

Compound Mass (g) Proportion 

NaCl(s) sodium chloride 225.08 0.05 

CH3COONa.3H2O(s) (sodium 
acetate tri H2O) 

29.87 6.64E-3 

CH3COOH(s) (glacial acetic acid) 112.83 0.025 

Deionised Water 4132 0.91836 

 

The pH of the solution was fixed to 3.5 at the beginning of each test. The solution was prepared in a 

separate vessel to the autoclave and then purged of oxygen by bubbling N2(g) gas through it for 48 

hours at a flow rate of 200 mL/min before commencing the autoclave runs. The purge was 

conducted until the oxygen content < 10 ppb. Oxygen was purged from the system to prevent the 

formation of oxide layers on the sample during the autoclave test. High oxygen content affects the 

hydrogen diffusion into the sample and anodic dissolution of the iron for example.  

As shown in Figure 3-17, the coupons were arranged vertically on a teflon insert and placed in the 

bottom of the autoclave chamber.  
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Figure 3-17 – (a) photograph of the four-point bend coupons loaded in the bend jigs and orientated as they would be in the 
autoclave chamber; (b) photograph of the bend jigs placed in the autoclave chamber 

The autoclave chamber was clamped and sealed by sequentially torqueing the head bolts to 

150 Nm. A leak test was then performed by pressurising the chamber to 10 bar(g) and noting any 

pressure drop over a period of approximately 1 hour. As shown in Figure 3-18, the chamber was 

depressurised and the solution vessel and autoclave chamber were connected with a pipe. Nitrogen 

gas was subsequently used to purge the chamber and NACE solution B at a flow rate of 

200 mL/min until the oxygen content was below 10 ppb. 
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Figure 3-18 – Photograph of the autoclave setup and the solution chamber 

The autoclave was carefully filled with approximately 3.5 L of solution over half an hour by applying 

a back pressure to the solution in the vessel. The autoclave chamber was then pressurised to 5.1 

bar(g) with N2(g). Once the pressure had stabilised, H2S gas was added and the pressure was 

regulated to 5.1 bar(g). p(H2S) for each test was calculated from the ratio of the gas flow rates of N2 

and H2S. The total gas flow rate for each test was 200 mL/min. 

𝑝(𝐻2𝑆) =  
𝐻2𝑆 𝐹𝑙𝑜𝑤 𝑅𝑎𝑡𝑒

𝑁2 𝐹𝑙𝑜𝑤 𝑅𝑎𝑡𝑒
 × 𝐶ℎ𝑎𝑚𝑏𝑒𝑟 𝑃𝑟𝑒𝑠𝑠𝑢𝑟𝑒 

(34) 

 

The solution in the autoclave chamber was left to saturate with H2S for 20 hours. The official start of 

the test was noted when the H2S line was switched on. After 20 hours, the input gas flow rate was 

switched off therefore the autoclave chamber was isolated. The pressure and temperature of the 

chamber were monitored continuously. A pressure increase occurred due to the anodic reaction 

between the steel bend coupons and the acidic solution, resulting in the production of hydrogen 

gas. Therefore, the chamber was purged with the same N2/H2S gas mixture at approximately weekly 
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intervals and the chamber pressure was set to 5.1 bar(g). Each test was terminated after 720 hours 

of H2S exposure. To remove the samples, the autoclave was firstly purged with N2 to remove any 

residual H2S. The autoclave was drained and the coupons were removed and unloaded. They were 

subsequently washed and scrubbed to remove any excess corrosion products from the surface and 

photographed. The samples were subsequently sectioned four times in the same manner as 

depicted in Figure 3-16 (pg. 102). 

The samples were assessed using light microscopy and EBSD. The final polishing finish and EBSD 

parameters are described with each result. The same light and electron microscopes used in the 

previous chapters were used.  
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4 Tensile Deformation of Interstitial Free 

(IF) Steel 

This chapter explores how ferritic steels deform using the High Resolution Electron Backscatter 

Diffraction (HR-EBSD) [171] technique to measure Geometrically Necessary Dislocation (GND) 

density fields [39]. In the context of the overall project, GNDs are known to affect the susceptibility 

of a steel to hydrogen embrittlement because they act as hydrogen traps [117–119]. Therefore, 

microstructural correlation of GND density fields in ferrite samples will benefit later H2S corrosion 

work in higher strength steels.  

Two batches of samples from the same plate of Interstitial Free (IF) steel supplied by Tata steel 

[19], were subjected to two separate heat treatments: (1) 700°C for 4 hours, 900°C for 1 hour 

followed by air cooling; (2) 700°C for 4 hours followed by 900°C for 24 hours followed by air cooling. 

From conventional tensile testing (ex-situ), the first heat-treatment resulted in stress drops at yield 

due to the formation of Lüders bands [172]. The second heat-treatment resulted in a continuous 

yield as typically observed in recrystallized IF steel [173].  

In-situ tensile observations coupled with GND density measurement using HR-EBSD [38] on the 

same Region on Interest (ROI) of samples from both heat-treatments revealed the development of a 

heterogeneous GND density field with strain. High magnitude GND density structures tended to 

initiate around certain grain boundaries and triple junctions in the ROI. The {111} texture component 

(γ-fibre) parallel to the out of plane direction and {110} texture component parallel to the loading 

direction (α-fibre) were both seen to increase in magnitude with strain. These results show that the 

microstructural network, e.g. the local locking effect of triple junctions plays the dominant role in the 

development of GND density fields with strain. However, the texture of the sample was also seen to 

alter suggesting this is also a factor.  

The origins of the different yielding behaviour are likely due to different solute redistribution during 

the two heat-treatment processes. EDS mapping of Ti-based precipitates in both microstructures 
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revealed significant coarsening of the carbide species during heat-treatment 2 compared with heat-

treatment 1. This suggests that the solute in the ferrite matrix (mostly likely carbon) diffused to Ti-

based precipitates during the heat-treatment and were therefore unavailable to pin dislocations, e.g. 

through an Ostwald ripening process. This resulted in a continuous yield for the sample subjected to 

heat-treatment 2 because there was a greater initial mobile dislocation content available to facilitate 

it. 

Finally, an unstressed sample of IF steel subjected to heat-treatment 2 was electrolytically charged 

with hydrogen to generate hydrogen accelerated damage in the microstructure. The aim of this work 

was to understand how a low-strength steel responded to hydrogen charging so that it can be 

compared with hydrogen accelerated damage induced in high-strength quenched and tempered 

martensitic steels examined in Chapters 5 & 6.  Examination using HR-EBSD combined with EDS 

around a Hydrogen Induced Crack (HIC) showed the crack initiated at a Ti-based precipitate. A 

significant heterogeneous GND density field also developed around the HIC.  

4.1 Recrystallization Heat Treatment Results 

4.1.1 As-Received Microstructure 

Table 4-1 shows the main constituent elements of the as-received IF steel plate used in this study. 

The carbon and sulphur contents were determined using a combustion infrared detection technique. 

The nitrogen content was determined using the inert gas fusion technique. All other elements were 

determined using the inductively coupled plasma optical emission spectroscopy technique. 

Table 4-1 – Composition table in wt% of elements present in IF steel alloy used in this study.  

Fe C Mn P S N Si Cu Ni Cr Ti Nb 

Bal 0.007 0.20 0.01 0.001 0.002 0.03 0.03 <0.01 0.02 <0.01 <0.01 

 

Interestingly, the Ti-content is below the threshold detection limit, despite being clearly detected by 

EDS in this work albeit qualitatively. It is likely that an extremely small amount of Ti was added  
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during processing because of the very low carbon and nitrogen content. Figure 4-1 shows the 

external sample reference axes definition for all subsequent results in this chapter. 

 

Figure 4-1 – External sample reference axes definition 

Figure 4-2(a) and (b) are light micrographs of the rolled (Y-X) and cross-section (Z-X) surfaces of 

the as-received IF steel sample. 

 

Figure 4-2 – Light micrographs of the as-received IF steel plate; (a) rolled surface (b) cross-section 

Figure 4-2(a) shows the grain morphology is elongated parallel to the rolling direction and Figure 

4-2(b) shows a lenticular grain morphology in the cross-section plane. Note also how some of the 

elongated grains in Figure 4-2(a) appear relatively clean, as labelled in region 1 (i.e. no evidence of 

severe deformation or sub-grain formation for example) in comparison with other regions of the 

microstructure as labelled in region 2. Note also how the cross-section microstructure (Figure 

4-2(b)) does not appear to show a similar deformation heterogeneity with all of the grain boundaries 

appearing well defined and no evidence of intragranular deformation. As noted in the method 

RD = Y 

TD = X 

ND = Z 
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section (section 2), the rolled surface consistently reacted more vigorously with Marshall’s reagent 

compared with the cross-section surface. Given it is assumed that both Marshall’s and Nital tend to 

attack regions of higher deformation or chemical potential (e.g. a higher concentration of carbon), 

and that Marshall’s has a higher reactivity with IF steel compared with carbon [21], this qualitatively 

suggests the rolled surface plane stores a higher degree of deformation in comparison with the 

cross-section plane.  

Figure 4-3(a) and (b) show the Crystal Orientation Maps (COMs) coloured with inverse pole figure 

colours with respect to the Z and X directions (also referred to as Inverse Pole Figure - IPF maps) of 

the rolled surface (Y-X) of the as-received sample.  

 

Figure 4-3 – IPF maps of the rolled surface of the as-received IF steel plate (a) COMz; (b) COMx 

The {100}, {110} & {111} pole figures extracted from the same EBSD scan used to produce Figure 

4-3(a) and (b) are shown in Figure 4-4. 
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Figure 4-4 – {100}, {110}, {111} pole figures calculated from the same data used to produce Figure 4-3. The pole figures 
are produced from an orientation distribution function with a halfwidth of 3°. A spherical grid is included and has an interval 

of 15°. The units of the scalebar are xRandom density.  

Figure 4-3(a) shows the same elongated grain morphology as shown in Figure 4-2(a) and that the 

{100}||Z grains appear cleaner compared with the surrounding {111}||Z material (also alluded to in 

Figure 4-2(a).) Similarly, Figure 4-3(b) shows considerable orientation gradients of the same clean 

grains mostly ranging from {110}||X to {111}||X. Conversely, the surrounding material appears to 

have no preferential orientation with respect to the X-axis.  

Correspondingly, Figure 4-4 shows the strongest texture components for the as-received material 

are the {111}||Z and the {110}||Y direction. As discussed in the literature review (Chapter 2), this is 

commonly observed and they are referred to as the γ-fibre and α-fibre texture components 

respectively [19,22–24,37,127]. The precise reasoning for the formation of the {111}||Z texture 

component formation during rolling is not fully understood [174]. If each grain in the sample prior to 

rolling is assumed it be unconstrained (a poor assumption in polycrystalline materials), and that the 

{110},<111> slip system is dominant [175], Schmid analysis suggests that the {110} slip plane 

normal should align perpendicular to the maximum critical resolved shear stress. This is between 
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the compressive (parallel to Z) and rolling (parallel to Y) loading axes, depending on the loading 

ratio of the two. Correspondingly the <111> slip direction should align 90° to the {110} direction. The 

γ and α fibres agree with this provided that the loading axis || Y is dominant. 

4.1.2 Recrystallization Heat-treatments (HT1 & HT2) 

The initial objective of the heat-treatments was to generate two microstructures: (1) with the Ti-

based precipitates retained; (2) with the Ti-based precipitates dissolved and attempt to retain the 

same texture and grain morphology in both microstructures. The two samples would then be used 

as a case-study to compare the development of the GND density fields in the samples with uniaxial 

tensile deformation.  

The temperature at which the Ti-based precipitates should dissolve is approximately 1200˚C [19]. 

However, it was found heat-treating at this temperature and then cooling at a sufficiently high 

enough rate such that the Ti-based precipitates did not re-precipitate resulted in a considerably 

different grain morphology compared with heat-treating the sample at a lower temperature to retain 

the Ti-based precipitates. 

The heat-treatment regimes shown in Table 3-1 (pg. 90) were therefore developed because it was 

hypothesized that a kinetic effect would redistribute some of the Ti-based precipitates by heat-

treating at a lower temperature (900˚C compared with 1200˚C) for a period of 24 hours compared 

with heat-treating at the same temperature for a 1 hour period. The cooling rate and hence retention 

of the same grain morphology and texture could therefore be retained.  

4.1.2.1 Light Microscopy 

Figure 4-5(a) and (b) show the resultant microstructures on the Y-X (rolled) surfaces of the samples 

after heat-treatments 1 and 2 respectively. 
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Figure 4-5 – (a) Resultant microstructure of: (a) heat-treatment 1 and (b) resultant microstructure of heat-treatment 2 

Note for both microstructures, the grain morphology has changed from elongated to equiaxed. From 

qualitative examination, the resultant microstructure of heat-treatment 1 contains smaller grains 

compared with those of heat-treatment 2 and the grain size distribution also appears to be slightly 

larger. Furthermore, the etching process shows a higher proportion of etched features in the 

microstructure of heat-treatment 1 compared with heat-treatment 2. Note the same batch of 

Marshall’s reagent and etching time were used for both samples.  

Figure 4-6 compares the Ti-based precipitate distribution in samples subjected to heat-treatments 1 

and 2 measured using EDS mapping. Raw load-elongation curves from the in-situ tests (the results 

of which are presented in Section 4.2.2) are also included.  
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Figure 4-6 – (a) Qualitative EDS Ti-based precipitate map of a sample subjected to heat-treatment 1; (b) Qualitative EDS 
Ti-based precipitate map of a sample subjected to heat-treatment 2; (c) Histograms of detected Ti-based precipitate 

populations in the resultant microstructures of heat treatments 1 & 2. Data was calculated from Figure 4-6(a) and (b); (d) 
raw load – elongation curves from the in-situ tests showing the effect of interrupting the test for the four HR-EBSD scans 

(positions marked with a cross) on the reloading yield (highlighted with dashed boxes)  

Table 4-2 – Geometric mean and standard deviation of the Ti-based precipitate populations shown in Figure 4-6. 

 Geometric Mean (µm2) Standard Deviation (µm2) 

Heat Treatment 1 1.56 6.45 

Heat Treatment 2 1.88 16.82 
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The geometric mean for heat-treatment 2 is larger compared with heat-treatment 1, suggesting 

some coarsening of the carbide populations has occurred during the longer 900°C soak time of 

heat-treatment 2. Importantly, note that SEM-based EDS does not have sufficient spatial resolution 

to reliably resolve carbides that are <1 µm2. However, there is a considerably higher background 

intensity in Figure 4-6(a) compared with Figure 4-6(b) suggesting there is a significant proportion of 

very small (<1 µm2) Ti-based precipitates present in the microstructure of the sample subjected to 

heat-treatment 1 compared with heat-treatment 2. The load-elongation curves show load-drops 

during each reload step (i.e. after each HR-EBSD scan) for both samples.  

4.1.2.2 Electron Backscatter Diffraction 

Figure 4-7 shows the COM maps of the Y-X (rolled) surface of the samples subjected to heat-

treatments 1 and 2 relative to Z and X (COMz and COMx). The black diamonds are the Vickers 

indents used to define the ROI on each sample for subsequent in-situ tensile deformation.  
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Figure 4-7 – COM maps of the defined ROI on the gauges of the samples prior to any in-situ deformation (a) COMz Map 
of the defined ROI on the gauge of the sample subjected to heat-treatment 1; (b) COMx Map of the defined ROI on the 

gauge of the sample subjected to heat-treatment 1; (c) COMz Map of the defined ROI on the gauge of the sample 
subjected to heat-treatment 1; (4) COMx Map of the defined ROI on the gauge of the sample subjected to heat-treatment 

2. 

Figure 4-7 (a) and (c) show that the γ-fibre texture is retained from the rolling texture [24] and it can 

be qualitatively seen that it is slightly weaker in heat-treatment 1 compared with heat-treatment 2. 

Moreover, there is also a significant decrease in the {100}||Z (η-fibre) grains compared with the as-

received micrographs however it has been retained a little more in heat-treatment 1 compared with 

heat-treatment 2.  
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The COMx figures of both heat-treatments (Figure 4-7(b) and (d)) are similar in that the orientation 

gradients shown in Figure 4-3(b) across single grains are replaced by individual grains containing 

components of that orientation gradient.  

Figure 4-8 shows the corresponding pole figures plotted from the same data used to produce Figure 

4-7. 

 

Figure 4-8 – {100}, {110}, {111} pole figures of the same areas used to produce Figure 4-7(a) & (b): (a) Heat-treatment 1; 
(b) Heat-treatment 2. The scalebar’s units are xRandom density. The pole figures are produced from an orientation 

distribution function with a halfwidth of 3°. A spherical grid is included and has an interval of 15°. 
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From Figure 4-8, the rolled textures have been largely retained. The γ-fibre has increased in 

magnitude for both heat-treatments as indicated by the greater times random density compared with 

Figure 4-4. The γ-fibre texture component is slightly weaker for heat-treatment 1 compared with 

heat-treatment 2. The α-fibre texture component decreases in magnitude compared with the as-

received material and the strongest texture component for the {110} plane normals is now 

approximately 45° to the X or Y axes as indicated by the black dashed lines. This suggests, 

assuming Schmid’s law, that the {110} slip plane normals should orientate perpendicular to the z-

axis and conversely, the <111> slip directions should orientate parallel to the X-axis if the loading 

direction is parallel to X.  

Figure 4-9 and Table 4-3 are the histogram and accompanying statistics respectively of the grains 

shown in Figure 4-7. 
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Figure 4-9 – Grain size histogram of the grains from heat treatments 1 & 2 depicted in Figure 4-7(a) and (b). A grain 
boundary misorientation threshold of 5˚ was defined. The bin size is 200 µm2. The boundary grains and grains < 10 µm2 

were removed from the datasets 

Table 4-3 – Geometric mean and standard deviation of the grain populations shown in Figure 4-9. 

 Geometric Mean (µm2) Standard Deviation (µm2) 

Heat Treatment 1 116.5 5.0 

Heat Treatment 2 120.0 8.5 

 

From Figure 4-9 and Table 4-3, a log-normal grain size distribution is shown for both heat-

treatments 1 and 2 which is typical of recrystallized grains. The geometric mean for heat-treatment 2 

is slightly greater compared with heat-treatment 1. The standard deviation of the grain size 

distribution of heat-treatment 2 is also larger compared with heat-treatment 1. The grain-size 

statistics are important for the purposes of the deformation because this will affect the degree to 

which dislocation interactions with grain boundaries and triple junctions (i.e. Hall-Petch hardening 

[174]) affect the deformation response of the samples. 
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Finally, Figure 4-10 shows the grain boundary misorientation histograms for heat-treatments 1 and 

2 of the grain boundaries shown in Figure 4-9. 

 

Figure 4-10 – Grain boundary misorientation histogram of the grain boundaries depicted in Figure 4-9(a) and (b). Grain 
boundaries were defined as having a misorientation of > 5°.  

Figure 4-10 shows that the grain boundary distributions of both samples are similar and indicative 

that both samples are strongly textured because they do not follow a Mackenzie distribution [176]. 

Heat-treatment 2 contains a greater proportion of lower angle grain boundaries compared with heat-

treatment 1. The grain-boundary misorientation statistics are important for the purposes of the 

deformation because this will affect the tendency of dislocation pile-up at the grain boundaries of the 

samples [52], which is known to be the fundamental mechanism for Hall-Petch hardening [168].  

From Table 3-1 (pg. 90) and summarised in Figure 4-11 and Figure 4-12 (proposed schematics for 

both heat-treatments), the samples recrystallized in the ferrite phase when heated for at 700˚C for 4 

hours [174]. Assuming no significant differences in the as-received texture between the two 

samples, they would have had similar textures prior to heat-treating in the austenite phase. 

Furthermore, this recrystallization step would have eliminated more potential recrystallization sites 
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once the samples were heated to 900°C. Figure 4-11 shows the resultant microstructure of a 700°C 

heat-treatment of the as-received IF steel followed by air cooling.   

 

Figure 4-11 - Resultant microstructure of the as-received IF steel heat-treated for 4 hours at 700°C (schematic (c) in 
Figure 4-12) 

 

Figure 4-12 – Schematic of the proposed changes in microstructure during heat-treatments 1 and 2 

From Figure 4-12, at the 900°C soaking temperature for heat-treatment 1, the austenite phase 

would have initiated and grown from the ferrite grain boundaries and perhaps some Ti-based 

Y 

X 
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precipitate coarsening would have occurred in the 1 hour period through an Otswald ripening 

process [34]. Upon cooling, the ferrite grain boundaries would have grown from the prior-austenite 

grain boundaries and their motion could have been inhibited by the presence of a still significant Ti-

based precipitate population. At the 900°C soaking temperature, for heat-treatment 2, a similar 

process would have occurred except the Ti-based precipitates have a larger amount of time to 

coarsen. Consequently, the retained Ti-based precipitate population should be more sparsely 

distributed on the onset of cooling. Therefore, less Ti-based precipitates were available to inhibit the 

motion of the grain boundaries compared with heat-treatment 1 [19], resulting in the comparably 

larger grains as observed in Figure 4-7(b) and (d) compared with Figure 4-7(a) and (c). 

4.2 Heat Treatment Tensile Deformation Results 

Ex-situ tensile tests of samples subjected to heat-treatments 1 and 2 were performed in-order to 

quantify the macro-scale response of the samples.  

4.2.1 Ex-Situ Tensile Deformation 

Figure 4-13(a) shows the stress-strain response of two separate samples subjected to heat-

treatments 1 and 2. The arithmetic mean-strain||loading direction was calculated from the evaluated 

strain component field parallel to the tensile axis (see Figure 4-14 for example strain fields.) Figure 

4-13(b) shows the standard deviation of the same strain field.  
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Figure 4-13 – Engineering stress plotted against the arithmetic mean of the strain field parallel to the loading axis 
calculated from DIC; (b) Standard deviation of the strain field parallel to the loading axis plotted against the arithmetic 

mean of the strain field parallel to the loading axis. 

Figure 4-13(a) shows distinct stress drops in the sample subjected to heat-treatment 1 at yield. 

Conversely, heat-treatment 2 shows a continuous yield. This effect is also seen in Figure 4-13(b) 

where a clear increase in the standard deviation of the strain field for heat-treatment 1 is observed 

compared with heat-treatment 2 at yield. Furthermore, the point of the first stress-drop (upper yield) 

for the sample subjected to heat-treatment 1 is approximately 175 MPa. Conversely, the sample 

subjected to heat-treatment 2 begins to yield at approximately 80 MPa.  

The initial yielding behaviour is dictated by the initial mobile dislocation content, i.e. those 

dislocations that are not pinned by solute atoms such as carbon and nitrogen [20]. Significant 

coarsening [19,177] of the Ti-based precipitates has occurred during the longer soaking time of the 

sample subjected to heat-treatment 2 (i.e. initially yielded continuously) as shown in Figure 4-6(b) 

(pg. 117). Therefore, it is likely that solute redistribution occurred: the longer 900°C soak time in the 

sample that exhibited a continuous yield suggests that more carbon diffused to Ti-based 

precipitates in the microstructure and are therefore unavailable to pin dislocations. 
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Post-yield, the work hardening rate of both samples is very similar, although the sample subjected 

to heat-treatment 1 has a lower overall flow stress due to the stress-drops at yield. The standard 

deviation of the strain field parallel to the tensile axis (Figure 4-13(b)) also correlate remarkably well. 

This suggests the deformation is controlled by the same process(es) for both heat-treatments at this 

stage of the deformation and is a topic that will be further discussed in the subsequent in-situ 

observations.  

Figure 4-14 shows examples of the overall strain field parallel to the tensile axis calculated from DIC 

for both heat-treatments at mean strains of 0.002 (yield), 0.02 and 0.04.  
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Figure 4-14 – Example strain fields parallel to the tensile direction for heat treatments 1 & 2. The mean strain parallel to 
the loading direction is denoted and can be used to compare Figure 4-14 with Figure 4-13. 

At yield (~0.002 mean strain), a Lüders band is propagating through the sample subjected to heat-

treatment 1, with the direction of propagation is denoted by the white arrow [174]. Conversely, heat-
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treatment 2 does not show a clear Lüders band at yield although there are regions of higher strain 

at the bottom left and top right corners (boxed in white) suggesting that yielding initiated around 

these regions. This suggests that heat-treatment 2 also yields by a weak Lüders pinning effect given 

Lüders bands tend to initiate at the shoulders of samples [174]. 

Post-yield, both samples develop a spatially heterogeneous strain fields parallel to the tensile axis. 

Heat-treatment 1 has a higher spatial frequency of strain hot-spots in the sample compared with 

heat-treatment 2. The form of these fields for both samples do not change with strain, they only 

increase in magnitude. These observations reinforce that at-least post yield, both samples are 

yielding by the same underlying processes.  

4.2.2 In-situ Tensile Deformation 

Correlation of the results of the ex-situ tensile tests with in-situ, higher spatial resolution 

observations is important because this will add confidence to the in-situ observations. Furthermore, 

the global strains extracted from the ex-situ samples are used to approximate the global strains in 

the in-situ tests. Therefore, if qualitatively similar deformation fields are calculated from the in-situ 

observations for each global strain, then this will also add further confidence to the in-situ 

observations.  

4.2.2.1 High Resolution Electron Backscatter Diffraction (HR-EBSD) Results 

Figure 4-15 shows the GND density fields as a function of global applied strain extracted from the 

same ROI of a tensile sample subjected to heat-treatment 1.  
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Figure 4-15 – Geometrically Necessary Dislocation (GND) density maps as a function of applied mean tensile strain (a = 
0, b = 0.002, c =0.02, d=0.04 for the sample subjected to heat-treatment 1. The ROI with respect to Figure 4-7(b) is 

included for completion.                                                                

Similarly, Figure 4-16 shows the GND density fields as a function of global applied strain measured 

from the same ROI of a tensile sample subjected to heat-treatment 2.  
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Figure 4-16 – Geometrically Necessary Dislocation (GND) density maps as a function of applied mean tensile strain (a = 
0, b = 0.002, c = 0.02, d=0.04) for the sample subjected to heat treatment 2. The ROI with respect to Figure 4-7(d) is 

included for completion.  

 

Figure 4-17 shows the Kernel Averaged Misorientation (KAM) distributions plotted as a function of 

mean strain parallel to the tensile (X) direction. KAM is calculated by taking a 3 x 3 (nearest 
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neighbour) kernel of pixel orientations from the orientations calculated from the Hough-based 

EBSD, evaluating the misorientation between the central pixel and surrounding pixels and 

averaging these. Assessing the KAM distributions is useful because they should correlate with how 

the GND density distributions change with strain. The KAM distributions (Figure 4-17) show an 

increase in their width, a decrease in distribution peak heights and a shift in the distributions to 

higher KAM values as the global strain increases. This is because higher KAM pixel values will form 

as the amount of deformation in both samples increases.  

 

Figure 4-17 – KAM distributions as a function of global strain extracted from the same datasets used to plot Figure 4-15 & 
Figure 4-16. 

Both Figure 4-15 and Figure 4-16 show a similar trend in the GND density field development with 

global strain as observed in the ex-situ strain fields; that is a heterogeneous field with the majority of 

the heterogeneity developing at yield. Post-yield however, the field form does not significantly 

change, only the magnitude of the GND density features developed at yield increase with strain. 

Heterogeneity in the GND density fields appears to arise in both samples post-yield close to certain 

grain boundaries and also at regions of high triple junction density [178].  

Qualitatively, there is little increase in the GND density field for the sample subjected to heat-

treatment 1 at a strain of 0.002, i.e. around the yield-point. This is because the test was arrested 

before the upper-yield point of the sample to attempt to understand the residual GND density field 
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because of the Lüders bands propagating through the sample. Conversely, the sample subjected to 

heat-treatment 2 shows significant GND field density development around 0.002 strain.  

All the KAM distribution peak heights are lower for heat-treatment 1 compared with heat-treatment 2 

for all values of global strain. There are two potential reasons for this. Firstly, the initial KAM 

distribution (i.e. at 0 strain and from the heat-treatment processes) dictates the subsequent KAM 

distributions in that they do not have a higher peak height or distribution width.   

Secondly, the 0 strain KAM distribution for both samples could also be affected by the polishing 

protocol. As shown in Table 3-3 (pg. 93), a higher gun voltage for the final ion polishing step for the 

sample subjected to heat-treatment 1 was used compared with that of heat-treatment 2. Note they 

were decreased for heat-treatment 2 because obvious polishing damage was found in the KAM 

maps in the trial runs for these samples but not for the initial samples of heat-treatment 1. 

Therefore, the slightly harsher final polishing steps for the samples subjected to heat-treatment 1 

could have left undetected and homogeneous polishing damage in the 0 strain samples which 

would manifest itself in the KAM distributions and GND density maps. The polishing protocol is an 

extremely important consideration when comparing materials with different polishing requirements: 

even marginally different polishing protocols could have an effect when quantitatively comparing the 

deformation behaviour of materials, even if they have the same chemical composition but different 

microstructures.  

Care must be taken when comparing GND density maps of the same ROI at different strains. The 

reference pattern selection [179] between two neighbouring grains with a low angle grain boundary 

separating them has caused a loss in GND density data as highlighted with dashed red boxes in 

Figure 4-15(a) and (b). The top right hand grain highlighted in Figure 4-15(a) has a homogeneous 

but greater in magnitude GND density compared with the rest of the recrystallized material (between 

1012 – 1013 GNDm-2.) The two grains are separated by a grain boundary <5° because this was the 

grain boundary misorientation threshold value defined in the HR-EBSD processing code. Therefore, 

the grain boundary appears as a band of high GND density separating the highlighted grains. In 
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Figure 4-15(b) the magnitude of the same grain’s GND density field is seen to decrease and the 

magnitude of the neighbouring (lower left hand grain in the red box) GND density grain is seen to 

increase. This happened because the defined reference pattern position changed as shown in 

Figure 4-18.  

 

Figure 4-18  - Grain ID (GID) maps of the region defined by the two red dashed boxes in Figure 4-15(a) and (b) showing a 
shift of the reference EBSP circled in white with the white arrow showing the direction of shift. 

Similarly, the rotation of at least one of the grains during straining separated by the grain boundary 

highlighted by the red dashed box in Figure 4-16(a) – (d) resulted in that grain boundary 

misorientation to decrease below the threshold value of 5°. Subsequently, one reference pattern 

was used for two grains resulting in a loss of GND density field around this region because the high 

rotation gradient between most patterns in that grain and the incorrectly defined reference EBSP 

resulted in a high mean angular error and Cross Correlation Function (XCF) peak height maps at 

these regions as shown in Figure 4-19. 
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Figure 4-19 – Mean Angular Error (MAE) and XCF peak heights for the second cross-correlation pass of the sample 
subjected to heat-treatment 2 strained to 0.04 (Figure 4-16(d)) 

Consequently, the spatial position of the reference pattern must be carefully examined when 

tracking GND density development across the same ROI with an evaluation of any erroneous GND 

density field patches as noted above. Fixing the reference pattern for each grain to the as-received 

case could be a solution. However, if significant strain and rotation gradients develop during 

straining, then the code will most likely fail to cross-correlate the reference to the test pattern with 

reasonable peak height and mean angular error in its current format if the rotation gradient >7° 

[151]. Furthermore, fixing the spatial position would also fail at higher strains and rotation gradients 

because there are rigid body displacements of the grain as well as finite strains. This would become 

particularly apparent if the grain size decreases. As shown in Figure 4-20, decreasing the grain 

boundary misorientation threshold is the most appropriate solution in this case but this must be 

retained consistently when examining the ROI with strain.  
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Log10[GND Denisty  (m-2)] 

 

Figure 4-20 – Geometrically Necessary Dislocation (GND) density map of the sample subjected to heat-treatment 2 
strained to 0.04 with the grain boundary misorientation threshold decreased to 1°. 

However, it was found decreasing the threshold to 1° resulted in poor GND density evaluation for 

the sample subjected to heat-treatment 1.  

Figure 4-21 shows the GND density distributions extracted from the data used to produce Figure 

4-15 & Figure 4-16  plotted for both heat-treatments.  
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Figure 4-21 – GND density histograms plotted from the GND density maps in Figure 4-16 showing the change in the GND  
distribution as a function of applied mean tensile strain: (a =Heat treatment 1, b heat treatment 2%) 

From Figure 4-21(a), there is a small but noticeable shift in the distributions between 0 and 0.002 

strains for the sample subjected to heat-treatment 1. The shape of the distributions are also very 

similar. This suggests that either some unexpected yielding has occurred or that the elastic 

deformation of the sample has resulted in some shifts in the EPSPs that have been decomposed 

and calculated as GND density. The peak of the distributions decrease between 0.002 and 0.02 

strains and the distributions spread in both directions as also observed by Jiang et al. [178] . A 

similar trend is observed between the distributions of the strains of 0.02 and 0.04 for the sample 

subjected to heat-treatment 1.  

Comparison between Figure 4-21(a) and (b) shows very similar trends in the changes of the GND 

density distribution with strain with the exception of an immediate drop between the peak height and 

spread of the distribution between a GND density of 0 and 0.002 strains for the sample subjected to 

heat-treatment 2. This is also shown between Figure 4-16(a) and (b) because the GND density field 

is shown to markedly change in comparison with Figure 4-15(a) and (b).    
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Figure 4-22 compares the GND density field distributions for each strain of both samples subjected 

to both heat-treatments.  

 

Figure 4-22 – GND density histograms plotted from the GND maps in Figure 4-16 showing the change in the GND spatial 
distribution as a function of applied mean tensile strain; (a = 0, b = 0.002, c = 0.02, d= 0.04) 

Figure 4-22(a) shows a similar shape in the GND density histograms, however the two are not 

superimposed, with the sample subjected to heat-treatment 2 shifted to the left (i.e. a lower 

geometric mean of the GND density) compared with heat-treatment 1. As previously discussed, this 
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suggests either the thermal processing history or polishing quality of the sample subjected to heat-

treatment 1 resulted in a GND density distribution with a higher geometric mean compared with that 

of heat-treatment 2. The former is more likely because as shown Figure 4-15(a), there are no GND 

density structures that suggest the polishing quality was not sufficient. For example, scratches 

would show as bands of high GND density in the region of interest.  

Figure 4-22(b) – (d) shows the GND density histograms are consistently shifted to the right (i.e. a 

higher geometric mean of the GND density) for the sample subjected to heat-treatment 1. This 

effect is summarised in Figure 4-23 because the geometric means of the GND density distribution of 

the sample subjected to heat-treatment 1 are consistently greater than those of heat-treatment 2. 

 

Figure 4-23 – Plots of the geometric mean and standard deviation of each GND density field with strain 

Furthermore, Figure 4-23 also shows the standard deviation of the sample subjected to heat-

treatment 1 is consistently lower compared with the sample subjected to heat-treatment 2, indicating 

that the sample subjected to heat-treatment 2 has a broader GND density distribution. This 

correlates well with the GND density map of heat-treatment 2 which appears spatially more 

homogeneous compared with heat-treatment 1.  
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Importantly, examination of the GND density fields of the same ROI with strain gives insight into 

how the combined role of texture and microstructural feature networks (e.g. grain boundaries and 

triple junctions) [40,180–184] on the development of the GND density fields. Figure 4-24 shows the 

effect of strain on the change in the {111} and {110} pole figures.   
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Figure 4-24 – Line scans through the {111} and {110} pole figures denoted by the red arrow on each pole figure cartoon: 
(a) {111} pole figure line scans for each value of strain for the sample subjected to heat-treatment 1; (b) {110} pole figure 
line scans for each value of strain for the sample subjected to heat-treatment 1; (c) {111} pole figure line scans for each 
value of strain for the sample subjected to heat-treatment 2; {110} pole figure line scans for each value of strain for the 

sample subjected to heat-treatment 2 
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Figure 4-24 shows for both heat-treatments a general increase in magnitude of the {111}||Z texture 

(γ-fibre) component and a similar increase in magnitude of the {110}||X texture (α-fibre) component 

as indicated by the black and green arrows respectively. Interestingly, if the {110},<111> slip system 

is assumed to be active, then the opposite trend should be observed (i.e. the {110} poles, i.e. the 

slip plane normal, should rotate perpendicular to the direction of the applied stress (X) and the {111} 

poles should rotate parallel to X.) This indicates firstly, residual GND density fields may not be as a 

result of the activation of the primary slip system and secondly, single crystal slip is a poor 

approximation for polycrystalline deformation and the microstructural network plays also plays a role 

in the development of the GND density field as noted in. Nonetheless, it is important to note that 

texture does play a role in the initial deformation of both samples (e.g. grain rotation).  

Finally, Figure 4-25 shows the development of GND density field within one example grain from 

each heat-treatment. The {110} slip plane traces within the unit cell of the final orientation (0.04 

strain) grain for each case are included. Note that the orientation of both grains barely changed 

during deformation.  
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Figure 4-25 – Example grains extracted from each heat-treatment map showing the development of the GND fields with 
strain 

Figure 4-25 firstly shows the majority of the GND networks initiate and develop from triple junctions 

surrounding the sample. This implies triple junctions impose the largest constraint on the 

microstructure for the case of these grains during initial deformation. For the case of heat-treatment 

1 however, the grain is seen to change shape (elongating parallel to the loading axis) and this is not 

observed in the larger grain in heat-treatment 2. Furthermore, the slip plane traces do not appear to 

change angle with strain indicating that the grain material in this case are fully constrained and the 

whole grain itself cannot rotate with strain.  
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4.2.3 Hydrogen Charging Results 

The results shown in this section are from a short experiment to evaluate the effectiveness of 

combined EDS and EBSD to assess microstructural damage as a result of hydrogen charging. 

Figure 4-26 shows a FSD (topographical) micrograph of a HIC (region of hydrogen damage in the 

sample) because of the electrolytic hydrogen charging and corresponding COMz, GND density 

map, and Ti EDS map.  

 

Figure 4-26 – (a) Argus (FSD) image of the HIC crack; (b) Corresponding COM w.r.t. Z-axis showing the local texture; (c) 
GND density map; (d) Qualitative Ti EDS map 

Figure 4-26(c) shows significant GND density development around the HIC and there is a 

corresponding Ti-based precipitate within the HIC. The effect of local texture cannot be determined 
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in this case (contrary to the previous in-situ tensile testing) because the initial texture prior to 

hydrogen damage of this region could not have been measured. 

There is a clear correlation between the Ti-based precipitate and the HIC. It is likely that during 

charging, the atomic hydrogen diffused through the microstructure and was trapped by the Ti-based 

precipitate. Titanium carbides for example are known to be a strong hydrogen trap [79,185]. 

Therefore, the atomic hydrogen accumulated and recombined to form H2 molecules around the Ti-

based precipitate resulting in a hydrostatic pressure. The hydrostatic pressure pushed (generated a 

shear stress on the surrounding slip systems) in the surrounding grains and the resultant 

deformation was accommodated by the development of a heterogeneous GND density network 

similar in magnitude to those observed in the in-situ samples deformed to strain. 

The local networked microstructure plays a pivotal role on the crack propagation path. The HIC 

grows intergranularly and appears to arrest on its right-hand side by a triple junction. The HIC also 

initiates around the largest Ti-based precipitate in the microstructure and not around the smaller 

ones detected in the field of view.  
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5 Electrolytic Hydrogen Charging of 

Q125R & L80 API Steel Grades 

This chapter explores how samples of high strength, martensitic steel that are stressed in the four-

point bend geometry respond to controlled electrolytic hydrogen charging [122,186]. Four-point 

bend coupons were machined from pipes of API quenched and tempered martensitic steels grades, 

Q125R and L80, supplied by Nippon Steel through Shell Global Solutions. The coupons were 

stressed under standard National Association of Corrosion Engineers (NACE) four-point bend 

geometries [170] and 1 cm2 regions of the centre of the tensile surface of the four-point bend 

coupons were subsequently exposed to an electrolyte of 0.2M H2SO4 with 3 g/L of NH4SCN 

(ammonium thiocyanate – a hydrogen recombination poison) using an Avesta standard corrosion 

cell. A cathodic current density of 200 mA/cm2 relative to a platinum reference electrode was 

applied to the steel coupon to reduce hydrogen ions on the exposed surface that were subsequently 

absorbed into the bulk. These charging conditions were taken from Mohtadi-Bonab et al. [126,127]. 

The charging conditions selected were severe and were expected to induce microstructural damage 

into the steels examined in this study within a matter of hours, mitigating the need to design the 

experiment to run unattended.  

Post-charging examination of both steel grades using light microscopy revealed three main 

Hydrogen Accelerated Crack (HAC) geometries termed: Hydrogen Induced Crack (HIC), Stress 

Orientated Hydrogen Induced Crack (SOHIC) and Sulphide Stress Crack [62] (pg. 274). The L80 

sample only failed via HICs regardless of stress. Conversely, the Q125R sample failed via a mixture 

of HICs, SOHICs and small SSCs at low (25% certified yield) stress and consistently via one large 

SSC at high (75% certified yield) stress when charged for 1.5 hours. HICs were seen to fail around 

microstructural regions of high sulphur content, qualitatively determined by EDS and at regions of 

low aspect ratio grains.  
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The origins of SOHICs and SSCs are less clear with no obvious chemical or microstructural 

correlations detected using EDS and EBSD respectively. Reconstruction of the Prior Austenite 

Grain (PAG) boundaries in 6 example SSC cross-sections in a sample of Q125R reveals a general 

preference for SSC propagation along PAG boundaries [53]. Comparison of the PAG size whose 

boundaries an SSC propagates along revealed a slight preference for propagation along larger 

PAGs compared with uncracked regions. There was no preference for SSC propagation along 

certain PAG boundary misorientation. Larger PAGs and no boundary misorientation preference 

suggest that segregation of weak hydrogen trapping species (e.g. sulphur, as with HICs) dominates 

the mechanism for SSC initiation and propagation. A clear future direction of this work is to explore 

localised chemistry segregation at PAG boundaries using higher spatial resolution techniques such 

as Scanning Transmission Electron Microscopy (STEM)-EDS. 
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5.1 As-Received Q125R and L80 

Figure 5-1 shows the light microscopy taken of both the as-received Q125R and L80 steels.  

 

Figure 5-1 – Light Micrographs of: (a) Q125R Z-X plane and (b) L80 Z-X Plane 

From Figure 5-1, both steels exhibit a tempered martensitic microstructure [13]. The Nital etchant 

has also revealed some dark patterning running parallel to the z-direction (i.e. along the axial 

direction of the pipes). This suggests some chemical segregation occurred, most likely during the 

piercing and multi-pass rolling stages of the seamless pipe production. The Q125R’s microstructure 

appears more disordered, for example the martensite laths appear to be a little smaller. The 

segregation banding in the L80 also appears to be more distinct (for fixed etchant batch and time) 

suggesting that the chemical species reacting with the etchant has a higher concentration compared 

with the Q125R. 

Figure 5-2 shows the Coloured Orientation Maps (COM) w.r.t. the z-axis (see Figure 3-13, pg. 97) 

with the reconstructed Prior Austenite Grain (PAG) boundaries superimposed.  
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Figure 5-2 – COM Maps w.r.t the X-axis (a) Q125R Z-X plane and (b) L80 Z-X Plane with the prior austenite grain 
boundaries superimposed 

COM maps suggest a weak texture in both the Q125R and L80 as also illustrated in Figure 5-3. The 

PAG size appears larger in the L80 sample compared with the Q125R.  

Pole figures for both the original martensite and reconstructed PAG are shown in Figure 5-3. 
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Figure 5-3 – {100}, {110}, {111} pole figures of the orientation distribution functions (with 6° halfwidth) calculated from the 
EBSD datasets used to produce Figure 5-2: Q125R As-received martensite orientations; Q125R corresponding 

reconstructed prior austenite grain orientations; L80 as-received martensite orientations; L80 corresponding reconstructed 
prior austenite grain orientations 
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Figure 5-3 confirms the weak texture in the as-received Q125R and L80. Note however, there are 

slightly stronger texture components in the Q125R sample compared with the L80. The stronger 

texture in the Q125R is likely due to processing conditions during manufacture of the seamless 

pipes. 

The stronger texture in the PAG datasets compared with the martensite datasets is because the 

PAG reconstruction code has essentially back calculated the PAGs using a near K-S orientation 

relationship (hence there are 24 potential martensite lath orientation variants that correspond to 4 

austenite habit planes [187]) and therefore the potential martensite lath orientation variants that 

habit from the PAG are reduced from 24 to 4 [188]. This also explains the stronger PAG texture 

components in the Q125R compared with the L80.  

Figure 5-4 compares the grain size of the martensite between the Q125R and L80 samples with that 

of the reconstructed PAGs.  
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Figure 5-4 – Grain Size Histograms of: (a) Q125R and L80 as-received martensite; (b) Q125R and L80 reconstructed 
prior-austenite grains calculated from the same data used to plot Figure 5-2 and Figure 5-3. A boundary misorientation 

threshold of 5° was used. Note the boundary and grains < 2 µm2 were removed from the calculations.  

Table 5-1 compares the statistics from both grain datasets. 
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Table 5-1 – Table of grain size statistics from the grain-size datasets plotted in Figure 5-4. 

 
 

Q125R L80 

As-received 
martensite 

Reconstructed 
PAG 

As-received 
martensite 

Reconstructed 
PAG 

Geometric Mean 
(µm2) 

4.8 30.2 5.8 41.1 

Standard 
Deviation 

(µm2) 

2.1 4.1 2.4 5.6 

 

Figure 5-4 and Table 5-1 show that L80 has a larger mean martensite lath size. This is firstly 

indicative of the lower strength of L80 compared with the Q125R since there is a higher mean free 

path for dislocation glide in the L80 compared with the Q125R. Furthermore, the mean L80 PAG 

size is larger compared with Q125R. A larger PAG size results in reduced susceptibility to hydrogen 

embrittlement in quenched and tempered martensitic steels [189–192] for fixed chemistry. This is 

because a larger PAG size would suggest that an initial concentration of impurities and potential 

hydrogen traps would distribute in higher concentrations along PAG boundaries. The grain size 

results presented here therefore contradicts previous work given L80 is presumed to have a lower 

susceptibility to hydrogen embrittlement. However, there are plenty of other factors that affect the 

susceptibility of a quenched and tempered martensitic steel to hydrogen embrittlement, notably: (1) 

the chemistry of the two materials is different (see Table 3-4, pg. 98); (2) likely to be fewer 

microstructural features, e.g. dislocations in the L80 that can promote the diffusion of mobile 

hydrogen to damage sites.  

Finally, Figure 5-5 shows the grain boundary misorientation distributions calculated for the original 

martensite datasets and the reconstructed austenite data sets.  
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Figure 5-5 – Grain boundary misorientation distributions of: (a) Q125R and L80 as-received martensite; (b) Q125R and 
L80 reconstructed prior-austenite grain boundary misorientations calculated from the same data used to plot Figure 5-2 - 

Figure 5-4. Note the grain boundary misorientation threshold was decreased from 5° to 1° for this figure. 

Note the grain boundary misorientation threshold was changed from 5° to 1° for this figure to 

capture the high proportion of low angle grain boundaries in the martensite datasets. Figure 5-5(a) 

shows a very similar proportion of low angle grain boundaries for both Q125R and L80 because of 

the Geometrically Necessary Dislocations (GNDs) required to accommodate the strain change 

between the transformation between martensite and austenite [13]. From a hydrogen embrittlement 

perspective, this is surprising since Cao et al. [119] suggest that the susceptibility of a martensitic 

steel to hydrogen embrittlement increases with the proportion of low angle grain boundaries 

because the higher weak trapping capacity of dislocations [193]. The presumed higher susceptibility 

in Q125R suggests that it is likely that other factors (e.g. local chemistry) probably play a role.   

Figure 5-5(b) shows a rough Mackenzie [176] distribution of the PAGs up to approximately 60° 

where there is a peak for both the Q125R and L80 data sets. There is no spatial preference across 

the map for the boundary misorientations around 60°. 
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5.2 Effect of Flexural Stress on Cracking Mechanisms in Q125R & 

L80 

5.2.1 Quantitative Light Microscopy Results 

Figure 5-6 summarises the crack geometries observed using light microscopy combined with both 

an OPS and Nital etch finishes after electrolytically hydrogen charging the Q125R and L80 bend 

coupons for 1.5 hours.  
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Figure 5-6 – Summary of crack geometries observed in the Q125R and L80 four-point bend coupons when electrolytically 
charged with hydrogen for 1.5 hours in an electrolyte of 0.2M H2SO4 with 3 g/L and a charging current density of 200 

mA/cm2.  

Hydrogen charging of the Q125R grade results in three crack geometries when charged with 

hydrogen (HIC, SOHIC and SSC) [62]. However, HICs were mostly observed in L80, regardless of 

stress and charging conditions. From light microscopy (Figure 5-6), all three crack geometries 

appear to propagate along martensite lath boundaries for the most part. HICs are also clearly seen 
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to propagate along segregation bands present in both steel grades that develop during the 

thermomechanical processing of the steel, as indicated by the darker regions when etched with 

Nital in Figure 5-6(c). The lower aspect ratio of HICs compared with SOHICs and SSCs suggests 

they are essentially the remnants of outgassed internal hydrogen blisters that develop during 

charging [80].  

Importantly, it is known that SSCs and SOHICs require an external stress in order to initiate and 

propagate [62,194]. Conversely, HICs do not require an external stressed although they also 

propagate when the test piece is stressed. However, there is little literature on the quantitative 

correlation of applied stress and resultant crack geometries: HIC, SOHIC and SSC are often used 

interchangeably to describe all three crack geometries [194,195]. Figure 5-7 is a collection of 3D 

histograms of crack angle, crack length and counts for a fixed flexural stress in both Q125R and 

L80, defined as a fraction of the certified yield stress of each steel grade. Four internal surfaces of 

the sample were examined (see Figure 3-16, pg. 102) to collect a reasonable number of crack 

cross-sections. The risk of using this method however is it is plausible to examine a different cross-

section of the same crack geometry. 
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Figure 5-7 – 3D histograms and micrograph of the crack geometries generated as a function of applied maximum tensile 
stress (for fixed charging conditions): (a) Q125R stressed to 0.25 of its certified yield stress (σy); (b) Q125R stressed to 

0.25 of its certified yield stress (σy); (c) Micrograph of one crack cross-section in a sample of Q125R stressed to 0.75 of its 
certified yield stress; (d) L80 stressed to 0.75 of its certified yield stress (σy) 

Note a micrograph is included for the Q125R sample stressed to 0.75 of its yield stress because 

these (three tests were taken) samples consistently failed via one large SSC propagating through 

the centre of the sample under this stress.  
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For the Q125R grade, we see a mixture of HICs and SOHICs developing at 25% of the certified 

yield stress. Furthermore, there are count peaks in the histogram at angles of 0° and 45°, confirming 

that a lot of HICs and SOHICs develop compared with crack geometries with angles between these 

limits. Often, any crack with a measured angle between these limits is a crack that takes the 

appearance of a HIC and SOHIC that develop separately and subsequently connect. Interestingly, 

the crack geometries are restricted to specific crack angles (the length less so) and suggests that 

stress plays a key role. Since HICs do not require a stress to develop, it is likely that they initiate at 

regions of the microstructure with strong hydrogen traps. Therefore, a high concentration of atomic 

hydrogen develops in these regions and the hydrogen atoms combine to form hydrogen molecules. 

This results in an internal hydrogen hydrostatic pressure (as with the case of the IF steel – see 

section 4.2.3, pg. 144). This is the common explanation in literature and has been observed in-situ 

by Griesche et al. [80] using neutron tomography.  

SOHICs are seen to propagate approximately 45° relative to the major (Z) axis of the coupons This 

suggests either: (1) the applied stress is activating hydrogen trap sites that would otherwise be 

dormant when the coupon is unstressed, i.e. increasing their capacity to trap hydrogen so that it can 

be supplied to crack tips to accelerate propagation; (2) the applied stress connects a series of 

hydrogen damage sites (perhaps small HICs). Both arguments are valid, and it is likely both are 

operating simultaneously; for example the triaxial stress around a crack tip or trap feature (e.g. a 

sulphur inclusion) increases the number of hydrogen atoms that can be accommodated [196] (and 

hence accelerate crack growth) by dilating the martensite lattice in this case. Furthermore, the 

resultant angle at which a series of hydrogen damage sites are connected depends on the 

magnitude of the applied global stress, i.e. there are more SSCs at higher stress compared with 

SOHICs. The 45° angle suggests dislocations may play a role because this is the maximum shear-

stress component of the applied bending stress. However, evidence of dislocation activity  at this 

length scale (e.g. mapping the GND density field around a crack tip using Hough-based EBSD 

[158]) has not been detected. That said, smaller-scale dislocation activity should not be dismissed, 

and this is a potential future direction for this work. Light and electron microscopy imaging suggest a 
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reasonable proportion of SOHICs and SSCs generally consist of a series of connecting small 

cracks, particularly when a smaller amount of hydrogen is charged into the sample.  

The same arguments can be used to explain why Q125R samples stressed to 75% of its yield 

stress consistently fail by the propagation of one large SSC through the centre of sample (see 

Figure 5-7(c)). Interestingly however, few HICs and SOHICs are observed in the samples after 

failure. It is possible that the HIC cracks collapse after failure of the sample because the trapped 

hydrogen gas (molecules) can outgas via the large SSC. However, this should still leave the original 

cavities of the HIC cracks. It is more likely that the higher stress promotes the formation and 

propagation of SSCs over HICs.  

Figure 5-7(b) and (d) show that HICs only develop in the L80 sample regardless of stress for the 

given charging conditions. This is reflective of the grade’s lower susceptibility to hydrogen 

embrittlement. However, in rare circumstances, SSC/SOHIC-like crack geometries have been found 

in L80 stressed to 75% of its certified yield as shown in Figure 5-8 (note none were found in the 

samples used in the stress study). 

 

Figure 5-8 – Light micrograph of a Nital etched sample of L80 at the top tensile surface showing a SSC/SOHIC like crack 
that appears to have propagated along a series of prior-austenite grain (PAG) boundaries.  
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The major orientation of the packets of martensite laths as shown with the white suggest these 

cracks have initiated and propagated along prior-austenite grain (PAG) boundaries. This is explored 

further in section 5.3.2 (pg. 169). 

5.3 Effect of Hydrogen Content on Cracking Mechanisms in Q125R 

The focus now switches to Q125R because this grade consistently displays HICs, SOHICs and 

SSCs for the charging conditions used in this study. Understanding how SSCs initiate is of interest 

because: (1) they only appear in loaded structures; (2) they propagate perpendicular to the applied 

principal stress (e.g. radially in a pipe wall) compared with HICs and the pipes are therefore more 

prone to leaks and failures from SSCs compared with HICs. Therefore, a series of tests were 

performed on four different samples of Q125R, all stressed to 50% of their certified yield and 

charged with hydrogen for 15, 30, 45 and 60 mins respectively, i.e. essentially dividing the previous 

experiment into four time-intervals. The same electrolyte (0.2M H2SO4 with 3g/L NH4SCN) and 

applied cathodic potential (200 mA/cm2) were used. 50% certified yield was chosen from the 

previous results (assessing the effect of flexural stress on crack geometry) because it was 

presumed that this stress would generate all three crack geometries as opposed to just SSCs over 

HICs. The aim of this experiment is to explore how the nature of how SSCs, SOHICs and HICs 

initiate and propagate and how they interact with each other.  

Importantly, quantifying the amount of hydrogen in the sample at a given time was extremely 

difficult. Attempts were made at the end of each test to discharge the hydrogen into a graduated 

tube filled with ethylene glycol [129] to estimate the amount of gaseous hydrogen charged into the 

sample. However, this method proved unreliable because the glycol level was very sensitive to 

temperature and hydrogen pressure. Furthermore, it is very likely that the gaseous hydrogen 

trapped in the sample resulted in the initiation and propagation of HIC cracks. However, SSCs and 

SOHICs may have been driven by mobile (and weakly trapped) atomic hydrogen. To quantify the 

amount of mobile or weakly trapped hydrogen, the sample typically must be cooled to cryogenic 

temperatures immediately after charging to trap the hydrogen in the microstructure [87]. Techniques 



Chapter 5: Electrolytic Hydrogen Charging of Q125R & L80 API Steel Grades 

162 

 

such as cryogenic TDS can subsequently be used to estimate the concentration of hydrogen in the 

material however we did not have access to the equipment for this. Nonetheless, controlling the 

charge time at least allowed a qualitative comparison of crack geometry development with hydrogen 

content in the sample. 

Figure 5-9 tracks the development of crack geometries on a sample of four different samples of 

Q125R stressed to 50% of its certified yield stress. Example micrographs of the samples charged 

for 15 mins and 60 mins are also included. 
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Figure 5-9 – 3D histograms and micrograph of the crack geometries generated as a function of increasing charging time 
(for a fixed maximum tensile stress of 50% of the certified yield stress: (a) 15 mins; (b) 30 mins; (c) 45 mins; (d) 60 mins. 

Example micrographs are included for the samples charged to 15 and 60 mins (f and g respectively) 
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The sample charged for 15 mins displays a mixture of all three crack geometries. This is important 

because it suggests the threshold hydrogen content required to initiate the three geometries is 

similar. Therefore, their initiation mechanism is similar, alluding at least that the initiating 

microstructural and or chemical feature is similar. Furthermore, this trend continues for the 30 min 

charge time; suggesting that the 15 min time resolution is small enough to capture the initial 

initiation and propagation of the three crack geometries.  

The sample charged for 45 mins continues this trend, with the initiation and propagation of a 

substantial number of cracks of all three geometries. Note that the cracks with angles between the 0 

(HIC), 45° (SOHIC) and 90° (SSC) are usually where a HIC and a SOHIC or a SOHIC and SSC 

have connected. Interestingly, after 60 mins charging time, the number of observable cracks has 

substantially decreased and as shown in Figure 5-9(g), one large SSC has propagated through the 

sample with numerous large SOHICs and HICs in the sample. This is likely to be due to the 

connection of a series of smaller cracks of similar geometry to form larger cracks.  

Figure 5-10 shows the results of a similar experiment, the main difference is that an interrupted test 

was performed on the same the same sample of Q125R. The micrographs show the same charged 

region. The sample was left to discharge hydrogen at room temperature for 24 hours before 

subsequent charging so that any free gaseous hydrogen was discharged.  
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Figure 5-10 – Micrographs of the charged surface of one sample of Q125R that was charged at 15 minute intervals and 
then interrupted in order to track the development of the same cracks on one sample of Q125R. Note the sample was left 

to discharge hydrogen overnight between each charge 

Firstly, the hydrogen damage is manifested through a series of elongated depressions that develop 

with no apparent spatial preference for the 15 and 30 min charge. The major axis for the 
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depressions are also always parallel to the sample θ (circumferential) axis, once again inferring that 

the flexural tensile stress component plays the dominant role for stress (i.e. the hinging stress). 

Furthermore, the depressions look geometrically similar, suggesting that the initiation sites for all 

three crack geometries are similar.  

At 45 min and 60 min charge, larger depressions (circled in red) develop in the centre of the 

charged region and are most likely the initiation site for the large SSC crack that develops in the 

Q125R sample. Furthermore, the larger depressions are also a series of smaller depressions that 

have connected, reinforcing the connected damage site for crack propagation hypothesis. Once a 

damage site develops during one charge, it does not appear to further develop. This suggests, as 

commonly agreed in literature [62], that a threshold hydrogen concentration in the sample must be 

present before any accelerated hydrogen damage occurs. 

5.3.1 Microstructural Origins of Crack Geometries 

This section summarises the initial work used to correlate all crack geometries with the local 

microstructure and chemistry of the sample using combined EDS and EBSD. Figure 5-11 shows an 

example elongated depression (see Figure 5-10) on the charged surface of a sample of Q125R 

charged for 15 mins at 50% of its certified yield stress.  
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Figure 5-11 – Combined EDS/EBSD results measured on the charged surface of a sample of Q125R stressed to 0.5 of its 
certified yield stressed and charged with hydrogen for 15 mins showing an elongated depression that could act as an 
initiation site for a HIC, SOHIC or SSC. (a) Argus (FSD) image showing topographical contrast; (b) Band contrast map 

measured from the captured EBSPs showing martensite lath boundaries; (c) Qualitative sulphur map showing clear 
sulphur concentration around the crack site; (d) COM w.r.t. the x-direction showing the weak texture in the sample 

Firstly, the convincing qualitative detection of sulphur around the crack suggests that this element 

plays an important role in the initiation site for all three crack geometries. Note it is unclear as to 

which crack geometry this supposed initiation site relates to since there is no internal plane, Z-θ, 

view. The band contrast map suggests the initiation site propagates intergranularly, i.e. along 

martensite lath boundaries. However, the COM shows little correlation of local texture with the crack 

propagation path. This suggests that local chemistry plays the dominant role in determining where 

the cracks initiate and that the martensite lath boundaries simply provide a minimum energy crack 

propagation path that is parallel to the main hinging stress axis in this case. 
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Figure 5-12 shows an alternative plane (R-Z) view of all three crack geometries in one field of view. 

The EBSD and EDS data were taken from the same Q125R as that used in Figure 5-11. 

 

Figure 5-12 – Combined EDS/EBSD results measured on a sample of Q125R stressed to 50% of its certified yield 
stressed and charged with hydrogen for 15 mins with HICs, SOHIC and SSCs on one field of view: (a) Argus (FSD) image 

with enhanced topographical contrast showing the three crack geometries; (b) Band contrast map measured from the 
captured EBSPs showing martensite lath boundaries; (c) Qualitative sulphur map showing clear sulphur segregation 

bands with major axes parallel to the x-direction; (d) COM w.r.t. the x-direction showing the weak texture in the sample 

 From Figure 5-11, there is a clear correlation between the sulphur segregation band and the HIC 

cracks. The sulphur bands result from the segregation banding detected using light microscopy (see 

Figure 5-6, pg. 156) and are seen to clearly streak parallel to Z (axial direction of the pipe) axis. The 

FSD imaging enhances topographical contrast and small depressed trenches also coincide with the 

sulphur banding. As such, the banding either results in a chemistry that enhances the reactivity of 
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the surface around the segregation banding with the final OPS polish or that the hardness of the 

area has decreased. Nonetheless, an increased concentration of sulphur results in the formation of 

HIC cracks. Interestingly, it is reported that the drive for cleaner (i.e. reduced sulphur) steels may 

correlate with an increased incidence of SSCs and SOHICs compared with HICs. Therefore, at least 

some of the strong trap sites sulphur forms within the steel microstructure may favour HIC formation 

over SOHIC or SSC.  

Conversely, there is less of a correlation with local chemistry and microstructure with the 

propagation of SOHICs and SSCs when utilising characterisation techniques used in this study. 

However, there is a general tendency for both to propagate intergranularly. Furthermore, the SSC 

shown is clearly a connection of multiple hydrogen damage sites. This suggests that although 

damage initiation sites were found on the charged surface of the steel (see Figure 5-11), it is not 

necessarily true for a SSC to initiate at the charged surface, they could also initiate internally as with 

HICs and SOHICs. As such: (1) HICs, SOHICs and SSCs probably have similar initiation sites and 

future work should examine this (e.g. local chemistry measurements using STEM-EDS techniques); 

(2) stress activates local initiation sites, these could be a lower concentration/ smaller volume 

sulphur species that would otherwise not interact strongly enough with hydrogen under a low load 

hence why they are not detected using SEM-EDS.  

5.3.2 Correlation of prior austenite grain boundaries with sulphide stress crack propagation 

path 

It has been established that all three crack geometries mostly propagate intergranularly and the 

HICs coincide with regions of detectable sulphur content as established using SEM-EDS. The story 

however for SOHICs and SSCs is not as conclusive. It is reported that the propagation path of a 

hydrogen accelerated crack in a quenched and tempered martensitic steel regularly coincides with a 

Prior Austenite Grain (PAG) boundary [53]. However, it is not clear as to which crack geometry (and 

which stress-state) is being examined. Given the industrial importance of understanding a SSC, this 
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section is devoted to examining the extent to which an SSC propagates along PAG boundaries 

using a PAG reconstruction code [50] on the EBSD data.  

Six SSC crack-cross sections were examined with EBSD in a sample of Q125R charged for 15 mins 

and stressed to 50% of its certified yield. Three examples are shown in Figure 5-13. This sample 

was selected for the study because the SSCs detected are relatively undeveloped compared with 

samples charged for 1.5 hours as shown in Figure 5-6. 

 

Figure 5-13 – Example EBSD datasets taken at several SSC crack cross sections and corresponding COMx maps with 
prior austenite grain boundaries overlaid 

To quantify the extent to which SSCs propagate along PAG boundaries, each segment of the SSC 

path that coincides with a PAG boundary was measured and divided by the total crack length in the 

field of view (eqn (35)). Note this may not necessarily be the entire SSC cross-section. 

𝐶𝑟𝑎𝑐𝑘 𝑃𝑎𝑡ℎ 𝑂𝑛𝑙𝑦 = 
𝑆𝑆𝐶 𝑙𝑒𝑛𝑔𝑡ℎ 𝑎𝑙𝑜𝑛𝑔 𝑎 𝑝𝑟𝑖𝑜𝑟 𝑎𝑢𝑠𝑡𝑒𝑛𝑖𝑡𝑒 𝑔𝑟𝑎𝑖𝑛 𝑏𝑜𝑢𝑛𝑑𝑎𝑟𝑦 × 100 

𝑡𝑜𝑡𝑎𝑙 𝑆𝑆𝐶 𝑙𝑒𝑛𝑔𝑡ℎ
  

(35) 
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Similarly, to make a fair comparison the ratio of the total prior austenite grain boundary length in 

each data set was evaluated as: 

𝐸𝑛𝑡𝑖𝑟𝑒 𝐷𝑎𝑡𝑎 𝑆𝑒𝑡

=  
𝑝𝑟𝑖𝑜𝑟 𝑎𝑢𝑠𝑡𝑒𝑛𝑖𝑡𝑒 𝑔𝑟𝑎𝑖𝑛 𝑏𝑜𝑢𝑛𝑑𝑎𝑟𝑦 𝑙𝑒𝑛𝑔𝑡ℎ × 100 

𝑚𝑎𝑟𝑡𝑒𝑛𝑖𝑠𝑡𝑒 𝑙𝑎𝑡ℎ 𝑏𝑜𝑢𝑛𝑑𝑎𝑟𝑦 𝑙𝑒𝑛𝑔𝑡ℎ − 𝑝𝑟𝑖𝑜𝑟 𝑎𝑢𝑠𝑡𝑒𝑛𝑖𝑡𝑒 𝑔𝑟𝑎𝑖𝑛 𝑏𝑜𝑢𝑛𝑑𝑎𝑟𝑦 𝑙𝑒𝑛𝑔𝑡ℎ
  

(36) 

Figure 5-14 compares the ratio of the SSC length that propagates along a PAG boundary to the 

ratio of the prior austenite grain boundary to martensite lath boundary length in each data set 

analysed.  

 

Figure 5-14 – Bar chart showing the ratio of PAG boundary length to martensite lath boundary length of the entire dataset 
and corresponding ratio of SSC path that propagates along the PAG boundary to total SSC length 

The ratios of PAG boundary length to martensite lath boundary length (blue columns) for each 

dataset are reasonably consistent, indicative that statistically relevant map areas were captured 

around each SSC cross-section. The minor fluctuations are likely due to microstructural variations 

resulting in a higher or lower proportion of prior austenite grain boundaries in each measured area.  

Importantly, almost all SSC cross-sections analysed tend to propagate along PAG boundaries 

compared with the ratio of the total prior austenite grain boundary length in each dataset. The 

exception to this is dataset 5, were the two ratios are similar. This is likely a natural fluctuation of the 
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localised chemistry in this region of the microstructure. The main reason for this is likely due to 

preferential segregation of weakly trapping hydrogen species along the PAG boundary during 

processing in the austenite phase. This could also result in a lower cohesive strength along PAG 

boundaries compared with martensite lath boundaries resulting in a favourable crack propagation 

path along PAG boundaries. Unfortunately, it has not been possible to obtain reliable chemical data 

at this length scale along a SSC crack propagation path and this is a clear future direction for this 

work.  

Furthermore, no dataset contains an SSC crack cross-section where the path correlates entirely 

with PAG boundaries. This is usually due to microstructural features that block or change the 

direction of the crack path resulting in a tortuous crack propagation path, e.g. triple junctions and 

deflections along PAGs. When the SSC path does not coincide with a PAG boundary, the paths 

tend to propagate along martensite laths which are preferentially orientated as shown in Figure 

5-15. 

 

Figure 5-15 – Example SSC propagation path in yellow and PAG boundaries (red) overlaid on a band contrast map 
showing an example transition from SSC propagation along a PAG boundary to propagation along a martensite lath that is 

orientated preferably for continued propagation.  

Note in this case the crack path in the viewing plane is also disconnected. This is further evidence 

that a SSC propagates via a series of hydrogen trap sites rather than one single initiation site.  
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Two microstructural parameters were subsequently analysed to explore the effect of PAG character 

on the SSC initiation and propagation. Firstly, the PAGs whose boundaries an SSC propagates 

along were extracted from the population of the entire dataset as depicted in Figure 5-16. 

 

Figure 5-16 – Example PAG boundary map with the population of PAGs whose boundaries the SSC propagates along 
highlighted in red. 

The grain size distribution for this grain subset for each dataset are compared with all the grains in 

each dataset in Figure 5-17. 

Z 

R 
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Figure 5-17 – Histograms comparing the (a) grain size distribution of all PAGs for each dataset with the (b) grain size 
distributions of the PAGs  whose boundaries each SSC propagates along. Boundary grains were removed for both 

datasets. A histogram bin size of 10 µm2 was used and all grains with an area of < 10 µm2 was removed from the analysis 

Note that the sum of all the PAGs in each dataset whose boundaries a SSC propagates along is 

132 compared with the sum of 13,722 PAGs of all six datasets. This explains the noise in Figure 

5-17(b). However, the long-normal shape of the distributions are similar and Table 5-2 compares the 

geometric mean and geometric standard deviation of all the PAGs in each dataset with those of 

PAGs whose boundaries a SSC propagates along.  
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Table 5-2 – Table of geometric mean and geometric standard deviations of the prior austenite grains datasets analysed in 
Figure 5-17. 

 

Entire Prior Austenite Grain Dataset SSC Prior Austenite Grains Only 

Geometric Mean 

(µm2) 

STD 

(µm2) 

Geometric Mean 

(µm2) 

STD 

(µm2) 

1 55.7 2.6 107.1 2.5 

2 47.4 2.6 68.3 2.9 

3 45.8 2.5 50.4 2.6 

4 38.8 2.4 33.5 2.5 

5 42.1 2.5 68.3 2.3 

6 42.2 2.4 67.8 2.5 

Arithmetic Mean 45.3 2.5 65.9 2.6 

  

The geometric means of the PAGs whose boundaries a SSC propagates along is greater in all but 

one dataset. This correlates well with literature in that a larger prior austenite grain size generally 

correlates with a higher susceptibility to hydrogen embrittlement, presumably because there is a 

higher concentration of hydrogen trapping species. However, this should be taken with the caveat 

that the grain data sets are quite small for the PAGs whose boundaries the SSC propagates along.  

The second microstructural parameter analysed is the misorientation of the PAG boundary 

segments along which a SSC propagated. Figure 5-18 compares the misorientation angle 

distribution of the PAG boundaries in all datasets to that of the PAG boundary segments along 

which a SSC propagates.  



Chapter 5: Electrolytic Hydrogen Charging of Q125R & L80 API Steel Grades 

176 

 

 

Figure 5-18 – Histograms comparing the misorientation angle distribution of (a) the entire PAG populations in each 
dataset; (b) segments of the PAG boundaries along which an SSC propagates along only. 

Firstly, note that both distributions are similar in shape to Figure 5-17. Figure 5-18(b) is noisy but the 

plots suggest an SSC does not have a preferential PAG misorientation along which it would 

propagate along. This is once again indicative the dominant role local chemistry plays. However, the 

lack of preference for grain boundary misorientation would imply that the trapping species are not 

crystalline because crystalline species should be accommodated along certain boundary 

misorientations because of strain accommodation along the matrix-boundary interface. 
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6 Wet H2S Autoclave Testing of Q125R 

and L80 API Steel Grades 

This chapter explores how samples of high strength, martensitic steel that are stressed in the four-

point bend geometry respond to controlled wet H2S containing autoclave tests [122,186] using 

standard NACE corrosion test conditions (NACE TM0177 standard [131]). Furthermore, one of the 

key aims of this work is to compare the hydrogen damage results, observed using light and electron 

microscopy-based techniques, of the electrolytic hydrogen tests carried out in the previous results 

chapter with those of the autoclave tests.  

Three autoclave tests were performed at H2S partial pressures (p(H2S)) of 0.1 bar(a), 0.5 bar(a) and 

1.0 bar(a). Bar(a) is the pressure measured w.r.t. a vacuum. Bar(g) is the pressure measured with 

respect to atmospheric pressure. Conversion between the two can only be estimated because the 

atmospheric pressure fluctuates, i.e. if the atmospheric pressure is 1.01 bar(a) and a gauge on a 

pressurised container reads a positive pressure of 0.3 bar, then the pressure in the container would 

be 1.31 bar(a) or 0.3 bar(g).  The tensile surfaces of four-point bend coupons of Q125R and L80 

were stressed to various proportions of their yield stressed using the same coupon geometry and 

bending rigs used in the electrolytic hydrogen charging tests (Chapter 5). The samples were 

submerged in an autoclave partially filled with NACE solution B (an analogy of sea water). The 

autoclave was sealed, purged and a mixture of H2S/ N2 gas was bubbled through the solution with 

the autoclave starting pressure regulated to 5 bar(g) for 24 hours to saturate the solution with H2S-

based dissolved species. The p(H2S) was adjusted by altering the H2S/N2 flow-rates. The autoclave 

was subsequently isolated (blocked-off) and the test was started. The autoclave was periodically 

purged, i.e. de-isolated and fresh N2/H2S gas passed into the chamber and subsequently re-

blocked. After at least 720 hours of exposure, the test was stopped and the samples were 

unloaded, weighed, photographed and analysed using light and electron-microscopy.  
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It was found that only extensive (macroscopic) Hydrogen Accelerated Cracking (HAC), that is the 

development of HICs, SOHICs and SSCs occurred in the Q125R samples in the 0.5 bar(a) and 1.0 

bar(a) p(H2S) autoclaves tests. However, the 0.1 bar(a) tests showed microscopic hydrogen 

damage sites. Importantly, these surrounded certain sulphur-based species in the microstructure. 

Furthermore, more microscopic hydrogen damage sites appeared as the applied bending stress 

increased in the Q125R samples but not for the L80.  

6.1 Anodic Corrosion Rates & As-Removed Coupon Examination  

To assess the oxidation of iron during the tests, the autoclave pressure increase during each test 

was recorded and shown in Figure 6-1(a). The pressure increase rate was a result of the anodic 

dissolution of iron due to the combined effect of the acetic acid and the dissolved H2S-based 

species. Therefore, it is likely that most of the pressure build up is due to the formation of hydrogen 

although this was not explicitly checked. Note that hydrogen build-up may have also altered the pH 

of the solution due to dissolution of hydrogen in accordance with Henry’s law. 

The periodic and rapid decreases in pressure were deliberately done during each autoclave purge. 

The pressure increases between each purge were estimated to be linear and the initial slope was 

calculated and plotted in Figure 6-1(b).  
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Figure 6-1 – (a) Overview of the measured pressure changes in the autoclave as a function of time. Each periodic 
pressure decrease was due to a scheduled autoclave purge; (b) Calculated initial pressure increase rate (i.e. the slope on 

(a)) between each purge 

From Figure 6-1(a), the increase in p(H2S) results in an increase in the pressure increase rate 

between each test. This is due to a higher concentration of dissociated species from the parent H2S 

gas molecules in the NACE solution therefore increasing the oxidation rate of the iron. The pressure 
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increase rate however markedly decreases for all three tests towards the end of each test. This is 

likely due to the development of a corrosion scale on each coupon that inhibits the anodic 

dissolution of iron. Interestingly, the decrease in the pressure increase rate happens at 

approximately the same exposure time for each test. Hydrogen production during the autoclave 

tests would have increased the partial pressure of hydrogen gas, resulting in a corresponding 

increase in the concentration of H+ dissolved in the NACE solution leading to a decrease in the pH 

of the solution. Unfortunately, the pH could not be measured during the test but this could be a 

useful variable to measure in future work.  

The jagged appearance in the pressure increase during the 0.1 bar(a) and 1 bar(a) tests is due to 

deliberate regulation of the autoclave pressure throughout both tests. The pressure was manually 

regulated in these tests because priority was given to keeping the autoclave conditions as steady as 

possible. However, automatic pressure regulation was not available on the autoclave used and this 

would be a useful feature for future work since the test duration means an operator cannot be 

continually available to manually regulate the pressure. Manual pressure regulation was not carried 

out on the 0.5 bar(a) test, except during purges. Nonetheless, the continuous linear increase of the 

pressure in the 0.5 Bar(a) tests suggests however that the production of hydrogen gas leading to a 

change in the pressure (and likely the pH of the NACE solution) did not have a significant feedback 

effect on subsequent production of hydrogen gas.  

Estimating the mass of iron dissolved from the autoclave pressure increase is likely to be more 

accurate than weighing the samples before and after the test because it was impossible to 

completely remove the corrosion-product scale from each sample. To estimate the mass of iron 

oxidised, the following reaction was assumed to be the most thermodynamically stable as estimated 

from the Fe Pourbaix diagram: 

Oxidation: 𝐹𝑒(𝑠)  → 𝐹𝑒2+(𝑎𝑞) + 2𝑒− 

Reduction: 2𝐻+(𝑎𝑞) + 2𝑒− → 𝐻2(𝑔) 

 (37) 

 (38) 

(39) 
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Balanced: 𝐹𝑒(𝑠) + 2𝐻+(𝑎𝑞) → 𝐹𝑒2+(𝑎𝑞) + 𝐻2(𝑔) 

Therefore, a stoichiometric ratio of 1:1 was assumed between hydrogen gas production and iron 

oxidation. 

The ideal gas equation is defined as: 

𝑝𝑉 = 𝑛𝑅𝑇 (40) 

Where 𝑝 = pressure, 𝑉 = volume, 𝑛 = moles of gas, 𝑅 = gas constant, 𝑇 = absolute temperature 

Therefore, by calculating the total pressure increase during each test, the moles of hydrogen gas 

produced and hence the amount of iron dissolution during each test can be estimated. The total 

pressure increase was calculated from the difference between the first and last pressure readings 

between each purge. From a HAC perspective, it is important to estimate the mass of iron 

anodically dissolved (i.e. oxidised) because the reaction will alter the stress-state of the bend-

coupons throughout each test. 

Table 6-1 shows the estimated mass of iron oxidised for all autoclave tests.  

Table 6-1 – Table of estimated mass of iron oxidised during each autoclave test (cumulative for all bend-coupons) 

Autoclave Test Number H2S Partial Pressure (bar(a)) 
Estimated Mass of Iron 

Oxidised (g) 

1 0.1 6 

2 0.5 14 

3 1.0 14 

 

Table 6-1 shows a general increase in the mass of iron oxidised with an increase in the H2S partial 

pressure. Interestingly, the estimated mass of iron oxidised at a H2S partial pressure of 1 bar(a) is 

the same as the 0.5 bar(a) test. Manual pressure regulation was not carried out on the 0.5 bar(a) 
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test (except during purging) suggesting that the calculated estimated mass of iron oxidised in this 

test is more accurate compared with the values of the 0.1 bar(a) and 1 bar(a) tests.  

The effect of the mass of iron oxidised can be related to the change in the stress-state of the 

samples during each test as: 

𝑉 = 𝑙𝑤𝑡  (41) 

 

𝜌 =
𝑚

𝑉
 

∴ 𝑚 =  𝜌𝑙𝑤𝑡 → 𝑡 =  
𝑚

 𝜌𝑙𝑤
 

 (42) 

 

Where 𝑉 = volume of the bend coupon, 𝑙, 𝑤 and 𝑡 are its length, width and thickness respectively, 

𝜌= density of the coupon, 𝑚 = mass 

Eqn (42) can be substituted into eqn (33) (pg. 100) as: 

𝑦 =  
(3𝐻2 − 4𝐴2)𝜎

12𝐸𝑡
→ 𝑦 =  

(3𝐻2 − 4𝐴2)𝜎𝜌𝑙𝑤

12𝐸𝑚
 

 (43) 

 

Eqn (43) shows that the deflection (𝑦) is inversely proportional to 𝑚 and the bending stress (𝜎) is 

proportional to 𝑚. Note that 𝑙 and 𝑤 will also change during the test but assuming this is 

insignificant, the change in the stress-state due to the loss in mass of iron (and further assuming 

that the corrosion scale formed does not contribute significantly to the structural integrity of the 

bend-coupons10) can be estimated as: 

𝑦 =  
(3𝐻2 − 4𝐴2)𝜎

12𝐸𝑡
→ 𝑦 =  

(3𝐻2 − 4𝐴2)𝜎𝜌𝑙𝑤

12𝐸𝑚
→ 𝜎 =

12𝐸𝑦𝑚

𝜌𝑙𝑤(3𝐻2 − 4𝐴2)
 

 (44) 

 

                                                

10 This is reasonable because the scale was observed to flake off the samples at the end of the test by 

rubbing them with hands 
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From the 0.5 bar(a) tests, the estimated mass of iron oxidised from Table 6-1 was 14 g. Therefore, 

each bend coupon lost approximately 2.5g of iron. Note that the corrosion rate of Q125R and L80 

would have been different. Each sample weighed approximately 67g. Therefore, a 2.5g mass loss is 

equal to a 3.7% reduction in the mass of the sample which would result in corresponding and 

insignificant 3.7% reduction in the applied bending stress throughout the test. Importantly, this also 

assumes that no significant cracking occurs during the tests. However, as shown in Figure 6-2, this 

was not the case for some of the Q125R samples in the 0.5 bar(a) and 1 bar(a) tests. 

 

Figure 6-2 – Photographs of each bend specimen after removal from the autoclave, unloading and washing. The yellow 
boxes indicate bend specimens which have fractured macroscopically 

Figure 6-2 shows that all samples showed exhibited a corrosion product scale. None of the samples 

exposed in the 0.1 bar(a) test showed any macroscopic HACs. As highlighted in yellow, the Q125R 

samples macroscopically exhibited macroscopic HACs when subjected to a stress > 0.50 σy and 

p(H2S) > 0.5 bar(a). None of the L80 samples showed macroscopic cracking. 
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Figure 6-3 compares literature data [197] of H2S content with applied stress for several grades of 

steel with the results of the tests conducted in this study.   

 

Figure 6-3 – Results of a study assessing the effects of concentration of H2S in a gas on the maximum failure stress of 
various grades of steel ([130] pg. 1485).The results of this study showing failure of the Q125R samples at applied stresses 

above 0.5σy are included for comparison as red stars. The equivalent partial pressure of H2S is superimposed to allow 
easier comparison.  

From Figure 6-3, the Q125R coupons used in this study have an apparent higher resistance to H2S 

corrosion compared with grades of similar strength (e.g. SOO-125 and P110). The test conditions of 

the literature data [130] were similar in that the coupons they used were also immersed in wet 

autoclave containing an acetic acid solution and lasted for 1 month. The tests were also conducted 

at room temperature. However, the sample geometry was different, notched C-ring coupons were 

used. Therefore, the stress-state would have been different and the notches would of produced a 

large stress-concentration which was not a feature in the tests conducted for this study (notches 

were not added to the four-point bend coupons). It is also important to note Q125R is a much 

cleaner steel (that is it contains fewer impurity elements such as sulphur and phosphor) compared 
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with SOO-125 and P110. This is extremely important from a HAC perspective because a lower 

sulphur content would result in fewer potential HAC initiation sites.  

6.2 Microscopic Results 

Figure 6-4 shows cross-sections of the four-point bend coupons exposed in the 0.1 bar(a) tests 

polished to a OPS finish.  

 

Figure 6-4 – Example light micrographs of the four-point bend coupon cross-section exposed in the p(H2S) = 0.1 bar 

Notably from Figure 6-4, there are no HIC, SOHICs or SSCs as observed in the electrolytic 

hydrogen charging tests. There are however surface features that suggest some bulk hydrogen-

induced damage has occurred. To highlight this, example as-received, electrolytically hydrogen 

charged, and H2S autoclave exposed cross-sections of Q125R are compared in Figure 6-5. 
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Figure 6-5 – Example light micrograph cross-sections of Q125R coupons: (a) as-received; (b) stressed to 0.25σy and 
electrolytically hydrogen charged for 1.5 hours using a cathodic current density of 200 mA/cm2 in 0.2M H2SO4 with 3g/l 
NH4SCN; (c) stressed to 0.25σy and subjected to a wet H2S autoclave exposure for 1 month in NACE solution B and 

p(H2S) = 0.1 bar(a). 

Figure 6-5 shows firstly that the microstructures of both the electrolytically hydrogen charged and 

H2S autoclave coupons have responded to both hydrogen charging environments. The 

electrolytically charged coupon show mostly HICs and SOHICs with smaller round depressions. The 

H2S exposed sample however shows only these depressions without any HICs, SOHICs and SSCs. 

This suggests: (1) the hydrogen charging conditions of the electrolytic hydrogen charging tests were 

significantly more severe than those of the 0.1 bar(a) autoclave tests because of the presence of 
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HICs and SOHICs; (2) the round depressions could be embryonic HAC sites that lead to the 

initiation and propagation of HICs, SOHICs and SSCs. Note that all 3 samples were polished to an 

OPS finish.  

The final surface finish of the Q125R samples was particularly sensitive to the pH of the OPS 

polishing solutions. Therefore, the finish of Figure 6-5(c) is significantly different to Figure 6-5(a) and 

(b) and this is solely due to using an OPS polishing solution with a pH of ~8  compared to 

neutralising it for the other two samples. In increasing the pH, the polishing solution interacts with 

the sample surface such that the surface topography is adjusted and results in a favourable contrast 

for inspection of the hydrogen damage areas under a light microscope. Furthermore, it makes 

intensity thresholding the micrographs significantly easier in the ImageJ software to calculate the 

proportion of these hydrogen damage areas as shown in Table 6-2. 

Table 6-2 – Table showing the proportion of the microstructure’s area that was hydrogen damaged in all 4 samples of the 
0.1 bar(a) autoclave tests 

Sample Stress (% Cert Yield) Hydrogen Damage (% Area) 

Q125R 25 0.33 

Q125R 50 0.58 

L80 25 0.29 

L80 50 0.32 

 

From Table 6-2, the proportion of hydrogen damaged areas in the Q125R coupons significantly 

increases from 0.33 to 0.58 when the applied stress is increased from 25% to 50% of the certified 

yield-stress. Conversely, very little increase in the hydrogen damaged area is observed in the L80, 

reflective of this grade’s lower susceptibility to H2S corrosion/ microstructural hydrogen damage. For 

the Q125R case, the round morphology of the damage areas suggest that hydrogen is trapped 

around certain microstructural features. The increase in damage features with stress further 
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suggests that the hydrogen trapping propensity of these features increases or is activated with 

stress.  

Figure 6-6 shows the results of a combined EDS and EBSD run on an example hydrogen damage 

area.  

 

Figure 6-6 – Combined EBSD and EDS data of one hydrogen damaged area in a coupon of Q125R exposed in a 0.1 
Bar(a) H2S autoclave test: (a) Argus (FSD) image of the hydrogen damage area; (b) EBSD band contrast map; (c) 

qualitative EDS sulphur map; (d) COM w.r.t. Z-axis.  

Figure 6-6(a) and (b) clearly show that the effect of the polishing process on the hydrogen damage 

region was to create a depression, as indicated in the Argus image and corresponding band 

contrast map. The depression suggests either the hydrogen damaged area had a higher chemical 

reactivity with the OPS and/or it was softer. Figure 6-6(c) clearly shows, as with the electrolytic 

hydrogen charging results, a distinct sulphur-based species at the centre of the hydrogen damaged 
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region. Figure 6-6(d) shows no real local orientation or texture correspondence with the hydrogen 

damaged area. This firstly suggests that the local impurity chemistry plays the key role in these 

hydrogen damage sites as opposed to local texture. What is particularly interesting however is that 

these results show other sulphur-based species surrounding the hydrogen damaged region yet no 

corresponding hydrogen damaged regions of their own.  

From Figure 6-2, extensive macroscopic cracking occurred in some of the Q125R samples in the 

0.5 bar(a) and 1.0 bar(a) autoclave tests. Figure 6-7 & Figure 6-8 shows example light micrographs 

of some of the HAC geometries observed for each coupon in the 0.5 bar(a) and 1.0 bar(a) tests 

respectively.  
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Figure 6-7 - Example light micrographs of the bend coupons used in the 0.5 bar(a) autoclave test: (a) Q125R stressed to 
25% of its yield; (b) Q125R stressed to 50% of its yield; (c) Q125R stressed to 75% of its yield; (d) L80 stressed to 50% of 

its yield. The coupons were polished to a 1 µm diamond finish. 
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Figure 6-8 – Example light micrographs of the bend coupons used in the 1 bar(a) autoclave test: (a) Q125R stressed to 
25% of its yield; (b) Q125R stressed to 50% of its yield; (c) Q125R stressed to 75% of its yield; (d) L80 stressed to 50% of 

its yield. The coupons were polished to a 1 µm diamond finish.  

Figure 6-7(a) show extensive pitting but no HACs (HICs, SOHICs or SSCs) developed in the 

observed area. The observed pits also have a particularly high aspect ratio, suggesting they could 

also be SSCs that have initiated at the tensile surface of the coupon. However, no HICs were 

observed (at least with light microscopy) in the samples used to produce Figure 6-7. Conversely, 

Figure 6-8(a) shows well developed HICs during the test but there were no observed SOHICs or 

SSCs or pitting. The lack of HACs in the 0.5 bar(a) tests compared with the 1.0 bar(a) tests is 

probably due to the lower partial pressure of H2S. However, the lack of comparable pitting in both 

tests is surprising because it suggests that either the anodic dissolution conditions were different or 

the surface-finish and or microstructure close to the surface was different between both samples. 
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Furthermore, both samples contrasts to the electrolytic hydrogen charging tests11 on the Q125R 

coupons stressed to 25% of their yield since SOHICs developed during these tests, again likely due 

to the increased severity of the charging conditions in the electrolytic hydrogen charging tests 

compared with the autoclave tests.  

Both Figure 6-7(b) and Figure 6-8(b) show the development of one large SSC with smaller cracks 

branching from it. Note that Figure 6-7(b) shows one of the SSC faces on the right hand side of the 

figure. Furthermore, an extensive HIC has developed beneath the SSC in Figure 6-8(a) and the two 

have connected. If it is assumed that the SSC developed first, this observation suggests a 

combination of the local change in the stress-state combined with increased hydrogen transport as 

the SSC develops drives the formation and of a HIC at the crack tip of the SSC. The development of 

one large SSC is similar to that of the Q125R coupons stressed to 50% of their yield and 

electrolytically charged with hydrogen. However, little to no crack branching was observed in the 

electrolytic hydrogen charging tests and there was no extensive linking of large cracks as observed 

in the autoclave exposure tests. This is due to the large difference in the charging time between the 

two test methods; the longest electrolytic hydrogen charging test was 1.5 hours but all autoclave 

tests lasted at least 720 hours. Therefore, there was sufficient time for significant secondary crack-

structures to develop off the primary cracks.  

Figure 6-7(c) and Figure 6-8(c) shows one side of the large SSC that initiated and propagated 

through the entire sample. Note also the development of smaller SSCs around the main SSC in 

Figure 6-7(c). Similar to the electrolytic hydrogen charging tests, only one main SSC developed 

when a Q125R coupon was stressed to 75% of its certified yield and there is an obvious lack of 

HICs and SOHICs. Note also a corrosion scale has developed on the inner face of the SSCs in both 

                                                

11 When referring to the electrolytic hydrogen charging tests from now on, the reader should assume that the 

charging conditions are 200 mA/cm2 using an electrolyte of 0.2M H2SO4 with 3g/L of NH4SCN and the 

charging time was 1.5 hours.  
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figures, suggesting that the crack initiated and propagated sometime before the end of the test. 

From the perspective of comparing the electrolytic hydrogen charging tests with the autoclave tests 

by examining the hydrogen damage sites, this highlights a key disadvantage of these autoclave 

tests because the actual time of initiation of the crack is more challenging to evaluate.  

Finally, Figure 6-7(c) and Figure 6-8(d) shows no HACs developed in the L80 coupon although 

there was evidence of some corrosion pits forming.  
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7 Discussion 

This chapter draws the results presented in Chapters 4, 5 & 6 together to discuss the roles of 

microstructure, applied stress and environment (hydrogen charging conditions) on damage 

accumulation and failure of the steels examined in each study. 

7.1 Tensile Deformation of Interstitial Free (IF) Steel  

Summarising the results of Chapter 4: (1) two batches of tensile samples of IF steel were machined 

from the same rolled sheet and heat-treated to recrystallize and alter the solute concentration in the 

ferrite matrix; (2) the heat-treatments resulted in microstructures with similar grain morphology and 

texture, different perceived solute concentrations in the ferrite matrix and the samples with the 

higher perceived solute concentration had a smaller grain size; (3) Ex-situ deformation of the 

samples with DIC revealed that the samples with a lower perceived solute concentration yielded 

discontinuously, i.e. via the formation and propagation of Lüders bands, and the samples with a 

higher perceived solute concentration yielded continuously; (4) Interrupted In-situ deformation 

combined with HR-EBSD to evaluate the GND density development with tensile strain revealed that 

the samples that were yielding discontinuously had a higher degree of heterogeneity in the GND 

density structure compared with the continuously yielding sample for every value of strain; (5) there 

were substantial differences in the GND density structures between both samples, with the sample 

yielding continuously showing FCC-like cell structures and the sample yielding discontinuously 

showing evidence of more GND density bands orientated at 45° to the tensile axis localisation; (7) A 

sharpening of the <111>||Z (γ-fibre) and <110>||X (α-fibre) texture components was detected during 

in-situ deformation. 

As shown in Figure 4-6(a) and (b) (EDS maps) (pg. 117), the heat-treatments resulted in a 

substantial difference in the Ti-based precipitate distribution, with the sample yielding 

discontinuously having a lower mean precipitate size compared with the sample yielding 

continuously. Firstly, this suggests that the Ti-based precipitates coarsened during the longer soak 
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time of the second heat-treatment, likely through an Otswald ripening [34] type process. Formation 

of larger TiC precipitates after annealing was observed by Wang et al. [31] and they also noted that 

the TiN, TiS, Ti4(CS)2 precipitates sizes did note change significantly. However, they used annealing 

temperatures of up to 850°C for 150s, which is a lower temperature and shorter annealing time 

compared with the heat-treatment regimes used in this study. Nonetheless, their results suggest 

however that nitrogen remained locked in the precipitates and it is carbon that principally 

immobilises dislocations in the ferrite matrix.   

Conversely, the results presented in Hoile [32] (presented in Figure 2-4, pg. 33) suggest that the Ti-

based precipitates would not significantly dissolve at a soak temperature of 900°C although there is 

little information presented on the size of the precipitates analysed in this study. As such, ultrafine 

Ti-based precipitates could have dissolved and then redeposited (Otswald ripening) onto larger Ti-

based precipitates in the microstructure. Therefore, the density of obstacles to obstruct and pin the 

motion of dislocations would decrease. As noted in Honeycombe and Bhadeshia [13], carbon and 

nitrogen concentrations as low as 0.005 wt% can result in discontinuous yielding in steels. 

Furthermore, a dislocation density of 1012 m-2 (the geometric means of the calculated GND density 

of the recrystallized IF steel samples used in this study prior to deformation were ~1013 m-2) with a 

solute carbon concentration of 10-6 wt% would provide sufficient carbon content to provide one 

carbon atom per atomic plane of all dislocation lines present. Therefore, a clear future direction on 

this work would be to examine the ultra-fine precipitate distribution between both samples using 

TEM or Transmission Kikuchi Diffraction (TKD) -based techniques.  

Figure 4-6(d) (pg. 117), (raw load-elongation curves) show a stress-drop after reloading after each 

HR-EBSD scan in both samples. Stress-drops during reloading was also observed by Tomota et al. 

[198] during in-situ tensile deformation of Ultra Low Carbon (ULC) and IF steels with neutron 

diffraction. The ULC and IF steel carbon and nitrogen contents were C:0.0014/N:0.0017 wt% and 

C:0.017/N:0.0016 wt% respectively, similar to the carbon and nitrogen contents of the IF steel used 
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in this study. The ULC only however exhibited stress-drops during reloading and had a considerably 

higher solute carbon content compared with their IF steel samples.  

Note also in Figure 4-6(d) (pg. 117) that the magnitude of the stress-drop increases with increasing 

elongation, i.e. increasing dislocation content for both samples. In these load-hold periods, required 

for HR-EBSD mapping, solute atoms can diffuse and immobilise dislocation structures [199]. The 

duration of each HR-EBSD scan was approximately 2.5 hours and both in-situ tests were conducted 

at room temperature, implying the solute had sufficient time to diffuse to and pin freshly generated 

dislocation structures. This result also highlights that an initial continuous yield does not mean that 

there is no solute in the sample, implying that some subsequent dislocation structures in this sample 

will be affected by the presence of solute.  

A sharpening of the γ and α texture fibres was observed with increasing deformation for both 

samples (Figure 4-24, pg. 141). This correlates with literature results in that formation and 

sharpening of these texture fibres during deformation (e.g. rolling) [19,23] was observed from 

random textures. Furthermore, a simple Schmid analysis (assuming the <111>,{110} slip system is 

operating) would suggest that the opposite effect would occur; that is the {111} poles would rotate 

towards the tensile axis, resulting in a decrease in the γ-fibre intensity and the {110} poles would 

rotate towards the z-axis, resulting in a decrease in the α-fibre intensity. However, it is generally 

observed that Schmid’s law is not applicable to constrained polycrystalline systems. It is the 

networked microstructure [26,37,40] (e.g. presence of slip-manipulating features such as grain 

boundaries) that play the dominant role in texture development during deformation.  

As shown in Figure 4-21 (pg. 137) - Figure 4-23 (pg. 139), the geometric means and standard 

deviations of the GND density fields of both samples are seen to increase with strain. The geometric 

means of the GND density field for discontinuously yielding sample are consistently greater for all 

values of strain compared with the continuous yielding sample. Conversely, the standard deviations 

for the continuous yielding sample are consistently greater for all values of strain compared with the 

discontinuous yielding sample. This is indicative of the continuous yielding samples having a 
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broader and flatter log-normal GND density distribution, as shown Figure 4-23, for every value of 

strain. This effect is either due to: (1) the lack of pinning solutes in the ferrite matrix that were 

removed during heat-treatment 2; (2) the larger mean grain size resulting in a longer mean free path 

for which a pile-up of dislocations can operate along [164].  

In both samples, the GND density distribution is uniformly low due to recrystallisation for the 0 strain 

case (Figure 4-20, pg. 136 and Figure 4-21, pg. 137.) Note however that the GND density field for 

discontinuous yielding sample has a slightly higher geometric mean. This is either due to the 

differences in the recrystallization behaviour between each sample or subtle differences in the final 

surface finish because of the final ion beam polishing step.  

At 0.002 strain (i.e. under macroscopic elastic loading conditions), the discontinuously yielding 

sample retains the flat GND density field observed in the 0 strain case. Conversely, there is 

significant GND density development in the continuously yielding sample. This correlates well with 

the observations made with the macro-scale DIC tests (Figure 4-13, pg. 126 & Figure 4-14, pg.128) 

for the continuous yielding sample; the strain fields are heterogeneous and develop continuously 

around the yield-point. However, the observed flat-field of the discontinuous yielding sample 

suggests that the sample was still pre-yield or that the Lüders bands had not travelled through the 

region of interest yet.  

At 0.02 strain the GND density fields develop significantly for both samples. There are certain GND 

density field developments at certain grain boundaries and significant GND density development 

around triple junctions and at regions with high triple junction density. This is indicative of the 

neighbourhood effect of the microstructure as noted in [40,183] (i.e. the local locking effect of a 

triple junction that causes significant GND density development around them). The GND density 

fields are more sensitive to the effect of local grain neighbourhood as noted by Allain-Bonasso et al. 

[37] compared with parameters such as GND density and Grain Orientation Spread (GOS).  

At 0.04 strain, the GND density fields develop only in magnitude for both samples, the distribution 

within the field shape does not change dramatically. This is indicative of a simple post-yield strain 
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ageing effect observed in macro-scale tensile tests. Note however, the continuous yielding sample 

has a significant loss in GND density data in the 0.04 strain case at the top left-hand corner. This is 

due to local grain rotations that resulted in the grain boundary falling below the grain boundary 

misorientation threshold of 5° defined in the cross-correlation code and was therefore not defined as 

a grain boundary. As such, the reference pattern for the cross-correlation changed to one that had a 

rotation gradient (>~7°) [151] between the test patterns in that area. As such, the GND density data 

in this area contained a mean angular error and cross-correlation peak-height that were both below 

the required quality threshold defined [150].  

7.2 Electrolytic Hydrogen Charging of Q125R and L80 API Steel 

Grades 

Summarising the results of Chapter 5: (1) Hydrogen Induced Cracks (HICs) tend to initiate and 

propagate along sulphur segregation bands in the microstructure for both the Q125R and L80; (2) 

Stress Orientated Hydrogen Induced Cracks (SOHICs) and Sulphide Stress Cracks (SSCs) only 

initiated and propagated in the Q125R grade for the hydrogen charging conditions used; (3) there 

was no correlation between SOHICs/SSCs and sulphur segregation bands in the microstructure; (3) 

SSCs tended to propagate along Prior Austenite Grain (PAG) boundaries; (4) Hydrogen charging of 

different samples of Q125R for incrementally longer time periods showed all three crack geometries 

initiated around the same time.  

One of the key objectives of this work is to understand how SSCs initiate and propagate. What is 

immediately interesting is the lack of correlation of regions of the microstructure with a high 

concentration of sulphur species of SOHICs and SSCs as detected by SEM-based EDS as 

illustrated in Figure 5-12 (pg. 168) for example. Firstly, this could be because the SSCs and 

SOHICs were initiating at sulphur-rich species of the microstructure. However, their propagation 

path was driven by the high globally applied bending stress (HICs did not require an externally 

applied stress to initiate and propagate). Therefore, their initiation sites could have been missed 
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from the field of view. This is perfectly reasonable given that the SSCs could initiate at the charging 

surface of the sample (Z-θ). The propagation path could also move in and out of the sampled-plane 

(R-Z).  

An experiment to test this theory would be to electrolytically charge samples and observe the 

initiation and propagation of cracks using X-ray tomography in-situ. This technique would be well 

suited for imaging of cracks in steel of dimensions in this study, as shown for example by Padilla et 

al. [200] and Gamboa et al. [201]. A challenge would be to design the charging rig such that the 

tests could be conducted in-situ. The initiation site of a SSC could be spatially located, and the test 

arrested before significant propagation. The coupon could then be sectioned and the initiation site 

characterised. This assumes however that there is only one initiation site. It is also perfectly 

reasonable to suggest that an SSC initiates at multiple sites and the sites connect, similar to the 

multiple-initiation site mechanism presented in [112] for SOHICs. The key suggestion of this work is 

SOHICs and SSCs initiate from smaller HICs. The plastic-field around these HICs enhances 

hydrogen transport (probably due to a HELP-based mechanism) and the synergistic effect with the 

high global applied stress connects the HIC sites.  

Another possible reason for the lack of detection of initiation sites for SSCs is that the SEM-based 

EDS equipment used in this study could not detect any SSC chemistry-based initiation sites in the 

microstructure. This is less likely than the “looking in the wrong place” theory above because there 

is no logical reason as to why the initiation sites of SSCs would be significantly different in character 

to those of HICs; it is only the applied global stress-state the significantly alters the propagation path 

of a SSC compared with a HIC. Again, this theory could be tested by locating each initiation site 

before significant propagation using an X-ray tomography-based technique. If SEM-based EDS 

does not detect significant variations in the local chemistry, then perhaps Scanning Transmission 

Electron Microscopy (STEM)-based EDS could resolve spatially smaller initiation sites. However, 

note the field of view in typical STEM-based techniques is not sufficiently large enough to find the 

initial initiation sites in the first place.  
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This highlights one of the key drawbacks in this study in that high spatial resolution (i.e. that of a 

TEM) experimental techniques were not used in exchange for techniques that could cover a larger 

field of view so that robust statistics could be collected. Furthermore, one of the key issues of 

exploring initiation sites using a TEM is the comparably much smaller field of view in exchange for 

higher resolution. Therefore, it is of upmost importance to locate the initiation sites first with a 

reasonable degree of accuracy before attempting to isolate them using a Focussed Ion Beam (FIB) 

for example.  

One extremely useful study would be to continue to explore as to why SSCs have a preference to 

propagate (and even initiate) along PAG boundaries. Specifically, a STEM-based comparison of 

both the chemistry and microstructure of PAG boundaries between which a SSC propagates to 

those of lath boundaries between which the same SSC has also propagated would aid in our 

understanding of this phenomena. This work would be similar to that of the series of studies 

conducted by Nagao et al. [120–124]. However, their studies are focussed in a comparison of the 

dislocation activity between PAG boundaries and lath boundaries. Furthermore, there is not a 

definition of what crack geometry is being studied. Finally, there is little information on the local 

chemistry of the region in the work performed by Nagao et al. Therefore, it is believed a 

complimentary study that confirms the very interesting difference in dislocation activity observed by 

Nagao et al. between a PAG boundary and martensite lath boundary and additional information on 

the local chemistry would highly benefit the overall understanding of how quenched and tempered 

martensitic steels degrade via the initiation and propagation of a SSC.   

A key drawback of the work presented in this thesis is the lack of quantification of the amount of 

hydrogen actually charged into the sample. Attempts were made to estimate the hydrogen in the 

sample by submerging the sample in propylene glycol and allowing it to outgas in apparatus similar 

to that shown in figure 1 of Mohtadi-Bonab et al.’s work [129]. However, there was difficulty 

obtaining reliable results; the estimated hydrogen outgassed was very sensitive to local variations in 

pressure and temperature. For example, the size of the samples used in this study meant that it 
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took a lot of time for the apparatus and sample to achieve thermal equilibrium when the sample was 

submerged in the propylene glycol solution. However, advantages of this apparatus are its ease of 

use and the fact that sample can be placed into it within a matter of minutes after the hydrogen 

charging. Therefore, weakly trapped and mobile hydrogen can be quantified and not lost. As such, 

this apparatus should be developed further and it does work as shown in [126,128,129]. 

Furthermore, one attempt was also made to compare unstressed hydrogen charged and as-

received samples of Q125R using TDS. However, the results could not be quantified because a 

hydrogen calibration standard was not available. Nonetheless the results did show one peak (or 

perhaps a series of combined peaks) at approximately 200°C for the hydrogen charged Q125R 

sample. This suggests the sample either had one medium to strong hydrogen trap or there were 

several with similar binding energies. The results were not included because they were considered 

too embryonic. Furthermore, it is the weakly trapped and mobile hydrogen that plays the dominant 

role in hydrogen accelerated cracking and this could not be quantified because cryogenic conditions 

for transport and actual TDS measurements were not available.  

7.3 Wet H2S Autoclave Testing of Q125R and L80 API Steel Grades 

Summarising the results of Chapter 6: (1) all samples subjected to wet H2S autoclave testing 

exhibited an anodic corrosion scale post-testing; (2) The Q125R and L80 samples subjected to the 

autoclave test in which the partial pressure of H2S (p(H2S)) was 0.1 bar(a) exhibited no bulk 

hydrogen accelerated cracking (i.e. HICs, SOHICs and SSCs) in the regions examined; (3) The 

Q125R samples in the p(H2S) = 0.5 bar(a) and p(H2S) = 1.0 bar(a) autoclave tests showed 

extensive bulk cracking with a mixture of HICs, SOHICs and SSCs observed.  

Firstly, the anodic corrosion scales were not extensively examined in this study because it is likely 

that the anodic dissolution of iron was a complicated process in the autoclave conditions used. 

Therefore, a comprehensive study of these observations would be extensive and not justified within 

the scope of this project. Nonetheless, the objective of the anodic results presented were to 

estimate the overall effect of p(H2S) on the oxidation of iron essentially by estimating the moles of 
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hydrogen gas produced from the pressure increase rate. From a bulk hydrogen accelerated 

cracking perspective, the formation of anodic corrosion scales is important because they affect the 

structural integrity of the four-point bend coupons. Furthermore, they would also affect the surface 

hydrogen trapping characteristics, likely leading to the promotion of atomic hydrogen into the bulk of 

the samples [63].  

The results presented in Section 6.1 (pg. 178) showed that it was likely the anodic dissolution of iron 

did not have a significant effect on the global stress-state in the sample. Indeed, some of the Q125R 

samples cracked all the way through during the autoclave tests. This and the formation and 

propagation of extensive cracks through the bulk of the sample in some cases had the dominant 

effect on the global and local stress-states respectively. However, one significant disadvantage of 

using a closed autoclave system is that tracing when these cracks initiated and propagated during 

the tests is difficult.  

Effective crack tracing during an autoclave test can be accomplished in several ways. Firstly, there 

is monitoring crack development by applying an electrical potential across the sample. Crack 

initiation and propagation can then be tracked by measuring voltage changes across the sample. 

Mukahiwa et al. [202] used this technique within an autoclave to track fatigue crack initiation and 

propagation in 316 austenitic stainless compact tension coupons with varying sulphur contents. The 

autoclave was used simulate Pressurised Water Reactor (PWR) coolant loop conditions of 300°C.   

However, the two significant disadvantages of this technique when applied to a wet autoclave and 

electrolytic hydrogen charging scenario are: (1) the formation of a corrosion scale would also likely 

result in a change in the voltage across the sample; (2) applying a voltage across the sample would 

lead to a change in the electrochemical characteristics on the sample surface; for example the 

surface of each sample would be subjected to different degrees of polarisation which would need to 

be accounted for.  

Secondly, the samples could be monitored visually with a DIC camera set-up. However, there are 

several drawbacks to this technique. Firstly, the autoclave must be designed with a window (made 
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of a light transmitting material) through which the camera can record images of the coupons and a 

light emitter within the autoclave. Installing a window onto an autoclave would significantly limit its 

pressure rating for safety concerns.12 Secondly, the volume of solution in a wet autoclave test along 

with the production of gaseous products would distort the light path from the sample to the camera. 

Furthermore, the anodic corrosion of the coupons would alter any surface DIC speckle pattern. 

Finally, only cracks which initiate at or propagate to the coupon surface would be observable. 

Nonetheless, combined DIC with in-situ tensile testing within an autoclave has been achieved. For 

example, the studies presented in [203–205] use autoclaves which were designed to simulate PWR 

coolant loops and were constructed with a window made of sapphire. Note these autoclaves are 

part of the same facility that houses the autoclaves in the study described previously by Mukahiwa 

et al. [202]. Duff et al. [204] tracked the development of intergranular SCCs in an austenitic stainless 

steel with an approximate spatial resolution of 2 µm. Subtractive and dynamic background image 

corrections (similar background corrections were applied to the image of the EBSP shown in Figure 

3-4, pg. 75) were applied to improve the contrast of the images taken for DIC. The autoclave used 

in this work can contain water up to 360°C at pressures of 200 bar(a) but alas was not qualified for 

H2S at the time of writing.                                                              

The lack of HAC geometries (HIC, SOHIC and SSCs) observed in the p(H2S) = 0.1 Bar(a) autoclave 

test was probably due to too low a concentration of available hydrogen to cause crack propagation 

from the hydrogen damage sites observed in the microstructure (see Figure 6-4, pg. 185 and Figure 

6-6, pg. 188). However, this assumes that the hydrogen damage sites observed are the initiation 

sites for all three crack geometries and this was not proven outright in either the electrolytic or 

autoclave hydrogen charging conducted. 

What is particularly interesting as shown in Figure 6-6 (pg. 188) is that some of the sulphur-based 

species surrounding the damage site have no evidence of hydrogen accumulation. As summarised 

                                                

12 Shell Technology Centre Amsterdam had several glass autoclaves that could only operate at 1 ATM 
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by Mohtadi-Bonab et al. [115], this has been observed in other pipeline (API) steel grades and 

generally speaking, precipitates that are incoherent with the surrounding matrix are thought to be 

strong hydrogen traps. Note that strong traps appear to be important from the initiation perspective 

of HICs (and perhaps SOHICs and SSCs); mobile and weakly trapped hydrogen needs to be 

available for the propagation of a crack. Kim et al. [206] suggest that larger precipitates (>20 µm) 

have the most detrimental effect on the HIC resistance of API X70. Note that two samples of the 

same grade of steel contained ferrite/pearlite and ferrite/bainite-based microstructures respectively. 

Furthermore, the aims of their study was to assess HIC resistance (not SOHIC or SSCs) and their 

inclusions were Al and Ca-based. Nonetheless, a natural extension to this work would be to 

correlate precipitate size and chemistry with hydrogen damage sites using EDS-based techniques 

in an effort to decrease SSC susceptibility. After all, the ultimate end goal of this work is to not only 

assess the hydrogen damage mechanisms in the grades of steel used in this thesis but to use this 

information to suggest ways to decrease the susceptibility of carbon steels to HACs, particularly 

SSCs 

With this in mind, austenite grain size refinement is one method to decrease susceptibility. For 

example, Medina et al. [207] conducted a study that assessed the effect of Ti/N content in low-alloy 

steels on the resultant austenite grain size. The samples were soaked at temperatures between 

1100°C and 1300°C for 10 mins and were subsequently quenched in water. They found that a Ti:N 

ratio close to 2 and a content of 0.010 wt% resulted in a fine dispersion of TiN precipitates which 

resulted in the smallest austenite grain size (approximately 23 µm measured by the linear intercept 

method). This suggests that refinement of precipitates and inclusions so that they are small and 

homogeneously dispersed should results in a network of small austenite grains because they act as 

heterogeneous nucleation sites for the austenite grains and pin grain boundaries. Note also that this 

links to the IF steel recrystallization heat-treatments presented in Chapter 4 (see Figure 4-6, pg. 

117) in that the heat-treatment which resulted in the observed coarsening of the Ti-based 

precipitates also resulted in a larger grain size. 
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Austenite grain size refinement is also accomplished through thermomechanical processing. For 

example, Tokizane et al. [208] refined the austenite grain size by quenching from the austenite 

phase to form martensite, rolling and tempering in the martensite temperature range followed by 

reheating to the austenite temperature and repeating the quench. This quench cycle results in a 

smaller austenite grain size because the rolling deforms the martensite phase and the tempering 

results in islands of recrystallized ferrite forming. The interfaces between the recrystallized ferrite act 

as appropriate nucleation sites for austenite to reform upon heating (amongst others). This process 

is commonly used in industry (hence quenched and tempered) and more than one quench cycle is 

used to further refine the austenite grain size. An interesting study to conduct would be to work in 

austenite phase and quench with significant work defects still present to assess the effect of this on 

the martensite nucleation (note that martensite is thought to initiate at arrays of dislocations in the 

austenite phase [13]) and subsequent SSC susceptibility.  

Studies conducted by Hidalgo et al. [209] and Morito et al. [210] assess the effect of decreasing the 

PAG size on the resultant lath martensite structural and crystallographic hierarchy, that is the 

packet, blocks and laths as described in Figure 2-7, pg. 36. Morito et al. [210] found that decreasing 

the PAG size resulted in a decrease in the packet and block size, but not the lath size. Furthermore, 

if the PAG size is refined to be <2 µm, which is much smaller than the mean of the PAG sizes of the 

Q125R, C110 and L80 grades assessed in this study, then one packet tends to dominate 

decreasing the amount of lath variants per PAG. Hidalgo et al. [209] found that the average value of 

the KAM tends per PAG increases with decreasing PAG. This suggests that there is a trade-off 

between the decrease in the susceptibility of a martensitic steel to hydrogen accelerated cracking 

with decreasing PAG size with a corresponding increase in susceptibility to hydrogen accelerated 

cracking with increase KAM because higher KAM values suggests a higher dislocation content and 

hence more potential hydrogen traps. 

An assessment of the morphology of the prior austenite grain on SSC susceptibility would also be 

and interesting study. However, it is important to note that significant working in the austenite phase 
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would result in significant dislocation populations that would interact with the dislocations generated 

throughout the austenite-martensite phase transformation and could increase SSC susceptibility 

because of the higher dislocation density.  
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8 Summary & Conclusions 

This thesis firstly explored the deformation response of Interstitial Free (IF) steel samples heat-

treated to manipulate the solute distribution in the microstructure using combined in-situ tensile 

testing with High Resolution Electron Backscatter diffraction (HR-EBSD) along with combined ex-

situ tensile testing with Digital Image Correlation (DIC). Two batches of heat-treated samples were 

produced with one having a greater ferrite solute content than the other. The texture and grain 

morphology of both batches were similar. A simple electrolytic hydrogen charging test was 

subsequently performed on an unstressed sample of recrystallized IF steel and the microstructural 

response was assessed using combined HR-EBSD and Energy Dispersive X-ray Spectroscopy 

(EDS). Four-point bend coupons of American Petroleum Institute (API) grades of Q125R and L80 

(quenched and tempered martensitic steels) were manufactured from unused seamless pipes. 

These were subsequently deformed to various proportions of their certified yield stress and 

electrolytically charged with hydrogen. Further four-point coupons of Q125R and L80 of the same 

dimensions were subsequently deformed and exposed to a wet H2S autoclave environment. The 

results from the electrolytic hydrogen and H2S autoclave testing were compared.  

It was found that the ex-situ tensile samples of IF steel that were heat-treated to promote solute 

entry into the ferrite matrix yielded discontinuously, i.e. with the formation and propagation of Lüders 

bands and the associated stress-drops at yield. Conversely, the sample that was heat-treated to 

retain the solute atoms (e.g. carbon and nitrogen) in the Ti-based precipitates yielded 

discontinuously. The fundamental mechanism for this was not conclusively deduced. However, 

SEM-EDS mapping suggested that the Ti-based precipitates in the microstructure of the sample that 

yielded continuously coarsened significantly compared with the sample that yielded discontinuously. 

This was attributed to the longer soak-time at 900°C of the heat-treatment applied to the 

continuously yielding samples compared to those that yielded discontinuously. Therefore, solute in 

the ferrite matrix of the continuously yielding samples was redistributed through: (1) dissolution and 
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reprecipitation of fine Ti-based precipitates onto larger precipitates in an Otswald ripening type 

process; (2) diffusion and scavenging of solute to Ti-based precipitates during coarsening.  

The difference in yielding behaviour was correlated to the subsequent GND density calculation on 

the same region of interest of the sample gauges using in-situ tensile testing combined with HR-

EBSD. The GND density fields of the discontinuously yielding sample were more heterogeneous 

compared with the continuously yielding sample, suggesting that the greater solute content also 

affected the subsequent development of the measured GND structures. For both samples, GND 

density structures also developed around constrained features of the microstructure such as grain 

boundaries and triple junctions. This was also illustrated through texture changes during 

deformation: both samples showed a sharpening of the γ and α fibres when the opposite should be 

observed for the case of a simple Schmid law and the <111>,{110} slip system operating. However, 

the smaller grain size of the discontinuously yielding samples compared with the continuously 

yielding samples could also have affected the GND density development, particularly post-yield. 

Electrolytic hydrogen charging of a sample of recrystallized IF steel revealed that Hydrogen 

Accelerated Damage (HAC) sites developed around Ti-based precipitates in the microstructure. 

This is expected because the atomic hydrogen accumulates and recombines to form H2(g) around 

these precipitates because they are strong hydrogen traps.  

Four-point bend testing of coupons of Q125R and L80 combined with electrolytic hydrogen charging 

lead to the development of three main crack geometries: (1) Hydrogen Accelerated Crack (HIC); (2) 

Stress Orientated Hydrogen Induced Crack (SOHIC); (3) Sulphide Stress Crack. HICs initiated and 

propagated regardless of the applied stress in both Q125R and L80. SOHICs and SSCs were 

promoted by higher bending stresses in the Q125R. No SOHICs or SSCs developed in the L80 

samples under the most severe charging conditions used in this study. SEM-EDS revealed that 

HICs were seen to clearly develop around sulphur-rich regions of the microstructure in both 

samples. However, there was little observed correlation of sulphur-rich regions with SOHICs or 

SSCs. Interrupted tests with fixed stress on samples of Q125R revealed that all three crack 
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geometries initiate at the same time, suggesting there is some similarity between the initiation sites 

of all samples.   

A preference was seen for SSCs to propagate along Prior Austenite Grain (PAG) boundaries. There 

was also no correlation between certain boundary misorientations and SSC propagation path. There 

was a weak correlation between SSC propagation path and larger PAG grains along which the SSC 

propagates.  

Wet H2S autoclave testing of four-point bend coupons of Q125R and L80 resulted in both hydrogen 

accelerated microstructural damage and anodic dissolution of the iron (formation of iron sulphides 

for example) at the surfaces of the samples. The severity of the microstructural hydrogen damage 

was dependent on the partial pressure (p(H2S)) of the test. At p(H2S) = 0.1 bar(a), no HICs, SOHICs 

or SSCs developed in any of the samples. However, hydrogen damage sites were found around 

large sulphur inclusions. Conversely, macroscopic cracking (HICs, SOHICs and SSCs) of all Q125R 

samples was observed in the p(H2S) = 0.5 bar(a) and p(H2S) = 1.0 bar(a). As with the electrolytic 

autoclave tests, the main crack geometries switched from HICs to SSCs as the bend stress 

increased. Little microstructural damage was detected in the L80 samples.  

  



Chapter 9: References 

210 

 

9 References 

[1] D. Wagner, Science and Civilisation in China: Vol. 5, Part 11: Ferrous Metallurgy, Cambridge 

University Press, 2008. 

[2] R. Anstis, Man of iron - man of steel: the lives of David and Robert Mushet, Albion House, 

1997. 

[3] J.C. Carr, W. Taplin, History of the British Steel Industry, Harvard University Press, 

Cambridge, 1962. 

[4] T. Bell, Learn About Steel: Learn the History From the Iron Age to Electric Arc Furnaces, 

(2018). https://www.thebalance.com/steel-history-2340172 (accessed November 8, 2018). 

[5] A.F. Mark, X. Wang, E. Essadiqi, J.D. Embury, J.D. Boyd, Development and characterisation 

of model TRIP steel microstructures, Mater. Sci. Eng. A. 576 (2013) 108–117. 

doi:10.1016/j.msea.2013.03.075. 

[6] A. Laureys, T. Depover, R. Petrov, K. Verbeken, Microstructural characterization of hydrogen 

induced cracking in TRIP-assisted steel by EBSD, Mater. Charact. 112 (2016) 169–179. 

doi:10.1016/J.MATCHAR.2015.12.017. 

[7] Z.P. Xiong, A.G. Kostryzhev, A.A. Saleh, L. Chen, E.V. Pereloma, Microstructures and 

mechanical properties of TRIP steel produced by strip casting simulated in the laboratory, 

Mater. Sci. Eng. A. 664 (2016) 26–42. doi:10.1016/J.MSEA.2016.03.106. 

[8] R. Kuziak, R. Kawalla, S. Waengler, Advanced high strength steels for automotive industry, 

Arch. Civ. Mech. Eng. 8 (2008) 103–117. doi:10.1016/S1644-9665(12)60197-6. 

[9] O. Grässel, L. Krüger, G. Frommeyer, L.W. Meyer, High strength Fe ± Mn ± ( Al , Si ) TRIP / 

TWIP steels development-properties-application, Int. J. Plast. 16 (2000) 1391–1409. 

[10] O. Grässel, G. Frommeyer, Effect of martensitic phase transformation and deformation 



Chapter 9: References 

211 

 

twinning on mechanical properties of Fe–Mn–Si–AI steels, Mater. Sci. Technol. 14 (1998) 

1213–1217. doi:10.1179/mst.1998.14.12.1213. 

[11] B.C. De Cooman, Y. Estrin, S.K. Kim, Twinning-induced plasticity (TWIP) steels, Acta Mater. 

142 (2018) 283–362. doi:10.1016/J.ACTAMAT.2017.06.046. 

[12] H. Föll, Iron, Steel and Swords, (2018). 

[13] R. Honeycombe, H. Bhadeshia, Steels: Microstructure and Properties, 2nd ed., Hodder 

Headline Group, Bristol, 1995. 

[14] L.M. Jackman, P.S., Smith, ed., The effect of Microstructure on the KISSC of Low Carbon 

Alloy Steels, in: European Federation of Corrosion, 1999. 

[15] W.H. Johnson, On Some Remarkable Changes Produced in Iron and Steel by the Action of 

Hydrogen Acids, Proc. R. Soc. London. 23 (1874) 168–179. 

[16] O. Barrera, D. Bombac, Y. Chen, T.D. Daff, E. Galindo-Nava, P. Gong, D. Haley, R. Horton, I. 

Katzarov, J.R. Kermode, C. Liverani, M. Stopher, F. Sweeney, Understanding and mitigating 

hydrogen embrittlement of steels: a review of experimental, modelling and design progress 

from atomistic to continuum, J. Mater. Sci. 53 (2018) 6251–6290. doi:10.1007/s10853-017-

1978-5. 

[17] M. Dadfarnia, P. Sofronis, T. Neeraj, Hydrogen interaction with multiple traps: Can it be used 

to mitigate embrittlement?, Int. J. Hydrogen Energy. 36 (2011) 10141–10148. 

doi:10.1016/J.IJHYDENE.2011.05.027. 

[18] W.A. Counts, C. Wolverton, R. Gibala, First-principles energetics of hydrogen traps in α-Fe: 

Point defects, Acta Mater. 58 (2010) 4730–4741. doi:10.1016/J.ACTAMAT.2010.05.010. 

[19] S. Hoile, Processing and properties of mild interstitial free steels, Mater. Sci. Technol. 16 

(2000) 1079–1093. doi:10.1179/026708300101506902. 

[20] A.H. Cottrell, B.A. Bilby, Dislocation Theory of Yielding and Strain Ageing of Iron, Proc. Phys. 



Chapter 9: References 

212 

 

Soc. Sect. A. 62 (1949) 49. http://stacks.iop.org/0370-1298/62/i=1/a=308. 

[21] A.O. Benscoter, M.J. Perricone, Marshall’s reagent: Origins, modifications, and new 

applications, Microsc. Microanal. 11 (2005) 76–77. doi:10.1017/S1431927605505415. 

[22] F.J. Humphreys, M. Hatherly, Recrystallization and Related Annealing Phenomena, 2nd ed., 

Elsevier, 2004. 

[23] B.J. Duggan, Y.Y. Tse, G. Lam, M.Z. Quadir, Deformation and Recrystallization of Interstitial 

Free (IF) Steel, Mater. Manuf. Process. 26 (2011) 51–57. doi:10.1080/10426910903202237. 

[24] R. Khatirkar, B. Vadavadagi, A. Haldar, I. Samajdar, ND//<111> recrystallization in interstitial 

free steel: the defining role of growth inhibition, ISIJ Int. 52 (2012) 894–901. 

[25] A. Das, Calculation of Crystallographic Texture of BCC Steels During Cold Rolling, J. Mater. 

Eng. Perform. 26 (2017) 2708–2720. doi:10.1007/s11665-017-2695-6. 

[26] L.S. Tóth, J.J. Jonas, D. Daniel, R.K. Ray, Development of ferrite rolling textures in low- and 

extra low-carbon steels, Metall. Trans. A. 21 (1990) 2985–3000. doi:10.1007/BF02647219. 

[27] R.K. Khatirkar, S. Kumar, Comparison of recrystallization textures in interstitial free and 

interstitial free high strength steels, Mater. Chem. Phys. 127 (2011) 128–136. 

doi:10.1016/j.matchemphys.2011.01.045. 

[28] N. Tsuji, Y. Ito, Y. Saito, Y. Minamino, Strength and ductility of ultrafine grained aluminum 

and iron produced by ARB and annealing, Scr. Mater. 47 (2002) 893–899. 

doi:10.1016/S1359-6462(02)00282-8. 

[29] S. Gao, M. Chen, M. Joshi, A. Shibata, N. Tsuji, Yielding behavior and its effect on uniform 

elongation in if steel with various grain sizes, J. Mater. Sci. 49 (2014) 6536–6542. 

doi:10.1007/s10853-014-8233-0. 

[30] S. Gao, A. Shibata, M. Chen, N. Park, N. Tsuji, Correlation between 

Continuous/Discontinuous Yielding and Hall-Petch Slope in High Purity Iron, Mater. Trans. 55 



Chapter 9: References 

213 

 

(2014) 69–72. doi:10.2320/matertrans.MA201326. 

[31] J. Shi, X. Wang, Comparison of precipitate behaviors in ultra-low carbon, titanium-stabilized 

interstitial free steel sheets under different annealing processes, J. Mater. Eng. Perform. 8 

(1999) 641–648. doi:10.1361/105994999770346396. 

[32] N. Ohashi, T. Irie, S. Satoh, O. Hashimoto, I. Takahashi, Development of Cold Rolled High 

Strength Steel Sheet with Excellent Deep Drawability, SAE Trans. 90 (1981) 84–92. 

[33] P. Gong, E.J. Palmiere, W.M. Rainforth, Dissolution and precipitation behaviour in steels 

microalloyed with niobium during thermomechanical processing, Acta Mater. 97 (2015) 392–

403. doi:10.1016/j.actamat.2015.06.057. 

[34] P. Voorhees, The theory of Otswald Ripening, J. Stat. Phys. 38 (1985) 231–252. 

doi:10.1007/BF01017860. 

[35] D. Akama, N. Nakada, T. Tsuchiyama, S. Takaki, A. Hironaka, Discontinuous yielding 

induced by the addition of nickel to interstitial-free steel, Scr. Mater. 82 (2014) 13–16. 

doi:10.1016/j.scriptamat.2014.03.012. 

[36] B.L. Li, A. Godfrey, Q.C. Meng, Q. Liu, N. Hansen, Microstructural evolution of IF-steel during 

cold rolling, Acta Mater. 52 (2003) 1069–1081. 

[37] N. Allain-Bonasso, F. Wagner, S. Berbenni, D.P. Field, A study of the heterogeneity of plastic 

deformation in IF steel by EBSD, Mater. Sci. Eng. A. 548 (2012) 56–63. 

doi:10.1016/j.msea.2012.03.068. 

[38] J. Jiang, T.B. Britton, A.J. Wilkinson, Measurement of geometrically necessary dislocation 

density with high resolution electron backscatter diffraction: Effects of detector binning and 

step size, Ultramicroscopy. 125 (2013) 1–9. doi:10.1016/j.ultramic.2012.11.003. 

[39] J. Jiang, T.B. Britton, A.J. Wilkinson, Evolution of dislocation density distributions in copper 

during tensile deformation, Acta Mater. 61 (2013) 7227–7239. 



Chapter 9: References 

214 

 

doi:10.1016/j.actamat.2013.08.027. 

[40] H. Abdolvand, J. Wright, A.J. Wilkinson, Strong grain neighbour effects in polycrystals, Nat. 

Commun. 9 (2018) 171. doi:10.1038/s41467-017-02213-9. 

[41] H. Kitahara, R. Ueji, N. Tsuji, Y. Minamino, Crystallographic features of lath martensite in low-

carbon steel, Acta Mater. 54 (2006) 1279–1288. doi:10.1016/J.ACTAMAT.2005.11.001. 

[42] E.T. Turkdogan, G.J.W. Kor, L.S. Darken, R.W. Gurry, Sulfides and oxides in Fe−Mn alloys: 

Part I. Phase relations in Fe−Mn−S−O system, Metall. Trans. 2 (1971) 1561. 

doi:10.1007/BF02913878. 

[43] G. Domizzi, G. Anteri, J. Ovejero-Garcıá, Influence of sulphur content and inclusion 
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Figure 10-1 – L80 material certificate 
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Figure 10-2 – Q125R material certificate 

 


