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Abstract 

Three iron-base hard-facing alloys (Nitronic 60, Tristelle 5183 and RR2450) and one cobalt 

alloy (Stellite 6) are studied to examine their deformation behaviours at the microstructural 

level. Three-point beam testing is employed to introduce progressive straining and deformation 

is investigated with high resolution DIC and EBSD to provide quantitative characterization of 

the deformation mechanisms. A distribution of fine precipitates is found to promote more 

homogeneously distributed slip, work hardening and potentially better resistance with respect 

to galling. Crystal plasticity finite element modelling is developed to represent the four 

differing hard-facing alloys. The general nature of the observed deformations, including spatial 

strain distributions, influence of hard phases, and frequency distributions of slip magnitude are 

shown to be consistent with the experimental observations, and to capture the very differing 

behaviours demonstrated by the four alloys.  The models have then been employed to 

investigate the galling response of the differing alloys. The role of the hard particles, and 

interfacial decohesion in particular, are investigated as drivers for the onset of galling. Both the 

experimental and simulation results suggest precipitate decohesion significantly affect the 

alloys’ galling resistance. Simulations based on characteristic normal load and contact area 

methods have been carried out. However, cohesive zone CPFE modelling was shown to be 

necessary for the precipitate alloys, and suggested that a uniform distribution of fine 

precipitates and harder matrix gives better resistance to decohesion and galling. These findings 

are potentially important for the design of new hard-facing alloys with enhanced galling 

resistance. 
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Chapter I 

Introduction 

1.1.  The application of iron-base hard-facing alloys 

In pressurized water reactors (PWRs), pump and valve components in PWRs work under high 

contact pressures and elevated temperatures up to 300℃ (572℉). These conditions require 

materials in these components with high wear and corrosion resistance [1]. Hard-facing alloys 

are important for PWRs because of their excellent wear resistance and hard-facing alloys are 

often coated onto the contacting surfaces of components with a coating thickness of 1-10 

mm. As a very common surface failure, galling is a form of severe damage between two 

contacting solid surfaces under high normal loads. Galling resistance therefore is the key 

factor to evaluate hard-facing alloys.  

Galling resistance of hard-facing alloys is influenced by many factors including: protective 

surface films, surface roughness, microstructure, carbide content and stacking fault energy 

(SFE)[2-4]. It cannot simply be linked to materials’ hardness because galling involves pull-out 

of reinforcement particles, so properties of matrix material and morphology and size of hard 

particles are also significant for improving galling resistance [5]. Generally, a hard-facing alloy 

designed for PWRs is required to have a corrosion resistant matrix and a large volume fraction 

of reinforcements, such as multiple types of carbides[2, 6].  

Traditional hard-facing processes deposit high-performance hard-facing alloys on relatively 

cheap and low performance base material surfaces by Plasma Transferred Arc-Welding 

(PTAW) to form a hard-facing layer. In the PTAW process, hard-facing alloy powders form a 

plasma torch between the tungsten electrode and water-cooled nozzle and being transferred 
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through a low-current pilot arc to the work piece [7]. PTA process has the benefits of high arc 

stability, low workpiece thermal distortion and high welding speed [8-11]. The hard-facing 

powder plasma torch is shielded by inert gases to avoid oxidation of the weld in extremely 

high working temperatures (up to 20,000-30,000℃)[12]. Powder metallurgy hot isostatically 

press (PM-HIP) processing provides a new solution to produce hard-facing material. The 

HIPed hard-facing material is coated on the base material by using a diffusion bonding 

technique. PM can produce near net shape components with homogeneous fine-grained 

microstructures. PM-HIP can generate homogeneous fine grain microstructure, excellent 

corrosion and tribological properties [13]. 

Cobalt based hard-facing alloys show excellent hard-facing capacity even at high temperature 

and are widely used in nuclear applications. However, cobalt’s radioactive 60Co isotope, 

produced by neutron irradiation, emits hazardous gamma-rays with a half-life period of 

around 5 years, which strongly limits the use of cobalt in nuclear reactors. As hard-facing 

coatings wear, the debris containing 59Co comes into the PWR reactor core and is transformed 

into 60Co by thermal neutron bombardment. Particles containing 60Co can be transported 

around the PWR system and deposited on components then resulting in occupational 

radiation exposure of power plant maintenance workers and reduced lifetime of reactors [14]. 

Using cobalt-free hard-facing alloys can significantly remove the radioactive source and 

provide benefits for both personnel safety and plant maintenance and hence research 

addressing this has been carried out since the 1970s [15]. The replacement materials are 

required to have excellent hard-facing capacity, formability and corrosion resistance. Iron 

based hard-facing alloys have been found to offer better potential for hard-facing capacity 

than the nickel chromium boron system [15].  
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1.2. Cobalt-base and iron-base hard-facing alloy systems 

Cobalt base, iron base and nickel base hard-facing alloys are currently most widely used in 

hard-facing applications. Cobalt-base Stellite 6 was traditionally used as a hard-facing material 

in nuclear power plant valves owing to its excellent strength, high hardness, excellent 

resistance to corrosion, wear and galling at elevated temperature [3, 16]. HIPed Stellite 6 has 

a fine-grained chromium rich γ-cobalt matrix with low SFE and a high content of fine 

chromium carbide precipitates in the matrix [6]. Chromium provides this alloy with good 

corrosion resistance, carbides (mainly M7C3) contribute excellent sliding wear resistance and  

CoCr matrix has low SFE and good galling resistance [17]. Strain induced FCC-HCP phase 

transformation and twin formation in the matrix can absorb local stresses and is argued to 

elevate its galling resistance [18]. The HIPing method dramatically improve Stellite 6’s 

mechanical properties like toughness and removes typical casting defects such as centre-line 

porosity. However, the cobalt content in Stellite 6, as described above, must be replaced in 

new, non-radioactive hard-facing alloys in nuclear power plant.  

Iron-base and nickel-base hard-facing alloys are designed to replace cobalt alloys in nuclear 

application but hard-facing properties of these alloys do not currently match cobalt alloys. 

Burdett (2013) has shown that nickel base alloys generally show poor galling strength and 

suffer from intergranular corrosion [3, 19].  

Nitronic 60 is the first austenitic hard-facing alloy, its manganese and silicon rich composition 

contributing to its low stacking fault energy [2], which increases work hardening rate, 

twinning faults and stress- or strain-induced phase transformation, and the new twinning 

boundaries also interact with subsequent dislocations and result in a higher work hardening 

rate [20, 21]. Its austenite matrix with precipitation of δ-ferrite microstructure slows the grain 
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growth and increases the strength properties [22]. Nitronic 60 attained its hard-facing 

properties through the addition of manganese and silicon [2].The austenite matrix in Nitronic 

60 gives high deformation resistance from its low stacking fault energy, which is argued to be 

one essential aspect for the galling resistance [23].  

However, the low stacking fault energy-induced high work hardening rate is restricted by the 

operating temperature. Norem 02, another iron-based hard-facing alloy developed from 

Nitronic 60, is designed for lower stacking fault energy and higher work hardening rate and 

shows similar galling resistance to Stellite 6 at room temperature [4, 24]. However, it has been  

observed to become severely galled at temperatures higher than 200℃, argued to be due to 

loss of work hardening [3]. Stacking fault energy is known to decrease linearly with 

temperature and an important strain-induced austenite to α’ martensite transformation is 

inhibited as the testing temperature becomes higher than 200℃  [25, 26].  

Tristelle 5183 was developed after Nitronic 60, and has similar chemical composition but 

increased carbon content and the manganese content was replaced with almost equal weight 

fraction of niobium. This change results in higher carbide content, an increase of hardness 

and slightly decreased galling resistance at room temperature [2]. This alloy shows better 

galling resistance than Nitronic 60 and Norem 02 alloys at elevated temperature. Different 

from Norem 02, Tristelle 5183 contains no manganese but does include niobium to enhance 

galling resistance and its galling performance is retained even at elevated temperature. 

Powder metallurgy HIPed Tristelle 5183 has been utilized in Rolls-Royce nuclear power plant 

[27]. Tristelle 5183 shows excellent wear and corrosion resistance in PWRs-like condition but 

corrosion resistance is an obvious drawback of Tristelle 5183 and potentially limits the 

lifetime of valve components and increases maintenance frequency [28]. 
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RR2450 was developed by altering the chemical composition of Tristelle 5183 and produced 

a duplex microstructure. This alloy has improved mechanical properties including much 

higher hardness than Tristelle 5183 and commonly excellent corrosion resistance is seen in 

duplex steels [29]. It also introduced a high proportion Fe-Cr-Ni silicide phase with hardness 

up to 1688HV but also reduced ductility. 

1.3.  Thesis aim 

The primary application considered for the four hard-facing materials (Nitronic 60, Tristelle 

5183, RR2450 and Stellite 6) is that of galling resistance, for which a major contributor has 

been argued to be the local plasticity developed at contacting surfaces under normal and 

shear loading. Galling is therefore a rather complex process involving multiaxial loading as 

well as frictional contact, local plasticity, material removal, phase transformation, abrasion 

and failure. Hence the purpose of this work is to address the underpinning plasticity processes 

occurring in a range of hard-facing materials in order to assess quantitatively their 

microstructures and in turn their role in controlling the local deformation and load sharing, 

argued to potentially be important to galling resistance. In fact, quantitative characterization 

of the residual stresses (prior to any deformation), the resultant slip activation under loading, 

the localization of slip as well as the consequent establishment of residual stresses and 

densities of geometrically necessary dislocations, have never been assessed in the hard-facing 

alloys. The separate roles of the ferritic phase (e.g. within the austenitic Nitronic 60), the 

carbides in the austenitic Stellite system, and the carbides in the duplex ferritic-austenitic 

system RR2450 have not been investigated in terms of the microstructural contribution to the 

materials’ properties (e.g. hardness, yield, and tensile strength), and in turn their galling 

resistance. Experimental test, characterisation and detailed modelling studies have been 
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carried out on these alloys in order to quantitively assess their plasticity and microstructures 

in the overarching context of improved galling resistance. 

The following areas have been addressed and presented in what follows: 

(1) Literature review. 

(2) Experimental evaluation of mechanical properties of four hard-facing alloys and 

investigating each phase’s influence in deformation. 

(3) Developing crystal plasticity finite element models for simulating experiments. 

(4) Simulation evaluation of galling resistance by characteristic normal load and critical 

contact area methods. 

(5) Carbide decohesion study in iron-base hard-facing alloys for optimized microstructure and 

galling resistance. 
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Chapter II 

Literature review 

2.1.  Galling failure resistance 

2.1.1.  Galling definition 

Galling is a form of surface damage between two contacting solid surfaces, it usually happens 

with material transfer or plastic flow and is a feature in macroscopic, localized increase of 

roughness and new protrusions above original surfaces [2, 30]. Galling happens when contact 

pressure exceeds a threshold pressure, it can be a precursor to seizing or loss of function but 

the identification of galling is subjective and there is still not complete agreement [31]. Galling 

usually occurs with material transfer or plastic flow and is a feature in localized roughness 

increasing and new protrusions above original surfaces [2]. It occurs when contact pressure 

exceeds a threshold magnitude, and it can be a precursor to seizure or loss of function.  

Galling commonly occurs at valve components and has a strong relationship with strain 

hardening phenomenon. Materials with low yield strength and slow strain hardening rate will 

form large scale plastic deformation and the plastic deformation enlarges actual area of 

contact, enhances asperity interlocking and increases friction then forms seizure and galling 

[4, 32].  

Galling test standard ASTM G98 and ASTM G196 are two testing method to obtain galling 

threshold pressure of materials. 
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Figure 2-1. Galling test standard ASTM G98. (a) Schematic diagram of G98 test; (b) 

Non-galled and galled specimens after the test [31]. 

ASTM G98 contains two specimens of testing material, one of them termed the block which 

is fixed to be stationary while another is called the button (or pin) which is driven by a ball 

bearing and rotated. Cleaning processes remove any foreign matter like oil film then the load 

is applied on the top of the ball bearing. One of the specimens is rotated under the normal 

pressure, with the actual sliding time between 2 to 20 seconds, followed by release the load 

and observation of the flat contact surface between the block and pin[31]. The procedure is 

repeated with higher loads using untested specimens and the threshold galling pressure is 

determined when surface damage is identified. 

 

Figure 2-2. Galling test standard ASTM G196, (a) Schematic diagram of G196 test; (b) 

the three galled specimens on the right show circular scratch on the contacting 

surfaces [33]. 
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Similar to the testing ASTM G98, two specimens contact in the G196 test but they have the 

same area, so the contact region is the same as the cross section region of specimens, and an 

alignment pin is utilized to ensure contact region a constant during the test. The procedures 

are similar for these two tests but galling frequency is introduced in ASTM G196 in addition 

to the threshold galling pressure, which is defined as: 

𝑓 =
1

1+𝑒
−(

𝜎−𝐺50
𝑏

)
       (2-1) 

where f is galling frequency, 𝜎 is applied stress, 𝐺50 is the stress of at which fifty percent of 

specimens are supposed to gall and b is related to the steepness of the galling frequency 

curve[33]. This frequency curve can be utilized to predict the possibility of galling at intended 

working pressure.  Galling frequency curves of three materials are given below. 

 

Figure 2-3. Galling Frequency curves of three Iron-base materials [33]. 

The four hard-facing alloys have been tested under ASTM-G98 standard [34] to assess the 

galling threshold of each alloy. Nitronic 60 showed a galling stress of 137 MPa at room 

temperature while Tristelle 5183 and Stellite 6 samples didn’t show obvious galling up to 

contact stresses of 415 MPa [2, 35]. At room temperature, Tristelle 5183 and Stellite 6 were 
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found to have similar threshold contact forces of 11 kN but these decreased more for Tristelle 

5183  than for Stellite 6 (4.3 kN against 9 kN) as temperature increased to 300℃ [15]. The 

threshold galling stresses in this case are not clear due to the absence of dimensions of these 

tests. 

A comparative study of HIPed Tristelle 5183 and RR2450 galling resistance was carried under 

103 MPa, which is the working contact stress of hard-facing alloys within PWR reactors. 

Tristelle 5183 was tested at room temperature, 190℃ and 300℃ while RR2450 was only 

tested at room temperature and 300℃. RR2450 proved to retain its galling resistance up to 

300℃ while Tristelle 5183 began to lose its galling resistance at 190℃ and galled significantly 

at 300℃ [36]. 

2.1.2. Galling relative factors  

High normal loading condition is a direct cause of galling, but some other factors such as 

environment temperature, oxidation film, surface roughness and phase transformation can 

also affect galling frequency. 

Cobalt-base and iron-base hard-facing alloys retain similarly good galling resistance at room 

temperature [37, 38], but their galling resistance at elevated temperatures are quite different. 

Kim et al. found a hard-facing stainless steel Norem 02 lost its galling resistance quickly after 

temperature increased to 200℃ but cobalt-base Stellite 6 kept its galling resistance even at 

300℃ [3]. Persson et al. [39] compared frictional behaviours of cobalt-base hard-facing alloy 

Stellite 21 and Norem 02 under different temperatures and the friction coefficient changes 

are shown in Figure 2-4. 
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Figure 2-4. Relationships between friction coefficients and normal load of Stellite 21 

and Norem 02 under different temperatures. (a) room temperature, (b) 150 °C, (c) 

200 °C and (d) 250 °C. A few tests were applied on Stellite 21 and the upper and lower 

limit of the friction coefficient range are shown as dashed lines [39]. 

For Stellite 21, friction coefficient stayed at similarly low levels (<0.4) at room temperature 

and 250 °C even under higher normal loading conditions. The friction coefficient of Norem 02 

were found higher than 0.5 and was increased with normal loading when temperature was 

higher than 150 °C. Surface damages of Stellite 21 and Norem 02 are represented in Figure 

2-5 and Figure 2-6. 
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Figure 2-5. Wear tracks on Stellite 21 at 1000N normal loading, test sliding direction is 

from upper left to lower right (45° in the figure). (a) test operated at room 

temperature, (b) 250 °C [40]. 

 

Figure 2-6. Wear tracks on Norem 02 at 1000N normal loading, test sliding direction is 

from upper left to lower right (45° in the figure). (a) test operated at room 

temperature, (b) 150 °C, (c) 200 °C and (d) 250 °C [40]. 
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As Figure 2-5 shows, Stellite 21 had smooth wear tracks after the sliding test at RT and 250 °C 

and shew no sign of galling. Norem 02 was found galled under 1000N normal load at 150°C 

or higher. Figure 2-6 displays wear track in Norem 02 at room temperature is similar as Stellite 

21, but the surface damage changed severely when temperature increased higher than 150 °C. 

Besides temperature, oxidation is another important factor that influence alloys’ hard-facing 

properties. Oxides can be formed at surface of iron-base and cobalt-base hard-facing alloys 

[41-43]. These oxides are found firmly bonded to the matrix [40, 42] and these hard oxides 

prevents direct metal-to-metal contact and protects samples in wear test [43]. Persson et al. 

carried out wear tests on Stellite 21 in air and an oxygen free environment to evaluate oxide 

layer’s influence in sliding contact, and the results are displayed in Figure 2-7 [40]. 

 

Figure 2-7. Wear tracks on rod Stellite 21 samples at 1800N normal load in different 

atmospheres. Arrows indicate the sliding direction. (a) in air atmosphere; (b) in Ar 

atmosphere [40]. 

As Figure 2-7 shows, after the same loading and sliding procedures, wear track in oxygen free 

argon atmosphere is both wider and rougher than that in air atmosphere. Regions in white 

rectangular present wear track in air is evenly worn while test in Ar atmosphere formed wear 

ridge.  
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Hummel et al. applied ASTM standard G98 button-on-block test on 50 type 303 stainless steel 

samples to compare the influence of oxides in galling resistance [43]. In this test, all of the 

samples were ground to remove the oxide film then one group of 10 samples were 

immediately put in oxygen free chamber to inhibit oxide formation while the other samples 

were left in air. After 72 hours, both groups of samples were tested. The threshold galling 

stress of the oxide-free group was ~12MPa while the group with oxides has a galling stress of 

~23MPa. Oxides enhance galling resistance in both cobalt-base and iron-base hard-facing 

alloys. 

High work hardening rate is an essential parameter for galling resistant alloys because high 

work hardening can prevent large deformation and reduce contact area [4, 44, 45]. Strain 

induced phase transformation (SIT) is an extreme form of work hardening. It significantly 

enhances work hardening rate and influence material’s galling resistance [46, 47]. In cobalt-

base hard-facing alloys, γ(FCC) phase can transform into ε(HCP) phase under high stress and 

similar strain induced γ(FCC) to α’ (HCP)  phase transformation was found in iron-base hard-

facing alloys[3, 47-50]. The strain-induced ε phase has higher hardness so the SIT can 

substantially improve alloys’ galling resistance [16, 51].  

Generally, the amount of SIT decreases with increasing temperature and iron-base alloys are 

more sensitive to the temperature change. For example, the stain induced ε phase was 

observed in Stellite alloys at temperatures >250 °C while the stain induced α’ martensite 

decreased to zero in Norem 02 at 190 °C [3, 52]. Iron-base hard-facing alloys Nitronic 60 and 

Norem 02 achieve excellent galling resistance by SIT [3]. However, there are some other 

stainless steels, such as type 304 and 316 are prone to galling even strain induced martensite 
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is formed [53]. Therefore, strain induced phase transformation is only a necessary condition 

for excellent galling resistance.  

2.1.3. Galling resistance and stacking fault energy 

According to previous studies, hard-facing alloy galling resistance is influenced by many 

factors including: protective oxidation surface films, surface roughness, microstructure, 

carbide content and strain induced phase transformation. Strain induced phase 

transformation is dominated by phases’ stacking fault energy (SFE) [54-56]. The low stacking 

fault energy has been argued to resist galling because of the resultant high work hardening 

rate [2-4]. 

Stacking faults are significant in strain hardening which is produced by irregular planar 

stacking sequences of atoms in crystals [57]. Good galling resistance requires high strain 

hardening rates i.e. low stacking fault energy (SFE) and high stacking fault density. Feller et al. 

controlled chemical composition in Cu-Al alloy and reduced its SFE by a factor of 20 and the 

wear resistance increased by about 60% [58]. In iron-base and cobalt-base alloys, face centred 

cubic (FCC) phases have lower SFE than other BCC or HCP phases [59]. Nickel and carbon can 

increase its SFE while chromium, silicon, and manganese in stainless steel reduce SFE of 

austenite [60]. Low SFE prevents cross-slip of partial dislocations and increases work 

hardening rate of alloys [24]. Some iron-base hard-facing alloys were designed to prevent 

galling by reducing SFE in their austenite matrix and they show good galling resistances at 

room temperature. However, their SFE increase at higher temperature and SIT was prohibited 

in this situation [61, 62]. The lacking of SIT resulting sudden drops of galling resistances, an 

example is galling in Norem 02 at 190°C [3].  
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2.1.4. Galling resistance and hard particles 

Hard particles such as carbide can remarkably increase material’s resistance to abrasive wear. 

A 0.8mm carbide-rich layer was coated on a nickel sample and extended sample’s life to 200 

times of pure nickel sample in ball-on-disc tests meanwhile the size of carbide is found not 

affect material’s abrasive wear resistance [63]. Similar example were also found in SiC 

enhanced Al–SiC–Gr hybrid composites and tungsten carbide coated high-speed steel [64, 65]. 

Boron carbide coating was found have better fretting prevention effect than gold and silver 

coating [66]. Titanium carbide was utilized for reducing fretting wear in titanium matrix 

composites by its strong friction and wear reduction effect and higher volume fraction of TiC 

is found has better fretting resistance [67]. Hard phases also influence galling resistance in 

hard-facing alloys. Carbides are important components in iron-base and cobalt-base hard-

facing alloys [68-70]. Nitronic 60 samples with different carbide fractions were examined in 

galling tests and the  samples with higher carbide fraction have better galling resistance than 

samples with less carbide [71].  

Carbide size significantly influences material’s wear resistance, and materials with coarse 

carbides commonly have better abrasive wear resistance than alloys with fine carbides[72]. 

The abrasive wear process generates chip-like debris by ploughing and these debris consist of 

matrix phase and some carbides. Fine carbides have higher propensity to be removed during 

the chip-like debris formation while coarse carbides provide better wear resistance because 

abrasive particles must directly cut these coarse carbides [72]. Stellite 6 samples with coarse 

carbide has less weight loss than that fine carbide samples in ASTM G65-80 wear test as the 

total carbide fractions are the same [73].  
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On the other hand, the high hardness and brittleness of the hard phases occasionally result 

in carbide fracture and decohesion in hard-facing alloys and composite materials [74-

77].These hard phase debris are hazardous for the contact surfaces. An example of carbide 

decohesion is shown in Figure 2-8. 

 
Figure 2-8. Carbide decohesion resulted from deformation mismatch between ferritic 

matrix and carbide [78]. 

Due to the plastic deformation of matrix and high hardness of carbide, interfacial carbide 

decohesion occurs then void was created during deformation [78-80].  

 
Figure 2-9. Abrasive worn high speed steel sample due to tungsten carbide 

decohesion [81]. 



 

18 
 

As Figure 2-9 shows, carbides can be partially or completely detached from the material 

matrix and become abrasive particles [81]. Carbide decohesion results in much more severe 

damage because the detached particles usually have large size and work as large abradants 

between contacting surfaces [77, 78, 81]. Carbides with larger diameters have higher risk of 

decohesion than fine carbides [63, 82]. Carbide size study is essential for hard-facing alloy 

design for balancing of abrasive wear resistance and decohesion resistance. 

2.1.5. Galling resistance in duplex stainless steels 

Duplex stainless steels have mixed microstructure with about the same percentage of 

austenite and ferrite which are known for their excellent corrosion resistance and mechanical 

properties [29, 83]. They commonly have high yield strength, high work hardening rate, good 

ductility and frequently have high volume fraction of carbide contents and Owing to their 

special duplex microstructure, duplex stainless steels retained good work hardening at 

elevated temperature [84-89]. These features provide duplex stainless steel good potentials 

in galling resistance [90]. The PM-HIPped duplex stainless steels Tristelle 5183 and RR2450 

have fine-grain microstructures and high volume fractions of hard particles, and they are 

proven to retain good galling resistance even at 300°C [91]. 

2.1.6. Galling and surface roughness 

Surface roughness 𝑅𝑎  is measured by averaging the vertical distances between peaks and 

valleys in roughness profile [92]. Surface roughness is also supposed to influence samples’ 

galling frequency. Rough surfaces (𝑅𝑎 > 1.50µm) contact causes asperities interlocking and 

raise the risk of galling [93, 94]. Galling tests were carried out on VANADIS stainless work tool 

steel samples [94]. These samples were grinded and polished to different surface roughness 
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then tested. The samples with highly polished surfaces (𝑅𝑎  < 0.05µm) have much better 

galling resistance than samples with rough surfaces [94]. 

Countless asperities distribute in rough surface and as Figure 2-10 shows, asperities contact 

is the actual contact mode in surfaces contact and slide process [95].  

 

Figure 2-10. Asperities contact between two one-dimensional rough surfaces [96]. 

As Figure 2-10 shows, in surface contacting process, asperities would be severely plastically 

deformed and increase actual contact area [4, 97]. Contact area increases proportionally to 

the applied normal load in rough surface contact [98]. In sliding processes with high normal 

load, contacting asperities are severely deformed which results in asperities interlocking, 

contact area increase and eventually galling occurs [4]. Contact area is an important 

parameter to measure elastoplastic deformation in contacting asperities [99] and it is 

potentially a vital parameter in evaluating a material’s galling strength. 

Barzdajn et al. created two dimensional crystal plasticity finite element (CPFE) models to 

simulate asperities contact between 316L stainless steel samples, the model is shown in 

Figure 2-11 [100]. 316L stainless steel has a simple austenite microstructure and its galling 

resistance parameter 𝐺50  was ~8MPa in ASTM G196 test [31]. Most 316L samples galled 

under normal pressures lower than 14MPa. This method quantitatively predicted galling 
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frequency in 316L stainless steel by analysing characteristic galling load and plastic 

deformation hazard obtained from CPFE simulation.   

 

Figure 2-11. Schematic diagram of the 316 stainless steel punch-slide model [100].  

As Figure 2-11 shows, the contact-slide model contains two parts, the lower part is fixed while 

the upper part can move in x and y-direction and normal stress was applied on its top surface. 

Both parts have rough surface profile and hexagonal grain microstructure. In order to 

simulate the punch-slide process, the applied normal stress increased a series of pre-set 

values, then the upper part moved to the left for a given distance.  
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Figure 2-12. Predicted Weibull galling frequency from CPFE simulation and galling 

frequency from experimental data [100]. 

In this work, a Weibull distribution was used to link galling probability and asperities plastic 

deformation. The Weibull distribution has successfully predicted galling frequency in 316 

steel and the predicted galling frequency is shown in Figure 2-12. The simulated galling 

frequency is consistent with experimental data.  

Contact area is importantly related with surface roughness and applied normal load [101, 102]. 

As the normal loads’ increase, contact area initially increases proportionally with the applied 

normal load because of the elastic deformation of asperities [103]. The high normal load  

condition causes severe asperity dimension change and plastic deformation of asperity 

dominates contact area [104]. Large plastic deformation of asperities closes up the interfacial 

gaps, results in high contact area, enhances asperity interlocking and increases the risk of 

seizure [4, 32, 105].  It is also argued that higher contact area would generate more friction 
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heat during the relative sliding process and lead to galling initiation [106]. Thus, contact area 

is a potential parameter in measuring material galling resistance. 

2.2.  Phase constitution in iron-base and cobalt-base hard-facing alloys 

RR2450, Tristelle 5183 and Nitronic 60 are stainless steels but slightly different in chemical 

composition. RR2450 and Tristelle 5183 consist of austenite, α-ferrite and different carbides. 

Nitronic 60 consists of austenite, δ-ferrite and carbides. Stellite 6 is a cobalt-base alloy which 

contains only γ-cobalt phase and chromium carbide. 

2.2.1. Ferrite and Austenite 

Ferrite occurs as two physically indistinct forms: low-temperature alpha (𝛼) ferrite and high 

temperature delta (𝛿) ferrite, both the two phases are Body-Centred Cubic (BCC) structure 

[107]. Austenite is typically referred as gamma (𝛾) phase and has a Face-Centred Cubic (FCC) 

structure [107]. Ferrite has a BCC structure and carbon atoms interstitially solid solute into α-

iron cubic structure. The lattice parameter of this phase is about 2.86Å. Austenite has a FCC 

structure, carbon atoms interstitially solid solute into 𝛾-iron cubic structure and the lattice 

parameter is about 3.56Å. 

         

Figure 2-13. Crystal structures of ferrite and austenite. a) Ferrite has a body centre 

cubic structure; b) Austenite has a face centre cubic structure. 
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𝛿 -ferrite phase field is restricted between 1390 and 1534℃ and disappear when carbon 

content beyond 0.5 wt% and 𝛿 -ferrite  transforms to austenite at 1390℃ then austenite 

transforms to 𝛿-ferrite at 727 ℃ in pure iron [108]. 𝛿-ferrite also has a BCC structure with 

carbon atoms interstitially solid solute into the BCC structure. Its lattice parameter is about 

2.86Å. Duplex stainless steels are defined as steels containing both austenite and ferrite and 

both phases containing over 13wt% chromium and the ferrite fraction should between 30-70% 

[29, 83]. Duplex steels only contain ferrite at high temperature and could produce 100% 

ferrite microstructure if rapidly cooled to room temperature, solid solution of carbon can also 

be formed if solution treatment in 𝛾-region being rapid quenched. Slow cooling or holding at 

austenite unclear and growth temperature range is an important process to produce duplex 

microstructure [83]. The much larger phase field of austenite in iron-carbon equilibrium 

diagram indicates austenite has a larger solubility of carbon than ferrite [109]. Ferrite has a 

body centre cubic structure, carbon atoms interstitially solid solute into α-iron the cubic 

structure, with lattice parameter about 2.86 Å  while austenite has a face centre cubic 

structure, carbon atoms interstitially solid solute into β-iron the cubic structure, with lattice 

parameter of about 3.56Å. 

Besides the heat treatment process, elements in stainless steels can also influence 

microstructure. Chromium in stainless steel is a ferrite stabilizer while nickel promotes ferrite 

transforming to austenite [107]. In duplex stainless steel, elements like silicon and titanium 

are chromium equivalent are added to increase the ferrite content, the ferrite-forming 

element amount is determined by the Cr equivalent Equation (2-2). Nickel is a typical 

austenite-forming element and elements which can increase the austenite content are Ni 

equivalents. The total amount of Ni equivalent is determined by Equation (2-3). Nitrogen and 



 

24 
 

carbon are strong austenite formers; both elements are interstitial solutes in austenite and 

efficiently solid solution strengthen [109].  

Cr equivalent= (Cr)+2(Si)+1.5(Mo)+5(V)+5.5(Al)+1.75(Nb)+1.5(Ti)+0.75(W) (2-2) 

Ni equivalent= (Ni)+2(Si)+ (Co)+0.5(Mn)+0.3(Cu)+25(N)+30(C)   (2-3) 

2.2.2. 𝛄- Cobalt  

Cobalt exists in two transformable allotropic phases: a low-temperature Hexagonal-Close-

Packed (HCP) form and a high-temperature FCC [110, 111]. HCP cobalt is commonly denoted 

as 휀-cobalt and FCC cobalt is known as 𝛾-cobalt. 휀-cobalt transform into 𝛾-cobalt at 420℃ 

while 𝛾 -cobalt can transform into 휀 -cobalt at 380℃  [112, 113]. Grain size can influence 

transformation temperature and affect stability of allotropes, finer grains are more likely to 

form FCC structure even in room temperature [114]. Lattice parameters of FCC pure cobalt at 

room temperature is a=3.537Å and expand with temperature increases [115]. Nickel content 

is added in cobalt alloys to lower 𝛾/휀 transformation and stabilize structure thus increase FCC 

region. 

2.2.3. Slip system in matrix phases 

In metals, plastic deformation is generally caused by movement of dislocations and 

dislocation always moves on certain crystallographic planes (slip planes) and towards certain 

directions (slip directions), the combination of these slip planes and slip directions are slip 

systems. For austenite and -cobalt, there are four slip planes and three slip directions for 

each slip plane. Because the high symmetry of FCC structure, its 12 slip systems are 

representatively presented in Figure 2-14. 
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Figure 2-14. Slip systems for FCC phases. 

Slip systems in BCC ferrite are more complicate than FCC structure. As Figure 2-15 shows, 

there are three different groups of slip planes and 48 slip systems in total. 

 

Figure 2-15. Slip systems for BCC phases. 

2.2.4. Carbides and silicide 

Carbides play an important role in hard-facing alloys, and the type and proportion of carbides 

significantly influence wear resistance properties of hard-facing alloys. Carbides in iron base 

hard-facing alloys mainly exist in ferrite matrix or at grain boundaries. Carbides contribute 
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excellent wear resistance because of their high hardness particularly where their volume 

fraction reaches a certain level in the hard-facing alloys. Carbide size, morphology and 

interaction between carbide and matrix also influence the wear resistance [116].  

Carbides can significantly increase galling resistance when they have a small volume and 

close-packing, they can restrict the plastic flow of the matrix thus improve galling 

performance in alloys. A large volume fraction of carbides results in worse wear resistance in 

abrasive wear environment because carbides with large volume lacks sufficient support from 

the matrix, with the result that carbides are pulled out and further increase the volume of 

abrasives to wear the hard-facing alloys[117]. Carbides’ sizes are suggested not to be larger 

than the abrasive particles to prevent the further increasing volume of abrasives. 

Chromium carbides are the most important carbide type among these four materials. 

Chromium provides good corrosion resistance by forming oxide film [118]. The chromium 

carbides precipitation sequence is from austenite matrix to (FeCr)3C then transfer to Cr7C3 

and end at Cr23C6. Chromium carbides nucleate and grow between 500-850℃. When rapid 

cooling happens at temperature range 1050-1150 ℃ , a supersaturated austenite solid 

solution forms. At 550-800℃ with a slow cooling rate, chromium-rich carbide, Cr23C6 forms 

even through the carbon content is as low as 0.05wt% [109]. Cr23C6 precipitation happens at 

austenitic grain boundaries which reduce low-temperature ductility and corrosion resistance. 

Precipitation can also occur within the austenite grains at high supersaturations; the 

preferred locations are dislocations and solute atom or vacancy clusters [109]. Chromium 

carbide formation also depends on the proportion of chromium; no second precipitation Cr3C7 

will produce if Cr content is less than 9wt% and Cr3C7 cannot transfer to Cr23C6 when Cr 

content is less than 7wt%.  
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 Chromium, niobium and titanium can form more stable carbides than iron carbides [119]. 

These elements contribute to carbide formation and niobium, titanium can stabilise 

chromium carbides [109]. Niobium carbides (NbC) and titanium carbides (TiC) are much less 

soluble in austenite than chromium carbides and nucleate at higher temperatures form more 

stable particles. NbC precipitates heterogeneously in deformed austenitic stainless steel, it 

prefers to nucleate and grow at dislocations and smaller NbC particles dissolve while larger 

particles remain during annealing at 1100 ℃  [120]. Ageing treatment can make all NbC 

particles dissolve in austenitic steel. The fine precipitated NbC particles in ferrite, both strain-

induced precipitation at dislocation or in ferrite matrix, have preferred crystal orientation 

relationship of [0 0 1]NbC//[0 0 1]α-Fe [121]. TiC has similar crystal structure as NbC, both 

face centred cubic (FCC) structure, nucleate and grow extensively on dislocations. Because 

the high solidification temperature of these carbides (around 3160 to 3490℃), NbC and TiC 

nucleate before chromium carbides and work as nucleation sites for chromium carbides [122]. 

NbC and TiC form discs precipitate because vacancies generated by a climb of partial 

dislocation[122]. These discs introduce stacking fault contrast to the alloys which can also 

influence hard-facing properties.  

         

Figure 2-16. Crystal structure of Cr3C2 

carbide [123]. 

Figure 2-17. Crystal structure 

of NbC and TiC carbides. 
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Silicon can enhance oxidation, corrosion and erosion wear resistance, but it may also result 

in brittleness [124]. Silicon has very low solubility in many carbide phases and it can also form 

another hard phase SiC [125, 126]. As a ferrite-forming element, its concentration in the 

ferrite phase enhances oxidation resistance of ferrite [127].  

 

Figure 2-18. Crystal structure of π-ferrosilicide phase in RR2450. Fe, Cr or Ni atomic 

sites are shown in magenta and Si atomic sites are shown in turquoise [126]. 

This hard phase is 2.5 times harder than the matrix austenite and ferrite phases and shows 

excellent compressive strength. It does not yield in excess of 1.6GPa compressive stress [126]. 

Carbides’ formation and stability is always an essential problem in designing new iron-base 

hard-facing alloys. This silicide provides another solution for designing high performance 

silicide-strengthened hard-facing stainless steels not reliant on carbon content.  

Crystallography and mechanical properties of these hard phases are listed in Table 2-1. 
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Carbides Crystal Structure Lattice Parameter Hardness (HV) 

Cr23C6 FCC a = 10.60 Å 1000 

Cr7C3 HCP a = 4.53 Å 

c = 14.01 Å 

1600 

Cr3C2 Orthorhombic a = 2.82 Å 

b = 5.53 Å 

c = 11.47 Å 

1020 - 1835 

NbC FCC (NaCl type) a = 4.47 Å 2000 

TiC FCC (NaCl type) a = 4.33 Å 2855 - 3569 

SiC Zinc Blende 

Cubic 

a = 4.36 Å 1549 

Table 2-1. Crystal structures and mechanical properties of carbides in hard-facing 

alloys [123, 126]. 

Table 2-1 contains the chemistry of carbides in four hard-facing alloys of interest.  As RR2450 

and Tristelle 5183 are rich in carbon, chromium, and niobium so chromium and niobium 

carbides are expected to form in their microstructure, RR2450 also contains 0.5%wt titanium, 

so TiC is also supposed to generate. Many types of carbides in RR2450 and Tristelle 5183 make 

them have more complex microstructures than Nitronic 60 and Stellite 6, which only contain 

Cr7C3 and π-ferrosilicide.  

2.3.  Experimental techniques 

2.3.1.  Conventional and high-angular resolution electron backscatter diffraction 

(HR-EBSD)  

Electron Back Scatter Diffraction (EBSD) is utilized to examine the crystal orientation at each 

individual scanning point to provide information of grain size, grain boundaries, crystal 

orientation and misorientation in different materials. It can also identify different phases by 
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checking Kikuchi pattern of each point. EBSD measures microtexture at small scale, typically 

from several microns to millimetres, large testing area is obtained by lower magnification and 

increasing scanning time [128].  

 
Figure 2-19. Generation of Kikuchi pattern in EBSD technique [129]. 

Figure 2-19 shows the formation of Kikuchi pattern in EBSD. Sample in EBSD test is tilted 70 

degrees to the horizontal and incident focused electron beam comes to the surface. Some 

electrons reach atomic planes with angles satisfy Bragg equation: 

nλ = 2dsinθ     (2-4) 

where n is an integer,  λ is the wavelength of electrons, d is spacing of atomic planes and θ is 

angle between incident electrons and diffracting planes. Electrons satisfying Bragg’s equation 

are diffracted and received by a charge-coupled device (CCD) detector and form Kikuchi 

patterns [129]. The central line of Kikuchi patterns corresponding to diffracting planes so each 

Kikuchi band can be indexed by Miller indices. Interpreting the diffraction patterns provides 

information about crystal structure and orientation. By this, EBSD test can give the exact 

orientation of each grain then generate an orientation map[130, 131]. 
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Figure 2-20. Kikuchi pattern of a nickel sample. (a) Crystal planes corresponding to 

Kikuchi bands; (b) Simulated cubic structure by interpreting Kikuchi patterns [129]. 

High angular resolution EBSD (HR-EBSD) is based on conventional EBSD equipment to obtain 

high-quality electron beam scattering patterns then elastic strain is calculated by measuring 

relative pattern movements between testing patterns and reference pattern in each grain 

[132]. HR-EBSD technique measures the relative misorientation and elastic strain state 

between two or more EBSD patterns with a sensitivity of 1 × 10−4 in strain and 1 × 10−4 rad 

in rotation. The elastic strain and rotation about three orthogonal axes on the sample surface 

measured by this method with x100 improvement in angular resolution comparing to 

conventional Hough based EBSD. HR-EBSD calculates six lattice rotation curvature 

components and the six components can provide dislocation densities based on an energy 

minimization scheme then giving geometrically necessary dislocation densities (GND) and 

elastic strain distribution, which obtained accurate results on titanium alloy and copper alloy 

[133, 134]. Elastic strain is determined by measurement of pattern displacement and then 

calculating the deformation gradient tensor. Wilkinson et al. utilized HR-EBSD in measuring 

lattice curvature and GND density in a fatigue crack growth process to analyse material’s 

fatigue crack behaviour [132]. 

a. b. 
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The HR-EBSD method measures lattice curvature such that when combined with the Nye 

tensor decomposition, it allows for the extraction of GND density and small step size is used 

to get most accurate dislocation density [135]. Statistic stored dislocations (SSD) occur in 

dipoles or multipoles but do not give rise to a net open Burgers vector. Measuring SSD density 

is difficult requiring other techniques which only allow for an estimate to be established and 

it is immeasurable by HR-EBSD [136]. 

2.3.2.  High resolution digital image correlation technique (HR-DIC) 

Digital Image Correlation (DIC) is an optical technique for measuring strain and displacement. 

DIC compares two or more digital photos of a sample at different stages of deformation [137]. 

Random fine distributed speckles are added on observing surface to obtain accurate 

displacement components at regions of interest. The speckles can be produced by depositing 

gold layer and colloidal silica solution (OPS) polishing [138] or etching random dot pattern by 

focused ion beam (FIB) [139] as Figure 2-21 shows.  

 

 

Figure 2-21. Speckle pattern formed by gold deposition and FIB. a. speckle patterns 

formed by depositing gold layer and OPS polishing [138]; b. A 100µm×100µm region 

of random dots created by FIB [139]. 
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Speckle patterns of the deformed samples are numerically correlated with the reference 

samples then the local object displacement vector can be calculated.  

  

Figure 2-22. Displacement component of a deformed body [140, 141]. 

The relationship of non-deformed and deformed coordinates of a point can be presented as 

Equation (2-5) [140]. 

𝑥𝑖’ = 𝑥𝑖 + 𝑢𝑖(𝑥1, 𝑥2, 𝑥3, 𝑡)          (2-5) 

where ui are the displacement components and are obtained from original coordinates 

𝑥1, 𝑥2, 𝑥3 so the displacement functions vary at different region of sample. Two points P, Q in 

scanning surface define a plane vector PQ and strain between these two points before and 

after deformation can be measured by length change of this vector and expressed by Equation 

(2-6)-(2-8) [141]. Where (u, v, w) is the vector represents movement of point P. 
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High resolution DIC (HR-DIC) works at high magnification that measures strain and stress at 

and below grain scale. Identify the same speckle is vital to get accurate DIC results. Various 

correlation criteria is utilized to assess pattern similarity between reference subset and target 

subset, the accuracy and speed of four criteria are compared and parametric sum of squared 

difference (PSSDab) has the best performance [142]. This criterion is shown in Equation (2-9). 

𝐶𝑃𝑆𝑆𝐷𝑎𝑏 = ∑(𝑎𝑓𝑖 + 𝑏 − 𝑔𝑖)
2     (2-9) 

where a, b are two unknown parameters, 𝑓𝑖  and 𝑔𝑖 represent grey values of the 𝑖th pixel of 

reference and target subsets. 

HR-EBSD measures residual elastic strain in materials and HR-DIC technique measures total 

strain after deformation and it has been utilized to study grain scale fatigue crack nucleation. 

Elastic and plastic strain accumulation is measured and micro-crack nucleation is observed by 

HR-EBSD and HR-DIC in a nickel alloy [143] and similar method is applied on a dual-phase steel 

[144]. HR-EBSD and HR-DIC will be utilized to measure elastic/plastic strain accumulation at 

different phases during the three-point bending process and the results will be compared with 

CPFE models. 

2.4.  Simulation techniques 

2.4.1.  Crystal plasticity finite element simulation 

Computational crystal plasticity finite element (CPFE) method was developed over few 

decades and has been applied in simulating deformation of different alloy systems. CPFE 

modelling based on experimentally characterized microstructures has accurately predicted 

localized plastic deformation and provides access to full-field stress and strain distributions at 

the grain level. 
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Geometrically necessary dislocations (GND) density was introduced in CPFE model to study 

local slip and grain boundaries’ hardening effect as well as the size effect [145]. CPFE 

simulation combining with experimental HR-EBSD and HR-DIC method could capture full-field 

stress, strain and GND distribution under different loading regimes [146]. Experiments and 

CPFE simulation reaches an agreement that GND density and plastic strain distribute 

heterogeneously at Ni matrix/ hard particle interface [147].  

Zhang et al. [148] utilized HR-EBSD and CPFE simulation method to study plastic strain, 

residual stress and GND density increase due to the thermal expansion mismatch between 

matrix and inclusion in Ni superalloy. CPFE method predicted triple junctions are the 

preferential crack initiation points in both low-cycle fatigue and high-cycle fatigue of nickel 

superalloys [149]. It also helped to prove energy dissipation criteria in predicting FCC 

materials’ fatigue crack initiation and fatigue life [150]. Similar CPFE fatigue crack studies were 

also applied on some HCP alloys [151, 152]. 

CPFE method has also be utilized in contact mechanics study. Goh et al. used CPFE models to 

study slip localization and ratchetting’s influence on fretting fatigue in titanium alloys [153]. 

Barzdajn et al. investigated relationship between plastic reach and galling frequency in 316L 

stainless steel by using contact-slide CPFE model [100].  

2.4.2. Cohesive zone model   

Cohesive zone model (CZM) is widely designed to study interfacial fracture process in 

materials with hard phases. It is widely used in simulating interfacial problems between 

metallic matrix and intermetallic hard particles under various loading conditions and a range 

of mechanical properties such as interfacial tensional stiffness and strength are considered in 

this simulation method to analyse interfacial fracture process [154, 155]. Bilinear Cohesive 
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zone models were created based on different methodologies such as cohesive zones with 

traction-separation relations and graded interfacial properties [156, 157]. This method has 

successfully predicted matrix cracks nucleation and propagation [158] and carbide 

decohesion [159].  

Interfacial stresses degradation criterion considered relationship between normal/tangential 

interfacial separation and cohesive normal/shear stress in which complete cohesive stress 

degradation represents interfacial fracture.  

 

Figure 2-23. Relationship between normal traction and normal separation in different 

fit methods. (a) exponential type and (b) bilinear type [157]. 

Exponential and bilinear fits for cohesive stress degradation are two widely used methods in 

carbide decohesion simulation and are shown in Figure 2-23. Interfacial cohesive stress 

degradation is proven successfully predicted hard particle decohesion phenomenon.  

Cohesive energy criterion was also widely used to investigate hard particle decohesion [160]. 

This criterion focused on the work in separation of cohesively connected surfaces and 

successfully predicted void initiation and growth in cohesive zone.  
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2.5.  Summary of literature review 

This literature review covers phase constitution of iron-base and cobalt-base hard-facing 

alloys. In general, austenite, ferrite and γ-Cobalt constitute hard-facing alloys’ matrix while 

carbides and silicide work as hard particles to resist wear and galling damage. Galling is a 

severe surface damage which is significantly influenced by matrix phases’ plastic deformation 

and hard phase contents. Experimental methods including HR-EBSD and HR-DIC are widely 

used in micromechanics study of material deformation. These techniques would both 

qualitatively and quantitatively analyse each phase’s role in deformation of hard-facing alloys. 

CPFE and CZM methods can accurately simulate metals deformation and carbide decohesion 

processes. 
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Chapter III 

Three-point bending Tests 

In the present work, the four hard-facing alloys Nitronic 60, Tristelle 5183, Stellite 6 and 

RR2450 are subjected to bending loading with quantitative characterization of behaviour 

using high resolution electron backscatter detection (HR-EBSD), and high resolution digital 

image correlation (HR-DIC), in conjunction with microstructural observation with scanning 

electron microscopy. The quantitative characterizations for the four hard-facing alloys are 

assessed and compared in order to provide insight in to their behaviours, with linkage through 

to their galling performance where possible.  

Three-point bend testing gives approximately unidirectional tensile stresses in the sample’s 

mid-region at the outer beam fibres at regions of interest (ROIs), and enables the analysis of 

deformation and quantitative strain determination on a material surface. In particular, it 

allows an assessment of differing contributions to overall deformation from individual phases 

within the material. For example, in duplex FCC-BCC steels, the individual contributions from 

the austenite and ferritic phases to deformation can be assessed. The objective here is to 

utilise high-resolution DIC to establish understanding of the local deformation behaviour. 

Because of the inhomogeneity of the microstructure, the presence of multiple phases and the 

local crystal anisotropy, the stress states locally are never purely uniaxial. Hence though 

three-point bend tests give rise macroscopically to (approximately) uniaxial stress states, in 

fact locally, complex stress states are established (included states of shear). Hence it is argued 

that the understanding established from microstructural deformation studies can be carried 

over to galling studies in these materials where, for example, shear is a key deformation mode.  
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Hence three-point bending tests have been carried out on the four hard-facing alloys to 

establish the spatially varying and strain fields. ROIs were chosen at the high-stress locations 

at which quantitative characterization was carried out.  

EBSD facilitates the identification of phases and crystal orientation by extraction of Kikuchi 

patterns at each point of interest [161]. EBSD was utilized twice on each sample before and 

after testing to examine the development of phase distribution, crystal orientation, grain size 

and morphology within the ROI. The Kikuchi pattern at each scanning point was recorded and 

analysed in high angular resolution EBSD (HR-EBSD) [130, 162, 163], which uses cross-

correlation based methods to calculate the displacement field tensor and hence the elastic 

strain and rotation tensors. The rotation tensor parts are used to estimate geometrically 

necessary dislocation densities based on an energy minimization scheme whereas the elastic 

strain tensor is used to calculate the intragranular elastic stress based on Hooke’s law [133, 

164]. 

The other deformation field measurement technique, namely high resolution digital image 

correlation (HR-DIC), is utilized to measure the total strains across the local ROIs.  To attain 

high spatial resolution at sub-micron level, random, fine distributed speckles (~50nm) are 

coated on sample surfaces. [165]. 

3.1. Materials and methods 

3.1.1. Materials  

Three steels (Nitronic 60, Tristelle 5183 and RR2450) and the cobalt based hard-facing alloy 

Stellite 6 are considered. Chemical compositions of these four materials are listed in Table 3-1.  
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Alloy Fe Cr Ni C Mo Mn Si N Nb Co W Ti 

Nitronic 

60 

61.5 17.0 8.5 0.1 0.75 8.0 4.0 0.13 - - - - 

Tristelle 

5183 

53.2 21.0 10 2.0 0.3 - 5.0 - 8.5 - - - 

RR2450 53.9 21.0 9.0 1.8 - - 5.75 - 8.5 - - 0.5 

Stellite 6 2.9 30 2.87 1.2 1.0 0.69 1.15 - - 54.9 5.25 - 

Table 3-1. Chemical composition of hard-facing alloys in the study. 

The mechanical properties of these materials are listed in Table 3-2 and corresponding stress-

strain curves obtained by carrying out simple uniaxial tensile testing through to failure are 

shown in Figure 3-1.  

Alloy Young’s 

Modulus/ GPa 

Yield strength/ 

MPa 

Ultimate Tensile 

Strength/ MPa 

Hardness / HV10 

Nitronic 60  180 414 800 218 

Tristelle 5183  210 710 1102 421 

RR2450  230 723 723 550 

Stellite 6  237 750 1265 429 

Table 3-2. Mechanical properties of each tested material. 

 

Figure 3-1. Stress-strain curves for the four materials indicated taken up to the point 

of tensile failure (Nitronic 60 has a high elongation of 70% and its ultimate tensile 

strength is labelled in this figure).  [166, 167]. 
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As the oldest hard-facing alloy and the only one not produced by HIPing of the four materials, 

Nitronic 60 has the lowest tensile strength but is the most ductile. Its low hardness indicates 

this alloy probably has weak galling resistance. Tristelle 5183 and Stellite 6 were both formed 

by hot isostatic pressing (HIP) powder metallurgy and have smaller grain size than Nitronic 60 

and perform similarly in tensile testing. RR2450 is also HIPed and the high Young’s modulus 

and hardness may be helpful in giving its excellent galling resistance. However, along with the 

high hardness is the brittleness of RR2450, which fails in a largely brittle manner at only 

720MPa in tensile testing with minimal yielding. 

3.1.2. Sample preparation, EBSD and DIC characterisation 

Materials were cut into rectangular samples with dimensions of approximately 3×3×12 mm 

by wire electrical discharge machining (EDM). The free front surface of each sample was 

ground with a series of grit silicon carbide papers (#800, #1200, #2000, #4000) and 1 μm 

diamond suspension, after which the surfaces were finally polished with colloidal silica 

suspension for 10 min.  

Polished samples were characterized by a Zeiss Auriga scanning electron microscope (SEM). 

A region of interest at the bottom front surface (highest tensile stress) of each sample was 

characterized by EBSD and the phase and grain orientation maps were obtained. The step size 

utilised for the EBSD characterization is known to influence the GND density measurement 

[168] so the step size was set at 0.2 µm for all maps except that for Nitronic 60, which much 

lower magnification was needed due to the presence of large grain sizes. Thus 750x 

magnification was chosen to capture the necessary number of grains and a 0.5 µm step size 

was utilized to ensure reasonable characterization quality and speed. EBSD patterns from 

each sample were saved in a .bcf file format for subsequent HR-EBSD analysis to obtain 
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surface quantitative information including GND density, residual (elastic) strains and stresses 

within individual grains.  

To obtain high quality, high contrast, uniform surface patterning in a SEM for HR-DIC 

deformation measurement, a ~25nm thin layer of gold speckles was coated on each sample. 

The coated samples were then placed on a 280℃ hot plate in a circulating steam vapour 

environment for 90 minutes to allow the gold speckles to form a uniformly distributed clusters 

of gold particles at correct size [138]. Because low temperature and short heating times are 

used and the testing samples are not deformed during the process, so the microstructures 

are not affected during the gold remodelling process. The set-up of this remodelling process 

is schematically illustrated in Figure 3-2, in which a small beaker containing distilled water 

was used to provide the vapour source. One of the obtained back scattered electron image is 

shown in Figure 3-3. Sub-micron sized gold speckles had been achieved over the sample ROI. 

Owing to the large difference of element mass between gold and the hard-facing materials of 

interest, a clear contrast and sharp edges can be clearly observed.  

 

Figure 3-2.  Schematic diagram of gold remodelling process [138]. 
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Figure 3-3. Gold speckles captured by 4000x magnification BSE microscope, white 

spots are gold particles and dark areas are not covered by gold. 

3.1.3. Three-point bend testing 

Samples with gold speckles were subjected to three-point bend test, and a schematic diagram 

is shown in Figure 3-4. A push-release progressive cyclic loading was applied on the samples 

by the central rod. Increasing amplitude was applied on the samples, as seen in Figure 3-5, to 

enable the tracking of deformation development, so BSE images were captured before each 

loading cycle for HR-DIC deformation characterization.   
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Figure 3-4. Schematic diagram of a sample under three-point bend test. The red dash 

region indicates the ROI where HR-DIC and HR-EBSD were characterized. 

 

Figure 3-5. Schematic diagram of loading profile in the three-point bending test.  

Elastic-plastic finite element modelling using Abaqus CAE was also carried out to estimate the 

local applied stress on the ROI by simulating the three-point bending tests on each sample. 

All models were given the same 3mm*3mm*12mm dimensions and 0.2mm hexahedral 

C3D20 finite elements were used in building models. The maximum applied strain rate was 
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~1 × 10−3𝑠−1. Elastic and plastic stress-strain behaviour of each alloy was assigned to each 

corresponding material model. Stresses were recorded when total horizontal strain (Ɛxx) in 

the ROI reached specified levels in the different alloy models (e.g. 2%, 4%, 6% and 8% 

progressively increasing total strain in Nitronic 60) and these stresses were used in the three-

point bend testing experiments in order to determine the applied loading.   

 

Figure 3-6. Finite element analysis of model beam xx strain developed at peak loading 

with representative Tristelle 5183 elastic-plastic properties.  

An example horizontal strain (Ɛxx) distribution of a loaded Nitronic 60 beam sample 

simulation showing bending direction strain (Ɛxx) in Figure 3-6. The beam sample is assigned 

with isotropic mechanical properties based on Notronic 60’s stress-strain curve. 

Alloys/ Sample 

no. 

Bending stress in ROI and corresponding total strain Simulated maximum 

strain xx 1st cycle 2nd cycle 3rd cycle 4th cycle 5th cycle 

Nitronic 60  566MPa 579MPa 609MPa 633MPa - 7.38% 

Tristelle 5183 1075MPa 1138MPa 1150MPa 1153MPa - 2.6% 

RR2450 869MPa - - - - Not captured 

Stellite 6 1149MPa 1241MPa 1282MPa 1312MPa 1320MPa 6.357% 

Table 3-3. Cyclic loading history for different materials. The stresses shown 

correspond to the peak values within the cycles of loading 

Table 3-3 shows the FE estimated applied stresses at the ROI at the peak loading of each cycle. 

The corresponding plastic strain developed at the same location (from the FE model) is also 
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recorded corresponding to the final bending cycle prior to failure. As stress-strain curves 

shown in Figure 3-1, different levels of estimated total strain were selected for different alloys 

while no plastic strain was captured in RR2450 model. 

To characterize the evolution of slip lines, grains, phases, elastic strain, stresses and 

dislocation density, each sample was gently polished on OP-S colloidal silica suspension for 3 

seconds to remove gold speckles after the three-point bending test.  The polished samples 

were then taken for Zeiss Auriga microscopy and EBSD characterization on the same ROI. 

Identical scanning parameters were chosen to avoid any error introduced by characterization.  

3.2.  Results  

3.2.1. Nitronic 60 

The cast Nitronic 60 was extruded to round bar form and then annealed at temperature 

~955 ℃ . Its low stacking fault energy suggests a high work hardening rate and a large 

population of twins. In the preliminary EBSD analysis, a small volume fraction of ferritic phase 

was found in the form of elongated stringers along the extrusion direction.  

Nitronic 60 has a large grain size so low magnification (750x) EBSD and HR-DIC deformation 

maps were captured. In addition, a higher magnification was also used to observe strains in 

significantly higher resolution for closer and more detailed examination. 
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Figure 3-7. Results obtained for Nitronic 60 sample before (left column) and after 

(right column) bend testing showing (a) phase map, (b) and (c) EBSD orientation 

maps, (d) and (e) HR-EBSD elastic residual xx strain maps, (f) and (g) HR-EBSD GND 

density maps. 

Results for Nitronic60 are presented in Figure 3-7; pole figures for the austenite and ferrite 

phases are also shown. As the pole figures show, the austenite phase shows no clear texture 
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after extrusion and annealing but the high temperature δ-ferrite phase, however, does show 

some favoured orientations in the {1 0 0} and {1 1 1} planes.  

Grains of austenite and ferrite can be observed in Figure 3-7(a), austenite grains with size 

between 20-70m constitute most of the area of this sample surface while all ferrite grains 

are smaller than 20m. Many twins are found in the austenite phase of the Nitronic 60 sample. 

The colour differences for some grains before and after testing in Figure 3-7(b) and (c) 

indicates grain re-orientation has also developed due to the deformation and some 

misorientation within individual grains has clearly occurred. 

Figure 3-7(d) and (e) show the residual elastic strain maps determined using HR-EBSD, but 

note that it is the elastic strain difference shown with respect to a reference point unique to 

each grain; in other words, only intragranular elastic strain differences are attainable as the 

strain state at the reference points are inaccessible [162].  However, the results indicate 

considerable development of lattice distortion during the deformation, resulting in the 

significant increase in elastic strain and GND density (compared to the undeformed state) 

shown in Figure 3-7(f) and (g). GND density near grain boundaries is distinctly higher than that 

for the bulk of the grains, resulting from the adjacent granular constraint and the 

accumulation effect of grain boundaries [169]. Higher GND densities are also observed at 

many ferrite-austenite phase boundaries, and within the small ferrite regions themselves. 
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Figure 3-8. HR-DIC result and Schmid factor map of Nitronic 60 sample showing (a)-(d) 

xx strain map in the ROI (black lines represent grain boundaries), (e) Schmid factor 

map of austenite (blue regions: ferrite and carbides) 

HR-DIC calculated total xx strain development during loading, and at the completion of (final) 

cycle 4 are shown in Figure 3-8(a)-(d). Apparent Schmid factor was calculated using the x-axis 

as loading direction and shown in Figure 3-8(e) The average xx strain determined over the ROI 

from the HR-DIC measurements at the end of loading is found to be 2.4%, but xx strain is very 

heterogeneous. The final cycle result in Figure 3-8(d) shows that the local strains vary 

between 0 and 8% within the ROI. In addition, localized bands of persistent slip are seen to 

develop within the polycrystal region orientated to about 45o with respect to the primary 

bending stress direction. As can be seen from the xx strain development, slip is predominantly 

activated in austenitic grains and much of the ferrite phase regions remains largely 

undeformed or deformed less than the austenite grains, suggesting that the ferrite phase in 
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this material has higher slip strength and is harder to deform. Ferrite in duplex steel is 

reported usually to be stronger but less ductile than austenite [29].  

The Schmid factors shown in Figure 3-8(e) are calculated based on the assumption of a 

uniaxial tensile loading state. The local stress state at the grain level is often very different 

and could influence strain localisation [170] but in this case, the Schmid factor predictions 

based on uniaxial loading provide results consistent with the experimental observations of 

slip. When comparing Figure 3-8(a)-(d) and Figure 3-8(e), the high strains are commonly found 

to occur at grains with high Schmid factors while grains with lower Schmid factors have lower 

strain. Strain bands with ~45 degree to the loading direction formed and strengthened after 

loading.   
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Figure 3-9. Results obtained for Nitronic 60 sample A before (left column) and after 

(right column) cyclic loading in the small region of the original ROI identified showing 

(a) phase map after bending test, (b) EBSD orientation maps after bending test, (c) 

and (d) HR-EBSD elastic residual xx-strain maps, and (e) and (f) HR-EBSD GND density 

maps. 

To gain a better understanding of local grain deformation and slip localisation, a smaller 

region at the top left of the ROI was selected for HR-DIC with higher magnification of 5000x. 

Correspondingly, HR-EBSD scanning was carried out with a step size of 0.2 µm. The 
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undeformed HR-EBSD figures shown in Figure 3-9 (a), (b), (c) and (e) were obtained from 

lower magnification HR-EBSD results with a step size of 0.5 µm. 

This magnified region of the microstructure is austenitic comprising six large grains. Elastic 

intragranular residual strain differences increase significantly after bend testing together with 

higher GND densities which are more likely to occur at grain boundaries, as discussed before. 

Figure 3-9(f) shows a high GND density region is observed to develop within grain 4 and higher 

elastic residual strain occurs at the same region in Figure 3-9(d). The region in Grain 4 for 

which the higher GND density and elastic strains can be seen to coincide with a region in 

which two differing slip systems interact in Figure 3-10, suggesting more dislocations are 

accumulated at the slip systems intersection regions. 

 

Figure 3-10. HR-DIC result and Schmid factor map of Nitronic 60 in the magnified 

region of the original ROI showing (a)-(d) xx strain map in the ROI (black lines: grain 

boundaries), (e) Schmid factor map with crystal orientation and slip lines (blue broken 

lines: Schmid analysis slip direction; red solid lines: observed slip direction). 
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Figure 3-10 shows the corresponding HR-DIC results which make clear the highly localised 

nature of the slip taking place in the austenitic phase. Figure 3-10(e) shows corresponding 

crystal orientation of all grains. There are instances of grain single slip (Grain 1) and multi-slip 

(Grain 4) occurring in the poly-crystal. Interestingly, in Grain 4, once a given slip system has 

been activated (e.g. in the upper part of the grain), the second slip system seems to be 

inhibited from activating in the region of the first slip system potentially indicating the 

establishment of latent or cross hardening. This in turn leads to the development of higher 

GND densities in this region indicating stronger local lattice orientation gradients.  Grains 1 

and 4 share similar Schmid factors and slip directions with the consequence that the slip lines 

within these two grains are almost parallel. Two distinct families of slip lines are activated in 

grain 4, having similar Schmid factor values leading to slip directions which happen to be 

reasonably close to those of neighbour grains, facilitating trans-granular slip band formation 

in Figure 3-10(a)-(d).  

3.2.2. Tristelle 5183 

Tristelle 5183 is an iron-base hard-facing alloy contains more types and higher volume fraction 

of carbides and more complex microstructure than Nitronic 60. Since the average grain size 

is very small but the size distribution is wide, a region which has both large and small grains 

was chosen to be examined with high magnification (2500x) and shown in Figure 3-11.  
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Figure 3-11. Results obtained for Tristelle 5183 before (left column) and after (right 

column) bend testing showing (a) phase map, (b) and (c) EBSD orientation maps, (d) 

and (e) HR-EBSD elastic residual xx-strain maps, (f) and (g) HR-EBSD GND density 

maps. 
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As Figure 3-11(a) shows, the matrix consists of austenite and a much smaller volume fraction 

of ferrite. In addition, there are many more carbides than in Nitronic 60. Grain re-orientation 

due to deformation can be observed in the EBSD orientation maps after bend testing. The 

chromium and niobium carbides serve as hard precipitates which provide Tristelle 5183 with 

better wear and galling resistance. A single niobium carbide particle of size up to 19m is 

observed in the EBSD phase map and niobium carbides with similar or larger sizes were found 

to be very common in microstructures of Tristelle 5183. Chromium carbides are seldom found 

to grow larger than about 3m and distribute homogeneously in the microstructure.  

Residual strain and GND density maps are shown in Figure 3-11(d)-(g) for the austenite and 

ferrite phases only. Although the elastic residual strains cannot be compared across the full 

field maps, an increase in local residual strain may nonetheless be observed in Figure 3-11(e). 

A large grain in the top right central region contains an elastic strain range component of up 

to 0.4% within it. As shown in Figure 3-11(g), GND density is found to be increased significantly 

in almost all the larger grains after bending, while for the finer grains, it remains largely 

unchanged. Residual strain was found to increase within grains surrounding the larger 

carbides and the GND density within these grains were also found to be higher than their 

neighbouring grains after bend testing.  

The heterogeneous xx strain maps obtained from the HR-DIC measurements are shown in 

Figure 3-12(a)-(d) and the average ROI xx strain after final cyclic loading is found to be 0.98%. 
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Figure 3-12. HR-DIC xx strain and Schmid factor map of Tristelle 5183 sample showing 

(a)-(d) xx strain map in the ROI (black lines represent grain boundaries), (e) Schmid 

factor map of austenite (loading direction: x-axis, blue regions: ferrite or carbide). 

High Schmid factor areas, indicated by darker grey shade in Figure 3-12(e), are commonly 

found to have higher strains. However, grain size, shape and presence of carbides also 

influence the deformation significantly. Regions of the microstructure showing higher 

magnitudes of strain are those with larger grain size, while the region (top right) consisting of 

very fine grain austenite and carbides has lowest average strain. The ferrite phase shows 

lower deformation compared with the austenite, such that areas rich in ferrite have much 

lower strain than regions rich in austenite. The large niobium carbide particle (bottom left) 

itself shows no plastic strain within it but the adjacent grains, especially to its right show much 

higher xx strain demonstrating that the large hard carbide introduces local strain 

concentrations, which may ultimately result in decohesion.  
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A magnified region was selected to observe more detailed HR-EBSD and HR-DIC 

characterisation in Tristelle 5183. EBSD orientations and HR-EBSD results are shown in Figure 

3-13 while xx strain development is shown in Figure 3-14.  

 

Figure 3-13. Results obtained for a magnified region in Tristelle 5183 before and after 

bend testing showing (a) phase map, (b) and (c) HR-EBSD elastic residual xx strain 

maps, (d) and (e) HR-EBSD GND density maps. 

As Figure 3-13 shows, the magnified area comprises mainly larger austenitic grains with a 

small number of ferrite grains and randomly distributed carbides. Figure 3-13(b) and (c) 
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indicate that the intra-granular residual elastic strain increased in most grains and that grains 

containing carbides show higher increases of elastic strain than those which are purely 

austenitic grains. High elastic strains tend to occur at austenite-carbide boundaries and at 

regions between carbides within grains. Figure 3-13(d) and (e) indicate significantly increased 

GND density after bend testing. Austenite in Tristelle 5183 was found to have higher GND 

density than for ferrite regions but both phases showed a significant increase after bend 

testing. Higher GND densities develop at grain boundaries and especially at matrix-carbide 

boundaries and within large grains with intragranular carbides. Grains with more 

intragranular carbides also tend to have higher GND density before bend testing. 

 

Figure 3-14. HR-DIC result and phase map for cyclically loaded Tristelle 5183 sample 

in the magnified region of the original ROI showing (a)-(d) xx strain map in the ROI 

(black lines: grain boundaries), (e) Schmid factor map, where some grains are labelled 

(black lines: grain boundaries; green regions: ferrite; blue regions: chromium 

carbides). 
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The xx strain evolutions calculated from HR-DIC are shown in Figure 3-14(a)-(d), giving an 

average strain of 1.1% after final bend testing. Ferrite grains commonly have lower strain and 

were found to be less likely to show slip than the austenite phase. Carbide particles are 

commonly found located at endpoints of slip bands and likely play an important role in slip 

activation. A chosen set of grains are labelled in Figure 3-14(e). Grains 3 and 6 have high 

Schmid factors and show very high strain localisation while grain 16 with low Schmid factor 

deforms to a much lesser extent. Some grains with high Schmid factor are found also to show 

relatively low strain, such as grains 11 and 14. Grains with intragranular carbides commonly 

show high strain and more slip lines are recorded in HR-DIC analysis. 

 

Figure 3-15. Fracture surface of a Tristelle 5183 sample. 

The fracture surface obtained for the Tristelle 5183 sample after three-point bend testing is 

shown in Figure 3-15. The peak applied tensile stress is ~1160MPa and cracks in both carbides 

and the matrix material can be observed. The fracture occurred at the middle of the sample 

where the bending stress is highest and a niobium carbide particle with size over 30 m was 

found to be located at the fracture surface. The smooth carbide surface indicates a weak bond 
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between the carbide and surrounding matrix indicating the potential for particle pull-out 

during (galling) deformation. 

3.2.3. RR2450 

As a further development of Tristelle 5183, the hard-facing alloy RR2450 has a duplex 

microstructure with high proportion of ferrite, and multiple carbide types of differing size. In 

addition, an Fe-Cr-Ni-rich silicide with high hardness is also formed in this alloy and takes up 

very high proportion (~20%) by volume. RR2450 samples were subjected to three-point bend 

testing as for the other materials, and characterised using HR-EBSD and HR-DIC. However, it 

was found to be very brittle such that sample fracture occurred early in the loading history, 

as indicated from the stress-strain response in Figure 3-1. Some features of the fracture 

surface are shown in Figure 3-16.  
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Figure 3-16. Key features of RR2450 fracture surface. (a) large carbide on fracture 

surface; (b) void probably resulting from carbide detachment; (c) fractured carbide; 

(d) cleavage of matrix. 

Figure 3-16(a) and (b) show a large carbide particle and a correspondingly large void probably 

resulting from carbide detachment. The surface of the carbide is relatively smooth such that 

the bond between material matrix and carbide is potentially weak for RR2450. Carbides have 

high hardness but low toughness, and the large carbide fracture shown in Figure 3-16(c) is 

very commonly observed on the RR2450 sample fracture surface. The detachment and 

fracture of large carbides weakens the material and increases the material’s brittleness. With 
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particle pull-out, local matrix material (austenite and ferrite) show cleavage during failure, as 

shown in Figure 3-16(d). The brittleness of the carbides contributes to the early failure of 

RR2450. 

The corresponding HR-EBSD results shown in Figure 3-17 demonstrate virtually no difference 

before and after bending. HR-DIC analysis shows no obvious plastic deformation and strain 

development during bend testing prior to brittle fracture.  

 

Figure 3-17. Results obtained for RR2450 after bend testing showing (a) phase map, 

(b) EBSD orientation map, (c) HR-EBSD elastic residual xx strain map, (d) HR-EBSD 

GND density map. 

Due to the early sample brittle fracture, residual elastic strains and GND densities remain 

almost unchanged during bend testing. As Figure 3-17(c) and (d) show, high elastic strains are 

captured in a few particular grains which are local to a niobium/titanium carbide at the right 

side of the ROI. Small elastic strain changes are also seen in grains neighbouring with carbides 

and silicide.  
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3.2.4. Stellite 6 

HIPed Stellite 6 is the only cobalt base hard-facing alloy in this comparative study. It has a very 

simple microstructure of -cobalt matrix and chromium carbides. Compared with the other 

two HIPped iron base hard-facing alloys, Stellite 6 contains a relatively small proportion of 

carbide phase (13%) and is proven a more ductile material. The magnification for both HR-

EBSD and HR-DIC is 4000x and results are presented in the following. 
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Figure 3-18. Results obtained for Stellite 6 before (left column) and after (right 

column) bend testing showing (a) and (b) phase maps (with magnified regions to 

present phase transformation after bending), (c) and (d) EBSD orientation maps, (e) 

and (f) HR-EBSD elastic residual xx strain maps, (g) and (h) HR-EBSD GND density 

maps. 
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Stellite 6 has ~87% -cobalt phase with fcc crystal structure and ~13% hcp Cr7C3 carbide phase, 

with a small proportion of -cobalt transformed into ε- cobalt with hcp structure after bend 

testing. -cobalt has low SFE so some annealing twinning grains are found in the EBSD 

orientation map. Grain re-orientation resulting from the imposed bend testing can be found 

in Figure 3-18(c) and (d). Figure 3-18(e) and (f) show the residual elastic strain maps 

determined using HR-EBSD. Elastic residual strain in Stellite 6 before bend testing is 

homogeneously low while after bending shows considerable increase. High elastic straining 

commonly develops at regions adjacent to carbides. Figure 3-18(g) and (h) show the GND 

density maps and the average GND density increased from 1013.67*m-2 to 1014.15*m-2. High 

GND densities are found to occur at grain boundaries and especially at cobalt-carbide 

boundaries while some grains with intragranular carbides also show high GND densities 

around carbides. 
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Figure 3-19. HR-DIC result and Schmid factor map for cyclic loaded Stellite 6 sample in 

the ROI showing (a)-(e) xx strain map in the ROI (black lines represent grain 

boundaries), (f) Schmid factor map of cobalt grains in a magnified region of Stellite 6 

(blue regions: carbides; loading direction: x-axis), (g) xx strain map showing carbides 

in a magnified region of Stellite 6 (pink regions: carbides). 

HR-DIC calculated total xx strain development is shown in Figure 3-19(a)-(e). The xx strain 

maps show heterogeneous slip activation after bend testing and the average strain after 

loading found to be 5.3%.  

Carbides remained largely undeformed. Schmid factors in a magnified region of Stellite 6 are 

shown in Figure 3-19(f). The slip directions given by Schmid factors show good agreement 

with the HR-DIC observed slip activation. Carbide distribution potentially influences local 

stress state. Carbides in Stellite 6 are observed to give high strain adjacent to some 
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intragranular carbides, potentially leading to the establishment of new slip bands. Comparing 

the xx strain in two neighbouring grains, Grain 9 with a relatively low Schmid factor (0.3795) 

gives rise to a much higher strain than Grain 7 (Schmid factor 0.4944). The main difference 

between the two grains is that grain 9 is surrounded by multiple carbides and grain 7 fewer, 

such that the slip activation seems to be highly related to the distribution of carbides.   

3.3. Discussion 

The stress-strain curves given in Figure 3-1 show that Nitronic 60 has the lowest tensile 

strength and is the most ductile material among the four hard-facing alloys. Large grain size, 

near-absence of precipitate phases results in the low yield stress of this material.  As the only 

non-HIPed material, its grain size (~50µm) is much larger than that for HIPed Tristelle 5183, 

RR2450 and Stellite 6 (~10 µm). Yield stress has significant relationship with grain size [171]. 

Nitronic 60 mainly consists of austenite with low fraction of ferrite. From the DIC study, the 

ferritic grains appear more difficult in which to activate slip, but do not seem to offer 

significant inhibition to the development of transgranular austentic slip band development. 

However, Nitronic 60 has the least amount of precipitate hard phases of the alloys considered. 

The relatively high weight fraction of manganese reduces stacking fault energy in austenite 

and enhances twinning-induced plasticity (TWIP) [172]. The samples investigated were cut 

from an extruded and annealed Nitronic 60 bar, leading to the high fraction of twinning. TWIP 

strain hardening mechanisms enhance Nitronic 60’s ductility and good galling resistance. As 

HR-EBSD and HR-DIC results indicate, the presence of twinning boundaries act in a similar 

manner to grain boundaries, inhibiting slip transfer, accumulating dislocations and enhancing 

mechanical properties. Slip system interaction hardening is potentially an important 

strengthening mechanism in Nitronic 60. As shown in Figure 3-10, two groups of slip systems 
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were activated from the first loading and as progressive loadings were applied, more slip 

traces were captured but neither slip group was able to propagate to the other’s region. The 

high GND density in these two slip groups’ junction indicates dislocation accumulation and 

high lattice curvature at this region resulting from cross hardening.  

Tristelle 5183 has much smaller grain size (~8µm) than Nitroinc 60 and the HIPing processing 

avoids many defects caused by casting. As Table 3-4 shows, more carbide types and volume 

fraction introduces stronger precipitate hardening and enhances the yield stress of Tristelle 

5183. The observed strain distributions in Tristelle 5183 are found to be slightly different from 

those for Nitronic 60, with most straining initially activated at austenitic coarse grain regions 

and traversing ferritic grains without significant inhibition; high strain also accumulated at the 

matrix side of carbide-matrix boundaries.  

Material Austenite/ γ-Cobalt Ferrite/ ε-Cobalt Carbides Silicide 

Nitronic 60 97% 2.5% 0.5% 
 

Tristelle 5183 72.6% 8.8% 18.6% 
 

RR2450 41.9% 21% 13.9% 23.2% 

Stellite 6(before test) 86.3% 0.1% 13.6% 
 

Stellite 6(after test) 86.1% 0.3% 13.6%  

Table 3-4. Phase fraction for the four materials (phase transition in Stellite6 changes 

the fractions after bend testing). 

The size distribution is heterogeneous for both austenite and carbides and this heterogeneity 

potentially causes adverse effects on mechanical properties. For example, a large austenite 

grain located adjacent to a fine-grained cluster in Figure 3-11 led to high strain localisation at 

the boundary of the large grain, potentially reducing tensile strength and ductility. The 

heterogeneous distribution of carbide size, however, is likely to be more significant in Tristelle 

5183. Carbides are  very important for wear/galling resistance in hard-facing materials, since 
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their high hardness inhibits quick wear of the matrix but as carbide fracture or detachment 

from the material matrix may occur, the hard debris potentially becomes an abrasive 

compound between two contacting surfaces and increases wear rate and probably results in 

galling [173]. Residual elastic strain and GND density were found to be higher in Tristelle 5183 

than for Nitronic 60 before testing. They were also commonly found to be higher at 

intragranular carbides in Tristelle 5183 before bend testing. A likely driver is the thermal 

expansion mismatch between the carbides and austenite. The residual elastic strain field 

leads to a corresponding initial stress state and the high GND density may contribute to 

increased hardening rate in Tristelle 5183 improving resistance to galling. 

Similar to Tristelle 5183, RR2450 has a fine grained microstructure with an average grain size 

of ~7µm. Less austenite, more ferrite and a silicide phase [126] form within the matrix of 

RR2450, but the carbide fraction is generally close to that for Tristelle 5183. The duplex 

austenite-ferrite matrix provides the necessary corrosion resistance and increases yield 

strength [29]. The harder but more brittle silicide takes up ~20% area fraction of the material, 

and its high hardness (1688HV) increases overall wear resistance but also reduces the 

toughness of RR2450. The high proportion of carbides contributes to hardening and wear 

resistance. However, the high volume fraction of nonferrous phases reduces the ductility of 

RR2450, but it may be some extremely large carbides which cause the abrupt sample failure 

and brittleness. As Figure 3-16 shows, carbides with smooth surfaces and voids resulting from 

large carbides detaching from the matrix suggest weak bonding between the carbides and 

the matrix austenite/ferrite. Large fractured carbides are also common on the fracture 

surface. Removal of the extremes of large carbides in RR2450 could well be advantageous for 

its galling performance. 
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Compared to the other two HIPped hard-facing alloys, Stellite 6 has a simple microstructure. 

Its small grain size (~6µm) and high fraction of carbide phase (~13%) enhance both its yield 

and tensile strengths. It has been argued that the low stacking fault energy of the cobalt 

matrix contributes to the excellent galling resistance by high work hardening and fcc-hcp 

phase transformation [174], although recent work suggests the latter may be the significant 

factor. The phase transformation was observed in the Stellite 6 bending test and is shown in 

Figure 3-18(a) and (b). The strain distributions in Stellite 6 after deformation are found to be 

much more diffuse and homogeneous compared to that for Nitronic 60 and Tristelle 5183. 

Stellite 6’s strong work hardening is a possible reason for these phenomena. Early slip system 

activation and corresponding work hardened leads to other slip system activation in 

previously undeformed grains, driven by local stress state changes. Stellite 6 shows 

significantly better ductility than Tristelle 5183 and RR2450, resulting from less brittle phase 

content and the more homogeneous grain size distribution.  

 

Figure 3-20. Comparison of grain size distribution in Tristelle 5183, RR2450 and 

Stellite 6 showing (a) matrix (austenite/cobalt) grain size distribution, (b) carbide size 

distribution. 

As Figure 3-20(a) shows, the matrix phases of these alloys have different grain size 

distributions. Stellite 6 has most grains of size between 4-9m while Tristelle 5183 and 
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RR2450 have high (bimodal) fraction of very fine and large grains but Tristelle has more fine 

grains with size below 3 µm than RR2450. Most carbides in the Stellite 6 have a size of around 

2m but Tristelle 5183 and RR2450 were found to have high volume fractions of fine carbides 

and some very large carbides. The bimodal distribution of grain size in Tristelle 5183 

introduces heterogeneous strain distributions which influence its deformation behaviour. As 

Figure 3-12 shows, when a large grain neighbours with a cluster of fine grains, the fine grain 

cluster appears less inclined to deform. Extremely large carbides are also absent in the Stellite 

6 microstructure in Figure 3-20(b), with most carbides smaller than 2 µm. The high number 

of carbides evenly distributed in the tough cobalt matrix provides excellent precipitate 

hardening and negates the hazard of fracture and detachment through weak bonding 

between matrix and large carbides.  

The high hardness of the carbides along with high work hardening of the matrix, it has been 

argued, provide excellent wear and galling resistance. The cushion effect from the matrix 

material can absorb the strain perturbations associated with small carbides but large carbides 

have a much greater propensity to crack or detach. Both detachment and cracking of carbides 

introduce abrasive compounds between two contacting surfaces potentially causing severe 

wear and galling in relative movement of the surfaces.  

Intergranular carbides likely play an important role in slip activation. Small carbides generally 

remain undeformed during the loading, but their presence imposes constraint on 

neighbouring matrix grains. Comparing Nitronic 60 and the deformation in the other three 

hard-facing alloys under similar magnification (4000-5000x), the former shows 

homogeneously distributed high strain slip bands, while in Tristelle 5183 and Stellite 6, these 

are always associated with carbides. Intragranular carbides also play a significant role in slip 
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activation and development. Examples can be found in the Tristelle 5183 and Stellite 6 xx 

strain maps presented above, where slip bands either change direction or new slip systems 

are activated when encountering intragranular carbides. Both processes raise GND density at 

these locations and result in higher work hardening.  

Nitronic 60 has the least proportion of carbides. The low GND density in Nitronic 60 indicates 

the work hardening effect from dislocation accumulation is much slower than for the other 

three hard-facing alloys. In Nitronic 60 for which carbides are absent, strain in soft (high 

Schmid factor) grains is significantly higher than that in hard (low Schmid factor) grains. This 

inhomogeneity appeared from the first loading and continued in the subsequent loading 

history. In Tristelle 5183 and Stellite 6 samples, however, high strain initially occurred in some 

specific grains (see Figure 3-14 and Figure 3-19) and propagated through many other grains 

regardless of Schmid factors. In this case, carbides initiated slip and in addition introduced 

higher GND density increases in the soft grains which resulted in local work hardening. Hard 

grains ultimately deformed due to the local stress increase from the work hardening in the 

soft grains.   

Average strain at final failure in the Tristelle and Stellite and at the end of loading for the 

Nitronic is determined from each sample’s ROI and is affected by ROI size and position in each 

sample. GND density change was calculated with respect to a reference point within each 

grain. The magnified ROI shown in Figure 3-9 was utilized in calculating average xx strain for 

the Nitronic 60 sample. The total average strains and GND density changes so measured are 

shown in Table 3-5 and Figure 3-21 respectively. 

Sample Nitronic 60 Tristelle 5183 RR2450 Stellite 6 

Average xx strain 3.6% 0.98% - 5.3% 

Table 3-5. Average strain (ROI) in the hard-facing alloys after bend testing. 
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Figure 3-21. GND density change after bend testing for the four hard-facing alloys. 

Before bend testing, the GND densities measured in Tristelle 5183 and RR2450 are much 

higher than that for Nitronic 60 and Steillite 6. High residual elastic strain variation is also 

found within Tristelle 5183 grains, especially those rich in intra-granular carbides. The residual 

elastic strain variation likely indicates carbides result in local plasticity and give rise to the 

residual stress field in Tristelle 5183 after the HIPing process. Thermally-induced plasticity 

introduced at the complex carbides during HIPing processing could be the main reason for 

the GND density increase and hardening. The high initial GND density could explain the better 

galling resistance in Tristelle 5183 and RR2450. Stellite 6 has better ductility than Tristelle 

5183 and RR2450, and higher fraction of carbides than Nitronic 60, and it shows the highest 

GND density increase after bend testing and the highest work hardening. 

Although relatively small strain to failure was observed for the Tristelle 5183, its GND density 

increased greatly after deformation. Carbides, except some extremely large ones, were found 

to be dispersed uniformly within the matrix, which result in the high GND density and work 
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hardening during bend testing. Carbides in Tristelle 5183 were commonly observed within the 

matrix grains. High GND density regions occurred not only at grain boundaries but also within 

the bulk of the grains facilitating work hardening potentially generating better galling 

resistance.  

The microstructures and mechanical properties of the hard-facing alloys have significant 

impact on their galling resistances. Work hardening has been argued to be related to galling 

resistance and materials with higher work hardening coefficients tend to have higher 

threshold pressure of galling [175]. An important feature of existing hard-facing alloys is the 

carbide (and/or silicide) content which reinforces  wear resistance with its high hardness and 

enhances work hardening rate in the material matrix by storing higher GND densities during 

deformation and local back stress development around the carbide particles [176, 177]. 

Nitronic 60 has the lowest proportion of carbides together with the lowest observed GND 

density among the four alloys considered after deformation. Correspondingly, Nitronic 60 has 

the lowest galling resistance compared with the other three high carbide content hard-facing 

alloys. Stellite 6 has a fine-grained cobalt matrix and relatively uniform sized Cr7C3 carbides. 

Its carbides are commonly observed at grain boundaries as well as smaller fractions within 

the bulk of the grains. The corresponding increase in GND density during deformation leading 

to hardening in a relatively uniform manner throughout the microstructure potentially 

generates its well-known galling strength.  

3.4. Conclusion  

HR-EBSD and HR-DIC quantitative characterisation were utilised for a cobalt-based and three 

iron-based hard-facing alloys undergoing bending loading. Residual elastic strain, and GND 
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density were analysed from the HR-EBSD and plastic strain distributions were assessed using 

HR-DIC. The conclusions based on these investigations are: 

(1) Nitronic 60, Tristelle 5183, RR2450 and Stellite 6 were found to have strains to failure of 

70%, 1.5%, 0.3% and 4% respectively. RR2450 was found to be very brittle with little to no 

plastic deformation observed in the bend testing, unlike that for the other hard facing 

alloys which showed substantial heterogeneous plastic strain accumulation. 

(2) GND densities increase significantly in the alloys (except for RR2450) during bend testing 

notably at grain/twin boundaries and around carbides and are generally higher at these 

microstructural features than within the bulk of the grains. The increase of GND density 

is argued to contribute to the work hardening rates observed.  

(3) Twinning and cross hardening are important strengthening mechanisms in Nitronic 60 

(with the lowest galling strength) in the absence of carbide content. In the other alloys, 

carbides (and silicides in the RR2450) play a significant role in generating higher GND 

densities and hardening. The fraction, size and distribution of the carbides are important 

for influencing slip activation, GND density and hardening and hence, it is argued, the 

resulting galling resistances. In particular, the uniform distribution of fine carbides in the 

Stellite at grain boundaries and intra-granularly generates more diffuse and 

homogeneous straining and work hardening (due to distributed GND content) which may 

be responsible for its excellent galling resistance. 

(4) Large carbides/silicides with high area fraction (as observed in the RR2450 alloy) may 

fracture or fail by decohesion, resulting in the brittle behaviour observed. The detachment 

of large carbides may be highly deleterious to galling resistance.   
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Chapter IV 

CPFE simulation of three-point bending test  

CPFE simulation method provides an analysis methodology to simulate plastic deformation of 

hard-facing materials. Three-point bend testing of iron-base hard-facing alloys (Nitronic 60, 

Tristelle 5183 and RR2450) were studied by CPFE methods. Localized deformation quantities 

including stress, strain, slip system activation and GND density can be obtained and have been 

compared with experimental HR-EBSD and HR-DIC results. These CPFE models will be utilized 

to understand deformation in hard facing alloys, providing insight in to their galling resistance 

with the intention to design superior iron-based hard-facing alloys. 

4.1.  Material and methodology 

CPFE models were developed to simulate three iron-base hard-facing alloys to analyse 

deformation behaviour during three-point bending. Chemical compositions and mechanical 

properties of these alloys have been introduced in the previous chapter.  

Materials Austenite Ferrite Carbides(silicide) 

Nitronic 60 95% 4% 1% 

Tristelle 5183 72% 7% 21% 

RR2450 40% 20% 40% 

Table 4-1. Phase fraction of three iron-base hard-facing alloys. 

The phase fraction of each alloy is listed in Table 4-1.  Ferrite and hard phases including 

carbides and silicide are increasingly employed in developing these materials. The properties 

of the different phases in each alloy are determined using CPFE models as discussed below. 
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4.1.1.  CPFE modelling methodology 

Crystal plasticity finite element (CPFE) modelling has been shown to accurately calculate 

strain and stress response from single crystal to multi grains over very wide length scales [145, 

148, 178, 179]. The crystal plasticity  deformation is based on separating the total 

deformation gradient 𝑭 into elastic and plastic parts[180].  

   𝑭 = 𝑭𝒆𝑭𝒑      (4-1) 

The elastic part 𝑭𝒆 follows generalised Hook’s law which contributes to rigid body rotation 

and lattice deformation. The plastic part 𝑭𝒑  is depends on the crystallographic slip 

movements with slip direction 𝒔 and slip plane 𝒏. 

The total deformation rate 𝑫 may be split into the elastic deformation rate 𝑫𝒆 and plastic 

deformation rate 𝑫𝒑. 

  𝑫 = 𝑫𝒆 + 𝑫𝒑        (4-2) 

𝑫𝒆 can be calculated by Hook’s law while 𝑫𝒑 is determined by the slip rule in crystal plasticity. 

The slip rule utilized in this work was introduced by Dunne et al. [145] which considered 

thermally activated escape of dislocations from obstacles. 𝑫𝒑  is the symmetric part of 

plasticity velocity gradient 𝑳𝑷 which is defined as 

 𝑳𝑷 = �̇�𝒑𝑭𝒑−𝟏
= ∑ (�̇�𝑖𝒔𝑖 ⊗ 𝒏𝑖)

𝑁𝑠
𝑖=1    (4-3) 

where �̇�𝑖 is the shear strain rate of a specific slip system and 𝒏𝑖, 𝒔𝑖  are the slip plane normal 

and slip direction vector of the slip system. The shear strain rate �̇�𝑖 can be calculated by  

�̇�𝑖 = 𝜌𝑚𝜈𝑔𝑏      (4-4) 
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where 𝜌𝑚 is the mobile dislocation density, 𝜈𝑔 is the average dislocation glide velocity and 𝑏 

is Burger’s vector magnitude [181]. Gibbs argued that local thermal activation events are 

needed to free the pinned dislocations for glide to occur [182].  The average glide velocity is 

defined by 

𝜈𝑔 =
𝑑𝑣𝑏

2𝑙
𝑒𝑥𝑝 (−

∆𝐺

𝑘𝑇
)     (4-5) 

where 𝑣 is the frequency of dislocation attempts to jump the energy barrier, 𝑘 the Boltzman 

constant, 𝑇  the temperature,  ∆𝐺  the Gibbs free energy,  𝑙  is the pinning distance of a 

dislocation and 𝑑 represents length of thermal activation event [183]. Considering the work 

carried by the stress field, the Gibbs free energy becomes 

∆𝐺 = ∆𝐹 − 𝜏∆𝑉      (4-6) 

where ∆𝐹 is the Helmholtz free energy and ∆𝑉 = 𝑙𝑏2 is the activation volume. The effective 

stress field to drive the thermal activation event is 𝜏∗ = 𝜏 − 𝜏𝑐 where 𝜏 is the resolve shear 

stress and  𝜏𝑐  is the corresponding critical resolve shear stress [184]. The work done by 

effective stress field is 𝜏∗∆𝑉 and the slip rate of the 𝑖th slip system can then be presented as 

�̇�𝑖 = 𝜌𝑚𝑏2𝜈𝑒𝑥𝑝 (−
∆𝐹

𝑘𝑇
) 𝑠𝑖𝑛ℎ [

∆𝑉

𝑘𝑇
(𝜏𝑖 − 𝜏𝑐

𝑖 )]   (4-7) 

where Helmholtz free energy ∆𝐹  is the activation energy for dislocation escape from 

obstacles pinning and ∆𝑉 is the activation volume. The velocity gradient can then be given as 

𝑳𝑷 = ∑ 𝜌𝑚𝑏2𝜈𝑒𝑥𝑝 (−
∆𝐹

𝑘𝑇
) 𝑠𝑖𝑛ℎ [

∆𝑉

𝑘𝑇
(𝜏𝑖 − 𝜏𝑐

𝑖 )] 𝒔𝑖 ⊗ 𝒏𝑖𝑁𝑠
𝑖=1   (4-8) 

On the basis of the Taylor’s dislocation hardening model, dislocations provide shear resistance 

and the critical resolve shear stress 𝜏c increases with dislocation density, the hardening rule 

is shown as  
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 𝜏c = 𝜏𝑐0 + 𝐺12𝑏𝛼√𝜌𝑆𝑆𝐷 + 𝜌𝐺𝑁𝐷    (4-9) 

where 𝜏𝑐0 is the initial critical resolved shear stress and 𝐺12 is the shear modulus and 𝛼 is the 

dislocation interaction coefficient which in the absence of other knowledge is simply taken to 

be unity. Dislocation density is divided into the density of statistically stored (𝜌𝑆𝑆𝐷 ) and 

geometrically necessary (𝜌𝐺𝑁𝐷) dislocations. The evolution of SSD density is related with the 

accumulated plastic strain rate �̇� as shown in Equation (4-10) and the hardening is isotropic. 

𝜌𝑆𝑆𝐷 = 𝜆�̇�       (4-10) 

where 𝜆  is the accumulation rate and is determined from experimental hardening 

observations. In a slip plane, the screw dislocation line segments direction 𝒔, and the edge 

dislocation line segments directions 𝒏 (the plane normal) and 𝒎 (= 𝒔 × 𝒏) are included in the 

geometry necessary dislocation density calculation [145]. The GND density distribution is 

obtained from strain gradients accommodating lattice curvature [185]. Nye’s dislocation 

tensor 𝚲 is used to calculate GND density by 

𝚲 = 𝑐𝑢𝑟𝑙(𝑭𝒑) = ∑ (𝜌𝑠
𝑖𝒃𝑖 ⊗ 𝒔𝑖 + 𝜌𝑒𝑚

𝑖 𝒃𝑖 ⊗ 𝒎𝑖 + 𝜌𝑒𝑛
𝑖 𝒃𝑖 ⊗ 𝒏𝑖)𝑁

𝑖=1    (4-11) 

where the 𝜌𝑠
𝑖  is the screw component on slip system 𝑖 while the 𝜌𝑒𝑚

𝑖  and 𝜌𝑒𝑛
𝑖  are the edge 

components on the corresponding slip system. However, in crystals with high degrees of 

symmetry, Equation (4-11) has infinite solutions of GND components and GND density can be 

obtained only by introducing constraints [186]. Two types of constraints were developed and 

shown in Equation (4-12) for solving the non-uniqueness problem: 𝐿1-norm for minimization 

of stored energy and 𝐿2-norm for minimization of dislocation line length [187, 188]. 

𝐿1 = ∑ |𝜌𝑖𝜔𝑖|𝑁
𝑖=1   and  𝐿2 = [∑ (𝜌𝑖𝜔𝑖)

2𝑁
𝑖=1 ] 1 2⁄    (4-12) 
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where 𝜔 are possible weightings. In this study, the 𝐿2-norm minimization method was used 

to calculate GND density in different hard-facing alloys. It is shown in Equation (4-13) which 

sums the squares of edge and screw dislocation density components on each slip system for 

calculating GND density minimal. 

𝜌𝐺𝑁𝐷 = √∑(𝜌𝑠
𝑖)

2
+ (𝜌𝑒𝑚

𝑖 )
2

+ (𝜌𝑒𝑛
𝑖 )

2
    (4-13) 

4.1.2. Material properties calibration 

Calibrations were initially carried out on polycrystal Nitronic 60, Tristelle 5183 and RR2450 

samples to obtain correct average stress-strain responses. Nitronic 60 has a relatively simple 

microstructure with austenite grain size ~50µm and a few ferrite grains while Tristelle 5183 

and RR2450 have more complicated phase/morphologies with a wide range of grain/carbide 

size distribution. Nitronic 60 polycrystal calibration model is built based on the characterised 

material microstructures but using simplified cubic grain morphologies. 

 

Figure 4-1. CPFE model for calibration. (a) inverse pole figure (IPFX) map of a region of 

interest in Nitronic 60; (b) calibration model containing 125 austenitic grains with 

mesh; (c) deformed calibration model. 

As the EBSD inverse pole figure map in Figure 4-1(a) shows, the ROI in Nitronic 60 contains 

more than 200 grains with an average grain size of ~50µm and crystal orientations of 125 

grains were extracted as representative crystal orientations. Correspondingly, a 
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250µm*250µm*250µm cubic austenitic calibration model with 125 cubic grains shown in 

Figure 4-1(b) was created on the Abaqus platform to simulate tensile deformation of Nitronic 

60. A 10µm element size was used to ensure both accuracy and speed in the calibration 

process. The CPFE model was assigned with the representative crystal orientations to conduct 

calibration and obtain properties. Calibration model’s bottom surface was fixed in y-direction 

and uniaxial tensile displacement load was applied on the top surface in the y-direction then 

displacement and stress were captured to plot average stress-strain curves. The deformed 

calibration model is shown in Figure 4-1(c) and the strain distribution was significantly 

influenced by crystal orientations within the model. Pole figures from EBSD and the 

calibration model are presented in Figure 4-2. 

 

Figure 4-2. Pole figures captured by EBSD and simulated in CPFE model. 

According to the previous description, the assigned crystal orientations were picked from 

grains within the Nitronic 60 ROI. As Figure 4-2 shows, both pole figures suggest random 

distributions but the simulated crystal orientations were distributed more homogeneously 

than that of the EBSD result. The CPFE calibration model has a uniform grain size 

(50µm*50µm*50µm) but real microstructure has various grain size distribution, some coarse 

grains contribute to the higher intensities of specific orientations. 
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For the carbide-rich hard-facing alloys Tristelle 5183 and RR2450, 3D microstructure 

information is unavailable while grains and hard particles have quite wide size ranges. 

Therefore, quasi-3D calibration models are built based on uniformly extruding morphologies 

of each material in to z-direction giving a ‘bamboo’ structure. and representative volume 

fractions of hard phase particles were assigned in these models to calibrate slip rule 

parameters.  

 

Figure 4-3. Calibration models of Tristelle 5183 and RR2450. (a) phase map of ROI in Tristelle 

5183; (b) phase map of ROI in RR2450; (c) Tristelle 5183 calibration model with two artificial 

carbides (highlighted in dashed circles); (d) RR2450 calibration model. 

The development process of Tristelle 5183 and RR2450 calibration models is shown in Figure 

4-3. The dimensions of these two calibration models are 63µm*43µm*2µm and 

60µm*40µm*2µm respectively.  According to Table 3-4, Tristelle 5183 has ~19% area fraction 

of carbides and some large carbides are captured in Figure 3-11(a) and Figure 3-15 which is a 

possible reason for brittle fracture of Tristelle 5183. Therefore, two large austenitic grains in 
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Figure 4-3(a) were replaced by artificial carbides in Tristelle 5183 calibration model (shown in 

Figure 4-3(c)) to generate ~20% area fraction of carbide contents and the influence of large 

carbides in deformation would be simulated in this model. The left surface of each calibration 

model was fixed in x-direction and uniform tensile stress was applied on its right surface. Slip 

rule parameters were modified to obtain proper stress-strain response. Strain and stress 

distributions around the two artificial carbides were captured to compare with the 

experimental results shown in Figure 3-11. Strain rate of 1 × 10−3𝑠−1  was used in all 

calibration of all three materials.  

 

Figure 4-4. Average stress-strain curves for three iron-base hard-facing alloys from 

experiment and CPFE model [166, 167]. 

Calibrated stress-strain curves are shown in Figure 4-4. Nitronic 60 has highest ductility 

compared to the other two alloys. Note that only a short section of the Nitronic 60 stress-

strain curve is shown in this graph and its hardening rate is lower than that of Tristelle 5183. 

Calibrated stress-strain curve of Tristelle 5183 not manage to simulate same yield stress of 

experimental result but it matches the subsequent hardening region. RR2450 is the most 
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brittle material among the three hard-facing alloys, its experimental stress-strain curve is 

terminated before macroscopic yield occurs in the experiment. In order to predict the 

deformation behaviour of RR2450, CPFE calibration model was given a tensile stress 

exceeding its yield point. The calibration model was deformed with a very high hardening rate 

after the experimentally captured failure stress which was also observed in RR2450 

compression tests [91]. Simulations are all carried at room temperature (20°C) and the 

calibrated crystal plasticity slip rule parameters are list in Table 4-2. 

Slip rule parameter Value Unit 

Frequency of attempts of dislocation to 

jump energy barrier 𝒇 

1 × 1011 s−1 

Burgers vector 𝒃 austenite: 2.54/ ferrite: 2.48/carbide: 3.51 Å 

Boltzmann constant  𝒌 1.381 × 10−23 - 

Helmholtz free energy  ∆𝑭 2.6 × 10−20 J/atom 

Poisson’s ratio 𝒗 austenite: 0.3/ferrite: 0.3/carbide: 0.28 - 

Initial density of mobile dislocations  𝝆𝒔𝒔𝒅𝒎 0.01 µm−2 

Overall obstacle density  𝝆𝟎  0.01 µm−2 

Activation volume   ∆𝑽 austenite: 6.45 × 10−7/ ferrite: 6.15 × 10−7 µm3 

Critical resolved shear stress 𝝉𝒄 Nitronic 60: 178; Tristelle 5183: 200; 

RR2450: 300; Carbide/Silicide: 1 × 1010 

MPa 

Hardening coefficient   𝜸𝒔𝒕 Nitronic 60: 40; Tristelle 5183: 300; 

RR2450: 300; Carbide/Silicide: 300 

µm−2 

Young’s modulus   𝑬 Nitronic 60: 230; Tristelle 5183: 200; 

RR2450: 200/ Carbide/Silicide: 320 

GPa 

Shear modulus   𝑮 Nitronic 60: 43/ Tristelle 5183: 77/ 

RR2450: 77/ Carbide/Silicide: 125 

GPa 

Table 4-2. Calibrated slip rule parameters for different phases in three iron-base hard-

facing alloys [166, 167]. 

The three iron-base hard-facing alloys consist of austenite, ferrite and hard phases (carbide, 

silicide). The critical resolved shear stress 𝜏𝑐 values in austenite and ferrite are taken to be 
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unity. Carbide and silicide are regarded as plastically non-deformable phases so their critical 

resolved shear stress is given an extremely high value (𝜏𝑐 = 1 × 1010MPa). Helmholtz free 

energy ∆𝐹  equals 2.6 × 10−20  J/atom  is the activation energy for dislocations to escape 

obstacles pinning. Activation volumes in austenite and ferrite are dependent on their Burgers 

vectors, the length of the activation event 𝑙  and the overall obstacle density. Because 𝑙  is 

approximately equal to Burgers vector 𝑏  and the spacing of obstacles is 0.1µm thus the 

activation volume ∆𝑉 is 6.45 × 10−7µm3 for austenite and 6.15 × 10−7µm3 for ferrite. 

4.1.3. CPFE model development 

As shown in Figure 4-5, in HR-EBSD and HR-DIC quantitative characterisation process, region 

of interest (ROI) in each material was chosen at the high-stress location (shown in Figure 4-5). 

Phase distribution, crystal orientation, grain size and morphology within the same ROI were 

used to build CPFE representative elementary volume (RVE) models. Every CPFE RVE model is 

quasi-3D with a thickness of 2µm which was obtained by uniformly extruding morphologies 

of the ROI in to z-direction giving a ‘bamboo’ structure. Same element size was utilized in 

building all models to obtain accurate strain and GND density distribution.  Although quasi-

3D model is not fully representative of the sub-surface microstructure, it still successfully 

simulated deformation process in many other cases [146, 147].  

 

Figure 4-5. Schematic diagram of a sample under three-point bend test. The red dash 

region indicates the ROI where HR-DIC and HR-EBSD were characterized. 
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The small ROIs (not exceeding 300 µm) were deformed by approximately uniaxial tensile 

stresses and boundary conditions were selected to achieve uniaxial tensile stress states. 

Nitronic 60 ROI was selected from the front free surface of the three-point bending sample 

and its microstructure was captured by EBSD.  

 

Figure 4-6. CPFE model for Nitronic 60 ROI. (a) EBSD phase map of ROI; (b) front 

surface of CPFE model. 

Figure 4-6(a) shows the Nitronic 60 ROI which has dimensions of 238µm*215µm (in x-y order) 

and contains ~100 grains, most grains are austenitic while there are few small elongated 

ferritic grains. Carbides were neglected due to their extremely small sizes and proportion. The 

RVE model shown in Figure 4-6(b) was assigned with the same morphologies and crystal 

orientations of the EBSD characterisation. The model has a thickness of 2µm and is meshed 

with uniform 0.2µm C3D20 elements in Abaqus, its left surface was fixed in x-direction and 

the back surface was fixed in the z-direction as boundary conditions. The x-direction 

displacements of the ROI were extracted out from HR-DIC results and the non-uniformly 

distributed displacement boundary condition was applied on nodes of its right surface with a 

loading rate of ~0.24µm/s to simulate the actual tension state.  
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Figure 4-7. Constitution of CPFE model for Nitronic 60 magnified ROI. (a) phase map 

of ROI; (b) front surface of CPFE model. 

In order to observe local grain slips and compare with the experimental results, a smaller 

region shown in Figure 4-7(a) with dimensions of 78µm*53µm is selected at the top left 

corner of the Nitronic 60 RVE model to build Nitronic 60 CPFE sub-model (shown in Figure 4-7 

(b)). Similar as the Nitronic 60 RVE model, the smaller model has a thickness of 2µm and 

0.2µm C3D20 element mesh. Its left surface was fixed in the x-direction while the back surface 

was fixed in z-direction as boundary conditions, and HR-DIC captured displacement boundary 

condition was applied on its right surface with a loading rate of ~0.08µm/s.  

 

Figure 4-8. Constitution of CPFE model for Tristelle 5183 ROI. (a) phase map of ROI; 

(b) front surface of CPFE model. 

Tristelle 5183 ROI phase map captured by EBSD is shown in Figure 4-8(a), it has more phases 

and fine grain size. The ROI is 63µm*43µm (in x-y order) and contains ~200 grains/carbides. 

Most grains are austenitic while small ferritic grains and carbides homogeneously disperse in 
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the ROI which have area fractions of ~9% and ~15% respectively. The 2µm thick Tristelle 5183 

RVE model is assigned with same morphologies and crystal orientations of EBSD 

characterisation. The model with 0.2µm C3D20 element mesh has the same boundary 

conditions as Nitronic 60 models. HR-DIC captured displacement boundary condition was 

applied on its right surface with a loading rate of ~0.06µm/s. 

 

Figure 4-9. Constitution of CPFE model for RR2450 ROI. (a) phase map of ROI; (b) 

front surface of CPFE model. 

RR2450 contains the highest proportion of hard phases among the three iron-base hard-

facing alloys and its ROI’s microstructure captured by EBSD is shown in Figure 4-9(a). Its 

averaged grain size is quite similar as Tristelle 5183. The CPFE model has dimensions of 

60µm*40µm*2µm (in x-y-z order) and contains over 100 grains/carbides/silicides. As a duplex 

steel, RR2450 has the highest proportion of ferrite for ~30%. The model was meshed with 

0.2µm C3D20 elements in the Abaqus platform and the boundary conditions are same as 

Nitronic 60 and Tristelle 5183 models. HR-DIC captured displacement boundary condition was 

applied on its right surface with a loading rate of ~0.06µm/s. 
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4.2.  CPFE simulation results  

4.2.1. Nitronic 60 CPFE model simulation results 

Nitronic 60 RVE model was assigned with the calibrated slip rule parameters and the xx plastic 

strain distributions from HR-DIC and CPFE simulation are shown in Figure 4-10.  

 

Figure 4-10. xx strain distribution in Nitronic 60 ROI from different methods. (a) HR-

DIC; (b) CPFE method. The black arrow is a selected path to compare xx strain 

distributions in two methods. 

The simulated strain distribution is roughly consistent with the HR-DIC result and similar 

persistent slip bands were formed in CPFE model. Grains with high strain in Figure 4-10(a) 

commonly show the same extent of strain in Figure 4-10(b). However, the simulated plastic 

strain distribution in some grains are still different from the experimental results, lacking 

knowledge of grains beneath the simulated free surface is a significant reason for these 

differences. A path (black arrow in Figure 4-10) was selected to quantitatively compare CPFE 

model and HR-DIC strain distributions and is presented in Figure 4-11. 
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Figure 4-11. Comparison of xx strain distribution calculated by HR-DIC and CPFE 

model along selected direction. 

As Figure 4-11 shows, the two xx strain profiles captured similar features in HR-DIC and CPFE 

simulation. This path starts from and ends at two slightly deformed grains, across two 

persistent slip bands seen in both HR-DIC and CPFE simulation thus resulted two high xx strain 

values. However, the CPFE model did not manage to capture the third highest value between 

the two peak values. 

 

Figure 4-12. GND density distribution in Nitronic 60 ROI from different methods. (a) 

HR- EBSD; (b)CPFE method. 

GND density maps form HR-EBSD and the CPFE model are presented in Figure 4-12. Generally, 

GND density in CPFE method is lower than the HR-EBSD result due to the minimization 
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method in calculating GND density. The distribution of GND densities in these two methods 

matched quite well except in some grains near model boundaries. The boundaries restricted 

displacement of some elements in the model and caused high GND density at these locations. 

However, the affected region is quite small in the whole model and GND density distribution 

in the central region was hardly affected. In Figure 4-12, GND density was found likely to 

develop at grain/twin boundaries, especially at the austenite-ferrite phase boundaries. Grains 

with higher extents of plastic xx strain commonly have higher GND density than those less 

deformed grains.  

 

Figure 4-13. xx strain distribution in Nitronic 60 magnified ROI from (a) HR-DIC; (b) 

CPFE method. 

The Nitronic 60 CPFE sub-model was deformed and compared with the HR-DIC results, less 

grains were included in the sub-model and boundary conditions have stronger influence on 

the plastic xx train distribution. As Figure 4-13 shows, both HR-DIC and CPFE model captured 

high xx strain in the central and top right grains but the positions but the distribution and 

magnitude were slightly different. A qualitative comparison of activated slip systems in the 

central grain of the sub-region is presented in Figure 4-14 and Figure 4-15.  
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Figure 4-14. Two activated slip systems were captured by HR-DIC within middle grain 

of Nitronic 60 magnified ROI. 

Figure 4-14 shows two slip systems were activated within the central austenitic grain. As the 

previous chapter described, the two slip systems have similar Schmid factors and seem to 

lead to cross-hardening. Both slip systems were also activated in the CPFE model and are 

shown in Figure 4-15. 

 

Figure 4-15. Two activated slip systems within middle grain of Nitronic 60 magnified 

ROI CPFE model. Crystal orientation and slip trace directions are presented. 

As shown in Figure 4-15, two slip systems were activated in the central grain of the CPFE 

model and the slip traces are consistent with the experimental observations. However, due 

to the influences of boundary condition and grains beneath the simulated region, the 

distributions of these slip systems are not completely match the experimental results.  
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Figure 4-16. GND density distribution in Nitronic 60 magnified ROI (a) HR-EBSD; 

(b)CPFE method. 

In addition to the xx strain distribution, GND density pile up between the two slip systems is 

another key argument for cross-hardening. GND density distribution measured by HR-EBSD is 

presented in Figure 4-16(a) in which the GNDs prefer to accumulate at grain boundaries and 

slip-slip interaction regions. Similar results were also found in the CPFE simulated GND map 

Figure 4-16(b), high GND density (highlighted by the black ellipse) developed between the 

two activated slip systems (shown in Figure 4-15) revealing cross-hardening in this model. The 

simulated GND density was also found to be lower than the experimental results when similar 

level of deformation was applied. A linear path, shown in both Figure 4-16(a) and (b), was 

chosen to analyse GND density distribution difference between experiment and simulation. 
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Figure 4-17. Comparison of GND density distribution calculated by HR-EBSD and CPFE 

model along selected direction. 

As Figure 4-17 represents, the selected path crosses three grains while the middle grain 

contains two activated slip systems. In both HR-EBSD and CPFE model results, GND 

accumulates because of the existence of grain boundaries and the high values in the CPFE 

model occur at the two sides of grain boundaries. Both GND density profiles captured high 

GND density in the slip-slip interaction region while the simulated GND density is slightly 

lower than the value obtained by HR-EBSD method.  

4.2.2.  Tristelle 5183 CPFE model simulation results 

Tristelle 5183 CPFE RVE model was applied with the non-uniformly distributed boundary 

condition to simulate the deformation process of experiment.  
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Figure 4-18. xx strain distribution in Tristelle 5183 ROI and two representative regions 

are highlighted in dashed circles. (a) HR-DIC; (b)CPFE method. 

Experimental and simulated xx strain distributions are shown in Figure 4-18(a) and (b). 

Persistent slip bands in HR-DIC maps can be commonly found in the CPFE model and 

development of some persistent slip bands were influenced by the plastically nondeformable 

carbides. Deformation of two regions highlighted in white circles are compared to investigate 

grain/carbide sizes’ influence on material deformation. Region #1 comprise clusters of 

austenite/ferrite grains and carbides with similar small sizes, where grains are less likely to 

develop higher strain because carbides restricted deformation of these small 

austenite/ferrite grains. Region #2 is a large grain neighbouring with some small carbides and 

high strain developed near the grain boundary. Carbides have restriction effect on 

deformation of austenite/ferrite grains but this effect decreases with increase of grain size. 
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Figure 4-19. GND density distribution in Tristelle 5183 ROI from different methods. (a) 

HR- EBSD; (b)CPFE method. 

The experimental and simulated GND density maps presented in Figure 4-19(a) and (b) are 

very similar in both magnitude and distribution. High GND density are more likely to 

accumulate at Tristelle 5183’s grain boundaries, matrix-carbide boundaries (especially 

intragranular carbides) than within the bulk of grains. Intragranular carbides play a significant 

role in GND density increase in HR-EBSD but GND density around these carbides in the 

simulation is much higher than the experimental results.  

The residual elastic strain distribution is related to the stress distribution, which is helpful to 

understand stress state during the deformation. However, due to the limitation of the current 

experimental technique, it is very hard to accurately measure the localized elastic strain 

distribution, especially in complicated alloys like Tristelle 5183. As the simulated xx strain and 

GND distribution are consistent with the experiment results, CPFE model is considerably 

accurate to measure the local elastic strain field within the ROI. The Tristelle 5183 calibration 

model with two artificial carbides was also deformed to observe elastic strain distributions 

around large carbides.  
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Figure 4-20. CPFE calculated xx elastic strain distribution in Tristelle 5183 for different ROI 
from CPFE method. (a) original ROI; (b) ROI with two artificial carbides. 

The CPFE computed elastic xx strain map under peak load is shown in Figure 4-20(a). High 

elastic strain mainly distributes in intragranular and elongated carbides. The high elastic strain 

localizations reveal stress concentration in these positions and potentially result in carbide 

fracture or decohesion. Four horizonal paths shown in Figure 4-21 are selected to analyse the 

relationship between carbide shape and elastic strain distribution.  

 

Figure 4-21. Four selected carbides in Tristelle 5183 for comparing xx elastic strain in 

carbides with different shapes.  
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The selected carbides have different shape features. The path #1 and path #2 are selected in 

elongated carbides along loading direction (x-axis) and these carbides have many concave 

angles. Path #3 is in an almost circular shape carbide while path #4 is in an elongated carbide 

~60° to the loading direction. As shown in Figure 4-18(b) and Figure 4-21, austenite/ferrite 

grains besides all the paths share similar levels of plastic strains of ~0.15. Elastic strain 

distributions at the peak loading along these horizonal paths are captured and presented in 

Figure 4-22. 

 

Figure 4-22. xx elastic strain distribution within the four selected carbides in Tristelle 

5183. 

According to the Figure 4-22, only path #3 shows a low and stable elastic strain distribution. 

Elastic strain along paths #1 and #2 have highest values of over 0.9% and the xx stress is 

~3000MPa at their concave corners. The concentration of high level of elastic strain/stress 

indicates these positions are hot spots for carbides fracture. Carbide #4 has a convex angle 
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corner along the loading direction which results high xx elastic strain over 0.9% and normal 

stress is ~3000MPa at the carbide-matrix boundary which would possibly result in carbide 

decohesion. 

In Figure 4-3(c), two artificial carbides of size around 10 µm replaced two coarse grains in the 

Tristelle 5183 RVE model. Carbides with similar or larger size (~20µm) are commonly found in 

Tristelle 5183. The model was applied with the same boundary conditions as the original RVE 

model. Elastic strain distribution is presented in Figure 4-20(b) to study coarse carbides’ 

influence on deformation. High elastic strain within the two artificial carbide indicates high 

possibility of carbide fracture and carbide decohesion. The high elastic strain area in the two 

large artificial carbides were selected to analyse carbide shape’s influence on local elastic 

strain distributions. 

 

Figure 4-23. Three selected paths at the boundary of two artificial large carbides in 

Tristelle 5183 model. 

As Figure 4-23 shows, three paths were selected along the carbides and matrix boundaries. 

The two artificial large carbides are surround by similarly deformed austenite/ferrite grains. 

As previously described, deflections have the propensity to cause elastic strain/stress 

concentration thus deflections along the paths are labelled in Figure 4-23. 
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Figure 4-24. xx elastic strain at different sides along three selected paths in Tristelle 

5183 calibration model (blue: carbide side; orange: matrix side) for (a) path #1 in 

artificial carbide A; (b) path #2 in artificial carbide A; (c) path #3 in artificial carbide B. 

The elastic xx strain distribution along these paths are shown in Figure 4-24. In path #1, the 

labelled deflections commonly have higher elastic strain than the other positions except 

corner C2 which locates at a carbide boundary perpendicular to the loading direction. Path 

#2 surrounds two outstanding regions of the carbide A and high elastic strain were observed 

at its concave angle corners C2, C3, C5 and C8 meanwhile the corresponding stress is up to 

4GPa in these positions while the convex angle corner C4 is also found with similar level of 

high stress. Path #3 is also found have high elastic strain (~0.022) concentration in the convex 

angle corners of the second large carbide. Carbide fracture and decohesion probably occur in 

these stress-concentrated regions during deformation. 
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Figure 4-25. Simulation results obtained from Tristelle 5183 CPFE model with high 

content of carbides. (a) xx plastic strain distribution. (b) GND density distribution of 

austenite/ferrite phases. 

The corresponding deformed xx strain and GND density map in Tristelle 5183 calibration 

model with two artificial carbides are shown in Figure 4-25(a) and (b). High strain accumulated 

in grains adjacent to the two large artificial carbides. GND density in these high-strained grains 

regions also dramatically increased.  

4.2.3.  RR2450 CPFE model simulation results 

RR2450 has a much higher proportion of carbide and silicide particles compared than Nitronic 

60 and Tristelle 5183 which results in its high hardness but brittleness. According to the 

experimental stress-strain curve shown in Figure 4-4, RR2450 fractured before macroscopic 

yielding happens. The three-point bend sample was applied a 1650N normal load, 

corresponding to a peak bending stress of 916MPa and a local total strain of 0.004. 

 

Figure 4-26. xx strain distribution in RR2450 ROI with 0.004 total strain. (a) HR-DIC; (b) 

CPFE method. 
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The HR-DIC captured and simulated xx strain distribution are shown in Figure 4-26(a) and (b). 

In the experimental bending test, HR-DIC calculated total strain is very low (highest value is 

~0.005) and the distribution is very random. It is difficult to interpret useful deformation 

information from such low magnitudes of strain and very low local strain would be influence 

by background noise of DIC method [189]. In CPFE simulation, some localized plastic strain 

was observed in grains neighbouring carbides/silicides and the magnitude of plastic strain is 

much lower (highest strain is ~0.002) than the result of HR-DIC. 

 

Figure 4-27. GND density distribution in RR2450 ROI with 0.004 total strain from CPFE 

model. 

GND densities shown in Figure 4-27 indicated have high GND density located in grains near 

carbides which proves hard phases increase local work hardening in RR2450.  

As discussed in the previous chapter, extremely large carbides (over 100µm) is a potential 

reason for RR2450’s brittle fracture. The ROI is free from extremely large carbides which 

probably is capable of bearing the high localized strain. The total strain of 0.0167 (average xx 

strain in ROI of Tristelle 5183) was applied on the right surface of this model and the 

simulation results are shown in Figure 4-28. 
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Figure 4-28. Simulation results obtained from RR2450 CPFE model with higher total 

strain (0.0167). (a) xx plastic strain distribution, (b) GND density distribution of 

austenite/ferrite phases, (c) xx elastic strain distribution. 

As Figure 4-28(a) and (b) shown, austenite/ferrite grains neighbouring hard phases are likely 

to accumulate very high strain and high GND density. Grain boundaries, especially matrix to 

hard phase boundaries, commonly have higher GND density than in the bulk of the grains. In 

Figure 4-28(c), high elastic strain mainly occurs at hard phase regions and boundaries 

between matrix and hard phases.  

4.2.4. Strain range comparison  

The xx strain distributions of the three iron-base hard-facing alloys were calculated by HR-DIC 

method and simulated by CPFE models. The strain distributions were compared in Figure 4-29 

and strain range increment chosen to be 0.01. 
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Figure 4-29. xx strain distributions in Nitronic 60, Tristelle 5183 and RR2450 captured 

by HR-DIC and CPFE method. 

As the strain distribution statistics Figure 4-29 shows, Nitronic 60’s strain range generally 

matches experimental result but the simulation model constitutes larger area with xx strain 

lower than 0.01. Tristelle 5183 model’s strain range accurately matches the HR-DIC results 

although some grains were deformed slightly lower than the experiment. The xx strain range 

comparison suggests that the calibrated models are capable to study deformation behaviour 

of these alloys. These models will be utilized to simulate contact-slide processes in these 

alloys for investigating the galling phenomenon in a subsequent chapter. 

4.3. Discussion 

Calibration of Nitronic 60 material properties gave reasonable agreement with experimental 

stress-strain curves and the calibrated slip rule parameters were used in simulating 

deformation of ROI in Nitronic 60. Persistent slip bands observed by HR-DIC were also 

captured in the CPFE model and these bands are found also ~45° to the loading direction. The 

simulated xx strain distribution generally matchs HR-DIC result but some differences are also 

found in comparing experiment and simulation results. A key reason for these differences is 
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EBSD method cannot provide 3D microstructure information of the polycrystal Nitronic 60 

sample, shape and orientation of grains beneath the ROI would influence strain distribution. 

GND density distribution in CPFE model also matches HR-EBSD result, in which high GND 

density is found to accumulate at grain boundaries, especially at austenite-ferrite phase 

boundaries.  

A smaller sub-region of the Nitronic 60 ROI model (shown in Figure 4-13-18) represented two 

slip systems with similar Schmid factors (0.4494 & 0.4310) were activated within one single 

grain and the cross-hardening region also has higher GND density like experimental result. 

However, when comparing the simulated result with the HR-DIC result (shown in Figure 4-14), 

the activated slip system distribution is significantly different. The main reason for this 

difference is the actual stress state in ROI is immeasurable so the loading control in this model 

is not absolutely accurate. Grains beneath ROI may also affect the local stress field and cause 

simulated slip distribution slightly different from the experimental results. 

Two Tristelle 5183 uniaxial tensile models were created, one is based on the EBSD 

characterisation of ROI while the other one replaced two large austenitic grains in ROI by 

carbides to observe stress/strain distribution around large carbides. Strain distributions in the 

ROI model were found to match the experimental xx-strain distribution both qualitatively and 

quantitatively. Persistent slip bands formed at almost the same positions as in the ROI and 

carbides were found to result in high strain development. Intragranular carbides, around 

which GND density is significantly accumulated, play a major role in the material’s hardening. 

One important difference to be addressed is plastic strain and GND density around fine 

carbides are extraordinarily high than experimental results (shown in Figure 4-18(b) and 

Figure 4-19(b)). Fine carbides in the actual Tristelle 5183 microstructure commonly have 
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spherical shape but the ‘bamboo’ structure in the quasi-3D models produce extruded carbides 

with bigger out of plane depth. These extruded carbides in the model have stronger influence 

on matrix grains than the true sphere-like carbides in the experiments and hence potentially 

significantly raise and overestimate plastic strain and GND density local to them in the models. 

As the second Tristelle 5183 model’s result shown in Figure 4-25(a) and (b), these large 

carbides result in strong strain concentration and high GND density in grains at their left 

and/or right hand sides, which indicates stress concentration in these locations. A similar 

phenomenon is also shown in experimental result Figure 3-11(g) and Figure 3-12(d). The 

stress concentration has a strong relationship with the decohesion of carbides from the 

matrix in service applications which include pump/valve components [63, 82]. Carbide 

decohesion probably produces large abrasive particles between the contact surfaces which 

will potentially cause massive surface damage such as abrasive wear and galling [77, 78, 81]. 

RR2450 was only calibrated in its elastic period because fracture occurred prior to any 

macroscopic plastic deformation in the experimental testing and the elastic deformation 

behaviour matches the experimental result. Its high yield stress indicates RR2450’s matrix 

phases possess high critical resolved shear stresses. RR2450 is the hardest material of the 

three iron-base hard-facing alloys considered, which comprises an extremely high volume 

fraction of carbides and silicide. The CPFE model was slightly plastically deformed when it was 

applied with the same extent of displacement as experiment. As the previous chapter 

described, extremely large carbides (over 75m) and brittle silicide potentially cleave and are 

potential reasons for brittle fracture in the uniaxial tensile test and three-point bending 

experiment. However, this alloy has shown good compression capability which indicates local 

plastic deformation is possible to achieve in this alloy [126]. The RR2450 CPFE model was then 

subjected to be deformed to the same total strain level (0.0167) of Tristelle 5183 model to 
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compare stress/strain and GND density distribution between these two hard-facing alloys. 

The stress distribution map indicated high stress concentrates at the matrix/hard phases 

boundary. The stress concentration likely promote fracture at matrix-hard phase boundaries 

and potentially particle pull-out as discussed in the previous chapter. 

Carbides were originally introduced in to hard-facing materials as hard phases in order to 

reduce contact damage. Their high hardness is proven beneficial to improve hard-facing alloys’ 

resistance to different types of wear [63, 190]. However, it probably contributes to the 

production of fracture debris of brittle carbides when two surfaces contact at very high 

pressure and the existence of carbide debris will increase the possibility of galling [173]. As 

shown in Figure 4-21 and Figure 4-22,  high elastic strain/stress concentration was observed 

at corners of specific carbides which likely results in fracture of carbides. Carbide fracture is 

strongly linked with its shape, with round-like carbides suffering less than those with sharp 

concave angular corners. As the elastic strain distribution map in Figure 4-24 shows, corners 

in large carbides are ‘hot spots’ for carbide decohesion where very high elastic strain may 

develop and decohesion is likely to nucleate at these locations. 

4.4. Conclusion 

CPFE RVE models were created based on experimentally characterised microstructures of 

three hard-facing alloys. Their stress-strain behaviours were calibrated and the crystal 

plasticity models were utilized in tensile deformation of the three hard-facing alloys. The 

results from CPFE models were compared with each alloy’s HR-EBSD and HR-DIC results and 

some conclusions are summarized: 
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(1) Calibrated crystal plasticity stress-strain behaviours are consistent with experimentally 

captured stress-strain curves. Strain frequency distribution in crystal plasticity modelling 

matched HR-DIC measured results. 

(2) Higher GND density commonly occurs at grain/phase boundaries and in bulk regions of 

some heavily deformed grains. Intragranular carbides dramatically increase GND density in 

large grains which play an important role in work hardening.  

(3) Carbides reduce the material’s ductility and cause local stress concentration. Carbide 

shape and size significantly influence stress distribution in and around the carbides. Some 

elongated carbides are likely to fracture while coarse carbides have higher risk of decohesion.  
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Chapter V 

Normal loading static contact study 

In this chapter, three iron-base hard-facing alloys and one austenitic stainless steel 316L are 

selected to study galling resistance in iron-base materials using a previously developed 

characteristic galling normal load (𝑙0) method shown in Figure 2-11. Critical contact area 

criteria (𝐴𝑐) are applied on the selected materials to explore relationship between contact 

area and galling resistance in different materials. The influence of carbide on contact area is 

also discussed in this chapter. 

5.1.  Simulation methods 

5.1.1. Crystal plasticity parameters calibration  

The three iron-base hard-facing alloys’ mechanical properties have been calibrated in the 

previous chapter. The austenitic stainless steel 316L has a uniform 2.5µm grain size 

microstructure [100] shown in Figure 5-1 which was used for the model material stress-strain 

response calibration. 

 

Figure 5-1. 316L CPFE calibration model containing 125 austenitic grains with 2µm 

mesh. 
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The 316L CPFE calibration model has a dimension of 12.5µm*12.5µm*12.5µm and was 

meshed by 0.5µm C3D20 element. This model contains 125 random orientated 2.5µm cubic 

austenite grains. Its bottom surface was fixed in y-axis and uniaxial tensile pressure was 

applied on the top surface with a strain rate of 1 × 10−3𝑠−1.  The strain-stress curve of 316L 

was recorded and presented in Figure 5-2. 

 

Figure 5-2. Experimental and simulated stress-strain curves of four iron-base alloys 

[191]. 

The experimental and computed stress-strain curves of 316L and three iron-base hard-facing 

alloys are shown in Figure 5-2. The calibrated 316L stress-strain curve matched the 

experimental result well. The calibrated slip rule parameters for 316L are listed in Table 5-1. 
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Slip rule parameter Value Unit 

Temperature   𝑻 293  K 

Frequency of attempts of dislocation to jump 

energy barrier f 

1011  s−1  

Burgers vector 𝒃 2.54  Å 

Boltzmann constant  𝒌 1.381 × 10−23 - 

Helmholtz free energy  ∆𝑭 2.6 × 10−20  J/atom 

Poisson’s ratio 𝒗 0.3 - 

Initial density of mobile dislocations  𝝆𝒔𝒔𝒅𝒎 0.01 µm−2 

Overall obstacle density 𝝆𝑮  0.01 µm−2 

Activation volume   ∆𝑽 6.45 × 10−7 µm3 

Critical resolved shear stress 𝝉𝒄 70 MPa 

Hardening coefficient   𝜸𝒔𝒕 40 µm−2 

Young’s modulus   𝑬 200 GPa 

Shear modulus   𝑮 77 GPa 

Table 5-1. Calibrated slip rule parameters for 316L [100]. 

Comparing with the other three hard-facing alloys’ stress-strain curves, 316L has the lowest 

yield stress while its work hardening rate is similar with Nitronic 60. The 316L CPFE model has 

similar slip rule parameters with the Nitronic 60 except for its lower critical resolved shear 

stress.  

5.1.2. Characteristic normal load method 

A 316L contact model is shown in Figure 5-3, a normal load is applied on the top part of the 

model for the ‘punch’ step, then the top part slides to the left for the ‘slide’ step. These 

procedures simulate the relative movement of a contact pair and each step has a duration of 

1s.  
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Figure 5-3. 316L contact-slide galling probability model [100]. 

Recently, a new modelling methodology for quantifying the galling load in a normally loaded 

metal-on-metal surfaces undergoing sliding has been established and applied on 316L [100]. 

This method has been adopted in this work for the purposes of examining galling resistances 

of iron-based hard facing alloys. A summary of the key features of the methodology is given 

in what follows and the galling probability is quantitatively related to the plastic deformation 

of this contact-slide model [100]. For each part of the model, the punch-slide process caused 

plastic deformation and the total plastic zone volume is V. The total plastic deformation is 

quantified by plastic reach 𝑝𝑅(𝑙), which is defined as 

𝑝𝑅(𝑙) ∝ ∭ 𝑑(𝑥, 𝑦, 𝑧)𝑝𝑒𝑓𝑓(𝑥, 𝑦, 𝑧)𝑑𝑥𝑑𝑦𝑑𝑧
𝑉

   (5-1) 

where 𝑑(𝑥, 𝑦, 𝑧) is the depth of position (𝑥, 𝑦, 𝑧) below the sample surface, and 𝑝𝑒𝑓𝑓 is the 

effective plastic strain at position (𝑥, 𝑦, 𝑧). The characteristic galling load 𝑙0 is defined as the 

minimal applied normal load to cause yielding of the first asperity – i.e. the minimal load 

causes local effective plastic strain over 0.002. It is expressed as  

𝑙0 = 𝑙(max(𝑝eff(𝑥, 𝑦, 𝑧, 𝑙)) ≥ 0.002)     (5-2) 
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𝑙0 is extracted from the contact-slide CPFE model by rising the load until local effective plastic 

strain exceeds 0.002. The plastic reach is found having a power-law relationship with the 

normal load 𝑙 

𝑝𝑅(𝑙) ∝ (
𝑙

𝑙0
)

𝛽

⇒ 𝑙𝑛 𝑝𝑅(𝑙) = 𝛽 𝑙𝑛 𝑙 − 𝑙𝑛 𝜉 − 𝛽 𝑙𝑛 𝑙0  (5-3) 

where 𝜉  is a coefficient. Cumulative hazard 𝐻  is directly related with the plastic reach by 

Weibull distribution and is shown by 

𝐻(𝑙) = 𝛾 (𝑝𝑅(𝑙)) = (
𝑙

𝑙0
)

𝛽

      (5-4) 

where 𝑙0  is the scale load and 𝛽 is the shape parameter. 𝑙0  is a characteristic value in the 

Weibull distribution corresponding to galling probability of 63.2%. Galling is a stochastic 

phenomenon and the potential of galling failure 𝐹 is a function of the plastic deformation 

hazard 𝐻 

𝐹(𝑙) = 1 − 𝑒𝑥𝑝(−𝐻(𝑙))      (5-5) 

where 𝑒(−𝐻(𝑙)) is the galling survivability of samples under the applied normal load 𝑙. Galling 

probability distribution could then be expressed as  

𝐹(𝑙) = 1 − 𝑒𝑥𝑝 (− (
𝑙

𝑙0
)

𝛽
)     (5-6) 

A Weibull distribution was chosen based on the expected characteristics:  𝐹(𝑙) → 1 as 𝑙 → ∞, 

𝐹(𝑙) → 0 as 𝑙 → 0, and was justified by experimental data analysis. Materials are expected to 

gall with a probability of 63.2% under normal load 𝑙0 . Therefore the 𝑙0  is an important 

parameter for predicting galling frequency distribution. 
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Figure 5-4. Experimental and simulated galling frequency distributions of 316L. (a) 

galling frequency distribution by ASTM G198 tests with 𝑙0 ≈ 8.5MPa, (b) simulated 

galling frequency distribution with 𝑙0 = 9.5MPa [95, 100, 192]. 

As Figure 5-4 shows, in galling resistance tests for 316L, testing samples have 63% probability 

to gall under the characteristic normal load 𝑙0 ≈ 8.5MPa  and the simulated galling 

characteristic normal load 𝑙0 = 9.5MPa. The contact-slide CPFE simulation result is slightly 

higher than the experimental data but the simulated galling frequency is close to the 

experimentally measured result [100]. 

5.1.3. Critical contact area method 

Asperities contact during rough surfaces contact and sliding processes. Contact area is an 

important parameter to measure elastoplastic deformation in contacted asperities [99] and 

it is potentially a useful parameter in evaluating a material’s galling strength. It virtually 

relates to closing up of interfacial gaps, asperity interlocking and seizure [4, 32, 105] and 

higher contact area would generate more friction heating during the relative sliding process 

and lead to galling initiation [106]. In this chapter, relationship between contact area and 

galling resistance is studied by a set of CPFE contact models, 316L is selected as a reference 

material and the load to cause 100% probability of galling is defined as the critical normal load 

𝑙𝑐 and the corresponding contact area is recorded as the critical contact area 𝐴𝑐. 



 

115 
 

Geometrical characteristics of asperities can significantly influence local contact behaviour. A 

linear surface profile was measured from a RR2450 sample and the profile is shown in Figure 

5-5(a).  

 

Figure 5-5. Surface profile of (a) RR2450 sample and (b) processed surface profile for 

asperities contact simulation [100]. 

The original experimentally measured surface profile constitutes ~35 asperities with different 

heights and wavelengths. Average of these asperities’ heights and wavelengths produces a 

representative sinusoidal surface profile shown in Figure 5-5(b), which is used in following 

CPFE contact area simulation. 

5.2.  Models and results 

5.2.1. Characteristic galling load 𝒍𝟎 method 

On the basis of 316L contact-slide model, normal loading static contact models are created 

and shown in Figure 5-6(a)-(d). Mechanical properties and microstructures of 316L and three 

iron-base hard-facing alloys (Nitronic 60, Tristelle 5183 and RR2450) are used to build these 

models. In this part, characteristic galling load 𝑙0  of each alloy was extracted from 

corresponding CPFE model to evaluate galling resistance of each material. Increasing normal 
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loads were applied on the top part of each model until developing 0.02 plastic strain in one 

asperity. Correspondingly, the applied normal stress is recorded as this material’s 

characteristic galling load 𝑙0.  

 

Figure 5-6. Normal contact models of four iron-base materials for characteristic 

galling load 𝑙0 analysis.  

As Figure 5-6 shows, four normal contact models shared the same contact surface profile from 

Figure 5-5(a). The dimensions of both top and bottom parts in each model are 

60µm*35µm*0.2µm. Microstructures were carefully selected to ensure first asperity contact 

to occur between austenitic grains in the central regions. The microstructure of the 316L 

contact-slide model is shown in Figure 5-6(a), random orientated hexagonal microstructure 

with an averaged grain size of ~3µm was selected to create this model. Microstructures and 
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crystal orientations obtained from EBSD were utilized for producing three iron-base hard-

facing alloy models. The base surface of the bottom part in each model was fixed in all 

directions while the normal load was applied on the upper surface of the top part. 

 

Figure 5-7. Characteristic galling loads 𝑙0 of four materials. 

The characteristic galling load 𝑙0  of 316L is ~8.1MPa which is almost half of Notronic 60 

(~16.7MPa) and one-third of RR2450 (~27.4MPa). It is clearly shown that three iron-base 

hard-facing alloys have higher 𝑙0 than 316L and 𝑙0 were found to be directly related with their 

yield strength. However, the characteristic galling loads of the three iron-base hard-facing 

alloys were much lower than their galling thresholds. It has been demonstrated that phase 

transition [3, 112] and carbides [71] are advantageous to hard-facing materials’ galling 

resistance. Hard-facing alloy’s galling resistance is not entirely dominated by their high 

yielding strengths and the characteristic galling load method is not appropriate for galling 

frequency prediction in carbide-rich hard-facing alloys. 

5.2.2. Contact area study 

In contact area analyse, four asperities-rigid flat surface contact CPFE models were utilized to 

determine the critical normal loads 𝑙𝑐  of the four iron-base materials. Carbide contents’ 
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influence on contact area was presented in a series of RR2450 single asperity contact models. 

Relative position’s influence was illustrated in a set of asperities contact models. 

5.2.2.1. Asperities-rigid flat surface contact models and results 

CPFE contact models were built to find the relationships between contact area and normal 

loading in different iron-base materials. The top and bottom parts of each model have same 

dimensions of 28µm *20µm*0.2µm and is meshed by 0.2µm elements. In each model, bottom 

part of each model is fixed in all directions while top part moves down along y-axis. This study 

focuses on the contact area change and deformation of top asperities. Therefore, as control 

of variables, the bottom parts have flat contact surfaces and rigid-body mechanical properties 

to ensure the plastic deformation only happened in the top asperities.  

 

Figure 5-8. Contact models of iron-base alloy with four asperities against a rigid flat 

surface. (a) 316L; (b) Nitronic 60; (c) Tristelle 5183; (d) RR2450. 
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Four asperities-rigid flat surface contact CPFE models are shown in Figure 5-8, these models 

share the same dimensions and contact surface profile shown in Figure 5-5(b). 316L model’s 

microstructure was simplified to random orientated uniform hexagonal grains with a grain 

size of 3µm and the other three models were built based on the EBSD captured 

microstructures. The 316L model is a reference material whose critical normal load 𝑙𝑐  is 

14MPa and the corresponding contact area is utilised as the critical contact area 𝐴𝑐 for all 

four models. Increasing normal load was applied on the top part of each model until its 

contact area reached the critical contact area 𝐴𝑐, such that the corresponding normal load 

was then taken to be the critical normal load 𝑙𝑐 which is presented in Figure 5-9.  

 

Figure 5-9. Critical normal loads for each alloy to reach contact area criterion. 

As Figure 5-9 shows, three iron-base hard-facing alloys have higher 𝑙𝑐  than 316L. RR2450, 

whose yield strength and volume fraction of hard-phase content are highest among the four 

materials, has the highest 𝑙𝑐 of 70MPa which is ~45% higher than the 𝑙𝑐 of Tristelle 5183. Two 

hard-facing alloys Nitronic 60 and RR2450 were selected to illustrate the deformation of 

asperities under their critical normal loads. The contact area criterion ranks the galling 
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resistance of the four iron-base materials by the critical normal loads 𝑙𝑐. However, similar to 

the characteristic galling load 𝑙0 , the critical normal loads are still lower than the 

experimentally measured galling thresholds of hard-facing alloys. Plastic strain and GND 

density distributions are shown in Figure 5-10.  

 

Figure 5-10. Plastic strain and GND density distributions in Nitronic 60 and RR2450 

four-asperities against rigid flat surface contact models. (a) plastic strain in 316L; (b) 

plastic strain in RR2450; (c) GND density in 316L; (d) GND density in RR2450. 
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As Figure 5-10 shown, plastic strain distributions are similar in Nitronic 60’s four contacted 

asperities, high strains developed from the contact surface and plastic strain penetrated 

almost the same depth in four austenite asperities. RR2450’s hard phase contents 

significantly influence the plastic strain distributions, high plastic strain in the middle two 

asperities developed around carbides instead of at the contact surface. According to Figure 

5-10(a) and (c), severe plastic deformation initiated from the centre of each asperity which 

resulted in high GND density under the asperity centre, subsequent plastic strain 

development was affected by the high GND density and formed two high-strain bands besides 

the high GND region. When comparing Figure 5-10(c) and (d), carbides strongly restricted high 

deformation of the matrix grains and resulted in high GND density around the carbides.  

Based on the RR2450 asperity-rigid flat surface contact models, different sizes and numbers 

of carbides were embedded in one asperity to investigate the influence of the sizes and 

distributions of the hard particles on contact area. In this case, single asperity contact is 

studied while previous models (shown in Figure 5-8) have addressed four-asperity contact 

cases; therefore the corresponding critical contact area 𝐴𝑐’  in the single asperity contact 

models was reduced to one-fourth of 𝐴𝑐, i.e. 𝐴𝑐 ’ =
𝐴𝑐

4
. 



 

122 
 

 

Figure 5-11. Contact models of single-asperity RR2450 with different microstructures 

contact flat surface rigid body. The contacted austenitic grains have different carbide 

distributions: (a) no carbide; (b) 0.4µm carbides in the bulk; (c) 0.4 µm carbides in the 

surface; (d) 0.8 µm carbides in the bulk; (e) 0.8 µm carbides in the surface; (f) 1 µm 

carbides in the bulk; (g) 1 µm carbides in the surface; (h) entire carbide asperity. 

As Figure 5-11 shows, eight single-asperity contact models (sizing 15µm *12µm*0.2µm) were 

built on the basis of RR2450’s microstructure and mechanical properties and meshed by 

0.2µm elements. Different sizes and numbers of artificial carbides were embedded in these 

models. Increasing normal loads was applied on top part of each model until obtaining the 

critical contact area 𝐴𝑐’ and the normal load was recorded as critical normal load 𝑙𝑐’. In Figure 

5-11(b)-(g), carbides with increasing size from 0.4µm to 1µm were embedded in the austenite 

asperity and the total area of carbides were kept the same (~1.92 µm2). Meanwhile, carbides 

located at the contact surface are shown in Figure 5-11(c), (e) and (d) to evaluate the influence 
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of carbide distribution on contact area. A particular case of pure carbide-rigid body contact is 

shown in Figure 5-11(h), in which the austenitic grain at contact surface was replaced by a 

carbide.  

 

Figure 5-12. Critical normal loads 𝑙𝑐′ for different microstructures in RR2450 to reach 

critical contact area 𝐴𝑐′. Labels (a)-(h) represent loads in different microstructure 

features shown in Figure 5-11(a)-(h). 

As Figure 5-12 shows, the critical normal load 𝑙𝑐′ increased with the rise of carbide size. 

Microstructure (h) is pure carbide-rigid body contact which possesses much higher 𝑙𝑐′  than 

all the other models that reveals plastic deformation dominates contact area increase. 

Models with carbides located at the contact surface have higher 𝑙𝑐′ than models with the 

same size carbides inside the austenite grains. Model shown in Figure 5-11(e) has a higher 𝑙𝑐′ 

than Figure 5-11 (f) which indicates the locations of carbides are more vigorously influence 

contact are than their sizes.  

Models with two different carbide sizes 0.4µm and 1µm were selected to study the influence 

of the carbide content on the contact area. 
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Figure 5-13. Plastic strain and GND density distributions in RR2450 single asperity-

rigid flat surface contact models with different contents of carbide, (a)-(c) plastic 

strain distributions and (e)-(h) GND density distributions. (a) and (e) 0.4µm carbides in 

bulk; (b) and (f) 0.4µm carbides at surface; (c) and (g) 1µm carbides in bulk; (d) and 

(h) 1µm carbides at surface. 
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Figure 5-13(a)-(d) and (e)-(h) corresponded to microstructures shown in Figure 5-11(b), (c), (f) 

and (g), and the critical normal loads 𝑙𝑐′ are presented in Figure 5-12. High plastic strain and 

GND locate around the embedded carbides and contact surfaces. In models with same 

contact area 𝐴𝑐 ’, magnitudes of strain and GND density are at similar levels but locations of 

carbides significantly affect plastic strain and GND density distributions. Models with 1µm 

carbides commonly have higher critical normal loads and deeper plastic strain and high GND 

density distributions than models with 0.4µm carbides.  

5.2.2.2. Asperities contact study 

Asperities contact is the main contact mode in rough surface contact process. Asperity size, 

shape and contacting angle can significantly influence the contact area [193]. The relationship 

between the relative positions of asperities and contact area in the four iron-base materials 

is analysed in this part. Different from the simplified asperity-rigid flat surface contact models, 

both top and bottom parts are given the contact surface profile shown in Figure 5-5(b). 

 

Figure 5-14. Schematic diagram of two contacted asperities in contact area simulation. 

Red/blue dashed lines represent top/bottom part respectively. 
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In statistic contact process shown in Figure 5-14, the top part moves down along the y-axis 

and contact conditions varies from peak-valley contact mode to peak-peak contact mode. 

Due to the high symmetry of the processed sinusoidal surface profile, the relative position 

parameter is defined as  

𝑅 = 𝑑
𝜆

2
⁄        (5-7) 

where λ is the wavelength of the processed surface profile and d is the distance between a 

top asperity’s peak and its nearest bottom asperity’s valley. The value of relative position 

varies from 0 to 1 (e.g. 𝑅 = 1 means peak-peak contact).An example of RR2450 asperities 

contact model is presented in Figure 5-15. 

 

Figure 5-15. RR2450 contact model with a representative surface profile. 

In this contact area study, 316L works as reference material in which a 14MPa critical normal 

load 𝑙𝑐 was applied on the top surface while the corresponding contact area was recorded as 

critical contact area 𝐴𝑐. The other three models were applied with increasing normal stress 
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until reaching the critical contact area 𝐴𝑐 and the normal loads are recorded as critical normal 

load 𝑙𝑐  of each alloy. Four relative positions with 𝑅 =0.1, 0.5, 0.9 and 1 were achieved by 

changing positions of the top part of the model. 𝑅 =0 cases were not studied due to the same 

surface profile was used, thus contact area would be a constantly maximum value regardless 

of the normal load. The results of asperity relative position contact models are shown in 

Figure 5-16. 

 

Figure 5-16. Normal loads for different asperities relative positions (𝑅 =0 means peak-

valley contact mode and 𝑅 =1 peak-peak contact mode) in RR2450 to reach critical 

contact area. 

As Figure 5-16 shows, RR2450’s critical normal load 𝑙𝑐 increased from ~30MPa to ~68MPa as 

the contact mode transferred from peak-valley contact to peak-peak contact. Tristelle 5183 

and Nitronic 60 had lower 𝑙𝑐 in all relative positions. The critical normal load difference among 

the four materials became larger with the increase of relative position parameter 𝑅. 
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5.3.  Discussion 

Characteristic galling load and critical contact area analyses were carried out in this chapter, 

both methods revealed galling resistances difference among the four iron-base alloys but they 

are not fully able to quantitively evaluate hard-facing alloy galling resistance. 

5.3.1. Characteristic galling load 𝒍𝟎 method 

The characteristic galling load method directly links galling frequency with local plasticity and 

it has quantitively predicted 316L stainless steel’s galling frequency [100]. However, 

characteristic galling load calculation in this method is determined by the material’s slip  

strength. Contact may occur between two austenitic grains but the role of any existing hard 

phase particle (e. g. carbides) is not explicitly recognised. It is well known that work hardening 

rate, phase transition and hard particles play significant roles in galling resistance of hard-

facing alloys. Some hard-facing alloys are found to have much higher galling resistance than 

the characteristic galling loads predicted by the characteristic galling load method; for 

example, Nitronic 60 has a galling stress of 137 MPa at room temperature while Tristelle 5183 

and RR2450 can resist 415 MPa normal pressure free from galling [2, 35, 36].Therefore, the 

characteristic galling load method is not appropriate for galling frequency prediction in hard-

facing alloys which contain substantial fractions of hard second-phase particles. 

5.3.2. Contact area study 

There are two simplifications in the contact area study, first is smoothing the actual rugged 

discrete asperities to continuous surfaces; second is using the processed representative 

surface profile to avoid the possible errors from the randomness of the experimentally 

measured surface profile.  
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In iron-base materials contact rigid flat surface models, materials with higher yield strength 

and higher work hardening rate are found requiring higher normal loads to obtain the same 

contact area as the other materials. For example, RR2450 sample needs ~70MPa normal load 

to reach the same contact area as the 316L under 14MPa normal load. However, the critical 

contact area method still can only qualitatively rank materials’ resistance to galling but 

remains unable to quantitively predict hard-facing alloy galling stress. 

Yield strength and work hardening rate are two important parameters to influence asperities’ 

deformation and contact area. Yield stress determines at which normal stress the asperities 

would be plastically deformed while work hardening rate determines asperity’s resistance to 

deformation. Stacking fault energy and phase transition theories in previous studies also 

support the hardening of the materials and is important for galling resistance [3, 4]. Tristelle 

5183 and RR2450’s high yield stresses and high work hardening rate contribute to their 

deformation-resistant behaviour and contact area reduction capability.  

As Figure 5-12 shows, hard phase particles play very important roles in reducing contact area. 

In these models, carbides cannot be plastically deformed and its high Young’s modulus 

resulted in the contact area reduction effect. This contact area reducing effect increases with 

carbide size while carbides in the surface have a more significant effect. An extreme example 

is shown in Figure 5-11 (a) and (h) and Figure 5-12, the pure carbide-rigid flat surface contact 

possessed three times higher critical normal load than the austenite-rigid flat surface model. 

This finding agrees with the experimental observation that coarse carbides provide better 

wear resistance because the large carbides directly contacting each other would reduce 

contact area, and wear occurs only when abrasive particles directly cut these coarse carbides 

[72]. 
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Carbide distribution is another factor that influences the contact area. GND density 

distribution is closely associated with these hard particles and leads to high work hardening 

around carbides.  Carbides in bulk material can affect the deformation of the matrix grains by 

increasing the GND density in the neighbourhood of the carbide particles and hence increase 

the resistance to slip. Carbide in the contact surface have a similar effect as carbide in the 

bulk but they have stronger contact area reduction capability since carbide is free from plastic 

deformation.  

Asperities contact is the common contact type in the real scenario of surface contact. This 

study suggests asperities’ relative position significantly influences contact area and possibly 

affect galling behaviour. 316L, Nitronic 60, Tristelle 5183 and RR2450 models were simulated 

with the same processed surface profile and the critical normal loads were obtained by using 

a critical contact area criterion. Two extreme cases of contact surface pairs, one for peak-

valley contact while the other one for peak-peak contact, were compared where the first pair 

would have much more contact area under the same normal load condition. Asperity 

interlock and material seizure are more probably to happen in the first situation. Although 

they are simplified conditions and rarely happen in natural contact cases, they still reveal that 

the relative position of the surface could influence surface contact condition and affect galling 

resistance. 

Neither characteristic galling load nor critical contact area methods properly take account of 

galling-driven plastic deformation, strain induced phase transformation nor high work 

hardening observed [18, 20, 21], so these two methods cannot fully determine hard-facing 

materials’ galling resistance. The study also reveals static contact evaluation is not sufficient 

to predict hard-facing alloys’ galling resistance and the study of the sliding process would 



 

131 
 

need to be included in an appropriate way to understand galling and hence improve a 

material’s galling resistance. Hence this is assessed in the next chapter. 

5.4.  Conclusion 

Characteristic galling load study was applied on four iron-base materials, it is proven 

applicable for predicting galling resistance of 316L stainless steel, but not sufficient to 

quantitatively evaluate galling resistance of the other three hard-facing alloys. A flaw in this 

method is the characteristic galling load 𝑙0  (normal stress when galling frequency = 63%) 

which is defined as the minimal applied normal load to cause yielding of the first asperity – 

i.e. the minimal load causes local effective plastic strain over 0.002. The characteristic galling 

load 𝑙0 is too low for many hard-facing alloys whose galling thresholds are a few hundred MPa. 

Contact area study was carried out among the four materials in different CPFE models. Matrix 

phases, hard phase contents and relative position of contact surfaces are proven to 

significantly influence the contact area. Matrix phase with high yield strength and high work 

hardening rate tend to result in less contact area. Carbide with large size and distributes in 

the contact surface can effectively reduce the contact area. Relative positions of the asperities 

affect contact area and will probably affect the galling frequency of materials.  
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Chapter VI 

Carbide decohesion in sliding study 

In the previous chapter, characteristic galling normal load 𝑙0 and critical contact area 𝐴𝑐 are 

compared among four iron-base alloys. Hard-facing alloys are proven to have better 

performances in these tests but the results cannot quantitively evaluate their galling 

resistance. Hard particles are recognised as the main feature for the high performance in 

galling resistance.  

Hard phases such as carbides and silicides work as essential components in iron-base and 

cobalt-base hard-facing alloys in their deformations. However, carbides are occasionally seen 

to fracture and decohesion due to their hardness and brittleness [74-76]. Carbide decohesion 

results in much severer damage because the detached particles, usually having large size, 

work as abradants between contacting surfaces [77, 78].  

In this chapter, CPFE cohesive zone models are developed in which carbides are cohesively 

connected to the matrix to study carbide decohesion phenomena. These models investigate 

and compare carbide size, matrix type and the influence of the contact mode on the carbide 

decohesion behaviour.   

6.1.  Simulation methods 

Cohesive zone models are widely used in studying metal-carbide interface problems [157]. 

Tristelle 5183 and RR2450 CPFE cohesive zone models were built to study the carbide 

decohesion behaviour. The same CPFE parameters as have been used in previous chapters 
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were used in these models, and the carbides are connected to matrix grains by cohesive 

surface to simulate surface interactions.  

In the cohesive zone CPFE models, an infinitely thin layer of spring-like cohesive zone 

elements were introduced at the carbide-matrix interfaces to analyse the interfacial failure 

[194] and the cohesive zone separation follows a specific traction-separation relation [157]. 

In this study, normal/shear cohesive stress ( 𝜎 / 𝜏 ) increases linearly with normal/shear 

separation (𝛿𝑛/𝛿𝑡 ) [158]. The maximum value of 𝜎/𝜏 is recorded as 𝜎𝑚𝑎𝑥 /𝜏𝑚𝑎𝑥  while the 

corresponding separation is 𝛿𝑛𝑚𝑎𝑥/𝛿𝑡𝑚𝑎𝑥  [158].  

 

Figure 6-1. Cohesive stress degradation process: (a) Normal stress degradation; (b) 

shear stress degradation [158]. 

Cohesive stress degradation is the main form of failure process in the cohesive zone model 

[195]. As Figure 6-1 shows, the cohesive stresses increase following the solid arrow lines until 

they reach the maximum values 𝜎𝑚𝑎𝑥/𝜏𝑚𝑎𝑥. Cohesive stress degradation occurs when 𝛿𝑛/𝛿𝑡 

exceeds characteristic separation value 𝛿𝑛𝑚𝑎𝑥/𝛿𝑡𝑚𝑎𝑥  [158]. As a result, the maximum 

cohesive normal/shear stress would decrease linearly with the separation (i.e. a degraded 

maximum cohesive stress 𝜎′𝑚𝑎𝑥/𝜏′𝑚𝑎𝑥) until reaching the separation limits, i.e. the limits of 

normal and shear separation are 𝛿𝑛𝑒𝑛𝑑  and 𝛿𝑡𝑒𝑛𝑑 . The dashed arrow lines illustrate the 

unloading process after stress degradation. Cohesive zone fails when one of the cohesive 
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normal and shear stresses reaches zero. In this study, compressive normal stress is considered 

not affecting cohesive degradation.  

Needleman et al. [74] took 𝛿𝑛𝑚𝑎𝑥  as a constant with a range of 10−2 − 10−3µm and the 

maximum normal cohesive stress between the carbide and the matrix phase in steel is 

~1000MPa [196]. Therefore, 𝛿𝑛𝑚𝑎𝑥  is taken as 0.005µm and 𝜎𝑚𝑎𝑥  is 1000MPa for RR2450 

hard-facing alloy. The normal cohesive stress increasing with a gradient of 200GPa/µm. As the 

calibration results show in the previous chapters, the Young’s modulus and the shear modulus 

of the matrix phases are 200GPa and 77GPa respectively. Correspondingly, the shear cohesive 

stress gradient in this cohesive zone model is taken as 77GPa/µm. Shear strength is commonly 

~60% of the tensile strength [197], so 𝜏𝑚𝑎𝑥 was chosen as 0.6𝜎𝑚𝑎𝑥  (600MPa) and 𝛿𝑡𝑚𝑎𝑥 was 

determined as 0.0078µm. The cohesive stress starts to degrade after the separation distance 

reaches 𝛿𝑛𝑚𝑎𝑥/𝛿𝑡𝑚𝑎𝑥  and the degradation separation limit was set as 0.01µm for both modes. 

Therefore, in this case 𝛿𝑛𝑒𝑛𝑑 is 0.015µm and 𝛿𝑡𝑒𝑛𝑑 is 0.0178µm.  

In the actual carbide decohesion case, both normal and shear separation may occur at 

carbide-matrix interfaces. The Hashin-Rotem failure criterion showing in Equation (6-1) was 

deduced to measure the stress degradation initiation under the influence of the actual stress 

state [198-200].  

(
𝜎

𝜎𝑚𝑎𝑥
)

2

+ (
𝜏

𝜏𝑚𝑎𝑥
)

2

= 1     (6-1) 

where σ𝑚𝑎𝑥  and τ𝑚𝑎𝑥  are the initial maximum cohesive normal and shear stresses. The 

cohesive stress degradation initiation criterion is shown in Figure 6-2. 
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Figure 6-2. Cohesive stress degradation initiation criterion [198]. 

As Figure 6-2 shows, in the cohesive stress degradation initiation criterion, shear stress and 

tensile normal stress contribute to the cohesive stress degradation. Both the normal and the 

shear cohesive stress start to degrade when meeting the criterion [198]. The total mixed-

mode relative separation normal 𝛿 is defined as Equation (6-2) by considering both normal 

and shear separations [199]. 

𝛿′ = √𝛿𝑛
′ 2 + 𝛿𝑡

′2
      (6-2) 

where 𝛿′  is the effective degradation separation. 𝛿𝑛
′  and 𝛿𝑡

′  are the follow-up normal and 

shear separation after the cohesive stress degradation initiation [199]. Complete decohesion 

occurs when 𝛿′ reaches the degradation separation limit (0.01µm in this case) [157].  

Decohesion crack length is a key parameter to evaluate the degree of decohesion [201, 202]. 

A normalised carbide decohesion damage is used to measure the decohesion process and is 

defined as 

𝐷 =
𝑠𝑑

𝑆⁄       (6-3) 
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where 𝑆 is the initial cohesive zone area between the carbide and the matrix and 𝑠𝑑 is the 

total carbide decohesion area. In carbide decohesion process, the damage value increases 

from 0 (no decohesion) to 1 (complete decohesion).  

6.2.  Models and results 

In this study, a validation model was built and compared with experimental results to validate 

the cohesive zone parameters. Another set of single asperity contact models were used to 

simulate carbide decohesion in contact-slide experiments. 

6.2.1. Validation of the carbide decohesion parameters and simulation results 

An example of carbide decohesion was selected in RR2450 fracture surface to examine the 

accuracy of the cohesive zone model parameters. Carbide decohesion and model details are 

shown in Figure 6-3. 

 

Figure 6-3.  Carbide decohesion in RR2450 and corresponding simplified CPFE model. 

(a) planned loading cycle for RR2450 three-point bending test, sample fractured at 

980MPa; (b) the detached carbide with a diameter of ~75µm in RR2450 fracture 

surface; (c) carbide CPFE decohesion model: a 75µm carbide (in blue) cohesively 

connected with the austenite matrix (in red) [203]. 

As Figure 6-3(a) shows, a RR2450 three-point bending sample was loaded until fracture under 

980MPa flexural tensile stress. In Figure 6-3(b), carbide decohesion was found in the sample 

and this carbide locates near the bottom surface of the sample and has a smooth surface. A 

CPFE cohesive model was built based on this case and is shown in Figure 6-3(c). The model’s 
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dimension is 150*150*3µm and (1 0 0) orientation was assigned to the austenite and carbide. 

Model’s left surface was horizontally fixed while the right surface was applied with an 

increasing normal load up to 980MPa. 

In this RR2450 carbide decohesion model shown in Figure 6-4(a), a maximum normal stress 

of 980MPa was used to simulate the cohesive stress degradation process. Plastic strain and 

GND density distributions are also included in result graph Figure 6-4. 

 

Figure 6-4. Carbide decohesion simulation in RR2450. (a) CPFE model setup; (b) 

cohesive stress degradation after carbide decohesion; (c) effective plastic strain 

distribution after carbide decohesion; (d) GND density distribution after carbide 

decohesion. 

Comparing the experiment result (Figure 6-3(a)) and simulation result (Figure 6-4(b)), the 

cohesive zone model successfully predicted carbide decohesion in RR2450 sample. As Figure 
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6-4(b) shows, complete carbide decohesion (presented as red colour) occurred at the left and 

right-hand side of the carbide-matrix interface and over 60% of its perimeter detached from 

the austenitic matrix. The locations of decohesion initiation are labelled by red arrows in 

Figure 6-4(b). Carbide decohesion propagated along the interface and finally discontinued at 

the top and bottom regions of the carbide (presented as deep blue colour in Figure 6-4(b)).  

The plastic strain and GND density distributions reveal that the matrix phase neighbouring 

the carbide was severely deformed during the decohesion process. An important 

phenomenon is that the regions above and below the carbide are hardly plastically deformed 

and these regions also have the lowest magnitude of GND density. Low plastic strain at these 

regions probably prevented carbide decohesion propagation. 

6.2.2. Tristelle 5183 and RR2450 contact-slide models 

The normal loading pressure, carbide size, contact type (matrix-carbide contact and carbide-

carbide contact) and matrix phase mechanical properties are potential factors to influence 

carbide decohesion. Single-asperity contact-slide models presented in Figure 6-5 were used 

to analyse the carbide decohesion process. These models have the same geometry and 

boundary conditions and all models were built base on microstructure and mechanical 

properties of RR2450. 
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Figure 6-5. Contact-slide models with embedded carbides (carbide size: 1µm, 2 µm, 

3µm) for carbide decohesion study. Black arrows represent movement directions of 

the upper parts. (a)-(c) upper austenite asperities contact lower austenite grains with 

different sizes embedded carbides; (d)-(f) upper carbide asperities contact lower 

austenite grains with different sizes embedded carbides. 

Artificial carbides with increasing sizes were embedded in the lower contact surfaces. These 

carbides were cohesively connected to the matrix phases. Carbide decohesion may be 

expected to occur during the loading and sliding process. The lower part of these models is 

fixed in all directions while the upper part can move in x and y directions. There are three 

stages in contact-slide process: firstly, normal load is gradually applied on the top surface of 

the upper part to a predefined value; secondly, the upper part slides horizontally to the left 
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for 5µm and finally, the normal stress is unloaded. Decohesion crack length and normalised 

carbide decohesion damage were recorded after the unloading steps. As Figure 6-5(a)-(c) 

show, upper austenite grains contact lower austenite grains and carbides. In models shown 

in Figure 6-5(d)-(f), upper carbides contact lower austenite grains and carbides for 

investigating the carbide decohesion behaviour under different contact modes.  

In addition to the RR2450 models, another group of Tristelle 5183 models were set up to study 

the influence of a different matrix phase. Microstructure from RR2450 model was retained to 

avoid possible ambiguity from grain boundaries and textures on simulation results. 

Mechanical properties of the austenite and ferrite phases in Tristelle 5183 were assigned to 

the original RR2450 models then their carbide decohesion results were compared with the 

RR2450 models. As previous chapters’ calibration results show, these two alloys share very 

similar properties except that RR2450 has a higher critical resolved shear stress (𝜏𝑐 ) of 

300MPa compared to Tristelle 5183 whose 𝜏𝑐 is 200MPa. Parameters in this simulation study 

are shown in Table 6-1. 

Friction coefficient 0.1 

Artificial carbide sizes (µm) 1, 2, 3 

Normal loading Pressures (MPa) 300, 350, 400, 450 (RR2450) 

250, 300, 350, 400 (matrix phase from Tristelle 5183) 

Loading time (s) 1 

Sliding time (s) 0.001 

Sliding length (µm) 5 

Table 6-1. Contact-slide models parameters for carbide decohesion study. 

As Table 6-1 shows, a small friction coefficient was used in these models. Three carbide sizes 

and four normal loading pressures were selected in the simulation. As previous study 

described, RR2450 has better galling resistance than Tristelle 5183 [91], so the highest load 
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for RR2450 was 50MPa higher than that for Tristelle 5183. The normal loading and sliding 

times were chosen following the experiment instruction of ASTM standard [31]. Decohesion 

crack length and normalised carbide decohesion damage were recorded after the unloading 

step. 

6.2.2.1. Simulation results of Tristelle 5183 contact-slide models 

A Tristelle 5183 contact-slide model was selected to show its strain distribution and carbide 

decohesion progress. The upper asperity is austenitic while the lower asperity consists of an 

austenite grain and a 3µm artificial carbide. The normal loading pressure is 350MPa and 

sliding distance is 5µm. Figure 6-6 shows the plastic strain distribution in this sample during 

the slide process. 

 

Figure 6-6. Plastic strain development during the slide process in a Tristelle 5183 

contact model.  The artificial carbide is shown in dark grey and the size is 3µm. The 

applied normal pressure was 350MPa. (a)-(c) xx plastic strain; (d)-(f) yy plastic strain. 
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As Figure 6-6(a) and (d) show, at the beginning of slide, the artificial carbide (in grey) was 

pushed down to the bottom part like an indenter, therefore compressive yy plastic strain and 

tensile xx plastic strain distributed around bottom of the carbide. During the slide process, 

the upper austenitic asperity started to contact the lower austenite grain. High plastic strain 

developed in the lower austenite grain but the carbide is not plastically deformed. This 

deformation discontinuity resulted in shear and normal separations between the lower 

carbide and the austenite grain. Carbide decohesion occurred when the separations exceed 

the degradation separation limit. Cohesive stress degradation in this model was shown in 

Figure 6-7. 

 

Figure 6-7. Cohesive stress degradation at different stages in Tristelle 5183 austenite-

carbide contact model under 350MPa normal pressure. The artificial carbide is shown 

in dark grey colour and the size was 3µm. (a) loading completed; (b) and (c) during 

sliding process; (d) end of sliding; (e) unloading completed. 

As Figure 6-7(a) shows, 350 MPa normal load did not cause cohesive stress degradation in 

pure loading stage. Stress degradation initiated when the sliding started. Both the magnitude 

and length of the stress degraded region increased during the sliding process. The carbide’s 
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left side was completely detached to the matrix after the contact-slide test. Contact area 

reduced when the upper asperity peak contacted the lower asperity peak, which resulted in 

local stress concentration. The local stress concentration leads to high plastic deformation in 

the austenite grain but left the carbide undeformed. Plastic deformation discontinuity 

between the matrix grain and the carbide caused high shear separation and cohesive stress 

degradation.  

6.2.2.2. Simulation results of RR2450 contact-slide models 

Carbide size, normal load and contact mode’s influences on carbide decohesion are compared 

in RR2450 single asperity contact models. Plastic strain distributions in RR2450 models are 

shown in Figure 6-8 and Figure 6-9. 

 

Figure 6-8. yy plastic strain distribution before and after sliding in RR2450 contact-

slide models with different microstructures and loads. The artificial carbide is labelled 

in grey colour. (a)-(c) austenite-carbide contact models with increasing carbide sizes 

under 350MPa normal pressure; (d) austenite -carbide contact model with 3µm 

carbide under 400MPa normal pressure; (e) carbide-carbide contact model with 3µm 

carbide under 350MPa normal load pressure. 

Models shown in Figure 6-8(a)-(c) compared carbide size influence on the yy plastic strain 

distribution under 350MPa normal pressure. After the sliding process, the lower austenite 
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grains accumulated higher compressive yy plastic strain with increasing carbide size. High 

compressive plastic strain distributed evenly around the 1µm carbide and the plastic strain 

concentrated at the left side of the 3µm carbide. Meanwhile, the plastic strain distributions 

in the upper austenite grains were generally not affected by the carbide size. The increasing 

magnitudes of compressive plastic strain around the carbide caused higher shear separation 

between the lower austenite grain and the carbide and raised the risk of carbide decohesion. 

Model shown in Figure 6-8(d) had an applied normal pressure of 400MPa. Before sliding start, 

higher plastic strain was generated at the bottom of the carbide. Both upper and lower 

austenite grains accumulated higher plastic strain after sliding process. As Figure 6-8(e) shows, 

the upper austenitic grain was replaced by a carbide to generate a carbide-carbide contact 

model. Although the applied normal load was set as 350MPa, the strain distribution in the 

lower austenite grain is quite similar to the result in Figure 6-8(d). This phenomenon indicated 

carbide-carbide contact mode would cause higher plastic deformation than austenite-carbide 

contact mode. The xx plastic strain distributions for the same RR2450 models were shown in 

Figure 6-9 and models were presented in the same order as in Figure 6-8. 

 

Figure 6-9. xx plastic strain distribution before and after sliding in RR2450 contact-

slide models with different microstructures and loads. The artificial carbide is labelled 

in grey. (a)-(c) austenite-carbide contact models with increasing carbide sizes under 
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350MPa normal pressure; (d) austenite -carbide contact model with a 3µm carbide 

under 400MPa normal pressure; (e) carbide-carbide contact model with a 3µm 

carbide under 350MPa normal load pressure. 

The xx plastic strain distributions before and after sliding process in RR2450 models are 

presented in Figure 6-9.  As Figure 6-9(a)-(c) show, after sliding process, tensile xx plastic strain 

increased with carbide size. In Figure 6-9(c), tensile xx plastic strain distributed 

heterogeneously in the lower austenite grain: strain near the contact surface was much 

higher than the deeper locations. This strain heterogeneity pushed the carbide’s top left 

corner which caused separation between the austenite grain and bottom part of the carbide.  

Figure 6-9(d) and (e) have similar tensile xx plastic strain distributions. Both higher normal 

loading pressure and carbide-carbide contact mode raised plastic strain magnitude. The strain 

heterogeneity was also higher in these two models. The separation between the austenite 

grain and the bottom part of the carbide were therefore higher in these two models. 

The stress degradation results of these RR2450 models are presented in Figure 6-10. 
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Figure 6-10. Cohesive stress degradation results in RR2450 austenite-carbide contact 

models after contact-slide tests. The artificial carbide is labelled in grey colour. (a)-(c) 

austenite-carbide contact models with increasing carbide sizes under 350MPa normal 

pressure; (d) austenite -carbide contact model with 3µm carbide under 400MPa 

normal pressure; (e) carbide-carbide contact model with 3µm carbide under 350MPa 

normal load pressure. 

As Figure 6-10(a)-(c) show, carbide decohesion length increased with the carbide size after 

sliding step. The 1µm carbide model had no decohesion after the contact-slide test. However, 

the left side of the 3µm carbide was completely detached from the austenite grain after the 
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sliding step. In Figure 6-10(d) and (e), 400MPa normal pressure and upper carbide asperity 

resulted in similarly severe carbide decohesion after the loading step. The lower carbide in 

both models had complete carbides decohesion after the sliding step.  

Carbide decohesion is significantly linked with plastic strain distribution. In models shown in 

Figure 6-10(b) and (c), carbide decohesion occurred in regions with high plastic deformation. 

Meanwhile, carbide decohesion occurred in regions with high plastic deformation and 

propagated to the entire interface in Figure 6-10(d) and (e). 

GND distributions in the five RR2450 contact-slide models are shown in Figure 6-11(b)-(f). As 

a comparison, GND density in a Tristelle 5183 contact-slide model was presented in Figure 

6-11(a). this Tristelle 5183 model contains a 3µm artificial carbide and the normal loading 

pressure is 350MPa. 
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Figure 6-11. GND density distribution in different models after the contact-slide test. 

The artificial carbide is shown in dark grey colour (a) Tristelle 5183 austenite-carbide 

contact model with a 3µm carbide under 350MPa normal pressure; (b)-(d) RR2450 

austenite-carbide contact model with different carbide sizes (1µm, 2µm, 3µm) under 

350MPa normal pressure; (e) RR2450 austenite-carbide contact model with a 3µm 

carbide under 400MPa normal pressure; (e) RR2450 carbide-carbide contact model 

with a 3µm carbide under 350MPa normal pressure. 

GND density distributions in Figure 6-11 revealed work hardening in Tristelle 5183 and 

RR2450 models after the contact-slide test. Comparing Figure 6-11(a) and (d), it is easy to see 

that Tristelle 5183 had higher magnitude of GND density and its penetration depth was also 

deeper than RR2450 when the microstructure and loading pressure were the same. For 

RR2450 models, as carbide size increased (shown in Figure 6-11(b)-(d)), high GND density 

distribution changed from evenly distributed around the carbide to heterogeneously 

distributed at the left side of the carbide. Both Figure 6-11(e) and (f) show higher GND density 
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in the lower austenite grain but Figure 6-11(f) has higher GND density near the contact surface. 

This phenomenon indicated the upper carbide resulted in higher plastic deformation on the 

lower surface. 

6.2.3. Carbide decohesion length in RR2450 and Tristelle 5183 contact-slide 

models 

As can be seen from Table 6-1, the Tristelle 5183 and RR2450 samples were applied with 

different normal pressures in the contact-slide tests. The carbide decohesion length was 

recorded then the normalised carbide decohesion damage 𝐷  were calculated based on 

Equation (3) and presented in Figure 6-12 and Figure 6-13. 

 

Figure 6-12. Crack length and normalised damage of carbide decohesion in Tristelle 

5183 contact-slide models with different normal loads and contact modes. (a) and (c) 

austenite-carbide contact mode models; (b) and (d) carbide-carbide contact mode 

models. 
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The normal pressure range of Tristelle 5183 contact-slide models is 250-400MPa. In austenite-

carbide contact mode models, higher normal pressures resulted in longer decohesion length, 

and complete carbide decohesion was observed under normal stress higher than 400MPa. 

Higher normalised decohesion damage was found in models with large carbides (3µm) while 

small carbide (1µm) models were free from decohesion damage even under 400MPa normal 

pressure.  

Contact mode acted as an important role in carbide decohesion test. Complete carbide 

decohesion occurred in 3µm carbide-carbide contact models under 350MPa normal pressure, 

which is 50MPa less than the austenite-carbide models. Cohesive stress degradation under 

400MPa normal pressure was also found in carbide-carbide contact model with 1µm carbide. 

 

Figure 6-13. Crack length and normalised damage of carbide decohesion in RR2450 

contact-slide models with different normal loads and contact modes. (a) and (c) 

austenite-carbide contact mode models; (b) and (d) carbide-carbide contact mode 

models. 
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Because RR2450 has better galling resistance than Tristelle 5183 [91], RR2450 models were 

tested with higher normal stresses with a range of 300-450MPa. In RR2450 austenite-carbide 

contact models, complete carbide decohesion were found in models with 3µm carbide under 

400MPa and higher normal pressures. Generally, normalised carbide decohesion damage in 

RR2450 models is slightly lower than the Tristelle 5183 models when the carbide size and 

normal pressure are the same. For example, in the 3µm carbide austenite-carbide contact 

mode models under 300MPa normal pressure, RR2450 model’s normalised damage value was 

~0.1 while Tristelle 5183’s was ~0.2.  

Carbide-carbide contact mode caused more severe damage than austenite-carbide contact 

mode. However, models with 1 µm carbide show excellent carbide decohesion resistance: no 

decohesion was observed in austenite-carbide contact models. Under the same normal 

loading condition, RR2450’s normalised damage is always lower than that of Tristlle 5183. 

6.3.  Discussion 

Carbide decohesion is a common phenomenon in hard-facing alloys as a negative factor to 

the wear resistance. Fully detached carbides work as abradants between contact surfaces, 

resulting in large surface damage such as large scratches. Carbide decohesion significantly 

increases surface roughness, produces surface defects and introduces abradants is suggested 

as an important inducement of galling initiation. The holes left by carbide decohesion increase 

the risk of surface damage like matrix grain fracture and ploughing.  

Carbide boundary region was magnified to demonstrate the carbide decohesion process. Two 

instances were selected in the Tristelle 5183 contact-slide model: the first is in sliding process, 

upper austenite grain contacted both lower austenite grain and carbide (shown in Figure 
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6-14); the second is after unloading step (shown in Figure 6-15). The applied normal pressure 

in this model was 350MPa and the artificial carbide size is 3µm. 

 

Figure 6-14. Magnified contact region in Trsitelle 5183 model when upper austenite 

grain contacted both lower austenite grain and carbide. 

In Figure 6-14, high local normal pressure was mainly applied on the carbide, resulted in the 

carbide shift and shear separation between the lower carbide and the austenite grain. As 

Figure 6-6(e) shows, the plastic deformation of the austenite grain beneath the carbide is the 

main reason for the carbide shift.  

 

Figure 6-15. Magnified contact region in Trsitelle 5183 model when unloading step 

completed. 
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Because the carbide is plastically non-deformable, it recovers to its original shape after 

decohesion from the left-hand side of the interface (after the upper asperity had moved out 

of the contact zone). As Figure 6-15 presented, after the unloading step the lower austenite 

grain was plastically deformed in compression but the carbide kept its original shape. This 

deformation incompatibility led to distinct surface topography as can be seen in Figure 15.  

Magee et al. [204] found a significant decrease of galling resistance in hard-facing alloys 

during a multi-revolution reverse direction button-on-block galling test. This reverse-direction 

slide is a typical movement in valve components. The partial carbide decohesion is a potential 

reason for this phenomenon: the first few revolutions lead to partial carbide decohesion then 

the raised carbide edge would interact with other asperities when the testing direction was 

reversed. The contact between the raised carbide edge and other asperities would cause 

scratches, ploughing and complete carbide decohesion.  

The cohesive zone models simulated normal and shear separation between carbides and 

matrix grains. As previous results show, plastic deformation of matrix grains directly resulted 

in the separation of the cohesive zone. The carbide/austenite boundary near the contact 

surface is almost perpendicular to the sliding direction and a horizontal path crossing the 

boundary was selected for stress distribution analysis in a Tristelle 5183 model. The path and 

stress distribution are shown in Figure 6-16.  
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Figure 6-16. xx stress distribution along the red path at different sliding positions. The 

applied normal pressure was 350MPa, the artificial carbide is 3µm and shown in dark 

grey colour. (a) at the beginning of sliding; (b) at the end of sliding. 

As Figure 6-16(a) shows, the upper austenite grain mainly contacted the lower carbide and a 

small part of the lower austenite grain. Compressive xx stress was found at the carbide 

boundary so normal cohesive zone separation was inhibited. In Figure 6-16(b), contact 

occurred between the upper and the lower austenite grains. The left side of the carbide was 

still cohesively connected with the austenite grain (shown in Figure 6-7(d)) and a tensile xx 

stress was observed at the carbide boundary due to the cohesive zone separation. The 

~980µN friction applied on a local contact area of ~0.39µm2 and pushed the lower austenite 

grain towards the left. Local friction is also an important factor to cause tensile xx stress at 

carbide boundary and result in cohesive zone separation. 

Carbide-carbide contact mode has increased the risk of carbide decohesion. The shape of the 

upper carbide asperity was hardly changed which caused stress concentration and severe 

surface profile change on the lower asperity. Normalised decohesion damage diagrams for 
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RR2450 and Tristelle 5183 with different artificial carbide sizes are presented in Figure 6-17 

and Figure 6-18 to compare the influence of different matrix phases on carbide decohesion. 

 

Figure 6-17. Normalised carbide decohesion damage in RR2450 and Tristelle 5183 

with 2µm artificial carbide. 

Carbide size has a significant influence on the decohesion behaviour. As can be seen from 

Figure 6-12 and Figure 6-13, no complete carbide decohesion was observed in all models with 

1µm artificial carbide, even under 450MPa normal pressure. The 3µm carbide models have 

the lowest carbide decohesion resistance among the three carbide sizes. The normalised 

carbide decohesion damage for the models with 2µm artificial carbide was presented in 

Figure 6-17. RR2450 had lower normalised damage values than Tristelle 5183 in both 

austenite-carbide and carbide-carbide contact modes.  
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Figure 6-18. Normalised carbide decohesion damage in RR2450 and Tristelle 5183 

with 3µm artificial carbide. 

Similar to Figure 6-17, RR2450 had lower normalised damage values than Tristelle 5183 in 

almost all models. These results proved a harder matrix reduce the possibility of carbide 

decohesion. Matrix phases in RR2450 have higher critical resolved shear stress and higher 

work hardening rate than Trsitelle 5183. In contact-slide tests, matrix phases in RR2450 can 

endure the same normal pressure with lower magnitudes of plastic deformation so RR2450 

has better resistance to carbide decohesion.  

6.4.  Conclusion  

Carbide decohesion has hazardous effects on contact surfaces and potentially affects 

adversely the hard-facing alloys’ galling resistance. CPFE cohesive zone models were built to 

simulate the asperities contact-slide process. Key findings are listed below: 

(1) Cohesive zone model successfully simulated a carbide decohesion case in RR2450 three-

point bending test. 
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(2) Plastic deformation in matrix grains neighbouring carbides directly causes cohesive zone 

separation thus it is a key factor to influence carbide decohesion. Local friction also influences 

cohesive zone separation. 

(3) Larger carbides increase the propensity for carbide decohesion under the same loading 

conditions. Carbide-carbide contact mode has strong stress concentration effect which causes 

severe plastic deformation in the matrix grains neighbouring the carbides and therefore 

increases the risk of carbide decohesion. 

(4) Matrix phases with higher CRSS have better carbide decohesion resistance. Both partial 

and complete carbide decohesion can reduce material’s galling resistance.  
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Chapter VII 

Conclusions and future work 

HR-EBSD and HR-DIC quantitative characterisation were utilised for three iron-based (Nitronic 

60, Tristelle 5183 and RR2450) and a cobalt-based (Stellite 6) hard-facing alloys undergoing 

bending loading. GND densities increase significantly in the alloys (except for RR2450) during 

bend testing notably at grain/twin boundaries and around carbides and are generally higher 

at these microstructural features than within the bulk of the grains. The increase of GND 

density is argued to contribute to the work hardening rates observed. Twinning and cross 

hardening are important strengthening mechanisms in Nitronic 60 (in the absence of carbide 

content). In the other alloys, carbides (and silicides in the RR2450) play a significant role in 

generating higher GND densities and hardening. The fraction, size and distribution of the 

carbides are important for influencing slip activation, GND density and hardening and hence, 

it is argued, the resulting galling resistances. In particular, the uniform distribution of fine 

carbides in the Stellite 6 at grain boundaries and intra-granularly generates more diffuse and 

homogeneous straining and work hardening (due to distributed GND content) which may be 

responsible for its excellent galling resistance. RR2450 was found to be very brittle with little 

to no plastic deformation observed in the bend testing. Large carbides/silicides with high area 

fraction (as observed in the RR2450 alloy) may fracture or fail by decohesion, resulting in the 

brittle behaviour observed. The detachment of large carbides may be highly deleterious to 

galling resistance.  

CPFE RVE models were created based on experimentally characterised microstructures of 

three iron-base hard-facing alloys. Their stress-strain behaviours were calibrated and the 
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results from CPFE models were compared with experimental results. Carbides are found 

significantly reduce material’s ductility and causes stress concentration. Slip activations were 

commonly found related with carbide presence and plastic strain accumulated around some 

carbides. Higher GND density commonly occurs at grain/phase boundaries, around 

intragranular carbides and in bulk regions of some heavily deformed grains. Carbide shape 

and size significantly influence stress distribution in carbide and grains around it, carbides 

with elongated shape ha high propensity of carbide fracture while carbide decohesion are 

more likely to occur at boundaries between large carbides and matrix grains. 

Characteristic galling load method and critical contact area criteria were proven not sufficient 

to quantitatively evaluate galling resistance of three iron-base hard-facing alloys. Matrix 

phase with high yield strength and high work hardening rate tend to result in less contact area. 

Coarse carbide, especially those distribute in the contact surface, effectively reduce the 

contact area. Relative positions of the asperities affect contact area and will probably affect 

the galling frequency of materials.  

Coarse carbides have better wear resistance but also suffer more from the carbide 

decohesion. CPFE cohesive zone models were built to simulate the asperities contact-slide 

process and successfully simulated a carbide decohesion case in RR2450. Plastic deformation 

in matrix grains and local friction cause cohesive zone separation and carbide decohesion. 

Matrix phases with higher CRSS have better resistance to carbide decohesion. Coarse carbides 

increase the propensity for carbide decohesion under the same loading conditions. Carbide-

carbide contact mode has strong stress concentration effect which causes severe plastic 

deformation in the matrix grains and increases the risk of carbide decohesion. Hard-facing 

alloy with a fine-grain, high CRSS and high work hardening rate matrix together with large 
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proportion of homogeneously distributed fine carbides is expected to have excellent 

resistance to both carbide decohesion and galling. 

7.1.  Future work 

Carbide decohesion simulation was carried out on two iron-base hard-facing alloys for 

examining their resistance to decohesion and galling. Experimental observation is helpful for 

understanding relationship between galling and carbide decohesion in these hard-facing 

alloys so experiment could be designed to observe carbide decohesion and galling 

phenomena. 

In the rough surface contact process, friction heat and local temperature change potentially 

influence local deformation, cause seizure and carbide decohesion [56, 106, 205]. Therefore, 

heat generation simulation is to carry out on the rough surface contact-slide model. Since the 

iron-base hard-facing alloys are designed for nuclear application, their galling resistance at 

elevated temperature would be evaluated in the decohesion models. 

In the single asperity decohesion simulation, plastic deformation in the matrix significantly 

affects the decohesion resistance so the influence of microstructural orientation on 

decohesion would be analysed. Carbide relative position in the contact surface may influence 

its decohesion behaviour while the carbide fracture also occurs in rough surfaces contact 

process [190, 206]. These two factors would be analysed in the future simulation work. On 

the basis of single asperity contact decohesion models and experimental results, models with 

longer length, multi asperities and experimentally measured surface profile would be built for 

simulating decohesion under the actual surface contact condition.  
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Appendix 

A. Slip system in FCC material 

The austenite and -cobalt matrix among the four hard-facing materials are often the most 

important in terms of slip localization. As a consequence, it is useful to detail the slip system 

of these FCC phases as presented in Figure 2-14; slip plane normals and directions are detailed 

in Table 0-1. As indicated in Table 0-1, austenite and -cobalt have 12 slip systems which may 

be activated according to Schmid rule.  

 

Figure 0-1. Slip systems for FCC phases. 

Slip System Slip Plane Normal Slip Direction 

1 (1,1,1) [1,-1,0] 

2 (1,1,1) [0,1,-1] 

3 (1,1,1) [1,0,-1] 

4 (-1,1,1) [1,1,0] 

5 (-1,1,1) [0,1,-1] 

6 (-1,1,1) [1,0,1] 

7 (1,-1,1) [1,1,0] 

8 (1,-1,1) [0,1,1] 

9 (1,-1,1) [1,0,-1] 

10 (1,1,-1) [1,-1,0] 

11 (1,1,-1) [0,1,1] 

12 (1,1,-1) [1,0,1] 

Table 0-1. Slip plane normals and directions for FCC phases.  
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B. Loading history of each sample. 

Deformation behaviours in hard-facing alloys was analysed by three-point bending test and 

the loading curves of normalised applied force against displacement are shown in Figure 0-2. 

 

Figure 0-2. Bend testing loading history of each sample, force and displacement of the 

sample were recorded by Zwick tensile test machine. (a) Nitronic 60 A sample; (b) 

Nitronic 60 B sample; (c) Tristelle5183; (d) RR2450; (e) Stellite 6. 


