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Abstract 

Layered metal chalcogenides include several classes of inorganic solids characterised by 

weak van der Waals bonding between the two-dimensional structural blocks. Bulk counterparts 

of layered transition metal dichalcogenides have been extensively investigated for decades for 

applications in catalysis and energy storage, whereas bulk pnictogen chalcogenides have 

attracted a significant attention due to their excellent thermoelectric properties. Following the 

successful isolation of graphene, the exploration of two-dimensional materials derived from 

bulk crystals has begun. Compared to graphene, atomically-thin sheets of layered metal 

chalcogenides offer a variety of disparate electronic structures, ranging from semiconductors 

and semimetals to topological insulators, owing to the diverse compositions and lattice 

symmetry of individual layers. 

In order to implement the isolated layers of metal chalcogenides in novel nanoelectronics 

and miniaturised electrochemical devices, methods to produce two-dimensional nanosheets 

with high yield and in a controllable manner need to be developed. Colloidal synthesis holds a 

great promise for a large-scale preparation of dispersions of atomically-thin metal chalcogenide 

nanosheets for applications not requiring high structural perfection of the material, such as 

catalysis. Furthermore, wet chemical synthesis is a particularly powerful approach to obtain 

the material with desired morphology, crystal phase, and composition via the accurate tailoring 

of the precursors’ reactivity. However, a controllable colloidal synthesis of metal chalcogenide 

nanosheets is still at a very early stage. 

In this work, we design a colloidal synthesis of atomically-thin layered metal 

chalcogenide (MoSe2, MoTe2, Bi2Te3, WSe2) nanoflowers from molecular precursors. We 

systematically investigate the effect of synthesis parameters, such as type and stoichiometry of 

metal precursor, coordinating solvent and growth temperature, on the morphology (MoSe2) and 

lateral termination (Bi2Te3) of the colloidal branched nanosheets. We demonstrate how by 

optimising the precursor reactivity, the formation of chemically-unstable MoTe2 and direct 

growth of the metastable WSe2 polymorph can be achieved. The designed synthesis strategy 

was successfully modified to obtain doped material (Fe- and Cu-doped WSe2) and ternary 

compositions (WxMo1-xSe2), preserving the edge-rich morphology of colloidal nanoflowers. 

The colloidal nanoflowers were tested as a catalyst material for the hydrogen evolution 

reaction. Furthermore, potential improvement of the catalytic activity due to the composition 

variation and crystal phase engineering was examined.  
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Motivation and Thesis outline 

Developing the experimental approaches to obtain single- and few-layered metal 

chalcogenide nanosheets is essential for their successful implementation in novel lightweight 

electronics [1,2] and miniaturised energy storage devices and electrolyzers [3–5]. Moreover, 

certain characteristics of the final product, such as planar or hierarchal morphology, presence 

or absence of structural defects, and crystal phase purity, have to be pinpointed in order to 

target a specific practical application. In the past 30 years, a tremendous progress has been 

made in developing chemical and physical methods to obtain atomically-thin metal 

chalcogenide nanostructures. Thus, methods based on a chemical reaction and deposition from 

vapour phase allow synthesis of metal chalcogenide monolayers with high crystal quality and 

over a large area, although typically on resistive substrates, which implies arduous transfer 

processes for the envisioned application in electrocatalysis. Free-standing nanosheets can be 

obtained by cleavage from bulk counterparts, however, such exfoliation methods generally lack 

control over the achievable size (thickness) distribution. It is emerging that colloidal synthesis 

approach based on a direct reaction between the molecular precursors in solution phase can 

potentially allow controlling the dimensionality and morphology of growing material at atomic 

scale. Colloidal approach has been developed for the synthesis of monodisperse metal and 

semiconductor nanoparticles but remains challenging for the layered metal chalcogenides. 

Therefore, the aim of this PhD project was to design a reliable colloidal synthesis procedure, 

allowing growing and nanostructuring of the atomically-thin layered metal chalcogenides 

(MoSe2, MoTe2, Bi2Te3, and WSe2) in solution phase. 

In Chapter 1 of this Thesis, we provide a general overview of the layered transition metal 

dichalcogenide and pnictogen chalcogenide crystals. In particular, structural polymorphism of 

the group VIB transition metal dichalcogenides (TMDs) is discussed in conjunction with the 

related diversity of electronic properties. In the monolayer limit, the electronic properties of 

transition metal dichalcogenides differ considerably from that of the corresponding bulk 

phases. Recently, their monolayer counterparts have been identified as suitable catalysts for 

the hydrogen evolution reaction (HER) with the predicted intrinsic activities close to that of 

the Pt-group metals. Moreover, it has been experimentally demonstrated that the metastable 

polymorphs, such as the 1T(1T’) phases of the group VIB TMDs, exhibit higher catalytic 

activity for the HER compared to the thermodynamically stable phases. We then summarise 

the experimental top-down and bottom-up approaches that allow synthesising atomically-thin 
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nanosheets of layered metal chalcogenides with a particular emphasis on approaches to the 

metastable polymorphs. Among these, we identify colloidal synthesis, that is just emerging for 

the group VIB TMD family, as especially appealing for acquiring the material compatible with 

the majority of processing and deposition techniques for applications in catalysis. Compared 

to other approaches, colloidal synthesis allows nanostructuring the free-standing material via 

controlling the rate of the reaction between molecular precursors. 

In Chapter 2, we describe the theoretical basis of the homogeneous nucleation of solid 

phase from a supersaturated solution. We introduce the concepts of thermodynamically- and 

kinetically-driven growth processes. This allowed us to design the experimental set-up and 

synthesis conditions, including the choice of molecular precursors, suitable for acquiring 

atomically-thin MoSe2, MoTe2, Bi2Te3, and WSe2 nanostructures in colloidal solution. Further, 

we cover the microscopic and spectroscopic characterisation techniques performed to 

investigate the morphology, crystal structure, and electronic properties of the obtained colloidal 

nanoflowers and the electrochemical methodologies used to assess their catalytic activity for 

the HER. 

The development of a reaction between molecular precursors to grow binary metal 

chalcogenide (MoSe2, MoTe2, Bi2Te3, and WSe2) nanoflowers in solution phase is covered in 

Chapter 3. These binary metal chalcogenides were obtained in the form of colloidal 

suspensions of edge-rich nanoflowers composed of atomically-thin petals. In order to identify 

the optimal synthesis conditions, we performed a parametric study varying the reactivity of 

molecular precursors, growth time and temperature. We suggest that the reaction conditions 

can be modified in such a way that the nanocrystal growth preferentially occurs in the 

kinetically-controlled regime. In particular, performing the growth at temperatures ranging 

from 20 to 170 oC allowed us to effectively control the supersaturation in the growth medium 

that led to controllable tailoring of the morphology of Bi2Te3 nanostructures from highly 

anisotropic to nearly equilibrium shapes. Moreover, tuning the reactivity of molecular 

precursors can be employed to regulate the reaction rate and therefore the kinetics of 

nanocrystal growth in colloidal solution. We propose that this can facilitate the formation of 

the metastable polymorphs provided that the energy difference between the polymorphs is 

relatively low, as was demonstrated in the case of colloidal WSe2 and MoTe2 nanostructures. 

The solution-phase synthesis approach was further modified to alter the composition of 

the growing material through substitutional doping or formation of ternary alloys. This is 
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particularly important for enhancing the catalytic activity of the material due to modulation of 

its electronic structure. In Chapter 4, we demonstrate that compositional variation can be 

achieved during the solution-phase reaction, while preserving the overall edge-abundant 

morphology of the colloidal nanoflowers. In particular, we demonstrate the synthesis of doped 

(Cu, Fe) WSe2 nanoflowers and ternary WxMo1-xSe2 branched nanosheets. 

In Chapter 5, we discuss the electrocatalytic performance of the atomically-thin TMD 

nanosheets produced by the colloidal method. We demonstrate that the material in the form of 

atomically-thin nanosheets can be grown directly on functional substrates, preserving the 

crystal phase and composition. Compared to other group VIB transition metal disulphides and 

diselenides reported for the electrocatalytic HER, colloidal WSe2 and MoSe2 nanosheets 

outperform the mechanically exfoliated counterparts and exhibit catalytic activities comparable 

to that of the chemically exfoliated nanosheets. Further, we discuss how achieving the 

metastable metallic phases or ternary compositions can be beneficial to enhance the activity of 

group VIB TMD nanostructured electrocatalysts. 
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Chapter 1: 

Atomically-thin layered metal chalcogenides 

Layered metal chalcogenides are a family of inorganic functional materials that are being 

extensively investigated for applications ranging from opto- and nanoelectronics [6,7] to 

electrocatalysis [8] and miniaturised electrochemical energy storage devices [3]. The electronic 

properties of two-dimensional layered crystals are strongly related to the number and the 

symmetry of individual layers, realising a variety of achievable band structures from direct and 

indirect gap semiconductors [9] to semimetals [10] and topological insulators [11,12]. 

Additionally, these are affected by structural defects [13] and non-stoichiometry [14] of the 

respective materials. In this Chapter, we provide an overview of layered metal chalcogenide 

crystals, their structural polymorphism, and electronic properties. Further, we discuss the 

potential of implementing layered transition metal dichalcogenides as active materials for the 

electrocatalytic hydrogen generation process. Finally, we compare different preparation 

methods, allowing for the controllable production of two-dimensional crystals of layered metal 

chalcogenides essential for majority of applications. 

1.1. Crystal structure of bulk layered metal chalcogenides 

Various families of inorganic compounds, such as aluminium phyllosilicates (clays), 

transition metal carbides and nitrides (MXenes), transition metal chalcogenides and oxides, 

and layered double hydroxides, possess lamellar crystal structure, exhibiting structural 

anisotropy along at least one crystallographic direction. Transition metal dichalcogenides 

(TMDs) are a class of binary compounds with the general formula ME2, where M is a transition 

metal from groups IVB-VIIIB and E is a chalcogen (S, Se, or Te). Among them, group IVB–

VIIB TMDs form layered structures, whereas group VIIIB TMDs are non-layered compounds 

[15]. Structurally, layered TMDs can be described as a stack of three-atom thick layers 

consisting of transition metal atoms sandwiched between two layers of chalcogen atoms [16]. 

The intralayer bonds between transition metal and chalcogen atoms are covalent in nature, and 

individual slabs are held together by weak van der Waals bonds. 

TMDs display a rich variety of structural polymorphs defined by the coordination 

geometry of transition metal atoms. Under normal conditions, the thermodynamically stable 

polymorph of the majority of group VIB TMDs is the 2H phase, where H stands for the 

hexagonal syngony, and the integer indicates the number of single layers in a unit cell of bulk 
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crystal. Single layers comprising the bulk hexagonal 2H phase are commonly denoted as 1H. 

Characteristic to the 2H phase is the trigonal-prismatic coordination of transition metal atoms 

(point group D3h) as shown in Figure 1.1.a. Related to the hexagonal 2H phase, the trigonal 1T 

structure can be visualised as a 2H three-atom thick E-M-E slab distorted along the [210] 

crystallographic direction owing to the gliding of one of the chalcogen planes by 𝑎
√3

 so that the 

metal centres adopt perfect octahedral coordination (point group Oh) as shown in Figure 1.1.e. 

The crystallographic projections along the b (side view) and c (top view) axes of the 1H and 

1T single layers are shown in Figure 1.1.b,f. 

The preferred coordination polyhedron can be inferred from the electron count on the d-

orbitals of the corresponding transition metal. According to the crystal field theory, in a bulk 

crystal, the degeneracy of the five d-orbitals of a transition metal is broken due to interaction 

with the electrostatic field of surrounding anions. In the octahedral field, the d-orbitals split 

into two sets, where the lower in energy 𝑑xy, 𝑑xz, and 𝑑yz orbitals form the t2g level, while the 

higher in energy 𝑑x2−y2  and 𝑑z2  compose the eg, level [17]. In the trigonal-prismatic 

coordination, the 𝑑z2  orbital becomes the lowest in energy followed by the 𝑑x2−y2  and 𝑑xy 

orbitals and then by the 𝑑xz and 𝑑yz orbitals. Calculations have demonstrated that the 𝑑z2 level 

in the hexagonal 2H phase is lower in energy than the t2g level in the 1T phase [18]. Progressive 

filling of the d-orbitals with the valence electrons determines the relative stability of the 

hexagonal and trigonal polymorphs, changing as the transition metal atomic number increases 

across a period. The 1T polymorph is preferred for the group IVB TMDs (d0), while the group 

VB TMDs with 1 electron on the d-orbitals of each transition metal centre are found in both 

trigonal 1T and hexagonal 2H phases. In the case of the group VIB TMDs, accommodating 

two valence electrons on the non-bonding 𝑑z2  level of the trigonal-prismatic phase is 

energetically more favourable than on the t2g level of the octahedral phase, rendering the 2H 

polymorph thermodynamically stable [15,19]. That is confirmed by the first principle 

calculations with the only exception being bulk WTe2 [20]. Due to the increased metal-metal 

interaction in bulk WTe2, tungsten cations are displaced from the centres of the coordination 

polyhedra, forming a distorted octahedron as shown in Figure 1.1.h [10,21]. This minimum 

energy configuration is referred to as the distorted octahedral polymorph. Adding more valence 

electrons on the d-orbitals of transition metal destabilises the trigonal-prismatic coordination 

and the group VIIB TMDs crystallise in the trigonal 1T structure [15].  
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Figure 1.1. Structural polymorphs of the group VIB TMDs. a, e, h Coordination polyhedra around 
transition metal atoms in the 1H (trigonal prism, a), 1T (octahedron, e), and the distorted 1T (distorted 
octahedron, h) phases. b, f, i Schematic representation of the 1H, 1T, and 1T’ single layers, 
respectively. Crystal structures are given in two projections: side view (lateral plane) and top view 
(basal plane); purple balls represent transition metal atoms, green balls – chalcogen atoms. c, d, g, j, k 
Bulk polymorphs produced by stacking the 1H, 1T, and 1T’ single layers along the c axes 
corresponding to the hexagonal 2H (c), rhombohedral 3R (d), trigonal 1T (g), orthorhombic Td (also 
known as the γ phase of MoTe2, j), and monoclinic T’ (also known as the β phase of MoTe2, k) bulk 
phases. Black solid rectangles in panels c, d, g, j, k show the unit cells. 
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Electron transfer, for example during chemical treatment [22] or upon electrostatic gating 

[23], leads to an increase in electron count on the metal centres, destabilising the trigonal-

prismatic coordination of the 2H phase and causing structural transformation into the 

octahedral 1T phase [24]. The 2H-to-1T phase transition due to accumulation of negative charge 

was also observed in situ under the continuous electron beam scanning during STEM imaging 

[25]. In single-layered MoS2 nanosheets, the transition occurs through the initial formation of 

numerous non-parallel molybdenum zigzag chains that is followed by the chalcogen plane 

gliding, reducing mechanical strain and forming a domain of the trigonal 1T phase. 

Unless stabilised externally by adsorbed charged species, the perfect octahedral 1T phase 

is the least stable phase of the group VIB TMDs [20,12]. It is prone to structural distortions, 

leading to clustering of transition metal atoms caused by charge density waves (CDW) [26]. 

Different distorted 1T structures were proposed in literature on the chemically exfoliated MoS2 

and WS2. The most common superstructures are caused by either tetramerization (2a×2a), or 

trimerization (a√3×a√3) of the transition metal atoms or by zigzag chain (2a×a) formation. 

Scanning tunnelling microscopy (STM) studies of the chemically exfoliated group VIB 

disulphide single layers have clearly demonstrated a 2a×a superstructure in the ab plane [26–

29]. The distorted octahedral configuration of the TMD single layers with zigzag chains running 

through the structure is known as the 1T’ polymorph (Figure 1.1.i). Three-dimensional 

arrangement of the 1T’ single layers leads to crystals with the orthorhombic (space group 

𝑃 𝑛𝑚21) or monoclinic (space group 𝑃 21/𝑚) symmetry, depending on the stacking order 

(Figure 1.1.j,k). Bulk WTe2 is found in the orthorhombic polymorph, which is referred to as 

the Td phase, while MoTe2 exists in the monoclinic polymorph (β-phase) at temperatures above 

900 oC [30]. The higher symmetry orthorhombic Td polymorph (γ-phase) of MoTe2 can be 

obtained by cooling the monoclinic T’ (β-) phase down to cryogenic temperatures [10,31,32] or 

can be stabilised at room temperature via substitutional doping with tungsten [33]. On the other 

hand, the Td polymorph of WTe2 can be transformed into the lower symmetry T’ phase at 

pressure over 15.5 GPa [34,35]. For molybdenum and tungsten disulphides and diselenides, the 

1T’ polymorph is metastable under ambient conditions and can only be obtained under specific 

experimental conditions [20]. 

Similar polytypism, occurring due to variations in the stacking order of 1H single layers, 

leads to the hexagonal 2H (space group 𝑃 63/𝑚𝑚𝑐) and rhombohedral 3R (space group 𝑅 3𝑚) 

bulk phases presented in Figure 1.1.c,d. In the bulk 2H phase, two consecutive layers are shifted 

in such a way that the chalcogen atoms of the first layer are aligned with the transition metal 
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atoms of the second layer (AbA BaB). Analogously, the stacking sequence of the 3R phase can 

be written as AbA CaC BcB. Unlike the case of the 1H and 1T’ single layers, there is only one 

stacking polytype reported for the 1T single layers [36]. In the bulk 1T phase (space group 

𝑃 3̅𝑚1), the transition metal atoms of two consecutive layers are located directly above one 

another as shown in Figure 1.1.g. The lattice parameters of the group VIB TMD polymorphs 

are summarised in Table 1. 

A key symmetry characteristic defining the electronic and optical properties of various 

TMD polymorphs is the presence or absence of the inversion symmetry. The 3R and Td bulk 

polymorphs are non-centrosymmetric, i.e. do not contain inversion symmetry centres, while 

the 2H and T’ bulk phases are centrosymmetric [31,37]. In the case of the 2H phase, the inversion 

symmetry can be broken as the material is thinned down to a single layer since the 1H 

monolayer is non-centrosymmetric. Both the 1T and 1T’ single layers and the 1T bulk 

polymorph are centrosymmetric. The lack of spatial inversion symmetry is critically important 

for potential observation of the exotic physical phenomena, e.g. Weyl fermions [31,38]. This also 

affords applications in non-linear optics, for example for the second harmonic generation [39]. 

Table 1. Crystal structure parameters of bulk group VIB TMD polymorphs. The cell parameters a=b≠c 
and α=β=90o, γ=120o in 2H, 3R phases; a≠b≠c and α=β=γ=90o in Td phase; a≠b≠c and α=γ=90o, β≠90o 
in T’ phase. M-M is a distance between two nearest metal atoms within one layer, layer thickness (h) is 
a height of the E-M-E slab, and interlayer distance (d) is a length of the van der Waals E-E bond. 

Material Phase Lattice constants M-M, 
Å 

h, 
Å 

d, 
Å Ref. a, Å b, Å c, Å β 

MoS2 
2H 3.16  12.294   3.19 3.47 [40] 3R 3.164  18.39   3.15 3.50 
1T’ 5.716 3.181 ? ?    [41] 

WS2 
2H 3.153  12.323  3.153 3.14 3.53 [19] 3R 3.158  18.49  3.158 3.13 3.54 

MoSe2 
2H 3.288  12.92   3.23 3.75 [40] 3R 3.292  19.392     
1T’ 5.98 3.25 ? ?    [42] 

WSe2 
2H 3.282  12.96  3.282 3.34 3.67 [19] 
1T’ 5.8 3.3 ? ?    [43] 

MoTe2 

2H (α) 3.519  13.966  3.52 3.60 3.95 [10] 

T’(β) 6.33 3.469 13.86 93.55 2.9 3.49 ~3.88 [10] 
6.358 3.493 14.207 93.44    [31] 

Td (γ) 6.33 3.469 13.83  2.87 3.48 3.86 [10] 
6.304 3.458 13.859     [38] 

WTe2 
2H1 3.600  14.18  3.60 3.66 4.01 [10] Td 6.282 3.496 14.07  2.86 3.52 3.93 

                                                 
1 Lattice parameters provided for the ideal 2H-WTe2 are the calculated ones. 
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Pnictogen (Sb, Bi) chalcogenides are another class of layered binary compounds, sharing 

the tetradymite crystal structure shown in Figure 1.2.a,b. Bulk Bi2Te3 crystals belong to the 

rhombohedral syngony (space group 𝑅 3̅𝑚) and are composed of quintuple Te2-Bi-Te1-Bi-Te2 

layers stacked along the c axis; the superscripts denote two different Te sites. Within one 

quintuple layer, Bi and Te atoms are covalently bound, while van der Waals interactions 

between the Te2 atoms ensure binding of the adjacent layers. 

Unlike bulk TMDs, bismuth tellurides do not display polytypism. Instead, depending on 

the synthesis conditions, they tend to form numerous (Bi2)m(Bi2Te3)n phases, which can be 

represented as an ordered sequence of Bi2 bilayers inserted in van der Waals gaps between 

individual Bi2Te3 quintuple layers [44,45]. The integers m and n denote the number of 

corresponding Bi2 and Bi2Te3 blocks in a unit cell. Accordingly, pristine Bi2Te3 phase can be 

represented as (Bi2)0(Bi2Te3)3. The (Bi2)m(Bi2Te3)n phases exist in a wide range of 

compositions, where bismuth fraction varies from 0.4 to 1.0 [14]. This is illustrated by the T-x 

section of the P-T-x phase diagram of Bi-Te binary system in Figure 1.2.c. The known Bi-Te 

phases include Bi2Te3, Bi4Te5, BiTe, Bi4Te3, Bi2Te, Bi7Te3, and Bi, while other predicted 

members, such as Bi10Te9, have not been obtained experimentally yet [14,45]. Tsumoite BiTe 

and pilsenite Bi4Te3 phases are the most common examples among the (Bi2)m(Bi2Te3)n 

homologous series. The unit cell of the BiTe phase is formed by [Bi2Te3-Bi2-Bi2Te3] blocks 

stacked along the c axis, while in the Bi4Te3 phase the repeating sequence can be expressed as 

[Bi2Te3-Bi2-Bi2Te3-Bi2-Bi2Te3-Bi2]. Structural parameters of the (Bi2)m(Bi2Te3)n phases 

discussed within this work are provided in Table 2. 

Figure 1.2. Bismuth tellurides. a, b Crystal structure of Bi2Te3viewed along the c axis (panel a) and 
the three-dimensional stacking of Bi2Te3 quintuple layers forming bulk phase (panel b). The hexagonal 
unit cell is denoted by black parallelepiped. c T-x section of the P-T-x phase diagram of the binary Bi-
Te system, showing a series of the (Bi2)m(Bi2Te3)n phases; (Bi2)m(Bi2Te3)n phases are grouped together 
for clarity. Reprinted from [32], with permission from Elsevier. Copyright © 2017. 
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Table 2. Lattice parameters of the (Bi2)m(Bi2Te3)n phases. For the rhombohedral 𝑅 3̅𝑚 phases, the 
lattice parameters are that of the hexagonal unit cells, i.e. a = b ≠ c and α = β = 90o, γ = 120o. 

(Bi2)m(Bi2Te3)n phase m:n Space group Lattice constants Ref. a, Å c, Å 
Bi2Te3 0:3 𝑅 3̅𝑚 4.384 30.45 [46] 

BiTe 1:2 𝑃 3̅𝑚1 4.423 24.002 [47] 
Bi4Te3 3:3 𝑅 3̅𝑚 4.451 41.888 [47] 
Bi2Te 2:1 𝑃 3̅𝑚1 4.4733 17.805 2 

To date, only Bi2Te3 and Bi compounds have been extensively investigated, while the 

intermediate Bi-Te phases remain majorly unexplored. However, the precise control over 

[Bi]:[Te] stoichiometry and ordering of the corresponding structural blocks were suggested to 

be promising for the thermoelectric properties engineering and for tailoring the Seebeck 

coefficient, in particular, for implementation in microcooling devices [14]. 

  

                                                 
2 Data taken form the ICDD card 42-540. 
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1.2. Electronic properties of atomically-thin layered metal chalcogenides 

Bulk layered metal chalcogenides cover a wide range of electronic properties from 

insulators (HfS2) [16,48] and semiconductors (MoS2 and WS2) [49,50] to semimetals (WTe2, TiS2) 

[21,40], metals (NbS2 and VSe2) [40] and 3D topological insulators (Bi2Te3 and Bi2Se3) [11]. Such 

diversity of band structures arises from the progressive filling of the non-bonding d-orbitals 

with the valence electrons as the transition metal atomic number increases along the period [40]. 

In TMD crystals, six covalent bonds around a transition metal atom are formed due to mixing 

of its s-, p-, and d-orbitals with the atomic orbitals centred on the surrounding chalcogens; these 

contribute to the bonding σ and antibonding σ* bands. Three remaining transition metal d-

orbitals, that are not involved into the covalent bonding, form the non-bonding d-band located 

in the gap between the σ and σ* bands. In the 2H phases with the trigonal-prismatic 

coordination around transition metal centres, the 𝑑xz  and 𝑑yz  orbitals are suitable for the 

covalent bonding, whereas the 𝑑x2−y2 and 𝑑xy orbitals, mixed with the transition metal px and 

py states, on one hand, and the 𝑑z2 orbital, on the other, form two separated non-bonding d-

bands between the σ and σ* bands [40,51]. In the octahedrally coordinated 1T phases, the 𝑑x2−y2 

and 𝑑𝑧2 orbitals of the transition metal are mixed into the valence band, while the 𝑑xy, 𝑑xz, and 

𝑑yz form the non-bonding d-band [40]. Not only does this model predict the relative stability of 

one possible metal coordination (trigonal-prismatic or octahedral) over the other but also 

provides an insight into the electronic properties of the material depending on the number of 

the remaining valence electrons accommodated by the non-bonding d-bands. According to this 

atomic orbital model, the TMD compounds with partially occupied d-bands, such as 2H-NbSe2 

and 1T-ReS2, exhibit metallic behaviour, while the materials with either fully filled (2H-MoS2), 

or empty (1T-HfS2), d-bands are either semiconductors or insulators [51]. Interestingly, due to 

the structural polymorphism observed in the group VIB TMDs, metallic behaviour can be 

achieved when the metal coordination changes to octahedral (1T-MoS2) [52]. 

Bulk 2H polymorphs of the group VIB TMDs are indirect-gap semiconductors with 

indirect band gaps Eg ~1 eV [49,50]. The only exception is bulk WTe2 that does not form a stable 

2H phase; instead, it is found in the distorted octahedral (Td) polymorph that exhibits 

semimetallic behaviour [10]. The extremums of the valence (VB) and conduction (CB) bands 

are located at the Γ point and at the midpoint along the Γ-K lines of the Brillouin zone, 

respectively. These band structure calculations were corroborated by angle-resolved ultraviolet 

photoelectron spectroscopy (AR UPS) studies of the valence states [49]. The optical transitions 
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in bulk 2H group VIB TMDs originate from the direct gaps at the K points [53]. At the K points, 

the valence band is split due to interlayer interactions and spin-orbit coupling, leading to the 

distinct excitonic transitions, A and B, between the spin-split VB maxima and the degenerate 

CB minimum [51,54,55,56]. Additional transitions, A’ and B’, appear in the optical spectra of the 

group VIB diselenides and ditellurides due to the splitting of the A and B exciton states. 

Generally, as the chalcogen atomic number increases, the main absorption edge gradually shifts 

to lower energies and the spin-orbit splitting increases [51]. The band structure parameters and 

the energies of excitonic transitions in bulk group VIB TMDs are listed in Table 3. 

As the number of layers decreases, the 2H group VIB TMDs undergo the indirect-to-

direct gap transition as shown in Figure 1.3.b [57]. This band structure transformation was 

experimentally observed in MoS2 and WS2 crystals by angle-resolved photoelectron 

spectroscopy (AR PES) [9,58]. The indirect-to-direct gap transformation is attributed to the 

quantum confinement of the charge carriers, as well as to the change in hybridisation between 

the chalcogen pz orbitals the transition metal d-orbitals [15,59]. The CB states in the vicinity of 

the K points are composed of the transition metal d-orbitals. The states at the Γ point, on the 

other hand, originate from mixing the chalcogen pz orbitals and the transition metal d-orbitals 

and therefore, are strongly affected by the interlayer interactions. As the number of layers 

decreases, the energy of the CB minimum at the Γ point changes significantly so that the 

indirect gap becomes larger than the direct one at the K points. 

Figure 1.3. Band structure of the 2H group VIB TMDs. a The Brillouin zone of a hexagonal lattice 
with the standard symmetry notations. Reproduced with permission from [39] © IOP Publishing. All 
rights reserved. b. Calculated band structures of bulk, 4 layer, bilayer and single layer MoS2 shownig 
gradual indirect-to-direct gap transformation. Reprinted with permission from [47]. Copyright © 2010, 
American Chemical Society. c. Schematic representation of the CB and VB extremums at the K points 
of the Brillouin zone. Reprinted with permission from [51] Copyright © 2012 by the American Physical 
Society. 
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It was shown that the excitonic transitions exhibit gradual blue-shift as the material is 

being thinned down to single layer [55,56]. The energies of the A and B excitons weakly depend 

on thickness, indicating that these states are not affected by the interlayer interactions [55]. The 

intraband high-energy transitions (C, D bands) that involve the chalcogen p-orbitals 

demonstrate clear thickness-dependent spectral shifts. Interestingly, the shift of the A’ and B’ 

excitons was found to be more pronounced than that of the A and B excitons, indicating the 

strong association of the former ones with the chalcogen pz-orbitals rather than the transition 

metal d-orbitals [55]. 

In the 2H group VIB TMD monolayers, the CB minima and the VB maxima are located 

at the corners (K points) of the Brillouin zone as shown in Figure 1.3.c. Strong spin-orbit 

coupling in these materials and the inversion symmetry breaking in the monolayer limit lead 

to the unique spin-valley coupled physics in the valence band [60]. This manifests as the 

electrons populating one of these valleys can be selectively manipulated by the circularly 

polarised light; moreover, the light emitted, when these electrons relax to the ground state, 

retains the same polarisation [61]. This allows for constructing optical switching valleytronic 

devices [15]. 

Table 3. Band structure parameters of the semiconducting group VIB TMDs. Eg (bulk, Г) and Eg (bulk, 
K) are the indirect and direct gaps at the Г and K points, respectively, calculated for the bulk group VIB 
TMDs. Eg (1ML, K) is the direct gap in the group VIB TMD single layers. 𝛥SO is the spin-orbit splitting 
energy (calc. – calculated; exp. – measured experimentally, AR PES). 

Material 
Fundamental gap Eg, eV Optical transitions, eV 𝚫𝐒𝐎, meV 

bulk, Γ bulk, K 1ML, K bulk, A bulk, B calc. exp. 

2H-MoS2 
1.29 [62] 
1.23 [63] 1.78 [62] 1.9 [64] 1.88 [65] 

1.91 [66] 
2.06 [65] 
2.11 [66] 258 [62] 161 [62] 

2H-MoSe2 1.10 [62] 
1.09 [63] 1.42 [62] 1.57 [67] 1.57 [65] 

1.59 [66] 
1.82 [65] 
1.86 [66] 294 [62] 175 [62] 

2H-MoTe2 1.00 [62] 1.10 [62] 1.07 1.10 [65] 
1.12 [66] 

1.48[65] 
1.43 [66] 

331[62] 
300 [40] 238 [62] 

2H-WS2 1.35 [63]  2 2.04 [66] 2.46 [66]   

2H-WSe2 1.35 [68] 

1.20 [63]  1.65 [67] 1.71 [69] 
1.69 [66] 

2.3 [69] 
2.17 [66]   

2H-WTe2 0.7 [10]   - - 600 [40]  

As discussed in Section 1.1, bulk WTe2 and MoTe2 form the orthorhombic (Td) and 

monoclinic (1T’) polymorphs, respectively, with the characteristic distorted octahedral 

coordination around transition metal atoms. Other members of the group VIB TMD family do 

not naturally occur in the octahedrally-coordinated polymorphs, and methods to produce these 
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metastable phases are summarised in Section 1.4.3. Unlike the corresponding semiconducting 

2H counterparts, these 1T’ and Td phases are semimetallic [10] and display unique topological 

surface states [70]. Due to the inversion symmetry breaking, the surface electronic states of the 

orthorhombic group VIB TMD bulk semimetals appear to be topologically nontrivial, and these 

materials have been extensively investigated as potential candidates for observation of the 3D 

Weyl fermions [70,71,72]. Recently, the corresponding 1T’ monolayers have been predicted to 

be large-gap quantum spin Hall insulators, displaying topologically protected edge states [12,73]. 

Weyl semimetals are topological semimetallic phases, in which the inversion of the 

conduction and valence bands forms an even number of non-degenerate Dirac cones through 

the points in the k-space called Weyl nodes as shown in Figure 1.4.c [74,75]. Topologically 

protected states that exist on the surface of a Weyl semimetal are the Fermi arcs in the k-space 

that connect the projections of Weyl nodes onto the surface of the Brillouin zone [76]. WTe2, 

Figure 1.4. Schematic illustration of the formation of topologically non-trivial phases as represented 
by the dispersions of the bulk states. a-c Band evolution from a trivial 3D (bulk) semiconductor (panel 
a), to a trivial 3D semimetal (panel b), to formation of Weyl nodes in the band inversion region of a 
3D topological semimetal due to the spin-orbit coupling (panel c). The schematics shows gradual 
closing of the gap between valence (blue) and conduction (red) bands. Adapted from [65]. Reprinted 
with permission form AAAS. Copyright © 2017. e Fundamental gap opening between the inverted 
bands of a 2D topological insulator due to the spin-orbit coupling. Reprinted by permission from 
Springer Nature: [66]. Copyright © 2009. d Local density of states illustrating the formation of 
topological surface state in a 3D topological insulator, Bi2Se3, where bands disperse through a single 
Dirac cone at the Г point. Reprinted with permission from [40]. Copyright © 2016 by the American 
Physical Society. 
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which naturally occurs in the orthorhombic Td polymorph, has been experimentally verified as 

a type II Weyl semimetal [77]. MoTe2, which forms the monoclinic 1T’ phase, is a topologically 

trivial semimetal [32]. However, the low-temperature orthorhombic γ-MoTe2 that was 

synthesised only recently has also been identified as a possible type II Weyl semimetal 

candidate [78]. This was later confirmed using AR PES [79]. Moreover, it has been demonstrated 

that the monoclinic MoTe2 can be transformed into the orthorhombic by substitutional doping 

with W. In particular, it was found that incorporation of ∼8 at.% of W stabilised the γ-phase in 

MoTe2 at room temperature, which according to the AR PES data exhibits the Fermi surface 

similar to that of WTe2 [33]. 

While bulk Td group VIB TMD phases demonstrate the properties of topological 

semimetals, their monolayer counterparts have been identified as 2D topological insulators 

(TI), exhibiting a large intrinsic quantum spin Hall effect. 2D TI are characterised by the 

insulating bulk with an energy gap opening in the band inversion region due to the spin-orbit 

coupling, while topologically protected metallic states, that bridge the bulk gap, exist at the 

edges (Figure 1.4.e). In the 1T’ monolayers, the intrinsic band inversion at the Г point of the 

Brillouin zone (~0.6 eV) is attributed to the lowering of the transition metal d-orbitals owing 

to the zigzag chain formation and doubling of the period [12]. The spin-orbit coupling opens up 

a fundamental gap at the bands crossing points near the Fermi level that is tunable by the 

applied electric field. Opening of a ~55 meV bulk gap has been experimentally revealed in 

epitaxially grown WTe2 monolayers [80]. Later, opening of a measurable gap in monolayer 1T’ 

WSe2 (120-129 meV) [43,81] has been reported. The gap energies achievable in the 1T’ group 

VIB TMD monolayers exceed the thermal energy kT (~26 meV) that makes these materials 

potentially interesting for applications in spintronic devices. 

Bulk Bi2Se3, Bi2Te3, and Sb2Te3 represent a class of 3D topological insulators [11]. 3D 

topological insulators exhibit large (~0.3 eV) insulating gaps, opening in the band inversion 

region, in the bulk and topologically protected gapless surface states (Figure 1.4.d) [11]. It 

should be noted that these surface states arise from the topologically-nontrivial bulk bands and 

therefore are not affected by non-magnetic doping, localised structural defects, and also surface 

modification due to interaction with adsorbed species. 

In order to implement these layer-dependant semiconducting properties (2H phase of 

group VIB TMDs) and the unique topologically non-trivial states (1T’ and Td phases of group 

VIB TMDs; Bi2Te3) in the devices, methods to produce structurally perfect layered metal 

chalcogenides in a controllable manner and with a precise control over the morphology 
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(number of layers), composition (avoiding formation of non-stoichiometric phases), and crystal 

phase purity (2H vs 1T’ or Td) are required. Additionally, achieving a controllable transition 

between the thermodynamically stable semiconducting (2H) and the metastable semimetallic 

(1T’, Td) phases is particularly interesting for switchable devices, like resistive memories. 

Recently, a successful phase modulation via the electric-field-controlled lithiation has been 

demonstrated in MoS2 [2]. Furthermore, in MoTe2 and alloyed MoxW1-xTe2 systems, the 

reversible electric-field-driven phase transformation was used for the resistive random access 

memory (RRAM) devices [82]. In these devices, resistive switching reproducibly occurred 

within 10 ns and the on/off ratio was found to be close to 106. 
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1.3. Application of transition metal dichalcogenides in electrocatalysis 

Electrocatalytic hydrogen generation in acidic medium is a two-step process. The initial 

reduction of solvated protons by electrons from the external circuit leads to the formation of 

adsorbed neutral Hads on the catalyst surface (H+
solv + e- → Hads). This step is known as the 

Volmer reaction. Formation of molecular hydrogen proceeds through either the Tafel reaction 

between two adsorbed surface hydrogen atoms Hads + Hads→ H2, or the Heyrovsky reaction 

when the adsorbed hydrogen reacts with the solvated proton followed by reduction by electrons 

from the external circuit Hads + H+
solv + e- → H2 [83]. It is important to note that during the 

Heyrovsky reaction, the solvated proton is not adsorbed at the active site, instead it directly 

binds to the adsorbed Hads [84]. Depending on the catalyst nature, either the initial proton 

reduction (Volmer step) or the following formation of molecular hydrogen (Tafel and 

Heyrovsky reactions) is the rate limiting stage of the catalytic hydrogen evolution reaction 

(HER). The widely accepted descriptor for the reaction rate is the Gibbs free energy ΔGH of 

the hydrogen adsorption on the active site [85]. If the hydrogen binding to the catalyst surface 

is too weak then the adsorption is ineffective and the initial proton reduction (Volmer reaction) 

will limit the HER rate. On the other hand, if the binding is too strong then the formation and 

desorption of molecular hydrogen is the limiting step. This concept is known as the Sabatier 

principle and it states that the optimum catalyst binds the substrate neither weakly nor strongly. 

Graphically, this is represented by plotting the reaction rate as a function of the adsorption free 

energy ΔGH as shown in Figure 1.5.a [86]. The materials exhibiting high activity for the catalytic 

HER, such as Pt and Pd, display the ΔGH close to 0 eV and are grouped in the vicinity of the 

tip of the “volcano” plot. Recently, DFT calculations identified MoS2 to be a promising 

candidate to replace the Pt-group metals for the catalytic HER [87]. Measuring the catalytic 

activity of MoS2 islands produced by the UHV sputtering approach revealed a correlation 

between the reaction rate and the fraction of edge sites [8]. Thus, the edges of semiconducting 

2H MoS2 nanosheets have been suggested as the primarily active sites for the electrocatalytic 

HER, however, the origin of this activity remained unclear until recently. The DFT calculations 

have demonstrated that the lattice corrugation expected to occur at the edges of MoS2 structures 

gives rise to a distinct edge electronic state facilitating the catalytic HER, which was 

experimentally observed in lower Tafel slope and higher exchange current density compared 

to the bulk MoS2 counterpart [88]. The localised electronic states at the edges of few-layered 

2H MoS2 nanosheets have been distinguished spectroscopically by X-ray absorption 
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spectroscopy and the spatial localisation of these electronic states has been evidenced using 

scanning transmission X-ray microscopy imaging at the corresponding energies. 

Basal planes of group VIB disulphides and diselenides are found to be catalytically inert, 

displaying the differential hydrogen adsorption free energies ΔGH close to 2 eV [89]. Among 

the four materials, MoSe2 is expected to demonstrate the highest catalytic activity since both 

metal (M) and chalcogen (E) edge sites have ΔGH close to thermoneutral (0.02 and -0.05 eV, 

respectively) [89]. MoSe2 is closely followed by WS2, both edges of which are potentially active 

for the catalytic HER (-0.04 and -0.05 eV), whereas only the Se edge of WSe2 (-0.05 eV) and 

the Mo edge of MoS2 (0.06 eV) were identified as catalytically active [89]. 

Figure 1.5. Intrinsic activity of TMDs for the electrocatalytic HER. a The “volcano” plot displaying 
the exchange current density as a function of the hydrogen adsorption free energy estimated for various 
noble metal catalysts (Pt, Pd), free-standing edges of the 2H TMD and the 2H TMDs assembled on 
Au, graphene, Fe, Cu, Ni, Co, and basal plane of the 1T TMD. Reprinted with permission from [78]. 
Copyright © 2016, John Wiley and Sons. b A schematic representation of the hydrogen adsorbed on 
the basal plane (1), on the metal M-edge (2), and on the chalcogen E-edge (3) sites of TMDs. Hydrogen 
atoms are represented by red dots. c-f. Catalyst activity-stability ΔGH-ΔGHE plots for the basal planes 
of the semiconducting (panel c) and the metallic (panel d) TMD catalysts; for the edges of the transition 
metal disulphides (panel e) and diselenides (panel f). Green arrows indicate the optimum hydrogen 
binding (ΔGH = 0 eV) for the efficient HER; blue arrows show the increasing stability of the catalyst 
surface over the vacancy formation; red and grey dotted lines are provided as visual guides. Reprinted 
from [83], with permission from Elsevier. Copyright © 2015. 
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Further theoretical modelling has shown that the catalyst activity is inversely 

proportional to the catalyst stability [90]. Under reducing conditions, hydrogen evolution 

reaction, occurring on the surface of transition metal disulphides and diselenides, competes 

with the formation of sulphur or selenium vacancies [91]. Both reactions involve first binding 

of hydrogen onto the chalcogen sites in either the basal or the lateral planes as shown in Figure 

1.5.b. This is followed by desorption of either molecular hydrogen, in case the HER dominates, 

or H2S (H2Se) if the vacancy formation is energetically preferred. The suggested descriptor for 

the catalyst degradation is the adsorption free energy of the HE (E = S, Se) species, ΔGHE. 

Using ΔGH and ΔGHE descriptors, Tsai et al investigated 26 single-layered TMD catalysts [90]. 

According to their findings, basal planes of the semiconducting 2H TMDs bind hydrogen too 

weakly (Figure 1.5.c). The hydrogen adsorption free energy can be tuned by weakening the 

metal-chalcogen binding, for example through substitutional doping, yet the increasing ΔGHE 

indicates a significant decline in the catalyst stability before basal planes of the semiconducting 

phases become active for the HER. On the other hand, basal planes of the metallic TMDs 

display much stronger hydrogen binding (Figure 1.5.d). Moreover, the general trend is that 

binding onto sulphides is stronger than onto selenides, suggesting the metallic transition metal 

disulphides (1T MoS2, 2H NbS2) to be promising candidates for the HER. In contrast to the 

inert basal planes, edge sites of numerous TMD catalysts display optimum hydrogen binding 

(ΔGH close to 0 eV). However, a similar inverse relationship between the activity and stability 

was found for the edge sites of the TMD catalysts, regardless of the chalcogen type, the edge 

structure (1T, 2H metal edge, 2H chalcogen edge) and the material bulk metallicity as 

demonstrated in Figure 1.5.e,f. 

In the group VIB TMD family, the superior catalytic activity of metallic phases has been 

generally ascribed to high affinity of basal planes of the 1T(1T’) polymorphs to hydrogen 

[90,92,93]. The activation of basal plane in the metallic 1T polymorph has been experimentally 

demonstrated by partial oxidation of chemically exfoliated MoS2 nanosheets [94]. The pristine 

1T MoS2 nanosheets outperformed the 2H counterpart, exhibiting significantly lower onset 

overpotentials (100 vs 250 mV) and lower Tafel slopes (40 vs 85 mV/dec, respectively). 

Following the oxidative treatment, the catalytic activity of the 2H phase decreased 

substantially, while the performance of edge oxidised 1T MoS2 nanosheets remained 

unaffected. Based on these findings, the edges of the 1T nanosheets were suggested not to be 

the main reaction sites and the activation of the basal plane has been proposed. 
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From a thermodynamic point of view, the overall catalytic hydrogen reduction reaction, 

occurring on both the 2H metal edges and the 1T basal planes of group VIB TMDs, is reported 

to follow the Volmer-Heyrovsky mechanism. [90,92]. These models are based on using the 

hydrogen adsorption free energies of the reaction intermediates as the major thermodynamic 

descriptor. However, Chen et al have pointed out that under typical HER conditions, the 

difference between the hydrogen coverage of catalyst surface and the concentration of 

hydrogen in the electrolyte solution would lead to predominant hydrogen desorption through 

the Tafel reaction rather than the Heyrovsky reaction [95]. The authors suggest that a reasonable 

thermodynamic model of the heterogeneous HER mechanism should involve the catalyst/water 

interface structure instead. 

In practice, the properties of a catalyst-functional substrate interface, as well as the 

electron transport across the catalyst material, influence the performance of a working 

electrode, perhaps, even more than pure thermodynamics of the catalytic reaction. Compared 

to the semiconducting 2H counterparts, the metallic polymorphs, such as 1T’ MoS2 and WS2, 

greatly benefit from the removal of the Schottky barrier as the catalyst-substrate interface 

becomes essentially metal-metal, leading to lower charge dissipation and more effective 

electron injection into the catalyst material. This has been evidenced in the experiments with 

two model catalysts, mechanically exfoliated WTe2 and CVD grown MoS2 [96]. The interface 

modulation has greatly affected the performance of semiconducting MoS2, while had no 

measurable effect on the efficiency of semimetallic WTe2 catalyst. Similarly, it has been 

reported that lowering the catalyst-substrate contact resistance has led to the activation of 

existing catalytic sites (sulphur vacancies) in the basal plane of the 2H MoS2 [97] 

Assembling the catalyst on a TI support platform can potentially have a positive effect 

on the catalytic activity [98]. However, this approach has not been applied to the experimental 

TMD systems yet. The activity of transition metal clusters supported on a Bi2Se3 substrate for 

the HER and the effect of topologically protected surface states on the hydrogen adsorption 

free energy have been studied theoretically. It was found that the catalysts with low intrinsic 

hydrogen binding strength, for instance the metal edge of WSe2, could potentially benefit from 

coupling with the topologically protected surface states, leading to an optimised hydrogen 

adsorption. 

The general strategy for designing an effective catalyst based on the 2H phase TMDs is 

by increasing the number of exposed edge sites since the basal planes are practically inert for 

the HER. This can be achieved, for example, by reducing the lateral size of mechanically 
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exfoliated nanosheets. Indeed, the performance of thin film working electrodes made of 

mechanically exfoliated WS2 nanosheets improved as the nanosheet size decreased [99]. 

Fraction of the edge sites can also be increased by introducing structural defects in the basal 

plane via etching [100], annealing in a reducing atmosphere [101], or treating with oxygen plasma 

[102]. Another route to increase the number of accessible edge sites is a direct bottom-up 

synthesis of nanostructures with branched morphologies [103,104]. 

To date, the reported approaches to tune the intrinsic catalytic activity of a given TMD 

material include variation of its chemical composition through substitutional doping [105,106] or 

alloying [107,108], inducing the crystal phase transition into the metallic polymorph [109], and 

intercalation of alkali metal into the van der Waals gaps of few-layered TMDs [110]. It has been 

established that the addition of small amounts of dopants, typically transition metals, can 

effectively enhance the catalytic activity of both the semiconducting 2H [111] and the metallic 

1T [92] polymorphs. The effect of substitutional doping is generally attributed to the alteration 

of the electronic states of pristine phases, leading to modification of the hydrogen binding 

strength. An overview of the recent experimental studies on substitutional doping in TMDs for 

the electrocatalytic HER is provided in Section 4.1. The difficulties in preparation of the doped 

catalysts are associated with an insufficient control over composition and spatial distribution 

of the dopants, e.g. clusterisation. These can be successfully overcome by the formation of 

TMD alloys. The methods to achieve isostructural and hetero-phased ternary and quaternary 

TMD alloys are introduced in Section 4.2, while the principle works on the application of 

alloyed TMD in the catalytic hydrogen production are cited in Section 5.3. Initiating the 2H-

to-1T(1T’) phase transitions in the group VIB TMDs that allow for activation of basal planes 

in the metallic polymorphs is perhaps the best investigated strategy for the catalytic activity 

enhancement. The pioneering works reported the improved catalytic activity in chemically 

exfoliated MoS2 [94] and WS2 [109] nanosheets. Moreover, the improvement was found to 

directly correspond to the fraction of metallic phase attained during the chemical exfoliation 

process [112]. Interestingly, the activity of the metallic 1T polymorph can be further enhanced 

via the intercalation of alkali metal cations into the van der Waals gaps as was shown for the 

1T MoS2 [110]. The enhancement was assigned to the optimisation of the hydrogen binding 

strength as corroborated by the first principles calculations. It should be noted that the 

possibility of stabilisation of the metastable 1T polymorph is majorly overlooked in these 

studies. In Sections 3.3 and 5.2, we discuss the direct solution-phase synthesis of the metastable 

1T’ polymorph (WSe2) as a perspective alternative approach to the effective HER catalyst.  
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1.4. Methods to produce atomically-thin transition metal dichalcogenides 

Producing TMDs in a form of atomically-thin nanosheets is a crucial requirement to 

employ their unique size-dependent electronic properties in novel opto- and nanoelectronic 

devices and in electrochemical devices for energy storage and catalysis. Generally, two-

dimensional TMD structures can be obtained by either top-down techniques involving thinning 

bulk crystals down to few- and single-layered flakes or through bottom-up approaches based 

on the direct chemical reaction between molecular building blocks. 

1.4.1. Top-down approaches: Mechanical and chemical exfoliation 

Exfoliation of atomically-thin nanosheets is based on the preferential cleavage of layered 

metal chalcogenide crystals between the adjacent layers held by van der Waals interactions. 

Similarly to the pioneering work on graphene [113], high quality TMD and pnictogen 

chalcogenide single layers can be achieved by scotch tape assisted peeling from the bulk 

crystals [6,46,55,57]. Although the scotch tape exfoliation allows for producing single-layered 

flakes of excellent crystallinity that are suitable for both fundamental characterisation and for 

device fabrication, the yield of exfoliated material is typically low and the lateral size of 

isolated flakes rarely exceeds a few μm [64,114]. The recently proposed method of gold-assisted 

scotch tape exfoliation enables isolation of ultra-large group VIB TMD flakes (tens of mm2) 

from natural crystals [115]. Strong van der Waals interaction between the freshly deposited Au 

(111) film and the basal chalcogen plane of TMDs facilitates the exfoliation of the topmost 

TMD layer allowing for the selective transfer of single layers from their parent crystals. 

High-throughput mechanical exfoliation can be achieved in liquid phase by 

ultrasonication. Solution phase exfoliation of bulk powders yields dispersions of single- and 

few-layered TMD nanosheets in common solvents with concentrations reaching 40 mg/mL 

[116]. Moreover, by simple mixing different bulk materials prior to exfoliation or by mixing the 

starting TMD compound with functional additives, composite materials can be formed through 

the restacking of exfoliated nanosheets. Liquid phase exfoliation is usually carried out in 

organic solvents, such as isopropanol, ethanol, and N-methyl-pyrrolidone, [117] or in aqueous 

solutions of appropriate surfactants (polymers) [118]. The dispersibility of exfoliated material 

strongly depends on the solvent properties. It has been found that the successful exfoliation 

down to monolayers and the formation of stable concentrated dispersions can only be achieved 

if the surface energy of material matches that of the solvent [119]. The liquid exfoliation process 

typically results in the dispersions of TMD flakes of heterogeneous lateral sizes and thickness 
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[117,118]. Recently, the statistical analysis of different layered materials exfoliated via liquid-

phase approach has demonstrated that the area of exfoliated nanosheets follows a power-law 

scaling relationship with their thickness [120]. The reduction of the lateral size, that greatly 

affects the applicability of exfoliated material in nanoelectronics, is commonly attributed to the 

sonication induced scission and is typical for highly concentrated dispersions prepared at 

prolonged sonication times [116]. The interplay of the in-plane tearing and out-of-plane peeling 

energies and the in-plane and out-of-plane Young’s moduli sets the limitations on the 

achievable lateral sizes of monolayered TMD flakes produced via liquid-phase exfoliation [120]. 

On the other hand, size selective precipitation by cascade centrifugation allows for separating 

the monolayer enriched fractions of the exfoliated material [121] essential for formulating inks 

for printable electronics [122]. 

The insertion of charged or neutral species in the van der Waals gaps of TMD bulk 

crystals weakens the interaction between layers and so facilitates the exfoliation down to single 

layers. Typically, chemical exfoliation occurs in two stages. First, bulk TMD powders are 

intercalated with alkali metal cations; lithium compounds, such as n-butyllithium (n-BuLi) and 

lithium borohydride, are commonly used [28,123]. This is followed by hydrolysis of the 

intercalated TMD powders. The reaction between water and intercalated lithium leads to 

generation of H2 gas bubbles that separate TMD layers [26,28]. Exfoliation to single- and few-

layered flakes can be achieved by gentle manual shaking. Chemical exfoliation typically yields 

in high fraction of single-layered flakes; however, the process is time-consuming and highly 

sensitive to the environment as it requires an inert atmosphere. Lateral size of the exfoliated 

TMD flakes reaches a few μm and is majorly defined by the grain size of the parent bulk 

crystals. Additionally, the reaction with lithium compounds during the intercalation step leads 

to the reduction of TMDs. This induces structural distortion of the pristine trigonal-prismatic 

coordination of transition metal atoms in the 2H phase. Combined scanning tunnelling 

microscopy (STM) and electron diffraction structural studies have demonstrated that the 

exfoliated MoS2 adopts either the 1T [22] or the 1T’ [26] phase depending on the amount of 

intercalated lithium, while the chemically exfoliated WS2 single- and few-layered flakes are 

found in the 1T’ phase [26,28]. As a consequence of the partial phase transformation, the 

chemically exfoliated TMDs display metallic behaviour. The semiconducting phase can be 

restored via mild thermal annealing [124]. Generally, the quality of exfoliation strongly depends 

on the uniformity of intercalant distribution. Electrochemical intercalation has proved to be a 

promising approach to achieve large area TMD nanosheets with narrow thickness distribution. 
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Moreover, the intercalation of quaternary ammonium salts does not affect the crystal phase of 

the TMD material, thus making possible large-scale solution phase production of the phase-

pure semiconducting nanosheets [125]. 

1.4.2. Bottom-up approaches: Vapour-phase and solution-phase growth 

The bottom-up approaches, such as deposition from vapour phase and solution-phase 

chemical synthesis, are based on a direct reaction between the transition metal and chalcogen 

molecular precursors either in vapour or in liquid phase. Chemical vapour deposition (CVD) 

emerged as a synthesis method to produce electronic-grade atomically-thin TMD crystals [126] 

and continuous films, reaching tens of cm2 in some cases [127]. CVD process involves a reaction 

between the co-evaporated precursors of required transition metal and chalcogen, occurring on 

various substrates, including Si/SiO2, sapphire, quartz, and graphitic carbon. The growth 

process is carried out in a horizontal tube furnace at temperatures typically in the range 650-

950 oC. The growth can be performed either at low (10-2 mbar) or at atmospheric pressure, 

however, low pressure in the reactor ensures lower concentrations of residual gases, moisture, 

and possible impurities that leads to higher quality crystals being produced. Transition metal 

trioxides [128–132] or the corresponding acids [126], oxychlorides [133], chlorides [130,134,135], and 

foils [127] are commonly chosen as metal precursors for the synthesis of the group IVB-VIB 

TMDs. On the other hand, bulk chalcogen (S, Se, Te) powders serve as a chalcogen source. 

The reaction rate strongly depends on the generation of a steady vapour flux of both precursors 

that requires optimisation of many growth parameters, including the reactor pressure, carrier 

gas flow rate and temperature profiles. Moreover, the wetting properties of a growth substrate 

can be modified by adding organic species (seeding promoters) to lower the energy barrier for 

nucleation [136]. 

It has been shown that using gaseous precursors instead of solid trioxide and chalcogen 

powders helps to improve the uniformity of the TMD crystals, although significantly slows 

down the reaction rate. The CVD approach based on using the volatile sources of transition 

metal (carbonyls, chlorides) or chalcogen (hydrogen chalcogenides, dialkyl chalcogenides) is 

referred to as metal-organic CVD and has been successfully employed to synthesise large-scale 

highly-crystalline mono- and few-layered MoS2 [137,138], WS2 [137], and WSe2 [139] crystals, 

demonstrating high carrier mobilities at room temperature (30-100 cm2/[V·s] in MoS2; 

18 cm2/[V·s] in WS2). 
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Large-area uniform TMD films can be achieved via the chalcogenation of pre-deposited 

transition metal or transition metal oxide films as was demonstrated for MoS2, WS2, MoSe2, 

and WSe2 systems [103,140–143]. Although this approach generally requires lower temperatures 

and allows for the fast production of wafer-scale TMD films with precisely controlled 

thickness, the materials exhibit low carrier mobilities (~0.04 cm2/V·s in the case of MoS2 films) 

due to the high degree of polycrystallinity and small size of single-crystalline grains, as well 

as due to the presence of unreacted metal or metal oxide inclusions [141]. However, the 

chalcogenation route is potentially promising for a wafer-scale production of a phase-

controlled TMD polymorphs. A phase-selective synthesis of homogenous few-layered 2H and 

1T’ MoTe2 films was achieved by changing metal precursor from MoO3 to Mo [144]. The 

stabilisation of the metastable phase was attributed to the compressive strain owing to the 

smaller parameters of the Mo lattice compared to the MoO3. 

Although CVD approach is suitable for synthesis of high-quality atomically-thin TMDs 

for nanoelectronic devices [130,132], the structural defects, such as dislocations and twin 

boundaries, commonly observed in the CVD grown materials hinder their application in optical 

devices [145,146]. High optical quality TMD monolayers can be produced via the physical vapour 

transport (PVT) route. This synthesis method is based on the sublimation of the required bulk 

TMD powders followed by their recrystallisation on a substrate [39,147]. Similarly, the PVT 

approach has been applied to synthesise high quality ultrathin TI flakes (Bi2Te3, Bi2Se3), that 

are not achievable via the direct reaction due to high reactivity of the precursors [148]. 

The wet chemistry approach involves a reaction between the respective molecular 

precursors, occurring at elevated temperatures in liquid phase. Due to its scalability and 

generally high reaction yields, the solution-phase synthesis is appropriate for production of 

concentrated (aqueous or non-aqueous) suspensions of mono- to few-layered TMD nanosheets 

compatible with numerous deposition techniques, such as spin- and spray-coating, ink-jet and 

roll-to-roll printing, for application in non-volatile memory devices [149], switchable absorbents 

of heavy metal and organic contaminants [150,151]; electrochemical energy storage devices [152], 

and electro- and photocatalytic hydrogen production [153–156]. However, precise control over 

the thickness of TMD nanosheets is exceptionally challenging since it requires an effective 

suppression of the vertical growth mode (along the c direction), which is particularly difficult 

to achieve due to the inertness of chalcogen terminated basal planes to the covalent 

functionalisation. The solution-phase growth of TMD nanomaterials is performed either via 

the hydrothermal (solvothermal) or via the colloidal synthesis route. Both routes require 
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moderately high temperatures (150-300 oC). Hydrothermal (solvothermal) synthesis is carried 

out in an aqueous (non-aqueous) solution in a sealed container at high pressure and at 

temperatures exceeding the boiling point of the solvent. Whereas, colloidal synthesis is 

typically performed at normal pressure in an inert atmosphere. Growth mechanisms, proposed 

for these two solution-phase approaches, differ significantly. Colloidal growth is based on a 

burst heterogeneous nucleation of solid phase in a supersaturated solution, which is followed 

by the growth stage (Section 2.1), whereas in hydro- and solvothermal syntheses, the nucleation 

and growth processes are not separated in time [157]. Also, the key feature of colloidal synthesis 

is the presence of capping ligands in the reaction medium that mediate the particle growth and 

ensure colloidal stability of the final suspensions. 

Recently, hydro- and solvothermal synthesis of the group VIB disulphide and diselenide 

nanostructures from the respective trioxides (MoO3, WO3) [158,159], ammonium molybdates and 

tungstates ((NH4)6Mo7O24·4H2O, (NH4)10W12O41·xH2O) [160–163], carbonyls (Mo(CO)6, 

W(CO)6) [151], and chlorides (MoCl5, WCl6) [161] have been successfully demonstrated. 

Common chalcogen precursors include thiourea, thioacetamide, and elemental sulphur and 

selenium; however, the hydrolysis of chalcogen precursors, occurring under the hydrothermal 

conditions and leading to the evolution of H2S and H2Se, is assumed to be crucial for the 

synthesis of atomically-thin TMD structures. The solvothermal synthesis of pnictogen 

chalcogenides is commonly performed from the respective oxides (Bi2O3, SeO2, TeO2) [164], 

chlorides (BiCl3, SbCl3) [164,165], sodium selenite and tellurite (Na2SeO3, Na2TeO3) [166] in 

ethylene glycol in the presence of a surfactant (polyvinylpyrrolidone) to prevent 

agglomeration. Compared to the colloidal synthesis approach, hydrothermal (solvothermal) 

synthesis requires longer growth times (10-48 hours) and generally yields branched or 

agglomerated nanostructures. Colloidal synthesis, on the other hand, requires more accurate 

tuning of the growth conditions, such as precursor concentrations and temperature, in order to 

achieve the control over the morphology, size, and uniformity of the grown material. In the 

case of group IVB disulphides, fine control over the thickness of colloidal nanosheet has been 

achieved by tuning the chalcogen (in situ generated H2S) influx rate [167]. 

Only a few experimental protocols of the colloidal synthesis of molybdenum [149,153,168–

171] and tungsten [154,156,168,169,172] dichalcogenides have been reported recently. These are 

summarised in Table 4. Typically, molybdenum and tungsten chlorides (MoCl5 and WCl6) are 

used as the respective sources of transition metal [149,156]; however, carbonyls (Mo(CO)6 and 

W(CO)6) [169] and molybdates and tungstates (Na2MoO4 and (NH4)2WO4) [170,154] have also 
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been successfully employed for the synthesis of colloidal TMD nanostructures. Commonly 

used chalcogen precursors include carbon disulphide [149,156], thiourea [154], thioacetamide [168] 

and diphenyl diselenide [169]. The morphology of the final product is reported to vary from 

irregular nanodisk-like shapes (NDs) [154,169] and nanosheets (NSs) [149,169] to more regularly 

shaped nanoflowers (NFs) [170,171]. It appears that the material produced from either chlorides 

[156,172] or carbonyls [168,169] tends to acquire the morphology of few-layered nanodisks. 

Moreover, individual nanostructures are often found to form chains of closely-stacked disks 

[154] or even continuous micron-sized quasi-2D agglomerates [172]. It is only emerging that the 

lateral extension of colloidal TMD nanodisks can be potentially achieved if oleic acid is present 

in the reaction medium [149,169], however, its role in the TMD synthesis remains unclear. The 

choice of molecular precursors used in this work and the details of the designed synthesis 

protocols are provided in Sections 2.2.2 and 2.2.3. 

Table 4. Recent advances in colloidal synthesis of the group VIB TMDs. 

M
at

er
ia

l 

Growth conditions Morphology 

C
ry

st
al

 p
ha

se
 

R
ef

er
en

ce
 

precursors: 
transition metal; 

chalcogen 

organic 
solvent(s) 

T g
ro

w
th

, o C
 

na
no

pa
rti

cl
e 

sh
ap

e 

th
ic

kn
es

s, 
la

ye
rs

 

la
te

ra
l s

iz
e,

 
nm

 

M
oS

2 MoCl5 + TDPA + 
OlAc + OlAm; CS2 OlAm 320 NSs ≥2  2H [149] 

[Mo(ac)2]2 + StAc; 
CH3(NH2)CS 

OlAm, 
TOPO 330 NDs 1-5 15-40 2H [168] 

M
oS

e 2
 

MoO2(acac)2; 
Ph2Se2 OlAm 240 NFs 2-5 100-200 2H [153] 

Mo(CO)6 + TDPA; 
Ph2Se2 OlAc 350 NSs 1 200 2H [169] 

Na2MoO4; ODE:Se OlAc, 
OctAm 300 NFs  50-250 2H [170] 

W
S 2

 

(NH4)2WO4; 
(NH2)2CS OlAm 280 NDs  160 1T’/

2H [154] 

WCl6 (+HMDS)+ 
OlAc + OlAm; CS2 

OlAm 320 NDs 1 100 1T’/
2H [156] 

W(CO)6 +StAc; 
CH3(NH2)CS 

ODE, TOPO, 
squalane 330 NDs 1-5  2H [168] 

WCl6; OlAm:S OlAm, ODE 300 NDs   2H [172] 

W
Se

2 W(CO)6 + TDPA; 
Ph2Se2 

OlAm 
(or OlAc) 330 NDs 

(NS)s 
4-8 
(1) 

5 
(200) 2H [169] 

M
oT

e 2
 

MoCl5 + OlAc; 
TOP:Te 

TOP, OlAm, 
HMDS 300 NFs  100-150 1T’ [171] 



45 
 

Additionally, a few reports indicate that subtle variations in the molecular precursors 

chemistry may result in the formation of metastable crystal phases [154,156]. Approaches to the 

metastable phases of group VIB TMDs, including the recent examples of colloidal synthesis, 

are discussed in Section 1.4.3. 

1.4.3. Access to the metastable crystal phases 

The metastable crystal phases can be either accessed through destabilisation of the 

thermodynamically stable polymorphs, for instance, due to electron transfer, or synthesised 

directly, when the growth conditions are optimised in such a way that the metastable product 

is kinetically preferred. The first reports on the metallic 1T(1T’) group VIB TMD polymorphs 

date back to the pioneering works on chemical exfoliation of these materials [28,173]. It has been 

suggested that the electron transfer from the intercalated alkali metal species leads to an 

increased electron count on the transition metal d-orbitals [26]. Upon chemical reduction, the 

coordination around transition metal centres changes from trigonal-prismatic to octahedral. 

The resulting crystal phase is commonly denoted as the metallic 1T, however, STM studies of 

chemically exfoliated nanosheets have verified distortions in the ab plane, characteristic to the 

distorted-octahedral 1T’ phase [27]. Generally, the 1T(1T’) phases produced via chemical 

exfoliation approach are attained as small crystalline (< 1 μm) domains embedded into the 2H 

matrix. Moreover, the ratio between the converted 1T(1T’) and pristine 2H phases strongly 

depends on the type and concentration of reducing agent (alkali metal) and the composition of 

TMD material [112]. One of the drawbacks of the chemical exfoliation approach is that thus 

produced metastable 1T(1T’) phases gradually decay into the 2H polymorph upon aging and 

especially in the restacked films once the ions have been removed [27,174,175]. Recently, it has 

been demonstrated that this instability can be mitigated via the hydrogenation of intercalated 

lithium species [176]. According to the DFT calculations, LiH is a good electron donor that 

stabilises the 1T’ phase in multi-layered flakes for over 3 months. Although LiH, encapsulated 

between the TMD layers, is stable, the surface bound hydride easily converts into Li2CO3 and 

Li3N, what makes this approach unsuitable for stabilisation of the 1T’ phase in chemically 

exfoliated single layers. Another disadvantage of the lithium intercalation of TMD powders is 

attributed to the non-uniform distribution of intercalated lithium that hinders the control over 

the dimensions of the converted 1T(1T’) patches. However, the 2H-to-1T’ phase 

transformation can be precisely controlled over micron-sized areas if lithium migration within 

the van der Waals gaps is regulated by an external electric field. Such controllable phase 

switching has been demonstrated in lithiated MoS2 films for neuromorphic memory devices [2] 
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and in the ultra-thin (~2-50 nm) MoS2 nanosheets upon a reversible electrochemical lithiation 

[177]. 

Similarly, phase conversion can be achieved via a post-growth treatment of CVD grown 

2H TMD flakes and films with solutions of n-BuLi in nonpolar solvents. Taking into account 

generally larger lateral sizes of the CVD grown flakes compared to that of the chemically 

exfoliated ones, this potentially allows for production of larger domains of the metastable 

1T/1T’ phases. n-BuLi treatment of polycrystalline films of 2H-MoS2 and 2H-MoSe2 grown 

on Si/SiO2 wafers led to partial conversion into the metallic 1T phase with the overall 

conversion efficiency of ~50% [178]. Furthermore, the lithium-induced structural 

transformations in the CVD grown 2H-MoS2 flakes appear to be thickness-dependent with the 

monolayers exhibiting strong resistance to the phase conversion [179]. This, therefore, paves the 

way to the 2D metal-semiconductor junctions in CVD grown TMD devices by controlling the 

exposure to lithiating agent (n-BuLi). In case of the 2H-WSe2 monolayers, a complete 

conversion into the metallic 1T phase can be achieved [180]. Interestingly, depositing a PMMA 

mask has allowed for creating patterned 2H/1T heterojunctions in WSe2 monolayers. Finally, 

the 2H-to-1T phase conversion can be induced by exposure to the vapours of electron donating 

compounds, such as butylamine and trimethylamine, as was demonstrated in the case of MoS2 

and MoSe2 [181]. This can be potentially employed in a novel type of passive sensing devices 

based on detecting the abrupt changes in material conductivity in the presence of strong donor 

analytes, such as nerve gas. 

It has been predicted that the semiconductor-to-semimetal phase transition can be 

achieved by electrostatic gating [23]. For example, the gate voltage of ~2-4 V is required to 

induce the 2H-to-1T’ structural transformation in MoTe2. Although such controllable phase 

switching is potentially interesting for non-volatile memory devices, the approach can hardly 

be extended to other members of the group VIB TMD family since it would require greater 

energy input due to the larger energy difference between the 2H and 1T’ polymorphs for lighter 

dichalcogenides [20]. The required gate voltages, however, can be substantially reduced by 

substitutional doping and alloying. 

Direct growth techniques such as vapour phase deposition and solution-phase reactions, 

commonly rely on a facile tuning of the synthesis conditions. For example, ~100 nm islands of 

the 1T’ WSe2 have been synthesised on bilayer graphene terminated 6H-SiC(0001) substrates 

by molecular beam epitaxy (MBE) [81,43]. The phase-selective growth was achieved by 

controlling the deposition temperature. Keeping the temperatures below 280 oC, a mixture of 
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the 1H and 1T’ phases was attained, while only 1H-phased WSe2 islands were observed at 

higher (400 oC) temperatures. Substrate functionalisation has been found beneficial for 

growing the metastable phases of materials with larger energy difference between the stable 

and metastable polymorphs (0.55 eV in MoS2; 0.33 eV in MoSe2
3). Thus, the 1T’ MoSe2 

islands were selectively formed on Au (111) substrates that were treated with selenium prior 

to deposition [42]. Otherwise, if a layer of selenium was not pre-deposited, only the 

thermodynamically stable 1H polymorph has been obtained. Such a difference in the resulting 

crystal phase was attributed to the formation of an electron donating Mo layer between the Au 

substrate and the pre-sputtered Se overlayer that facilitated growth of the 1T’ phase. MBE 

deposition of 1T’ MoS2 nanoclusters (30-50 atoms) on Au (111) substrates has also been 

reported [41]. The gold substrate itself was presumed to serve as an electron reservoir that 

stabilised the nucleating 1T’ phase. 

Bulk (mm-sized) crystals of the 1T’ group VIB TMDs can be obtained through a direct 

chemical reaction between the alkali metal containing molybdenum or tungsten precursors, 

such as potassium or sodium molybdate, and elemental sulphur or selenium annealed in an 

inert atmosphere in an ampoule [182]. Similarly, vapour transfer and deposition techniques 

allowing for the synthesis of bulk 1T’ phases (~100 μm in lateral size) are generally based on 

the first sulphurisation or selenisation of the required alkali metal molybdate that is followed 

by a thermal decomposition of thus prepared precursors in a reducing atmosphere [183]. High 

purity 1T’ monolayers can then be mechanically [183] or chemically exfoliated [182] from the 

1T’ bulk crystals; in case of chemical exfoliation the 1T’ phase content in the final product 

reaches 97%. Moreover, a phase-selective CVD growth of MoS2 monolayers based on using a 

similar type of precursor, potassium thiomolybdate, K2MoS4, has been proposed recently [184]. 

The crystal phase control was achieved by changing the atmosphere from inert to reducing by 

adding H2 into the carrier gas. Interestingly, depending on the H2 concentration, either the 1T’ 

or 2H phase-pure monolayers and 1T’/2H heterobilayers could be selectively produced. 

Alternatively, CVD growth of the metastable 1T polymorph can be aided by a specific 

catalyst as has been demonstrated in the synthesis of 1T WS2 [185]. In this case, adding a mixture 

of Fe3O4 and NaCl, serving as a catalyst and a growth promoter, into the standard CVD set-up 

(WO3 and elemental S as material precursors) has led to formation of the 1T/2H WS2 butterflies 

with one of the laterally stitched wings being 1T and the other 2H phase. Single crystalline 

                                                 
3 Energy difference between the 2H and 1T’ polymorphs is taken from [20]. 
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domains in these butterfly-like WS2 monolayers reached 80 μm. It has also been shown that 

these 1T/2H WS2 structures could serve as seeds for the laterally expanded 1T/1T and 2H/2H 

WS2/MoS2 planar heterostructures. 

Similarly to vapour deposition approaches, the reported protocols of hydro- or 

solvothermal syntheses of the metastable 1T(1T’) group VIB TMD polymorphs commonly 

involve either reacting ammonium containing salts, like (NH4)2WO4 [154], (NH4)10W12O41·H2O 

[163], and (NH4)6Mo7O24 [162], with the chalcogen precursor, such as thiourea or thioacetamide, 

or thermal decomposition of ammonium thiomolybdate [186] in solution phase. The final 

product is attained as suspensions of the ultra-thin mixed-phase 1T/2H nanosheets or 

nanoribbons with nm-sized single-crystalline domains. The 1T(1T’) phase content in these 

nanosheets reaches ~61.6% [162]. The metastable phase is stabilised by charged precursor 

residues trapped between the layers of few-layered nanosheets. Specifically, the presence of 

intercalated ammonium uniformly distributed across the nanosheets has been repeatedly 

verified by elemental mapping and XPS analysis [162,163,187]. The solvothermal strategy can be 

adapted to form arrays of the 1T’-rich (60%) nanosheets (MoS2) on conductive support (single 

wall carbon nanotubes) for the application in electrochemical devices [187]. 

Recently, using an external magnetic field has been proposed for the phase-selective 

solution-phase synthesis of the 1T MoS2 and WS2 nanosheets [161]. The preferential nucleation 

of the metastable 1T polymorph in high magnetic fields was assumed to be caused by its higher 

magnetic susceptibility compared to the 2H phase, so the energy barrier of the heterogeneous 

nucleation of the 1T phase is lowered in the magneto-hydrothermal process. 

Colloidal synthesis of the metastable polymorphs of group VIB TMDs remains majorly 

undeveloped. The few reported protocols are very similar to the hydro- and solvothermal 

reactions between ammonium salts and thiourea but carried out in oleylamine as a solvent [154]. 

However, the direct synthesis of pristine metastable phases not stabilised by charged species is 

challenging, and no reliable strategy has been developed so far. Tuning the reactivity of 

molecular precursors of transition metal and chalcogen can be potentially utilised for targeting 

the phase-selective growth in solution phase [156]. The basics of kinetically-driven growth of 

colloidal nanocrystals will be discussed in Section 2.1.3. In the TMD systems, the effects of 

nanocrystal nucleation and growth kinetics on the preferential formation of one polymorph 

over the other remain unexplored. 
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Chapter 2: 

Experimental methodologies and characterisation techniques 

In this Chapter, we present the colloidal synthesis that we have designed to obtain MoSe2, 

MoTe2, Bi2Te3, and WSe2 nanostructures in solution phase. Over the past decades, colloidal 

synthesis has been majorly employed to obtain colloidal suspensions of high quality AIIBVI and 

AIVBVI semiconductor nanostructures [188,189] but remains significantly undeveloped for the 

TMD systems. Here, we describe the theoretical model of homogeneous nucleation and growth 

of the solid phase in supersaturated solution, which provides a sufficient, although fairly 

simplified, basis of the growth process of the layered metal chalcogenides (MoSe2, MoTe2, 

Bi2Te3, and WSe2). This is followed by a discussion of the experimental approaches to grow 

colloidal MoSe2, MoTe2, Bi2Te3, and WSe2 nanostructures designed within this work, 

including a detailed description of the experimental set-up, choice of suitable molecular 

precursors, and the range of the experimental conditions varied in the synthesis of these binary 

systems. Further, we cover the characterisation techniques used to investigate the morphology, 

crystal structure, and optical properties of the obtained colloidal nanostructures. Finally, we 

focus on the fundamentals of the electrochemical methods and particular experimental 

methodologies applied to assess the catalytic activity of the produced materials for the 

hydrogen reduction reaction. 

2.1. Overview of the colloidal synthesis of semiconductor nanostructures 

In general terms, colloidal synthesis of semiconductor nanoparticles is based on a 

homogeneous nucleation of the crystal phase in the supersaturated monomer solution in the 

presence of a capping ligand that acts as a steric barrier, preventing nanoparticles from 

aggregation and ensuring their colloidal stability. Developed in early ‘90s to synthesise nearly 

monodispersed spherical CdSe nanocrystals (colloidal quantum dots) [188,190], the colloidal 

approach has been extended to a huge variety of semiconductor systems ranging from binary 

heavy metal (Cd, Zn, Cu, Ag, Sn, Pb) chalcogenides [191–193] to metal halide perovskites [194] 

and more exotic transition metal-based chalcospinels [195]. However, it has seen very little 

application for the synthesis of TMD nanostructures. A significant understanding of the 

nanocrystal formation process has been gained experimentally that allowed for achieving an 

unprecedented control over the morphology of the colloidal semiconductor nanocrystals. This 

has been demonstrated by successful growth of the highly uniform anisotropic nanostructures, 
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e.g. nanorods [196], branched tetrapod- and octapod-shaped nanocrystals [197,198], nanoribbons 

[199,200], and more recently two-dimensional semiconductor nanosheets (colloidal quantum 

wells) [201–204]. Strict theoretical modelling of the formation mechanism of colloidal 

nanocrystals is complicated due to a high fraction of surface atoms that are prone to interaction 

with solvent and capping ligand molecules. This may significantly alter the stability of the 

nucleated species and energetics of their crystal facets. However, general thermodynamic 

description of the nucleation and growth processes can be extrapolated to various types of 

materials. This can provide insights into potential synthesis routes to achieve nanocrystals with 

required shape and composition. 

2.1.1. Spontaneous nucleation of solid phase in a supersaturated solution 

Growth of colloidal nanoparticles occurs through a series of consecutive stages. The 

growth process starts with a reaction between the respective molecular precursors, leading to 

accumulation of the monomer, which is the building block of the growing nanocrystals. This 

is followed by homogeneous nucleation and growth in solution phase. At the very final stages 

of reaction the system may enter the Ostwald ripening stage [205,206]. 

A typical solution-phase crystallisation follows the same route regardless of the material 

chemistry. Graphically, this can be illustrated by LaMer plot showing change of the monomer 

concentration over time in solution (Figure 2.1.a) [207,208]. The initial chemical reaction between 

the molecular precursors leads to the steady monomer accumulation that corresponds to the 

linear section of the LaMer curve in the region I. Even though the monomer concentration C 

(mol/L) exceeds that of a saturated solution Csat (bulk solubility), the activation barrier is still 

Figure 2.1. Formation of colloidal nanocrystals in supersaturated solution. a LaMer plot illustrating 
changes in the monomer concentration occurring during the nucleation and growth stages of the 
colloidal synthesis. b Formation of the activation barrier of homogeneous nucleation ΔGcr as a 
difference between the bulk and surface terms of the Gibbs free energy. 
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too high for the homogeneous nucleation and the formation of solid phase does not occur in 

the region I. In the region II, the supersaturation 𝑆 =  𝐶 𝐶sat
⁄  reaches the critical level 𝑆cr =

 
𝐶cr

𝐶sat
⁄ high enough to overcome the activation barrier and spontaneous nucleation of the solid 

phase occurs. At this stage the free monomer is consumed during the nucleation and the 

subsequent growth processes. Since the consumption rate exceeds the rate of the chemical 

reaction between the molecular precursors and so of the monomer supply, the monomer 

concentration eventually drops below the critical supersaturation level Scr. At this stage, 

although the monomer solution remains supersaturated, the net homogeneous nucleation rate 

turns to zero (no new nuclei produced) and the reaction entries the growth phase (region III). 

Growth of the nanoparticles continues as long as the monomer concentration C is higher than 

Csat. 

The activation barrier of homogeneous nucleation, when the system spontaneously 

changes from the homogeneous to the heterogeneous state, arises because the nuclei of the 

solid phase are less stable than either the well solvated monomer or the formed nanocrystals 

[205,209]. Applied to the case of two-dimensional materials, formation of a disk-like nucleus with 

the radius r (m) and thickness h (m) creates a phase interface with the area 2πr(r+h) and the 

surface energy σ (J/m2). At the same time, formation of a seed is associated with the transition 

of the supersaturated solution into a stable solid state and therefore is accompanied by a 

reduction of the chemical potential Δμ (J/mol). The total change of the Gibbs free energy ΔG 

(J) can be written as a sum of these two, surface and bulk, terms: 

∆𝐺 = 2(1 + 𝑎)𝜋𝑟2𝜎 −  𝑎𝜋𝑟3
∆𝜇

𝑉m
 (1) 

where a is a dimensionless coefficient defining the aspect ratio of a disk-like nucleus, i.e. a is 

equal to ℎ 𝑟⁄ ; Vm is the molar volume of condensing phase (m3/mol). As shown in Figure 2.1.b, 

the Gibbs free energy ΔG as a function of a nucleus dimension r has an extremum at the critical 

size of the nuclei rcr [210]. For a given monomer supersaturation S in the system, only the seeds 

with the radius exceeding rcr can spontaneously nucleate and grow in the supersaturated 

solution, while smaller clusters formed by random collision of the monomer are unstable and 

dissociate into the constituent monomer blocks. For an effective homogeneous nucleation, the 

supersaturation in solution should be high enough to maintain the nucleation rate at the level 

at which the number of seeds increases even if the smaller seeds dissolve away. Numerical 

analysis of the Gibbs free energy as a function of the nanocrystal size is complicated since both 
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nanocrystal surface energy and chemical potential are size-dependent; moreover, nanocrystal 

solubility rapidly increases as its diameter decreases. In real systems, the exact level of the 

critical supersaturation, at which the formation of stable nuclei occurs, is hard to define and the 

dissolution of the nuclei with the r > rcr can happen due to the local fluctuations in temperature 

or in monomer concentration [205]. 

To prepare monodisperse colloidal nanocrystals, the nucleation and subsequent growth 

stages have to essentially be separated in time. This concept became known as a “burst 

nucleation” approach and was first proposed by V. LaMer [207]. In burst nucleation, sudden 

high supersaturation is commonly achieved by a rapid injection of the molecular precursors 

that leads to a large number of small stable nuclei being immediately formed in the solution. 

Rapid depletion of the free monomer causes termination of the nucleation process and the seeds 

start growing. Separation of the nucleation and growth stages suggests that all nucleated 

nanoparticles have the same growth history and so the final size distribution is defined only 

during the nucleation stage and does not change during the growth stage. 

The discussed thermodynamic model of the homogeneous nucleation in solution is, 

however, significantly simplified, and it does not consider factors associated with the chemical 

reaction kinetics that provide an additional, kinetic, barrier to the nucleation. For example, in 

very insoluble inorganic crystals the monomer concentration exceeding the solubility of the 

smallest possible clusters (~1 nm) allowed in the system can be easily achieved. This suggests 

that there is virtually no thermodynamic barrier for the spontaneous homogeneous nucleation 

to occur [210]. In practice, the nucleation in such systems is determined by the formation of 

“magic-sized clusters”, which are stable nanoclusters, possessing closed electron shells [211,212]. 

Once formed, these clusters are thermodynamically trapped and the following growth via the 

addition of a few building block (monomer) is unfavourable. Instead, the growth of 

nanocrystals is commonly reported to proceed through the oriented attachment of the magic-

sized clusters [212,213]. 

Finally, it should also be pointed out that even when the nucleation process goes through 

the classical nucleation route (thermodynamically-limited nucleation), there is a strong driving 

force to minimise the surface area of a nanocrystal due to exceptionally high surface-to-bulk 

atom ratio characteristic to the nanostructures that leads to a considerable surface 

reconstruction. This surface reconstruction may occur through a lattice compression and 

introduction of defects, i.e. stacking faults, [190] or even through a spontaneous [214] or ligand-

driven [215] phase transition into a different crystal structure. 
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2.1.2. Diffusion-controlled growth regime 

When the level of supersaturation drops below critical, the homogeneous nucleation of 

the new seeds of solid phase is suppressed and the system enters the growth stage. In the early 

‘50s, H. Reiss developed a simple model of the diffusion-controlled growth of spherical 

particles in solution phase [205,216]. In this model, growth of spherical particles is assumed to 

occur under steady state conditions, specifically, when the growing particles do not interact, 

and the monomer concentration is accepted as constant at a certain fixed distance from the 

particle centre. The growth rate is proposed to be solely limited by the monomer flux to the 

particle surface. The amount of monomer reaching the surface of a particle with the radius r 

increases proportionally to r2, while the volume of a particle increases proportionally to r3 as a 

result of the monomer deposition on the particle surface. Thus, the growth rate of a spherical 

particle is inversely proportional to its radius, suggesting that smaller particles grow faster than 

the larger ones. As a consequence, Reiss model predicts that in an ensemble of growing 

spherical particles the size distribution always decreases as long as all particles are growing, 

and no additional nucleation events take place. In real systems, however, particle growth rate 

depends on the chemical reaction kinetics of the monomer adsorption and desorption on its 

surface. Qualitatively, the effect of the change in the chemical potential during the particle 

growth can be described as the smaller the particle radius r, the harder it is to deposit monomer 

on its surface, therefore dissolution of the particle becomes preferential [205]. Dependence of 

the particle growth rate on its radius as a result of the competing mass transport and the 

chemical reaction processes is depicted in Figure 2.2 [217]. Particles with the size smaller than 

critical rcr exhibit negative growth rates (𝜕𝑟
𝜕𝑡

) due to a large fraction of the surface atoms that 

renders them prone to dissolution back into the free monomer species. The growth rate turns 

positive once the particle size exceeds the critical value rcr. The peak in the corresponding plot 

of the growth rate as a function of the particle radius is commonly explained by a geometric 

factor as increasing the radius of larger particles requires deposition of more monomer than for 

the smaller ones that explains the difference in growth rates. 

At high monomer concentrations, significant difference in the growth rates of small and 

large particles leads to the gradual “focusing” of the size distribution due to the fact that smaller 

particles grow faster than the larger ones resulting in an increase of the monodispersity in the 

system. This effect is represented by the red curve in Figure 2.2. At low monomer 

concentration, the growth rates are rather slow and do not differ considerably in the broad range 
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of the particle sizes present in the system, as illustrated by the blue curve in Figure 2.2. These 

considerations lead to a major observation: slow growth rates characteristic to the 

crystallisation under low supersaturation (low monomer concentration) typically produce 

equilibrated, barely faceted, crystals exhibiting broad size distributions. 

It should be noted that the critical radius rcr defining the minimum size of a stable particle 

in the system strongly depends on the monomer concentration. In the late stages of the solution-

phase crystal growth, when the free monomer is depleted down to the saturation level and the 

critical size falls within the range of particle sizes present in the system, growth of the particles 

with radius exceeding rcr continues due to dissolution of the smaller ones that results in the 

“defocusing” (broadening) of size distribution. This process is also referred to as Ostwald 

ripening. Strictly speaking, Ostwald ripening can occur at any free monomer concentration as 

long as there are crystals with the size smaller than rcr present in the system. 

Overall, the diffusion-controlled solution-phase crystal growth typically favours the 

minimisation of the excessive surface energy and results in formation of nearly spherical 

(equilibrium) crystals. In practice, ensembles of particles with narrow size distribution can be 

achieved if the reaction is arrested when the supersaturation is still high and before the system 

enters the Ostwald ripening stage. Additionally, the size distribution can be refocused by the 

addition of extra monomer shifting the critical size to smaller values and inducing “focusing” 

as long as the monomer concentration remains sufficiently high (high supersaturation) [218]. 

Interestingly, at even higher monomer concentrations and, as a consequence, higher growth 

rates particles with more complex, anisotropic, morphologies can be grown as will be discussed 

in the next section. 

Figure 2.2. Diagram illustrating the dependence of a nanocrystal growth rate on its radius. Reprinted 
by permission from Springer Nature: [200]. Copyright © 2004. 
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2.1.3. Kinetically-controlled growth regime 

Unlike the growth under low supersaturation (steady state conditions), which is also 

referred to as a thermodynamically- or diffusion-controlled growth regime that yields 

equilibrium shaped crystals with low aspect ratios, the growth at high supersaturation levels 

results in considerably higher crystal growth rates that allows for formation of highly 

anisotropic crystals. In such kinetically-controlled growth processes, the rate limiting step is 

the monomer deposition reaction, and the morphology that the growing particle acquires 

depends on the difference in growth rates of the crystal facets. Kinetically-controlled crystal 

growth occurs at supersaturation levels just above the size distribution focusing regime [217] 

and the tailored monomer-concentration-dependant morphology (aspect ratio) of the colloidal 

nanocrystals has been successfully demonstrated experimentally [196,219]. 

We should point out that a facet growth rate is defined as the rate at which this facet 

propagates from the centre of the crystal nucleus. The growth rate of a specific facet, along a 

specific crystallographic direction, depends on the corresponding surface energy since the 

kinetic barrier of the monomer deposition reaction is inversely proportional to the intrinsic 

surface energy of the facet at which the reaction occurs [220]. Under non-equilibrium conditions 

(high monomer flux), the monomer deposition preferentially takes place at the least stable 

facets exhibiting high surface energies and providing the favourable pathway to the not 

necessarily most stable final products. This can lead to formation of highly anisotropic 

morphologies [220,221]. Furthermore, the anisotropic crystals growing under the non-equilibrium 

conditions can stably expose the high energy facets due to the minimal formation energy barrier 

[222]. 

Difference in the growth rates of various crystal facets can be controllably modulated by 

adding a capping ligand selectively passivating certain crystal facets thus impeding their 

growth and facilitating the crystal extension in other directions. Precise tailoring of the relative 

growth rates, and hence the shape of the growing nanocrystals, can be achieved by varying the 

type [223] and the amounts [224,225] of capping ligand as well as by adjusting the ratio between 

various capping ligands [219]. Using this approach, colloidal semiconductor nanoparticles with 

various morphologies ranging from one-dimensional nanorods with high aspect ratios [226] to 

two-dimensional platelets [227] have been synthesised. The capping ligands (surfactants) used 

in the colloidal synthesis play a dual role: dynamically solvating nanocrystals and preventing 

their aggregation serving as a mechanical barrier. At the nanocrystal growth temperatures, 

surfactants adsorb on and desorb off the nanocrystal facets thus the nanocrystal surface is 
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transiently accessible for the monomer deposition, while at room temperature, when the 

reaction is arrested, form a steric barrier ensuring colloidal stability of the synthesised 

nanoparticles. Most commonly used capping ligands include long chain carboxylic acids and 

amines, alkyl phosphines and alkyl phosphonic acids. In these ambipolar molecules, polar 

functional head groups coordinate nanocrystals saturating the dangling bonds at the surface 

sites, whereas non-polar long chain organic tails interact with organic solvents providing 

stabilisation of the colloidal suspension. The binding energies of various capping ligands were 

explicitly modelled for the cadmium chalcogenides system with the general trend being that 

alkyl phosphines and to lesser degree primary aliphatic amines effectively passivate the 

chalcogen terminated crystal facets, while alkyl phosphonic acids demonstrate high affinity to 

the transition metal rich facets [228]. For the TMD system, information on the capping ligand 

binding energies is significantly limited in the recent literature. Among commonly used 

surfactants, oleic acid is assumed to have lower binding energy to both the {100} and {110} 

lateral facets compared to that of oleylamine or oleyl alcohol, while all three capping ligands 

show very low affinity to the chalcogen terminated {001} basal planes [169]. 

Gradual monomer consumption during the nanoparticle growth process results in a shift 

of the dominant mechanism from the kinetically-controlled to the thermodynamically-

controlled that eventually leads to the nanoparticle shape evolution into the more equilibrium 

ones due to adsorption and desorption processes, occurring concurrently. In order to achieve 

highly anisotropic morphologies, growth of the colloidal nanoparticles needs to be arrested 

while the system is still in the kinetically-controlled mode (high monomer supersaturation). 

2.1.4. Composition variation: Colloidal synthesis of hybrid nanostructures 

Not only the morphology of colloidal nanocrystals but also their composition and spatial 

distribution of the constituent counterparts within a single nanoarchitecture can be effectively 

controlled during the solution-phase synthesis. The experimental wet chemistry approaches 

allowing for the selective modification of the composition of colloidal nanostructures can be 

divided into three main groups, namely, seeded growth, cation (or less commonly reported 

anion) exchange, and direct formation of mixed compositions, and are summarised through the 

comparative sketches in Figure 2.3. 

Seeded growth is the most straightforward two-step approach to synthesise 

heterostructured hybrid nanoparticles. In this process, nanoparticles of material A are formed 

first (product 0) that then serve as “seeds” for the deposition of material B that is being slowly 
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added into the colloidal suspension of nanoparticles A [229] as depicted by the pathway a in 

Figure 2.3. Deposition of material B occurs selectively on the surface of nanoparticles A since 

the energy barrier of the heterogeneous nucleation is considerably lower than that of the 

homogeneous nucleation and thus nucleation of a separate phase B in the solution is 

unfavourable. The formation of a heterostructured nanocrystal involves creation of an interface 

between two structurally different materials. Depending on the subtle balance between the 

intrinsic surface energies of individual phases A and B, the effect of capping ligands, and the 

surface energy of the A/B interface, the heterogeneous deposition can result in the formation 

of heterostructures with either isotropic (i) or anisotropic (ii) core/shell geometries [230,231] as 

well as heterodimers (iii) consisting of adjacent domains A and B [232]. The latter type of hybrid 

architectures has been recently achieved in the CVD grown layered transition metal 

dichalcogenide systems as vertical [233,234] or in-plane [234,235] two-dimensional 

heterostructures. 

Another type of chemical transformation reported to take place in the suspensions of 

colloidal nanoparticles when one solid phase is being transformed into another via the 

replacement of its ions [236] is known as ion exchange and it is illustrated by the pathway b in 

Figure 2.3. Thermodynamically, the exchange process is driven by the relative stabilities of the 

starting phase A and the product phase B as well as by the difference in solvation, or in a 

Figure 2.3. Comparative sketches of possible formation mechanisms of the hybrid nanoarchitectures 
via the wet-chemistry approaches. a Formation of the isotropic (i) or anisotropic (ii) core-shell 
heterostructures or the asymmetrical heterodimers (iii) via the seeded growth route. b Formation of the 
fully (iv) or partially (v) substituted, including the alloyed (vi), nanostructures via the cation exchange 
route. c Direct formation of the uniform ternary alloys (vii) and d the spontaneous phase segregation 
leading to the heterostructured nanoarchitectures (heterodimers, viii). 
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broader context, ligation, energies of the respective substituting B and the liberated A monomer 

species in the colloidal suspension [191]. The kinetics of ion exchange is notoriously faster at 

the nanoscale compared to the case of bulk solids [236]. As a result, cation exchange in ionic 

semiconductor nanocrystals can lead to a complete conversion of the host crystal phase 

(product iv). However, if incomplete, the replacement reaction leads to the formation of 

heterostructured (v) or alloyed (vi) transient nanoarchitectures depending on the nature and the 

propagation kinetics of the interface between the starting and product phases A and B, 

respectively. Provided that the anion framework is robust enough, sequential cation exchange 

allows for the realisation of anisotropic shapes, dictated by the morphology of the parent 

nanocrystals, in the highly symmetric crystal systems that lack the unique crystallographic 

direction and therefore are otherwise attained in a form of isotropic particles [192]. Additionally, 

cation exchange in ionic semiconductor nanocrystals has been used to acquire the product 

structures in the metastable crystal phases templated and locked by the symmetry of the starting 

material [236]. Furthermore, more complex binary heterostructures can be produced during the 

partial transformation occurring owing to the selective diffusion along certain crystallographic 

directions thus creating separate domains [237,238]. Such selectivity of the cation exchange 

reaction is reported to emerge due to the crystallographic relationship between two crystal 

phases, starting and the product, and can be amplified through the choice of suitable capping 

ligands modifying the surface energy of the selected crystal facets. Cation exchange can also 

be achieved in covalent crystals [239], however, the cation diffusion and replacement rate are 

expected to be significantly slower [240]. 

Finally, initiating homogeneous nucleation of the solid phase in the solution, containing 

monomer species of different compounds as illustrated by the pathway c in Figure 2.3, was 

successfully employed to incorporate dopants into the pristine crystal lattice [241] as well as to 

synthesise isostructural ternary alloys [242] as long as the mixing enthalpy remains negative. 

Destabilisation of the alloyed phases causes spontaneous decomposition (phase segregation) 

and consequently formation of the heterostructured dimers (pathway d in Figure 2.3). In 

Sections 4.1 and 4.2 we discuss how this experimental approach developed for the colloidal 

AIIBVI hybrid nanocrystals can be adapted to produce doped and alloyed TMD (WSe2) 

nanostructures in solution phase.  
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2.2. Colloidal synthesis of atomically-thin layered metal chalcogenides 

2.2.1. Experimental set-up 

Synthesis of all materials discussed in this work (MoSe2, MoTe2, WSe2, Bi2Te3, doped 

WSe2 and ternary WxMo1-xSe2 nanostructures) was carried out in a standard Schlenk line shown 

in Figure 2.4 in an inert atmosphere to minimise oxidation of both starting precursors and the 

material produced at relatively high growth temperatures (up to 300 oC). In the presented set-

up, the vacuum line of the double manifold (1) is connected to a rotary vane pump (4) through 

two traps: an absorbing trap (2) filled with finely ground KOH granules, which serve as an 

absorber of the gaseous HCl produced as a side-product in the syntheses from metal chlorides 

(MoCl5, WCl6), and a cold trap (3) cooled with liquid nitrogen during the experiment to 

condense evacuated organic vapours and moisture to prevent them from entering the vacuum 

pump. Dynamic vacuum in the system is monitored by a Pirani gauge (5); solvent degassing 

and metal complex formation were normally performed at 1-1.5×10-1 mbar. The gas line of the 

Schlenk manifold is connected to a nitrogen cylinder (not shown in the picture). Before entering 

the gas line and the reaction flasks, the inert gas is passed through a DrieriteTM gas-drying unit 

(6) to eliminate traces of moisture. The excess of nitrogen gas is vented out through a mineral 

oil bubbler that also acts as a liquid seal between the inert atmosphere in the gas line and the 

oxidising atmosphere outside. The reactions were carried out in a three-neck 50 mL flask 

heated by one of the heating mantles (7) placed on top of a magnetic stirrer; reaction 

temperature was controlled by a temperature controller (8) equipped with a thermocouple. 

Reaction flasks were connected to the Schlenk manifold through an antisplash adapter (9) to 

prevent condensed heavy organic products from returning into the reaction flask. 

Both metal and chalcogen precursors used in solution-phase synthesis of transition metal 

chalcogenide nanostructures must satisfy two experimental criteria: firstly, to be available in a 

liquid form; secondly, to be reactive enough to form monomer essential for the nucleation of 

the material. Existence in a liquid form is an essential requirement for the molecular precursors 

in order to ensure homogeneous nucleation of the material in solution rather than heterogeneous 

nucleation that would otherwise occur on the surface of solid precursors and to allow for a 

precise control over the loaded precursor amounts, and hence over the stoichiometry of 

growing material. Molecular precursors of choice are discussed in the following sections. 
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2.2.2. Choice of chalcogen precursors 

In contrast to the rich sulphur-containing precursor chemistry developed for solution-

phase synthesis of quantum dots, their selenium and tellurium analogues remain 

underdeveloped or in some cases unavailable. Elemental selenium and tellurium are known to 

dissolve in tertiary organic phosphines forming the corresponding selenides and tellurides upon 

a reaction R3P + E ↔ R3P=E, where E is chalcogen, R is an organic ligand [243]. Although 

commonly described as solutions, organic phosphine chalcogenides do not contain free 

elemental chalcogens, instead in this reaction the tertiary phosphine undergoes a chemical 

oxidation covalently binding chalcogen atoms [244]. It should be noted that in an isolated form 

phosphine chalcogenides are prone to dissociation, however their stability can be significantly 

improved if used in the presence of substantial amounts of the parent phosphine [245]. 1M 

trioctylphosphine selenide (TOP:Se) and trioctylphosphine telluride (TOP:Te) solutions in 

trioctylphosphine (TOP) were chosen as the chalcogen precursors for synthesis of the transition 

metal selenide and telluride nanosheets. The stock solutions were prepared by dissolution of 

5 mmol of selenium (Aldrich, 99.99% trace metals basis) or tellurium (Aldrich, 99.8% trace 

metal basis) powder, respectively, in 5 mL of TOP (Aldrich, 90%) at 100-250 oC in an inert 

atmosphere of nitrogen gas, then transferred into the nitrogen filled vials with septa caps and 

stored in a drying desiccator (Figure 2.5.a). 

Figure 2.4. Schlenk line used for solution-phase synthesis of the air-sensitive materials. 



61 
 

The dissolution of elemental chalcogens in TOP was monitored by Fourier-transform 

infra-red (FTIR) spectroscopy (Figure 2.5.b). The ATR FTIR spectra of 1M TOP:Se and 

TOP:Te demonstrate new bands appearing in the fingerprints region that are absent in the 

spectrum of TOP and can possibly be attributed to the stretching modes of the P=Se (centred 

at 490 cm-1) and P=Te (observed at 420 cm-1) bonds [246]. The strongest IR peaks can be 

assigned to the C-H bond vibrations: symmetric νs and asymmetric νas stretching modes of the 

CH3 (at 2870 and 2955 cm-1) and the CH2 (at 2850 and 2919 cm-1) groups, symmetric δs 

bending of the CH3 (umbrella, at 1377 cm-1) and symmetric δs (scissoring, at 1463 cm-1) and 

asymmetric δas (rocking, at 722 cm-1) in-plane deformations of the CH2 groups of the alkyl 

chains. A weak vibration mode found at 1180 cm-1 in TOP:Te and nearly absent in TOP:Se can 

be assigned to a stretching mode of the P=O bond [247] and can indicate a minor oxidation of 

the phosphine during the reaction with tellurium occurring at 250 oC. 

The alternative selenium precursors used in this work to investigate the role of precursor 

reactivity in colloidal synthesis of the MoSe2 and WSe2 nanostructures were elemental 

selenium and a solution of elemental selenium in oleylamine (OlAm). It has been reported that 

elemental selenium can be dissolved in many organic solvents through a series of reactions at 

the C-H and double -C=C- bonds of aliphatic hydrocarbons [244,248] or by oxidation of the N-H 

and αC-H bonds of aliphatic amines [249]. Active forms of selenium in the organoselenium 

intermediates produced in these reactions are still being investigated, however a number of 

studies have clearly demonstrated that heating of the elemental selenium in long-chain organic 

solvents commonly used in colloidal synthesis of the semiconductor nanoparticles 

Figure 2.5. Chalcogen precursors TOP:Se and TOP:Te. a Photograph of 1M TOP:Se and 1M TOP:Te 
solutions. b ATR FTIR spectra of TOP (1), 1M TOP:Se (2) and 1M TOP:Te (3). Spectra are offset for 
clarity. Vibration modes are labelled as following: ν – stretching; δ – in-plane bending; γ – out-of-plane 
bending. 
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(hexadecane, octadecene, octylamine, oleylamine) results in formation of gaseous H2Se as one 

of the products, which, although rarely mentioned in literature on colloidal synthesis, can 

induce higher reactivity of the “dispersed” selenium compared to the tertiary phosphine 

selenides [250]. In this work, 1M Se:OlAm stock solution was prepared by dissolving 5 mmol 

of selenium powder (Aldrich, 99.99% trace metals basis) in 5 mL of OlAm (Aldrich, 70%) at 

250 oC in a nitrogen atmosphere and was used within an hour after preparation to minimise any 

possible change of the reactivity which occurs over time [248]. 

Finally, elemental selenium, used in a few syntheses of the MoSe2 and WSe2 

nanostructures discussed in Chapter 3, supposedly melts (Tm = 221 oC, [251]) and then reacts 

with a coordinating solvent, oleic acid (OlAc), leading to the H2Se evolution. Presence of the 

in situ generated H2Se can possibly explain the experimentally observed higher reactivity of 

the elemental selenium compared to TOP:Se. This hypothesis is supported by the fact that a 

thin layer of the brick-red amorphous selenium was repeatedly observed on cold parts of the 

glassware (cold neck of the reaction flask, adaptors, antisplash condenser) after the syntheses 

from elemental selenium, whereas no evidence of selenium contamination of the glassware was 

found after syntheses from TOP:Se, while the reaction temperature (300 oC) was not high 

enough for the elemental selenium to evaporate (685 oC, [251]). 

2.2.3. Preparation of colloidal MoSe2, MoTe2, and WSe2 nanostructures 

The approach to synthesise colloidal MoSe2, MoTe2, and WSe2 branched nanosheets 

introduced in this work is based on the reaction between a transition metal precursor and a 

chalcogen precursor occurring in the solution phase. In a typical synthesis, nucleation of the 

material followed by the growth from molecular precursors is induced by a rapid injection of 

the chalcogen precursor into a hot solution containing the metal precursor. Designing the 

synthesis protocol, we have chosen to avoid commonly used di-t-butyl selenide [252] or 

diphenyl diselenide [153,169] due to their toxicity and tungstate or molybdate salts [163,170] 

potentially leading to the increased content of oxidised material owing to incomplete 

selenisation/tellurisation process. Chalcogen precursors of choice were introduced in Section 

2.2.2. Transition metal molecular precursors were prepared by dissolving inorganic transition 

metal complexes (W(CO)6, WCl6, Mo(CO)6, MoCl5) in long chain organic solvents (oleic acid, 

oleylamine, octadecene). The organic solvents were degassed prior to the synthesis in order to 

minimise the amount of dissolved oxygen, which otherwise could lead to undesirable oxidation 

of the growing material, and the transition metal complexes were normally transferred under 

nitrogen into the degassed solvent and then were kept at 200 oC under vacuum until complete 
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dissolution. The growth of MoSe2, MoTe2, and WSe2 nanosheets was performed at 300 oC. 

This growth temperature was chosen as no nucleation of the material was observed at lower 

temperatures, which is in good agreement with previous reports [168], and higher temperatures 

would cause solvent boiling (oleic acid Tb = 360 oC; 1-octadecene Tb = 315 oC). After three 

Figure 2.6 Tungsten molecular precursor. a-c Photographs of tungsten complex formed by dissolving 
tungsten carbonyl in either oleic acid, or oleylamine, or 1-octadecene (in presence of minimum amount 
of oleic acid), respectively; photograph in panel f shows tungsten carbonyl complex dissolved in 
untreated oleic acid. d Photograph of oleic acid after 30 minutes treatment at 200 oC under vacuum. e 
Photograph of molybdenum complex formed by dissolving molybdenum carbonyl in oleic acid. g, h 
UV-vis absorption spectra and ATR FTIR spectra of untreated oleic acid (1) and oleic acid after 30 
minutes treatment at 200 oC under vacuum (2), respectively. 
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hours at this temperature, the reaction was quenched by rapid cooling the reaction flask to room 

temperature and the produced material was isolated from the unreacted precursors by 

centrifugation at 5000 rpm for 15 minutes, repeatedly washed with ethanol/acetone mixture 

(1:1 volume ratio), and then redispersed in ethanol. A standard reaction duration of 3 hours 

was chosen after a series of preliminary experiments that have shown that shorter growth times 

did not allow accumulating enough material for a successful isolation from the unreacted 

precursors mixture by centrifugation, whereas extending the reaction time up to 19 hours did 

not lead to the observable changes in either amount or morphology of the produced final 

products as discussed in Sections 3.1.2 and 3.3.3 and therefore was found unnecessary in a 

standard reaction. 

Tungsten and molybdenum carbonyls are white, translucent crystals stable in air and 

therefore were the preferred source of transition metal in the oxidation state 0 as they led to 

lower oxide content in the final product. Both carbonyls can be solubilised in non-polar organic 

solvents forming nearly colourless (tungsten carbonyl) or slightly brownish (molybdenum 

carbonyl) complexes as presented in Figure 2.6.a-c,e. Dissolution is supposedly accompanied 

by partial substitution of one or a few carbonyl ligands and so by a coordination of the transition 

metal centres with long chain organics. It should be noted that the observed brownish tint of 

the molybdenum solutions can possibly be attributed to partial dissociation of the less thermally 

robust molybdenum carbonyl suggested by lower first carbonyl dissociation energy compared 

to that of W(CO)6 [253] rather than caused by formation of MoIV or MoV species [254] in inert 

atmosphere of nitrogen gas. The pale-yellow colour of tungsten carbonyl dissolved in oleic 

acid is attributed to oleic acid itself. Unlike oleylamine or octadecene, oleic acid undergoes a 

condensation reaction with formation of the corresponding anhydride when heated under 

vacuum; the resulting solution appears to be pale-yellow in colour (Figure 2.6.d). As 

demonstrated in Figure 2.6.h, the condensation reaction is accompanied by the anhydride in-

plane C=O and -C-O stretching vibration modes appearing at 1819 and at 1038 cm-1, 

respectively; while in the corresponding absorption spectrum a number of new peaks arise in 

the range 268-280 nm (marked with black arrows in Figure 2.6.g) in addition to the absorption 

bands of a double C=C bond centred at 230 nm [255]. Similar changes were observed in the 

absorption spectra of Mo(CO)6 dissolved in oleic acid (indicated by black arrows in Figure 

2.7.a). Formed as a side-product of the condensation and not completely removed adventitious 

water could cause oxidation of the MoSe2, MoTe2, or WSe2 product directly during the growth 

in solution phase. It should also be mentioned that the tungsten carbonyl complex in oleic acid, 
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if formed at room temperature or if oleic acid was not degassed beforehand, would turn dark-

blue when heated up to the reaction temperature (300 oC) as shown in Figure 2.6.f; this deep-

blue colour can possibly be attributed to the WV/WVI oxidised species [256] and can be explained 

by formation of the WV bronzes through the reaction with dissolved oxygen and adventitious 

water. Similar experiments were not conducted for molybdenum carbonyl dissolved in oleic 

acid. 

Considering the similarity in the first transition metal-ligand bond dissociation energies, 

tungsten (VI) and molybdenum (V) chlorides are expected to demonstrate activities close to 

that of the respective carbonyls [257]. However, transition metal chlorides were seldom used for 

synthesis within this work as both are readily hydrolysed even by moist air that led to formation 

of highly oxidised TMD material. In the long-chain organic solvents selected within this work 

both chlorides form dark solutions; rapid oxidation of the starting transition metal precursors 

with formation of brightly coloured (yellow to orange) oxychlorides became evident, for 

example, when transition metal chlorides were solubilised in oleylamine or oleic acid in a 

nitrogen filled vial. 

The UV-vis absorption spectra of tungsten and molybdenum inorganic complexes 

dissolved in various long-chain organic solvents are provided in Figure 2.7. Interestingly, 

complexes formed from either carbonyls, where the starting oxidation state of transition metal 

is 0, or from the corresponding chlorides containing transition metal in the highest oxidation 

state +5 or +6 do not display absorption transitions in the visible range apart from those 

associated with oleic acid and its anhydride (pointed with black arrows in Figure 2.7.a); broad 

band centred around 800 nm (highlighted with purple arrow) observed in the spectrum of WCl6 

Figure 2.7. Transition metal complexes formed in various long-chain organic solvents. UV-vis 
absorption spectra of transition metal carbonyls (W(CO)6 and Mo(CO)6) and chlorides (WCl6 and 
MoCl5) dissolved a in oleic acid, b in oleylamine, and c in octadecene in presence of minimum amount 
of oleic acid at 200 oC under vacuum. 
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dissolved in oleic acid can be attributed to the presence of oxidised tungsten species. When the 

solvent was changed to oleylamine, only a strong absorption band of the amino-group is 

recorded in the UV region in the corresponding spectra (Figure 2.7.b); broad band of oxidised 

tungsten species was reproducibly observed (marked with purple arrow). Similar features 

corresponding to oleic acid or oleylamine were observed in the spectra of transition metal 

complexes dissolved in octadecene in presence of minimum amount of oleic acid or oleylamine 

as shown in Figure 2.7.c. The absence of absorption bands, corresponding to the transition 

metal complexed with long-chain organic ligands, in the respective UV-vis spectra hindered 

the direct investigation of the reaction between the solubilised transition metal precursor and 

the chalcogen precursor. 

The reactivity of transition metal complexes in oleic acid was modified through 

complexing with two additives, namely tetradecylphosphonic acid (TDPA) and 

hexamethyldisilazane (HMDS, Figure 2.8.a-c). Being a stronger binding ligand compared to 

Figure 2.8. Modification of the tungsten precursor. a Standard tungsten carbonyl complex in oleic 
acid. b, c Tungsten carbonyl complex in oleic acid formed in presence of TDPA and HMDS, 
respectively. d, e, f Tungsten carbonyl complex in oleic acid formed in presence of CuICl, 
CuII(CH3COO)2, and FeIIICl3, respectively, used in syntheses of the doped WSe2 nanosheets. 
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oleate [258], TDPA is expected to increase thermal robustness of the tungsten precursor and so 

to lower its reactivity. TDPA is widely reported in the shape-selective colloidal synthesis of 

the AIIBVI quantum dots, however, it is seldom mentioned in the current literature on the 

solution-phase growth of TMD nanoarchitectures [169]. In its turn, HMDS was suggested to 

increase reactivity of the tungsten complex due to weaker binding to a transition metal 

compared to carboxylic acid [156] and has recently been identified as a crucial component 

allowing for obtaining well-defined TMD nanostructures [171,259,260]. To obtain the modified 

transition metal complex, the respective additives were transferred into the reaction flask 

containing degassed oleic acid prior to the addition of transition metal carbonyl; the mixture 

was then kept under vacuum for additional 15 minutes. Then the transition metal complex was 

formed as described in the standard synthesis. 

Table 5. Experimental parameters varied in colloidal synthesis of the MoSe2, MoTe2, and WSe2 
nanosheets. 

In a similar way, transition metal complex was modified in order to achieve ternary 

composition and doped material discussed in Chapter 4. Ternary WxMo1-xSe2 alloys were 

obtained through a reaction between TOP:Se and mixed transition metal complex in oleic acid 

formed from tungsten and molybdenum carbonyls taken in the desired molar ratio. Synthesis 

of the Cu- and Fe-doped material was attempted by adding a certain amount (<16 at.% in all 

three cases) of salt containing the required cation along with transition metal carbonyl into 

degassed oleic acid; the following steps of the procedure were as described above. Salts chosen 

to modify the transition metal complex were CuCl, Cu(ac)2, and FeCl3. Photographs of the 

Synthesis parameter Range 

Metal precursor - transition metal carbonyls Mo(CO)6 and W(CO)6 as powders 
- transition metal chlorides MoCl5 and WCl6 as powders and 

as solutions in OlAc or OlAm 
- transition metal oxo complex MoO2(acac)2 

Chalcogen precursor - tellurium precursor 1M TOP:Te 
- selenium precursor 1M TOP:Se; Se powder; 

freshly prepared 1M Se:OlAm 
Solvent - coordinating OlAc; OlAm 

- non-coordinating ODE 
Growth time - tgrowth 180-1140 minutes 
Additives - modification of the transition 

metal complex 
TDPA; HMDS 

- doping of the final material CuCl, Cu(ac)2; FeCl3 
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modified transition metal precursor are presented in Figure 2.8.d-f. Upon dissolution of bluish-

green CuII(ac)2 and brownish FeIIICl3 chloride in excess of oleic acid, formation of the 

respective coloured oleates is expected, however, both tungsten precursors formed in presence 

of copper acetate and iron chloride appear pale-yellow in colour similar to the standard tungsten 

carbonyl complex complexed with oleic acid (Figure 2.8.e,f), absence of visual changes can be 

explained by low concentration of copper and iron oleates in the modified tungsten precursor. 

On the other hand, formed in presence of greenish-grey CuICl tungsten complex gradually turns 

brown upon heating to 200 oC under vacuum (Figure 2.8.d). Since the modified transition metal 

complex was prepared at high temperature under vacuum, the side products, such as HCl and 

CH3COOH, were completely removed from the reaction medium before the chalcogen 

precursor was injected. 

The scope of the experimental conditions studied in this work is summarised in Table 5. 

2.2.4. Preparation of colloidal two-dimensional Bi2Te3 nanostructures 

In a standard synthesis, Bi2Te3 nanosheets were produced through a reaction between in 

situ formed bismuth oleate and TOP:Te in a non-coordinating solvent ODE. In this work, 

oleylamine was not used as a solvent since it is expected to reduce bismuth salts, inducing 

nucleation of bismuth nanoparticles in solution phase [261]. Bismuth oleate was obtained via 

the following exchange reaction: 

Bi(CH3COO)3 + xC17H33COOH → Bi(C17H33COO)x(CH3COO)3-x + xCH3COOH↑. 

For that, 0.5 mmol of bismuth (III) acetate (Sigma-Aldrich, 99.99% trace metals basis) and 0.5-

3.5 mmol of OlAc (Aldrich, 90%) were added in 10 mL of ODE (Aldrich, 90%) and the mixture 

was degassed under vacuum for 30 minutes. The mixture was then heated to 150-160 oC under 

a nitrogen flow and was kept at this temperature until complete dissolution of bismuth acetate. 

The solution of bismuth oleate in ODE was degassed one more time to extract free acetic acid. 

Formation of bismuth oleate was studied by ATR FTIR spectroscopy (Figure 2.9.b). The 

ligand exchange reaction was accompanied by the symmetric νs and asymmetric νas stretching 

modes of the deprotonated -COO- group of oleic acid appearing at 1404 and 1536 cm-1, 

respectively, while presence of the C-H bond vibrations assigned to the CH2 (νs at 2850 cm-1 

and νas at 2920 cm-1) and =C-H (3005 cm-1) groups, which are absent in the spectra of acetic 

acid and acetates, prove that the ligands were indeed unsaturated long-chain oleyl radicals. At 

the same time, the disappearance of the strong C=O stretching vibration (1710 cm-1), 

characteristic of the uncharged oleic acid, and absence of the broad O-H stretching (3500-
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2500 cm-1) and bending (at 930 cm-1) bands was a good indication that the exchange reaction 

was complete, and that free acetic acid was removed from the bismuth precursor. 

Bismuth oleate, that appeared as a clear, pale-yellow to bright-yellow, solution in ODE 

(Figure 2.9.a), was then brought to the growth temperature Tgrowth ranging from 20 to 170 oC 

and 0.75 mmol of 1M TOP:Te was quickly injected into the reaction flask to initiate nucleation 

of the Bi2Te3 nanosheets. Following the swift injection of trioctylphosphine telluride, the 

colour of the reaction mixture slowly changed to light-brown and then black, indicating the 

formation of Bi2Te3 nanosheets at 20 oC; the colour change was nearly instantaneous at higher 

growth temperatures (70-170 oC). The growth was stopped by rapid cooling to room 

temperature. As produced Bi2Te3 nanosheets were isolated from the reaction medium via 

centrifugation at 3000 rpm for 15 minutes, washed with ethanol/acetone (1:1) mixture and then 

redispersed in 4 mL of hexane. The produced suspensions in ethanol and dried powders for 

analysis were stored in a drying desiccator to prevent degradation as a contact with moisture 

and not with molecular oxygen was identified as the key reason for the material quality 

deterioration [262]. 

The growth conditions, such as growth temperature and time, type of solvent 

(coordinating vs non-coordinating) and type of bismuth precursor (partially substituted bismuth 

acetate, stoichiometric bismuth oleate, and bismuth oleate containing the excess of free oleic 

acid), were varied in a wide range as summarised in Table 6. Full list of samples and the 

corresponding synthesis conditions is provided in Appendix A4. 

Figure 2.9. Stoichiometric bismuth oleate used as the metal precursor in synthesis of the Bi2Te3 
nanosheets. a Photograph of stoichiometric bismuth oleate. b ATR FTIR spectra of bismuth acetate 
(1), stoichiometric bismuth oleate (2), and free oleic acid (3). Spectra are offset for clarity. 
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Table 6. Experimental parameters varied in colloidal synthesis of the Bi2Te3 nanosheets. 

Synthesis parameter Range 

Growth temperature - Tgrowth 20-180 oC 
Growth time - tgrowth 0.25-1440 minutes 
Bismuth precursor - [Bi(CH3COO)3]:[OlAc] 1:1; 1:3; 1:7 
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2.3. Physical characterisation techniques and instrumentation 

The synthesised colloidal MoSe2, MoTe2, Bi2Te3, and WSe2 free-standing nanostructures 

and their ensembles grown directly on conductive substrates were characterised by various 

spectroscopic and microscopic techniques including optical absorption, FTIR, and Raman 

spectroscopies and scanning and transmission electron microscopies. In this section we explain 

the basic principles of these techniques and describe the relevant sample preparation 

procedures. 

2.3.1. Scanning electron microscopy 

Scanning electron microscopy (SEM) was employed to study the morphology of the free-

standing nanostructures and the surface topography of the samples grown directly on carbon-

based conductive substrates. 

SEM is an analytical method to produce enlarged images of samples by scanning their 

surface in a raster scan pattern with a focused electron beam. When interacting with the sample, 

the electron beam generates numerous analytical signals used to acquire information about 

sample topography and chemical composition. The detected signal intensity is correlated to the 

beam position to form an image or the corresponding elemental map. 

The interaction of focused electron beam (probe) with the atoms of the sample generates 

various signals including Auger, secondary (SE) and backscattered (BSE) electrons and the 

characteristic X-rays and visible light photons (cathodoluminescence) at different depths in the 

Figure 2.10. Basic principles of scanning electron microscopy. a A diagram showing the variety of 
electron-matter interactions, occurring in thick samples. The electron and radiation signals used to 
produce SEM images and elemental spectra/maps are given in bold. b A schematic cross-section of 
the Zeiss Sigma FEG-SEM column. Adapted from www.zeiss.com. 
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sample as shown in Figure 2.10.a. Both the penetration depth of the primary electron beam and 

the interaction volume depend on the kinetic energy of electrons and density of the specimen 

[263]. Generally, the interaction volume is greater at higher accelerating voltages, while 

decreases with the material density increasing. Secondary electrons are the electrons produced 

by the ionisation of the sample atoms by the primary electrons of scanning beam. Since the  

kinetic energy of secondary electrons is one to two orders of magnitude lower than that of the 

incident beam electrons, the distance that a secondary electron travels between the consecutive 

inelastic collisions in solids is typically only a few nanometres and therefore only a small 

fraction of secondary electrons, generated within vicinity of the sample surface, escape to 

vacuum, while the majority of them is being reabsorbed [264]. Thus, the secondary electron 

imaging provides the information on the sample topography. On the other hand, the 

backscattered electrons are the primary beam electrons that have been deflected and scattered 

through high angles by the nuclei of atoms in the specimen. The probability of elastic scattering 

process increases for heavier elements and so the intensity of BSE signal is strongly related to 

the atomic number, showing variation in chemical composition of the sample. The kinetic 

energy of backscattered electrons is close to that of the primary beam and the BSE signal 

originates within the tens to hundreds nanometres depth from the sample’s surface [264]. 

In a typical SEM, electrons of the primary beam are either emitted thermally or extracted 

by the applied electrostatic field. Thermionic emission can be assisted by applying an 

electrostatic field to the cathode that allows lowering the work function of emitter material and 

so achieving the emission at lower operating temperature. The extracted electrons are then 

accelerated by electric field generated between the emitter and the anode parallel to the optic 

axis (Figure 2.10.b). The kinetic energy of the primary beam electrons typically ranges from 2 

to 30 keV. Passing through a set of condenser and then objective lenses, the beam is focused 

to a very small probe about a few nm in diameter (on a flat surface). The probe is scanned in 

two perpendicular directions in a raster fashion over the sample surface by the scanning 

(deflecting) coils located just above the objective (electrostatic) lens in the electron column. 

The generated signal, secondary and backscattered electrons, is recorded by the respective 

detector; rich three-dimensional morphology of the colloidal branched nanosheets was imaged 

using the SE signal. Essentially, the SE detector consists of a scintillator placed inside a 

Faraday cage in the specimen chamber of an SEM. Since the kinetic energy of secondary 

electrons is typically lower than 50 eV, a small potential is applied to the Faraday cage to draw 

the SE, escaping from the sample surface to the detector. The backscattered electrons have 
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higher kinetic energy close to that of the primary beam and so are not attracted to the SE 

detector by this potential. Once reached the scintillator, the SE signal is converted into the 

visible light photons that travel outside the microscope chamber through the waveguide to a 

photomultiplier. The amplified signal is then guided to a photocathode, where the photons are 

absorbed to generate an electrical signal corresponding to the SE signal intensity at the 

particular spot of a raster image. In contrast to the conventional side-mounted Everhart-

Thornley SE detectors, the in-lens SE detectors are located directly above the sample surface, 

and so the images recorded using this type of detectors are not affected by the intensity 

asymmetry artefacts. Moreover, due to their unmatched sensitivity to of the low-energy 

electrons, the in-lens SE detectors allow detecting the signal from the top-most layer of a 

sample at low accelerating voltage [265,266]. For this reason, imaging of the atomically-thin 

TMD nanostructures was performed in the SE detection mode using an in-lens detector. 

Interacting with the sample, an electron of the primary beam may knock out a core level 

electron. The hole in the inner shell is then filled with an electron from the outer shell. The 

excess of energy is carried away by an emitted X-ray photon. The energy of emitted X-rays is 

characteristic to a particular atom and can be used for elemental analysis (energy-dispersive X-

ray spectroscopy, EDS) [263,267]. In SEM, characteristic X-rays, generated by scanning the 

sample’s surface with a focused electron probe, are detected with an integrated energy-

dispersive detector. Commonly used detectors are silicon drift detectors (SDD) that convert the 

X-ray signal into current due to ionisation of a semiconductor sensor [268]. The number of 

charges created in the detector is proportional to the energy of individual incoming X-ray 

photon. The EDS spectra are recorded by counting the number of X-rays per energy interval. 

The continuous background in EDS spectra arises from the gradual deceleration of the primary 

electrons due to interactions with the atom nuclei as they pass through the sample. Maximum 

in the spectrum of deceleration radiation (Bremsstrahlung) corresponds to the energy of 

incident electrons. The characteristic X-rays appear as sharp peaks at the corresponding 

energies. EDS spectra provide essential information about the sample composition. However, 

quantitative elemental analysis using EDS is complicated due to the losses of X-rays before 

they escape the surface due to reabsorption or deflection by the atoms in the bulk of the sample. 

The samples for SEM imaging and elemental analysis were prepared by drop-casting the 

dilute dispersions of synthesised colloidal nanostructures in ethanol onto the acetone cleaned 

Si/SiO2 substrates and dried overnight. Thus prepared samples were mounted on the SEM stubs 

using a carbon tape and grounded using silver paint to minimise charging effects. Preliminary 
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imaging and qualitative elemental analysis were performed on a JEOL JSM-6010LA 

InTouchScope scanning electron microscope at 20 kV accelerating voltage and working 

distances between 13 and 15 mm. For high resolution SEM imaging, the experiments were 

carried out on a Zeiss Sigma 300 field emission scanning electron microscope, while Zeiss 

LEO Gemini 1525 field emission scanning electron microscopes equipped with an Oxford x-

act EDS detector was used for the acquisition of the elemental maps. Images were typically 

recorded using an in-lens secondary electron detector at 5 kV accelerating voltage at working 

distances below 8 mm. EDS maps were obtained at 20 kV and working distance of 10-12 mm. 

2.3.2. Transmission electron microscopy 

Transmission electron microscopy (TEM) was performed to investigate the morphology 

of colloidal MoSe2, MoTe2, Bi2Te3, and WSe2 free-standing nanostructures; local lattice 

symmetry and structural defects in these ultra-thin nanosheets; and spatial distribution of the 

chemical components of colloidal alloyed WxMo1-xSe2 nanosheets. 

Similarly to scanning electron microscopy, transmission electron microscopy is based on 

using various electron signals produced due to the interaction of a high energy incident electron 

beam with ultra-thin samples. In contrast to SEM, only the electrons that have passed through 

the specimen are analysed in TEM [263]. These transmitted electrons that do not deviate far 

from the direction of the incident beam contain information about sample morphology, 

chemistry and crystal structure (Figure 2.11.a). Passing through a thin sample, the electrons are 

scattered due to interactions with the electrostatic field of nuclei or with the electron clouds of 

specimen atoms. Those that remain unaffected and exit the sample in the direction of the 

incident beam are referred to as the direct beam, whereas scattered electrons are those that are 

deviated from their initial trajectory through small angles [269]. Scattering can be classified as 

elastic if the electron interacts with the sample without losing its energy or inelastic if the 

energy loss is measurable. Additionally, in ultra-thin crystalline samples, describing the 

electron scattering on electron clouds of atoms as diffraction of the plane wave is more 

informative as this explains formation of the direct and the diffracted beams when the lattice 

planes are suitably oriented to satisfy the Bragg’s condition [269]. 

Interacting with the crystal lattice, the incident electron wave can change its amplitude 

and its phase; this gives rise to amplitude and phase contrast in TEM images. These contrast 

formation mechanisms contribute simultaneously, however, the imaging conditions can be 

optimised in such a way that only one of these mechanisms would dominate thus producing an 
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interpretable contrast in the image. The amplitude of the plane electron wave passing through 

a thin sample can change due to variations in sample thickness or composition (density) since 

thicker areas of the sample or domains, containing heavier chemical elements, would scatter 

electrons more effectively, resulting in darker areas in TEM images. This type of contrast is 

referred to as mass-thickness contrast. The diffraction contrast in TEM imaging is achieved by 

selecting only one, either the direct or the diffracted, beam to pass to the detector to form either 

a bright-field (BF) or a dark-field (DF) image, respectively. Selecting only the central (direct) 

beam would produce the amplitude contrast between scattering and non-scattering areas in the 

image whether the sample is crystalline or amorphous. The phase contrast arises when more 

than one of the diffracted beams contribute to the image. Constructive interference of the 

diffracted beams results in formation of contrasting fringes. At high magnification, if the 

crystalline specimen is oriented in such a way that the incident beam is parallel to a low-index 

zone axis (ZA), the interference pattern of two and more selected diffracted beams produces 

lattice fringes. The on-axis lattice fringe images cannot be treated as a direct visualisation of 

Figure 2.11. Basic principles of transmission electron microscopy. a A diagram illustrating the variety 
of electron-matter interactions, arising in a thin crystalline sample. The electron and radiation signals 
used to produce TEM images and elemental spectra/maps are given in bold. b Schematic cross-section 
of a TEM column. Adapted from www.zeiss.org. c A diagram demonstrating the condenser mini-lens 
system operating in TEM (left panel) and STEM (right panel) modes. 
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atomic columns in the sample. Instead, they shall be used to characterise the local crystal 

structure and orientation. 

A schematic cross-section of a TEM column is presented in Figure 2.11.b. The optical 

system of a transmission electron microscope consists of the illumination (probe forming) 

system, including the electron gun (source) and a sequence of condenser lenses, deflector coils, 

apertures and stigmators; image forming system composed of the objective, intermediate, and 

projector lenses; and a set of various detectors. In this work, TEM imaging was performed 

using two JEOL microscopes: a JEM-2100Plus with a thermionic LaB6 source and a JEM-

2100F with a Schottky type field emission (FE) gun. Compared to a thermionic emitter, a 

Schottky type FE gun is characterised by higher brightness (4×108 vs 5×106 A/cm2·sr at 

200 kV), much smaller size of the virtual source (~10 nm vs ~10 µm), and narrower energy 

spread (~0.7 vs ~2 eV) that makes it particularly suitable for scanning TEM (STEM).4. 

Below the electron gun there is a system of electromagnetic lenses, apertures and 

stigmators that serve to form either a parallel or convergent probe on the sample in TEM and 

STEM modes, respectively. The first condenser lens is used to form a demagnified image of 

the gun crossover. The second condenser lens controls the diameter of the illuminated area and 

the beam convergence angle on the sample. Located inside the second condenser lens, the 

condenser aperture limits the fraction of electron beam passing down to the sample and so the 

intensity and the size of the beam. A condenser mini lens is essential in the TEM/STEM 

machines as it allows switching between the respective modes, providing either a parallel or a 

convergent illumination on the specimen as shown in Figure 2.11.c. The double deflection 

coils, that introduce an effective magnetic field perpendicular to the optic axis, are used to tilt 

and to shift the electron beam. In STEM mode, a second set of deflection coils is required to 

tilt the beam twice so that the probe always remains parallel to the optic axis, while scanning 

across the sample surface [269]. 

In a side-entry TEM, the specimen is inserted between two polepieces, forming the 

objective lens system. The upper (pre-specimen) part of the objective lens effectively acts as 

the final condenser lens, while the bottom part (post-specimen) forms a diffraction pattern of 

the sample in the back focal plane and a focused image in the first image plane. The objective 

(high-contrast) aperture is located in the back focal plane of the objective lens. Below the 

objective lens, there is a sequence of intermediate lenses that further magnify the focused image 

                                                 
4 Cathode characteristics are taken from the Glossary of TEM terms at https://www.jeol.co.jp/en/words/emterms/ 

https://www.jeol.co.jp/en/words/emterms/
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of the sample that is then projected onto the viewing screen or a CCD camera by the projector 

lens. In TEM, switching between the imaging and diffraction modes is achieved by changing 

the excitation of the intermediate lens. If the strength of the intermediate lens is adjusted such 

that the image plane of the objective lens serves as its object plane, then a magnified image of 

the sample is projected onto the screen or detector (Figure 2.12.a). Similarly, if the intermediate 

lens is set so that the back focal plane of the objective lens becomes its object plane then a 

diffraction pattern can be viewed on the screen (Figure 2.12.b). The field-limiting aperture 

allows selecting the area of interest to form selected area electron diffraction (SAED) patterns. 

This aperture is positioned in the first image plane of the objective lens and so once in place it 

casts a virtual aperture on the sample. Recording SAED patterns enables to determine the local 

crystal structure and crystallographic orientation of the selected area. On the other hand, the 

objective aperture can be used to select only certain diffracted beams to form the image. BF 

TEM images are formed if only the direct beam is selected (Figure 2.12.c), while DF TEM 

images are obtained by selecting a fraction of diffracted electrons (Figure 2.12.d,e). In HR 

Figure 2.12. Basic operation modes of a transmission electron microscope. a, b Ray diagrams 
illustrating the formation of a magnified image in imaging mode (panel a) and a diffraction pattern in 
diffraction mode (panel b). Adapted from www.jeol.co.jp. c-f Selection of certain diffracted beams to 
form a BF TEM image (panel c), off-axis DF TEM image (panel d), centred DF TEM image (panel e), 
and TEM image with enhanced phase contrast (panel f). In schemes c-f small black spots represent the 
diffracted beams, larger black spots represent the direct beam, the objective aperture position is marked 
with a white circle. 
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TEM images, the phase contrast can be amplified by selecting a number of diffracted beams as 

shown in Figure 2.12.f. Cutting off the electrons that travel far off the optic axis allows us to 

decrease the aberrations and hence to improve the image resolution. 

In contrast to the stationary beam in TEM mode, a focused probe is scanned over an ultra-

thin specimen to generate the analytical signal in STEM mode. The intensity of the transmitted 

or scattered/diffracted wave, exiting from each point of the specimen, is detected with an 

annular bright-field (ABF) or annular dark-field (ADF) detector, respectively. In the 

microscope column, the annular detectors are located in the plane conjugate to the stationary 

convergent beam diffraction pattern formed in the back plane of the objective lens. The contrast 

in ADF STEM images often originates from the mass-thickness variation in the sample. 

TEM samples were prepared by drop-casting dilute suspensions of nanostructures on 

carbon-coated copper grids (Agar Scientific, 200 nm thick holey carbon film) and dried 

overnight under ambient conditions. TEM imaging was performed on a JEOL JEM-2100Plus 

or JEOL JEM-2100F microscopes operated at 200 kV accelerating voltage. For high-resolution 

TEM (HR TEM) imaging, the areas of nanoflowers partially suspended on holes in the carbon 

films were selected in order to reduce the contribution from the electrons inelastically scattered 

by the amorphous carbon film. Annular dark-field (ADF) images were acquired in scanning 

transmission electron microscopy (STEM) mode on a JEOL JEM-2100F microscope using a 

JEOL annular dark-field/bright-field detector; ADF STEM scans were typically 2048×2048 

pixels in size, dwell time was 10 µs per pixel. Corresponding elemental mapping was 

performed in STEM mode using an Oxford X-MaxN 80 mm2 SDD detector for energy-

dispersive X-ray spectroscopy (EDS). Acquired EDS data were analysed using the AZtec or 

INCA software packages (Oxford Instruments). 

Statistical analysis of the dimensions of the synthesised metal chalcogenide (MoSe2, 

MoTe2, Bi2Te3, WSe2, and WxMo1-xSe2) nanoflowers is complicated due to partial aggregation 

of the material in dispersions and due to the solvent evaporation-driven agglomeration of 

colloidal nanostructures that occurs during TEM sample preparation [270,271]. In the 

corresponding TEM images, the nanoflowers often appear resting upon one another and the 

exact projection of individual nanostructures is hard to determine. The diameters of MoSe2, 

WSe2, and WxMo1-xSe2 nanoflowers reported further in this work in Sections 3.1.1, 3.3.1, and 

4.2 are the approximate values measured across a few representative nanostructures in a 

sample. For the same reason the lateral dimensions of individual petals composing the 

nanoflowers were not determined since the boundaries between overlapping petals are hard to 
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establish. Statistical analysis was performed for the Bi2Te3 samples only. To obtain a dataset 

for analysis, a series of low-magnification TEM images of the ensembles was acquired, 

capturing about 200 well-resolved particles. In order to ensure that the set is representative, the 

frames were recorded at different spots across the sample. The sources of the error associated 

with the particle size determination include pixel resolution of the recorded images, insufficient 

contrast between particles and support film, image distortions due to unoptimized imaging 

conditions and improper magnification calibration [272]. The microscope alignment was 

routinely performed prior to any image acquisition, while the magnification calibration was 

carried out during the instrument servicing. The image acquisition was performed in BF TEM 

mode in order to increase the particle-to-background contrast. It is recommended that the TEM 

Figure 2.13. Analysis of the SAED and HR TEM data. a SAED pattern of a polycrystalline gold film 
used as a standard for the camera length calibration. b Representative diffraction pattern of a Bi2Te3 
nanoplate (as in Figure 3.14.g) taken along the [001] zone axis; the blue arrow shows the distance 
between the (𝟏𝟏𝟎) and (𝟏𝟏̅̅̅̅ 𝟎) diffraction spots used to calculate the interplanar distance corresponding 
to the {110} planes. c-g A series of steps performed to measure the interplanar distances from the HR 
TEM images: c – the original TEM image (of a Bi2Te3 nanoplate shown in Figure 3.14.g); d – the 
corresponding FFT pattern, purple circles highlight a pair of diffraction spots chosen for the analysis; 
e – the applied Spot mask; f – the inverted FFT showing the lattice fringes; g – the intensity profile 
used to measure the corresponding interplanar distance. 
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images for analysis are acquired with the resolution greater than 2 pixels/nm; in this case, the 

image resolution contribution into the measurement uncertainty is less than 0.5 nm [270,272]. To 

satisfy this criterion, the magnification was typically chosen between 40000× and 100000× 

(pixel size between 0.33 and 0.13 nm) and all the frames within the set were recorded at the 

same magnification. Nanoparticle sizes were measured manually using a Ruler tool in the 

ImageJ software package. The produced set of values was fitted with a Gaussian function. The 

fitting results are reported in a form of μ±σ, where μ is the mean value (nanoplate thickness), 

σ is the standard deviation (Section 3.2.1). 

SAED patterns and HR TEM images were analysed using the Gatan DigitalMicrograph 

software package. The interplanar distances dhkl can be calculated from the SAED data using 

the equation: 

𝑑ℎ𝑘𝑙 = 𝜆𝐿
1

𝑟ℎ𝑘𝑙
 , (2) 

where λ is the wavelength of the electrons in the incident beam, L is the camera length, rhkl is 

the. radius of the (hkl) diffraction ring or the distance of the (hkl) diffraction spot from the 

origin [269]. The camera length calibration was performed by recording the diffraction pattern 

of a standard specimen (polycrystalline gold film, Figure 2.13.a). The experimental d-spacing 

corresponding to the {111} planes of Au, dexp(Au 111), can be calculated by the equation: 

𝑑exp(𝐴𝑢 111) =
2

𝐷exp(𝐴𝑢 111)
 , (3) 

where Dexp(Au 111) is the measured diameter of the diffraction ring (nm-1). In the example 

shown in Figure 2.13.a, the corresponding dexp(Au) is equal to 2.30 Å, whereas the standard 

value dst(Au) is 2.35 Å (ICDD 4-784). The ratio between the standard and the experimentally 

found Au {111} interplanar distances was used as a calibration coefficient when the diffraction 

patterns of the synthesised nanostructures were analysed. In the case of single crystal 

diffraction patterns, the rhkl was measured as a half of the distance between the (ℎ𝑘𝑙) and (ℎ𝑘𝑙̅̅ ̅̅ ) 

diffraction spots as shown in Figure 2.13.b. The distances reported in this work are the average 

values of three measurements. The experimental SAED patterns used for the estimation of 

interplanar distances were recorded with the resolution no less than 58 pixels/nm-1 (pixel size 

0.017 nm-1), providing the measurement precision  Δ𝑑
𝑑

 of 0.3%. 

In the case of colloidal MoSe2, WSe2, Bi2Te3 nanoflowers, individual petals of which are 

composed of single crystalline patches of approximately 5-50 nm in diameter, the lattice 
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parameters were obtained from the HR TEM images. The interplanar distances were 

determined based on the diffraction spot positions in the fast Fourier transform (FFT) patterns 

of digital HR TEM images [273]. A square area of a HR TEM image recorded at a microscope 

magnification setting between 400000× and 1000000× was selected using a Rectangle ROI 

selection tool in the Gatan DigitalMicrograph (512×512 pixels, Figure 2.13.c). The 

corresponding FFT pattern is shown in Figure 2.13.d. By applying a Spot mask, only a 

symmetric pair of diffraction spots is selected (Figure 2.13.e). The Inverse FFT of this pair of 

diffraction spots forms a real-space image of the corresponding lattice fringes (Figure 2.13.f). 

The interplanar distance was then measured using a Profile tool as shown in Figure 2.13.g. To 

increase the precision of lattice parameters evaluation, it is advised that the HR TEM images 

are collected at lower magnification, typically, between 300000× and 400000×, since in this 

case the distances rhkl in the corresponding FFT patterns can be measured more precisely [274]. 

For the HR TEM image acquisition settings used throughout this work, the diffraction vector 

rhkl measurement precision was 0.6%, 1.2%, and 1.7% for the microscope magnification 

settings of 400000×, 800000× and 1000000×, respectively.5 However, the 400000× was often 

found unsuitable for the colloidal MoSe2, Bi2Te3, and WSe2 nanoflowers with small (~5 nm) 

single-crystalline domains. Compared to the results obtained from the analysis of SAED 

patterns, the lattice spacings measured from HR TEM images substantially deviate from the 

standard values; in some cases the absolute measurement error was found to be as high as 8%. 

It is known that the accuracy of interplanar distance measurements depends on the method of 

calibration [273]. In the case of Bi2Te3 nanoplates, the recorded HR TEM images were 

recalibrated using an interplanar distance, typically, (110), measured from the SAED pattern 

acquired on the same nanoplate, as an internal standard; this allowed us to reduce the absolute 

error to 0.5%. However, this approach is not suitable for the colloidal MoSe2, WSe2, and 

WxMo1-xSe2 nanoflowers. 

2.3.3. Powder X-ray diffraction 

Powder X-ray diffraction (XRD) was used for the structural characterisation of the 

colloidal nanosheets as well as for the macroscopic analysis of sample crystallinity and crystal 

phase purity. XRD is based on the diffraction of the X-rays on the atomic planes of crystal 

lattice under examination. The Bragg’s law sets the condition on the incidence angles θ (o), at 

                                                 
5 For measuring the d-values of about 2 Å. 
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which the constructive interference of the elastically scattered X-rays is observed for any set 

of crystallographic planes (hkl) with the interplanar distance dhkl (nm): 

2𝑑ℎ𝑘𝑙 sin 𝜃 = n𝜆, (4) 

where λ is the wavelength of the incident X-day photons (nm), n is integer [275]. 

Samples for XRD analysis were prepared on Si/SiO2 or glass substrates. Concentrated 

suspensions of colloidal nanosheets (MoSe2, MoTe2, Bi2Te3, WSe2) in ethanol were used for 

deposition. The surface of samples was flattened prior to the measurements. The X-ray 

diffractograms were recorded on a Bruker D2 Phaser diffractometer (Cu Kα source) in the range 

6-50 o2θ, step size of 0.026 o2θ. Small-angle diffraction data were collected using a 

PANalytical X’PERT-PRO X-ray diffractometer (Cu Kα source) in the range 3-20 o2θ, step 

size of 0.03 o2θ. The diffraction data were analysed using the PANalytical HighScore software 

package. The reference diffraction patterns of the 1T and 1T’ bulk phases of WSe2 were 

simulated using the CrystalDiffract software package. 

The diffractometers were operated in the θ-θ reflection scan geometry. In this case, the 

sample is located on the axis of the diffractometer, while the X-ray source and the detector 

(scintillation counter) move simultaneously in the angular range θ around the stationary 

sample. In both diffractometers, the X-ray tubes with copper anodes are used as a source of X-

rays. The source wavelength, corresponding to the energy of the Cu Kα1,2 lines, is 1.54184 Å; 

the Cu Kβ component was eliminated by a graphite monochromator. 

The phase analysis of crystalline solids is performed by comparing the set of diffraction 

peaks observed in experimental diffractograms to the standard diffraction patterns (ICDD 

database). Both the positions and the relative intensities of the diffraction peaks are employed 

for phase analysis. If numerous crystal phases are present in the sample, the diffraction pattern 

is always a superposition of the individual phases that allows for identification of the ratio 

between the phases. 

The broadening of diffraction peaks contains information on the average crystallite sizes 

and strain in the system. The experimentally observed broadening of the diffraction peaks is 

attributed to a combination of factors, including imperfections of the crystal lattice, 

inhomogeneous strain at the grain boundaries, and finite (sub-micron) crystallite sizes. The 

broadening associated with the crystallite size is described by the Scherrer equation: 

𝑟 =
K𝜆

𝛽 cos 𝜃
, (5) 
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where r is the mean size (radius) of a crystalline domain (nm), K is the shape factor, λ is the 

wavelength of the incident beam (nm), β is the broadening of the diffraction peak 

corresponding to the diffraction angle θ after subtracting the instrument broadening [275]. The 

Scherrer equation provides the lower bound on the crystallite size since beside the finite 

crystallite sizes the diffraction peaks are typically broadened due to chemical inhomogeneities 

and lattice strain caused by structural defects, such as point defects, dislocations, stacking 

faults, grain boundaries, present in samples. The analysis of peak broadening is additionally 

complicated due to the asymmetry of diffraction peaks caused by the instrumental factors and 

non-ideal reflection geometry. The asymmetry is especially prominent at low diffraction angles 

(15-25o 2θ) [275]. 

The shift of diffraction peaks from their reference positions that is commonly observed 

in experiments is generally attributed to the mechanical strain leading to either expansion or 

contraction of the crystal lattice. Changes in the lattice constants can be caused, for example, 

by partial substitution or by inclusion of dopant atoms with radius that differs from that of the 

atoms of pristine phase. Thus, chemical inhomogeneity of the crystalline samples can be 

inferred from XRD data. 

2.3.4. X-ray photoelectron spectroscopy 

X-ray photoelectron spectroscopy (XPS) provides information about the surface 

chemistry of the material under examination, including its elemental composition and chemical 

state of its constituent elements. In this work, XPS analysis was majorly used to quantify the 

ratio between the 1T’ and 2H crystal phases in the colloidal WSe2 and ternary WxMo1-xSe2 

nanostructures based on the observed chemical shifts in the core electron spectra of W (4f), Mo 

(3d), and Se (3d). Additionally, chemical composition and purity of the synthesised 

nanostructures was inferred from the XPS data. This included estimating the area-averaged 

atomic ratio of the transition metal cations in the alloyed WxMo1-xSe2 nanoflowers and 

evaluating the oxidised material content. 

In X-ray photoelectron spectroscopy, a sample is irradiated by a monochromatic X-ray 

beam and the photoelectrons ejected from the surface atoms are detected [276]. When a soft X-

ray photon is absorbed by an atom of the sample, a core level electron can be knocked out as 

shown in the left diagram in Figure 2.14.a. The measured kinetic energy Ekinetic (eV) of the 

emitted photoelectron depends on the energy of incident irradiation hν and the binding energy 
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Ebinding (eV) of the atomic orbital, from which the photoelectron was ejected. This is given by 

equation: 

𝐸kinetic = ℎ𝜈 − 𝐸binding − 𝜙s, (6) 

where ϕs is the instrument work function (eV) [276]. Therefore, measuring the kinetic energy of 

the ejected photoelectrons allows for accurate determination of the binding energy of the 

electron shell the photoelectron originates from. The binding energy is often considered as the 

energy difference between the initial and the final states of the photoelectron, in other words, 

between either of the electron shells (K, L, M) and the Fermi level, EF. Because each chemical 

element is characterised by a unique set of binding energies, XPS can be used for elemental 

analysis considering that the spectrum of a multielement compound is a sum of the individual 

spectra of its constituents. Moreover, the atom binding energy values are exceptionally 

sensitive to its chemical environment, thus providing an important insight into the chemical 

and electronic states of any element composing the material. 

Since the mean free path of photoelectrons in solids is rather short, only the 

photoelectrons generated in the vicinity of sample’s surface escape into vacuum and can be 

detected. In XPS, depth of analysis does not exceed 10 nm below the surface for most solid 

materials [276]. Thus, XPS is normally used to investigate the surface chemistry of bulk 

material. Although when applied to low dimensional materials, like atomically-thin nanosheets 

(< 10 nm thick), XPS provides representative information about the nanomaterial itself. 

Photoelectron spectrum is generated by counting the number of electrons per an energy interval 

Figure 2.14. Basic principles of X-ray photoelectron spectroscopy. a Schematic diagram of the 
photoelectron emission and Auger emission processes. b Cross sectional schematics of an XPS 
spectrometer. Adapted from www.EnviroESCA.com. 
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over a broad range of kinetic energies. The photoelectrons, that escaped the sample without 

any collisions with the atoms, produce distinct peaks in the spectrum, while those, that 

experienced inelastic scattering before they reached the surface, contribute to the background 

[277]. The spin-orbit coupling leads to the splitting of the p-, d-, and f-orbitals into pairs of states 

with the angular momentum j = l + s, where l is the orbital angular momentum (1 for the p-, 2 

for the d-, and 3 for the f-orbitals), and s is the electron spin (±½). This causes the corresponding 

peaks becoming split (doublets) in XPS spectra. Photoelectron lines have general notation nlj, 

where n is the principle quantum number. Thus, upon ionisation, the p-, d-, and f-orbitals form 

the np3/2 and np1/2, nd5/2 and nd3/2, nf7/2 and nf5/2 doublets, respectively. The intensity ratio 

between the doublet components is proportional to the ratio of their respective populations, 

which is defined as (2j+1). Therefore, the intensity ratio is 1:2 for the p-, 2:3 for the d-, and 3:4 

for the f-orbitals [276]. 

Once the photoelectron is emitted from the inner (core) shell, the ionised atom relaxes 

due to the outer shell electron compensating the vacancy in the core level; this may be 

accompanied by the emission of an X-ray photon. However, it is also possible that the atom 

relaxes via the Auger process that is shown in the right scheme in Figure 2.14.a. In this case, 

an outer shell electron falls into the core level vacancy produced as a result of the initial 

photoionisation-photoelectron emission process, and the excessive energy is carried off by a 

second electron (Auger electron) ejection. The kinetic energy of an Auger electron corresponds 

to the energy difference of the initially ionised and double ionised atom. 

XPS spectra were acquired using a Thermo Fisher K-Alpha+ equipped with an Al anode 

(Kα 1486.6 eV). The generated X-ray beam was monochromated and then focused down to 

200-400 μm spot on the sample. All measurements were performed at room temperature. Since 

the spectrometer operates in ultra-high vacuum (10-9 mbar), all samples for analysis were drop-

cast onto Si/SiO2 substrates and dried either overnight under ambient conditions or in a tube 

furnace at 200 oC in order to remove the residual solvent (ethanol) and to prevent outgassing 

in the spectrometer chamber. Samples were grounded using carbon tape to prevent charging of 

the sample surface. The emitted photoelectrons pass through a series of transfer electrostatic 

lenses and then enter a hemispherical electron energy analyser as shown in Figure 2.14.b. The 

analyser consists of two concentric hemispherical electrodes and the multichannel detector in 

the output plane. Photoelectrons travel in the gap between two hemispheres. The potential 

difference ΔV0 between the hemispherical electrodes sets the limit on the kinetic energy E0 of 

photoelectrons that can reach the detector, which is known as pass energy. The electrons with 
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higher (lower) energy will follow a trajectory of larger (smaller) radius and will not reach the 

detector. In this work, 20 eV pass energy was used for all measurements. In the scanning mode, 

the potential difference applied across the hemispherical analyser is kept constant, while the 

voltage on the electrostatic lenses is scanned in such a way that only the electrons with selected 

kinetic energy are counted on the detector for the selected time. The survey spectra were 

recorded with the energy step of 0.1 eV, while high-resolution spectra of the W 4f, Mo 3d, and 

Se 3d core level electrons were collected with 0.05 eV resolution. XPS spectra were analysed 

using the Avantage software package. 

2.3.5. Vibrational spectroscopy: Raman and Fourier transform IR spectroscopy 

Raman and IR spectroscopies provide information on the fundamental vibrational states 

of a molecule or a crystal. The vibrational energy levels correspond to the respective motion 

of individual atoms or group of atoms within a molecule or a crystal, and the combination of 

vibrational states and electronic states represents the total set of the energy levels. When matter 

(a molecule or a crystal) is placed into electromagnetic field (light), a quantum of energy can 

be absorbed if its energy hν is equal to the energy difference between two levels ΔE. Since the 

energy separation between the electronic states is generally much larger than that of the 

vibrational states, the former ones are typically observed in the range between ultraviolet (UV) 

and near infrared (IR), 100-1000 nm (106-104 cm-1), while the latter ones appear in the IR 

region (104-102 cm-1) [278]. Graphically, the transitions between the electronic energy levels 

and between the vibrational energy levels are represented in the diagrams in Figure 2.15. The 

electronic transitions will be discussed in Section 2.3.6 (optical absorption spectroscopy). IR 

spectroscopy is similar to optical absorption spectroscopy and is based on measuring the direct 

absorption of IR light by a sample that is irradiated by a polychromatic beam (Figure 2.15.b). 

The IR transitions occur within the ground electronic state at the resonant frequencies, i.e. 

matching the frequencies of vibrations of groups of atoms. On the other hand, in Raman 

spectroscopy, the information on vibrational modes is inferred from the analysis of the 

inelastically scattered fraction of the incident monochromatic light. In the Raman scattering 

process, a photon of the incident beam is absorbed by matter and then reemitted as a low-energy 

(scattered photon), and the excess of energy is carried away by an optical phonon (Figure 

2.15.c, S). The observed change in the photon frequency (Stocks shift) corresponds to the 

energy difference between the vibrational states. It is also possible that due to interaction with 

the lattice phonons, the incident photon may gain energy (Figure 2.15.c, A). In this case, the 

anti-Stocks shift is observed. The process of energy exchange between a photon and a lattice 
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optical phonon is commonly represented as occurring through a virtual state. If the excitation 

energy matches the energy difference between the ground and the excited electronic states, the 

Raman scattering is referred to as the resonance process (Figure 2.15.d). 

Not all transitions between the vibrational and the electronics levels are allowed. The 

selection rules that identify the set of allowed transitions can be determined based on the 

symmetry of a molecule (point group analysis) [278] or a crystal (space group analysis) [279]. 

Although IR and Raman spectroscopies are complementary techniques allowing for the 

complete analysis of atomic vibrations in molecules and lattice dynamic of crystals, IR-active 

and Raman-active vibration modes have different physical origin. The vibration modes that 

lead to changes in the electric dipole moment of a molecule or a group of atoms induced by the 

electric field (light) are IR active. If the polarizability of a molecule or a group of atoms, that 

is the ability to response to the electric field, changes then the vibration is Raman active. In 

practice that means that in centrosymmetric molecules and crystals, the IR-active modes are 

Raman-inactive and vice versa. 

In this work, Fourier transform IR (FTIR) spectroscopy was majorly used to investigate 

molecular precursors, and in particular the coordination of transition metals in these complexes. 

Unlike conventional absorption IR spectroscopy, Fourier transform IR spectroscopy is based 

on measuring the interference of various frequencies of transmitted irradiation. The FTIR 

spectrometers are designed as interferometers, where the incident beam from the IR source is 

split into two rays of equal intensity by a beamsplitter. Each of the rays of IR light is then 

guided to the mirrors, one of which is fixed, while the other is moving. Depending on the 

position of a moving mirror, either constructive or destructive interference of two rays is 

Figure 2.15. A simplified diagram showing the transitions between the electronic and vibrational 
states. a Optical (UV-vis) absorption; b IR absorption; c Rayleigh scattering (R), anti-Stocks (A) and 
Stocks (S) Raman scattering; d resonance Raman scattering. Adapted from www.silmeco.com. 
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recorded (interferogram). The sample is generally located between the interferometer and the 

detector. Applying the Fourier transform to the recorded interference pattern, a single beam 

transmission spectrum can be produced. The IR spectrum of a sample is then obtained as a ratio 

of the single beam spectra recorded with and without sample (background). The advantages of 

FTIR spectroscopy over the conventional IR absorption spectroscopy include multiplicity as 

the signal is collected at all frequencies simultaneously that allows for quick acquisition and 

averaging of the spectra; and higher sensitivity originating from lower reflective losses owing 

to fewer mirrors and slits in the construction of an interferometer. The FTIR spectra were 

collected using a Thermo Scientific Nicolet iS10 spectrometer equipped with a tungsten-

halogen lamp as the IR source and a KBr/Ge mid-IR beamsplitter. A HeNe laser is used to 

control the motion of the moving mirror. The samples were characterised via attenuated total 

reflectance (ATR). For that, the solutions under examination were placed directly on the 

surface of the ATR crystal (diamond) and the spectra were collected by averaging 32 scans in 

the range of 4000-400 cm-1 with a typical resolution of 4 cm-1. The ATR correction was 

performed using the OMNIC Specta software package. 

Structural features of the colloidal MoSe2, MoTe2, Bi2Te3, and WSe2 nanostructures, 

such as polymorphism (Sections 3.1 and 3.3) and crystal structure defects, including 

replacement of transition metal atoms in the lattice nods (in WxMo1-xSe2 alloys, Section 4.2) 

and trapping of the non-stoichiometric species in van der Waals gaps (in Bi2Te3 nanostructures, 

Section 3.2) were studied using Raman spectroscopy. To acquire a Raman spectrum, a sample 

is irradiated by monochromatic (laser) light and the inelasically scattered radiation is dispersed 

onto a CCD detector, while the elastically scattered (Rayleigh) component is filtered out. 

Raman spectra were recorded using a Renishaw inVia Qontor confocal Raman microscope at 

excitation wavelength of 532 nm. In a confocal Raman microscope, the laser beam is focused 

on the sample surface by the microscope objective lens allowing for spatial resolution under 

1 μm. In all experiments, a 1800 lines/mm grating was used, providing ~1.5 cm-1 spectral 

resolution. Samples were drop-cast on Si/SiO2 substrates from the ethanol suspensions of 

colloidal nanosheets. To avoid damage to the samples due to low heat conductivity of Si/SiO2 

substrates, the laser power was kept under 0.195 mW, while 5-10 consecutive acquisitions were 

performed to increase the signal-to-noise ratio. The observed Raman shifts were calibrated 

based on the characteristic band of crystalline Si at 520 cm-1. 
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2.3.6. Optical absorption spectroscopy 

Optical transitions of the semiconducting TMD nanostructures were studied using UV-

vis (ultraviolet-visible) absorption spectroscopy. That is a spectroscopic technique based on 

measuring the wavelength-dependent attenuation of the incident light as it passes through the 

sample. Absorption of visible light (400-700 nm) occurs due to the electronic transitions 

between the ground and the excited states of the material under examination (Figure 2.15.a). 

In case of the semiconducting TMD nanostructures, these correspond to the interband 

(excitonic) transitions between the conduction (CB) and the valence (VB) bands. 

Absorbance A is defined as the common logarithm of the incident to transmitted beam 

intensities ratio. In a homogeneous isotropic medium, absorbance is proportional to the 

concentration of absorbing species C (mol/cm3) as stated by the Beer-Lambert law: 

𝐴 = log
𝐼𝑜
𝐼
= 𝜀𝐶𝐿, (7) 

where Io and I are the intensities (radiant flux, W) of the incident and the transmitted beam, 

respectively; ε is the molar absorption coefficient (cm2/mol) that, strictly speaking, depends on 

the concentration; L is the optical path (cm) [280]. 

Absorption spectra of the dispersions of colloidal TMD nanoflowers in ethanol were 

collected using a PerkinElmer Lambda 25 UV-vis spectrometer. Spectra were recorded 

between 1100 and 200 nm with 1 nm spectral resolution. In order to resolve features associated 

with the organic ligands, quartz cuvettes, that are transparent in the near-UV region, were used. 

2.3.7. Inductively-coupled plasma optical emission spectroscopy 

Inductively-coupled plasma optical emission spectroscopy (ICP OES) allows for the 

qualitative and quantitative analysis of the sample composition. It is a spectroscopic technique 

that uses inductively-coupled plasma to ionise atoms of the sample and the constituent elements 

are detected by the characteristic emission produced during the recombination. Intensity of the 

characteristic emission lines is proportional to the element concentration in the sample. 

Aqueous solution of the analyte is driven into a nebulizer by a peristaltic pump. Here, an 

aliquot of the analyte is sprayed into the flame of a plasma torch (Ar). Due to collision with the 

electrons and ions of argon plasma, the sample molecules are ionised and then emit light upon 

recombination. The emitted light is focussed on a diffraction grating, and then the component 

wavelengths are detected by an array of photodetectors that accumulate the charge proportional 

to the light intensity. For quantitative elemental analysis, the solutions containing known 
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amount of the required elements (standards) are analysed first and the calibration curves, 

assigning the measured intensities to the known concentration values, are obtained. The sample 

composition is then interpolated based on the calibration curves. The quantitative elemental 

analysis of the colloidal TMD nanoflowers was carried out on a Thermo Scientific iCAP 6000 

Series ICP spectrometer equipped with an ASX-520 autosampler. The data analysis was 

performed using the iTEVA software package. 

The key part of an accurate elemental analysis is sample preparation. Samples of colloidal 

TMD nanoflowers were digested in a 45% HNO3 solution over 24 hours and then the aliquots 

were diluted to analytical concentrations by a required amount of Milli-Q water. 

At room temperature, the group VIB TMDs are stable in dilute non-oxidising acids (HCl) 

[281]. However, tungsten and molybdenum disulphides react readily with boiling H2SO4 (MoS2) 

[17] and mixtures of HNO3 and HF or HCl (WS2) [281]. Both diselenides can dissolve in mineral 

acids upon heating [281]. The analytical work with acidic solutions of tungsten and molybdenum 

is complicated since, upon digestion in concentrated mineral acids (HNO3), both MoSe2 and 

WSe2 are likely to form insoluble trioxides. In weakly acidic solutions, polymeric molybdate 

and tungstate anions are formed (Equations 8, 9), these polyanions are insoluble in water. In 

strongly acidic solutions, polyanions depolymerise, forming molybdic MoO3·2H2O and 

tungstic WO3·2H2O acids. 

The formation of insoluble trioxides in both the digested TMD samples (pH 1) and the 

standards (pH 8-9), which were brought to the same matrix (same HNO3 concentration as in 

the samples) for the measurement, could potentially lead to the underestimation of the 

transition metal concentrations. Therefore, the range of working concentration has to be 

carefully chosen in order to avoid the crystallisation of MoO3 and WO3 and as a result their 

elimination from the analyte solutions due to precipitation. On the other hand, concentrated 

HNO3 is likely to oxidise Se-2 to Se+4 forming selenous acid, which is highly soluble in water, 

and so the selenium signal can be used for quantitative analysis in a wide range of 

concentrations. Possible digestion reactions are as following: 
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Tungsten, molybdenum, and selenium standards for ICP OES were prepared in the range 

of concentrations 0-10 ppm; 0-25 ppm and 0-50 ppm (Figure 2.16). In the highly acidic matrix 

(8.1 vol.% HNO3), yellowish WO3 instantly precipitates from the 50 ppm standard solution, 

whereas at lower concentration the crystallisation appears to be slower and the 25 ppm standard 

solution becomes murky due to the oxide formation only after one week, while no precipitation 

is observed in the 0-10 ppm standards. At lower acid content (0.6 vol.% HNO3), all 0-50 ppm 

standard solutions demonstrate good stability over a course of a few weeks. The signal 

intensities measured for the 0-10 ppm standards in either 3.6 or 8.1 vol.% HNO3 matrices 

demonstrate good reproducibility. For the standard ICP OES analysis of the colloidal TMD 

nanoflowers, 0-10 ppm or 0-25 ppm standard solutions in 3.6 vol.% HNO3 were chosen for the 

calibration fit. 

The results of ICP OES analysis of colloidal suspensions of the free-standing TMD 

nanoflowers (for the reaction yield) and of the TMD working electrodes produced by the direct 

growth approach (for the catalyst mass loading) are summarised in Table 7.  

Figure 2.16. ICP calibration curves. a, b, c Tungsten, molybdenum, and selenium standards, 
respectively. Standards prepared in the concentration ranges 0-10ppm, 0-25ppm, and 0-50ppm in 
various matrixes (0.6, 3.6, 8.1 vol.% of HNO3). 
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Table 7. Quantitative analysis of the free-standing TMD nanoflower samples and the TMD nanosheets 
grown on carbon paper (CP). 

Sample 
Concentration in suspension, mg/L – mmol/L Reaction 

yield, % [W] [Mo] [Se] 
WSe2 (#41) 12.9 0.08   101.1 1.25 2.5 
WSe2 (#42) 13.9 0.08   99.8 1.25 2 
MoSe2 (#20)   156.5 1.63 274.2 3.48 7 
WxMo1-xSe2 (#03) 27.6 0.15 276.5 2.88 1266.2 16.03 16 
 Surface coverage, µg/cm2 – µmol/cm2  

[W] [Mo] [Se] 
WSe2 (#58) @CP 21.01 0.114   53.1 0.672 16 
MoSe2 (#23) @CP   5.94 0.062 13.6 0.172 0.3 
WxMo1-xSe2 (#04) @CP 14.72 0.08 15.88 0.166 67.9 0.86 1.4 

2.3.8. Nitrogen adsorption 

Physical adsorption of inert gas molecules (N2, Ar) on a surface of the materials under 

study allows for measuring their specific surface area (m2/g). The experimental method is based 

on the Brunauer-Emmett-Teller (BET) theory, which considers formation of an adsorbate 

monolayer on the adsorbent surface [282]. The theory considers the adsorbates as not chemically 

interacting with the adsorbent, moreover, the adsorbate molecules do not interact with each 

other within the adsorbed layer. In the BET theory, the adsorption isotherm of the inert gas is 

described by equation: 

1

𝜐(
𝑝0
𝑝 − 1)

=
𝑐 − 1

𝜐m𝑐
(
𝑝

𝑝0
) +

1

𝜐m𝑐
, (12) 

where p0 and p are the adsorbate saturation (condensation) and equilibrium pressures (Pa) at 

the temperature of adsorption, c is the BET constant, υ is the volume of adsorbed gas (m3), υm 

is the volume of an adsorbed monolayer (m3). Experimentally, the volume of adsorbed gas υ is 

measured as a function of the relative pressure p/p0 at a constant temperature of adsorption 

(typically 77 K) that allows for estimating the volume of the adsorbed monolayer υm. and then 

the number of adsorbate molecules in the monolayer. If the adsorption cross-section s (m2), 

which is the area occupied by a single adsorbate molecule on the adsorbent surface, is known, 

the total surface area Stotal (m2) is calculated by the equation: 

𝑆𝑡𝑜𝑡𝑎𝑙 =
𝜐m𝑁A𝑠

𝑉m
, (13) 

                                                 
6 The yield is calculated based on the amount of material dissolved from CP only; it does not include the free-
standing flowers formed in the solution phase. 
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where NA is the Avogadro constant (~6.022×1023 mol-1), Vm is the molar volume of the 

adsorbate gas (m3/mol) [282]. The specific surface area S (m2/g) can then be obtained by 

normalising the Stotal by mass of the material. The specific surface area determined from the 

results of physical adsorption should not be treated as a true value since it strongly depends on 

the adsorption cross-section s of the adsorbate, which appears to vary from solid to solid [283]. 

The nitrogen adsorption measurements were carried out using an Autosorb iQ-AG static 

chemisorption analysis station (Quantachrome instruments). Dried powders of the WSe2, 

MoSe2, and WxMo1-xSe2 (x ~0.5) nanoflowers and the materials grown directly on CP were 

used for analysis. 

2.3.9. Atomic force microscopy and Kelvin probe force microscopy 

Atomic force microscopy (AFM) is a type of microscopy, where high-resolution images 

of sample topography are obtained based on registering the probe-sample interaction, when a 

mechanical probe is scanned in a raster pattern across the sample surface [284]. An AFM is 

composed of four major systems: a mechanical probe, a sample stage, a probe-sample 

monitoring system (laser and position sensitive detectors, PSD), and a feedback system that 

controls the cantilever position. A mechanical probe consists of a fine micro-fabricated tip, 

typically made of Si or Si3N4 for the topography imaging, mounted on a cantilever. The tip 

radius of curvature is of the order of a few nanometres that allows for the accurate topography 

imaging with a nanometre-scale resolution. An AFM can be operated in either contact, 

intermittent contact, or non-contact mode [285]. In contact operation mode, the tip is dragged 

across the sample’s surface. This is achieved by controlling the sample stage position in x, y, 

and z directions with respect to the AFM tip apex; however, an independent xyz drive that 

controls the mechanical probe position can be present depending on the microscope make. The 

contact mode AFM is performed in firm contact, when the tip-sample interactions are 

dominated by the repulsive forces. The resulting deflection of the cantilever is registered by 

the monitoring system as the reflection of a laser beam off the upper surface of the cantilever. 

The signal from the PSD, which is essentially a photodetector, is used as an input signal of the 

electronic feedback loop regulating the position of the tip through piezo-electric actuators. In 

a contact mode, the information about sample’s topography can obtained from the direct 

monitoring of the cantilever deflection as long as the tip remains in contact with the sample. 

However, height variation is more commonly calculated from the output signal of the feedback 

loop that is employed to continuously adjust the cantilever height to maintain a user-defined 

tip-sample separation (the setpoint), while the sample is being scanned in a raster xy pattern. 
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In contrast to the static contact mode, the intermittent contact (tapping) and non-contact 

modes are dynamic. Since the tip is not brought to contact with the sample surface, the damage 

to the sample (and the tip) is reduced. Also this minimises the “snap-in” imaging artefacts, 

appearing when the attractive forces between the tip and the sample may cause the tip to dig 

into the sample surface. Instead, the cantilever is externally oscillating at a frequency close to 

the resonance one. The interaction between the sample surface and the tip apex due to van der 

Waals, dipole-dipole, or electrostatic forces induces changes in the cantilever oscillation 

amplitude and frequency. These changes with respect to the reference amplitude and frequency 

are used as a feedback signal to obtain the sample topography in tapping and non-contact 

modes, respectively [285]. In the amplitude modulation regime, the feedback loop is set to 

maintain the amplitude of the oscillation constant, whereas in the frequency modulation 

regime, the feedback loop adjusts the tip-sample separation to keep the difference between the 

tip oscillation frequency and the reference (setpoint) frequency constant. 

Kelvin probe force microscopy (KPFM) is used to measure the contact potential 

difference (CPD) between the sample and a conducting tip. When the AFM tip is brought to 

electrical contact with the sample surface, the tunnelling current flows between the tip and the 

sample until the Fermi levels of two materials, EF(t) and EF(s), respectively, are equilibrated as 

shown in Figure 2.17.b. The CPD, which is equal to the difference between the sample and the 

tip work functions, ϕs and ϕt, identifies the electrostatic force acting in the contact area. This 

force can be nullified by applying an external bias to eliminate the surface charge in the contact 

Figure 2.17. Contact potential difference in KPFM. Energy level diagrams showing a AFM tip and 
sample surface before the electric contact; b equilibration of the Fermi levels upon the electric contact 
between the tip and the sample; c nullification of the CPD by applying an external bias. Reprinted from 
[255], with permission from Elsevier. Copyright © 2011. 
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area (Figure 2.17.c). Thus, measuring the bias potential allows for calculating the material work 

function ϕs if the AFM tip work function ϕt is known. 

In this work, surface topography and surface potential imaging of the WSe2 

nanostructures were performed on an Asylum MFP-3d microscope. A PtIr coated Si tip (Bruker 

SCM-PIT-V2) mounted onto a PPP-NCHR 20 (Nanosensors) cantilever was used as a probe. 

The initial scanning was performed over 16 μm2 scan area at 256 points per line and at a scan 

rate of 1 Hz. The resolution was increased to 1024 points per line for detailed imaging of 

individual nanostructures. Samples for KPFM were prepared on p-doped Si wafers, p-Si was 

used as a reference material. The work function of WSe2 𝜙WSe2 was calculated with respect to 

the work function of p-doped Si 𝜙Si following the equation: 

𝜙WSe2 = 𝜙Si − 𝑒 × (𝐶𝑃𝐷WSe2 − 𝐶𝑃𝐷Si) (14) 

The AFM and KPFM data were analysed using the Gwyddion software package. 

2.3.10. Zeta-potential measurements 

The surface charge of nanoflowers in colloidal suspensions was assessed based on the ζ-

potential value obtained from the electrophoretic velocity measurements. 

When dispersed in polar solvents, particles will spontaneously acquire a surface charge. 

This can be caused by various factors, for example by unequal ion adsorption from the 

dispersing medium resulting in a non-zero net charge, by preferential dissolution of the crystal 

lattice, or by ionisation of surface groups if surfactant is present [286,287]. Similar ionisation 

mechanisms are expected to take place in non-aqueous polar solutions. This surface charge is 

neutralised by the counterions attracted to the particle surface from the bulk solution, forming 

the electric double layer (EDL) [209,288]. The detailed description of the EDL is complicated; 

however, two distinct regions can be identified (Figure 2.18). The layer closest to the particle 

surface, Stern layer, is formed by the ions carrying the charge opposite to that of the particle 

surface (counter-ions). This layer is considered as immobile and can also include the adsorbed 

ions. Further from the particle surface is the diffuse layer that allows diffusion of co-ions and 

counter-ions loosely bound to the particle. The boundary within the diffuse layer, which 

corresponds to the stationary layer that moves with the particle, is called the slipping plane. 

The ζ-potential defines the potential within the diffuse layer at the slipping plane. 

Experimentally, laser Doppler electrophoresis is used to measure the ζ-potential value 

[289]. The method is based on applying an electric field across the dispersion of charged 
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particles and measuring the velocity of particle migration to the electrode of opposite sign. If a 

laser beam is passed through the suspension, the migrating particles will cause changes in 

frequency of the incident irradiation. This spectral shift is proportional to the particle velocity 

that is then used to calculate the ζ-potential. In this work, the ζ-potential of WSe2 suspensions 

in ethanol was measured using a Zetasizer Nano-Z (Malvern Instruments Ltd.). All 

measurements were performed at room temperature (22.5 oC). 

  

Figure 2.18. Simplified illustration of an electric double layer formed on the surface of a colloidal 
particle. 
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2.4. Electrocatalytic performance evaluation 

2.4.1. Preparation of working electrodes 

Working electrodes for catalytic hydrogen evolution reaction (HER) were prepared by 

two techniques – deposition of thin films from colloidal suspensions and direct growth of active 

material on conductive support. In order to grow WSe2, MoSe2 and WxMo1-xSe2 nanoflowers 

directly on an arbitrary conductive substrate, a piece of either carbon paper (CP), or carbon foil 

(CF) or Au foil (~4 cm2) was placed in the reaction flask containing the metal (tungsten 

molybdenum, or mixed) complex in oleic acid, left soaking for 30 minutes at 300 oC and then 

the heterogeneous nucleation was induced by a rapid injection of the chalcogen precursor. After 

three hours of growth, the substrate with the nanosheets assembled on its surface was removed 

from the reaction solution, repeatedly washed with ethanol to remove the oleic acid residue and 

dried under ambient conditions before electrochemical testing. 

2.4.2. Electrochemical testing in a three-electrode cell 

2.4.2.1. Experimental set-up 

The catalytic performance of the colloidal WxMo1-xSe2 (x = 0-1) nanosheets was tested 

in a standard three-electrode cell configuration using a Gamry Interface 1000 potentiostat. 1M 

H2SO4 (95%, VWR) or 1M H3PO4 (85%, Sigma Aldrich) solutions in Milli-Q water were 

chosen as an electrolyte. The working electrodes produced either by drop-casting or by direct 

growth of active material on a conductive support (~4 cm2) were tested as fabricated without 

any preliminary treatment. The electrode active area typically varied between 0.25 and 0.3 cm2. 

Carbon foil (~14 cm2, 99.8%, Aldrich) was mainly used as a counter electrode that protects the 

reference electrode serving as a current drain. However, in the series of experiments on the 

testing conditions optimisation described in Section 2.4.3, an alternative auxiliary electrode 

made of platinum gauze (100 mesh, 99.9%, Alfa Aesar) was used. All potentials E (V) were 

applied vs a commercial Ag/AgCl 3M KCl (BASi, MF-2052) or Hg/Hg2Cl2 sat KCl (ALS, RE-2BP) 

reference electrode. The potentials were converted to vs Reversible Hydrogen Electrode (RHE) 

following the equation: 

𝐸 (𝑣𝑠 RHE) = 𝐸 (𝑣𝑠 reference electrode) + 0.059 × pH + 𝐸o, (15) 

where Eo is a standard electrode potential: Eo
Ag/AgCl 3M KCl = +0.21 V; Eo

Hg/Hg2Cl2 sat KCl = 

+0.2444 V. 
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2.4.2.2. Linear sweep voltammetry and Tafel analysis 

Two primary electrode performance characteristics, the overpotential at the catalytic 

current density of -10 mA/cm2 (η10, mV) and the Tafel slope, were obtained from linear sweep 

voltammetry (LSV) data. LSV is an electrochemical method where the potential between the 

working electrode and the reference electrode is swept linearly at a constant scan rate, while 

the current at the working electrode is being measured. The processes occurring at the auxiliary 

electrode are not monitored. The polarisation curves were recorded by sweeping the applied 

potential cathodically from 0 to -0.8 V vs reference electrode at a scan rate of 5 mV/s. Before 

testing, the working electrodes were soaked in aqueous electrolyte of choice (1M H2SO4 if not 

stated otherwise) for 1 hour to ensure wetting of the high surface area of branched TMD 

catalyst. Ten consecutive LSV scans were performed prior to the characterisation to condition 

the working electrodes and to ensure that the delivered catalytic current is stable (Figure 

2.19.a,b). The measured current was normalised to the geometric active area of working 

electrode to obtain the catalytic current densities j (mA/cm2). The geometric active area is equal 

to the area of working electrode immersed into electrolyte and typically varied in the range 

0.25-0.3 cm2. It should be noted that normalising measured current to the geometric active area 

provides reliable values for working electrodes with smooth and planar surfaces, however, for 

nanostructured catalysts, like arrays of vertically aligned TMD nanosheets grown on 

conductive substrates discussed in Chapter 5, it leads to overestimating the catalyst activity. It 

has been suggested that the actual surface area of the electrode-electrolyte interface may be 

used instead to calculate catalytic current density [290]. The specific surface area (SSA) of a 

nanostructured TMD catalyst can be determined from the results of nitrogen adsorption 

(Section 2.3.8). However, this method of evaluating the current density as a catalyst activity 

metric is considered highly inaccurate since the catalytically-active area of a catalyst differs 

from its specific surface area; moreover, the density of catalytically-active sites varies 

considerably from catalyst to catalyst. For these reasons, current densities obtained by 

normalising to the SSA are not discussed in this work. Alternatively, electrochemically-

accessible(active) surface area (ECSA) can be used to obtain specific current densities. 

Although having been developed for noble metal catalysts [291,292], the refined protocols on 

assessing the ESCA of TMD catalysts are lacking in literature. Relative ECSA can be measured 

from the double-layer capacitance of the interface [293] but this parameter cannot be used to 

compare catalyst activities from different studies [290]. Furthermore, double-layer capacitance 

corresponds to the non-Faradaic ion adsorption processes at the electrode-electrolyte interface, 
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while the catalytic HER is a Faradaic process, and so may not reflect the catalyst activity. The 

current densities presented in this work are geometric current densities at the nanostructured 

TMD working electrodes. In order to account for the synthesis-to-synthesis variations in the 

achieved mass loadings, we also provide catalytic current densities normalised by the mass of 

active material as discussed in Section 5.3. In this case, the mass loadings (μg/cm2) were 

obtained by ICP OES (Section 2.3.7). 

Reaction overpotential is the potential difference between the thermodynamic potential 

Eo of the electrochemical reaction and the experimental potential E at which the 

electrochemical reaction occurs. At thermodynamic equilibrium, the reversible potential for 

the HER Eo is 0 V. Overpotential can be written as η = E (vs RHE) – 0. There are two special 

overpotentials for the HER commonly discussed in literature. The onset overpotential η0 is the 

overpotential, at which the catalytic reaction begins, or in other words, at which the catalytic 

current becomes measurable. Due to the ambiguity of the onset overpotential definition, this 

Figure 2.19. Assessment of the catalytic performance of the colloidal WxMo1-xSe2 (x = 0-1) 
nanosheets. a, b Polarisation curves recorded on the drop-cast WSe2 (panel a) and the directly grown 
WSe2, MoSe2, and WxMo1-xSe2 (panel b) working electrodes before (initial scan, dashed lines) and 
after (10th cycle, solid lines) ten cathodic sweeps from 0 to -0.8 V (vs Ag/AgCl). c, d. Polarisation 
curves and the corresponding Tafel slopes, respectively, of two theoretical catalysts. Reprinted with 
permission from [157]. Copyright © 2014, American Chemical Society. 
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value is hard to determine (Figure 2.19.c) and so the η0 is rarely used for the actual comparison 

of catalyst materials [294]. The overpotential required to achieve a certain catalytic current 

density is used instead. Often, -10 mA/cm2 is chosen as the benchmarking value and the 

overpotential at this current density η10 is used as a total electrode performance metrics to 

compare the activity of different catalysts [290,294,295]. It should be pointed out that two different 

catalysts may achieve the benchmarking current density at the same η10 overpotential values as 

shown in Figure 2.19.c, however, the reaction kinetics may differ considerably in these two 

cases (Figure 2.19.d). For this reason, two crucial characteristics of the catalyst activity, Tafel 

slope and exchange current density, are usually reported in combination with the reaction 

overpotential to provide an accurate and complete overview of the electrode performance. 

Tafel analysis provides information on the inherent kinetics of the catalytic reaction on 

the catalyst surface. The Tafel slope illustrates how fast the process occurs at the catalyst 

interface, while the exchange current density corresponds to the current density at equilibrium 

(the forward reaction balances the reverse reaction) and can be treated as a background current 

of the electrolysis reaction. For a simple redox reaction Ox + ne- ↔ Red at the catalyst-

electrolyte interface, the dependence of catalytic current density on a working electrode j on 

the electrode potential E is given by the Butler-Volmer equation [83,290,296]: 

𝑗 = 𝑗0 [−𝑒
−𝛼n𝐹
𝑅𝑇

(𝐸−𝐸𝑜) + 𝑒
(1−𝛼)n𝐹

𝑅𝑇
(𝐸−𝐸𝑜)], (16) 

where j0 is the exchange current density (mA/cm2); α and 1-α are the charge transfer 

coefficients of the forward and the reverse reactions, respectively; F is the Faraday constant 

(~96485 C/mol); R is the ideal gas constant (~8.314 J/[mol·K]); T is absolute temperature (K); 

the difference E-Eo is the overpotential η (V). At high polarisations (Tafel region), when only 

one of the processes prevails (the rate of reverse reaction is negligible compared to the rate of 

forward reaction), the Butler-Volmer equation is approximated by the Tafel equations for the 

anodic and the cathodic processes, respectively: 

𝑗~{
𝑗0𝑒

(1−𝛼)n𝐹
𝑅𝑇

𝜂 if 𝜂 ≫
𝑅𝑇

n𝐹
 

−𝑗0𝑒
−𝛼n𝐹
𝑅𝑇

𝜂 if 𝜂 ≪ −
𝑅𝑇

n𝐹
 

 (17) 

From these, the overpotential η can be derived as: 
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 (18) 

The overpotential η linearly depends on the lnǀjǀ; however, Tafel plots are normally presented 

in the η vs logǀjǀ coordinates. For a cathodic process, such as the HER, Tafel slope is determined 

as − 2.303𝑅𝑇

𝛼n𝐹
 and its physical meaning is the additional voltage required to gain an order of 

magnitude increase in the catalytic current density; the widely-accepted Tafel slope unit is 

mV/dec. On the other hand, extrapolating the linear region of a Tafel plot until the interception 

with the x axis (η=0) allows for estimating the exchange current density j0. 

Since the electrocatalytic performance is usually tested in the three-electrode cell 

configuration, the solution resistance Rs strongly affects the potential values. Compensating the 

iR drop is thus considered essential for the assessment of the ideal electrode performance; 

however, for practical reasons reporting the uncompensated overpotential values is preferred. 

The Rs value depends on numerous factors, such as the distance between the reference and the 

auxiliary electrodes and the ionic strength of electrolyte solution [290]. Additionally, the contact 

resistance of electrical connections, for example of the electrodes to the potentiostat, contribute 

to the resistance losses. The total uncompensated resistance Ru is therefore used to compensate 

the iR drop in experimental polarisation curves. The dropped potential is calculated at each 

data point of the polarisation curve by multiplying the Ru by the corresponding current density 

value; then the iR-compensated potential EiR free can be obtained by subtracting the potential 

drop from the experimental potential value E. The uncompensated resistance value Ru is 

measured using electrochemical impedance spectroscopy (EIS) discussed in Section 2.4.2.3. 

In this work, in order to reflect the performance of working electrodes, the iR-

uncompensated overpotentials η10 are discussed. On the other hand, to avoid overestimating 

the Tafel slopes, Tafel analysis is performed only after compensating the iR drop. 

2.4.2.3. Electrochemical impedance spectroscopy 

Electrochemical impedance spectroscopy (EIS) is a technique allowing for studying the 

bound or mobile charges in the systems, electrochemical response of which is based on 

numerous and often connected transfer processes. The method is especially crucial for 

investigating the charge transfer across the interfaces, such as electrode surfaces, 

microstructure and grain boundaries, and phase boundaries, in the heterogeneous systems [297]. 
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Electrical impedance (complex impedance) is a frequency-dependent measure of the 

resistance of alternating current (AC) driven circuits. Electrical impedance Z is a complex 

quantity characterised by the magnitude and the phase. The real part of impedance Z’ is the 

electrical resistance of the circuit, while the imaginary part of impedance Z” is the electrical 

reactance of the circuit that is caused by the electrostatic charge storage (capacitive reactance) 

and by the electrical current induced by the changing magnetic field of the alternating current 

(inductive reactance). In application to a three-electrode electrochemical cell, performing the 

EIS characterisation allows for probing and separating the contributions of several processes 

taking place in the cell that often include the electrolyte resistance, the capacitance of the 

double layer formed at the electrolyte-electrode interface, the charge-transfer resistance 

associated with the current of electrochemical reaction occurring at the electrode surface, and 

the ion diffusion. Impedance is commonly measured by applying a single-frequency signal 

(potential or current) to the interface under examination and to measure the phase shift and the 

amplitude change at the same frequency [297]. In an electrochemical cell, the potential is kept 

at a certain value since there is a reaction taking place on the working electrode and a small 

AC (voltage) signal is applied to probe the impedance of a cell [298]. An impedance spectrum 

is obtained by changing the signal frequency in a wide range. In this work, the potentiostatic 

EIS measurements were performed at the DC voltage required to achieve the current density 

of -10 mA/cm2, typically -0.5-0.6 V vs reference electrode for all tested nanostructures. The 

AC voltage with the amplitude of 20 mV was swept in the frequency range from 106 to 10- 2 Hz. 

The potentiostatic EIS data are commonly presented as the impedance hodograph 

(Nyquist plot), where each point in the Z’-Z” plane corresponds to the impedance at one 

frequency. An alternative representation is the Bode plot, where the absolute values of 

impedance and the phase shift are plotted as a function of the signal frequency. The analysis of 

the EIS data requires modelling the equivalent circuit using serial and parallel combinations of 

common elements, such as a resistor, a capacitor, an inductor, and a Warburg element. In this 

work, the EIS data were fitted to a Randles equivalent circuit. The fitting was performed using 

the Echem Analyst software package (Gamry). 

The Randles cell includes contributions of the solution (uncompensated) resistance Rs 

(Ru), the charge transfer resistance Rc and the double layer capacitance Cdl. The equivalent 

circuit diagram is shown in Figure 2.20.a. The corresponding Nyquist plot for a Randles cell is 

always a semicircle (Figure 2.20.b). The high frequency intercept with the real impedance axis 

corresponds to the solution (uncompensated) Rs (Ru) resistance, while the low frequency 
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intercept is the sum Ru+Rc [299]. In general, the parallel combination of a capacitor and a resistor 

is characterised by the time constant τ = R·C. The appearance of multiple semicircles (arcs) in 

the impedance hodographs is caused by numerous complex processes with different time 

constants taking place in the system. These can include the electrical transfer across grain 

boundaries and phase interfaces or processes occurring inside the pores of the electrode 

coating. It should be noted that the same set of experimental data can be often fitted with more 

than one equivalent circuit, therefore a prior modelling of the system under examination is 

required [297]. Also, the arcs in impedance hodographs may appear significantly distorted due 

to multiple relaxation processes with comparable time constants (less than 2 orders of 

magnitude difference) taking place or the centre of the arc can be displaced below the real axis 

due to a distribution in relaxation times, for example caused by the microscopic 

inhomogeneities of electrode structure. 

2.4.3. Optimisation of the electrode durability testing conditions 

Prior to testing the electrocatalytic properties of the colloidal WxMo1-xSe2 nanosheets, 

we have performed a series of experiments in order to identify the optimal electrochemical 

testing set-up. We found the commonly reported set-up, when testing is performed in 1M 

sulphuric acid solution using a commercial Ag/AgCl reference electrode, unsuitable for a long-

term stability testing since the continuous cycling (3000 cycles) under reducing potentials has 

led to deposition of silver contaminants onto the working electrode surface. The elemental 

analysis (Figure 2.21.b) performed on the WSe2 nanosheets after 3000 catalytic HER cycles 

between 0 and -0.8 V vs Ag/AgCl3M KCl reveals a significant amount of silver present in the 

sample post-testing. The corresponding SEM image (Figure 2.21.a) clearly demonstrates 

numerous quasi-rectangular Ag nanoparticles covering the surface of working electrode. The 

issue of silver ions leaking from the Ag/AgCl reference electrodes into the electrolyte solution 

Figure 2.20. Modelling the potentiostatic EIS data. a The equivalent circuit of a Randles cell. b. The 
corresponding Nyquist plot. Adapted from www.gamry.com. 
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resulting in the reduction of Ag+ followed by its deposition as neutral Ag nanoparticles on the 

working electrodes has been raised recently [300]. In the cited work, deposition of silver 

nanoparticles resulted in current densities of over -5 mA/cm2 achieved at relatively low 

overpotentials (500 mV) after several hours of potentiostatic electrolysis. However, this is 

rarely discussed in works on TMD catalysis. 

It should be noted that no measurable signal of silver is detected in the EDS spectra of 

the working electrodes after basic electrochemical testing (10-20 catalytic cycles). Therefore, 

the initial increase of the catalytic current observed during a few first catalytic cycles (Figure 

2.19.a,b) is likely to be attributed to the gradual wetting of high surface area of the branched 

nanosheets involving higher number of the active sites into the catalytic reaction. However, in 

order to explicitly exclude the false positive results arising due to deposition of catalytically 

active impurities the conditions of long-term stability testing had to be optimised. 

We performed a series of model experiments, where the working electrode was replaced 

by the catalytically inert carbon foil (CF) and the varied parameters were the following: type 

of counter electrode (Pt mesh vs carbon foil), type of reference electrode (Ag/AgCl vs 

Hg/Hg2Cl2) and type of electrolyte (1M H2SO4 vs 1M H3PO4). The effect of each of these 

parameters was assessed based on the variation of the current density at the working electrode 

after 100 of cathodic sweeps from 0 to -0.8 V (vs reference electrode) at a 10 mV/s scan rate 

as shown in Figure 2.22.b-e. The CF working electrode (WE) – CF counter electrode (CE) – 

Ag/AgCl(3M KCl) reference electrode (RE) – 1M H2SO4 electrolyte set-up represents the standard 

electrochemical testing scheme used throughout this work. Initially inert CF starts exhibiting a 

Figure 2.21. Structural characterisation of the WSe2 working electrode after 3000 catalytic cycles. a 
SEM image and b corresponding EDS maps (top panel; Ag, W, and Se) and spectrum (bottom panel) 
acquired on the WSe2 working electrode after long-term stability testing preformed in 1M H2SO4 using 
a Ag/AgCl reference electrode. Scale bars 2 µm. 
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measurable catalytic activity after 100 of cycles (Figure 2.22.c) reaching the maximum current 

density of -5 mA/cm2 at 580 mV overpotential. SEM imaging and elemental analysis shown in 

Figure 2.22.a reveal numerous silver nanoparticles appearing on the surface of the tested CF 

as a result of reductive electrodeposition. Surprisingly, using Pt mesh as a counter electrode 

has led to significantly higher current densities at the CF working electrode exceeding 

- 10 mA/cm2 at the overpotentials over 350 mV (Figure 2.22.b). To supress silver ion leakage 

from the Ag/AgCl reference electrode Roger et al suggested using phosphoric acid as an 

alternative electrolyte based on the lower solubility of the corresponding silver salt in water at 

room temperature [300]. Indeed, performing the catalytic cycling in 1M H3PO4 resulted in a 

significantly more stable current densities not exceeding -1 mA/cm2 at 525 mV overpotential 

(Figure 2.22.d). Alternatively, a calomel reference electrode can be used to exclude 

Figure 2..22. Optimisation of the electrochemical set-up for the long-term stability testing. a SEM 
image and the EDS maps (scale bar 500 nm) of the CF WE after 100 catalytic cycles in the CF WE – 
CF CE – Ag/AgCl RE – 1M H2SO4 configuration demonstrating deposition of silver nanoparticles; S 
and O signals in the elemental maps arise from the surface contamination of the CF WE with electrolyte 
residues. b-e Polarisation curves of the CF WE before (blue) and after (red) 100 catalytic cycles in the 
following configurations: b CF WE – Pt CE – Ag/AgCl RE – 1M H2SO4; c CF WE – CF CE – 
Ag/AgCl RE – 1M H2SO4; d CF WE – CF CE – Ag/AgCl RE – 1M H3PO4; e CF WE – CF CE – 
Hg/Hg2Cl2 RE – 1M H2SO4. 
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electrodeposition of metallic silver completely (Figure 2.22.e); the observed decrease in the 

measured current density at the CF working electrode can be in fact attribute to the local 

depletion of the electrolyte since the catalytic cycling was performed in a conventional 

electrochemical cell without magnetic stirring. 

The durability testing of the WSe2 working electrodes discussed in Section 5.5 was 

carried out in 1M phosphoric acid electrolyte using carbon foil as a counter electrode and a 

commercial Ag/AgCl reference electrode. 
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Chapter 3: 

Colloidal synthesis of inorganic metal chalcogenide nanoflowers 

This Chapter covers the development of a bottom-up solution-phase synthesis approach 

to grow binary metal chalcogenide, specifically MoSe2, MoTe2, Bi2Te3, and WSe2, hierarchical 

nanosheets, also referred to as nanoflowers or branched nanosheets within this Thesis, from 

molecular precursors. We investigate the effect of synthesis conditions on the morphology, 

degree of crystallinity, and crystal structure of the produced nanosheets. To achieve this, a 

parametric study of the colloidal synthesis conditions, including reactivity of both metal and 

chalcogen precursors, type of the solvent, growth temperature and synthesis time, has been 

carried out. We demonstrate that the selected materials (MoSe2, MoTe2, Bi2Te3, and WSe2) can 

be obtained in the form of well-defined nanoflowers with atomically-thin petals, exhibiting 

edge-abundant morphology. The latter is beneficial for a number of practical applications, such 

as catalysis and electrochemical energy storage devices. We explore how the synthesis 

parameters, such as growth temperature in the case of Bi2Te3 synthesis, can be employed to 

attain a controllable tuning of the morphology of the growing material. Further, we shed light 

on how growth in the solution phase can facilitate formation of the metastable polymorphs, for 

instance the monoclinic phases of WSe2 and MoTe2, providing an extra tool to control the 

electronic properties of a given material. 

3.1. Colloidal MoSe2 and MoTe2 nanoflowers 

Colloidal MoSe2 hierarchical nanosheets were synthesised by adding trioctylphosphine 

selenide complex into a hot solution of molybdenum hexacarbonyl in oleic acid. We chose to 

use molybdenum hexacarbonyl as a source of the transition metal as in contrast to the 

corresponding chloride, MoCl5, and molybdates, Na2MoO4 and (NH4)6Mo7O24·4H2O, 

previously reported in the literature on solvothermal synthesis of molybdenum disulphides and 

diselenides [160,170,260], carbonyls are more robust and air-stable and therefore would result in 

the formation of less oxidised material. Colloidal synthesis of the MoTe2 nanostructures has 

also been attempted, however, we found that a more reactive form of molybdenum precursor, 

such as molybdenum pentachloride, ought to be used in order to achieve nucleation of 

crystalline MoTe2. The experimental set-up and the detailed procedures are described in 

Section 2.2.3. Full list of performed syntheses and the corresponding conditions are provided 

in Appendix A1 and A2. 
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3.1.1. Structural characterisation of MoSe2 and MoTe2 nanoflowers 

The produced MoSe2 nanostructures were isolated from the reaction medium and then 

dispersed in ethanol for storage. A photograph of a freshly prepared colloidal suspension of 

MoSe2 nanoflowers is shown in Figure 3.1.a. The suspension is dark-grey in colour and the 

scattering of the visible light (Tyndall effect) suggests that the dispersed MoSe2 nanostructures 

are in the order of a few hundred nanometres in size. Indeed, low-magnification SEM imaging 

(Figure 3.1.a) shows that being roughly spherical in nature the produced particles exhibit 

branched, flower-like, morphology. The agglomeration of MoSe2 branched nanoparticles, 

occurring upon solvent evaporation during the SEM samples preparation, hinders the direct 

investigation of their morphology. TEM analysis, on the other hand, reveals that the majority 

of individual MoSe2 nanoflowers do not exceed 200 nm in diameter with an average size of 

approximately 50-100 nm (Figure 3.1.d). The obtained hierarchical nanoarchitectures are made 

of two-dimensional nanosheets of variable thickness. The thickness of the constituent 

nanosheets accounts for 10-15 monolayers near the core of a nanoflower and is progressively 

thinning down to 3-4 layers at the edges. This thickness observed for the vertically aligned 

petals is, however, in stark contrast with the appearance of the flat petals, which according to 

a very faint contrast in the TEM images, are likely to be ultra-thin. A top-view high resolution 

TEM image presented in Figure 3.1.b illustrates how the petal rims are composed of single- 

and few-layered regions. The moiré patterns observed in the few-layered areas are indicative 

of the rotational misalignment of restacked layers. In Figure 3.1.c, a HR TEM image of the 

produced MoSe2 nanosheets displays the three-fold symmetry of the crystal lattice with the d-

spacing of 2.6 Å. Taking into account the absolute measurement error (<8%, Section 2.3.2), 

this value is close to that of the {100} planes of bulk hexagonal MoSe2 (2.84 Å, ICDD 29-914). 

The results of elemental analysis indicate a slight excess of selenium in the as produced 

material ([Mo]:[Se] atomic ratio is 1:2.28). In addition to that, the crystallinity of MoSe2 

nanosheets is quite low as is evidenced by the ~nm2-sized single crystalline patches composing 

the basal plane (Figure 3.1.c), which cause blurring of the diffraction spots in the corresponding 

FFT pattern (Figure 3.1.c inset), and the sub-nm voids present in the single-layered areas 

(marked with yellow arrows in Figure 3.1.b). It should be noted that in the MoSe2 samples a 

fraction of the nanostructures is found in a more complex branched morphology (Figure 3.1.e). 

These structures (‘brushes’) can be described as intertwined branched nanosheets with thick 

multi-layered ‘stems’ and thin petals stemming off them (Figure 3.1.f). 
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The representative experimental XRD pattern of the produced colloidal MoSe2 

nanosheets is shown in Figure 3.2.a and matches well the reference pattern of bulk MoSe2 

(ICDD 29-914). The diffraction peaks are broadened due to the small size of crystalline 

domains and a strain caused by curling and folding of the thin MoSe2 nanosheets. The most 

prominent reflections observed in the experimental diffractogram at 13.9, 31.8, and 38.1 

degrees 2θ correspond to the (002), (100) and (103) planes of the hexagonal phase of MoSe2. 

The strong (002) reflection confirms multi-layered nature of the ‘bulk’ of the produced 

material. 

The Raman spectrum of the synthesised MoSe2 nanosheets (Figure 3.2.b) demonstrates 

two well-resolved signatures centred at 239 and 285.6 cm-1 as well as complex overtone peaks 

at ~435 and ~580 cm-1. The sharp peak observed at ~240 cm-1 is commonly assigned to the 

out-of-plane A1g vibrational mode of the hexagonal MoSe2. In bulk MoSe2 powder, A1g is blue-

Figure 3.1. Morphology of the colloidal MoSe2 hierarchical nanostructures. a SEM image of an 
ensemble of the MoSe2 branched nanosheets, inset shows a photograph of a suspension of the MoSe2 
branched nanosheets in ethanol. b, c High resolution TEM images taken from the rims of individual 
MoSe2 petals and the corresponding FFT pattern (inset in panel c) demonstrating crystalline nature of 
single petals. d TEM image of a MoSe2 nanoflower. e, f TEM images of the MoSe2 “brushes” of ultra-
thin petals sprawling off the thicker “stems”. 
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shifted compared to that of the colloidal MoSe2 nanoflowers and appears at 241.1 cm-1 (Figure 

3.2.b); this experimental value is in good agreement with the reported position of the A1g mode 

of bulk MoSe2 (~242 cm-1
, [301]). The characteristic softening (red shift) of the out-of-plane 

vibrational mode is generally observed with the thickness of material decreasing [54], ultimately 

reaching the single-layer limit where the 𝐴1g  mode is normally found in the range 239-

240.5 cm-1 [67,169,302]. The peak at 285.6 cm-1, which is not detected in bulk MoSe2, can be 

assigned to the in-plane 𝐸2g1  vibration mode, similarly to [303,304]. However, this mode has been 

demonstrated to have very low intensity even in monolayers and can only be detected when its 

intensity is enhanced under a short-wavelength excitation [301], suggesting a resonant character 

of this mode. Recently, tip-enhanced Raman spectroscopy (TERS), which allows for the 

nanometre-sized lateral resolution of the heterogeneities in samples, has unambiguously shown 

that this resonant mode at ~287 cm-1 is significantly enhanced in polycrystalline MoSe2 

monolayers, while is nearly absent in single-crystalline monolayers of ~100 μm size [302]. Thus, 

the polycrystalline nature of the colloidal MoSe2 nanoflowers made of nanoscale domains 

(within individual petals), and thus being abundant in grain boundaries, is likely to cause the 

observed enhancement of the in-plane Raman signature that has not been reported in the single-

crystalline MoSe2 monolayers[169]. 

The semiconducting 2H phase of MoSe2 nanoflowers is evidenced by the results of 

optical absorption spectroscopy. A typical UV-vis absorption spectrum of the produced MoSe2 

hierarchical nanosheets is presented in Figure 3.2.c and demonstrates the characteristic 

excitonic transitions of the semiconducting phase. The interband transitions are labelled 

Figure 3.2. Structural characterisation of the colloidal MoSe2 nanosheets. a, b, c X-ray diffractogram, 
Raman spectrum, and optical absorption spectrum of the produced MoSe2 hierarchical nanosheets, 
respectively. A reference diffraction pattern of bulk MoSe2 (ICDD 29-914) is shown in a for 
comparison. Raman spectrum of bulk MoSe2 powder in panel b is given in x4 scale, the spectra are 
offset for clarity. 
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according to the conventional notions introduced by J. Wilson and A. Yoffe [40]. The A and B 

excitons near the optical absorption edge originate from the transitions between the spin-orbit 

split valence band and conduction band and in the case of synthesised MoSe2 nanoflowers are 

found at 805 and 710 nm, respectively. The observed positions are red-shifted from the 

reported monolayer positions [53,305] that agrees well with the few-layered nature of the 

synthesised material determined from the TEM data. 

The synthesis approach developed to grow MoSe2 hierarchical nanosheets in solution 

phase has been further extended to synthesise colloidal MoTe2 nanostructures. The main 

difficulty to synthesise MoTe2 directly from the corresponding molecular precursors is 

associated with the extreme instability of available tellurium precursors that are suitable for a 

solution-phase reaction. In the following section, we provide a detailed parametric study of the 

growth conditions we optimised to obtain the colloidal MoTe2 nanostructures. 

The morphology of the produced colloidal MoTe2 nanostructures resembles that of the 

MoSe2 nanoflowers discussed above. A representative TEM image is shown in Figure 3.3.a 

and reveals irregular quasi-flowerlike shape of the synthesised MoTe2 with lateral dimensions 

in the range 100-200 nm. TEM analysis, and especially high-resolution imaging, of the material 

is complicated due to a rather quick degradation and, as a consequence, amorphization of 

colloidal MoTe2 nanostructures in the course of a few hours of air exposure. The phase analysis 

of the produced MoTe2 was performed using powder X-ray diffraction data instead. A typical 

diffractogram of MoTe2 nanostructures is presented in Figure 3.3.c. It clearly shows two 

distinct phases present in the sample. A set of rather broad diffraction peaks can be ascribed to 

MoTe2. Although the experimental peaks are substantially broadened due to the nanoscale 

dimensions of the crystalline domains, the overall diffraction pattern of colloidal MoTe2 

nanostructures does not match that of the hexagonal phase. Instead, synthesised in the solution 

phase MoTe2 seem to be acquired in the monoclinic 1T’ phase, also referred to as β-MoTe2. 

Calculations have identified that the thermodynamically stable phase of MoTe2, both in bulk 

material and in a monolayer limit, is the hexagonal 2H phase [12,20]. However, the calculated 

energy difference between the 2H and 1T’ polymorphs is only 0.04 eV per formula unit [20]. 

This suggests that formation of the metastable polymorph is quite possible under favourable 

growth conditions. Additionally, interaction with organic ligands and solvents can alter the 

surface energy and so further lower the energy barrier for obtaining the metastable phase. The 

most prominent peak in the diffraction pattern of the obtained 1T’ MoTe2 corresponds to the 

unresolved (201), (112), and (112) reflections observed at 29.42, 31.73, and 32.53o 2θ, 
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respectively, in bulk β-MoTe2. Unlike the case of the MoSe2 hierarchical nanosheets, the (002) 

reflection at 12.79 o2θ is nearly absent in the diffractogram of colloidal MoTe2 nanostructures, 

indicating the small thickness of their petals. A second set of sharp diffraction peaks perfectly 

matches the reference pattern of metallic tellurium. Indeed, micron-sized needles of highly 

crystalline tellurium have been repeatedly observed in the SEM images of the produced 

material (will be discussed in more details in Section 3.1.3). We attribute the crystallisation of 

tellurium side-product to the decomposition of phosphine telluride complex at elevated 

temperatures rather than to the instability of transition metal ditellurides, and molybdenum 

ditelluride in particular, as in the latter case the formation of amorphous tellurium clusters could 

be expected. 

The Raman spectrum of MoTe2 product shown in Figure 3.3.d exhibits two strong bands 

at 120 and 140 cm-1 that are related to the A1 and E vibrational modes of elemental tellurium 

[306]. The Raman spectra were acquired from the areas containing only small agglomerates of 

Figure 3.3. Structural characterisation of the colloidal MoTe2 nanostructures. a TEM image of the 
produced MoTe2 nanostructures. b Optical absorption spectra of the final MoTe2 product and the 
reaction medium (supernatant); inset is a photograph of a freshly prepared suspension of the colloidal 
MoTe2 nanostructures in ethanol. c, d XRD pattern and Raman spectrum of the final MoTe2 product, 
respectively. In panel c, standard diffraction patterns of the hexagonal tellurium (ICDD 36-1452), 
hexagonal (ICDD 72-117) and monoclinic (ICDD 71-2157) MoTe2 are given for reference. 
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MoTe2 nanoflowers and away from the optically-visible Te side-products. Therefore, the 

appearance of the Te vibrational modes in Raman spectra of MoTe2 nanoflowers is likely due 

to the material degradation under laser irradiation. The degradation of transition metal 

ditelluride samples accompanied by the formation of Te metalloid clusters is commonly 

reported [307]. In the cited report, for instance, it was demonstrated that the fingerprints of the 

1T’ phase disappear completely in the Raman spectrum of the 1T’ MoTe2 single layer after the 

first 30 seconds of signal acquisition (1 mW power focused to the 1 µm laser spot on the 

sample), while the intensity of the Te metalloid bands steadily increases over the next 4 minutes 

of exposure until it reaches saturation. Due to the low symmetry, the monoclinic 1T’ 

polymorph displays a wider set of characteristic Raman features compared to the hexagonal 

2H phase. From the group theory, bulk 1T’ MoTe2 has 18 Raman active modes, only 9 of which 

are allowed in the Raman spectrum of the corresponding monolayers [308]. Indeed, 3 modes 

with the Bg symmetry (along the zigzag chains of Mo atoms in the b-axis direction) at 92, 102, 

190 cm-1 and 6 modes with the Ag symmetry (vibrations in the ac plane perpendicular to the 

zigzag chains) at 85, 113, 128, 164, 253, and 270 cm-1 were experimentally observed in the 

Raman spectra of the high-quality CVD grown 1T’ MoTe2 single layer recorded at different 

incident light polarisation and signal collection geometries [307]. In the case of colloidal 

1T’MoTe2 nanostructures discussed in this Chapter, low crystal quality and rapid degradation 

of the produced material hindered the direct study of its lattice. 

In contrast to the hexagonal polymorph, which in the bulk form is an indirect gap 

semiconductor and becomes a direct gap semiconductor with the optical band gap of 1.1 eV in 

the monolayer limit [309], bulk monoclinic 1T’ MoTe2 is semimetallic in nature and exhibits a 

narrow band gap (~60 meV) opening once the material is thinned down to 1-10 layers [310]. As 

expected for the semimetallic 1T’ polymorph, the optical absorption spectrum of the produced 

colloidal MoTe2 nanostructures shown in Figure 3.3.b does not display any excitonic bands in 

the IR-region. Compared to the solution of the unreacted molecular precursors (supernatant), 

it exhibits only a considerable scattering in the entire visible range owing to the metallic nature 

of the 1T’ polymorph. Strong band in the high-energy region, which is present in the optical 

spectra of both the final product and the supernatant, is attributed to the absorption of free oleic 

acid, which was not removed completely during the post-growth washing process. 

3.1.2. Parametric study of the growth conditions: Colloidal MoSe2 nanoflowers 

To better understand the tunability of the proposed synthesis process of colloidal MoSe2 

nanostructures, we have carried out a series of experiments varying the growth conditions. 
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Firstly, the effect of transition metal precursor was investigated. We have performed a 

series of syntheses using molybdenum hexacarbonyl Mo(CO)6, molybdenum pentachloride 

MoCl5, and molybdenyl acetylacetonate MoO2(acac)2, to form the molybdenum complex, 

while other growth conditions (selenium precursor, solvent, growth temperature and time) were 

kept unchanged. The representative TEM images of the corresponding MoSe2 nanostructures 

are shown in Figure 3.4.a-c. Replacing molybdenum carbonyl with the respective 

dioxydiacetylacetonate led to formation of smaller MoSe2 nanostructures with the apparent 

diameter changed from over 150 nm to just under 100 nm (Figure 3.4.a,c), while the well-

defined flower-like morphology was preserved. On the other hand, using MoCl5 as a source of 

transition metal resulted in the formation of branched nanostructures composed of 

agglomerated MoSe2 nanosheets (Figure 3.4.b). 

We further investigate the effect of coordinating solvent on the morphology of MoSe2 

nanosheets. To do so, three molybdenum complexes, Mo(CO)6 dissolved in oleic acid, 

Mo(CO)6 in oleylamine, and MoCl5 in oleylamine, were compared (Figure 3.5.a-c). In contrast 

to the well-shaped nearly-spherical MoSe2 branched nanostructures produced by reacting the 

selenium precursor with the Mo(CO)6 complex in oleic acid (Figure 3.5.a), coordinating 

Mo(CO)6 with oleylamine resulted in the formation of agglomerated nanosheets (Figure 3.5.b). 

It should be noted that similar continuous branched structures of agglomerated nanosheets were 

grown through a reaction between the selenium precursor and MoCl5 in oleylamine (Figure 

3.5.c). The lateral size of individual MoSe2 nanosheets decreased to about 20 nm as illustrated 

by TEM image in the inset in Figure 3.5.c. 

Figure 3.4. Effect of molybdenum precursor on morphology of the colloidal MoSe2 nanostructures. 
Representative TEM images of individual MoSe2 nanoflowers grown through the reaction between 1M 
TOP:Se and a Mo(CO)6, b MoCl5, and c MoO2(acac)2 in hot oleic acid. 
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The effect of solvent type on the morphology of MoSe2 nanostructures can be two-fold. 

First, oleic acid is assumed to be a stronger complexing ligand compared to oleylamine, and so 

the transition metal complexes formed in oleic acid are less reactive than the ones in oleylamine 

[156]. Second, compared to oleylamine, oleic acid was found to exhibit a weaker affinity to the 

lateral surfaces of the group VIB TMDs and so does not inhibit the lateral extension of TMD 

nanosheets growing in colloidal solution [169]. We suggest that the apparent reduction of the 

lateral dimensions of MoSe2 nanostructures might be attributed to the difference in reactivity 

of molybdenum source. When the reaction is performed from more reactive molybdenum 

complex formed in oleylamine, faster monomer accumulation and so higher supersaturation in 

the system cause the formation of higher number of smaller nuclei and result in the final 

nanostructures with smaller lateral sizes. Whereas when low reactive molybdenum complex in 

oleic acid is used, the monomer is accumulated gradually. This leads to lower supersaturation, 

Figure 3.5. Effect molybdenum complex on morphology and crystal phase purity of the colloidal 
MoSe2 nanostructures. a-c Representative SEM images of the ensembles of MoSe2 nanostructures 
grown from a Mo(CO)6 in oleic acid, b Mo(CO)6 in oleylamine, and c MoCl5 in oleylamine. Inset in 
panel c shows a TEM image of the ultra-thin MoSe2 nanosheets; scale bar 20 nm. d-f XRD patterns, 
Raman spectra and high resolution XPS spectra of the Mo 3d core level electrons, respectively, of the 
MoSe2 nanoflowers synthesised from Mo(CO)6-OlAc and MoCl5-OlAm complexes. 
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allowing for the formation of fewer MoSe2 nuclei. The residual precursor not consumed during 

the nucleation stage is available for the growth of larger well-defined nanostructures. 

The difference in morphology of MoSe2 branched nanosheets grown from the metal 

complexes in OlAc and OlAm is additionally illustrated by the results of powder X-ray 

diffraction and Raman spectroscopy shown in Figure 3.5.d,e. The Raman spectra of the 

synthesised MoSe2 nanosheets (Figure 3.5.e) display similar well-resolved out-of-plane A1g 

and in-plane 𝐸2g1  modes discussed in Section 3.1.1. However, the red shift of the out-of-plane 

vibrational mode (Δω = 1.2 cm-1) suggests the decrease in thickness of the nanosheets produced 

from the more reactive MoCl5-OlAm precursor. This is corroborated by the XRD results 

demonstrating much lower intensity of the (002) peak (at ~13.8 o2θ) in the thin MoSe2 

nanosheets synthesised from the MoCl5-OlAm precursor compared to the material grown from 

the less reactive Mo(CO)6-OlAc as shown in Figure 3.5.d. Despite the fact that the MoCl5 

precursor has evidently led to the formation of thinner MoSe2 nanosheets, it has not been used 

throughout this work as the material produced by this route contained a considerable fraction 

of oxidised molybdenum. The formation of MoO3 may be due to the reaction of highly active 

MoCl5 with air occurring during the transfer stage and initial solubilisation in oleylamine. The 

presence of MoO3 phase in the samples synthesised from MoCl5 is demonstrated by a broad 

reflection observed at ~27 o2θ in the experimental diffractograms, while this reflection is absent 

in the XRD patterns of the MoSe2 samples grown from carbonyl (Figure 3.5.d). Moreover, only 

a distinct Mo+6 doublet at 232.6 and 235.7 eV corresponding to the MoO3 phase is present in 

the XPS spectrum of the Mo 3d core level electrons of the MoSe2 nanosheets grown from 

MoCl5 (Figure 3.5.f). On the contrary, a single Mo+4 doublet of the hexagonal MoSe2 is found 

Figure 3.6. Effect of other growth parameters on morphology of the colloidal MoSe2 nanostructures. 
a growth time increased to 19 hours, b reactivity of the Mo(CO)6 precursor increased by complexing 
with HMDS. 
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at 228.9 and 232.0 eV in the corresponding XPS spectrum of the material grown from 

Mo(CO)6. 

Finally, as shown in Figure 3.6.a, the increase in growth time from 3 to 19 hours did not 

affect the morphology of the synthesised MoSe2 nanostructures. On the other hand, slight 

modulation of the reactivity of the Mo(CO)6-OlAc precursor by complexing with 

hexamethyldisilazane (HMDS) allowed us to decrease the degree of branching in the colloidal 

MoSe2 nanostructures, while leading to a noticeable lateral extension of the individual 

nanosheets (Figure 3.6.b). 

3.1.3. Parametric study of the growth conditions: Colloidal MoTe2 nanostructures 

The main challenge in the solution-phase growth of transition metal ditellurides arises 

from the instability of the available chalcogen precursors. Although tertiary phosphine 

selenides are thermally robust, their telluride counterparts tend to decompose even at room 

temperature, releasing metallic tellurium [244]. This reaction is promoted considerably upon 

exposure to air, however, the formation of tellurium ‘mirror’ has been repeatedly observed 

even on the walls of a nitrogen filled vial containing stock solution of 1M TOP:Te. At the 

growth temperature (300 oC) used throughout this work, tellurium precursor dissociates and 

then recrystallises in a form of micron-sized needles repeatedly observed in the SEM images 

of the final products (as shown in Figure 3.7). This Te phase gives rise to a second set of sharp 

diffraction peaks in the experimental diffractograms (see Figure 3.3.c). In the recently 

published protocols on colloidal synthesis of molybdenum and tungsten tellurides [171,259], 

highly uniform branched nanostructures were attained through a reaction of the transition metal 

chloride based precursor dropwise injected into a hot solution of the TOP:Te complex in 

primary amine in the presence of hexamethyldisilazane (HMDS). HMDS was indicated as an 

essential component of the synthesis, leading to formation of highly crystalline ditelluride 

nanoflowers, however, no explanation of the role of HMDS has been provided so far. Used as 

an additive in the colloidal synthesis of the hexagonal SnS plates, HMDS is believed to help 

removing the in situ built HCl from the reaction mixture, eventually leading to the formation 

of highly-crystalline SnS nanosheets [311]. Additionally, in the synthesis of colloidal WS2, 

HMDS was suggested to improve reactivity of the transition metal complex essential for the 

formation of high-quality nanostructures [156]. In this study we, however, limited the set of 

experimental conditions to the direct reaction between the transition metal and tellurium 

precursors occurring in a hot solvent, excluding the investigation of the effect of additives from 

the scope of current work. 
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Three experimental parameters, namely, type of molybdenum precursor, type of solvent 

and order of mixing of molecular precursors, were studied in order to identify the synthesis 

conditions, allowing for the preferential growth of molybdenum ditelluride nanostructures. The 

reactions were performed at fixed temperature (300 oC) and time (2 hours); concentrations of 

the tellurium and molybdenum precursors were also kept fixed throughout the series of 

experiments. The final products of each of the model experiments were characterised using 

powder X-ray diffraction and scanning electron microscopy coupled with energy-dispersive 

spectroscopy revealing morphology, elemental composition and crystallinity of their various 

components. 

In Figure 3.7, the final products of the reaction between trioctylphosphine telluride and 

either MoCl5 (panels a, b) or Mo(CO)6 (panels c, d) in oleic acid are shown. The reaction with 

Mo(CO)6 did not lead to formation of any measurable amount of the MoTe2 product. SEM 

images shown in Figure 3.7.c display only tellurium needles present in the final product. This 

conclusion is verified by the results of X-ray diffraction, revealing a single set of sharp 

Figure 3.7. Effect of the transition metal precursor on the composition of the final product in the 
synthesis of MoTe2. SEM images and XRD patterns of the final MoTe2 products obtained through a 
reaction between 1M TOP:Te and a, b MoCl5 and c, d Mo(CO)6 dissolved in oleic acid. 
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diffraction peaks corresponding to highly-crystalline tellurium (Figure 3.7.d). The elemental 

analysis has further supported the observation that no reaction occurred between TOP:Te and 

Mo(CO)6 since the molybdenum signal is absent in the EDS spectra of the final product. 

On the other hand, when a more reactive form of molybdenum, MoCl5, is used in the 

colloidal synthesis of MoTe2, the reaction between trioctylphosphine telluride and 

molybdenum precursor becomes energetically favourable, competing with the precursor 

decomposition and recrystallisation of tellurium micron-sized needles. The SEM imaging 

(Figure 3.7.a) confirms that the final product attained through the reaction between TOP:Te 

and MoCl5 predominantly contains MoTe2 branched nanosheets and a minor fraction of the 

micron-sized tellurium needles. Accordingly, two sets of diffraction peaks, of the nanometre-

sized 1T’-MoTe2 and of highly-crystalline tellurium side-product, are observed in the 

corresponding diffraction pattern (Figure 3.7.b). EDS analysis of the agglomerates of MoTe2 

nanostructures identified the approximate [Mo]:[Te] molar ratio being close to 1:2, while the 

TEM imaging (Figure 3.3.a) reveals the flower-like morphology of individual MoTe2 

nanostructures. 

Next, the effect of two types of coordinating solvents, namely, oleic acid and oleylamine, 

and of a non-coordinating solvent, octadecene, on the composition of the final product was 

studied. For this set of experiments, a required amount of MoCl5 was dissolved in a small 

amount of oleic acid (typically, no more than 1 mL) under nitrogen; thus prepared molybdenum 

precursor was then transferred into the degassed solvent of choice and heated up to the growth 

temperature (300 oC). The growth of MoTe2 product was initiated by a swift injection of 

tellurium precursor. In the pioneering work on solution-phase synthesis of two-dimensional 

WSe2 and MoSe2 nanosheets, both oleic acid and oleylamine capping ligands were identified 

to selectively coordinate the transition metal (Mo or W) centres at the lateral sides of a TMD 

nanosheet; moreover, strongly binding ligands, like oleylamine, were suggested to inhibit the 

lateral extension of the growing nanosheet leading to a preferential vertical growth of multi-

layered material, while the nanosheets obtained in the presence of weakly binding ligands, such 

as oleic acid, are predominantly monolayered [169]. For this reason, oleic acid was initially 

selected as a weakly binding coordinating solvent for the solution-phase growth of the MoTe2 

nanostructures (Figure 3.8.a). Replacing oleic acid with oleylamine has, however, led to a 

significant decrease in the amount of crystalline tellurium found in the final products. In fact, 

only two types of molybdenum containing nanostructures are repeatedly found in the MoTe2 

samples synthesised in oleylamine. Among them, MoTe2 branched nanosheets forming 
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micron-sized agglomerates seen in the SEM images (Figure 3.8.b) account for the major part 

of the synthesised material. In addition to them, disk-like electron-transparent structures with 

lateral dimensions of a few microns are present in the final product (Figure 3.8.b). According 

to the results of elemental analysis, the disk-like structures are made of carbon and chlorine 

and thus are likely to be attributed to the organic-bound chloride by-products formed through 

a reaction between the residual chloride and oleylamine. Powder X-ray diffraction further 

confirms that, in contrast to the material synthesised in oleic acid, the MoTe2 product obtained 

in oleylamine does not contain any significant fraction of crystalline tellurium. Further, we 

found that the quality of the MoTe2 product can be significantly improved if the reaction 

between the molybdenum and tellurium precursors is carried out in a non-coordinating solvent. 

In particular, the reaction between MoCl5 dissolved in a minimum amount of oleic acid and 

1M TOP:Te performed in a non-coordinating solvent octadecene yielded high quality MoTe2 

nanostructures demonstrating no traces of the crystalline tellurium side-products (Figure 3.8.c). 

It should be noted that similar results were obtained when the transition metal complex was 

formed in a minimum amount of oleylamine instead of oleic acid. 

Figure 3.8. Effect of the type of solvent on the composition of the final product in the synthesis of 
MoTe2. SEM images and XRD patterns of the final products obtained through a reaction between 1M 
TOP:Te and MoCl5 in a oleic acid, b oleylamine, and c octadecene. 
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The order of mixing of the molecular precursors does not seem to significantly affect the 

quality of the final product. In a standard synthesis, a required amount of 1M TOP:Te stock 

solution is rapidly injected into a hot solution of the MoCl5 complex in oleic acid and then the 

material is left to grow for 2 hours at 300 oC. The final product contains two distinct 

components, one of which is micron-sized highly anisotropic tellurium needles, while the 

second component is the nanostructured 1T’ MoTe2 acquired in a form of branched nanosheets 

(Figure 3.7.a,b; Figure 3.8.a; Figure 3.9.b). Similarly, two components, the 1T’-MoTe2 

nanostructures and highly anisotropic tellurium micron-sized crystals, were found in the final 

product obtained through a reaction between the in situ generated tellurium precursor, produced 

via dissolution of a required amount of tellurium powder in a mixture of hot oleic acid and 

trioctylphosphine, and MoCl5 in minimum amount of oleic acid quickly injected into a 

tellurium-containing solution (Figure 3.9.a). Notably, in the latter case the tellurium needles 

appear to be serving as seeds for the MoTe2 nucleation and as a result are densely coated by 

the MoTe2 nanosheets growing on their surface as shown in Figure 3.9.a (feature highlighted 

Figure 3.9. Effect of the order of mixing of the precursors on the composition of the final product in 
the synthesis of MoTe2. SEM (TEM in panel c) and XRD patterns of the final products obtained 
through a reaction between 1M TOP:Te and MoCl5 in oleic acid: a transition metal precursor is swiftly 
injected into hot solution of the chalcogen precursor; b chalcogen precursor is swiftly injected into a 
hot solution of the transition metal precursor; c chalcogen precursor is injected dropwise into a hot 
solution containing the transition metal precursor. 
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with orange ellipse). The fact that such seeded growth of the MoTe2 nanostructures was not 

observed in the syntheses when the chalcogen precursor was injected into a solution containing 

the transition metal complex, suggests that nucleation of the MoTe2 nanostructures and 

tellurium by-products are temporally separated. Moreover, formation of the crystalline 

tellurium by-products themselves can be indicative of a slow reaction rate between the 

molybdenum and tellurium species leading to accumulation of a considerable amount of the 

excessive, unconsumed in the prime reaction, tellurium and as a result to the homogeneous 

nucleation of tellurium phase. 

We further assumed that a dropwise injection of a thermally unstable tellurium precursor 

can potentially impede the formation of tellurium side-products since in this case the chalcogen 

precursor, added into the system in small portions, is likely to be fully consumed in the reaction 

with the excess of molybdenum precursor before the crystallisation of free tellurium in a form 

of highly-anisotropic needles becomes possible. In contrast to our expectations, dropwise 

injection of the chalcogen precursor did not yield any measurable nucleation of the MoTe2 

product; instead, only quasi-spherical tellurium nanoparticles were found in the final product 

(Figure 3.9.c). The change in morphology of the tellurium structures becomes evident from the 

corresponding diffraction patterns. When the chalcogen precursor is added into the reaction 

medium in a dropwise manner, the growth of the tellurium by-products is limited by the 

diffusion of the reactive species to the surface of growing tellurium crystals 

(thermodynamically-controlled growth regime) and so the material acquires the equilibrium 

shape, which is nearly spherical. The experimental diffraction pattern closely matches that of 

the bulk tellurium with the strongest reflection at 27.9 o2θ corresponding to the (101) planes 

(presented in Figure 3.9.c above the experimental XRD pattern) similarly to the Te spheres via 

the laser ablation approach [312]. On the other hand, the anisotropic Te needles, obtained at 

higher concentrations of the tellurium precursor, display the strongest XRD peak at 40.3 o2θ of 

the (110) planes of the hexagonal tellurium (Figure 3.7.a,b; Figure 3.8.a; Figure 3.9.a,b) in 

agreement with the earlier reports [313]. 

To summarise, growth of the phase-pure MoTe2 nanostructures is significantly hindered 

by the instability of the available tellurium precursors prone to a prompt dissociation at high 

temperatures and by the slow reaction rate between the molecular molybdenum and tellurium 

species, eventually leading to the nucleation of considerable amounts of highly crystalline 

tellurium side-products. Using more reactive forms of molybdenum, like MoCl5 instead of 

Mo(CO)6, and replacing the excess of coordinating solvent with non-coordinating one, such as 
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octadecene (in other words, dissolving the starting inorganic complexes of molybdenum in a 

minimum amount of coordinating oleic acid or oleylamine), seemingly helps to lower down 

the energy barrier of the direct reaction between the molecular precursors, and leads to 

formation of the MoTe2 nanostructures. 
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3.2. Colloidal Bi2Te3 branched nanosheets 

Colloidal Bi2Te3 branched nanosheets were synthesised in a non-coordinating organic 

solvent from in situ generated stoichiometric bismuth oleate and trioctylphosphine telluride 

complex. For this reaction, oleic acid was chosen as a capping ligand, mediating the growth of 

the Bi2Te3 nanoparticles, while the reaction was carried out in a non-coordinating solvent. Oleic 

acid readily reacts with bismuth salts facilitating the solubilisation of bismuth precursor, and 

at the same time, in contrast to commonly used oleylamine, it does not reduce bismuth ions to 

elemental bismuth thus preventing the formation of undesired bismuth nanoparticles. As 

opposed to the colloidal synthesis of the MoSe2 and MoTe2 nanostructures discussed in Section 

3.1, where oleic acid played the role of a coordinating solvent, we found it absolutely necessary 

to avoid the presence of free oleic acid in the reaction medium during the Bi2Te3 growth. This 

crucial change allowed us to attain the Bi2Te3 two-dimensional nanosheets in a wide 

temperature range from 20 oC to 170 oC in a stark contrast to the majority of growth protocols 

relying on the use of bismuth salts dissolved in oleic acid [314,315]. We provide further evidence 

to this claim by varying the molar ratio between oleic acid and bismuth acetate to demonstrate 

the change in morphology of the growing Bi2Te3 nanostructures. The experimental set-up and 

the detailed procedures are described in Section 2.2.4. The full list of performed syntheses and 

the corresponding conditions are provided in Appendix A3. 

3.2.1. Growth-temperature-dependent morphology of colloidal Bi2Te3 nanosheets 

Colloidal Bi2Te3 nanostructures were obtained through a synthesis approach introduced 

in Section 2.2.4. Here, we investigate the effect of growth temperature alone on the morphology 

of the produced Bi2Te3 nanosheets; other growth parameters, such as type and concentration of 

the molecular precursors, solvent, and the amount of free oleic acid in the reaction mixture 

were kept constant. Presented in Figure 3.10.a-c are the representative TEM images of the 

Bi2Te3 nanosheets grown at 20, 70, and 170 oC, respectively. The material formed at room 

temperature (20 oC) demonstrates a branched flower-like morphology with the curled two-

dimensional nanosheets emanating from the central core. The approximate lateral dimensions 

of the individual Bi2Te3 petals reach 200 nm. At higher growth temperatures, the shape of the 

produced Bi2Te3 nanostructures becomes more defined, approaching nearly perfect regular 

hexagons at 170 oC. Interestingly, two types of Bi2Te3 nanostructures are found in the samples 

grown at high temperature (170 oC): hexagonal platelets, lateral size of which significantly 

exceeds their thickness, and branched platelets (inset in Figure 3.10.c) composed of multiple 
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nearly identical single-crystalline hexagonal platelets. The overall hexagonal shape of the 

synthesised nanostructures is governed by the three-fold symmetry of the ab plane of Bi2Te3 

crystal lattice, while an anisotropic disk(plate)-like morphology is also expected considering 

the layered crystal structure of bulk Bi2Te3 when the lateral extension of the growing 

nanocrystals perpendicularly to the c-axis is energetically preferred compared to the vertical 

growth along the c-axis [193,316]. The complex shape of branched platelets, consisting of up to 

four intersecting hexagonal platelets, closely resembles that of the CuS (covellite) and LiCoO2 

concaved cuboctahedrons [317,318]. The formation of such complex morphologies was attributed 

to selective pitting of the high energy facets of crystal nuclei during the early stages of solution-

phase growth that enables to expose the more stable facets and thus to minimise the nanocrystal 

Figure 3.10. Morphology of the colloidal Bi2Te3 nanosheets. a, b, c Representative low-magnification 
TEM images of the Bi2Te3 nanosheets grown at 20 oC, 70 oC, and 170 oC, respectively. Inset in panel 
c shows a branched nanocrystal composed of four individual hexagonal plates (scale bar 200 nm). d, 
e, f Thickness histograms, X-ray diffraction patterns and Raman spectra of the Bi2Te3 branched 
nanosheets, respectively. The diffractograms and Raman spectra are offset for clarity. In panel e, 
standard diffraction peaks of the rhombohedral Bi2Te3 (ICDD 15-863) are provided as a reference. In 
panel f, vertical dashed lines denote positions of the Raman active mode of bulk Bi2Te3 taken from 
reference [304]. 
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surface energy. The lateral dimensions of Bi2Te3 platelets increase to over 600 nm at the growth 

temperature of 170 oC. 

The thickness of the produced Bi2Te3 nanosheets was also found to progressively 

increase with the synthesis temperature. The side-view TEM images of approximately 150 

nanosheets grown at each specified temperature were analysed and the corresponding 

histograms are shown in Figure 3.10.d. The average thickness of the branched nanosheets 

grown at 20 oC does not exceed 4±1 nm that accounts for approximately four Bi2Te3 quintuple 

layers. With the growth temperature raised to 70 oC, the thickness of Bi2Te3 nanosheets 

increases to 7±2 nm and reaches 16±4 nm at growth temperature of 170 oC. Since the thickness 

of nanosheets was determined solely from the statistical analysis of the side-view TEM images, 

the measured values can exceed the actual ones due to the slight variation in inclination angles 

of the vertically oriented platelets so that their edges are not perfectly perpendicular to the 

incident beam. This effect is expected to be more pronounced for the rigid thick platelets grown 

at 170 oC than for the flexible thin nanosheets obtained at room temperature, causing the size 

distribution to appear significantly broadened. 

The XRD data shown in Figure 3.10.e confirm that the produced bismuth telluride 

nanosheets possess the rhombohedral crystal structure of Bi2Te3 belonging to the 𝑅 3̅𝑚 space 

group (standard diffraction pattern of bulk rhombohedral Bi2Te3 is included for reference). The 

degree of crystallinity, however, strongly depends on the growth temperature. Two broad 

diffraction peaks, observed at 27.9 and 41.6o 2θ in the experimental diffractogram of the 

nanosheets grown at room temperature, can be assigned to the (015) and (110) planes of Bi2Te3. 

The significant broadening of these reflections can imply the polycrystalline nature of the 

material obtained at this low temperature. As the synthesis temperature increases, numerous 

reflections appear in the corresponding diffraction patterns, suggesting the improved 

crystallinity of the material, while the increased size of crystalline domains is evidenced by the 

higher intensities and narrower widths of the diffraction peaks. These findings agree well with 

the TEM observations discussed earlier. It is worth mentioning that the synthesised branched 

nanosheets exhibit lattice compression in the ab plane as is evidenced by the shift of the 

diffraction peaks towards higher diffraction angles with respect to the reference positions. For 

the Bi2Te3 platelets attained at 170 oC, the (110) and (015) interplanar distances do not deviate 

considerably from the bulk values and are found to be 2.18 and 3.2 Å, respectively, which is 

only 0.5% smaller than the corresponding spacings in bulk material. This shift becomes more 

evident in the case of nanosheets grown at lower temperatures, and the (110) and (015) 
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interplanar distances appear to be decreased by up to 2% – 2.17 and 3.19 Å for the nanosheets 

obtained at 70 oC and 2.15 and 3.17 Å for the material grown at room temperature, respectively. 

The observed lattice compression can be attributed to the presence of Te vacancies and 

substitutional BiTe defects, where Bi atoms occupy the Te lattice nods, in the grown material. 

Interestingly, the crystallinity of the material grown at room temperature can be improved 

via the post-growth annealing in solution phase. Compared in Figure 3.11.a,b are TEM images 

of the Bi2Te3 nanosheets before and after thermal annealing. The annealing was performed at 

100 oC in octadecene as a non-coordinating solvent and in the presence of a small amount of 

TOP as a capping ligand required to prevent aggregation of the nanosheets. Upon annealing, 

the material undergoes recrystallisation with the polycrystalline branched nanosheets being 

replaced by single crystalline platelets with hexagonal shape. High resolution TEM imaging 

(Figure 3.11.c) reveals the lattice fringes with uniform spacing of 2 Å close to that of the {110} 

planes of bulk Bi2Te3 (2.19 Å, ICDD 15-863). 

Raman spectroscopy was employed to investigate the thickness-dependent behaviour of 

the lattice vibrations of the produced material. Typical Raman spectra of the nanosheets grown 

at 20, 70, and 170 oC are reported in Figure 3.10.f. According to the group theory, four intrinsic 

Raman active modes are expected for bulk to few-layered Bi2Te3: two in-plane Eg and two out-

of-plane A1g vibrations. Three vibrational modes observed at 61.4, 102.1, and 134.2 cm-1 in the 

spectrum of the platelets grown at 170 oC can be assigned to the 𝐴1g1 , 𝐸g2, and 𝐴1g2  modes of 

Bi2Te3; moreover, the observed frequencies are close to those reported for the bulk material 

[304,319]. The 𝐸g1 peak becomes distinct when the material is thinned down to two quintuple 

Figure 3.11. Recrystallisation of the Bi2Te3 branched nanosheets observed upon annealing in solution 
phase. a, b TEM images of the Bi2Te3 nanosheets grown at room temperature before and after the post-
growth annealing at 100 oC. c High-resolution TEM image and the corresponding FFT (inset) 
demonstrating the improved crystallinity of the annealed Bi2Te3 nanosheets. 
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layers and is claimed to be very weak in thicker flakes [319], therefore is not expected in the 

Raman spectrum of the synthesised Bi2Te3 hexagons with the average thickness of 16 nm (14-

16 quintuple layers). In contrast to the in-plane 𝐸g2  mode, out-of-plane 𝐴1g1  and 𝐴1g2  lattice 

vibrations demonstrate a clear thickness-dependent behaviour (peak frequency shift and 

broadening) with the thickness of the synthesised material progressively decreasing at lower 

growth temperatures (Figure 3.10.f). Specifically, in thinner Bi2Te3 nanosheets obtained at 

room temperature, the out-of-plane modes are centred at 56.6 and 138.7 cm-1. These values 

correlate well with the reported frequencies of the three quintuple layer thick Bi2Te3 [319] that 

agrees with the average thickness estimated from the TEM data (4 nm). 

Although the in-plane 𝐸g2 mode is less sensitive to the number of layers and thus cannot 

be used for the direct determination of the material thickness, it seems to provide an important 

insight into the material non-stoichiometry. In the ~7 nm thick Bi2Te3 nanosheets grown at 

70 oC, the 𝐸g2 mode is centred at 102.2 cm-1 and is not substantially shifted compared to the 

~16 nm thick Bi2Te3 platelets (170 oC). However, a shoulder peak appearing at the lower 

frequency side of the 𝐸g2 peak can be indicative of the inclusion of excessive bismuth atoms 

between Bi2Te3 quintuple layers. Bismuth telluride exists in numerous phases that can be 

generally described as a combination of Bi2 bilayer and Bi2Te3 quintuple layer blocks stacked 

along their c-axes forming (Bi2)m(Bi2Te3)n structures, where m and n are integers (see Section 

1.1). To date, Raman studies of the members of Bi-Te binary system, other than Bi2Te3, remain 

limited [320]. It has been shown that Bi-rich phases produced via pulsed laser deposition (PLD) 

technique display gradual decrease in the intensity of the Bi2Te3 characteristic modes with the 

increase in Bi content; additionally, new features appear in the Raman spectra [320]. The new 

modes (unassigned in [320]) are red-shifted relative to the 𝐸g2 mode of the stoichiometric Bi2Te3. 

Specifically, a new peak at ~88 cm-1 is found in the Raman spectrum of the tsumoite BiTe 

(50% Bi), this mode is further red-shifted to ~83 cm-1 with the Bi content increasing to 57% in 

the pilsenite Bi4Te3. It should be noted that in the cited work [320], all reported peak positions 

experience a systematic red-shift (Δω ~5 cm-1), therefore the new features of Bi-rich phases 

are to be expected at ~93 and ~88 cm-1 in tsumoite and pilsenite, respectively. Indeed, Raman 

study of the MBE grown 50 nm thick Bi4Te3 films has confirmed the presence of two extra 

features at 87.7 and 114.9 cm-1 in addition to four vibrational modes of the pristine Bi2Te3 [321]. 

These new peaks were assigned to the Eg and A1g modes of the single Bi2 bilayer covalently 

bonded to the Bi2Te3 slabs. The shoulder peak observed in the experimental Raman spectra of 

the branched nanosheets obtained at 70 and 20 oC is centred at ~95 cm-1
. This suggests that the 
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material produced in this temperature range is in fact a mixture of the pristine Bi2Te3 phase and 

a Bi-excessive phase yet, considering the frequency of the shoulder peak, this Bi-rich phase 

does not contain more than 50% of bismuth. The formation of polycrystalline material 

abundant in structural defects that result into formation of the non-stoichiometric phases is 

likely to occur at the higher supersaturation of the monomer solution, i.e. low synthesis 

temperature; this is evidenced by the increased intensity of the shoulder peak that becomes 

dominant in the Raman spectrum of the branched nanosheets grown at 20 oC, thus denoting the 

higher content of the Bi-rich phase compared to the stoichiometric Bi2Te3. 

High-resolution TEM imaging of the lateral facets of the Bi2Te3 nanosheets presented in 

Figure 3.12.a-c further corroborates the assertion that the excess of Bi atoms is more likely to 

be trapped between the quintuple Bi2Te3 slabs at lower growth temperatures. Although not 

being atomically-resolved, the side-view TEM images of the edge-on oriented Bi2Te3 

nanosheets provide information on periodicity of the layered structure of the produced material. 

The nanosheets grown at 170 oC display a uniform periodicity of 9.9 Å along the c-axis closely 

matching the (003) planes of the stoichiometric Bi2Te3 (10.16 Å). In the nanosheets obtained 

at lower temperatures (20 and 70 oC), the periodicity along the [001] direction is increased to 

10.8-11.5 Å that can be attributed to the lattice expansion due to the intercalation of excessive 

Bi during the crystal growth, corroborating the non-stoichiometry of the synthesised material 

inferred from the Raman spectroscopy data. In order to obtain a direct proof of the growth-

temperature-dependent composition variation, we also performed a semi-quantitative 

(standardless) elemental analysis (Figure 3.12.d). The results, however, indicate a measurable 

Bi over-stoichiometry in the material synthesised at high (170 oC) as well as at lower (70 oC) 

temperature. 7  The atomic [Bi]:[Te] ratio was determined from the intensities of the 

corresponding Lα1,2 lines, and the average stoichiometry was the following: 2.25:3 and 2.35:3 

for the nanosheets grown at 70 and 170 oC, respectively. Being a local probe, the results of 

energy-dispersive spectroscopy can be affected by various factors, including geometry of the 

sample and possible degradation of the material under the beam during the signal acquisition. 

In its turn, nanostructured Bi2Te3 is known to have low thermal conductivity [322], what is 

commonly considered as the main factor causing its instability under the focused probes as the 

induced heat does not dissipate effectively and causes local lattice melting. For instance, local 

                                                 
7 In the case of Bi2Te3 samples grown at 20 oC, EDS analysis was not performed due to unavailability of a 
sufficiently purified final product. Strong contamination with the unreacted bismuth precursor, appearing as 
micron-sized bismuth acetate crystals, was repeatedly observed in the corresponding SEM images of the Bi2Te3 
nanosheets obtained in the low temperature growths. 
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melting and loss of structural integrity was observed in the exfoliated single- and few-layered 

Bi2Te3 flakes under laser excitation [46]. The increased number of structural defects, such as 

grain boundaries, is expected to increase scattering of the acoustic phonons and so to further 

decrease the thermal conductivity of the material. Indeed, we have repeatedly observed the 

decomposition of thin polycrystalline nanosheets obtained at low growth temperatures (20-

35 oC) under the laser irradiation (532 nm, 1.4-2.5 mW) with the two strong bands of tellurium 

metalloid (similar to those discussed in Section 3.1.1) appearing at 122 and 140 cm-1 in the 

Raman spectra. Such laser-induced decomposition was not observed in thicker single-

crystalline Bi2Te3 platelets grown at 170 oC. Moreover, the sublimation of two-dimensional 

Bi2Te3 nanocrystals was directly visualised upon heating the material in the TEM column [323]. 

In this case, the authors also state that even before the loss of structural integrity becomes 

apparent, the sublimation of tellurium precedes the detachment of bismuth atoms that 

eventually leads to the removal of entire sections of the nanocrystals. The electron beam 

damage to the sample is expected to be reduced at lower accelerating voltages (lower kinetic 

energy of the incident electrons) and, indeed, the elemental analysis performed in the SEM 

mode at 20 kV accelerating voltage (Figure 3.12.e) indicates higher bismuth content in the 

samples obtained at lower growth temperatures. 

Figure 3.12. Stoichiometry of the bismuth telluride branched nanosheets. a, b, c side-view TEM 
images of the Bi2Te3 branched nanosheets produced at 170, 70, and 20 oC, respectively. d TEM EDS 
spectra taken from the individual branched nanosheets grown at 70 and 170 oC. e SEM EDS spectra 
taken from the representative spots in the ensembles of branched nanosheets grown at 70 and 170 oC. 
f Comparison of the experimental diffractogram of the Bi2Te3 nanosheets (170 oC) with the reference 
patterns of various Bi-rich phases. 
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To summarise this, the stoichiometry of the synthesised material appears to be close to 

2:3, although a slight excess of bismuth is detected even in the case of high temperature growth. 

This intrinsic bismuth over-stoichiometry is likely to arise due to the presence of Te vacancies 

and antisite defects, specifically, bismuth atoms in the tellurium positions (BiTe), in the 

synthesised material. Since the formation energy of the antisite defects is rather low (~0.4 eV 

[324,325]), they can be anticipated to be the dominant structural defects for the high temperature 

growths. The presence of Bi atom inclusion between the Bi2Te3 slabs in the case of platelets 

grown at 170 oC was ruled out based on the results of the TEM analysis (discussed earlier) and 

X-ray diffraction. Shown in Figure 3.12.f is the experimental diffractogram of the Bi2Te3 

platelets, demonstrating a perfect match with the reference pattern of bulk Bi2Te3 accounting 

for all diffraction peaks observed in the experiment. Notably, the position of the (006) 

diffraction peak, which depends on the periodicity in the c-axis direction, matches that of 

Bi2Te3 and deviates strongly from the reported positions for various Bi-rich phases (area 

highlighted with a grey shaded box in Figure 3.12.f). This allows us to conclude that the 

material produced at high temperature (170 oC) is a phase-pure Bi2Te3, however rich with 

antisite defects causing slight Bi over-stoichiometry. On the contrary, the non-stoichiometric 

polycrystalline branched nanosheets obtained at low growth temperatures (20-70 oC) are more 

likely to result from the inclusion of the excessive bismuth atoms and Bi2 bilayer slabs between 

the layers of pristine Bi2Te3 as is evidenced by Raman spectroscopy data and corroborated by 

TEM. 

Our nanostructured Bi2Te3 nanosheets are prone to degradation occurring on a time scale 

of a few weeks if exposed to moist air. This is in agreement with observations that bulk Bi2Te3 

crystals are affected by surface oxidation if exposed to moist air, while the effect disappear if 

exposed to dry air, suggesting a key role played by water molecules [262]. The SEM images of 

the Bi2Te3 platelets taken with a time interval of two weeks (Figure 3.13.a) illustrate how 

initially sharp platelets’ edges, normally observed in the freshly prepared samples, become 

“fused” after a two-week exposure to moist air. TEM imaging also confirms the formation of 

a layer of amorphous surface oxide (Figure 3.13.b). 

Further, the XRD experiments show that the nanosheets lose their crystallinity and 

become partially amorphous due to oxidation. In Figure 3.13.c we compare degradation rates 

of the Bi2Te3 samples in air and in a non-polar organic solvent. For this experiment, an aliquot 

of the Bi2Te3 nanosheets (~25 μmol) was divided into halves; one half was drop-cast onto a 

glass substrate and the prepared film was examined (this is a reference diffractogram of a fresh 
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sample), then left for a month under ambient conditions. The second half was stored as a 

suspension in hexane in a sealed vial in a drying desiccator. After one month, diffractograms 

of the samples were compared to the initial one. The diffractogram of a film of the Bi2Te3 

nanosheets assembled on a glass slide (Figure 3.13.c, top panel) demonstrates a substantial 

decrease in the diffraction peak intensities after one month of exposure to the atmospheric air. 

The changes in the diffraction pattern of the material suspended in a non-polar solvent were 

found to be negligible manifesting low degradation rate (Figure 3.13.c, bottom panel). Our 

observations are in a good agreement with the reported study of the surface oxidation of bulk 

Bi2Te3 crystals [262], claiming that the surface oxidation only occurs after simultaneous 

adsorption of oxygen and water molecules. Therefore, the structural quality of the synthesised 

Bi2Te3 nanosheets can be preserved if the material is stored in non-polar organic solvents in 

absence of moisture. 

3.2.2. Lateral termination and insights into the growth mechanism 

In addition to control over morphology, the growth temperature appears to affect the 

lateral termination of the synthesised Bi2Te3 nanosheets. In all cases, the basal planes of the 

two-dimensional Bi2Te3 nanosheets were found to be {001} facets as can be expected for the 

layered van der Waals systems [326], where the planes perpendicular to the unique c-axis do not 

have dangling bonds and therefore possess the lowest surface energy [15]. In stark contrast to 

the majority of the existent reports on the CVD [148] or solvothermal [164,327] synthesis of the 

two-dimensional Bi2Te3 nanostructures and Bi2Te3-based heterostructures exhibiting the 

Figure 3.13. Surface oxidation of the Bi2Te3 nanosheets. a SEM images of the freshly prepared (inset, 
scale bar 300 nm) and two weeks old samples of the Bi2Te3 branched nanosheets. b TEM image of a 
Bi2Te3 branched nanosheets revealing a thin (~10 nm) layer of the surface oxide. с XRD patterns of 
the Bi2Te3 samples, either dried to powders (top panel) or stored as a suspension in ethanol (bottom 
panel), after a month long exposure to the moist air. 
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morphology of trigonal or hexagonal prisms with the lateral facets enveloped by either the 

{010} or the {110} planes, we found out that the lateral termination of the colloidal Bi2Te3 

nanosheets could be effectively altered from the high-index {015} to the low-index {110} by 

changing the growth temperature from 20-70 oC to 170 oC. 

The surface morphology of the colloidal Bi2Te3 nanosheets was studied using high-

resolution TEM (Figure 3.14). The material obtained at low growth temperatures (20 and 

70 oC) exhibits a distinct flower-like morphology as shown in panels a and d in Figure 3.14. 

The selected area electron diffraction (SAED) pattern in panel b confirms the polycrystalline 

nature of the colloidal Bi2Te3 grown at room temperature as revealed by the numerous 

crystallite orientations forming continuous diffraction rings. The most prominent among them 

corresponds to the (015) planes of Bi2Te3 in agreement with the results of XRD analysis 

discussed earlier. Further, high resolution TEM imaging (Figure 3.14, panel c) indicates that 

individual petals of Bi2Te3 nanoflowers consist of single crystalline patches of over 100 nm2 

in size. The interplanar distance estimated from the HRTEM image is 3.16 Å and the 

corresponding FFT pattern (inset in Figure 3.14.c) can be indexed in the [55̅1] zone axis. 

Therefore, the atomic columns resolved in the HRTEM images appear to correspond to the 

(015) and (1̅05) crystal planes, although the interplanar distance was found to be smaller than 

in bulk Bi2Te3. The lattice compression that possibly arises due to the presence of structural 

defects, such as Te vacancies, in the ultra-thin Bi2Te3 nanosheets was also inferred from the 

XRD data (the (015) spacing was found to be 3.17 Å) and can explain the observed 

discrepancy. It is worth noting that the {015} termination is seldom observed in the two-

dimensional Bi2Te3 nanostructures and to date was only reported for the Bi2Te3 nanoribbons 

[328]. With the growth temperature increased to 70 oC, the crystallinity of the Bi2Te3 branched 

nanosheets improves as clearly evidenced by fewer diffraction spots observed in the SAED 

pattern (Figure 3.14.e). However, the material displays the same {015} lateral termination with 

the interplanar spacing of 3.2 Å (Figure 3.14.f). 

Obtained at high growth temperature, Bi2Te3 predominantly adopts the morphology of 

hexagonal platelets (Figure 3.14.g), however a minor fraction of branched platelets, which will 

be discussed later, is also consistently found in the samples. Sharp diffraction spots with higher 

order reflections observed in the SAED patterns of the Bi2Te3 hexagons (Figure 3.14.h) are 

indicative of their single crystalline nature. The experimental SAED pattern indexed in the 

[001] zone axis displays the three-fold symmetry of the ab plane enclosed by the {110} lateral 

facets. The faint dots observed in the SAED pattern (highlighted with dashed circles) can be   
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Figure 3.14. 
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assigned to the kinematically-forbidden {100} reflections possibly arising due to the antisite 

defects present in the nanostructured material [329]. This observation is consistent with the 

results of the elemental analysis, revealing a slight excess of bismuth in the as produced Bi2Te3 

hexagonal plates attributed to the BiTe antisite defects. High-resolution image of the basal plane 

of a single crystalline Bi2Te3 hexagon (Figure 3.14.i) shows the hexagonal arrangement of 

atomic columns with the uniform interplanar spacing of 2.18 Å matching well the (110) planes 

of Bi2Te3. 

The shape of the branched platelets (Figure 3.14.j, Figure 3.10.c inset), consisting of 

multiple intersecting single crystalline hexagonal plates, resemble that of the branched 

nanosheets obtained at lower growth temperature (Figure 3.14.d, Figure 3.10.b), however the 

platelet edges appear sharper compared to the ragged outline of the Bi2Te3 nanoflowers grown 

at 70 oC. The SAED pattern shown in Figure 3.14.k is taken from a single crystalline area of 

an individual platelet comprising the branched platelet and can be indexed in the [151] 

direction, demonstrating the same {015} lateral termination observed in the two-dimensional 

petals of the Bi2Te3 branched nanosheets grown at 20-70 oC. Further, the HR TEM image of 

an individual platelet (Figure 3.14.l) displays the lattice fringes with the uniform interplanar 

distance of 3.2 Å matching that of the (015) planes. 

The driving force, defining the shape and faceting that a nanocrystal acquires during the 

growth process, is the supersaturation at a given temperature [205]. When the supersaturation in 

the system is low, the crystal growth is governed by the monomer diffusion to each of the 

growing facets. The monomer diffusion rate is typically much slower than the rates of the 

adsorption/desorption and migration of monomer species, occurring at a growing crystal facet. 

As a consequence, the nanocrystals grown under lower supersaturation (also referred to as a 

thermodynamically-controlled growth) generally acquire the shapes close to the equilibrium 

ones. On the other hand, when the supersaturation in the system is high, there is always an 

excess of the monomer species in vicinity of the growing crystal facet and so the facet growth 

rate is mostly defined by its excessive surface energy. This type of crystal growth, known as a 

kinetically-controlled regime, commonly leads to the formation of highly anisotropic 

nanoparticles since in this case the shape of a growing crystal strongly depends on the 

difference in the facet growth rates [197,330]. A clear transition from the kinetically-controlled 

to the thermodynamically-controlled growth mode, occurring when the concentration of the 

monomer in the system is reduced, can be illustrated by the shape transformation of the 

tellurium by-products produced in the synthesis of MoTe2 nanostructures (Section 3.1.3). At 



136 
 

high monomer concentration (swift injection), the crystals adopted highly anisotropic needle-

like shape, while at low monomer concentration (dropwise injection), the crystal shape changed 

into the equilibrium quasi-spherical. A similar reasoning can be applied to explain the 

difference in the morphology of Bi2Te3 nanostructures obtained at low (20 oC) and high 

(170 oC) growth temperatures. Since the growth conditions, including the monomer 

concentrations, were kept the same in this series of experiments, the supersaturation is expected 

to be lower at higher reaction temperatures due to the temperature dependent solubility of the 

monomer; therefore at high reaction temperature (170 oC, low supersaturation) growth of the 

Bi2Te3 nanostructures is mediated by the monomer diffusion and the crystals acquire regular 

equilibrium shapes. At low growth temperature (20 oC, high supersaturation), the crystal 

growth is likely to be governed by the difference in the surface energies of its facets, yielding 

highly anisotropic shapes. However, crystal growth, occurring predominantly in either the 

kinetically- or the thermodynamically-controlled regime, cannot provide an explicit 

explanation for the formation of the branched structures. 

The dominance of the kinetic reaction control over thermodynamic reaction control can, 

however, explain the difference in lateral termination of the synthesised Bi2Te3 nanosheets. 

Under the non-equilibrium conditions, the crystal growth is assumed to preferentially occur at 

the most unstable facets (higher excessive surface energy) since this provides a favourable 

pathway to the final product, however, does not necessarily lead to the formation of the most 

stable product [331]. The first-principles calculations have demonstrated that the surface 

energies of various pristine facets of the group VB chalcogenides follow the order γ(001) < 

γ(015) < γ(110) < γ(010) << γ(014̅)Bi/Te < γ(025̅)Bi/Te [165,332]. Moreover, compared to other 

pnictogen chalcogenides, such as Sb2Te3 and Bi2Se3, the energy difference between the (015) 

and (110) planes in bulk Bi2Te3 is rather small [165]. Grown at high temperature (170 oC), when 

the reaction system is much closer to the equilibrium compared to the low temperature growths, 

Bi2Te3 predominantly exhibits the morphology of hexagonal platelets enveloped by the {001} 

and perpendicular to them {110} planes, forming the basal and lateral surfaces, respectively, 

ensuring the lowest surface energy of the produced Bi2Te3 nanostructures. On the other hand, 

in the low-temperature syntheses (20-70 oC), when the crystal growth is driven by the balance 

between the reactions occurring at different facets and their respective kinetics, reactions at the 

high-index polar facets, i.e. the (014̅) planes, exhibiting a higher number of dangling bonds 

(0.12 per atom on the surface) are likely to be more favourable than deposition of either bismuth 

or tellurium species onto less active (015) or (110) lateral facets (0.08 and 0.1 dangling bonds 
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per atom of the surface, respectively) and even less so onto the practically inert {001} basal 

planes.8 Fast monomer deposition at the high energy crystal facets and so their fast propagation 

from the centre of the growing crystal leads to a considerable areal extension of the more stable 

{001} and {015} planes and in the end to the observed  {015}  lateral termination of the 

branched nanosheets; however, the exact growth mechanism requires a more dedicated study. 

This hypothesis is supported by the side-view TEM images (Figure 3.15.a), revealing the lateral 

and basal sides of the Bi2Te3 branched nanosheets and branched nanoplatelets being not 

orthogonal. The formation of truncated nanoarchitectures have been reported in the CVD 

growth of Bi2Te3 and Bi2Se3 planar and vertical nanoplates enclosed by the {001}, {015}, and 

{014}̅ facets [333]. The direct assessment of the angles between the lateral surfaces and between 

them and the basal plane from the side-view TEM images is not reliable due to the variation in 

orientation of the individual hexagons. In addition to that, the amorphous layer of the surface 

oxide (when present) blurs sharp edges of the Bi2Te3 platelets, further complicating the direct 

investigation of the lateral surfaces. The angles between either of the (015) and (014̅) lateral 

facets and the (001) basal planes are close to 60o (Figure 3.15.c) that is in a fairly good 

agreement with the experimental observations (Figure 3.15.b). Interestingly, thermal annealing 

of the Bi2Te3 branched nanosheets performed in the solution phase in the absence of available 

free monomer led to restoration the equilibrium hexagonal shape and the concomitant 

recrystallisation of the material resulted into changes in the lateral termination from the {015} 

to the equilibrium {110} (Figure 3.11). 

                                                 
8 The number of dangling bonds per atom of the corresponding surface is taken from ref. [332]. 

Figure 3.15. Lateral sides of the Bi2Te3 branched nanoplatelets. a, b side-view TEM images of the 
Bi2Te3 branched nanoplates demonstrating the inclination angle between the basal and lateral sides of 
the individual plates. c Schematic representation of the (001) basal and non-polar (015) and polar 
(𝟎𝟏�̅�)Bi/Te lateral surfaces. 
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The formation mechanism of Bi2Te3 branched nanostructures appears to be more 

complex than a simplified secondary nucleation. First, the apparent branching is effectively 

suppressed when the material is attained at higher growth temperatures (lower supersaturation) 

as illustrated by the SEM images of the respective samples in Figure 3.16.a,b. Taken from the 

reaction medium after just a few seconds into the growth, the Bi2Te3 nanostructures display 

distinct secondary petals stemming off the primary hexagonal platelet (Figure 3.16.c). 

Remarkably, the secondary petals almost exclusively grow along the main diagonals of the 

primary hexagonal platelet as shown in Figure 3.16.d. This implies that the crystal growth, 

yielding branched Bi2Te3 nanoplatelets, is likely to be a seed-mediated process rather than a 

mere random secondary nucleation. As mentioned in Section 3.2.1, similar geometries of 

concaved cuboctahedrons were previously reported for the CuS and LiCoO2 nanocrystals 

[317,318]. The proposed mechanism includes the growth through adsorption and desorption of 

structural blocks, inducing a selective pitting of the less stable facets, thus leading to 

Figure 3.16. Branching in the colloidal Bi2Te3 nanosheets. a, b SEM images of the final products 
obtained at the growth temperatures of 70 oC and 170 oC, respectively, demonstrating a lower degree 
of branching in the Bi2Te3 nanosheets at higher growth temperatures. c SEM image of a secondary 
petal growing off the primary Bi2Te3 platelet. d TEM image of a branched Bi2Te3 platelet illustrating 
the secondary hexagonal platelets growing through the middle of the primary platelet. 
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minimisation of the exposed high-energy edges and to increase of the surface area of more 

stable facets [317]. Although the morphology of the Bi2Te3 seeds has not been studied within 

this work, nucleation of the Bi2Te3 polygons, which could serve as a shape-templating seeds 

leading to the growth of the branched nanostructures, can be expected in a kinetically-

controlled growth regime. In fact, synthesis of the Bi2Te3 nanooctahedra, exhibiting the high-

index {015} termination, has been reported recently [334]. 

To conclude, the morphology of the Bi2Te3 nanostructures grown in the solution phase 

can be effectively controlled by varying the synthesis conditions. This can be appealing for 

tailoring the topological properties of the material providing an access to the high-index 

surfaces that are not normally attained under nearly equilibrium conditions of the CVD process. 

3.2.3. Effect of bismuth precursor stoichiometry on the morphology of Bi2Te3 

nanostructures 

In contrast to the chemically inert basal planes, lateral sides of Bi2Te3 nanostructures are 

terminated with the unsaturated dangling bonds and so are susceptible to the presence of free 

capping ligand. An excess of strongly binding capping agent, such as oleic acid or oleylamine, 

can effectively passivate the undercoordinated sites of the lateral planes and as a consequence 

inhibit lateral growth of the Bi2Te3 nanostructures. In this study, we chose not to use oleylamine 

as a solvent or a capping ligand as it is known to reduce bismuth salts, causing nucleation of 

bismuth nanoparticles [335] and thus hindering the formation of high quality two-dimensional 

nanostructures. As we mentioned earlier, using stoichiometric bismuth oleate as a source of 

bismuth ions allowed us to reduce the growth temperature down to 20 oC and to attain two-

dimensional Bi2Te3 nanostructures in the entire temperature range (20-170 oC). This differs 

significantly from the majority of works, where low temperature (under 40 oC) growth in oleic 

acid, which is used as a coordinating solvent, yields in quasi-spherical Bi2Te3 nanoparticles 

only or no material nucleation is observed at all [314,315]. 

We further investigate the effect of the [Bi(CH3COO)3]:[oleic acid] molar ratio on the 

morphology of the growing Bi2Te3 nanostructures. To do so, we have prepared solutions of 

bismuth precursor in octadecene, varying the ratio between bismuth acetate and oleic acid from 

1:7 (excess of free oleic acid) to 1:3 (stoichiometric bismuth oleate) and to 1:1 (partially 

substituted bismuth acetate). Figure 3.17.a-c shows the representative SEM images of Bi2Te3 

products obtained from these bismuth precursors. With the amount of free oleic acid decreased 

when the molar ratio is changed from 1:7 to the stoichiometric 1:3, the degree of branching of 
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the Bi2Te3 platelets is also visibly decreased as is evidenced by the increased fraction of either 

single-crystalline hexagonal platelets or branched platelets made of only two intersecting 

hexagons present in the samples (Figure 3.17.b; 3.16.b). Further reduction of the oleic acid 

content (Figure 3.17.c) led to formation of the partially substituted bismuth acetate precursor 

resulting in considerable contamination of the final product with unreacted bismuth acetate. 

Bismuth acetate is present in the samples in a form of micron-sized rectangular particles. EDS 

analysis performed on individual rectangular particles confirms the presence of only Bi, C, and 

O in their structure. The Bi2Te3 nanostructures acquired under these conditions display highly 

branched morphology as shown in Figure 3.17.c. The excessive branching observed in the 

Bi2Te3 product synthesised from the 1:1 [Bi(CH3COO)3]:[oleic acid] mixture can be attributed 

to the presence of unremoved acetate ligands, similar to [336], where the presence of acetate and 

acetic acid was found to be essential for the formation of well-defined highly-branched Bi2Te3 

flowers. 

A similar trend of the reduced branching in Bi2Te3 nanostructures was also observed at 

lower growth temperatures (50 oC) when the amount of free oleic acid was minimised. This is 

illustrated by the representative TEM images of Bi2Te3 nanosheets obtained from the 1:7 and 

1:3 mixtures shown in panels a and b in Figure 3.18, respectively. However, in contrast to the 

high temperature growths (see Figure 3.17.c), no material nucleation was observed at low 

growth temperature when the [Bi(CH3COO)3]:[OlAc] precursor ratio was 1:1 (Figure 3.18.c). 

Overall, we have studied the effect of the free oleic acid present in the reaction medium 

on the morphology of the growing Bi2Te3 nanostructures. We have found that reducing the 

Figure 3.17. The effect of the bismuth precursor stoichiometry on morphology of the Bi2Te3 
nanostructures produced at high temperature (170 oC). Representative SEM images of the Bi2Te3 
nanostructures synthesised from a 1:7, b 1:3, and c 1:1 [Bi(CH3COO)3]:[OlAc] mixtures. Insets show 
SEM and TEM images of the individual Bi2Te3 branched platelets grown under the specified 
conditions; scale bars 200 nm (panel a); 100 nm (panel b); 50 nm (panel c). 
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amount of free oleic acid to a minimum necessary to form the stoichiometric bismuth oleate 

allowed us to obtain two-dimensional Bi2Te3 nanostructures in a wide range of growth 

temperatures varying from 170 oC down to room temperature. 

  

Figure 3.18. The effect of the bismuth precursor stoichiometry on morphology of the Bi2Te3 
nanostructures produced at low temperature (50 oC). Representative SEM images of the Bi2Te3 
nanostructures synthesised from a 1:7, b 1:3, and c 1:1 [Bi(CH3COO)3]:[OlAc] mixtures. 
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3.3. Colloidal WSe2 nanoflowers 

Similar to MoSe2 nanostructures discussed in Section 3.1, colloidal WSe2 hierarchical 

nanosheets were obtained through a solution-phase reaction between trioctylphosphine 

selenide complex and tungsten hexacarbonyl dissolved in hot oleic acid. The full details of the 

experimental procedure are given in Section 2.2.3. Full list of samples and the corresponding 

synthesis conditions are provided in Appendix A4. 

3.3.1. Structural characterisation of WSe2 nanoflowers 

Under the described growth conditions, WSe2 is produced in a form of the edge-rich 

flower-like nanostructures, similar to the ones observed in the bottom-up synthesis of the 

colloidal MoSe2 (Section 3.1). However, the morphology of the colloidal WSe2 nanostructures 

appears to be more uniform compared to that of the MoSe2 nanostructures that were commonly 

attained in a variety of forms ranging from the well-defined nanoflowers to continuous 

branched nanosheets (nanobrushes). 

A representative SEM image shown in Figure 3.19.a. demonstrates rich three-

dimensional morphology of the colloidal WSe2 nanoflowers, consisting of two-dimensional 

petals emerging from the central core. In the ADF STEM images, individual WSe2 petals 

appear curled and folded (Figure 3.19.b) due to a small thickness of the nanosheets compared 

to their lateral dimensions. The diameter of the synthesised WSe2 nanoflowers varies from 

300 nm up to 700 nm, significantly exceeding lateral dimensions of the MoSe2 nanoflowers 

obtained under similar growth conditions. The side-view TEM imaging (Figure 3.19.c) reveals 

the few-layered nature of WSe2 petals thinning down to 1 monolayer at the rims. The overall 

Figure 3.19. Morphology of the colloidal WSe2 nanosheets. a SEM image of the ensemble of WSe2 
nanoflowers. b ADF STEM image of a WSe2 nanoflower. c Side-view TEM image of an individual 
petal of a WSe2 nanoflower. d TEM image of the core region of a WSe2 nanoflower. 
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anisotropic morphology of the as produced material is in good agreement with the kinetically-

controlled growth regime discussed in Section 3.3.3. However, at this stage we cannot provide 

a comprehensive study of the branching mechanism as, even in the case of the less branched 

WSe2 nanoflowers (Figure 3.19.d), the central core region is usually obscured by the vertical 

petals, appearing electron-opaque in the TEM images, and as a result the core structure has not 

been inferred from the microscopy data. 

Generally, the formation of hierarchical two-dimensional nanostructures that is not 

driven by a difference in the growth rates along a certain family of crystallographic directions, 

as for example was demonstrated in the case of CdTe tetrapods [197] or PbS octahedrons [330], 

can be due to a secondary heterogeneous nucleation occurring on the surface of the growing 

material if the synthesis conditions are not optimised to effectively separate the nucleation and 

growth stages [337,338]. We hypothesise a similar mechanism underlying the formation of 

colloidal WSe2 nanoflowers. Presented in Figure 3.20 is a series of TEM images of the WSe2 

Figure 3.20. Insights into the branching observed in the colloidal WSe2 nanostructures. 
a, b Representative TEM images of the WSe2 nanostructures after 30 minutes of growth. c, d TEM 
and SEM images of the final product, obtained after 180 minutes of growth, exhibiting a rich three-
dimensional morphology caused by the subsequent nucleation during the growth process. e, f SEM 
images of the branched WSe2 nanostructures illustrating splitting of the individual petals. 
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nanostructures isolated from the reaction medium at different growth times. After 30 minutes 

of growth, both quasi-two-dimensional nanosheets (Figure 3.20.a) and nanostructures with 

secondary petals stemming from a primary nanosheet (Figure 3.20.b) co-exist in the system; 

these are later overgrown by multiple subsequently nucleated petals (Figure 3.20.c), resulting 

in the rich three-dimensional morphology of the produced WSe2 nanoflowers as clearly seen 

in the SEM images of the final product (Figure 3.20.d). 

However, the detailed examination of the lateral sides of growing WSe2 nanosheets 

presented in Figure 3.20.a,b suggests that the formation of nanoflowers cannot be solely 

attributed to the secondary nucleation. This process can be complemented by stacking or an 

oriented attachment of insufficiently passivated disk-shaped TMD nuclei formed at the early 

stages of the reaction. Additionally, crystal splitting that is occasionally observed in some 

minerals, i.e. aragonite, has been recently proposed as the formation mechanism of sheaf-like 

nanocrystals grown by the colloidal approach [339]. The mechanism is described as an 

individual single crystal splitting apart during the growth process. The reasons for such splitting 

are not fully understood but are commonly associated with fast crystal growth or with the 

presence of extra species trapped in the growing crystal and causing its mechanical splitting. 

We can presume that during the growth process a few-layer WSe2 single crystal extending in 

the ab plane splits into thinner sub-crystals, resulting in the petal morphologies resembling a 

stack of paper sheets like the ones shown in Figure 3.20.e,f. 

Unlike MoSe2 that in the present work was acquired in the thermodynamically stable 2H 

phase, the as produced WSe2 adopted the metastable 1T’ phase. In contrast to the 1T’ MoTe2 

discussed in Section 3.1.1, direct synthesis of the metastable 1T’ polymorph of WSe2 is 

significantly more challenging as the energy difference between the polymorphs is larger for 

diselenides than for ditellurides (270 meV vs 40 meV per formula unit for WSe2 and MoTe2 

monolayers, respectively, [20]). Possible explanation for the preferential growth of the 

metastable WSe2 polymorph in the solution-phase synthesis will be provided in Section 3.3.3. 

Figure 3.21.a shows the HR TEM image of an individual petal of a WSe2 nanoflower displaying 

evident contrasting stripes originating from the zigzag chains of tungsten atoms as highlighted 

by the overlaid crystal model. Clustering of the metal centres that is accompanied by the 

formation of quasi-one-dimensional metal chains along the b axis of the unit cell is 

characteristic to the 1T’ structure [29]. The FFT pattern in Figure 3.21.b further confirms the 

rectangular unit cell of the produced WSe2 and can be indexed in the [001] zone axis of the 

monoclinic 1T’ phase (space group P 21/m). The high order reflections observed in the 
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experimental FFT pattern provide an additional evidence of the long-range periodicity in the 

as grown material, while kinematically-forbidden (010) reflections (highlighted with yellow 

circles) can be indicative of incomplete layers or antisite defects present in the few-layer WSe2 

nanosheets. The 1T’ phase of WSe2 exhibits the period doubling along the a axis (commonly 

referred to as a 2a×a superstructure with respect to the hexagonal 2H lattice) with the structural 

parameters a = 5.76 Å and b = 3.30 Å identified from the results of HR TEM imaging. The 

lateral extension of growing WSe2 nanosheets seemingly occurs along the [010] direction as 

illustrated in Figure 3.21.d. Rigid chains of tungsten atoms running through the ultra-thin WSe2 

nanosheets are likely to cause an increased stiffness along the b direction; in this case, scrolling 

Figure 3.21. TEM characterisation of the 1T' WSe2 nanosheets. a High resolution TEM image of the 
as produced WSe2 nanosheets with an overlaid crystal model of the 1T’ phase. b, c Experimental FFT 
pattern of the area in a and a simulated diffraction pattern indexed in the [001] zone axis of the 1T’ 
phase of WSe2. d Lateral termination of an individual WSe2 petal. e High resolution TEM image, 
corresponding experimental and simulated FFT patterns of three overlapping 1T’ WSe2 single crystals. 
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and folding of the individual flexible petals leads to a lattice compression in the a direction 

(experimentally found 5.76 Å vs the calculated equilibrium value of 5.94 Å [20]). 

Interestingly, overlapping of the 1T’ single crystal domains can give rise to the apparent 

three-fold symmetry in the ab plane as highlighted with white dashed square in Figure 3.21.e, 

however the detailed FFT analysis confirms a merohedral triplet of the 2a×a cells rotated by 

120o
. Formation of a similar 2a×2a superstructure has been reported in the restacked chemically 

exfoliated 1T’ WS2 nanosheets [123]. Top panel in Figure 3.21.e depicts the superlattice arising 

as a superposition of three individual reciprocal 1T’ lattices rotated by 120o about the [001] 

direction and the same superlattice overlaid with the experimental FFT pattern of the region 

highlighted by the white dashed square. It should be noted that such superstructures were only 

observed in thick petals of the WSe2 nanoflowers grown at high supersaturation (in this 

particular case, the molecular precursor concentrations are 10 times higher than the standard 

ones; detailed description is provided in Section 3.3.3). These conditions can favour secondary 

nucleation and potentially epitaxial vertical growth competing with the lateral extension of the 

primary 1T’ nanosheets, leading to formation of the described merohedral triples. 

A number of examined 1T’ WSe2 domains (petals) exhibited an angular distortion in the 

ab plane characterised by a shear angle between the a and b axes. Presented in Figure 3.22 is 

the HR TEM image and the corresponding FFT pattern of a pristine WSe2 petal, demonstrating 

an angular distortion with the shear angle of 4o (panel c). Similar angular distortion with the 

shear angles varying between 2o and 6o has been previously reported in the STM studies of the 

1T’-MoTe2 [340] and 1T’-WTe2 [341] single crystals and 1T’-WSe2 single-layers grown by the 

Figure 3.22. Surface distortion of the 1T' phase. a, b Experimental high resolution TEM image and 
the corresponding FFT pattern of an individual 1T’ WSe2 petal. c Analysis of the experimental FFT 
pattern (colours inverted for clarity) showing an angular distortion in the ab plane of 1T’ phase (navy 
lines) and presence of the secondary hexagonal (2H) phase (purple circles). 
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MBE approach [43] and was attributed to the surface reconstruction of the 1T’ phase. 

Interestingly, the second set of diffraction spots matching the (100) planes of the hexagonal 2H 

phase is (although seldom) found in the experimental FFT patterns of the few-layered petals of 

the 1T’ WSe2 nanoflowers (highlighted with the purple circles in Figure 3.22.c). 

Observed in the chemically exfoliated MoS2 single layers, the 1T’ phase is found to 

transform into the octahedral 1T phase upon a prolonged electron beam exposure [22]. 

Similarly, tungsten zigzag chains in the chemically exfoliated WS2 monolayers were reported 

to undergo a reorganisation through a tetramer tungsten cluster formation and reorientation of 

tungsten chains [29]. The change in the ab plane symmetry was experimentally observed in the 

single-layer areas of the produced 1T’ WSe2 nanosheets. Within 5 minutes of beam exposure, 

Figure 3.23. Stability of the 1T' WSe2 phase under TEM imaging conditions. a Schematic illustration 
of a symmetry change in the ab plane upon 1T’ to 1T or 2H phase transformation. b, c High resolution 
TEM images taken from the same area of the WSe2 nanosheet demonstrating reorganisation (and 
complete disappearance, inset) of the contrasting stripes characteristic to the 1T’ phase after 5 (10) 
minutes of beam exposure. d High resolution TEM image and the corresponding FFT pattern of a few-
layer WSe2 region, taken after 5 minutes of beam exposure, demonstrating co-existence of the 1T’ 
(few-layer region 1) and the 1T (single-layer region 2) phases. e Zoomed in high resolution TEM 
images and the corresponding FFT patterns of the few-layer region retaining the rectangular symmetry 
of the 1T’ phase and the converted single-layer region exhibiting three-fold symmetry of the 1T phase. 
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the uniform rectangular lattice of the pristine 1T’ phase with the zigzag chains of tungsten 

atoms highlighted in purple stripes in Figure 3.23.b went through a reconstruction evidenced 

by the appearance of a second orientation of tungsten chains in the HR TEM image (highlighted 

in blue in Figure.3.23.c). Eventually, the maze-like lattice composed of shorter tungsten chains 

relaxed into the hexagonal lattice as illustrated in the inset in Figure 3.23.c. Absence of the 

angular misalignment in the FFT patterns taken from the same area before and after prolonged 

beam exposure further confirms that the change in symmetry is likely to be attributed to the 

dissociation of the W-W bonds and reorientation of tungsten chains and to the ultimate 

relaxation to the 1T structure. Although the 1T and 2H phases of the group VIB TMD 

monolayers cannot be distinguished in the TEM mode as both phases possess the three-fold 

symmetry in the ab plane that appears as a hexagonal lattice in HR TEM images, the HAADF 

STEM studies performed on the chemically exfoliated MoS2 monolayers have proved that 

electronic charging of the 1T’ phase causes its transformation into the 1T phase [22]. 

Interestingly, the few-layer domains of the 1T’ WSe2 phase demonstrated better stability under 

the electron beam irradiation. This is illustrated by the TEM images of a WSe2 petal consisting 

of a few- and single-layer 1T’ regions (Figure 3.23.d) taken after a prolonged beam exposure. 

Area 1 (teal square), corresponding to the bi-layer region of the investigated petal, displays the 

stable chains and retention of the rectangular lattice of the 1T’ phase in the FFT pattern, 

whereas Area 2 (yellow square) highlights the three-fold symmetry of the decayed 1T’ phase 

in the single-layer WSe2. 

3.3.2. Conversion to the thermodynamically stable phase 

The synthesised 1T’ phase of WSe2 was found to be stable under ambient conditions. 

Suspensions of WSe2 nanoflowers in ethanol were monitored via absorption spectroscopy over 

one month and did not show any evidence of the phase transformation to the 

thermodynamically stable 2H phase (Figure 3.24.a). Unlike the semiconducting 2H WSe2 

phase (3), the freshly prepared 1T’ WSe2 nanoflowers (1) and the nanoflowers stored in ethanol 

for one month (2) do not exhibit excitonic transitions. This agrees well with the predicted 

metallic behaviour of the few-layer 1T’ WSe2. TEM analysis has further confirmed the 

retention of the 1T’ phase in WSe2 samples stored in ethanol under ambient conditions (Figure 

3.24.b-c). The locking of the metastable phase has previously been shown in colloidal 1T’ 

MoTe2 nanoflowers [171] and has been majorly attributed to the mechanical pinning at grain 

boundaries as even though the energy difference between the stable and metastable polymorphs 

was found to be comparable to the room temperature thermal energy (40-42 meV per formula 
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unit for MoTe2 monolayers [20,171]) the phase transition would require a simultaneous 

significant change of both a and b lattice constants, which is hardly achievable in the 

polycrystalline material. Despite the larger energy difference (270 meV per formula unit for 

WSe2 monolayers [3]), spontaneous 1T’-to-2H phase transition at room temperature is further 

disfavoured in WSe2 as the estimated energy barrier associated with the 1T’-to-2H transition 

is also higher compared to the case of MoTe2 [12]. 

The metastable 1T’ phase can be, however, converted into the thermodynamically stable 

2H phase upon thermal annealing. It has previously been shown that the transition from the 

metallic 1T-MoS2 produced via chemical exfoliation into the disordered 2H phase occurs at 

95 oC at atmospheric pressure [173]. Similarly, the thermodynamically stable 2H phase can be 

restored in bulk 1T’ MoSe2 upon annealing at 120 oC [183]. Being a heavier analogue of MoS2, 

WSe2 would supposedly require higher thermal energy input to overcome the energy barrier to 

transform from the metastable 1T’ to the thermodynamically stable 2H phase. In order to 

preserve the high surface area morphology of WSe2 nanoflowers, thermal annealing was 

performed in the gas phase since solution-phase annealing can lead to a digestive ripening and 

recrystallisation of the polycrystalline nanostructures as was demonstrated in the case of 

branched Bi2Te3 nanosheets in Section 3.2.1. To achieve this, suspensions of the as produced 

1T’ WSe2 nanoflowers in ethanol were drop-cast on Si/SiO2 substrates and dried at room 

temperature; the dried powders were pre-annealed in a tube furnace at 200 oC in an argon 

atmosphere (0.45 mbar) to remove the residual solvent and adsorbed long-chain organic 

Figure 3.24. Stability of the 1T' phase under ambient conditions in solution. a UV-vis absorption 
spectra of the suspensions of freshly prepared 1T’ WSe2 nanoflowers (1), of the same 1T’ WSe2 
nanoflowers after a month in ethanol (2) and of the WSe2 nanoflowers thermally converted into the 
semiconducting 2H phase (3) for comparison; optical density recorded for the sample (2) is lower due 
to partial aggregation (flocculation) and sedimentation of the WSe2 nanoflowers over a month in 
solution. b, c High resolution TEM images of the freshly prepared WSe2 nanoflowers (a) and on the 
15th day after the synthesis (b); in the corresponding low-magnification TEM images scale bar 50 nm. 
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ligands and then annealed at 400 oC for 2 hours. The annealed WSe2 nanoflowers were 

redispersed in ethanol via gentle bath sonication. Thermal annealing of the 1T’ WSe2 

nanoflowers was accompanied by the excitonic absorption bands of the semiconducting 2H 

phase, that are not observed in the spectrum of the pristine metallic 1T’ phase, appearing in the 

visible range (Figure 3.25.b). The absorption spectrum of the annealed WSe2 nanoflowers 

exhibits three bands labelled as A, B, and B’ excitonic transitions [40] and centred at 778, 617, 

and 453 nm, respectively. The energies of these transitions are lower than the values reported 

for the monolayer WSe2 [55] in agreement with the few-layered nature of the synthesised WSe2. 

TEM imaging has confirmed that the annealed WSe2 retain the starting flower-like 

morphology without any notable increase in petal thickness (Figure 3.25.c), while the crystal 

symmetry in the ab plane changes to hexagonal (Figure 3.25.d). The uniform interplanar 

spacing of 2.84 Å observed in the HR TEM images of the annealed nanoflowers matches the 

Figure 3.25. 1T' to 2H phase conversion upon thermal annealing of the WSe2 nanoflowers. a Schematic 
representation of the change in the ab plane symmetry accompanying the 1T’ to 2H phase 
transformation. b Optical absorption spectra of the suspensions of the as produced 1T’ and the annealed 
2H WSe2 nanoflowers in ethanol. c TEM image of the WSe2 nanoflowers after the thermal annealing. 
d, e High resolution TEM images and the corresponding FFT patterns of individual WSe2 petals after 
the thermal annealing demonstrating the hexagonal 2H phase of the annealed material (panel d, crystal 
model is overlaid) and the Moiré pattern arising from the superimposed WSe2 nanosheets (panel e). 
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(100) planes of the 2H WSe2. The moiré patterns arising in the regions where two single-

crystalline WSe2 domains with different orientations overlap and held by the van der Waals 

forces can indicate the tendency of the annealed material to restack [342]. Figure 3.25.e 

illustrates the border between bi- (Area 1) and single-layer (Area 2) regions, in the first case 

the corresponding FFT pattern displays a doubled set of the three-fold symmetry diffraction 

spots, while in the latter one a single set of the diffraction spots is present in the FFT pattern. 

To evaluate the phase purity of the as produced and the annealed WSe2 nanoflowers, we 

performed XPS analysis of the samples. In all cases, the XPS peak positions were calibrated 

based on the C 1s peak (284.6 eV) to minimise variations due to possible surface charging. 

Thermal annealing was found to induce substantial changes in the XPS spectra of the W 4f and 

the Se 3d electron shells of the produced WSe2 (Figure 3.26.a,b). The XPS spectrum of the 

W 4f electrons of the as produced WSe2 was fitted with three doublets as shown in Figure 

3.26.a. The most prominent pair of peaks found at 31.66 and 33.84 eV was ascribed to the 

W+4 4f doublet. In the annealed sample, the W+4 4f doublet appeared at 32.40 and 34.58 eV in 

a good agreement with the positions commonly reported for the WSe2. Shifted to lower binding 

energy the W+4 4f doublet was assigned to the 1T’ phase of WSe2. A shift to lower binding 

Figure 3.26. Phase purity of the as produced and thermally converted WSe2 nanoflowers. a, b High-
resolution XPS spectra of the W 4f and the Se 3d core level electron shells, respectively. The raw data 
are presented in open circles, solid red lines correspond to the fitting curves. c A representative TEM  
EDS spectrum of the as produced 1T’ WSe2 nanoflowers. 
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energy has previously been observed in the polycrystalline films of few-layered MoS2 and 

MoSe2 upon conversion from the 2H phase into the metallic 1T phase induced by the n-

butyllithium treatment [178]. The second W+4 4f doublet found at 32.22 and 34.30 eV indicated 

a minor fraction of the 2H phase (20 at.%) present in the as produced WSe2 nanoflowers. It 

should be noted that the lower binding energy doublet was absent in the spectrum of the WSe2 

nanoflowers annealed at 400 oC in an argon atmosphere, proving the conversion into the 

semiconducting 2H phase was complete. The as produced material also contained a trace 

amount of the oxidized tungsten (15 at.%) as is evidenced by the W+6 4f doublet at 35.74 and 

37.92 eV; the oxide content increased to 25 at.% after the thermal annealing. Similar trends 

were found in the XPS spectra of the Se 3d core level electrons (Figure 3.26.b). The unresolved 

spectrum of the as produced WSe2 nanoflowers was fitted with four doublets corresponding to 

the 1T’ Se-2 (53.60 and 54.46 eV), 2H Se-2 (54.63 and 55.49 eV), amorphous surface selenium 

(56.06 and 56.92 eV), and the additional doublet at 54.04 and 54.94 eV was ascribed to the 

long-chain organic substituted WSex derivatives analogous to [343]. The presence of 

phosphorus-containing compounds at the surface of the as produced WSe2 nanoflowers was 

proved by the elemental analysis (Figure 3.26.c). After the annealing, only the 2H Se-2 doublet 

is observed in the 3d Se spectrum. 

The distorted octahedral polymorphs of the group VIB TMDs belong to either the 

orthorhombic, as in case of the Td MoTe2 [31] and WTe2 [21,344], or the monoclinic syngony, like 

the 1T’ MoTe2 [31,310] with the only difference being the stacking order of the octahedrally 

coordinated monolayers. To date, the crystal structure of the bulk 1T’ polymorph of WSe2 

remains unreported in literature; however, it is likely to belong to the monoclinic syngony 

Figure 3.27. Structural characterisation of the as produced and the annealed WSe2 nanoflowers. 
a, b XRD patterns and small-angle diffraction patterns of the as produced 1T’ and the annealed 2H 
WSe2 nanoflowers. c Raman spectra of the as produced 1T’ and the annealed 2H WSe2 nanoflowers. 
Raman spectra are offset for clarity. 



153 
 

similar to the 1T’ phase of MoTe2, while the orthorhombic MoTe2 is found to be a low-

temperature polymorph existing at cryogenic temperatures [31]. The experimental 

diffractograms of the as produced 1T’ and the annealed 2H WSe2 nanoflowers are shown in 

Figure 3.27.a. The overall symmetry of the 1T’ phase differs significantly from that of the 2H 

phase produced via thermal annealing of the synthesised material. The strong reflection at 

~13.8 o2θ corresponds to the (002) planes and confirms the few-layered nature of the bulk of 

the produced material in agreement with the TEM results discussed above. The annealed WSe2 

nanoflowers demonstrate strong diffraction peaks at ~32.0 and 37.9 o2θ matching the (100) and 

(103) reflections of the bulk 2H WSe2 (standard reference pattern of the bulk WSe2 ICDD 38-

1388 is provided in Figure 3.27.a). The reference diffraction patterns of the 1T’ phase of WSe2 

were simulated using the CrystalDiffract software package based on the bulk orthorhombic Td 

WTe2 (space group P nm21) and the monoclinic 1T’ MoTe2 (space group P 21/m) reported in 

literature; lattice parameters a and b were estimated from the results of HR TEM imaging, 

whereas the c parameter has not been measured directly, instead it was adjusted until the 

simulated patterns matched the experimental position of the (002) diffraction peak. Despite the 

similarity of their diffraction patterns, the two phases can potentially be distinguished by the 

differences in the small-angle region as, unlike the orthorhombic phase, the monoclinic phase 

possesses the inversion symmetry that implies that all (00l) reflections are allowed, while in 

the orthorhombic phase only the (00l) where l = 2n reflections are allowed. The experimental 

small-angle diffraction patterns of the as produced and the annealed WSe2 nanoflowers are 

shown in Figure 3.27.b. Broad reflection centred around 7 o2θ that is reproducibly found in the 

diffractograms of the 1T’ WSe2 samples and is absent in the annealed 2H nanoflowers can be 

assigned to the (001) planes of the monoclinic phase. 

The differences in the symmetry of the 1T’ and 2H phases become evident from the 

results of Raman spectroscopy. The Raman spectrum of the 1T’ WSe2 nanoflowers is shown 

in Figure 3.27.c and exhibits a set of Raman-active modes clearly distinct from that of the 

semiconducting 2H phase. Six well-resolved peaks are observed at 104.5, 149, 177, 218, 236.3, 

and 258 cm-1. The wider set of Raman modes is indicative of the lower symmetry of the 1T’ 

polymorph compared to the higher symmetry hexagonal (2H) phase and is generally reported 

for the 1T’ and Td phases of WTe2 and MoTe2 [21,31,307,345]. Moreover, the appearance of 

additional vibration modes, commonly referred to as J1, J2, and J3, is observed in the 1T’ MoS2 

and MoSe2 crystals [183]. The lower intensity of Raman signal of the metallic 1T’ phase 

compared to the semiconducting 2H phase and can be attributed to the poor interaction with 
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light was experimentally observed in the WSe2 monolayers treated with n-butyllithium [180]. In 

contrast to the 1T’ phase, the Raman spectrum of the annealed WSe2 nanoflowers demonstrates 

a broad peak at ~250 cm-1 corresponding to the unresolved in-plane 𝐸2g1  and out-of-plane 𝐴1g 

modes of the hexagonal WSe2 similar to [346,347]. 

3.3.3. Parametric study of the synthesis conditions: Insights into the growth 

mechanism 

Observing the formation of branched morphologies described in Section 3.3.1 possibly 

due to secondary heterogeneous nucleation (as shown in Figure 3.20.b) led us to an assumption 

that under the proposed synthesis conditions (Section 2.2.3) the growth of WSe2 nanostructures 

occurs at high supersaturation, i.e. kinetically-controlled growth regime, that can shed some 

light on the crystallisation of the metastable 1T’ phase. The formation of metastable crystal 

phases under non-equilibrium growth conditions (kinetically-controlled regime) has been 

previously reported, for example, in the colloidal tetrapod-shaped AIIBVI nanocrystals. In this 

case, the material nucleates selectively in the metastable zinc-blende structure, while during 

the growth stage the relative stability of the crystal phases is effectively swapped due to the 

interaction with the capping ligand that eventually leads to the growth of four tetrapod arms in 

the wurtzite phase [197]. The key requirement for achieving the nucleation of the metastable 

crystal phase under non-equilibrium synthesis conditions is the energy difference between the 

thermodynamically stable and the metastable polymorphs being small. In case of bulk MoTe2 

and WSe2, the 2H-1T’ energy difference9 is rather low (40 and 270 meV per formula unit, 

respectively) and can explain the formation of the 1T’ polymorphs in both these cases as 

discussed in Sections 3.1.1, 3.1.3, and 3.3.1. For comparison, in bulk MoSe2 this energy 

difference is only a few meV higher (330 meV per formula unit), however, growth of the 

thermodynamically stable 2H phase was only achieved via the synthesis method proposed in 

this work (Section 3.1.1). It should be noted that the 2H-1T’ energy difference calculated in 

[20] corresponds to the pristine polymorphs, while, in solution-phase synthesis, the crystal phase 

energetics can be altered due to interaction with the reaction medium, e.g. solvent, capping 

ligand. 

We have performed a parametric study of the growth conditions, such as reactivity of the 

transition metal or of the chalcogen precursors, type of solvent, and growth time, while the 

precursor concentrations and growth temperature were kept fixed. Shown in Figure 3.28.a are 

                                                 
9 Equilibrium energy differences between the 2H and 1T’ polymorphs are taken from ref. [20]. 
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the XRD pattern and the corresponding high-resolution TEM images of the 1T’ WSe2 

nanoflowers that were obtained through a reaction between W(CO)6 and 1M TOP:Se in oleic 

acid (standard synthesis). Increasing the growth time from 3 to 15 hours resulted in the WSe2 

nanoflowers with thicker petals as evidenced by the intense (002) reflection at 13.9 o2θ in the 

corresponding XRD pattern (Figure 3.28.b). Interestingly, the absence of well-resolved (100) 

and (103) reflections, commonly found at ~32 and ~38 o2θ in the 2H phase WSe2 samples, 

suggests the retention of the metastable 1T’ phase even after 15 hours in hot solution. 

Figure 3.28. Effect of various growth conditions on the crystal phase and morphology of the colloidal 
WSe2 nanostructures. High resolution TEM images and the corresponding XRD patterns of the WSe2 
nanostructures grown through a reaction between a W(CO)6 and TOP:Se in OlAc (standard, 3 hours), 
b same but growth time extended to 15 hours, c W(CO)6 and Se powder in OlAc, and d WCl6 and Se 
powder in OlAm. Insets show TEM (panels a, c, d) and SEM (panel b) images of the individual WSe2 
nanostructures; scale bars: a-c 100 nm, d 20 nm. Reference diffraction patterns of the monoclinic 1T’ 
(blue) and hexagonal 2H (purple) phases of WSe2 are shown in the experimental diffractograms. 
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Another growth parameter under study was the activity of the selenium precursor. Taking 

into account the Se-Se and P-Se bond dissociation energies, selenium powder is expected to be 

a less reactive precursor compared to TOP:Se [348], however quite the opposite behaviour was 

observed experimentally. This can be explained by the in situ generation of H2Se that is more 

reactive than TOP:Se. The presence of the in situ formed H2Se was deduced based on the 

amorphous selenium residues found on the glassware walls as discussed in Section 2.2.2. The 

WSe2 nanostructures grown from W(CO)6 and Se powder display the morphology of branched 

nanospheres composed of densely packed two-dimensional nanosheets, while the individual 

petals reveal the 1T’ crystal structure of the grown material (Figure 3.28.c). The increased 

thickness of the WSe2 petals is evidenced by the (002) peak becoming more pronounced in the 

corresponding diffractogram (Figure 3.28.c). 

The reactivity of tungsten precursor was modified by replacing W(CO)6 with WCl6 

(Figure 3.29.a) or more finely tuned by partially complexing tungsten carbonyl complex with 

two additives, namely hexamethyldisilazane (HMDS) and tetradecylphosphonic acid (TDPA), 

as shown in Figure 3.29.b,c, respectively. In contrast to the clear changes in morphology 

observed in the colloidal MoSe2 nanostructures, when Mo(CO)6 was replaced by MoCl5 

(Section 3.1.2), the WSe2 nanostructures grown from WCl6 precursor exhibit well-defined 

morphology of nanoflowers similar to those produced via a standard W(CO)6-TOP:Se reaction; 

moreover, no change in the crystal structure was observed (Figure 3.29.a). Further, forming 

tungsten complex in oleic acid in the presence of either HMDS or TDPA is expected to lead to 

partial substitution of the carbonyl/oleate groups thus modulating the activity of the tungsten 

Figure 3.29. Effect of activity of tungsten complex on the crystal phase and morphology of the 
colloidal WSe2 nanostructures. High resolution TEM images of the WSe2 nanostructures grown 
through a reaction between a WCl6 and TOP:Se in OlAc, b W(CO)6 and TOP:Se in OlAc in presence 
of hexamethyldisilazane (HMDS), c W(CO)6 and TOP:Se in OlAc in presence of tetradecylphosphonic 
acid (TDPA). Insets show TEM images of the individual WSe2 nanostructures; scale bars 100 nm. 
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complex. Compared to carboxylic acid, HMDS is a weaker binding ligand [156], while TDPA 

is a stronger binding ligand [258] and so complexing tungsten with HMDS(TDPA) is expected 

to increase(decrease) its reactivity. In the recent work on the 1T/2H WS2 nanostructures [156], 

the higher activity of tungsten precursor caused the predominate formation of the 2H phase of 

WS2, although we have not observed similar effect on the crystal structure of the grown WSe2 

material. The WSe2 samples synthesised in the presence of either HMDS or TDPA display the 

1T’ crystal structure in their petals (Figure 3.29.b,c). The reactivity of transition metal 

precursor has, however, led to noticeable changes in the lateral size of WSe2 nanostructures 

with larger nanoflowers, reaching 800 nm in diameter, grown in the presence of HMDS, while 

smaller (~100 nm in diameter) highly branched nanoflowers were formed in the presence of 

strongly binding TDPA. 

Similarly to MoSe2, the WSe2 nanostructures grown from the respective metal chloride 

dissolved in oleylamine instead of oleic acid appear as agglomerated nanosheets with much 

smaller lateral dimensions of the individual WSe2 petals (10-20 nm) compared to the standard 

synthesis (Figure 3.28.d). HR TEM imaging was significantly complicated by high degree of 

polycrystallinity in these structures, however, the XRD data provided along with TEM results 

in Figure 3.28.d suggest that the material has acquired the 1T’ phase. It should be noted that, 

unlike the case of colloidal MoTe2 nanostructures (Section 3.1.3), no nucleation of either WSe2 

or MoSe2 was observed when the transition metal complexes were formed by dissolving the 

respective metal carbonyl in minimum amount of oleic acid and the solvent was changed to 

non-coordinating octadecene. 

To study the effect of precursor concentration on the growth of colloidal WSe2 

nanostructures through the reaction between W(CO)6 and TOP:Se in hot oleic acid, we have 

run a series of express tests varying the concentration in the range from 10[C] to 0.01[C], where 

[C] is a standard precursor concentration (7.5 mmol/L of W, 15 mmol/L of Se) as discussed in 

Section 2.2.3. In these experiments, all other growth parameters, such as growth temperature 

(300 oC), growth time (3 hours), and cooling rate (rapid quenching), were kept fixed. To 

successfully work with low quantities of the precursors, the injection step was eliminated. 

Instead, the nucleation reaction in supersaturated solution was initiated by rapid heating to the 

growth temperature. To achieve this, tungsten complex in oleic acid was formed at 200 oC 

under vacuum and then cooled down to room temperature. Once it reached room temperature, 

the tungsten complex was mixed with 1M TOP:Se and then diluted with degassed oleic acid to 

the required concentration. The total volume of the reaction solution was kept fixed and as low 
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as possible (4 mL in total) throughout this series of experiments in order to exclude possible 

effects of uneven heating. Importantly, W(CO)6 and TOP:Se do not react at room temperature 

even in a course of a week, therefore nucleation of the WSe2 nanostructures was initiated only 

by heating the reaction mixture. The flask containing the mixture of precursors was placed in 

a preheated to 300 oC heating mantle and kept at this temperature for three hours. The growth 

was quenched by rapidly cooling the reaction flask to room temperature and the nanoparticles 

were precipitated by 1:1 ethanol/acetone mixture following the standard procedure described 

in Section 2.2.3. The collected precipitate was washed only once and was dispersed in ethanol 

straight after in order to keep the lightest fraction of the WSe2 nanosheets/nanoflowers. In cases 

Figure 3.30. Effect of the precursor concentration on the crystal phase of WSe2 nanostructures. TEM 
images and optical absorption spectra of the WSe2 nanostructures synthesised at various precursor 
concentrations: a 10[C], b 1[C], c 0.1[C], d 0.05[C], e 0.03[C], and f 0.01[C]. Scale bars 100 nm. 
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when the final precipitate was not obtained, the supernatant was analysed instead. Importantly, 

initiating nucleation of the WSe2 nanoflowers via rapid heating of the metal-chalcogen mixture 

instead of injection at high temperature did not affect the phase and morphology of the final 

product as shown in Figure 3.30.b. 

The final products obtained in the range of precursor concentrations 0.01-10[C] were 

analysed with optical absorption spectroscopy and the corresponding spectra are presented in 

Figure 3.30.a-f. No material was precipitated from the growths performed at 0.01-0.05[C], 

while optical spectra of the final reaction mixtures (supernatants) display only strong 

absorption bands of oleic acid at ~240-280 nm (Figure 3.30.d-f). The absence of either the 

excitonic transitions or the characteristic light scattering suggests that nucleation of either the 

2H or 1T’ phases of WSe2 did not occur at these low precursor concentrations. It should be 

noted that due to the metallic nature of the 1T’ phase, the nucleated material can only be 

detected when the dimensions of the nanoflowers are big enough to cause scattering of light in 

the visible range. The growth of WSe2 nanostructures was observed in the range of 

concentrations from 0.1[C] to 10[C]. According to the TEM data shown in Figure 3.30.a-c, the 

material produced under these growth conditions exhibits the same flower-like morphology, 

while the crystal phase is the distorted octahedral 1T’. Featureless scattering in the visible range 

further confirms the metallic nature of the final products. 

Although we have not been able to adjust the synthesis parameters in a way to achieve 

the thermodynamically-controlled growth mode and so to unambiguously prove the 

kinetically-driven growth mechanism of the metastable 1T’ phase of WSe2, we performed 

additional experiments to rule out possible stabilisation of the 1T’ phase by the precursor 

residues. Specifically, we performed ζ-potential measurements to determine the net surface 

charge of the WSe2 nanoparticles. Since the synthesised WSe2 nanoflowers were found to be 

insoluble in water, suspensions in ethanol were studied instead. We have prepared ethanol 

suspensions of the as produced 1T’ and annealed 2H WSe2 nanoflowers, while suspensions of 

the liquid-phase exfoliated (via sonication, no added surfactants) 2H WSe2 nanosheets in 

ethanol and in DI water were used as control. A fresh suspension of the synthesised 1T’ WSe2 

nanoflowers displays negative ζ-potential of -10.2 mV (average of 3 measurements) indicative 

of the negative surface charge. This charge can be attributed to the negatively-charged selenium 

vacancies present in the basal plane of the two-dimensional nanosheets [349] rather than to the 

charged residues trapped between the layers, since the exfoliated 2H WSe2 nanosheets exhibit 

similar negative ζ-potentials (-19.7 mV in ethanol and -40.5 mV in DI water) as shown in 
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Figure 3.31.a. Recent reports on the ammonium stabilised 1T phases of WS2 and MoS2 have 

shown that the intercalated species can be removed via mild annealing that eventually leads to 

the transition into the thermodynamically stable 2H phase [160,163]. The annealed 2H WSe2 

nanoflowers exhibit slightly lower ζ-potential (-20.2 mV), that can be caused by a loss of 

selenium during the thermal annealing performed in vacuum (Figure 3.31.b). The FTIR study 

of the concentrated suspensions of the 1T’ WSe2 nanoflowers and their dried powder 

counterpart does not provide any further insights about the surface functionalisation or about 

the intercalated species possibly present in the synthesised material. The FTIR spectrum of the 

concentrated suspension shows the characteristic vibrations of ethanol molecules only, while 

only very weak vibrations at ~1500 cm-1 are present in the FTIR spectrum of the dried 1T’ 

WSe2 powder (Figure 3.31.c), these can be tentatively assigned to the WSe2 analogously to 

[350]. Also, in contrast to the covalently functionalised TMD flakes [351], high-resolution XPS 

spectra of the C 1s electrons of both the as produced 1T’ and the annealed 2H WSe2 

nanoflowers contain a single component only ascribed to the C-C bonds of the adventitious 

carbon (Figure 3.31.d) that can imply absence of other carbon containing species, for example 

CO residues.  

Figure 3.31. Evidence of absence of the intercalated charged species. a, b ζ-potential distributions for 
the suspensions of the 1T’ and 2H WSe2 nanoflowers, respectively. c ATR-FTIR spectra of a 
concentrated suspension and of dried powder of 1T’ WSe2 nanoflowers. d High-resolution XPS C 1s 
spectra of the as produced 1T’ (bottom panel) and the annealed 2H (top panel) WSe2 nanoflowers. 
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3.4. Conclusions 

Developing a high-throughput solution-phase synthesis of nanostructured layered metal 

chalcogenides is crucial for their successful implementation in catalysis and novel 

electrochemical energy storage devices. Here, we have demonstrated colloidal synthesis of 

binary metal chalcogenides (MoSe2, MoTe2, Bi2Te3, and WSe2) from molecular precursors. 

The obtained material displays a well-developed morphology of nanoflowers composed of 

multiple atomically-thin petals. Such morphology is particularly beneficial for catalysis as it 

provides numerous accessible catalytically-active edge sites. 

The absence of dangling bonds in the basal planes of transition metal dichalcogenides 

makes them especially difficult to synthesise in the form of free-standing two-dimensional 

nanosheets since the direct passivation of the basal planes, and therefore suppression of the 

vertical growth mode, are not feasible. We found that using a weakly coordinating solvent 

(oleic acid) instead of a strongly-binding one (oleylamine) helps to facilitate the lateral 

extension of TMD nanostructures as was demonstrated for the WSe2 and MoSe2 nanoflowers. 

Moreover, in the system of highly reactive bismuth and tellurium precursors, removing the 

coordinating solvent (free oleic acid) from the reaction mixture entirely allowed us to 

exclusively produce two-dimensional Bi2Te3 nanosheets. 

The designed synthesis approach allows for the formation of metastable polymorphs, 

such as the 1T’ phase of WSe2 and MoTe2, directly in solution phase. We suggest that under 

the synthesis conditions described in this work the nanocrystal growth occurs in the kinetically-

controlled regime, i.e. limited by the kinetics of the monomer deposition/desorption on the 

growing crystal surface. Achieving the metastable polymorphs (1T’ WSe2) by varying the 

reactivity of molecular precursors offers an extra tool to directly control the electronic 

properties of the solution-processable material. Furthermore, we demonstrated that switching 

between the kinetically- and thermodynamically-controlled reaction regimes, which was 

achieved in the Bi2Te3 system by varying the growth temperature, allowed us to controllably 

modify the morphology and lateral termination of colloidal Bi2Te3 nanosheets. 
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Chapter 4: 

Doped WSe2 and ternary WxMo1-xSe2 nanostructures 

In this Chapter we demonstrate how the solution-phase synthesis approach developed in 

Chapter 3 can be further modified in order to achieve the compositional variation of the 

growing material. In general, modification of the material composition through doping or 

alloying is highly appealing for designing materials with specific magnetic properties or to 

enable formation of p-n junctions. Moreover, the electronic structure modulation achieved 

through compositional variation has been successfully employed for enhancement of the 

catalytic activity of a given material either via improving the electronic conductivity or through 

local strain induced rearrangement of the crystal lattice. Here, we attempt colloidal synthesis 

of doped (Cu, Fe) WSe2 nanoflowers and ternary WxMo1-xSe2 branched nanosheets. 

4.1. Doped WSe2 nanoflowers 

The intentional doping of TMDs falls into either of three categories – substitutional 

doping, in which case the dopant displaces a host atom in the crystal lattice (in either metal or 

chalcogen sublattice) and occupies its place; interstitial doping, when the atomic size of the 

dopant is much smaller than that of the host atom and so the dopant occupies normally 

unoccupied voids in the crystal structure; and surface doping, when the adatoms are held by 

the unsaturated bonds around the surface vacancy sites [352]. Dopants can be introduced into 

the crystal lattice of the material either during the growth process, as substitutions and 

interstitial species, or during the post-growth treatment, mostly as surface adatoms bound to 

the vacancy sites. 

Doping of the group VIB TMDs with the group VB (Nb) and group VIIB (Mn, Re) 

elements has been attempted to achieve the p-type and n-type of conductivity, respectively, in 

MoS2 and WS2. For example, Nb doping of WS2 monolayers has been demonstrated during the 

CVD process performed in the presence of Nb salt. Despite of its high content (over 6 at.%), 

in the WS2 lattice, Nb is present in a form of isolated atomic inclusions and small clusters [353]. 

Similarly, the incorporation of well-dispersed Mn (2 at.%) [354] and individual Re (0.3-0.6 

at.%) [353,355] atoms has been reported in the CVD grown MoS2 single layers. The electronic 

properties of doped material, however, are not solely defined by the electron count on the d-

orbitals of the dopant; for instance, although doping of the WSe2 monolayers with Cr3+ formally 

should give rise to p-type conductivity, it has been shown that double Se vacancies tend to 
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cluster around substitutional Cr sites leading to net n-type doping of WSe2 [356]. Moreover, a 

transition to the metallic 1T WSe2 phase has been observed in highly doped samples, similar 

to the electron doped group VIB TMDs [356]. 

The dopants, whose size or coordination manner significantly differ from that of the host 

phase, tend to form surface bound single atom sites or small clusters. Such type of doping can 

be beneficial for catalytic applications since the dopants can potentially provide the additional 

active sites. An improved catalytic activity has been demonstrated for chemically exfoliated 

MoS2 nanosheets doped with Co [357] and Ni [358] via the hydrothermal post-exfoliation 

treatment. Interestingly, doping of the MoS2 nanosheets, synthesised by solvothermal 

approach, with Pd initially led to the anchoring of individual Pd atoms at the basal plane and 

was followed by their building into the MoS2 lattice via the redox reaction with Mo3+, occurring 

at the structural defect sites [106]. 

Both Fe and Cu are suitable for tailoring the magnetic properties of the group VIB TMDs; 

moreover, Fe was identified as a potentially perspective dopant to enable the catalytic CO 

reduction [359]. Further, the catalytically inert basal planes of the 2H MoS2 [89] can be activated 

by substitutional doping as demonstrated by the first principle calculations. In particular, Fe is 

expected to replace molybdenum in the transition metal sublattice, retaining the trigonal-

prismatic coordination to six sulphur atoms, and to increase the free energy of proton 

adsorption at the neighbouring S site, while Cu, on the other hand, is predicted to shift from 

the trigonal coordination, binding to four sulphur atoms instead and lowering the adsorption 

free energy [111]. It should be pointed out, however, that no information on the oxidation states 

of the considered dopants is provided in the cited work. For the metallic 1T polymorph, doping 

with Mn, Cr, Cu, Ni, or Fe was predicted to facilitate the hydrogen adsorption reaction at the 

basal planes of MoS2, thus leading to an improvement in the catalytic activity for the HER [92]. 

In this work, only a preliminary study of the feasibility to dope the colloidal WSe2 

nanoflowers has been carried out with the main focus being put on achieving the single-phased 

system. The oxidation states as well as local coordination of dopants in the host lattice or 

around the defect sites in the colloidal WSe2 nanosheets have not been investigated. The 

dopants were introduced by modifying the transition metal precursor before the reaction with 

chalcogen as described in Section 2.2.3. Three salts – CuCl, Cu(CH3COO)2, and FeCl3 – were 

used as a source of the doping transition metal. The other synthesis conditions, including 

concentrations of the tungsten and selenium precursors, type of solvent, and temperature 

regimes of the metal complex formation and the material growth, were kept unchanged. 
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The results of TEM and SEM analysis of the Cu-doped WSe2 nanoflowers synthesised 

in the presence of CuCl and Cu(CH3COO)2 are summarised in panels a, b and c, d in Figure 

4.1, respectively. TEM imaging reveals that the material synthesised in the presence of Cu 

dopant retains the flower-like morphology with the average diameter of individual flowers 

close to 300 nm. In order to confirm the presence of copper in the synthesised doped WSe2, 

SEM EDS analysis was performed on the ensembles of nanoflowers drop-cast onto Si/SiO2 

substrates. SEM EDS analysis was performed instead of TEM EDS in order to exclude the 

false-positive results attributed to Cu signal, arising from the carbon-coated copper grids used 

in this work. The representative SEM images and the corresponding EDS spectra are presented 

in panels b and d in Figure 4.1. Both elemental spectra display strong signal of Cu in the final 

product regardless of the copper salt used as a source of dopant. When CuICl is used as a 

starting copper precursor, SEM imaging reveals the formation of a secondary phase as 

Figure 4.1. Cu-doped colloidal WSe2 nanoflowers. a, c TEM images and b, d overview SEM images, 
corresponding sum EDX spectra and elemental maps (W L, Cu K, and Se K lines; scale bars 2 µm) of 
the Cu-doped WSe2 nanoflowers synthesised in presence of CuI (panels a, b) and CuII (panels c, d) 
salts, respectively. 
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evidenced by the irregular shaped micron-sized crystallites highlighted with dashed orange 

circles in SEM image in panel b of Figure 4.1. On the other hand, CuII(CH3COO)2 has 

seemingly led to the formation of uniformly shaped Cu-doped WSe2 nanoflowers only (panel 

d in Figure 4.1). In the latter case, elemental mapping of the Cu-doped WSe2 nanostructures 

has further proved the homogeneity of their composition, displaying uniform distribution of all 

three elements (W, Cu, and Se) across the nanoflowers (panel d in Figure 4.1). Whereas in the 

case of CuICl additive, distinct localisation of the CuSex phase is clearly evident in the 

elemental maps shown in panel b in Figure 4.1. In CuII-doped WSe2 samples, the average 

[W]:[Cu]:[Se] molar ratio estimated from the results of SEM EDS is 1:0.52:2.93; copper 

content, however, significantly exceeds the expected one (nominal W:Cu atomic ratio in all 

cases was kept not higher than 1:0.2). This can be due to the formation of ternary Cu-W-Se 

phases as a side-product as evidenced by the XRD data discussed below. 

In a similar way, Fe doping, achieved directly during the synthesis of the WSe2 

nanostructures in the presence of FeIIICl3, does not substantially affect the branched 

morphology of the pristine WSe2 nanoflowers (Figure 4.2). The average diameter of the Fe-

doped WSe2 nanoflowers reaches 700 nm. Moreover, the presence of Fe ions in the crystal 

lattice of the growing WSe2 seems to promote nucleation of the secondary petals (Figure 4.2, 

inset) in contrast to the morphology of pristine WSe2 nanoflowers made of multiple single-

crystalline petals stemming from the central core. It should also be noted that no other 

morphologies, different from that of branched nanoflowers, were observed in the SEM images 

of the ensembles of Fe-doped WSe2 nanostructures. Shown in Figure 4.2.b the EDS spectrum 

Figure 4.2. Fe-doped colloidal WSe2 nanoflowers. a TEM images and b overview SEM image, 
corresponding sum EDX spectrum and elemental maps (W L, Cu K, and Se K lines; scale bar 5 µm) 
of the Fe-doped WSe2 nanoflowers. Inset in panel a is a zoomed in TEM image illustrating high degree 
of branching in the Fe-doped WSe2 nanoflowers (scale bar 100 nm). 



166 
 

and the corresponding elemental (W, Fe, and Se) maps acquired form the doped nanoflower 

sample confirm the presence and uniform distribution of iron in the colloidal WSe2 branched 

nanostructures. According to the results of SEM EDS analysis, the averaged [W]:[Fe]:[Se] 

molar ratio is 1:0.44:3.15, indicating significantly higher content of iron in the obtained doped 

nanostructures than could be expected from the loaded precursor amounts (nominal W:Fe 

molar ratio is 1:0.2). 

The doped material retains the metastable 1T’ crystal structure of pristine WSe2 

nanoflowers synthesised via colloidal approach. A representative TEM image of a single-

crystalline area of an Fe-doped WSe2 nanoflower shown in Figure 4.3.a displays contrasting 

stripes characteristic to the 1T’ phase of the group VIB TMDs. Estimated from the results of 

HR TEM imaging, the approximate cell constants a = 6.31 Å and b = 3.76 Å differ from that 

of the pristine material (5.76 Å and 3.3 Å, respectively). The observed change in cell constants 

of the doped material can be attributed to the insertion of Fe ions displacing tungsten in the 

crystal lattice. This is supported by the results of Raman spectroscopy. Raman spectra of doped 

WSe2 nanoflowers were acquired from at least 10 random spots across each of the deposited 

samples and the representative spectra are presented in Figure 4.3.b. Both CuII- and FeIII-doped 

WSe2 nanoflowers display similar sets of six Raman modes at the frequencies close to that of 

the pristine 1T’ WSe2, thus confirming that the metastable crystal phase is preserved in the 

doped material. 

Figure 4.3. Crystal phase of the doped WSe2 nanoflowers. a High-resolution TEM image of a FeIII-
doped WSe2 nanoflower revealing the 1T’ phase of the doped material. b Raman spectra of the pristine 
(1), CuII- (2), and FeIII-doped (3) WSe2 nanoflowers confirming the retention of the 1T’ crystal phase. 
c XRD patterns of the pristine (1), CuII- (2), and FeIII-doped (3) WSe2 nanoflowers. The secondary 
Cu2WSe4 phase present in the CuII-doped material is highlighted with asterisks. The simulated 
reference patterns of the 1T’ (navy) and 2H (purple) WSe2 and Cu2WSe4 (orange) are provided under 
the experimental diffractograms. 
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The findings on the crystal phase of doped nanostructures derived from the local probe 

analysis (TEM, Raman spectroscopy) were complemented by X-ray diffraction employed to 

study the phase purity at macroscopic scale. The diffraction patterns of the CuII- and FeIII-doped 

WSe2 nanoflowers are shown in Figure 4.3.c. The FeIII-doped WSe2 nanoflowers are acquired 

in the 1T’ phase, although a small fraction of the 2H phase is evidenced by a shoulder peak at 

31.5o 2θ, corresponding to the (100) planes of the 2H WSe2 and normally observed in the 

pristine 1T’ WSe2 nanoflowers. Higher intensity of the (002) peak at 14.3o 2θ and of the (112), 

and (112) reflections, appearing as a broad unresolved peak at ~35o 2θ, suggests the increased 

thickness as well as lateral size of the FeIII-doped WSe2 nanoflowers as compared to pristine 

WSe2. This agrees well with the TEM data. However, considerable broadening of the 

diffraction peaks impeded the direct confirmation of the lattice expansion caused by the 

inclusion of Fe cations. On the other hand, the XRD pattern of the CuII-doped WSe2 

nanoflowers clearly demonstrates at least two distinct phases present in the sample, one of 

which is the 1T’ WSe2. The second set of narrow diffraction peaks, marked with asterisks, was 

assigned to the non-layered Cu2WSe4 phase. This ternary phase has been obtained only recently 

via a hydrothermal reaction [360]. The experimental diffraction peaks match well the simulated 

diffraction pattern of the primitive Cu2WSe4 lattice (space group 𝑃 4̅2𝑚) shown in Figure 

4.3.c. The lattice parameters of the P-Cu2WSe4 were taken from [360,361]. 

Overall, Cu- and Fe-doped WSe2 branched nanostructures were obtained via solution-

phase reaction in the presence of CuII(CH3COO)2 and FeIIICl3. Using CuICl as a source of 

dopant led to the formation of a considerable fraction of highly-crystalline Cu-Se phase as a 

side product. The Cu- and Fe-doped WSe2 nanostructures exhibit the uniform flower-like 

morphology similar to that of the pristine WSe2 and are attained in the 1T’ phase. The elemental 

analysis performed on the Cu- and Fe-doped WSe2 nanoflowers has demonstrated the dopant 

content approaching nearly 33 at.% (W:Cu is 1:0.52, W:Fe is 1:0.44), while the dopant fraction 

in the reaction mixture did not exceed 16 at.% in all cases. This may suggest that the ternary 

phases, such as Cu2WSe4 observed as a side-product, may be preferentially formed during a 

solution-phase reaction. This might potentially limit the range of compositions achievable in 

the solution-phase synthesis of doped group VIB TMD nanostructures. 
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4.2. Ternary WxMo1-xSe2 nanoflowers 

Achieving tunable compositions via the isovalent alloying is gaining attention since this 

approach holds a great promise to effectively modulate the electronic properties of TMD 

materials to further expand the range of their applications. The term isovalent alloying 

encompasses both mixing chalcogen atoms in the anion sublattice as well as mixing the same 

group transition metals in the cation sublattice. Recent calculations have demonstrated that in 

the MoS2-MoSe2-MoTe2 system, the anion mixing enthalpies (at 0 K) are negative in the entire 

range of the S-Se compositions and only slightly negative in the Se-Te and S-Te. Taking into 

consideration the entropic contribution, this renders the random anion-mixed alloys in the 

molybdenum dichalcogenides system stable over phase segregation at ambient temperature 

[362]. Similarly, formation of random alloys, displaying no tendency to preferential segregation 

or local ordering, is expected for the cation-mixed WxMo1-xS2 due to chemical similarity of W 

and Mo cations. Moreover, isovalent cation and anion mixing in the WxMo1-xS2ySe2(1-y) system 

also exhibits consistently negative mixing enthalpies implying formation of random alloys to 

be favourable [363]. 

Synthesis of the atomically-thin alloyed TMD flakes has been majorly achieved by 

mechanical exfoliation of the bulk alloys produced via physical (PVD) or chemical vapour 

transport (CVT) approaches with a few recent examples of the direct growth of the alloyed 

materials via the CVD or wet chemistry approaches. Thus, the formation of a random alloy in 

the CVT grown WxMo1-xS2 crystals has been demonstrated in the whole range of compositions 

x = 0-1 [364]. Similarly, no evidence of a preferential segregation was observed in the 2H 

MoxW1-xSe2 and WS2ySe2(1-y) alloys synthesised via the solution-phase approach [260]. 

Furthermore, formation of a hetero-phased random alloy has been reported in the CVD grown 

WxMo1-xS2 monolayers. In this case, the produced material displayed a 1T/2H phase 

heterogeneity, while the detailed microscopic analysis of the areas in the vicinity of the 1T/2H 

borders has unambiguously proved the random distribution of both transition metals across the 

co-existing 1T and 2H phases [365]. Interestingly, the metastable 1T phase was only present in 

the alloyed monolayers, while the pristine WS2 and MoS2, grown under the same conditions, 

exhibited the 2H phase only. The maximum content of the 1T phase was achieved when the 

molar ratio [W]:[Mo] was approaching 1:1. Composition-dependant crystallisation of the 

metastable phase under the conditions when the individual components adopt the 

thermodynamically stable phase only was attributed to the lowest mixing enthalpy and the 

highest strain in the crystal lattice. 
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Alloying the group VIB transition metal disulphides and diselenides with tellurium opens 

up a way for varying the electronic properties of the alloys in a wider range since both 

ditellurides, MoTe2 and WTe2, can be attained in the semimetallic 1T’ polymorph and so the 

composition-dependent 2H-to-1T’ transition in the corresponding alloys can be exploited. 

Fully random alloys with the Se2, Te2, and Se-Te units uniformly distributed across the 2H 

MoSe2(1-x)Te2x monolayers with x reaching 0.28 were recently reported by the CVD growth 

approach [366]. At higher tellurium content, the 2H-to-Td phase transition has been observed in 

the CVT grown WSe2(1-x)Te2x monolayers; notably, up to x = 0.5 the material retained the 2H 

phase, whereas at x = 0.5-0.6 the transition into the semimetallic Td occurred with the stable 

Td phase being produced at higher tellurium concentrations [367]. Interestingly, although the 2H 

phase telluride-based alloys exhibit isotropic distribution of both chalcogen anions across the 

alloyed material, anisotropic ordering has been shown in the 1T’ type WSe2xTe2(1-x) and 

MoS2xTe2(1-x) alloys with either S2 or Se2 units, preferentially occupying the chalcogen sites 

next to the metal chains [368]. 

Due to the chemical similarity of tungsten and molybdenum cations, formation of a 

ternary alloy is expected in a wide range of compositions in W-Mo dichalcogenide systems. 

Moreover, in the mixed-cation diselenides, tungsten cations are predicted to occupy the lattice 

nodes next to molybdenum since such configuration is stabilised by energy gain due to the 

electron density redistribution from the weak Mo-Se to the strong W-Se bonds [363]. Such local 

W-Se-Mo ordering is likely to cause the formation of a random WxMo1-xSe2 alloy stable over 

phase segregation. In this work, we synthesise the WxMo1-xSe2 (x ~0.5) nanostructured alloy 

via the colloidal approach described in Section 2.2.3. Under these growth conditions, MoSe2 is 

acquired in the thermodynamically stable 2H phase, while WSe2 nanostructures are produced 

in the metastable 1T’phase. Therefore, the stabilisation of the 1T’ phase can potentially be 

achieved in colloidal WxMo1-xSe2 alloys. 

The representative TEM images of the produced WxMo1-xSe2 (x ~0.5) nanostructures are 

shown in Figure 4.4.a,b. The synthesised material predominantly exhibits the morphology of 

distinct nanoflowers, consisting of densely packed atomically-thin petals similar to the 

colloidal WSe2 nanoflowers discussed in Section 3.3.1. According to the TEM results, the mean 

diameter of the WxMo1-xSe2 (x ~0.5) nanoflowers varies in the range 100-150 nm approaching 

200 nm in some cases (Figure 4.4.a). Although the diameter of the alloyed WxMo1-xSe2 (x ~0.5) 

nanoflowers is noticeably smaller than that of the pristine WSe2 nanoflowers, the overall shape 
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of the branched nanostructures (Figure 4.4.b) is nevertheless closer to that of the well-defined 

WSe2 nanoflowers than of the MoSe2 continuous “brushes” described in Section 3.1.1. 

STEM EDS analysis supports the uniform distribution of all three elements across the 

colloidal WxMo1-xSe2 (x ~0.5) nanoflowers as is evident from the corresponding elemental 

maps shown in panel c in Figure 4.4. Estimated from the intensities of the W M lines and Mo 

L lines, the [W]:[Mo] atomic ratio differs from the nominal 1:1 and reaches 1:1.4. The majority 

of individual WxMo1-xSe2 (x ~0.5) nanoflowers also exhibit a slight selenium excess with the 

average [W]:[Mo]:[Se] atomic ratio being 1:1.2:4.2. 

In addition to well-defined nanoflowers, a fraction of ultra-thin nanosheets was 

occasionally observed in the alloyed WxMo1-xSe2 (x ~0.5) samples. Compared to the 

nanoflowers, these branched nanosheets are composed of fewer individual two-dimensional 

petals with the lateral size of a few hundreds of nm as shown in Figure 4.4.c,d. STEM EDS 

Figure 4.4. Characterisation of the alloyed WxMo1-xSe2 (x ~0.5) nanoarchitectures. a, b TEM images 
of the ensemble and of an individual alloyed WxMo1-xSe2 nanoflower; c ADF STEM image and the 
corresponding elemental maps (W, Mo, and Se) of the branched nanoflowers; scale bars 100 nm. 
d, e ADF STEM and a zoomed in TEM images of the alloyed WxMo1-xSe2 nanosheets; f ADF STEM 
image and the corresponding elemental maps (W, Mo, and Se) of the alloyed WxMo1-xSe2 nanosheets; 
scale bars 100 nm. 
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mapping performed on the branched nanosheets (Figure 4.4.e) has confirmed presence of all 

three elements homogeneously spread through the nanoarchitecture with no localisation of 

either tungsten- or molybdenum-rich areas being observed. Elemental composition of the 

WxMo1-xSe2 (x ~0.5) branched nanosheets was determined via TEM EDS and on average the 

individual nanosheets exhibit a measurable tungsten overstoichiometry with the [W]:[Mo]:[Se] 

atomic ratio close to 1:0.52:3. Analogous branched nanosheets forming quasi-continuous 

structures over micron-sized areas were, albeit rarely, seen in some MoSe2 samples (Figure 

4.5.a,b) and were never observed in WSe2 samples. The origin of these branched nanosheets 

found in the MoSe2 (Figure 4.5.a,b) and WxMo1-xSe2 (Figure 4.5.c,d) samples is not clear at 

the moment, however, their continuous nature can be indicative of a templated growth. 

Unsaturated fatty acids, and oleic acid in particular, are known to undergo a heat induced 

polymerisation at ~300 oC; moreover, the polymerisation process is reported to be considerably 

promoted in the presence of heavy metals [369]. Proving the proposed templated growth 

mechanism and elucidating the role of molybdenum carbonyl (since the branched nanosheets 

Figure 4.5. Comparison of the MoSe2 and WxMo1-xSe2 (x ~0.5) branched nanosheets. a, b SEM images 
of the colloidal MoSe2 branched nanosheets. c, d SEM images of the WxMo1-xSe2 (x ~0.5) branched 
nanosheets. 
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were seen in MoSe2 and WxMo1-xSe2 samples only) in formation of the templates themselves 

would, however, require a separate dedicated study and remain speculative in the context of 

present work. 

The alloyed WxMo1-xSe2 (x ~0.5) nanosheets exhibit the same ultra-thin nature as seen 

in the parent WSe2 nanostructures, progressively thinning down to a single layer towards the 

rims (Figure 4.6.a). At the same time, unlike the single crystalline petals of parent WSe2 

nanoflowers, the nanosheets comprising the alloyed WxMo1-xSe2 (x ~0.5) nanoflowers are 

made of a few nm2-sized domains (Figure 4.6.b) much alike the produced MoSe2 nanosheets 

(Section 3.1.1). High resolution TEM imaging reveals areas of the 1T’ and 2H phases present 

in both the alloyed nanoflowers (Figure 4.6.c,d). 

The Raman spectrum of the alloyed WxMo1-xSe2 (x ~0.5) nanoflowers presented in 

Figure 4.7.a exhibits two well-resolved vibration modes at 240 and 283.9 cm-1. Due to the 

similarity of the MoSe2 and WSe2 crystal lattice, Raman active modes in the alloyed material 

Figure 4.6. TEM characterisation of the WxMo1-xSe2 (x ~0.5) nanoflowers. a Representative TEM 
image of an individual petal of a WxMo1-xSe2 nanoflower illustrating its ultra-thin nature. b Overview 
HR TEM image of an individual petal demonstrating its polycrystalline nature. c, d HR TEM images 
and the corresponding FFT patterns of the 1T’ and 2H areas of the WxMo1-xSe2 alloy, respectively. 
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are expected to appear at intermediate frequencies. Indeed, Raman signatures appear slightly 

shifted from the frequencies characteristic for the pristine 2H MoSe2 nanosheets (239 and 

285.6 cm-1, respectively) towards the unresolved 𝐸2g1 + 𝐴1g mode of the 2H WSe2 observed at 

~250 cm-1 in the annealed WSe2 samples. Similar shift has been previously reported for CVT 

grown and micromechanically exfoliated WxMo1 - xSe2 monolayers [370] and for colloidal 

WxMo1-xSe2 few-layered nanostructures [260]. Such shift was attributed to the random mixing 

of transition metal cations in the crystal lattice. The absence of doubled set of peaks, 

corresponding to the separate domains of the MoSe2 and WSe2 phases, is a good indication of 

the uniformity of the achieved ternary composition. The presence or absence of the metallic 

1T’ phase in the synthesised alloyed samples cannot be inferred from the Raman spectroscopy 

data since the characteristic Raman modes of the 1T’ phase exhibit a very low intensity at the 

frequencies between 100-300 cm-1 (discussed in Section 3.3.2), and so are possibly obscured 

by the strong scattering of the semiconducting 2H phase. 

Powder X-ray diffraction was employed to study the crystal phase of the produced 

alloyed material. A representative XRD pattern of the colloidal WxMo1-xSe2 (x ~0.5) 

nanosheets is shown in Figure 4.7.b along with the experimental patterns of the synthesised 

MoSe2 and WSe2 nanoflowers. Three pronounced reflections centred at ~13.8, 31.8, and 

Figure 4.7. Structural characterisation of the alloyed WxMo1-xSe2 (x ~0.5) nanoflowers. a, b, c Typical 
Raman spectra, XRD patterns, and optical absorption spectra of the 1T’ (navy) and 2H (purple) WSe2, 
2H MoSe2 (violet), and the alloyed WxMo1-xSe2 (teal) nanoflowers. Vertical dashed lines in panel a 
correspond to the A’1 and E’ frequencies of the single layer MoSe2 (violet, from ref. [302]) and A1g+E1

2g 
and 2LA(M) modes of the single layer WSe2 (purple, from ref. [396]). Reference XRD patterns of the 
1T’ (navy) and 2H (purple) WSe2 as well as of the 2H MoSe2 (violet) are provided under the 
experimental diffractograms in panel b. Vertical dashed lines in panel c correspond to the A, B, and C 
excitonic transitions of the single layer MoSe2 (violet, from ref. [302]) and A and B excitons of the 
single layer WSe2 (purple, from ref. [55]). 



174 
 

38.3 o2θ match well the (002), (100) and (103) planes of the hexagonal phase of either MoSe2 

or WSe2. A broad feature observed at ~34.8 o2θ (this region is highlighted with a grey rectangle 

in Figure 4.7.b) can, however, arise from the (1̅12) and (112) planes of the 1T’ phase, as seen 

in the diffractograms of the as produced WSe2 nanoflowers, and so be indicative of the 1T’ 

phase present in the alloyed WxMo1-xSe2 (x ~0.5) samples consistent with the result of the HR 

TEM imaging. This reflection is absent in the diffractograms of the as synthesised 2H MoSe2 

and the thermally converted into the 2H phase WSe2 nanoflowers. Precise determination of the 

1T’ phase is complicated due to the broadening of the diffraction peaks due to polycrystallinity 

of the alloyed WxMo1-xSe2 (x ~0.5) nanosheets, although it is worth mentioning that no 

reflection at this diffraction angle has been observed in the pure 2H phase WxMo1-xSe2 

nanostructures [155,260]. 

The presence of the semiconducting 2H phase in the alloyed WxMo1-xSe2 (x ~0.5) 

nanoflowers is further confirmed by the results of optical absorption spectroscopy (Figure 

4.7.c). A typical UV-vis absorption spectrum of the alloyed nanoflowers exhibits excitonic 

transitions of the semiconducting phase centred around 800 and 620 nm. The energies of these 

optical transitions are quite close to that of the A and B excitons of the 2H WSe2 nanoflowers 

found at 780 and 617 nm, respectively, rather than of the as produced 2H MoSe2 nanoflowers 

(805 and 710 nm, respectively). 

Since the macroscopic techniques discussed above (XRD, Raman and UV-vis 

spectroscopies) do not provide a conclusive evidence of the presence or absence of the 1T’ 

phase in the colloidal WxMo1-xSe2 (x ~0.5) ternary alloys, X-ray photoemission spectroscopy 

was employed to study the coordination environment of transition metal cations in the crystal 

lattice of the alloyed nanoflowers. High-resolution XPS spectra of the W 4f, Mo 3d, and Se 3d 

core level electrons of pristine colloidal WSe2 and MoSe2, and alloyed WxMo1-xSe2 (x ~0.5) 

nanoflowers are presented in Figure 4.8. As discussed in Section 3.3.1, under the growth 

conditions used throughout this work, the WSe2 nanostructures are acquired in the metastable 

1T’ phase, and the W+4 4f doublet appeared at 31.66 and 33.84 eV in the corresponding XPS 

spectra. Upon thermal annealing, the 1T’ phase of WSe2 is fully converted into the 

thermodynamically stable 2H phase, this phase transformation is accompanied by a shift of the 

W+4 4f doublet to the higher binding energies up to 32.40 and 34.58 eV. On the other hand, in 

the high-resolution XPS spectrum of the as produced MoSe2 nanostructures, the doublet 

corresponding to the Mo+4 3d core level electrons is found at 228.7 and 231.9 eV that is in a 

good agreement with the values reported for the 2H phase of MoSe2 [183,170]. XPS spectrum of 
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the alloyed WxMo1-xSe2 (x ~0.5) nanoflowers, however, displays the W+4 4f doublet at the 

binding energies close to that found in the 1T’ phase of WSe2 (31.5 and 33.6 eV), while the 

most prominent doublet in the Mo 3d core level spectrum also appears shifted to the lower 

binding energies compared to the peak positions in the 2H phase and is observed at 227.9 and 

231.1 eV (Figure 4.8). These energies are comparable to the Mo4+ (228.1 and 231.2 eV) 

reported for the metallic 1T’ MoSe2 [183]. Appearance of the Mo+4 and W+4 doublets shifted to 

the lower binding energies compared to the corresponding 2H phases can be indicative of a 

fraction of both molybdenum and tungsten cations, exhibiting the 1T’ phase coordination, 

present in the alloyed WxMo1-xSe2 (x ~0.5) nanoflowers. 

Formation and investigation of ternary WxMo1-xSe2 alloys is particularly interesting since 

can potentially allow the lateral heterostructures being synthesised via the induced phase 

segregation. Similar process was reported for the MoxW1-xS2ySe2-2y flakes obtained via CVD 

approach that formed MoS2ySe2-2y/WS2zSe2-2z heterostructures upon thermal annealing [371]. 

  

Figure 4.8. XPS study of the produced WxMo1-xSe2 nanoflowers. High resolution XPS spectra of the 
W 4f, Mo 3d, and Se 3d core electrons of the as synthesised WSe2 (predominantly 1T’ phase; bottom 
row), MoSe2 (2H phase; top row), and the WxMo1-xSe2 (x ~0.5; middle row) nanoflowers. 
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4.3. Conclusions 

As a general strategy, varying the composition of a given material is appealing for 

tailoring its electronic properties due to either introducing localised defect states or achieving 

gradual modulation of the electronic structure. Here, we have demonstrated that the 

incorporation of Cu and Fe species into the WSe2 nanostructures can be achieved during a 

solution phase reaction. Cu and Fe have been selected as potential dopants since both, 

according to the first principle calculations, are expected to alter the hydrogen adsorption free 

energy in both the semiconducting 2H and metallic 1T phases, thus facilitating the catalytic 

hydrogen reduction. 

The growth of Cu- and Fe-doped WSe2 nanoflowers has been achieved in the presence 

of CuII and FeIII salts. According to the results of SEM imaging and Raman spectroscopy, the 

final product is morphologically uniform, and elemental analysis confirmed the presence of 

doping species in the nanoflowers. However, the stoichiometry of final products strongly 

deviates from the nominal, possibly suggesting the preferential formation of ternary Cu-W-Se 

and Fe-W-Se phases. These phases are rarely reported in literature, and the range of potentially 

achievable compositions, whilst maintaining the overall layered crystal structure of the parent 

TMD phase, needs to be thoroughly investigated. 

In the mixed W-Mo dichalcogenides, the effective formation of random ternary alloys is 

expected in a wide range of compositions owing to the similarity of W and Mo cations. 

Moreover, by alloying the components, that under the same conditions tend to preferentially 

crystallise in different polymorphs (2H and 1T’), allows the crystal phase of the alloyed 

material to be selectively targeted as was demonstrated in MoS2xTe2-2x and WSe2xTe2-2x alloys. 

In this work, we have demonstrated that ternary WxMo1-xSe2 nanostructures can be 

obtained through a reaction between the corresponding molecular precursors. The alloyed 

material retained the nanoflower morphology, although the individual atomically-thin 

nanosheets were composed of smaller single-crystalline patches, unlike the single crystalline 

petals of the parent WSe2 structures. Elemental analysis clearly demonstrated the uniform 

distribution of both cations within individual ternary nanostructures; this was further confirmed 

by Raman spectroscopy. The observed splitting of the W+4 and Mo+4 doublets in the core level 

electron spectra suggests that in the alloyed material two types W and Mo cations are present. 

Therefore, structurally, the produced ternary WxMo1-xSe2 nanoflowers are a 2H/1T’ bi-phased, 

although compositionally uniform, alloy.  



177 
 

Chapter 5: 

Application in electrochemical devices 

In this Chapter we study the electrocatalytic performance of the colloidal inorganic 

nanoflowers for the hydrogen evolution reaction. First, we discuss the methods to assemble the 

active material on various conductive support platforms essential for testing its catalytic 

properties. We demonstrate that the developed solution-phase synthesis approach can be 

modified to grow the active material directly on a chosen functional substrate. Compared to 

the deposition from colloidal suspensions, this yields more uniform and stable coatings. 

Remarkably, the methods developed to achieve the control over the crystal phase, as in the case 

of direct synthesis of the metastable 1T’ polymorph of WSe2 discussed in Section 3.3.1, or the 

catalyst composition, as illustrated by the ternary alloyed WxMo1-xSe2 nanoflowers introduced 

in Section 4.2, can be applied to attain functional coatings of the respective modified catalysts 

on a support platform. Furthermore, the heterogeneous nucleation on the substrate surface does 

not affect the phase purity or the precision over the composition control achieved via the 

solution-phase reaction. Considering the colloidal WSe2 nanoflowers as a model system, we 

discuss how the access to metastable polymorphs, such as the metallic 1T’ phase of WSe2, or 

to the ternary compositions, i.e. by alloying with molybdenum, can be beneficial for improving 

the catalytic performance of chosen material. We discuss the efficiency of the nanostructured 

catalysts grown by colloidal approach compared to other members of the group VIB TMD 

family suggested for the catalytic hydrogen evolution reaction (HER). Finally, we perform the 

prolonged electrolysis tests to assess the durability of colloidal TMD catalysts. 

5.1. Approaches to assemble colloidal TMD nanostructures on conductive 

supports for electrocatalytic hydrogen reduction 

In order to assess the catalytic activity of colloidal nanoflowers for the hydrogen 

reduction, the produced material was assembled on a conductive support platform and the 

performance was evaluated in acidic electrolytes using a three-electrode cell configuration as 

described in Section 2.4.2.1. Two approaches to assemble the active material on functional 

substrates, namely, drop-casting from colloidal suspensions and a solution-phase growth of the 

active material directly on a conductive substrate, are introduced and compared in this Section. 
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Drop-casting onto conductive substrates is a simple deposition technique allowing for a 

quick preparation of the working electrodes for express evaluation of the catalytic properties 

of the material under study. Carbon paper (CP) was chosen as a conductive support material as 

it has low intrinsic resistance and does not exhibit a significant catalytic activity for the 

hydrogen evolution reaction. To make the working electrodes via drop-casting, 1 mL of an 

ethanol suspension of colloidal nanoflowers (i.e. in a standard synthesis, the WSe2 NFs were 

obtained as 0.1 mg/mL suspensions) was pipetted onto a strip of carbon paper over a 

0.5×0.5 cm2 geometric area, resulting in a nominal catalyst loading of 0.4 mg/cm2. It should be 

noted that the desired amount of the active material was loaded onto the CP surface in portions 

allowing each layer to dry out completely before the following portions were deposited to 

minimise spreading of the active material beyond the active area of the working electrode, 

which normally was 0.5×0.5 cm2. 

Representative SEM images of the WSe2 working electrodes produced via drop-casting 

are shown in Figure 5.1. Casting approach does not allow for the uniform spreading of the 

active material since driven by the capillary forces the nanoflowers tend to agglomerate when 

the solvent evaporates, leaving a substantial part of the substrate unfunctionalized and hence 

inert for the catalytic reaction. Additionally, the depth distribution of the loaded catalyst also 

varies as the major fraction of colloidal nanoflowers is deposited onto the topmost layer of CP 

only. The SEM images and the corresponding elemental maps shown in Figure 5.1.a,c 

demonstrate the non-uniform distribution of the WSe2 active material drop-cast onto CP. In 

spite of these problems, this deposition method allows for potentially high mass loading as the 

Figure 5.1. Working electrodes produced via drop-casting of the active material (colloidal WSe2 
nanoflowers) onto a functional substrate (CP). a, b SEM images of the WSe2 nanoflowers coating the 
fibres of CP. Inset is a zoomed in SEM image demonstrating the morphology of the colloidal WSe2 
nanoflowers, scale bar 500 nm. c SEM image and the corresponding elemental (W, Se, and C) maps 
of the WSe2 nanoflowers drop-cast on CP; scale bar 20 µm. 
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material can accumulate in the pockets between the carbon fibres as shown in Figure 5.1.b. 

However, it is worth mentioning that too much agglomeration of the nanostructured WSe2 

catalyst has a disadvantageous effect on its performance since the number of catalytically-

active edge sites per mass of loaded material is significantly reduced because the nanoflowers 

inside the lumps of agglomerated particles are inaccessible to the electrolyte and therefore are 

not involved in the catalytic reaction. Moreover, these can potentially lead to an increase in 

resistive losses attributed to the interparticle charge transfer. 

On the other hand, solution-phase synthesis approach developed in Chapter 3 allows 

growing the active material directly on an arbitrary functional substrate such as carbon paper 

(CP), carbon foil (CF) and gold foil (Figure 5.2). The only growth limitation is that the substrate 

must be wettable by the solvent. This fabrication method results in a continuous coating of 

large areas of the functional support with the excellently adhered active material and is 

potentially compatible with batch production of the working electrodes. Direct bottom-up 

synthesis of the catalyst is also favourable since, in contrast to deposition techniques, it ensures 

Figure 5.2. Bottom-up synthesis of the TMD nanosheets growing directly on functional substrates. 
SEM images of dense arrays of the vertically aligned WSe2 nanosheets (top row) uniformly covering 
large areas (bottom row) of a gold foil, b carbon foil, and c carbon paper chosen as conductive 
substrates. 
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good electrical connection between the active material and the underlying substrate, thus 

reducing the resistive losses. The contact resistance was demonstrated to play a key role in the 

catalytic performance of the semiconducting MoS2 [94,96]. 

Carbon paper was chosen as a support material since compared to other highly 

conductive carbon-based substrates it provides a three-dimensional porous framework with 

high surface area accessible to the electrolyte. Direct solution-phase growth of WSe2 on CP 

resulted in a dense array of vertically aligned nanosheets, uniformly covering the accessible 

surface area of the substrate as illustrated by low magnification SEM images and the 

corresponding elemental maps in Figure 5.3.b,c. The vertical growth preserves the edge-

abundant morphology of the free-standing WSe2 nanoflowers grown in colloidal solution. 

Therefore, the high number of catalytically-active sites of the nanostructured active material is 

preserved during the direct growth. The observable lateral dimensions of the vertically aligned 

WSe2 nanosheets varied from 20 to 100 nm and were comparable to the size of individual petals 

of the free-standing WSe2 nanoflowers (Figure 5.3.a). Interestingly, not only the edge-rich 

morphology of the colloidal WSe2 nanoflowers but also the metastable 1T’ crystal structure 

(will be discussed in Section 5.2) was preserved when the solution-phase growth was confined 

to the surface of a substrate instead of occurring in the free-standing state in solution. Thus, the 

performance of the working electrodes produced via drop-casting and via solution-phase 

growth of the active material can be directly compared. In case of direct growth of the active 

material, the mass loading is theoretically limited by the density of the nanosheet array and by 

the lateral dimensions of individual nanosheets. Estimated from the results of ICP OES, the 

mass loading of the WSe2 nanosheets grown on CP was in the range of 40-120 µg/cm2. 

Figure 5.3. Working electrodes produced via direct growth of the active material (WSe2 nanosheets) 
on a functional substrate (CP). a, b SEM images of the vertically aligned WSe2 nanosheets coating the 
fibres of CP. c SEM image and the corresponding elemental (W, Se, and C) maps of the WSe2 
nanosheets grown directly on CP; scale bar 20 µm. 
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The parameter most commonly used to compare the performance of various catalysts is 

the overpotential required to achieve a certain current density on the working electrode. The 

current density of -10 mA/cm2 has been widely accepted as a benchmarking value [290]. LSV 

was performed to assess the catalytic performance of the WSe2 nanostructures, and the applied 

potential was swept cathodically from 0 to -0.8 V (vs Ag/AgCl 3M KCl reference electrode). The 

polarisation curves of the working electrodes prepared via drop-casting and via direct growth 

of the WSe2 nanosheets on CP are presented in Figure 5.4.a. Although the drop-cast working 

electrodes achieve the benchmarking cathodic current density of -10 mA/cm2 at measurably 

lower overpotentials compared to the material grown directly on CP (350 mV vs 480 mV, 

respectively), this apparent efficiency can be mostly attributed to the higher mass loading in 

case of the drop-cast electrodes (0.4 mg/cm2 vs 0.12 mg/cm2
, respectively). The Tafel slope of 

265 mV/dec demonstrates poor catalytic reaction kinetics in the case of drop-cast electrodes 

(Figure5.4.b). On the other hand, the electrodes produced via the direct growth of the 1T’ WSe2 

nanosheets display much better reaction kinetics with the Tafel slope as low as 135 mV/dec. 

The electrode kinetics was also studied using electrochemical impedance spectroscopy (EIS). 

The vertically aligned WSe2 nanosheets grown directly on CP demonstrate a quite low charge 

transfer resistance Rc of ~30 Ω, suggesting excellent charge transfer kinetics (Figure 5.4.c). In 

contrast to that, the Nyquist plot of the drop-cast working electrodes reveals two distinct 

semicircles, with the low frequency one corresponding to the charge transfer resistance, while 

the higher frequency semicircle can be attributed to the interparticle charge transfer or to the 

charge dissipation, occurring at the grain boundaries in the branched WSe2 nanoflowers. This 

higher frequency semicircle is normally not observed in the case of electrodes produced via 

Figure 5.4. Comparison of catalytic performance of the WSe2 working electrodes produced via drop-
casting and via direct growth of active material on CP. a Polarisation curves, b the corresponding Tafel 
slopes, and c Nyquist plots of the 1T’ WSe2 nanosheets grown directly on CP and deposited (drop-
cast) on CP from the colloidal suspension. 
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direct growth. This can be attributed to a significantly lower fraction of the agglomerated 

nanoflowers compared to that in the drop-cast electrodes as the directly grown material 

predominantly exhibited the morphology of vertically-aligned two-dimensional flakes, 

growing off the substrate. Overall, the higher charge transfer resistance observed in the drop-

castWSe2 film (~108 Ω) is indicative of a slower electron transfer during the catalytic hydrogen 

reduction, which corroborates the results of the Tafel slope analysis. Moreover, much lower 

uncompensated series resistance Ru of ~1.5-4.5 Ω (Figure 5.4.c, Figure 5.7.c, Figure 5.9.c), 

consistently observed for all the directly synthesised samples, suggests an improved electrical 

connection of the catalytic material to the conductive substrate compared to the drop-cast films 

(Ru ~7-7.5 Ω). These findings are in good agreement with the electron transport study in the 

semiconductor MoS2 nanosheets, where the improved electrical contact has led to a great 

increase in the catalytic activity for HER reflected by lower Tafel slopes [96]. 

To summarise, the drop-casting technique provides an easy and straightforward way to 

deposit active material on functional substrates, potentially allowing for high mass loadings. 

The drawback of the deposition approach is a non-uniform distribution of the active material, 

agglomeration of the deposited nanoflowers, and poor contact with the conductive substrate. 

All these aspects impede the reaction kinetics and reduce the electrode lifetime. In contrast to 

that, the solution-phase approach, developed to grow free-standing TMD hierarchical 

nanosheets, can be employed to produce functional coatings directly on conductive substrates 

as we demonstrated for the WSe2 nanosheets. The higher uniformity of such functional 

coatings, abundance of catalytically-active edge sites achieved in the arrays of vertical 

nanosheets, and chemical bonding to the conductive support lead to the improved catalytic 

performance. Thus, we have chosen the direct growth as a preferential approach to produce 

working electrodes for the hydrogen reduction. 
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5.2. Phase engineering for improved catalytic performance: 1T’ WSe2 

In the previous Section we have demonstrated that colloidal growth can be employed to 

form functional coatings directly on conductive substrates, while maintaining the edge-rich 

morphology of the free-standing hierarchal nanosheets. Here, we confirm that the metastable 

1T’ phase of WSe2 is preserved when the growth is initiated heterogeneously on the surface of 

a conductive substrate (CP). Further, we compare the performance of the 1T’ WSe2 nanosheets 

and their 2H counterpart for the catalytic hydrogen reduction. The metallic 1T(1T’) phases of 

the group VIB TMDs have been reported to exhibit higher catalytic activity compared to the 

semiconducting 2H polymorph. However, these metallic phases were generally produced 

through lithiation of the 2H phase. The gradual loss of the charged species stabilising the 

1T(1T’) phase cause deterioration of the catalytic performance over time [112,186]. We highlight 

the benefits of the solution-phase growth since the described method provides a direct access 

to the metastable, more catalytically active, polymorph. 

Working electrodes were prepared by growing the WSe2 nanosheets on CP as described 

in Section 2.4.1. The 1T’ WSe2 was tested for the HER as produced, while the 2H counterpart 

was obtained by annealing the electrodes in a tube furnace at 400 oC for two hours (0.45 mbar, 

argon atmosphere). It should be pointed out that the thermal treatment did not affect the 

morphology of the WSe2 nanosheets assembled on CP as illustrated by the SEM images taken 

before and after annealing (Figure 5.5.a,b). To rule out the effect of catalyst mass loading on 

the electrode performance, both the 1T’ and the corresponding 2H WSe2 working electrodes 

were produced in the same synthesis. The active material loading was determined via ICP OES 

and was as low as ~40 μg/cm2. It should be noted that no noticeable loss of the material 

occurred during the annealing. 

Typical Raman spectra of the WSe2 nanosheets grown on CP taken before and after 

thermal annealing are presented in Figure 5.5.c,d. The Raman spectrum of the as produced 

material (Figure 5.5.c) displays six peaks at 104.8, 151, 180, 217, 238.7, and 258.2 cm-1 

characteristic to the 1T’ phase as was stated in Section 3.3.2. After annealing, only the 

unresolved pair of the 𝐸2g1  and 𝐴1g  peaks, centred at 249 cm-1, is observed in the Raman 

spectrum (Figure 5.5.d). The broad peak at ~125 cm-1, which was also observed in the few-

layered 2H WSe2 nanoflowers, was tentatively assigned to the resonance 𝐴1g − 𝐿𝐴(𝑀) mode 

analogously to [139,347]. To better illustrate the phase purity, sections of the 1T’ and 2H WSe2 

working electrodes were mapped in three spectral regions – 80-125(150), 170-200, and 200-
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275 cm-1
. In the case of the as produced electrode, all three maps exhibit a strong Raman signal 

conformal to carbon fibres, suggesting the uniform coverage of CP with the 1T’ WSe2 

nanosheets. After annealing, a clear difference in Raman signal is observed. In the 2H phase, 

Raman-active modes are absent in the spectral range 170-200 cm-1. Indeed, the corresponding 

Raman map displays a background signal only, while two other maps, acquired in the range 

80-150 and 200-275 cm-1, demonstrate a high intensity signal of the 2H WSe2, coating carbon 

fibres. This confirms that upon thermal annealing the material is fully converted into the 

thermodynamically stable 2H phase. 

In contrast to the semiconducting 2H phase, the few-layered 1T’ phase was predicted to 

exhibit metallic (semimetallic) behaviour, however, unlike the majorly studied 1T’ WTe2 [21] 

Figure 5.5. Structural characterisation of the as produced 1T’ and the converted 2H WSe2 working 
electrodes. a, b Representative SEM images and c, d Raman spectra of the WSe2 nanosheets grown on 
CP confirming the 1T’ phase of the as produced material and the 2H phase of the thermally annealed 
working electrode. Raman maps presented below correspond to the 80-125 (purple), 170-200 (blue), 
and 200-275 (green) cm-1 spectral range and demonstrate the uniform coverage of the CP with WSe2 
nanosheets in the 1T’ (c) and the 2H (d) phase. 
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and 1T’ MoTe2 [310], the electronic properties of the few-layered 1T’ WSe2 not stabilised by 

the intercalated charged species remain unexplored. We performed Kelvin probe force 

microscopy (KPFM) to investigate the electronic structure of the as produced 1T’ and annealed 

2H WSe2 nanoflowers (Figure 5.6). For this, the 1T’ and 2H WSe2 nanoflowers were deposited 

on p-doped Si wafers and the corresponding work functions were determined from the 

measured contact potential difference based on the known work function of p-doped Si as 

described in Section 2.3.9. Thus found work functions of the as produced and the annealed 

material were close to 2.6 and 4.2 eV, respectively. These values match work functions of the 

metallic 1T’ (2.36 eV) the semiconducting 2H WSe2 bilayer (4.08 eV) reported in [372]. 

Further, we investigate how the phase control achieved through the wet-chemical 

synthesis approach can be employed to improve the catalytic activity of a given material. The 

polarisation curves of the metallic 1T’ and semiconducting 2H WSe2 polymorphs are shown in 

Figure 5.7.a. The 1T’ WSe2 nanosheets demonstrated a good activity for the hydrogen 

reduction, reaching the catalytic current density of -10 mA/cm2 at lower reaction overpotential 

compared to that of the semiconducting 2H counterpart (510 vs 640 mV, respectively). Since 

the 1T’ and 2H WSe2 working electrodes had virtually identical morphology and catalyst mass 

Figure 5.6 Electronic properties of the few-layered 1T' and 2H WSe2 nanoflowers. a, d Tapping mode 
AFM images, b, e KPFM images, and c, f corresponding line scans (height profiles and contact 
potential difference variation) of the as produced 1T’ (top row) and annealed 2H WSe2 (bottom row) 
nanoflowers assembled on p-doped Si wafers, respectively. 
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loading, the observed lowering of the reaction overpotential is likely to be attributed to higher 

catalytic activity of the 1T’ polymorph. In addition to that, Tafel slope analysis has revealed 

faster reaction kinetics with the Tafel slope of 150 mV/dec in the 1T’ WSe2 compared to 

230 mV/dec of the 2H phase (Figure 5.7.b). Electrochemical impedance spectroscopy (Figure 

5.7.c) confirmed better conductivity of the metallic 1T’ WSe2 phase, showing a decreased 

charge transfer resistance (280 Ω) compared to the semiconducting 2H phase (750 Ω). In fact, 

enhanced catalytic activity of the 1T(1T’) phases of WS2, MoS2 and MoSe2 compared to the 

respective 2H phases has been attributed to the faster charge transfer in the metallic polymorph 

[112,159,373]. Secondly, it is assumed that the improved activity can be attributed to the activation 

of inert basal planes of the 1T’ phase [109]. Indeed, the hydrogen adsorption free energy on the 

basal plane of the 1T’ MoS2 was predicted to be closer to thermoneutral (0.18 eV) than in the 

case of the 2H phase (1.6 eV) [373]. 

  

Figure 5.7. Comparison of catalytic activity of the 1T’ and 2H WSe2 working electrodes. a Polarisation 
curves, b the corresponding Tafel slopes, and c Nyquist plots of the as produced 1T’ WSe2 and the 
annealed 2H WSe2 nanosheets grown directly on CP. 
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5.3. Ternary WxMo1-xSe2 alloys for electrocatalytic hydrogen reduction 

In addition to the phase engineering discussed in the previous section, a significant 

improvement in the electrocatalytic performance can be achieved through variation of the 

material composition, such as through doping and alloying. For the electrocatalytic hydrogen 

reduction, both approaches are generally applied to optimise the hydrogen adsorption free 

energy (ΔGH). This is achieved due to the effective modulation of the electronic structure of 

the catalyst [358,374]. Substitutional doping can play an important role in the enhancement of 

catalytic activity of hybrid materials by providing additional catalytic sites as, for example, it 

was demonstrated in P-doped (8 wt.%) CoSe2 nanobelts [375], where the P dopant sites 

exhibited ΔGH close to thermoneutral. Further, the improved electrical transport achieved via 

local conversion into the metallic 1T polymorph was reported to enhance the catalytic 

performance of the group VIB TMDs. This was shown in Pd-doped (1 wt.%) MoS2 nanosheets, 

where Pd dopant sites only induced local transformation of the host lattice and were not 

involved in the catalytic reaction [106]. Similar stabilisation of the favourable phase can be 

attained by alloying with the element, for which this phase is thermodynamically stable. This 

has been demonstrated for the RexMo1-xS2 alloys, which acquired the 1T’ phase at high Re 

content [376]. An alternative approach to achieve the enhanced catalytic activity can rely on 

introducing structural defects in the basal plane of the group VIB TMDs to increase the number 

of active edge sites as reported for the porous (holey) MoS2 nanosheets [100] and oxygen plasma 

etched MoS2 [102] monolayers. It has been reported, however, that during a prolonged 

electrolysis, the evolving gas bubbles may lead to significant changes in the TMD catalyst 

morphology, including peeling and fracturing [377], and even to delamination of the active 

material from the surface of a working electrode [378]. From a practical point of view, altering 

the catalyst composition seems preferable since its structural integrity remains 

uncompromised, hence longer electrode durability can be expected. Here, we discuss how 

formation of the cation-mixed WxMo1-xSe2 alloy can be employed to enhance the catalytic 

activity of the pristine counterparts. 

A set of the WxMo1-xSe2 working electrodes divided into three types: pristine WSe2 

(x = 1), pristine MoSe2 (x = 0), and alloyed WxMo1-xSe2 (x ~0.5); was prepared by growing the 

active material directly on a conductive substrate (CP). The growth of the WSe2 and MoSe2 

nanosheets on CP was performed in a similar way as the solution-phase synthesis of the 

respective free-standing hierarchical nanosheets discussed in Chapter 3. A piece of CP 

(~4 cm2) was put into a hot solution of the transition metal complex prior to the injection of the 



188 
 

chalcogen precursor. To achieve the ternary composition, tungsten precursor was partially 

substituted by molybdenum precursor, while keeping the transition metal to chalcogen 

[W+Mo]:[Se] molar ratio fixed at 1:2. 

Grown directly on CP, both WSe2 and MoSe2 predominantly form dense arrays of 

vertically oriented nanosheets, uniformly coating carbon fibres over the entire area of the 

substrate as illustrated by the high- and low-magnification SEM images in Figure 5.8.a,b. In 

the corresponding elemental maps, the recorded signal of transition metal (W or Mo) and 

selenium matches that of carbon from carbon fibres, further confirming uniformity of the 

attained functional coating (Figure 5.8.a,b). Interestingly, SEM images of the alloyed WxMo1-

xSe2 (x ~0.5) samples reveal a significant fraction of the agglomerated nanoflowers in addition 

to the vertical nanosheets (Figure 5.8.c). Secondary nucleation, leading to the formation of 

branched nanoflowers on top of the primary vertical nanosheets, results in a significantly higher 

mass loading per working electrode compared to the individual WSe2 and MoSe2. This is in a 

Figure 5.8. Structural characterisation of the as produced WxMo1-xSe2 (x = 0-1) working electrodes. 
SEM images (top row) of the dense arrays of the a WSe2, b MoSe2, and c WxMo1-xSe2 (x ~0.5) 
vertically aligned nanosheets grown directly on CP; corresponding low magnification SEM images 
and elemental (W, Mo, Se, and C) maps confirming uniformity of the functional coatings achieved via 
the direct growth approach are presented in the middle and bottom rows, respectively. Scale bars in 
SEM EDS maps are 20 µm. 
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good agreement with the higher reaction yield consistently observed in the synthesis of free-

standing WxMo1-xSe2 (x ~0.5) nanoflowers. The reaction yield estimated from the results of 

ICP OES reaches~17% (vs 2% and 4% for the WSe2 and MoSe2 nanoflowers, respectively). 

The reasons why the ternary alloy formation reaction is characterised by a measurably higher 

yield are not clear at this stage and require a more dedicated study. 

Table 8. Main characteristics of the WxMo1-xSe2@CP working electrodes. 

Active material 
Parameter WSe2 MoSe2 WxMo1-xSe2 

Mass loading (ICP, μg/cm2
Se) 114 21 128 

Composition 
[W]:[Mo]:[Se] 

(TEM, free-standing) 1:1.8 - 1:0.92:4.27 
(SEM, @CP - as produced) 1:2.5 1:2.25 1:1:4.2 

Surface area (BET, free-standing; m2/g) 57.4 62.7 104.5 
(BET, on CP; m2/g)10 258 - - 

ICP OES analysis, however, does not allow for the direct quantitative determination of 

the composition of the produced WxMo1-xSe2 (x = 0-1) electrodes. This is due to an unavoidable 

loss of the transition metal that forms insoluble oxides in strong mineral acids as discussed in 

Section 2.3.7. In contrast to tungsten and molybdenum, selenium is likely to form highly-

soluble selenous acid upon digestion in strong acids. Therefore, catalyst mass loading per 

working electrode (in μg/cm2) was estimated from the measured selenium concentration 

presuming the transition metal to selenium molar ratio being stoichiometric 1:2. The 

approximate W:Mo:Se molar ratio was determined from the results of SEM EDS (the material 

grown directly on CP) and TEM EDS (the free-standing nanoflowers formed in solution as a 

side product) and the averaged values are listed in Table 7. It should be noted that a slight 

selenium excess was measured in all cases. Interestingly, [W]:[Mo] molar ratio in the alloyed 

WxMo1-xSe2 (x ~0.5)  nanosheets was found to be close to the nominal 1:1, similarly to the case 

of the free-standing alloyed nanoflowers (Section 4.2). The main characteristics of the 

produced electrodes are summarised in Table 8. 

Thus produced working electrodes with relatively low catalyst mass loading (20-

130 μg/cm2) were tested for the catalytic hydrogen reduction. It should be noted that the 

synthesised TMD nanoflowers are characterised by a high specific surface area (57-105 m2/g). 

These values are very close to the reported for the nanostructured (66 m2/g) [153] and 

mesoporous group VIB TMDs (87-105 m2/g) [379]. Moreover, using CP as a support allowed 

                                                 
10 Specific surface area of the unfunctionalized carbon paper is 191.3 m2/g. The nitrogen adsorption data is 
unavailable for the MoSe2 and WxMoxSe2 (x ~0.5) functionalised carbon paper. 
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us to further increase the area accessible to the electrolyte; the specific surface area of the 

working electrodes reached 258 m2/g. Similarity in the catalyst morphology allowed us to study 

the effect of the composition variation on the catalytic performance. Compared in Figure 5.9.a 

are the polarisation curves of the produced WxMo1-xSe2 (x = 0-1) nanosheets. The alloyed 

WxMo1-xSe2 (x ~0.5) material reaches the benchmarking current density of - 10 mA/cm2 at a 

substantially lower overpotential (350 mV) than the corresponding pristine MoSe2 and WSe2 

nanosheets (400 and 480 mV, respectively). Additionally, alloying was found to significantly 

improve the reaction kinetics. This is evidenced by the Tafel slope lowering from 135 mV/dec 

in the pristine WSe2 to 102 mV/dec in the WxMo1-xSe2 (x ~0.5) that is close to that of the 

pristine MoSe2 (92 mV/dec) as shown in Figure 5.9.c. The results of electrochemical 

impedance spectroscopy (Figure 5.9.d) indicate the unexpectedly low charge transfer resistance 

of only 5.5 Ω in the case of the alloyed nanosheets compared to 30 Ω of the metallic 1T’ WSe2 

and 35 Ω of the semiconducting 2H MoSe2 nanosheets. 

The enhancement of catalytic activity has been reported recently for the ternary alloyed 

WxMo1-xS2 nanosheets [160,380,381] and colloidal WxMo1-xSe2 nanoflowers [155]. In two of these 

Figure 5.9. Comparison of catalytic performance of the WxMo1-xSe2 (x = 0-1) working electrodes. 
a, b Polarisation curves, c the corresponding Tafel slopes, and d Nyquist plots of the as produced 1T’ 
WSe2, 2H MoSe2, and mixed-phase WxMo1-xSe2 (x ~0.5) nanosheets grown directly on CP. 
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reports, the improved activity has been attributed to the presence of the metallic phase, 

stabilised by ammonium ions in the WxMo1-xS2 nanosheets synthesised by hydrothermal 

approach [160,381]. While an explanation for the improved activity in the purely 2H phase ternary 

alloy is still missing, it has been hypothesised that in a polycrystalline 2H ternary alloy material, 

a subtle variation of the electronic structure caused by local strain at the grain boundaries may 

lead to a decrease in ΔGH and so to the optimised hydrogen adsorption for the effective catalytic 

HER [380]. 

To summarise, we have shown that the electrocatalytic activity of the colloidal WSe2 can 

be significantly enhanced via partial isoelectronic substitution of tungsten with molybdenum 

atoms in the transition metal sublattice. The formation of mixed-cation ternary WxMo1-xSe2 

composition results in a lowering of the reaction overpotential by about 130 mV. Taking into 

account nearly equal mass loadings, tentatively estimated from the results of ICP OES – 

128 μg/cm2 in the WxMo1-xSe2 (x ~0.5) compared to 114 μg/cm2 in the pristine WSe2; we can 

assume that the observed effect is mostly attributed to the modification of the electronic 

structure of the active material. The improvement in the catalytic activity becomes apparent 

when the catalytic current is being normalised to the mass of active material as shown in Figure 

5.9.b. The free-standing MoSe2 and WSe2 nanoflowers discussed in Chapter 3 are acquired in 

the semiconducting 2H and the metallic 1T’ phases, respectively, while the ternary WxMo1-

xSe2 (x ~0.5) alloy was found to be mixed-phased (Section 4.2). Heterogeneous nucleation of 

the nanoflowers on carbon paper did not affect the crystal phase of the growing material 

(Section 5.2). The presence of the metallic phase in the ternary WxMo1-xSe2 (x ~0.5) alloy can 

cause the experimentally observed superior catalytic performance and faster reaction kinetics 

compared to the respective pristine counterparts. 
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5.4. Efficiency of colloidal TMD nanosheets for catalytic hydrogen reduction 

The efficiency of the nanostructured catalyst strongly depends on the balance of many 

factors. For example, having a branched morphology is considered beneficial for catalysis since 

such morphology provides high surface area accessible to the electrolyte or, what is more 

important in the case of group VIB TMDs, high number of active edge sites involved in the 

catalytic hydrogen reduction [89]. At the same time, the increased resistive losses due to charge 

carriers dissipation at the grain boundaries and hydrophobicity (hence poor wettability) 

attributed to the high surface roughness [131,140] can impede the performance of the edge-

enriched catalyst. The lateral size of TMD nanosheets has also been identified as a parameter, 

influencing the catalytic efficiency. Thus, the decrease in lateral size of the mechanically 

exfoliated WS2 nanosheets and so the decrease in the fraction of catalytically-inert basal planes 

led to the improved catalysis [99]. However, for the metallic 1T’ phase material, the opposite 

might be beneficial since the 1T’ basal planes were shown to be catalytically-active [94]. In the 

previous sections, we have compared the WSe2-based catalysts of similar morphology to point 

out the advantages of the phase control (metallic 1T’ phase vs semiconducting 2H) and 

composition variation (pristine WSe2 vs alloyed WxMo1-xSe2) that led to the improved catalytic 

performance. Here, we compare the performance of the synthesised colloidal WSe2, MoSe2, 

and WxMo1-xSe2 (x ~0.5) nanoflowers with the reported group VIB TMD catalysts. 

The parameter chosen as a metrics for comparison is the commonly accepted reaction 

overpotential required to achieve the catalytic current density of -10 mA/cm2 [290,295]. The 

current density at the working electrode is proportional to the number of active sites involved 

Figure 5.10. Effect of the catalyst mass loading on performance of the working electrodes. 
a Polarisation curves and b the corresponding Tafel slopes of the 1T’ WSe2 working electrodes with 
different mass loading produced via drop-casting approach. 
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in the catalytic reaction and hence to the mass loading of active material. To illustrate this, we 

prepared two working electrodes by drop-casting a suspension of the 1T’ WSe2 nanoflowers 

on carbon paper, achieving the mass loading of 50 and 250 μg/cm2
. Compared in Figure 5.10.a 

are the respective polarisation curves, illustrating a clear decrease in overpotential when the 

catalyst mass loading increases from 50 to 250 μg/cm2, while the Tafel slope, characterising 

the reaction kinetics, remains unchanged (Figure 5.10.b). 

We compared the catalytic performance of our WxMo1-xSe2 working electrodes with the 

literature, where the performance was evaluated in similar conditions (1M H2SO4 electrolyte) 

and where the catalyst mass loading was clearly stated (Figure 5.11). Comparative data points, 

representing various group VIB TMD catalyst morphologies: bulk material, mechanically and 

chemically exfoliated nanosheets (exf-NSs), nanosheets obtained via solution-phase 

approaches (syn-NSs), and nanoparticles (NPs); were taken from [100,109,387–392,153,155,168,382–386]. 

For this comparative study, nanoparticles are distinguished from nanosheets based on the 

reported lateral dimensions of the corresponding TMD nanostructures. Typically, the lateral 

size of TMD nanoparticles is about 10 nm [391], whereas in the case of nanosheets, it generally 

varies from a few hundreds of nm [168] to a few microns [109]. In each category, the data points, 

corresponding to the metallic 1T(1T’) phases, have black borders, while the data points without 

borders represent the semiconducting 2H phase. For each reference data point, the catalyst 

mass loading (in μg/cm2) is listed in the legend. The overpotentials, at which the working 

electrodes composed of the colloidal 1T’ and 2H WSe2 (40 μg/cm2), 2H MoSe2 (21 μg/cm2), 

Figure 5.11. Comparison with the reported group VIB TMD electrocatalysts. 
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and mixed-phase WxMo1-xSe2 (x ~0.5, 128 μg/cm2) nanosheets reach the current density of -

10 mA/cm2, are shown with filled stars. 

The overall trend illustrated in Figure 5.11 for each given group VIB TMD material is 

that the catalytic activity scales inversely with the catalyst lateral dimensions. This is expected 

due to the increased density of accessible catalytically-active edge sites as the catalyst lateral 

dimensions are decreasing from bulk to 2D nanosheets and eventually to 0D nanoparticles that 

allows achieving the benchmarking catalytic current density (-10 mA/cm2) at lower reaction 

overpotentials. Recently, this trend has been proved empirically in a series of experiments 

where WS2 nanosheets produced via liquid phase exfoliation were sorted by cascade 

centrifugation into batches with progressively decreasing lateral size [99]. On the other hand, 

within each category, metallic group VIB TMD catalysts generally demonstrate an enhanced 

catalytic performance compared to the 2H counterparts provided that the mass loading of active 

material is the same. This is due to the improved electrical conductivity [96] and activation of 

basal planes in the 1T(1T’) polymorph [94]. 

Our colloidal 1T’ WSe2 and 2H MoSe2 nanosheets demonstrate the catalytic performance 

comparable to that of chemically exfoliated 1T MoSe2 and 1T WS2 nanosheets [384] and better 

than that of synthesised 2H MoSe2 [153] and exfoliated 2H MoSe2 and 2H WSe2 nanosheets 

[383]. Although it should be mentioned that the activity is slightly lower than that of the 

ammonium-stabilised 1T WS2 [109] and 1T MoSe2 [385] nanosheets synthesised via 

hydrothermal reaction. In the previous section, we have demonstrated that modifying the 

catalyst composition by forming an alloy can be attempted in order to enhance the catalytic 

performance. In Figure 5.11, this is illustrated by the data point (teal star) corresponding to the 

mixed-phase WxMo1-xSe2 (x ~0.5) nanosheets. It should be mentioned that the available data 

on the group VIB TMD catalysts with ternary compositions is limited in literature 

[155,160,381,393]. Compared to the reported ternary WxMo1-xSe2 catalysts [155], our colloidal 

WxMo1-xSe2 (x ~0.5) nanosheets require a higher overpotential to achieve the benchmarking 

catalytic current density (350 mV in this work vs 209 mV in [155]); however, in the cited work 

the mass loading of active material is nearly an order of magnitude higher (1000 μg/cm2) than 

achieved in our system (128 μg/cm2). The direct comparison with other ternary TMD catalysts, 

such as WS2xSe2(1-x) and WxMo1-xS2, was not done at this stage due to the lack of information 

about the catalyst mass loading [393] or about the ternary-composition-dependant metallic phase 

content [160,381] in the respective reports.  
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5.5. Stability of the active material under electrochemical testing conditions 

Apart from the apparent activity for the catalytic hydrogen reduction, the long-term 

durability of the solution processed WxMo1-xSe2 (x = 0-1) nanosheets under the electrocatalytic 

testing conditions is an important factor to assess. Here, we compare the short-term stability of 

the working electrodes produced via direct growth and drop-casting approaches and then study 

the long-term durability of the former ones. For this, we repeatedly swept the applied potential 

cathodically from 0 to -0.8 V vs Ag/AgCl(3M KCl) reference electrode at a scan rate of 10 mV/s; 

then the polarisation curves of the working electrodes before cycling and after a certain number 

of cycles were compared in order to visualise changes in the catalytic performance. Normally, 

the performance of the working electrodes was monitored during 10-20 polarisation cycles for 

the basic characterisation and during ~3000 cycles for the long-term stability testing. Basic 

testing was performed in a standard three-electrode cell configuration with a carbon foil counter 

electrode and a Ag/AgCl reference electrode in 1M H2SO4 electrolyte unless stated otherwise. 

Shown in Figure 5.12 are the representative SEM images of the WxMo1-xSe2 (x = 0-1) 

nanosheets grown on CP after the basic electrochemical testing. The functional coatings grown 

directly on conductive carbon paper appear to be stable under the electrochemical testing 

conditions, displaying a continuous coverage of the carbon fibres with the well-adhered 

vertically aligned WxMo1-xSe2 (x = 0-1) nanosheets preserved after ~20 catalytic cycles. 

However, the morphology of individual WxMo1-xSe2 nanosheets deteriorates slightly as 

evidenced by the nanosheet edges appearing fused. The SEM images of the respective working 

electrodes before testing are presented in insets in panels a-c Figure 5.12. 

Figure 5.12. Change in morphology of the active material after a short (10-20 cycles) electrochemical 
testing. a, b, c – SEM images of the WSe2, MoSe2, and alloyed WxMo1-xSe2 (x ~0.5) nanosheets grown 
directly on CP after EC testing, respectively. SEM images of the corresponding working electrodes 
before the EC testing are presented in insets, scale bars 500 nm. 
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The long-term durability (3000 cycles) of the working electrodes (WSe2) produced via 

direct growth approach was assessed in 1M H3PO4. Phosphoric acid was used as an electrolyte 

to exclude any errors, arising from the gradual deposition of impurities during the prolonged 

cycling at reducing potentials as discussed in Section 2.4.3. The approaches to test the long-

term stability of active material reported for the nanostructured TMDs vary greatly and no 

consensus about the best procedure has been reached so far. In many works, the screening was 

carried out by repeating cycling voltammetry (CV) at high scan rates (50-100 mV/s), reaching 

the bias potential required to achieve the benchmarking current density [104,375,377]. 

Alternatively, either potentiostatic or galvanostatic electrolysis can be performed over a course 

of 12-60 hours to monitor either the delivered current density or the required potential variation 

[104,108,290,394]. The repeating CV, which is also known as accelerated degradation, is often 

preferred as this approach requires less time to assess the material stability under electrolysis 

conditions. The variation in current density or drop in overpotential after a certain number of 

catalytic cycles is reported, however, the number of cycles is not strictly defined and typically 

varies between 1000 [103,395] and 5000 [111,377]. 

To perform the durability testing, we repeatedly cycled working electrodes in the applied 

potential window from 0 to -0.8 V vs Ag/AgCl reference electrode at a scan rate of 50 mV/s. 

The polarisation curves before cycling and after a certain number of cycles were then 

compared. Continuous cycling in 1M H3PO4 reveals only a minor decline in the catalytic 

Figure 5.13. Durability test of the WSe2 on CP working electrodes for the HER. a Evolution of the 
current density at the working electrode during the long-term cycling in 1M H3PO4 electrolyte. Solid 
lines correspond to the initial (blue) and the final (3000 cycles, red) polarisation curves; corresponding 
Tafel slopes are shown in insets; the intermediate (100, 500, 1000, 1500, 2000, 2500) scans are 
represented by dashed lines. b SEM image of the electrode surface after 3000 catalytic cycles. c Raman 
spectra of the pristine 1T’ WSe2 free-standing nanoflowers (1), pristine 1T’ WSe2 vertical nanosheets 
grown on CP (2), and WSe2 vertical nanosheets on CP after 3000 of the catalytic HER cycles (3). 
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current density as shown in Figure 5.13.a, suggesting the overall good stability of the WSe2 

functional coating under the prolonged electrocatalytic operation conditions. After 3000 

catalytic cycles, the working electrode demonstrated 92% retention of the current density at the 

-0.8 V vs Ag/AgCl applied potential. This value is comparable to that reported for metallic 

MoS2 nanosheets, retaining about 88% of the catalytic current density after 1000 cycles of 

continuous operation [159]. Lower current densities and higher Tafel slopes achieved in the 

electrolysis in phosphoric acid are most likely to be caused by considerably lower concentration 

of protons in the electrolyte11; however, the increase in the Tafel slope values repeatedly 

observed after the prolonged catalytic testing can be caused by degradation of the catalyst 

morphology. SEM imaging performed on the working electrode reveals that the active material 

uniformly coats the carbon fibres even after 3000 catalytic cycles in H3PO4, indicating a strong 

covalent binding between the active material and functional substrate. Achieving such a good 

connection without an aid of binding additives is essential to design a catalyst that can 

withstand the harsh corrosive conditions of prolonged electrolysis. The individual vertical 

nanosheets, however, appear slightly fused compared to the morphology of pristine material 

(Figure 5.13.b). These changes may lead to a decrease of the number of catalytically-active 

edge sites and so to the minor decrease in the delivered catalytic current density during 

prolonged electrolysis as reported in Figure 5.13.a. Raman spectroscopy confirms the retention 

of the 1T’ phase in active material after the prolonged catalytic testing as shown in Figure 

5.13.c. It should be mentioned that the overall lower Raman signal intensity is typical for the 

structures grown on carbon fibres compared to the ones deposited on Si/SiO2 substrates. This 

can be attributed to lower material mass loading and to the roughness of the CP surface making 

it difficult to focus at the topmost layer of the sample. 

Overall, we have shown that the nanostructured WSe2 catalyst grown on CP demonstrates 

a good stability for at least 3000 catalytic HER cycles performed in 1M H3PO4. 

  

                                                 
11 pKa1(H3PO4) = 2.16, pKa2(H2SO4) = 1.99 [251]. 
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5.6. Conclusions 

The great interest in nanostructured, edge-abundant TMDs for catalysis is attributed to 

the high number of catalytically-active edge sites per mass unit available for the reaction. 

Growing the active material directly on conductive support platforms allowed us to fabricate 

nanostructured working electrodes, suitable for using in electrolysis as produced. During such 

growth, the edge-rich morphology, crystal phase, and ternary composition of the active material 

were preserved in the functional coating. Moreover, we have demonstrated that growing active 

material directly on a substrate instead of depositing it, for example, via drop-casting, from a 

colloidal suspension has allowed us to achieve much better adhesion and electrical connection 

to the substrate. This is manifested in significantly reduced resistive losses (lower charge 

transfer resistance) and measurably faster catalytic reaction kinetics (lower Tafel slopes). 

The crystal phase engineering and composition tailoring, feasible in a solution-phase 

process via regulating the activity of molecular precursors, have allowed us to enhance the 

catalytic activity of WSe2. Firstly, we demonstrated that the metastable 1T’ polymorph of WSe2 

exhibits higher activity for the HER compared to the 2H counterpart. The higher activity and 

faster reaction kinetics were evidenced by lowering the overpotential, Tafel slope and charge 

transfer resistance in the 1T’ phase. By keeping the catalyst morphology and mass loading 

equal in both the 1T’ and 2H WSe2 electrodes, we were able to assign the observed catalytic 

enhancement to the higher conductivity of the metallic phase and to the activation of inert basal 

planes in the 1T’ phase, which led to the increased number of catalytically-active sites. 

Moreover, alloying the 1T’-phased WSe2 with molybdenum has led to further lowering the 

reaction overpotential. We found that the cation-mixed WxMo1-xSe2 alloy is structurally 

heterogeneous, consisting of nm2-sized patches of the 1T’ and 2H phases, while displaying 

high compositional homogeneity. The presence of the metallic phase in the ternary colloidal 

nanoflowers can facilitate the catalytic hydrogen reduction as was supported by faster reaction 

kinetics and lower reaction overpotential. 

Finally, we compared the evaluated catalytic activity of the nanostructured TMDs with 

the group VIB TMD catalysts reported in literature. We found that the colloidal nanoflowers 

outperform the majority of the mechanically exfoliated and synthesised via hydrothermal route 

2H-TMD counterparts, while demonstrating performance comparable to that of the chemically 

exfoliated and synthesised 1T-TMD materials.  
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Chapter 6: 

Concluding remarks and outlook 

6.1. Concluding remarks 

The objective of this work was to develop a solution-phase protocol to controllably grow 

nanostructured binary metal chalcogenides for application in electrocatalysis. We have 

demonstrated that colloidal MoSe2, MoTe2, and WSe2 nanoflowers can be successfully 

synthesised through a solution-phase reaction between the transition metal (carbonyl or 

chloride) and chalcogen (trioctylphosphine selenide or telluride complex) molecular 

precursors. We have systematically investigated the effect of reaction conditions on the 

morphology and crystal phase of the obtained material. In particular, we have demonstrated 

that using a more reactive metal precursor (chloride) is crucial to achieve any measurable 

nucleation and growth of MoTe2 nanosheets. Whereas, such high reactivity is not necessary for 

the diselenide systems and changing the metal precursor to less reactive carbonyl allowed us 

to control the nucleation of the solid phase that led to the formation of well-defined WSe2 and 

MoSe2 nanoflowers. Furthermore, the coordinating solvent in the colloidal synthesis of binary 

layered metal chalcogenides needs to be chosen carefully. Due to their chemical inertness, the 

chalcogen basal planes are not suitable for the covalent functionalisation and the majority of 

capping ligands coordinate the transition-metal-rich lateral surfaces. Performing the reactions 

in a weakly coordinating solvent (oleic acid) allowed us to achieve a considerable lateral 

extension of the atomically-thin petals of WSe2 and MoSe2 nanoflowers. Moreover, removing 

the coordinating solvent (free oleic acid) entirely and carrying out the reaction from a 

stoichiometric bismuth oleate precursor in a non-coordinating solvent (octadecene) resulted 

into the atomically-thin Bi2Te3 nanosheets being synthesised at temperatures as low as 20 oC. 

Removing the excess of capping ligand was especially important in the low-temperature 

syntheses since the slow ligand dynamics on the growing surface leads to its effective 

passivation and inhibits the lateral growth of Bi2Te3 nanostructures. 

The colloidal synthesis approach designed within this work allowed us to obtain the 1T’ 

phases of WSe2 and MoTe2 directly through the solution-phase reaction. The controllable 

synthesis of the metastable metallic polymorphs over the thermodynamically stable 

semiconducting ones achieved in the solution phase is appealing for producing the free-

standing nanostructures with the desired electronic properties. This becomes possible in the 
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systems with a small energy difference between the polymorphs. We attribute the formation of 

the metastable 1T’ phases of WSe2 and MoTe2 to the fact that under the descried synthesis 

conditions the reaction is likely to occur in the kinetically-controlled regime. The produced 

metastable 1T’ phase is locked due to the numerous grain (petal) boundaries present in the 

branches flower-like structures and therefore is stable under ambient conditions. However, the 

post-growth thermal annealing at 400 oC in an argon atmosphere led to the restoration of the 

thermodynamically stable 2H phase, while preserving the branched morphology of the 

atomically-thin WSe2 nanoflowers. We have demonstrated that a complete 1T’-to 2H phase 

conversion was achieved that allowed us to compare the electronic properties and the catalytic 

activity of both the 1T’ and 2H nanostructured WSe2 polymorphs. 

A controllable switching between the kinetically- and thermodynamically-driven growth 

modes can in principle be achieved via tuning the supersaturation in the reaction medium. In 

the case of Bi2Te3 growth, we demonstrated that the kinetic control can prevail over the 

diffusion-limited regime when the growth temperature is optimised. Thus, we have shown the 

formation of highly branched Bi2Te3 nanoflowers, exhibiting the uncommon high-index lateral 

termination, when the reaction was carried out under high supersaturation (low temperature). 

Whereas the uniformly-shaped hexagonal Bi2Te3 nanoplates were obtained under low 

supersaturation when the reaction is supposedly thermodynamically-controlled. 

The composition of the colloidal TMD nanoflowers can be modulated during the solution 

phase without sacrificing their edge-abundant morphology. In this work, we have shown that 

the formation of Cu- and Fe-doped WSe2 nanoflowers and cation-mixed ternary WxMo1-xSe2 

alloys is feasible in the solution phase. The ternary compositions were achieved by simply 

combining the precursors of both transition metals in the reaction mixture. The composition of 

the ternary alloys can be altered by varying the ratio between the respective transition metal 

precursors. 

Finally, the developed solution-phase growth approach allowed for the rational design of 

catalyst material via the crystal phase engineering and tailoring the composition. In this work, 

we demonstrated that well-adhered functional coatings of nanostructured TMDs can be 

synthesised directly on conductive support platforms. Moreover, the kinetically-controlled 

growth of the metastable 1T’ polymorph allowed us to enhance the catalytic activity of the 

nanostructured WSe2. Further improvement in catalytic performance was achieved in the 

1T’/2H mixed-phased WxMo1-xSe2 alloys, demonstrating the superior activity compared to the 

parent 1T’ WSe2 nanoflowers.  
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6.2. Future work 

6.2.1. Solution-phase synthesis of atomically-thin binary metal chalcogenides 

− The formation mechanism of branched flower-like nanostructures remains unclear. 

Although we have demonstrated that the well-defined morphologies can be achieved in 

the syntheses carried out in a weakly coordinating solvent, while subtle tuning of the 

transition metal complex led to a significant lateral extension of the atomically-thin petals, 

the principle understanding of the branching process, which would allow tuning the degree 

of branching in these nanostructures, is still lacking. A follow up work developing an 

understanding of the very early stages of solution-phase nucleation and growth of binary 

layered metal chalcogenides is envisioned. 

− A precise control over the two-dimensional growth in layered metal chalcogenides is 

lacking due to the chemical inertness of their basal planes. A templated solution-phase 

growth of two-dimensional nanosheets in ordered lamellar micelles can potentially allow 

for supressing the vertical growth mode, always competing with lateral extension, by 

confining the growing material between the micelle layers. Cetyltrimethylammonium 

bromide may be a potential surfactant of choice, forming ordered two-dimensional 

micelles in ternary mixtures with water and organic solvents. 

− It is emerging that aliphatic thiols can be used to heal chalcogen vacancies in the basal 

planes of TMDs. Using these thiols as additives during a solution-phase reaction would 

therefore be of great interest since they might allow for an effective passivation of the basal 

planes of growing TMD nanosheet, thus inhibiting the vertical growth. However, the 

potential problems associated with such growth control include unintentional sulphur 

doping of the material. 

− In order to effectively control the balance between the lateral extension and vertical growth 

in the synthesis of two-dimensional layered metal chalcogenides, a wider range of capping 

ligands needs to be screened. To rationally outline such a study, a prior modelling of the 

surfactant dynamics on various lateral and basal surfaces of the nanocrystal is required. 

− We have attributed the formation of the metastable 1T’ phase of WSe2 and MoTe2 to the 

kinetically-driven reaction between the molecular precursors. Further investigation of 

possible switching into the thermodynamically-controlled mode is of great interest. To 

induce nucleation under low supersaturation, a slow accumulation of highly reactive 

precursor, which can be achieved via a dropwise injection, may be beneficial. 
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6.2.2. Composition variation via a solution-phase processing 

− We have demonstrated that the incorporation of Cu and Fe species in the colloidal WSe2 

nanoflowers can be achieved, however, the chemical states and local coordination of 

dopants in the host lattice or around the defect sites in the colloidal WSe2 nanosheets needs 

to be investigated. 

− We mentioned that the achievable doping levels are limited by the composition of ternary 

phases existing in the Fe-W-Se and Cu-W-Se systems. Examination of the highest 

achievable dopant concentrations is crucial for establishing reliable protocols to synthesise 

single-phased uniformly-doped TMD material. 

− We have demonstrated the formation of 1T’/2H mixed-phased, compositionally uniform, 

ternary alloys. The most crucial part of future work would be investigating the range, in 

which the phase composition can be varied. In particular, alloying with molybdenum may 

provide a route to stabilise the hexagonal crystal phase in WSe2 nanosheets. 

− We found that the reaction yield is always higher in the synthesis of ternary alloys than for 

the individual MoSe2 and WSe2 nanostructures. This might be due to the reduced facet 

dissolution rate in the mixed-cation TMD lattice. The nucleation and growth kinetics of 

the alloyed phase in comparison to that of the binary counterparts shall be explored. 

6.2.3. Application in heterogeneous catalysis 

− In this work, the TMD electrodes were tested for the catalytic HER as produced. However, 

the lateral sides of the synthesised nanostructures are likely to be partially passivated with 

organic capping ligands. The post-synthesis treatment with mild agents, such as Meerwein 

salt, may reduce the coverage of active edge-sites with the residual organics, leading to an 

improvement in the performance of TMD catalysts. 

− Chemical treatment of functional substrates (CP) prior the material deposition might be 

beneficial for achieving higher nucleation density, and therefore higher mass loading of 

the active material. Short chain aliphatic dithiols would be suitable linkers, forming 

densely-packed monolayers on the surface of functional support. However, potential 

deterioration of the electrical contact between the catalyst and the substrate (current 

collector) needs to be mitigated. 

− It is emerging that Cu-doped nanostructured material can be potentially perspective for the 

electrocatalytic CO2 reduction.  
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Appendix 

12 Legend to the Appendix tables is provided in the footnote. 

A1. List of MoSe2 samples 
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01  d MoCl5 0.37 100 1M TOP:Se 1 1 †OlAc 9 X 300 swift 305 90+30↓ 

02  d MoCl5 0.37 100 1M TOP:Se 1 1 †ODE 9 X 270 swift 268-
280 90+30↓ 

03  c MoCl5 0.37 100 1M TOP:Se 1 1 †ODE 9 X 280 swift 280-
320 90+30↓ 

04  c MoCl5 0.37 100 f Se:OlAm 1 1 †OlAm 9 M 300 swift 300 90+30↓ 
05  g MoCl5 0.5 136 g Se powder 1 79 OlAm 2    300 30 

06  g MoCl5 0.5 136 g Se powder 1 79 †OlAm 
+ ODE 

2 + 
10    300 30 

07  g MoCl5 0.5 136 1M Se:OlAm 1 1 †OlAc + 
ODE 

1 + 
10 X 300 swift 300 30 

08  g MoCl5 0.5 136 1M TOP:Se 1 1 †OlAc + 
ODE 

1 + 
10 X 300 swift 300 30 

09  a MoCl5 0.5 137 1M TOP:Se 1 1 †OlAm 
+ ODE 

2 + 
10 X 300 swift 300 120 

10  d MoCl5 0.37 100 1M TOP:Se 1 1 †OlAc 9 X 250 swift 300 90 
11  c MoCl5 0.37 100 f Se:OlAm 1 79 OlAm 9 M 300 swift 300 120 
12  a Mo(CO)6 0.1 26 1M TOP:Se 0.2 0.2 OlAc 8 X 300 swift 300 180 
13  a Mo(CO)6 0.06 15 1M TOP:Se 0.2 0.2 OlAc 8 X 300 swift 300 180 
14  a Mo(CO)6 0.04 10 1M TOP:Se 0.2 0.2 OlAc 8 X 300 swift 300 180 

15  b Mo(CO)6 0.05 13 1M TOP:Se 0.1 0.1 †ODE + 
OlAc 

8 + 
0.094 X 300 swift 300 180 

16  b Mo(CO)6
 0.05 13 1M TOP:Se 0.1 0.1 †OlAc 9 X 300 swift 300 180 

17  b Mo(CO)6 0.05 13 1M TOP:Se 0.2 0.2 OlAc 8 X 300 swift 300 1140 

18  bMo(acac)2O2 0.1 16 1M TOP:Se 0.1 0.1 †OlAc + 
OlAm 8 + 1 X 300 swift 300 180 

19 HMDS b Mo(CO)6 0.05 13 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
20  b Mo(CO)6 0.05 13 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
21 CuCl b Mo(CO)6 0.05 13 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
22 Cu(ac)2 b Mo(CO)6 0.05 13 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
23 CP b Mo(CO)6 0.1 27 1M TOP:Se 0.4 0.4 †OlAc 8 X 300 swift 300 180 
24  b Mo(CO)6 0.05 14 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
25 CF b Mo(CO)6 0.05 14 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
26  b Mo(CO)6 0.05 16 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
27 CP b Mo(CO)6 0.05 14 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
28  b Mo(CO)6 0.05 14 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 

                                                 
12 Solvent pre-treatment: ‡ Ar (N2), RT, 30’ and † vac, RT, 30’. 
Complex formation: 
a metal precursor is added into a flask containing solvent → vac, RT-100oC, 30-120’ → N2 (Ar), ↑Tinj 
a* metal precursor is added into a flask containing solvent → vac, RT, 15-30’ → N2, 100-200oC, until dissolution → N2, ↑↓Tinj 
b metal precursor is added into a flask containing solvent → vac, RT, 30’ → vac, 200oC, 30-120’ → N2 (Ar), ↑Tinj 
c metal precursor is mixed with 1 ml OlAc in a glass vial under N2 ant RT, sonicated until dissolution 
c* metal precursor is mixed with 0.5 ml OlAc in a glass vial under N2 at RT, sonicated until dissolution, then diluted with 4 ml 
of OlAm and injected into the reaction mixture 
c** metal precursor is mixed with 0.2 ml OlAc in a glass vial at RT, sonicated until dissolution, then injected into the reaction 
mixture 
d metal precursor is mixed with 1 ml OlAm in a glass vial under N2 ant RT, sonicated until dissolution 
e chalcogen precursor is formed in situ: chalcogen powder is mixed with solvent → vac, 100-120oC, 30’ → Ar, ↑260oC, 30’ 
→ ↑Tinj 
f chalcogen precursor is formed in situ: chalcogen powder is mixed with solvent → vac, RT-100oC, 30’ → N2 (Ar), ↑220oC, 
60’ → ↑Tinj 
f* chalcogen precursor is formed in situ: chalcogen powder is mixed with solvent → vac, RT-100oC, 30’ → N2 (Ar), ↑220oC, 
60’ → ↓RT-80oC → + metal precursor → ↑Tinj 
g metal and/or chalcogen precursors are mixed with solvent in the flask → vac, RT, 10’ → N2, ↑Tgr 
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A2. List of MoTe2 samples 
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01  c MoCl5 0.5 120 1M TOP:Te 0.5 0.5 ‡OlAc 15 X 250 swift 250 30 
02 TDPA a MoCl5 0.5 130 1M TOP:Te 0.5 0.5 OlAc 10 X 300 swift 300 120 
03 TDPA a MoCl5 0.5 130 1M TOP:Te 0.5 0.5 †OlAc 15 X 250 20 260 30↓ 

04 TDPA a MoCl5 0.5 125 1M TOP:Te 0.5 0.5 †OlAm 15 X 250 5 260-
280 20↓ 

05 TDPA a Mo(CO)6 0.5 132 1M TOP:Te 0.5 0.5 †OlAc 15 X 250 5 280 20↓ 

06  c MoCl5 0.15 46 e TOP:Te 1.2 156 OlAm + 
TOP 7 + 3 M 300 16.6 310 20↓ 

07  c MoCl5 0.15 45 e TOP:Te 1.2 160 OlAc + 
TOP 7 + 3 M 320 16.6 320-

340 20↓ 

08  c MoCl5 0.15 45 e TOP:Te 1.2 150 OlAm + 
TOP 7 + 3 M 300 16.6 315-

325 20↓ 

09  c Mo(CO)6 0.15 40 e TOP:Te 1.2 150 OlAm + 
TOP 7 + 3 M 300 16.6 300-

320 20↓ 

10 TDPA a MoCl5 0.5 136 1M TOP:Te 1 1 †OlAc 7 X 300 8.34 300-
330 20↓ 

11  c MoCl5 0.37 100 e TOP:Te 0.4 50 OlAc + 
TOP 9 + 1 M 300 swift 305-

315 90+30↓ 

12  a MoCl5 0.37 100 1M TOP:Te 1 1 †OlAc 10 X 300 swift 300 90+30↓ 
13  b Mo(CO)6 0.38 100 1M TOP:Te 1 1 †OlAc 10 X 300 swift 300 90+30↓ 
14  c MoCl5 0.37 100 1M TOP:Te 1 1 †OlAm 9 X 300 swift  90+30↓ 
15  c MoCl5 0.37 100 1M TOP:Te 1 1 †OlAm 9 X 300 swift  90+30↓ 
16  c MoCl5 0.37 100 1M TOP:Te 0.6 0.6 †OlAm 9 X 290 swift 300 90+30↓ 
17  d MoCl5 0.37 100 1M TOP:Te 1 1 †OlAc 9 X 300 swift 305 90+30↓ 
18  d MoCl5 0.37 100 1M TOP:Te 1 1 †ODE 9 X 280 swift 280 90+30↓ 
19  c MoCl5 0.37 100 1M TOP:Te 1 1 †ODE 9 X 275 swift 300 90+30↓ 
20  a MoCl5 0.5 137 1M TOP:Te 1 1 †ODE 10 X 300 swift 300 15 
21  b Mo(CO)6 0.05 14 1M TOP:Te 0.2 0.2 †OlAc 8 X 300 swift 300 180 
22  b MoCl5 0.18 50 1M TOP:Te 0.5 0.5 †OlAc 8 X 300 swift 300 120 
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A3. List of WSe2 samples 
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02  a WCl6 0.5 200 1M TOP:Se 
+ 0.5ml OlAc 1 1 OlAm 10 X 270 swift 260 30 

03  c* WCl6 0.25 100 1M TOP:Se 1 1 ‡OlAm Σ20 X 300 swift 320 120 

04  c* WCl6 0.25 100 1M TOP:Se 0.5 0.5 ‡OlAm Σ20 M
X 300 slow 300-

320 240 

05  c WCl6 0.13 50 Se powder  30 ‡OlAc Σ10 X 330 swift 330 90 
06  a W(CO)6 0.05 20 1M TOP:Se 0.2 0.2 OlAc 10 X 250 swift 300 60 
07  a W(CO)6 0.05 20 1M TOP:Se 0.2 0.2 OlAc 8 X 200 swift 230 90 
08  a W(CO)6 0.05 20 1M TOP:Se 0.2 0.2 ‡OlAc 10 X 300 swift 300 180 

10 TDPA a WCl6 0.5 200 1M TOP:Se 0.5 0.5 †OlAc 15 X 250 5 270-
290 20↓ 

11 TDPA a W(CO)6 0.5 180 1M TOP:Se 0.5 0.5 †OlAc 15 X 250 5 260-
280 20↓ 

12 TDPA a W(CO)6 0.5 175 1M TOP:Se 0.5 0.5 † OlAc 12 X 200 5 200 20↓ 

13  c WCl6 0.15 60 f TOP:Se  95 OlAm + 
TOP 7 + 3 M 300 16.67 260-

300 20↓ 

14  c WCl6 0.15 60 f TOP:Se  95 OlAm + 
TOP 5 + 3 M 300 16.67 330-

360 20↓ 

15  g WCl6 0.5 198 g Se powder 1 79 OlAm 2    300 30 

16  g WCl6 0.5 198 g Se powder 1 79 †OlAm 
+ ODE 

2 + 
10    300 30 

17  a WCl6 0.5 198  Se powder 1 79 †OlAm 
+ ODE 

2 + 
10    300 150 

18  a WCl6 0.5 198 1M TOP:Se 1 1 †OlAm 
+ ODE 

2 + 
10 X 300 swift 300 150 

19  g WCl6 0.5 198 g Se powder 1 79 OlAm 2    280-
340 30 

20  g WCl6 0.5 198 g Se powder 1 79 OlAm 2    300 30 
21  a W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 OlAc 8 X 300 swift 300 180 
22  g WCl6 0.5 198 g Se powder 1 79 †OlAm 12    300 30 
23  WCl6 0.5 198 f* Se:OlAm 1 79 †OlAm 12    300 30 
24  a W(CO)6 0.1 35 1M TOP:Se 0.2 0.2 OlAc 8 X 300 swift 300 180 
25  a W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 OlAc 8 X 300 swift 300 180 
26  b W(CO)6 0.07 24 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
27  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 120 
28  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
29  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 900 

30  b W(CO)6 0.06 17 1M TOP:Se 0.1 0.1 †ODE + 
OlAc 

8+ 
0.094 X 300 swift 300 180 

31  b W(CO)6 0.06 20 0.05M 
Ph2Se2-OlAm 0.1 2 OlAc 8 X 300 swift 300 1140 

32  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
33  a W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 

34  b W(CO)6 0.06 20 1M TOP:Se 
+ ODE 0.2 0.2

0.8 †OlAc 8 X 300 4.17 300 180 

35 TDPA b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
36 HMDS b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
37 Cu(ac)2 b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
38 FeCl3 b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
39 HMDS b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
40 CuCl b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
41 HMDS b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
42  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
43  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 

44  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 250-
315 180 

45  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 270 
46  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
47  a W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
½ 
48  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 

49 CP b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
50  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
51  b W(CO)6 0.06 20 Se powder 0.2 16 †OlAc 8 X 300 swift 300 180 
52  g WCl6 0.5 198 g Se powder 1 79 OlAm 2    350 30 
53  b WCl6 0.5 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
54 CP b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
⅓ 
55  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 

56 SG b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
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57  b W(CO)6 0.12 40 1M TOP:Se 0.4 0.4 †OlAc 8 X 300 swift 300 180 
58 CP b W(CO)6 0.12 40 1M TOP:Se 0.4 0.4 †OlAc 8 X 300 swift 300 180 
59 CP b W(CO)6 0.12 40 1M TOP:Se 0.4 0.4 †OlAc 8 X 300 swift 300 180 
60  b W(CO)6 0.06 20 Se powder 0.2 16 †OlAc 8 X 300 swift 300 180 
61  b W(CO)6 0.06 20 Se powder 0.2 16 †OlAc 8 X 300 swift 300 180 
62  b W(CO)6 0.06 20 Se powder 0.2 16 †OlAc 8 X 300 swift 300 180 
63 CF b W(CO)6 0.06 20 1M TOP:Se 0.1 0.1 †OlAc 8 X 300 swift 300 180 
½ 
64 CP b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 

65  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
½ 
66  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 

67 CP b W(CO)6 0.12 40 1M TOP:Se 0.4 0.4 †OlAc 12 X 300 swift 300 180 
69  b W(CO)6 0.06 25 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
70  b W(CO)6 0.06 22 Se powder 0.2 17 †OlAc 8 X 300 swift 300 180 
½ 
71  b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 

72  W(CO)6+TOP:Se in OlAc, 300 oC, 180’ – 1[C]; 0.1[C]; 0.03[C]; 0.01[C] 
73  W(CO)6+TOP:Se in OlAc, 180’ – 0.05[C] at 300 oC; 1[C] at 320 oC; 1[C] at 360 oC 
74  b W(CO)6 0.03 10 1M TOP:Se 0.1 0.1 †OlAc 4 X 360 swift 360 180 
75  b W(CO)6 0.03 10 1M TOP:Se 0.1 0.1 †OlAc 4 X 320 swift 320 180 
76  b W(CO)6 0.03 10 1M TOP:Se 0.1 0.1 †OlAc 4 X 360 swift 360 1320 
77 10[C] b W(CO)6 0.3 100 1M TOP:Se 1 1 †OlAc 4 X 300 swift 300 180 
78 TDPA b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
79 HMDS b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
80  b W(CO)6 0.06 20 Se powder 0.2 16 †OlAm 8 X 300 swift 300 180 
81 HMDS b WCl6 0.06 22 Se powder 0.2 16 †OlAc 8 X 300 swift 300 180 
82 Cu(ac)2 b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
83 FeCl3 b W(CO)6 0.06 20 1M TOP:Se 0.2 0.2 †OlAc 8 X 300 swift 300 180 
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01  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1.1 X 70 swift 70 30 

02  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1.1 X 185 swift 185 1 

03  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1.1 X 180 swift 180 0.25 

04  a* Bi(ac)3 0.5 196 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1.1 X 50 swift 50 30 

05  a* Bi(ac)3 0.5 196 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1.1 X 35 swift 35 30 

06  a* Bi(ac)3
 0.5 195 1M TOP:Te 0.8 0.8 †ODE + 

OlAc 
10 + 
1.1 X 50 26.7 50 30 

07  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1 X 50 swift 50 30 

08  a* Bi(ac)3 0.6 230 1M TOP:Te 0.9 0.9 †ODE + 
OlAc 

10 + 
10 X 35 swift 35 30 

09  a* Bi(ac)3 0.5 195 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.47 X 50 swift 50 30 

10  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1.1 X 50 swift 50 30 

11  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.16 X 50 swift 50 30 

12  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †OlAm 
+ OlAc 

10 + 
0.16 X 50 swift 50 30 

13  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.16 X 180 swift 180 1 

14  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †OlAm 
+ OlAc 

10 + 
0.16 X 180 swift 180 1 

15  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1.47 X 50 drop

wise 50 30 

16  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.47 X 35 swift 35 30 

17  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 
†TOP + 
ODE + 
OlAc 

6 + 4 
+ 0.5 X 50 swift 50 30 

18  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.16 X 50 swift 50 150 

19  a* Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.16 X 35 swift 35 150 

20  b* Bi(ac)3 0.5 194 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.47 X 70 swift 70 30 

21  a* Bi(ac)3 0.5 194 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.47 X 50 swift 50 30 

22  a* Bi(ac)3 0.5 194 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1.1 X 70 swift 70 30 

23  a* Bi(ac)3 0.5 194 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1.1 X 180 swift 180 1 

24  a* Bi(ac)3 0.5 194 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1.1 X 70 swift 70 30 

25  a* Bi(ac)3 0.5 194 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1.1 X 50 swift 50 30 

26  c**Bi(ac)3 0.2 77 1M TOP:Te 0.3 0.3 †TOP 5 M 70 swift 70 30 

28  a* Bi(ac)3 0.5 194 0.5M TOP:Te 0.75 1.5 †ODE + 
OlAc 

10 + 
0.47 X 50 swift 50 30 

29  b* Bi(ac)3 0.5 194 0.5M TOP:Te 0.75 1.5 †ODE + 
OlAc 

10 + 
0.47 X RT swift RT 90 

30  a* Bi(ac)3 0.5 194 0.5M TOP:Te 0.75 1.5 †ODE + 
OlAc 

10 + 
0.47 X RT swift RT 1440 

31  a* Bi(ac)3 0.4 156 1M TOP:Te 0.6 0.6 †ODE + 
OlAc 

10 + 
0.45 X RT swift RT 30 

32  b Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.47 X RT swift RT 90 

33  b Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.47 X 70 swift 70 30 

34  b Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.47 X 180 swift 180 0.5 

35  b Bi(ac)3 0.5 194 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.45 X RT swift RT 120 

37  b Bi(ac)3 0.5 191 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.47 X RT swift RT 720 
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38  b Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.47 X 70 swift 70 30 

39  b Bi(ac)3 0.5 193 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.47 X 180 swift 180 0.5 

40  b Bi(ac)3 0.5 193 1M TOP:Te 0.3 0.3 †ODE + 
OlAc 

10 + 
0.47 X 170 swift 170 0.5 

42  b Bi(ac)3 0.5 194 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1.1 X 50 swift 50 30 

43  b Bi(ac)3 0.5 194 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
1.1 X RT swift RT 60 

45  b Bi(ac)3 0.5 193 1M TOP:Te 0.74 0.74 †ODE + 
OlAc 

10 + 
0.47 X 170 swift 170 0.3-5 

½ 
46  b Bi(ac)3 0.5 194 1M TOP:Te 0.75 0.75 †ODE + 

OlAc 
10 + 
0.47 X RT swift RT 90 

48  b Bi(ac)3 0.05 19.3 1M TOP:Te 0.075 0.075 †ODE + 
OlAc 

10 + 
0.04 X 170 swift 170 0.5 

49  b Bi(ac)3 0. 5 195 1M TOP:Te 0.75 0.75 †ODE + 
OlAc 

10 + 
0.04 X 170 swift 170 2 
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*** 
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I would like to request a permission to reproduce a figure published in Science Advances in my 
dissertation. 
I would be very grateful if you could help me to obtain the permission. 
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1.    Maria Sokolikova, Imperial College London 

2.    Imperial College London, Exhibition Road, London SW7 2AZ, +447596448576 

  

The content I wish to use: 

1.    Science Advances 

2.    Emergence of topological semimetals in gap closing in semiconductors without inversion 
symmetry 

3.    Shuichi Murakami, Motoaki Hirayama, Ryo Okugawa and Takashi Miyake 

4.    3, 5, e1602680 

5.    Figure 1 
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1.    PhD thesis/dissertation 

2.    Colloidal atomically-thin inorganic nanoflowers for electrocatalytic hydrogen evolution 

3.    Maria Sokolikova 

4.    print and electronic 

5.    Reproducing a figure form an original paper 
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Maria 
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