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Abstract 

A combination of crystal plasticity finite element modelling and experimental micromechanical 

examination has been used to investigate the deformation behaviour of iron-base hard facing alloys. 

This is in the context of future iron-base hard facing alloys for use in light water nuclear reactors, 

avoiding the radiological issues presented by cobalt-base hard facings. Transient thermal effects were 

examined in normally loaded, sliding surfaces with representative simulations, and found to be not 

significant to the initiation of galling. New experimental equipment has been developed to allow 

elevated temperature, small scale micromechanical testing to be performed. This new equipment was 

used to perform detailed deformation studies of the alloys Nitronic 60 and Tristelle 5183. These 

studies applied correlated high-resolution digital image correlation and high-angular resolution 

electron backscatter diffraction to link measurements of plastic strain with geometrically necessary 

dislocation (GND) density. Direct connection between the behaviour of interacting slip bands and the 

generation of GNDs has been made with this correlated methodology. Alloy microstructure controlled 

deformation with hardening achieved through different mechanisms in the two alloys, outweighing 

the influence of elevated temperature on deformation behaviour. A fine, carbide-containing 

microstructure was demonstrated to be superior in resisting plastic deformation. To complement these 

experimental studies, microstructures of experimentally examined specimens were explicitly 

reproduced within a crystal plasticity framework, allowing the extraction of crystal level properties 

for these alloys at 300°C. These representative material models were then used to perform a 

preliminary investigation into the effect of carbide decohesion under sliding contact.  

The studies demonstrated that the rapid decrease in galling strength which occurs in these alloys at 

approximately 200oC does not occur as a result of the intrinsic material property changes with 

temperature. Rather, it is hypothesised to be a combination of factors including local phase 

transformation leading to interfacial degradation. These observations of deformation behaviour can 

now be used to inform the design of future iron-base hard facing alloys for galling resistance.  
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Chapter 1 - Introduction 
As of March 2020, there are 440 operational nuclear reactors globally, providing 400,000 MWe of 

installed nuclear power capacity and representing a 10% share of global electricity generation [1]. 

After hydroelectricity, nuclear power represents the second largest source of low-carbon electricity, 

avoiding the emission of 2.1 billion tonnes of CO2 equivalent each year [1,2]. Whilst electricity 

generation and heat production only accounts for just under half of all CO2 emissions [3] (with other 

sources including transport, manufacturing, construction and agriculture), it is clear that generating 

electricity using low-carbon sources such as nuclear power is imperative in tackling climate change.  

The light water reactor (LWR) is a mature technology. The two major variants are the pressurised 

water reactor (PWR) and the boiling water reactor (BWR), both of which were developed in the 

1950s. Together, these two types account for 364 of the globally operating nuclear reactors (299 

PWRs and 65 BWRs) [4]. Both types of reactor are under construction worldwide, with newer designs 

such as Framatome’s EPR, Hitachi-GE’s ABWR, Westinghouse’s AP1000 and CGN’s 

HPR1000/Hualong-1 focussing on incremental improvements such as increased capacity, improved 

operability and, allegedly, enhanced safety1. 

One of these incremental improvements is the reduction in the use of easily activated materials. The 

presence of any material which can be activated by the high neutron fluxes found within the reactor 

core results in increased radiation exposure to plant operators. Activated material is more difficult to 

decommission as it requires specialised disposal techniques and the material must be left for a longer 

time for the radioactivity to decay naturally. All of these increase the capital and operating costs of a 

nuclear power station. Cobalt containing components are the primary source of workplace radiation 

exposure for operators of PWRs [5] and are the main targets for removal from future light water 

reactors. Cobalt is found in a range of components but is primary used in locations requiring wear 

resistance. Within a PWR, cobalt-base alloys are found in fitting within the reactor pressure vessel 

and within the bearings and raceways of control-rod drive mechanisms and pumps. Cobalt-base alloys 

are also used to face the contacting surfaces within valves [5]. This involves the application of a thick 

layer of cobalt-base alloy (the hard facing) onto the surface of the component body, usually 

manufactured from some grade of steel. This hard facing provides wear resistance and protects the 

underlying structural material.  

Cobalt-base alloys are favoured for this application due to their excellent wear resistance. Wear 

cannot be entirely prevented, and small quantities of cobalt-containing wear products become 

 
1 Whether these new reactors do represent improvements in safety is a different question. The light water 
reactors of the 1970/80/90s have excellent records in both safety and operability. Were these reactors 
sufficiently safe?  
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entrained within the coolant flow. Valves within the primary coolant circuit introduce wear products 

into the primary coolant and these wear products enter the reactor pressure vessel. The wear products 

plate onto the fuel cladding and other surfaces within the core. Cobalt-59 is the only naturally 

occurring isotope of cobalt and is readily activated by the high neutron fluxes present within the core, 

undergoing the following activation. Cobalt-60 is a hard gamma emitter with a half-life of 5.3 years 

[5].  

 
 
59
27 Co + 10 n → 60

27 Co → 60
28 Ni + 0

-1 e + 00 ν 
-  e  + gamma rays  (1.1) 

The Co60 is disturbed by the coolant flow and distributed around the entire primary circuit, coating the 

surface of any component in contact with the coolant. This effect can cause areas of the primary 

circuit away from the core to become radioactive even during shutdown, after short lived 

radioisotopes found in the coolant have decayed away. This presents difficulties during maintenance 

as additional shielding is required to protect operators. Cobalt contamination also delays the 

decommissioning of non-core components; if a component is to be left to decay for ten half-lives, a 

cobalt contaminated component must be left for at least fifty years before recycling or disposal. With 

modern reactors being designed with operating lives in excess of sixty years, accumulation of Co60 

can become significant at the end of reactor life [6]. 

It is therefore necessary that the use of cobalt containing reduced is reduced to levels which are as low 

as reasonably practicable (ALARP); this is a requirement stipulated by the UK Office for Nuclear 

Regulation for new nuclear reactor designs [7–9]. Replacement alloys are therefore sought, but these 

alloys must match or better the performance of the currently used cobalt-base alloys under light water 

reactor conditions, offering both wear and corrosion resistance in LWR coolant chemistry and, 

crucially, at operating temperatures of around 300°C. 

Valves present an additional challenge. Hard facings used within valves must also resist galling, a 

specific wear mechanism associated with highly loaded, sliding surfaces. Galling results in high levels 

of local plasticity, causing extreme surface roughening, increased friction and extensive surface 

damage [10]. This can cause sufficient damage to render a valve inoperable, either preventing a valve 

from opening due to the high levels of friction or causing excessive leakage. Neither of these are 

acceptable in terms of plant operation. Cobalt-base alloys display excellent galling resistance [5,11]. 

Iron-base hard facing alloys are the prime candidates to replace their cobalt-base counterparts. 

Candidate alloys are typically austenitic stainless steels and have been found to offer adequate wear, 

corrosion and galling resistance at room temperature. However, performance is invariably inferior to 

cobalt-base hard facing alloys at reactor temperatures [12–15]. One particular alloy, NOREM 02, 

displays a cliff-edge degradation in performance in the range 150 – 200°C, transitioning from 

satisfactory galling resistance to severe galling [13]. This transition and the underlying mechanisms 
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are poorly understood, and improving this understanding is the primary aim of this thesis. As such, 

cobalt-base hard facing alloys continue to be used in commercial LWRs in spite of their radiological 

issues.  

This work aims to provide insight into the micromechanical deformation processes at temperatures 

relevant to LWRs. The literature on this subject focusses on large scale, sliding wear tests, applying 

largely qualitative judgements of galling resistance and does not consider the deformation 

mechanisms at the microscale. These methodologies provide little mechanistic understanding of why 

galling happens and why iron-base hard facing display poor galling resistance at elevated 

temperatures.  

This thesis is structured as follows. Firstly, the current literature is reviewed, examining cobalt-base 

and iron-base hard facing alloys, the galling mechanism and the use of some key techniques (Chapter 

2). Next, computational methods applied in this work are described (Chapter 3). Chapter 4 examines 

the roles of transient heating processes due to plastic deformation in representative sliding contact 

models. This is followed by a description of the development of new mechanical testing equipment to 

facilitate small-scale mechanical testing at elevated temperatures (Chapter 5). The thesis then moves 

to the application of these methods and techniques. Chapter 6 describes small-scale mechanical 

testing experiments to investigate the elevated temperature deformation of two iron-base hard facing 

alloys, Nitronic 60 and Tristelle 5183. Chapter 7 describes the development of representative crystal 

plasticity models for Nitronic 60 and Tristelle 5183 at reactor temperatures. This is followed by a 

thorough examination of the slip and deformation behaviour of Nitronic 60 (Chapter 8) in which the 

relationship between slip interactions and geometrically necessary dislocations is examined. Finally, 

Chapter 9 describes some preliminary work where the role of carbide decohesion in the context of 

sliding contact is examined and the direction of potential future work is discussed.  
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Chapter 2 - Literature review 
This review provides an overview of the factors and properties which underpin the galling resistance 

of iron-base hard facing alloys. It first examines the definition of galling and the standard tests used to 

determine the galling resistance of a material. The industry standard cobalt-base Stellite hard facings 

are then introduced, and the attributes related to their excellent galling resistant properties are 

discussed. Stainless steels form the basis of most iron-base hard facing alloys so are then discussed. 

The key factors which influence galling resistance in cobalt- and iron-base hard facing alloys are 

examined with an emphasis on the effect of temperature on each. This is followed by a brief 

introduction to the microstructures of three modern iron-base hard facing alloys.  

The review then shifts to discussing some of the scientific techniques used to further our 

understanding of galling. The few modelling and simulation studies relevant to galling are examined. 

Finally, two important experimental techniques, high-resolution digital image correlation and high-

angular resolution electron backscatter diffraction, and their use in investigating the micromechanical 

deformation of austenitic stainless steels are discussed.  

2.1 Sliding wear and galling 

Wear is an extremely broad term covering many mechanisms which result in the damage or 

degradation of contacting surfaces. This umbrella term includes many, often poorly defined, terms for 

wearing processes including adhesion, abrasion, fretting, sliding wear, tribocorrosion, oxidative wear, 

erosion, scuffing, cold welding and galling to name a few [16–18]. These terms often overlap with 

one another further complicating definitions. This work focusses on one wear mechanism of most 

relevance to valves: galling.  

There are several ASTM documents and standards (G40, G98, G196 [19–21]) related to galling and 

galling testing methods. ASTM G40 provides the following definition of galling:  

A form of surface damage arising between sliding solids, distinguished by macroscopic, usually 

localized, roughening, and the creation of protrusions above the original surface; it is characterized 

by plastic flow and may involve material transfer. 

This definition places galling as a macroscopic phenomenon resulting in macroscopic damage to 

surfaces. This definition captures the key attributes of galling: a process which occurs between sliding 

surfaces, extensive plasticity at the contact surface, severe surface roughening, and the transfer of 

material between the two surfaces. One can differentiate between galling and more typical “wear” by 

considering the timescale over which the two occur. Wear is typically a progressive process, with 
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damage accumulating over many cycles and involving some degree of material attrition [18]. In the 

context of valves, a sealing surface may wear over thousands of opening and closing cycles, 

preventing the valve from sealing properly. Galling is a much more severe process, occurring over a 

much shorter timescale. Galling can occur during a single cycle of a valve, with the potential to render 

it inoperable within a single cycle of use. Galling is associated with sudden and massive plastic 

deformation of the surface, unlike the gradual deformation and removal of material typically 

associated with wear.  

There are two ASTM standard tests for measuring resistance to galling. The older and more widely 

used is ASTM G98, developed by Schumacher [22] and adopted by ASTM in 1989, which uses a 

button-on-block testing geometry where a material couple is normally loaded and the button rotated 

(Figure 2.1). Progressively increasing loads are applied to fresh couples until galling is observed [20]. 

This standard introduced the threshold galling stress (TGS) as a qualitative measure of galling 

resistance, allowing the galling resistance of couples to be ranked. The TGS is defined as the mean of 

the highest load applied without resulting in galling and the lowest load required to cause galling.  

 

 
Figure 2.1 ASTM G98 galling test. (a) shows the test geometry with stationary block and rotating button. (b) 
shows buttons (upper) and block (lower). Specimens 1, 2 and 4 show no galling whilst specimen 3 has galled. 
Adapted from ASTM G98 [20].  

 

This standard stipulates that galling is determined by optical examination alone, leading to a large 

degree of subjectivity as to whether galling has occurred. This relegates the results of G98 testing to 

being qualitative. G98 has received criticism for the low number of replicates required, the stationary 

zone at the centre of the couple and stress concentration effects at the edge [23–25]. Galling is highly 

sensitive to exact surface conditions such as the surface roughness and topography, temperature, 

lubrication, sliding speed, oxidation, and contamination. G98 does give some guidance of suitable test 

conditions but there is still a great deal of uncertainty in the reproducibility of these tests. Hummel 

suggested that this large degree of uncertainty in any measure of galling results in galling being a 

stochastic phenomenon and that a single numeric value, such as the TGS, was unsuitable [26].  



Chapter 2 - Literature review 

31 

These concerns lead to the development of ASTM G196. G196 represents an improvement over G98 

in some respects. Initially developed by Hummel [27], G196 incorporates several improvements such 

as removing the stationary central section and specifying sharp edged specimens to reduce stress 

concentration as well as the use of two identical specimens rather than a button and a block (Figure 

2.2). This test follows a similar procedure, in which two specimens are loaded in the normal direction 

with one rotated relative to the other. An alignment pin through the centre of the hollow specimens 

prevents any out-of-axis motion. 

 

 

Figure 2.2: ASTM G196 geometry (a) showing the central alignment pin, two identical specimens and 
alignment ball bearing. Example specimens post-test are shown in (b) with specimens on the right exhibiting 
galled surfaces. Adapted from ASTM G196 [21].  

 

G196 introduced a new method for quantifying galling resistance, applying a statistical approach 

developed by Hummel [27], a purported improvement over the threshold galling stress measurement. 

As with G98, various stresses σ are applied, one specimen is rotated relative to the other, and the 

couple is examined for galling. Twelve replicates are performed for each applied stress and a galling 

frequency f is calculated as the fraction of the couples which gall (i.e. a galling frequency of 0.25 

corresponds to the observation of galling on three of the twelve couples). A minimum of four different 

loads are applied and a sigmoidal curve (Equation 2.1.1) is fitted to a plot of applied stress against 

galling frequency.  

 �	
� � 1
1 � exp �� 
 � ��� � � (2.1.1) 

 

The galling50 parameter, ���, corresponds to the applied stress at which half of samples would be 

expected to gall whilst � is related to the shape of the distribution. This method allows galling to be 

quantified in a statistical way and gives some ability to predict the probability of galling for a given 

applied stress; an improvement over the qualitative nature of G98.  
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This standard test has not found widespread adoption. Budinski and Budinski [28] were critical of the 

degrees of subjectivity inherent in the test (as is also inherent in G98) due to examining the samples 

by the unaided eye. This test requires much more specimen machining than G98 due to the use of two 

relatively difficult specimens per test; the block used in G98 requires minimal machining. Whilst 

G196 specifies that a datum point at the origin is included in the data set used to fit the sigmoidal 

curve, Equation 2.1.1 can predict non-physical, non-zero galling frequencies for zero load. These 

difficulties have led to experiments reported in the literature deviating from the standard procedure 

(e.g. Harsha et al. using a torque transducer to detect the onset of galling [29,30]), reverting to using 

G98, or even developing novel, proprietary and non-standard galling tests [31–33]. Comparisons 

between any quantitative values reported in the literature are incredibly difficult because of the 

differing conditions under which individual tests are performed. 

The ASTM definition of galling has also not found widespread adoption and various definitions exist. 

This causes confusion in the published literature with various historical terms (scuffing, seizure, 

juncture welding, prow and wedge formation) used interchangeably with what is now typically called 

galling [18,28,34]. Recently, there appears to be a consensus in the literature defining galling as the 

upper limit of adhesion resulting in severe adhesive damage, well in excess of that encountered due to 

the microscopic junctions typical of mild adhesive wear, resulting in macroscopic damage, plastic 

deformation and a surface morphology with portions of material risen up from the bulk [28].  

To improve the usability of results produced by G98 and G196, Budinski and Budinski [28] described 

an extended recording methodology with several distinct testing outcomes and degrees of surface 

damage. These levels of detailed in Table 2.1.  

 

Table 2.1: Levels of galling as described by Budinski and Budinski [28].  

Level Name  Description 

1 No damage No change in surface of either part 

2 Burnishing Change in surface texture (n.b. not crystallographic texture), plastic 
deformation has occurred  

3 Scoring Formation of lines the surfaces due to localised plastic deformation 

4 Wear Clear wearing of the couple, with the production of wear particles and 
groves 

5 Incipient galling Damage is limited to the microscale but protuberances in the surface are 
observed under magnification 

6 Adhesive transfer Material is transferred between parts 

7 Galling As per the ASTM definition 

8 Seizure Parts stick together through the action of large-scale solid-state welding 
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Whilst recording surface information such as this does improve the results from galling tests, there is 

still a degree of subjectivity in distinguishing the exact surface damage that has occurred. 

Consequently, there remains subjectivity in what constitutes galling. These definitions have not found 

any particular usage following their initial suggestion by Budinski and Budinski [28]. One important 

inclusion in these definitions is the explicit acknowledgement that galling is not solely a macroscopic 

phenomenon. The “incipient galling” phase describes the onset of microscale roughening and damage, 

acknowledging that galling may initiate at the microscale.  

This lack of a concrete definition for galling complicates studying the process.  A pragmatic definition 

of galling could include some level of industrial applicability. For example, in the context of valve 

closure, a surface could be considered as galled when the surface has roughened to such an extent that 

the valve cannot seal sufficiently tightly or cannot reopen. Most experienced operators would be able 

to easily recognise a galled valve surface. The difficulty is in determining the mechanism initiating 

galling.  

In a practical, industrial setting, the degree of galling is not particularly useful. Whilst some studies 

measure the extent of galling with various measures (friction coefficient [29,30], galled area [35] 

etc.),  a surface with any significant degree of galling would be considered to result in a component 

failure as galling is primarily a catastrophic failure mechanism. If we take a control valve as an 

example, galling can result in two operational consequences. The first is that the increased roughness 

prevents complete closure of the valve. In the presence of high pressure differentials across the valve, 

high velocity jets of fluid can develop in the narrow gaps generated by galling of the sealing surfaces. 

These jets cause further wear, exacerbating the damage initiated by galling and resulting in significant 

leakage. This is the so called “wire-drawing” effect as the valve sealing surfaces resemble dies used in 

wire-drawing [36]. The second is that the increased friction coefficient due to galling causes the force 

required to open or close the valve to exceed the maximum force which the actuator can deliver. Both 

conditions leave the valve inoperable with safety ramifications. As such, a valve displaying any 

degree of galling would require replacement or risk catastrophic failure. It is for this reason why an 

understanding of the initiation of galling is of most importance. The examination of galled surfaces as 

a method of determining the initiation mechanism is almost impossible, as the extent of deformation 

is so great.  

There are two key subjects which have not been completely investigated or explained in the literature. 

The first is the extremely different levels of galling resistance demonstrated by similar alloys; some 

alloys (and pairings of alloys) are known to be more galling resistant than others. It is therefore 

important to fully understand the contribution of the underlying microstructure on galling. The second 

is knowledge of the deformation mechanisms at the onset of galling. This is likely to be dependent on 

the microstructure of the chosen alloy and the operating conditions. For example, the galling 
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mechanism in a coarse grained, single phase alloy may be different to that for a fine grained, 

multiphase alloy with a passivating surface oxide layer.  

2.2 Hot isostatic pressing 

It is important to consider the hard facing deposition technique and the effect on hard facing 

performance. Hard facings are not structural, and their microstructure is optimised for wear resistance. 

Welding-type processes have traditionally been used to apply hard facings to valve bodies, either with 

plasma-transfer arc welding (PTAW) [37] or gas tungsten arc welding (GTAW) [11].  

Manufacturers are moving away from welding as a hard facing method. Welding results in highly-

heterogeneous cast microstructures. It is associated with a range of deleterious effects such as 

porosity, segregation, cracking and the generation of residual stresses due to the mismatch in thermal 

expansivities between the hard facing and the substrate. Residual stresses and the propensity for 

cracking within the hard facing are of concern as cracks within the surface hard facing layer can 

propagate into the substrate. Since the valve body is a structural component, cracking will 

compromise the structural integrity of the valve leading to leakage or failure [38]. For this reason, hot 

isostatic pressing (HIPing) is preferred as an application technique.  

Hot isostatic pressing is a powder metallurgy process which forms near-net shape components. Inert 

gas atomisation is typically used to produce the raw powder from the molten alloy [39]. A canister is 

then filled with this powder, evacuated of air and then sealed, normally by welding the canister 

closed. This entire canister is placed inside the HIPing vessel where it is subjected to simultaneous 

high temperature and high pressure, usually in excess of 1000°C and 100 MPa respectively (Figure 

2.3). This applies a uniform pressure on all external surfaces, consolidating and densifying the powder 

within the canister [40]. HIPing can be used to produce large components such as valves [41], pump 

bowls [42] and pipework [43] (Figure 2.4). There is potential to replace the dissimilar welds at the 

join between the reactor pressure vessel and the coolant pipework with graded HIPed components 

[44]. For valve internals, a bar is HIPed, machined to size and the insert is then HIP bonded to the 

valve body, followed by final machining [38].  
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Figure 2.3: Schematic representation of the HIPing process, showing the reduction in size of the component due 
to the action of the hot, pressurised gas. After [40]. 

 

 

Figure 2.4: Examples of HIPed components showing the encapsulation cans and a pipework tee and valve body 
following HIPing. Adapted from [41,43]. 

 

HIPing results in an extremely fine and homogeneous microstructure without many of the defects 

inherent in welding, such as weld sensitisation of stainless steels, high residual stresses and cracking 

[40]. A further benefit is generation of residual compressive stresses following HIPing which can 

quickly arrest crack propagation. Porosity can still occur in HIPed materials and there are a range of 

defects specific to the HIPing process. Contaminated powder can compromise the final 

microstructure, introducing foreign material which can affect properties. Contamination is usually 

introduced during the powder manufacture, either from the refractory linings of the atomisation 

equipment or from contamination between powder batches [38]. These defects can act as stress 

concentrators or sites promoting crack nucleation. Specifically for valves, these foreign objects may 
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have little resistance to the corrosive conditions within a LWR; if these defects are found at the 

surface they can corrode, damaging the surface and potentially leading to galling [38].  

2.3 A detour into cobalt-base hard facings 

Cobalt-base hard facing alloys are the industry standard solution for situations requiring wear 

resistance. The Stellite family of alloys are used heavily as they offer a range of mechanical and 

manufacturing properties; changes in composition can allow the performance to be tailored to specific 

applications. Stellite alloys are based on the Co-Cr-W-C system with various other alloying additions 

such as nickel, iron, boron, silicon and molybdenum to modify the resulting alloy’s machinability, 

hardness, ductility and strength. Stellite 6 (composition given in Table 2.2) is the variant most 

commonly used to face light water reactor valves due to its excellent performance, retaining this 

performance at elevated temperatures [5,45–48]. A layer of Stellite 6 facing can be easily welded to 

the valve substrate making its use attractive from a manufacturing viewpoint.  

Stellite 6 is predominantly two phase, with its microstructure comprising a face-centred cubic cobalt 

matrix containing M7C3 type metal carbides [49–51]. Antony [47] found the carbides to have the 

approximate composition (Cr0.80Co0.15M0.05)7C3 where M is typically tungsten. At room temperature, 

the fcc γ-cobalt (occasionally denoted as α in the literature) phase is metastable with the hexagonal 

close-packed ε-phase thermodynamically stable. In the binary Co-Cr system, the fcc γ-phase is only 

stable above 695 K, however W and Cr act as austenite stabilisers, supressing this temperature and 

allowing the fcc phase to form at room temperature, albeit in a metastable state [50,52,53].  

The microstructure is profoundly influenced by the manufacturing process. The welding type 

processes traditionally used for hard facing components result in microstructures similar to those 

produced with casting producing large dendritic matrix grains surrounded by regions of tightly packed 

interdendritic carbides (Figure 2.5a). 
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Figure 2.5: Optical micrographs of cast and powder HIPed microstructures of Stellite 6, adapted from [54].  

 

The HIPed microstructure of Stellite 6 is shown in Figure 2.5b, displaying fine matrix grains with a 

uniform distribution of micron-sized carbide particles. Whilst dependent on the processing of the 

powder to an extent, a representative grain size for Stellite 6 in the HIPed condition is between five 

and ten microns whilst carbides are typically between one and three microns in diameter [54,55]. 

Figure 2.5 shows the almost order of magnitude difference in grain size between cast and HIPed 

microstructures.  

Stellite 6 possesses wear, galling and corrosion resistance, making it ideal for use in LWR 

environments. Antony [47] summarises the excellent performance and properties of Stellite alloys. 

Three main mechanisms are purported to give Stellite alloys their wear and galling resistance: the 

dispersion of carbides within the metallic matrix, the relative insensitivity of material properties to 

temperature in the range relevant to LWR operation, and the ability to undergo a strain-induced phase 

transformation. Importantly, Stellite alloys maintain their galling resistance at elevated temperatures, 

remaining resistant to galling at the LWR operating temperature of 300°C [5,12,13]. When examined 

alongside iron-base hard facing alloys in sliding wear tests in air [13] and in pressurised water reactor 

coolant [15], Stellite 6 demonstrated no increase in mass loss due to wear or any onset of galling for 

temperatures increasing from ambient to 300°C. During pin-on-disc galling tests, Stellite 6 showed 

some reduction in the load required to cause galling between room temperature and 300°C but not to 

the same extent as iron- and nickel-base alloys undergoing the same testing. In these tests, the load 

required to cause galling in Stellite 6 at 300°C was in excess of four times the maximum load 

expected during operation for a valve [12]. It is testament to the galling resistant properties of Stellite 

alloys that they remain in use in the majority of LWRs, demonstrating low levels of galling in 

operation, in spite of the associated radiological issues [5,9]. The major difficulty is in producing an 

iron- or nickel-base replacement alloy which has all of the attributes of Stellite (galling, and wear and 

corrosion resistance at elevated temperature) [47].  
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The fine dispersion of carbide particles is known to be beneficial in resisting galling [38,39,47,49]. 

Hard phases well adhered to the metallic matrix are thought to reduce the extent of plastic 

deformation during sliding contact as well as increasing bulk hardness. The high chromium content 

(nearly 30 wt.%) promotes the formation of (predominantly chromium containing) M7C3 carbides 

which are distributed throughout the matrix (in cast and especially in HIPed condition). Antony [47] 

attributed the wear resistance of Stellite 6 to this combination of a strong matrix reinforced with a 

high volume fraction of smaller carbides. The bulk hardness of Stellite 6 is 37-43 HRC 

(350 - 420 HV) and therefore sufficiently hard to resist wear under progressive, low load sliding [47]. 

Stellite 6 has a relatively high yield stress of 541 MPa and ultimate tensile strength 896 MPa [56], 

well in excess of those of 300 series stainless steels. Whilst generally secondary to galling resistance, 

wear resistance is required in valves due to the cyclic nature of their operation. The carbides are 

relatively brittle and provide resistance to abrasive and adhesive damage, whilst the tough matrix 

binds the carbides together. It is this combination that predominantly provides wear resistance in 

Stellite alloys [49].  

Whilst Stellite 6 is a cobalt-base alloy as opposed to iron, it has a similar composition to the stainless 

steels presented in Table 2.2, with similar alloying additions such as chromium, nickel, carbon, silicon 

and molybdenum. As well as promoting the formation of M7C3 carbides, the high concentration of 

chromium acts in a similar manner as in stainless steels, forming a passivating Cr2O3 surface layer to 

provide corrosion resistance. Stellite alloys demonstrate corrosion and oxidation resistance even at 

elevated temperature, with the exception of in hydrochloric acid environments, making them 

especially suitable for LWR conditions [47].  

The key work hardening mechanism in Stellite is the formation of hcp ε-martensite during 

deformation. The metastable fcc γ-phase of cobalt readily transforms to the hcp ε-phase during plastic 

deformation; this transformation is considered to be martensitic in nature as it is diffusionless [49]. 

The fcc γ-phase is only thermodynamically stable in the binary Co-Cr system above 695 K [50,52,53], 

well in excess of the temperatures found in LWRs. The γ-phase is therefore always metastable during 

plant operation and the strain induced γ → ε transformation is possible. At room temperature, alloys 

with a stacking fault energy less than 15 mJ m-2 have been found to undergo this transition [5,57]. 

This phase transformation causes a significant increase in the work-hardening rate, reducing the 

extent of further deformation [57].  

Numerous authors have attributed the excellent galling resistance of Stellite alloys to their ability to 

rapidly work-harden due to this strain induced martensite transformation [49,58–61]. Experimentally, 

ε-cobalt has been observed under x-ray diffraction measurements of surfaces after sliding 

deformation. The surface hcp layer would be expected to be much harder than the subsurface fcc 
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material due to the few easily activated slip systems within the hcp system, protecting the underlying 

untransformed material from extensive deformation [32,49,62].  

Persson and co-workers [32,62] observed the formation of an hcp phase within the wear track of 

initially fcc material after linear sliding testing of laser deposited Stellite 21. The resulting texture in 

the hcp phase showed the {0001} planes to be parallel to the sliding direction, suggesting there may 

be a solid-state lubrication effect as hcp basal planes slip easily which may reduce the surface friction 

coefficient. During these studies, no galling tendencies were observed at elevated temperature 

(250°C) but it was not established whether this was due to oxidation or martensite formation. This 

solid-state lubrication mechanism is questionable. The specimen undergoing testing in [32,62] was 

textured such that the {100} planes in the undeformed material were oriented parallel to the sliding 

direction. It is unclear whether the loading conditions caused the preferential alignment of the {0001} 

or whether this preferential alignment is related to the orientation of the untransformed fcc material. 

However, one would expect the close packed planes in the two phases to align such that {0001}hcp || 

{111}fcc rather than the {0001}hcp planes aligning with the {100}fcc planes. It is also questionable as to 

whether slipping basal planes would result in a lubricating effect as it would be expected that work 

hardening would prevent extended slip along the basal planes on the surface. Whether this lubrication 

effect does occur or not, the formation of a hardened surface layer of hcp ε-cobalt would be expected 

to confer a degree of protection.  

Stellite alloys provide a level of performance which any replacement hard facing alloy must match or 

exceed to be acceptable for service in a light water reactor. By understanding the microstructural 

features and deformation behaviours of Stellite, one can attempt to replicate the high levels of galling 

resistance by employing these features and behaviours in different alloy systems. This forms the basis 

for the development of cobalt-free hard facing alloys.  

2.4 Austenitic stainless steels 

Austenitic stainless steels are used throughout light water reactors due to their corrosion resistance, 

creep resistance and fracture toughness over a wide range of temperatures [63]. Generally 300 series 

stainless steels, in particular 304L and 316L, are employed for a range of components [64]. LWR 

coolant contains dissolved boron (in the form of boric acid at a concentration of ~2000 ppm) for 

reactor control purposes and lithium (as lithium hydroxide) to control coolant pH [65]. The reactor 

pressure vessel is typically fabricated from a low alloy ferritic steel such as SA508 with an austenitic 

stainless steel liner to provide corrosion resistance [65,66]. Austenitic stainless steels are also used for 

pipework carrying the primary coolant as well as various fittings and smaller components within the 

primary circuit [64]. Since this class of materials is known to be compatible with LWR coolant 
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conditions, it is pragmatic that 300 series stainless steels form the basis for many iron-base hard 

facing alloys.  

Stainless steels must contain a minimum of approximately 13% to form a passivating layer of 

chromium oxide (Cr2O3) to resist corrosion [67]. Chromium is a ferrite stabiliser and therefore 

sufficient concentrations of austenite stabilising elements such as nickel are required to keep the 

matrix austenitic. Other alloying additions are typically manganese, silicon and molybdenum. The 

compositions of the popular 316L and 304L alloys are given in Table 2.2; 316L contains a small 

amount of molybdenum to further improve its corrosion and pitting resistance over that of 304L.   

A Schaeffler diagram (Figure 2.6) can be used to estimate the phases present in steel as a function of 

its composition [67]. Further modifications to the Schaeffler diagram have been proposed but this 

original version acts as a guide to the effects of the major alloying additions to stainless steel [68,69]. 

Elements which stabilise the austenite phase are grouped in terms of nickel equivalents and elements 

which stabilise the ferrite phase are grouped as chromium equivalents, where the terms are given in 

weight percent.  

 Nickel equivalent = Ni + 30 C + 0.5 Mn + 25 N (2.4.1) 

 Chromium equivalent = Cr + Mo + 1.5 Si + 0.5 Nb (2.4.2) 

 

 

Figure 2.6: Schaeffler diagram showing presence of phases as a function of nickel (equation 2.4.1) and 
chromium (equation 2.4.2) equivalents for austenite (A), martensite (M), ferrite (F) and sigma phase. Adapted 
from [67].  

 

Both 304L and 316L contain significant concentrations of chromium to confer corrosion resistance 

and therefore include significant concentrations of austenite stabilisers to ensure that the resulting 
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matrices are predominantly austenitic. The majority of the iron-base hard facing alloys are 

developments based on 304L steel and have similar compositions with modifications to alter the 

austenite/ferrite phase balance and to induce the formation of carbides, nitrides and other hard faces. 

All the hard facings in Table 2.2 have high chromium concentrations to ensure corrosion resistance.  

 

Table 2.2: Compositions of various alloys discussed in this review, including cobalt, nickel and iron-base hard 
facing alloys and two standard stainless steels for reference. If a concentration range is given in an alloy 
specification, the mean value is presented here.  

Alloy 
Amount / wt.% 

Fe Co C Mn Cr Si Ni Mo Others 

Stellite 6a 2.0 Bal. 1.0 - 29.0 1.0 2.0 0.08 5.0 W 

RR2450b Bal.  - 1.8 - 21.0 5.8 9.0 - 0.5 Ti, 8.5 Nb 

Tristelle 5183a Bal. - 2.0 - 20.0 4.0 10.0 - 8.0 Nb 

Nitronic 60a Bal.  - 0.1 8.0 17.0 4.0 8.0 - - 

NOREM 02c Bal. - 1.25 4.5 25.0 3.3 4.0 2.0 0.16 N 

Delcrome 910a Bal.  - 3.0 0.3 22.0 0.3 - - - 

Delcrome 90a Bal - 3.0 0.7 28.0 0.5 2.0 - - 

Deloro 50c 4 - 0.60 - 13 4 Bal. - 3 B 

316Ld Bal. - 0.03 2.0 17.5 1.0 11.5 2.25 0.045 P, 0.015 S, 0.1 N 

304Ld Bal - 0.03 2.0 18.5 1.0 9.3 - 0.045 P, 0.015 S, 0.1 N 

a: Burdett [12], b: Bowden [70], c: Ocken[11], d: BS EN 10088-01:2014 [71] 

 

The focus of the discussion will now move to the microstructure of 316L since it is commonly used 

within LWR components. 316L is closely related to 304 stainless steel which forms the basis for all 

stainless steels, including iron-base hard facings. Figure 2.7 shows the relationships between various 

300 series stainless steels, detailing the alloying additions used to modify the microstructure and 

properties of 304 [72].  
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Figure 2.7: Relationships between various stainless steels related to 304 steel. After [72].  

 

As with all engineering alloys, the processing and manufacturing route has a significant effect on the 

final microstructures of stainless steels. In both wrought and HIPed conditions, 316L is predominantly 

austenitic and single phase. The low carbon concentration suppresses carbide formation to reduce the 

risks associated with weld sensitisation. Weld sensitisation is the formation of chromium carbides at 

grain boundaries due to localised heating, denuding the matrix of chromium and locally reducing 

corrosion resistance [73]. Some retained δ-ferrite can form depending on the forming route [72,74]. 

The microstructures of 316L in wrought and HIPed conditions are shown in Figure 2.8. The low 

stacking fault energy of this alloy promotes the formation of twins [75], and a large number of 

annealing twins can be observed in both microstructures. HIPing produces an extremely fine 

microstructure with a grain size of the order of 10 μm compared with approximately 100 μm grain 

size for the wrought microstructure [76].  
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Figure 2.8: Orientation colouring maps of 316L in wrought (a) and HIPed (b) conditions. Adapted from [76]. No 
direction was specified for the inverse pole figure key in the original paper.  

 

As 316L and other 300 series steels are intended for applications requiring corrosion resistance, they 

do not possess particularly remarkable deformation properties. 300 series steels have tensile strengths 

of approximately 500 MPa, yield strengths of approximately 200 MPa and hardnesses of 95 HRB 

[72]. As such their galling resistance is poor. Under ASTM G196 testing, 303, 304 and 316 were 

found to have galling50 values of between 4 – 8 MPa (Figure 2.9) [21] and 316L a value of 7 MPa 

[30], all well below the values expected within a valve during operation (the maximum load 

encountered in the highest loaded valves is approximately 100 MPa [13]). 

 

Figure 2.9: ASTM G196 testing results for 303, 304 and 316 steels. After [21].  

 

Austenitic stainless steels form the basis for all modern iron-base hard facing alloys largely due to 

their well understood microstructures and their corrosion resistance. There is a great deal of 

experience in using these alloys in LWR conditions and regulatory acceptance of their use. However, 

they offer little resistance to wear and galling and are not suitable for use as hard facing materials. It is 
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therefore useful to compare austenitic stainless steels to the cobalt-base Stellite alloys to better 

understand the properties which underpin galling resistance as then analogous cobalt-free hard facing 

alloys can be developed.  

2.5 Galling resistance in iron-base hard facings 

With knowledge of the properties and microstructure beneficial to galling in cobalt-base alloys, one 

can attempt to recreate the galling resistance of Stellite alloys by creating iron-base alloys with some 

of the microstructural and deformation characteristics known to be beneficial. There are a range of 

attributes which are suggested to contribute to galling resistance. These are almost all properties 

possessed by the Stellite alloys.  

Current iron-base hard facing alloys do not possess acceptable galling resistance at the elevated 

temperatures found in light water reactors, displaying a highly temperature sensitive behaviour. As 

such, iron-base hard facings are not equivalent to their cobalt-base counterparts. This temperature 

sensitivity was first demonstrated by Kim and Kim [13] during button-on-block wear testing of 

NOREM 02 in air, a hard facing alloy developed by the Electric Power Research Institute (EPRI) 

specifically for use in LWRs. Below 180°C, NOREM 02 was found to be equivalent to Stellite 6. 

However, the wear mechanism abruptly changed to severe adhesive wear at 190°C and galling above 

200°C. Stellite 6 displayed low levels of wear at all temperatures. The data from these experiments 

are shown in Figure 2.10.  

 

 

Figure 2.10: Sliding wear test results for NOREM 02 and Stellite 6 at various temperatures between ambient and 
300°C. The crosses represent galling in NOREM 02 at 200°C and above. Adapted from Kim and Kim [13].  
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Kim and Kim [13] attributed this behaviour to a loss in work hardening ability above 180°C, with 

microhardness measurements of the worn surface and the underlying substrate demonstrating an 

abrupt decrease in hardness for temperatures above this. Transmission electron microscopy (TEM) 

and x-ray diffraction (XRD) analyses found the presence of α′-martensite in the worn layer below 

180°C but not at temperatures above this. It was therefore concluded that this strain-induced 

martensite transformation was responsible for the temperature sensitivity of the galling resistance of 

NOREM 02. Kim and Kim [13] caveated their discussion by stating that NOREM 02 demonstrated no 

galling at 315°C under sliding in a dry steam environment, suggesting that environment may play a 

crucial role. Little detail of these tests was given and the understanding behind this observation is 

incomplete. 

Under linear sliding conditions in air, Persson et al. [32] observed similar behaviour in NOREM 02 

except finding the degradation in galling resistance to occur below 150°C (Figure 2.11). Hardness 

measurements taken at increasing depth below the worn surface followed trends similar to those 

observed by Kim and Kim [13], finding a hardened layer directly adjacent to the surface with 

hardness decreasing into the bulk of the material. At 250°C this was not observed, with no hardening 

of the surface material. No crystallographic characterisation was performed and therefore the presence 

of α′-martensite was not confirmed, but the same reasoning as that of Kim and Kim [13] was used to 

explain the temperature sensitivity.  

 

 

Figure 2.11: NOREM 02 under sliding wear condition demonstrating galling at temperatures of 150°C and 
above. Note the sliding direction is at 45° to the horizontal, leading to the formation of plates of worn material 
following the sliding direction. All images are at the same scale. Adapted from [32].  
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Lee et al. [15] applied the same button-on-block testing strategy as Kim and Kim [13] to NOREM 02 

in a simulated pressured water reactor environment in an attempt to assess the role of operation 

environment. Again NOREM 02 demonstrated the expected temperature sensitivity, galling in both 

air and pressured water environments at temperatures above 200°C. XRD confirmed the presence of 

α′-martensite at lower temperature but not above 200°C. A new Fe-Cr-C-Si (with composition 

20.11 wt.% Cr, 0.986 wt.% Si, 1.686 wt.% C, balance Fe) was tested alongside NOREM 02 under 

identical conditions and showed no tendencies for galling at any temperature in both air and water 

environments. XRD detected α′-martensite in both environments and at all temperatures, 

strengthening the argument that a surface layer of material undergoing a strain-induced martensite 

transformation is beneficial to galling resistance. However, this novel Fe-Cr-C-Si alloy was not 

equivalent to Stellite 6 in an air environment, showing increased levels of wear loss when compared 

with Stellite 6.  

NOREM 02 is not alone in demonstrating a loss in galling resistance above 200°C. Burdett applied 

pin-on-disc wear tests to a range of nickel-, iron- and cobalt-base alloys, successively applying 

increasing loads for each disc rotation until galling occurred [12]. Figure 2.12 shows that all alloys 

tested decreased in galling resistance at 300°C when compared with room temperature. A load of 

2200 N in this test was estimated to be equivalent to the maximum load expected in an operation 

valve; Ni-base Stelloy 40C and Fe-base Nitronic 60 and 17/4PH all fell below this valve at 300°C. 

Delcrome 910 was found to offer the closest performance to Stellite 6, exceeding the load required to 

cause galling in Stellite 6 at 300°C. EB 5183 was also judged to have performed well. Again, the 

stability of the austenite phase and the propensity for martensite formation were discussed as drivers 

of galling resistance but no mechanisms were proposed to explain the variation in temperature 

sensitivity between alloys. 

 

 

Figure 2.12: Pin-on-disc wear test at room temperature and 300°C. 2200 N is estimated to be equivalent to the 
maximum load found in an operation valve. A – Stelloy 40C. B – Colmonoy 84. C – Colmonoy 5. 
D – Delcrome 90. E – Delcrome 910. F – EB 5183. G – Nitronic 60. H – 440C. I – 17/4PH. J – Stellite 6. 
Adapted from [12].   
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Both Delcrome 910 and EB 5183 displayed some difficulties in manufacture in welding trials, with 

Delcrome 910 displaying a tendency for cracking and the hardness of EB 5183 being sensitive to 

welding conditions.  

There is a consensus that, whilst some iron-base alloys can match or exceed the room temperature 

galling resistance of Stellite alloy, iron-base alloys are inferior to Stellite alloys at elevated 

temperature. Iron-base hard facing alloys are not currently seen as a complete replacement to Stellite 

alloys in all LWR applications. Whilst there have been some successes with iron-base hard facings 

replacing cobalt-base facings, most notably in Siemens/Kraftwerkunion pressurised water reactors 

[77], there has not been complete removal of cobalt-base hard facings from the primary circuit. The 

increased workplace radiation exposure is tolerated to reduce the risk of valve failure by using cobalt-

base hard facings where necessary [8,9,78].  

Attempts to understand galling and galling resistance have come from two directions, one applying a 

mechanistic approach with the other attempting to understand the properties of materials which show 

galling resistance. This has led to considerable literature concerning materials known to resist galling 

and attempting to correlate their properties and microstructures with their galling resistance. 

A matter of importance is the relationship between wear resistance and galling resistance. For 

example, Hsu et al. [79] found that, unintuitively, galling resistant materials wear at a much higher 

rate than freely machining alloys. This is often found in sheet metal working tools where galling 

resistance is required (however galling in this context is associated with much greater sliding 

distances than those found within valves and galling on the soft sheet metal is also a concern) [80]. 

These hard tool steels often have poor wear resistance. This review is limited to considering galling 

resistance, since the sliding distances of in-service valves are much shorter than those typically 

associated with wear. Galling is typically encountered early on in operation due to the use of 

inappropriate materials rather than wear which is associated with the gradual and progressive removal 

of material through component life. 

Several mechanisms, microstructural properties and attributes which contribute to galling resistance 

will now be examined in the context of galling in cobalt- and iron-base alloys. Each of the following 

factors will be discussed in relation to the aforementioned temperature sensitivity of galling as the 

majority of them display a level of temperature sensitivity which would contribute to the overall 

temperature sensitivity of iron-base hard facing alloys.  
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2.5.1 Hard phases 

The total volume fraction of hard particles is one factor which contributes to galling resistance. 

Antony [47] attributed the wear resistance of Stellite alloys to hard Cr7C3 carbides dispersed 

throughout the metal matrix. Much of the development of alternatives to Co-base hard facing alloys 

has attempted to reproduce these dispersed carbide microstructures to replicate the performance of 

Stellite, with more recently developed hard facing alloys taking hard phase volume fractions to 

extreme levels. Two examples of iron-base alloys exhibiting this are Tristelle 5183 and RR2450. 

Tristelle 5183 contains a fine dispersion of chromium and niobium carbides as well as extremely large 

(tens of microns in diameter) niobium carbides [39,55], with a total hard phase fraction of about 20% 

[55]. RR2450 contains a range of hard phases including carbides and large silicides [55,81]. The total 

combined carbide and silicide phase fraction in RR2450 is approximately 36%, resulting in an 

extremely brittle alloy [55].  

Two factors affect the contribution of hard phases to galling resistance: their size and distribution. 

Stellite 6 contains a uniform distribution of fine (approximately 1 μm in a HIPed condition) chromium 

carbides (Figure 2.5) and this acts to prevent extremely localised deformation which could initiate 

galling. Ohriner et al. [82] altered the chemistry of Nitronic 60 to control the total volume fraction of 

carbides, finding that galling resistance increased with increasing carbide volume fraction. Nickel-

base alloys such as the Colmonoy family of alloys also contain significant quantities of carbides, 

borides and silicides with a volume fraction of between 30-60%, again with increased levels of hard 

phases increasing wear and galling resistance [83]. 

The combination of hard particles supported by a strong matrix is thought to offer both wear and 

galling resistance [47,59,81,83]. The embedded hard particles perform two functions. The first is to 

increase the hardness of the overall material, increasing its resistance to plastic deformation; this is 

most important for galling resistance. The second effect is to stand proud of the surface, protecting the 

surrounding softer, metallic matrix from damage. This effect is more profound with large hard 

particles [84]. The tough matrix is required to bind the hard particles together and prevent the 

propagation of any crack nucleating in the hard particles. Particle decohesion is not unknown in steels. 

Under tensile testing, particle decohesion can lead to void formation, resulting in stress concentration 

and crack nucleation [85–87]. Whilst the global loading conditions may be different in sliding than 

tensile loading, decohesion and void formation may still occur. 

There is a limit to ever increasing hard phase content for the aim of increasing galling resistance. If 

taken to the extreme, one would expect ceramics (i.e. a material entirely composed of hard phases) to 

be completely galling resistant. However, ceramics are found to gall, although producing smaller 

volumes of wear products in the process [28]. Small hard particles smaller than the characteristic size 

of wear debris are removed wholesale with pieces of the metallic matrix and therefore a high number 
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density of small particles is not necessarily problematic [84]. Larger particles behave differently with 

two possible consequences. These particles can decohere from the matrix entirely, generating 

extremely large and hard wear debris. If the interfacial strength between the particle and matrix is 

sufficiently high, the particle can be sheared and fracture, generating multiple pieces of hard wear 

debris. In either case, these particles can then be forced back into the surface or can act as a plough. 

Both scenarios cause significant damage [49]. 

The balance between particle decohesion and particle fracture is determined by the relative strength of 

the particle-matrix interface and the particle toughness [88]. A well adhered but brittle particle is more 

likely to fracture, producing a larger amount of wear debris. A tough but weakly adhered particle will 

be plucked from the surface. Intermediate cases are also possible [49]. During three-point bend testing 

of the iron-base hard facing RR2450, hard phases were likely responsible for specimen fracture. Both 

carbide fracture and decohesion was observed on the fracture surface (Figure 2.13) suggesting that 

both mechanisms operate during the deformation of this alloy [55]. Under sliding wear, the shear 

strength rather than normal interfacial strength may be of more importance as sliding induces high 

levels of shear stress.  

 

 

Figure 2.13: Fracture surface of RR2450, displaying (a) a large embedded carbide, (b) the sight a carbide 
decohesion, (c) a fractured carbide and (d) fracture facets. Adapted from [55].  

 

Whilst it may be beneficial for a hard facing alloy to contain hard phases, it is unlikely that carbides 

or other hard phases introduce temperature sensitivity to these materials and it is more likely that 

temperature sensitivity is due to the deformation mechanism of the matrix phase. However, the 

interfacial strength between any hard phases and the surrounding matrix may show some level of 

temperature sensitivity, possibly weakening with increasing temperature.  
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2.5.2 Hardness 

There is conflicting evidence in the literature as to whether pre-deformation hardness is beneficial to 

galling resistance. During earlier investigations into galling, higher hardness materials were believed 

to have a higher galling resistance. It was argued that since galling is the result of large amounts of 

plastic deformation, harder materials would be better able to resist plastic deformation and 

consequently galling. Antony based much of his discussion on the galling resistance of Stellite 6 on 

hardness, proposing that if galling resistance is related to wear resistance then Archard’s wear law 

(equation 2.5.1) would predict that high hardness materials would be more galling resistant [47]. A 

material with a high hardness � would predict a lower wear volume � for a fixed applied load � and 

sliding distance � [89,90]  

 � ∝  � �� (2.5.1) 

Intuitively, this would appear to be correct. Stellite 6 has both superior hardness and galling resistance 

to 316L stainless steel [56,72]. Vikström [49] noted that increased galling resistance is achieved with 

increasing hardness but stated that a balance of hardness with other properties must be reached since 

weldability (important for valve surfaces) and impact resistance decrease with hardness. The 

development of cracking within a valve facing is of concern as these cracks can propagate into the 

valve body, compromising its structural integrity [38]. Therefore, a certain degree of ductility is 

required.  

However, others have questioned hardness as an indicator of galling resistance. Whilst Stellite alloys 

possess reasonably high levels of hardness (Stellite 6 has a hardness of 37-43 HRC or 350 – 420 HV 

[47]) harder alloys are not always equivalent in galling resistance. As an example, Burdett [12] found 

Colmonoy 5 to have inferior galling resistance to Stellite 6 in spite of its superior hardness (457-

470 HV and 418 – 444 HV as tested respectively). Kim and Kim [13] found Stellite 6 to be superior to 

NOREM 02 even though both have near identical hardness values (37 and 38 HRC respectively). 

Hsu et al. [79] questioned the validity of correlating wear resistance with galling resistance. 

Nitronic 60 was found to display substantially higher wear rates than 316 and 304 steels under disc-

on-block wear testing in spite of its superior galling resistance. Therefore, the conjecture of 

Antony [47] that hardness is an appropriate indicator of galling resistance may be incorrect. Hardness 

displays some temperature sensitivity with materials softening at elevated temperature, but if hardness 

is a poor indicator of galling resistance, its temperature sensitivity should be of little consequence to 

elevated temperature galling resistance. In general, hardness is measured with bulk hardness 

measurements and therefore does not generally explicitly examine the role of microstructure 

[12,13,47,48]. These types of measurement do not separate the roles of matrix hardness and the 

contribution of hard phases such as carbides, whether hardness is provided by large hard particles or a 
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more homogenous distribution of smaller particles. This therefore makes it difficult to deduce whether 

it is the hardness of the matrix, the hardness of hard phases or the presence of hard particles which is 

important to galling resistance. In light of these observations, work-hardening ability may be the more 

important property in providing galling resistance rather than initial hardness.  

2.5.3 Work-hardening ability 

Work-hardening has been found to be significant in galling wear, yet its full effect is unclear. 

Peterson et al. [91] discussed both beneficial and detrimental effects. Work-hardening can reduce 

galling tendencies by preventing extensive deformation of the underlying material. However, work-

hardening can have a detrimental effect by preventing further deformation of the yielded surface 

layer, forcing deformation deeper into the material and possibly leading to a greater mass of deformed 

material.  

Several authors [11,12,22,36,58,92–96] have concluded that, for austenitic stainless steels, the work-

hardening rate is the critical factor governing galling resistance, as a high work-hardening rate should 

allow the material to resist plastic deformation. However, technical guidance from the American Iron 

and Steel Institute [97] states that in unlubricated systems, a high work-hardening rate is beneficial for 

wear resistance rather than galling resistance in austenitic stainless steels at temperatures below 

175°C. Care must be taken in drawing parallels between galling and wear resistance as previously 

discussed. 

Persson et al. [32] proposed that the poor galling resistance of NOREM 02 at 250°C was due to 

thermal recovery removing any work-hardening of subsurface material. Microhardness measurements 

taken below the wear tracks of sectioned samples found no significant hardening of NOREM 02 at 

250°C but hardened material was found at lower temperatures. Although Persson et al. [32] have 

suggested that it is thermal recovery of the matrix leading to the reduced hardness at elevated 

temperature, it would be difficult to determine whether this is the true mechanism, or whether the 

initial work-hardening rate was lower at these temperatures, resulting in a lower level of post 

deformation hardness over that seen at room temperature. Lee et al. [14] also found a reduction in 

work-hardening at high temperature in another austenitic hard facing alloy but concluded that this was 

due to a reduction in martensite volume fraction.  

It is apparent that work-hardening cannot be considered alone and the underlying mechanisms which 

cause this work-hardening must be examined. There are typically two main work-hardening 

mechanisms which dominate in these alloys: the formation of stacking faults and strain-induced 

martensite transformations.  
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2.5.4 Stacking fault energy 

The stacking fault energy of a material indicates the probability of the occurrence of a disruption in 

the stacking sequence in layers of atoms. In face-centred cubic (fcc) materials, intrinsic stacking faults 

manifest themselves as a layer of hexagonal close packed (hcp) material within the bulk fcc. For fcc, 

the stacking sequence of the {111} planes is ABCABCABC. An example of a faulted stacking 

sequence would therefore be ABCACABC (Figure 2.14b) resulting in a layer of hcp material (the 

CACA layer (Figure 2.14c) within the fcc, with the basal (0001) hcp planes parallel with the {111} 

fcc planes. The energy per unit area associated with these stacking faults is given by γ, the stacking 

fault energy (SFE) [98].  

 

 

Figure 2.14: Stacking sequences for close packing with the three possible stacking sites in a. The ABCABC 
stacking sequence in b (if continued in this manner) results in an fcc crystal structure whereas the ABABAB 
sequence in c gives an hcp crystal structure. 

 

Bhansali and Miller [36] investigated the role of stacking fault energy in Stellite 6. Much of their 

discussion was centred on the relationship between cross-slip and galling. In fcc systems, SFE is 

believed to be a good indicator of cross-slip; a low SFE leads to a higher stacking fault density and 

prevents cross-slip. Bhansali and Miller [36] provided little mechanistic explanation as to why cross-

slip would lead to galling, but it could be imagined that preventing cross-slip would lead to a higher 

work-hardening rate, preventing the massive plastic deformation associated with galling. This was 

supported by empirical knowledge that low SFE gold does not typically easily gall whereas high SFE 

aluminium has poor galling resistance. During their experimental study, varying additions of Ni were 

made to Stellite 6, causing increases in SFE (measured as decreases in stacking fault probability). 

High Ni Stellite 6 was found to have a lower galling resistance than unmodified Stellite 6. 

Bhansali and Miller [36] argued that a low SFE caused a rapid initial rate of work-hardening and 

delayed the onset of thermal recovery at high plastic strains by preventing cross-slip.  

Blombery and Perrott [99] similarly suggested that the low stacking fault energy of Co-base alloys 

was somewhat responsible for their excellent performance. Hirth and Rigney [100] discussed the wear 



Chapter 2 - Literature review 

53 

resistance of these alloys being further improved by the addition of Mo and W, both known to reduce 

the SFE in cobalt. In nickel-base wear resistant coating, additions of Cr, Mo and W have been found 

to dramatically reduce SFE, suggesting some relationship with increased wear resistance.  

A high SFE energy is thought to be deleterious to wear resistance [79,100]. Materials with a high SFE 

energy form dislocation cells upon deformation. During sliding contact, dislocation cells will form in 

the subsurface deforming region. If the SFE is high, these cells will form earlier on in deformation 

and penetrate deeper into the surface. Whilst these cells are resistant to shear, they cause significant 

highly local hardening and can undergo brittle fracture. Flake-like debris can form when this hardened 

material delaminates, resulting in wear. It is important to note that this is in the context of wear and 

not galling as a hardened surface layer is typically considered beneficial to wear resistance. 

Stacking fault energy has reasonable temperature sensitivity and this may contribute to the 

temperature sensitivity of some hard facings. In their review of literature data, Rémy et al. [101] 

found that virtually all fcc materials displayed increases in SFE with increases in temperature. Much 

of the data reviewed were for Fe-base alloys. Increasing the SFE results in a reduction in the 

probability of stacking fault forming and a reduction in work-hardening ability. This reduction in 

work-hardening ability would likely result in lower galling resistance. 

Whilst the formation of stacking faults within materials does result in work-hardening, it may be that 

the relationship between stacking fault energy and martensitic transformations is more important in 

understanding hardening. The mechanism relating stacking faults to martensite formation is material 

dependent, varying between cobalt- and iron- based alloys. For example, intrinsic stacking faults in 

fcc (γ-Co and γ-Fe) on every other {111} plane lead to the hcp ε-martensite phase whereas α′-

martensite is body-centred tetragonal (bct) in Fe-base alloys and nucleates from shear bands, which 

result from overlapping stacking faults [102]. In general, α′-martensite forms along the {111} type 

directions in fcc, following the slip bands formed during deformation [103]. The 

Kurdjumov-Sachs relationship [104] is found to generally describe the orientation relationship 

between the transformed α′-martensite and the prior γ-austenite [79,103]. There also appears to be 

some connection between the formation of the α′ and ε-martensite phases with stacking fault energy 

having an effect on the relative amounts of each martensite phase formed [79].   

Talonen and Hänninen [102] discussed the relationship between shear bands, α′- and ε-martensite 

formation and stacking fault energy, acknowledging that the driving force for martensite formation is 

the relative free energies of the phases compared to that of the austenitic phase. They concluded that 

SFE plays a role in α′-martensite formation due to its relationship to shear band formation with shear 

band formation preceding the formation of α′-martensite. Therefore, the formation of α′-martensite 

appears to be closely connected with stacking fault energy and that it is the role of stacking fault 
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energy in martensite formation rather than work-hardening through stacking fault formation that is 

more important to galling.  

2.5.5 Strain-induced martensite transformations 

One of the key strain-hardening mechanisms exhibited by Co-base alloys is the martensitic phase 

transformation from the fcc γ-phase to the hcp ε-phase [47]. The observed room temperature fcc 

structure of γ-Co is metastable; the thermodynamically stable structure for cobalt at room temperature 

is the hexagonal close packed (hcp) ε structure with the γ phase stable above 695 K in the binary Co-

Cr system [50,52,53]. Both Cr and W act as fcc-stabilisers, increasing this transition temperature and 

supressing the hcp structure. The martensitic fcc → hcp transformation is also strain induced and can 

be initiated at room temperature with sufficient deformation, depending on the alloy’s stacking fault 

energy. At room temperature, alloys with an SFE less than 15 mJ m-2 have been found to undergo the 

γ → ε martensitic transformation [47,57]. This transition causes a substantial increase in the work-

hardening rate, reducing the extent of further deformation [57].  

Numerous authors have attributed the excellent galling resistance of Stellite 6 (and other related Co-

base Stellite alloys) to its ability to rapidly work-harden due to this strain-induced martensitic 

transformation and partial dislocation nucleation, driven by the underlying low stacking fault energy 

[49,58–61]. Experimentally, ε-cobalt has been observed under x-ray diffraction measurements of 

surfaces after sliding deformation. Persson et al. [32,62] observed the formation of an hcp within the 

wear track of initially fcc material after linear sliding testing of laser deposited Stellite 21. The 

resulting texture in the hcp phase showed the {0001} planes to be parallel to the sliding direction, 

suggesting there may be a solid-state lubrication effect as hcp basal planes slip easily which may 

reduce the surface friction coefficient. No galling tendencies were found at elevated temperature 

(250°C) but it was not established whether this was due to oxidation or martensite formation. 

During tensile testing of an unspecified Co-base alloy, Smith et al. [105] found that the fcc → hcp 

transformation occurred at temperatures well in excess of reactor operating temperature with a 

limiting temperature in the range 700-825°C, above which the transformation was not observed. 

Kashani et al. [106] found, in Stellite 21, the γ → ε transition still occurred at high temperatures (in 

excess of 550°C). This suggests that the ability of Stellite alloys to resist galling even at elevated 

temperatures could involve its ability to retain this martensitic transformation.  

Martensitic transformations are also observed in austenitic steels during deformation. Two distinct 

martensitic transformations have been observed in austenitic steel (fcc, γ) and these contribute 

significantly to the work-hardening ability. These are the body-centred tetragonal (bct) α′-phase and 

the hexagonal close packed (hcp) ε-phase [79,107]. There is some discussion as to the exact 
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mechanism behind these martensitic transformations relating to which phase forms first and whether 

one phase nucleates the other. Hsu et al. [79] summarised by stating that there are three main 

martensite formation routes: ε formation alone, ε formation leading to associated α′, and α′ formation 

alone.  

Several authors have suggested that the γ → α′ transition is an important galling resisting mechanism 

[12,13,15,79,82]. During their work on the high temperature galling resistance of NOREM 02, 

Kim and Kim [13] suggested that the γ → α′ transformation could improve galling resistance by 

providing a strong work-hardening mechanism, on the assumption that the work-hardening ability of 

the metal matrix is the controlling mechanism of galling resistance. However, this transformation is 

restricted to temperature below ��, above which strain-induced α′-martensite formation cannot occur. 

NOREM 02 showed an abrupt change in galling resistance, with the deformation mechanism 

changing from oxidative wear below 180°C, to severe adhesion at 190°C, and then galling above 

200°C. This sudden change in deformation was attributed to the loss of the γ → α′ transition, 

concluding that �� for this transformation was approximately 190°C.  

In their later work, Kim et al. [107] investigated the influence of manganese content in 

Fe-20Cr-1C-1Si-xMn alloys and its effect on stacking fault energy and strain-induced martensite 

formation. Block-on-block sliding wear tests were performed at temperatures between 25 and 450°C. 

The low Mn alloys (x < 5 wt.%) progressed through several deformation modes with increasing 

temperature as in [13] , undergoing adhesive wear at 250°C, oxidative wear at 350°C, and galling at 

higher temperatures. However, the high Mn alloys (x > 10 wt.%) experienced adhesive wear at 250°C 

and then oxidative wear at 350°C and above with no galling. At room temperature, α′-martensite and 

ε-martensite were found in the deformed surfaces of the low and high Mn alloys respectively. 

Kim et al. [107] attributed the differing elevated temperature deformation responses to exceeding �� 

for the γ → α′ transformation but not the γ → ε. For the low Mn alloys, the lack of martensite 

formation at elevated temperature caused massive plastic deformation and removal of the protective 

surface oxide layer, whereas the presence of ε-martensite in the high Mn alloys prevented oxide 

breakdown and galling. This strengthens the argument that the abrupt change in galling resistance of 

NOREM 02 in [13] was due to the loss of the γ → α′ transition, since NOREM 02 is a low Mn steel. 

This study also suggests that, at elevated temperature, the ε-martensite transformation may be of more 

use in resisting galling and should be promoted. In similar sliding conditions to their earlier work on 

Stellite 21, Persson et al. [32] reproduced the excellent room temperature and poor elevated (150°C) 

temperature performance of NOREM 02 as seen in [13]. However, no traces of martensite were found 

under x-ray diffraction of the wear track, but this was attributed to the narrowness of the wear track 

resulting in a weak XRD signal and it was not possible to confirm the lack of martensite. 
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Lee et al. [15] used a modified testing procedure similar to that in [13,107], incorporating some of the 

environmental effects of a PWR with the inclusion of a heated (25 – 300°C) and pressurised 

environment. NOREM 02 and Stellite 6 were compared along with a novel Fe-Cr-C-Si alloy. 

NOREM 02 showed the characteristic loss in galling resistance at 180°C whilst the Fe-Cr-C-Si alloy 

matched the performance of Stellite 6 for all temperatures. XRD analysis showed the formation of 

strain-induced α′-martensite. Smith et al. [108] tested NOREM 02, Stellite 6 and Tristelle 5183 under 

ASTM G98 conditions at 25 and 300°C. The Tristelle 5183 samples could not be prepared to meet the 

surface roughness criteria of G98 so results are of limited use. Again, NOREM 02 showed strain-

induced martensite formation at room temperature but not at elevated temperature.  

Burdett [12] discussed the effect of austenite stability of these martensitic transitions. During several 

studies on several Co-free hard facings, Fe-base alloys showed a reduction in galling resistance, but 

the magnitude of this reduction was variable between alloys. The general reduction seen for the Fe-

base alloys was speculated to be caused by a reduction in work-hardening rate and an increase in SFE. 

One alloy, Delcrome 910, retained more of its galling resistance at elevated temperature when 

compared with other Fe-base alloys such as Delcrome 90, Nitronic 60 and Tristelle 5183. Burdett 

suggested that the increased Ni content in Delcrome 90 (see Table 2.2) stabilised the austenitic matrix, 

supressing any martensitic phase transformations whereas the lack of Ni in Delcrome 910 left any 

phase transformations unsuppressed. Burdett [12] made no comparison with Tristelle 5183 with 

regards to Ni content. In representative operational testing by the Central Electricity Generating 

Board [109], Delcrome 910 outperformed Delcrome 90 and Nitronic 60. 

As discussed in Section 2.5.4, SFE is a significant factor in the formation of α′-martensite in austenitic 

steels. Talonen and Hänninen [102] accounted for the temperature sensitivity of α′-martensite through 

the temperature sensitivity of stacking fault energy with only a small contribution from the 

temperature sensitivity for thermodynamic driving force towards martensite formation. As SFE 

increases with temperature, the formation of α′-martensite becomes more unfavourable; the formation 

of α′-martensite is not possible for temperatures above ��. These two sources of temperature 

sensitivity suggest that α′-martensite formation is a major contributor to galling resistance, possibly 

explaining the temperature sensitivity of these materials as seen in the literature. 

2.5.6 Oxidation 

Surface oxide layers play an important role in contact and wear behaviour of materials. It is well 

known that surface contaminants and oxide layers reduce a material’s susceptibility to galling 

[12,13,36]. These surface oxide layers prevent direct metal-on-metal contact and act as solid 

lubricants, reducing a material’s galling tendency. The protection these oxides afford to the material 
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depends on several factors: the toughness of the oxide layer, how well supported the oxide layer is by 

the underlying substrate, contact stress and environmental factors such as temperature. 

Vikström [49] presented three criteria which oxides must meet to provide protection against wear: 

good adherence to the substrate, limited thickness, and compressive strength less than or similar to 

that of the substrate. Oxides which easily detach from their substrate metal provide poor protection. 

The degree of protection typically depends on the relative mechanical properties of the oxide and the 

substrate; an extremely hard oxide on a softer substrate fractures easily and exposes the underlying 

metal. Whilst the discussion was centred on hard martensitic surface layers in 304 steel, 

Hsu et al. [79]. stated that poorly supported hard surface layers can lead to undesirable mechanisms: 

the surface layer can be easily fractured, the hard surface can damage the countersurface, and plastic 

deformation can be forced deeper into the bulk, causing more extensive deformation. This is not just 

relevant to oxides but to thin layers of martensite or other hardened surface material if sufficiently 

brittle.  

Surface oxidation has been reported to offer significant protection if suitable conditions exist. 

Persson et al. [62] found that the wear debris from self-mated Stellite 21 contained 30 at.% oxygen, 

suggesting that surface oxide layers played an important role in galling resistance since galling was 

not observed during these tests. Kim and Kim [110] found that wear losses from Ni-base Deloro 50, 

under button-on-block test conditions, decreased to near zero levels with increasing temperature. The 

temperatures at which wear mass loss approached zero were between 200 and 250°C and increased 

with applied load. Severe adhesion was seen at temperatures below these, transitioning to oxidative 

wear with increasing temperatures. Worn surfaces were smooth and coated with an oxide layer. 

Kim and Kim [110] acknowledged that an upper limit of plastic deformation exists on this behaviour, 

above which severe adhesion can occur. Other work by this group has proposed that surface oxides 

can offer good surface protection if they remain well supported by the underlying substrate [13–

15,94,107,110]. Kesavan and Kamaraj [111] found similar results in Colmonoy 5, with wear 

resistance increasing with temperature, proposing a mechanism of compacted, oxidised wear products 

providing protection. However, significant sliding distances were required to provide these layers, 

much greater than the sliding distances encountered in valves. 

Kim and Kim [13] also found that oxidative wear was the dominant wear mechanism for NOREM 02 

at lower temperatures with the oxide layer breaking at temperatures above 190°C, corresponding with 

the onset of galling. This suggests that an oxide surface layer alone is not sufficient to protect a 

surface from adhesion and that the deformation of the underlying material is also significant. 

Person et al. [32] also suggested that the lack of oxide layer support at high temperature leads to 

adhesion and galling in NOREM 02 but stated that further work is required to confirm this. However, 

Kim and Kim [13] found that, under pressurised water reactor conditions, oxide breakdown did not 
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occur in NOREM 02 above 200°C, suggesting that oxide protection may continue to higher 

temperatures with the correct environmental conditions. 

One would expect the degree of oxidation (and level of protection offered) to increase with 

temperature, further supporting the idea that oxide layer support is key. Lee et al. [14] confirmed that 

increased oxidation in an Fe-Cr-C-Si alloy occurs at elevated temperature with EDX and contact 

electrical resistance measurements. In a related study under similar testing conditions [107], the 

effects of oxidation with temperature were assessed. As discussed more fully in Section 2.5.5, varying 

the Mn content in hard facing alloys can cause changes in wear mechanism with temperature. In all 

alloys, the extent of oxidation increased with temperature with insufficient surface oxidation to 

protect either the high or low Mn alloys at temperatures up to 250°C. Both alloy types transitioned to 

oxidative wear at 350°C. However, at 450°C the low Mn alloys (those losing the γ → α′ transition) 

galled whilst high Mn (retaining the γ → ε) alloys continued to exhibit oxidative wear. Whilst 

showing differing wear characteristics to NOREM 02 in [13] , these results further support the 

hypothesis that a well-supported oxide layer is required.   

Stott [112] described the formation of surface ‘glaze’ layers as a protective coating. These glaze 

layers are formed through the agglomeration of oxidised wear debris during sliding. Surface oxide 

glazes are unlikely to form at temperatures below 150°C, placing the LWR environment at the lower 

end of glaze formation temperatures. Glazes are also more likely to form under repeated sliding rather 

than the conditions found in valve seats.  

It is therefore clear that oxidation plays a key role in protecting contacting surfaces and preventing 

galling from occurring. The mechanism of this appears to be through the prevention of bare metal-on-

metal contact, preventing adhesion which could lead to galling.  

2.5.7 Adhesion resistance 

Since galling is largely driven by the adhesive force between bare metal contact, the temperature 

sensitivity of adhesion may be a factor in the temperature sensitivity of galling. Rabinowicz [113] 

attempted to apply a surface energy based criterion to quantify adhesion between solid surfaces by 

relating the work of adhesion between surfaces � and �, � !, to their respective surface energies �  

and �! and the interface energy � !.  

 � ! � � � �! � � ! (2.5.2) 

 

It was suggested that for like-couples �   was much less than the free surface energy � . 

Rabinowicz [113] noted that numerical values for � ! were scarce. However, some inference could 
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be drawn from surface energy values for liquids. Solids near their melting temperatures appear to 

have very similar surface energies to their liquid states with values increasing linearly with further 

reductions in temperature. Therefore, the strength of adhesion would be expected to increase with 

temperature. 

Bhansali and Miller [36] reported on the experimental work of Buckley [114] where the strength of 

adhesion between various single-crystals was measured under vacuum for varying crystallographic 

structures and orientations. It was concluded that hcp materials are less susceptible to adhesion than 

fcc and bcc materials due to a reduced ability to deform through crystallographic slip, but no 

mechanism for this was suggested. Following this logic, the strength of adhesion between transformed 

martensitic hcp surfaces (Co: γ → ε, Fe: γ → ε) would be lower than the untransformed fcc material. 

This furthers the theory that a transformed surface layer of hcp martensite would be beneficial to 

resisting galling by reducing adhesive forces between the surfaces. 

There is little work regarding the temperature sensitivity of adhesion especially with regards to 

self-mated metal couples. Karlsson et al. [115] measured the strength of adhesive forces for 

commercially pure titanium, low-alloy steel and austenitic stainless steel for a range of temperatures 

(25 – 377°C) under an ultrahigh vacuum using atomic force microscopy. It was found that the force of 

adhesion remained constant for all three materials up to 200°C followed by a rapid increase above this 

temperature. Karlsson et al. [115] attributed this to a reduction in the stability of the crystal structure 

at elevated temperature and suggested that this may affect adhesion. It was also noted that adhesion is 

sensitive to both crystal structure (the three alloys tested were hcp, bcc and fcc for CP Ti, low-alloy 

steel and austenitic steel respectively) and orientation.   

Much of the work performed by Kim, Kim and colleagues has suggested that adhesion can be 

prevented by the presence of surface oxides, with couples undergoing adhesion (and then galling) 

after oxide breakdown [13–15]. Adhesion between oxide layers is poor, with surface oxides offering a 

degree of solid state lubrication. It may be that once metal-on-metal contact has been established, 

severe adhesion cannot be prevented and that the stability of protective surface layers controls 

adhesion rather than the strength of adhesive forces themselves.  

2.5.8 Microstructures of some modern iron-base hard facing alloys 

There are now a range of iron-base hard facings which have been developed to incorporate the 

beneficial aspects of cobalt-base Stellite 6. Some examples of these alloys with their microstructures 

will now be discussed.  
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2.5.8.1 Nitronic 60 

Nitronic 60 was developed as a galling resistant equivalent to 316 austenitic stainless steel and as a 

result has a similar composition (see Table 2.2). It is purported to have galling resistance at elevated 

temperature [116]; however it is not equivalent in galling resistance to Stellite 6, displaying a 

significant reduction in galling resistance at 300°C [12].  

 

 

Figure 2.15: Microstructures of Nitronic 60. (a) Optical micrograph showing austenite (light) and ferrite (dark), 
adapted from [117]. (b) EBSD phase map showing austenite (red) and ferrite (green), adapted from [55].  

 

Microstructurally, Nitronic 60 is mainly austenitic with a small amount of δ-ferrite dispersed 

throughout the matrix, as shown in Figure 2.15 [117]. The δ-ferrite reduces the grain size whilst 

strengthening the material by impeding dislocation motion. Whilst the original patent 

(US 4487630 A [118]) mentions the precipitation of carbides and boride, hard phases are not typically 

seen in Nitronic 60 [117,119,120]. Schumacher [121] attributed the galling resistance of Nitronic 60 

to its low stacking fault energy giving a high work-hardening rate and to the formation of lubricating 

surface oxide layers, reducing surface friction and protecting the metal matrix. Hsu et al. [79] found 

that Nitronic 60 readily forms α′-martensite under deformation, again causing significant work-

hardening.  

2.5.8.2 Tristelle 5183 

Tristelle 5183 was developed from Nitronic 60 with the intention of adding carbides to the galling 

resistant Nitronic 60 matrix, since carbides are known to offer improvements in galling resistance. 

Like Nitronic 60 and other iron-base hard facing alloys, Tristelle 5183 was intended to have a low 

stacking fault energy matrix, leading to a high work-hardening rate and the ability to form lubricating, 

protective surface oxides [122]. Tristelle 5183 can be both welded or powder HIPed, with HIPed 

valve inserts having already been used within Rolls-Royce nuclear plants [38]. 
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Microstructurally, Tristelle 5183 is predominantly austenitic with a minor fraction of ferrite and two 

carbide phases: niobium carbide NbC and chromium carbide Cr7C3 [55]. The chromium carbides are 

well distributed throughout the microstructure and are typically of the order of 1 μm in diameter. Two 

variants of niobium carbide exist. Extremely fine (< 1 μm) NbC particles are found throughout the 

microstructure. Extremely large niobium carbides (in excess of 10 μm) are also found. Figure 2.16 

shows an example microstructure containing all of the key features.  

 

 

Figure 2.16: EBSD phase map of Tristelle 5183 showing austenite in red, ferrite in green, Cr7C3 as blue and 
NbC as pink. Note the extremely large niobium carbide at the lower left of the image. Adapted from [55].  

 

Since Tristelle 5183 is primarily manufactured with powder HIP, the microstructure is typical refined, 

with a small grain size. The powder has been well characterised, with many of the microstructural 

features found in the HIPed alloy related to the powder microstructure. For example, larger austenite 

grains are found to surround large niobium carbide particles, leading to regions of course 

microstructure following HIPing [39].  

Tristelle 5183 has been found to have reasonable galling resistance and has performed well during 

several valve flow-loop experiments. Burdett [12] found that Tristelle 5183 showed some reduction in 

threshold galling load at 300°C from room temperature, but this value was still above that maximum 

predicted valve load. Whilst performing reasonably well in terms of galling resistance, Tristelle 5183 

has some corrosion susceptibility, with some pitting and selective attack seen during endurance tests 

under reactor conditions. The surface roughness due to pitting can leave a surface susceptible to 

galling [38]. Although these were carried out with CANDU [123] and BWR [124] water chemistries, 

these conditions are not too dissimilar to that seen in a PWR. Therefore, the corrosion resistance of 

Tristelle 5183 may not be sufficient for operational use.  

2.5.8.3 RR2450 

The Rolls-Royce patented alloy RR2450 is a further development of Tristelle 5183, with 

compositional changes made to increase the hardness and hard phase volume fraction. RR2450, as 
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described in the patent (US 5,660,939 [125]), takes the commercially available Tristelle 5183, adds 

titanium and increases the content of niobium and silicon. These compositional changes lead to an 

austenitic-ferritic duplex microstructure with a significant volume fraction of a novel Fe-Cr-Ni-Si 

intermetallic silicide phase [81,126]. Secondary hardening occurs within the ferritic phase. This alloy 

is ideally HIPed in order to produce a fine microstructure to further enhance hardness [125]. The 

microstructure is shown in Figure 2.17, displaying a fine dispersion of silicides and carbides within 

the austenite and δ-ferrite grains. 

 

 

Figure 2.17: EBSD phase map of powder HIP RR2450, displaying homogeneous microstructure containing two 
metallic phases, the Fe-Cr-Ni-Si intermetallic silicide phase and three carbides phases. Adapted from [55].  

 

The extremely hard silicide phase has a volume fraction of approximately 23% [81]. Along with the 

high carbide volume fraction, these hard phases result in a hard, yet brittle alloy displaying little 

plasticity and fracture during testing [55]. The high content of hard phases leads to a range fracture 

behaviour, demonstrating both carbide pull-out and carbide fracture [55]. This could be of concern for 

during sliding contact, leading to the formation of large wear particles in excess of 100 μm in 

diameter. Powder HIP offers the most suitable manufacturing route due to the high volume fraction of 

hard phases. Little other information is readily available in the open literature due to the commercial 

sensitivity of this alloy.  

2.6 Mechanistic modelling of galling 

Whilst there is a significant body of work on modelling the various aspects of tribological contact and 

wear (see the review of Vakis et al. [17]), there is little which relates specifically to galling at the 

micron length scale. Of the work pertinent to galling, much of it is focussed on metal forming 

processes and the galling of the dies, tooling and the workpieces themselves [80,115,127–129]. This 

is a different operational environment to that experienced by a valve hard facing. Metal forming dies 

experience lower loads and greater sliding speeds of the order of centimetres to metres per second 
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than experienced by valve seats and are almost always lubricated, changing the conditions under 

which galling occurs.  

The Greenwood and Williamson (G&W) [130] statistical model typically forms the basis of much 

modelling work. The Greenwood and Williamson treatment of rough contact considers the elastic 

deformation of a single asperity and then considers the effect of a large number of these asperities. 

These asperities are assumed to be approximately hemispherical at their summits, undergo Hertzian 

elastic contact and to exist and deform independently of one another.  

The assumptions of the G&W model have been gradually relaxed over time. Since the entire load of 

the contacting surfaces is supported by the asperity tips, a modest remote load will generate intense 

localised loads in excess of the yield stress, invalidating the assumption of complete elasticity. 

Chang et al. [131] extended the G&W to include plastic deformation of the asperities. 

Kogut and Etsion [132] expanded upon this technique, applying finite element models of 

hemispherical asperity tips and relating this to larger surfaces with the G&W model. Others have 

developed explicit models, generating large area synthetic rough surfaces and modelling their 

deformation under contact with flat, rigid planes [133,134].  

Surface roughness is categorised over a range of length scales with rough surfaces exhibiting self-

affine, fractal-like character [135]. Since the roughness of engineering surfaces is of the order of 

0.1 μm to 10 μm, the key length scale of asperity tips would be of the order of microns and the length 

scale dependence of plasticity would become important. This has been examined with the use of strain 

gradient-dependent plasticity [136] and discrete dislocation dynamics [137] simulations of sinusoidal 

elastic-plastic asperities within the G&W framework.  

Whilst there has been progress in incorporating physically based mechanisms in modelling the contact 

of rough surfaces, modelling the extensive damage inherent in galling is far more difficult. Galling 

causes substantial changes to the surface roughness, invalidating models such as G&W. Since galling 

is generally categorised as an adhesive wear process, modelling the adhesive wear between surfaces is 

of most relevance. Following the argument of Budinski [18] that galling initiates at the lowest levels 

of surface roughness, models have been developed at this extremely reduced length scale.  

Molinari and co-workers [138–141] have applied molecular dynamics (MD) simulations to the 

formation of wear debris between rough surfaces. These studies have assessed the deformation of 

hemispherical indenters under normally loaded contact with flat planes and assessed the interactions 

of interlocking hemispherical asperities shearing one another during sliding. A critical asperity length 

scale was suggested in forming wear debris. However, it is difficult to rationalise the formation of 

wear debris at the atomic length scale (as suggested in the MD models) with the wear debris and 

surface roughness found in experimentally examined galled surface. 
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Barzdajn et al. [142] examined sliding rough surfaces within a crystal plasticity finite element 

framework. This study used rough surfaces taken from experimental profilometry measurements with 

a representative synthetic microstructure to understand asperity deformation in 316L stainless steel. A 

length scale of 10 μm was suggested to be important to galling, representing the depth below the 

material over which plasticity occurred. The plastic response of these short surface profile sections 

was related statistically to the galling frequency measure introduced in ASTM G196 [142]. 

Crystallographic texture and material properties were found to have only a small effect on the 

calculated galling frequency. Asperity geometry was found to dominate as the shape of the asperity 

tip controls the stress state experienced by the material.  

Whilst there has been a significant degree of research into the contact of rough surfaces, little has 

been done to understand the extreme plastic deformation mechanisms observed in galling. The 

success of the G&W model in using the deformation response of single asperities and small areas of 

surface to capture the contact behaviour of larger surfaces shows the importance of understanding the 

deformation phenomena occurring at the asperity length scale.  

2.7 Correlative electron microscopy in characterising stainless steels 

One of the primary goals of this thesis is to apply high-resolution digital image correlation (HR-DIC) 

and high-angular resolution electron backscatter diffraction (HR-EBSD) to study the deformation of 

iron-base hard facing alloys at elevated temperatures. There is no precedent in the literature to 

applying them simultaneously at elevated temperatures to these materials. In general, iron-base hard 

facing alloys and their micromechanics have not been studied in any particular detail at the grain 

length scale, with only the deformation studies of Zhao et al. [55] examining microscale deformation 

behaviour of this type of alloy. This section will discuss the underpinning theory of these two 

techniques and examples of the use of these techniques to investigate the micromechanical 

deformation of stainless steels. The discussion focusses on the relatively new simultaneous use of DIC 

and EBSD, with measurements from the respective techniques correlated.  

2.7.1 Digital image correlation 

The use of digital image correlation for strain measurement in materials science has undergone 

extremely rapid growth in the last few years, with the number of articles discussing “digital image 

correlation” increasing from tens of articles in 2000 to over 600 articles in 2015 [143]. DIC for strain 

measurement was first developed at the University of South Carolina as a non-contact method of two 

dimensional strain measurement on the free surfaces of test specimens [144–148]. With improvements 

in both computational power and imaging equipment, studies have now been conducted over a wide 
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range of length scales and materials such as metals (numerous discussed here), concrete [149], 

composites [150], wood [151] and polymers [152].  

The spatial resolution of strain measurement is limited by two factors: the size of the surface features 

used to correlate between images and the spatial resolution of the technique used to capture the 

images [143,153]. Typically artificial speckle patterns are used and various pattern application 

techniques exist (discussed in detail in the review of Dong and Pan [143] and in Chapter 5) with those 

relying on vapour rearrangement of thin metal films [55,154–156], focussed ion beam milling [157] 

and deposition [158], and spin coating [159] giving speckle sizes approaching the order of 

nanometres. Since the technique relies on the correlation of arrays of intensity, there are several 

images techniques suitable. Light microscopy can be used for larger spatial resolutions, providing 

strain measurement over larger areas. At a reduced length scale, scanning electron microscopy (SEM), 

atomic force microscopy (AFM) and scanning tunnelling microscopy (STM) can all be used to 

capture images [153]. Recently, the use of SEM based DIC with vapour rearranged metal films is the 

most popular technique for micromechanical deformation studies in metallic alloys [55,103,156,160–

168]. This DIC technique has come to the fore in the last ten years, revealing highly heterogeneous 

deformation behaviour in a range of alloy systems such as magnesium [168], titanium [162], 

zirconium [161,169] and steel [55,103,156,160,170]. Since DIC is now a relatively established 

technique, it is highly suitable for studying the micromechanics of iron-base hard facing alloys.  

The DIC framework used here is that described by Jiang et al. [164], using the same in-house 

MATLAB program. Commercial software often uses proprietary methods and algorithms of which 

the user has no control or understanding, whereas full control of the underlying processes is available 

to the user with this in-house program.  

2.7.1.1 Principles of digital image correlation 

The basic principle of DIC is the correlation of consistent features between each image in a series. By 

tracking the displacements of these features, one can measure their relative shifts and, from this, 

calculate the in-plane deformation gradient tensor. The underpinning mathematics is independent of 

length scale and uses the same large deformation framework as used in the continuum mechanics 

modelling also discussed in this thesis.  

For a general deformation, the deformation gradient tensor F maps an undeformed body onto the 

corresponding deformed body. Throughout this discussion, upper case variables represent the 

reference configuration whilst lower case variables correspond to the deformed configuration. Figure 

2.18 shows the deformation of a small line segment dX between points P and Q onto the dx between 

corresponding point p and q in the deformed body. The vector u represents the field of displacements 

with respect to the undeformed reference frame.  
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Figure 2.18: Representation of an arbitrary deformation. Objects relating to the undeformed 
configuration (P, Q, X) are capitalised, objects related to the deformed configuration (p, q, x) are in lower case. 

 

Relating the dX to dx using the geometric construction in Figure 2.18 gives  

 " � d" � $ � d$ � %	$ � d$�    (2.7.1) 

where u is a function of X. This can then be rearranged and written as  

 d" � d$ � d% � d$ � d%d$ d$ (2.7.2) 

Grouping the dX terms results in the deformation gradient tensor F mapping dX to dx, where I is the 

identity tensor. 

 d" � &' � d%d$( d$ � ) d$ (2.7.3) 

 

Calculating the values of the displacement field can be achieved with digital image correlation, 

correlating features between images captured at different stages of deformation. Each image must 

contain consistent features which are unaffected by the deformation. The size of these features, and 

the ability to accurately capture images of them, are the limiting factors of this technique. The 

application of a suitable speckle to decorate specimen surfaces is therefore highly important. Since the 

aims of this study are to examine deformation at the grain length scale, a speckle pattern of the size of 

tens to hundreds of nanometres is required. A wide range of speckle patterns have been used in the 

literature to measure deformation over a range of length scales [171]. For speckle patterning at this 
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length scale, the main methods are thin metal film remodelling, electron beam lithography and 

focussed ion beam methods (FIB deposition or FIB milling). The review of  Dong and Pan [143] 

describes these methods in more detail. For this work, the same gold remodelling technique as used 

by Zhao et al. [55] was used. The technique of rearranging thin gold films into a layer of random 

nanometre scale islands was first developed by Luo et al. [155] and further developed by 

Scrivens et al. [154], successfully using this technique in DIC. Details of the techniques used to 

produce gold speckle patterns in this work are given in Section 5.2.1.  

Various methods exist for correlating reference and deformed images. Digital images are arrays of 

individual grey levels and these grey levels can be correlated between images. Much of the initial 

work in using image correlation for displacement measurements was performed by Sutton and co-

workers [144–148] and, while this early work centred on the use of optical cameras, the concepts are 

fully transferable to electron microscopy based DIC. In general, DIC operates by dividing the 

reference image into a series of subsets (or interrogation windows) and finding the corresponding 

subset in the deformed image [171]. Correlation between single pixels would not be appropriate since 

there will be many pixels in the deformed image matching the grey level of a test pixel in the 

reference image. Selecting a larger number of pixels increases the likelihood of successful correlation. 

Subsets need not be entirely discrete of one another and the overlapping of subsets is frequently used 

to increase the spatial resolution of the displacement and strain measurements.  

The test subset is slid across the deformed image to search for the corresponding deformed subset. A 

measure of the “goodness” of the correlation between the test subset and an arbitrary subset in the 

deformed image is required  to definitively select the correct deformed subset. Various correlation 

coefficients exist, with Pan et al. [172] comparing several commonly used in the literature. For a 

given N×N subset containing n pixels, the grey levels of pixel i in the reference and deformed subset 

are denoted by fi and gi respectively. A correlation coefficient for the entire subset of n pixels can then 

be constructed. Two examples of simple correlation coefficients are the direct (CC) and zero-mean 

(ZCC) correlation coefficients 

 *++ �  , �-.--  (2.7.4) 

 */++ �  , 01�- � �̅3	.- � .̅�4-  (2.7.5) 

 

where � ̅and .̅ are the mean grey values for the reference and deformed subsets. A range of other 

correlation coefficients exist, varying in complexity, utility and robustness [172]. 

In this work, subsets are transformed to the Fourier domain using a fast Fourier transform (FFT) 

algorithm with band pass filtering used to reject noise. Cross-correlation was also performed in the 
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Fourier domain. Once successive image subset correlation is achieved, the displacement vector u can 

be measured and the final subset position x can be calculated by adding u to the reference position X. 

Quadratic shape functions can then be fitted to the array of points to estimate the displacement 

field [164].  

Once the displacement field between the two images has been ascertained using an image correlation 

technique, the in-plane components of the deformation gradient tensor are known.  

 ) � 5677 678 679687 688 689697 698 699
: (2.7.6) 

   

No knowledge is available of the out of plane components F13, F31, F23, F32 and F33. In-plane 

displacements are likely to be much larger than and out of plane components but there will be a 

certain degree of out of plane motion. This method makes no assumptions of the out of plane 

components and does not force their values to be zero (i.e. no plane strain conditions are applied) but 

their true values cannot be measured.  

The deformation gradient tensor can be used to calculate the Green strain tensor E.  

 ; � 12 	)=) � '� (2.7.7) 

   

Using the polar decomposition theorem to express F in terms of a rigid body rotation R and a stretch 

U, E can be shown to be independent of rigid body rotation and depend only on the stretch tensor U 

by noting that RTR = I. 

 ) � >? ⇒ )=) � 	>?�=	>?� � ?=>=> ? �  ?=? (2.7.8) 

   

The effective strain can then be calculated from E  

 ABCC � D23 ;: ;  (2.7.9) 

   

With full knowledge of the strain tensor E, maximum shear strains can also be calculated in the 

typical way. This may be a more representative measure of deformation than Eeff as crystallographic 

slip is a shearing mechanism. 
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 AGHI.KLBHM � D&A77 � A882 (8 � A788     (2.7.10) 

 

As with F, only in-plane components of the Green strain tensor components are accessible with this 

method, but again, the in-plane strains will be typically much larger than any out of plane strains due 

to the mode of deformation.  

2.7.1.2 DIC in the scanning electron microscope 

Strain measurement at the grain length scale is not possible with optical microscopy and images must 

be recorded with a scanning electron microscope. However, differences in the way images are 

recorded between an optical camera and an SEM affect the resulting images. In an optical camera, the 

charge-coupled device (CCD) records the entire image at once. In an SEM, the beam rapidly traverses 

a selected area in a raster scan, recording an intensity value at each beam position and therefore does 

not record the entirety of the image at once. The accuracy of the beam position can result in artefacts 

and spurious measurements in resulting strain maps. The beam position is typically controlled by an 

open loop control system so there is no feedback as to whether the beam is correctly positioned. 

Therefore, the electron beam deviates from the ideal raster scan. Sutton et al. [171] have found that 

these errors are effectively random and their effect diminished by integrating images. This is done by 

scanning multiple images of an identical region and summing the intensity values at each pixel. 

However, this can cause blurring of the image due to the random errors in the beam position. As such 

it was decided to use a single image or arrangement of single images stitched together for image 

correlation in this study. When overlapping images were required, a significant degree of overlap 

(25%) was used to prevent additional error. 

2.7.2 Electron backscatter diffraction  

Electron backscatter diffraction is now a routine materials characterisation technique, producing maps 

of microstructural information containing spatially resolved grain orientations and phases [173,174]. 

If maps are taken of representative areas, statistical information such as grain size distribution and 

orientation distribution can be extracted. These conventional EBSD measurements use an automated 

indexing technique to calculate crystallographic orientation from the recorded diffraction patterns, 

giving an angular resolution of approximately 0.5 to 1° in orientation [173]. 

High-angular resolution EBSD improves the sensitivity of this technique by using image correlation 

techniques to directly compare multiple electron backscatter diffraction patterns (EBSPs). The 

application of these image correlation techniques to EBSD was first performed by Wilkinson, Meaden 
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and Dingley [175,176]. This methodology can be used to extract relative elastic strains since 

compares pairs of EBSPs. The sensitivity of the strain measurement has been shown to be 

approximately 1 × 10-4 [175].  Since EBSD measurements avail crystal orientations, stresses can also 

be estimated provided that the anisotropic stiffness tensor is known.  

HR-EBSD can also be used to measure some components of the lattice curvature tensor to higher 

degree of sensitivity than conventional EBSD. This lattice curvature information can then be used to 

calculate Nye’s tensor [177] and ultimately estimate geometrically necessary dislocation (GND) 

densities [178–180]. These measures can be used, alongside those obtained in conventional EBSD 

such as grain reference orientation deviation (GROD), kernel average misorientation (KAM) and 

Radon pattern quality, to probe deformation at reduced length scales.   

2.7.2.1 Conventional electron backscatter diffraction 

EBSD is an SEM technique in which the experiment geometry (Figure 2.19) is optimised to allow for 

the capture of electron backscatter diffraction patterns (EBSP). 

 

Figure 2.19: EBSD geometry showing the sample tilt of 70°, the cones of diffracted elections and the Kikuchi 
band formed at the intersection of the Kossel cones and the plane of the detector phosphor. Adapted from 
Schwartz et al. [174].  

 

The electron probe is scanned across the specimen surface (typically in a rectangular grid) and parked 

at pre-selected positions. At each scan position, backscattered electrons are collected by a phosphor 

screen. The interplanar spacing within the atomic lattice determines whether electrons will diffract 

and be returned from the specimen surface. Those electrons satisfying the Bragg condition 

(equation 2.7.11, symbol definitions are given in Figure 2.20) will be diffracted and collected by the 

detector.  

 NO � 2PQRS sin W (2.7.11) 
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Figure 2.20: Bragg condition where n is an arbitrary integer, λ the wavelength of the incident electrons, dhkl the 
interplanar spacing for lattice plane (hkl) and θ the Bragg angle. For constructive interference, the path 
difference 2dhkl sinθ must be equal to an integer number of wavelengths.  

 

The specimen surface is typically angled at 20° to the phosphor screen (i.e. 70° to the horizontal) and 

a high electron accelerating voltage (typically in excess of 20 kV) is used to maximise the number of 

backscattered electrons collected by the detector. The Bragg condition results in Kossel diffraction 

cones, with the lines of intersection between these cones and the plane of the detector screen leading 

to the formation of bands of elevated intensity known as Kikuchi bands. A series of lenses and a 

charge coupled device (CCD) records these EBSPs. Measurement of the positions of the Kikuchi 

bands using a Hough transformation allows for the calculation of interplanar angles. The SEM is 

connected to external software, which controls the beam position and analyses the resulting EBSPs. 

Using a lookup table of known interplanar angles allows both phase and orientation to be discerned 

for a diffraction pattern. This process is repeated at each scan position, generating a microstructural 

map of orientation and phase information.  

The orientations recorded at each scan point are given using Euler angles in the Bunge (ZXZ) 

convention. With the Bunge convention, the reference crystal is first rotated through an angle X7 

about the z-axis. The crystal is then rotated through Φ about the new x’-axis. Finally, the crystal is 

rotated through X8 about the new z’-axis. The full rotation matrix can be represented as  

 > � >Z	X8� >[	Φ� >Z	X7� (2.7.12) 

 > � 5cos X8 � sin X8 0sin X8 cos X8 00 0 1: 51 0 00 cos Φ � sin Φ0 sin Φ cos Φ : 5cos X7 � sin X7 0sin X7 cos X7 00 0 1: (2.7.13) 

 

Knowledge of this rotation matrix is useful in the generation of faithfully representative 

microstructure models to be analysed using crystal plasticity methods.  
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Phase discrimination with EBSD alone is not without difficulty, especially when multiple phases with 

similar crystal structures are considered. Since the EBSPs are related to the arrangement of atoms in 

the crystal lattice, phases with the same space group and similar lattice parameters are difficult to 

differentiate between. In this work, this problem presented itself during the characterisation of the 

alloy Tristelle 5183, which contains an austenitic phase and niobium carbide phase. These phases both 

share the Fm3_m space group with similar lattice parameters γ-Fe: 0.36 Å [181], NbC: 0.45 Å [182]. 

This difficulty was overcome by using combined energy dispersive x-ray spectroscopy (EDX) and 

EBSD to differentiate the two phases when required [174,183].  

2.7.2.2 High-angular resolution electron backscatter diffraction 

High-angular resolution electron backscatter diffraction (HR-EBSD) uses the EBSPs recorded in a 

similar way to those in conventional EBSD to reveal elastic strain and geometrically necessary 

dislocation density information in addition to the phase and orientation information measured in 

conventional EBSD. The Kikuchi bands within EBSPs are direct projections of the positions of the 

lattice planes within the material of interest. Elastic strains within a material disturb this atomic lattice 

from its natural, unstrained configuration and these strains manifest themselves as changes in the 

positions and orientations of their corresponding Kikuchi bands. Rather than using the Hough 

transform to calculate the position of these bands, the HR-EBSD technique as developed by 

Wilkinson, Meaden and Dingley [175,176] relies on the use of image cross-correlation techniques to 

measure shifts between patterns. To facilitate this, patterns are recorded at a high-resolution; for 

example, the Bruker e-flash EBSD detector [184] used in this work has a native CCD resolution 

1600 × 1200 with this binned down to 800 × 600.  

2.7.2.2.1 Calculating elastic strains 

The basis of this method is to use a geometric construction to relate the shifts in patterns due to 

deformation to elastic strains. This construction is shown in Figure 2.21. The transformation pushing a 

vector r in the reference configuration into r′ in the deformed configuration can be related by a 

displacement vector Q. The vector Q manifests itself as a shift in the pattern, represented by the vector 

q. Figure 2.22 shows the equivalent geometry in relation to the specimen and detector phosphor 

screen.  
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Figure 2.21: Vector r′ represents the deformed configuration of the vector r in the reference configuration. The 
displacement vector is Q = r′ - r. The vector q represents the resulting projected shift onto the EBSD detector. λ 
is an undetermined scalar. Adapted from [185].  

 

 

Figure 2.22: Geometry of the EBSD set-up detailing the projected pattern shift q with relation to the specimen. p 
is a vector representing the minimum distance between the specimen interaction volume and the detector 
phosphor. The point at which p intersects the phosphor screen is the pattern centre. Adapted from [186]. 

 

From Figure 2.21, it can be found that  

 ` � a � Ob � bc � b � Ob � bc � 	1 � O�b (2.7.14) 

The strain gradient tensor A can be used to map r onto r′ such that.  

 bc � d b (2.7.15) 

and where the A can be expressed in terms of displacement gradients. 
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Relating the two equations leads to  

 ` � 	d � 	1 � O� ' �b (2.7.17) 

 

This relationship results in three simultaneous equations relating the three components of q to the 

three components of r. The value of the scalar λ remains unknown but can be eliminated by 

substituting one of the three simultaneous equations into the other two. Expanding these simultaneous 

equations and substituting to remove λ leads to two simultaneous equations where ri and qi are the 

components of the vectors r and q respectively. 

 m7 dh8di7 � m8 &dh8di8 � dh9di9 ( � m9 dh8di9 � m7m8m9
dh9di � m88m9

dh9di8 � n8 (2.7.18) 

 m7 &dh7di7 � dh9di9( � m8 dh7di8 � m9 dh7di9 � m78m9
dh9di7 � m7m8m9

dh9di8 � n7 (2.7.19) 

 

By measuring multiple pattern shifts (typically four), and ensuring that these shifts are not colinear, 

the off-diagonal terms of the displacement gradient tensor β as well as the differences 

(du1/dX1 – du3/dX3) and (du2/dX2 – du3/dX3) can be calculated.  

This methodology can only access these deviatoric components of the elastic strain tensor as 

hydrostatic strain results in lattice dilation only and not the interplanar angle changes measured here. 

Improvements in detector technology may soon allow the changes in EBSPs associated with lattice 

dilation  to be used for direct measurements of hydrostatic strains [186] but currently an additional 

assumption is required to determine the diagonal terms of β. A plane stress assumption can be applied 

to reduce the number of unknowns in the set of equations by assuming σ33 = 0.  

Since this is a surface-based technique with electrons penetrating the specimen surface tens of 

nanometres [187], limiting measurements to this thin subsurface layer, a plane stress assumption is 

appropriate. The unknown strain components can then be calculated by using the anisotropic stiffness 

tensor and Hooke’s law. In a similar way to that described in Section 2.7.1, once Fe is known the 
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elastic strain tensor Ee can be calculated. Another useful measure is the lattice rotation Re, calculated 

by applying the polar decomposition theorem to Fe, where Ue is the right elastic stretch tensor.  

 ;B � 12 1)B=)B  �  '3 (2.7.20) 

 >B � )B?Bo7 (2.7.21) 

 

This analysis is not satisfactory in the presence of large lattice rotations. Britton and Wilkinson [188] 

concluded that, for larger rotations (i.e. in excess of approximately 11° [186]), lattice rotation 

dominates pattern shift, introducing significant errors in strain measurement. An improved 

methodology has been presented by Britton and Wilkinson [186] which is appropriate for use in the 

presence of larger rotations. In this methodology, a first pass of cross-correlation is used to estimate 

the displacement gradient tensor which is used to remap the interrogation EBSP so that it is closer to 

the reference pattern. A second pass of cross-correlation is then performed, and a second displacement 

gradient tensor is calculated. These two displacement gradient tensors are combined, and the analysis 

is continued as before to calculate the elastic strain tensor as before. This improved approach is fully 

described by Britton and Wilkinson [186] and their in-house developed MATLAB program is used to 

perform the computations within this work.  

One difficulty inherent to this style of technique is the reference pattern problem [173]. Ideally, the 

reference pattern to which all other pattern shifts are measured would be entirely strain free but in 

practice this is often not the case. It is challenging to determine whether a region is truly strain free 

and, therefore, HR-EBSD measurements result in strain gradients rather than absolute values of strain. 

The in-house code here takes the pattern at the point of highest pattern quality within the central 

region of the grain. This results in the reference points, and its corresponding pattern, changing 

between pre- and post- deformation. This reference point change can result in seemingly large 

changes in strains and care must be taken in interpreting the corresponding strain maps. Nonetheless, 

useful inferences of the intragranular distributions of residual elastic strains can still be made.  

2.7.2.2.2 Geometrically necessary dislocation densities 

Thus far the discussion has centred on the use of HR-EBSD to calculate residual elastic strains. 

Geometrically necessary dislocations (GNDs) are those required to support lattice curvature and are 

responsible for length scale effects observed during the deformation of metals [177,178]. This is 

opposed to statistically stored dislocations (SSDs) which are randomly distributed throughout the 

material and generated through plastic deformation. Since HR-EBSD reveals the elastic deformation 

tensor Fe, GND densities can therefore be estimated. This connection between EBSD measurements 
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and GND densities is described in depth by Wilkinson and Randman [179] and Pantleon [180] and 

summarised by Jiang et al. [164].  

The treatment of GND density begins by stipulating that a line integral of the total deformation tensor 

F around a closed circuit Γ must equal zero.  

 p ) ∙ drs � 0 (2.7.22) 

In the presence of GNDs, the closure failure of the Burgers circuit B can be expressed in terms of 

either the elastic or plastic part of the deformation gradient, in the deformed configuration. 

 t � p )B ∙ dr s �  � p )u ∙ drs  (2.7.23) 

Applying Stokes theorem with an arbitrary surface S = rS with plane normal r bounded by Γ allows 

this to be expressed in terms of the curl of Fe.  

 t � v curl	)B�z ∙ bd{ (2.7.24) 

This can be related to Nye’s dislocation tensor α [177] 

 t � v |z ∙ bd{   (2.7.25) 

and therefore, Nye’s tensor can be calculated from Fe.  

 | � curl	)B�  (2.7.26) 

 

The surface-based nature of HR-EBSD prevents the calculation of the out of plane components of the 

curl of Fe, even though one has full knowledge of Fe (using the plane-stress assumption). Using 

equation 2.7.26, Nye’s tensor can be written in terms of lattice strain εe and rotation we components. 

The terms containing out of plane derivatives (∂/∂x3) are inaccessible. Care must be taken when 

calculating the curl of a second order tensor such as Fe with this issue discussed at length by 

Das et al. [189].  



Chapter 2 - Literature review 

77 

 

| �
⎝
⎜⎜⎛

}~���
}[� � }~���

}[�
}~���
}[�

}~���
}[�}~���

}[�
}~���
}[� � }~���

}[�
}~���
}[�}~���

}[�
}~���
}[�

}~���
}[� � }~���

}[� ⎠
⎟⎟⎞ �

                                           
⎝
⎜⎜⎛

}����
}[� � }����

}[�
}����
}[� � }����

}[�
}����
}[� � }����

}[�}����
}[� � }����

}[�
}����
}[� � }����

}[�
}����
}[� � }����

}[�}����
}[� � }����

}[�
}����
}[� � }����

}[�
}����
}[� � }����

}[� ⎠
⎟⎟⎞  

(2.7.27) 

 

Rotation gradients (terms in w) are generally found to be much larger than strain gradients (terms in ε) 

and, as such, the second tensor in equation 2.7.27 can be neglected [179,189]. Since the derivatives in 

x3 are undetermined, only five components of Nye’s tensor are known: α12, α13, α21, α23 and α33. 

Pantleon [180] has shown that the difference α11 – α22 can also be determined.  

The closure failure B comprises the contributions from the net contributions of the GND density ρG 

normal to the surface and the burgers vector bG [164,190].  

 t � v 	�� ⊗ ���z ∙ bd{ (2.7.28) 

Equating this relationship to equations 2.7.25 and 2.7.26 and considering all possible slip systems, 

where a general slip system is denoted by κ related Nye’s tensor to GND densities [189]  

 | �  , ��� ⊗ ����  (2.7.29) 

It is typically assumed that dislocations are either pure edge type or pure screw type. In this work, the 

fcc and bcc crystal structures are of most relevance in the context of stainless steel. In fcc, slip is 

typically restricted to the <110>{111} systems, leading to 24 pure edge and 12 pure screw dislocation 

types [191]. Correspondingly for bcc, slip is on the <111>{110} systems and there are 12 pure edge 

and four pure screw dislocation types [179]. Equation 3.1.12 can be recast in a system of linear 

equations with the vector Λ containing the measured components of α, ρ a vector of dislocation 

densities for each dislocation type and the linear operator A containing the dyadic product of the 

burgers vectors and line directions of each dislocation type [179,189].  

 d � � � (2.7.30) 

This problem is underdetermined as, in general, deforming materials contain more than six dislocation 

types. A consequence of this non-uniqueness is that there are many possible combinations of 

dislocation types which will satisfy this relationship and an optimisation scheme must be employed to 

find a solution.  
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Two optimisation schemes are common in the literature: the energy motivated L1 method or the 

mathematically convenient L2 method. L1-minimisation minimises the total dislocation elastic energy 

associated with a combination of edge and screw dislocations; this minimisation method has the 

advantage of being physically motivated [179]. Explicitly, minimising the total dislocation elastic 

energy minimises the expression  

 
11 � � , ��B��B

� �  , ��K�MB��  (2.7.31) 

 

where ν is Poisson’s ratio. 

L2-minimisation has no physical basis but is mathematically convenient, minimising the sum of the 

squares of dislocation densities [192]. For this case, the expression 

 , ��8� � ��� (2.7.32) 

is minimised. The solution to this can be written using the Moore-Penrose pseudoinverse of matrix A 

such that  

 � � d�1dd�3o�� (2.7.33) 

 

This solution facilitates the use of well optimised solvers such as the LAPACK libraries for Fortran. 

In this work, an L1 minimisation scheme is used to calculate ρ from HR-EBSD measurements due to 

its physical basis.  

This concludes the description of electron backscatter diffraction. EBSD is a powerful tool which, 

when used appropriately, can provided detailed microstructural information. Extending the technique 

beyond the standard Hough-based indexing approach to measure residual elastic strains and 

geometrically necessary dislocation densities allows for detailed investigation of micromechanical 

deformation processes. When coupled with the digital image correlation technique introduced in 

Section 2.7.1, multiple metrics of deformation can be calculated and considered at once to better 

understand deformation mechanisms.  

2.7.3 Application of DIC and EBSD in stainless steels 

Correlated DIC and EBSD has been performed on several materials systems, as discussed in 

Section 2.7.1. This section focusses specifically on the use of these techniques on austenitic stainless 

steels. Due to their industrial and technological importance, austenitic stainless steels (mainly 300 
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series steels) have been thoroughly investigated in the literature using a range of techniques and 

testing methods. The micromechanical deformation mechanisms of stainless steels have 

predominantly been investigated with conventional EBSD rather than HR-EBSD. This is typically due 

to experimental practicalities. The presence of DIC speckle patterns interfere with EBSD 

measurements, with issues amplified in HR-EBSD due to the increased sensitivity of the 

measurements. It is therefore cumbersome to perform both HR-DIC and HR-EBSD on the same 

specimen [55]. None of the studies conducted in the literature employing both techniques 

simultaneously were performed at elevated temperature.   

Di Gioacchino and Fonseca [156] refined the gold remodelling patterning first developed by 

Luo et al. [155] and Scrivens et al. [154], optimising the pattern application for use with stainless 

steel. This was followed by an investigation of the deformation of 304L steel in which DIC was used 

to characterise the formation of slip bands alongside conventional EBSD [160]. A single EBSD scan 

was performed following deformation, removing the speckle pattern as well as several microns of 

underlying substrate to ensure the surface was suitable for EBSD.  Whilst not providing accurate 

quantitative measures of GND densities and elastic strains, conventional EBSD is essential when 

performing DIC at this length scale as it allows measurements of slip and total strain to be correlated 

with the microstructure. 

Uniaxial tensile testing was employed by Di Gioacchino and Fonseca [160], applying two loading 

cycles to a small-scale dog bone specimen. Following deformation, the majority of grains displayed 

arrays of relatively uniformly separated slip bands, likely a result of single slip system activation. The 

separation of the slip bands corresponded with the single crystal observations of Orowan [193]. These 

slip traces showed good agreement with those predicted by the crystallographic orientation of the 

grains with EBSD. In austenitic crystal, slip occurs on the {111}<110> systems. Accordingly, there 

are a maximum of four possible slip traces at the intersections of the four {111} type planes with the 

free surface. It is therefore impossible to definitively deduce the complete slip system with DIC alone 

as each slip trace could be due to a possible three slip direction on a {111} type slip plane. 

Di Gioacchino and Fonseca [160] approximated the local stress state with the global stress state to 

calculate Schmid factors for the slip systems within each grain. This methodology is often not 

satisfactory as the local microstructure has been shown to strongly influence the local stress state, 

causing deviations from the slip systems predicted to be active by global Schmid factors [194]. 

Experiments studying 316LN using HR-DIC with EBSD coupled with representative crystal plasticity 

models have demonstrated the large differences in local and global stress states and the role of 

microstructure [195].  

Some grains demonstrated multiple slip system activation but this was rare and confined to small 

regions of the grain [160]. The lack of HR-EBSD measurements in this study prevented any inference 
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of any possible accumulation of GNDs due to cross-hardening in regions where two slip bands 

intersected, suggesting slip system interaction. Interesting slip and lattice curvature behaviour was 

observed at the edges of grains. Slip bands were often found to bend, blur or become diffuse at grain 

boundaries. This was related to the generation of lattice curvature near the grain boundary in order to 

maintain compatibility between differently deforming grains. Whilst not directly measured with HR-

EBSD, this is analogous to the accumulation of GNDs since GNDs are required to support lattice 

curvature. This study demonstrates the complexity of the deformation behaviour of even a relatively 

simple microstructure.  

Polatidis et al. [170] investigated 304 stainless steel (similar to 304L but with a higher carbon 

concentration) in the context of multiaxial loading and martensite formation. Multiaxial loading was 

achieved using a cruciform specimen, allowing both uniaxial and biaxial loading conditions. Rather 

than applying an artificial speckle pattern, the region of interest was etched to generate sufficient 

surface roughness to act as trackable features for DIC. Whilst EBSD was used to characterise the 

microstructure and to determine regions where α′-martensite had formed, it was not used to measure 

any strains or GND densities.  

During uniaxial load, single slip system activation was dominant with only some small regions 

displaying multiple slip activation, concordant with the observations of 

Di Gioacchino and Fonseca [160]. However, multiple slip activation became more prevalent for 

corresponding equivalent strains under biaxial loading. Slip activation was analysed by, again, 

assuming that the global stress state was valid, neglecting the effect of microstructure. Biaxial loading 

was found to cause a greater deviation of experimental slip system activation from those predicted by 

global Schmid factors. This shows that the local microstructure is likely to have a stronger influence 

on the local stress state under global multiaxial loading than uniaxial loading and that effect of local 

microstructure on slip activation cannot be ignored.  

Slip interaction is important in the context of α′-martensite formation. Polatidis et al. [170] suggested 

that enhanced levels of multiple slip system activation would increase the likelihood of martensite 

formation by increasing the number of regions where slip system interaction occurs, increasing the 

density of martensite nucleation sites. Whilst not directly applicable to hard facing alloys as 304 is 

known to have extremely poor galling resistance [21,196], the formation of α′-martensite is suggested 

to be a hardening mechanism which may improve galling resistance [197] and 304 steel forms the 

basis for many iron-base hard facing alloys. Therefore, promoting this type of behaviour would likely 

be beneficial to galling resistance. The stress state during sliding wear is likely to be highly multiaxial 

with a substantial degree of shear and would be conducive to multiple slip system activation, 

promoting martensite formation. 
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Das et al. [103] also investigated the formation of α′-martensite, except using 301 austenitic stainless 

steel. EBSD maps were captured before and after deformation to characterise both microstructure and 

the formation of martensite. The gold remodelling technique was used to apply a speckle pattern, with 

strain maps recorded following each loading cycle up to a global effective strain of 10%. Deformation 

was found to occur through slip exclusively at low levels of strain, as observed through the formation 

of {111} type slip bands on the free surface. Some grains displayed multiple slip system activation. At 

higher levels of deformation, the γ → α′ strain induced martensite transformation was found to occur, 

producing plates of martensite running parallel to existing {111} slip bands. The 

Kurdjumov-Sachs [104] orientation relationship was found to adequately predict the experimentally 

measured orientations between the γ and α′ phases. Martensite plates were found to form on multiple 

{111} planes in grains where multiple slip systems were operative. This furthers the theory that 

multiple slip system activation is beneficial to the formation of α′-martensite.  

Zhao et al. [55] applied both HR-EBSD and HR-DIC in room temperature deformation studies in 

several iron-base hard facing alloys (Nitronic 60, Tristelle 5183 and RR2450) and the cobalt-base 

alloy Stellite 6. This study used HR-EBSD to measure GND densities and residual elastic strain pre- 

and post-deformation coupled to interrupted, ex-situ HR-DIC measurements following multiple 

deformation cycles. Unlike many other studies, a three-point bend specimen was used as opposed to 

the more typical tensile dog bone shaped specimen. This study represents the only example in which 

the micromechanical deformation of true iron-base hard facing alloys is examined in any detail.  

Deformation was shown to be highly heterogeneous in all materials. The microstructure of the 

Nitronic 60 examined in [55] is similar to those of the stainless steel studied in [103,156,160,170]. 

The microstructure was demonstrated to be the key to deformation, with the large grains allowing 

significant levels of plastic deformation and the formation of residual elastic stresses following 

deformation. A small area of the Nitronic 60 region of interest was examined in greater detail, 

allowing individual slip bands to be resolved with HR-DIC. Within this region, two slip systems were 

found to be operative within a single grain with the two set of slip bands impinging on one another. 

These two families of slip bands appeared to block one another. HR-EBSD measurement indicated a 

region of elevated GND density coincident with the region of slip interaction. This region of elevated 

GND density was suggested to be caused by cross-hardening due to the interaction of the two sets of 

slip bands. Deformation of RR2450 and Tristelle 5183 was found to be more complex [55]. The high 

volume fraction of hard phases in RR2450 resulted in limited levels of plasticity prior to specimen 

failure. The multiple phases within Tristelle 5183 caused significant GND density and hardening, 

demonstrating the mechanisms discussed in Section 2.5. 

These complex, multiphase iron-base hard facing alloys are not well studied, with most studies 

examining the bulk deformation behaviour [12,13,15] and neglecting micromechanical deformation. 
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The situation is further complicated by their complex microstructures and novel phases which have 

only recently been properly characterised [39,58,81]. The work of Zhao et al. [55] emphases the 

complicated micromechanics of multiphase hard facing alloys and the lack of thorough understanding 

of these mechanisms in the literature. Since galling is likely to be initiated at the microscale [18], a 

knowledge of the microscale deformation of these alloys is important in understanding their 

macroscale galling resistance. 

2.8 Summary  

Cobalt-base hard facing alloys represent the peak of both galling and wear resistance, leading to their 

extremely widespread use. Whilst iron-base alternative hard facing alloys have been in development 

since the 1970s, they cannot yet match the galling performance of Stellite-type alloys, especially at 

the elevated temperature encountered within light water reactors.  

Austenitic stainless steels form the basis of most modern iron-base hard facing alloys, due to their 

corrosion resistance and similarity, in crystal structure and microstructure to Stellite alloys. These 

base austenitic stainless steels are modified in order to capture the main features thought to improve 

galling resistance. A dispersion of fine, hard particles within a tough matrix is thought to promote 

wear and galling resistance by resisting high levels of plasticity with the carbides protecting the 

matrix from abrasive wear. However, the presence of hard particles can have a deleterious effect, 

causing brittle failure or the production of hard wear debris. A high work hardening rate also resists 

high levels of plasticity. Work hardening through a strain induced martensite transformation (mainly 

the γ → α′ transformation in the austenite phase) is thought to be key in stainless steels as it provides a 

hardened, protective surface layer. The formation of an oxide layer is also thought to aid galling 

resistance.  

Large amounts of modelling work have been performed at various length scales investigating contact 

and wear but these often do not consider the extreme levels of plasticity encountered in galling. There 

is also the issue of translating microscale deformation of surface asperities to macroscale galling 

damage. Some mechanistic studies have had some success in capturing the grain level deformation of 

rough surfaces and making inferences of the macroscale deformation. Building upon these studies and 

including further physical effects is one of the aims of this work. 

The use of two key experimental techniques, HR-DIC and HR-EBSD, in the study of the deformation 

of stainless steels have been reviewed. Deformation is extremely heterogeneous with crystallographic 

slip the dominant deformation mechanism in these alloys, sometimes leading to the formation of α′-

martensite. By combining the two, the material microstructure can be explicitly linked to deformation 

behaviour. This technique has been applied recently to hard facing alloys at room temperature. The 
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work in this thesis attempts to apply these techniques to study deformation at the temperature relevant 

to light water reactors to gain insight into the loss in galling resistance of iron-base hard facing alloys 

at elevated temperatures.  
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Chapter 3 - Modelling methodology 
This brief chapter introduces the main modelling methodology used throughout the various modelling 

chapters in this thesis. The crystal plasticity formulation used to capture deformation is introduced 

with its associated kinematics and flow and hardening rules. This provides an overview of the 

materials model implemented within the commercial finite element solver ABAQUS with the UMAT 

user-defined Fortran subroutine.   

3.1 The constitutive crystal plasticity model 

During the deformation of a ductile material such as a metal, deformation occurs in two stages. The 

first is elastic. This stage is fully reversible; the object will return to its initial, undeformed shape 

when the applied load is released. The second is plastic. This deformation is permanent and 

irreversible. For an arbitrary deformation, the deformation gradient tensor F can be used to quantify 

the deformation between the initial undeformed and final deformed configuration. The deformation 

gradient can be multiplicatively decomposed into elastic and plastic parts, Fe and Fp respectively.  

 ) � )B)u (3.1.1) 

Both elastic and plastic deformation gradients are functions of applied stress. Fe is related to the 

applied stress and the elastic stiffness tensor with Hooke’s law. Since metals are crystalline, they 

display significant anisotropy and, accordingly, an anisotropic stiffness tensor must be rotated to the 

current crystallographic orientation.  

The plastic deformation gradient is more complicated to compute. Crystallographic slip is assumed to 

be the dominant plastic deformation mechanism. Slip is restricted to discrete slip planes defined by 

crystallography. In this work, the two key phases in steels are the face-centred cubic (fcc) austenitic 

phase and the body-centred cubic (bcc) phase. In fcc crystals, slip is restricted to the <110>{111} type 

systems, whereas in bcc slip occurs on the <110>{110}, <110>{112} and <110>{123} type systems. 

These slip systems are shown in Figure 3.1. These slip planes are defined by a plane normal n and slip 

direction s.  
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Figure 3.1:Slip systems for face-centred cubic (fcc) and body-centred cubic (bcc) crystal structures. 

 

The plastic deformation gradient can be calculated by taking the sum of the individual contributions 

of all slip systems. The crystallographic shear rate for each system is given as γ̇κ where κ denotes each 

individual slip system.  

 )� u � �u )u  (3.1.2) 

 �u �  , �� ��
��7 	�� ⊗ ��� (3.1.3) 

 

The resolved shear stress is required to ascertain whether slip will occur on a given slip plane. The 

second Piola-Kirchoff stress S is the work conjugate of the Green-Lagrange strain Ee, defined 

respectively as 

 � � )Bo7 det	)B� � )Bo= (3.1.4) 

 ;B � 12 	)B=)B � '� (3.1.5) 

where σ is the Cauchy stress. The resolved shear stress τκ is then calculated for each individual slip 

system κ.   

 �� � �� ∙ 	��  ⊗ ��� (3.1.6) 
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The critical resolved shear stress is the property which controls the onset of plastic deformation. 

When the resolved shear stress exceeds the critical value ���, slip occurs. The slip plane vectors sκ and 

nκ are updated to correspond with the deformation of the lattice. It is necessary to calculate the shear 

rate for each system as a function of applied stress. This is done with a physically based rule where 

dislocation glide is used to account for crystallographic shear [198]. This model accounts for the 

pinning of dislocations by obstacles within the crystal lattice (including other dislocations) and the 

thermally-activated escape of dislocations from these obstacles.   

 �� �	��� �  
⎩⎪⎨
⎪⎧�G � |��|8 exp &� Δ6¢£( sinh ¥sgn	���	|��| � �§�� Δ¨¢£ © for |��| ≥ �§�

0 for |��| < �§�
 (3.1.7) 

 

In this rule, ρm is the density of mobile dislocations, f the frequency of dislocation escape events, bκ 

the Burgers vector, ΔF the activation energy, k the Boltzmann constant, T the temperature, τκ the 

resolved shear stress on slip system κ, ��� the critical resolved shear stress, and ΔV the activation 

volume given in terms of the burgers vector cubed. This is applied to all slip systems to calculate the 

total plastic deformation for a given local stress.  

Hardening is accounted for by the local accumulation of plastic slip and the generation of 

dislocations. Progressive deformation generates dislocations, resulting in hardening. This is 

implemented by updating the critical resolved shear stress with evolving dislocation density, where G 

is the shear modulus, and ρGND and ρSSD are the geometrically necessary and statistically stored 

dislocation densities respectively. 

 �§� � �§,®¯H°�  � � |��|  ±��²³ �  �´´³ (3.1.8) 

Geometrically necessary dislocations (GNDs) are required to support lattice curvature and are 

responsible for length scale effects observed during the deformation of metals [177,178]. It is through 

the inclusion of a term for GNDs that this constitutive model captures the size dependence of 

plasticity. Statistically stored dislocations (SSDs) are generated through plastic deformation and are 

randomly distributed through the material. Both types are dislocation lead to hardening.  

The evolution of SSD density is linked to the accumulated plastic deformation, with an incremental 

change in SSD density proportional to the plastic deformation rate.  

 ��´´³ � O �� (3.1.9) 



Chapter 3 - Modelling methodology 

88 

where  

 �� � D23 µu: µu 
(3.1.10) 

The calculation of GND densities is more involved. A fuller description is given in Chapter 5, with 

specifics to CPFE given in this chapter. Plastic strain gradients are assumed to be accommodated with 

the presence of GNDs. The Burgers circuit closure failure B can be calculated from the net 

contribution of GNDs normal to the surface on which the burgers circuit is drawn, where the GND 

density is given as ρG and the burgers vector as bG [164,190]. 

 t � v 	�� ⊗ ���z ∙ d� (3.1.11) 

This can be related to the curl of the plastic deformation gradient [189].  

 , ��� ⊗ ���� � curl	)u� (3.1.12) 

The rightmost term contains nine independent terms, fewer than the left hand side due to the number 

of possible slip systems; for example, there are 12 independent slip systems for the fcc structure. It is 

therefore necessary to apply an extra criterion to account for the non-uniqueness of this relationship. 

In this case, an L2-minimisation scheme is applied [192]. The relationship between GND density and 

curl(Fp) can be recast as a system of linear equations with Λ containing components of curl(Fp), ρ a 

vector of dislocation densities for each dislocation type and the linear operator A containing the 

dyadic product of the burgers vectors and line directions of each dislocation type [179,189]. 

 d � � � (3.1.13) 

An L2-scheme minimises the sum of the square dislocation densities ρTρ. This set of linear equations 

can be solved by using the Moore-Penrose pseudo-inverse (allowing a simple implementation within a 

Fortran subroutine).  

 � � d�1dd�3o�� (3.1.14) 

This differs from the more physically-based L1-minimisation scheme applied in the experimental 

high-angular resolution electron backscatter based GND density measurements described in Chapter 

5. 

This concludes the description of the constitutive materials model applied throughout the modelling 

sections of this thesis. Specifics to each section, such as the introduction of internal heat generation 

through plastic heating and the cohesive zone modelling of interfaces, are explained with each 

relevant section.  



Chapter 4 - Internal heat generation in normally loaded sliding surfaces 

89 

Chapter 4 - The roles of adhesion, internal heat 

generation and elevated temperatures in normally 

loaded, sliding rough surfaces 

4.1 Introduction 

One of the key challenges in developing Co-free hard facing alloys is producing alloys with suitable 

galling resistance at elevated temperature. In the context of light water reactors, a hard facing must be 

able to operate at temperatures in excess of 300°C, maintaining galling, wear and corrosion resistance 

at these temperatures. Work has proceeding for several decades to develop such Co-free hard facings, 

focussing on Ni-based alloys and Fe-based stainless steels since. Attempts to develop alloys to meet 

the required performance have thus far not been completely successful with development alloys being 

unable to withstand loads sufficient to prevent the occurrence of galling or presenting manufacturing 

or corrosion issues [5,11,13,48,82,110]. Much of the difficulty has been in reproducing the elevated 

temperature performance of Stellite, with alternatives showing poor galling resistance at temperatures 

approaching 300°C [6,12,13,32,58]. Burdett [12] observed significant reductions in the load required 

to initiate galling in several stainless steel hard facings (Tristelle 5183, Delcrome 910 and 90, 

Nitronic 60), with Nitronic 60 showing a ten-fold decrease in galling load. A related alloy, 

NOREM 02 (Electric Power Research Institute), has been found to also demonstrate significant 

temperature sensitivity. NOREM 02 has shown excellent performance at room temperature but a 

substantial decrease in galling resistance at higher temperatures [13,15,32,58]. Kim & Kim [13] 

attributed this behaviour to a change in wear mechanism, from low temperature oxidative wear to 

severe adhesive wear at 190°C and galling at higher temperatures. This change in wear mechanism 

was concluded to be due to a loss in work-hardening ability of the matrix through the high 

temperature suppression of the γ → α′ strain-induced martensitic transformation. Further work by 

Persson et al. [32] reported a similar degradation in galling resistance in NOREM 02 but could not 

confirm any loss in strain-induced martensitic transformation, reportedly due to the narrowness of the 

wear tracks resulting in weak x-ray diffraction signals.  

This degradation in performance is not limited to hard facing steels. Austenitic stainless steels (e.g. 

AISI 3xx) show poor galling resistance in general, galling at loads below 10 MPa [199,200]. Whilst 

typically not suitable for industrial use, these steels could elucidate further details of the galling 

mechanism due to their similarities with various austenitic hard facings. Harsha et al. [29,30] reported 

low room temperature Galling50 loads (the load at which half of sample would be expected to gall 
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during ASTM G196 testing2) in this region for 304, 316, and their low carbon variants. Tests 

performed at 300°C showed significant reductions in Galling50 for all four materials, attributed to a 

reduction in hardness whilst discussing the role of stacking fault energy. 

Several mechanisms have been proposed to account for this temperature sensitivity, with authors 

considering the roles of  γ → α′ martensitic transformations [13–15,32,102], stacking fault energy 

[36,100,102], oxidation and oxide layer support [14,32] and the strength of adhesion [113,129]. The 

formation of hexagonal close-packed (hcp) ε-martensite has also been observed in these materials 

[79]. Kim et al. [107] investigated the effect of manganese addition as a method to control the variant 

of martensite formed under deformation, with α′ and ε types preferentially formed at low and high Mn 

concentrations respectively. The ε-forming alloys were found to retain both strain-induced martensite 

forming abilities and galling resistance up to 450°C. The low Mn alloys displayed a loss in galling 

resistance with increasing temperature, attributed to the same loss in γ → α′ transformation as 

observed in NOREM 02 [13,32]. This same disappearance in martensite formation with increasing 

temperature has been reported in NOREM 02 under ASTM G98 [108]. Talonen and Hänninen [102] 

related the temperature sensitivity of α′-martensite formation to that of stacking fault energy. Stacking 

fault energy is known to increase with temperature [101] reducing the ease of stacking fault 

formation. This in turn hinders the formation of shear bands which precede the formation of α′-

martensite [102]. Therefore, the temperature sensitivity of stacking fault energy and martensitic phase 

transformation in austenitic steels cannot be considered in isolation of one another.  

The formation of stacking faults results in work hardening, with several authors [36,79,94] suggesting 

that this type of hardening is key to galling resistance. Bhansali and Miller [36] proposed that a low 

stacking fault energy leads to galling resistance, through the action of stacking faults preventing cross-

slip and enhancing work hardening of asperities. Whilst stacking fault formation is an important work 

hardening mechanism, the role of stacking faults in martensite formation may be of more importance 

to galling resistance than the hardening inherent in stacking fault formation itself.  

The strength of adhesion is typically observed to increase with temperature between bare metal 

surfaces. Rabinowicz [113] applied a surface energy based approach to adhesion, stating that the 

surface energy of solids approaches that of the corresponding liquid state for temperatures 

approaching the melting point. Gåård et al. [129] measured the adhesive forces for several materials 

(commercially pure Ti, low-alloy steel and austenitic stainless steel), finding that adhesive forces 

remained constant up to 200°C followed by a dramatic increase for further temperature increases. 

Adhesion is also known to be sensitive to crystal structure and orientation, with hcp material less 

 
2 As in ASTM G196, galling frequency is defined as 6	¶� � 77 · BIu�o ¸ ¹ º»¼½ � where l is the applied load and G50 

is the Galling50 parameter. It is clear that F( l = G50 ) = 0.5. The factor b is related to the shape of the 
distribution.  
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susceptible to adhesion than bcc and fcc [114,129]. Buckley [114] proposed that the reduced potential 

for slip in hcp materials was the cause of this behaviour. However, these studies all considered bare 

metal surfaces, quite unlike the surfaces found on in-service materials. It can be argued that once the 

plastic deformation of a surface is sufficient to expose bare metal, then the strength of adhesion is 

irrelevant since significant surface damage has already occurred.  

Surface oxidation and contamination often provide low-friction, protective surface layers on sliding 

components and will also demonstrate temperature sensitivity [12,36]. Oxide layers must be 

sufficiently adhered to and mechanically compatible with the substrate material in order to remain 

attached during sliding [49]. Kim and Kim [110] found decreasing wear losses with increasing 

temperature in Ni-base Deloro 50 during button-on-block testing, suggested that increased oxidation 

at elevated temperatures protected the surfaces. In similar work with stainless steels, sufficient 

oxidation was found at room temperature [13]. Other work by this group have found that oxide layers 

can protect surfaces provided there is sufficient support from the substrate [13,14,14,94,107,110]. 

Accordingly, the plastic deformation of the surface at elevated temperature is critical to whether a 

surface will gall since it can be assumed that oxidation and contamination will always be present on 

in-service surfaces.  

These various mechanisms (stacking fault energy, martensite formation, oxidation) all possess a 

degree of temperature sensitivity, but it is difficult to separate their contributions experimentally since 

they all occur simultaneously. It is particularly difficult to separate the temperature sensitivity of 

stacking fault energy and its accompanied hardening from the γ → α′ martensitic transformation, 

since the formation of stacking faults may induce the formation of  α′-martensite [13–15,32,102]. It is 

therefore extremely unclear as to what is the true driver for the overall temperature sensitivity of iron-

base hard facing alloys.   

One area which has not been thoroughly assessed is the role played by the strength of adhesion at this 

length scale. The review of the recent work of Molinari and colleagues [138] demonstrates the 

influence of adhesion in the deformation of materials at the atomistic length scale, well below the 

length scale addressed by Barzdajn et al. [142] to understand the deformation of engineering surfaces 

in galling. As of yet, there has not been any assessment of the effect of the strength of adhesion in 

relation to the plastic deformation of rough surfaces in galling at the micron length scale, nor any 

assessment with relation to temperature.  

It is therefore clear that the deformation of contacting surfaces at elevated temperatures is important in 

assessing the propensity of a surface to galling. Barzdajn et al. [142] have introduced a new 

mechanistic modelling methodology for assessing the potential for galling in 316L steel at 20°C. 

However, there has so far been limited mechanistic assessment of thermal effects (frictional and 

internal plastic heat generation; elevated temperature) and effect of adhesion in the galling of hard 
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facing alloys. This is the primary objective of this chapter. Sliding contacting surfaces potentially 

generate transient heating associated with friction, or the so-called flash temperature phenomenon 

[201]. Whilst there has been some investigation of frictional heating with respect to the deformation 

of surfaces, this has been focussed at the macroscale, dealing with the conditions encountered in sheet 

metal forming with long sliding distances and high sliding rates [128,202]. These conditions are very 

different to the short sliding distances with high levels of loading relevant to galling. The internal 

heating associated with plasticity is almost universally neglected when considering sliding surfaces 

but has been shown to be significant during highly localised deformation in other systems, with an 

example being the formation of adiabatic shear bands [203]. It might be expected that if the 

deformation of surface asperities is sufficiently localised and the rate of deformation appropriately 

high, then the heat produced during plastic deformation could soften the material, leading to more 

extensive deformation. This plastic heating effect, together with frictional heating, could enhance 

deformation and could be involved in the initiation of galling. Since the deformation at this length 

scale has been shown to be complex, further complicated by the length scale of surface asperities 

being comparable to the grain size in many fine grained hot isostatically pressed (HIPed) materials, 

this remains an open question. Hence, a thorough mechanistic approach is required to assess the role 

of heat generation.  

The effect of elevated temperature in galling is also important, although macroscopic hardness has 

been shown to be a poor indicator in this respect [12]. Materials become less stiff with reduced yield 

stress (and accordingly critical resolved shear stress) and this could become significant under highly 

localised deformation. This, along with any thermal softening caused by internal heat generation, 

could be consequential to deformation at elevated temperatures. The framework developed by 

Barzdajn et al. [142] has shown some agreement with experimental galling results and is utilised in 

the present work to address thermal effects in the behaviour of sliding surfaces under normal loading. 

In what follows, the techniques employed to describe frictional heating, internal heat generation and 

transfer, and the crystal plasticity of contacting surfaces are described, together with a summary of the 

contact galling methodology adopted. The assessment of frictional heating, internal heat generation 

through plasticity and elevated temperature in galling response are then presented, and the predicted 

galling behaviour is assessed against a range of experimental data available in the literature. 

4.2 Thermo-mechanical material behaviour 

A grain-level approach was developed using the crystal plasticity finite element (CPFE) method. 

Elevated temperature material behaviour was included in the material model with coupled heat 

generation and conduction. The resulting model was implement within ABAQUS [204], with thermo-

mechanically coupled simulation steps.  
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4.2.1 Conduction with internal heat generation 

An energy balance yields a relationship between thermal conduction and a distributed heat generation 

source. Consider a volume dV, with surface dS, a net heat flux J leaving the volume, arbitrary 

volumetric heat generation rate Q̇gen, a mass density ρ and internal energy accumulation u. A heat 

balance over this volume leads to  

 ¾ ¿��B® d¨ � ¾ À ⋅ dÂ � ¾ � ÃhÃÄ  d¨ÅÂÅ  (4.2.1) 

Applying Fourier’s law, the divergence theorem and writing the accumulation of internal energy in 

terms of temperature, T, where materials properties in general can be specified as functions of 

temperature, giving  

 ¿��B® � �O∇8£ � �ÇÈ Ã£ÃÄ  (4.2.2) 

where cp is the specific heat capacity and λ the thermal conductivity. No conditions on the heat source 

term Q̇gen have yet been prescribed and in this case is specified as the heat due to plastic deformation. 

4.2.2 Kinematics and crystal plasticity 

The crystal plasticity approach described in [198] was applied in this study, with inclusion of 

anisothermal effects. The deformation gradient tensor F was multiplicatively decomposed into elastic, 

plastic and thermal parts, Fe, Fp and Fθ respectively [203,205].  

 ) � )B )u )É (4.2.3) 

The thermal deformation gradient relates the undeformed configuration to the thermally expanded, 

unstressed configuration. This evolves with temperature as follows, where T is the absolute 

temperature, and T0 is a reference temperature at which there is no thermal expansion. T0 is the 

temperature prior to any deformation and therefore prescribed as an initial condition [205].  

 )� É )Éo7 � £� |   where   )É � '   for   £ � £� (4.2.4) 

 | � Ê-Ë  Ì- ⊗ Ì- � 5Ê7 0 00 Ê8 00 0 Ê9
: (4.2.5) 

The thermal expansivity was given by tensor α, which has components αij with respect to basis vectors 

ai. The vectors ai are aligned with the reference configuration of the crystal. For the face-centred cubic 
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system, ai are aligned with the <100> type directions with a1 || [100] and so on. Due to crystal 

symmetry, the expansivities in the <100> are equal, such that α1 = α2 = α3.  

Slip is assumed to be the sole deformation mechanism. Fp is a function of the crystallographic shear 

rate γ̇ and its associated slip plane normal n and direction s. The total contribution of all slip systems 

(each denoted by κ) was found through summation over all systems [198].  

 )� u � �u )u  (4.2.6) 

 �u �  , �� ��
��7 	�� ⊗ ��� (4.2.7) 

A physically based slip rule [198] is used to quantify crystallographic shear, driven by dislocation 

glide with contributions from pinning and thermally activated escape.  

 �� �	��� � �G � |��|8 exp &� Δ6¢£( sinh ¥	�� � �§�� Δ¨¢£ © (4.2.8) 

with ρm the density of mobile dislocations, f the frequency of dislocation escape events, bκ the burgers 

vector, ΔF the activation energy, k the Boltzmann constant, T the temperature, τκ the resolved shear 

stress on slip system κ, τ κc   the critical resolved shear stress, and ΔV the activation volume.  

Hardening is accounted for by the local accumulation of plastic slip. The SSD density is taken to 

evolve incrementally with time such that 

 �´´³	Ä � ΔÄ� �  �´´³	Ä� � �c ��  ΔÄ (4.2.9) 

with   

 �� � D23 Íu: Íu 
(4.2.10) 

and where �c is the hardening coefficient, and the slip strength is updated with evolving SSD density 

 �§�	£� � �§,®¯H°� 	£�  � �	£� |��|  ±�´´³ (4.2.11) 

where Dp is the plastic deformation rate tensor.  

The role of geometrically necessary dislocations (GNDs) was neglected. The reason for this omission 

was the inherent difficulties and issues with numerical stability associated with modelling contact. 

The grain size considered in this study (see Section 3.1) is also above the size at which size-effects are 

important, hence allowing the evolution of GNDs to be neglected [206]. 
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The temperature sensitivities of the critical resolved shear stress and shear modulus, G, are explicitly 

represented, as detailed in Section 4.2.3. 

Schmid’s rule is used to calculate the resolved shear stress for a given slip system under a local stress 

state σ and to determine the active slip systems (those where the resolved shear stress has exceeded 

the slip strength).  

 �� � Î �� ⋅ �� (4.2.12) 

For anisothermal elevated temperature simulations, these equations are simultaneous solved alongside 

those for heat balance to capture the temperature sensitivity of the material properties.  

The properties within the slip rule (given in Table 4.1) were assumed to be constant with temperature 

and were those determined during the calibration study performed in [142] with 316L stainless steel 

data obtained from uniaxial tensile testing data [207].  

Table 4.1: Slip rule parameters for 316L stainless steel. 

Property Unit Value 

Mobile dislocation density, ρm m-2 9.69 × 109 

Burgers vectors magnitude, |b| m 2.54 × 10-10 

Attempt frequency, f s-1 1.0 × 1011 

Activation energy, ΔF J 2.6 × 10-20 

Boltzmann constant, k J K-1 1.38 × 10-23 

Activation volume, ΔV m3 25.2 |b|3 

Hardening coefficient, γʹ  m-2 7.0 × 1013 

4.2.3 Temperature dependent material properties 

Due to the scarcity of data for the mechanical behaviour of iron-based hard facings, 316L stainless 

steel is considered due to its well characterised properties over a wide range of temperature; 316L is 

not too dissimilar to some iron-based hard facings such as Nitronic 60 [118], and there is a reasonable 

amount of experimental galling data available. The temperature sensitivities of property data were 

taken from the literature, ensuring compatibility with the 20°C values used in the earlier work of 

Barzdajn et al. [142]. The resulting relationships are given in Table 4.2. Anisotropic elastic properties 

were obtained from [208].  
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Table 4.2: Material properties as functions of absolute temperature T with fitted curves. 

Property Unit Equation Source 

Thermal conductivity W m-1 K-1 O � 0.0125 £ � 11.3 [209] 

Specific heat capacity J kg-1 K-1 *È � 0.0879 £ � 467.3 [209] 

Thermal expansivity K-1 Ê � 	0.0023 £ � 12.34� Õ 10oÖ [209] 

Density kg m-3 � �  �0.428 £ � 7974 [209] 

Young’s modulus GPa A �  �0.0737 £ � 119.1 [209] 

Shear modulus GPa � �  �0.0385 £ � 136.3 [210] 

Critical resolved shear 
stress 

MPa �§ � 0.00019 £8 � 0.2774 £ � 144.1 [211] 

 

A representative volume element (RVE) was constructed to check that the temperature sensitive 

material model could capture the elevated temperature deformation behaviour of 316L. A cube 

contain 125 cubic grains was used to capture the uniaxial tensile behaviour of the temperature 

sensitive 316L model at 300°C (Figure 4.1a). A grain size of 2.5 μm was used, corresponding to the 

grain size examined in the sliding contact studies described in this chapter. A random texture (uniform 

sampling over SO(3) rotation space) was applied to the RVE. Uniaxial tension was achieved by 

applying a uniform displacement to the positive y-surface of the RVE. Displacements were 

suppressed on the negative surfaces in their normal directions (Figure 4.1a).  

 

 

Figure 4.1: Representative volume element (a) with boundary conditions with corresponding stress-strain 
behaviour (b). The solid line shows the CPFE results with the data points representing experimental 300°C 
tensile test data reported by Wedberg and Lindgren [212].  
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The response of the RVE was compared with the experimental results of 

Wedberg and Lindgren [212]. The CPFE results showed acceptable agreement with experimental data 

(Figure 4.1b), with the model slightly underpredicting the resulting stress for a given strain. However, 

the model successfully captured the hardening behaviour. The model was therefore demonstrated to 

capture the elevated temperature deformation of 316L at elevated temperature.  

4.2.4 Transient thermal behaviour  

Two sources of heat were considered during sliding contact; that generated overcoming friction and 

that from plastic work of the deforming material. The flash temperature phenomenon [201] is often 

considered during sliding contact but the heat generated through plasticity is typically neglected. Due 

to the highly localised plasticity encountered during sliding, this heat source may be consequential to 

localised deformation. Both frictional and plastic heating are transient processes and the magnitude of 

their effects governed by their timescales relative to that of conduction into the bulk material. If the 

rate of heat generation is much larger than the rate of conduction, localised heating and softening may 

occur leading to enhanced plastic deformation.  

Consider the three-dimensional heat diffusion equation with zero source term.  

 Ã£ÃÄ � Ê∇8£ � 0 (4.2.13) 

Dimensional analysis gives the system a time constant of  

 ��×®�Ø�¯×® � Ù8Ê  (4.2.14) 

where Ù is a characteristic length scale. Metals have thermal diffusivities of the order of 10-5 m2 s-1 

with α ≈ 4 × 10-5 m2 s-1 for 316L stainless steel3. The grain diameter can be taken as the characteristic 

length scale for small scale, localised deformation and heat conduction. For a fine grained, HIPed 

hard facing such as RR2450, a grain diameter of 2 μm is representative [81]. This gives a time 

constant of conduction of τconduction = 10-7 s. 

The rate of sliding for an in-service valve has been estimated as 1 mm s-1 (D. Stewart, Rolls-

Royce plc., personal communication, Nov. 2017) and similar linear sliding rates are produced in 

ASTM G98 [213] and G196 [200] tests. The time constant associated with plastic deformation is 

much more complicated. The deformation of surface asperities is related to the surface profile, 

 
3 For 316L stainless steel, cp ≈ 500 J kg K-1, ρ ≈ 8000 kg m-3 and k ≈ 16 m2 s-1 giving α ≈ 4 × 10-5 m2 s-1. 
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crystallographic texture and the local geometry and is therefore difficult to estimate reliably. This 

difficulty leads to the requirement of a more thorough modelling approach to assess the effects of 

internal heat generation.  

4.2.5 Internal heat generation associated with plastic working 

During deformation, the work done comprises recoverable elastic work and dissipated plastic work 

(ignoring stored dislocation interaction energy). The total plastic work, Wp, manifests itself as strain 

energy stored within the stress fields associated with dislocations or as heat [214–216]. The rate of 

plastic work, Ẇp, is expressed as the product of the effective plastic strain rate ṗ and the von Mises 

stress σVM. This simplified expression for the plastic work was deemed to be suitable as the effect as 

anisotropy was assumed to be small.  

 
ÚÛ �  D32 Îc: Î′ (4.2.15) 

 ��u � �� 
ÚÛ (4.2.16) 

where σ′ is the deviatoric stress tensor. The rate of plastic heat generation, Ẇp, is related to the rate of 

plastic work by the factor β, typically 0.9 – 0.95 for most metals [214,215]. β was taken as a 

temperature independent constant with a value of 0.95. 

 ¿�u � Ü �� Ý � Ü �� 
ÚÛ (4.2.17) 

The ABAQUS user subroutine HETVAL was used to implement plastic heating.  

4.2.6 Friction heat generation 

The frictional force, ffric, developed between two surfaces is given by  

 ÞCM� �  �ß |à| á|á| (4.2.18) 

where μ is the dynamic friction coefficient, N the normal force, and v the relative sliding velocity. 

When two surfaces undergo sliding contact, work is done to overcome the frictional forces opposing 

motion between the surfaces. The magnitude of the frictional work is the product of the force and the 

displacement. Equivalently, this can be written as a work rate per unit surface area, in terms of the 

surface shear stress τsurf and the rate of slipping between the surfaces γ̇fric (dimensions L T-1).  
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 �� CM� � �KØMC ��CM�  (4.2.19) 

It is assumed that all frictional work manifests itself as a heat source at the contact surface, distributed 

between the surfaces. This frictional heating was included using the inbuilt functionality within 

ABAQUS. 

4.2.7 Adhesion modelling with friction 

The surfaces modelled here approximate perfectly clean, contaminant free, bare metal surfaces and 

would therefore be expected to strongly adhere to one another. This may be captured in the model 

through a non-linear frictional approach. The friction coefficient μ represents the contribution of 

asperity interactions below the length scale considered in this model. The frictional model as 

discussed in Section 4.2.6 allows for arbitrarily high frictional shear stresses at the interfaces between 

the contacting surfaces. In reality, adhered junctions can fail, either by plastically deforming or 

fracturing. 

Equation 4.2.18 can be expressed in terms of shear stress τ and contact pressure p.  

 � �  �ß � á|á| (4.2.20) 

A sensible upper limit on the surface shear stress would be the critical resolved shear stress. Once the 

stress reaches this value then the material would yield, and slip would occur. This can be expressed as  

 �GHI � â�§ (4.2.21) 

where κ is a constant relating the critical resolved shear stress to the maximum frictional shear stress. 

Once τmax is reached, further increases in normal load cannot increase the shear stress an adhesive 

junction can withstand. This behaviour is shown in Figure 4.2. 

 

Figure 4.2: Frictional model used to describe adhesion, with the friction coefficient μ and the shear stress limit 
τmax. The dashed line represents Coulomb friction without a shear stress limit.  
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This model assumes that the surfaces adhere with a well-defined, uniform shear strength. In true 

materials, this will depend on several factors: the crystal structure, the crystallographic plane at the 

surface, the misorientation between the surfaces, the level of surface contamination and the 

temperature [114,129,217]. As such, the critical resolved shear stress is likely to be an overestimate of 

the strength of these junctions and would give a worst-case scenario (in terms of severity of plastic 

deformation) for the stress state at the adhered junctions.  

4.3 The representative galling model 

This study builds on the methodology developed by Barzdajn et al. [142], but including the effects of 

transient heat conduction, adhesion at contacting asperities, plastic and frictional heating and 

temperature-coupled material properties. The model is based upon the ASTM G196 testing procedure 

for galling resistance [200]. During G196 testing, two cylindrical specimens are brought into contact 

under a specified load, with the upper specimen rotated relative to the lower whilst maintaining a 

constant normal load, as shown in Figure 4.3.  

4.3.1 Model geometry and microstructure 

To ensure that the appropriate length scale for galling was modelled, a small region of interest of the 

order of 10 μm was selected, as shown schematically in Figure 4.3. The curvature and rotational 

nature of the system is reasonably neglected at this length scale with linear displacement used instead 

for the sub-region considered. 

 

 

Figure 4.3: Schematic diagram of the region of interest selected from ASTM G196 geometry. The ASTM test 
specimens have inside and outside diameters of 6.375 mm and 12.70 mm respectively [200]. The cylindrical 
slice is shown in red and the modelled subregion is shown in blue. The subregion is taken to be well away from 
the free surfaces of the test specimens.  
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The model consisted of two parts, an upper punch section (Part 1, 30 μm × 30 μm × 0.2 μm) and a 

lower stationary section (Part 2, 40 μm × 40 μm × 0.2 μm), shown in Figure 4.4. The width of the 

upper section was chosen to be 10 μm smaller to ensure that the apparent contact area, and therefore 

apparent contact load, remained constant throughout sliding. A synthetic microstructure of 2.55 μm 

hexagonally shaped grains was used to represent the fine-grained microstructures seen in hot 

isostatically pressed materials [126]. Both sections were polycrystalline (Figure 4.4b), single phase 

austenite with a random crystallographic texture (Figure 4.4c), generated with uniform random 

sampling. Surface profiles were generated from profilometry measurements of RR2450 [218], 

resulting in a surface roughness for these surfaces of Ra = 0.1 μm. Detail of the surfaces is shown in 

Figure 4.5.  

 

 
Figure 4.4: Model geometry and morphology. The colours in (b) are to differentiate different grains but do not 
explicitly represent the crystallographic orientations. (c) shows plots of the orientation distribution function, 
visualised using the MTEX package [219].  

 

 

Figure 4.5: Surface detail showing the profile of the asperities. The dashed lines indicate the mean line of the 
surfaces. Note the difference in scale between the two axes.  
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A single layer of 20-noded hexahedral elements (C3D20RT) was used to allow for thermo-

mechanically coupled simulations. Areas likely to undergo plastic deformation were assigned a 

refined mesh (0.2 μm typical element size, 0.4 μm for other areas) with the 2D microstructure 

extruded through the depth. A refined mesh was required at the surface to improve the numerical 

convergence and prevent contact overclosures. An example mesh is shown in Figure 4.6. A plane 

strain condition was imposed to reflect the thin layer represented in Figure 4.4.  

 

 

 

Figure 4.6: Detail of the finite element mesh, showing the coarse mesh (nominal element size 0.4 μm) away 
from the contacting surfaces and the refined mesh (nominal element size 0.2 μm) adjacent to the contacting 
surfaces. Colours indicate different grains. The region displayed has been truncated to better show the refined 
mesh region.  

4.3.2 Galling process model 

A representative sliding time was required to capture the transient nature of heat conduction. Under 

G196, the rotating section undergoes a single rotation in ten seconds. The diameter of the contacting 

section during this test is 12.70 mm, leading to a linear sliding rate of the order of millimetres per 

second. This is typical for sliding in PWR valves. A sliding velocity of 1 mm s-1 was used throughout.  

 

The simulations were performed in three steps, as illustrated in Figure 4.7. 

1. Contact: Part 1 is lowered under displacement control until it contacts Part 2 

2. Loading: Part 1 is loaded normally and monotonically to the desired maximum load 
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3. Sliding: Part 1 is displaced 10 μm horizontally. The vertical loading remains applied.  

Applying a displacement control in step (1) rather than force control was found to offer better 

convergence stability. For step (3), a sliding time of 0.01 s (sliding distance 10 μm) gave the 

representative 1 mm s-1 velocity. 

 

 

Figure 4.7: The evolution of loading and displacement conditions with time. The yellow section denotes contact 
(Step 1), the pink loading (Step 2) and the green sliding (Step 3). The timescales shown are not to scale.  

 

The mechanical boundary conditions imposed are shown in Figure 4.8a. All displacements on the 

bottom surface of Part 2 and all out of plane (z – direction) displacements were constrained. During 

the loading step, a normal load was applied with a monotonically increasing magnitude up to pload. 

Sliding was controlled by displacing the upper surface of Part 1 a distance dslide in the negative 

x - direction whilst maintaining the normal load. All external surfaces of the model were taken to be 

adiabatic since any heat generated local to the contacting surfaces is unlikely to escape from the body 

and therefore the heat flux at the edge of the region would be negligible.  
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Figure 4.8: Schematic representations of the model boundary conditions. In (a), the blue front and back surfaces 
are constrained in the z direction whilst the displacements in all directions are constrained on the base of Part 2. 
In (b), all blue surfaces are adiabatic. Heat fluxes associated with friction are applied on the red surfaces, but no 
heat transfer is permitted between the two bodies. 

 

The frictional heat generation was accounted for as a moving surface source using the inbuilt 

functionality within ABAQUS [204]. For regions where there was no contact, and therefore no 

surface shear, the heat flux was zero. In contacting regions, the heat flux was calculated using 

Equation 4.3.1. The factor η controls the distribution of heat between the two surfaces, taken as 0.5 

throughout.  

 n|KØMC � ã |�KØMC| ��CM� (4.3.1) 

Heat transfer was assumed to be through conduction with convection and radiation neglected. In 

reality, there may be a contribution from convection, but the magnitude is likely small.  Conduction 

through the contacting surfaces would also occur but was assumed to be negligible when compared 

with the heat flux due to friction. Thermal boundary conditions are shown schematically in Figure 

4.8b. A surface-to-surface contact interaction with hard contact between surface was specified within 

ABAQUS [204]. The upper surface (Part 1) acted as the master surface with the lower surface (Part 2) 

being the slave surface. In all investigations other than those assess the role of adhesion (as described 

in Section 4.5), a constant friction coefficient μ of 0.1 was used to represent friction due to surface 

interactions at length scales below that explicitly represented in the geometric model. A limit on the 

maximum shear stress an interface could tolerate before slipping was not specified. During the 

investigation into adhesion strength, both friction coefficient and shear stress limit were varied to 

examine the role of adhesion model.  
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4.3.3 Galling quantification 

The methodology of Barzdajn et al. [142] is used to relate the CPFE model to macroscopic galling 

frequencies and is discussed here briefly for completeness. The extent of plastic deformation caused 

by sliding was quantified by the plastic reach pR(l) defined as  

 �ä	¶� ∝  å �BCC	æ, ç, è, ¶� P	æ, ç, è� dæ dç dè
Å

 (4.3.2) 

where peff(x,y,z,l) is the effective plastic strain at position (x,y,z) and d(x,y,z) is the depth of position 

(x,y,z) below the material surface such that  

 P	æ, ç, è� �  |�	æ, è� � ç| (4.3.3) 

with the surface profile described by f(x,z). This product was integrated over the plastic zone V.  

The characteristic galling load l0, the load at which galling occurs, was defined as the microscopic 

yield point of the first asperity to plastically deform, such that the local effect plastic strain exceeds 

0.2%. 

 ¶� � ¶	max	�BCC	æ, ç, è, ¶�� ≥ 0.002�  (4.3.4) 

The plastic reach was found to be well approximated by a power-law relationship for loads exceeding 

l0, where ξ is a constant.  

 �ä	¶� ∝ & ¶¶�(ë ⇒ ln �ä	¶� � Ü ln ¶ � ln ì � Ü ln ¶� (4.3.5) 

By relating the cumulative hazard rate to the computed plastic reach, the power-law parameters can be 

evaluated from multiple simulations at various loads which can allow the shape factor for the 

distribution to be quantified.  

 �	¶� � ì�ä	¶� � & ¶¶�(ë
 (4.3.6) 

For the Weibull distribution, the galling frequency (cumulative probability of galling for loads less 

than or equal to a given load l), was related to the cumulative hazard rate by 

 6	¶� � 1 � exp1��	¶�3 (4.3.7) 

Finding the characteristic galling load l0 and the shape factor β allowed the full galling frequency 

distribution to be calculated, giving galling frequency F as a function of applied load.  
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 6	¶� � 1 � exp ¥� & ¶¶�(ë©  (4.3.8) 

The microscopic yield point, and accordingly l0, was found by determining the applied load to satisfy 

criterion 4.3.4 in the first asperity to yield. The plastic reach was extracted from multiple simulations, 

with incrementally increasing load, at the end of sliding. Plotting these data against applied load 

allowed for the determination of β, thus resolving the full galling frequency response.  

4.4 Investigation of internal heat generation 

The two sources of internal heat generation (plasticity and friction) were first examined separately and 

then their combined effect was assessed. Frictional heat generation was the dominant heat source, 

with plastic heat generation alone resulting in heat fluxes several orders of magnitude lower. This was 

due to the work done again friction far outweighing the work done in plastic deformation. To take full 

account of all heat sources, the combined effect of the two heat generation mechanisms was 

examined. The rate of heat conduction was much higher than the rate of heat generation and no 

regions of localised heating were observed. This was verified by performing simulations with a time 

step of 10-5 s (c.f. 0.01s sliding time) to capture any rapid heat generation. Heat sources are clearly 

seen in Figure 4.9, with heating localised to asperities in contact, undergoing deformation. Since the 

temperature rises associated with the two independent heat generating mechanisms were low, their 

combined effects were considered. 

 

 

Figure 4.9: Contour plots of heat flux (W m-2) during the sliding simulation step. Both frictional and plastic 
heating were active, and the applied load was 50 MPa. The total sliding time was 0.01 s.  
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The rapid heat conduction was to be expected since 316L stainless steel is an excellent conductor of 

heat. A representative time for heat conduction is of the order of tens of microseconds, much shorter 

than the 0.01 s total sliding time. However, it was perhaps unexpected that the rate of deformation 

(and therefore heat generation) was much lower than that of conduction. This prevented any 

temperature localisation or local softening.  

Near uniform temperatures were seen throughout deformation with only minimal temperature 

gradients observed and heat quickly dissipated. The maximum temperature rise found in all 

simulations was 0.28 K, under a normal load of 50 MPa with simultaneous plastic and frictional 

heating, with temperature contours shown in Figure 4.10. The temperature differential seen between 

the two parts was due to the heat transfer across the contact surface being neglected. This is of little 

consequence in light of the negligible local temperature rises. 

 

 

Figure 4.10: Temperature (K) contour plots during sliding (total time, 0.01 s, 50 MPa applied load). At the end 
of sliding (d), the upper and lower parts have peak temperatures of 293.3 K and 293.2 K respectively.  

 

The low levels of heating found in these studies is somewhat surprising, especially in the light of the 

“flash temperature” phenomenon reported by Blok [201]. In the various theoretical and experimental 

studies discussed by Bowden and Tabor [220], sliding is accompanied by high levels of surface 

heating, typically of several hundreds of degrees. However, these differences can be rationalised by 

considering both the length scale and time scale over which sliding occurs. In this study, a short 

sliding distance of 10 μm is examined to investigate heat generation at the initiation of galling during 

the early stages of sliding. Many of the studies discussed by Bowden and Tabor [220] examine sliding 

distances well in excess of this, of the order of millimetres and centimetres. The low sliding rate of 

1 mm s-1 applied here is representative of PWR valves and is much lower than the rates examined by 

Bowden and Tabor [220]. These two differences are responsible for the comparatively low levels of 
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heating. Recent work by Gåård et al. [129] into galling in sheet metal working studied sliding 

velocities in excess of 100 mm s-1 and distances over 100 m, achieving temperature rises of the order 

of 100 K.  

A higher sliding rate will result in a high rate of work associated with plasticity and friction. This will 

accordingly give a higher heat generation rate. A longer sliding distance will allow this heat to 

accumulate at the surface, provided that the rate of local heat generation exceeds the rate of 

conduction into the bulk. Whilst the simulations here suggest a temperature rise of the order of 0.1 K 

for a 10 μm sliding distance, longer sliding distances would likely cause the temperature rises as 

described by Bowden and Tabor [220]. Therefore, the results presented here and the results and 

reasoning given in [220] are not necessarily contradictory.  

Both the characteristic galling load and shape factor were insensitive to heat generation. Since l0 is 

determined under normal loading and at the yield point of the material, heating cannot occur before 

this point. The magnitude of heat generation was insufficient to influence the plastic deformation and 

therefore β. Therefore, galling frequency and localised asperity deformation was found to be 

insensitive to internal heat generation.   

4.5 Investigation of adhesion model 

To assess the sensitivity of the galling response to adhesion, combinations of friction coefficient 

μ = 0.1, 0.5, 1.0 and τmax = 80, 160 and no shear stress limit (denoted as ‘τmax off’ in figures)  were 

applied. Normal loads of 10, 30 and 50 MPa were applied to allow for the extraction of both l0 and β. 

These simulations considered room temperature conditions to examine the role of adhesion strength in 

isolation. Simulations under the more severe loading conditions (μ = 0.5, 1.0 with no shear stress 

limit) proved difficult to converge, due to the extremely high surface shear stresses. Real surfaces 

would be unlikely to demonstrate these high levels of adhesive strength, suggesting that these 

conditions would be non-physical and the corresponding simulation results would be of limited use.  

4.5.1 Deformation 

Minimal changes in the deformation behaviour between the differing frictional (adhesion) models 

were observed, with the geometry of the surfaces appearing to control the plastic deformation of the 

asperities. Changes in the resulting surface profiles after sliding were almost entirely insensitive to 

changes in adhesion strength. Figure 4.11 shows only mild changes in the contact area for various 

values of adhesion strength τmax, indicative of the small changes in surface deformation. No smearing 

of the asperities was observed, likely due to the interfaces being unable to support sufficient shear 
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force to cause this manner of deformation. This behaviour was also found for all friction coefficients 

and adhesion strengths.  

 

Figure 4.11: The evolution of contact area during sliding as a function of adhesion strength τmax. μ = 0.1 for 
shear stress limits of 80 MPa (squares), 160 MPa (triangles) and the absence of a shear stress limit (circles). 
Note the small true contact area when compared with the 6 μm2 apparent contact area.  

 

The upper indenter was displaced in the horizontal direction under displacement control at a constant 

rate of 1 mm/s, whilst a constant force in the normal direction was maintained throughout sliding. For 

all friction coefficients, the shear stress limit controlled the horizontal reaction force. Figure 4.12a 

shows the reduction in the horizontal force with the reduction in the shear stress limit, under a 50 MPa 

normal load. The upper line represents the friction model without any shear stress limit, equivalent to 

strongly adhered surfaces. The near constant value at 30 μN stems from the 300 μN normal force 

required to achieve the nominal 50 MPa load. The data for τmax = 160 MPa show a slight reduction in 

horizontal force, indicating that the surface shear stresses are typically below τmax for much of sliding. 

Data for τmax = 80 MPa show considerable reductions in force, indicating entensive sliding of the 

surface. Figure 4.12b shows an increase in horizontal force for the τmax = 160 MPa data, suggesting 

that the higher shear stress limit is not reached for all contacting areas for μ = 0.1. Figure 4.12b would 

hypothetically have a maximum horizontal reaction force of 150 μN, but a convegent simulation was 

not achieved.  

The primary convergence difficulties were associated with resolving contact overclosures and finding 

convergent solutions within the crystal plasticity UMAT subroutine. Contact overclosure issues were 

improved by guaranteeing that the mesh adjacent to the surface was sufficiently fine to ensure that 

several nodes remained in contact at any one time. Surface conditions generating extremely high 

levels of highly localised stress (friction modes with high values for μ and τc) were problematic for the 

crystal plasticity subroutine. High local stresses lead to correspondingly high resolved shear stresses. 

The hyperbolic sine term in equation 4.2.8 is particularly sensitive to these high resolved shear 

stresses and careful time step control is required for convergence (see Dunne et al. [198] for a full 
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discussion). However for some scenarios, no convergent solutions with a practical time step could be 

found.  

 

Figure 4.12: Horizontal reaction force on upper model part with friction coefficients μ = 0.1 (a) and μ = 0.5 (b). 
Data for μ = 1.0 were identical to that for μ = 0.5. Note the absence of data in (b) for τmax → ∞ due to 
convergence issues preventing a solution.   

 

The true shear stress was also found to be controlled by the shear stress limit. τmax was reached locally 

for all combinations of τmax and μ under all loading conditions (10, 30 and 50 MPa nominal load). The 

extent to which the surfaces “slipped” (i.e. τmax was reached) was controlled by the friction coefficient. 

For μ = 0.1, there was a mixture between areas in contact exceeding τmax and areas in contact below 

τmax. For higher friction coefficients, large surface shear stresses were generated, and surfaces 

exclusively slipped. Figure 4.13a shows a transitionary behaviour in the shear stress limited models, 

with both sticking and slipping behaviour simultaneously occurring on the surface. Figure 4.13b 

shows slipping exclusively. Identical behaviour to that shown in Figure 4.13b was found in the case of 

μ = 1.0, with the shear stress limit controlling the shear stresses developed at the surfaces.  

 

Figure 4.13: True shear stress, averaged across the true contact area for μ = 0.1 (a) and μ = 0.5 (b).  
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The frictional behaviour appears to be controlled by the shear stress limit, with little dependence on 

the friction coefficient found. It is often assumed that bare metal surfaces adhere strongly under 

contact and that it is the strength of these junctions which is controlling. For all but the lowest of 

friction coefficients, τmax can be easily achieved. This is due to the small true contact area causing 

large stress concentration and localisation. For even modest remote loads of the order of 10 MPa, 

localised normal stresses of the order of 100 MPa are easily generated, exceeding τmax. As such, the 

value of μ is largely inconsequential with adhesion strength τmax dominating, placing almost all 

loading conditions well within the slipping regime.  

Negligible differences in the deformation behaviour were found with no substantial dependence on 

adhesion (frictional model) observed. For all models, substantial plastic deformation was seen but this 

was due to the geometry of the asperities. The local stress states surrounding asperities were largely 

compressive with only a small shear component. Normal loads exceeding several 100 MPa were 

typical of these surfaces, often around the 800 MPa mark for this particular surface pairing. The 

maximum surface stress is limited to the shear stress limit. Even under the more extreme conditions 

when the adhesion strength τmax is set to be twice the critical resolved shear stress of the material, the 

shear stress component is much smaller than the normal component. This results in minimal changes 

in the stress state of the material at the surface and hence the plastic deformation behaviour is largely 

insensitive to adhesion for the strengths chosen.  

Mechanistically, this shows that the absolute strength of adhesion is of little consequence to the 

deformation of asperities at this length scale. Whilst this model does not fully capture the fracture of 

adhered surfaces (adhered interfaces would be expected to behave as something analogous to grain 

boundaries), it does show that, under sliding, the asperity interfaces would slip (either through 

crystallographic slip leading to plastic deformation or decohere).  

The surfaces considered in this study approximate those which are completely bare, absent of the 

surface layer of contamination and oxidation. This is analogous to the contact between surfaces where 

surface layers have been scoured away by previous motion. This suggests that once significant metal-

on-metal contact occurs, the strength of adhesion does not matter as the plastic deformation of the 

surface is controlled by the asperity geometry. This further suggests that a change in the deformation 

mechanism of the surfaces controls galling, whether this is phase transition [13–15,32,94,102] or 

removal of protective surface oxide layers [13–15,94,107]. Surface oxide layers must be sufficiently 

well supported to protect the underlying metal. Any damage resulting in direct contact between the 

underlying metal surfaces would result in severe deformation, but the strength of adhesion would not 

be of importance.  

This work takes a small subsection of the ASTM G196 surface (as illustrated in Figure 4.3). The 

average shear stress τ* on the surface can be estimated as the ratio of the average contact force and the 
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apparent contact area of the region of interest. Integrating this average shear stress over the radius r 

can give an estimate of the torque required for the corresponding ASTM test.  

 dí � 2îm8�∗dm (4.5.1) 

 í � ¾ 2îm8�∗ dm � 23 î�∗1mð9 � m-93ñò
ñó

 (4.5.2) 

Using a horizontal force of 60 μN for each subsection and then integrating over the full surface of the 

ASTM test pieces (inner and outer radii of 3.2 and 6.4 mm respectively) gives a torque of 

approximately 50 Nm. This is well above the torque values reported by Harsha et al. [29,30] of the 

order of 5 Nm, suggesting that macroscopically, these surface would be considered as strongly 

adhered. 

Deformation at this length scale therefore appears to be controlled by the geometry of the surfaces 

rather than the adhesion between them, in bare-metal single phase austenitic materials.  

4.5.2 Galling frequency 

The characteristic galling load is determined under normal loading only, and accordingly, there was 

only a negligible contribution from friction between the surfaces. Tangential motion between the 

surfaces only occurred where there was misalignment between the two asperities in contact and, as 

such, the amount of tangential motion was small, leading to trivial frictional forces. Consequently, 

deformation was unaffected, as was the resulting value of l0.  

The Weibull shape parameter, β, was also insensitive to the friction model. The determined values for 

β are presented in Table 4.3. The changes in β found for the various adhesion (friction) strengths were 

inconsequential, and not large enough in magnitude to impact the resulting galling frequency curves.  

 

Table 4.3: Variation in Weibull shape factor with different frictional models. Entries denoted by * are those 
which a convergent solution was not found. 

Weibull shape 

parameter, β  

 

Shear stress limit, τmax / MPa 
 

80 160 None 
      

Friction 

coefficient, μ  

0.1  
 

3.01 2.99 2.99 

0.5 
 

3.02 2.98 * 

1.0 
 

3.02 2.98 * 
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Since neither l0 nor β displayed any substantial differences with the different adhesion strengths, it can 

be concluded that the normal stress associated with the geometry of the surfaces controls the galling 

frequency response in single phase, austenitic materials and the contributions from adhesion and 

frictional effects below the length scale of the asperities modelled here are negligible.  

Changes in deformation for differing adhesion strengths were mild, leading to negligible effect on the 

galling frequency response. This furthers the hypothesis that it is surface geometry which controls 

both the deformation and galling frequency of single phase rough, austenitic surfaces, with factors 

such as materials properties and friction having only minor contributions.  

4.6 Investigation of elevated temperature galling 

4.6.1 Initial investigations with low roughness surfaces 

The effects of internal heat generation are assumed negligible for all subsequent analyses, which are 

hence performed isothermally. Elevated temperature analyses were performed isothermally at 25°C, 

100°C, 200°C and 300°C. A single surface profile and microstructure was used throughout and 

subjected to normal loads of 10, 20, 30 and 40 MPa. These loads were chosen as they are of the same 

order of magnitude to those at which 316L exhibits galling [29,30]. A simple frictional model with no 

shear stress limit and μ = 0.1.  

For increasing temperatures, the peak stress developed within the material during normally-loaded 

sliding contact decreased, albeit several times higher than the apparent applied stress for all 

temperatures. Contours of Mises stress (Figure 4.14) show both a reduction in peak stress and a slight 

change in stress profile. The softening of the material at elevated temperature increased the extent of 

plastic deformation, reducing the clearance between the surfaces. This in turn brought additional 

asperities into contact and distributed the load, as seen with the increase in stress associated with the 

upper rightmost asperity with increasing temperature.  
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Figure 4.14: Contours of Mises stress at the end of sliding for an applied load of 40 MPa. As the temperature 
increases, the peak stress is reduced (note the absences of red areas) whilst new areas of stress appear due to an 
increase in asperity contact. The peak stresses are of the order of several hundred MPa for an applied load of 
40 MPa.  

 

 

Figure 4.15: Plastic zones at the end of sliding with red and blue showing the yielded and unyielded areas 
respectively. The material is considered to have yielded when the effective plastic strain �BCC has exceeded 0.2%. 
All four plots use a 40 MPa applied load. 

 

 

Figure 4.16: Contours of effective plastic strain at the end of sliding. The maps have been magnified to better 
show detail of the deformation.  
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The extent of plasticity increased with increasing applied load and temperature. Clear increases in the 

plastic zones (areas where peff exceeded 0.2%) were seen with increasing temperature, demonstrated 

in Figure 4.15 and Figure 4.17b. However, the severe plastic deformation was restricted to a small 

region directly below the surface (Figure 4.16). This region of elevated plasticity showed a slight 

expansion with temperature. The shape of these regions of elevated plasticity was controlled by the 

surface geometry. 

The effective plastic strain (averaged over the plastic zone) showed a strong dependency on 

temperature, with Figure 4.17a showing decreases with increasing temperature for all loads. An 

increase in peff was seen between 10 and 20 MPa, with the effect saturating for further increases in 

load. However, these values are well below the peak plastic strains found at the asperity tips, typically 

between 15 and 20%. The majority of the plastic zone displays only mild deformation, and this 

outweighs the smaller region of large plastic strain, resulting in the relatively low average effective 

plastic strain values given in Figure 4.17a.  

The penetration depth of the plastic zone also increased with increasing temperature (Figure 4.17c). 

The plastic reach (Figure 4.17d) showed a substantial increase with temperature, approximately 

doubling in magnitude for each load for a temperature increase of 300 K. 
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Figure 4.17: Various metrics of plastic deformation for a range of applied loads and temperatures. All values are 
those at the end of sliding.  

 

The reduction in the average effective plastic strain can be rationalised by considering the 

deformation of asperities. At higher temperatures, the increased extent of plastic deformation 

increased the number of asperity contacts and hence the contact area. The increase in contact area 

reduces local stresses, resulting in a reaction in plastic strain. The saturation of peff with increasing 

load suggests that it was favourable to expand the plastic zone at higher loads rather than further 

deform yielded material.  

The plastic reach (a function of effective plastic strain and its distance from the surface) showed both 

load and temperature sensitivity. To accommodate deformation, yielded material can further 

plastically deform, hardening in the process, or the plastic zone can expand. At higher temperatures, a 

lower stress was required to initial plastic deformation, and therefore a larger body of material yields 
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for a given stress. This effect dominated the plastic reach, leading to an increase with increasing 

temperature.  

Both characteristic galling load l0 and Weibull shape β parameter showed temperature sensitivity. The 

location of the microscopic yield point did not change with changing temperature. From room 

temperature to 300°C, l0 decreased from 7.3 to 4.6 MPa as shown in Figure 4.18a. The magnitude of 

these changes in β was much smaller than those seen in l0, with a reduction in the mean value of β for 

upper and lower parts from 3.13 to 2.97 over the full temperature range (Figure 4.18b).  

 

 

Figure 4.18: Galling frequency curves. (a) and (b) show the variation in l0 and β with temperature respectively. 
(c) shows the resulting galling frequency curves with temperature.  
 

To understand the galling frequency response as a function of temperature, galling frequency curves 

were plotted (Figure 4.18c) at the four investigated temperatures using Equation (4.3.8). The 

reduction in characteristic galling load resulted in the galling frequency curve shifting to lower 

applied loads. The maximum gradient increased with increasing temperature, implying an increase in 

load sensitivity at higher temperatures (i.e. a fixed change in applied load has a greater influence on 

galling frequency at higher temperatures). The applied increase in temperature appears only to affect 

the characteristic galling load but not the Weibull shape factor. The changes found in the value of β is 

not large enough to impact the resulting galling frequency curve, demonstrating the absence of 

temperature sensitivity of β. From 20°C to 300°C, a reduction of 37% in l0 was found (Figure 4.18a), 

with a reduction in slip strength of 39% over this range. A linear relationship between slip strength 

and l0 was found (gradient = 0.08, intercept = 0.64), suggesting that the slip strength controls the 

temperature sensitivity of l0.  
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The galling frequency behaviour of 316L at elevated temperature therefore appears to be controlled 

almost entirely by changes in characteristic galling load with the Weibull shape factor being relatively 

insensitive to temperature. Significant reductions in characteristic galling load were observed. 

However, these changes were all relatively smooth, without the abrupt transition in galling resistance 

as seen by several investigators in the literature [13,32]. 316L is well known for its poor galling 

resistance at loads between 4 – 8 MPa 4 and reducing by several MPa with increasing temperature 

[30,58,95,199,200,213]. These loads are much less than the typical galling loads for hard facings; for 

example Cockeram et al. [95] reported a threshold galling stress of 650 MPa for NOREM 02 and 

Stellite 6 exceeding 1200 MPa. Qualitatively, the results presented here are in agreement with the 

high temperature reduction in galling load.  

4.6.2 Assessment of model performance against literature results  

The present study considered a single surface profile with a low surface roughness. To provide a more 

representative discussion and comparison with the galling results in the literature, surface profile 

properties (roughness) have been examined simultaneously with temperature.  

4.6.2.1 Surface profile properties 

The more recent standard test, G196, has not found widespread adoption due to the large quantity of 

material and testing required and the associated expense [28]. As such, G196 results are not widely 

available in the literature, with G98 often favoured. The threshold galling stress of G98 provides only 

qualitative comparisons.  

The data collection method presented in G196 does allow for comparisons to be made with the 

representative models investigated here. For G196, a sigmoidal curve is fitted to data, with parameters 

G50 corresponding to the load causing a 50% galling frequency and b describing the shape of the 

galling frequency curve [200] as described in the empirical relation 

 6	¶� � 1
1 � exp &� ¶ � ���� (  (4.6.1) 

Harsha et al. [29,30] have recently implemented the G196 testing process with the addition of heating 

coils to allow galling frequency data to be recorded at elevated temperature, performing tests for 

various stainless steels at room temperature and 300°C. Although there are deviations from the 

standard test procedure in [29,30] as the samples are rotated twice rather than the specified once, the 

 
4 Results for both threshold galling stress as in ASTM G98 (ASTM International, 2009) and galling�� in ASTM 
G196 (ASTM International, 2016). Although the two results are not directly comparable, they do give some 
insight into the loads required to initiate galling.  
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results nonetheless are useful to provide a comparison with the model. Significant reductions in 

galling resistance were found, concordant with the generally found galling behaviour for all materials 

at elevated temperature. Unfortunately, an exact value for room temperature was not given in [30] so 

was taken as 25°C for this study. 

Exact surface profile data are often not recorded. A single surface specification is given for the G196 

as used in [30], namely that the arithmetic roughness is to be between 0.25 and 0.35 μm. Arithmetic 

surface roughness, Ra, is defined as  

 ô � 1õ ,|ç- � ç_|ö
-�7  (4.6.2) 

where the mean line ç_ is defined as  

 ç_ � 1õ , ç-
ö

-�7  (4.6.3) 

for a surface with õ sampling points where y is the height of the surface.   

The model introduced in Section 4.3.1 had a surface roughness of approximately 0.1 μm, lower than 

the values for the material used by Harsha et al. [30]. Whilst surface roughness does not provide the 

surface profile information which has been shown to be of much more relevance to galling resistance 

[221], it does enable models to be generated for comparison with results in the literature. 

Models with roughnesses of 0.25 μm and 0.35 μm were generated to provide bounds on galling 

frequency. The profile previously described was scaled to give the desired surface roughness whilst 

retaining the form of the surface. The mean line remained constant throughout. This process is shown 

schematically in Figure 4.19 with Equation (4.6.4) showing the relationship between scaled and 

unscaled y-coordinates.  

 ç-®B�	æ� � ç_ � 1ç-×°�	æ� � ç_ 3 ô ®B� 
ô ×°�  (4.6.4) 
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Figure 4.19: Schematic representation of the surface scaling process. All three surfaces share a common mean 
line and profile but are scaled to give differing surface roughness values. These surface profiles are not to scale 
with the vertical height magnified for clarity.  

 

Different arrangements of grains were required to accommodate different surface profiles and, 

accordingly, the orientations of individual grains varied between each realisation of the general 

model. The overall base texture and sampling technique remained unchanged but a unique texture and 

set of crystallographic orientations were used for each surface. Previous work has shown that galling 

resistance is relatively insensitive to crystallographic texture with surface profile (the shape and 

curvature of individual asperities rather than the roughness) having a much more profound effect 

[221].  

For a given nominal surface roughness, a wide range of possible surface profiles may be envisaged 

which satisfy the surface roughness constraint with very different surface geometries. This highlights 

the weaknesses inherent in the use of Ra in quantifying surface profile, which fails to completely 

describe a surface profile. The wavelength of the profiles was quantified with the dimensionless ratio 

λ/λ0, where λ is the average separation between surface minima and λ0 the grain diameter (2.55 μm). 

To vary the surface profiles, the wavelength was scaled by a stretch ratio of 1.5, as shown in Figure 

4.20.  
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Figure 4.20: Schematic diagram detailing the horizontal scaling process, with original profile and the scaled 
profile after a stretch of 1.5. The discard section is removed for the profile to conform to the geometry of the 
model (30 and 40 μm side lengths for the upper and low sections of the model respectively).  

 

Six different surface profiles were examined, with three surface roughnesses and two surface 

wavelengths, as detailed in Figure 4.21, at room temperature (25°C) and 300°C. This represents just a 

small selection of the possible surface profiles which would conform to these asperity spacing and 

surface roughness criteria. All generated surfaces share a common base surface profile on which 

scaling and stretching operations were applied.  

 

 

Figure 4.21: Variation in surface profile in both surface roughness Ra and normalised wavelength λ/λ0. Profile 
(a) is that used in the previous studies discussed in this paper (Ra = 0.1 μm, λ/λ0 = 2.7). 

 

4.6.2.2 Deformation behaviour 

The particular surface geometry of the material surfaces plays a controlling role in the deformation of 

the surfaces. Scaling both the amplitude and wavelength of the profile caused significant changes to 

the surface geometry. This led to varying asperity interactions, changing the number of asperities in 

contact at any one time. 
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Variation in plastic zone size (defined as areas where peff ≥ 0.002) with load and temperature is shown 

in Figure 4.22. Deformation was localised to the areas surrounding asperities, penetrating several 

grains beneath the surface. Increases in temperature caused a substantial increase in plastic zone, with 

the effect becoming more profound at higher loadings. The reduction in critical resolved shear stress 

with temperature caused the deformation to become more widespread, with a greater volume of 

material experiencing a stress sufficient to exceed the critical resolved shear stress for a given applied 

load.  

 

 

Figure 4.22: Plastic zone size for the six surfaces for the two temperatures considered. The plastic zone size in 
the lower region was found to be larger for all surfaces.  

 

Surface roughness had a much stronger influence on plastic zone size than horizontal scaling. 

Asperities tended to graze over on another for low roughness (Ra = 0.1 μm). At the other extreme, 

high surface roughness prevented much of the surfaces from contacting, leading to deformation more 

localised to asperity tips with similar levels of deformation seen for both Ra = 0.25 μm and 

Ra = 0.35 μm surfaces. Since the stress states for these higher roughness surfaces were similar, the 

similar resulting plastic zones were expected. This increase in plastic zone at higher surface roughness 

appeared to be more severe at higher temperature, likely to be due to the reduction in critical resolved 

shear stress. Increasing the surface roughness reduced the total contacting surface by preventing some 

asperity contact pairs, increasing the localised load under asperities and therefore plastic zone. The 



Chapter 4 - Internal heat generation in normally loaded sliding surfaces 

123 

plastic zone area was larger for the lower parts for all cases. This was due to the longer contact 

surface for the lower part, allowing a greater area to be deformed. 

 

 

Figure 4.23: Effective plastic strain for the two temperatures at the end of sliding, averaged over the plastic 
zone. 

 

The effective plastic strain showed some temperature sensitivity, with similar decreases to those seen 

in the initial investigation (Figure 4.23a). The effective plastic strain was relatively insensitive to load 

as seen in Figure 4.23, saturating for loads greater than 20 MPa. When considered alongside the 

increasing plastic zone size, it suggests that expanding the plastic zone is favourable rather than 

further deforming the yielded material.  

Surface roughness caused an increase in plastic strain. At higher surface roughnesses, fewer, sharper 

asperities supported the same apparent load and therefore deformed to a much greater degree, hence 

the increase in plastic strain. In the lower roughness surfaces, the contact area was larger, distributing 

the load over a greater number of asperities and reducing plastic strains.  

Horizontal scaling also had somewhat of an effect on the effective plastic strain. Again, this was due 

to the reduction in the number of asperities in contact increasing the localised stress at asperity.  
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Figure 4.24: Plastic reach pR at the end of sliding.  

 

Increases in plastic reach shown in Figure 4.24 were seen for all surfaces with increasing temperature. 

The increases were found to be larger at higher surface roughnesses. Plastic reach appears to be highly 

sensitive to the exact surface geometry since both vertical (“surface roughness”) and horizontal 

scaling were found to effect plastic reach values in a non-linear way. As previously discussed, plastic 

reach is both a function of the effective plastic strain and the depth below the surface at which the 

deformation occurs. At higher temperatures, the area over which plastic deformation occurs was 

greater but the average effective plastic strain was reduced. Therefore, it appears that the increased 

extent of plastic deformation outweighed the reduction in effective plastic strain, leading to increased 

values for plastic reach and potentially more severe galling damage.  

4.6.2.3 Galling frequency comparison  

Comparisons between the model results and the literature data of Harsha et al. [30] are presented in 

Figure 4.25. In general, the experimental trends are captured but quantitative agreement is not 

achieved. The utility of the results is limited due to the sensitivity of galling to the surface conditions 

of the tested samples. However, both simulation and experimentation agree in so far as galling 

resistance decreases with elevated temperature.  
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Figure 4.25: Resulting galling frequency curves, with parameters. All shown with experimental data from 
Harsha et al.[30]. Room temperature (RT, solid lines) and 300°C (HT, dashed lines) values for l0 and β are given 
for each surface profile. 

 

For a fixed pair of surfaces, the reduction in characteristic galling load with temperature was much 

more modest than seen experimentally. Therefore, this suggests that the true mechanism for this 

temperature sensitivity is not captured by this model. This trend was observed for all surface 

roughnesses. 

The nominal surface roughnesses investigated here are represented by short sections of a surface 

profile in 2D (several tens of microns) rather than the full surface topography. Accordingly, the results 

from the model demonstrate a high level of sensitivity to the exact surface profile since the 

characteristic galling load is determined from a single asperity contact.   

The distribution shape factor β was found to be relatively insensitive to both surface and temperature 

changes. The variation seen in β was not large enough to cause changes in the resulting galling 

frequency curves. For all cases, increases in surface roughness (0.10 → 0.25 μm) resulted in a 

reduction in characteristic galling load at both ambient and elevated temperatures. However, further 

increases in surface roughness (0.25 → 0.35 μm) resulted in a subsequent increase in l0. As discussed 

in Section 4.6.2.2, the severity of the plastic deformation increased with increasing roughness but 
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saturated above a roughness of 0.25 μm due to the height of asperities preventing contact between 

portions of the material surfaces.  

An interesting difference between surfaces (a) and (d) is the change in l0 value found when the 

wavelength was scaled. This can be explained by considering the number of asperities in contact 

during the loading phase. The characteristic galling load was determined by examining the 

accumulated effective strain in the first asperity pair to make contact. However, subsequent 

deformation could sometimes bring a second asperity pair into deformation. In (a), the deformation of 

the first asperity pair during the initial elastic deformation was sufficient to bring a second pair into 

contact, dividing the load between the two. This reduced the load experienced by the first asperity 

pair, leading to a higher valve of apparent load required to meet the peff > 0.2% criterion to ascertain 

l0. In (d), only one asperity pair made contact during the loading phase, hence took the full load 

individually and a lower apparent load was required to cause yielding.  

It would be expected that surfaces such as these would display some degree of periodicity. Increasing 

the length of surface profile considered would bring additional asperities into contact. However, the 

applied force would accordingly increase to maintain a consistent apparent load. One method to 

determine the separation of asperities is the average profile element length (BS ISO 4287:1997 [222]). 

These surfaces display an average profile element length of 10 μm. Therefore, these models consider 

multiple profile elements. However, this does indicate the sensitivity of this method in determining 

galling resistance to particular surface profiles.  

4.7 Conclusions 

The thermal effects in galling of internal heat generation and elevated temperature were assessed, 

along with the role of adhesion, using a representative crystal plasticity finite element model, 

developed from the original work of Barzdajn et al. [142], relating microscopic surface deformation to 

galling frequency predictions. Contacting asperity deformation was found to be largely insensitive to 

adhesion strength, with the surface geometry dominating the plastic deformation behaviour. The 

heating contributions of plastic deformation and friction were examined at representative timescales. 

The rate of heat transfer far exceeded that of generation, preventing localised heating and resulting in 

no tangible effects on the deformation of the surfaces and is unlikely to play a role in asperity 

deformation under these loading conditions. Predicted galling frequency curves were insensitive to 

internal heat generation.   

The effects of isothermal, elevated temperatures were hence investigated in the absence of any 

deformation related heating. The reduction in the critical resolved shear stress at elevated temperature 

caused a greater volume of material to undergo plastic deformation in normal and sliding contact; 
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however, a reduction in the average effective plastic strain was observed. The plastic reach (a function 

of magnitude and depth of plastic strain) showed strong temperature sensitivity. The softening of the 

asperities allowed more intimate contact between the surfaces, increasing the extent of deformation. 

The characteristic galling load l0 showed temperature sensitivity, and this was related to the 

temperature dependence of the critical resolved shear stress. The distribution shape factor β showed 

little temperature sensitivity. The resulting galling frequency curves showed reduced galling 

resistance at elevated temperature but no abrupt collapse as reported by Kim and Kim [13], suggesting 

a change in deformation mechanism not captured by this model such that phase transformation, for 

example, could be the cause of these experimental observations.  

The model results captured the trends of the ASTM G196 tests performed by Harsha et al. [30], when 

the appropriate surface roughness (Ra) values were assessed. The reduction in galling resistance with 

temperature for a fixed profile was not as large as the G196 results presented in the literature, again 

suggesting that some other factor contributes to the reported collapse in galling resistance. This study 

emphasises that the arithmetic surface roughness alone is a poor measure in quantifying surfaces in 

contact and galling response. 
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Chapter 5 - Experimental methods and the development 

of a new, heated three-point bend testing system 
This chapter details the development of three-point bending experiments at elevated temperatures, 

from conception to operation. Design decisions are discussed, and the progressive development of the 

system is presented here. The resulting equipment is demonstrated to perform as expected whilst 

fulfilling the intended aims. Sample preparation methods are discussed and finally the experimental 

methodology is detailed.  

5.1 Experimental rig development 

To study the deformation behaviour of hard facing alloys at temperatures relevant to light water 

reactor operation, a system was developed to modify existing mechanical testing equipment to heat 

specimens during three-point bend testing. This aimed to provide controlled heating to facilitate both 

isothermal and anisothermal temperature conditions during mechanical testing whilst allowing the use 

optical digital image correlation for in-situ strain measurement. The final system should be able to 

perform both simple monotonic and fatigue loading with small scale three-point bend specimens at a 

range of temperatures. Temperatures in excess of 300°C should also be achievable as this is the 

temperature required to be comparable to the temperatures experienced with light water reactors, 

making this equipment suitable for testing a range of materials used within nuclear reactors.  

A Shimadzu AGS-X 10kN (Shimadzu, Japan [223]) test frame was used to provide the mechanical 

loading capability as there was already significant experience using the machine for room temperature 

testing. A specimen with dimensions of 12 × 3 × 3 mm and a lower roller spacing of 10 mm was 

selected for small scale three-point bend testing , shown schematically in Figure 5.1. This specimen 

geometry has been demonstrated to be appropriate for small scale micromechanical testing 

[55,164,224,225].  
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Figure 5.1: Geometry of the bend specimen with roller positions and region of interest (ROI) 

 

This geometry has several advantages. The small specimen size allows for rapid and relatively 

uniform heating. The specimens require only small amounts of material and avoid the need for longer 

pieces of raw material as are required for tensile testing. Entire specimens can fit within the chamber 

of an SEM, preventing the need for specimen sectioning, and allowing imaging and EBSD prior to 

deformation. However, the specimens are sufficiently large to capture the deformation of a 

statistically significant number of grains for the materials examined in this thesis. The three-point 

bend configuration also generates a strain gradient across the specimen. Whilst outside the scope of 

this work, this geometry is also suitable for use in fatigue crack initiation and growth experiments, 

since one can know the approximate position of crack growth a-priori. A notch can also be introduced 

to assist with the investigation of cracking [226]. This was considered when designing the heating 

components of the rig.  

5.1.1 Review of heater types 

Mechanical testing at elevated temperature requires two main components: the heating source and a 

suitable mechanical testing frame. The review by Carden [227] describes the main techniques 

typically used to facilitate elevated temperature testing and these can be broadly grouped into the 

following categories. Combustion furnace heating uses the direct combustion of gas in close 

proximity to the specimen to provide heating. With this method, the specimen is mechanically tested 

within the combustion chamber. Electric resistance heating can heat the sample either directly by 

passing a current through the specimen (i.e. self-heating due to the specimen resistivity) or indirectly 
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through external electrical resistance heaters. Incandescent lamps use intense, focused light to provide 

heating. Contact heating uses external heating in direct contact with the specimen, for example an 

electric blanket. Finally, induction heating uses external coils to induce a current within the specimen, 

providing a self-heating effect.  

The most common technique is the use of external electrical resistance elements surrounding the test 

specimen [228]. A review of the literature reveals countless examples of the use of this system for 

tensile, fatigue and creep testing. Examples of this testing method in metallurgy include the high-

cycle fatigue testing of titanium alloys [229], the characterisation of stainless steel deformation 

[230,231], the tensile testing of depleted uranium [232], the environmental testing of Ni-based 

superalloys [233]. Several testing frame manufacturers offer testing frames with integrated furnaces 

[228,234,235] with the advantage of better integration with the testing frame control system but the 

disadvantage of expense. 

The use of a furnace brings additional challenges to the testing. The size of the furnace requires the 

use of longer pull- or push-rods between the load frame and the specimen [228], introducing 

additional elements into the load string with the risk of increasing the compliance of the test frame. 

This can result in difficulties in correctly measuring true specimen extensions. Furnaces often wrap 

around the entire specimen, making in-situ measurements (such as the use of digital image 

correlation) difficult if the furnace does not include a window. Even if the sample surface is visible, 

the additional working distance between any imaging equipment and the sample due to the space 

requirements of the furnace reduces the possible resolution of any measurements. One further 

difficulty in the context of these experiments is that a very large furnace would be required to enclose 

a set of three-point bend grips. This setup would also heat the grips as well as the sample which could 

introduce additional uncertainties in measurements due to the thermal expansion and increased 

compliance of the grips. 

Induction coils can provide extremely rapid and localised heating by inducing an electrical current 

within the specimen. The current heats the sample through Joule heating [227,236]. As this is a non-

contact technique, extensometers and thermocouples can be easily attached to the sample surface and 

DIC can be used for strain measurement [237,238]. The major disadvantage of this technique is the 

possibility of temperature gradients due to the highly localised heating [227,236]. This method is only 

suitable for materials with a sufficiently high resistivity to cause internal heating and fails if the 

specimen fractures [236]. The requirement for the sample to be surrounded by coils limits specimen 

geometry to tensile testing making this method unsuitable for the work presented here.  

Since neither the use of an external furnace nor an induction coil was suitable (direct resistance 

heating and combustion heating were inappropriate and not considered at all), radiative heating with 

incandescent bulbs was selected. In the literature, the use of infrared heating sources with mechanical 
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testing has been in the context of tensile testing [238], for large composite material specimens [239] 

or thermomechanical tensile fatigue [240]. These studies generally consider large specimens rather 

than small scale three-point bend geometries and use large infrared emitters providing heating to large 

areas.  

Owing to the small specimen size, focussed infrared lamps were found to be the ideal heat source for 

small scale three-point bend experiments. Focussed infrared spot lamps are used industrially for 

soldering [241], the forming and joining of plastics [242,243] and brazing [244]. These small-scale 

applications, along with the availability of these lamps, make infrared spot lamps ideal for this 

application. SpotIR 4150 lamps (Research Inc. USA, [245,246], shown in Figure 5.2) were chosen as 

the candidate heating equipment. The 5 mm spot size (similar to the 3 mm side length of the 

specimen), the compact lamp size (allowing them to fit within the loading frame) and the ability to 

control heater power within an external PID controller were the primary reasons for the selection of 

these lamps.  

5.1.2 Heating lamp suitability assessment  

The performance of the SpotIR lamps was assessed using several simple models to ensure that the 

required temperatures and relatively uniform heating could be achieved using the proposed heating 

system. As already discussed, temperatures of approximately 300°C were required to be comparable 

to those typical for in-service LWR valves and to be in excess of the temperatures relevant for galling 

resistance in iron-based hard facing alloys [12,13]. 

The lamp manufacturer, Research Inc., performed representative tests using a correctly sized dummy 

steel specimen in the approximate geometry proposed for mechanical testing, as shown in Figure 5.2. 

Temperatures reached well in excess of the required 300°C in reasonable timescales (heating rates of 

above 100 K/min). These results were independently verified and an assessment of the uniformity of 

the resulting temperature distributions was made using a simple lumped-system model to assess the 

heating rate and a three-dimensional finite element model to evaluate the temperature uniformity. 
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Figure 5.2: Representative testing using the SpotIR lamps, performed by Research Inc. The thermocouple can be 
seen on the sample in (b). 

 

5.1.2.1 Lumped-system model 

Since all test materials were likely to have similar heat transfer properties and Nitronic 60 was a 

material of interest, the properties of Nitronic 60 were used in all thermal calculations. These thermal 

properties are given in Table 5.1. 

Table 5.1: Properties for Nitronic 60 for heat transfer calculations. 

Property Symbol Value Units Source 

Density ρ  7620 kg m-3 [247] 

Specific heat capacity cp 498 J kg-1 K-1 [248] 

Thermal conductivity k 11.7 W m-1 K-1 [248] 

 

A first estimate of the relative importance of film heat transfer between the sample and the air and 

heat conduction within the sample can be made by calculating the Biot number Bi, where h is the film 

heat transfer coefficient, L a characteristic length and k the thermal conductivity. A Biot number 

greater than 0.1 suggests that significant thermal gradients within the specimen are likely. 

 ÷ø � ℎÙ¢  (5.1.1) 

Taking the ratio of the beam volume and the heated surface area as L = 6 mm and estimating a film 

heat transfer coefficient of 30 W m-2 K-1, a typical value for convective air heat transfer, gives a Bi 

number of approximately 0.02. This suggests that thermal gradients within the beam are likely to be 

small and that the beam temperature is controlled by external heat transfer. A simple lumped-system 

model was therefore used to assess whether the infrared lamps could provide sufficient heat flux to 

the beam to allow for isothermal testing at 300°C.  
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Consider a heat balance over the entire 12 × 3 × 3 mm sample, with thermal boundary conditions 

given in Figure 5.3. Heating is provided by the two infrared lamps focused on the sample ends, 

denoted as the heat flux qIR. Convective heat transfer qh is calculated using a simple film model with a 

constant film heat transfer coefficient h of 30 W m-2 K-1. Radiation heat transfer qR is given by the 

Stefan-Boltzmann law, where ϵ is the emissivity, estimated to be 0.5, and σ is the Stefan-Boltzmann 

constant5. The ambient temperature is denoted by T∞ and the initial temperature by T0.  

 

 

Figure 5.3: Thermal boundary conditions on test beam.  

 

A heat balance over the beam volume gives the following equation, where AIR is the total area 

exposed to the infrared heating, S the total surface area and V the volume. The physical properties are 

given in Table 5.1.  

 núûüúû � 	nQ � nä�{ � �ÇÈ¨ d£dÄ  (5.1.2) 

 núûüúû � ℎ{	£ � £ý� � þ
{	£ � £ý�� � �ÇÈ¨ d£dÄ  (5.1.3) 

 

This equation was then solved with a simple time stepping integration scheme in MATLAB. Both the 

ambient and initial temperatures were taken as 293 K. An example solution is shown in Figure 5.4. 

 

 
5 σ = 5.67 × 10-8 W m-2 K-4 
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Figure 5.4: Example heating curve showing temperature evolution to the application of heating with 
qIR = 1.7 × 105 W m-2. The upper dashed line (T*) shows the target temperature of 300°C whilst the lower line 
(T0) shows room temperature. 

 

The SpotIR heating lamps can produce a maximum heat flux of 1.7 × 106 W m-2 [245]. As shown in 

Figure 5.4, the heat flux developed by these lamps is more than sufficient to heat the sample to the 

desired temperature within a reasonable time. Whilst this analysis neglects the role of the support 

rollers acting as heat sinks, the high theoretical heating rates for even low heater power (Figure 5.5), 

suggests that the heaters are suitable for use as the heat source in this test. Expectedly, the effect of 

radiative heat transfer was negligible with film heat transfer dominating. 

 

Figure 5.5: Heating curves for the various heater output levels, shown as percentages of the maximum possible 
heat flux (1.7 × 106 W/m2). The upper dashed line shows the target temperature of 300°C whilst the lower 
dashed line shows room temperature. 
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5.1.2.2 Three-dimensional finite element implementation 

A three-dimensional finite element implementation of the heated beam was produced to investigate 

the effect of any thermal gradients within the beam. Identical boundary conditions to those applied in 

the lumped-system model (Figure 5.3) were applied to the FE model, modified so that they were 

applied to the relevant surfaces of the beam.  

Figure 5.6 shows the comparison between the lumped-system model and the finite element equivalent. 

Identical boundary conditions were applied in each case, but the specimen geometry did have some 

effect on its heating behaviour. A slight lag between the temperature experienced at the centre of the 

beam and the temperature calculated by the lumped-system model was found, showing some effect 

due to heat conduction during the initial stages of heating. This is due to the lumped-system model 

underestimating the amount of heat lost through film convection as it does not take account of the true 

beam geometry. For longer heating times and higher temperatures, the effect of representing the 

geometry correctly on convective cooling becomes more apparent, with the lumped-system model 

reaching a higher temperature. However, this was not a concern as heating rates were still suitable for 

the experiment.  

 

Figure 5.6: Comparison between the temperature response calculated using the lumped-system approach and the 
full 3D finite element (FE) model. The heater flux is set to 10% of the maximum. The FE temperature values 
were taken from the node directly in the centre of the beam in the region of interest for mechanical testing. The 
upper dashed line shows the target temperature of 300°C whilst the lower dashed line shows room temperature. 
 

A quasi-steady state temperature profile is developed extremely rapidly within the beam after the first 

few seconds of heating, as shown in Figure 5.7a. Temperature gradients in the longitudinal (x-

direction) were far greater than those in the other two directions, with values of approximately 1 K 

over 3 mm. The applied heat flux here is representative of that which would be required to reach a 
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steady state centre-line temperature of approximately 300°C. The temperature profile is nearly flat in 

the central section and therefore there is unlikely to be a strong temperature gradient across the region 

of interest.  

 

Figure 5.7: Temperature profiles in the longitudinal (x-direction) over time during heating with temperatures at 
the centre and end highlighted.  

 

Figure 5.7b reveals a temperature difference of approximately 15 K between the heated ends and the 

centre of the beam. However, the temperature gradient in the centre of the beam is approximately 

1 K/mm, and it is therefore valid to assume that the region of interest in the centre of the beam would 

be a uniform temperature.  

This evaluation does not take account of the support pins and indenter acting as heat sinks. Whilst 

these will increase the heating demand for a given temperature, the rapid conduction of heat shown 

here demonstrates that this system will very likely produce near uniform temperature distributions 

across the region of interest. During operation, an initial heating soak will be performed to allow the 

indenter and support pins to reach thermal equilibrium with the beam, reducing this effect. The 

support pins will also be produced from tungsten carbide, a poor conductor of heat.  

5.1.3 Heating system 

Once the suitability of the SpotIR infrared lamps was established, the supporting equipment and 

control system was designed. The lamps were placed such that the specimen edges were aligned at the 

beam focal point, with a spot diameter roughly the size of the sample cross-section, providing the 

maximum heating capability of the lamps. The heating spot size had a diameter of 5 mm, and 

therefore the heat flux on the sample ends was assumed to be uniform. Cooling air at 
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50 litres per minute was provided to each lamp from a low vibration air compressor to prevent the 

introduction of vibrations which could reduce the resolution of any in-situ optical imaging. The 

compressor was placed away from the testing machine, behind a high-cycle fatigue testing machine 

mounted on a 1 m3 concrete block to reduce any possible vibrations. The laboratory also had a 

concrete floor, further reducing vibrations. Vibrations due to the attachment of the work bench to the 

wall were found to be far more significant than any due to the air compressor. 

Temperature control was provided by a Eurotherm 2416 PID controller (Schneider Electric [249]), 

with heating provided by the infrared heating lamps and cooling by a compressed air jet aimed at the 

specimen. A length of steel pipe acted as the air nozzle held in place with a retort stand (Figure 5.8). 

Input temperature readings were provided by a thermocouple (type-K) spot welded directly onto the 

rear middle surface of each specimen. During commissioning, additional thermocouples were attached 

to the sample, requiring small, precise welds to provide accurate temperature measurement with 

minimal noise. The use of an infrared temperature measurement gun was considered but these were 

prohibitively expensive, difficult to use for small areas, and did not offer sufficient spatial resolution 

for temperature gradient measurement. Multiple spot-welded thermocouples were found to be 

adequate. Temperature data were recorded for the load frame and, most crucially, the load cell using a 

PicoLog TC-08 datalogger [250].  

 

 

Figure 5.8: Cooling air nozzle with valve (white) and support rod. The air feed hose is inserted into the orange 
port on the right. The valve can be used to meter the flow of cooling air. 

 

5.1.3.1 Temperature control and controller tuning 

Initial controller tuning parameters were estimated using the estimated heating performance as 

determined by FE calculations and the Ziegler-Nichols process reaction curve method [251–253] with 

the tuning process shown diagrammatically in Figure 5.9. With this method, the controller is set to an 

open-loop or manual state (i.e. the control variable is not changed by the controller) and allowed to 

reach a steady state. A step change in control variable (ΔCV) is introduced at time t0. The magnitude 

of this step must be large enough to outweigh the effect of any disturbances and dominate the system 
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response. The process variable PV is allowed to reach a new steady state value with the change ΔPV 

measured. The ratio of ΔPV to ΔCV is the process gain gp.  

 

Figure 5.9: Process reaction curve of the process variable PV response to a step change in the control variable 
CV. 

 

A tangent to the process reaction curve is plotted at the inflection point and extended to intersect the 

initial value of PV with the corresponding time being t1. The dead time td is characteristic of the delay 

between controller input and a significant change in the process variable and is calculated as the 

difference between t1 and t0. Finally, the process time constant is calculated. This is characteristic of 

the rise rate in the process variable for a step control input. The point at which the process variable 

has risen by (1 – e-1)ΔPV ≈ 0.63ΔPV is found and the corresponding time te is recorded. The time 

constant τ is then the difference between te and t1. In summary,  

 Process gain: .u � ΔPV ΔCV�   (5.1.4) 

 Dead time: Ä� � Ä7 � Ä� (5.1.5) 

 Time constant: � � ÄB � Ä7 (5.1.6) 

 

Full proportional-integral-derivative (PID) control was used here. The three process constants can 

then be used to calculate the three PID settings: the proportional gain Kp, integral time Ti and 

derivative time Td using the rules given by Ziegler and Nichols [252]. For full PID control, the 

following settings are used. 

 �u � 1.2�.u Ä� (5.1.7) 

 £ � 2 Ä� (5.1.8) 

 £� � 0.5 Ä� (5.1.9) 
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The controller was set to automatically and incrementally update the control parameters if a 

prescribed integral absolute error was recorded. This automatic tuning facility was switched on during 

initial commissioning but never automatically tripped by the controller, confirming that the PID 

settings calculated with the Ziegler-Nichols method were acceptable. As such, the automatic tuning 

capability of the controller was turned off following initial commissioning. Table 5.2 gives the 

accepted controller parameters. Whilst these PID settings were acceptable for isothermal operation 

(i.e. disturbance rejection control) at 300°C with stainless steel-like materials, it would be 

recommended that the controller is retuned each time there is a change of materials with significantly 

different thermal properties or the testing regime changes significantly.  

 

Table 5.2: Final controller parameters. 

Parameter Value  Units 

Proportional gain, �u 5  - 

Integral time, £ 53  s 

Derivative time, £� 8  s 

 

5.1.3.2 Temperature distributions within the beam 

Multiple thermocouples were attached to measure the temperature distribution along the length of the 

beam, as shown in Figure 5.10, to validate the estimated temperature profiles described in 

Section 5.1.3. Accurate attachment of the thermocouples was difficult due to the small specimen size, 

with the temperature measured by each thermocouple strongly depending on the quality of the spot 

weld. The spot-welding gun tip was sharpened prior to use but it was difficult to ensure a consistent 

quality of spot weld. As such, measurements of the temperature profile could not be compared with 

the model, but overall trends showed that the temperature across the beam was uniform.  

There were several sources of error in the control of the temperature of the region of interest. The first 

was the error inherent in the thermocouples themselves. Type-K thermocouples have an error of 

approximately 2 K [254] with error increasing with decreasing weld quality. Thermocouples were all 

made by hand. The thermocouple bead was formed first using one weld, followed by a second weld to 

attach the thermocouple to the specimen to improve thermocouple quality. The controller set point 

could be set with a precision of 1 K. The second main source of error was due to the operating mode 

of the heating lamps. The lamp output was controlled by a 4 – 20 mA signal with the lamps operating 

using phase angle control [246]. The phase angle control resulted in small oscillations in sample 

temperature of approximately 1-2 K about the set point. These two sources of error both outweighed 
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the temperature variation expected across the beam. As such, the control of the beam temperature was 

as accurate as practicable. 

 

 

Figure 5.10: Detail of a test sample showing five independent thermocouples 

 

Whilst much of the rig development work was focussed on the heaters and associated control system, 

careful design of the grips used for the mechanical loading was also required for the heaters to 

function well.  

5.1.4 Grip design and development 

The first iteration of the three-point bend rig comprised a H13 tool steel support, containing tungsten 

carbide support and alignment pins. The entire assembly was turned from a single 50 mm bar with 

channels cut in all four sides for illuminating the sample with infrared, imaging the sample using a 

long-distance microscope for possible in-situ digital image correlation measurements and access for 

sample cooling and thermocouple attachment. The indenter was machined from a hardened piece of 

H13 steel with a blade tip diameter of 3 mm. The design work for the original grip was undertaken by 

Bo Chen [255]. H13 was selected due to its strength at the temperatures required for this work whilst 

tungsten carbide was selected for the pin material, again due to its elevated strength, high stiffness and 

low thermal conductivity. 

This rig was found to perform well during mechanical testing with no deformation seen in the pins 

due to repeated testing, but wear was found on the indenter tip. This was attributed to the hardness of 

both the hard facing alloys used and to the use of the grips for the fatigue testing of zirconium and 

nickel superalloy by co-workers. Unfortunately, it was realised that this set-up was not suitable for use 

with the infrared heaters with the initial grip design shown in Figure 5.11a. The relatively large 
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distance between the sample ends and heater focal points meant that the heat flux on the ends of the 

sample was far less than the specified maximum value at the focal point, resulting in a sluggish 

heating rate above 200°C. Since the sample ends were not at the heater focal points, much of the 

infrared light heated the rig rather than the sample due to the defocused beam. The small heater 

openings on the sides of the rig further exacerbated this issue, with the 5 mm wide channels catching 

much of the defocussed beam. 

 

Figure 5.11: The evolution of the lower portion of the three-point bend grip. Images are not to scale. 

 

The indenter section of the grip was also unsuitable for elevated temperature testing. The indenter 

(Figure 5.12a and b) threaded directly into the load cell. During heating, the temperature of the load 

cell (measured by a thermocouple inserted between the indenter and the load cell) would increase, 

resulting in inaccurate load measurements. This was caused by direct conduction of heat through the 

indenter and the lamp cooling air exhausts directing hot air into the cavity surrounding the load cell.  

A replacement grip was therefore designed to be more suitable for the use of the infrared heaters.  

 

 

Figure 5.12: Indenter blade and extension bar. The diagrams are not to scale. For reference, the extension bar 
outer diameter is 30 mm.  

The first modification was to increase the distance between the load cell and the heated areas of the 

rig. The load cell had an operating temperature window of 5°C to 40°C whilst a constant temperature 
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of ± 2°C was required for accurate measurements [223]. This was achieved with a 100 mm extension 

rod between the load cell and the indenter as shown in Figure 5.12c. The extension rod had a diameter 

of 25 mm to ensure it did not introduce additional compliance into the load chain. Further testing 

found that the load cell remained within the ± 2°C prescribed for accurate load measurement, whilst 

not exceeding the maximum 40°C. A long term test, where a constant light load was applied to a 

dummy specimen to ensure full contact between the indenter and the specimen for a period of three 

hours at 300°C, verified that this modification was acceptable, with the interface between the grip and 

load cell reaching a steady state temperature of 30°C. 

The second modification reduced the distance between the heaters and the sample, bringing the 

sample ends to the focal points of the lamps. The lower half of the rig was remade as the alignment 

pins limited the removal of the material from the grip sides. As an initial test, the sides of the rig were 

removed using electric-discharge machining (Figure 5.11b). This improved sample heating by 

reducing the distance between the focal point and the specimen end resulting in a better focussed IR 

beam. However, rig heating still occurred due to the narrow heating channels.  

The redesigned rig is shown in Figure 5.11c. In this design, the rig has been narrowed in the direction 

parallel to the length of the beam by moving the alignment pins to be in line with the horizontal load 

bearing pins. This allowed the heaters to be positioned such that the focal points were coincident with 

the beam ends. This new position for the pins prevented the load bearing pins from escaping the rig in 

the unlikely event of them fracturing during use. A pin did fracture on one occasion, during the testing 

of the nickel superalloy RR1000 at 300°C. This was assumed to be due to a defect in the tungsten 

carbide pin with the rig retaining all pieces of the shattered pin. The heating channels were widened to 

circular holes of 12 mm i.d. (corresponding to the diameter of the lamp orifices) to prevent heating the 

rig. These alterations improved both the heating rate and controllability of the sample temperature 

whilst reducing the heating of the rig itself to a minimum.  

5.1.5 Final rig design and operational experience 

The final rig design during operation is shown in Figure 5.13. A range of tests were performed to 

ensure the safe and consistent operation of the heaters during mechanical testing prior to performing 

any experiments. Some leakage of infrared light is evident in Figure 5.13b but this was unavoidable, 

largely due to reflection of stray light from the surfaces within the grip. The modular nature of the rig 
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allows for easy disassembly of the heaters making changing the grips to those required for a different 

experiment simple, for example tensile testing. 

 
Figure 5.13: Operational rig, showing both the heating system and the three-point bend grips. The cooling air 
nozzle is hidden behind the grips and heaters. 

 

There was significant learning during the commissioning and operation of the infrared heating system 

and this knowledge has improved the operation of the rig substantially. These practices have been 

incorporated into the operating procedure for this equipment. 

During early experiments, bulb lifetime was found to be considerably shorter than the specified 

175 hours of steady state. Whilst it was expected that bulb lifetime would be reduced by cycling the 

output power, initial bulb lifetimes were typically between 10 and 20 hours. The SpotIR heaters were 

specified to accept a 240 V line voltage. However, it was later found that the lamps themselves could 

only accept a maximum voltage of 110 V, as they were manufactured in the USA. A limit was 

therefore placed on the 4-20 mA output at 11 mA to limit the voltage supplied to the correct 

maximum of 110 V. This substantially prolonged the life of the lamps. Applying a power ramp rate 

limit also appeared to prolong lamp life. Rapid heating from zero power with a cold filament to full 

power caused premature damage to the lamps. On the advice of the lamp manufacture, a brief 

warming period of low power was applied when using the lamps from a fully cold start to prevent 

this.  With these measures, lifetimes now approach approximately half of the specified 175 hours of 

steady state with tests typically lasting around one hour of heating time.  

Allowing the system to reach thermal equilibrium prior to commencing the mechanical portion of the 

test was crucial. If the specimen was brought to the temperature set point without the indenter in 

contact, the specimen temperature would immediately decrease rapidly due to the indenter acting as a 

heat sink. It was therefore important that the indenter itself was in contact with the specimen during 

heating to prevent this cooling effect. However, if the indenter was brought into contact with the 
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specimen with a fixed displacement resulting in a low load prior to heating, the applied load would 

quickly increase as the system expanded under heating. To remove these unwanted, additional 

compressive loads, the indenter was brought into contact under load control, with the load set to a 

small value. The system was then brought to the desired temperature, with the controller within the 

load frame automatically adjusting the crosshead position to maintain the small applied load. Once 

thermal equilibrium was reached, the remainder of the test could be performed as usual. Similar 

techniques have been used for in-situ microscopy with both tensile [165] and micropillar compression 

[256].  

Several modifications to the current system could further improve its operation and ease of use. The 

main difficulty in the use of this equipment is the attachment of the thermocouple to the specimen. 

Whilst rare, thermocouples can detach from the specimen during testing. Thus far, thermocouples 

have always been attached to the rear face of the specimens, i.e. the opposite side to that prepared for 

observation. The upper surface cannot be used due to the indenter and the lower surface will undergo 

the maximum strain making thermocouple detachment more likely. Attaching thermocouples to the 

back of the specimen requires the specimen to be carefully gripped on the sides during spot welding 

with great care taken to not damage the polished surface. The specimen then must be carefully loaded 

into the grips without damaging the thermocouple connection, which is often problematic. A method 

to alleviate these issues would be to use a spring-loaded thermocouple below the specimen. This 

would not be permanently attached to the specimen but would be kept in contact with the specimen 

throughout deformation with a stiff spring. This would hugely increase the ease of use of the 

equipment, provided that this contact thermocouple provided accurate temperature measurement.  

A second improvement would be to replace the tip of the indenter with a harder material. Some wear 

on the indenter tip occurred after a significant amount of testing, causing a small flat spot. Whilst the 

indenter is currently made from hardened H13 tool steel chosen for its elevated temperature stiffness 

and strength, tool steels are known to wear [257–259]. One solution would be to re-machine the tip of 

the indenter when wear becomes significant, gradually shortening the blade. However, a more 

permanent solution would be to either remake the indenter blade in a different material or insert a 

harder wearing tip. Ironically for this work, facing the indenter tip with Stellite may be a suitable 

alternative. Stellite 21 has been found to perform well when used to replace damaged H13 tools and 

dies so would be potentially suitable here [260]. A simpler replacement would be to machine a cavity 

in the tip of the indenter blade and braze in a tungsten carbide rod.  

One final improvement would be to reduce the reflectivity of the specimen ends. These surfaces were 

left unprepared following electric discharge machining. The relatively rough finish with a thin coating 

of brass had a much lower reflectivity than the prepared surfaces. However, further improvements 

could be made by increasing the absorptivity of these end surfaces. This was attempted using black 
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paint from a paint marker pen. This did improve the heating rate, but the paint was not stable at 

elevated temperatures, degrading quickly at 300°C leading to contamination of the surface on which 

DIC/EBSD was performed. The use of a high absorptivity coating stable at elevated temperatures 

such as the types of paints used in furnaces, log fires or car exhausts may improve the heating 

performance of the equipment.  

This concludes the description of the design process and commissioning of the new heated three-point 

bend system in its current form. The discussion will now move on to the techniques used to 

characterise the deformation of the alloys of interest.  

5.2 Specimen preparation and three-point bending methodology 

Small scale three-point bend test specimens of dimensions 12 × 3 × 3.5 mm were electric discharge 

machined from the bulk material available. Surface damage due to the machining was removed by 

hand grinding to an 800 grit finish, providing a suitably clean surface for thermocouple attachment. 

The face of interest was ground to a 4000 grit finish with silicon carbide grinding papers, followed by 

6 minutes of fine grinding using 1 μm diamond suspension (Struers Nap-B1/MD-Nap). Final 

polishing was performed with a colloidal silica solution (a 1:1 dilution of OPS in deionised water) for 

thirty minutes to achieve a surface suitable for the application of a gold speckle pattern and lattice 

orientation measurements using electron backscatter diffraction. The loss of material due to surface 

preparation resulted in beams with dimensions of approximately 12 × 3 × 3 mm.  

Regions of interest (ROIs) within the tensile fibre of each beam were marked with microhardness 

indents (20 g, Vickers hardness indents) acting as fiducial markers, allowing easy location of regions 

of interest.   

A workflow of the experimental procedure including HR-EBSD and DIC capture points is shown in 

Figure 5.14. HR-EBSD scans were taken over the region of interest prior to deformation to provide 

grain morphology and orientation information. The recorded HR-EBSD data were then used to 

calculate pre-deformation geometrically necessary dislocation densities and residual electric strains 

using an in-house code. 
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Figure 5.14: Experiment workflow showing sequence of operations. 

5.2.1 Gold remodelling 

After EBSD measurements were taken, a gold speckle pattern was applied to the sample surface using 

the gold remodelling technique [156]. A thin layer of gold was applied to the surface using an 

Emitech K575x sputter coating machine (Quorum Technologies [261]). A coating time of 15 s with a 

sputter current of 20 mA was used to give an approximate thickness of 1 – 2 nm [261]. This thickness 

could not be measured accurately as the sputter coater did not have the capability to measure the 

coating thickness.  

After coating, the sample was placed in a humid, water vapour containing environment for 

approximately 90 minutes to promote the reconstruction of the gold into well-defined islands, in a 

similar fashion to that described in [156]. A small beaker of boiling water acted as the vapour source 

whilst a hot plate set to full power provided heating to both the sample and the water. Samples were 

placed directly on the hot plate reaching approximately 300°C. Remodelling did not occur at 

temperatures lower than 300°C. An upturned larger beaker with several clips to give a small (~1 mm) 

gap between the beaker and hot plate was used to direct the water vapour over the sample surfaces. 

Several samples could be remodelled at once owing to their small size. The apparatus is show in 

Figure 5.15 and is the same as that used in [55]. 
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Figure 5.15: Schematic diagrams and photograph of the gold remodelling apparatus 

 

The resulting gold speckle pattern showed high contrast under backscattered electron (BSE) imaging 

due to the relatively high atomic number of gold when compared to the underlying iron- and cobalt-

based matrices of the studied materials. An example speckle pattern is shown in Figure 5.16. During 

imaging, the brightness was set to a low value and the contrast increased until bright speckles 

appeared on a dark background. This method removes any influence of surface topography on the 

resulting deformation maps.  

 

 
Figure 5.16: Backscattered electron image of gold speckle pattern on Nitronic 60. The white areas are covered in 
gold whereas the black areas are free of gold. 

 

Speckle quality was very sensitive to surface finish and contamination. Areas of low relief on the 

surface were found to induce more complete remodelling. All initial images of the speckled ROI were 

taken after a HR-EBSD scan. A sharp change in speckle morphology was found at the boundary of 

the regions where EBSD scanning was performed, as shown in Figure 5.17. The gold speckles within 

the region of interest were found to be smaller and better defined than those elsewhere on the sample. 

The carbon deposition due to the surface being illuminated by the electron beam reduces the strength 

of the bond between the gold and the substrate, increasing mobility and allowing a more intricate 

speckle pattern to form. It could be suggested that purposefully contaminating the surface of the 

specimen with carbon, perhaps with a carbon coater typically used in SEM specimen preparation, 

before sputtering with gold could further improve gold speckle patterns.  
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Figure 5.17: Backscattered (BSE) and secondary electron (SE) images of the region of interest edge, showing 
the change in speckle morphology. 

 

Light polishing with colloidal silica was used to remove the gold layer to allow for post-deformation 

EBSD measurements. The speckles on the area previously having undergone EBSD were removed 

easily whereas speckles elsewhere on the sample remained relatively well adhered to the surface, as 

shown in Figure 5.18, further suggesting that carbon contamination reduces the interfacial strength 

between the substrate and gold. 

 

 

Figure 5.18: Detail of ROI boundary showing differing degrees of speckle removal. SE image.  

 

The stability of the speckles at high temperature was assessed by heating a patterned sample to 300°C 

for an hour with the infrared heater, approximating the test conditions. Techniques have been 

developed for stabilising similar gold speckles for use at elevated temperature [262]. However, the 

techniques described by Edwards et al. [262] are suitable for stabilising speckles for use at 700°C, 

much higher than the temperatures required and therefore the standard patterning method was 
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assessed. Pre- and post-test images were assessed manually under a high magnification to check for 

any changes in speckle shape and position. A test region was selected and processed using the cross-

correlation DIC code and no deformation was found. Difficulty in removing the speckles with even 

moderate polishing confirmed the strength of the speckle adhesion to the surface. As such, it was 

concluded that the speckles had sufficient stability to be used at temperatures required for mechanical 

testing. 

5.2.2 Temperature measurement 

To allow for temperature control during thermo-mechanical testing, a thermocouple (type-K) was spot 

welded to the rear centre of the specimen, away from the three loading rollers. Care was taken to 

ensure that the polished surface was not damaged during thermocouple attachment. The sample was 

gripped from the sides using a thoroughly cleaned and degreased toolmaker’s clamp which was then 

clamped to the copper earth plate of the spot welder. This allowed for good conductivity through the 

sample sides and prevented stray sparks from the free surface from causing damage. The spot welder 

tip was sharpened before use, resulting in compact welds and accurate temperature measurement. A 

similar assessment of speckle damage to that described in Section 5.2.1 was undertaken to verify that 

thermocouple attachment did not affect the speckle pattern.  

A home-made splitter was made so that a single thermocouple on the sample could feed both the 

temperature controller and the datalogger, allowing the sample temperature to be recorded over time. 

Noise introduced by the addition of the signal splitter was minimal.  

5.3 Summary 

This chapter summarises the various experimental methods used throughout this study. The 

development of three-point bend mechanical testing at 300°C has been described, with detail of the 

design decisions, commissioning, and validation of the new equipment. Specifics of the experimental 

procedures have been detailed, highlighting the specimen preparation techniques required to perform 

HR-DIC and HR-EBSD.
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Chapter 6 – Experimental investigations into the 

elevated temperature deformation of iron-base hard 

facing alloys 

6.1 Introduction 

The temperature sensitivity of iron-base hard facing alloys is well documented in the literature 

[12,13,32] but studies generally consider galling and wear at the macroscale. Experimental 

investigations are invariably some type of sliding or rotary wear test where surface damage and 

deformation are assessed qualitatively (i.e. by ascertaining whether galling has occurred or not as per 

ASTM G98 [213]) or quantified using some macroscopic value such as friction coefficient 

[18,32,62,263], galling threshold stresses [12,213], mass of lost materials [94,107,110] or fraction of 

surface damaged [35]. However, these measures offer very limited information in understanding the 

true deformation of these materials and are therefore of limited use. In particular, these methodologies 

do not aid the understanding of the underlying mechanisms of deformation at the grain length scale. 

Barzdajn et al. [142] has shown that the micron length scale is important in understanding galling and 

these testing methods cannot provide information at this length scale. 

A key difficulty with sliding wear tests for material characterisation is due to the deforming surfaces 

being entirely enclosed by the surrounding material. Any characterisation of the resulting deformation 

can only occur after separating the surfaces and well after galling has initiated and. Once galling has 

occurred, there is typically a significant degree of mechanical mixing of the two surfaces, entrainment 

of the oxide surface layer and the formation of protruding wear features at the length scale of 

hundreds of microns [13,263]. As such it is incredibly difficult to glean any understanding of the 

processes at the micron length scale leading to the initiation of galling (itself a poorly defined concept 

[18]). Recently, preliminary studies using x-ray tomographic techniques to probe deforming surfaces 

whilst still mated has been performed by Aleksejev et al. [264]. This feasibility study, however, only 

examined the couple after a considerable distance of sliding, and accordingly the damage had 

progressed well beyond the initiation stage at the grain length scale.  

Galling is almost universally considered at the macroscale with scant mention of the microstructure of 

the material. Gåård et al. [127] make some assessment of the role of microstructure of several tool 

steels, but again this study used sliding wear tests, creating almost intractable loading conditions. This 

study is also of limited use as it is in the context of sheet metal forming, a very different environment 

to that experienced by a PWR valve (a high sliding rate in sheet metal forming compared to a low 



Chapter 6 - Elevated temperature experimental investigations 

152 

sliding rate under a higher load in a valve). Agarwal and Ocken [265] discuss the microstructure of 

laser-melted Stellite hard facings but then return to using pre- and post-deformation surface roughness 

values and total wear loss mass. It is clear that there is very little understanding of the 

micromechanical deformation of any hard facing alloys under even simple loading conditions, let 

alone under the complicated loading conditions found during sliding.  

A wealth of information about the deformation of engineering alloys can be extracted using simple 

deformation testing, usually small scale tensile or bend testing, together with correlative electron 

microscopy techniques. Most commonly, one can use high-resolution digital image correlation (DIC) 

and overlay the resulting strain maps on microstructural maps collected using standard electron 

backscatter diffraction. This has been applied to a range of alloys including austenitic stainless steels 

[103,160], titanium alloys [163] and magnesium alloys [266]. Further insight can be gained from 

coupling this with high-angular resolution electron backscatter diffraction; however, this approach is 

less common in the literature despite providing additional measurements such as geometrically 

necessary dislocation densities. This combined technique has been successfully applied to single 

crystal nickel superalloys [164], powder metallurgy nickel superalloys [166] and, most relevantly, 

iron-based hard facing alloys [55]. The experimental results can then be linked to representative 

crystal plasticity models to further understand the deformation mechanisms in-play [224,267]. 

Zhao et al. [55] have shown that the microstructure of several iron-base hard facing alloys has a 

profound effect on their respective deformation behaviours, detailing the roles of slip activation and 

slip band interaction, strain localisation, grain size and hard carbide phases. However, this previous 

work was performed at ambient temperature. The study presented here builds upon this, performing 

deformation studies at elevated temperature. This facilitates the understanding of these alloys at 

temperature relevant to the in-service conditions within a PWR. Any differences in the deformation 

behaviour between room temperature and 300°C can then be considered in light of the reported 

temperature sensitivity of galling in iron-base hard facings. This is the basis for the study discussion 

presented herein.  

6.2 Materials and methods 

Two iron-base hard facings, Nitronic 60 and Tristelle 5183, were selected to give a broad range of 

microstructural features for investigation. Both are stainless steels but differ in composition and 

manufacturing route, leading to extremely different microstructures. The compositions of these two 

alloys are given in Table 6.1.  
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Table 6.1: Compositions of hard facing alloys of interest. Stellite 6 and 316L are included for reference.  

Alloy 
Alloying component / wt.% 

Fe Co C Mn Cr Si Ni Mo Others 

Tristelle 5183† Bal. - 2.0 - 20.0 4.0 10.0 - 8.0 Nb 

Nitronic 60‡ Bal.  - 0.07 8.0 16.5 4.0 8.0 0.75 0.14 N 

Stellite 6† 2.0 Bal. 1.0 - 29.0 1.0 2.0 0.08 5.0 W 

316L* Bal. - 0.03 2.0 17.5 1.0 11.5 2.25 0.045 P, 0.015 S, 0.1 N 
† Burdett [12]          ‡HP Alloys inc. [247]          *BS EN 10088-01:2014 [71] 

6.2.1 Specimen preparation and experimental method 

A full, detailed description of the specimen preparation and experimental methods are given in 

Chapter 5 but a brief overview with specific parameters and settings is provided below.  

All specimens were prepared using a common preparation route. Specimens were wire electric 

discharge machined into 12 × 3 × 3.5 mm specimens and ground on all sides to a finish 800 grit with 

silicon carbide grinding papers. The side of interest was selected and ground using a sequence of 800, 

1200, 2000 and 4000 grit silicon carbide papers. Polishing was performed with a 1 μm diamond 

suspension (Struers DiaPro Nap B 1 μm suspension with MD-Nap cloth) followed by 30 minutes 

using a colloidal silica suspension (Struers OPS diluted 1:1 with distilled water with MD-Chem 

cloth). The diamond polishing step eliminated carbide and ferrite pull-out. Grain pull-out was typical 

in specimens polished with colloidal silica alone. This led to a flat, smooth, deformation free surface 

suitable for HR-EBSD and the application of gold DIC speckles.  

Several Vickers hardness indents were used as fiducial markers to assist with reacquiring the region of 

interest. Large 2 kgf indents far from the regions of interest (ROIs) were used to ensure the specimen 

was loaded into the rig with the correct orientation (key for thermocouple placement) whilst an “L” 

shape arrangement of three 25 gf indents were placed adjacent to the ROI to assist with ROI 

positioning and specimen alignment.  

Electron microscopy was performed with a Zeiss Sigma 300 FESEM (field emission scanning 

electron microscope) with EBSD measurements taken with a Bruker e-Flash HD EBSD camera 

(Bruker nano GmbH, Germany [184]). Silver paint was not used as this severely degraded the speckle 

pattern used for DIC during the gold remodelling process. HR-EBSD scans of the ROIs were taken 

using small step sizes to both characterise the microstructure of the ROIs and provide pre-deformation 

geometrically necessary dislocation (GND) and residual elastic strain maps. A balance was struck 

between a step size small enough to provide sufficient resolution to characterise the microstructure, a 

region size large enough to capture enough surface and a practical scan time. Step sizes of 250 nm and 
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100 nm were used for Nitronic 60 and Tristelle 5183 respectively. This resulted in a scan length of 

approximately ten hours and resulting file sizes of approximately 100 GB. Patterns were stored with a 

resolution of 800 × 600 pixels, using 2 × 2 binning (the native CCD resolution was 1600 × 1200 

[184]). An accelerating voltage of 20 kV (with high current mode) and aperture of 120 μm were used 

throughout. Since recorded GND densities (ρGND) are known to be sensitive to step size [268], a 

constant step size was used for all specimens of the same materials, however, the difference between 

the two step sizes used was unlikely to introduce significant errors. HR-EBSD processing was 

performed using an in-house MATLAB code described by Jiang et al. [164]. A full description of the 

methodology underpinning this code is given in Chapter 5. 

Following HR-EBSD, a thin layer of gold was applied to the surface using an Emitech-K575X gold 

sputter coating machine (Quorum Technologies ltd., UK [261]). A deposition current of 20 mA and 

deposition time of 15 s produced a suitable speckle pattern for DIC. The thickness was not measured 

but estimated to be 2 – 3 nm. Since the morphology of the gold layer was strongly influenced by the 

carbon contamination due to prior EBSD scanning, the specimen was not washed prior to coating to 

prevent any disruption to the contamination. The gold speckle formation in the presence of carbon 

contamination was found to be superior to uncontaminated areas. After coating, the specimen was 

placed in a steam environment at approximately 300°C for 90 minutes to allow the gold to form small, 

discrete islands [55]. The difference in speckle morphology between the area scanned with EBSD and 

the rest of the specimen facilitated easy ROI reacquisition.  

Care must be taken when interpreting the strain maps resulting from HR-EBSD. Firstly, these 

measurements were taken ex-situ in the unloaded configuration, so the strains recovered are residual 

elastic strains. Secondly, the HR-EBSD technique selects a single scanning point as the reference 

diffraction pattern to which all shifts, and consequently residual elastic strains, are relative [175,176]. 

In this case, the reference was, somewhat arbitrarily, selected to be the point with the highest Radon 

pattern quality in the central area of the grain. Therefore, only an intragranular distribution of strain 

can be accessed and nothing can be said about the relative elastic strains between grains. Nonetheless, 

useful inferences can be made as to the residual elastic strain (and therefore stress) distributions 

within grains.   

The backscattered electron (BSE) signal was used for all HR-DIC imaging to provide high-contrast 

images owing to the large difference in z-number between gold and iron, chromium and nickel (the 

principal component of the underlying metal). Imaging conditions were similar to those used for HR-

EBSD, with contrast enhanced by using a high accelerating voltage of 20 kV. Images were recorded 

at the highest possible resolution available on the instrument, namely 3072 × 2304 pixels. Image 

stitching was used when the region of interest was too large to image in a single frame in which 

individual speckles could be sufficiently resolved. An overlap of 25% was used for all stitched images 
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with the Microsoft Image Composite Editor (Microsoft Research [269]). As with HR-EBSD, HR-DIC 

processing was performed using another in-house MATLAB code described by Jiang et al. [164], 

fully described in Chapter 5.  

A thermocouple (type-K) was spot welded onto the back face of the specimen after the pre-

deformation HR-DIC images were collected and the specimen was immediately loaded into the rig to 

prevent any damage to the thermocouple junction. Great care was taken to ensure the front surface, 

especially the ROI, was not damaged during thermocouple attachment. After testing the thermocouple 

was cut from the specimen, leaving the welded bead on the back-face.  

Three-point bend testing was performed using a Shimadzu Autograph AGS-X 10 kN test frame [270] 

with the previously described infrared heating arrangement. Specimens were deformed under force 

control, using loads determined from an isotropic elastic-plastic finite element model.  

Post-deformation HR-DIC images were captured using identical conditions to pre-deformation 

imaging. The use of a clamp type SEM stub allowed for the front surface to be held parallel to the 

stage with the non-flat back surface. Following the capture of post-deformation HR-DIC images, the 

gold speckles were removed from the specimen surface with gentle hand polishing using the same 

colloidal silica suspension, leaving the ROI in a suitable condition for HR-EBSD. Again, HR-EBSD 

was performed using identical scan conditions as used pre-deformation to ensure congruence between 

results. This completes the description of the experimental procedure.  

6.2.2 Nitronic 60 

Nitronic 60 is an austenitic stainless steel, commonly used industrially as a hard facing due to its 

reasonable galling, corrosion and pitting resistance when compared with other stainless steels 

[118,247]. The Nitronic 60 considered in this study was cast and extruded into a 60 mm diameter bar 

and annealed at approximately 950°C. This rod was roughly cut to manageable pieces with a hacksaw 

and wire electric discharge machined into the 12 × 3 × 3.5 mm beam specimens.  

A representative microstructure is given in Figure 6.1. Large austenite grains containing many 

annealing twins are widespread, owing to the low stacking fault energy. Stringers of small δ-ferrite 

grains parallel to the x-direction, parallel to the bar extrusion direction, are present throughout the 

entire volume. Large area EBSD scans show no particularly strong texture. An extremely small 

volume fraction of M7C3 carbides is present with carbides typically decorating grain boundaries but 

these are generally small and difficult to discriminate from the austenite grains due to their size being 

comparable to the EBSD step size. The volume fraction of ferrite is 3%, with the remainder austenite 

[55]. 
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Figure 6.1: Microstructure of Nitronic 60. (a) shows the phase distribution. The orientation colouring map (b) 
shows crystallographic directions parallel with the z-direction (out of the plane of the page). An EBSD step size 
of 0.5 μm was used for these images.  

 

6.2.3 Tristelle 5183 

Tristelle 5183 is an evolution of Nitronic 60 with the removal of manganese and the addition of 

niobium to increase hardness and promote carbide formation. The Tristelle 5183 used here was 

manufacturing using a powder hot isostatic pressing (HIP) process. The rationale behind the use of 

HIPing rather than welding techniques typically used to hard face components is the superior 

microstructure. HIPing results in an extremely fine and homogeneous grain structure, low levels of 

porosity and minimal chemical segregation without the disadvantages of welding (inclusions, heat 

affected zones, high levels of residual stresses, cracking) [38,39]. This leads to a very different 

microstructure from those seen in welded hard facings, which typically contain large dendritic grains. 

The Tristelle 5183 powder used here was manufactured using inert gas atomisation, followed by HIP 

consolidation at 1100-1200°C and ~100 MPa forming the final material. The microstructure of the 

powder has been extensively characterised, showing the effect of cooling rate on particle size; some 

of these effects can be seen in the post-HIP microstructure [39]. As with Nitronic 60, small beam 

specimens were electric discharge machined from a larger block. The large niobium carbides made 

electric discharge machining difficult, frequently breaking the cutting wire.  

The microstructure is predominantly austenite grains containing a fine dispersion of both ferrite and 

M7C3 chromium carbides as seen in Figure 6.2. The high proportion of niobium in this alloy causes 

the formation of extremely large niobium carbides. It is suggested that these extremely large carbides 

are formed prior to gas atomisation during the initial melting of the alloy [39]. Large austenite grains 

invariably surround the niobium carbides. It is probable that nano-scale NbC particles are also present 

since these are present in the pre-HIP powder [39] but these are difficult to detect using EBSD alone 
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due to the extremely similar diffraction patterns of NbC and austenite. Niobium carbide and γ-Fe both 

share the Fm3_m space group and possess similar lattice parameters (γ-Fe: 0.36 Å [181], NbC: 0.45 Å 

[182]) resulting in EBSD patterns which are difficult to differentiate between using standard Hough-

based pattern indexing. The step size selected for these EBSD scans (100 nm) was chosen for 

geometrically necessary dislocation density measurement and not phase characterisation.  

 

Figure 6.2: A representative microstructure of Tristelle 5183. The phase map (a) shows the finely dispersed 
ferrite and chromium carbide grains within the austenitic matrix. A large niobium carbide can be seen on the 
left-hand side. The orientation colouring map (b) shows crystallographic directions parallel with the z-direction 
(out of the plane of the page). An EBSD step size of 0.5 μm was used for these images.  

 

Regions of larger austenite grains were observed throughout the microstructure separated by fine-

grained regions. The regions of larger austenite grains are likely to be the remnants of powder 

particles. The rounded shapes of these regions suggest they are related to powder particles, with their 

apparent sizes corresponding with the larger powder particles investigated by [39]. Regions A and B 

in Figure 6.3 are highly likely to be prior-powder particles. Similar structures have been observed in 

previous work on Tristelle 5183 [55].  
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Figure 6.3: Regions of the microstructure containing large austenite grains. Regions A and B show clusters of 
larger austenite grains. Region C shows a single gross austenite grain surrounded by smaller grains. Orientation 
colouring is identical to that in Figure 6.2. 
 

6.2.4 Loading conditions 

Variation in the quantity of material removed during grinding and polishing resulted in variation in 

specimen thicknesses. Therefore, specimen thicknesses were measured prior to testing and 

representative finite element models using an isotropic plasticity model were constructed in ABAQUS 

to estimate the required applied force to result in a given degree of plastic deformation. An example is 

shown in Figure 6.4. The elevated temperature stress-strain response for both Nitronic 60 and Tristelle 

5183 was unknown prior to testing. Therefore, the force was calculated using equivalent room 

temperature data to cause a given degree of plastic strain within the ROI [55]. This was then applied 

during the elevated temperature mechanical testing. This gives an underestimate of the strain likely to 

be achieved within the ROI as there is likely to be a greater degree of deformation at higher 

temperature for a given applied load. However, since this is an investigation into the micromechanical 

deformation of these materials and the local stress state will dominate the deformation behaviour of 

the ROI, the exact remote stress is of secondary importance. Total knowledge of the strains in the 

unloaded condition within the region of interest is also given by the DIC results.  
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Figure 6.4: Finite element beam representative of Nitronic 60 with approximately 2 kN force applied on the 
upper roller. Positive stresses are tensile. The rigid rollers were modelled as analytic rigid bodies whist a 
symmetry condition in the x-plane was used to reduce computational expense.  

 

A monotonically increasing force up to a prescribed maximum was applied to each specimen, 

followed immediately by an unloading stage at the same loading rate, as illustrated in Figure 6.5a. A 

single loading/unloading cycle was applied, unlike the previous similar study [55]. This was largely 

for practical reasons related to the attachment of thermocouples. Thermocouples were attached to 

specimens following the pre-deformation DIC imaging and removed prior to post-deformation DIC 

imaging. It was difficult to completely remove the thermocouple bead, making attachment of a second 

thermocouple to the same area nearly impossible. The grips also took approximately thirty minutes to 

sufficiently cool to remove specimens. These two factors limited testing to a single load/unload cycle 

for elevated temperature testing.  

Isothermal temperatures were used for all testing. Prior to testing the indenter was brought into 

contact with the specimen and the system was brought to the desired temperature This was followed 

by a soak for several minutes to allow the grips and specimen to reach thermal equilibrium. The 

mechanical portion of the test was then performed, and the temperature brought back to ambient 

following the testing. This is shown in Figure 6.5b. 

 

Figure 6.5: Schematic representations of (a) mechanical and (b) temperature loading conditions.  
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6.3 Elevated temperature deformation characterisation 

6.3.1 Nitronic 60 

6.3.1.1 Bulk force-displacement response 

Nitronic 60 specimens were deformed at room temperature, 100°C, 200°C and 300°C to assess the 

change in bulk deformation with temperature. Figure 6.6 shows the resulting force-displacement 

curves. The values for force are presented as force per unit thickness due to slight differences in 

thickness between the specimens. Whilst all samples had a nominal thickness of 3 mm, there was 

some deviation from this due to sample preparation.  

 

Figure 6.6: Force-displacement curves for Nitronic 60 for various temperatures between room temperature (RT) 
and 300°C. The load is normalised for specimen thickness due to slight variations between individual 
specimens. The shift at approximately 0.5 mm in the 300°C curve is due to a systematic error in the load cell. 
Similar shifts can be seen in the unloading curves at approximately 400 N/mm. 

 

Differences in elastic modulus are difficult to deduce from the initial part of the loading curve. This is 

largely due to some compliance introduced by the loading frame, probably any slack in the load train 

being taken up during the early stages of loading. Slight differences in the initial part of the unloading 

(elastic) curve can be seen, suggesting minimal changes in elastic modulus.  

Changes in plastic deformation behaviour are more significant. A clear reduction in yield stress can be 

seen with the onset of yield showing incremental decreases with increasing temperature. The largest 

reduction can be seen between room temperature and 100°C; reductions with further 100°C 

increments were considerably smaller. A similar trend can be seen with hardening behaviour. There is 

a reduction in hardening rate between room temperature and 100°C, above which hardening appears 
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relatively insensitive to temperature. This suggests that the major changes in plastic deformation 

behaviour occur at the lower end of the temperature range, between room temperature and 100°C. 

This is lower than the temperature range over which the change in galling resistance is typically 

observed (150 – 200°C) [12,13]. However, it is difficult to draw conclusions from these bulk 

mechanical testing data in predicting galling resistance.  

The unloading curves show a small degree of non-linearity. The initial portions of the unloading 

curves are linear, as expected since deformation would be anticipated to be entirely elastic. The lower 

regions of the curves show some curvature. This was not predicted by the isotropic plastic finite 

element models discussed in Section 6.2.4. This behaviour appears to be similar to the reverse 

plasticity effects observed in nano-indentation [271] and micropillar compression [272] testing. 

However, this behaviour is likely a result of compliance in the loading frame and rig, or due to 

changes in contact between the specimen and indenter, since the curvature of the unloading curve is 

similar to the loading curve.  

6.3.1.2 Detailed micromechanical examination 

Two specimens of Nitronic 60 were deformed at 300°C to investigate the deformation of Nitronic 60 

at the grain length scale. The two specimens focussed on two different microstructural areas of 

Nitronic 60: an area containing almost exclusively large austenite grains and an area containing 

several smaller ferrite grains within the austenite matrix. Regions of approximately 120 × 100 μm 

were selected to facilitate comparison of Nitronic 60 with Tristelle 5183 as a high magnification was 

required to capture the microstructural features present in Tristelle 5183.  

A temperature of 300°C was selected for testing for two reasons. Firstly, this is approximately the 

temperature at which a light water reactor operates. Secondly, this is above the temperatures at which 

iron-base hard facings lose their galling resistance and therefore the possibility of observing 

differences in deformation behaviour was increased.  

The force-displacement curves for these two samples are shown in Figure 6.7. The initial portions of 

the curves show a slight curvature due to the reasons discussed in Section 6.3.1.1. Both samples show 

identical elastic portions of the loading curve and very similar hardening rates. Specimen 1 shows a 

slight decrease in force rate at approximately 220 N/mm, resulting from the specimen slipping within 

the grips. However, following testing, the movement of the specimen in the grips was only small. 

Specimen 2 was loaded to a higher final force to induce a greater degree of deformation and generate 

more slip bands.  

 

 



Chapter 6 - Elevated temperature experimental investigations 

162 

 

Figure 6.7: Force displacement curves for the two Nitronic 60 specimens, tested at 300°C. Force measurements 
have been normalised for sample thickness.  

6.3.1.2.1 Specimen 1 

A region containing large austenite grains with minimal ferrite content was chosen for the detailed 

examination. This region contained one extremely large grain with multiple twins. A single small 

ferrite grain was observed in the upper right of the region. A single cycle of deformation at 300°C was 

performed. Detail of the phase and orientation of the region is presented in Figure 6.8. Grains of 

interest are labelled in Figure 6.9 and are referred to throughout this section.  

 

Figure 6.8: Microstructure of Nitronic 60 sample 1, tested at 300°C with phase (a) and orientation z (b) maps. 

 

 

Figure 6.9: Labels for grains of interest to aid the commentary. 
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Geometrically necessary dislocation and residual elastic strain maps pre- and post-deformation are 

shown in Figure 6.10. Substantial increases in GND density were seen across the entire region with 

the strongest increases seen at grain boundaries and triple junctions. The peak GND density was 

found at the triple junction at the interface of grains B and C (left centre of Figure 6.10b). Strong 

heterogeneity in GND density was observed across the large grains, particularly grains A, C and D. 

Both these grains show the formation of dislocation structures within the grains with areas of low 

GND density adjacent to areas of high GND density and sharp interfaces in between.  

 

 

Figure 6.10: HR-EBSD GND density (ρGND) and residual elastic xx-strain (E11) measurements pre- and post-
deformation.  

 

Highly heterogeneous residual strains were seen across all grains following deformation. Higher 

levels of relative strain expectedly correlated well with regions of high GND density. Twins showed 

high levels of heterogeneous strain accumulation along their length, as denoted by the darker colours 

in Figure 6.10d.  

Total strain measurements from HR-DIC (Figure 6.11) again show strong heterogeneity, with slip 

traces seen propagating through several grains. Grain B shows the highest levels of slip activation 

with two slip systems simultaneously active. These slip traces were confined to a single grain. Several 

slip bands were seen to propagate through several twins, with slip traces beginning in grain D, 

traversing grains E, C and F, and then leaving the region of interest. The direction of these slip traces 
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alternates between two directions as the traces pass between parent and twin grains with parallel 

traces in the alternating grains.  

 

 

Figure 6.11: Effective total strain after deformation. For Nitronic 60 specimen 1, deformed at 300°C.  

 

Vertical artefacts are visible in the strain map presented in Figure 6.11. These result from the scanning 

method used in the SEM. Since probe position is an open-loop control system (i.e. the probe position 

is not a control variable), the true scan deviates from an ideal raster scan, resulting in scan artefacts 

such as these [171]. However, slip traces are still visible above these artefacts and the background 

noise.  

Slip activation appears to be largely constrained to the left-hand side of grain C with minimal slip 

activation in other parts of the grain. The area of high GND density shows minimal slip activation. 

Unfortunately, this technique cannot provide any information about the subsurface deformation and 

therefore it is not possible to know if there is any subsurface slip activation in this high area of GND 

density. This distribution of GND density could be the result of localised deformation at the left end 

of this grain causing significant degrees of lattice curvature and a corresponding accumulation of 

GNDs. 

The small, rectangular twin within grain C appears to supress deformation in the area surrounding it. 

This grain was confirmed to be a twin when its orientation was compared to grain C but a different 

variant when compared to the other twins within grain C. Slip appears to be blocked by the small 

grain whilst there is a significant degree of residual strain surrounding the small twin. A region of 

increased GND density was also observed surrounding the small grain. This furthers the hypothesis 

that the interaction of twins and slip is a key hardening mechanism for Nitronic 60.  
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Slip trace analysis was performed by using the grain orientations from EBSD and assuming a uniaxial 

tensile stress in the horizontal direction (x-direction in Figure 6.8). MTEX [219] was used to calculate 

the intersection of slip planes and the surface plane, resulting in theoretical slip traces. These 

calculated slip traces were compared with those observed experimentally. Face centred cubic 

materials contain twelve slip systems (or 24 if one considers forwards and backwards slip) of the 

<1 1̄ 0>{111} type and slip is restricted to the four {111} planes. As such, there are only a maximum 

of four slip traces possible for a given orientation, due to the intersection of the free-surface and the 

four slip planes. The active slip system is therefore indeterminate from the slip trace alone and 

knowledge of the Schmid factors of each slip system is required, itself requiring knowledge of the 

local stress state. Unfortunately, it is not possible to quantify the true stress state within grains 

experimentally using the methods presented here and conclusively determine the active system. This 

issue is further complicated by the increased number of slip systems available in bcc, slipping in the 

<111> type direction but on the {110}, {112} and {123} planes. 

One approach is to use the global stress state to calculate Schmid factors, and this method has been 

used somewhat successfully in the literature [273]. This method can produce spurious results as the 

local stress state is highly likely to deviate from the global stress state due to the local deformation 

and compatibility between grains, incorrectly predicting the active slip system. In general, 

experimentally observed slip traces show good agreement with those predicted by grain orientation, 

with planes containing a high global Schmid factor slip direction corresponding to the observed 

traces. Figure 6.12 presents multiple slip systems for each grain and, invariably, the maximum 

Schmid factor correctly predicts the activated plane (i.e. the plane containing the predicted active slip 

system). This is consistent with the previous work with Nitronic 60, which reported similar 

observations [55].   

 

Figure 6.12: Slip trace analysis of Nitronic 60 specimen 1. Predicted slip traces are shown for selected grains in 
blue, black and orange with their respective Schmid factors for the slip system within that plane with the highest 
Schmid factor. Dashed green lines represent the experimentally observed slip traces. Unit cubes are shown to 
illustrate the grain orientations.  
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The multiple slip system activation in grain B corresponds well with the higher levels of GND density 

observed in this grain. This suggests that slip interaction could be a key hardening mechanism in 

Nitronic 60. The interaction between these two slip systems is different to that observed by 

Zhao et al. [55]. The previous work on Nitronic 60 appeared to show two interacting slip systems 

impinging and blocking one another. This is not observed here with slip traces crossing without 

blocking or hindering one another. 

Grains C and D (sections of the same large parent grain) are poorly oriented for slip, having low 

Schmid factors for the most favourably oriented slip systems, yet well-defined slip bands are 

observed. The twins of this large parent grain (E and F) are much more favourably oriented for slip. In 

all of these grains, the slip is localised towards the left hand side of the grain, in close proximity to the 

highly deformed grain B. High levels of slip within grain B could drive local stress concentrations, 

influencing the local stress state and driving slip in the apparently poorly oriented grains C and D.  

6.3.1.2.2 Specimen 2 

A second Nitronic 60 was also deformed at 300°C, focussing on an area containing different 

microstructural features. This area contained several small ferrite grains surrounded by larger 

austenite grains to assess the effect of ferrite grains on deformation behaviour. As typical for 

Nitronic 60, this region contained several annealing twins. This selected region with phase and 

orientation maps is shown in Figure 6.13 with grains of interest labelled in Figure 6.14.  

 

Figure 6.13: Microstructure of Nitronic 60 sample 2, tested at 300°C with phase (a) and orientation z (b) maps. 
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Figure 6.14: Region labelled with grains of interest. 

 

Trends in deformation were broadly similar to those observed with the previous Nitronic 60 specimen. 

One notable difference can be seen in the pre-deformation GND density map (Figure 6.15a). 

Accumulations of GNDs were observed around ferrite grains, with significantly higher values of ρGND 

than those recorded pre-deformation in specimen 1 (Figure 6.10a). This suggests a degree of 

hardening around ferrite grains prior to deformation, possibly as a result of metal forming. This could 

be due to the deformation introduced during extrusion, although this sample was annealed at 950°C 

following extrusion. The deformation could be therefore related to the thermal mismatch between the 

austenite and ferrite phases.  

 

Figure 6.15: HR-EBSD results for specimen 2 showing pre- and post-deformation maps of GND density (ρGND) 
and the x-component of residual elastic strain (E11).  
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Following deformation, similar increases in GND density and strain heterogeneity were observed 

across the sample with large accumulations of GNDs at grain boundaries and strongly heterogeneous 

strain distributions across the large austenite grains. However, deformation appears to be more severe 

around the central region containing the ferrite stringer, particularly in the regions of austenite 

between ferrite grains. Figure 6.15b shows higher GND densities in the regions directly adjacent to 

the ferrite grains when compared to the GND densities within the grains, implying significant 

hardening of the material around the ferrite grains. High levels of residual strains can be seen in these 

same areas in Figure 6.15d. 

Deformation was more severe in the right of the ROI. This was observed in GND density, residual 

strain and total strain (Figure 6.16) maps. The DIC strain map shows significant slip activation across 

the entire region but to a greater degree on the right-hand side. Grain E (see Figure 6.14) showed the 

highest degree of slip activation with three systems active (Figure 6.17). This is contrasted with the 

apparently unstrained region in the centre-top of the images, highlighting the heterogeneous 

deformation behaviour.  

 

Figure 6.16: Effective strain map for specimen 2 following deformation at 300°C.  

 

Both GND density and residual elastic strain maps indicate the presence of subsurface ferrite grains 

running through the central region of the region. These subsurface ferrite grains would almost 

certainly be part of the ferrite stringer visible on the specimen free surface. GND density maps, both 

pre- and post-deformation (Figure 6.15a and b) show bands of elevated GND density a significant 

distance from the nearest visible grain boundaries. A similar pattern can be seen in the elastic strain 

maps (Figure 6.15c and d) where wavy bands of high elastic strain correspond to regions of elevated 

GND density. DIC strain maps also imply the presence of subsurface ferrite grains, with slip bands in 

grain B ending abruptly several microns from the nearest grain boundary (Figure 6.17). This 

corresponds well with the band of high GND density and residual elastic strain. This highlights a 
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weakness of EBSD since it can only capture the microstructure of the free surface without providing 

subsurface structural information. In this case, the subsurface ferrite grains do impact the deformation 

of this region.  

 

Figure 6.17: Predicted slip traces (shown in orange, blue, black and purple) calculated from experimental grain 
orientations with corresponding Schmid factors. Slip traces for systems with the highest Schmid factors are 
shown. Unit cubes show the grain orientations. A uniaxial tensile stress in the horizonal direction is assumed. 
The dashed green lines are the measured slip traces.  

 

As with specimen 1, assuming a tensile stress state in the horizontal direction is generally satisfactory 

in correctly predicting slip system activation, again with the highest Schmid factor selecting the active 

slip plane (Figure 6.17). All three of the active slip planes in grain E were correctly predicted; each 

slip plane contained a slip direction with a Schmid factor exceeding 0.4. However, this does not apply 

to grain C. Several slip systems appear to be favourable to slip but the most likely candidate for the 

active slip system has the seventh highest Schmid factor of the possible slip systems. Slip traces in 

this grain are parallel with those in the adjacent grain B. Grain B is poorly oriented for slip in uniaxial 

x-direction tension, with a maximum Schmid factor of 0.30. Both grains B and C share a common slip 

plane (since they are twins). Therefore, slip activation of this system in B could induce slip activation 

of the same system in grain C, even though there are several other slip systems with higher Schmid 

factors. The likely presence of subsurface ferrite at the top of grains B and C could also influence their 

slip behaviour. These ferrite grains could provide sufficient stress localisation to nucleate the 

observed slip bands or sufficiently dominate the stress states of grains B and C to cause the deviation 

from the slip bands predicted by the global stress state.  
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Figure 6.18: Detail of slip propagation through a ferrite grain with slip traces observed in (a) compared with 
those predicted by crystallography. Schmid factors are the maxima found on each marked slip plane. The 
corresponding GND density map (b) shows regions of elevated GND density associated with a possible 
subsurface ferrite grain (white) and associated with the slip band curvature (black). Colour scales match those in 
Figure 6.15 and Figure 6.16.  

 

The ferrite grains appear to have a variable influence on slip. As with specimen 1, slip bands appeared 

to pass between austenite grains, changing direction at or near grain boundaries. A similar behaviour 

is also seen between austenite and ferrite grains. Slip bands in grain A curl as they pass through the 

ferrite grain in the centre of the region (α1 in Figure 6.18a), continuing into grains B and C. However, 

the larger ferrite grain between grains D and E does not demonstrate this behaviour. Strong slip bands 

do not appear to pass through these ferrite grains even though both grains contain several slip systems 

with global Schmid factors approaching 0.5. However, slip activation could still have occurred within 

these grains but the large number of slip systems (48 in bcc compared with 24 in fcc) could have 

caused diffuse slip traces with many slip systems activating simultaneously [274].  

Similar slip band curvature has been reported by Di Gioacchino and Fonseca [160] in 304L stainless 

steel. Their proposed mechanism suggested that curved slip bands formed to accommodate the lattice 

curvature between the core of the grain and the grain boundary. A region of elevated GND density 

(Figure 6.18b, black ring) is observed corresponding with the bending of the slip bands. This is 

concordant with the theory of Di Gioacchino and Fonseca [160] as the lattice curvature associated 

with the mismatch in deformation between the grain boundary and core is accommodated by GNDs. 

In this particular case, the hard ferrite grains provide additional constraint which increases the levels 

of lattice curvature. It is also likely that subsurface ferrite also contributes to this behaviour. 

Subsurface ferrite grains are almost certainly present as suggested by the abrupt ending of the slip 

band in grain B (Figure 6.18a) corresponding to an unexplained region of elevated GND density 

(Figure 6.18b, white ring).  
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In general, the deformation behaviours here do not deviate significantly from those observed by 

Zhao et al. [55]. The magnitudes of strains and GND densities do not display a marked increase under 

similar loading conditions. The overall character of deformation, as examined through slip activation, 

residual elastic strain accumulation and GND distributions, is extremely similar. It can therefore be 

concluded that the micromechanical deformation behaviour of Nitronic 60 does not show any 

particular temperature sensitivity and cannot account for the loss in galling resistance at elevated 

temperature.  

6.3.2 Tristelle 5183 

The discussion now moves to Tristelle 5183. Its complex, multiphase microstructure resulted in 

interesting behaviours when examined by Zhao et al. [55], with the carbides playing a significant role. 

Tristelle 5183 does show a decrease in galling resistance at elevated temperature in the literature [12] 

and this section attempts to gauge whether micron-level deformation behaviours can explain this.  

6.3.2.1 Detailed micromechanical examination 

A region of Tristelle 5183 with a selection of microstructural features was selected for detailed 

deformation characterisation. This region, shown in Figure 6.19, is a subset of Figure 6.2 and included 

a large niobium carbide, areas of fine grains and areas containing larger grains.  

 

Figure 6.19: Region of interest for the elevated temperature deformation of Tristelle 5183, showing both phase 
(a) and orientation (b).  

 

Several Tristelle 5183 specimens were required to successfully perform an experiment. All specimens 

exhibited high levels of stiffness and low levels of ductility. Multiple specimens fractured, whilst one 

specimen caused a tungsten carbide support pin within the rig to shatter. This brittleness is discussed 

further in Section 6.3.2.2. The force displacement curve for the specimen successfully examined with 
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HR-EBSD/DIC is given in Figure 6.20. Only a small plastic region can be seen after a large elastic 

region, especially compared to the highly ductile Nitronic 60.  

 

Figure 6.20: Force displacement curve for the Tristelle 5183 specimen undergoing detailed investigation. The 
force has been normalised by sample thickness. The small degree of plastic deformation can be seen in the offset 
from the origin as the applied force returns to zero.  

 

Elastic strain and GND density maps are presented in Figure 6.21. Significant GND densities prior to 

deformation (Figure 6.21a) were found in the large grains, in particular surrounding the island 

carbides. Higher levels of residual strains (Figure 6.21c) were also found in these same grains. These 

indicate that the sample has undergone some degree of deformation prior to mechanical testing. One 

source of this deformation could be the HIP processing during manufacture since this involves a 

significant degree of external stress, utilising pressures in excess of 1 GPa [39]. The HIP process may 

also impart a significant degree of residual stress within the material due to the high temperatures 

involved and the mismatches in thermal expansivities between the austenite, ferrite and carbide 

phases. This is particularly apparent in the grain neighbouring the large niobium carbide and 

surrounding the chromium carbides embedded within austenite grains. This additional deformation 

prior to testing would further increase the strength and hardness of Tristelle 5183. 
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Figure 6.21: HR-EBSD GND density (ρGND) and residual elastic xx-strain (E11) measurements pre- and post-
deformation. The x-direction runs horizontally across the page (as in Figure 6.19).  

 

Post-deformation maps (Figure 6.21b and d) show a general increase in GND density across the entire 

area. Large increases in GND densities from the pre-deformation values were seen in the large grains. 

In general, lower GND densities were observed in the finer grained central region, suggesting that 

deformation was less severe in these regions. Large residual strains developed in the large grains, 

most notably in the austenite grain adjacent to the niobium carbide in the left-centre of the image. 

This could be driven by the stiff niobium carbide constraining the neighbouring grains following 

plastic deformation.  

Residual strains can also be seen in the fine-grained central region. These appear to be more severe in 

the region containing a greater number of small carbides. This same region displays high GND 

densities with a band of elevated GND density running between the two coarse-grained regions.  

The effective total strain distribution is shown in Figure 6.22. Carbide phases have been masked in 

black. Under the high-contrast BSE imaging conditions used to capture DIC images, the carbide 

particles had very similar levels of contrast to the gold speckles. Carbides appeared as single, large, 

white objects on the black background of the matrix, larger than the bin sizes used for image 

correlation. This led to spurious (typically extremely large) strain values being recovered within the 

carbides. Hence these data have been omitted. This is of little consequence as the carbides would be 

expected to deform elastically only and strains would be much smaller than those recorded in the 

metallic phases. 
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Figure 6.22: Effective total strain after deformation. Hard phases (niobium and chromium carbides) have been 
masked in black to aid the understanding of this image. Note the change in the limits to the colour scale 
compared to those used for the Nitronic 60 strain maps due to the lower levels of strain achieved during the 
experiment. 

 

The strain values here are much lower than those reported for Nitronic 60, due to the high levels of 

ductility in Nitronic 60 facilitated by its lower yield stress and larger grains. Increased plastic 

deformation is evident in the larger grains, in the areas highlighted in Figure 6.3. The large austenite 

grain in the lower right of the image shows significant deformation and the formation of persistent 

shear bands at 45° to the global loading direction, seemingly unhindered by the small carbides within 

the grain. Similar features can be seen in the upper central larger grained region. The slip bands 

appear to have some interaction with the carbides contained within the grains, suggesting that this 

interaction could be a hardening mechanism in this material.  

Strain is less widespread in the fine-grained region with deformation restricted to several discrete 

bands. These shear bands appear to propagate almost vertically between the two coarse-grained 

regions. The area to the left is almost devoid of plastic deformation. These trends are consistent with 

the spatial distribution GNDs in Figure 6.21b where regions of higher GND density are coincident 

with the regions of higher plastic deformation in the DIC map.  

The heterogeneous deformation seen here appears to be largely controlled by the larger austenite 

grains and the large niobium carbide. The finer grain region shows a more homogeneous strain 

distribution. This therefore suggests that a fine microstructure with an even dispersion of hard carbide 

phases is preferable to larger grains and carbides in terms of deformation behaviour, with the finer 

microstructure reducing the occurrence of strong strain localisation. 

The strain localisation around the large carbide is especially concerning in the context of wear and 

galling. There is a high level of plastic strain immediately adjacent to the niobium carbide surrounded 

by a large region of unstrained grains (Figure 6.23). Strain localisations in the proximity of large 
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carbides such as these could lead to localised failure of the material and decohesion of the carbide 

from the matrix. If a similar situation were to occur at the interface of two sliding surfaces, carbide 

pull-out could lead to extensive surface damage and the onset of galling.  

 

 

Figure 6.23: Detail of the region adjacent to the niobium carbide. The austenite grain with high GND density is 
shown in red.  

 

These observations are broadly concordant with those reported in the room temperature study of 

Zhao et al. [55]. Namely, deformation is typically localised to the large grains, there is a general trend 

of increasing GND density with deformation, and there are high levels of both plastic strain and 

residual elastic strain adjacent to carbides.  

6.3.2.2 Cracking around poorly consolidated regions, carbides and non-metallic inclusions 

Tristelle 5183 is known to display limited ductility due to its extremely high volume fraction of 

carbides [55]. This limited ductility was also found at elevated temperature. Figure 6.24a shows a 

Tristelle 5183 undergoing fracture shortly after yielding. The specimen in Figure 6.24b was not 

loaded as severely to prevent fracture and shows only a small degree of plastic deformation. The 

fracture surface of specimen (a) appeared to be mostly brittle.  
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Figure 6.24: Force displacement curves for two Tristelle 5183 specimens both at 300°C. The specimen in (a) 
fractured shortly after yielding. The specimen (b) is considered in detail in this section and was loaded to a 
lower force than that in (a) to prevent fracture.   

 

There are several reasons for this brittle behaviour. Both the high hardness (421 HV10 [55]) and high 

volume fraction of hard carbide phases contribute to the limited ductility of Tristelle 5183. The HIP 

manufacturing method could also play a role in this behaviour. Pores are a known manufacturing 

defect in Tristelle 5183 and are of concern for wear and corrosion resistance [38]. Several pores and 

poorly consolidated regions were found in the Tristelle 5183 specimens examined. These regions 

often contained possible prior-powder particles suggesting that these were regions not fully 

consolidated during HIP processing. An example area is shown in Figure 6.25a where several circular 

features can be seen around the edge of the object. These features were invariably of the order of 

50 – 100 μm in size. 

 

 

Figure 6.25: A large pore in Tristelle 5183 before deformation (a) and after deformation at 300°C (b). Large 
globular niobium carbides can be seen throughout the microstructure. The larger white particles are chromium 
carbides whilst the smaller white specks are gold DIC speckles. A large crack can be seen on the left-hand edge 
of the pore in (b). A smaller crack is also present on the right-hand edge of the pore.  
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The area shown in Figure 6.25 is adjacent to the region studied in detail in Section 6.3.2.1. Two 

cracks can be seen around the edge of the region. The larger crack on the left-hand side has a length of 

approximately 100 μm. This crack follows the edge of the consolidated region and through the large 

niobium carbide at its lower end. The crack divides into the multiple small cracks at the upper end. A 

smaller crack can also be seen on the right-hard side of the pore, traversing the substrate at the back of 

the pore.  

Closer examination of the region with energy dispersive x-ray spectroscopy (EDX, JEOL JSM-

6010LA SEM) showed high concentrations of Ca, Si and Al, suggesting that this area also contained a 

large non-metallic inclusion below the surface. Qualitative elemental maps are shown in Figure 6.26, 

where the inclusion appears rich in Ca, Si and Al whilst containing no Fe, Nb, Cr and Ni; these 

elements are present in the surrounding matrix. The composition of this region (especially the 

aluminium content) suggests that this inclusion originates from the refractory lining of the powder 

making equipment used to produce this alloy. A similar morphology has been reported by 

Sulley and Stewart [38], where the surrounding metallic matrix poorly wets the non-metallic 

inclusion. 

 

 

Figure 6.26: Secondary electron image and elemental maps showing qualitative distribution of various elements 
around the poorly consolidated region. The large niobium carbides can clearly be seen in the Nb map. 

 

Smaller cracks such as these are likely to grow into larger cracks during consequent deformation, 

which may result in specimen failure as encountered in this study. Cracks such as these are known to 

occur at room temperature [275] and appear to be unaffected by any increased ductility at elevated 

temperature.  

This inclusion was not alone, with at least four other inclusions observed on the prepared surface of 

this specimen (Figure 6.27). The chemical composition was confirmed to be the same as the inclusion 
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shown in Figure 6.25 with EDX. These inclusions were all surrounded by large niobium carbides. It 

was difficult to determine whether the inclusions themselves had cracked but surrounding carbides all 

displayed differing degrees of cracking. Figure 6.27a displays both matrix and carbide cracking. It is 

possible that this region contains a large subsurface inclusion as several black pores in close proximity 

were observed.  

 

 

Figure 6.27: Other inclusions within the same Tristelle 5183 specimen. The black areas are non-metallic 
inclusions. The lighter regions are niobium carbides. 

 

This raises concerns to the industrial applications of Tristelle 5183; the HIP processing of this 

material must be carefully controlled to minimize the number of pores to reduce the risk of these 

pores acting as crack nucleation sites. Sulley and Stewart [38] raise this concern as with others 

(refractory non-metallic inclusions, oxide inclusions, metal contamination) and discuss some 

measures to mitigate these issues for industrial valves.  

The large niobium carbides found throughout the matrix were also found to crack without the 

presence of non-metallic inclusions. Multiple cracked inclusions, again the same specimen, are shown 

in Figure 6.28. These cracks are generally perpendicular to the macroscopic loading direction with 

single carbides often displaying multiple cracks. The carbides in Figure 6.28a and b display wide 

cracks which appear to extend into the matrix. There appears to be no decohesion at the carbide-

matrix interface. A string of carbides separated by a thin metallic ligature can be seen in Figure 6.28c 

where the narrow crack passes between the two central carbides. The matrix between the two cracked 

carbides does not appear to have cracked, suggesting the tensile stress state within the carbide drives 

crack propagation. Once one carbide has cracked, the resulting load redistribution may drive cracking 

in the other carbide.  



Chapter 6 - Elevated temperature experimental investigations 

179 

 

Figure 6.28: Cracked niobium carbides. The light-coloured material in (a) is silver paint. Matrix cracking is 
observed in (a) and (b). 

 

Whilst matrix-carbide decohesion is not observed here, the higher levels of localised stress may 

promote pull-out of niobium carbides during sliding contact. If individual carbides are not plucked 

from the surface, cracked carbides may promote matrix pull-out and wear debris formation. Cracks 

are likely to nucleate within these carbides and then propagate into the metallic matrix. During sliding 

contact this could result in large cracks propagating deep into the contacting surface, resulting in 

wholesale matrix/carbide pull-out and wear debris formation. Matrix cracking similar to this has been 

suggested to be an important mechanism in the production of large pieces of wear debris, leading to 

galling [138,141]. As such, these large niobium carbides could result in galling, despite their inclusion 

to promote wear resistance.  

6.3.3 Discussion 

The different microstructures of Nitronic 60 and Tristelle 5183 lead to extremely different 

deformation behaviour. Hardening in Nitronic 60 appears to be dominated by the interaction of slip 

systems resulting in cross hardening. The large grains allow multiple slip systems to activate, leading 

to extremely heterogeneous deformation fields. This heterogeneity is captured in DIC strain, GND 

density and residual elastic strain measurements showing strong deformation localisation. Large 

gradients in residual strain are seen across the large austenite grains. This is likely due to local slip 

activation in portions of the grains. The cast microstructure of the Nitronic 60 used in this work is 

similar to that which would be achieved through the welding processes traditionally used to apply 

hard facings to valves [82,276] and it would therefore be expected that the deformation mechanisms 

would be similar to those encountered here.  

Grain boundaries play a key role in hardening, resulting in large accumulations of GNDs. The large 

number of annealing twins in Nitronic 60 increase the total length of grain boundaries, further 

promoting the accumulation of GNDs. The low stacking fault energy of Nitronic 60 results in a twin 
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induced plasticity (TWIP) [277] during the extrusion of this material during manufacturing. Ferrite 

grains also promote GND accumulation, particularly in the regions between two closely spaced ferrite 

grain, providing further hardening.  

The ferrite stringers were more resistant to deformation than the surrounding austenite showing lower 

accumulations of GNDs, lower residual strains and slip bands generally not propagating though the 

ferrite grains. This suggests that, like at room temperature [55], the ferrite phase would be expected to 

have a higher yield strength than the austenite.  

The deformation in the large grained Nitronic 60 is contrasted with that in the fine-grained, 

multiphase Tristelle 5183. The microstructure of Tristelle 5183 is superior to that of Nitronic 60. The 

small austenite grains with an even dispersion of ferrite and carbide grains promote homogeneous 

deformation and hardening whilst reducing the occurrences of strain localisation. The large grained 

zones within Tristelle 5183 deform much more readily and to a greater extent. Accumulations of 

GNDs and the formation of slip bands are much more prominent in these regions than in the adjacent 

fine-grained regions. This furthers the hypothesis that a fine microstructure with many grain 

boundaries and a fine dispersion of ferrite grains and carbides resists substantial plastic deformation 

and would therefore be beneficial in the context of galling.  

The large niobium carbides appear to have a deleterious effect on local deformation. Significant 

degrees of residual strains were observed around the large niobium carbide studied, likely due to the 

stress redistribution after unloading. A secondary effect of the niobium carbides is the promotion of 

the formation of large grains. Niobium carbides have been shown to be strongly linked with the 

formation of large-grained regions within the powder used to manufacture this alloy [39], with this 

study demonstrating that large austenite grains are unfavourable in terms of plastic deformation. As 

such, these large niobium carbides cause localised deformation, with slip bands developing within the 

larger austenite grains adjacent to relatively undeformed fine-grained regions.  

Although the niobium content of this alloy was specified in order to improve wear resistance [12], the 

resulting large niobium carbides may not be beneficial to galling resistance. Hard facings must resist 

both wear (the gradual and progressive removal of material from the surface during repeated sliding) 

and galling (catastrophic surface damage likely to be caused during a single event). Large carbides 

with significantly higher hardness values than the surrounding matrix protect the matrix from wear. 

However, the resulting deformation localisation due to the presence of such carbides would be 

unfavourable in terms of galling resistance. Localised deformation could promote the cracking, 

decohesion and detachment of entire carbides or fractured carbide portions during sliding with this 

debris potentially causing significant surface damage and initiating the onset of galling.  

Manufacturing defects such as non-metallic inclusions and voids are of concern in Tristelle 5813. 

Inclusions are likely to act in a similar way to large carbide particles, cracking or decohering from the 
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matrix and forming large wear particles. Experimental evidence has now been found of these 

inclusions cracking under load at 300°C. Whilst the crack here does not propagate far into the 

surrounding metallic matrix, crack growth could occur during continued mechanical cycling. This 

type of cyclic load occurs when valves are repeatedly opened and closed. The formation of fatigue 

cracks is an established mechanism for the production of wear debris [16,17,278]. It is therefore 

important that manufacturing defects such as these are eliminated so far as is reasonably practicable 

from hard facings. Careful control of the powder atomisation process is required to prevent 

contamination of the powder and the incorporation of such inclusions during HIPing.  

All trends observed in both Nitronic 60 and Tristelle 5183 appear to be consistent with those found by 

Zhao et al. [55], suggesting that changes in micromechanical deformation mechanisms between room 

temperature and 300°C are not the main driver for the reduction in galling resistance at elevated 

temperatures as reported in the literature [12,13,32]. In Nitronic 60, the same behaviours of multiple 

slip system activation within individual grains and GND accumulation at grain boundaries, both 

resulting in hardening, were found at 300°C. The magnitudes of resulting strains and GND densities 

(measured with DIC and HR-EBSD respectively) were generally concordant. Tristelle 5183 displayed 

similar deformation behaviour at 300°C as at room temperature, with deformation more severe in the 

large austenite grains; the finer grained, ferrite/carbide containing region displayed a greater degree of 

resistance to deformation. Again, post-deformation strains and GND densities were not significantly 

different from those at room temperature. Tristelle 5183 showed the same limited ductility as at room 

temperature. This is likely to be due to the high carbide volume fraction controlling ductility and 

therefore any substantial changes in the slip strengths of the austenite and ferrite phases are unlikely 

to have as great an effect on deformation as in a material such as Nitronic 60. Whilst the deformation 

behaviour of these two alloys can be related to their galling resistance, at 300°C there is no substantial 

change in the observed deformation behaviour when compared to that at room temperature. As such, 

it is inconclusive from this study as to what the key driver behind the reported reduction in galling 

resistance is and that processes highly specific to wear (carbide pull-out and surface contaminant 

layers for example) may be of more importance than micromechanical deformation. 

6.4 Conclusions 

The deformation behaviours of Nitronic 60 and Tristelle 5183 iron-base hard facings have been 

assessed at 300°C using correlated high-angular resolution electron backscatter diffraction and high-

resolution digital image correlation. The microstructures of these two alloys have been found to 

control the deformation behaviour, with minimal deviations from the room temperature deformation 

behaviour reported for these alloys by Zhao et al. [55].   
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Nitronic 60 demonstrated high levels of heterogeneity following deformation, owing to its large grain 

size. Strong slip bands were observed throughout many grains, often with multiple slip systems 

activating at once within single grains.   

Tristelle 5183 demonstrated high levels of stiffness at 300°C as at room temperature, with only low 

levels of ductility during bending. The fine dispersion of carbides and ferrite grains within the 

austenite matrix of Tristelle 5183 was found to promote homogeneous deformation behaviour, 

reducing the occurrence of strain localisation and resulting in hardening throughout the 

microstructure. Significant levels of GND density and residual strain were found prior to deformation 

due to the HIP processing of this alloy. Large austenite grains displayed a greater propensity for 

plastic deformation than the fine-grained portions of the microstructure suggesting that coarse grains 

should be avoided during manufacture and processing.  

This example Tristelle 5183 also displayed some indicators of production difficulties with pores and 

inclusions found throughout the microstructure. Inclusions were found to be rich in Al, Si and Ca and 

were most likely introduced during powder manufacture. Cracking was observed around many of 

these inclusions following deformation at 300°C. This cracking could lead to the pull-out of either the 

surrounding matrix or the inclusions themselves. The exact role of particle pull-out in the initiation of 

galling is not yet fully understood but the presence of these large, hard particles may be deleterious to 

galling resistance.  

Overall, it can be concluded that, at the values of strain applied to these materials, these two iron-base 

hard facing alloys do not display any significant change in deformation behaviour between room 

temperature and 300°C. Both alloys display similar trends in deformation and the temperature 

sensitivity displayed by similar iron-base hard facings in the literature is related to some other 

mechanism not captured here. This suggests that the key mechanisms underpinning galling are more 

closely related to the exact surface geometry established during sliding contact and governed by 

aspects such as the formation of surface oxide layers, the surface finish or the role of microstructural 

features (such as carbides or other hard phases) at the surface.  
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Chapter 7 - Representative crystal plasticity models of 

iron-base hard facing alloys 

7.1 Introduction 

In Chapter 4, where internal heat generation, frictional heat generation and elevated temperature were 

examined, 316L stainless steel was used as a surrogate material for true hard facing alloys. The main 

rationale for this decision was the relative abundance of data for both galling resistance [200,279] and 

material properties. However, 316L is known to provide little resistance to wear and galling 

[30,200,279]. Whilst the understanding gained in deformation mechanisms for sliding, contacting 

surfaces is important, representative material models for real hard facings would have a greater degree 

of industrial relevance; 316L is of little use as a hard facing. Data for the material properties of hard 

facings are scarce, with typically only the results of ASTM G98 [213] galling tests given in the 

literature without an accompanying stress-strain curve. Zhao [275] calibrated representative crystal 

plasticity material models for Nitronic 60 and Tristelle 5183 from similar combined HR-DIC/HR-

EBSD experiments at room temperature providing crystal-level properties for these materials. This 

work produced properties for the various austenitic, ferritic and carbide phases within Nitronic 60 and 

Tristelle 5183. Good agreement between experiment and simulation was achieved with the material 

models successfully capturing deformation trends. 

Material models which can capture the deformation of hard facing alloys at 300°C are required in 

order to study more complex deformation behaviour such as carbide pull out at temperature 

representative of light water reactor service conditions. Since the alloys considered here are 

multiphase, each phase requires an individual representative material model. In light of the minimal 

changes in deformation behaviour between that described by Zhao et al. [55] and the experimental 

studies described in Chapter 6, one would expect that minimal changes in the material models 

calibrated by Zhao [275] would be required to adequately capture the deformation trends of 

Nitronic 60 and Tristelle 5183 at 300°C. The application of bulk temperature sensitivities to the room 

temperature material model for 316L was found to be relatively successful in investigating elevated 

temperature galling deformation in Chapter 4. Whilst not capturing the cliff-edge transition in galling 

resistance at 200°C reported in the literature [13,14], these models demonstrated a reduction in galling 

resistance with increasing temperatures. It was therefore decided to employ a similar approach to this, 

modifying the room temperature calibrated models [275] and comparing their predictions with the 

experimental results described in Chapter 6.  
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In this chapter, the room temperature material models developed by Zhao [275] are modified to 

predict elevated temperature performance. Representative microstructures based on faithful 

reproductions of the experimental microstructures investigated in Chapter 6 are introduced along with 

appropriate boundary conditions. The results of these simulations are then compared with the 

corresponding experimental results to gauge how well these models capture elevated temperature 

deformation trends and to assess their suitability for further studies into the deformation of iron-base 

hard facing alloys. 

7.2 Model geometry and boundary conditions 

Representative model geometries were constructed, basing the microstructures on the areas examined 

in Chapter 6. The grain geometries captured using EBSD were faithfully reproduced within 

ABAQUS, specifying their orientations using the Euler angles also from EBSD. The resulting models 

were quasi-three-dimensional with free-surface morphologies extruded through the entire model 

thickness. Continuum, three-dimensional, 20 noded elements with a reduced integration scheme 

(C3D20R) were used to mesh the geometries. A nominal element size of 0.5 μm was used throughout. 

The free-surface morphologies were extruded through a thickness of three elements, giving 

approximately cubic elements to aid numerical convergence. Quasi-static analysis steps were 

employed since isothermal conditions were kept throughout. 

Thermal and mechanical boundary conditions representative of the experimental conditions found in 

Chapter 6 were applied. A predefined temperature field was specified to give a uniform temperature 

distribution of 300°C. Plane stress boundary conditions were applied to each geometry. The negative z 

(back) surface was constrained in the z-direction but the positive z (front) surface remained 

unconstrained, representative of the free surface condition in the experimental specimen. This is not 

an unreasonable assumption and a plane stress assumption is also made when calculating strains using 

HR-EBSD [186]. The negative y-surface was constrained in the y-direction to prevent rigid-body 

motion but still allowing motion in the x and z-directions. 

Boundary conditions on the positive and negative x-surfaces were imposed to match DIC measured 

displacements taken from the edges of the modelled region. Therefore, a spatially varying boundary 

condition was used, with the displacement values varying with the y-coordinate. These boundary 

conditions are illustrated in Figure 7.1. The DISP user-subroutine was used to apply the spatially 

varying boundary condition. It was found that applying “flat” boundary conditions to the x-surfaces 

was inappropriate, with the modelled deformation behaviour matching experiments poorly. This is not 

unexpected since the regions being modelled here are small and the boundary conditions would 

strongly affect the stress state within the model. DIC measured displacements in the y-direction were 
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found to be an order of magnitude smaller than those in the x-direction and therefore this style of 

boundary condition was not applied to the y-surfaces. A short FORTRAN subroutine (DISP [204]) 

was written to use a look-up table and perform linear interpolation to calculate the applied nodal 

displacement from the nodal coordinates at each time increment. The displacement distribution was 

scaled with time, with the displacement at each node increasing linearly as time progressed. The DISP 

subroutine was appended to the main UMAT subroutine. The addition of this subroutine was not 

found to significantly impact computational time.  

 

Figure 7.1: Boundary conditions. The back surface is constrained in the z-direction, the bottom surface in the y-
direction and DIC calculated displacements applied to the left and right surfaces, where the respective left and 
right displacements δ- and δ+ are functions of the y-coordinate.   

 

The Euler angles given by the Bruker Esprit software follow the Z′′X′Z (Bunge) convention, rotating 

around the z-axis, followed by a rotation around the new x-axis, followed by a final rotation around 

the new z-axis. The correct reference crystal must be specified to correctly capture the crystal 

orientation. However, the reference frames used in the crystal plasticity UMAT and Bruker EBSD 

crystal reference frames are not the same. The CP reference frame uses a conventional coordinate 

setup, with the x-direction to the right, the y-direction toward the top of the page and the z-direction 

out of plane towards the reader (Figure 7.2). The Bruker convention is rotated 180° about the z-axis 

from the CP reference frame, pointing the x-direction towards the left of the map, the y-direction to 

the bottom of the page and the z-direction out of plane towards the reader. Whilst both reference 

configurations appear to be identical in cubic system due to the symmetry, the Bruker reference frame 

must first be converted to the CP frame to ensure that any following rotations are correct. Therefore, 

an additional rotation of 180° about the first z-axis was required. This was followed by the regular 

Bunge-convention rotations. The corresponding rotation matrix was calculated from these angles and 

used to rotate the crystal within the model geometry. The mean orientation for each grain was 

calculated using the MTEX MATLAB toolbox [219], approximating the spatially varying orientation 

measured with EBSD with a single orientation per grain.  
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Figure 7.2: Comparison of the two reference frames for crystal plasticity and EBSD measurements as reported 
by Bruker Esprit. (a) shows the axes after a rotation through an example Euler angle set 
(φ1,Φ,φ2) = (200°,45°,120°). (b) and (c) show the respective reference frames used in the in-house UMAT and 
the Bruker Esprit EBSD software respectively. In both (b) and (c), the positive z-direction is out of page towards 
the reader.     

7.3 Material model 

A physically based slip rule [198] (equation 7.3.1) was used to quantify slip rate as a function of the 

resolved shear stress on each active slip system, as described fully in Chapter 3. This material model 

was applied to the ferrite and austenite phases.  

 �� �	��� � �G|�|8� exp &� Δ6¢£( sinh ¥Δ¨	�� � �§��¢£ © (7.3.1) 

Slip was assumed to be restricted to the <1 1̄ 0>{111} and <1 1 1>{110} type systems for the 

austenitic and ferritic phases respectively, with individual slip systems denoted by κ. Hardening 

included contributions from both the evolution of statistically stored and geometrically necessary 

dislocations (SSDs and GNDs respectively). Statistically stored dislocations evolved incrementally 

with the local accumulation of accumulated slip.  

 �´´³	Ä � ΔÄ� � �´´³	Ä� � �c��ΔÄ (7.3.2) 

GND accumulation was included by equating the curl of the plastic deformation gradient to the GND 

densities on individual slip systems [280]. 

 ∇ Õ )Ý �  , �� ⊗ ��²³��  (7.3.3) 

Multiple solutions to this relationship exist due to the high level of symmetry in both fcc and bcc 

crystal systems. To find a solution in light of this none-uniqueness, an L2 minimisation scheme was 

used to determine GND densities on each slip system and from this the total GND density is 

calculated. The critical resolved shear stress can then be updated as dislocation densities evolve. 

 �§�	£� �  �§,®¯H°� 	£� � �	£�|��|±�´´³ � ��²³ (7.3.4) 

Four different material models were required, one for each of the austenite and ferrite phases in 

Nitronic 60 and Tristelle 5183 respectively. Each phase within each alloy had a unique set of material 

properties to fully describe its behaviour. Slip rule (equation 7.3.1) parameters for the different phases 
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were calibrated in the previous room temperature study of these two alloys by Zhao [275]. The slip 

rule parameters, as calibrated at room temperature, are presented in Table 7.1. The austenite phase in 

Nitronic 60 had identical slip rule parameters to the austenite phase in Tristelle 5183. The same is true 

for the ferrite phases in the two alloys. There are only low levels of rate-sensitivity in these materials 

and, accordingly, the slip rule parameters have only a small effect on material behaviour. These 

properties were held constant with changing temperature as the slip rule already contains temperature 

sensitivity (within both the exponential and hyperbolic sine terms).  

The hardening rates corresponding to equation 7.3.2 for the four phases are given in Table 7.2. These 

differences in hardening rate are due to the slight changes in phase chemistry between the alloys (see 

Table 6.1 for differences in alloy compositions). Both phases in Tristelle 5183 have much higher 

hardening parameters γ′ than those for the Nitronic 60 phases. Hardening parameters were assumed to 

be insensitive to temperature.  

 

Table 7.1: Slip rule parameters for austenite and ferrite in both Nitronic 60 and Tristelle 5183. 

Phase 
Parameter 

|b| / Å ν / s-1 ρm / μm-2 ΔF / J ΔV / m3 

Austenite 2.54 1011 0.01 2.6× 10-20 40|b|3 

Ferrite 2.48 1011 0.01 2.6× 10-20 40|b|3 

 

Table 7.2: Hardening parameters �′ for austenite and ferrite in the two alloys, given in μm-2.  

 Nitronic 60 Tristelle 5183 

Austenite 80 300 

Ferrite 60 300 

 

A similar method of introducing temperature sensitivity to material properties to that used in the 

Chapter 4 was applied here, using each relationship between material property and temperature as 

retrieved from the literature but ensuring correspondence to the room temperature values as used in 

the investigation of Zhao [275]. The room temperature properties are presented in Table 7.3. Ferrite 

and austenite phases in Tristelle 5183 and Nitronic 60 were assumed to have identical temperature 

sensitivities. Property data for ferritic and austenitic phases were taken from EN 1.4017 and 1.4404 

(316L) stainless steels. Temperature sensitivities were applied to elastic moduli, thermal expansivities 

and critical resolved shear stresses. The temperature sensitivity of the slip strength was assumed to be 

similar to that of the yield strength. Temperature sensitivities were applied in the form P = PRT fP (T) 
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where PRT is the room temperature value and fP is a function accounting for the temperature sensitivity 

for property P, taking a value of one at room temperature. These functions are presented in Table 7.4. 

The slip rule and hardening parameters given in Table 7.1 and Table 7.2 were not changed with 

temperature, however, temperature sensitivity is included in the slip rule through the terms containing 

T in equation 7.3.1. The carbide phase in Tristelle 5183 was assumed to have a stiffness similar to that 

of the metallic matrix and remain perfectly elastic throughout deformation.  

 
Table 7.3: Room temperature mechanical properties for Young’s modulus E, shear modulus G, thermal 
expansivity α and critical resolved shear stress τc for the austenite (aus) and ferrite (fer) phases in Nitronic 60 
and Tristelle 5183 as determined by Zhao [275]. 

  Nitronic 60 Tristelle 5183  

Phase Property  Value Value Units 

Aus. 

E 280 200 GPa 

G 110 75 GPa 

α  1.3×10-5 1.3×10-5 - 

τc 175 200 MPa 

Fer. 

E 235 75 GPa 

G 45 45 GPa 

α  1.3×10-5 1.3×10-5 - 

τc 180 200 MPa 

 

Table 7.4: Temperature sensitivity functions for the various properties and phases. Tr = T – 273.15 where T is 
the absolute temperature. The change in each property from the room temperature values to those at 300°C is 
also calculated.  

Phase Property, P Temperature sensitivity function, fP Change at 300°C Source 

Aus. 

E, G �� � �	 � 1.015 � 7.45 Õ 10o�£M  -21% [281] 

α  �
 � 0.996 � 1.737 Õ 10o�£M +5% [281] 

τc ��� � 1.043 � 0.0022£M � 2.402 Õ 10oÖ£M8 -61% [281] 

Fer. 

E, G �� � �	 � 1.004 � 1.881 Õ 10o�£M � 4.071 Õ 10o£M8 -9% [282] 

α  �
 � 0.994 � 3.037 Õ 10o�£M +4% [282] 

τc ��� � 1.021 � 10o9£M � 4.568 Õ 10o£M8 -24% [282] 

 

Table 7.4 shows that the austenite phases have a greater sensitivity to temperature changes than the 

ferrite phases, displaying a larger decrease in modulus and slip strength. As shown in Chapter 4, the 

slip strength is the key parameter controlling deformation in 316L under sliding contact. However, it 
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was also found that the slip strength (as controlled with changes in temperature) has a greater impact 

on the onset of plasticity and less of an effect on the extent of plastic deformation.  

7.4 Results and discussion 

To assess the suitability of this new material model, qualitative and quantitative comparisons will be 

drawn between the experimental and simulation results. The strain and GND density fields will be 

compared, assessing the different levels of plasticity within grains. Numerical comparisons between 

the overall values of stain will also be made as well as along paths taken through the regions of 

interest. Once it is judged that these new elevated temperature material models capture the overall 

deformation trends in Nitronic 60 and Tristelle 5183, further examination of the deformation 

behaviours will be made. This focusses particularly on the interesting deformation patterns in 

Tristelle 5183, with emphasis on the role of chromium carbides. These trends will then be related 

back to galling failure.  

7.4.1 Nitronic 60 specimen 1 

The region studied in Chapter 6 was faithfully reproduced in ABAQUS using the described crystal 

plasticity framework. Grain geometries and phases were matched to experimental data, and rotation 

matrices corresponding to the Euler angles measured with EBSD were applied to ensure that each 

grain had the correct orientation. The resulting geometry is shown in Figure 7.3. Boundary conditions 

taken from the displacement field corresponding to the strain map in Figure 7.4a were applied to the 

positive and negative x-faces.   

 

Figure 7.3: Experimental region of interest (a) and geometry of CPFE model (b) of Nitronic 60 specimen 1. 
Note the small ferrite grain in the upper right of the region.  

 

Good agreement was found between the experimental and CP results (Figure 7.4). Whilst there is no 

direct equivalent to the experimentally observed slip bands in the simulation results, levels of slip 

activation are generally consistent between the two. Grains where high levels of slip activation are 
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observed in experiment (Figure 7.4a) correspond well with grains displaying high levels of post 

deformation strain in the simulated case (Figure 7.4b). Direct comparisons between the strains 

measured experimentally within slip bands and strains in CPFE cannot be made. The CPFE method 

homogenises the behaviour of dislocations and cannot capture features such as slip bands. However, 

qualitatively, the magnitudes of strains within grains appear to be consistent between model and 

experiment. Grains with closely spaced slip bands or those displaying multiple slip system activation 

experimentally have higher levels of plastic strain in the simulation.  

 

Figure 7.4: Comparison between experimental and CPFE model results for Nitronic 60 specimen 1, showing 
total effective strain (a and b) and GND densities (c and d). 

 

As with strain, GND densities show qualitative agreement between experiment and simulation (Figure 

7.4c and d respectively). GND densities in the model were generally higher than those found 

experimentally, forming larger and more diffuse clouds of GNDs as opposed to the dislocation 

structures which form during experiment. This is expected since the model homogenises the 

formation of GNDs and is incapable of reproducing the discrete behaviour in the experiment. The left-

hand side of the region containing several triple junctions shows the highest levels of GND 

accumulation in both model and experiment. In particular, the model captures the localised generation 

of GNDs within the downwards pointing triangular section of the large grain in the upper left of the 

region. This region is also accompanied by a high level of strain (Figure 7.4b). Heterogeneities along 

the length of the twins are captured by the model, shown both in the distribution of effective strain 

and GND density.  
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The model displays a heterogeneous distribution of strains following deformation within individual 

grains. This is particularly apparent along the length of the annealing twins. Strains are higher towards 

the ends of each of the annealing twins with a band of low deformation in the centre of the packet of 

twins in the lower portion of the region. This corresponds well with the experimental distribution of 

slip bands Figure 7.4a, with a greater number of slip bands found towards the edges of the twins.  

The crystallographic orientation of each grain controls the extent of deformation. The large, central 

parent grain shows low levels of plasticity. This grain is interleaved with narrow twins displaying 

much higher levels of localised plasticity, appearing as alternating bands of high and low strains. All 

other grains show higher levels of strain than this central large grain. Assuming that the stress state 

within this grain is similar to the global specimen stress state (i.e. horizontal uniaxial tension), this 

large central grain is poorly oriented for slip when compared with the other grains in the region 

(see Figure 6.12). The most favourable slip system in this grain has a global Schmid factor of 0.29; 

most other grains have at least one slip system with a global Schmid factor in excess of 0.4.  

Arrows parallel to the maximum principal stress directions (Figure 7.5) confirm that the stress state is 

approximately uniaxial tension in the horizontal direction. Figure 7.5 also highlights the two most 

favourable slip systems, with Schmid factors of 0.28 and 0.29. These principal stress arrows show that 

there is a significant deviation from a purely horizontal tensile stress state, particularly within the 

twins where the principal stress direction is at approximately 45° to the horizontal. This suggests that 

the action of this large parent grain strongly influences the local stress state within the twins. The slip 

traces predicted by global Schmid factors were found to be satisfactory in Chapter 6, however it was 

not possible to identify the exact active slip system but only the slip plane. These local deviations 

from the global stress state call into question the use of global Schmid factors in predicting active slip 

systems.   
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Figure 7.5: Directions of first principal stress. Arrow colours are related to the magnitude of stress (red tension, 
blue compression). The unit cube in the correct orientation for the large parent grain is displayed, with the two 
highest Schmid factor slip systems assuming a horizontal tensile stress state.  

 

The large central grain shows similar deformation patterns in both simulation and experiment with 

increased levels of strain at the far ends. However, the levels of strain localisation at the left-hand 

edge of the grain observed in experiment are not captured by the model. This suggests, 

experimentally, slip bands first developed in the narrow twins, propagating into the parent grain as the 

twins display higher levels of plasticity in the model. The unusual rectangular twin on the left-hand 

side of this grain has a much more profound effect in the experiment than in the model. Figure 7.4a 

shows the rectangular twin interacting with the slip bands propagating near vertically from the narrow 

annealing twin above the parent grain. This rectangular twin is also surrounded by a region of 

elevated GND density (Figure 7.4c). The twin has minimal effect on deformation in the simulation, 

with no corresponding strain localisation or GND density field. 

The shape of the rectangular twin suggests that the twin largely lies out of plane, meeting the free-

surface at nearly a right-angle. The subsurface part of this twin could play a large role in the 

surrounding deformation, influencing the local stress state considerably and this would not be 

captured by the model. The morphology of the twin is undetermined as it is not possible to non-

destructively determine the 3D geometry prior to deformation.  

This region shows that the model captures the deformation of large austenite grains well in the 

absence of ferrite at 300°C. For a full description of Nitronic 60, a second region containing ferrite is 

required to understand the role of ferrite in deformation.  
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7.4.2 Nitronic 60 specimen 2  

The second specimen of Nitronic 60, including a greater content of ferrite, underwent a similar 

treatment, reproducing phase, orientation and grain morphologies, whilst applying boundary 

conditions as calculated experimentally by DIC. The resulting model geometry is shown in Figure 7.6 

with the corresponding EBSD phase map.  

 

Figure 7.6: Region of interest (a) and geometry for the representative model (b) for the Nitronic 60 specimen 2. 

 

As with specimen 1, general qualitative agreement was achieved between the experiment and 

simulation with strain and GND density maps for both shown in Figure 7.7. The deformation trends 

are consistent between experiment and simulation with higher levels of slip activation in the 

experiment corresponding with regions of higher effective strain in the simulation. The densities of 

geometrically necessary dislocations are also in agreement with localisations of GNDs at grain 

boundaries, particularly surrounding ferrite grains. GND densities are more diffuse in the simulation 

due to the absence of slip bands and their corresponding dislocation structures.  
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Figure 7.7: Comparison between experimental (a and c) and crystal plasticity measurements (b and d) for 
effective strain and GND density.  

 

The grains in the lower left of the region show higher levels of slip activation in experiment than in 

the model. The extreme left bottom corner of the model shows almost no deformation. This could be 

due to an error in the boundary conditions, but in general these boundary conditions give satisfactory 

agreement with experiment. The discrepancy between experiment and simulation could be related to 

the unusual slip activity observed experimentally. As discussed in Chapter 6, the assumption that the 

global uniaxial stress state accurately describes the stress state of a small polycrystalline region such 

as this is not always satisfactory, hence the use of DIC measured displacement control boundary 

conditions in these representative models. The parallel sets of slip traces in the twinned grain in the 

lower left corner are not predicted using global Schmid factors suggesting that the local stress state 

deviates from the global stress state. As this behaviour is not captured in the model, it is indicative of 

the subsurface controlling the deformation of the free-surface in this region. 

Individual slip bands are typically associated with localised peaks in GND density, with extremely 

intense slip bands appearing as sharp bands of elevated GND density. Several of these bands can be 

observed in the lower right corner of Figure 7.7c. Whilst these peaks are not as severe as those 

associated with the strain values measured with DIC, they can result in highly localised behaviour 

which cannot be captured by a continuum model.  

The band of elevated GND density in the experimental results (Figure 7.7a) is most likely due to the 

presence of subsurface ferrite grains associated with the ferrite stringer running horizontally through 
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the centre of this region (discussed more fully in Chapter 6). Due to the lack of subsurface 

information provided by EBSD and the prismatic nature of the crystal plasticity representation, the 

model does not account for any subsurface ferrite grains. The lack of this microstructural feature can 

explain some of the difference between experiment and model results, notably the lower GND 

densities associated with the ferrite stringer and differences in slip activation in the regions directly 

adjacent to the ferrite stringers. This would also explain the closer agreement between experiment and 

simulation for specimen 1. The region of interest for specimen 1 is completely free of surface ferrite 

stringers (see Figure 7.3) and is unlikely to contain any subsurface stringers in close proximity to the 

region of interest.  

The local stress states within grains were found to correspond well with the global stress state, with 

almost all regions in horizontal tension (Figure 7.8). Other principal stress components (not shown in 

Figure 7.8) were much smaller than the maximum principal stress. A small degree of stress 

concentration can be seen adjacent to the ferrite grains, suggesting that the ferrite grains may drive 

slip in the neighbouring austenite grains by elevating local stress levels.  

 

Figure 7.8: Arrows parallel to directions of first principal stress, coloured by their magnitude (red in tension, 
blue in compression). Higher stresses (of both signs) are displayed as darker arrows.  

 

Quantitative comparisons between experiment and model were made in the region associated with the 

band of elevated GND density. The path A-A′ roughly follows the ferrite stringer. Experimental and 

simulation GND densities are shown in Figure 7.9a with A-A′ marked on the HR-EBSD measured 

GND density map in Figure 7.9b. Good agreement was found between experimental and model values 

for ρGND, with the model correctly predicting the general trends, with grain 5 displaying the best 

agreement.  
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Figure 7.9: Quantitative comparison (a) of the experimental (HR-EBSD) measured and model (CPFE) predicted 
GND densities along the path A-A′, with distance measured in arbitrary units along the path. Grains with which 
the A-A′ intersects are numbered. (b) is the experimental GND density map with A-A′ indicated.  

 

The modelling results show deviation from experimentally measured GND densities in grains 1 and 2, 

with the model overestimating ρGND throughout grain 1 and then underestimating ρGND in grain 2. For 

the grain 1, the geometry of the grain controls the deformation. Grain 1 is a portion of a highly 

twinned, large austenite grain. It is therefore probable that this grain significantly extends below the 

surface of the specimen, and this subsurface geometry controls the free-surface deformation in the 

experiment, preventing the larger levels of lattice curvature found in the model. 

The underestimate of GND density in grain 2 is due to the presence of subsurface ferrite grains 

impacting the deformation of the surface. The termination of the slip bands away from the grain 

boundary in experimental DIC measurements (see Figure 7.7a) is highly suggestive that a ferrite grain 

is present below the surface. In general, the presence of ferrite grains promotes the evolution of GNDs 

as lattice curvature is required to maintain compatibility between the highly deformed austenite and 

the relatively undeformed ferrite. A ferrite grain just below the free-surface would therefore cause an 

increase in GND density with the apparent absence of any ferrite on the surface.  

Similar comparisons can be made using the experimental and model strain measurements. A 

comparison between the effective strain values (Figure 7.10) shows good agreement between the two, 

displaying concordance in both magnitudes of strain and general trends. The peak in strain in grain 4 

followed by the reduction in grain 5 observed experimentally is well captured by the model.  
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Figure 7.10: Quantitative comparison (a) between experimental (HR-DIC) and model (CPFE) effective strain 
values along the path A-A′ (identical to that in Figure 7.9). (b) shows the experimentally measured strain map.  

 

Several peaks in the HR-DIC strain measurements are not captured by the model. These can be seen 

in grains 1, 2 and 3 and relate to the slip bands and their associated high levels of strain. The high 

levels of apparent strain associated with slip bands are due to discontinuities within the displacement 

field measured with DIC and this behaviour cannot be captured with continuum models. However, 

reasonable agreement is found in grain 3 when considering the grain as a whole.  

The model underestimates the strain values recorded experimentally throughout grains 1 and 2. In a 

similar manner to how the model does not fully capture GND density distributions in these grains, the 

subsurface grain geometry and the presence of unseen ferrite grains is likely to influence the 

deformation of these grains. The two peaks in Eeff in grain 2 are related to two prominent slip bands. 

As discussed in Chapter 6, these slip bands are not predicted by global Schmid factors and instead 

some external factor, either grains outside of the region of interest or beneath the free surface, controls 

the stress state of this grain. This highlights the difficulties in accurately modelling small regions of 

microstructure; whilst the boundary conditions are taken from experimental DIC measurements, they 

cannot provide the full three-dimensional constraint provided in experiment by the surround 

microstructure.  

The CPFE model overestimates the values of strain in grain 5. Again, the proximity of the ferrite 

stringer may constrain deformation in experiment and this contribution may not be fully captured in 

the model. A subsurface ferrite grain may reinforce this region, reducing the expected levels of strain 

based on the surface microstructure alone.  

These studies highlight a weakness in examining the deformation of three-dimensional materials 

using only the surface microstructure when the substructure is unknown. For large grained materials 

such as Nitronic 60, approximating the grains as columnar grains extruded from the free surface is 

relatively successful in capturing the major deformation trains. However, this approach has less 
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success with smaller grains and would be less successful in capturing the deformation of finer grained 

materials. This is observed in these studies in the regions surrounding the smaller ferrite grains. Some 

experimental techniques do allow the subsurface microstructure to be examined non-destructively, for 

example Laué diffraction [189], but these techniques were not available. A different strategy is to 

study oligocrystalline samples where their columnar model equivalents are true representations of the 

prismatic grains [267] but this was not appropriate for the alloys studied here. 

Several attempts have been made to capture the influence of subsurface microstructure on free surface 

deformation in the context of crystal plasticity simulations. These typically involve generating 

randomly textured layer of identical microstructure beneath the free surface [283], creating a random 

subsurface microstructure which conforms to the surface conditions [284], or creating several instance 

which confirm to the surface microstructure and applying an averaging approach [285]. These 

techniques would likely further improve the ability of these models to capture the experimentally 

observed deformation. However, these techniques were not applied since the models captured the 

experimental trends adequately well.  

This completes the assessment of Nitronic 60. The material models appear to be suitable for 

describing the combined effects of austenite and ferrite in this alloy, capturing the major trends in 

deformation. This assessment also highlights the difficulties in predicting deformation trends based on 

the surface microstructure alone, in particular in the presence of relatively small, subsurface grains.  

7.4.3 Tristelle 5183 

A smaller subset (Figure 7.11), measuring 60 × 40 μm, was selected from the region examined in 

Chapter 6. This region was selected as it contained a large number of small grains (of both ferrite and 

austenite) and chromium carbides. A region containing a niobium carbide was not selected as these 

NbCs are much larger than other microstructural features, making it difficult to capture large NbCs 

and the fine austenite, ferrite and chromium carbide grains within a single model. The large niobium 

carbide at the edge of the region studied in experiment would occupy approximately half of the region 

shown in Figure 7.11. This region contains in excess of 300 grains. Carbides were treated as isotropic, 

elastic particles embedded in the matrix.  
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Figure 7.11: Experimental microstructure taken as a subset from that investigated in Chapter 6 (a) and the 
reproduced model geometry (b). The phases are coloured identically for both diagrams.  

 

The low ductility of Tristelle 5183 meant that the displacements applied as boundary conditions were 

smaller than those applied to the Nitronic 60 specimens. Again, displacements were taken from DIC 

measurements. The boundary conditions for Tristelle 5183 were far more uniform than those applied 

to Nitronic 60 due to the small grains resulting in a much more uniform strain distribution.  

Strain values show generally good agreement, with a relatively uniform distribution of strain observed 

in experiment (Figure 7.12a) and model (Figure 7.12b). Expectedly, the carbides show minimal 

deformation when compared with the matrix (hence appearing as dark regions in Figure 7.12b). The 

right-centre region of the simulation shows the peak strain, which appears to be associated with a 

region of larger austenite grains adjacent to a large cluster of carbides. Exact agreement between the 

positions of individual bands of greater deformation was not found but the position of these bands was 

likely influenced by the subsurface microstructure. The thickness of this model is approximately equal 

to the average diameter of the grains, but the prevalence of carbides on the free surface suggests the 

presence of many subsurface carbides. These subsurface carbides could cause a deviation from the 

deformation trends expected from the free-surface microstructure alone.  
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Figure 7.12: Comparison between experimental and simulation effective strain maps (a and b, experiment and 
CP respectively) and GND density maps (c and d, experiment and CP respectively). The carbide phases in both 
experimental maps (a and c) have been masked in black. Neither DIC measured strains nor EBSD measured 
GND densities are accurate within carbides.  

 

The experimental magnitudes of GND density are not captured by the model (Figure 7.12c and d 

respectively). To a large part, this is due to the L2 minimisation scheme used by the model as opposed 

to the L1 minimisation scheme used to estimate ρGND from HR-EBSD measurements. Qualitatively, 

the model captures the generally uniform GND density across the region of interest. The dispersion of 

carbides undoubtedly controls the uniform distribution of GND density, preventing significant 

localisations as observed in the Nitronic 60 simulations and resulting in relatively homogeneous 

deformation. 

Two areas within the simulation display lower GND densities than the rest of the region of interest. 

These areas are associated with large austenite grains found in the upper right and lower left of Figure 

7.12d. The lack of closely spaced carbides with a lower density of grain boundaries allows these 

austenite grains to deform more freely, resulting in lower levels of lattice curvature and reduced GND 

densities when compared to the rest of the region. The low levels of GND density in the upper right 

region could, however, be related to a slight error in the boundary conditions taken from DIC as this 

area is not far from the model edge. This is unlikely to be the case for the lower left austenite grain as 

this is several microns from the model edge.  

The regions of elevated GND density in the model correspond well with the regions undergoing 

higher levels of plasticity, as indicated by elevated levels of strain in Figure 7.12b. Higher GNDs are 

found towards the right of the region in both experiment and model. The highest GND densities 
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appear in highly localised areas, rather than in diffuse regions as observed both experimentally and in 

simulations for Nitronic 60. Whilst not corresponding in numerical values, both experiment and 

simulation suggest that the finer grained regions are associated with higher GND densities. Larger 

austenite grains still undergo deformation, but this does not result in the same accumulation of GNDs 

due to fewer grain boundaries.  

The regions with the most prominent accumulations of GND are invariably adjacent to hard carbide 

particles and typically in regions where a narrow metallic matrix ligature separates two carbides. In a 

similar, but more extreme, manner to the action of harder ferritic grains in Nitronic 60, hard carbide 

particles do not deform plastically and generate strain gradients and lattice curvature, which are 

accommodated by the generation of GNDs. This process is similar to the mechanism first described 

by Ashby [178]. This effect causes rapid hardening of the metallic matrix, reducing the probability of 

extensive plastic deformation. Therefore, a fine and uniform dispersion of carbides is highly desirable 

in preventing extensive plasticity. In the context of contacting rough surfaces, preventing high levels 

of localised deformation is key to preventing (or mitigating) the gross plasticity associated with 

galling and this fine dispersion of carbides would be expected to enhance galling resistance.  

There appeared to be minimal differences between the deformation of the ferrite and austenite phases 

with no significant differences in terms of strain localisation and GND evolution. The ferrite and 

carbide volume fractions in Tristelle 5183 are approximately 9% and 19% respectively with the 

balance austenite [55]. Whilst ferrite represents a greater volume fraction in Tristelle 5183 than in 

Nitronic 60, the presence of carbide particles dominates; the generation of GNDs due to the 

deformation mismatch between ferrite and austenite is not observed. This may be related to the low 

levels of deformation in Tristelle 5183 when compared to those experienced by Nitronic 60 due to its 

high stiffness and hardness. At high levels of strain, the differences in deformation behaviour between 

austenitic and ferritic phases in Tristelle 5183 may drive the evolution of GNDs, further contributing 

to hardening; this effect may not be prominent at lower levels of strain.  

Horizontal strings of carbides caused high levels of stress concentration, both within the carbides 

themselves and within surrounding matrix grains. This can be demonstrated in the stress contours 

shown in Figure 7.13. In the fine-grained portions of the microstructure (see Chapter 6 for 

comparisons of the fine and coarse regions of microstructure), carbides are typically separated by 

single austenite or ferrite grains with a separation of the order of several microns. The strong carbides 

do not deform plastically and bear the brunt of the applied load. This causes a redistribution of load 

and elevates the stress in the narrow ligatures of material between the carbides.  
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Figure 7.13: Mises stress contours at the end of loading for the entire region demonstrating stress localisations in 
the regions near to carbide particles.  

 

These stresses are in excess of the bulk yield stress; Tristelle 5183 has a yield stress of approximately 

700-800 MPa [55,286]. One reason for this is that the metallic matrix of Tristelle 5183 undergoes 

significant work-hardening during deformation. This is embodied in the high hardening coefficients 

required for Tristelle 5183 to capture its deformation behaviour. This is contrasted by the high-levels 

of ductility of Nitronic 60 and the corresponding low hardening coefficients (see Table 7.2). The 

accumulation of GNDs (Figure 7.12d) results in localised hardening and high stresses. A second 

explanation is that local constraint can lead to high levels of hydrostatic stress without resulting in a 

significant degree of plasticity. These two effects explain the presence and magnitude of these 

localised stresses.  

Figure 7.14 highlights a subset of Figure 7.13 where there is a string of small carbides separated by 

small regions of matrix; stress contours show high levels of localised stress in these portions of 

matrix. In this region, the carbides show much higher stresses than the metallic matrix as they cannot 

plastically deform to relieve this stress. Chromium carbides were not observed to crack or decohere 

from the matrix at 300°C in the experimental work in this thesis (Chapter 6) or at room temperature 

[55]. In light of the stresses calculated with this simulation, the stresses required to induce decohesion 

or cracking of these carbides are expected to be in excess of 1 – 2 GPa. The large niobium carbides 

found throughout Tristelle 5183 were too large to include in this model (n.b. a typical large NbC is 

50 μm in length and would therefore occupy most of the region shown in Figure 7.11). These carbides 

are known to be highly susceptible to cracking and would likely represent the “weakest link” in this 

microstructure, failing prior to any cracking or decohesion associated with the small chromium 

carbides.  
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Figure 7.14: String of carbide particles generating stresses in the surrounding metallic grains with Mises stress 
(a), effective strain (b) and GND density (c) displayed as both contour plots and traces following the path A-A′. 
Grain colouring corresponds to the different phases given in Figure 7.11, with austenite blue, ferrite green and 
carbide purple.  

 

The trace of stress along the path A-A′ in Figure 7.14a shows significant stress gradients, with values 

fluctuating between 0.5 and nearly 2 GPa over several microns. The path traverses four carbide 

particles, all of which display significant spikes in stress. The highest stresses were found at the 

carbide-matrix interfaces with lower stresses at the cores of the particles. The carbide geometry would 

be expected to contribute to their internal stress states, with pointed edges acting to concentrate 

stresses. This is evident in the rightmost carbide where the blunt right-hand edge displays lower stress 

values than the pointed left-hand edge.  

The austenite and ferrite grains found between the carbides display elevated stress levels. The stresses 

within the matrix grains along the path A-A′ approach 1 GPa, well above the stress values associated 

with regions away from carbides. Stresses within the matrix away from carbides are generally around 

500 MPa (see Figure 7.13). The narrow ligatures between the carbides undergo the most severe plastic 

deformation with the highest strains associated with these regions in Figure 7.12b. Figure 7.14b also 

demonstrates the plastic deformation within these narrow bands. Whilst this does result in a degree of 
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stress and strain localisation, a microstructure containing a widespread distribution of carbides allows 

the stress to be distributed more uniformly preventing runaway localised deformation.  

The highest GND densities across the entire region are found in these narrow regions between closely 

spaced carbides. Measurements of ρGND along path A-A′ show local values approaching 1015 m-2 in 

both austenite and ferrite grains (Figure 7.14c). The carbides generate significant strain gradients due 

to their small separation causing this accumulation of GNDs; this effect results in localised hardening 

around the carbides reducing the tendency for further deformation. In the context of hard facing 

alloys, this would lessen the levels of plastic deformation under the extremely localised loads found in 

sliding contact. 

7.4.4 Numerical strain comparison  

As well as qualitative comparisons of the distributions of strains and dislocation densities, some 

quantitative comparison between model and experiment is required to assess the overall deformation 

behaviour of the regions, and how well the modified crystal plasticity models capture trends in 

deformation. The effective strain Eeff was used for comparison to include the contributions of direct 

and shear strains. For DIC, strain values were taken at each cross-correlation subset6. For CPFE 

models, values were taken from each integration point of the element on the front face since the 

models were prismatic and variation through thickness would be small. The mean average of these 

values throughout each region is given in Table 7.5. Excellent agreement between experiment and 

simulation is found for all specimens, indicating that both the boundary conditions are correct and that 

the material models are capturing overall deformation trends.  

 

Table 7.5: Mean average effective strain comparisons between the experimental DIC measurements and the 
CPFE model results for the three specimens.  

Specimen 
Mean strain, Eeff / ( - ) 

DIC CPFE 

Nitronic 60 – 1 0.027 0.024 

Nitronic 60 – 2  0.027 0.024 

Tristelle 5183 0.0068 0.0056 

 

 
6 Subset in this instance refers to the cross-correlation windows used in the DIC calculations. See Chapter 5 for 
a full description. Briefly, a cross-correlation subset is a window used to compare shifts between pre- and post-
deformation images. Each subset results in one strain measurement and hence the subset size determines the 
special resolution of the strain measurements. In this case, the special resolution of strain measurement was 
approximately 1 μm.  
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Further comparisons can be made by examining frequency distributions of strain ranges for each 

specimen. Strain measurements were binned using a bin width of 0.01 for all specimens. The resulting 

frequency polygons are shown in Figure 7.15. As expected, both Nitronic 60 specimens displayed 

higher strain values than the Tristelle 5183 specimen following deformation as Nitronic 60 displays 

far higher levels of ductility. Both Nitronic 60 specimens displayed peaks in the strain distributions in 

the 0.02 – 0.03 range as opposed to the peak in Tristelle 5813 in the 0 – 0.01 range. This demonstrates 

both the superior hardness and lower ductility of Tristelle 5813 when compared to Nitronic 60.  

 

 

Figure 7.15: Frequency polygons of effective strain for DIC and CPFE. The frequency is normalised. A uniform 
bin size of 0.01 is used throughout. Note the change in y-axis limits for (c).  

 

The shift in strain magnitudes for Tristelle 5183 towards lower values is due to the high volume 

fraction of hard phases. This reduces the volume of material capable of deforming plastically and 

consequently reducing overall values of strain. The resolution of experimental strain measurement and 

difficulties in differentiating carbide phases from gold DIC speckles prevented experimental 

measurement of any strains within carbides. However, in both experiment and model, the deformation 

of the carbides is entirely elastic, hence suppressing high levels of strain.  

The binned strain data show excellent agreement for Tristelle 5183, showing that the model captures 

deformation well. Both specimens of Nitronic 60 show reasonable agreement with experiment, with 

the CPFE models slightly underpredicting the peak values of strain. Therefore, the method of 

applying bulk temperature sensitivities to key crystal level properties is reasonable and the resulting 
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material models are capable of capturing the deformation of these two alloys at 300°C. As such, we 

now have representative material models for these alloys at both room temperature and 300°C and 

these models can now be used for future studies into the mechanisms of galling.  

The modal strain values for Nitronic 60 as predicted by the CPFE model are lower than those 

measured experimentally (Figure 7.15a and b). This under-prediction of strain by the CPFE model can 

be explained by considering the magnitudes of strain measured with HR-DIC. Discrete slip bands 

were observed in both Nitronic 60 specimens. Slip bands were not observed experimentally in 

Tristelle 5183 due to the small grain size preventing their formation. Slip bands manifest themselves 

as regions of high strain in the calculated strain maps. Whilst strains are calculated, slip bands 

themselves are discontinuities in the displacement field and therefore the extremely high calculated 

strains associated with them may not be physically meaningful. For example, the maximum values of 

shear strain recorded in the experimental work presented in Chapter 6 was in excess of 20%. Other 

HR-DIC studies in the literature report similar extreme strain values (for example [160,161,163]) 

which are simply not physical. Therefore the values reported at the centre of slip bands are likely to 

skew strain measurements to higher values than those predicted by the equivalent CPFE models, as 

seen in Figure 7.15a and b. 

Studies in the literature often use slip bands observed in DIC qualitatively, for example in determining 

active slip systems in hcp alloys [168], but it is rare for any quantitative assessment to be made. The 

recent work of Bourdin et al. [167] has attempted to address the inherent discontinuities in HR-DIC 

due to slip bands by applying a DIC technique enriched with a Heaviside step function to account for 

the discontinuities within the measured displacement field. This makes quantitative measurements of 

strains in the presence of slip bands far more reasonable, somewhat removing the spurious strain 

measurements at the centres of slip bands. Whilst it would be possible to implement this methodology 

within the current in-house MATLAB DIC program, this has not been attempted in this work. Since 

CPFE models are inherently continuum based, they lack the ability to capture deformation features 

such as slip bands and therefore care must be taken in making comparison with experimental strain 

maps.  

In absence of an implementation of the Heaviside-DIC technique [167], one could attempt to 

“smooth-out” the discreteness of the slip bands by either increasing the size of the interrogation bins 

used in DIC to reduce the resolution of the resulting strain maps [156,168] or by applying some type 

of spatial averaging after performing DIC, neither of which are particularly attractive as the results 

would likely be highly dependent on interrogation bin size or averaging bin size respectively. As such, 

neither of these techniques were attempted.  
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7.5 Conclusions  

The temperature sensitivities of the key material properties of the austenitic and ferritic phases of 

Nitronic 60 and Tristelle 5183 steels, in relation to the room temperature properties of Zhao [275], 

have been investigated using representative crystal plasticity models. These representative models 

showed good agreement with the experimental results. Whilst crystal plasticity methods cannot 

capture discrete slip bands, magnitudes of plastic deformation and strain localisation were captured by 

the model. Overall bulk measures of deformation calculated from the simulation results predict the 

correct values. GND densities are of the correct order, showing densities between 1014 and 1014.5 m-2 

following deformation, similar to those observed experimentally. The average strain values 

correspond very well. These measures indicate that the material models are suitable for capturing the 

larger-scale deformation behaviours of Nitronic 60 and Tristelle 5183 at 300°C and that the method of 

applying boundary conditions taken from DIC measured displacements is acceptable. 

The distribution of GND densities was largely comparable with the experimental results. In 

Nitronic 60, ferrite was shown to play a key role in promoting the evolution of GNDs, resulting in 

local hardening. Carbides act in an analogous way in Tristelle 5183. Harder particles embedded 

within a softer matrix generate strain gradients, enhancing hardening.  

Whilst slip band-type behaviour cannot be captured by a homogenised crystal plasticity model, grains 

showing higher levels of slip activation and multiple simultaneous slip system activation in 

experiment displayed corresponding elevated levels of plasticity (as observed as high levels of strain) 

in simulation. Much of the deformation in Nitronic 60 is restricted to slip bands and therefore the 

deformation observed in the model is much more homogenous and defuse. Some of the behaviour in 

which grains deform differently in different subregions is not well captured.  

The simulations further support the findings that a microstructure containing small grains with a wide 

dispersion of carbide particles results in homogeneous plastic deformation, rather than high localised 

and heterogeneous deformation. This is crucial for performance for hard facing alloys. The highly 

localised loads inherent in sliding asperity-on-asperity contact induce extremely high stresses within a 

material. The ability to distribute the deformation over a larger volume of material and dissipate this 

stress rather than forming small, highly deformed regions may reduce the tendency for wear debris 

formation and, ultimately, galling. This agrees with the much higher galling resistance of 

Tristelle 5183 than that of Nitronic 60 at both room temperature and 300°C [12].  

The method of applying the temperature sensitivity of bulk properties to those of the model calibrated 

by Zhao [275] has been effective. The changes in the magnitudes of material properties in this chapter 

were similar to those applied in Chapter 4. As with the experimental results in Chapter 6 and the 

galling frequency results for 316L in Chapter 4, these results show that the changes in deformation 
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behaviour between room temperature and 300°C are not particularly substantial. Whilst deformation 

is slightly more extensive owing to the reduction in crystal resolved shear stress (and therefore the 

“strength” of the material), these changes are unlikely to result in the extreme temperature sensitivity 

towards galling observed experimentally in iron-base hard facing alloys [12–14].  

Whilst, yet again, it appears that the temperature sensitivity of galling in iron-base hard facings does 

not hinge on the material properties, we now have a suitable material model to capture the 

deformation of these hard facing alloys at elevated temperature which can be used to investigate other 

deformation mechanisms. 
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Chapter 8 - Detailed study of slip in Nitronic 60 

8.1 Introduction 

Chapter 6 has shown that the deformation trends in Nitronic 60 do not display any significant changes 

between room temperature and 300°C and that there must be some other mechanism causing the 

documented degradation in galling resistance [12–14,32]. However, the large austenite grains of 

Nitronic 60 lend this material to the investigation of slip, in particular the interactions of multiple slip 

systems within single grains. Zhao et al. [55] identified a region within Nitronic 60 during room 

temperature testing where two distinct slip systems were activated within a single grain forming 

distinct sets of slip bands. These slip bands appeared to block one another where they intersected, 

leading to the generation of sessile geometrically necessary dislocations (GNDs). It was suggested 

that slip system interactions such as these resulted in cross-hardening and that this was a key 

hardening mechanism in Nitronic 60. There are no other studies in the literature considering the 

deformation of Nitronic 60 at this length scale.  

A single occurrence of multiple slip system activation was observed by Zhao et al. [55], but this was 

largely due to the small region examined with DIC at a sufficiently high resolution to resolve 

individual slip bands. By recording the backscattered electron images required for DIC at a high 

resolution and forming a mosaic of many such images, slip bands can be resolved over a larger region. 

As in the previous chapter, these total strain measurements can be coupled with residual elastic strain 

and GND density measurements from HR-EBSD.  

HR-DIC has been employed the study the deformation of austenitic stainless steels similar to 

Nitronic 60. Di Gioacchino and Fonseca [156,160] applied HR-DIC to small-scale tensile testing of 

304L. Nitronic 60 is not too dissimilar to 304L and similar patterns of behaviour would be expected. 

These strain measurements were correlated with EBSD measured lattice rotations but HR-EBSD was 

not performed, and there was no connection made with residual strain or GND density. Multiple slip 

system activation was found in some grains but the occurrence of slip bands impeding one-another 

was not observed in these studies; in general slip bands were observed to intersect on another without 

any blocking. Polatidis et al. [170] examined 304 stainless steel under multi-axial loading and, again, 

found single slip to be prevalent with secondary and tertiary slip systems activating later on during 

deformation, at higher strain values. The microstructure of the 304 specimen in [170] appears to be 

very similar to that of the Nitronic 60 specimens studied here with a large number of sharp annealing 

twins and jagged grain boundaries. Again HR-EBSD was not performed so there was no linkage with 

lattice curvature or GND accumulation. HR-DIC has also been used to study 301 stainless steel with 
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EBSD used to identify regions undergoing the γ → α′ strain induced martensite transformation but not 

to measure strain or GND density [103]. Whilst 300 series stainless steels display poor galling 

resistance, the formation of martensite is interesting as this is suggested to be beneficial in galling 

resistance [13,14,36,102].  

Since Nitronic 60 is principally a hard facing alloy, it is relatively understudied compared to the more 

commonly used 304 and 316 stainless steels (and their H and L variants) with only the initial work of 

Zhao et al. [55] studying this alloy in any detail. Nitronic 60 is itself a derivative of the 300 series 

stainless steels with the addition of manganese, silicon and crucially nitrogen. The nitrogen acts to 

improve the strength of Nitronic 60 but has the additional effect of reducing the stacking fault energy 

[287];  this may promote further strengthening mechanisms leading to enhanced galling resistance. A 

detailed understanding of the effect of nitrogen on the deformation of stainless steel is therefore 

interesting scientifically and industrially, especially in the light of the EPRI developed high-nitrogen 

hard facing Nitromaxx [288] as this may provide a range of future iron-base hard facing alloys 

8.2 Materials and methods 

The experimental procedure follows the same as that described in Chapter 6. Since minimal changes 

in deformation behaviour were observed at 300°C when compared to the room temperature 

experiments of Zhao et al. [55], these experiments were conducted at room temperature. This 

simplified the experimental procedure and allowed for two loading cycles to be performed. The finite 

element model described in Chapter 6 was used to calculate the remote loading conditions resulting in 

local longitudinal strains of 2 and 4% in the first and second cycles respectively. The loading and data 

capture routine is shown in Figure 8.1.  

HR-EBSD maps were captured before and after testing (20 kV accelerating voltage, 120 μm aperture, 

0.5 μm step size) over a region approximately 400 μm × 400 μm. Sample charging caused a 

significant degree of drift approximately three-quarters of the way through the first HR-EBSD scan. 

The lack of contamination in the drifted region resulted in substandard DIC speckles, reducing the 

useful region to approximately 400 μm × 200 μm. Nonetheless, this large region contained a range of 

grain shapes and several ferrite stringers. It was not possible to capture a HR-EBSD map between the 

two cycles due to the presence of the gold speckles for HR-DIC. Backscattered electron images for 

HR-DIC were captured prior to testing and then following each cycle. Rectangular grids of 11 × 11 

images were captured with both 25% x and y overlap and stitched together using the Microsoft Image 

Composited Editor [269] to form a large composite image. In house cross-correlation EBSD and DIC 

codes in MATLAB were used to produce maps of residual elastic strain, GND density (both HR-

EBSD) and total strain (HR-DIC) [164]. 
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Figure 8.1: Schematic diagram of the experimental procedure. Pre- and post-deformation GND density and 
residual elastic strain measurements are captured during HR-EBSD 1 and HR-EBSD 2. Total strain maps using 
DIC are calculated by comparing images HR-DIC 2 with HR-DIC 1 to give measurements after cycle 1 and by 
comparing images HR-DIC 3 with HR-DIC 1 to give measurements after cycle 2.  

 

For the avoidance of doubt, all GND density and residual elastic strain maps recovered from HR-

EBSD measurements are given prior to any deformation and after cycle 2. Total strain maps 

recovered from HR-DIC measurements are given after cycle 1 and cycle 2. A 1 to n type DIC scheme 

is used, where strains are measured relative to the pre-deformation configuration by comparing 

images after each cycle with an image recorded prior to deformation. This is different to an n to n+1 

type scheme where incremental strains are recovered by comparing the images sequentially.  

8.3 Results and discussion 

The microstructure of the selected region is shown in Figure 8.2. Several large grains can be seen in 

the centre of the region along with three horizontal ferrite stringers. The large, central austenite grain 

contains three island ferrite grains as well as an annealing twin offers an opportunity to examine any 

interactions between slip and ferrite whilst the large grain to the lower right allows slip in the absence 

of ferrite to be examined.  

 

Figure 8.2: Microstructure of the selected region shown phase (a) and orientation (b) maps. The orientation map 
shows crystal directions parallel to the z-axis.  
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Post deformation examination reveals extremely heterogenous deformation behaviour, in agreement 

with the previous observations in Nitronic 60 at 300°C in Chapter 6 and the room temperature 

observations of Zhao et al. [55]. Deformation results in high levels of GND accumulation around 

grain boundaries (Figure 8.3b), and significant residual elastic strains (Figure 8.3d).  

 

Figure 8.3: HR-EBSD measurements for the entire region of interest pre- (a and c) and post-deformation (b and 
d). Subfigures a and b show GND density. Subfigures c and d show the 11 component of elastic strain (the x-
direction run horizontal to the page). Elastic strain is measured in the unloaded condition with strains measured 
relative to a reference point within each grain. 

 

Strain maps acquired with HR-DIC after cycle 1 and cycle 2 are shown in Figure 8.4. Significant slip 

band development is observed at the first loading cycle, with multiple slip systems being activated in 

the larger grains. Complex deformation patterns are observed across the region with areas displaying 

high levels of slip activation directly adjacent to regions showing very little deformation at all. This 

behaviour is also observed within individual grains, with large grains displaying to different slip 

responses at once. Several interesting slip behaviours can be observed after deformation namely wavy 

slip, multiple slip system activation within single grains, a transition in slip system between cycles 

and the interaction of ferrite grains with slip bands. These behaviours are highlighted in Figure 8.5 

and are examined in turn in the following sections.  
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Figure 8.4: Effective strain maps taken over the entire region of interest, following cycles 1 and 2.  

 

 

Figure 8.5: Regions displaying interesting slip behaviour. A: wavy slip, B: change in slip system between 
cycles. C: slip interaction with ferrite. D: Slip band interaction with island ferrite. E: multiple-slip system 
activation.  

 

The deformation observed in Nitronic 60 is markedly different to that of 304L reported by 

Di Gioacchino and Fonseca [160]. Whilst the loading conditions are different to those in [160] (three-

point bend here as opposed to small-scale tension) both studies conduct two interrupted deformation 

cycles to similar strain levels with 2% and 4% strains in the region of interest in this work and 1.6% 

and 6% elongation for the tensile testing in [160]. However, 304L and Nitronic 60 display significant 

differences in the character of deformation, specifically in the nature of slip band formation. These 

differences will be examined in detail. 
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8.3.1 Slip band spacing and stacking fault energy 

Orowan [193] predicted, after the initial onset of plasticity, slip bands in single crystals would be 

separated by an approximately uniform separation of the order of 1 μm, noting that experimentally, 

slip bands are typically separated by 0.5 to 10 μm. Di Gioacchino and Fonseca [160] found slip bands 

to be separated by approximately 1 μm in 304L stainless steel. After cycle 1, slip bands form regular 

arrays, uniformly separated by several microns, consistent with Orowan’s single crystal [193] 

prediction and the observations of Di Gioacchino and Fonseca [160]. After cycle 2, the spacing of the 

slip bands appears to be more irregular. Slip bands within Grain E are near uniformly spaced after 

cycle 1, with a separation of approximately 4 μm. However, after cycle 2 the average separation 

reduces to approximately 3 μm but the slip bands are no longer evenly spaced with the formation of 

tightly grouped packets of slip bands in the lower region of the grain. This behaviour is observed 

throughout the region of interest, with the transition from neat arrangements of slip bands after the 

first cycle to a less uniform arrangement after further deformation.  

One key difference between the slip behaviour observed here and that observed by 

Di Gioacchino and Fonseca [160] is the prevalence of multiple slip system activation. In this study, 

many grains were found to contain multiple active slip systems. Consequently, the deformation 

further departs from the hypothetical single crystals considered by Orowan [193], where only a single 

slip system is considered. This activation of multiple slip systems will therefore influence the 

separation of slip bands. Another difference between this Nitronic 60 specimen and the 304L studied 

in [160] is the microstructure. This specimen contains a large number of ferrite stringers as well as 

sharp, narrow annealing twins whereas the 304L in [160] contains little ferrite and more rounded, 

open austenite grains. The microstructure therefore has a strong effect on slip band formation, hence 

the formation of irregularly spaced slip band structures in this experiment.  

Di Gioacchino and Fonseca [160] suggested that stacking fault energy would play a role in the 

deformation behaviour of stainless steel. Nitronic 60 contains a significant nitrogen concentration (0.1 

– 0.18 wt.% [116]) to enhance its strength and galling resistance when compared to similar alloys 

such as 316 and 304. Nitrogen is known to reduce the stacking fault energy of austenitic stainless 

steels [287] but, whilst a lower SFE is considered beneficial, the exact role of stacking fault energy 

remains unclear in galling. Bhansali and Miller [36] proposed that a low SFE resulting in the 

formation of many stacking faults and promoting work hardening. However, 

Talonen and Hänninen [102] suggested that the role of stacking faults promoting the formation of α′-

martensite was more the true hardening mechanism. Ohriner et al. [82] noted that a nitrogen 

concentration of 0.1 wt.% is optimal for galling resistance. No stacking faults α′-martensite were 

observed post deformation with EBSD. Whilst it is difficult to differentiate ferrite from α′-martensite 

due to their respective bcc and bct crystal structures, martensite would form within the austenite 
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grains so would be detectable. Stacking faults may have formed but would not be detected if their 

widths were smaller than the special resolution of the EBSD measurements. Electron channelling 

contrast imaging (ECCI) can be used to image stacking faults and other crystal defects [289,290] but 

this technique was not used in this work. 

Nitronic 60 has a lower stacking fault energy than 304L due to this additional nitrogen, since SFE is 

highly compositionally dependent, and this could be somewhat responsible for this different slip 

behaviour. Various expressions to calculate SFE from composition exist in the literature but in general 

these correlations do not predict experimentally measured values well due to biases in the 

experimental measurement techniques [291]. The expression given by Meric de Bellefon et al. [291] 

attempts to account for these biases and has been shown to be give more accurate results, giving the 

stacking fault energy in mJ m-2 where Ci are the concentrations of elements in wt.%.  

 SFE � 2.2 � *² � 2.9*´ � 0.77*Û× � 0.5*Û® � 40*+ � 0.016*+M � 3.6*² (8.3.1) 

 

Table 8.1: Compositions and calculated stacking fault energies of Nitronic 60 and 304L. Compositions for 
Nitronic 60 were taken as the average of the ranges given in [247]. Stacking fault energies were calculated using 
equation 8.3.1.  

Alloy 
Alloying component / wt.% 

SFE/mJ m-2 

Fe C Mn Cr Si Ni Mo Others 

Nitronic 60‡ Bal.  0.07 8.0 16.5 4.0 8.0 0.75 0.14 N 5.2 

304L* Bal. 0.021 1.96 18.15 0.34 9.17  0.027 S, 0.031 P 11.9 
‡HP Alloys inc. [247]          *Di Gioacchino and Fonseca [160]  

 

Using equation 8.3.1 with the compositions given in Table 8.1 gives SFEs of 5.2 and 11.9 mJ m-2 for 

Nitronic 60 and 304L respectively. The calculated value for 304L is lower than the 18.2 mJ m-2 

reported by Schramm and Reed [287] but experimentally measured SFE show significant spread 

[291]. No experimental measurements of SFE for Nitronic 60 could be found in the literature, 

however, it is clear that the nitrogen in Nitronic 60 does lower the SFE below that in 304L [287].  

It is therefore apparent that the reduction in stacking fault energy may lead to the change in 

deformation behaviour. However, both of these alloys would be considered low SFE alloys and the 

differences in deformation may be related to other factors. Both specimens here have similar grain 

sizes of the order of 50 μm. Nitronic 60 would be expected to have a higher slip strength due to the 

solution strengthening effect of nitrogen and slip activation would be accordingly more difficult. The 

Nitronic 60 specimen here appears to have a greater number of ferrite stringers than the 304L in 

[160].  
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8.3.2 Region A: Wavy slip behaviour 

Grain A (Figure 8.5) displays a transition in slip behaviour from cycle 1 to cycle 2. After cycle 1, 

single slip is observed across the entire visible portion of the grain (Figure 8.6). Unfortunately, this 

grain was at the edge of the region of interest and, as such, one can only speculate to what the 

deformation behaviour of the rest of the grain is. This was due to a degradation of speckles pattern 

quality outside of the region covered during the pre-deformation HR-EBSD scan. Following cycle 2, 

the right-hand side of the grain has transitioned to a wavy slip regime. The left-hand side of the grain 

shows identical slip bands between the two cycles with no change in the measured strain values 

suggesting minimal slip in this section of the grain during the second cycle. The slip bands observed 

in the right-hand side of the grain after cycle 1 are replaced by wavy slip bands displaying increased 

effective strain values. However, neither residual elastic strains nor GND density maps show 

corresponding trends (Figure 8.6 c and d respectively). HR-EBSD maps show an elastic strain (and 

therefore stress) concentration at the left-hand corner of the grain accompanied by the highest levels 

of GND density.  

 

Figure 8.6: Grain A displaying a transition from single slip to wavy slip, visible in the DIC strain maps 
(a, cycle 1) and (b, cycle 2) with residual elastic strain (c) and GND density maps (d) after cycle 2.  

 

Single slip was found to be prevalent in similar experiments using 304L stainless steel [156,160] with 

wavy slip more common in hexagon metals such as titanium [162,283] and magnesium [168] alloys. 

Wavy slip was not observed in the previous study into Nitronic 60 but this may have been due to the 

lower resolution of the DIC measurements used [55]. Similar wavy slip behaviour was also observed 

in Nitronic 60 at 300°C. 

Zhang et al. [283] attributed the wavy slip behaviour to the activation of different slip systems sharing 

a common slip direction. It was not possible to extract the active slip systems from the wavy slip 

region of this grain and therefore any assessment of the hypothesis of Zhang et al. [283] could not be 
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assessed. In the fcc system, there are a maximum of four possible slip traces representing the 

intersections of the four slip planes with the specimen free surface and, as such, each slip trace may 

result from three different slip directions. The exact active slip system (i.e. slip direction and slip 

plane) cannot be uniquely determined from the slip trace alone. In this situation, the activation of a 

different slip system during the second cycle breaks up the slip bands formed in the first cycle, giving 

this wavy slip appearance.  

8.3.3 Region B: Change in slip system between cycles 

Grain B displays a complete change in active slip system between the two cycles. Single slip appears 

to occur during both cycles but on different slip systems. Clear slip bands were seen after cycle 1 and 

remain after the second cycle. After cycle 2, a different set of slip bands were observed appearing to 

be unhindered by the initial slip bands (Figure 8.7).  

 

 

Figure 8.7: DIC strain maps after cycle 1 (a) and cycle 2 (b). Grain displaying change in single slip behaviour 
between cycles with comparison between most likely candidate for slip trace (black) and measure slip trace 
(colour) superimposed on a unit cell. Corresponding HR-EBSD measured elastic strain (c) and GND density (d) 
maps.  

 

In this case, global Schmid factors were a poor predictor of active slip system with values of 0.24 (6th 

highest, the maximum Schmid factor is 0.48) and 0.44 (2nd highest) for the possible active slip 

systems in cycles 1 and 2 respectively, assuming a uniaxial stress state the in horizontal (x) direction. 

This suggests that the local stress state within the region surrounding this grain is very different to the 

global stress state and that the influence of local microstructure outweighs the externally applied 

remote load.  

This grain is directly adjacent to a ferrite stringer which will have a strong influence on the local 

stress state, as ferrite has been shown, thus far in this study and by Zhao et al. [55], to yield less 
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readily than austenite. The local constraint from this relatively strong region bordering this austenite 

grain could substantially alter the stress state within grain B. The deformation of the surrounding 

grains in the first cycle, and the subsequent hardening, could also change the local stress state within 

grain B, changing the favourable slip systems. The grains surrounding grain B (see Figure 8.4) show 

varying degrees of slip activation, likely resulting in a stress state different to the globally applied 

stress state and causing this slip behaviour.  

The ferrite grains further influence the slip in the lower region of this grain in cycle 2. In cycle 1, the 

lower region is free of slip bands (running nearly horizontally in Figure 8.7a). In cycle 2, the new slip 

band appear to bend in the region adjacent to the ferrite grain, nearly meeting the grain boundary at 

right angles. This is similar to the behaviour observed in [160] where slip bands bend at grain 

boundaries due to lattice curvature. The ferrite stringer adjacent to this grain shows no significant 

deformation whereas the upper region of the austenite grain displays significant deformation. This 

mismatch could be supported by lattice curvature, hence the bending slip bands. This argument is 

supported by the region of elevated GND density in Figure 8.7d. The diffuse nature of the slip bands 

at the top of the grain after cycle 2 is also accompanied by elevated GND density. The blurring of the 

slip bands could be similar to the bending of bands in the lower region of the grain and due to lattice 

curvature.  

8.3.4 Region C: Slip around ferrite grains 

Slip bands were observed around the three ferrite grains in region C (Figure 8.8) accompanied by 

significant GND densities. The ferrite grains themselves show little deformation with low GND 

densities and effective strains following deformation. Slip bands approaching austenite-ferrite grain 

boundaries at angles approaching 90° are blocked; this behaviour is particularly clear after cycle 1 

(Figure 8.8a). Following cycle 2, the slip bands in the grain below the ferrite stringer are more defuse, 

possibly due to the activation of a different slip system preventing the identification of discrete slip 

bands. 
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Figure 8.8: Slip bands surrounding ferrite grains. DIC effective strain maps are shown after cycles 1 (a) and 2 
(b) with HR-EBSD measured residual elastic strain (c) and GND density (d).  

 

The sharp slip bands in the centre of Figure 8.9 abruptly end at the austenite-ferrite grain boundary 

with the bands remaining distinct right up to the grain boundary, unlike other slip bands. The GND 

density (Figure 8.8c) in this area is lower than in other areas where slip bands meet a ferrite grain. The 

absence of elevated GND density and the lack of any slip band curvature or blurring suggests that this 

area has minimal lattice curvature and that there is minimal grain rotation during deformation. This 

may be explained by the morphology of this grain; this grain is an annealing twin to the grain to the 

right and has a long, thin shape. This constraint could prevent significant grain rotation and any 

significant lattice curvature at the grain boundary. 

 

Figure 8.9: Region shown in Figure 8.8 without grain boundaries for clarity. 

 

Slip bands are also observed to run parallel with grain boundaries. Figure 8.9 shows the same region 

as shown in Figure 8.8 but without grain boundaries to highlight this slip behaviour. Slip parallel to 

the grain boundaries appears to result in higher GND densities than that perpendicular to the grain 

boundaries (Figure 8.8d) suggesting that this slip behaviour results in a greater degree of hardening. 

Nonetheless, the general trend of higher levels of GND densities at grain boundaries means that the 

presence of the small ferrite grains, no matter what the slip behaviour in the surrounding ferrite grains 

is, is of benefit in terms of hardening as this increases the total area of grain boundaries.  



Chapter 8 – Detailed study of slip in Nitronic 60 

220 

8.3.5 Region D: Multiple slip system activation within single grains 

Region D includes an extremely large grain containing both annealing twins and three island ferrite 

grains as part of a longer stringer. This region demonstrates both interaction of slip systems with one 

another as well as slip propagation through a ferrite grain. Figure 8.10 shows DIC strain maps of this 

region following each cycle of deformation alongside post-deformation strain and GND density maps. 

Multiple slip systems are activated after cycle 1 with different slip systems activating in different 

regions of the grain. Parallel slip traces were observed in the twinned regions of the grain due to the 

orientation relationship between parent and twin grains resulting in slip planes oriented to give 

identical slip traces.  

 

Figure 8.10: DIC measured effective strain maps after cycle 1 (a) and cycle (2) of region E, with residual elastic 
strain (c) and GND density (d) maps of the corresponding region. 

 

Slip activity increased following cycle 2; slip bands present after cycle 1 became more prominent with 

their strain values increasing and new slip bands developed throughout the grain. Slip bands which 

first develop during cycle 1 become thicker and more intense. Slip bands intersect at multiple points 

within the grain, appearing to cross each other without impeding propagation in some regions and 

blocking further slip completely in others. This complex slip interaction behaviour is accompanied by 

heterogeneous GND distributions and significant residual elastic strain gradients. This grain displays 

several different slip interaction behaviours, and these appear to have an influence on the resulting 

GND densities. The ferrite stringers also appear to contribute to the generation of GNDs as well as the 
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generation of high residual elastic strains. These strains develop around the ferrite stringer, 

particularly between the ferrite grains and surrounding austenite grain boundary.  

The upper region of this grain displays the activation of three different slip systems; possible slip 

systems have been identified (Figure 8.11a) by matching the observed slip traces to the possible traces 

as determined from the crystallographic orientation of this grain. Variable interaction between the 

three slip systems was observed, with the green and blue systems appearing to block one another 

whereas the blue and purple systems intersect.  

 

 

Figure 8.11: Region showing both crossing slip systems and slip blocking. (a) shows the theoretical slip traces 
in black compared with the measured traces in colour. An additional candidate slip system for the blue 
experimental slip trace is also shown. (b) indicates slip systems of the same type. (c) shows GND density and 
(d) effective strain (both after cycle 2) 

 

The 12 (or 24) slip systems in fcc occupy four slip planes and therefore there are only four slip traces 

possible (as can be seen in Figure 8.11a), each with 3 (or 6) slip directions. Without knowledge of the 

exact stress state, it is not possible to determine uniquely which slip system corresponds to a given 

slip band. However, if one assumes that an approximately horizontal stress state exists then Schmid 

factors can be calculated, and the slip systems can be ranked in terms of likelihood of activity.  

Regions demonstrating slip blocking display higher GND densities than those showing simple 

intersection of slip bands. This suggests that the interaction of the two slip systems could result in 

cross hardening due to the local lattice curvature. Figure 8.11c shows the GND density map of the 

region displaying blocking and crossing slip. The region with apparent slip blocking has GND density 

approximately thirty times greater than the crossing slip region (n.b. Figure 8.11c uses a logarithmic 

scale and the upper limit is 101.5 = 320 times the value of the lower limit). 
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GND densities around areas of slip band intersection also appear to be higher than the surrounding 

matrix, but not as high as those associated with slip blocking behaviour. Figure 8.12 shows the 

crossing of two slip traces without the blocking behaviour displayed in the region detailed in Figure 

8.11. Two strong slip bands are seen to intersect in the lower portion of this region, accompanied by 

increased GND density in the same region. Although there is no blocking of the either slip system, the 

GND density within this region is higher than the region above, containing single slip.  

 

 

Figure 8.12: Region showing crossing slip systems. (a) shows the theoretical slip traces in black compared with 
the measured traces in colour. (b) indicates slip systems of the same type. (c) shows GND density and (d) 
effective strain (both after cycle 2) 

 

Finally, this grain also demonstrates a region showing complex slip interaction behaviour (Figure 

8.13), showing both crossing and blocked slip. The high density of interacting slip bands results in the 

highest density of GND within this grain, with a peak GND density of 2.3 × 1014 m-2. This region is 

also bounded by two ferrite grains. This additional constraint could lead to increased levels of strain 

localisation and lattice curvature, hence the accumulation of GNDs.  
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Figure 8.13: Region showing a complex series of slip junctions, displaying both crossing and blocking 
behaviour. (a) shows the theoretical slip traces in black compared with the measured traces in colour. (b) 
indicates slip systems of the same type. (c) shows GND density and (d) effective strain (both after cycle 2) 

 

The presence of the island ferrite grains plays a key role in slip activation within this grain. Ferrite 

grains 1 and 2 (as marked in Figure 8.14) display slip bands passing through the ferrite-austenite grain 

boundaries. Grain 1 shows a single, faint slip trace whereas two strong slip traces pass from the 

austenite into the ferrite intersecting within the ferrite grain. The behaviour is similar to that seen at 

elevated temperature (specimen 2 examined in Chapter 6). The highest GND densities are coincident 

with the intersection of the slip bands in ferrite grain 2 (ρGND = 1.4 × 1014 m-2 at the centre of the 

grain). These slip bands do not appear to block one another. It is difficult to assess the interaction of 

these two slip bands due to the close proximity to the grain boundary.  
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Figure 8.14: Slip interaction with ferrite stringer. (a) shows the orientations and predicted slip traces (black) for 
the austenite and two ferrite grains with measured traces in colour. (b) shows the observed traces labelled by slip 
system. (c) and (d) show the GND density and total strain respectively for the corresponding area (both after 
cycle 2). 

 

The central ferrite grain displays very little deformation, with no slip traces visible and significantly 

lower GND densities than those developed within the surrounding austenite or neighbouring ferrite 

grains. It is not possible to estimate a candidate slip system due to the large number of possible slip 

systems in the bcc system. One possible explanation for the variable levels of the plasticity between 

the three ferrite grains is that their deformation is controlled by slip transfer from the surrounding 

austenite grain. Slip bands in the austenite grain directly impinge on ferrite grains 1 and 2; slip 

transfer from the austenite to the ferrite could drive plasticity within these ferrite grains. Austenite slip 

bands do not visibly interact with ferrite grain 3, hence the lack of plasticity.  

8.3.6 Region E: Interacting slip systems without ferrite 

Region E also displays interacting slip systems but without the influence of ferrite stringers. Single 

slip dominates during cycle 1 (SS1 in Figure 8.15a) with a second slip system (SS2) activating in the 

upper region of the grain. After the second cycle, the pre-existing slip bands thicken and increase in 

intensity. However, slip system 2 dominates with a substantial increase in the number and intensity of 

this type of slip band, generating an array of highly interlaced slip bands.  
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Figure 8.15: Multiple slip systems active within a single grain with DIC strain measurements (a) and (b) with 
HR-EBSD measured residual elastic strain (c) and GND density (d), both after cycle 2. The two active slip 
systems are labelled in (a). The circled region highlights an area displaying significant slip interaction.  

 

The right most region of the grain contains many points where the two slip systems intersect, 

highlighted in Figure 8.15. This region contains a mixture of slip blocking and slip intersection as 

observed in the DIC maps. This is accompanied by significant GND density, of the same magnitude 

as that typically found at grain boundaries. The slip interaction in the circled region appears to be 

more significant than that in the lower right-hand region of the grain where slip bands intersect 

without resulting in slip blocking. The slip interaction in the remainder of the grain does not result in 

the same degree of GND accumulation. A band of elevated GND density can be seen across the lower 

region of the grain but this does not particularly seem to be associated with any slip band interaction.  

It is unusual for these two separate behaviours to exist within a single grain since both are regions 

where the same two slip systems interact, with only one region resulting in a slip blocking type 

behaviour. It is unclear as to why this would be the case. Both slip systems are active during both 

cycles, judged by either the development of new slip traces or the increase in intensity of pre-existing 

traces. The apparent intersection is not one set of slip traces forming over a different set of slip traces 

formed in the previous cycle by a now in-active slip system. The subsurface of the specimen may 

influence this behaviour. As is common with all surface-based DIC techniques, no information of the 

material structure below the surface is available and it may be that a hidden grain boundary or ferrite 

stringer just below the surface is responsible for these differences.  

 



Chapter 8 – Detailed study of slip in Nitronic 60 

226 

8.3.7 Overall discussion 

The deformation trends observed in Nitronic 60 are highly complex and differ from those reported for 

304L [160]. The main difference is the propensity for the activation of multiple slip systems within 

single grains in Nitronic 60 as opposed to the largely single slip in 304L. The large amount of 

multiple slip results in complex slip band interactions which dominate the deformation. It is not clear 

as to why multiple slip system activation is common in Nitronic 60 but planar slip dominates in 304L. 

However, the lower stacking fault energy of Nitronic 60 may result in a higher rate of work hardening 

within the material requiring a secondary slip system to activate to accommodate deformation 

whereas the activation of one main slip system suffices in 304L. A second factor may the initiation of 

slip due to similar slip systems in neighbouring grains. Dislocations reaching a grain boundary may 

cause a sufficient stress concentration in the neighbouring grain to active a similar slip system in a 

neighbouring grain in addition to any already active slip systems.  

The different slip interactions follow a general trend of increasing GND density with increasing 

intensity of slip band interaction. All dislocation activity results in some degree of GND 

accumulation. Planar slip with a single slip system active within a region results in the smallest 

increase in GND density. Double slip activation within a region where the slip systems intersect with 

minimal interaction (i.e. the intensity of the slip bands a largely unaffected) result in moderate GND 

densities. Finally, the intersection of two slip systems where there is a degree of slip band blocking 

results in the highest GND densities. The slip band interaction reported by Zhao et al. [55] would fall 

into this last category. Examples of this behaviour are shown in Figure 8.16.  

 

 

Figure 8.16: Examples of increasing slip interaction resulting in increasing GND density. Other occasions of this 
behaviour can be seen in the rest of this section.  
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The mechanisms as to this formation of these GND structures surrounding blocked slip bands could 

be related to the constraint provided by the blocking slip band. Figure 8.17 details the mechanisms 

behind the three cases in Figure 8.16, for planar slip (a), crossing slip (b) and blocking slip (c). In the 

example of planar slip, a single slip system with slip direction s1 and plane normal n1 is active, 

forming parallel slip bands. The surrounding grains provide constraint, but these are generally well 

removed from the slip band, leading to low levels of lattice curvature and low GND densities. 

Regions with single, planar slip far from grain boundaries would be expected to show the lowest 

increases in GND density and single slip would not cause significant degrees of lattice curvature 

without the constraint of neighbouring grains (in the manner of a single crystal able to freely deform). 

In contrast to this behaviour, blocking slip results in the highest accumulation of GNDs. Consider the 

primary slip band (S1) blocking a secondary slip band (S2) with with slip direction s2 and normal n2 

(Figure 8.17c). The blocking slip band, S1, acts as a barrier to the S2 slip band, blocking the passage 

of dislocations. The region below the blocking slip band contains no active slip systems and therefore 

does not plastically deform, however, further deformation causes further slip activity in the region 

above band S1.  

 

 
Figure 8.17: Schematic representation of the generation of lattice curvature and geometrically necessary 
dislocations (pink regions) associated with differing levels of slip interaction. Planar slip with a single slip 
system described by normal n1 and direction s1 (a) results in minimal lattice curvature due to the lower levels of 
constraint. Regions where there are two slip systems active with minimal interaction between the two slip bands 
(b) generate moderate levels of lattice curvature. The constraint generated by the blocked slip band (c) results in 
the highest levels of lattice curvature. The curvature of the lattice planes has been exaggerated to better indicate 
levels of lattice curvature.  
  

Since the region below the blocking slip band has no slip activity, it remains undeformed and provides 

constraint to the region above the blocking band to maintain compatibility. The combination of further 

deformation and slip activity in close proximity to a non-deforming region results in significant lattice 

curvature and a corresponding increase in GND density.  
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In regions with where slip bands intersect without blocking one-another (Figure 8.17b), an 

intermediate GND density is found. A similar scenario can be imagined to that with blocking slip 

band situation except with a lesser degree of constraint. Again, consider a secondary slip band 

impinging on a primary slip band, except now the secondary band is not blocked and passes through 

the primary band. Therefore, both sides of the primary slip band can deform plastically. Some degree 

of lattice curvature (and corresponding GND density) would be expected in this region to maintain 

compatibility but less than for the case of a blocked slip band due to the lesser degree of constraint.  

Measurements of GND densities along paths in regions displaying slip band interactions are shown in 

Figure 8.18. These two regions highlight the general trend in increasing slip interaction resulting in 

increasing levels of lattice curvature and GND density. Figure 8.18a highlights a section within 

Region D, with a path described by the line A-A′ running approximately parallel to a slip band. Two 

small slip band interactions are observed (white arrows) at approximately 20 and 35 μm along A-A′. 

These correspond to modest increases in GND density above the background GND density. The 

intersection of two major slip bands at 55 μm along the path is accompanied by a substantial increase 

in GND density in the surrounding region. The maximum GND density value in this region is 

5.1 × 1013 m-2.  

The GND density associated with blocking slip, as show in Figure 8.18b is further elevated than that 

associated with crossing slip in Figure 8.18a. The path B-B′ runs parallel with a prominent slip band 

in the grain in Region E. This slip band is blocked by series of slip bands at approximately 50 μm 

along the path. This is accompanied large region of elevated GND density with a peak value of 

1.6 × 1014 m-2, in excess of three times the maximum value for the crossing slip behaviour. The GND 

density shows a sudden decrease in the region after the slip blocking, suggesting that this region has 

lower levels of deformation than the region before the blocking band. This further strengthens the 

arguments relating lattice curvature and slip blocking in Figure 8.17c. These measurements show that 

there is a significant and quantifiable increase in GND density with increasing slip band interaction.  
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Figure 8.18: DIC strain maps (subsets of Figure 8.7 after cycle 2) to highlight slip interactions with 
corresponding GND density measurements along paths in regions demonstrating crossing slip (a) and blocking 
slip (b). In (a) the path A-A′ displays one main slip crossing event (black arrow) and two less intense slip 
crossing events (white arrows). In (b) the path B-B′ shows a series of strong slip interactions terminating in a 
slip blocking event. This region is highlighted with black arrows.  

 

For the case of blocked slip bands, one would expect similar stress fields to those found where slip 

bands interact with grain boundaries, resulting in dislocation pileups. The theoretical work of 

Eshelby et al. [292] predicted that these pileups are accompanied by a stress field. The magnitude of 

the shear stress resolved onto the active slip plane is proportional to the inverse of the square root of 

the distance from the start of the pile-up (i.e. stress follows a r -1/2 relationship where r is the distance 

from the start of the pile-up). These elastic stress fields develop to maintain mechanical equilibrium 

around slip blocking interactions. This has been investigated for hexagonal alloys, where lower 

crystallographic symmetry and fewer slip systems allows for unambiguous determination of the active 

slip system [293,294]; these studies found good agreement between experimental observations and the 

relationship proposed by Eshelby et al. [292].  

An attempt to calculate the strain and stress fields directly adjacent to blocked slip bands observed in  

this work was made, using the HR-EBSD elastic strain measurements. However, it was difficult to 

extract any useful information due to both the spatial resolution at which the HR-EBSD 

measurements and the more complex slip behaviour than that observed in the studies in titanium 

[293,294]. The spatial resolution of the HR-EBSD in this work was optimised to cover a large area to 
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capture a range of slip behaviour, using a step size of 0.5 μm, much larger than the 0.2 μm used in 

[293,294]. The activation of multiple slip systems and close proximity of several slip bands adds 

significant complexity when compared to the blocking of a slip band by a grain boundary, making 

inferences from the strain fields surrounding slip interaction events difficult. However, the general 

trends in the elastic strain maps (Figure 8.3c and d for example) show that slip band interactions do 

contribute the highly heterogeneous residual elastic strain fields.  

This highest GND densities were found in regions with several occurrence of slip band interaction in 

close proximity to one another; in this study, the region detailed in Figure 8.13 displayed the highest 

GND density of 2.3 × 1014 m-2. The additional constraint due to multiple slip bands interacting 

exacerbates the effects detailed in Figure 8.17 forming multiple regions undergoing deformation 

directly adjacent to regions with little deformation. This gives rise to extremely high levels of 

localised GND accumulation, causing high levels of local material hardening.  

Evidence of significant lattice curvature was also observed in the bending of slip bands at the edges of 

some grains, accompanied by a region of elevated GND density. Di Gioacchino and Fonseca [160] 

propose two mechanisms for this behaviour. In the first mechanism, GND formation supports the 

lattice curvature required to maintain compatibility with a neighbouring grain resulting in bend or 

diffuse slip bands. The second mechanism relies on the activation of a secondary slip system near the 

grain boundary to resolve the incompatibility, resulting in a separate domain of deformation near the 

grain boundary. The observation of curved or diffuse slip bands here suggests that the first mechanism 

is more likely.  

The absence of strain induced martensite formation is interesting in the context of galling. One of the 

key purported mechanisms for the galling resistance of iron-base hard facings is the formation of α′-

martensite but this has not been observed in this study. Whilst this transformation was not observed in 

the study detailed in Chapter 6 either, it would be expected that this transformation would be more 

likely at room temperature, as this change is suggested cause the well documented poor galling 

resistance in stainless steels at elevated temperatures [12–14,32]. α′-martensite was found to readily 

form during the deformation of 301 [103]. This study applied higher macroscopic strains (5% and 

10%) and it does not report whether the martensite formed after 5% or 10% strain since EBSD was 

only performed after testing. Martensite formation may also occur in Nitronic 60 at higher strain 

values than those considered hear as 301 is similar to Nitronic 60 in terms of microstructure, 

composition and stacking fault energy (~ 9 mJ m-2 using the composition reported in [103] and 

equation 8.3.1 from [291]) and therefore strain-induced martensite formation would be likely.  

The ferrite stringers present in this Nitronic 60 specimen play a key role in deformation. Their first 

effect is to provide additional grain boundaries, promoting the generation of GNDs which are known 

to form at the interfaces between grains to maintain compatibility. However, island ferrite grains 
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result in the formation GNDs away from grain boundaries in the centre of grains. Ferrite grains have 

been shown to variable in term of deformation, with some grains displaying clear slip bands directly 

adjacent to ferrite grains remaining completely undeformed. In general, these ferrite grains appear to 

act as barriers to deformation, promoting the accumulation of GNDs and providing a hardening 

mechanism. Ferrite stringers are pervasive throughout the microstructure. Although the ferrite volume 

fraction is only approximately 3% (as measured on the free surface using EBSD [55]), they appear to 

be reasonably uniformly dispersed throughout the entire microstructure, with a separation of around 

50 μm or (typically) two to three austenite grains. As such, the ferrite stringers are important to the 

overall hardening behaviour due to their presence throughout the microstructure of this alloy.  

The high number of ferrite stringers makes it difficult to truly disentangle the effect the ferrite grains 

on deformation and the deformation inherent to the large austenite grains. Whilst large grains not 

containing ferrite stringers have been examined here, subsurface ferrite may influence to behaviour 

observed. This behaviour has also been reported in 304L where subsurface ferrite stringers caused 

surface slip bands to fade and become diffuse [160]. Further understanding into the deformation 

behaviours described here could be gained from studying single phase stainless steels without ferritic 

or carbide phases. The ferrite in Nitronic 60 is retained δ-ferrite and it could be potentially removed or 

its volume fraction reduced through processing and heat treatment. For reference, the specimens used 

here were used in the as received condition following extrusion and annealing at approximately 

920°C.  

In terms of galling resistance, the relatively open microstructure of Nitronic 60 is far from ideal. 

Whilst the cross-hardening due to interacting slip systems and presence of ferrite stringers both cause 

significant GND evolution and work hardening, a finer microstructure would provide a greater 

resistance to gross plastic deformation. To resist galling, a material must possess a sufficiently high 

work hardening rate to resist the high levels of localised deformation associated with sliding contact. 

A finer microstructure with an even dispersion would provide a significant degree of hardening rather 

than the large austenite grains and smaller ferrite grains found here. The microstructure of the 

Nitronic 60 considered here is due to the casting process used to produce this exact sample. Using a 

powder metallurgy process to produce a Nitronic 60 specimen may produce a material with superior 

properties and resistance to plastic deformation.  

8.4 Conclusions  

The deformation of stainless steel is already known to be highly complex and non-homogeneous at 

the grain length scale and this has now been demonstrated in detail in Nitronic 60. Complex 

deformation patterns immerge at even low levels of deformation, with the activation of multiple slip 
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systems within single grains. This behaviour results in complicated slip band interaction. The use of 

high-resolution digital image correlation coupled to high-angular resolution electron backscatter 

diffraction has allowed for the measurement of geometrically necessary dislocation densities around 

these interacting slip bands.  

In general, the lowest GND densities are found in regions with no slip activation of single slip. 

Intermediate GND densities are found in regions where slip bands cross with little apparent 

interaction. The highest GND densities are found in regions where slip bands appear to block one-

another. These observations have been quantified with GND densities measured with high-angular 

resolution electron backscatter diffraction; GND densities associated with slip blocking interactions 

were found to be several times the values of GND densities related to slip crossing interactions. These 

findings are consistent with the generally held assumption that the blocking or pinning of dislocations 

by dislocations on other slip systems results in cross-hardening through the generation of sessile 

GNDs. A mechanism is proposed to account for this slip blocking behaviour by considering the 

constraint provided by regions where there is little or no plastic deformation adjacent to regions with 

prolific slip activity. Ferrite islands act to generate further GND improving the mechanical strength of 

this material.  

The microstructure of this alloy is far from optimised for mechanical strength. The large grain size 

(although useful for studying the behaviour of slip) promotes larger degrees of plastic deformation. A 

fine microstructure with a much smaller grain size would improve the mechanical performance of this 

alloy and likely improve its galling resistance. Employing a powder metallurgy-based process such as 

powder hot isostatic pressing would be one method to improve this microstructure. 

The elastic strain and dislocation density measurements availed by HR-EBSD complement the plastic 

strain measurement and slip band information given by HR-DIC, allowing further insight into the role 

of slip band interaction to be examined in detail. This study and others [103,156,160,170] show the 

deformation of stainless steels is highly heterogeneous in nature and these heterogeneities need to be 

considered when designing alloys for industrial purposes.  
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Chapter 9 - A preliminary study into carbide 

decohesion in galling 

9.1 Introduction 

Representative crystal plasticity material models have now been established for the iron-base hard 

facing alloys Nitronic 60 and Tristelle 5183, at room temperature and at the temperature found in light 

water reactors (300°C). Nitronic 60 does not contain any significant carbide content and this may 

partially explain its inferior galling resistance when compared with Stellite 6. When manufactured 

with powder HIP, Stellite 6 contains a uniform dispersion of fine chromium carbides within the 

metallic cobalt-chromium-tungsten matrix and this type of microstructure is purported to be a key 

factor in galling resistance [47–49]. Tristelle 5183 has a similar, albeit more complicated, 

microstructure with fine chromium carbides embedded within a largely austenitic matrix.  

The experimental results detailed in Chapter 6 and the corresponding representative modelling studies 

in Chapter 7 show how the finely dispersed chromium carbides within Tristelle 5183 provide 

significant hardening through the generation of GNDs. This somewhat explains the superior galling 

resistance of Tristelle 5183 when compared with carbide free Nitronic 60. It would therefore be useful 

to expand upon the work of Barzdajn et al. [142] and the work described in Chapter 4 to examine the 

influence of carbide particles on hardening in sliding contact in a systematic way.  

Whilst the inclusion of hard phases is generally considered beneficial to galling resistance, carbide 

pull-out is a concern. If carbides decohere from the matrix near the sliding surface, they may then 

form extremely hard wear debris. The particles may be plucked from the matrix wholesale or crack, 

resulting in a larger quantity of smaller wear debris. Carbide cracking has been observed during the 

mechanical testing presented in Chapter 6. It is therefore possible that hard phases within the 

microstructure could be detrimental to galling resistance if they act as sources of wear debris. 

Accordingly, it is interesting and important to examine the role of carbide pull-out during sliding 

contact to determine whether this is a major contributor to galling in iron-base hard facing alloys.  

This chapter details a preliminary study examining the influence of carbides on rough surface 

deformation. Carbide decohesion is studied using a simplified asperity-asperity contact model to 

assess whether this deformation mode could be important in galling at the microstructural level. Since 

this is a preliminary study, the focus is on the exploration of possible parameters which could 

influence deformation of which later work could investigate more thoroughly.  
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9.2 Model geometry and boundary conditions  

True engineering surfaces demonstrate extreme complexity and it is therefore difficult to disentangle 

the effects of surface geometry from other deformation behaviour. The work of 

Greenwood and Williamson [130] applied a statistical treatment to the microscale deformation of 

individual asperities to estimate the behaviour of a macroscopic surface. The initial treatment of 

Greenwood and Williamson considers only elastic asperities but similar methods expanded to 

examine the plastic deformation of contacts has been successful in estimating the behaviours of larger 

surfaces [131,132]. The deformation of single asperities is clearly still of some use in assessing the 

deformation of rough surfaces. It was therefore decided that a simplified surface geometry would be 

used to reduce the complexity of the problem. Rather than using the full rough surfaces as in Chapter 

4, a pair of sinusoidal asperities representative of those in experimentally measured surfaces was used. 

Section 9.3 describes the process for selecting a suitable asperity geometry.  

A similar model geometry to that employed in Chapter 4 was used throughout this chapter. The model 

comprises a lower, stationary, deformable 30 μm × 10 μm × 0.2 μm region and an entirely elastic 

20 μm × 10 μm × 0.2 μm upper indenter region (Figure 9.1a). Plastic deformation was found to be 

constrained to the grains immediately below the surface and a depth of 10 μm was sufficient to 

minimise any edge effects. The size of the indenter was unimportant as its deformation behaviour was 

not examined.  

 

Figure 9.1: Geometry and boundary conditions of the model. (a) schematically demonstrates the synthetic 
microstructure of hexagonal grains and the circular carbide within the asperity. Note the model has a uniform 
thickness of 0.2 μm. Plane strain boundary conditions are indicted in (b) with all out of plane displacements uz 
suppressed.  

 

Plane strain boundary conditions (Figure 9.1b) were deemed appropriate as, following the rationale 

described in Chapter 4, the modelled region would be buried (in the z-direction) deep within a larger 

bulk of material during sliding contact. As such, all motion in the out-of-plane z-direction was 

suppressed. The model base (red in Figure 9.1b) was constrained in all directions. Nodes on the upper 
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surface of the indenter (blue in Figure 9.1b) were tied to a single master node using an equation 

constraint, following the displacements of the master node. 

A monotonically increasing normal load was applied to the upper surface up to a prescribed maximum 

pload over a period of 1 s during the first simulation step. This was followed by a second step where the 

indenter was displaced in the negative x-direction a distance dslide. A sliding speed of 1 mm/s was 

applied, representative of speeds found in operating valves and in the ASTM G196 standard test 

[200], giving a sliding time of 0.01 s for the 10 μm displacement. This process is similar to that 

applied in Chapter 4.  

A synthetic microstructure of 4 μm diameter hexagonal grains was applied to the lower region to 

represent a hard facing material analogous to Tristelle 5183. The size of these grains is approximately 

that of the austenite and ferrite grains present in the Tristelle 5183 specimen examined in Chapter 6. A 

random (uniform sampling over SO(3) space) texture was applied to the models. The orientation of 

individual grains remained fixed throughout all variations of asperity height and carbide position. 

However, crystallographic texture has been demonstrated to have only a small effect on examining 

sliding deformation in fcc materials [221].  

9.3 Suitable applied loads and asperity shapes 

Loads of approximately 10 MPa are found to cause galling in 304 and 316 stainless steels [200] but 

these are much smaller than those found within operational valves. Kim and Kim [13] stated that an 

applied load of 100 MPa is representative of the maximum load found within PWR valves. To 

examine the deformation of single asperities, the load experienced by individual asperities must be 

estimated.  

Experimentally measured surface profiles of the iron-base hard facing RR2450 (Figure 9.2) were used 

to estimate the number of contacts per unit profile length [142,218]. Experience using crystal 

plasticity models to examine the deformation of similar rough surfaces has found vertical 

displacements of approximately 0.3 μm during normal loading as asperities deform and interlock with 

one another.  
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Figure 9.2: Profilometry traces of RR2450. Provided by Dr David Bowden (University of Manchester). 

 

Two experimental profile sections were arranged one above the other with the number of possible 

contacts estimated by finding the number of regions with separations less than 0.3 μm. This yielded 

ten contact pairs over the 300 μm profile length, or approximately one contact point per 30 μm of 

surface. This number of contacts is in concordance with previous work with similar surfaces 

[142,295]. For a load of 100 MPa, this would give a force per unit model thickness of 3000 N/μm as 

an upper end estimate representative of loads experienced in operating valves. This represented the 

maximum applied load. Loads of 50 MPa and 75 MPa were examined in this study; loads equivalent 

to 100 MPa presented significant computational difficulties.  

The second parameter requiring specification is the asperity width. To examine the influence of 

various asperity amplitudes, asperities were assumed to have a sinusoidal shape with a fixed 

wavelength. For the experimental surface profiles taken from RR2450, the average separation of 

profile minima was approximately 7 μm and this value was used as the model asperity width. 

Barzdajn [221] demonstrated that the curvature of the surface (and whether interacting surfaces were 

a convex-convex or convex-concave pairing) was of importance to deformation and that the asperity 

tip curvature will vary with asperity amplitude if the wavelength is fixed.  

The asperity height was varied from the characteristic length scale of the carbide particle (the 

diameter) to approaching zero height. Asperity amplitudes of 10%, 25% and 50% of the carbide width 

were examined. The indenter asperity height was adjusted so that its height exceeded the lower 

asperity height by 0.5 μm to maintain a single contact point between the surfaces. For each asperity 

height, the carbide was placed directly below the asperity centre at various depths. Carbides placed 

such that their centres were at dcarb = 0, 0.25, 0.5, 0.75, 1.0, 1.75 and 2.5 μm below the peak of the 

asperity were examined. This parameter space is displayed in Figure 9.3.   
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Figure 9.3: Schematic representation of the variation of asperity amplitude Aasp and carbide depth beneath the 
surface dcarb . Both the asperity/carbide centreline and the asperity wavelength remain fixed throughout. 

9.4 Material model 

A similar material model as described in Chapter 7 was used to give deformation behaviour 

representative of Tristelle 5183. To simplify the model, the ferrite phase in Tristelle 5183 was 

neglected with all grains specified as austenitic. All simulations were performed at room temperature. 

Carbide particles were modelled as completely elastic particles. Isotropic elastic properties of 

Young’s modulus 200 GPa and Poisson’s ratio 0.3 were specified for the particles. 

The physically-based slip rule [198] as described in Chapter 3 was applied to the austenitic matrix. 

Hardening contributions from the generation of both statistically stored and geometrically necessary 

dislocations were included. It would be expected that rigid carbides would generate significant 

quantities of GNDs as this scenario is similar to the theoretical development of GNDs with lattice 

curvature discussed by Ashby [178]. All material properties are given in Table 9.1. 

Table 9.1: Slip rule parameters, SSD hardening coefficient and elastic constants (moduli and coefficient of 
thermal expansion) for the Tristelle 5183 austenite phase 

Slip rule parameters  SSD hardening 

|b| / Å ν / s-1 ρm / m-2 ΔF / J ΔV / m3 τc / MPa  λ / μm-2 

2.54 1011 0.01 2.6× 10-20 40|b|3 200  300 
 

Elastic properties 

E / GPa G / GPa α / - 

200 75 1.3×10-5 
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9.5 Cohesive surface model 

A cohesive surface relationship was used to allow the carbide particles to decohere from the metal 

matrix. Cohesive zone models (CZMs) have been used to model a range of damage and separation 

phenomena such as cracking, fibre pull-out in fibre-reinforced composites and particle-matrix 

decohesion [296–301]. They are therefore appropriate to approximate the behaviour of the carbide-

metal interface in hard facing alloys. 

Cohesive zones were applied using the inbuilt functionality within ABAQUS [204]. Cohesive 

surfaces were specified on the contacting surfaces between the carbide and matrix allowing damage to 

the interface and carbide detachment. Damage was specified as irreversible; surfaces could not re-

bond or achieve their full, initial strength once damaged.  

A traction-separation rule describes the relationship between the separation of two associated points 

on the two cohesive surfaces and the traction experienced between these surfaces. Experimentally 

measured traction-separation curves for metal-carbide interfaces in alloys relevant to hard facing 

steels could not be found in the literature and, consequently, physically-based pragmatic estimates of 

the properties were used. A potential-based approach was used where the work of separation was the 

key parameter determining the traction-separation behaviour.  

The key parameters required to completely specify the traction-separation rule are the penalty 

stiffness, the work of separation and a criterion to determine the onset of interface damage. The forms 

of the traction-separation rules in normal and shear modes are shown in Figure 9.4. The work done in 

separating the surfaces is equal to the shaded areas beneath the curves. Damaging the interface 

requires input energy and is irreversible. This can be seen by following a circular loading path 

resulting in partial damage, following paths 1-2-3 in Figure 9.4. Since damage reduces the stiffness, 

less energy is released upon unloading as is expended during loading.  
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Figure 9.4: Traction-separation behaviour under pure normal and pure shear separations. Regions marked 1 are 
elastic, prior to the onset of damage. Regions marked 2 show the curve following damage for continued 
separation. Regions marked 3 are for unloading (reducing separation) after the onset of damage. The area 
beneath each curve is equal to the work done in separating the surfaces. These diagrams are schematic and do 
not represent the true separations associated with damage. 

 

The penalty stiffness acts in a similar way to the penalty stiffness used to prevent contact overclosures 

by providing a force opposing motion. For initial displacements the system acts elastically, with the 

resulting traction proportional to the separation (regions 1 in Figure 9.4). This is described by  

 � � 5Ä�Ä�Ä� :  �  � � � 5�� 0 00 �� 00 0 ��:�������� (9.5.1) 

where t is the traction vector, δ the displacement vector and K the stiffness matrix. The stiffness 

matrix is uncoupled (i.e. the off diagonal entries are zero). The subscripts n, s and t denote the normal 

and first and second shear directions respectively (Figure 9.5). All properties for the two shear 

directions were assumed to be identical. These stiffness values were assumed to be related to the 

stiffness of metallic matrix with Kn = 200 GPa μm-1 and Ks = Kt = 75 GPa μm-1.  

 

  

Figure 9.5: Surface with traction vector t and basis vectors for the normal, first and second shear directions en, 
es, and et. en is normal to the surface such that en = es ∧ et.  
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A quadratic damage criterion (equation 9.5.2) is used to determine the point of damage initiation, 

where tn0, ts0 and tt0 are the tractions required to initiate damage under pure normal and shear loading 

respectively. This allows failure under a mixture of separation conditions. The Macaulay brackets in 

the tn term prevent damage for compressive tractions in the normal direction. 

 &< Ä� >Ä�� (8 � & Ä�Ä��(8 � & Ä�Ä��(8 ≥ 1 (9.5.2) 

Stresses of the order of 1 GPa have been found experimentally to cause the formation of voids around 

hard particles within steels under tensile testing [85,87,302]. A von Mises type yield criterion was 

used to estimate the shear strength of the interface, assuming that the strength under pure shear is 1/√3 

of under pure tension. This leads to critical traction values of tn0 = 1000 MPa, ts0 = tt0 = 560 MPa.  

Damage is quantified using the scalar damage variable D which increases from 0 to 1 with increasing 

damage. This acts to decrease the stiffness in each direction from the theoretical undamaged value t*.  

 Ä- � 	1 � ��Ä-∗    where     ø  �  N, �, Ä (9.5.3) 

The work of separation must be specified. This is similar to the critical strain energy release rates 

under the different crack opening modes in linear elastic fracture mechanics (GIC, GIIC, GIIIC). Since it 

is likely that the separation of the carbide-matrix interface would be brittle, the traction would 

immediately reduce to zero as soon as the critical traction value is reached, and the interface would 

fail. This would lead to significant numerical instabilities due to the elastic snap-back of the elements 

as there would be a sudden discontinuity in force at the carbide-matrix interface. To prevent this, an 

unloading part of the traction separation curve was used to reduce the post-failure traction to zero over 

a short separation. The work of separation was estimated by integrating the t-δ curve up to the onset 

of damage under pure normal and pure shear separation. 

Under pure normal separation, integrating up to the separation at the critical traction ( δn0 = tn0/Kn ) 

gives the following work of separation. 

 ¾ Ä� d��
��¼/��

� � 2.5 J mo8 (9.5.4) 

An additional 0.5 J m-2 to allow a graceful unloading curve was found to give a pragmatic value of 

GnC = 3.0 J m-2 for convergent solutions. Following the same procedure for pure shear gives 

 ¾ Ä� d����¼/��
� � ¾ Ä�  d��� ¼/� 

� � 2.23 J mo8 (9.5.5) 
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This was increased in the same way as GnC to give GsC = GtC = 2.5 J m-2. These values give maximum 

separations in each mode of the order of 10-3 μm. This value is physically sensible as it is much 

smaller than the diameter of the carbide particle (1 μm).  

Since actual failure will not be under pure normal or shear separation, a mixture rule is used to 

determine an overall critical work of separation GC. The surface interaction is completely removed 

once GC is reached. The total work done at a given separation is  

 �= � �� � �� � �� (9.5.6) 

When the following mixture rule is satisfied, GT = GC.  

 
����! � ����! � ����! � 1 (9.5.7) 

where Gn, Gs and Gt quantify the work done in each direction.  

Finally, damage evolves with an exponential softening rule, where Teff is the effective traction as a 

function of separation, G0 is the work down at damage initiation, δm0 is the effective separation at 

damage initiation and δm,max is the maximum effective separation achieved during the loading history. 

The effective traction and effective separation are the Euclidian norms of the traction and separation 

vectors t and δ respectively (i.e. �" � ±��8 � ��8 � ��8 ). The damage variable is calculated with the 

following equation. 

 � � ¾ £BCC d��! � ��
#$,%&'

#$¼
 (9.5.8) 

Once D reaches a value of 1, the interfacial interaction is broken and the surfaces are completely 

detached.  

This completes the description of the traction-separation law applied in this study. The exact form of 

the traction separation following the initiation of damage is of secondary importance here. Provided 

that the interface has a maximum stress it can tolerate, requires a sensible quantity of energy to break 

and that the surfaces do not interact following separation for excessively long distances, the model 

should be relatively realistic in capturing the behaviour of these interfaces. To further mitigate the 

numerical convergence associated with modelling these interfaces, a viscous damping parameter of 

μ = 0.01 was applied. The final parameters are summarised in Table 9.2.  
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Table 9.2: Properties for the traction-separation law. 

Penalty stiffness / GPa μm-1  Critical traction / MPa  Work of separation / J m-2 

Kn Kn Kn tn0 ts0 tt0 GnC GsC GtC 

200 75 75 1000 560 560 3.0 2.5 2.5 

9.6 Results and discussion 

9.6.1 Carbide-matrix interface damage 

Throughout this discussion, a carbide is considered to decohere if the damage initiation criterion 

(equation 9.5.2) is satisfied along the entire contact surface, since the traction-separation relationship 

following damage initiation is largely a choice of computational pragmatism. Of the geometries 

containing an exposed carbide on the free surface, no carbide particles were found to fully detach 

from their initial position and become entrained between the two surfaces for any combination of 

asperity height or load, suggesting that the carbide-asperity geometry controls the release of the 

carbide from the surface following interfacial damage. The stresses experienced at the contact point 

were of the order of gigapascals for remote loads of 50 MPa and 75 MPa. This load concentration 

effect is well known and due to the small contact spot size bearing the entire applied load. Stress 

contours in Figure 9.6 show the stress almost entirely concentrated below the contact point. Residual 

elastic stresses were generated in the wake of the contact point (seen to the right of the asperity in the 

latter stages of Figure 9.6) due to the plastic deformation. 

 

Figure 9.6: Example of contours of Mises stress during sliding for an asperity height of 0.25 μm and the carbide 
at the asperity tip.  

 

Convergent solutions to simulations where the upper edge of the carbide particle aligned with the 

asperity tip (with a centre depth of 0.5 μm, see Figure 9.7) were not found for any geometry variation 
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or applied load. This was due to the narrow ligatures of matrix formed at the asperity tip due to the 

carbide geometry. This scenario is likely a result of the highly idealised geometry examined here. 

Solutions for other carbide positions, both exposed at the asperity tip and submerged within the metal 

matrix, were generally found.  

 

Figure 9.7: Example of the carbide edge sitting coincident with the asperity tip. The colours have no 
significance  

 

Interfacial damage was more pronounced for carbides closer to the surface, with interfacial damage 

only observed in carbides exposed on the contact surface (those with centre depths less than the 

carbide radius of 0.5 μm). However, damage to the entire interface was not observed for any case with 

some areas remaining unaffected. Carbides fully submerged beneath the surface (dcarb > 0.5 μm) did 

not demonstrate any damage to the interface (Table 9.3) for any asperity amplitude of applied load. 

This indicates that the stress state within the matrix is largely compressive in nature with minimal 

shear since the interface can only fail under shear or tension.  

Table 9.3: Geometries displaying some degree of damage to the carbide-matrix interface for all parameters 
examined. Entries with an asterisk denote simulations with no convergent solution. Entries in green show the 
area fraction of the interface damaged.  

Applied load = 50 MPa 
Carbide centre depth / μm 

0.0 0.25 0.5 0.75 1.0 1.75 2.5 

Asperity 

amplitude / μm 

0.10 n n * n n n n 

0.25 34% n * n n n n 

0.50 91% 27% * n n n n 

 

Applied load = 75 MPa 
Carbide centre depth / μm 

0.0 0.25 0.5 0.75 1.0 1.75 2.5 

Asperity 

amplitude / μm 

0.10 42% n * n n n n 

0.25 80% 72% * * n n n 

0.50 * * * * n n n 
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The subsurface stress is mainly confined to a channel directly below the indenter tip with regions 

away from the indenter experiencing lower stresses. The major axis of stress within the carbide rotates 

to align with the position of the indenter (Figure 9.8). The portions of the carbide nearest to and 

furthest from the indenter experience high compressive stresses (approaching 1 GPa), with low tensile 

stresses in the rest of the carbide. Sufficient shear or tension is not generated to cause decohesion.  

 

Figure 9.8: Contours of maximum principal stress around a carbide 2 μm below the surface (applied load 
75 MPa, asperity amplitude 0.25 μm). 

 

Damage to the interface, as measured by the failure criterion in equation 9.5.2, decreases rapidly with 

increasing carbide depth (Figure 9.9). Carbides placed deep below the surface do not approach the 

failure criterion. Therefore, only near surface carbides are susceptible to decohesion and subsurface 

void formation around carbide particles is unlikely for these loading conditions and geometries.   
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Figure 9.9: Damage initiation criterion cdam as a function of carbide depth dcarb for the three asperity 
amplitudes Aasp and two applied loads. A value of 1.0 for cdam indicates interface failure.  

 

For the carbides on the free surface, damage was initiated prior to contact between the indenter and 

the carbide at the free surface. A horizontal tensile stress state is generated surrounding a normally 

loaded contact pair, away from the region of compression directly below the indenter (Figure 9.10a). 

This stress state is sufficient to cause damage to the carbide-matrix interface with the highest 

interfacial stresses observed at the free-surface. The indenter then traverses the surface until it 

contacts the carbide. At this point, the leading edge of the carbide is pressed into the matrix. The 

mechanical mismatch due to plastic deformation in the matrix and the rigidity of the carbide generate 

shear and damage the interface. The other side of the carbide remains in a broadly tensile stress state 

as the carbide rotates. The stress state then becomes largely compressive when the indenter is centred 

above the carbide as the carbide is driven into the surface.  

 

Figure 9.10: Arrows of maximum principal stress before and during contact between the carbide and the 
indenter, with tension in red and compression in blue.  
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This rolling motion of the carbide is the primary source of damage to the interface as it generates the 

tensile and shear stress states required to initiate interface damage. This process is summarised in 

Figure 9.11. However, as shown in Table 9.3, not all carbide-asperity geometries generate the 

sufficient stress states to cause decohesion. The milder conditions found at lower loads with lower 

amplitude asperities and carbides deeper into the matrix, but still exposed to the surface, did not 

experience damage to the interface. Taller asperities would be expected to generate more extreme 

stress states. Reducing the carbide-matrix interfacial area would also increase the interfacial stress, 

promoting failure. 

 

Figure 9.11: Stress states generated as the indenter traverses the carbide.  

 

9.6.2 Plastic deformation and hardening 

For all cases, plasticity was confined to the region directly beneath the surface, penetrating 

approximately 2 – 4 μm into the subsurface material. The highest levels of plasticity were associated 

with the tallest asperity since the curvature of the asperity reduces the contact area, increasing the 

local load. Figure 9.12 displays two examples of plastic zones, one with a surface carbide and one 

with a buried carbide. The carbide position had minimal effect on the form of plastic deformation. 

This trend was observed for all asperity amplitudes and carbide positions for a given load. There was 

no connection between the magnitudes of plastic strain and carbide position.  
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Figure 9.12: Contours of effective plastic strain during sliding for a carbide at the surface (dcarb = 0 μm) and a 
subsurface carbide (dcarb = 3.5 μm). Asperity amplitude of 0.25 μm and applied load of 75 MPa.  

 

The applied load controls the depth of plasticity whilst the asperity amplitude has no substantial 

effect. The positions of the carbide had little effect on the depth of the plastic zone for most 

geometries. Figure 9.13 shows maximum depths of plastic zones as functions of carbide depth. The 

penetration of the plastic zone is approximately the same with and without the presence of carbides 

and does not display any relationship with carbide position with one exception. A small amount of 

plasticity was found directly below the carbide when the carbide was positioned at the edge of the 

carbide-free plastic zone. This was observed with a remote load of 50 MPa with the carbide centre 

2.5 μm below the surface (see rightmost points in Figure 9.13) for all asperity amplitudes. An 

example is shown in Figure 9.14.  
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Figure 9.13: Maximum depth of plastic zone (dplastic) as a function of carbide depth (dcarbide) for asperity heights 
of 0.01, 0.25 and 0.5 μm. The dashed line represents the equivalent geometry and loading conditions without a 
carbide present.  

 

 

Figure 9.14: Slight expansion of the plastic zone with a carbide present deep beneath the surface (carbide depth 
2.5 μm, asperity amplitude 0.25 μm, 50 MPa applied load). Yellow areas have yielded.  

 

The presence of carbides would be expected to increase the levels of hardening through the generation 

of GNDs. Since the carbide remains rigid, strain gradients would be expected to maintain 

compatibility between the carbide and matrix (provided the carbide remained fully adhered). 

However, no additional GND density was observed over that generated during plasticity in the 

absence of carbides. This may be due to the substantial levels of GND density generated due to the 

highly localised deformation associated with sliding contact outweighing any carbide contribution. 

Carbide depth has minimal effect on the shape of the post-deformation GND field (Figure 9.15). A 

region of elevated GND density is generated below the carbide when placed at the edge of the plastic 

zone (dcarb = 1.75 μm and 2.5 μm) but this effect is not significant.  
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Figure 9.15: Fields of GND density for increasing carbide depth at a fixed asperity amplitude (0.25 μm) and 
load (50 MPa). Some very slight additional GND density can be observed surrounding the carbide for dcarb = 
1.75 μm and 2.5 μm.  

 

These observations all indicate that the deformation localisation inherent to highly loaded contact 

outweighs the presence of carbide particles. Under the loads examined here, both GND density and 

plastic strain appear to saturate, forming a thin layer of deformed material at the surface. The presence 

of carbides either in this layer or below does not seem to influence the deformation.  

9.6.3 Effect of interfacial strength 

Given the lack of full carbide decohesion thus far, simulations were performed using extremely weak 

interfaces. This would determine whether the strength of the carbide-matrix interface controls 

behaviour or whether the geometry of the carbide and asperity are of greater importance. Carbides 

were placed at the surface of the asperities, representing a worst case scenario for carbide pull-out. To 

prevent numerical problems at the start of the simulation, a small but non-zero interfacial strength was 

used to allow the interface to fail for very low loads (Table 9.4). 

 

Table 9.4: Weakened interfacial properties.  

Penalty stiffness / GPa μm-1  Critical traction / MPa  Work of separation / J m-2 

Kn Kn Kn tn0 ts0 tt0 GnC GsC GtC 

200 75 75 10 5 5 0.01 0.01 0.01 

 

Again, asperity amplitudes of 0.1, 0.25 and 0.5 μm were tested under a 50 MPa applied load. As 

intended, all interfaces failed completed during the early stages of sliding. However, no carbides were 

removed from their initial sites, simply remaining in-situ after decohesion. There was no change in the 

plastic deformation behaviour of the surrounding matrices (Figure 9.16).  
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Figure 9.16: Comparison of GND density and plastic strain fields between the normal interface and weakened 
interface.  

 

The geometry therefore controls the decohesion process and generation of wear debris, and not the 

strength of the interface. Even in situations where sufficient tension or shear is generated locally at the 

carbide interface to cause interface damage, the stress state is predominantly compressive. For the 

geometries examined here, the indenter carbide is wide enough to prevent a decohered carbide from 

escaping the surface; even when there is partial contact between the indenter and carbide (Figure 

9.11b), there is a great enough compressive force to prevent carbide escape.  

A vertical uplift of material would be expected when the indenter is positioned away from the carbide 

to satisfy the incompressibility of the material and this is somewhat responsible for the generation of a 

horizontal stress state described in Figure 9.11a. However, under these conditions this effect is not 

sufficient to lift the carbide from the free surface.  

In the case of extremely high levels of plastic deformation, the geometry of the surface may be 

changed sufficiently to allow the carbide to escape. Under high levels of deformation, the lip at the 

edge of the carbide site may be deformed enough to allow the carbide to slide out into the clearance 

between the two surfaces. However, the loading conditions here are at the higher end of those 

experienced in valves during operation where galling is observed.  

The surfaces examined here are those prior to deformation and therefore these models examine the 

initiation of galling. Carbide decohesion is known to occur during the later stages of galling, 

generating significant quantities of wear debris through ploughing and scouring type mechanisms 

[49]. The generation of large pieces of wear debris containing a mixture of matrix and carbide would 

be expected later on during sliding after the onset of galling. However, carbides of this size do not 

appear to pose a significant threat of galling during the onset of deformation.  
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9.6.4 Conclusion and further work  

A physically representative cohesive zone model was used to capture the interfacial behaviour of 

carbides in iron-base hard facings has been presented and examined. This model was based on the 

work required to cause interfacial separation. Properties for this model are based on literature 

experimental data for void formation around hard particles in austenitic steel and pragmatic estimates 

of interfacial separation energies. 

This model has been used to examine the effect of carbide particles on the deformation of rough 

surfaces under sliding. Carbide decohesion, as defined by damage to the carbide-matrix interface, was 

observed but carbide particles remained in-situ for all loading conditions. Carbide particles remained 

in their initial position even with the application of contrived interfacial properties to ensure complete 

damage. The geometry therefore controls the detachment of carbides for this set of surface geometries 

and this representative carbide diameter.  

The presence of these particles had little effect on plastic deformation. The highly localised loads 

related to sliding contact far outweighed any contribution of the carbides. There was no change to 

GND density or plastic strain fields in the presence of carbides whatever their position.  

This parameter set represents only a small selection of the possible parameters which could be 

investigated to ascertain the contribution of carbide particles in galling. A single carbide diameter 

representative of those observed in Tristelle 5183 was examined but true alloys display a range of 

particles sizes. The larger niobium carbide particles discussed in Chapter 6 may be of more 

importance to galling but their large size (many tens of microns) precludes the use of these highly 

focused models. Only three asperity amplitudes were examined using contrived surfaces. Real 

surfaces on operating valves may display significant roughness differences to those examined here. 

Carbides are rarely circular and carbide shape may have a role in deformation. The effect of multiple 

carbides may also be a factor, since carbides rarely exist in isolation. There are therefore a range of 

other parameters which should be examined to fully understand the role carbide particles may play in 

deformation.  

One key conclusion is the secondary role of interfacial strength. The strength of the interface did not 

significantly affect the deformation behaviour with the surface geometry controlling deformation. In 

the context of producing hard facing alloys, this is interesting as it furthers the hypothesis that the 

microstructure is the key factor in controlling galling with material properties being of less 

importance. This knowledge could assist in the optimisation of the microstructures future iron-base 

hard facing alloys for galling resistance  
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Chapter 10 - Conclusions and recommendations for 

future work 
This thesis investigates the micromechanical deformation of hard facing alloys and examines some of 

the deformation processes relevant to galling. Throughout this thesis, there is an emphasis on the 

complexity of galling. There is significant difficulty in linking the extreme levels of deformation 

observed following substantial galling with the micromechanical deformation at the onset of galling 

since the initial microstructure is effectively destroyed during the galling process. Nonetheless, 

inferences of galling resistance can be made from the results presented here.  

10.1  Overall conclusions 

A combination of crystal plasticity modelling and micromechanical experimental studies have 

investigated several characteristics of iron-base hard facing alloys which contribute to their galling 

resistance, with the emphasis on the effects of elevated temperatures and microstructure. The key 

overall conclusions can be summarised as follows.  

 Heat generation through plastic dissipation and friction are negligible to the deformation 

behaviour of normally loaded, sliding surfaces in the context of 316L stainless steel. These 

effects are unlikely to be important at the initiation of galling but may be important following 

significant galling damage. The effect of elevated temperatures on material properties reduced 

the galling resistance of 316L but not to the extent reported in the literature, suggesting a 

change in deformation mechanism.  

 Elevated temperatures do not cause a significant change in the deformation behaviour of 

Nitronic 60 and Tristelle 5183 hard facing alloys from that at room temperature. This again 

suggests that a change in mechanism inherent to sliding wear is responsible for the abrupt 

reduction in galling resistance at 200°C.  

 Microstructure is crucial to controlling large levels of plasticity. The uniform dispersion of 

carbide particles and ferrite grains within a fine austenitic matrix promotes homogeneous 

deformation and hardening in Tristelle 5183. This is far superior to heterogeneous 

deformation found in the coarse grained Nitronic 60. These microstructures control hardening 
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through the generation of GNDs through different mechanisms. GNDs are generated in 

Tristelle 5183 to maintain compatibility between the metallic matrix and hard carbide 

particles. GNDs are generated in Nitronic 60 through the interaction of slip bands, generating 

heterogeneity.  

 Crystal plasticity models employing explicit representations of experimental microstructures, 

coupled with DIC extracted boundary conditions were successful in extracting crystal level 

properties for Tristelle 5183 and Nitronic 60 at 300°C. These models can now be used in 

further studies.  

 Preliminary work examining carbide decohesion suggests that asperity and carbide geometry 

are of greater importance than interfacial properties, however further work is required.  

10.2  Recommendations for future work 

The thesis presents insight into the deformation of hard facing alloys which will feed into the 

development of future iron-base hard facing alloys to replace cobalt-base Stellite alloys. However, the 

complexity of galling prevents this thesis from examining all aspects of iron-base hard facing alloy 

deformation. Several avenues for future research exist which follow directly from this work. 

10.2.1  Martensitic phase transformation 

The martensitic γ → ε phase transformation is purported to be important to the galling resistance of 

cobalt-base hard facings [5,47,48,276]. A loss of the similar γ → α′ phase transformation in austenitic 

stainless steels is suggested as an explanation to the temperature sensitivity observed for several iron-

base hard facing alloys [13,14,94]. This phase transformation was not observed in this work at either 

room temperature or at 300°C, or in similar studies at room temperature [55]. It is therefore unclear 

whether this effect does occur and whether it enhances galling resistance. There is the possibility that 

this martensitic transformation may require extremely high levels of deformation, with the extremely 

large plastic strains found in the later stages of galling. This could be investigated with careful x-ray 

diffraction or transmission electron microscopy studies of the highly deformed material produced 

during galling.  
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10.2.2  The influence of carbide particles and oxide layers 

The role of carbides has not been fully investigated. The experimental and modelling studies in 

Chapter 6 and Chapter 7 demonstrate the profound differences in deformation behaviour between a 

carbide free alloy (Nitronic 60) and a carbide containing alloy (Tristelle 5183). This behaviour will be 

important under sliding contact conditions. The preliminary study here represents only a subset of 

possible parameters which could be important to deformation in the presence of carbides. The 

presence of surface layers of oxides may also be important. Oxide layers may provide protection to 

the surface, or may generate hard particles, causing further damage. Whilst it is suggested that oxide 

layers are beneficial in galling resistance [35,263], the exact mechanism is unclear. Further 

mechanistic studies of carbide containing microstructures and oxide covered surfaces are required to 

understand their true effects on deformation. 

10.2.3  Wear debris generation and adhesion 

The production of wear debris is a key feature of galling. However, the sliding models here do not 

allow the removal of material from the surface, preventing investigations into this. Molecular 

dynamics (MD) simulations at length scales much smaller than examined suggest that the origin of 

wear debris is at the atomic length scale [138,140,141]. The generation of wear debris and mechanical 

mixing of surfaces is known to be present at the macroscale, with surface roughening and debris 

observed at the millimetre length scale (for example [35]). Rabinowicz [113,303] used surface 

energies to estimate the size of debris produced during wear but did not provide mechanisms for the 

generation of the debris. 

There is little mechanistic knowledge of the generation of wear debris between the atomic scale and 

the macroscale. It remains uncertain whether the atomic scale clusters observed in MD simulations 

grow into macroscale particles or whether their effect is negligible. Adhesion is seen as the key driver 

for material pull out in these theoretical and simulation studies. The models presented in Chapter 4 

attempt to capture adhesive forces by applying a frictional model representative of adhesion. 

However, these models do not explicitly allow adhesion between the surfaces and cannot capture the 

generation of wear debris. Therefore, further mechanistic understanding of adhesion at this length 

scale is required. Cohesive zone models could be applied to study both the adhesion between the 

surfaces and the formation of subsurface cracks which could go on to generate wear debris.  

Experimental insight into the mechanics of sliding surfaces is extremely difficult. Traditional in-situ 

techniques cannot study surfaces during deformation since the surfaces are enclosed by the 

surrounding material. However, recent use of x-ray tomography by Aleksejev et al. [264] to examine 

sliding couples without separating them may be able to provide mechanistic information of debris 
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generation. Whilst Aleksejev et al. [264] only present the use of x-ray tomography post-deformation, 

they have demonstrated the feasibility of the use of this technique in-situ. Provided this technique can 

achieve sufficient spatial resolution, this type of study may allow the direct observation of galling and 

wear debris generation.  

 

*** 

 

The results presented in this thesis provide significant insight into the deformation of iron-base hard 

facing alloys. Several opportunities for future research and new research directions have been 

suggested. The results of this thesis and possible future work can help guide the design of future 

galling resistance iron-base hard facing alloys, eliminating the use of cobalt-base alloys from light 

water reactors.  
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