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Abstract

The lifetime of a steel reactor pressure vessel (RPV) is dictated by its toughness

which is gradually reduced during operation due to the elevated temperature

and high energy neutron flux leading to the formation of nanoscale defects in

the form of matrix damage and solute-vacancy clusters composed primarily of

Cu, Mn, Ni and Si. However, the mechanics governing clustering in the Fe-Cu-

Mn-Ni-Si system are not currently well understood, and so kinetic Monte Carlo

(KMC) methods parameterised by density functional theory (DFT) are often

employed to model the time evolution of clusters.

To build on existing DFT studies of the binding enthalpies of solute pairs,

the binding enthalpies of triplet clusters of Mn, Ni, Cu, Si, and vacancies in

bcc Fe were explicitly calculated using 128 atom DFT supercells to show that

the presence of vacancies, Si, or Cu stabilizes cluster formation and clusters

exclusively containing Mn and/or Ni are not energetically stable. Comparisons

of triplet binding enthalpies approximated as a sum of defect pair interactions

with DFT calculated triplet binding enthalpies revealed that the three-body term

can account for as much as 0.3 eV, especially for clusters containing vacancies,

and should be considered significant in cluster formation.

DFT calculations of Cu, Mn, Ni, Si, vacancies and dumbbells in a strained

bcc Fe lattice were performed. Experimental observations of Cu-Mn-Ni-Si clus-

ters close to dislocation loops are attributed to the more favourable binding

enthalpy of first nearest neighbour (1nn) solute-vacancy pairs (0.19 – 0.34 eV)

and the reduced vacancy formation enthalpy (1.13 eV) in regions of compressive

strain. SIA-driven migration of Mn to regions of tensile strain associated with

dislocation loops will also occur due to the favourable binding enthalpy of Mn-

Fe dumbbells and reduced dumbbell formation enthalpy (∼ 2.5 eV) in regions
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of tensile strain. Shear strain and hydrostatic strain acting on second nearest

neighbour (2nn) defects were not found to have a significant effect on solute en-

thalpies. Regression analysis of the relationship between hydrostatic strains and

point defects showed that determination of point defect enthalpies for arbitrary

volumetric strain within the imposed strain limits of −5% < ε < +3% were in

good agreement with explicit DFT calculations.

Both the Γ2-phase and G-phase have been postulated to form in irradiated

RPV steels. The Γ2-phase has varying Si content and DFT studies of the Γ2-

phase found that formation was favoured by increased Si content, but that Si

atoms prefer to maximise their separation within the structure. Further, if the

chemistries of solute clusters are correct and the Fe content is reduced signifi-

cantly (∼ 18 at.% for the G-phase and ∼ 26 at.% for the Γ2-phase), the G and

Γ2-phases will form under equilibrium conditions. Finally, it was found that va-

cancies enhance the formation of both phases and that Hf, Nb, Ta, Ti, Zr will

favour the precipitation of the G and Γ2-phases, and so these elements should

not be considered for future RPV compositions or steels undergoing neutron

irradiation without due consideration.
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Chapter 1

Introduction

1.1 Energy production

There is currently a global push for low-carbon electricity generation due to the

predicted impact that global warming and subsequent climate change will have

on our planet. Carbon dioxide levels in the atmosphere have risen from ∼ 260

ppm prior to the industrial revolution [1] and have now exceeded 400 ppm [2].

This has caused global temperatures to rise by over 1 ◦C since pre-industrial times

[3, 4], with further increases of 1.0–3.9 ◦C expected by the end of the century

[5]. The impacts of further global warming are predicted to have far-reaching

consequences including extreme weather patterns, loss of sea ice resulting in

rising sea levels, decreased crop yields and widespread fauna and flora extinction

[6, 7].

Many countries are taking steps towards securing a low-carbon future, for

example the UK, New Zealand, Sweden and Costa Rica all aim to be carbon

neutral by 2050 and 195 UN members have signed the Paris agreement so far [8–

12]. However, despite the recent global growth in renewable energy production
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from 160 GW to 1246 GW over the last 14 years [13, 14], in order to provide suf-

ficient energy from renewable sources for industrial processes and transportation,

huge growth in renewable energy production is needed.

Fig. 1.1 shows world energy use between 1992–2018, it is seen that renewables

provide just 4 % of the world’s energy and the annual increase in energy use

is greater than the annual increase in renewable energy production. Indeed,

for renewables to meet our energy needs by 2050, there needs to be a tenfold

increase in the current rate that renewable power is added to the grid1. This

is without taking into account the huge changes to infrastrucure and energy

storage that would be needed due to the issues with efficiency and scalability for

wind and solar power. For example, the average capacity of a European offshore

wind turbine is 3 MW [15] and the best solar panels are currently only ∼ 20 %

efficient [16], whereas the average coal power plant in the US produces 630 MW

of electricity [17] and coal power plants can continuously produce energy without

being dependent on weather conditions.

Nuclear power can provide a timely solution to these problems by producing

a high baseload power (c.f. the EPR nuclear reactor has an electrical power

output of 1600 MW [18]) with a very low carbon footprint (nuclear technol-

ogy is estimated to produce 12 gCO2eq/kWh over its lifetime compared to 820

gCO2eq/kWh for coal and 48 gCO2eq/kWh for solar [19]). Currently, nuclear

energy provides 11 % of the world’s electricity and 21 % of the UK’s electricity

supply. Although, half of the UK’s nuclear capacity is scheduled for closure by

2025 due to regulatory requirements2 [20], which will likely be replaced with fos-

sil fuels in order to meet energy demands (c.f. Japan replaced its nuclear power
1This is assuming global energy use increases in line with the average of the past 25 years

and based on amount of renewable power added in 2018.
2Lifetime extensions are likely to be applied for and accepted if the safety case can be

justified.
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with a mix of oil, gas and coal after the Fukushima accident and currently only

produces 3 % of its electricity from nuclear, down from 30 % at its peak [20]).

Germany is planning to phase out nuclear power completely by 2022 and France

is planning to reduce its nuclear contribution to electricity from 75 % currently

to 50 % by 2035 despite the fact that France has maintained one of the low-

est electricity costs in Europe, strong energy security and extremely low carbon

emissions per capita for the past 40 years due to its large nuclear capacity [20].

Furthermore, due to the uncertainty and high construction costs of new build

power plants, they are seen as too financially risky in a free market.

Policy changes, public perception and financial risk aside, lifetime expiration

of nuclear power plants (NPPs) across the globe is also reducing the amount

of nuclear power in the energy mix. Many of the current nuclear reactors were

constructed in the 1970s and 1980s3 and are reaching the end of their operational

lifetime. If the NPPs currently operating in the U.S.A retire after 60 years of

operation, 55 GWe of new nuclear is needed by 2035 to maintain the current 20 %

share of the U.S.A electricity market [20]. Therefore, in the interest of continuing

to produce high density, low carbon electricity, in this time of uncertainty, it is

in our best interest to quantitatively determine the safe operational lifetimes of

current reactors.

3Between 1977–2012 there was no new construction starts of NPPs in the U.S.A. [21].
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Figure 1.1: World energy use between 1992–2018 separated according to source.
Energy use given in million tonnes of oil equivalent (mtoe), adapted from [22].
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1.2 Pressurised water reactors

The most common nuclear reactor in the world is the pressurised water reactor

(PWR), of which there are 292 operational worldwide4, with a further 49 under

construction [23]. PWRs use uranium oxide (UO2) fuel encased in zirconium

cladding to prevent release of fission products and maintain high neutron trans-

parency. Control rods containing a neutron absorbing material (typically boron)

can be raised/lowered to increase/decrease reactivity within the reactor.

PWRs use water as both the coolant and moderator; the water moderator

slows down neutrons to thermal speeds in order to increase the probability of

neutron capture by the fuel and sustain a chain reaction, while the coolant is

used to transfer heat and drive the steam turbines. Unlike in a boiling water

reactor (BWR) where the coolant directly drives the steam turbines though, a

secondary cooling loop is used to drive the turbines in a PWR (see Fig. 1.2).

In a PWR, the water is kept at high temperatures (approx. 300 ◦C) and

pressures (up to 15 MPa) [24]. In the interest of safety the reactor pressure

vessel (RPV) must contain the water and maintain structural integrity during

operational lifetime under both normal and transient conditions. Further, it is

the PWR design in which the RPV is intrinsically linked to the lifetime of the

reactor.

4As of December 2017.

21



Fuel rods

Control rods

Pressuriser

Pump

Steam 
Generator

Reactor pressure vessel

Reinforced concrete containment

To turbinesSteam

Water

Figure 1.2: Schematic detailing the basic elements of a pressurised water reactor.
Water is heated in the reactor pressure vessel before heat is transferred to the
secondary loop to generate steam to drive the turbines.
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1.3 The reactor pressure vessel

The RPV of a PWR (see Fig. 1.3) is constructed from low alloy steel, the typ-

ical limits and ranges of which are shown in Table 1.1. The dimensions vary

depending on reactor design but modern reactors are typically 13 m high by 5

m in diameter with a wall thickness of 225 mm and a weight in the region of 900

tonnes [25]. Due to the size of the RPV, it is comprised of three to seven forgings,

each produced via a series of heat treatments to improve the mechanical prop-

erties and keep the microstructure as uniform as possible. The forgings are then

welded together, often performed using a submerged arc weld and followed by

further heat-treatment for stress-relief within the RPV [26]. Forgings are often

large to reduce the amount of welds, which are the weakest part of the RPV due

to residual stresses and weld defects induced from the rapid cooling associated

with welding, meaning cracks are more likely to form and propagate. As such,

post-welding heat treatments are often used to reduce the residual stresses. A

combination of the size of the RPV, cost of production and activity from irradi-

ation means the RPV cannot be replaced once the reactor is operational and so

maintaining the integrity of the RPV for the lifetime of the NPP is essential for

continued operation of the plant.

C Mn P S Si
0.25 max 1.20–1.50 0.025 max 0.025 max 0.40 max

Ni Cr Mo V Cu
0.40–1.00 0.25 max 0.45–0.6 0.05 max 0.20 max

Table 1.1: Table showing typical limits on wt. % of minor alloying elements and
impurities in A508 grade 3 RPV steel from ASTM International (Fe and other
impurities make up the balance) [27].
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Over time, due to elevated temperature and high energy (E > 1 MeV)5 neu-

tron fluence, the toughness of the RPV steel is gradually reduced due to the cre-

ation of nano-scale features that inhibit the movement of dislocations (discussed

in section 1.5). A measure that quantifies this degradation is the ductile-to-brittle

transition temperature (DBTT). As the name suggests it is the temperature at

which a given material transitions from ductile failure (higher temperatures) to

brittle failure (lower temperatures), see Fig. 1.4; where there is much reduced

resistance to crack propagation in the brittle region. In particular, loss of coolant

scenarios where the RPV is flooded with room temperature water can bring the

RPV down to temperatures where brittle failure is more likely. The DBTT oc-

curs in bcc materials6 as the stress required to move a dislocation is strongly

dependent on temperature. The reason for this is attributed to the temperature

dependence of the Peierls-Nabarro force (the force needed to move a dislocation

within a plane of atoms) in bcc materials [28, 29], while crack-propagation stress

remains largely temperature-independent.

5This is the threshold used in Western reactors to be included in dose-damage-relationships
to estimate embrittlement, Russian reactors use a threshold of E > 0.5 MeV [26].

6For fcc metals, the force to move dislocations is not strongly temperature dependent, and
so there is no ductile to brittle transition.
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Figure 1.3: Schematic of a reactor pressure vessel. Adapted from [30].
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unirradiated

irradiated

Figure 1.4: Diagram showing the ductile-to-brittle-transition in low-alloy steel
and shift in both the upper shelf fracture energy and ductile-to-brittle transition
temperature due to irradiation. Data is often obtained from Charpy impact test-
ing, and estimates of the ductile-to-brittle-transition temperature can be made
from the temperature at which 41 J is required to fracture samples. The energy
required to fracture samples is much lower at reduced temperatures due to brit-
tle failure occurring rather than ductile failure. Data is not real, for illustrative
purposes only.
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1.4 Crystal structure and metallurgy of Fe

Due to the abundance of Fe in the Earth’s core and the ease of extraction, Fe

(commonly combined with other alloying elements to create low-alloy steel) is

both the cheapest and most produced metal on the planet with production of

over 1.5 million metric tons per year of iron [31, 32]. Low-alloy steel provides a

good balance between strength and ductility, which makes it popular for use in

many industries. Due to these factors, it is the material of choice to construct

RPVs in the nuclear industry.

Minor alloying elements added (or removed in the case of C) to low-alloy steel

provide a betterment of the properties relative to cast iron in the following ways:

• C is necessary for steel alloys and by controlling the C content it is possible

to manufacture steels with large increases in hardness and tensile strength

(relative to pure Fe). The Fe-C phase diagram is shown in Fig. 1.5. For

RPVs, the C content is below 0.25 % and so bcc Fe with Fe3C (cementite)

dispersed throughout will form as C solubility in α-ferrite is limited to 0.022

wt. % at 727 ◦C and only 0.003 wt. % at room temperature.

• Mn is added to help with the heat treatment process, it allows hardness and

strength to increase the same amounts at slower quench rates and increases

hardenability. Further Mn can form manganese sulphides, which benefits

machining and counters the brittleness from trace impurities of S.

• Cu was incorporated into early reactors in the welds as it was added to

welding rods to improve weldability and increase corrosion resistance.

• Ni increases hardenability, toughness and impact strength (even at low

temperatures) and improves weldability.

27



• Si can increase strength and hardness, but to a lesser extent than Mn and

is used as a deoxidiser.

• V is used to refine grain size; V-containing steels have a much finer grain

structure.

• P increases strength and hardness, but at the expense of ductility7.

• Cr is a likely candidate for future RPV alloys as it increases hardenability

and corrosion resistance.
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Figure 1.5: The phase diagram of the Fe-C binary. The α and δ phases are bcc
and the γ phase is fcc. The C content in RPV steels is < 0.25 % C, in the α +
Fe3C region. Adapted from [33].

7P is an impurity rather than an addition
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Fe is a transition metal with an atomic mass of 55.85 amu and the bcc or

α-Fe structure is ferromagnetic below its Curie point of 770 ◦C [34] and has an

experimentally measured magnetic moment of 2.22 µB/atom [35]. When Fe is

cooled below 1185 K (912 ◦C) [36], it forms ferrite (α-Fe) with a bcc structure

and a lattice parameter of 2.86 Å at room temperature [35], although this can

be affected by alloying elements such as C (see Fig. 1.5). In bcc Fe, C sits in

the octahedral site, as opposed to the tetrahedral site8 (see Fig. 1.6), although

from an atomic perspective, most additional alloying elements such as Mn, Ni

and Cr prefer to substitute onto an Fe atomic lattice site, the importance of

which will be apparent in the results of this thesis. As C is an interstitial atom,

it is mobile at lower temperatures than substitutional impurities, and so it can

affect the microstructure in low-alloy steels depending on the cooling rate (see

Fig. 1.7). Of particular interest for RPV steels is the formation of the bainitic

microstructure, however, due to the rapid cooling rate needed to form bainite

and the size of the RPV, it does not form uniformly through the cross-section

of the RPV. Bainite is a mix of α-ferrite and very fine cementite (iron carbide,

Fe3C) and forms when the self-diffusion of Fe is relatively limited. The main

advantage of the bainitic microstructure is the combination of high yield stress

and high ductility [37].

Due to the structural and mechanical properties required of the RPV (namely

high strength and toughness), low-alloy steel is the only material that makes the

construction of the RPV economically viable due to the (relatively) low costs in

the manufacturing process and for the base metal. Hence, there is great interest

in understanding the degradation phenomena in ferritic steel and implementing

controls to reduce the impact of these processes on the RPV lifetime.

8This is despite the smaller size of the octahedral site and is due to the lower elastic modulus
in the 〈100〉 direction.
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Figure 1.6: Diagram showing the bcc structure and its (a) tetrahedral and (b)
octahedral interstitial sites.
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Figure 1.7: An example of the continuous cooling curve for a steel alloy. Cooling
lines are shown at 100 ◦C/s, 10 ◦C/s, 1 ◦C/s and 0.1 ◦C/s. Note that this is
highly dependent on composition. Adapted from [38].
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1.5 Hardening and embrittlement in low-alloy

steel

1.5.1 Embrittlement counter-measures

To reduce the impact of neutron fluence on RPV toughness, and increase its

operational lifetime, different mitigation strategies can be employed. Distance

between the fuel and the RPV has been gradually increased in successive PWR

builds so that more moderation (slowing) of the neutrons occurs. Over time, this

has led to a factor of 10 reduction in the high energy fluence the RPV receives

despite reactor power output increasing (see Fig. 1.8) [39]. Similarly, reactor

shielding can be put in place so that an inner core shield reduces the high energy

neutron dose to the RPV in the highest flux regions and core-loading management

of the fuel can be used to reduce neutron leakage and increase power output.

Finally, there have been attempts to thermally anneal RPVs to restore the

properties post-radiation damage by reducing the size and number of solute clus-

ters and extent of matrix damage. While recoveries of 61 % have been reported

for light water reactors of the VVER design [40], this is not a commonly used

technique and has never been used on a Western commercial RPV. However

engineering strategies can only go so far, and so it is important to explore the

problem on the atomic scale that can provide insight into degradation processes.

From these investigations it may be possible to fundamentally mitigate the ef-

fects from a design point of view by, for example, improving the chemistry of the

alloy.
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Figure 1.8: Evolution of RPVs with increasing power output but decreasing
fluence due to increased gap between the fuel and the RPV. Typical values for
neutron fluence (E > 1 MeV) n cm−2 received by the RPVs after 30 years of
operation are shown below [39].
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1.5.2 Degradation processes

There are three main processes that cause embrittlement of RPVs; these are

phosphorus segregation [41, 42], matrix damage [25, 43] and solute clustering

[26, 44–47], as shown in Fig. 1.9. The foremost is well described and documented

within the literature, however it is the latter two that are more pertinent to late

life DBTT shift. Therefore only a brief description of phosphorus segregation is

provided whereas an in-depth description of matrix damage and review of solute

clustering literature is discussed here.

P segregates to grain boundaries and causes embrittlement by impeding the

motion of dislocations and reducing the cleavage stress (σC), shown in Fig. 1.10)

[48]. However, P is only present in significant quantities in retired reactors due to

impurities in the manufacturing process, and the content has been much reduced

in many modern reactor steels so is no longer seen as a major issue for reactor

lifetime. More information on P segregation can be found in a review by English

et al. [48].

However, both matrix damage and solute clustering are mechanisms that are

active in modern RPV steels. These processes harden the steel, which can be

measured by an increase in yield stress (σY ), shown in Fig. 1.10. The increase

in yield stress and decrease in cleavage stress (from P segregation) causes the

yield stress to be higher than the cleavage stress at higher temperatures; this

means crack propagation as opposed to plastic deformation will occur at higher

temperatures. As understanding these processes is necessary for an informed

investigation into late life degradation, these are discussed in more detail below.
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(a) (b)

(c) (d)

Figure 1.9: Image showing the four main hardening/embrittlement mechanisms
in RPV steel: matrix damage in the form of (a) voids and (b) dislocation loops,
(c) P segregation to grain boundaries and (d) solute clustering – commonly found
as Cu cores with a Mn-Ni-Si shell.
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Figure 1.10: Stress temperature relation of RPV steel showing how embrittlement
and hardening affects the shift in the ductile-to-brittle transition temperature
from 1 in unirradiated steel to 2 in irradiated steel. Steel at temperatures to
the left of each line will exhibit brittle behaviour, while steels at temperatures
to the right of each line will exhibit ductile behaviour.

34



1.5.3 Matrix damage

Neutron radiation damage

Radiation damage in nuclear reactors comes from high energy neutrons (E> 1 MeV)

produced by the fission process. When a high energy neutron interacts with a

nucleus elastically9, kinetic energy (KE) is transferred from the neutron to the

nucleus. If the KE is sufficiently high, the atom can be displaced from its atomic

site. The displaced atom (also referred to as the primary knock-on atom or

PKA) can then collide with other atoms in the material to cause a displacement

cascade, generating atomic defects such as self-interstitial atoms (SIAs) and va-

cancies (often referred to as Frenkel pairs) [49]. An example of these defects

in the bcc lattice is shown in Fig. 1.11. While the equilibrium concentration of

vacancies is ∼ 1× 10−19 atom−1 at RPV temperatures (see Appendix A.1), due

to the high energy neutron flux, the concentration of defects will be much higher.

End of life fluences for a RPV can be equated to ∼ 0.2 dpa, meaning 20 % of the

atoms have been displaced from their lattice sites over a ∼ 40 year period [50].

Further, due to the elevated temperature of the RPV, vacancies and SIAs

in the form of dumbbells migrate. There is a competition between annihilation

of defects and the clustering of SIAs/vacancies to form larger defect features

(termed matrix damage) in the form of dislocation loops/voids respectively that

harden the steel and increase the yield stress (σY ) [51, 52], see Fig. 1.10.

The dislocation loops that form through the clustering of SIAs in RPV steel

are more commonly orientated along the a〈100〉 Burgers vector [53–56]. This is

despite the a/2〈111〉 having a smaller Burgers vector and being more favourable

in theory [57]. Indeed, it has been found that a〈100〉 orientated loops are tem-
9Inelastic scattering can also occur whereby kinetic energy is not conserved and the nucleus

becomes ‘excited’.
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perature stabilised10 and a mixture of a〈100〉 and a/2〈111〉 loops are observed

experimentally.

Furthermore, vacancies and SIAs are known to provide migration pathways

for solute atoms and so dislocation loops and voids, as well as grain boundaries,

are often associated with solute clusters that cause further hardening [50, 59–64].

This is because dislocation loops and grain boundaries act as sinks and solutes

can oppose or follow the flow of SIA/vacancy migration.

(a) (b)

Figure 1.11: Diagram showing (a) a vacancy and (b) a self-interstitial dumbbell
(orientated in the 〈110〉 direction) in the bcc lattice. Mixed dumbbells can also
form that are comprised of an Fe atom and another atomic species.

1.5.4 Solute clustering

Solute clustering in RPV steels has been known to exist since 1978 [65, 66], how-

ever whether it occurs early (∼ 20 years operation) or late (60+ years operation)

in the RPV’s lifetime or if it causes sufficient hardening to lead to reactor closure

is still not well-established.

Early RPVs contained significant amounts of Cu, particularly in the weld
10This is due to the development of a soft elastic mode in bcc Fe, driven by spin fluctuations,

see [58] for more.
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areas, that would form thermodynamically stable precipitates. These precipitates

were visible to experimental analysis, at relatively low fluence (∼ 1×1019 n cm−2

[67]) due to the very low solubility of Cu in Fe ( ∼ 0.003 at. %) [68]. Even in

low Cu (< 0.005 at. %) steels irradiated to a fluence of 7×1019 n cm−2, cluster

densities of ∼ 7 × 1023 m−3 with mean cluster radii of 0.7 nm have been found

[50], with number density and size both increasing with increased fluence and

Cu content [69].

Cu precipitates cause a hardening of the steel by impeding the movement

of dislocations that led to the closure of early NPPs after ∼ 20 years operation

[66]. Further hardening is caused by Orowan loop formation where dislocations

interacting with Cu precipitates leave behind dislocation loops associated with

the precipitates [70, 71]. While the size and number of Cu precipitates saturates

out at ∼ 1019 n cm−2 fluence, the DBTT shifts caused by Cu precipitation can

be significant; as such, early reactors had an operational lifetime of ∼ 20 years

before having to shut down due to safety concerns. As a result, the amount of

Cu in RPVs has been significantly reduced, and it is now limited to 0.2 wt. %11

[27]. For this reason, the remaining discussion will be restricted to steels that

conform to this standard.

Since 1994, there have been concerns that Ni, Mn and Si clusters could cause

additional hardening unaccounted for in the current regulatory models and these

are the focus of much attention [26]. The first suggestions that Ni-Mn-Si clusters

may be problematic arose in the late 1990s from lattice Monte Carlo predictions

[47, 68] and the hardening effect caused by these elements is now well established

[72–74]. However, Ni, Mn and Si are below their solubility in bulk Fe at RPV

temperatures and so there is ongoing debate on the role of neutrons in the for-
11This is an upper bound and RPV steels will typically contain less than < 0.1 wt. %.
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mation of these Ni-Mn-Si rich clusters (further discussed in section 1.5.5). In

an attempt to understand the formation mechanisms that drive solute cluster

nucleation and growth, there is currently an international research effort using

multiscale experimental and computational techniques focused on the clustering

of Mn, Ni and Si in low Cu steels that appear at higher fluences (∼ 4–6 × 1019

n cm−2, 40–60 years operation)12 [75–84].

Experimental characterisation

Solute clusters in RPV steels irradiated to 40 year operational doses are generally

small in size (radius ∼ 1 nm) and are therefore difficult to analyse using most

conventional laboratory techniques. For this reason, atom probe tomography

(APT) is one of the best suited techniques to study the composition and struc-

ture of solute clusters as it can achieve atomic-scale resolution (see Fig. 1.12).

APT applies high voltages to nm-sized sharp-tipped samples and evaporates one

or more atoms from the surface. The ions are then projected onto a position sen-

sitive detector that can detect the mass/charge ratio. The X-Y positions of the

ions are recorded and as the sample is evaporated a full 3-D image of the sample

can be built up with up to 60 % efficiency (an in depth description of APT can be

found in [85]). APT has been used extensively to investigate irradiated steel for

nearly thirty years to a large degree of success [45, 63, 64, 76, 86–92]. However,

due to the limitations of the technique, properties such as crystal structure and

Fe content of clusters cannot be resolved using APT.

Mn-Ni, Mn-Ni-Si and Mn-Ni-Si-Cu clusters have all been found experimen-

tally in irradiated RPV steels [50, 61, 89, 91]. Of the clusters that have been

studied with APT, they are commonly composed of a Cu-rich core surrounded
12Note that the fluence received during the operational lifetime of a RPV is dependent on

reactor type and different parts of the RPV will receive very different fluences.
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by a Ni-Mn-Si shell. Cu atoms cluster at lower fluence than Mn, Ni and Si

and phase separate to form Cu-rich precipitates (CRPs). The CRPs can then

provide nucleation sites for further clustering of Ni, Mn and Si [26, 44, 46, 47,

92]. Clusters without Cu are often found close to dislocation loops and grain

boundaries, suggesting that there are certain environments that provide more

favourable conditions for cluster nucleation in RPV steels [55, 93–95].

While APT is useful for estimating size, morphology and, to an extent, chemi-

cal composition of solute clusters, there are many limitations. Namely, APT can-

not resolve phase boundaries, crystal structures, defect geometries or accurately

measure Fe content meaning features such as vacancies/voids and undecorated

dislocation loops cannot be seen. One problem that arises from APT limitations

is that it is difficult to distinguish between solute enriched clusters and well-

formed Mn-Ni-Si precipitate phases. Studies by Wells et al. and Edmondson et

al. [90, 96] have found suggestions of precipitates as cluster compositions are

‘consistent’ with those of the predicted precipitates. However, no APT studies

have yet found conclusive evidence of discrete Ni-Mn-Si phase precipitation in

RPV steels.

In an effort to characterise fine scale chemical and morphological informa-

tion of neutron irradiated RPV steels to properly understand the effects of ra-

diation damage, many different techniques are applied in combination. Each

technique can provide specific information that can be used to complement the

information provided by other techniques [73]. For example, positron annihila-

tion spectroscopy (PAS) can detect irradiation induced vacancy damage, small

angle neutron scattering (SANS) can provide information on size distributions

of clusters, transmission electron microscopy (TEM) can investigate interstitial

loops and Charpy impact testing can provide information on the degradation of
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fracture toughness.

Figure 1.12: Example of atom probe results showing solute clustering in irradi-
ated RPV steels. Adapted from [90].
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PAS techniques have been used to study the existence of solute-vacancy clus-

ters as the presence of vacancies can be determined by changes in the electronic

density and momenta distributions [97]. Studies have found the presence of

solute-vacancy clusters, but not the existence of well-formed Mn-Ni-Si phases in

low-Cu RPV steels irradiated to 1.6 × 1019 n cm−2 [94]. Further PAS studies

of binary Fe-X alloys irradiated by 3 MeV electrons at room temperature have

found that solute-vacancy complexes and vacancy clusters will more readily form

in binary alloys than pure Fe due to the stabilising presence of Si, P, Mn, Ni or

Cu [93]; however, there are difficulties in relating binary alloys to RPV steels

due to the synergy that occurs between Ni, Mn, Si and Cu. Further, due to

differences in mass and charge, there is not a direct correlation between electron

and neutron irradiation, nor between irradiation at room temperature and RPV

temperature (∼ 600K). PAS findings have also suggested that interstitial loops

(decorated by Mn) will cause increased hardening in RPV steels [98], while voids

will not cause significant embrittlement [99].

TEM uses information from electrons transmitted through a specimen (the

sample must be sufficiently thin to be transparent to electrons). The contrast

generated during TEM imaging is due to elastically scattered electrons, the scat-

tering is key as it provides information on crystalline structure and chemical

composition of the sample being investigated and can achieve 0.5 Å resolution

[100]. In RPV steels, TEM can be used to study the size and orientation of dis-

location loops [55], concentrations of alloying elements [69], information about

grain structure [101] and larger scale sample data than APT alone [96]. Find-

ings from TEM studies support PAS results that voids do not readily form on

their own, but small vacancy-solute clusters and decorated interstitial loops will

readily form [55, 101]. However, most solute-enriched clusters are of the order
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∼ 1 nm in size or smaller, which introduces a large uncertainty from chemical

and structure analysis [102].

SANS is one of the few techniques that can provide accurate data on the

size distribution of clusters, although analysis is harder for clusters that con-

tain Fe [69]. Findings have suggested that Mn is dominant at low irradiation

(< 0.05 dpa), while Ni atoms join clusters later (< 0.2 dpa) [103] and that so-

lute clusters are likely to contain vacancies [104]. Despite the difficulties with

interpreting SANS data, these have provided the most convincing experimental

evidence to date of so-called “late-blooming phases” (discussed in more detail in

section 1.5.6) as a large increase in both yield stress and magnetic scattering (at-

tributed to MnNi clusters) were observed with increased irradiation time13 [103].

Further, a combination of X-ray diffraction (XRD) and small angle X-ray scat-

tering (SAXS) has been used in the past in an attmept to determine the structure

of phases and characterise precipitates. Searches for the Γ2 and G phases (see

section 1.5.5) have been performed by Sprouster et al. [105]. However, the evi-

dence for both of these phases from the XRD patterns remains unconvincing as

the intensities of the reflections attributed to Mn-Ni-Si phases are of the same

order as the background signal and are hidden under reflections from bcc Fe and

iron carbides (Fe3C), this is discussed further in chapter 5.

Finally, Charpy-impact and small-punch tests can provide information on

the fracture toughness of samples [106]. Charpy tests are often conducted con-

currently with the aforementioned experimental techniques to relate the effect

of matrix damage and solute clustering back to decreases in fracture toughness

and shifts in the DBTT. This technique can also be used to provide insight

into the micromechanics that govern the DBTT and identify crack nucleation
13SANS experiments were carried out on samples irradiated to 0.01, 0.07 and 0.13 dpa.
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sites from microfractographic observations post-fracture [107]. By performing

Charpy-impact or small-punch tests on samples over a range of temperatures it

is possible to estimate the nil-ductility reference temperature (RTNDT), at which

the material will be prone to brittle fracture. Previous studies have found larger

than expected DBTT shifts in surveillance specimens (particularly those with

high Ni content), which have caused safety concerns for reactor lifetime exten-

sions [75, 108, 109].

As each experimental technique has its limitations and none can provide full

analysis of RPV samples, they are often used in parallel to better characterise

the extent of hardening in samples. As clusters are so small in size, they cannot

be fully resolved by experimental techniques and so it is impossible to analyse the

fundamental interactions that govern cluster dynamics and material behaviour.

Importantly, no technique can conclusively determine whether Ni-Mn-Si clusters

form thermodynamically stable precipitates or remain soluble in the matrix as

solute-enriched clusters. Further, sample irradiation and subsequent experimen-

tal analysis is often costly and difficult, particularly as there are difficulties in

reproducing 40 years neutron fluence. While it is possible to do so in test reac-

tors with much higher flux conditions, there is debate over whether the higher

flux conditions can be directly correlated to commercial RPV flux conditions.

As such, with recent increases in computational power, multi-scale modelling

techniques are increasingly being used to better understand the evolution of the

RPV system as these methods can provide very accurate descriptions of the RPV

system and model cluster evolution.
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Computational techniques

The atomic scale of solute clusters is very well suited to density functional theory

(DFT), which is a quantum mechanical method that can describe the energetics

of a system with high accuracy. A full description of DFT can be found in

chapter 2. Due to the computational requirements of such a rigorous description,

the system sizes are limited to 100s of atoms, which is perfect for modelling

small clusters but not extended defects. However, to model larger features such

as dislocations and clusters with Cu cores, higher order codes such as molecular

dynamics (MD) or kinetic Monte Carlo (KMC), parameterised by DFT, can

be used. Computational techniques are particularly useful as they can make

predictions about clustering in alloy compositions that may be used in the next

generation of NPPs.

In the RPV system, DFT has been used to study solute-vacancy [79, 81, 110,

111] and dumbbell driven migration [112–116], solute binding enthalpies [112,

117–120], the effect of magnetism [83, 112, 121], threshold displacement energies

[122] and interactions of solutes with grain boundaries and interstitial loops [82,

117]. There has also been particular interest in using DFT to develop interatomic

potentials [123–125] and parameterise KMC codes, for example [126–131], to

model larger system sizes with time evolution and temperature dependence (see

Fig. 1.13). DFT has also been used to study the composition and formation

mechanisms of precipitates that may form in RPV steels, in particular the G-

phase intermetallic [132], but further investigations into the structure of the Γ2

phase are lacking.

Despite the development of interatomic potentials to model larger cluster sizes

there has been limited work on clusters containing more than two solute atoms in

the low-alloy ferritic Fe-Cu-Mn-Ni-Si system. Mixed Ni-Mn triplets were studied
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by Bonny et al. [133], but only four distinct triplets (Mn3, Mn2Ni, MnNi2, Ni3)

were modelled. Further studies by Bakaev et al. [117] and Bonny et al. [125] have

looked at divacancy containing triplets, and Ni-Cr-vacancy triplets/quadruplets

respectively. These results have been further built upon in [134]14 with studies

of more triplet clusters and investigations of cluster expansion. However, these

studies have only looked at one configuration of triplets, only two of the studies

have varied the ordering within the configuration [125, 134] and no study has

quantified the impact of including triplet clusters in KMC codes as opposed to

only defect pair interactions. Triplet (and larger) clusters may be important for

modelling cluster growth due to the impact that three-body effects can have on

system energetics and evolution.

Further, solute clusters are often associated with dislocation loops and while

there has been an extensive study by Domain et al. on the interactions of solutes

with dislocation loops [82], this was performed only for small dislocation loops

orientated in the a〈111〉 direction and there has been no systematic study of the

effect of strained environments on solute interactions. While the DFT results

from Domain et al. are interesting in their own right, they are very specific and

generalising the results for use in larger scale codes to model different dislocation

size and geometries will be challenging.

14This work was performed concurrently with the work presented in this thesis.
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Figure 1.13: The length and time scales that different computational techniques
span. Note figure is representative and not to scale.
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As mentioned, interatomic potentials, often based on DFT data, can be devel-

oped such that the interactions between atoms are treated classically and there

is no need to solve the Schrödinger equation to calculate atomic energies. There

are many potentials relevant to the RPV system that have been developed [115,

123, 135–142]. However, potentials are often fitted to replicate specific proper-

ties of a system, at the expense of being able to reproduce others, and as such,

care needs to be taken to choose the correct interatomic potential as there is no

potential that can accurately model all interactions. Nevertheless, interatomic

potentials have been used to study elastic and thermal properties [135], magnetic

effects [136, 138, 139], diffusion and segregation of P to grain boundaries [137],

thermodynamics and migration barriers [115, 123, 140, 141], and interactions

with dislocations and precipitates [82, 142] in the RPV system.

As it is difficult to experimentally verify solute transport routes, there has

been significant interest in using computational methods (in particular KMC)

to determine the migration pathway for different solutes. The current theory is

that Mn is transported via both vacancy and SIA-driven mechanisms [112, 119,

127–129, 131] while Ni, Cu and Si are only transported via vacancies [81, 112,

117, 118, 133, 143].

KMC methods, parameterised by interatomic potentials, have been used to

study the evolution of clusters by introducing temperature effects and time evolu-

tion, which are generally omitted from DFT calculations. Potential based KMC

simulations have modelled chemically simple RPV systems such as FeCu, FeCr,

FeNiCr and FeCuMn alloys which have found good agreement with experimental

data when predicting stacking fault energies [133] and precipitate numbers and

sizes under thermal annealing [77]. Findings have also suggested that SIA mi-

gration is more important for solute clustering due to the much faster diffusion
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of mixed dumbbells compared to solute-vacancy pairs. KMC investigations us-

ing a more complex Fe-Mn-Ni-Cu potential to model the RPV system suggested

that the synergy of Mn, Ni and Cu together can raise the solubility limit of this

ternary by ∼ 200 K up to ∼ 625 K, which may make precipitation thermody-

namically possible in high Cu steels [124]. However, it was acknowledged that

poor fitting of the potential to the Ni solubility15 may have lead to erroneous

results in the KMC simulations and a better approach was necessary [124]. Fur-

ther, due to the difficulties with including all of the relevant atomic interactions

present in chemically complex systems (such as the RPV system), development

of potentials including more than two or three species is challenging and can lead

to erroneous predictions.

To reduce the need to develop chemically-complex potentials, KMC studies

have been made using a “grey-alloy” approach whereby solutes are not explic-

itly included in calculations, rather vacancy and SIA migration enthalpies are

changed to mimic solute-drag. This approach has revealed that solute clusters

likely form on immobile SIA loops and a clear flux effect where single defects

are produced in large numbers at low dose rates before interacting with newly

produced defects [144, 145]. Good agreement was found with experimental obser-

vations despite the simplified approach. Further, the KMC results have suggested

that Ni-Mn clusters are only stable due to the presence of point-defect clusters

[146], in agreement with other KMC works (discussed below) [127, 131] and also

that Ni/Mn can reduce the mobility of point defect clusters [147, 148]. However,

while this method is useful for studying solute migration (which DFT cannot),

it does not take into account solute binding enthalpies to model the growth and

nucleation of clusters and may have under-stated the role of vacancy-driven dif-
15The potential predicted Ni was much more soluble in Fe than it is.
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fusion due to the concentration on SIAs. Further, as solutes are not specifically

included, determining cluster composition and whether phases or solute-enriched

clusters form is not possible.

With continual increases in computational power more computationally de-

manding techniques have become feasible in recent years. As such, DFT based

KMC codes have been developed and there has been particular interest in the role

of interstitial driven migration, with KMC successfully modelling the interactions

of dumbbells with solutes; including development of the LAKIMOCA code [149]

that emphasises the role of SIAs in solute migration [127–131]. Findings are in

good agreement with experimental data and have the advantage of being able to

determine cluster compositions. Studies have found that Ni-Mn clusters are asso-

ciated with self-interstitial loops, while Cu and Si (with small Mn/Ni content) are

more frequently associated with vacancy clusters [131]. It is hypothesised that

Ni-Mn will nucleate early but evolve slowly through interstitial-driven mecha-

nisms, but Cu-rich clusters will dominate in the low fluence regime due to the

drive for Cu precipitation in Fe causing the number of Cu clusters to grow fast

[129]. The models go further still by suggesting that there is no requirement

for Ni-Mn clusters to be thermodynamically stable as radiation will drive forma-

tion through dumbbell transport of solutes to SIA clusters [129]. However, these

models do not take into account how locally strained environments may effect

binding and migration enthalpies and are based on binary interactions, with the

role of triplet clusters (and larger) excluded from the model.

KMC codes have also been developed based on thermodynamic or empiri-

cal data by using Boltzmann distributions, CALPHAD (CALculation of PHAse

Diagrams) predicted (see section 1.5.5) energies and fitting to post-irradiation

annealing data [47, 68, 150, 151]. The main difference in results between using
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DFT parameterised and empirically parameterised KMC is that, in the empiri-

cally parameterised KMC, well-defined precipitates form rather than dilute solute

atmospheres (DSAs). However, the works find that vacancy-solute clusters will

more readily develop than interstitial-solute clusters [47, 68] and it was found

the structure of the solute clusters (core-shell vs. core-appendage) is highly de-

pendent on the parameterisation of the model [151].

Finally, there has recently been development of more accurate KMC simula-

tions combining neural-network potentials and DFT that can target the specific

needs of the model by allowing for efficient exploitation of huge amounts of DFT

data without having to rely on simplifications such as the “grey-alloy” approach

or use of interatomic potentials [152, 153]. While these methods are much more

computationally expensive, results were found to be closer to experimental find-

ings than other KMC approaches [153]. It is therefore apparent that DFT results

form a basis for many of the larger scale methods and that it is clearly impor-

tant to provide the most accurate values to avoid misrepresentations of physical

systems.

Despite the growing interest in RPV degradation and the numerous compu-

tational and experimental studies, there is still much disagreement within the

community as to whether the clustering of Cu, Mn, Ni and Si produces enriched

regions of solute clusters or well-defined precipitates and whether (1) Ni-Mn-Si

clusters will slowly grow in number and size during the lifetime of the reactor

as a result of high energy neutron flux and are radiation-induced or (2) whether

the Ni-Mn-Si clusters will form thermodynamically stable phases, the formation

time of which is reduced as a result of the high energy neutron flux, and so are

radiation-enhanced.
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1.5.5 Radiation-enhanced vs. radiation-induced

As mentioned, depending on how KMC models are parameterised, there is dia-

greement as to whether clusters form thermodynamically stable phases or dilute

solute atmospheres. However, there has also been experimental evidence that

clusters are radiation-enchanced rather than radiation-induced, as steels were

thermally aged for 100,000 hours by Styman et al. [154, 155], and clusters were

still found to develop. While these steels had a very high Cu content (∼ 0.4 at.

%), Cu-free clusters were found close to grain boundaries.

Post-irradiation thermal-annealing studies have also been performed to inves-

tigate this topic. Radiation-induced clusters should dissolve back into the matrix

while radiation-enhanced clusters should remain stable. Burke et al. found that

hardening remains high after thermal annealing (at 350 ◦C to 450 ◦C) in high

Mn steels but not in high Ni, low Mn steels (see Fig. 1.14) [73]. However, other

studies have found that annealing causes the complete disappearance of 0.5 to

2.5 nm sized clusters and a reversal of the associated irradiation-induced hard-

ness [104], supported by other studies that have found complete disappearance of

structures after 24 h of annealing [88] and recovery of solute-vacancy complexes

when annealed above 350 ◦C in model binary alloys [93], suggesting that the

stability of clusters may be dependent on the synergy between Mn, Ni and Si. In

the work within this thesis, neither hypothesis is assumed to be true and both

clusters and intermetallic phases were studied.
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Figure 1.14: The effect of post-annealing temperature on recovery of the hard-
ness. Annealing at 350 ◦C removes hardness attributed to vacancy related
damage, but annealing as high as 450 ◦C does not remove that from solute-
clusters. Measurements of both the positron annihilation lineshape analysis
(PALA) ∆S parameter (grey squares) - due to vacancies and Vickers hardness
number (∆VHN - black triangles) - due to vacancies and clusters are shown.
Adapted from [73].
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CALPHAD

CALPHAD is a methodology used to predict phase equilibria in multicompo-

nent systems, using experimental thermodynamic and phase diagram data [156].

Recent CALPHAD investigations have predicted that Mn-Ni-Si phases will form

as thermodynamically stable precipitates [157], with the most likely candidates

being the G-phase (Mn6Ni16Si7) and Γ2-phase (Mn2Ni3Si), the phase-diagram

for the Mn-Ni-Si system is shown in Fig. 1.15. This is supported by the afore-

mentioned experimental evidence of Mn-Ni-Si phase precipitation in irradiated

steels [90, 96, 105] where cluster composition in irradiated steels was found to

be consistent with the composition of these phases. However conclusive experi-

mental evidence of well-defined precipitates is lacking and KMC results do not

predict their existence.

As such, to complement the CALPHAD findings, there is significant interest

in accurately determining the structure of these precipitates using first-principle

(DFT) calculations so that the existence and formation mechanisms of these

precipitates can be established and DFT based KMC models can include the

possibility of phase formation.
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Figure 1.15: Isothermal section from the ternary phase diagram of the Mn-
Ni-Si system, the T6 and T3 phases (Γ2-phase and G-phase respectively) are
circled. This circle also corresponds to the typical Mn:Ni:Si ratio in the bulk
RPV. Image developed from the CALPHAD UW1 and TCAL2 databases. Green
lines represent compounds with a finite range of compositions and yellow regions
represent different phases. Adapted from [157].
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1.5.6 Late-blooming phases

Finally, there has been some anomalous experimental evidence of larger than

expected DBTT shifts in irradiated steels [75, 108, 109] and computational mod-

els based on thermodynamic principles have suggested that there could be an

exponential increase in the DBTT after ∼ 40 years of operation [47, 68]. This

is postulated to be caused by a large growth in the size and number density of

MnNi/MnNiSi clusters after ∼ 40 years fluence, termed “late-blooming phases”

(LBP), see Fig. 1.16 [47, 68]. The original model was based on simplistic in-

teratomic potentials, but predicted that Cu atoms would rapidly cluster and

precipitate out. The Cu precipitates are then predicted to act as nucleation

sites for Ni and Mn, that rapidly grow in number and size to form Cu-Mn-Ni

precipitates that cause larger than expected reductions in toughness.

Due to the impact that the existence of the LBP could have on RPV lifetimes,

since its prediction there have been numerous studies that have sought to deter-

mine the existence of the LBP. As yet, there is no conclusive evidence of LBPs in

RPV steels and it is regularly dismissed in literature with works going as far to

dismiss LBPs as “neither late, nor phases” [129]. As such, investigations in this

work have focussed on the nucleation and growth mechanisms of solute clusters

rather than studying the existence of LBPs as their existence is uncertain and

the techniques used in this thesis do not account for time evolution.
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Figure 1.16: Visual representation of the possible DBTT shift that could occur in
low-Cu steels, were the LBP found to exist (note, graph is not to scale). Orange
and blue lines represent the predicted DBTT shifts in low and high Cu steels
respectively. Green hexagons are data from various high fluence specimens and
the red curve is the potential trend curves if the LBP was found to exist
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1.6 Summary

In summary, nuclear power provides an opportunity for large-scale, low-carbon

energy production. However, there are concerns that current nuclear power

plants, of the PWR design, may be unable to safely apply for lifetime exten-

sions due to the creation of nanoscale defects in the form of solute clusters and

matrix damage in the RPV. While embrittlement countermeasures can be imple-

mented to reduce the rapidity with which these defects are created, the hardening

caused by these features will ultimately lead to power plant closure. As such,

for the current generation of reactors, the key focus is to determine the extent

of the hardening effect caused by solute clusters so that regulatory models can

be updated, although it may be possible to limit the hardening caused by solute

clustering in the next generation of RPVs by controlling the alloy composition.

Many different experimental techniques have found significant evidence of

solute clustering associated with matrix defects, however due to the difficulties

with irradiating materials to ∼ 40 years of neutron flux experimentally, multi-

scale modelling techniques have also been employed to better determine the

energetic drive for solute nucleation and growth. By improving and expanding

the DFT datasets that interatomic potentials and KMC codes rely on, future

simulations will be able to more accurately model system evolution.

1.6.1 Aims and objectives

There are currently holes in the current DFT knowledge that I seek to address

in this thesis by performing DFT calculations to determine:

• The binding enthalpies of triplet clusters in different configurations and

orderings.
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• The effect of including triplet cluster enthalpies within higher order codes,

although it is conceded that activation energies/nudged elastic band cal-

culations are necessary for a full consideration of the impact on KMC.

• The effect of local strain (caused by e.g. dislocation loops) on the binding

enthalpies of single solutes, solute pairs and SIAs.

• If simple models can be used to accurately predict solute interactions under

arbitrary volumetric strain fields.

• The structure of the Γ2 and G-phases and possible formation mechanisms

in bcc Fe.

• Which elements will likely promote/inhibit phase formations in RPV steels.
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1.7 Thesis structure

Chapter 2 provides a detailed description of the computational techniques used

in this work. Chapter 3 presents studies of the binding enthalpies of the major

solutes in bcc Fe (Cu, Si, Mn, Ni) with each other and vacancies, and in particular,

the energetics of triplet solute clusters are evaluated. The accuracy of existing

potentials was also assessed and compared with DFT data. Solute clustering

is often found in and around interstitial loops and so in chapter 4 results from

determining the effect of strain fields on solutes are presented, with particular

emphasis on SIAs and solute-vacancy pairs that will drive migration to these

regions of strain. By performing regression analysis on the DFT data, simplistic

models to predict solute enthalpies in arbitrary strain fields were generated and

the accuracy of these models is evaluated. Chapter 5 focuses on studies of the Γ2

and G-phases. These are the precipitates that are hypothesised to form in RPV

steels and investigations into which conditions are favourable for the formation

of these phases are conducted. The difference between clusters and well defined

precipitates (the Γ2 and G-phases) is also explored. Finally, ongoing studies and

opportunities for future work are highlighted in chapter 6.
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Chapter 2

Theory and methodology

This chapter introduces density functional theory (DFT), the atomic scale com-

putational method used to generate the results in this thesis. After an overview

of the history of DFT and a description of the technique, the methods and pa-

rameter selection used in this work are presented. There will be particular focus

on the approximations and limitations of DFT within both a fundamental and

computational context. The equations used in this thesis are introduced at the

end of this chapter.

60



2.1 Density functional theory

In theory, quantum mechanics (QM) can provide exact descriptions of materials

systems as techniques that implement QM are not compromised by depending

on empirically derived constants, but rather, are derived from first principles.

However, analytical solutions exist only for the most simple systems and larger

systems require many approximations to make the problem tractable.

Many problems in QM are based on solving the Schrödinger equation,

Ĥ|Ψ(t)〉 = ih̄
d

dt
|Ψ(t)〉 (2.1)

which for stationary states can be simplified to the time-independent Schrödinger

equation,

Ĥ|Ψ(t)〉 = E|Ψ(t)〉 (2.2)

where E is the total energy of the system, Ĥ is the Hamiltonian and Ψ is the

wavefunction of the system. The Hamiltonian is dependent on the system being

described, but is typically composed of several terms that contribute to the total

energy of the system. For atomic systems, the Hamiltonian can be split into five

distinct terms,

Ĥ = Te + TN + Uee + UeN + UNN (2.3)
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where the terms can be written explicitly as,

Ĥ =
N∑
i

− h̄2

2mi

∇r2
i

+
N∑
I

− h̄2

2MI

∇R2
I

+
N∑
i,j

e2

2|ri − rj|
+

∑
I,J

ZIZJ

2|RI −RJ |
+
∑
I,i

ZIe

2|RI − ri|
(2.4)

where Te is the kinetic energy of the electrons, TN is the kinetic energy of the

nuclei, Uee is the potential energy of the electron-electron interactions, UeN is

the potential energy of the electron-nuclei interactions and UNN is the potential

energy of the nuclei-nuclei interactions. h̄ is the reduced Planck constant,MI are

the mass of the nuclei, mi is the mass of an electron, RI are the nuclei positions,

ri are the electron positions, Z is the charge number of the nuclei and e is the

charge on an electron.

However, for real systems, with many nuclei and electron interactions, this

problem soon becomes impossible to solve with current computational power,

even for small systems. As such, several approximations are commonly imple-

mented to reduce the complexity, the most relevant of which are included in the

following subsections.

2.1.1 Born-Oppenheimer approximation

The Born-Oppenheimer approximation [158] makes the assumption that the mo-

tion of the electrons and nuclei in a molecule can be separated due to the large dif-

ference in mass (MN ∼ 103 me), meaning that the nuclei move much more slowly

than the electrons and can be effectively treated as static. This simplifies the

Hamiltonian such that the kinetic energy of the nuclei (TN) and the nuclei-nuclei

interactions (UNN) can be temporarily ignored. Further, the electron-nuclei in-

teractions can be modelled as an external potential felt by the electrons (Vext).
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This is treated independently of the electron system (although still dependent

on the positions of the nuclei).

This simplifies the Schrödinger equation so that it can be solved. The result

is then used with the remaining terms to calculate the total energy of the system.

By solving the electronic part of the Schrödinger equation, the electronic orbitals

and hence the total forces acting on the nuclei as a result of the electron system

can be determined. The atomic positions can then be adjusted to reduce the

forces, resulting in a new Vext, which can in turn be used in the static nuclei

approximation.

While this simplifies the problem significantly, for real systems, the electronic

wavefunction still needs to be solved in four dimensions for each electron (3

spatial and one spin) and further approximations are necessary to make the

problem tractable.

2.1.2 Kohn, Sham and Hohenburg

The two key principles of DFT were laid out in the 1960s by Kohn, Sham and

Hohenberg [159, 160] and can be used for any system of electrons that are gov-

erned by an external potential Vext. The first theorem is that “the total energy

of a system of electrons and nuclei is a functional of the electron density” where

the electron density (ρ(r)) is the probability of finding an electron at a given

point at a given time and is calculated from:

ρ(r) =
N∑

n=1
ψ∗

n(r)ψn(r) (2.5)

where ψn(r) is the non-interacting wavefunction of the nth electron and ψ∗
n(r) is

its complex conjugate. Hence, the energy of the system can be found, provided
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that the functional relating the energy of the system to the electron density

(E[ρ(r)]) is known. This thus reduces the complexity of the system (not including

spin) from one involving 3N variables for the many-body electron wavefunction

(Ψ = Ψ1(r), ...,Ψn(r)) where the position is needed for each individual electron

to 3 variables for the electron density (ρ(r)).

The second theorem is that “The electron density that minimises the energy

of the overall functional is the true electron density corresponding to the full

solution of the Schrödinger equation”. This means that if the energy functional

of a system is known, then the electron density can be varied to minimise the

energy of the system until the correct (i.e. ground state) electron density is

found.

To summarise, if the functional of a system is known, then the ground-state

electron density and thus ground-state energy of the system can be computed:

E = E[ρ(r)] =
∫
drVext(r)ρ(r) + F [ρ(r)] (2.6)

where Vext is the external potential felt by the electrons and F is a functional of

the other energies in the system:

F [ρ(r)] = EK [ρ(r)] + EH [ρ(r)] + EXC [ρ(r)] (2.7)

Where EH is the Hartree energy (the classical electrostatic potential in Eq. 2.4) ,

EK is the kinetic energy of the non-interacting electrons and EXC is the exchange-

correlation functional that contains terms not included in the other two function-

als but is necessary to make F [ρ(r)] exact.

As such, in order to calculate the energy of the system, it is just necessary to

find and evaluate expressions for the different energy functionals in Eq. 2.7. EK
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can be found from the one-electron wavefunctions, which give most of the kinetic

energy of the system and EH represents an effective potential (Veff ) that averages

the Coulomb potential between one electron and all the others in the system [161].

However, the kinetic energy term avoids the contribution to the kinetic energy

from nuclei and the EH is a poor approximation as the position-dependence

of the electron-electron interactions is ignored, as are the Fermi statistics that

govern them, which leads to an exchange interaction [161]. As such, the exchange

correlation functional EXC is needed to make the mathematical expression exact.

2.1.3 Exchange-correlation function

The exchange-correlation functional is often the defining feature of DFT and

while there is no known exact exchange-correlation energy functional1, many

approximations have been made. The first approximation to the exchange-

correlation functional was developed by Kohn and Sham [160] and suggested

that if ρ(r) was sufficiently slowly varying then:

EXC =
∫
drρ(r)εxc(ρ(r)) (2.8)

Where εxc is the exchange and correlation energy per electron of a uniform elec-

tron gas of density ρ. This approximation is referred to as the local density

approximation (LDA) that has been found to be in adequate agreement with

experimental works [162].

However, for materials that do not have a slowly varying electron density,

other functionals have been developed to improve on the LDA by taking into

account regions with strongly varying electron densities. One of the most com-
1Even if it were known, it would likely be too complicated to be computationally useful.
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mon methods for doing this is the generalised gradient approximation (GGA),

of which there are several different implementations [163–167]. In this method,

the gradient of the electron density is also included such that:

εGGA
xc = εxc[ρ(r),∇ρ(r)] (2.9)

With these simplifications and approximations, the quantummechanical prob-

lem has been reduced from one including many nuclei, many electrons and time

dependence to a much simpler one where we just need to solve for a static,

single-particle for enough states to include all of the electrons:

Ĥ[ρ]ψm = Emψm (2.10)

Exchange-correlation functionals should be chosen according to the system

being modelled, for example the LDA benefits from fortuitous cancellations of er-

rors in some systems but does not yield satisfactory results for others, while GGA

functionals yield better atomisation energies but are poorer at predicting lattice

paramters and surface energies [168]. Further, there is a trade-off between accu-

racy and computational expense, so while hybrid functionals [169] that include a

fraction of the non-local Hartree-Fock exact exchange energy are more accurate

for describing organic molecules or solids with band-gaps, GGAs are generally

shown to work well for describing metals without the increased computational

expense of hybrid functionals [168]. Due to the good agreement obtained using

the Perdew-Burke-Ernzerhof (PBE) GGA [166], this potential has been used for

the majority of this work.

Hence, once the overestimation of lattice constants and self-interaction ener-

gies are taken into account, DFT methods can provide accurate descriptions of
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systems to within ∼ 1 %, provided the correct functional for the system is chosen

[170].

2.1.4 From pseudo-potentials to the projector augmented

wave

Even with the reduction in complexity that the Kohn-Sham-Hohenberg princi-

ples provide, finding the ground-state for large material systems is very compu-

tationally expensive when explicitly considering all electrons. However, for many

elements, only the valence electrons are important for inter-atomic interactions

and as such the core electrons can be parameterised into an effective potential.

The valence electrons of a given atom will interact with the core electrons of the

same atom, but generally the interactions between the core electrons of one atom

and the electrons in another atom are negligible and so the core electrons can be

“frozen” in place such that the core electron density in the material being stud-

ied is replaced with an external pseudo-potential [171, 172]. Pseudo-potentials

must include a cut-off radius (rc) though, so that there is an exact overlap of

the pseudo-potential with the electron density it is replacing; while rc is element

dependent, it generally varies between 0.5–1.2 Å.

There are three main types of pseudo-potential schemes used within DFT.

Norm-conserving pseudo-potentials (NCPPs) [173] add an additional constraint

that the total charge (norm) of the pseudo-potential must be the same as the

total norm of the all-electron potential. NCPPs have the advantage that numer-

ical operations within DFT are simplified and they can provide a good physical

representation of the system. However, harder potentials are often needed as a

result [174], increasing the computational expense (harder potentials require a

smaller cut-off radius, increasing computational requirements, this is discussed
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further in section 2.1.6).

To reduce computational expense, ultra-soft pseudo-potentials [175–177] have

been developed which disregard the norm-conservational criteria and maximise

the “softness” outside of rc. To reduce the computational expense while main-

taining accuracy, the hard part of the electron-density remains localised in the

core regions, while the soft part extends through the unit cell being modelled.

Since the development of USPPs, efforts have been made to make more accu-

rate pseudo-potentials resulting in the projector augmented wave (PAW) method

[178, 179]. These potentials are more accurate, particularly for magnetic systems

as they can reproduce the near-core oscillations of the valence electrons, resulting

in a more physical description of the system. There are two reasons for the in-

creased accuracy of the PAW potentials: (1) the cut-off radii, rc are smaller than

for USPPs, although this means cut-off energies and basis sets are necessarily

larger, and (2) the PAW potentials reconstruct the exact valence wavefunction

in the core region.

The PAW method has been used for all calculations in this thesis (unless

explicitly stated) because it can model the semi-core states that are important

for bonding and magnetic effects (particularly in the case of Mn) at relatively

small increases in computational expense. The PAW method also allows semi-

core states to be treated as valence states, which can be particularly important for

bonding in transition metals. A comparison of the lattice parameters of different

elements calculated using different exchange-correlation functionals and USPPs

compared to PAWs and experimental measurements is shown in Table 2.1.
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USPP (LDA) USPP (PBE) PAW (PBE) Experimental
Fe a0 (Å) 2.75 (3.8%) 2.83 (1.0%) 2.83 (1.0%) 2.86 [180]

spin (µB) 1.96 (11.7%) 2.20 (0.9%) 2.23 (0.5%) 2.22 [35]
Mn (δ) a0 (Å) 2.72 (2.2%) 2.78 (< 0.1%) 2.79 (0.4%) 2.78 [181]
Mn (α) a0 (Å) - - 8.61 (3.4%) 8.91[182]

Ni a0 (Å) 3.43 (2.0%) 3.52 (0.6%) 3.51 (0.3%) 3.50 [180]
Si a0 (Å) 5.40 (0.4%) 5.47 (0.9%) 5.47 (0.9%) 5.42 [183]
Cu a0 (Å) 3.52 (2.2%) 3.63 (0.8%) 3.62 (0.6%) 3.60 [180]

Table 2.1: The experimentally calculated lattice parameters and spin states of
the atomic species modelled in this work compared with DFT calculated values
using ultra-soft pseudo-potentials (USPPs) with the local density approximation,
USPPs with PBE and projector augmented wave (PAW) with PBE. Percentage
differences compared to experimental values are shown in brackets. ;ooNote that
the lattice parameter for Mn is also shown for the bcc/δ structure as USPPs
cannot model the ground state α structure. Best agreement is found with the
PAW method using the PBE approximation, as such, this was the chosen method
for this thesis.
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2.1.5 Periodic boundary conditions

While the use of pseudo-potentials significantly reduces the number of states that

need to be solved for, there are still far too many states; even a few grams of

material contains ∼ 1025 electrons. However, for bulk solids, the atoms generally

fall into a repeating structure as shown in Fig. 2.1. As such, if the atoms are

arranged in a repeating pattern, then necessarily, the potential acting on the

electrons must also repeat itself, i.e.:

V (r) = V (r + L) (2.11)

Where L is the lattice vector.

As a result of this, the electron density must also be periodic:

ρ(r) = ρ(r + L) (2.12)

And as the density is defined as:

ρ(r) =
∑

i

|ψi(r)|2 (2.13)

Then the magnitude of the wavefunction must also be periodic. As wavefunctions

are complex, this means that while the magnitude of the wavefunction is periodic,

this says nothing about the phase, and as such there exist an infinite number of

wavefunctions that satisfy this relation.

From Bloch’s theorem [184], the wavefunctions at a given k-point can be

expressed as :

ψk(r) = u(r)eik·r (2.14)

Where u(r) is a function with the same periodicity as the unit cell, i.e. u(r) =
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u(r+L) and eik·r is an arbitrary phase factor that scales u(r) in the surrounding

unit cells and k is a vector representing the position in reciprocal space. Taking

all of the above into account, this means the wavefunctions can be re-written as:

ψk(r + L) = u(r + L)eik·(r+L)

= u(r)eik·reik·L

= ψk(r)eik·L

(2.15)

And so the total wavefunction can be expressed as:

ψ(r) =
∫
ψk(r)d3k (2.16)

and consequently, the electron density is:

ρ(r) =
∫
|ψk(r)|2d3k (2.17)

Where, the electron density can be determined by integrating over all possible

k-points within the reciprocal space unit cell, also called the Brillouin zone. How-

ever, as the electron wavefunctions change very slowly in k-space, it is possible

to approximate this integral as a sum:

ρ(r) ≈
∑

k

|ψk(r)|2 (2.18)

It is now necessary to determine how many k-points need to be included

to accurately describe our system. The more k-points that are used, the more

accurate the calculation but the more computationally expensive it becomes and

so convergence tests are used to determine the number of k-points needed (see

Fig. 2.2). Further, the larger the system in real space, the smaller the Brillouin
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zone in reciprocal space, and so fewer k-points are needed in larger systems for

the same k-point density.

Figure 2.1: Graphical representation of a repeating structure and its wavefunc-
tion.
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For most DFT calculations, convergence to within 10 meV per atom is deemed

suitable. Fig. 2.2 shows the energy difference for a 2 atom bcc Fe unit cell

for different numbers of k-points compared to the energy calculated using a

20 × 20 × 20 k-point grid. It can be seen that convergence to within 10−2 eV

occurs for a 16 × 16 × 16 k-point grid for a 1 × 1 × 1 (2-atom) cell with lattice

parameter, a0 = 2.83 Å; this corresponds to a 4 × 4 × 4 k-point grid for a

4× 4× 4 (128) atom bcc Fe supercell with simulation cell dimension of 11.32 Å.

This simulation cell size and k-point grid was used for all simulations in this

work unless stated.
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Figure 2.2: Graph showing k-point convergence for the bcc Fe system. The y-axis
represents the logarithm of the energy difference per atom compared to a very
dense 20× 20× 20 k-point grid.
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2.1.6 Plane waves and basis sets

In order to fully represent the wavefunctions of the system in question, it is

necessary to choose an appropriate basis set that reflects the periodicity of the

calculation. One of the ways that this can be done is by representing the periodic

wavefunction uk(r) as a 3-dimensional Fourier series:

uk(r) =
∑
G

cG,ke
iG·r (2.19)

Where cG,k are complex Fourier coefficients, and we sum over the wavevectors

G that satisfy the symmetry and periodicity of the crystal structure. The only

wavevectors that have the correct periodicity are the reciprocal lattice vectors,

which describe points in reciprocal space and are measured in units of 1/length.

As such, if we increase the length of our unit cell in one direction, there will be

a corresponding decrease in the length of the allowed wavevectors in the same

direction.

The Fourier basis functions eiG·r represent plane-waves travelling in space

and perpendicular to the wavevectors G, of which there are an infinite number.

However, as |G|2 becomes larger, the coefficients, cG,k become smaller and so we

can define a cut-off energy ECut, and disregard any plane-waves with energies

greater than this cut-off:

ECut = h̄2

2me

|GCut|2 (2.20)

Where h̄ is the reduced Planck constant and me is the mass of an electron.

Mathematically, this transforms Equation 2.19 into:

ψk =
∑

G<GCut

cG,ke
iG·r (2.21)
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Figure 2.3: Graphical representation of the effect of implementing a cut-off
wavevector in reciprocal space.

The effect of implementing a cut-off energy is shown visually in Fig 2.3. The

physical effect of increasing the cut-off energy of the system is that it increases the

number of wavevectors that are summed over to calculate the total energy of the

system. Increasing the number of wavevectors moves the calculation closer to the

true ground state and so increasing the cut-off energy monotonically decreases

the total energy of the system. As including more wavevectors in the calcula-

tion results in higher computational expense, convergence tests are necessary to

optimise the calculations of the system energies (see Figure. 2.4.).

The DFT software used in this work was VASP (Vienna ab initio simulation

package) [179, 185–187], which adds a correction factor to the final energy of the

system. This allows for much faster convergence of the system, but means that

the energy of the system will not monotonically decrease for increasing cut-off

energy; a comparison of the effect of increasing the cut-off energy is shown in

Fig. 2.4a for calculations with and without the correction factor. Fig. 2.4b shows

the convergence for increasing cut-off energy for the different elements involved
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in this study, including the correction factors. It can be seen that convergence to

10−2 eV/atom is achieved by 500 eV cut-off energy for all elements in this study.
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Figure 2.4: Graphs showing (a) the cut-off energy convergence for bcc Fe with and
without the correction factors implemented by VASP and (b) the cut-off energy
convergence including correction factors for Fe, Si, Mn, Ni and Cu. Dashed lines
represent a convergence of 0.01 eV (per atom) compared to a cut-off energy of
1200 eV.
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2.1.7 Spin polarisation and electron smearing

The density of states (DOS) is the number of electron states per unit volume per

unit energy and can provide information on electronic occupation and bonding.

In semiconductors and insulators, states are fully occupied and decay smoothly

up to the band gap making integration over k-points relatively easy. However,

in metals there are many unoccupied states above and below the Fermi energy

resulting in a discontinuity when the states are no longer occupied. As integrat-

ing over a discontinuity requires very fine k-spacing as the plane-waves will no

longer be slowly-varying, this greatly increases the computational expense. As

such, several schemes have been developed to “smear” over the discontinuity by

partially filling states in and around the Fermi-level. This effectively introduces

an artificial electronic temperature that is then removed at the end of the cal-

culation. In this work, I have used first order Methfessel-Paxton-smearing [188]

with a smearing width of 0.1 eV to take this into account.

Further, spin polarisation is important as electrons are fermions and can thus

occupy two spin states, adding an extra degree of freedom to the computational

exercise and increasing the complexity from a three variable to a four variable

problem. Fermions are antisymmetric, meaning that if two electrons occupy the

same spatial states, they must have opposing spin states to satisfy the Pauli

exclusion principle. This is also the origin of the exchange energy. Spin states

can be included by using the Hartree-Fock method [189–192], which uses a Slater

determinant [193] to correctly combine the individual wavefunctions that make

up the total wavefunction of the system that ensure the Pauli exclusion principle

is obeyed. For a wavefunction with two electrons, the Slater determinant is given
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by:

Ψ(x1,x2) = 1√
2
det

∣∣∣∣∣∣∣∣
χ1(x1) χ2(x1)

χ1(x2) χ2(x2)

∣∣∣∣∣∣∣∣ (2.22)

Where χ(x) is the spin orbital function and x denotes the position and spin of

the electron.

All calculations within this work are spin polarised due to the importance of

spin polarisation and magnetism in Fe, which is a ferromagnetic material. The

importance of spin polarisation in the bcc Fe system can be seen in Fig. 2.5

where the density of states (DOS) is compared for both spin polarised and non-

spin polarised calculations.
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Figure 2.5: Comparison of density of states (DOS) for bcc Fe for both non-
spin polarised (above) and spin polarised (below) calculations. The vertical line
represents the Fermi energy (EF ), states below the Fermi level are filled and
those above are unfilled.

78



2.1.8 Periodic boundary conditions

Periodic boundary conditions (PBCs) are often employed in computational sim-

ulations to enable the modelling of bulk materials using as few as one or two

atoms. However, as a result of these periodic boundary conditions, aperiodic

structures such as defected or disordered structures are difficult to model with

so few atoms. Therefore the unit cell sizes are increased to tens or hundreds of

atoms to avoid interaction between the aperiodic features (see Figure 2.6).

(a) perfect unit cell (b) unit cell with defect (c) supercell with defect

Figure 2.6: The effect of PBCs on the unit cell.

Currently, the largest supercells that can be modelled in DFT contain several

hundred to a thousand atoms, although the limit is dependent on many variables

such as number of electrons in the element, pseudo-potential approach and cut-

off energy. All simulations in this work have been found to be converged for 128

atom (4× 4× 4) bcc Fe supercells unless otherwise stated.

Given the approximations that have been made, it is worth bearing in mind

the following points:

• DFT is only exact for the ground state.

• There is no proof for the crude approximation used for the exchange-

correlation functional.
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• There is no joint movement of the nuclei and electrons.

• Nuclear quantum effects are not included.

However, DFT is currently the most accurate computational technique de-

veloped for the magnitude of computational expense required. Further, while

there are still difficulties in modelling organic molecules [194], for bulk solids the

agreement with experimental work to determine band gaps, solute segregation,

atomic structures, spectroscopic techniques and lattice parameters is remarkable

[195–197].
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2.2 Computational details

In this work, all DFT simulations were carried out using VASP [185–187, 198],

version 5.4 with the PBE echange-correlation functional [166, 199], using PAW

potentials [178, 179]. For the elements of interest in this work, PAW pseudo-

potentials with semi-core s states were considered valence electrons for Zr (12),

semi-core p states were considered valence electrons for Co (15), Cr (12), Cu

(17), Fe (14), Hf (10), Mn (13), Mo (12), Nb (11) Ni (16), Ta (11), Ti (10), V

(11), W (6) and a standard number of electrons for Al (3), C (4), Ge (4), P (5)

and Si (4) were used.

The cut-off energy was 500 eV for all simulations with a k-point grid of 4×4×4

for 128 atom supercells. Comparison of binding enthalpies of triplet defects in

54 atom, 128 atom and 250 atom bcc Fe supercells is shown in Fig 2.7, it is seen

that convergence to within 10 meV/atom is achieved for 128 atom supercells

relative to 250 atom supercells, hence 128 atom supercells were used for all

calculations in chapters 3 & 4. Pure bcc Fe supercells were constructed and fully

relaxed using constant pressure calculations; a lattice parameter of 2.831 Åwas

calculated to be the ground state. Supercells including defects and/or strain

field were internally relaxed at constant volume. Methfessel-Paxton [188] cold

smearing with a smearing width of 0.1 eV and spin-polarisation was used due

to the metallic nature of the systems under investigation. Symmetry operations

were included for pure elements but not for point defect calculations. Electronic

and ionic convergence criteria were set to 10−6 and 10−4 eV respectively for

all calculations. For DOS calculations, the tetrahderon smearing method with

Blöchl corrections was used [200].
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Figure 2.7: Convergence of binding enthalpies of triplets, calculated in DFT for
3× 3× 3 (54 atom), 4× 4× 4 (128 atom) and 5× 5× 5 (250 atom) supercells.
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2.3 Site occupancy disorder

The site-occupation disorder (SOD) method was used to reduce the number of

DFT simulations required in chapter 5. It can be used to reduce the number of

site-occupancy configuration calculations needed when modelling site disorder in

solids by taking advantage of the crystal symmetry of the lattice. Two lattice

configurations are equivalent if they are isometric transformations of one another

(see Fig. 2.8), where an isometric transformation is defined as a geometric op-

eration (e.g. translation, rotation, reflection) that keeps angles and distances

within the lattice constant. The symmetry of a crystal can be used to find iso-

metric transformations linking two equivalent configurations as, if a symmetry

operator of the parent structure (the structure from which all configurations are

generated) converts one configuration into another, then the two configurations

are equivalent. This is because, while the isometric transformations that convert

one configuration to another are not symmetry operators of the two equivalent

structures, the transformations must be symmetry operators of the parent struc-

ture. This method results in a reduction (by some orders of magnitude) in the

number of configurations needed to be modelled, although this is dependent on

the symmetry of the system.

Finally, it is noted that an alternative methodology based on the determina-

tion and comparison of the space group of different structures exists [202]. The

SOD method has shown success in previous works [203, 204] and a full description

of the method can be found in [201].
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Figure 2.8: Illustration of identical configurations related by an isometric trans-
formation. Adapted from [201].
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2.4 Defect enthalpies

2.4.1 Substitutional and formation enthalpies

The formation enthalpy of a vacancy and a self-interstital atom (SIA) in an n

atom supercell of Fe are given by Eq. 2.23 and Eq. 2.24 respectively:

EV ac
form = E((n− 1)Fe)− n− 1

n
× E(nFe) (2.23)

ESIA
form = E((n+ 1)Fe)− n+ 1

n
× E(nFe) (2.24)

Where Eform is the formation enthalpy of a vacancy/SIA, E((n±1)Fe) is the en-

thalpy of a bcc Fe supercell containing a vacancy/SIA and E(nFe) is the enthalpy

of a n atom bcc Fe lattice.

The substititutional enthalpy of a solute in Fe, for a n atom supercell is given

by Eq. 2.25:

Esub = E((n− 1)Fe + X)− n− 1
n
× E(nFe))− E(X)Crystal (2.25)

Where Esub is the substitutional enthalpy of the solute, E((n− 1)Fe + X) is the

enthalpy of a n atom bcc Fe supercell with one Fe atom replaced with solute X

and E(X)Crystal is the enthalpy per atom of the solute in its pure form. Under

this definition, negative substitutional enthalpies denote species that are soluble

in the lattice.

Binding enthalpies of clusters of size N are calculated using Eq. 2.26:

Eb(X1...XN) = E(
∑
i=N

Xi)−
∑
i=N

E(Xi) + (N − 1)E(Fe) (2.26)

Where E(Xi) is the enthalpy of the supercell containing a single solute, i,

85



E(∑i=N Xi) is the enthalpy of the supercell containing all solutes, E(Fe) is the

enthalpy of a supercell of pure Fe. In this thesis, only clusters of size N=2, 3 were

studied (i.e. solute pairs and solute triplets), and under this definition negative

enthalpy denotes an attractive/bound cluster.

For triplet clusters, the binding enthalpy of a triplet can be described as a

sum of the defect pair interactions plus a three-body term (Eq. 2.27):

Eb(X1, X2, X3) = Eb(X1, X2;n1−2) + Eb(X2, X3;n2−3) + Eb(X3, X1;n3−1)

+ E3−body(X1, X2, X3) (2.27)

Where Eb(Xi, Xj;ni−j) is the binding enthalpy of the solutes Xi and Xj at ni−j

nearest neighbour separation. Thus Eq. 2.27 was used to calculate the magnitude

of the three-body term E3−body.

The binding enthalpy of the triplet, when only taking defect pair interactions

into account was calculated from Eq. 2.28:

E2−body
b (X1, X2, X3) = Eb(X1, X2;n1−2) + Eb(X2, X3;n2−3) + Eb(X3, X1;n3−1)

(2.28)

The defect pair calculated triplet binding enthalpy from Eq. 2.28 was then com-

pared to the exact binding enthalpy from the explicit DFT calculation of the

triplet (Eq. 2.29).

E3−body(X1, X2, X3) = Eb(X1, X2, X3)− E2−body
b (X1, X2, X3) (2.29)
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2.4.2 Phase substitution

The enthalpy for a solute (X) in the bcc Fe lattice to substitute on to the site of

element Y in an intermetallic phase (Γ2/G phases in this work) can be calculated

from Eq. 2.30:

E
(Y,X)
sub = EX

sub(Fe) + EY
sub(Γ2/G)− EY

sub(Fe)− E(Γ2/G) (2.30)

Where EY,X is the enthalpy substituting minor alloying element Y from the bcc

Fe matrix into the positionX (Mn, Ni or Si site) within the Γ2/G phase structure,

EX(Fe) and EY (Fe) is the substitutional enthalpy of element X and Y in bcc

Fe, respectively, EY
sub(Γ2/G) is the substitutional enthalpy of element Y in the

Γ2 or G phase structure and E(Γ2/G) is the enthalpy of the stoichiometric Γ2

or G phase structure. Under this definition, negative enthalpy means it is more

favourable for the alloying element to be in the Γ2 or G phase structure rather

than the bcc Fe lattice.
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2.5 Strain fitting

Regression analysis was performed on the results obtained in chapter 4 so that

solute enthalpies could be determined for arbitrary volumetric strains. It was

found that linear fits were sufficient for single solutes, but for larger defects

(solute-solute pairs, solute-vacancy pairs and mixed dumbbells), second order

polynomial fits were required to accurately predict the defect enthalpies under

volumetric strain. The enthalpy of the defect is given by Eq. 2.31:

Edefect = E0 + a× SV ol + b× S2
V ol (2.31)

Where a, b are the fitting constants, E0 is the approximate defect enthalpy at

zero strain and SV ol is given by Eq. 2.32

SV ol = VStrained

VUnstrained
− 1 (2.32)

Where VStrained and VUnstrained are the strained and unstrained volumes respec-

tively of the supercell. Further R2 values to determine the quality of the fit are

calculated from Eq. 2.33:

R2 = 1− SSRES

SST OT

= 1−
∑

i(yi − ŷi)2∑
i(yi − ȳ)2 (2.33)

Where yi are the DFT values, ȳ is the mean of the data and ŷi are the fitted

values.
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Chapter 3

Triplet clusters

This work is published in T. M. Whiting, P. A. Burr, D. J. M. King, M. R.

Wenman “Understanding the importance of the energetics of Mn, Ni, Cu, Si

and vacancy triplet clusters in bcc Fe”, Journal of Applied Physics, 126, 115901

(2019) [205].

This chapter presents the study of the binding enthalpies of small solute

clusters. The binding enthalpies of solute pairs at different separations were

calculated followed by calculations of the binding enthalpies of triplet clusters.

Next, it was determined which of the triplet clusters require three-body inter-

actions to be taken into account and the limitations of using a sum of defect

pair interactions to represent triplets is discussed. Finally, there is a comparison

of DFT results with the most up-to-date inter-atomic potential for the FeNiM-

nCu system and the effect of solutes on the magnetic interactions of Mn in Fe is

evaluated.
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3.1 Motivation

Cu-Mn-Ni-Si clusters have been simulated using experimental and theoretical

data in combination with Monte Carlo algorithms based on both thermodynamic

models [47, 68, 150, 151] and DFT results [128–131]. Monte Carlo models are

being continually updated and developed to study the evolution due to neutron

irradiation of RPV steels, including many atomic species (Cu, Mn, Ni, Si, P, Cr)

[124, 128, 130, 131]. As well as development of MC models based on thermody-

namic data from DFT simulations or CALPHAD models [206], KMC based on

rate-theory [61] and a combination of tight-binding and experimental data [207]

has been developed in the past. Disagreement exists between the models, with

thermodynamic-based KMC suggesting that the clusters are stable and radia-

tion enhanced, whereas DFT-based KMC favours the hypothesis that clusters

are unstable and radiation induced [129].

There has been particular interest in the role of interstitial driven migration,

with much KMC successfully modelling the interactions of dumbbells with so-

lutes; including development of the LAKIMOCA code that emphasises the role

of SIAs in solute migration [127–131] due to the high binding enthalpy that Mn

has been found to exhibit for self-interstitial defects [112, 119].

Currently, however, there has been limited DFT work on clusters containing

more than two solute atoms in the low-alloy ferritic Fe-Cu-Mn-Ni-Si system.

Mixed Ni-Mn triplets were studied by Bonny et al., which modelled four distinct

triplets (Mn3, Mn2Ni, MnNi2, Ni3) [124] and further studies by Bakaev et al.

[117] and Bonny et al. [125] have looked at triplets containing divacancies, and

Ni-Cr-vacancy triplets/quadruplets respectively. These results have been further

built upon in [134] with studies of more triplet clusters and parameterisation of

cluster expansion techniques. However, these studies have only looked at one
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configuration of triplets (the triangle or 1-1-2 configuration, notation described

in section 3.3.1).

Further, in the development of the quaternary Fe-Mn-Ni-Cu embedded atom

potential, the binding enthalpy of some Mn-Ni pairs and triplets were calculated

by DFT to be repulsive [124] and did not adequately reflect the experimentally

observed cluster growth. Therefore, these binary solute interactions were em-

pirically modified to be slightly attractive to allow for cluster growth to occur.

Additionally, a recent study by Domain and Becquart [82] has found that DFT

and MD calculations, using the potentials developed in Ref. [124], are in poor

agreement when simulating solutes close to 〈111〉 interstitial loops. As such,

I have built on the current work by modelling triplet clusters containing Mn,

Ni, Si, Cu and vacancies in different configurations and orderings to determine

the thermodynamic stability of small clusters and for use in the development of

inter-atomic potentials and Monte Carlo codes.
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3.2 Defect pair interactions

The binding enthalpies of solute-solute and solute-vacancy pairs from first nearest

neighbour (1nn) to fifth nearest neighbour (5nn) in the bcc Fe lattice (see Fig. 3.1)

have been calculated. These enthalpies can provide insight into local stabilities

and migration behaviour.

1

2

4

3

5

Figure 3.1: Diagram showing the 5 nearest neighbour positions in the bcc lattice
relative to the starred atom.
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Fig. 3.2 shows the interactions of solute pairs (of same species) and solute-

vacancy pairs from 1nn to 5nn; there is good agreement with previous works,

with the exception of Mn for which there is a large spread of reported results. It

is seen that there are strong interactions between binary pairs at 1nn and 2nn

separation but not at larger separation and all solutes are attracted (negative

binding enthalpy) to vacancies when at 1nn or 2nn separation, with the strongest

interactions between Cu-vacancy and Si-vacancy pairs. Further, Cu-Cu interac-

tions are found to be strongly attractive at 1nn separation while Si-Si interactions

are strongly repulsive at both 1nn and 2nn separation and Ni-Ni interactions are

very weak for all separations studied. Discrepancies associated with Mn are due

to the shallow energy landscape between ferromagnetic and antiferromagnetic

moments leading to differences in isolated reference states and variations in the

magnetic moment in the pairs. These findings were reported in a concurrent

study by our group [83]. According to the findings in [83], all Mn atoms in this

thesis were given the initial magnetic moment of (-2 µB) corresponding to the

antiferromagnetic coupling to Fe.

In bcc structures, there is an alternating “Friedel-like” relaxation around va-

cancies at increasing nearest neighbour separation, that is that successive shells

alternate between compression (1nn), tension (2nn), compression (3nn) etc [112].

The decrease in binding enthalpy between a vacancy and Cu, Mn and Ni at 5nn

(compared to 4nn) is attributed to this relaxation around a vacancy in bcc Fe

due to the 5nn sites being under compression (compared to tension for the 4nn

configuration).
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Figure 3.2: Binding enthalpy of same solute and solute-vacancy pairs obtained
by supercell relaxations, compared with previous works by Messina et al. [81]
(crosses), Bakaev et al. [118] (diamonds), King et al. [83] (stars) and Olsson et
al. [112] (circles).
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Fig. 3.3 compares the binding enthalpies between Cu, Mn, Ni and Si mixed

solute pairs from 1nn to 5nn, together with past literature results. Inconsistencies

between these results with Vincent et al. [128] are attributed to the use of

Vanderbilt-type ultra-soft pseudopotentials by Vincent et al. that do not describe

well the strongly varying core part of the d-like orbitals compared to the PAW

electronic methods used in this work. It is evident from Fig. 3.3 that there is non-

negligible binding between Si and other solute elements (top row), which may be

important for cluster dynamics. Specifically, Si exhibits both a relatively strong

binding at 1nn with Mn, Cu and Ni (∼ −0.15 eV), and a repulsion at 2nn with Ni

and Mn (∼ 0.10 eV). In agreement with Olsson et al. [112], interactions beyond

2nn are very small, due to the increased separation and suggesting that efforts

should be concentrated on modelling the energetics of 1nn and 2nn solute pairs

in particular. Olsson et al. note that large changes in solute-vacancy binding

enthalpies (∼ 0.2 eV) between 1nn and 2nn, as are observed here for both solute-

vacancy and Si-solute interactions, can be explained by large differences in charge

distribution surrounding vacancies in bcc Fe [112]. The exact configuration and

co-ordination of small clusters is important when modelling cluster growth in

Monte Carlo codes as there are 8, 6, 12, 24 and 8 possible sites for 1nn, 2nn,

3nn, 4nn and 5nn positions respectively in the bcc lattice.
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Figure 3.3: Binding enthalpy of mixed solute pairs obtained by supercell relax-
ations, compared with previous works by Vincent et al. [128] (white circles) and
Bakaev et al. [118] (black diamonds).
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3.3 Triplet structures

3.3.1 Configurations modelled

In this section work is presented on triplet clusters in which the triplet contains

either a Mn-Mn, Mn-Ni, Ni-Ni or Si-Si pair, and the other substitution is either

Si, Cu, Mn, Ni or a vacancy. Due to the pronounced 1nn interactions in the

binary cases, triplet calculations have focused on geometries where one species

in the triplet cluster is 1nn to both of the other species. These configurations are

termed 1-1-2, 1-1-3 and 1-1-5, where, for the triplet composed of species A, B

and C in the a-b-c configuration: a is the nearest neighbour position of B relative

to A, b is the nearest neighbour position of C relative to B and c is the nearest

neighbour position of A relative to C as shown in Fig. 3.4.

For each triplet configuration and composition, all possible permutations of

species on each site are considered. Therefore, triplet clusters with three different

species will have three discrete binding enthalpies for each configuration (1-1-2,

1-1-3 and 1-1-5) for a total of nine discrete binding enthalpies for that cluster

chemistry; but due to symmetry, triplets with two different species (e.g. Mn-

Mn-Ni) will have two possible binding enthalpies per configuration and triplets

with one species (eg. Mn-Mn-Mn) have only one binding enthalpy per configura-

tion. Higher order interactions such as quadruplet and quintuplet clusters have

been omitted due to the expense of DFT calculations and the vast multiplicity

involved with modelling these clusters, as well as the possible need for larger

supercells due to the increased defect chemistry1. Additionally, as there already

exists substantial literature on interactions of solutes with interstitial dumbbells

in various positions [127–131], in this work I have focused instead on the role
1It was shown in chapter 2 that triplet enthalpies are converged for 128 atom supercells.
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of Cu, Si and vacancies in stabilising triplet clusters of different geometries in

substitutional positions.

A

B

C

1-1-2

A

B

C

1-1-5

A

B

C

1-1-3

Figure 3.4: Atomic models of the three triplet structures studied, where Mn,
Ni, Si (section 3.3.2) or a vacancy (section 3.3.3) is placed on two of the lettered
positions (A, B or C) and one of Si, Cu, Mn, Ni or a vacancy is substituted in
the remaining lettered position on the bcc Fe lattice. Simulations have been run
for all permutations.
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3.3.2 Solute triplet binding enthalpies

Fig. 3.5 show the binding enthalpies of triplet clusters with different composi-

tions and configurations. It is evident that clusters consisting only of Mn are

energetically unfavourable, as are Mn-Mn-Ni clusters, which are repulsive (up to

0.34 eV) for all configurations studied. With an increase in Ni content of the

clusters to 2Ni:1Mn, clusters become more favourable, however, the magnitudes

of their interaction are very small (between 0.02 and −0.08 eV). It is also inter-

esting to note that modelling different configurations and orderings is important

as only modelling a single 1-1-2 configuration could be misleading. Examples

of this are clear in Fig. 3.5 where Mn-Ni-X clusters show differing behaviour

in the 1-1-2 configuration when compared to the 1-1-3 or 1-1-5 configurations

and in some cases, such as for Mn-Ni-Ni triplets, the 0.09 eV repulsion becomes

a marginal attraction. Equally, the 1-1-5 configurations can be more repulsive

by a significant margin than the 1-1-2 configurations; examples of this are the

Mn-Mn-Mn and Mn-Mn-Ni clusters.

From further analysis of Fig. 3.5, it is clear that Cu, Si and vacancies are

important for the stability of small, local Mn-containing and Ni-containing clus-

ters, as it has been found that pure substitutional Mn-Ni triplet clusters are

repulsive or only weakly bound in the absence of a SIA; although in a previous

study by Bonny et al. (also using DFT) it was found that quadruplets and larger

clusters of Mn and Ni may be more stable [124]. While there are many variables

that drive cluster formation that are neglected here such as temperature, strain,

defect fluxes and defect sinks; our results suggest that Cu, Si and vacancies will

increase the thermodynamic stability of clusters and could be directly used to

parameterise Monte Carlo codes that can better take into account these factors,

although I acknowledge that barrier height calculations are needed for use in
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KMC codes that include time evolution. The Cu content in modern Grade 3

A508 RPV steels is low (typically < 0.1 at. %), and Cu phase separates early

in the lifetime of the reactor (< 1019 n cm−2 fluence, E > 1 MeV) [208]. Due to

the established flux-coupling effect of vacancy drag of Ni, Mn and Si to existing

Cu clusters [89, 90, 209] and the strong binding enthalpy (−0.2 eV) of Cu-Ni-

Mn triplets, existing Cu clusters may act locally as nucleation points for Mn-Ni

clusters, evidence for this is seen experimentally with the observation of Cu-rich

cores surrounded by Mn-Ni-Si rich shells [26, 44, 46, 154, 210].
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Figure 3.5: Binding enthalpies of the Mn-Mn-X, Ni-Ni-X, Mn-Ni-X and Si-Si-X
triplet clusters in the different configurations shown in Fig. 3.4. Bar charts are not
stacked, rather each horizontal line on the bars represents the binding enthalpies
of the specified cluster composition (e.g. Cu-Mn-Ni) and configurations (e.g. 1-1-
3) in different permutations. For example, Cu-Mn-Ni (1-1-3) triplets have three
distinct configurations whereas Mn-Mn-Ni (1-1-3) triplets only have two distinct
configurations. Results from Bonny et al. [124] (white circles) and Bonny et al.
[125] (purple diamonds) are shown for comparison.
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Solute-vacancy complexes are well-known forms of radiation induced features

that have been observed in Fe-Mn and Fe-Ni model alloys [93]. The binding of

Mn and Ni to vacancies is significant and both are known to exhibit vacancy-

solute drag up to temperatures of ∼ 1000 K in bcc Fe [81]). Therefore, the

results of the current study for favourable binding enthalpies of Mn-Mn-vacancy

clusters (min. −0.32 eV), Mn-Ni-vacancy (min. −0.30 eV), and Ni-Ni-vacancy

(min. −0.23 eV) are no surprise. These results suggest that on a local scale,

greater concentrations of vacancies (as a result of larger fluence) will lead to

more cluster nucleation; this is in good agreement with the observed relationship

between neutron fluence and cluster growth that higher fluence increases the

number density of clusters [60, 90, 91, 103].

The availability of Si (0.2 – 0.6 at. %) is typically greater than Cu in the Fe

matrix of RPV steels [86, 88, 89, 211] and is well below its solubility limit at 500

K [212], therefore it will be more readily available in the matrix than Cu during

the operation of the RPV. Due to the availability of Si, the established solute

transport of Mn, Ni and Si by both vacancies and SIAs to sinks (such as intersti-

tial loops and dislocations) [50, 61, 76, 209] and the strong binding enthalpy of

Si with Mn/Ni in pairs and triplets, Si will increase the thermodynamic driving

force for solute clustering. The stronger binding enthalpies of the Si-containing

triplet clusters are likely due to its semi-metallic nature and smaller atomic ra-

dius (110 pm compared to 140 pm for Mn and Fe, and 135 pm for Ni and Cu

[118]), and its strong binding with vacancies and other solutes in 1nn position

[81, 117, 118]. Electronic interactions of Si with Fe and other solutes may also

play a role, as these have been found to be largely responsible for its solubility

in bcc Fe rather than size effects [78].

Fig. 3.5 also shows the binding enthalpies of Si-Si-X triplets, it is seen that
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pure Si triplets are strongly repulsive (∼ 0.6 eV) and many of the Si-Si-X triplets

are also repulsive, regardless of the configuration and this is attributed to the

strong repulsion of Si-Si pairs at 1nn separation. However, the ordering is very

important as triplets are favourable provided Si atoms are sufficiently separated

and not at 1nn separation, in which case all triplets (excluding Si-Si-Si) have

attractive binding enthalpies. This is unsurprising due to the large repulsive

interactions calculated within this study for Si-Si pairs at 1nn separation, which

is also manifest as a propensity to form B2 ordering for high Si concentrations

in Fe [213]. Further, 1-1-2 triplets are less strongly bound than the 1-1-3 and

1-1-5 triplets, this is attributed to the repulsive interaction of 2nn Si-Si pairs that

disappears at further separation. Interestingly, Si-vacancy triplets are attractive

for all configurations and orderings investigated, and so while pure Si clusters

will not form, Si-vacancy complexes are energetically favourable to form. This

is supported by both experimental and computational work where Si is found to

exhibit remarkably strong vacancy-solute drag factors [81], and Si-vacancy com-

plexes have been experimentally observed to form and evolve as Si can stabilise

vacancy clusters [93]. However, solute aggregation of pure Si clusters close to

vacancy clusters is not found to occur in model alloys (i.e. it has been found

experimentally that Si clusters must contain vacancies within them to be stable,

rather than nucleating on vacancy clusters and forming a separate phase as is

seen for Cu [93]). Further, if there is significant Mn/Ni/Cu content in the clus-

ters such that Si atoms are not 1nn to each other, triplet clusters and potentially

higher order clusters will be stable.

To better determine the role of each species in cluster stability, the local

density of states (LDOS) of Mn and Ni at 1nn separation from different solute

species and a vacancy in bulk bcc Fe are shown in Figs. 3.6 & 3.7. The shape
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and position of the Mn LDOS are similar when isolated and in the presence of

a stabilising species (Cu, Si and vacancy). Here, the anti-bonding peak in the

upper spin channel is unfilled (above the Fermi level). This is in contrast to the

LDOS of Mn in the presence of a destabilising species (Mn or Ni) which display

the higher energy states in the upper spin channel as filled. This suggests that

there is a repulsive interaction and similar observations have been made for Mn

when in the presence of defects in bcc Fe [83, 214]. For Ni-X pairs, the LDOS

around the Ni is very similar when isolated in bcc Fe or in the presence of any

of the studied solutes. It is evident that the cause of the variation in stability,

by the other solute species, is difficult to observe locally. It is possible that

the differing stability can be explained by the effective size of the solute species

(related to d-band occupation), which provides some indication of the relative

strain imposed on the system. Moreover, vacancies and Si are undersized, and Ni

and Mn are oversized, when compared to the Fe lattice [112, 215, 216]. Therefore,

an alleviation of strain will be achieved by the combination of the former with

the latter two.
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Figure 3.6: Local DOS of Mn in bcc Fe when in 1nn positions to a vacancy, Cu,
Si, Ni or Mn atom. Dashed line denotes Fermi energy.
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Si, Ni or Mn atom. Dashed line denotes Fermi energy.
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In atom probe experiments, solute clusters are frequently found in welds and

close to dislocation loops or grain boundaries [50, 59–62]. It should be noted that

the analysis here does not consider strained environments (investigated in chapter

4) such as those found near these regions nor the increased solute concentrations

found in welds where Ni content can be up to 1.6 at. % [88, 89]. However, it

is known that dislocations and grain boundaries act as sinks for vacancies and

that Cu, Mn, Ni and Si will enrich at ground boundaries due to vacancy drag

and SIA migration (particularly for Mn) [81, 112, 119, 129, 209]; this, combined

with the strong binding enthalpies for triplet clusters including vacancies will

facilitate nucleation and growth of clusters in these regions.

3.3.3 Divacancy triplet binding enthalpies

Solute clusters are often found to be associated with vacancy clusters and as so-

lute drag by vacancies has been found to be very strong at RPV temperatures for

Mn, Si, Ni and Cu [81], investigations have been made to better understand the

binding between the solutes and vacancies by calculating the binding enthalpies

of triplets including two vacancies, see Fig. 3.8. Clusters containing two vacancies

and only one Ni or Mn are strongly bound and up to −0.25 eV more energeti-

cally favourable than Mn or Ni clusters containing only one vacancy, suggesting

that if the vacancy concentration is high enough, Ni-Mn-vacancy clusters will

readily form. For divacancy clusters containing Si or Cu, the binding enthalpy

is very strong, and in excess of −0.5 eV for the compact 1-1-2 configurations, so

Si and Cu will strongly bind to vacancies and migrate via this pathway (more so

than Ni and Mn), in agreement with previous work that has found solute drag

is strong at RPV temperature and drives formation of solute-defect clusters [81,

110]. Indeed, Si and Cu divacancy triplets have stronger binding enthalpies than
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pure vacancy triplets for all configurations studied, suggesting that there is a

solute-vacancy synergy that can occur both ways, i.e. solutes can stabilise va-

cancy clusters as well as vacancies stabilising solute clusters, in agreement with

experimental observations that irradiation induced vacancies are stabilised by

forming vacancy-solute complexes [93]. However, from studies of triplet clusters

alone it is difficult to say whether Si and Cu may act as vacancy traps as previous

works have found both that the presence of solutes can stabilise vacancy clusters

[81], but also that large solute clusters (of Cu) are more mobile than single atoms

[217].
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Figure 3.8: Binding enthalpies of triplet clusters containing two vacancies, in
the different configurations shown in Fig. 3.4. compared with previous works by
Bakaev et al. [117] (orange inverted triangles) and Bonny et al. [125] (purple
triangles).

Combining the findings from sections 3.3.2 and 3.3.3 suggests that locally,

vacancies, Cu and Si will aid initial cluster growth due to the attractive binding

enthalpy of triplets and pairs that include these species. Further, it was found

that both the ordering of species (particularly in the case of Si-Si-X triplets) and
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the configurational shape (1-1-2, 1-1-3 or 1-1-5) are important when parameter-

ising higher order codes due to the differences in binding enthalpies that can

arise.
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3.4 Three-body interactions

As previously discussed, Monte Carlo methods are a common tool for modelling

cluster nucleation and growth. Due to the computational expense of the DFT

calculations used to parameterize Monte Carlo codes, DFT-Monte Carlo simu-

lations so far have only taken into account defect pair interactions, for example

Refs. [128–131]. In this section I address this issue by explicitly calculating the

binding enthalpies predicted from only defect pair interactions and comparing

them with the triplet binding enthalpies.

Fig. 3.10 quantifies the error associated with the 3-body binding enthalpy

when only using defect-pair interactions (Eq. 2.28). The smallest deviations in

binding enthalpies were observed for pure solute triplets (|∆Eb| <∼ 0.1 eV ); of

those that deviate, the majority of the binding enthalpies were underestimated2

by omitting the contributions from three-body interactions. Where one or two

vacancies are present, all but two triplets in Fig 3.9 underestimate the binding

enthalpies (by up to 0.3 eV) for both repulsive and attractive triplets. There-

fore, by only taking defect pair interactions into account in previous works, there

will have been a bias for cluster formation around interstitial loops rather than

vacancy clusters in Monte Carlo codes and a subsequent underestimation of the

impact vacancy clusters can have on the nucleation and growth of solute clus-

ters could have been made. Indeed, solute drag by vacancies is important for

migration of all solutes under consideration [81] as well as the role of SIAs. It

is therefore reasonable to deduce that the three-body terms should be used for

parameterisation of future models in parallel with the recent results from SIA

models for a more accurate model of cluster behaviour.

2Here, underestimation means that less favourable binding enthalpies are predicted.
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Figure 3.9: Magnitude of three-body interaction in triplet clusters; defined as
the difference in binding enthalpies between explicit DFT calculation of triplets
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exact agreement and the dashed lines represent deviations of±0.1 eV respectively.
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3.5 Comparison with inter-atomic potential

Through the development of inter-atomic potentials, atomic systems can be sim-

plified such that it is possible to model many more atoms and take into account

time evolution, temperature effects etc. The caveat of this is that the accuracy

of interatomic potentials is somewhat limited to the specific properties that it

has been fit to from experimental, theoretical or DFT data, depending on how

much of the underlying physics is captured; as such, making predictions outside

of the scope of the potential can lead to erroneous results. This is often seen

when potentials are developed for chemically complex systems where accurately

reproducing interactions or binding enthalpies for some species will be prioritised

at the expense of the accuracy of reproducing other properties of the system.

In 2013, a potential for the RPV system was published by Bonny et al. [124],

which aimed to model the quaternary Fe-Cu-Mn-Ni alloy3, based on DFT data of

solute/defect interactions and experimental data. However, the development of

the potential centred on successfully replicating solute-Mn and solute-dumbbell

enthalpies, at the expense of reproducing solute-vacancy enthalpies. Despite

finding that Ni-Mn pairs and triplets were unstable, it was found that Ni-Mn

quadruplets/tetradhedrons were stable and so the enthalpies of MnNi pairs and

triplets were altered to facilitate cluster growth in KMC simulations.

Here, I have compared DFT calculated enthalpies of triplets with those cal-

culated from the Bonny potential (see Fig. 3.10), from which it can be seen that

there is very poor agreement between the inter-atomic potential and the DFT

results for all configurations studied. This may be expected for the 1-1-3 and

1-1-5 clusters as the potential was based only on 1nn and 2nn interactions, but

it is seen that there is also poor agreement with the 1-1-2 configurations.
3There is no current RPV steel potential that includes Si.
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Figure 3.10: Graph showing the comparison of DFT calculated triplet enthalpies
with those from the Bonny potential. The solid line represents exact agreement
and the dashed lines represent deviations of ±0.1 eV respectively.

In order to determine the main cause of the discrepancies, figures highlight-

ing different properties of the clusters are shown in Fig. 3.11. In Fig. 3.11a, the

differences based on whether the clusters are pairs or triplets is highlighted. It

is seen there is reasonable agreement for most solute pairs; the potential is poor

at predicting the binding enthalpy of repulsive pairs though and overestimates4

four pairs as having close to 0 eV when in fact DFT suggests they will be 0.1–0.2

eV repulsive. However, this is somewhat expected as repulsive pair binding en-

thalpies were changed from their DFT values in the development of the potential

to better predict solute clustering.

In Fig. 3.11b, the clusters are separated according to the number of vacan-
4As above, overestimation means that more favourable binding enthalpies are predicted.
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cies they contain and it can be seen that for all but two clusters, the potential

underestimates higher (less bound) enthalpies for triplets containing vacancies.

This is attributed to the fact that defect pair or two-body interactions (which

the potential developed by Bonny et al. is based on) cannot accurately model

triplets containing vacancies, as was shown in Fig. 3.9 and overpredicts the en-

thalpies of these clusters and because the binding enthalpies of Ni/Mn/Cu with

vacancies were not specifically targeted in the development of the potential and

so Ni/Mn/Cu-vacancy binding enthalpies could not be reproduced well. In terms

of the impact on the potential, which has been used for KMC simulations, it is

suggested that this will have under-stated the role of vacancies in solute migra-

tion and cluster stability.
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Figure 3.11: Graphs showing comparison of inter-atomic potential calculated en-
thalpies with DFT calculated enthalpies, highlighted according to cluster compo-
sition. The solid line represents exact agreement and the dashed lines represent
deviations of ±0.1 eV respectively.
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3.6 Magnetic effects

Inter-atomic potentials cannot generally model spin explicitly (although “mag-

netic” potentials have recently been developed [138, 218]), rather they are de-

veloped to fit the predicted magnetic states from DFT calculations. However,

it is well-established that the magnetic state can change depending on the local

environment, particularly in the case of Mn in Fe [83], which is explored further

in this section.

3.6.1 Magnetic moment of Mn pairs

First, the interaction of Mn with other minor alloying elements was evaluated.

Fig. 3.12 shows that the largest effect on the magnetic moment is caused by

the presence of a Ni or Mn atom, which changes the magnetic moment of Mn

from antiferromagnetic to ferromagnetic. Interestingly, although the magnetic

moment of Mn returns to its ground state value at 2nn separation from Ni, it

remains metastable for all Mn-Mn separations modelled suggesting that there is

a long-range interaction. By relating this back to the pair-binding enthalpies in

Fig. 3.2, it is seen that the Mn-Mn interaction enthalpies do not go to zero for any

separation. The increased magnetic moment of Mn is due to the requirement for

long-range tensile relaxation of the nearest neighbours along the 〈111〉 direction

for antiferromagnetic coupling, which is hindered by the presence of other Mn

atoms [83]. For the other species studied, it is seen that there is little effect on

the magnetic moment of Mn beyond 1nn.
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Figure 3.12: Graphs showing how the magnetic moment of Mn changes when
close to other solutes at different nearest neighbour positions. The dashed grey
line represents the magnetic moment of a single Mn atom in the bulk bcc Fe
matrix.
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3.6.2 Magnetic moment of Mn triplets

It is known that when Mn is in the ferromagnetic state, the substitution en-

thalpy increases by 0.10 eV for a 128 atom supercell [83]. Hence, it is expected

that triplets containing ferromagnetic Mn will be higher in enthalpy than those

containing antiferromagnetic Mn. Fig. 3.13 shows the magnetic moments of Mn

atoms in the various triplets modelled in section 3.3.2. Interestingly, the config-

uration (1-1-2, 1-1-3 or 1-1-5) has no discernable effect on the magnetic moment.

Triplet structures including two or three Mn atoms have a wide spread in the

magnetic moments of Mn; the largest variation was found for the Mn-Mn-Ni

triplets. The instability (elevated binding enthalpy) of Mn-Mn-Mn, Mn-Mn-Ni

and Mn-Ni-Ni triplets (reported in section 3.3.2) compared to triplets containing

Si, Cu or a vacancy is partially attributed to the ferromagnetic state of Mn in the

pure Mn/Ni triplets. Further, for triplets containing two Mn atoms at 1nn and ei-

ther Cu, Si or a vacancy it was found that the Mn atom at 1nn to Si/Cu/vacancy

relaxed into the antiferromagnetic state, while the other Mn atom relaxes into

the ferromagnetic state, i.e. the presence of Cu, Si or a vacancy can stabilise

the magnetic moment of the Mn atom, but this does not appear to be a long-

range effect. Finally, for pure Mn triplets, it was found that for 1-1-5 triplets,

all Mn atoms relax to the ferromagnetic state (this may explain the increased

(less favourable) binding enthalpy of 1-1-5 triplets compared to 1-1-2 and 1-1-3

triplets), while for 1-1-2 and 1-1-3 triplets, the central Mn atom (B in Fig. 3.4)

relaxes to the ferromagnetic state and the others to the antiferromagnetic state.

While these results indicate possible causes of stability of the magnetic mo-

ment of Mn in bcc Fe, it is acknowledged that magnetic effects will be very

different at RPV temperatures (∼ 600K), particularly as α-Mn has a Néel tem-

perature of 98 K. Further, it has been established that supercell size can affect
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the magnetic moment [83].
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Figure 3.13: The magnetic moments of Mn in the different triplets studied, with
other species in the triplet listed on the x-axis. Magnetic moments are separated
according to configuration (1-1-2 are blue squares, 1-1-3 are orange triangles and
1-1-5 are green inverted triangles). The dashed grey line represents the magnetic
moment of a single Mn atom in the bulk bcc Fe matrix.
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3.7 Summary and conclusions

In summary, studies of the interactions between the most important clustering

solute species from 1nn to 5nn have found that interactions are small beyond

2nn separation. The exception for this is the case of Mn-Mn pairs, where the

long-range magnetic effects force the Mn atoms into a higher spin state resulting

in an increased (less favourable binding enthalpy).

By studying the binding enthalpies of triplet solute clusters in RPV steels, it

has been found that both the cluster composition and cluster configuration can

affect the enthalpies of the triplet clusters. The ordering is particularly important

for Si-Si-X clusters where the enthalpies change by ∼ 0.5 eV depending on the

separation of Si atoms relative to each other. Further, it was found that pure

Ni-Mn clusters are not energetically favourable and so, in the absence of SIAs,

will need vacancies or other solute species to stabilise their growth.

By comparing the binding enthalpies of DFT triplets with that of the sum of

defect pair interactions, it was found that important energetics are omitted by

only considering solute pairs, particularly for those including vacancies and this

may have lead to errors in previous Monte Carlo works that have underestimated

the role of vacancies in solute migration and cluster stability. By comparing

DFT calculated enthalpies with those from the Bonny Fe-Ni-Mn-Cu potential it

has been found that there is significant disagreement between DFT calculated

enthalpies and those from the potential with underestimation of the binding

enthalpies of clusters, particularly for those including vacancies.

Finally, studies on the magnetic moment of Mn in bcc Fe when part of a

pair or triplet found that Cu, Si and vacancies stabilise the antiferromagnetic

magnetic state of Mn in bcc Fe, while Ni or another Mn atom will increase the

magnetic moment of Mn. This is further seen in triplet clusters where for X-
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X-Mn triplets (where X is Ni, Si or a vacancy), the magnetic moment of Mn is

stabilised in the antiferromagnetic state but for triplets containing two or more

Mn atoms, there is a large spread of magnetic moments of Mn.

These results can be used in higher order codes (such as Monte Carlo) to

model larger system sizes more accurately than previously possible. Due to the

complexity of RPV alloys, there will be many distinct species present and clusters

will also have significant Fe content [68, 219, 220] and so when including triplet

interactions in parameterisation of larger scale codes, it is important to take into

account the configurational shape, chemistry and ordering of the triplet.
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Chapter 4

Strained environments

This chapter presents work relating to the study of solute behaviour in strained

environments. The magnitude of the strain fields modelled was chosen to sim-

ulate the strain field around a dislocation loop as calculated using molecular

dynamics. The effect of strain on the substitutional enthalpies of solutes and

formation enthalpy of vacancies and dumbbells and binding enthalpies of solute-

vacancy and solute-solute pairs was calculated using DFT. Finally, regression

fitting was performed to generalise these results to arbitrary volumetric strains.

121



4.1 Motivation

One possible drive for the formation of Mn-Ni-Si clusters in low Cu steels is the

strained lattice environment caused by dislocation loops. The formation of dislo-

cation loops is common in RPV steel due to the high energy neutron irradiation

and both the 1
2〈111〉 and 〈100〉 loops [58, 221] have been identified by TEM since

1960 (see Fig. 4.1) [58, 100, 222–224]. Further, experimental observations of

decorated interstitial loops and grain boundaries surrounded by solute-vacancy

clusters suggest that these may act as nucleation points for solute clusters [50,

59–62]. In particular, Miller et al. found that the extended cylindrical and spher-

ical shapes of the clusters found in atom probe studies of irradiated RPV steel

could be readily explained by the formation of Cottrell atmospheres as a result

of the clustering of solutes (and vacancies) in the stress fields associated with

dislocations [63, 64]. In an additional study by Meslin et al., it was found that

the planar shapes of solute clusters were most likely to have been created by the

segregation of solutes to dislocation loops [61]. Further, it has previously been

shown, from computational simulations, that the strain fields of dislocation loops

can have significant interactions with point defects such as substitutional atoms,

vacancies and interstitials, of the order of 1 nm away from the dislocation core

suggesting that long range attraction of solutes is possible [225, 226].

Recent KMC work has found that self-interstitial atoms (SIAs) could be cru-

cial for solute migration and cluster growth, particularly for Mn [112, 113], and

that while vacancy drag still plays an important role for Cu, Mn, Ni and Si at

RPV operational temperature (∼ 600 K) [81], self-interstitial loops caused by the

migration of SIAs/dumbbells will attract solutes to create decorated loops of SIA

cores, surrounded by shells of Mn, Si and Ni. This is supported by experimental

data [61, 95, 98, 227].
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Figure 4.1: TEM images showing different loop orientations in Fe irradiated to
a dose of 2 ×1018 ions m−2 at Tirr = 400 ◦C. Adapted from [224].

Despite the findings from KMC of decorated interstitial loops, there has been

little research on the effect of strain on solutes and solute clusters, with the ex-

ception being a recent DFT study by Domain and Becquart [82]. In the work,

studies of the interaction enthalpies of small 〈111〉 interstitial loops (7, 19 and 37

atoms) with isolated solutes and solute pairs were performed to understand the

driving force for solute clustering within interstitial loops. However, due to the

quantum mechanical treatment used in DFT, there is an associated high compu-

tational expense that makes modelling systems larger than a few hundred atoms

very resource intensive. Due to the limited system size, Domain et al. were

only able to model atomic sites within and immediately outside of the intersti-

tial loops, even using ∼ 1500 atoms, rather than in the surrounding extended

strained environment. As such, they compared DFT results with those from

several empirical potentials used to model the Fe-Cu-Mn-Ni [133], Fe-P [137],

and Fe-Cr [228] systems to determine whether the empirical potentials could be
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used to accurately model larger systems with dislocation loops similar in size to

those found experimentally. Good agreement was found with the Fe-P potential,

but not for the Fe-Cu-Mn-Ni or Fe-Cr systems (see Fig. 4.2). The disagreement

between DFT and the Fe-Cu-Mn-Ni potential is unsurprising given that it was

found in chapter 3 that the potential is poor at modelling interactions in perfect

lattices.

There are three main issues to address for modelling the interaction of defects

with dislocation loops: (1) the size limitations of using accurate codes such as

DFT, (2) known inaccuracies in the interatomic potentials, (3) the exclusion of Si

from inter-atomic potential sets, presumably due to the difficulty of fitting Si into

an embedded atom type scheme. Hence, accurately modelling the interactions

of solutes known to cluster (Cu, Mn, Ni and Si) with larger dislocation loop

sizes will be very difficult without further potential development. In this work,

I seek to address these issues by taking a first step towards bridging the gap

between DFT and codes that facilitate larger system sizes, namely MD and

Monte Carlo, by modelling Cu, Mn, Si and Ni in strained Fe lattices using DFT

with relatively small supercell sizes of ∼ 100 atoms. The use of this simpler and

more general approach provides wider applicability for modelling different loop

sizes and including orientations not reported by Domain et al. of 〈100〉 dislocation

loops that are always observed at RPV temperatures (∼ 600K) [58, 229] and can

form up to 80 % of the observed loops in irradiated steel [55]. These calculations

are also orders of magnitude faster than the high fidelity calculations of Domain

et al. By feeding these results into larger scale codes, empirical potentials for use

with MD and Monte Carlo codes can be checked and possibly improved.
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Figure 4.2: Figure showing calculated binding enthalpies for solutes with 37 atom
〈111〉 interstitial loops, modelled by Domain et al. [82]. Dashed lines are results
from interatomic potentials, solid lines are from DFT. Agreement between DFT
and EAM potentials is poor for the Fe-Cu-Mn-Ni potential developed by Bonny
et al. [133], but good for the Fe-P potential developed by Ackland et al. [137].
Adapted from [82].
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4.2 Strain fields in bcc Fe

As previously mentioned, the strains imposed within this study are modelled from

dislocation loops relaxed using MD1 with the potential developed by Bonny et

al. [77]2 (see Fig. 4.3). The strain field varies between −5 % and +5 % for

both volumetric and shear strains in the x, y and z directions, these results

are consistent with work by Sivak et al. [225]. These findings suggest that

volumetric strains will be as high as ±3 %, 1 nm (10 Å) away from the centre

of the core of the dislocation loop, this is consistent with previous works that

have found that dislocation loops can produce significant lattice interactions with

point defects such as substitutional atoms, vacancies and interstitials, more than

1 nm away from the dislocation core [225, 226]. As strain fields rarely exceed

±5 % around the modelled dislocation loops, I have concentrated on modelling

the strain fields predicted by MD to determine the effect of strains (within these

limits) on different atomic defects using DFT.

1MD simulations performed by D. C. Parfitt.
2While the Bonny potentials are unable to model chemically complex interactions involving

different atomic species, they are able to model pure Fe with high accruacy.
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Figure 4.3: Strain field surrounding 19 atom and 65 atom 〈111〉 orientated dis-
location loops in bcc Fe. It can be seen that both volumetric and shear strains
vary between −0.05 and 0.05 (−5 % – +5 %). The strain field is stronger for the
19 atom loop than the 65 atom loop close to the centre. Calculations performed
by D. C. Parfitt.
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4.3 Hydrostatic strain

4.3.1 Solute and vacancy substitution enthalpies

For all work in this section, hydrostatic strains are given relative to the DFT

calculated lattice parameter for pure bcc Fe, i.e. a +5% hydrostatic strain for

the 128 atom supercells modelled corresponds to a simulation cell dimension

increase from 11.32 Å to 11.86Å in the x, y and z directions. Figs. 4.4 and 4.5

show the substitutional enthalpies of Cu, Mn, Ni, Si and formation enthalpy of

vacancies in bcc Fe as a function of hydrostatic strain respectively. Si has a strong

preference for substitution and has a relatively high solubility in ferritic Fe (∼ 10

at. % at 600 K) [33, 230, 231]. Interestingly, the substitutional enthalpy of Si

does not show a clear dependence on strain, this is despite the smaller atomic

size compared to Fe. Both Ni and Mn have a more limited solubility in ferrite

(∼ 4 at. % at 600 K) [33], while Cu has very low solubility in ferrite (∼ 0.003

at. % at 600 K) [50, 68]. The atomic radius of Fe is 140 pm and the atomic radii

of Cu, Mn, Ni and Si are 135 pm, 140 pm, 135 pm, 110 pm respectively. Hence,

while it might be expected that Cu, Mn and Ni prefer tensile strain due to the

similar size to Fe, it is surprising that Si does not prefer compressive regions of

strain. Further, it is seen that tensile strain increases the solubility of Ni, Mn

and Cu in the ferrite lattice with off-trend behaviour at +5% strain. This is

investigated further in section 4.5.

Due to the high energy (E > 1 MeV) neutron fluence experienced by a RPV,

both vacancies and SIAs are readily created and available, above equilibrium

concentrations, during operation. Vacancy formation enthalpy is found to be

greater than 2 eV, in agreement with previous works [81, 116, 143, 217], but

this is significantly reduced by more than 1 eV for compressive regions of strain
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(see Fig. 4.5); as such, there will be thermodynamic drive for vacancy formation

in, and migration to, regions of compressive strain such as those generated by

the presence of interstitial loops, although barrier energies are also likely to be

affected by strain fields. Interestingly, there is not a corresponding large increase

in the formation enthalpy of vacancies in regions of tensile strain, suggesting that

vacancies may also be found in regions of tensile strain if other factors regarding

the local environment (e.g. presence of solutes and vacancy concentration), not

taken into account here are favourable. It is also acknowledged that vacancies

which migrate to interstitial loops may annihilate with SIAs.
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Figure 4.4: The effect of hydrostatic strain on the substitutional enthalpy of Si,
Mn, Ni and Cu in 128 atom Fe supercells.
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Figure 4.5: The effect of hydrostatic strain on the formation enthalpy of vacancies
in 128 atom Fe supercells.
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4.3.2 Solute-solute binding enthalpies

In this section the effect of strain on solute-solute binding enthalpies is deter-

mined. As shown in chapter 3, solute interaction is much reduced past second

nearest neighbour (2nn), and so only 1nn and 2nn solute pairs have been stud-

ied. Calculations have been performed for Cu, Mn, Ni and Si same solute pairs

(Figs. 4.6 & 4.8) and mixed solute pairs (Figs. 4.7 & 4.9).

Fig. 4.6 shows that Ni-Ni and Mn-Mn 1nn pairs become more favourably

bound in compressive regions of strain, compared to the unstrained region, and

the interaction changes from being weakly repulsive to attractive for both pairs.

Further, Fig. 4.7 shows Ni-Mn pairs are slightly more favourable under regions

of compressive strain, compared to unstrained regions, although the binding en-

thalpies are slightly positive, it is possible temperature effects could overcome

this. This suggests Mn and Ni will favour clustering with like species in com-

pressive regions of strain. Si-Si pairs are shown to be most repulsive under com-

pressive strain, which is an interesting result as it is predicted Si will migrate to

compressive regions of strain via a vacancy driven process (Si-vacancy binding

enthalpies are ∼ −0.3 eV for 0 to −5 % hydrostatic strain, see section 4.3.3) due

to the more favourable vacancy formation enthalpy in compressive regions and

the established vacancy drag of Si [81]. Further, the binding enthalpy of Si-Si

pairs is repulsive at both 1nn and 2nn (0.26 eV and 0.12 eV at zero strain respec-

tively) for all strain fields studied in this work; this provides an explanation as to

why pure-Si clusters have not been seen experimentally, even in model binary al-

loys [93]. Cu-Cu binding enthalpies are found to be attractive for all strain fields

and so pure Cu clusters will develop without the need for a dislocation loop to

nucleate growth, as is seen with CRPs [51, 84, 232, 233]. Mn-Si and Cu-Si pairs

both prefer zero strain regions, therefore are not predicted to preferentially nu-
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cleate around dislocations. It is also seen that for some solute-solute pairs at

zero strain there is a noticeable increase/decrease in binding enthalpy relative to

±1% strain, this is particularly pronounced for Cu-Cu, Si-Si and Mn-Ni pairs,

however it has not been established whether this is a DFT effect or due to extra

stability/instability at zero strain relative to the strained cases. Futher, Cu pre-

cipitates have also been found to cause compressive regions of strain in Fe due to

the lattice misfit [234], and so there will be drive for solutes to nucleate around

Cu precipitates due to both strain and chemical effects, in good agreement with

experimental findings of Cu cores surrounded by Mn-Ni-Si enriched shells [26,

44, 46, 47, 92].
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Figure 4.6: The effect of hydrostatic strain on the binding enthalpy of same
solute-solute pairs at 1nn separation in 128 atom Fe supercells.
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Figure 4.7: The effect of hydrostatic strain on the binding enthalpy of mixed
solute-solute pairs at 1nn separation in 128 atom Fe supercells.

133



Figs. 4.8 and 4.9 show solute-solute binding enthalpies at 2nn separation. It is

seen that solute-solute interactions are weakened greatly for all cases compared to

1nn separation, due to the increased solute-solute distance. The strongest inter-

actions are between Si-Si atoms, which are repulsive. Overall, most solute-solute

binding enthalpies for 2nn separation appear to be insensitive to the effect of

strain, although Mn-Mn pairs become slightly more favourable under compres-

sive strain. As the majority of 2nn interactions are not significantly repulsive

(∼ 0.1 eV), 1nn interactions will likely dominate the energetics.
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Figure 4.8: The effect of hydrostatic strain on the binding enthalpy of same
solute-solute pairs at 2nn separation in 128 atom Fe supercells.
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Figure 4.9: The effect of hydrostatic strain on the binding enthalpy of mixed
solute-solute pairs at 2nn separation in 128 atom Fe supercells.
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The results from this section show that defects are not required to be present

for binding to occur for Cu-Cu, Si-Mn, Si-Ni, Si-Cu, Mn-Cu or Ni-Cu 1nn pairs

[112, 118, 119]. When strain is introduced Mn-Mn and Ni-Ni 1nn pairs become

more favourable while Si-Ni and Ni-Cu 1nn pairs remain strongly bound in com-

pressively strained regions. All 1nn solute pairs studied in this work are less

favourable in tensile strained regions compared to the unstrained case, with the

exception of Si-Si 1nn pairs which is attributed to the strong repulsive binding

enthalpy.
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4.3.3 Solute-vacancy binding enthalpies

Figs. 4.10 and 4.11 show the binding enthalpies of Cu-, Mn-, Ni-, and Si-vacancy

pairs at 1nn and 2nn separation respectively when subjected to hydrostatic

strains. It can be seen that both Cu and Si stay strongly bound to a vacancy

in 1nn for compressive strains and become significantly less attracted for large

tensile strains. The magnitudes and sensitivity to strain of the binding enthalpy

of solute-vacancy pairs in 2nn separation are found to be smaller than the 1nn

solute-vacancy binding enthalpies; this is likely to be because there is smaller

electronic interaction at larger distances. Furthermore, there is a reverse trend

for 2nn pairs whereby the compressive regions generally induce less favourable

binding enthalpies than the tensile regions. This could be related to the “Friedel-

like” relaxation of the nearest neighbour shells around a vacancy observed in the

past, where it alternates between compression and tension3 [112].

An attractive binding enthalpy with a vacancy is necessary at 1nn and 2nn

for vacancy driven solute drag to occur, it is likely that Mn in particular will

diffuse more slowly or disassociate with vacancies in large compressive strain

fields (< −3 %) due to the small but mildly positive binding enthalpies in this

region. The binding enthalpy of Ni with a vacancy at 1nn is very dependent on

strain and varies by 0.30 eV depending on the magnitude of the strain. It can also

be seen that it becomes more favourable for the vacancy to be in 1nn position

rather than 2nn for compressive strains greater than ∼ −2 %. Ni-vacancy 1nn

pairs are 0.21 eV more favourably bound for −5 % hydrostatic strain relative to

the unstrained case, which is significant when compared to the thermal energy at

600 K (∼ 0.05 eV). Mn-vacancy 1nn pairs are also more favourable under regions

of compressive strain.

3N.B. 2nn solutes are in tension.
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Figure 4.10: The effect of hydrostatic strain on the binding enthalpy of solute-
vacancy pairs at 1nn separation in 128 atom Fe supercells.
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Figure 4.11: The effect of hydrostatic strain on the binding enthalpy of solute-
vacancy pairs at 2nn separation in 128 atom Fe supercells.
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An important observation from Figs. 4.10 and 4.11 is that the majority of

binding enthalpies are negative suggesting solutes bind to vacancies under most

strained conditions. Combined with the findings from Fig. 4.5, i.e. that the

vacancy formation enthalpy in regions of compressive strain is greatly reduced

compared to an unstrained region (∼ −1.10 eV) it can be inferred that if va-

cancies migrate to regions of compressive strain, the vacancies could be trapped.

It follows that, if Mn, Si or Cu diffuses to this region of compressive strain (or

even small tensile strain) they will also be trapped if they encounter a vacancy,

although this will be less pronounced in the case of Mn due to smaller differences

in magnitudes. For Si and Cu this preference for trapping is not predicted to be

limited to the compressive region but extended to small tensile strain regions as

well. Indeed, several tens of Cu atoms have been found to be more mobile than

single Cu atoms due to vacancy trapping [217].

When assessing the data in this and the previous section there is a strong case

that Ni-vacancy-solute complexes could preferentially nucleate in the compressive

regions. This is because around a dislocation under large compressive strain the

binding enthalpy of Ni-X (where X is Cu, Ni or Si) pairs are of similar magnitude

to Ni-vacancy pairs, and so it may become energetically favourable for Ni to

bind to a solute, either disassociating from the vacancy or forming Ni-vacancy-X

complexes. This hypothesis is well supported by the work on triplet clusters in

chapter 3 where it was shown Ni-vacancy-solute triplets have an increased binding

enthalpy (∼ −0.4 eV) compared to Ni-vacancy pairs in unstrained regions. This

is not seen to the same extent in the case of the other solute species where the

binding enthalpy with a vacancy is either too strong (Cu and Si) or there is not

significant attraction to another solute species (Mn).
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My current hypothesis assumes Cu, Mn, Ni and Si migrate via a vacancy

driven mechanism, which is currently the most supported theory within the lit-

erature [81, 112, 117, 118, 133, 143] although SIA migration is thought to play a

larger role for Mn (discussed later in section 4.3.4). To summarise, compressive

strain regions caused by the presence of dislocation loops will act as nucleation

sites for solute clusters by attraction of vacancies, which in turn bind to and drag

solutes to the strain field of the dislocation forming Cottrell type atmospheres

[63, 235].
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4.3.4 Self-interstitial atom (SIA) stability

Due to the importance of SIAs in solute migration, particularly for Mn [112, 113],

simulations have been performed to model the effect of strain fields on both 〈111〉

and 〈110〉 pure Fe and mixed dumbbells. Fig. 4.12 shows that pure Fe dumbbells

are more favourable in the 〈110〉 orientation rather than the 〈111〉 orientation (by

∼ 0.75 eV) for all strain fields, in agreement with past literature [114, 115, 120,

236, 237]. Both orientations have significantly reduced formation enthalpy (∼ 2.5

eV) in regions of tensile strain. The change in formation enthalpy for dumbbells

is significantly larger than for vacancies under similar magnitudes of strain (albeit

compressive strain for vacancies). However, it is noted that the compressively

strained region extends further into the matrix from the dislocation core than

the tensile region, this is in agreement with other works [225].
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Figure 4.12: The effect of hydrostatic strain on the formation enthalpy of pure
Fe 〈110〉 and 〈111〉 dumbbells, which is significantly reduced in regions of tensile
strain.
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The binding enthalpies of mixed Cu-Fe, Mn-Fe, Ni-Fe and Si-Fe dumbbells in

strained environments have been calculated and results are shown in Figs. 4.13

and 4.14, binding enthalpies for unstrained supercells are in good agreement

with previous works [128, 131]. Mn-Fe 〈110〉 dumbbells are predicted to remain

bound under all strain fields studied, although become less bound for increasing

tensile strain suggesting that Mn-atoms are more likely to dissociate from a SIA

when under tensile strain. Ni-Fe and Cu-Fe 〈110〉 dumbbells are not bound for

any strain field studied and Si-Fe 〈110〉 dumbbells will not be bound under large

compressive strain and interact very weakly when subject to small volumetric

strains, so temperature effects are predicted to dominate. As such, while Fe

dumbbells will be more energetically favourable in regions of tensile strain, solute

drag is only expected be significant in the case of Mn. For all 〈110〉 dumbbells,

there is an abrupt decrease in binding enthalpy between +3 – +5 % tensile strain,

this is discussed further in section 4.5.

Fig. 4.14 shows that Cu, Mn, Ni and Si 〈111〉 solute-Fe dumbbells are bound

for all strain fields. However, due to the less favourable formation enthalpy of

the 〈111〉 dumbbell compared to 〈110〉 dumbbell, it is unlikely that 〈111〉 dumb-

bell migration will be the dominant mechanism. However, it is acknowledged

that other factors such as temperature and solute concentration could affect this

preference.

Solute migration will be driven by both SIAs and vacancies due to the large

decrease in formation enthalpy in tensile and compressive regions of strain re-

spectively. SIAs are more stable in tensile regions of strain (∼ 2.5 eV at +5

% strain) and vacancies are more stable in compressive regions of strain(∼ 1.1

eV at −5 % strain) suggesting that these defects will be found in higher con-

centrations in these regions. Due to the binding enthalpy of Mn with SIAs and
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the established Mn-dumbbell migration [127–129, 131], Mn will be dragged to

regions of tensile strain provided the strain fields do not alter the activation en-

ergies significantly. However, nudged elastic band (NEB) calculations are needed

to determine whether this is true and clustering may be limited by the repulsive

Mn-Mn interactions in tensile regions. Indeed, previous KMC works on the role

of SIAs in solute migration, which has found that interstitial-solute complexes

are mainly associated with Mn [130], and that Mn will migrate earlier via a

dumbbell driven mechanism than the other solutes that migrate via vacancies

[127–129, 131], although it was suggested in chapter 3 that these works may have

underestimated the role of vacancies ]. Both solute migration mechanisms will

of course be limited by the amount of vacancies and SIAs available in the matrix

though, both of which will increase with flux and fluence.
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Figure 4.13: The effect of hydrostatic strain on the binding enthalpies of mixed
〈110〉 dumbbells.
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Figure 4.14: The effect of hydrostatic strain on the binding enthalpies of mixed
〈111〉 dumbbells.
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4.4 Effect of shear strain on cluster nucleation

In this section results from the investigation of the effect shear strain fields have

on defects are presented. Fig. 4.15 shows the formation enthalpy of vacancies

and substitutional enthalpies of solutes in bcc Fe under pure shear strain. In this

section, the y-axis has been set to the same as for the volumetrically strained cal-

culations in each case for ease of comparison and so that the differences between

the effect of shear and volumetric strains are clear.

Vacancy formation enthalpies are reduced under shear strain, although the

magnitude is much smaller than under volumetric strain suggesting that while

shear strains may affect vacancy energetics, volumetric strains will be the be

dominant. Similarly, the effect of shear strains on the enthalpies of defect solutes

in Fe under shear strain is reduced compared to volumetric strain.

Binding enthalpies of solute-solute pairs have also been investigated (see

Fig. 4.16). It is seen that Ni-Ni interactions are unaffected by shear, while Si-Si

pairs are more energetically favourable in regions of positive shear, which we at-

tribute to the strong repulsive Si-Si interactions4, i.e. increased distance reduces

repulsion. The opposite effect is seen for Cu-Cu pairs which are attracted at

1nn and it is seen that negative shear (reduced separation) is more favourable.

Mn-Mn interactions are only affected at large shear strains, which is attributed

to the shallow magnetic energy landscape of Mn in bcc Fe. Mixed solute-solute

interactions are shown in Fig. 4.16b and it is seen that shear strains have little

effect on all binding enthalpies.

41nn sites are separated further under positive shear.
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Figure 4.15: Effect of shear strain on (a) the formation enthalpy of vacancies
and (b) the substitutional enthalpy of single solutes. The formation enthalpy of
a vacancy under hydrostatic strain is also shown for comparison.
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(a) Same solute-solute pairs.
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(b) Mixed solute-solute pairs.

Figure 4.16: Effect of shear strain on the binding enthalpies of (a) same-solute
and (b) mixed solute pairs.
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Figure 4.17: The effect of shear strain on the binding enthalpies of solute-vacancy
pairs.

The influence of shear strains on 1nn solute-vacancy binding enthalpies are

presented in Fig. 4.17. The change in binding enthalpy for Si-vacancy and Ni-

vacancy pairs from zero to ±5 % strain is not deemed to be significant (< 0.05

eV). However, Mn-vacancy and Cu-vacancy pairs did exhibit a change in mag-

nitude of their binding enthalpies, where the former decreases for all negative

strains and +5 % shear strains, and the latter also reduces for negative shear

strains. The stability of Mn in Fe was concurrently investigated by my research

group and the results were reported in [83]. It was shown that strains and the

presence of a vacancy have a marked effect on the electronic structure around

Mn in bcc Fe. There is a possibility that Mn and Cu will cluster in areas under a

negative shear strain, similar to those found close to screw dislocations, however,

this interaction is expected to be much smaller in magnitude than that for an

edge dislocation [238, 239].

Finally, the effect of shear strain on 〈110〉 dumbbells has been investigated. As

only Mn is expected to migrate via a SIA driven mechanism and as shear strains
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are known to have a reduced effect compared to volumetric strains, only 〈110〉 Fe

and 〈110〉 Mn dumbbells have been studied. It is seen from Fig. 4.18a that it is

more energetically favourable for dumbbells to form in positively sheared regions

than un-sheared or negatively sheared regions. Interestingly, this is different

to vacancy formation enthalpies which are preferable under both positive and

negative shear strains. However, this is again much reduced compared to the

effect of volumetric strains. Furthermore, the binding enthalpy of Mn-mixed

〈110〉 dumbbells is only weakly affected by shear strain and so shear strain,

again, is not expected to be a major drive for cluster nucleation.
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(a) 〈110〉 Fe-Fe.
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Figure 4.18: Effect of shear strain on (a) the formation enthalpy of 〈110〉 Fe
dumbbells and (b) the binding enthalpy of mixed 〈110〉 Fe-Mn dumbbells.
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As the effect of shear strain on all substitutional/formation/binding enthalpies

is much smaller in magnitude than the effect of volumetric strains for all defects

studied (for example, hydrostatic strains affect vacancy formation and 〈110〉

dumbbell formation enthalpies by 1.4 eV and 6 eV compared to 0.2 eV and 0.8

eV respectively when under shear strain), it is assumed that clustering in and

around dislocation loops will be driven by volumetric strain rather than shear

strain, and I continue my analysis using only the volumetric hydrostatic strains

and acknowledge that different behaviour will apply for shear strains.
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4.5 Deviations from trends

In previous sections, significant deviations from expected trends at +5 % tensile

strain were found. Investigations to determine if this is a supercell effect were

inconclusive. Further simulations were also run at +4 % and +5.5 % hydrostatic

strain (in 128 atom supercells) to determine if the off-trend behaviour is unique

to strains of +5 %, from which it was found that this deviation is seen for +4%

and +5.5% strain as well, suggesting this is not unique to +5 % strain.

Investigations into the residual supercell stresses in lattices containing defects

and the residual supercell stresses in perfect pure Fe lattices have also been made,

the results of which are shown in Figs. 4.19 and 4.20. As the strain fields are

hydrostatic, the traces of the residual stress tensors have been plotted.

Fig. 4.19 shows the effect of the imposed hydrostatic strain on the hydrostatic

stress of a pure Fe supercell. As may be expected, the stress is negative for

compressive strain and positive for tensile strain. Fig. 4.20 shows the difference

in the trace of the residual stress tensor of single solutes in bcc Fe compared to

pure Fe (i.e. relative to Fig. 4.19). It is seen that for Mn, Ni, Si and Cu the

difference in the residual stresses compared to pure Fe is relatively insensitive to

strain, although there is a slight trend of decreasing residual stress (compared

to pure Fe) for increasing tensile strain, and a very strong trend for lattices

containing vacancy defects. However, at +4 % tensile strain, there is a deviation

from trend and a large change is observed due to increased residual stress within

the supercells containing a defect compared to pure bcc Fe at high tensile strain.

It is likely that this change in residual stress is the cause of the anomalous results

at +5 % strain, hence, I continue my analysis by acknowledging that there is

increased residual stresses at high tensile strains compared to pure Fe that cannot

be accurately modelled by volumetric approximations and DFT calculations are
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needed to accurately calculate solute enthalpies.
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Figure 4.19: The effect of imposed hydrostatic strain on the residual stress in a
pure Fe lattice.
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Figure 4.20: Difference in the trace of the stress tensor of 128 atom bcc Fe
supercells with single solute/vacancy defects compared to 128 atom bcc defect-
free Fe supercells.
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4.6 Generalisation to arbitrary volumetric strain

There has been recent interest in using the elastic dipole approximation to fully

characterise point defects in strain fields so that estimations of defect enthalpies

can be made for arbitrary strain fields [240–243].

One method to determine the elastic dipole from atomic simulations is by

evaluating the Kanzaki forces in a defected supercell (see [244] for a full de-

scription of the method). Kanzaki forces are the forces that must be applied to a

supercell to produce the same displacement field in the perfect supercell as would

occur with the presence of a defect. However, due to the large defect core region

in the small simulation cells used in DFT calculations, the restoration zone for

the Kanzaki forces (i.e. the region not affected by the defect) is generally found

to be too small. Interatomic potentials can be used, so that studies can be made

on larger systems where this restoration zone for Kanzaki forces can be made

much larger, however, as discussed previously, the potential developed for the

Fe-Cu-Mn-Ni system [124] is in poor agreement with DFT calculations. While

other methods exist (see [240, 242]), there are similar issues with simulation sizes

and periodic boundary conditions.

As such, in this section, it is determined which defect enthalpies can be

approximated by simple regression analysis, at much smaller computational ex-

pense. For single solutes, linear fits were found to be sufficient, but for other

defects it was found that second order polynomial fits were needed to accurately

model the effect of strain on enthalpies. Due to the off-trend behaviour discussed

in section 4.5 at +5 % hydrostatic strain, fits have been made over the range

of −5 % to +3 % (see Fig. 4.21). Here the formation/substitution/binding en-

thalpies are plotted against the total volumetric strain, so that non-hydrostatic

strain fields can also be modelled. It is expected that these results can be used
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in future interatomic potential development and KMC codes to better describe

point defect interactions in strained regions.

Finally, to determine the accuracy of the fits, I have compared the predicted

strain fields from my model with those explicitly calculated in DFT, shown in

Fig. 4.22. The DFT results were obtained by modelling a selection of defects un-

der three different strain fields (see Table 4.1) to obtain a representative sample

size. Fig. 4.22 shows that there is excellent agreement for all point defects mod-

elled, and so these fits can be used for generalised strain fields within the range

of the model. The exact fitting parameters are given in the appendix A.2, along

with the R2 value to determine the quality of the fit. The R2 values are above 0.9

for most defects, although single Si solutes and Si-Mn pairs in particular show

poor fits.
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Figure 4.21: Examples of DFT data and the fits generated for prediction of defect
enthalpies under arbitrary strain fields. Fits are generally in good agreement (±
0.1 eV) for strain fields below +5 % tensile strain/15% volumetric strain. Note
that the x-axis has been modified to volumetric strain so that non-hydrostatic
strains can be modelled, see section 2.5.
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Key Element 1 Element 2 Separation x-strain y-strain z-strain

A Ni - - 1 3 3
B Vac - - 1 3 3
C Mn - - 1 3 3
D Si - - -2 4 -2
E Vac - - -2 4 -2
F Cu - - -3 -5 -1
G Mn - - -3 -5 -1
H Vac - - -3 -5 -1
I Ni Vac 1nn 1 3 3
J Ni Fe 〈110〉 1 3 3
K Mn Ni 1nn 1 3 3
L Mn Fe 〈110〉 1 3 3
M Mn Vac 1nn 1 3 3
N Si Si 1nn -2 4 -2
O Si Vac 1nn -2 4 -2
P Cu Vac 1nn -3 -5 -1
Q Cu Mn 1nn -3 -5 -1
R Mn Vac 1nn -3 -5 -1

Table 4.1: Table detailing the strain fields for different defects that were calcu-
lated both explicitly using DFT and using the volumetric fits developed in this
work.
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Figure 4.22: A comparison of point-defect enthalpies predicted from the regres-
sion analysis performed on the hydrostatic DFT calculations with the explicitly
calculated DFT enthalpies for various point defects in both compressive and ten-
sile strain fields. Dark grey line represents exact agreement and light grey lines
are ± 0.1 eV. Blue squares are for single solutes (Cu, Ni, Mn, Si or a vacancy)
and orange circles are for pair defects; solute-solute pairs, vacancy-solute pairs
or dumbbells.
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4.7 Conclusion and summary

In summary, I have studied the effect of volumetric and shear strains on solutes

and vacancies to understand solute energetics under different strain fields and

as a step towards being able to use higher order (faster) codes such as MD or

KMC to model the effect of interstitial loops on clustering solutes in bulk bcc Fe

based on spin-polarised DFT calculations. The goal of the study was to reveal

which strain fields, if any, are likely to attract solutes. It has been found that the

compressive regions of strain fields generated by dislocation loops likely act as

nucleation sites for cluster formation and growth due to the energetic preference

for vacancy formation (1.13 eV more favourable) and strong attractive binding

enthalpy (< −0.15 eV) between Cu, Mn, Ni, Si and vacancies in compressive

regions. Isolated solutes are not expected to migrate to regions of strain without

the aid of SIAs or vacancies.

Ni-Mn pairs in 1nn separation are more favourably bound in regions of com-

pressive strain, compared to unstrained regions and do not require vacancy sta-

bilisation. This could be the reason that these solutes are found to cluster in

low fluence regimes. Under large compressive strain, Ni-X (where X is Cu, Ni or

Si) pairs experience a similar magnitude of attraction as Ni-vacancy pairs, and

so it may become energetically favourable for Ni to bind to a solute, either dis-

associating from the vacancy or forming Ni-vacancy-solute complexes. Further,

it was found that the effect of hydrostatic strains on 2nn interactions and shear

strain on 1nn interactions is not expected to have a significant effect on binding

enthalpies.

The formation enthalpy of dumbbells is more favourable under tensile strain

and is reduced by ∼ 2.5 eV for +5 % tensile strain compared to the unstrained

case. Further Mn-Fe mixed dumbbells in both 〈110〉 and 〈111〉 orientation are
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bound for all strain fields studied. The current hypothesis in the literature is

that Mn will be dragged by SIAs to interstitial loops, but that Cu, Ni and Si

will not migrate via an interstitial driven mechanism, further, while vacancies

provide a migration pathway for all solutes, if stable dumbbells can form (in

the case of Mn), migration is likely to be quicker through dumbbell migration

[127–129, 131]. My findings suggest that vacancies will be trapped by regions

of compressive strain and SIAs by regions of tensile strain due to the reduced

formation enthalpies relative to unstrained regions. Hence, it is likely that defect

concentrations will be higher in strained regions but further work on transition

state energies in strained regions is necessary to determine the time-scales of when

this might occur. The findings in this chapter are based on the assumption that

complex defects such as dislocation loops will have both compressive and tensile

strains of significant magnitude several atomic units away from the core as has

been found to be the case for 〈111〉 loops. It is noted that the compressive region

extends further than the tensile region and that migration energies, diffusion

rates and energy barriers are needed to fully describe solute migration though.

Analysis of the supercell volumetric stresses caused by strain and point defects

within the Fe lattice has revealed that there is excess residual stress within the

lattices containing defects at high tensile strain compared to pure Fe resulting in

increased substitutional enthalpies and reduced binding enthalpies of pair defects

at +5 % tensile strain. As such, the regression analysis of volumetric fits was

limited to between −5 – +3 % hydrostatic strain. By comparing the binding

enthalpies predicted by the fits with DFT, it was found that there was very good

agreement and so these findings can be used in higher order codes.
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Chapter 5

Mn-Ni-Si phase precipitation

Part of the discussion and conclusions within this chapter were made from results

obtained from a collaborative research effort giving rise to two publications:

D. J. M. King, P. A. Burr, S. C. Middleburgh, T. M. Whiting, M. G. Burke,

M. R. Wenman “The formation and structure of Fe-Mn-Ni-Si solute clusters and

G-phase precipitates in steels”, Journal of Nuclear Materials 505 (2018), pp. 1-6.

D. J. M. King, M. Yang, T. M. Whiting, X. Liu, M. R. Wenman “G-phase

strengthened iron alloys by design”, Acta Materialia 183 (2020), pp. 350-361

In the previous two chapters, an examination of single solutes, pairs and

triplets in bcc Fe was performed. In this chapter, more of a “top down” ap-

proach is adopted, where highly concentrated clusters of compositions similar to

those found in experimental studies are simulated. Comparisons to G-phase and

Γ2-phase intermetallic compounds are made, which have been reported to form

in irradiated RPV steels. The substitutional enthalpies of many different solute

species, into these two compounds, are calculated to predict which alloying ad-

ditions could stabilise these structures. Special attention is given to the effect of
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Fe content on compound stability due to the contention within the literature on

this topic.
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5.1 Motivation

As mentioned in chapter 1, standard laboratory analysis methods cannot eluci-

date the structure or chemistry of solute clusters due to their size (∼ 1–3 nm).

However, APT is able to provide rough chemical analysis and has previously

found clusters with compositions close to that of the G-phase (Mn6Ni16Si7) and

Γ2-phase (Mn2Ni3Si) [90, 96], albeit with an uncertain Fe content [245]. This

is not sufficient evidence to confirm their existence as other effects such as in-

terfacial energy, solubility of Fe and defect population will affect their ability

to order. However, from an equilibrium perspective, provided the Fe content is

significantly reduced, compounds with such chemistries should form.

In a 2016 publication by Sprouster et al. experimental evidence of the G-

phase and Γ2-phase was presented and their existence was claimed from analysis

of small angle X-ray scattering (SAXS) and X-ray diffraction (XRD) techniques

(see Fig. 5.1). However the increase in intensity at higher scattering (Q) vectors1

for the irradiated L-series steels, that Sprouster attributes to the presence of

Ni-Mn-Si precipitates, is hard to distinguish. Further, there is no increase in

intensity seen for the irradiated low Cu (CR6) steel samples suggesting that any

increases are more likely due to the presence of Cu precipitates, rather than

Ni-Mn-Si phases. Sprouster further suggested that the X-ray diffraction (XRD)

analysis of the samples demonstrated the existence of crystalline intermetallic

phases due to a broadening of the Fe peak. However, while there is a slight

broadening in the peak post-irradiation, this is definitely not conclusive evidence

of Ni-Mn-Si phases as broadening may also occur due to the creation of matrix

defects.

1The increase in intensity at lower Q vectors is indicative of 40-70 nm features, attributed
to cementite particles.
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(i)

(iii) (iv)

(ii)

Figure 5.1: Work by Sprouster et al. claiming to show the presence of the G
and Γ2-phases in irradiated (i) & (ii) high-Cu and (iii) & (iv) low-Cu steels. The
circled upwards shift in the intensity in the SAXS patterns at high Q in (i) are
attributed to the formation of the intermetallics and the light blue lines in (ii)
and (iv) are the representative fits of the G and Γ2-phases respectively. Adapted
from [105].
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Hence, there is still no conclusive evidence of whether the G, Γ2 or other inter-

metallic phase will form in irradiated RPV steels, although there is evidence that

formation of the G-phase occurs in stainless steels. The mechanism is explained

as a two-step process whereby cluster growth happens first, followed by a struc-

tural change in the crystallographic orientation to form the intermetallic once

the cluster has reached a critical size (∼ 2.6 nm) [246]. Moreover, it was found

that solute content increased within the clusters without undergoing structural

changes, suggesting that both a critical size and a critical composition is needed

for the formation of the G-phase. A similar process is expected to occur for

the Γ2-phase. Hence, it is particularly important to determine the reduction in

Fe content required within clusters to favour the formation of the G-phase and

Γ2-phase over solute-enriched clusters in the bcc matrix. Further, it has been

suggested that both the G and Γ2-phases are likely to contain some amount of

Fe, with experimental studies suggesting it will be in the range of 6–17 at. %

[96, 219, 247].

CALPHAD simulations have also predicted the formation of both phases from

the Ni-Mn-Si phase diagram at RPV temperatures. Findings suggest that the

Mn content of the steel will shift the preference between the Γ2-phase and G-

phase where the former requires more and the latter less (the Mn content of the

Γ2 and G-phases are 33 at. % and 21 at. % respectively). However, the Mn:Ni:Si

ratios of the phases predicted by CALPHAD are typically close to the Mn:Ni:Si

rations in the bulk steel composition [157], hence it may be that clusters with

ratios similar to that in the bulk develop and APT studies have mis-interpreted

this as a thermodynamic drive for precipitate formation existing.

It is therefore of key importance for future generation reactors to determine

which minor alloying elements promote/inhibit the formation of either solute
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clusters/intermetallic phases. Regardless of whether solute clusters are radiation-

enhanced or radiation-induced, the formation of both clusters and precipitates

could potentially reduce reactor integrity through embrittlement.
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5.2 Γ2-phase

5.2.1 Determination of the Γ2-phase structure

State-of-the-art understanding is that the Γ2-phase structure (see Fig. 5.2) is of

the Fd3̄m space group with a Cu2Mg structure and lattice parameter of 6.687

Å (exp.) [248]. Mn content is fixed at 33.3 at. % but Ni and Si share a sub-lattice

over a composition range of 46.0–54.0 at. % for Ni and 12.7–20.7 at. % for Si, re-

sulting in a composition of the form Mn(Ni1−xSix)2, where 0.19 ≤ x ≤ 0.31 [157].

Currently, the ground state structure of the Γ2-phase is not well established; while

the Mn sites are known, the Ni/Si site occupancies are not. Investigations into

the formation energies of the three different stoichiometries: Mn0.33Ni0.54Si0.13

(containing 8 Mn, 13 Ni, 3 Si atoms), Mn0.33Ni0.50Si0.17 (containing 8 Mn, 12 Ni,

4 Si atoms) and Mn0.33Ni0.46Si0.21 (containing 8 Mn, 11 Ni, 5 Si atoms) have been

investigated using the site occupancy disorder method detailed in chapter 2 (see

Fig. 5.3). For the 24 atom Γ2 unit cell, a 8× 8× 8 k-point grid was found to be

converged. As all configurations and compositions are negative (favourable) in

formation enthalpy it is expected that the Γ2-phase will form in preference over

segregation of the species, under equilibrium conditions.

It is found that increasing the Si content lowers the formation enthalpy.

Therefore, it is expected that clusters of increased Si will favour the formation of

the Γ2-phase over Si poor clusters. This is in good agreement with experimen-

tal work that has found precipitate compositions are generally clustered around

higher Si content on the Ni-Mn-Si phase diagram, apart from in the case of high

Ni steels [90, 157]. However, RPV steels are typically deficient in Si content,

which ranges from one fifth to half of that of Mn or Ni [80, 87, 88, 91, 232, 249].
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Figure 5.2: Visual representation of the Γ2-phase structure with the Mn (purple)
sublattice and the shared Ni (grey) and Si (blue) sublattice. The structure shown
is for the Mn2Ni3Si stoichiometry. Partial occupancy of the Ni/Si sites is shown
as the exact atomic sites are not established.
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Figure 5.3: Formation enthalpy of the different Γ2 structures split according
to Si/Ni content, with energy dependent on atomic configuration. For future
sections the lowest energy configurations have been used for each Si/Ni content.
Average energies for each Si content are shown by dashed lines (– for 12.5 %
Si content, ·– for 16.67 % Si content and ·· for 20.83 % Si content). 192 atom
(2×2×2) supercells are shown as red stars to show convergence has been achieved
to within 0.01 eV/atom.

Table 5.1 presents the results obtained for the lowest enthalpy configurations

from Fig. 5.3. There is good agreement between the calculated and experimental

lattice parameter (6.687 Å). It is recognised that variations in atomic positions,

lattice parameter and formation enthalpies will occur due to thermal effects,

however, for this work we focus on the 0 K equilibrium configurations and ac-

knowledge that a full finite-temperature study including vibrational, electronic

and other contributions would lead to a variation of the relative stabilities and

related properties. The lowest energy configuration of each Γ2-phase for each

Si content depicted in Fig. 5.4. Here, it is seen that three of the Si occupied

sites are the same in all three structures, suggesting that if Si appears late in the
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clusters it will be energetically favourable to substitute onto a Ni site without

any re-ordering of the structure necessary. Further, the lowest energy structures

shown in Fig. 5.4 have Si distributed throughout the lattice in such a way to

maximise separation of the Si atoms, indeed, the least energetically favourable

structures have more Si atoms in 1st nearest neighbour positions to each other,

see Fig. 5.5. It is also seen that the structures with fewest Si atoms in 1nn po-

sitions to other Si atoms are lower in enthalpy (more favourable). This could be

attributed to the attractive binding enthalpy that Si exhibits with Mn and Ni in

the dilute Fe matrix, while Si-Si interactions are found to be repulsive at both

1nn and 2nn (see chapter 3), although I acknowledge energetics will be different

in a phase with no Fe.

Si content (at. %) Lattice parameter (a0) Formation enthalpy (eV)
12.50 6.6268 -4.90
16.67 6.6206 -6.55
20.83 6.6599 -6.87

Table 5.1: Table showing the properties of the lowest energy Γ2 structures for
the different stoichiometries, separated according to Si content.

0.1 nm
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Y

Figure 5.4: Structures of the three lowest energy configurations of the Γ2-phase
for the varying Ni/Si content. Mn, Ni and Si atoms are purple, silver and blue
respectively.
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Figure 5.5: Formation enthalpy of the different Γ2 structures, split by the number
of Si-Si atoms in 1nn positions for the different stoichiometries.
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5.2.2 Substitution of solutes into the Γ2 phase

For future generations of nuclear power plants, it is important to develop alloys

that will maintain their integrity for the lifetime of operation, which is likely to

be in excess of 60 years. Hence there is interest in determining which species will

reduce the preference for intermetallic formation. As a first step to determine

which species should be omitted from future RPV steels, the energetic favoura-

bility of Al, Cr, Cu, Fe, Ge, Hf, Mo, Nb, P, Ta, Ti, V, Zr, and vacancies to

substitute onto the different unique Γ2-phase lattice sites has been determined

(Fig. 5.6). In order to reduce the self-interaction energy of repeated solute im-

ages, 192 atom supercells were used for all simulations in this section.

In section 5.2.1, it was shown that the lowest energy 24-atom Γ2 structures

for each stoichiometry share eleven of the same Ni sites and three of the same

Si sites2 with the remaining Ni sites becoming Si sites for increasing Si content.

As such, substitution calculations have only been performed for one Γ2 structure

(the Mn2Ni3Si structure) to give a representative view of the Γ2 phase, but it is

acknowledged that there may be slight differences in energetics depending on the

exact structure. Further, for this structure, all Mn sites are equivalent, as are the

Si and Ni sites. 192 atom (2× 2× 2) supercells were used for these calculations

as 24 atom unit cell supercells were not found to be suitably converged for defect

calculations.

Fig. 5.6 shows that substitutional enthalpies are dependent on both the el-

ement that is replaced and the alloying element that is substituted into the

Γ2-phase. Cu prefers the Γ2-phase to the Fe matrix, which is attributed to the

very low solubility of Cu in Fe in bcc Fe (∼ 0.003 at. % at 290 ◦C) [68]. However,

Cu precipitation is a well-documented phenomenon [44, 66, 87, 89] and occurs
2Mn sites remain unchanged regardless of stoichiometry.
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Figure 5.6: Energetic favourability for different minor alloying elements that may
be used in future reactors to substitute into the Mn (1st column), Ni (2nd column)
and Si (3rd column) sites in the Γ2 phase from the bcc lattice. Negative values
represent favourable substitutions.

without the presence of Mn, Ni or Si, therefore, is likely to take precedence. This

is consistent with APT studies that have found Cu-containing MNS precipitates

[90] and clusters with Cu rich cores surrounded by Ni-Mn-Si shells [46, 250].

A small preference for P (∼ 0.15 eV) substitution is found on the Si site of

the Γ2-phase. Segregation of P to the grain boundaries is known to occur in RPV

steels [41, 42] and will likely occur in preference to substitution in the Γ2-phase.

Regardless, P and Cu have already been removed from current RPV steel alloys

due to the known degradation issues associated with them.

Fe is not predicted to substitute favourably on any of the atomic sites, how-

ever Fe occupation is experimentally observed in small concentrations within the

Γ2-phase in steels, presumably due to its abundance in the bulk. Further inves-
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tigations into the role of Fe in the formation of the Γ2-phase are presented in

section 5.2.3. Interestingly, there is a slight preference for Fe to substitute onto

the (in order of favourability) Si, Ni and Mn sites. This is in contrast to the site

favourability to substitute in the G-phase (discussed further in section 5.3.4).

Vacancy behaviour is particularly interesting, the replacement of Ni and Si

with a vacancy from bcc Fe is predicted to be quite favourable (∼ 0.5 eV), but

less so for Mn (∼ 0.25 eV). Vacancy concentration is high in irradiated steel and

these results suggest the Γ2-phase could behave as a vacancy sink for isolated

vacancies and it is possible this could also act as a growth mechanism for the

precipitates as vacancy driven migration occurs for Mn, Ni and Si in steels [81].

Further, while not the topic of this work, numerous studies have found that

Fe self-interstitials are particularly important for Mn migration to defect sinks

[112, 119, 127] and future works studying the interactions of self-interstitials with

phase formation would be of significant benefit to the RPV community.

Al is slightly favourable on the Mn site, but as the enthalpy is very small

in magnitude, the energetics of its substitution will be very dependent on other

factors, such as strain fields, temperature and solute concentration. Al is also

known to form aluminium oxides in RPV steels which will reduce its availability

in the matrix. Co is unfavourable on all sites so it is unlikely to be associated

with the Γ2-phase, although the very high activity of irradiated Co will prevent

its use in RPV steels.

Cr is ubiquitous to stainless steels and is being considered as an addition to

future advanced nuclear reactor structural materials as Cr additions have been

found to lead to much smaller DBTT shifts [251, 252]. Significant work has been

performed on studying the interaction of Cr with other minor alloying elements,

from which it has been found Ni-Cr interactions are repulsive and Si-Cr and
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Mn-Cr interactions are only slightly attractive (< 0.05 eV) [117, 125]. In this

study, Cr will not favourably replace any atomic site in any of the Γ2 structures,

therefore is not expected to stabilise the Γ2-phase, this is consistent with the

observed lack of Cr in Mn-Ni-Si clusters [87, 92, 253].

Ge and Re are unfavourable to substitute into all sites and so it is unlikely

that either will be found in Γ2 precipitates. Mo in RPV steel forms molybdenum

carbides that are very energetically stable so there will be limited Mo in clusters

and given it is unfavourable on all sites, it also will not be associated with the

Γ2-phase. V is unfavourable on all sites, likely due to its high solubility in bcc

Fe, and so is not predicted to associate with Γ2 precipitates.

Finally, Zr, Hf, Nb, Ta and Ti all substitute favourably onto the Mn site,

but not the Ni or Si sites. While favourable substitution alone is not a sufficient

result to conclude that these elements will substitute into the Γ2-phase, it has

previously been shown that these elements will migrate to point-defect sinks via

vacancy drag [209]. A similar trend is seen for the G-phase in section 5.3.4.

This is likely due to the chemical similarity of Mn with these species. Due to the

strong substitutional enthalpy on the Mn site in the Γ2 phase, for Hf (∼ −1.4 eV)

and Zr (∼ −1.6 eV) in particular and previously identified diffusion mechanisms,

these elements will likely enhance formation of the Γ2-phase in lower Mn steels.
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5.2.3 Similarity with bcc structure and Fe content

In this section, an investigation into the drive for Γ2-phase formation over that

of bcc Fe is made as a function of Fe content to model the competition be-

tween solute clustering and phase formation. The composition of the bcc struc-

ture was kept as close as possible to the stoichiometric Γ2-phase (Mn2Ni3Si or

Mn0.5Ni0.33Si0.17), although due to differences in crystal structure the com-

position of the bcc structure is slightly different: Mn0.31Ni0.50Si0.19. The lattice

constant of the DFT relaxed 16 atom bcc structure (Mn5Ni8Si3) shown in Fig. 5.7

is 5.640 Å, compared to the DFT calculated 5.514 Å for the 2× 2× 2 bcc pure

Fe unit cell at room temperature [35].

0.1 nm
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Y

Figure 5.7: The (left) bcc and (right) 16.67 % Si Γ2 structure with lattice matched
Mn positions at (0.0, 0.0, 0.0), (0.5, 0.0, 0.0), (0.0, 0.5, 0.0), (0.0, 0.0, 0.5), (0.25,
0.25, 0.25). Si content in the bcc structure is 18.75 % as there are 16 atoms in
the 2 × 2 × 2 bcc unit cell and 24 in the Γ2 unit cell. Mn, Ni and Si atoms are
purple, silver and blue respectively.

In order to determine the effect of Fe content on the favourability of the

formation of the Γ2-phase over the bcc structure, the bcc structure was populated

with Fe atoms (while keeping the stoichiometry as close to Γ2 stoichiometry

as possible, see Table 5.2) and then relaxed at constant pressure. To obtain

a representative sample of the effect of disorder, the Fe site occupancies were
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varied 10 times for each composition. This approach was performed for each of

the lowest enthalpy Γ2 structures shown in Fig. 5.4.

Fe content (at. %) Mn content (at. %) Ni content (at. %) Si content (at. %)
0.00 31.25 50.00 18.75
6.25 31.25 43.75 18.75
25.00 25.00 37.50 12.50
62.50 12.50 18.75 6.25

Table 5.2: Table showing the atomic content of the different bcc structures mod-
elled, given as at. % of the total structure.

A comparison of formation enthalpies of both the bcc structure and Γ2-phases

as a result of including Fe is shown in Fig. 5.8. As ten structures have been sim-

ulated for each Fe concentration, polygon plots have been generated in order to

estimate the Fe depletion required to make the Γ2 phase more favourable than bcc

packing while showing approximate energy ranges for each Fe concentration. All

structures decrease in formation enthalpy (become more favourable) for decreas-

ing Fe content below 50 at. %, therefore enrichment in solute and decrease in

Fe concentration is expected with increased ageing time/neutron fluence. These

results suggest an enrichment of these species is favoured until the Fe content is

eliminated.

An estimate of Fe depletion required for the Γ2 phase to become more favourable

than bcc packing can be made from where the minimum formation enthalpy of

the Γ2 structures crosses the minimum of the formation enthalpy of the bcc

structures, although interfacial energies and defect population, not taken into

account here, will affect this. It can be seen that the Γ2-phase becomes more

favourable than the bcc structure for < 26 at. % Fe content and will become

more favourable with decreasing Fe content, suggesting that once this limit is

reached the Γ2-phase formation will be energetically preferable and further Fe

depletion will occur. It is likely that this threshold could mark a transition from
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cluster to precipitate. The coherency of a Γ2 precipitate with the surrounding

ferrite matrix has not been documented to-date, however, the ratio of the lat-

tice parameter of the Γ2-phase to bcc Fe is ∼2.34, therefore it may not adopt a

cube-on-cube orientation as seen with the G-phase [246]. It has recently been

established that enrichment of Mn, Ni and Si (and corresponding depletion of

Fe) occurs at RPV temperatures [254], however the timescale required to reach

equilibrium is not yet known. These results are in agreement with experimental

results from Edmonson et al. that found the Fe content in precipitates will be

around 6 at. % [96], in steels irradiated to 6.39 × 1019 n cm−2 (E > 1 MeV)

at 284 ◦C. Further, studies of unirradiated, thermally-aged (at 365 ◦C, for ∼ 10

years) steels, found that Fe content in precipitates was likely to be between 6–17

at. % [219, 247]. The lower Fe content in the study by Edmondson et al. is

likely due to radiation enhancing the kinetics of phase formation, as it is seen

that lower Fe content makes the Γ2 phase more favourable.
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Figure 5.8: Range in formation enthalpies of the bcc structure (shown in Fig. 5.7)
and lowest enthalpy Γ2 structures with varying Fe content. There is a spread of
enthalpies for each Fe concentration as ten different stochastic structures were
simulated for each Fe content. Γ2-phase formation becomes favourable below 26
at. % Fe content.
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5.3 G-phase

The other intermetallic postulated to form in RPV steels is the G-phase. In this

section, calculations calculations have been provided by Daniel King, but the

discussion, interpretation and conclusions are my own.

5.3.1 Structure

The other intermetallic phase postulated to form in RPV steels is the G-phase,

the structure of which is shown in Fig. 5.9. The cubic unit cell of the G-phase is

a 116 atom (c.f. 4× 4× 4 bcc supercells contain 128 atoms) Fm3̄m intermetallic

compound with five unique lattice sites. All Mn sites are equivalent, but there are

two non-identical lattice sites for Ni and Si (labelled Ni1, Ni2, Si1, Si2) in Fig. 5.9.

The DFT calculated lattice parameter is 11.10 Å, in good agreement with the

experimentally calculated lattice parameter of 11.17 Å [255]. The G-phase is

known to precipitate in long thermal ageing of stainless steels (10,000 h at 673

K) [246, 256], but its formation in low-alloy ferritic steels is still questioned.
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Figure 5.9: Crystal structure of the intermetallic G-phase with the different Mn,
Ni and Si sites labelled. Mn, Ni and Si sites are represented by purple, light/dark
grey and light/dark blue circles respectively. Adapted from [257].
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5.3.2 Influence of Fe on G-phase formation enthalpy

In order to determine the Fe content that will favour formation of the G-phase

over bcc packed clusters, the formation enthalpy of alloys with fixed compositions

of Mn6Ni16Si7 and varying Fe content were calculated. Fe sites were randomised

using the same method as that described in section 5.2.3 and the results are

shown in Fig. 5.10. The G-phase and both the A2 and B2 ordered (see appendix

A.3) bcc packed structures were studied and it is seen that the formation enthalpy

decreases with reduced Fe content. Further, there is a slight preference for B2

ordering over A2 ordering, with this preference increasing with decreasing Fe.

The G-phase structure becomes more favourable than bcc packing between 10–

18 at. %, this is in good agreement with experimental observations of ∼ 13 at.

% Fe content [246].
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Figure 5.10: Formation enthalpies of the G-phase intermetallic (grey polygon),
A2 (squares) and B2 (circles) ordered bcc structures with varying Fe content. A
range of enthalpies exists for each Fe concentration for the G-phase due to the
stochastic nature of the method. Triangles represent high Mn, Ni and Si (ZV-
806), low Si (123P171) and Mn-free (Superclean) steels, simulated in 250 atom
supercells. Adapted from [258].
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5.3.3 Concentrated substitution of Fe

To further investigate the transition region between bcc and G-phase, 14 Fe

atoms (∼ 12 at. %) were substituted for each species and their site occupations

were randomised 10 times to obtain a sample of the effect of disorder. This

concentration of Fe was chosen as it was shown in section 5.3.2 to be at the

threshold at which point the G-phase structure and bcc packing are equal in

formation enthalpy.

For the G-phase, it is found that there is preference for Fe to substitute onto

the (in order of favourability) Mn, Ni and Si sites, (this is shown explicitly in

section 5.3.4). Similar results are found for the bcc structure, although there is no

clear distinction between favourability of the Ni or Mn sites. These findings are

likely due to the atomic similarity of Fe to Mn and Ni. Interestingly, when Fe is

placed on the Ni or Si sites, there is least deviation in the bcc lattice parameter,

suggesting that Mn will minimise strains between clusters and the surrounding

matrix.

Further simulations for both structures were carried out: Fe occupying Mn/Ni

sites, with the displaced Mn/Ni atoms occupying Si sites. It is found that there

is a large increase in the formation enthalpy of these structures (compared to Fe

substituting onto Mn/Ni sites) and there is an increase in the lattice parameters

(due to the increased size of Fe over Si). It is also found that the site preference

for substitution changes. These results suggest that Si is particularly important

for the formation and stability of the G-phase, this is expected as the G-phase

is a silicide. As such, it can be concluded that because cluster compositions

reflect the initial alloy composition, changing the alloy composition will also

affect the substitutional preferences and stability of the G-phase relative to the

bcc structure. Therefore, it may be possible to tailor a Mn:Ni:Si ratio in the bulk
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composition that can maintain the benefits of the alloying elements while not

promoting intermetallic formation.

Figure 5.11: Formation enthalpies and lattice parameters of Fe-Mn-Ni-Si con-
taining compositions of G-phase (left shaded area) and bcc (right shaded area).
14 Fe replace Mn (circles), Ni (squares), Si (open triangles) lattice sites in the
116 and 128 atom unit cell of G-phase and bcc structure, respectively, and 10
randomisations of occupancies were performed for each. Additional simulations
were performed for fixed composition Fe3.5Mn6Ni16Si3.5 where Fe displaces Mn
and Mn occupies Si sites (left open triangles) and Fe displaces Ni and Ni occupies
Si sites (right open triangles). Adapted from [257].
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5.3.4 Substitution of solutes into the G-phase

To determine the energetic drive for minor alloying elements to substitute onto

the different unique G-phase lattice sites (Fig. 5.12), the calculations detailed in

section 5.2.2 have also been carried out for the G-phase.

Fig. 5.12 shows that the enthalpies are dependent on the atomic species that

is replaced, the atomic site that is replaced and the alloying element that is sub-

stituted into the G-phase. Cu has a very slight preference for substitution onto

the Mn site, however, Cu will precipitate out at low fluence reducing its avail-

ability in the matrix. Hence, while Cu may act as a nucleation site for clustering

prior to G-phase formation, it is unlikely to substitute into it. Similarly, as P

favourably substitutes onto Si sites, this may contribute to the preference for

G-phase formation at grain boundaries, where P initially segregates to in early

RPV life.

Vacancies will be associated with Ni-Mn-Si clusters due to the well-established

migration mechanisms of Si and Ni and will preferentially substitute onto the

Si1>Si2>Mn lattice sites. This suggests that higher vacancy concentrations in

solute clusters will favour G-phase formation and may explain the reduction in

Si content from the stoichiometric G-phase in past studies [105, 246, 257]. This

result is similar to that of the Γ2 phase, although vacancies are also energetically

favourable on the Ni site in the Γ2 phase.

Fe is unfavourable on all atomic sites, in agreement with past observations

of a decrease in Fe content in the G-phase with increased ageing time [44, 259].

Interestingly, these findings suggest that Fe is most favourable on the Mn site

(attributed to chemical similarity between the two species), although this was

shown to be composition dependent in the previous section.

Finally, Zr, Hf, Nb, Ta and Ti substitute favourably onto the Mn site, similar
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Figure 5.12: Energetic favourability for different minor alloying elements that
may be used in future reactors to substitute into the Mn (1st column), Ni1 (2nd

column), Ni2 (3rd column), Si1 (4th column) and Si2 (5th column) sites in the
G-phase from the bcc lattice. Data from D. J. M. King.

to the findings in section 5.2.2. This is likely due to the preference of these

elements to form X6Ni16Si7 G-phases (explored in [257]). These elements are all

expected to promote the formation of the Γ2 and G-phases so should be excluded

from the melt of future steel compositions. All other alloying elements (Al, Co,

Cr, Ge, Mo, Re V) are unfavourable on all atomic sites and are not expected to

promote G-phase formation.
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5.3.5 Alternative compositions

While both the G-phase and Γ2 phase are more energetically favourable than

highly enriched bcc clusters, it is the current hypothesis that these phases are

merely products of the initial bulk composition. Rather, clusters develop with

the same composition as the bulk, and it happens that these compositions are

in line with that of the Γ2 and G-phases. Were the bulk composition different,

the composition of the clusters may change but if it were to align on the phase

diagram with another phase, another intermetallic is likely to develop instead.

However, it may be possible to develop steels where no intermetallics form by

carefully controlling the bulk composition. For example, phase diagram analysis

of the Re-Fe-Ni-Si system (see appendix A.4) has found that Re containing steels

could help prevent intermetallic formation, although the economics of Re make

this unlikely. Further, as both the G and Γ2 phases favour increased Si content,

limitation of Si in the bulk composition may inhibit the formation of these phases.

Finally, it is necessary to better determine the hardening caused by inter-

metallics compared to clusters as there have been studies suggesting that G-phase

does not cause hardening [256, 260], so it could be beneficial for intermetallics to

form in RPV steels, were the hardening attributed to clusters found to be larger.
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5.4 Summary and conclusions

In summary, studies of the structures and favourable conditions for the forma-

tions of the G and Γ2-phases have been determined. The ground state structures

of the Γ2-phase have been found for the varying stoichiometries and it was found

that increasing Si content favours formation of the Γ2-phase, but that Si atoms

prefer to maximise their separation distance. Hence, if the chemistries of solute

clusters are correct and the Fe content is reduced significantly (∼ 18 at. % for

the G-phase and ∼ 26 at. % for the Γ2-phase), the G and Γ2-phases could form

under equilibrium conditions.

Further, for future generations of RPV steels, it has been determined which

alloying elements will favour the precipitation of the G and Γ2 phases (Hf, Nb,

Ta, Ti, Zr) and so the presence of these in the bulk composition should be

avoided, although further work to develop model alloys is needed. Vacancies are

also likely to enhance formation of the both phases by both providing migration

pathways and reducing the formation enthalpies.

In chapter 3, it was shown that Ni-Mn clusters containing Si are more ener-

getically favourable than pure Ni-Mn clusters, and also that the synergy works

both ways , i.e. that Ni/Mn/Cu/vacancies are needed to stabilise Si clusters, but

the big question of whether solute-enriched clusters or well-formed precipitates

develop in RPV steels still remains. Because of defect processes, clustering of

solutes will always occur, and the compositions of these clusters will be dictated

largely by the initial alloy composition with Si in particular driving G-phase and

Γ2 phase formation. Hence by carefully controlling the bulk composition, it may

be possible to limit clustering and precipitation in the next generation of RPV

steels.
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Chapter 6

Conclusion

Results from DFT simulations are presented, which simulate a range of small so-

lute defect clusters in bcc Fe. The main focus of this work was on the interactions

of the solutes Cu, Mn, Ni and Si with each other as well as SIAs and vacancies

within the bcc Fe lattice. Detailed conclusions are included in each chapter,

and rather than repeating these, the purpose of this chapter is to provide an

overarching summary of the thesis work.

DFT studies of two and three atom solute clusters revealed which solute pairs

and triplets are energetically stable. It was found that small clusters composed

purely of Mn and/or Ni are not thermodynamically stable, and required the pres-

ence of Si, Cu or a vacancy to make them energetically favourable, although it is

acknowledged that neutron flux and temperature effects may change this. Inves-

tigations into the effect of three-body interactions revealed that previous Monte

Carlo models (based only on two-body interactions) may have over-looked the

roles of vacancies in cluster stability as triplet clusters including vacancies were

found to be significantly more stable than predicted by two-body interactions.

Calculations of the magnetic moment of Mn containing triplets found that Mn
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atoms in pure Ni/Mn triplets exist in the more energetic ferromagnetic state

which could be the cause for the higher binding enthalpies calculated. How-

ever, it is very unlikely this will have a significant effect on energetics at RPV

temperatures.

The effect of hydrostatic strain (−5 % – +5 %) on defects and solute defect

pairs was also studied. It was found that there would be energetic drive for SIAs

and vacancies to form in tensile and compressive regions of strain respectively

and these defects would likely be trapped in these regions. Further calculations

revealed which solute pairs are energetically favourable in compressive/tensile

regions of strain. It was found that use of simple regression fits allowed accurate

prediction of binding enthalpies of single defects and defect pairs which will

facilitate simple calculations to predict binding enthalpies in strain fields.

The results from these two chapters suggest that small solute-vacancy clusters

will be stable, and that strain fields can significantly affect solute interactions.

However, further work is needed to determine whether larger clusters are ther-

modynamically stable and how strain and solute concentration may affect energy

barriers for use in KMC codes.

There is little consensus in the literature as to whether Mn-Ni-Si solute en-

riched clusters will eventually phase separate in RPV steels. Of particular in-

terest to the RPV community are the Γ2-phase and G-phase as numerous APT

studies have found clusters with the required Mn:Ni:Si ratio in irradiated steels.

DFT studies of these phases revealed that they would be energetically favourable

to form over solute enriched clusters if the Fe content was significantly reduced

(∼ 18 at. % for the G-phase and ∼ 26 at. % for the Γ2-phase). Further cal-

culations were performed on minor alloying elements (Al, Cr, Cu, Fe, Ge, Hf,

Mo, Nb, P, Ta, Ti, V, Zr) and vacancies to determine which would be energeti-
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cally favourable to segregate into the phases from the bcc Fe matrix. However,

whilst the thermodynamics showed that these phases are energetically stable at

low enough Fe content, calculations of the kinetics and energy barriers were not

performed, so it is not possible to determine whether these phases will form in

RPV Steels.

Finally, when drawing conclusions from DFT data, it must be emphasised

that many features relevant to the RPV system such as temperature, neutron

flux/fluence and time evolution are not been taken into account and so caution

must be used when talking about evolution and growth of clusters.
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Chapter 7

Ongoing and future work

7.1 Density functional theory

7.1.1 Solute cluster sizes

Further work should be carried out to better understand the interactions of minor

alloying elements and impurities (e.g. P, Hf, Ti, Ta, Cr, Zr) that are candidates1

for use in future RPV steels to determine if they are likely to facilitate and en-

hance solute clustering. Of interest for higher order codes (MD and KMC), it

would be useful to study larger cluster sizes (quadruplets and quintuplets in par-

ticular) and different geometries, although due to the multiplicity involved with

larger clusters and because 128 atom supercells containing extended defects may

not be converged, large increases in computational resources would be needed to

realise this. In particular, it would be interesting to model larger clusters of pure

Mn/Ni as there have been suggestions that pure Mn/Ni clusters are stable at

larger sizes [124]. As vacancies have been found to play a key role in both solute

transport and cluster stability, the role of vacancies in larger clusters would be
1Or impurities in the case of P.
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of significant interest to the community, particularly as the binding enthalpy of

clusters containing vacancies is highly dependent on the position of the vacancy.

Activation energies and barrier heights can be calculated to provide a more com-

plete view of cluster dynamics, as such future works should look at the barrier

heights for isolated defects to migrate to solute pairs to form triplets. Of par-

ticular interest to the community would be studying the activation energy for a

vacancy to migrate into a solute pair to form a triplet defect or to migrate out

of a triplet defect to leave a solute pair.

7.1.2 Strained environments

While solute pairs in strained environments have been modelled in this work,

there is merit in extending this to look at triplet clusters in strained environments,

particularly for repulsive and low energy clusters (eg. pure Mn/Ni clusters and

pure Si clusters) to determine which conditions, if any, would be favourable for

their formation. Further investigations into the anomalous behaviour of defects

in large tensile strain would be useful, by studying larger cell sizes and more

solute species (eg. P, Cr) to better determine the environmental conditions that

cause deviations from expected trends. To better understand solute-vacancy

and solute-SIA clusters, it would be interesting to determine how hydrostatic

and shear strains impact the barrier heights of solute hopping by performing

nudged elastic band calculations. This will be particularly important for solute

pairs that are strongly affected by strain fields, e.g. all 1nn solute-vacancy pairs

and Mn-SIA pairs.
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7.1.3 Phase formation

Significant work has been done on determining the formation mechanisms of the

Γ2-phase and G-phase. However, it is worth investigating the formation mecha-

nisms of other phases on the Mn-Ni-Si ternary alloy diagram that have similar

ratios of Mn:Ni:Si as are likely to occur in future RPV steels. If Mn-Ni-Si inter-

metallic phases are energetically favourable to form, regardless of the Mn:Ni:Si

ratio, it is likely that these elements will need to be omitted or significantly re-

duced in content in future alloys. Further, by investigating if reduction in the

content of one of these elements (e.g. Si) will inhibit formation of phases and/or

clusters, it may be possible to continue using the other elements (e.g. Mn and

Ni) in future RPV alloys. Although there is the caveat that different Mn-Ni-

X phases may develop, and so phase diagram analysis should be performed for

other alloys, in conjunction with DFT studies of which intermetallic phases are

likely to form.

7.2 Model parameterisation

Bridging the gap between DFT simulations of hundreds of atoms and real-life

RPVs and relating the microscale back to the engineering scale is the key chal-

lenge. Updating both interatomic potentials and kinetic Monte Carlo models to

include the energetics calculated in this thesis would greatly benefit the RPV

community and will allow for more accurate simulations at higher temperature.

In particular it is expected that by including the results in this thesis, there will

be a reduction in the underestimation of the role of vacancies. Results from the

Fe-P potential [137] are in good agreement with DFT, and it may be possible

to develop this potential further, particularly as P is found to cluster early in
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the lifetime of the RPV. As P and Si are relatively similar in their electronic

structure, it may be possible to develop a much needed Fe-Si potential using the

existing Fe-P potential and the results in this work. The existing Fe-X potentials

also fail to capture the mechanics and formation of 〈100〉 loops and developing a

potential that can accurately model both dislocation loops seen in Fe and solute

interactions (in particular Fe-Mn interactions due to the established SIA-driven

Mn migration) would be a significant step forward in better modelling of cluster-

loop interaction and evolution.

Further, it may be possible to develop more accurate interatomic potentials

based on these results by taking into account the interactions of triplets and

elements in strained environments, albeit potentials are limited by generally only

being able to re-produce specific properties. Hence, these results may also be

used for DFT based KMC, such as the recent development of codes that utilise

machine learning to exploit the growing database of DFT data [153].

Finally, there has been interest in combining DFT with higher order codes

so that threshold displacement energies can be calculated using ab initio meth-

ods whereby atomic forces are relaxed through quantum interactions rather than

classical [122]. While this is very computationally expensive and still in develop-

ment, this method can provide further insight into atomic-scale defect processes.

By using DFT methods in regions with increased complexity (e.g. numerous

atomic species or highly strained), in combination with simplified methods for

the extended bulk, it is possible to obtain quantum mechanical accuracy at rel-

atively low expense.
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Appendix A

Vacancy concentration

The vacancy concentration at a given temperature can be worked out from equa-

tion A.1.

Cv = e−Ef /kbT (A.1)

Where Ef is the vacancy formation enthalpy (in eV), kB is Boltzmann’s constant

(in eV) and T is the temperature. The vacancy concentration as a function of

temperature is shown in Fig. A.1, from which it is seen, the vacancy concentration

at RPV temperatures is ∼ 1× 10−19.
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Figure A.1: Concentration of vacancies in bcc Fe at varying temperature in the
absence of neutron irradiation.
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Appendix B

Strain model parameterisation

The fitting parameters calculated from the regression analysis of DFT calculated

defect energies and their R2 values are shown in table B.1.
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E1 E2 Sep. A B C Max. SV ol Min. SV ol R2

Vac - - 2.215 0.034 -0.0033 -14.26 9.27 1.00
Mn - - 0.138 -0.023 - -14.26 9.27 0.94
Si - - -1.243 -0.002 - -14.26 9.27 0.11
Ni - - 0.084 -0.029 - -14.26 9.27 0.99
Cu - - 0.687 -0.026 - -14.26 9.27 0.92
Mn Mn 1 0.050 0.015 0.0006 -14.26 9.27 0.91
Si Si 1 0.345 -0.011 0.0003 -14.26 15.76 0.87
Ni Ni 1 0.000 0.011 -0.0002 -14.26 15.76 0.90
Cu Cu 1 -0.221 0.005 0.0006 -14.26 15.76 0.71
Mn Ni 1 0.086 0.005 -0.0001 -14.26 9.27 0.81
Si Ni 1 -0.125 0.013 0.0007 -14.26 9.27 0.91
Cu Ni 1 -0.146 0.013 0.0007 -14.26 9.27 0.96
Si Cu 1 -0.113 0.004 0.0010 -14.26 9.27 0.75
Si Mn 1 -0.058 0.008 0.0009 -14.26 9.27 0.78
Cu Mn 1 -0.080 0.005 0.0009 -14.26 9.27 0.62
Si Vac 1 -0.294 0.009 0.0007 -14.26 9.27 0.95
Mn Vac 1 -0.130 0.008 0.0003 -14.26 9.27 0.90
Ni Vac 1 -0.102 0.013 0.0000 -14.26 9.27 0.98
Cu Vac 1 -0.301 0.013 0.0008 -14.26 9.27 0.97
Si Fe 〈110〉 -0.030 -0.007 0.0020 -14.26 9.27 0.96
Mn Fe 〈110〉 -0.456 0.020 0.0018 -14.26 9.27 1.00
Ni Fe 〈110〉 0.165 0.011 0.0009 -14.26 9.27 0.88
Cu Fe 〈110〉 0.360 -0.006 0.0012 -14.26 9.27 0.93
Si Fe 〈111〉 -0.386 -0.016 0.0002 -14.26 15.76 0.95
Mn Fe 〈111〉 -0.566 0.016 0.0015 -14.26 9.27 0.93
Ni Fe 〈111〉 -0.193 0.011 0.0003 -14.26 9.27 0.77
Cu Fe 〈111〉 -0.182 -0.001 0.0004 -14.26 15.76 0.75

Table B.1: Table detailing the fitting parameters generated from regression anal-
ysis of DFT data of defects in hydrostatic strain fields.

236



Appendix C

A2 and B2 ordering

A2 and B2 ordering in the bcc structure is shown in Fig. C.1. These atomic

orderings were used to determine the favourability of G-phase formation over bcc

packing.

A2 B2
Figure C.1: A2 (left) and B2 (right) ordering in the bcc lattice. Partial occupancy
is shown for Fe (green), Mn (purple), Ni (grey) and Si(blue).
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Appendix D

Phase diagram analysis

The Phase diagram for the Mn-Ni-Si system is shown in Fig. D.1. It can be seen

that due to the large amount of silicides that can form, intermetallics may form

regardless of the Mn:Ni:Si ratio, suggesting that Si content should be minimised.

Figure D.2 shows the phase diagrams of the Fe-Ni-Re system and the Fe-Ni-Si

system. It is seen that intermetallic formation is much reduced for the Fe-Ni-Re

system compared to the Fe-Ni-Si system.
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Figure D.1: Phase diagram of the Mn-Ni-Si system. Adapted from [261].
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(a) Fe-Ni-Re system.

(b) Fe-Ni-Si system.

Figure D.2: Phase diagrams of the (a) Fe-Ni-Re and (b) Fe-Ni-Si system.
Adapted from [262] and [263] respectively.
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