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Abstract  
This PhD project is concerned with fatigue crack nucleation from inclusions in a powder metallurgy 
(PM) nickel-based superalloy. The inclusions are introduced during the manufacturing due to the use 
of ceramic crucibles and result in scatter in fatigue life. Development of predicative capability of fatigue 
crack nucleation from inclusions requires mechanistic understanding of deformation at controlling 
length scales.  

Compositional variations near the inclusion were captured using wavelength dispersive X-ray 
spectroscopy (WDX), energy dispersive X-ray spectroscopy (EDX), and focused ion beam-secondary 
ion mass spectroscopy (FIB-SIMS). Local microstructural hetrogeneities were characterized by 
secondary electron microscopy (SEM) and related to the change in chemistry.  

Establishment of thermal residual elastic strains, lattice rotations, and dislocations at inclusion/nickel 
interfaces were quantified using electron backscatter diffraction (EBSD). A microstructurally faithfull 
crystal plasticity finite element (CPFE) model was developed. Detailed comparisons were made with 
the experimental measurements and good agreement was achieved.   

Patterns of plastic strains, residual stresses, and dislocation densities in a cyclically deformed nickel 
polycrystal were measured by digital image correlation (DIC) and EBSD. The mechanistic basis for 
crack nucleation via inclusion/nickel interface decohesion and particle cracking involved slip 
localization, establishment of high dislocation densities and local stress.  

A microstructurally representative CPFE model was developed for mechanistic study of 
inclusion/nickel interface decohesion. Decohesion was found to be driven by interface tensile normal 
stress alone, and the interfacial strength was determined to be in the range of 1270-1480 MPa.      
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1. Introduction 

1.1 Gas turbine engines  

A modern gas turbine engine has five major components (Figure 1-1): fan, compressor, combustion 
chamber, turbine, and shaft. The basic operation can be described as follows: streams of air are inhaled 
into the fan and compressed to increase the pressure and temperature. The compressed air flow then 
enters the combustion chamber, in which it is mixed with fuel and ignited. The mixture expands, 
generating extra high temperature and pressure, part of which is used to spin the fan and compressor 
through the connecting shaft. The remaining is ejected and accelerated by the spinning turbine as a jet 
of fast moving streams, supplying thrust to power the craft.  

 

Figure 1-1 Schematic illustration of a gas turbine engine [1] 

1.2 Operational requirements 

The harsh working environment of the turbines calls for materials capable of retaining excellent 
mechanical properties at high temperatures. To cope with this challenging design criteria, nickel-based 
superalloys have emerged since 1940s. The selection of these materials, in preference to other alloy 
systems, is due to their unique properties of high strength, fatigue and creep resistance, and oxidation 
tolerance at service temperatures. 

The disk section, particularly the bore region, experiences high levels of mechanical stresses due to 
high rotational speeds. Although the creep property is important, less emphasis has been placed due to 
the relatively low working temperatures. The fluctuating stresses and temperatures during take-off, 
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cruise, and landing result in cyclic, localized, plastic strains in the component. In this sense, resistance 
to fatigue cracking and fatigue crack propagation are of interest. For robust engine design, turbine disks 
must possess microstructures with maximized resistance to fatigue crack nucleation and propagation.  

1.3 Chemistry, processing, and microstructure of Ni superalloys  

Since Ni superalloys first came into service, great success has been achieved in development of new 
alloy systems with increased high temperature performance by optimizing chemical composition, 
microstructure, and processing route.   

 

Figure 1-2 Alloying elements in Ni-based superalloys [2] 

Chemical composition-microstructure relationship in nickel superalloys is of paramount importance to 
obtain optimum mechanical performance. Most of the alloying elements are taken from the d block of 
transition metals whose effects on the phase stability of γ and γ’ are determined by their locations in the 
periodic table (Figure 1-2). A first group of elements, Cr, Co, Mo, Re, and Ru, exhibits similar atomic 
radii to Ni and prefers to partition to the γ matrix. A second group of elements, Al, Ti, Nb, and Ta, with 
greater atomic radii, tends to segregate to the γ’ precipitate phase. In addition, carbon and boron, with 
high affinity for refractory elements, such as Mo and W, form carbides and borides at γ grain 
boundaries.  
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The face-centered cubic (fcc) γ and primitive cubic γ’ phases are the binary basis for Ni-based 
superalloys. The former constitutes the matrix and the latter imparts the anomalous high temperature 
strengthening to the alloys. A schematic of the lattice structures is shown in Figure 1-3. Crystal slip, 
facilitated by movement of dislocations, tends to occur on the most densely packed planes and in the 
most closely packed directions in a macroscopic sense. In an fcc unit cell, the slip planes are the diagonal 
planes, which are shaded in blue in Figure 1-3, together with the slip directions marked in red. An fcc 
crystal has a total number of 12 slip systems written as }111{ [1 1 0]. Interactions of dislocations with 
the ordered γ’ phase are rather complex and beyond the scope of this word. A comprehensive review 
can be found in [1].  

 

Figure 1-3 A schematic representation of the FCC lattice structure of the γ phase and the ordered 
Ni3Al γ’ phase with L12 primitive cubic lattice structure. Yellow arrow is an fcc slip normal. Red 

arrow is an fcc slip direction. 

The γ’ phase forms below the solvus temperature, which is in the range of 1323 K to 1473 K depending 
on the exact chemical composition. The morphology of the γ’ phase is extremely sensitive to the heat 
treatment temperature. When the solutioning temperature is above the super-solvus temperature, γ’ 
precipitates will dissolve and confer no grain-pinning effect to the growth of γ grains, resulting in 
formation of coarser γ grains. In practice, the microstructure-heat treatment correlation is rather 
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complex, depending on thermodynamics, kinetics, and chemical composition. A schematic illustrating 
typical microstructures in polycrystalline nickel superalloys is shown in Figure 1-4.  

 

Figure 1-4  Schematic illustration of the size and distribution of γ' and γ phases produced via 
isothermal solutioning and ageing  [1] 

Strengthening of two-phase Ni-based superalloys arises from solid solution strengthening, grain size 
strengthening, and precipitation hardening (Orowan bowing or shearing through second phase 
precipitates) by the γ’ precipitates. Heat treatment and volume fraction of γ’ formers influence the size 
and distribution of γ’ phase. The optimum volume fraction of γ’ precipitates suggested by Orowan 
theory displays high strength [1] as depicted in Figure 1-5, but sacrifices the resistance to fatigue crack 
growth. In order to obtain a balance between strength and crack growth, appropriate choice of the 
amount of partitioning elements is made in RR1000, which has a moderate volume fraction of γ’ at 
about 50% [1]. 
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Figure 1-5 Effect of volume fraction of γ’ and γ’’ on yield strength of Ni superalloys [1] 

Yield strength and resistance to fatigue crack initiation scale inversely with grain size (Hall-Petch 
mechanism) whereas resistance to crack propagation scales directly with grain size.  In this context, 
grain size should be chosen for the desired combination of strength and resistance to fatigue crack 
initiation and propagation. A super-solvus heat treatment produces coarser microstructure due to the 
growth of γ grains. The enlarged γ grains lead to substantial reductions in both 0.2% proof strength and 
tensile strength [3]. Therefore, a near-solvus heat treatment followed by fan air cooling leading to a 
fine-grained structure (11-16 µm) with uniformly distributed primary and secondary precipitates is 
usually favored [3] to produce polycrystalline nickel-based superalloys for turbine disk applications.  

It has been demonstrated that polycrystalline nickel based superalloys are uniquely capable of 
delivering exceptional mechanical properties at high temperatures, enabling their extensive use for gas 
turbine disc applications. The mechanical performance of these alloys arises from the presence of a 
multimodal distribution of coherent, L12 γ’ precipitates, which exhibit a cube-cube orientation 
relationship with the A1 γ matrix. Due to the levels of segregation in conventional cast-wrought 
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processing and cracking because of the significant flow stress during thermal mechanical working, there 
is an increasing interest in producing superalloy disk components via a powder metallurgy route. 

 

Figure 1-6 PM route for production of Ni-based superalloys [1] 

As shown in Figure 1-6, the first step of PM processing involves remelting master ingots. Since the 
mechanical properties of Ni-based superalloys under operation conditions are highly sensitive to 
microstructural variations and chemical inhomogeneity, Vacuum induction melting (VIM), vacuum arc 
remelting (VAR), and electro-slag remelting (ESR) are employed to eliminate impurities. The following 
step is atomization of the triple-melted ingots. A ceramic nozzle delivering inert gases, principally Ar, 
at high speeds disintegrates melted alloy into fine powders. Rapid solidification of the powders 
eliminates macro-segregation as they descend in the atomization chamber. A sieve is placed to screen 
out inclusions and ensure consistent grain size, and thus minimizing initial defects sizes. The powders 
are collected by a steel can, which is evacuated under vacuum and sealed. Consolidation of the powders 
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is completed by hot isostatically pressed (HIP) the can at temperatures below the γ’ solvus temperature. 
Diffusion bonding and sintering of the powders produce a dense superalloy billet. In this process, 
oxidation of prior particle boundaries (PPBs) form semi-continuous network of oxides deleterious to 
high temperature mechanical properties. The following hot extrusion reduces the size of the billet and 
eliminates the effects associated with PPBs (Type 1 defects in Figure 1-7 (a)). Entrapped inert gases 
result in a second type of defect known as thermally induced porosity (TIP). Major sources responsible 
for TIP (Type 2) involve insoluble gaseous bubbles inside powder particles, residual gases during 
consolidation, and absorbed gases due to leakage [4]. Both PPBs and TIP are detrimental to fatigue 
resistance of highly stressed turbine discs. However, recent advances in the processing of P/M 
superalloys have suppressed both Type 1 and 2 defects.  

Contamination from the melting crucible, tundish, and atomization nozzle is considered to result in the 
formation of non-metallic inclusions (Type 3). Elements in the alloy can react with the lining materials 
in the melting crucible to form complex non-metallic inclusions and a reaction zone around with grains 
larger than those in the matrix.  

 

Figure 1-7 Major defects in P/M Ni-based superalloys. (a) prior particle boundaries in a P/M U720LI , 
(b) thermally induced porosity, (c) non-metallic inclusions [5], [4], [6] 

Such non-metallic inclusions severely degrade the mechanical properties. In particular, the resistance 
to fatigue loading is strongly affected because cracks usually initiate from these inherent features and 
can rapidly propagate with the aid of loading, sometimes resulting in unpredictable failures [7-9].  
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1.4 Aims and objectives  

The aim of the project is to characterize inclusions in powder metallurgy nickel base superalloy 
(RR1000) and to investigate their effects on fatigue crack nucleation. The project is instigated by Rolls-
Royce to facilitate development of probabilistic lifing methodology. Therefore, the objectives of the 
project are to characterize the nature of the inclusions using electron microscopy and their local effect 
on the matrix experimentally. A crystal plasticity finite element model will be developed to study the 
micromechanical behavior of the inclusion. The experimental data obtained will be used to inform the 
crystal plasticity model and for its validation. The crystal plasticity model will provide mechanistic 
understanding of fatigue crack nucleation in this PM nickel superalloy.       
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2 Literature review 

2.1 Fatigue mechanisms in metals 

Plastic deformation of metals occurs via dislocation motion, which is commonly accomplished via 
dislocation slip and/or twinning [10]. Since twining is not the primary deformation mechanism in nickel 
superalloys, the current literature review will focus on slip. In single crystalline materials, the onset of 
dislocation slip requires the critical resolved shear stress on a slip plane to be reached. The dislocations 
glide on the activated slip plane until they reach an obstacle (such as grain boundaries, other 
dislocations, or precipitates). Subsequently, nucleation of additional dislocations or overcoming the 
obstacle by means of shearing, cross slip, and etc., occurs and repeats during subsequent cyclic loading. 
As a result of the cyclic loading, the slip continues in a back-and-froth manner and the dislocations 
accumulate on low energy pathways, resulting in the formation of persistent slip bands (PSBs) as shown 
in Figure 2-1[11]. Such slip bands consist of alternating regions of high and low dislocation densities 
and behave as barriers to following dislocation motion and thus lead to hardening. The number of PSBs 
increases in order to accommodate further straining.  
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Figure 2-1 (a) 3-D dislocation structure of a fatigue crystal showing PSBs. (b) A schematic of the 

PSBs [11]. 

Macroscopic stress-strain response of metals under fatigue loading has been studied extensively. 
Copper single crystal subjected to a fully-reversed strain-controlled cyclic loading showed an initial 
working hardening, which was followed by a stress saturation as indicated by the dashed line in Figure 
2-2 (a). The peak shear stresses and shear strains at various cycles are plotted in Figure 2-2 (b), in which 
three distinct regimes can be seen, marked A, B, and C. The evolution of peak stress as a function of 
strain is strongly related to the increase in dislocation density and establishment of dislocation 
structures. The working hardening in regime A occurs via accumulation of dislocations into areas of 
clusters of dislocations (veins).  In regime B, stress increases such that the vein structures become 
unstable and the formation of PSBs occurs by cumulative slip on low energy pathways. Since each slip 
bands can accommodate a certain amount of plasticity (~0.2 [12]), accommodation of plastic straining 
in regime B is accomplished by increasing the number of PSBs. Therefore, the plastic strain is 
independent of the imposed stress until the volume fraction of PSBs reaches 100%. The PSBs were 
shown to be much softer than the matrix and therefore carried almost the entire strain [11, 13].  
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Figure 2-2 (a) Cyclic hysteresis loops for a copper single crystal orientated for single slip. (b) A 
schematic showing three distinct regimes in the fatigue loading [11]. 

Dislocations in polycrystalline materials arrange themselves into PSBs, which is similar to those 
observed in single crystalline materials except two noticeable differences. First, walls of PSBs that were 
perpendicular to each other were seen in copper polycrystals [14]. Second, PSB dislocations in a 
fatigued FCC polycrystal caused a stress concentration at the grain boundaries (GBs) [15], as a 
consequence of which static extrusions were formed in order to relief the resulting stress and cracks 
nucleated at the PSB/GB interface.  

Cyclic plastic deformation generates equal amount of positive and negative dislocations, which 
rearrange themselves into preferred configurations in order to minimize dislocation dipole energy. 
During a fatigue cycle, when dislocations with opposite directions are closer to each other, they attempt 
to annihilate via cross-slip or climb. A dynamic equilibrium between dislocation generation and 
annihilation yields a net increase in point defects (vacancy). Diffusion of such vacancies within the 
material results in the formation of intrusions, extrusions, and ledges at the grain boundaries or free 
surfaces. Stress concentration, resulting from the pile-up of point defects, can activate slip in 
neighbouring grains. This process occurs within a grain or across several grains, giving rise to 
dislocation patterning and hence harden the surrounding. This local hardening gives rise to fatigue crack 
nucleation at the hard/soft interface [16].    

Deformation studies of precipitation-hardened alloys under cyclic loading showed a hardening followed 
by softening [17, 18], which is in contrast to those observed in single phase materials. In these studies, 
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the materials (Al-Co and Al-Zn alloys) had high stacking fault energies (SFE), which favoured cross-
slip. This resulted in the formation of homogeneous dislocation structures. Vein dislocation structures 
were initially formed and then transformed into PSBs. The bands had an average thickness on the order 
of 0.1 µm, which was significantly thinner than those observed in single phase materials. Dislocation 
motion within these slip bands caused repeated shearing of the precipitates. A small angle neutron study 
showed the dissolution of the precipitates [19], which led to softening of the alloy . By their estimation, 
highly localised slip within the slip bands caused an average shift of 14 to 20 µm, which was larger than 
the size of the precipitates. This would rationalized the destruction of the precipitate particles. 

2.2 Strengthening mechanisms in nickel superalloys 

As shown in section 1.3, microstructural constituents of nickel superalloys are: 

 An FCC solid solution γ matrix phase; 

 An ordered γ’ precipitation phase which is coherent with the γ phase; 

 Carbides and borides which are commonly observed at grain boundaries, interdendritic regions, 
and grain interiors;  

Operative strengthening mechanisms associated with such microstructures are solid solution 
strengthening of the γ and γ’ phases, grain boundary strengthening of the γ and γ’ phases, and shearing 
of the γ’ precipitates. Since the PhD work concerns deformation at room temperature, strengthening 
mechanisms that become operative at higher temperature are not reviewed.  

Solid solutions of different alloying elements in the γ and γ’ phases generate stress fields surrounding 
individual solute atoms, which impede the motion of incoming dislocations [10]. The contribution of 
alloying elements to the solid solution strengthening of the γ matrix in IN100 was found to be different 
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[20]. Additional influence from solute spacing on the strengthening as a result from solute concentration 
was quantified in [21].  

Grain boundaries impede dislocation motion and cause dislocation pile-up, which makes additional 
contribution to material hardening. Based on a modified Hall-Petch relation, the extent of grain 
boundary strengthening is inversely proportional to the square root of average grain size [21].  

 
Figure 2-3 Dislocation pairs observed in nickel superalloy R104 [22]. 

The ordered γ’ phase exhibits unique shearing characteristics. When it is sheared, dislocations must 
penetrate in pairs to restore the ordered lower energy state [1]. The first dislocation creates anti-phase 
boundary energy (AFBE) and this must be removed by the trailing dislocation by restoring the original 
order. Depending on precipitate size and AFBE, different shearing mechanisms can become dominant. 
For small precipitates approximately less than 10-20 nm in planer diameter [1, 21], a weak pair coupling 
dictates where the first and second dislocations lie within different precipitates. The weak pair coupling 
is normally observed in tertiary γ’ precipitates. In contrast, for larger precipitates, the dislocation pair 
lie within the same precipitate. This case is referred to as strong pair coupling, which occurs when 
dislocations interact with larger precipitates (primary and secondary γ’). The mechanisms of monotonic 
deformation and the contribution from dislocations on strengthening were revealed by deformation 
studies on various nickel superalloys [1, 2, 13, 23]. These research unambiguously demonstrated that 
dislocation movement by means of slip was restricted on {1 1 1} slip planes due to the presence of the 
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ordered γ’ precipitates at room temperature. Dislocations penetrate through the γ’ precipitates via weak 
or strong pair coupling. Planar shearing of γ’ precipitates by coupled a/2 <110> dislocations was 
observed in Figure 2-3 [22]. Transition between weak and strong pair coupling depends on precipitate 
size and APBE. The resulting change in material strengthen can be seen in Figure 2-4.   

 
Figure 2-4 Dislocation configuration in (a) weak and (b) strong pair coupling in nickel superalloys; (c) 

variation of yield stress due to different interaction mechanisms [21].  

It has been demonstrated that several strengthening mechanisms are operative in nickel superalloys 
whose macroscopic and microscopic deformation behaviour depend crucially on the interplay between 
these mechanisms. The contributions of each individual mechanism for IN100 is given in Figure 2-5. 
Strengthen derived from shearing of gamma prime precipitates may come from strong and/or weak pair 
coupling, which, in turn, is governed by relative microstructural size and therefore depends on heat 
treatment.  
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Figure 2-5 Contributions of (a) hardening mechanisms and (b) microstructural constituents on the 

overall yield behaviour for nickel superalloy IN100 [21].  

2.3 Fatigue mechanisms in nickel superalloys 

Nickel superalloys subjected to cyclic loading exhibited an initial hardening with a following softening, 
which led to final failure [24-27] as shown in Figure 2-6. This phenomenon is rationalized in terms of 
a competition between shearing of the γ’ precipitates and formation of dislocation structures. 
Development of dislocation structures in the form of slip bands was observed during the fatigue tests, 
in which planar slip on {1 1 1} planes was dominant at room temperature due to the ordered γ’ 
precipitates [13, 24, 28]. These slip bands are quite different from PSBs observed in other metals in that 
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slip is planar on {1 1 1} planes. Within a fatigue cycle, dislocations move back and forth in these slip 
bands. The number of slip bands increase with increasing strain until an equilibrium number of slip 
bands is produced to accommodate the external straining. The cyclic hardening is caused by an increase 
in dislocation densities within these slip bands [24]. In this sense, the hardening rate due to the increase 
in the number of slip bands gradually increases and then saturates.  

 
Figure 2-6 Cyclic hardening and softening observed at various strain ranges in a nickel superalloy 

NIMONIC 80A at room temperature [24].  

Shearing of a γ’ precipitate by dislocation pairs results in an offset of two Burgers vectors. However, 
the to-and-fro movement of paired dislocations within the slip bands caused by the fatigue loading is 
irreversible such that the cross-section of the γ’ precipitate is reduced after cycles, making it easier for 
the following dislocation pairs to shear the precipitate. TEM observations demonstrated that shearing 
of the ordered γ’ precipitates resulted in a continual reduction in size of  the γ’ precipitates and 
consequently caused softening [28] as shown in Figure 2-7. It should be noticed that initially after the 
onset of plasticity, the softening is overwhelmed by the hardening caused by a rapid increase in density 
of slip bands. Only when an equilibrium in the number of slip bands has achieved, can the softening 
become noticeable.   
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Figure 2-7 Fragmented γ’ precipitate particles due to dislocation shearing [13].  

2.4 Fatigue life  

Fatigue life of smooth and defect-free mild steels or other materials hardened by age hardening is 
observed to be affected by nominal stress level. For a fully-reversed loading (zero mean stress) of such 
a material under constant loading amplitude, these materials demonstrate an initial increase in fatigue 
life with decreasing stress level, followed by a plateau in the stress-life plot as shown in Figure 2-8. The 
independence of fatigue life on stress magnitude normally occurs beyond 106 cycles. For ferrous 
materials, infinite fatigue life can be observed when the stress level is below an endurance limit, . 
Typically, the endurance limit is 35% - 50% of the tensile strength for most steels and copper alloys. 
On the other hand, some high strength steels and Al alloys do not exhibit endurance limit as shown by 
the broken line.  
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Figure 2-8 Representative stress-life (S-N) diagram for smooth, defect-free ferrous (solid line) and 
non-ferrous (broken line) materials under fully reversed loading [11].  

For many applications, the fully-reversed loading condition is not satisfied. Instead, it is always 
observed that the mean stress is non-zero. Stress-life (S-N diagram) behaviour is greatly dependent on 
the mean stress level. An increase in the mean stress of a metallic material results in a decrease in fatigue 
life as shown in Figure 2-9. 

 
Figure 2-9 The influence of mean stress level on fatigue stress-life (S-N) diagram [11]. 

The S-N diagram in Figure 2-8 pertains to the total fatigue life of a nominally smooth and defect-free 
specimen, in which both the numbers of cycles of fatigue crack nucleation and propagation are not 
explicitly considered. The fraction of fatigue life cycles that is consumed in the fatigue crack nucleation 
regime can vary tremendously from 0%, for materials containing stress concentrators (inclusions, pores, 
or other defects), to as high as 80% in carefully prepared, smooth, defect-free samples where 
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crystallographic nucleation dominates [11]. Consequently, variability of fatigue life has been observed 
in many engineering alloys due to the activation of different fatigue crack nucleation and propagation 
mechanisms. The below experimental studies of fatigue deformation in nickel superalloys containing 
inclusions reveal a variety of  fatigue crack nucleation mechanisms and how they are affected by 
temperature, microstructure, and loading condition.   

2.5 Fatigue crack nucleation from inclusions in nickel superalloys 

Much work has been carried out to study the influence of inclusions on fatigue crack nucleation in 
nickel superalloys. Temperature [29, 30], grain size [31, 32], stress level [33], strain range [34], and 
size of non-metallic inclusions [35] have been found to affect fatigue performance. The competitions 
between various microstructures and testing conditions result in diverged fatigue behaviour. Recent 
findings in the literature relating to experimental observations on fatigue crack nucleation from 
inclusions in nickel based superalloys and effects of microstructures are reviewed.  

Caton et al [33] observed diverged fatigue crack nucleation mechanisms in PM nickel superalloy Rene 
88 DT under different stress levels. At high stresses, cracks nucleated at both inclusions and 
crystallographic features. However, a competition in nucleation mechanisms from inclusion and 
crystallographic facets was observed as the stress decreased, resulting in significant scattered fatigue 
lives as shown in Figure 2-10. The transition from high stress (small scatter in fatigue lives) to low 
stress (large scatter in fatigue lives) occurs within a narrow range of stress. At σ =1100 MPa, lives 
for both mechanisms are on the order of 105 cycles, whereas lives scattered to a range of cycles with a 
minimum of 105 and maximum of 107, at σ =940 MPa. The calculated crack growth regime, which 
is indicated by the shaded band in Figure 2-10, on the other hand, does not exhibit a divergence as the 
maximum stress decreased. This revealed that the variability in fatigue lives was controlled by a scatter 
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in cycles to fatigue crack nucleation. Therefore, understanding the mechanisms that control nucleation 
of fatigue cracks from inclusions becomes important.   

 

Figure 2-10 S-N curve showing diverged fatigue lives and the role of crack growth rate in the lifetime 
of P/M Rene 88 DT [33] 

Alexandre et al [31] carried out in situ low cycle fatigue (LCF) test on PM Inconel 718 samples 
produced by different heat treatments to study the effect of grain size. In Figure 2-11, fatigue crack 
nucleation occurred at hard second phase particles in ultra-fine grained materials with average grain 
size of ~5μm, but in materials with coarse grains that had grain size of ~150μm, crack nucleation at 
crystallographic features was observed. Scattered nucleation mechanisms were found in specimens with 
intermediate grain sizes, ~40μm, where fatigue cracks nucleated from inclusions at low strain ranges 
while slip band cracking was more profound at high strain ranges. Smaller grain sizes benefit fatigue 
resistance as a result of the associated increase in yield strength.  A similar experiment was performed 
by Findley et al [32], which revealed a competition in nucleation sites in nickel superalloys with 6 μm 
grain size, but a consistent mechanism in the 20  μm  materials. In the former, crack nucleation 
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mechanism at high strain ranges was dictated by slip band nucleation whereas inclusion associated 
cracking prevailed at low strain ranges. In the latter, crack nucleation from slip bands was dominant. 

 

 

Figure 2-11 Schematic presentation of fatigue crack nucleation from (a) an oxide particle and (b) a 
large grain on the free surfaces of P/M Inconel 718 samples [31] 

Test temperature also plays an important role in fatigue crack nucleation from inclusions in nickel 
superalloys. The γ and γ’ phases of nickel superalloys exhibit a face-centered cubic (fcc) lattice structure 
with 12 {1 1 1} [1 1 0] slip systems. At low temperatures, planar slip occurs upon external loading and 
the dislocation motion is strictly confined to the slip planes, resulting in a heterogeneous deformation. 
By contrast, homogeneous wavy slip is favored at high temperatures due to cross-plane dislocation 
motion. Huron [29] and Hyzak [34] reported transitions in fatigue crack nucleation sites at various 
temperatures in P/M nickel superalloys. Crack nucleation at non-metallic inclusions was found at 
elevated temperatures whereas surface crystallographic nucleations were dominant at low temperatures. 
Hyzak rationalized the observations in terms of relative ease in damage accumulation and crack 
propagation. Planar slip, facilitated by environmentally increased stress intensity at free surface, 
promoted surface crack nucleation at low temperature even if an angular inclusion was present inside. 
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However, at high temperature, inclusions were more effective stress concentrators due to the thermally-
favored homogeneous deformation. Additionally, because crystallographic cracking is due to localized 
plasticity, its occurrence depends on the effect of temperature on the yield strength. Ni-based 
superalloys show an anomalous yielding phenomenon over certain temperature ranges where the yield 
strength increases with increasing temperature. Consequently, fatigue crack nucleation from inclusions 
is expected due to accumulation of plasticity at these inclusions.  

Jablonski [6] studied the role of temperature on mechanisms of fatigue crack nucleation in low carbon 
Astroloy. LCF tests were conducted on clean materials and samples doped with alumina. Cracks 
nucleated at the inclusion/matrix interface at room temperature, whereas fracture of alumina inclusions 
was observed at 500 °C. A fractured inclusion was found to be more detrimental as the initial starting 
crack size was larger and crack propagation occurred at the very first cycles since it behaved as a sharp 
crack.  

The influence of strain range on fatigue crack nucleation mechanism has been investigated by Hyzak 
[30, 34] who performed LCF tests on seeded PM Ni superalloys. In Figure 2-12, a distinct transition 
point can be found, above which fatigue cracks nucleated at free surface or subsurface pores; while 
below the transition the nucleation sites were associated with internal non-metallic inclusions. At strain 
ranges above the transition point, dominant cracks formed at surface defects because of higher crack 
growth rates and stress intensity associated with surface flaws. At strain ranges below the transition 
point, all fatigue cracks nucleated at angular inclusions in the interior. Because the strain concentrations 
were relatively low, only those inclusions with angular shapes reach the threshold values of strain for 
formation of stable cracks. Such inclusions were predominantly found in the interior due to their small 
population. Consequently, internal nucleation was the controlling mechanism at low strain ranges. 
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Figure 2-12 Failure initiation sites in P/M nickel superalloys over different strain ranges [30] 

Gabb [35] et al studied the effect of inclusion size on low cycle fatigue life in PM Udimet 720 at 650 °C. 
Alumina seeds with two different sizes, 54 and 122 µm, were added, and the results were compared 
with un-seeded reference. Secondary electron images of the failure sites showed that the small 
inclusions that initiated cracks were broken up to a cluster of granular particles whereas the large 
inclusions were partially cracked. Alloys with large seeded inclusions yielded larger reductions in LCF 
life.  

The aforementioned experimental observations have demonstrated the detrimental effects of inclusions 
in fatigue performance of nickel superalloys and the resulting scatter in fatigue lifetimes. However, the 
presented work for nickel-based superalloys containing inclusion are mostly empirical without 
measurements of micro mechanical quantities or microstructure details that control the mechanisms of 
crack nucleation. Therefore, it is clearly attractive for the aero companies to understand the fundamental 
mechanisms, which can minimize unnecessary conservatism in current lifing strategies and provide 
more accurate fatigue life predication. The following chapter reviews the experimental observations on 
crack nucleation from inclusions in other industrially important alloys and relevant investigating 
techniques.  
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2.6 Crack nucleation from inclusions in other materials 

Introduction of ceramic inclusions during production of aluminum alloys and steels has been widely 
reported. These inclusions always lead to significant degradation of mechanical properties by early 
crack nucleation and coalescence of micro cracks. Extensive work has been conducted to measure the 
distributions of such defects and to quantify their effects on damage nucleation. Cracks nucleate at oxide 
inclusions via decohesion of oxide/metal matrix interfaces and/or fracture of oxide particles. In the 
presence of these defects, cracks are rarely observed to nucleate in the surrounding metal matrix. Fatigue 
crack, or defect nucleation therefore remains a significant technological and scientific challenge, and 
some early work has attempted to address the mechanistic basis by which defect nucleation occurs when 
under conditions of cyclic loading. Those work is reviewed below together with predicative models and 
crack nucleation criteria.   

Crack initiation in aluminum alloys reinforced by ceramic particles under uniaxial loading was studied 
by means of X-ray tomography [36]. Particle fracture and particle/matrix decohesion were observed to 
be the main damage initiation mechanisms. The experimental results were linked to FE simulation for 
axisymmetric cells. Particle cracking was found to be associated with a critical normal stress or a critical 
stored energy in the particles. A combination of local stress and strain appeared to be related to 
decohesion of particle/matrix interface. However, the authors recognized the ambiguities that raised 
from change in interface strength due to chemical reactions between the particles and matrix.   

Decohesion of martensite/ferrite interface in a dual phase steel was studied in [37]. Martensite islands 
were assumed as hard second phase particles without plasticity. It was observed by light optical 
microscopy (LOM) that the dominant defect nucleation mechanism was decohesion of 
martensite/ferrite interface. X-ray tomography was used to characterize the evolution of the void 
density. Macroscopically recorded tensile stress was related to local equivalent and hydrostatic stress. 
A critical stress criterion was proposed for predicting crack nucleation. An analytical approach for 
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evolution of void density was proposed based on the critical stress criterion. The modelling results 
showed reasonable agreement with void densities measured by X-ray tomography.  

CPFE modelling was recently carried out to study nucleation of microstructurally small fatigue cracks 
(MSFC) in aluminum alloys containing hard Al7Cu2Fe particles [38] based on the nucleation metric 
proposed in [39]. Defect nucleation mechanism was dominated by fracture of the hard particles, from 
some of which cracks nucleated and propagated into surrounding microstructures. Microstructures 
obtained by orientation imaging microscopy (OIM) and scanning electron microscopy (SEM) were 
digitized for geometric representation in finite element models. The replicated-microstructure 
modelling provided micro mechanics that governed the crack nucleation. Cyclic accumulation rate of 
slip was used for predicting the propensity of cracked particles to nucleate MSFCs. In conjunction with 
previous study of statistical distribution of hard particles in these aluminum alloys [40], these work 
provide improvements in microstructure-sensitive micro plasticity modelling and insights into 
characteristics that facilitate nucleation of fatigue cracks from second phase hard particles.    

Interface decohesion has been studied extensively using cohesive zone modelling. The cohesive zone 
theory relies on a phenomenological continuum framework with constitutive equations that relate 
surface traction and displacement. Complete separation occurs when the cohesive traction across the 
decohering interfaces becomes zero [41]. The predicative capability of such a damage initiation model 
relies on accurate prediction of stress and strain fields. In the literature, criteria for void nucleation at 
interfaces are related to and defined with respect to macroscopic quantities, e. g. [42]. In these analyses, 
constitutive behaviour of each phase present is not considered explicitly based on microstructure-
sensitive modelling or direct experimental measurement at the same length scale. Cohesive zone models 
with interface potential functions predicted by first principles density functional theory (DFT) 
simulations have been used for analyses of the atomistic separation of commercially-important γ-
Ni(Al)/Al2O3 interfaces [43, 44], and such strategies have been employed to address fracture of bi-
material interfaces at various length scales. However, the use of DFT simulations to determine 
theoretical interfacial strengths for metal-ceramic systems, particularly when the detailed metallurgy at 
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the interface often remains elusive, is problematic. An alternative strategy is required which is framed 
at the relevant length scale and it is argued in this PhD work that the appropriate scale is that of the 
microstructure. The determination of cohesive zone properties at this scale has also remained 
problematic but a potential solution exists by bringing together the results of detailed HR-DIC and HR-
EBSD measurements, together with microstructurally faithful crystal plasticity representations in order 
to extract out interface properties.  

It has been demonstrated in chapter 2.3 that inclusions significantly degrade mechanical properties of 
Ni-based superalloys. Hopefully, this brief review of relevant research on understanding crack 
nucleation from hard particles embedded in ductile matrix has gradually rendered an impression that 
accurate measurement of micro plasticity developed in such heterogeneous microstructures is crucial 
for understanding of the mechanistic basis and hence evaluation of fatigue performance. In this sense, 
the experimental and modelling techniques that were used to address this challenge are reviewed below.  

 

2.7 CPFE modelling of micromechanical deformation 

Crystal plasticity finite element (CPFE) modelling based on explicit representations of experimentally 
observed microstructures [45-47] is increasingly able to provide quantitatively accurate deformation-
induced full-field strain and stress distributions within the same starting microstructures under complex 
loading regimes, including thermal [48] and cyclic loading leading to fatigue crack nucleation [49].   

The deformation of polycrystalline materials is highly anisotropic in a microscopic sense. This is due 
to anisotropy of the elastic stiffness tensor and orientation-dependent activation of deformation 
mechanisms, including dislocation slip, twinning, and etc. The velocity gradient written in dyadic form 
allows CPFE modelling to account for the crystallographic and anisotropic nature of various 
deformation mechanisms and orientation change as a result of applied boundary conditions. Therefore, 
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since first introduced by Pierce et al [50], CPFE modelling has been used extensively for an enormous 
amount of research on micro mechanical deformation of crystalline aggregates.   

CPFE analysis is a desirable tool to probe microscopic deformation. A significant driver is to develop 
a cost-effective way to predict accurately the evolving plasticity in industrially relevant engineering 
alloys under relevant loading conditions [51, 52]. Application of this technique is widespread and 
notable examples can be found in studies of crystal morphology and anisotropic deformation in Ti [51, 
53, 54], predication of fatigue crack nucleation [55, 56] and strain partitioning in ferrite and martensite 
phases [46, 57] in steels, surface deformation [58] and necking [59] in aluminum, orientation change in 
tantalum oligo crystals [47], and thermal residual stresses in nickel superalloys [45, 60]. The CPFE 
models mentioned used a mix of phenomenological and physically-based constitutive laws with only 
dislocation slip being taken as the deformation mechanism. Nevertheless, constitutive formulations for 
various plastic flow and hardening, have progressively evolved from empirical viscoelasticity based 
ones in [61, 62] to those that can take size-dependent effects [63, 64], martensite formation[65], and 
mechanical twinning[66]. Regardless of the highly complex microstructures and absence of mechanics 
of discrete dislocations, the resulting deformation were predicted by the CPFE models had shown 
reasonable agreement with experimental validation.   
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2.8 Experimental techniques for micromechanical measurement  

Previous investigations of micro plastic deformation in a range of industrially relevant alloys using a 
combined methodology of digital image correlation (DIC) and electron backscatter diffraction (EBSD) 
are reviewed below. Notable experimental work coupled with computational micro mechanical 
modelling are also shown. In addition, applications of cross-correlation based high resolution EBSD for 
investigations of correlations of slip localization and accumulation of geometrically necessary 
dislocations (GND) with key microstructures are briefly reviewed below.  

DIC studies used with images obtained by optical microscopes were extensive [67]. Speckling samples 
using Si and SiO2 particles for optical imaging is usually easy and fast at an expense of poor resolution 
and small depth of field in comparison with SEM based imaging techniques. Although this method is 
capable of capturing large field of view, the spatial resolution is limited due to speckle particle size, 
imaging system, and magnification. To the author’s knowledge, the highest resolution achieved using 
optical microscopy with tolerable depth of field is about 0.08 microns/pixel [68]. Nevertheless, the 
depth of field at this resolution was few microns, which made it difficult to keep the sample focused 
during experiment. In contrast, SEM based imaging techniques provide a well-balanced combination 
of spatial resolution, field of view, and depth of field.  

Application of speckle patterns usually requires fine Si or gold nanoparticles with few hundreds of 
nanometers. A solution of fine SiO2 particles was dispersed onto the sample surface to provide the 
speckle pattern in [46]. Agglomeration of SiO2 particles was avoided by rotating the sample on a clean 
polishing cloth. Further water flushing removed excessively large SiO2 particles. Remodelling of gold 
nano-particles was employed in [69] and research carried out in the group. The samples were polished 
and exposed to water vapour. A thin layer of finely-dispersed gold particles was achieved by carefully 
controlling the polishing and exposure time. Other speckling methods including microgrid [70, 71], 
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electron beam lithography[72], and etching[73] may offer be time-efficient, but at an expense of coarser 
speckles and hence lower resolution in comparison with the two examples.  

SEM [74], Inlens SEM [75], and BSE [69] imaging modes were attempted to capture DIC images. In 
order to minimize the effects from topological contrast arising from slip bands, grain rotation, and etc., 
and the interaction volume to the size of the speckle particles, Inlens secondary electron detector was 
used in {Yan, 2015 #58}. The Inlens detector is aligned with the axis of the electron column and detects 
low energy SE signals. This greatly reduced topological contrast due to deformation and increased 
spatial resolution by reducing the interaction volume. In [69], the gold particles had higher atomic mass 
than the base metal and therefore provide good black-white contrast using BSE imaging mode. The 
BSE-based imaging has the advantage of being less sensitive to topological contrast than SE-based 
imaging. 

In situ DIC analysis of microplasticity developed in ferrite and martensite in DP steels was achieved by 
Inlens SEM imaging of single layer speckle pattern of fine colloidal silica particles [46, 57, 75]. The 
underlying microstructures were characterized by concurrent EBSD measurement and were 
reconstructed for development of geometric CPFE models. Strain localizations were found to develop 
within ferrite grains in both experimental measurements and modelling predications and related to 
damage nucleation.  

Heterogeneous distributions of plastic strains near grain boundaries in Hastelloy X was measured by 
high resolution DIC and related to microstructures that had been obtained by EBSD [76]. The strains 
were measured on a point-wise basis across grain boundaries with various residual Burgers vectors and 
therefore provided insight into the role of residual Burgers vector on slip transmission. In this study, 
the residual Burgers vector was calculated as the difference between the slip directions in two adjacent 
grains where the incident and transmitted dislocations reside. An inverse relation between magnitudes 
of Burgers vectors and the magnitudes of strain across grain boundaries was then established. A higher 
energy barrier was related to grain boundaries with high magnitude of Burgers vector by molecular 
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dynamics (MD) simulation and distributions of strain across grain boundaries were affected by these 
energy barriers.     

Cross-correlation based high resolution EBSD (HR-EBSD) has become an emerging tool for mapping 
elastic strains at mesoscopic and microscopic scales [77, 78] and reveals microstructural mechanisms 
of deformation. The geometrically necessary dislocation (GND) density can be measured by analysis 
of lattice curvature measured through Nye's tensor [79] and hence provides information on plastic 
deformation. To date, this technique has been used to study anisotropic behavior of hcp crystals [54], 
GND distributions after tensile deformation in Ti [80], macrozones in hot-rolled Ti-6Al-4V [81], 
residual stresses and GND accumulation in annealed [82, 83] and deformed copper [84], and 
transformation-induced GND development in steels [85]. In particular, a recent application of this 
technique to obtain strain and rotation fields around a carbide particle in a single crystal nickel matrix 
under thermal loading has shown both qualitative and quantitative agreement with gradient enhanced 
CPFE predictions [45, 86]. However, the quantitative determination of full-field, absolute elastic strain 
and lattice rotation distributions in polycrystalline metals using HR-EBSD  is currently not available 
due to the so-called ‘reference pattern’ problem [87].  

In chpater 3, a preliminary study of the fundamentals of crystal plasticity finite element modelling is 
presented. Simple crystal plasticity models of fcc crystals were developed in MATLAB and ABAQUS 
to study the effects of rate sensitivity and elastic anisotropy, respectively.  

This is followed by a preliminary characterisation of three different non-metallic inclusions in 
polycrystalline nickel superalloys in chapter 4. Chemical variations due to the presence of inclusions 
were captured by wavelength dispersive X-ray spectroscopy (WDX), focused ion beam-secondary ion 
mass spectroscopy (FIB-SIMS), and energy dispersive X-ray spectroscopy (EDX). Microstructures in 
the vicinity of inclusions were characterised by secondary electron microscopy (SEM) and linked to the 
variations in chemistry.  
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Investigation of the effects of inclusions on crack nucleation in nickel based superalloys containing 
inclusions was performed using CPFE, DIC, and EBSD. In chapters 5-7, results from the modelling of 
thermally and cyclically loaded nickel polycrystalline samples containing inclusions will be shown. 
Detailed comparisons of model predictions with concurrent experimental measurements have been 
made to provide justification for, and confidence in the models. A systematic analysis of the effect of 
prior heat treatment on subsequent cyclic loading has been conducted. The model predictions and 
experimental observations have allowed the mechanistic basis that drives the process of fatigue crack 
nucleation in polycrystalline nickel superalloy to be established. Model predicted micro mechanical 
quantities, including slip, strain accumulation, stress, and stored energy, have been investigated for 
predication of fatigue crack nucleation.     
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3 Preliminary crystal plasticity finite element modelling 

3.1 Single element crystal plasticity model in MATLAB 

 

Figure 3-1 Schematic of an fcc crystal with slip direction s, slip plane normal n, under externally 
applied loading F.  

A single element model is developed to study crystallographic slips in an idealized fcc crystal. Plasticity 
is governed by a simplified physically-based constitutive model, in which the onset of plasticity only 
depends on the critical resolved shear stress. The effects of time step and rate sensitive parameters are 
also evaluated. The model representative of an isotropic fcc crystal under uniaxial loading in the y 
direction is shown in Figure 3-1. In this model, twelve {1 1 1} [1 1 0] slip systems are considered.  

In explicit scheme, stress and strain quantities are updated at the end of each time increment without 
enforcing the equilibrium of the internal forces with the internal loads. The superscript t denotes 
quantities at the beginning of the time interval and t + ∆t refers to quantities after the interval such that 
updated stress (σ ∆ ) and strain (ε ∆ ) can be written as 

 



54 
 

 ∆ = + ∆t 3-1 

 ∆ = + ∆t 3-2 

where  and  are stress rate and strain rate, respectively. Loading is applied at a constant strain rate of 
0.01s . The time step ∆t is set as 0.01s. 

Stress and strain are related using Hooke’s law as shown in Equation 3-3. Young’s modulus is assumed 
to be isotropic and therefore is scalar.  is equal to zero for elastic deformation.  

 = E( − ) 3-3 

where E=210 GPa. The Schmid law gives the resolved shear stress on a slip plane as  

 τ = σ( ∙ )( ∙ ) 3-4 

where s and n are the slip direction and slip normal in Figure 3-1. F is the applied uniaxial loading.   

Plastic flow occurs if the resolved shear stress is greater than the critical resolved shear stress. In this 
chapter, τ  is given an arbitrary value of 110 MPa. The plastic strain rate  now becomes non-zero and 
defined as  

 = sym γ (  ⨂ ) 3-5 

A simplified form of slip rate, γ, is used, in which α and β are rate dependent parameters. 
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 γ = α sinh[β(τ − τ )] 3-6 

The curves in Figure 3-2 show how the stress varies with the strain with different rate sensitive 
parameters. Starting from zero stress, σ  increases linearly as straining continues until the yield point. 
After this point, plastic flow occurs with  σ  remaining constant since hardening is not included in the 
formulation of slip rate. The yield stress, σ , can be calculated by re-arranging Equation 3-4 and 
replacing τ by τ  as  

In Figure 3-2, it is clear that smaller values of α and β shift the curves upwards. This can be explained 
by rearranging Equation 3-6 to the following form: 

from which it can be found that the resolved shear stress is inversely proportional to α and β. Smaller 
α and β increase the resolved shear stresses on all slip planes and hence the macroscopic flow stress is 
increased. The elevation in yield stress is due to the contribution from rate sensitivity. 

 

 σ = τ /( ∙ )( ∙ ) 3-7 

 τ = + 1
β ℎ (1 γ) 3-8 
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Figure 3-2 Stress-strain curves for constitutive equations with different rate sensitivity parameters. (a) 
α = β = 0.1; (b) α = β = 0.01 

3.2 A 2D single element elastically anisotropic model in ABAQUS  

An fcc crystal is elastically anisotropic. However, isotropy was assumed in previous study using 
MATLAB (see chapter 3.1). In order to study the influence of elastic anisotropy, a single element model 
considering fcc anisotropy is created. This model provides fundamental knowledge for future studies 
of the influence of elastic anisotropy on local stress and strain distributions.  

 

Figure 3-3 (a) Schematic of a single element fcc crystal before (dashed square) and after loading 
(solid rectangle); (b) loading direction with respect to the crystal orientation 

Figure 3-3 (a) depicts an idealized singe element fcc crystal under uniaxial straining in the vertical 
direction. Initially, the local configuration (X-Y-Z) coincides with the global configuration (x-y-z) as 
seen in Figure 3-3 (b). A stiffness matrix in conjunction with three Euler’s angles (ω , φ, ω ) is used to 
account for the elastic anisotropy. Material properties are specified by a user defined material subroutine 
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(UMAT) in ABAQUS. The material parameters are identical to those used in the MATLAB model in 
chapter 3.1. The flow chart in Figure 3-4 illustrates the framework of the program schematically.  

 

Figure 3-4 Steps in the UMAT subroutine for study of fcc elastic anisotropy 

The stress vector, σ, and strain vector, ε, provided by ABAQUS are in Voigt notation and are converted 
into stress tensor, σ, and strain tensor, , by taking advantage of the symmetries of the stress and strain 
tensors.  

                             =                       =  

                             =                       =  
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where = , = , and =  are engineering shear strains. 

The resolved shear stress on a slip plane, τ, is related to the stress tensor using Equation 3-9. Plasticity 
occurs once the resolved shear stress is equal to or greater than the critical value (τc=110MPa).  

 τ = ( ∙ ) ∙  3-9 

General linear elastic stress-strain relations have the following form and are used to related elastic strain 
to stress. 

σ = C ε  

where σij and εij are the stress and strain tensor in Voigt notation respectively and  Cijkl the stiffness 
tensor in which the number of elastic components are reduced to 21 due to symmetries as follows: 

=

≡  
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For fcc materials, the elastic stiffness tensor is further reduced to: 

=  

The elastic constants for Ni anisotropy are given as C = 231 GPa, C = 103 GPa, and C =
107 GPa. 

The stress-strain relation for isotropic material under plane strain condition takes the form: 

= E
1 − v

1 v v 0v 1 v 0v v 1 0
0 0 0 1 − v

E G 2
 

where E=210 GPa and v=0.3. 

The external loading shown in Figure 3-3 (a) results in an elongation of the element in the y direction, 
while a contraction in the x direction. Since no force is exerted in the x direction, the corresponding 
stress is zero. The stress-strain curves in the y direction for both isotropy and anisotropy conditions are 
plotted in orange and blue in Figure 3-5. For both conditions, the onset of plasticity occurs at the same 
stress. The incorporation of anisotropy only affects the elastic regime as indicated by the change in 
slope. In this sense, it is reasonable to assume that elastic anisotropy plays a role at early stage of loading 
and the effects diminish with increasing plasticity [55]. In subsequent crystal plasticity modelling, Ni 
anisotropy has been considered.  
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Figure 3-5 Stress and strain curve obtained by ABAQUS modelling 

The development of crystal plasticity models using MATLAB and ABAQUS were done by Tiantian 
Zhang under supervision of Prof. Fionn Dunne.  
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4 Preliminary inclusion characterisation 

4.1 Introduction 

In this chapter, microstructural and compositional characterization were conducted on three RR1000 
samples (BY662, BY665, and BX6924) containing non-metallic inclusions using electron microscopy. 
Wavelength dispersive X-ray spectroscopy (WDX) was carried out for elemental mapping and point-
wise quantitative analysis. The presence of trace element was assessed by focused ion beam-secondary 
ion mass spectroscopy (FIB-SIMS). Cross sections of the samples made by FIB lift-out technique were 
studied using TEM-based energy dispersive X-ray spectroscopy (EDX). The spatial distributions of the 
nickel and inclusion phases were investigated. Constituents of the inclusion phase were identified and 
related to the formation of the complex microstructures near the inclusions.  

4.2 Wavelength dispersive X-ray spectroscopy 

4.2.1 Materials and experimental procedures 
The as-received sample (BY665) was a fine grain polycrystalline nickel alloy produced by sub-solvus 
heat treatment. The nominal composition of this sample is provided in Table A 1 in Appendix A. A 
non-metallic inclusion agglomerate with a dimensional of ~180 × 40 μm was detected.  

WDX analysis was carried out on a Cameca SX100 electron microprobe analysis system (EPMA) 
operating at 20 kV. Thallium acid phthalate (TAP) and Pentaerythritol (PET) diffracting crystals were 
used for the WDX analysis. Mapping of characteristic alloying elements was carried out on an area of 
~270×250 µm, containing the inclusion agglomerate. 
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Figure 4-1 BSE image of the investigated inclusion region with point-wise quantitative analysis 
carrying out at the red dots.  

Prior to the WDX analysis, a series of samples with known compositions was used to calibrate the 
EPMA system for quantitative analysis. With knowledge of the alloying elements and potential 
inclusion composition, intensities of characteristic X-rays from the standards were captured. 
Quantitative chemical analysis was carried out at three groups of points in Figure 4-1. These points 
were categorized based on their proximities to the inclusion agglomerate.   

4.2.2 Results  
In Figure 4-1, the backscattered electron (BSE) image shows that the inclusion is an elongated 
agglomerate of small oxide particles. The black and white contrast indicates the compositional 
difference between the inclusion and metallic phases. A typical fine grain microstructure with average 
γ grain size of ~10 µm is observed. Primary γ’ precipitates at the γ grain boundaries are discernable. 
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Secondary and tertiary γ’ precipitates are not visible in the micrograph due to the magnification used 
for imaging. Abnormal growth of γ grains is found near the inclusion agglomerate.  

Compositional maps of selected alloying elements are presented in Figure 4-2. In nickel-based 
superalloys, Al, Ta, and Ti partition to the γ’ phase, and therefore can be visualized as points with high 
intensities at the γ boundaries. In contrast, Cr and Co partition to the γ phase and therefore are visible 
as points with strong signal intensities.  

The possible presence of aluminum, which is commonly found in non-metallic inclusions in nickel 
superalloys, is ruled out by the WDX analysis. In the compositional maps, it can be observed that only 
Ta is found in the inclusion. Both BSE image and compositional maps suggest that the γ’ precipitates 
are depleted in the large-grained region. This is possibly due to a variation of local chemistry as a result 
of the presence of inclusion and will be discussed later. 

 

Figure 4-2 WDX compositional maps of γ and γ’ forming elements 

 



64 
 

 

Figure 4-3 WDX maps of elements present in the inclusion. The bottom right is a simulated WDX 
spectrum for a nominal composition of 15 wt% Si, 25 wt% Zr, and 25wt% Hf, indicating peak overlap 

of Si and Hf (Lβ). 

Results of prior EDX analysis (carried out by David M. Collins in Oxford University) have shown 
evidence of presence of Zr, Hf, and Si in the inclusion in RR1000 sample BX6924. WDX compositional 
maps of these elements and oxygen are shown in Figure 4-3, in which localization of Zr, O, Hf (Lα), 
and Hf (Lβ) at the inclusion agglomerate are easily discernable. The distributions of Zr and Hf follow 
that of oxygen. This suggests that the inclusion contains ZrO2 and HfO2. Although the distribution of 
Si follows that of oxygen, the signal intensity is rather low. This results in interferences between Si and 
other alloying elements.  

Despite increased spectral resolution offered by the WDX technique, simulated spectra of Si (Kα) and 
Hf (Lβ) show peak overlap for analysis using TAP diffracting crystal as depicted in Figure 4-3. A proof-
of-principle test carried out on a pure Hf metal using a TAP crystal yielded 2% Si. Therefore, it is 
difficult to differentiate trace amount of Si from the strong Hf background in the inclusion. FIB-SIMS 
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analysis, which does not suffer from this interference, was carried out and the results will be presented 
in chapter 4.3.  

In Table 4-2, average compositions for the three categorized groups of points are shown, together with 
their standard deviations. Results below the detection limits have been removed and rendered <dt. 
Levels of the γ and γ′ stabilisers (columns in yellow) appear to progressively decrease from the fine-
grained region towards the inclusion, whereas inclusion constituent elements, Hf and Zr (columns in 
blue), show an increase from the inclusion towards the fine-grained region. Compared with the nominal 
composition of this nickel-based superalloy given in Table A 1 in Appendix A, this quantitative analysis 
indicates significant compositional gradients in the regions near the inclusion. The reduced 
concentration of the γ’ stabilizers (Al, Ti, and Ta) in the inclusion and its vicinity might lower the γ’ 
solvus temperature and thus caused local super-solvus treatment during heat treatment. This could 
potentially result in dissolution of pining primary γ’ at γ boundaries and hence the presence of the 
abnormal grain growth.  

 

Table 4-1 Analytical results for analyzed points near inclusion where averaged elemental composition 
and standard deviation are given in wt%. The γ and γ′ stabilizers are in yellow. Inclusion constituents 

are in blue.  

In summary, WDX analysis was carried out on the nickel-based superalloy sample containing an 
inclusion. The inclusion has been characterized to be a complex agglomerate of small particles of Hf, 
Zr, and Ta oxides. Abnormal grain growth has been observed near the inclusion. Compositional 
gradients of γ and γ’ forming elements and refractory elements exist in the inclusion and in the 

Al Ti Co Mo Ta Cr Zr Hf Ni
Ni fine grain 
(point 14-21) 2.60 3.40 19.20 5.20 1.70 15.60 <dt 0.40 51.10
Inclusion vicinity 
(point 1-13) 2.60 3.20 18.50 5.00 1.80 15.50 1.20 2.50 49.20
Inclusion (point 
22-30) 2.40 2.90 16.90 4.60 1.70 13.70 2.50 8.30 44.20
Standard 
deviation 0.04 0.08 0.61 0.12 0.03 0.14 0.04 0.06 0.64
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surrounding large grains and have been related to the formation of abnormal grains. However, due to 
interferences with other elements, the presence of Si found by the WDX needs to be confirmed by 
further analysis.  

4.3 Focused ion beam-secondary ion mass spectroscopy 

4.3.1 Materials and experimental procedures 
FIB-SIMS was carried out on a nickel RR1000 sample (BY662) containing an inclusion without oxide 
particles on the free surface. Serial sectioning by polishing and grinding was performed and no oxide 
agglomerate was detected below the free surface. The BSE image of the large grains is shown in Figure 
4-4 (a). The FIB-SIMS analysis was performed using a FEI FIB200-SIMS ion microscope. A gallium 
liquid metal ion source with gallium ion energy of 30 keV was used to produce the sputtered ions. 
Sputter-cleaning was first conducted using the primary gallium ion beam at high beam current of 20 nA 
at locations to be examined by FIB-SIMS analysis as shown in Figure 4-4 (b). Recorded analyses were 
conducted by sputtering three pairs of comparable rectangular craters, within the cleaned regions at low 
beam current of 3 nA. Each pair of craters is outlined by a different color in Figure 4-4 (c) and (d). To 
make like-with-like comparison, the sizes of the craters for each pair of tests were made same and the 
tests were carried out using identical microscope set-ups. Depths of the craters were made consistently 
to be 1µm. Acquisition time of 3 minutes was used for each pair of tests.   
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Figure 4-4 (a) BSE image of the inclusion. (b) Schematic of the nickel sample with locations for the 
recorded and baseline FIB-SIMS analysis. (c) Craters at the inclusion. (d) Reference craters in the 

bulk of the sample.  

4.3.2 Results  
Mass/charge (m/z) spectra obtained from the craters in the inclusion region (crater A, B, and C) and 
baseline measurements (Reference crater A, B, and C) are shown in Figure 4-5. Spectrum for a m/z 
range between 22-30 is first shown. The large grains show a lower Al content from the reference craters 
as indicated by the different signal counts at m/z=27. In Figure 4-5 (b) – (d), magnified views of the 
plot at m/z=30 reveal an elevation of Si+ in the large grains.   
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Figure 4-5 (a) SIMS mass spectra obtained from the inclusion region and the bulk of the sample with 
magnified insets (b-d) showing signal counts at the m/z of Si (28).  

4.4 Energy dispersive X-ray spectroscopy  

4.4.1 Materials and experimental procedures 
A non-metallic inclusion was detected in the nickel superalloy sample BX6924. In Figure 4-6, a cross 
section of the agglomerate was made by Focused Ion Beam (FIB) lift-out technique inside a dual beam 
FEI Nova 600 NanoLab using a 30 kV Ga+ beam. EDX microanalysis was carried out on a JEOL JEM-
2100F transmission electron microscope (TEM) using the scanning transmission electron microscopy 
(STEM) mode at 200kV. The Oxford Instruments X-Max 80 mm2 silicon drift detector was used for 
the EDX analysis.  
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Figure 4-6 BSE image of an inclusion agglomerate showing two distinct oxide phases. A cross-section 
from the agglomerate (colored in red) of ~7×6×0.1 µm was made by FIB lift-out. 

The most significant limiting feature of a SEM-based EDX in comparison with TEM-based EDX is the 
lower spatial resolution due to larger interaction volume. However, electron beam energies in TEM are 
much higher and therefore have more penetrating power. Since TEM samples are electron transparent, 
the interaction volume is much smaller than that in SEM and hence higher spatial resolution.  

4.4.2 Results  
Dark field TEM (DF-TEM) image of the cross section is shown in Figure 4-7. It can be seen that the 
nickel grains vary significantly in size and morphology. Different contrasts generated by the nickel 
grains and oxide particles can be seen. TEM-based high resolution EDX analysis was carried out at a 
number of positions within the cross-section and consistent results are obtained. Therefore, only the 
results of the outlined particle in Figure 4-7 are shown.  
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Figure 4-7 FIB cross section of the inclusion agglomerate where chemical mapping was carried out. 
Results of the outlined particle are shown later.  

High resolution EDX compositional mapping of elements for the outlines particles is shown in Figure 
4-8. The oxygen map shows presence of oxygen inside the black particle, accompanied by a 
corresponding increase in Al and Mg. This suggests that the composition of the particle is Al2O3 and 
MgO. On second observation, elevated counts of Hf, Zr, and Si appeared in the vicinity of the oxide 
particle where oxygen is absent. This observation reveals evidence of elemental Hf, Zr, and Si near the 
oxide particle, possibly due to reduction of refractories by alloying elements. Overlaps of Ta (Mα) and 
(Si Kα) peaks are commonly observed in EDX analysis. However, this ambiguity is ruled out by the fact 
that the Si distribution does not follow that of Ta (Lα1).  
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Figure 4-8 Dark field TEM image of the microstructure for TEM-EDX and a collection of the EDX 
maps taken at the particle.  

4.5 Discussion and conclusions  

The alloying elements in RR1000 nickel superalloys can potentially react with crucible lining during 
production of the materials. Thermodynamically feasible reactions that can result in the formation of 
the observed oxides are listed below.  
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Zr/Hf/Mg (alloy) + SiO2 (lining) → ZrO2/HfO2/MgO + Si 
Zr/Hf/Mg (alloy) + Al2O3 (lining) → ZrO2/HfO2 /MgO+ Al 

Chemical composition of non-metallic inclusions in nickel superalloys vary significantly with different 
processing steps and alloying elements [6]. In order to investigate the origin of such defects, it is 
necessary to obtain spatial and temporal evolution of composition of inclusions. Results of the electron 
microscopy characterization have shown significant compositional and microstructural heterogeneities. 
Inclusions with different oxide composition were found in the samples. Constituents of the particles are 
Hf, Zr oxides in sample BY665, and Al2O3 and MgO in sample BX6924. Inclusion without oxide 
agglomerate was observed in the nickel sample BY662. Evidence of trace amount of Si present in the 
surrounding of the inclusions was related to reactions between the alloying elements and crucible lining. 
The results of this microstructural characterization have been provided to Rolls-Royce for improvement 
of the manufacturing steps. 

The WDX work was performed by Tiantian Zhang and Mr. John Spratt at Natural History Museum in 
London. The FIB-SIMS work was performed by Dr. Richard Chater at Department of Materials in 
Imperial College London. TEM sample preparation was conducted by Tiantian Zhang and Geoff West 
at Loughborough University. The TEM-EDX was done by Prof. Barbara Shollock.  

5 Thermal residual strain, lattice rotation, and dislocation density 
in polycrystalline nickel superalloy containing inclusions 

5.1 Introduction 

In this chapter, a CPFE model and high resolution EBSD are employed to study a non-metallic inclusion 
in a powder metallurgy produced polycrystalline nickel based superalloy (RR1000). When subjected to 
stress relief by heat treatment at 1033 K, significant strains develop due to differing thermal 
expansivities of the inclusion and nickel matrix. Here, elastic strains and lattice rotations determined by 
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both model and experiment are presented. Qualitative and quantitative comparisons are then performed. 
A reference shifting methodology is introduced to reference correctly the strain and rotation fields, 
hence enabling detailed, full-field comparisons between the HR-EBSD-measured results and those 
predicted using CPFE. Correctly referencing polycrystal strains and rotations in HR-EBSD is termed 
direction correction, but currently, direct experimental methodologies to do this are not available. 
Hence, in this chapter, inverse ‘referencing’ of strains and rotations from the CPFE model is performed 
in order to enable detailed, full-field polycrystal comparisons between experimental measurements and 
model predictions. 

5.2 Materials and experimental  

RR1000 samples were supplied by Rolls-Royce plc and were cut down to a dimension of 6×5 mm for 
microscopic characterization. The nominal composition of the alloy is given in Table A 1 in Appendix 
A. The sample was produced via a powder metallurgy route followed by extrusion, forging and a two-
step heat treatment. A sub-solvus solution heat treatment was conducted at 1393 K for four hours and 
then forced air quenched. Upon cooling, the  matrix becomes sufficiently supersaturated that a fine 
dispersion of intragranular ’ precipitates homogenously nucleate and grow until the diffusion fields 
overlap, resulting in soft impingement [88]. The material was next subjected to an aging heat treatment 
at 1033 K for sixteen hours where the intragranular precipitates coarsen in a controlled manner to 
provide precipitate size distributions which are tailored to yield the best overall performance of a turbine 
disk component. Notably, the resulting fine grain microstructure, combined with the multi-modal 
distribution of ’ precipitates, results in good low cycle fatigue properties.  

A non-metallic inclusion was detected from an evaluation of microstructure in the RR1000 sample, 
which was then carefully sectioned to leave the inclusion on the surface.  Standard metallographic 
grinding and polishing were performed to achieve a suitable surface quality for scanning electron 
microscopy (SEM) and energy dispersive X-ray (EDX), after which a final light polish with colloidal 
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silica for ten minutes was applied to obtain the optimum surface finish required for subsequent EBSD 
analysis.  

 

Figure 5-1 (a) BSE image of the inclusion; (b) EBSD map with the corresponding inverse pole figure 
showing crystallographic orientations  

A back-scattered electron (BSE) image from the inclusion was obtained on a Zeiss Auriga scanning 
electron microscope operating at an accelerating voltage of 20kV and a beam current of 10 nA. An 
agglomerate of particles with a distinct two-phase contrast is observed as seen in Figure 5-1 (a), 
indicating a significant compositional difference. Elements present in the outer rim of the agglomerate 
have higher atomic number than those in the interior. The inclusion is elongated in one direction and it 
has a dimension of approximately 110×20 µm.    

EDX measurements were performed using Inca from Oxford Instruments on a JEOL 6300 tungsten 
filament scanning electron microscope. The chemical analysis demonstrates that the inclusion includes 
hafnium oxide particles surrounded by particles of Al2O3 with nickel alloy islands in between. Previous 
investigations [6, 29, 89-92] have suggested that such an inclusion is formed during the manufacturing 
process as a result of reactions between melting crucible and alloying elements (Figure 5-2).  
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Figure 5-2 Energy dispersive X-ray maps of selected alloying elements in inclusion presented in 
Figure 5-1. Note that the intensities were adjusted to improve the contrast and therefore cannot be 

used to make quantitative comparisons. Light grayscale values correspond to higher element content 
(Please refer to electronic version of the thesis for enhanced contrast). 

A JEOL 6500F (FEG) scanning electron microscope was used at an accelerating voltage of 20kV and 
a probe current of approximately 10 nA, to conduct EBSD characterization to obtain the 
crystallographic orientations of the grains in close proximity to the inclusion. Diffraction patterns were 
collected using a TSL Digiview II camera with an acquisition time of ~1 second, operating with 1×1 
binning and a 0.45 µm step size which is significantly larger than the spatial resolution of the EBSD 
camera. The step size was chosen to balance conflicting factors, such as Burger’s circuit size, angular 
resolution, scanning time, sufficient number of data points within each grain. The data was collected 
using the imaging microscopy (OIM) DC v6 software, in which the orientations are described by the 
three Euler angles in Bunge notation. Preliminary EBSD characterization, as shown in Figure 5-1 (b), 
revealed that the surrounding grains exhibit a random distribution of orientations. 

5.2.1 HR-EBSD 
After the aging step, significant residual strains developed at the particle/metallic matrix interface due 
to differences in the expansivities of the nickel crystal and the oxide phase. The elastic strains were 
measured by means of high resolution EBSD from the deformation causing shifts in zone axes in the 
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diffraction patterns. An area of 201.45×206.10 μm containing the inclusion was selected within which 
a cropped 1000×1000 pixel EBSD pattern was obtained at each interrogation point. The results were 
digitized to 12 bits and stored in a hard disk for off-line analysis. Shifts at 20 regions of interest (ROI) 
separately located across a diffraction pattern were measured using an automatic image processing 
technique based on cross-correlation analysis in order to calculate eight of the nine degrees of freedom 
in the deformation tensor. The last degree of freedom, which is the hydrostatic dilation, was determined 
by assuming zero traction since EBSD patterns are formed within a small distance from the surface. 
The fully resolved tensor was then used to calculate the elastic strains and lattice rotations [77, 93]. 
‘Traditional EBSD’ performed in the Hough space has a noise level of 10-3 rad for misorientation 
measurement. In comparison, image cross correlation analysis of regions of interest in diffraction 
patterns, performed in Fourier domain via a 2-D fast Fourier transform, allows lattice misorientation 
measurement to achieve a sensitivity of about 10-4 rad without sacrificing spatial resolution [77]. 
Therefore, HR EBSD with higher angular resolution is capable of capturing local GND distributions 
whereas Hough-based EBSD is only sensitive to coarser dislocation structures [94]. For each grain, the 
location with the highest image quality was selected as a reference and elastic strains and rotations were 
determined relative to the reference.  

The determination of GND density is based on the continuity of displacement field and the idea that the 
integration of the displacements (u) around a closed Burger circuit yields zero. This is manifested as 

 =  = 0 5-1 

where the displacement gradient tensor is β. The displacement gradient tensor can be decomposed into 
elastic, , and plastic, , parts respectively. The curl of the elastic part of the displacement gradient 
tensor is of equal magnitude, but opposite sign to the curl of the plastic part of the displacement gradient 
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tensor. The elastic part of the curl of the displacement gradient tensor can be identified as being Nye’s 
dislocation tensor, , as 

 = curl( ) 5-2 

Nye’s dislocation tensor can be expressed explicitly in terms of elastic strain and lattice rotation as 
follow: 
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5-3 

High resolution EBSD provide 2-D measurements on the sample surface. Information concerning the 
elastic strain and the lattice rotation with the depth of the sample are not available since the penetration 
depth of the electron beam is only tens of nanometre. Therefore, only the terms containing ,  are 
measured by HR-EBSD, leaving only three of nine components of Nye’s tensor fully determined. If the 
lattice rotation gradients are significantly larger than the elastic strain gradients, the corresponding 
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components in Nye’s tensor can be neglected. In this sense, five of nine components of Nye’s tensor 
and the difference between two components ( − ) are readily available.  

Densities of different types of dislocations are related to Nye’s tensor through 

 
=  

5-4 

where  is the Burgers vector,  is the unit line direction of the kth dislocation type. Most commonly 
studied crystals (fcc, bcc, hcp) have excessive combinations of slip systems that can support the lattice 
rotation gradients or lattice curvatures measured by HR-EBSD. In an attempt to remove this ambiguity, 
optimization routines are used to determine dislocation densities that support the measured  and 
either minimize the sum of squares of the dislocation densities or minimize the total dislocation line 
energy. Both approaches require equation 5-4 to be re-written into 

 =  5-5 

where dislocation densities are represented by the column vector  and the measured lattice rotation 
gradients and elastic strain gradients of Nye’s tensor constituting as the column vector Λ. A is a linear 
operator which contains terms in the tensor products of the Burgers vector and line direction of different 
dislocation types. The optimization scheme which minimize the sum of squares of the dislocation 
densities is geometrically motivated and the functional, C, to be minized can be expressed as  

 C(ρ, y) = + ( − ) 5-6 
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where the vector y contains the Lagrange multipliers. The solution to this approach is mathmatically 
easy and takes the form 

 = ( )  5-7 

the other optimization scheme, which minimize the total dislocation line energy, is physically motivated 
and the functional, D, to be minimized takes the form 

 D(ρ, y) = | | + ( − ) 5-8 

 

 

Figure 5-3 Mean angular error (a and c), peak height (b and d) of the EBSD analysis after pass 1 and 
2. 
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The mismatch of thermal expansivity is large enough to result in plasticity [45, 86] and hence large 
gradients in lattice rotation (above 4 °) may be expected near the particle/matrix interface. This can 
make initial upsampling of cross-correlation peak inaccurate, resulting in problems in strain 
measurement [95]. To rectify this, a first pass of cross-correlations was applied to calculate the rotation 
components required to remap the test diffraction pattern back to the orientation of the reference. 
Remapping of intensities in the test pattern was undertaken to make sure that only elastic strains and 
small differences in lattice orientation were considered for accurate strain calculation. ROIs were then 
selected from the remapped test pattern and were cross-correlated to those in the reference to measure 
the shifts. Finally, strains were determined with enhanced accuracy by combining the rotation correction 
for remapping with the small lattice rotation and elastic strains measured in the second pass.  

Figure 5-3 illustrates the importance of pattern remapping where both mean angular error and peak 
height after first and second pass are shown. Cross-correlation pattern matching can be assessed by 
calculating the peak height where transformed peaks of ROIs on test and reference patterns are 
compared and normalized to 1 for auto-correlation. Mean angular error is descriptive of the level of 
consistency of the shifts predicted by a (robust) best-fit solution and those actually measured. 
Performing the remapping has reduced the mean angular error and increased peak height around the 
inclusion. This, in return, makes the corresponding measurements more reliable. 

5.2.2 Crystal plasticity finite element implementation 
A brief description of the development of the crystal plasticity model for this analysis is given below. 
A more detailed illustration of the model and implementation of the physically-based constitutive 
equation using a finite element approach can be found in [51]. 

Flow kinematics describes a process where a lattice is deformed from an original configuration to the 
current configuration under external loading. The deformation gradient, F, which maps the positions of 
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a material point in the deformed state and the original state, can be decomposed multiplicatively into 
elastic and plastic parts [96] 

 =  5-9 

The lattice configuration resulting from plastic deformation is formed by crystallographic slip. 
Therefore, it develops as 

 =  5-10 

where the plastic velocity gradient,  ,embodies the dislocation slip rate, γ , on all the active slip (from 
i to n) system with slip direction, ,  and normal to the plane, ,  as 

 

 = γ (  ⨂  ) 5-11 

The formulation of the slip rate requires physical interpretation of the dynamics of lattice defects, such 
as dislocations, that act as elementary carriers for plastic flow. Dunne et al [51] has developed a 
physically-based constitutive model that characterizes plastic slip rate on an active slip plane. The 
model originates from the slip rate of a single dislocation and considers the probability of dislocation 
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jump over barriers due to thermal activation. For plasticity to occur, the resolved shear stress, τ, must 
exceed the critical resolved shear stress, τ . When plastic flow occurs, the slip rate becomes 

 γ = ρb v exp − ∆H
kT sinh (τ − τ )γ ∆V

kT  5-12 

in which ρ is the density of gliding dislocations, b Burgers vector, ν the successful frequency of a 
dislocation attempting to overcome a barrier, ∆H Helmholtz free energy, k the Boltzman constant, T 
the temperature in Kelvin, γ the work conjugate to the resolved shear stress at reference state, and ∆V 
the activation volume. Length scale dependence is incorporated by the coupling of the density of GNDs 
with the slip rule where ∆V ∝ λ b  and λ ∝  and, where ρ  is the density of sessile 

statistically-stored dislocations (SSD), ρ  the density of GNDs, and λ  is the distance between the 
resulting pinning points (e.g., second phase precipitates, but here, mean free dislocation spacing).  

A geometric finite element representation of the inclusion/matrix combination, as shown in Figure 5-4 
(a), was developed using the commercial finite element package, ABAQUS. The model is meshed with 
16,692 20-noded 3D quadratic User Defined Elements (UEL) with reduced integration. Plane stress 
conditions exist on the free surface. The bottom, left, and back faces are fixed in the y, x, and z 
directions, respectively, but are free to move in other directions. The conditions reproduce the 
assumptions made in the high resolution EBSD measurements that the out-of-plane normal stress is 
zero. Due to the absence of information on the 3D characterization and geometries of the agglomerate, 
the front face is assumed to be prismatic in the z direction. Appropriate sets of material properties (Table 
5-1) are assigned to the Al-rich region, the Hf-rich region, the surrounding large grains, the grains in 
between the oxide particles, and the fine grains distant from the inclusion. The oxides are assumed to 
deform elastically because the resistance to dislocation motion is high due to their intrinsic lattice 
resistance. Considering that it does not have a preferred orientation and is distant from the oxides, elastic 
isotropy was used for the fine-grained region. Elastic anisotropic crystal plasticity (C11=225 GPa, 
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C12=103 GPa, and C44=107 GPa) is used for the large surrounding grains where crystallographic 
orientation plays an important role in local strain and stress fields and has been specified with 
knowledge of the orientations measured using EBSD (Figure 5-4 (c)). The orientations of the small 
grains in between the oxide particles are not accessible due to their relatively small size and therefore 
are assumed random by inspection of Figure 5-1 (b). Thermal loading from 1033K to room temperature 
is applied to reproduce the cooling process imposed on the sample (Figure 5-4 (d)). Coefficients of 
thermal expansion are given in Table 5-1. 

   

Figure 5-4 (a) Three-dimensional finite element model of the inclusion/matrix combination (b) front 
view of the model with a magnified view of the surrounding large grains with approximate dimension 

(c) random crystallographic orientations of the surrounding grains indicated by color and (d) the 
applied thermal loading 
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Phase Young's Modulus 
(GPa) 

thermal expansivity 
(10  ℃ ) 

Poisson ratio 

Surrounding Ni 
grains (yellow) 

207 13 0.28 

Ni grains away from the inclusion (blue) RR1000 temperature-dependent properties 
from Rolls-Royce plc. 

small Ni grains in 
between the oxide 

207 13 0.28 

Hf-rich oxide 
(green) [97] 

250 4.4 0.25 

Al-rich oxide (red) 
[98] 

380 6.6 0.24 

Table 5-1 Material properties for the crystal plasticity model. Colour corresponds to the phase shown 
in Figure 5-4 (b). 

5.2.3 Referencing and shifting of elastic strain and lattice rotation 
For HR-EBSD strain measurement, cross-correlation functions are used to determine pattern shifts 
between test and reference patterns. It is assumed that the reference has zero strain or known strain 
state. Elastic strains and lattice rotations can be related to the shifts and subsequently calculated through 
the fully resolved deformation tensor. However, in many circumstances, a reference pattern with zero 
or known states cannot be obtained and so the resulting elastic strain and rotation measurements are 
relative, representative of the variations from the unknown elastic strain state at the reference. This 
causes problems for full-field strain measurements in polycrystalline materials, in which the EBSD-
measured elastic strains are therefore given with respect to a reference strain state which is different in 
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each grain. A consequence is that the elastic strain distributions so obtained within a given grain are in 
fact the variations of elastic strain from the reference point elastic strain in that grain. Further, the strain 
magnitudes cannot be compared transgranularly since each grain has its own reference point. 

A potential approach to overcome this so-called ‘reference pattern’ problem and to enable like-with-
like comparisons to be made between the model predictions and the EBSD measurements is to identify 
a grain-unique reference point within each grain, for which the CPFE model is able to provide the 
calculated elastic strain state. The EBSD-measured elastic strains may then be shifted to ensure equality 
of elastic strain with the CPFE at the grain reference point for each grain in turn. The methodology, 
therefore, in summary, is to use the CPFE elastic strain results in order to provide the reference strain 
for each grain to be used in the EBSD analysis. This then enables full-field, polycrystal elastic strain 
distributions providing like-with-like comparisons. This is possible because of the basic requirement of 
linearity in elasticity, since the EBSD technique explicitly measures elastic strains. The methodology 
is detailed schematically in Figure 5-5 in which EBSD provides the elastic strain differences with 
respect to a reference point chosen within each grain at which zero elastic strain is assumed. A schematic 
example is shown in Figure 5-5 (b). At this stage, the choice of the reference point from which strain 
variations are measured is arbitrary but is often chosen to be the point in the grain which has the best 
image quality. However, the crystal plasticity model, subject to the limitations of the underlying 
assumptions, enables full field calculations, and with knowledge of the reference point P chosen in 
Figure 5-5 (c), the calculated elastic strains at this point are obtained from the CPFE, hence enabling 
the EBSD-measured strains within the grain to be shifted (by 0) to ensure that the EBSD-measured 
(eꞌ) and CPFE-calculated (e) elastic strains at the reference point P in each grain are the same such 
that 

 ε = ε + ∆ε  5-13 
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In Appendix B, it is shown that the elastic strain shifting process is such that both the shifted and 
unshifted elastic strain, and stress distributions satisfy the requirements of compatibility, and pointwise 
and spatial equilibrium respectively. Indeed, it is shown that the grain-wise constant elastic strain shifts 
are simply equivalent to the incorporation of grain body forces, but which do not change the nature of 
the elastic strain fields. 

 

Figure 5-5 A 2-D polycrystal (a) with reference point P and for grain  (b), the elastic strain 
difference (0) with respect to reference P measured by EBSD, (c) the CPFE-determined full-field 
elastic strains and (d) the elastic strain profile showing equality of elastic strain between CPFE and 

EBSD after shifting.  
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Figure 5-6 (a) Selected sets of grains for strain and lattice rotation referencing; (b) and (c) an enlarged 
view of the grain sets. The dashed lines are introduced for quantitative analysis (see later).   

However, in this chapter, in order to facilitate grain-by-grain comparison, the shifting is, instead, made 
to the CPFE-calculated results. First, the coordinates of the reference points selected for the EBSD 
referencing were obtained. The elastic strains at the corresponding locations in the CPFE model were 
then extracted and shifted such that all strains in a given grain were shifted relative to the same zero-
strain reference points identified in the EBSD measurements. An example is shown in Figure 5-6 where 
five large grains are selected and marked as 1-5 in Figure 5-6 (a). The EBSD-selected reference points 
are located and marked as black crosses in Figure 5-6 (b) and (c), and these points are also used in the 
CPFE post-processed results in order to ensure that at these reference points, the CPFE elastic strains 
are shifted to zero, and that all other elastic strains within the relevant grain are also shifted accordingly. 
The particular shifts applied to the grains studied are listed in Table 5-2. The shifting of elastic strains 
and rotations is a linear operation which does not of itself alter the material or its state, and therefore 
does not introduce any additional errors in to the EBSD-measured strains and rotations. 
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Grain ID ∆ε  ∆ε  ∆ε  ∆ω  (rads) 
Grain 1 0.000357559 -0.000471586 -0.00130082 -0.0007411 
Grain 2 -0.000161533 0.000522705 -0.00254137 -0.0019713 
Grain 3 0.000300386 -0.000469939 0.00100823 0.0014579 
Grain 4 -0.000520181 0.000351317 0.00039777 0.0000773 
Grain 5 0.000591744 -0.000384646 0.00335753 0.0013463 

Table 5-2 Magnitudes of elastic strains (column 2-4) and rotation (column 5) applied to the selected 
grains by the shifting method. 

5.3 Results  

5.3.1 Elastic strain and lattice rotation 
The global, full-field results from the crystal plasticity analysis are considered first before more detailed, 
grain by grain comparisons with HR-EBSD measurements are considered. The model facilitates 
calculation of the elastic, thermal and plastic straining developed, but because the strains measurable 
using HR-EBSD are confined only to the elastic contributions (since thermal straining is dilatational), 
in this section the discussion is limited to elastic strains. It is noted that the average thermal expansivity 
of the surrounding nickel matrix is higher than that for the agglomerate such that the temperature change 
shown in Figure 5-4 (d) to which the agglomerate model is subjected is likely to lead to the following 
overall elastic strain behavior. For surfaces on the agglomerate-matrix interface orientated 
approximately normal to the x-axis, the xx-strains are therefore anticipated to be compressive, and on 
surfaces arranged parallel to the x-axis, the elastic xx strains are anticipated to be tensile. Conversely, 
for the yy strains, surfaces which are orientated approximately normal to the y-axis are expected to 
carry compressive strains, and those arranged about parallel to the y-axis should show tensile straining. 
The xy shear strains, on the other hand, are expected to be anti-symmetric with respect to x- or y-axis. 
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The elastic strains calculated from the crystal plasticity model are shown in Figure 5-7 and may be seen 
to reproduce the overall anticipated characteristics just discussed.  

 

Figure 5-7 Field plots of CPFE predicted elastic strains in the xx (a), yy (b), and xy (c) directions.  

The results of the EBSD-measured elastic strains in two sets of grains are shown in Figure 5-8 and 
Figure 5-9, together with the corresponding results predicted by the CPFE model. Strains before the 
reference-shifting are shown in the middle columns in Figure 5-8 and Figure 5-9 and those after 
reference-shifting are presented in the right-hand columns. Considerable disagreement can be seen 
between the experimentally measured and the CPFE results prior to the reference shifting. In particular, 
xy strains in Figure 5-8 (c) and (f) can be seen to be opposite in sign. In contrast, quite considerable 
similarities are achieved after the correct reference shifting in grain 1 and 2. For instance, the reference-
shifted strains in Figure 5-8 (i) are approximately symmetric, being positive at the left and right ends 
and negative in the center, in a good agreement with the EBSD-measured strains (Figure 5-8 (c)) in a 
qualitative sense. However, some features are clearly not captured by the reference-shifted CPFE 
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model. Strain fields in Figure 5-9 are apparently in less good agreement. However, this may be 
attributed to a surface scratch present close to these grains.  

 

Figure 5-8 Field plots of EBSD determined (a-c) and CPFE predicted (d-i) elastic xx (first row), yy 
(second row), and xy strains (third row) in grain1 and 2. Pre-and post-reference-shifted results are 

shown in (d-f) and (g-i), respectively. The color scale on the left relates to the experimental 
measurements and that on the right relate to the CPFE prediction, where both scales are provided 

since no one to one correspondence of color exists.  Grain boundaries are marked by the dashed lines. 
(For interpretation of the figure and caption, please refer to the electronic version of the thesis.) 
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Figure 5-9 Field plots of EBSD (a-c) and CPFE predicted (d-i) determined elastic xx (first row), yy 
(second row), and xy strains (third row) in grain 3, 4, and 5. Pre-and post-reference-shifted results are 

shown in (d-f) and (g-i), respectively. The color scale on the left relates to the experimental 
measurements and that on the right relate to the CPFE prediction, where both scales are provided 

since no one to one correspondence of color exists. Grain boundaries are marked by the dashed lines. 
(For interpretation of the figure and caption, please refer to the electronic version of the thesis.) 

Due to the complex particle geometry, considerable variations in the accumulated plastic strains occur 
at the particle/nickel interface and gradients in plastic straining are therefore expected (see later). As a 
result, it is reasonable to anticipate lattice curvature and accumulation of geometrically necessary 
dislocations at the interface. Figure 5-10 shows the EBSD determined and CPFE predicted in-plane 
lattice rotations before and after the reference shifting. In both sets of grains (first and second rows), 
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prior to reference shifting, the rotation fields have large differences relative to the EBSD measurements, 
but considerable agreement is achieved after the referencing.  

 

Figure 5-10 Field plots of EBSD measured (a-b) and CPFE predicted (c-f) in-plane lattice rotation in 
grain 1 and 2 (first row), and 3 and 4 (second row). Pre-and post-reference-shifted results are shown 
in (c-d) and (e-f), respectively. The color scale on the left relates to the experimental measurements 

and that on the right relate to the CPFE prediction, where both scales are provided since no one to one 
correspondence of color exists. Grain boundaries are marked by the dashed lines. (For interpretation 

of the figure and caption, please refer to the electronic version of the thesis.) 

In order to give a quantitative assessment of the experimentally determined and the CPFE predicted 
results, all components of the referenced-shifted CPFE results and EBSD measurements along lines A, 
B, and C introduced in Figure 5-6 (b) and (c) were extracted and the comparisons are shown in Figure 
5-11. The referencing clearly accurately reproduces the EBSD observation along line A in a quantitative 
sense, as can be seen in the first column in Figure 5-11. There is good agreement along line B, but the 
CPFE yy strains (Figure 5-11 (e)) are overestimated. Variations in predicted results and EBSD 
measurements can be seen along line C.  
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Figure 5-11 Reference-shifted CPFE (blue dots) and experimentally determined (red dots) elastic xx 
(a-c), yy (d-f), xy (g-i) strains and xy lattice rotation (j-l) for the inclusion/nickel combination 
subjected to thermal loading. The values are extracted along lines A, B, and C in Figure 5-6.  

5.3.2 Dislocation density and plasticity 
Given the temperature drop, the mismatch in the thermal expansivities of the nickel matrix and the 
oxides is large enough to generate plasticity local to the inclusion, as the crystal plasticity model predicts 
in Figure 5-12. The CPFE model is employed to predict the local accumulated plastic strains which are 
developed near the interface because of the thermal mismatch. Accumulated plastic strains [51] of up 
to about 1% are observed in the prediction. Therefore, dislocation pile-up at the boundary is anticipated 
in order to accommodate the large plastic gradients. Indeed, the EBSD measurement in Figure 5-13 



94 
 

shows GND accumulation at the interface with densities of up to approximately 10  m . GND 
density is intimately related to lattice curvature which is supported by the Burgers circuit with net 
Burgers vector. Any dislocation feature that can annihilate the net Burgers vector, such as a dipole, can 
reduce the number of GNDs recovered from EBSD lattice curvature measurement and such annihilated 
dislocations will be counted as statistically stored dislocations and not visible to the HR-EBSD. 
Dislocation dipoles separated by smaller Burgers vectors (smaller step size) hence potentially yield 
higher GND densities [99], and this needs to be kept in mind when interpreting GND density. 

 

Figure 5-12 CPFE calculated accumulated plastic strains developed under thermal loading. Highly 
localized plasticity in the Ni matrix local to the inclusion is seen.  

 

Figure 5-13 Field plot of experimentally determined GNDs around the inclusion 
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5.4 Discussion  

In this study, a complex, multi-component non-metallic inclusion embedded in a polycrystalline nickel 
matrix has been characterized and explicitly modelled. The gradient-enhanced crystal plasticity 
framework in conjunction with high resolution EBSD has shown the ability to capture the elastic and 
plastic response under thermal loading in a nickel polycrystal. However, highly localized deformation 
occurs near the inclusion/matrix interface. This makes the choice of a reference with zero strain or 
known strain state problematic for the HR-EBSD measurements, since each grain requires a known 
point of strain in order for referencing. The proposed method, which involves reference shifting within 
the selected grains, has allowed detailed like-with-like comparisons with the experimental polycrystal 
measurements to be made. Reasonably good qualitative and quantitative agreement is achieved, 
enabling us not only to understand the thermal deformation, but also to quantify the residual strains and 
rotations local to the complex agglomerate prior to any external (e.g. cyclic mechanical and thermal, 
in-service) loading. This is crucial for further investigation of fatigue behavior of these alloys produced 
via the same route particularly in the context of crack nucleation. This fundamental study has also 
provided a potential methodology to overcome the so-called ‘reference pattern’ problem in EBSD, 
particularly associated with strain measurement in polycrystal systems. Elastic strains and lattice 
rotations at a reference point can be predicted by the CPFE model and the determination of absolute 
values of strains and rotations within the grain can therefore be achieved. 

The strain-shifting technique presented is to address just one major issue; that in the HR-EBSD 
technique, the elastic strains are known but only up to the extent that prior knowledge of the full elastic 
strain at any one arbitrary point within each grain must be known a priori. Our methodology is to argue 
that the corresponding elastic strain at each grain’s ‘reference’ point may be estimated using CPFE and 
hence used to calculate the absolute (as opposed just to relative) EBSD-measured full-field elastic 
strains. It should note that Karamched had previously combined HR-EBSD strain mapping with finite 
element analysis using Mises plasticity{Karamched, 2011 #69} to address the reference pattern 
problem. Since the studied sample was a directionally-solidified Ni single crystal, strain at only one 
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reference point was extracted and shifted. However, for polycrystalline materials, the referencing 
method requires accurate strain predictions at individual grains, which could not be achieved using 
finite element analysis with Mises plasticity. The origin of the elastic strain (e.g. uniform lattice 
distortion, lattice curvature, e.g. through GNDs and support of plastic strain gradients, or both through 
the establishment of dislocation structure) is not easily determinable but importantly, is not needed to 
carry out the elastic strain shifting. HR-EBSD captures the elastic strains resulting from the mechanisms 
listed (but cannot capture, for example, lattice slip or volumetric dilatation); the shifting of these elastic 
strains is merely a linear operation which doesn’t in its own right change the material or stress state, 
and is only necessary because of the absence of a datum point (e.g. a zero elastic strain point in a given 
grain). Clearly, total strains and plastic strains cannot be shifted in this way because they relate to 
nonlinear deformation processes. 

A further important point relates to the initial and residual strains. The EBSD measurements are, of 
course, elastic strains. In the problem addressed, the nickel alloy has been annealed at 1033K for sixteen 
hours prior to slow cooling. The nickel matrix is isotropic in its thermal expansivity and it is argued that 
because of the long anneal, it is reasonably residual stress-free except at the interfaces of the Ni matrix 
and agglomerate inclusions because the latter have a different thermal expansivity to that of the nickel. 
This has been demonstrated experimentally [86] for single crystal Ni containing carbide particles where 
away from the carbide interfaces, near-zero elastic straining was measured. Hence, upon cooling after 
the anneal of our agglomerate-containing polycrystal, it is anticipated that there will be residual elastic 
strains at the locations of the agglomerate – Ni interfaces, and because HR-EBSD is carried out on 
cooling, in the absence of any other loading, it is precisely these residual elastic strains which are 
measured by the HR-EBSD and which are modelled in the CPFE. Indeed, other detailed modelling 
studies [45] give some confidence in its ability to capture the local elastic residual strains.  

While not addressed explicitly in the current chapter, the important question arises of what happens if 
subsequent loading (be it mechanical or thermal or both) is imposed. In connection firstly with EBSD 
studies, subsequent loading likely leads to early onset of slip (because of the pre-existing residual stress 
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state), and change in material state through establishment of dislocation structure. On termination of 
the subsequent loading, however, an elastic strain state will exist which may be measured (subject to 
the now well-discussed need to establish a reference strain state) by HR-EBSD. Again, the mechanistic 
processes leading to this elastic strain state are not needed for its measurement. In addition, CPFE 
modelling is, in principle, now able to utilise the initial elastic strain state, and corresponding residual 
stress state, in the modelling of the subsequent loading and is able to take full account of the effect of 
the initial (or residual) strain state on the initiation of subsequent slip and deformation. 

Some of the observed disagreements between the CPFE predictions and the EBSD measurements can 
be explained on the basis of the assumptions made. First, the oxide particles and nickel grains are 
assumed to be prismatic through the depth of the model. Although this is likely to be realistic for the 
large particles and large nickel grains, it is unlikely to be the case for the small grains. A cross-section 
(Figure 5-14) taken from the Al-rich region of the sample indicates that small grains only extend a few 
microns through the depth, whereas the grains in the inclusion vicinity are several times bigger in size. 
Sub-surface structure has been found to significantly affect the strain distribution on the free surface 
[60]. Second, due to lack of inclusion geometry in the depth direction, inter-particle influence cannot 
be completely eliminated. In fact, particles with a wide range of sizes below the free surface are 
observed in Figure 5-14. Third, a single 3D element layer through the material depth is not sufficient 
for accurate discretization, leading to over or under-predicted displacements, which, in return, influence 
quantities on the free surface. Fourth, the presence of other alloying and refractory elements as a result 
of the processing is of great importance in material properties.  
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Figure 5-14 Dark-field TEM image of a cross-section taken from the Al-rich region in the inclusion 
sample showing nickel grains and oxide particles of various sizes. The free surface is at the top and 

re-deposition of FIB is seen at the bottom.  

GND density is calculated directly by taking derivatives of the lattice rotations. However, a complete 
determination of GND density requires knowledge of the area over which it is calculated. The step size 
used in the EBSD measurement is 0.45 μm, yielding dislocation densities of approximately 10  m  
at the particle/matrix interface. However, determining the appropriate step size for GND calculation in 
HR EBSD is difficult. The selected step size should be the same size as the dislocation structures of 
interest to ensure separation of annihilating opposing dislocation features, such as dipoles, and hence 
yield appropriate GND measurements [99]. Comparatively, there are numerous studies of dislocation 
development due to differing thermal expansivities. A qualitative study of dislocation distribution using 
TEM in Rene 95 has shown dislocation pile-ups near doped alumina particles [100]. Karameched et al 
has reported GND densities of 5×10  m  near a carbide particle in a directionally solidified nickel 
superalloy [86]. A numerical study on metal matrix composites under thermal-mechanical loading has 
found GND accumulation with magnitudes of up to 10  m  at the inclusion/matrix interface [101].  

5.5 Conclusions  

A PM polycrystalline nickel superalloy sample containing a complex agglomerate of small Ni grains 
and oxide particles has been characterized using SEM back-scattered electron imaging, energy-
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dispersive x-ray, and high-resolution EBSD techniques. The thermal treatment history and differences 
in thermal expansivities led to the establishment of residual elastic strain fields, lattice rotations and 
curvatures local to the polycrystal-agglomerate interface which have been quantified using HR-EBSD. 
A full and explicit representation of the polycrystal Ni and agglomerate has been incorporated within a 
crystal plasticity finite element model and direct grain-by-grain comparisons of strain and lattice 
rotation made with the HR-EBSD measurements. Good quantitative and qualitative agreement is 
obtained. 

A remaining draw-back of the HR-EBSD technique for full-field strain mapping is that strains can only 
be obtained with reference to some known strain value at a designated reference point within (e.g.) a 
specific grain. Hence, all strains within a grain are given with respect to the grain reference point strain 
and therefore, comparisons of strain values across grains in a polycrystal are not normally possible 
using EBSD. However, a methodology for reference shifting using the combined approaches of HR-
EBSD and CPFE modelling has been presented such that like-for-like strain comparisons across grains 
and hence full-field strain mapping is achieved. This approach has allowed the quantification of residual 
elastic strain fields and the accumulated slip resulting from the presence on a complex non-metallic 
inclusion in the PM nickel superalloy RR1000.   

The EDX and HR-EBSD analyses were performed by Dr. David Collins at Oxford University. The 
crystal plasticity finite element model was developed by Tiantian Zhang. The UEL subroutine was 
provided by Prof. Fionn Dunne.  
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6 Cyclic plastic strain and dislocation density in polycrystalline 
nickel superalloy containing inclusions 

6.1 Introduction  

In this chapter, fatigue crack nucleation at a non-metallic agglomerate inclusion is studied by high 
spatial resolution digital image correlation (HR-DIC) and high angular resolution electron backscatter 
diffraction (HR-EBSD). Spatial and temporal characterization and correlation of deformation with 
underlying microstructures has been performed, with distributions of plastic strain measured from HR-
DIC; and residual stress and density of geometrically necessary dislocations (GND) measured from 
HR-EBSD. Initial residual stress and GND fields, as a consequence of differing thermal expansivities 
in the metallic and oxide phases, localized around the agglomerate have been quantified using HR-
EBSD. The localization of the pre-existing stress and dislocation states appear to lead to early onset of 
plasticity upon subsequent mechanical loading. Heterogeneous distributions of plastic strain have been 
observed in the course of the fatigue test by HR-DIC. Crack nucleation via agglomerate/nickel interface 
decohesion and particle fracture has been demonstrated and this is correlated with the elevation in total 
strain and dislocation density. The measurements of residual stress, strain, and dislocation density 
provide key information for the mechanisms of fatigue cracking and the development of damage 
nucleation criteria in these material systems. 

6.2 Experimental  

6.2.1 Materials and sample preparation 
A three-point bend cyclic test was conducted on a polycrystalline nickel superalloy (RR1000) sample 
provided by Rolls-Royce plc. The alloy has a nominal composition as listed in Appendix A and was 
produced via a powder metallurgy (PM) route. Following extrusion and forging, the alloy was heat 
treated at a sub-solvus temperature of 1393 K for four hours and air quenched. This gave rise to the 
formation of a fine dispersion of intragranular γ’ precipitates at γ phase boundaries. The material was 
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subsequently aged at 1033 K for sixteen hours. This heat treatment process resulted in a fine grain 
microstructure and multi-modal distribution of γ’ precipitates with increased low cycle fatigue 
properties. An optical image of the alloy is shown in Figure 6-1, together with an orientation EBSD 
map.  

During the PM processing, contact and reactions between the lining materials and the molten alloying 
elements are inevitable and are considered to be the source for non-metallic inclusions [6, 92]. In heat 
treated forgings, these inclusions can be surrounded by large γ grains, as seen in Figure 6-1 (a) and (b). 

 

Figure 6-1 (a) An optical micrograph of the etched sample where primary γ’ grains appear dark and 
can be seen at γ boundaries (b) EBSD orientation map with respect to the surface normal of the non-

metallic inclusion agglomerate embedded in fine grain nickel superalloy. 

The as-received specimen was cut down to a rectangular bar with dimensions of 12.70×1.94×3.50 mm 
as shown in Figure 6-2 (a) based on the loading capacity of the three-point push-push loading rig. 
Metallographic grinding and polishing were conducted to obtain a surface finish for scanning electron 
microscopy (SEM). A final light polish with colloidal silica for fifteen minutes was performed to 
achieve the required surface quality for EBSD. The sample was carefully machined to locate the 
agglomerate inclusion at the bottom of the test sample which is the preferential site for crack nucleation 
under the three-point bend configuration depicted in Figure 6-2 (b). This region on the front surface is 
that where the highest macroscopic bending (tensile) stress takes place and hence it is likely to be the 
location for crack nucleation. The advantage of the three-point bend test over uniaxial or four-point 
bend testing is that the failure region is localized and identifiable a priori. The region to be investigated, 
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marked in black in Figure 6-2 (a), was located using fiducial Vickers micro hardness indents. Prior to 
the mechanical test, material characterization by means of EBSD was conducted to identify phase 
boundaries and obtain crystallographic orientations that fall within the investigated region.    

 

Figure 6-2 Schematic representation of the specimen with its dimension (upper diagram). The location 
of inclusion agglomerate for EBSD and DIC on the front face is shown in the lower diagram. (b) A 

front-viewed schematic of the three-point bend test configuration. (c) The fatigue loading history and 
the intervals after which DIC and EBSD were conducted. 

6.2.2 GND and residual stress by high resolution EBSD 
Significant thermal residual strains and stresses develop at the nickel/agglomerate interface following 
cooling from aging temperature to room temperature due to differences in coefficients of thermal 
expansion [48]. The thermal strains are large enough to cause the onset of plastic strain gradients at the 
interface and hence lattice curvatures. The presence of the curvatures is accommodated by an additional 
dislocation content, namely that of geometrically necessary dislocations (GNDs). In order to capture 
the elastic strains and GND densities, cross-correlation based high resolution EBSD was conducted on 
the area containing the inclusion agglomerate with a size of 60×40 μm using a Bruker eFlashHR detector 
and a Zeiss Auriga SEM. Diffraction patterns at each interrogation point were collected with a probe 
current of ~13nA using an exposure time of 200 ms at full detector resolution (i.e. no binning) 
1600x1200 pixels and a 0.3 μm step size between mapped points. Cross correlation was performed 
using in-house scripts with pattern remapping and robust fitting [102, 103]. 30 dispersed regions of 
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interest (ROI) of 256x256 pixels were used to calculate the full displacement gradient tensor, applying 
a traction free (σzz = 0) boundary condition and anisotropic Hooke’s law with C11 = 249 GPa, C12=152 
GPa, C44=124 GPa. Afterwards, the fully-resolved 3D tensor was used to obtain elastic strain and lattice 
rotation components via a polar decomposition and the Green’s strain and related stress tensors are 
reported. Lattice rotations are used to calculate a lower bound estimate of density of GNDs using five 
of nine components, and one difference, of Nye’s tensor [79] for GND density and a L1 based line 
energy minimization scheme [94]. This provides densities of GNDs that support the measured lattice 
curvatures but this may not be unique. 

Suspect data points which had a cross correlation peak height less than 0.3 and a mean angular error 
greater than 4×10-3 (first and second passes) were removed. 

The GND density recovered by the HR-EBSD technique stems from a reversed Nye’s analysis, in which 
lattice curvature measured between interrogation points are used to construct the Nye’s tensor and yield 
a lower bound GND density. Dislocations with opposite dipoles will ‘annihilate’ each other, resulting 
in the absence of lattice curvature and hence will not be measured as geometrically necessary 
dislocations. Therefore, the differentiation between GND and SSD depends on the Burger’s circuit size, 
which is the step size used in EBSD. Opposite dislocation dipoles separated by a sufficiently small 
Burger’s circuit (step size) will yield higher GND density. 

6.2.3 Plastic strain assessment with high resolution DIC 
Digital Image Correlation is a non-contact, full-field displacement and strain mapping technique, which 
is prominently used to study surface deformation of various materials under different loading 
conditions. It is achieved by tracking distinct features at initial and deformed states via in-situ or ex-situ 
imaging of the specimen surface. The features must remain unaffected by the straining so that the 
displacements of the features can be obtained confidently by correlating the initial and deformed 
images. The interrogated images in Figure 6-3 (a) are divided into sub regions containing unique 
features, within each correlation between initial and deformed sub regions takes place to provide a 
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displacement vector as shown in Figure 6-3 (b) using various cross correlation [67, 104]. Displacement 
mapping is obtained by combining information gathered from individual displacement vectors in Figure 
6-3 (c).  

 
Figure 6-3 Reproduced from figures in [104]. (a) Reference image with sub regions imposed (red 

square) where (b) image correlation is performed in individual sub regions. (c) Resulting 
displacement field imposed on deformed image.  

Subsequently, local strains in the xx, yy, and xy directions are calculated using the following equations 
where u and v are displacements in the xx and yy directions, respectively. X and y are the components 
of distance between tracking features in the xx and yy directions. 

 

 

 ε = du
dx 6-1 

 ε = dv
dy 6-2 
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After the initial HR-EBSD mapping, a random speckle pattern of fine colloidal silica particles was 
applied to the region of interest (Figure 6-4 a). A diluted solution of colloidal silica was placed in an 
ultrasonic cleaning machine to disintegrate large agglomerates. The solution was then dispersed onto 
the sample surface, which was heated and maintained at 120 °C. In the meantime, continuous air flow 
was applied to the surface to avoid agglomeration of particles. A reference secondary electron image 
was captured in this undeformed state with a 100×75 µm field of view with 3072×2304 pixels, using 
25 kV accelerating voltage and 5 mm working distance. Brightness was kept at 0 whilst contrast was 
gradually increased until white silica particles appeared on a black background. 

After pre-selected intervals of 2, 20, 200, 1000, 1600, and 1900 cycles, the sample was removed from 
the loading rig and imaged again for the DIC measurement. The inclusion region was imaged under the 
same microscope conditions to minimize the effects of change in topographic features on local pixel 
intensity. To perform the correlation, the images were divided into sub-sets of selected areas, which 
were individually related to the reference to give in-plane displacements using an in-house image based 
cross-correlation method (similar to the HR-EBSD cross correlation functions). A band pass filter 
capable of removing high and low frequency noise raised from background variation was applied.  

Components of in-plane strains were obtained by differentiating the displacement field. The size of the 
colloidal silica particles (50 to 250 nm) allowed SEM imaging at high magnification. Compared with 
the average grain sizes (~10-15 μm for fine grains and ~tens of μm for the surrounding grains), the 
applied subset sizes are much smaller, enabling sub-grain strain resolution to be achieved.  

 

 ε = du
dy + dv

dx 6-3 
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Figure 6-4 (a) The fine speckle pattern for DIC strain measurement with sub-grain resolution, (b) a 
magnified view showing the sizes of the sub sets used for the first two cycles (big square) and the 

remaining analysis (small square) 

To assess the noise level associated with each set of the employed DIC parameters, two consecutive 
images with a small amount of rigid body translation were captured at the initial step. Image correlation 
of this pair of images provides an approximation of the error in the strain measurement, raised from the 
drift effect during raster scanning and detector sensitivity. The systematic error decreases for increasing 
subset size with a compromise in the spatial resolution. Since the first two cycles introduced larger 
plastic strains in the scanned area (see later), different DIC subset sizes were used (Figure 6-4 b). In this 
sense, subset sizes of ~4.9×4.9 μm2 and ~1.72×1.72 μm2 were employed for the 0-2 cycle interval, and 
the remaining intervals, respectively. This corresponds to a spatial resolution of 0.032 μm/pixel. The 
corresponding root mean square errors are 0.0021 (0-2 cycle interval) and 0.0043 (remaining intervals) 
which are magnitudes lower than those calculated strains (shown later) and therefore no correction has 
been implemented. The reported errors are associated with the xx direction. Since strains in other 
directions are small and not explicitly displayed, the corresponding errors are omitted. An overlap of 
90% between adjacent ROIs was used throughout the DIC analysis. As a result, the chosen DIC 
parameters yield acceptable noise level and strain resolution.  
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6.2.4 Three-point bend testing  
After the initial characterization, application of the speckle pattern, and acquisition of the reference 
image, the sample was fatigued under force-controlled loading at a frequency of 0.023 Hz with a 
triangular waveform. The test was performed with a maximum force of 2200 N, a rate of 100 N s-1, and 
R=0 on a Zwick Roell Z010 load frame. The test was interrupted at selected intervals, and the sample 
was removed from the rig to capture deformed images for DIC strain measurement, and was examined 
for evidence of micro cracks, and then re-loaded. In Figure 6-5 a, the first cycle introduced a significant 
amount of plasticity as illustrated by the extended plastic region in the load-displacement curve after 
the initial yielding point. In Figure 6-5 b, macro ratcheting occurred at the macroscopic level as 
indicated by the curve that progressively shifts to greater displacements during subsequent loading.  

 

Figure 6-5 (a) Load displacement curve for the first two cycles of the force-controlled fatigue test 
with (b) a magnified plot showing an incremental increase in displacement. 

6.2.5 Calculation of accumulated plastic strain  
In a manner similar to other surface strain measurement techniques, DIC only provides strain 
components, ε , ε , and ε for the measured free surface. However, by assuming plastic 
incompressibility, it is possible to obtain the strain in the out-of-plane direction, ε , using the following 
equation:       
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The shear strains in the third direction remain unknown, but they can be obtained by using the normality 
hypothesis of plasticity. The stress condition corresponding to the free surface satisfies the following 
equation 

 
For a material that satisfies von Mises yield criterion, the plastic strain increment, , may be related to 
the deviatoric stress as  

                                 ε = 3
2

dp
σ σ′ = 3

2
dp
σ σ ≡ 0 6-6 

where i=x, y, and z, and σ′  are the out-of-plane components in the deviatoric stress tensor ′ given by 
= − ( ) , and dp = ( d : d ) / . By assuming the contribution from elastic shear strains 

to be zero, it may be deduced that 

 

 ε + ε + ε = 0 6-4 

           σ = σ = σ = 0 6-5 
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         ε = ε = 0 6-7 

As a result, the formulation of the effective plastic strain, ε , can be simplified into the form of 
equation 6-8. 

                  ε = (2
3 : ) = [2

3 (ε + ε + 2ε )] /  6-8 

   

6.3 Results  

6.3.1 Residual stress and GND density by HR-EBSD 
Figure 6-6 (a) shows the field plots of the xx stress measured by HR-EBSD after the heat treatment. 
Some heterogeneities in the surrounding nickel grains are observed, which is largely due to the complex 
distribution of the agglomerate particles as well as the different crystallographic orientations of the 
surrounding grains. In HR-EBSD, the elastic strains and stresses are measured with respect to grain 
unique reference points which are unlikely to be unstrained. Consequently, the displayed stresses in 
Figure 6-6 (a) are relative to those values at grain-unique reference points and make grain-by-grain 
comparison problematic. Figure 6-6 (b) shows stresses after all the cyclic deformation is complete. Type 
III (intragranular) stresses in two selected surrounding grains measured prior to and after the cyclic 
loading are shown in the insets of Figure 6-6 (a) and (b), respectively. In Grain 1, the initial stress 
distribution is relatively uniform, compared to that in the deformed state where significant concentration 
at grain boundaries is observed. In Grain 2, the average stress decreases from about 500 MPa (rendered 
yellow in the field plot) to ~1200 MPa (dark blue).  
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Figure 6-6 Field plots of HR-EBSD measured in-plane xx stress in GPa (a) prior to and (b) after the 
cyclic loading to 1900 cycles with grain boundaries marked using black lines, with these stress 

measurements with respect to references within each grain. HR-EBSD measured GND densities (log10 
(GND density in m2)) (c) prior to and (d) after the fatigue. Two surrounding grains are selected for 
further quantitative analysis. Scale bar is 12.5μm.  Unresolved regions, due to poor correlation and 

high mean angular error are shown in white. The coordinate system is shown in the centre.  

Figure 6-6 (c) and (d) show GND distributions prior to and after the cyclic deformation with insets 
focusing on the agglomerate region. Prior to the cyclic deformation, it can be observed that the GND 
distribution is significantly heterogeneous; a large surrounding grain with greater dislocation density is 
circled in white. Areas of high GND density, rendered red, have densities of order 1015 m-2 and above. 

The fatigue loading has introduced a significant amount of deformation to the material, resulting in 
crystallographic slip and lattice rotation. After the cyclic deformation, it can be seen that the overall 
GND density increases significantly (Figure 6-6 d). Ni grains within a radius of ~50 μm from the 
agglomerate exhibit GND densities as high as 1015 m-2 or above. The GND densities in two selected 
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grains, as illustrated in the insets, show development of significant substructure, particularly in grain 1 
where GND accumulation is observed at the top and bottom twin boundaries. It is also interesting to 
notice that the large surrounding nickel grains and fine grains appear to display equal magnitudes of 
GND densities. Only in those fine grains that are further away from the agglomerate, can lower GND 
densities be observed.  

Appearing in white, significant numbers of interrogation points have failed to cross-correlate with the 
references and give rise to the change in the appearance of the grains. This is associated with the data 
quality metrics employed by the HR-EBSD measurement and a more detailed discussion is given later.  

 

Figure 6-7 Histograms of grain averaged for (a) grain 1 (b) grain 2 shown in Fig. 5, and (c) 
standard deviations prior to the cyclic straining and after 1900 cycles 

To further quantitatively analyze the evolution of the stresses that are shown in Figure 6-6, the stress 
histograms for grain 1 and 2 are plotted in Figure 6-7 a and b, respectively. Since stress measured in 
HR-EBSD is relative to a reference value, the stress magnitudes presented in Figure 6-7 a and b are 
obtained by removing grain-average stress from stress at each point. The initial states for both grain 1 
and 2 have narrower stress magnitudes compared to that after 1900 cycles. The change in standard 
deviation of the two selected grains (Figure 6-6 c), representing the range of stress values present 
increases significantly by a factor of 4 in grain 1, whereas that of grain 2 shows a less profound 
elevation. Referring back to Figure 6-6 b, the maximum values of xx stress in grain 1 appear to segregate 
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to grain boundaries, while grain 2 is stresses more uniformly. The aforementioned quantification 
reflects appropriately the qualitative assessment shown in Figure 6-6.  

 

Figure 6-8 (a) Histograms of GND densities before the cyclic loading and after 1900 cycles for whole 
map. (b) Mean and standard deviation of the HR-EBSD measured GND density in Grain 1 and 2; 
prior to the cyclic straining and after 1900 cycles. GND density is in log (GND) m-2. Error bar is 

symmetric about mean value and is two standard deviation units in length 

Figure 6-8 (a) shows a histogram of GND densities for the whole map measured before and after the 
cyclic deformation. At the initial stage as shown by the blue bars, the GND density peaking between 
1013 and 1014 m-2 follows approximately a log-normal distribution except for a prolonged tail expanding 
to about 1015 m-2. This can be attributed to the localized plasticity or dislocation accumulation at the 
agglomerate/nickel interface due to the incompatible deformation as a result of the differing thermal 
expansivities. The cyclic deformation has elevated the overall dislocation density and resulted in a split 
of the initial peak. A primary peak has GND density of about 1015 m-2, corresponding to those heavily 
deformed grains near the agglomerate. In contrast, a small secondary peak observed in the histogram 
reflects those less deformed grains that are away from the agglomerate with GND densities remaining 
at the same magnitude as those at the undeformed state (between 1013 and 1014 m-2).     

Evolution of GND densities in the two selected grains surrounding the agglomerate is further 
quantitatively analyzed by plotting their means and standard deviations in Figure 6-8 b. The average 
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densities of GNDs increase significantly, particularly in grain 2 where there is an order of magnitude 
difference. On the other hand, the standard deviation remains almost stable before and after the 
deformation. Since the maximum GND densities appear to gradually saturate, it may indicate that the 
GND density at the final deformed state or even before has reached a statistical limit of about 1015 m-2. 
However, due to the absence of GND density measurement between fatigue cycles, further evidence is 
required to fully rationalize the potential saturation of GND density.  

6.3.2 Development of cyclic total strain patterns by HR DIC 
Figure 6-9 shows the field plots of incremental strains in the xx direction as a function of increasing 
number of fatigue cycles with insets showing details around the agglomerate marked by the white 
dashed lines. The scale bars are set to highlight the strain development. Grain boundaries obtained using 
EBSD from the initial deformation state are overlaid on top of the strain maps to correlate key 
microstructural features with the strain localization. These strain maps are obtained by comparing two 
consecutive DIC images. That is, the strain magnitudes shown for a given cycle correspond to the 
differences developed since the previous measurement. Hence, the strains shown for cycle 1900 are the 
strain changes from those measured at cycle 2. A significant level of heterogeneity can be observed in 
the course of the fatigue loading. After two cycles of fatigue loading, no micro crack is observed in the 
scanned region. In Figure 6-9 (a), some regions with high magnitudes of strain (dark red) can be seen, 
while some regions appearing green exhibit nearly zero straining. This variation can be related to the 
susceptibility of the microstructures to local loading conditions, and to local crystallographic 
orientation. In the region marked by a dashed blue square in Figure 6-9 a’, a curved region with strain 
concentration of nearly 0.2 is seen. With a further 18 cycles of loading, a micro crack forms at this 
location via agglomerate/nickel interface decohesion observed by means of SEM. The corresponding 
strains shown in Figure 6-9 (b) and (b’), and all subsequent strain maps are therefore influenced by the 
formation of the crack since the imposed strains are small compared to those generated by the opening 
of the crack, and thus no strain concentration is seen in the surrounding grains. A figure showing 
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progressive strain localization after 2, 20, 200, 1000, 1600, 1900 cycles is provided in Figure A 2 in 
Appendix C. 

 

Figure 6-9 Contour plots of xx incremental strains measured with HR-DIC (a) at 2, (b) 1900 cycles 
with EBSD determined grain boundaries overlaid. A crack was first observed after 20 cycles via 

decohesion of agglomerate/nickel interface. Cracks coalesced and propagated into the surrounding 
nickel grains. The plotted strains are in the x direction. 

The cyclic strains were measured at the unloaded state and are therefore dominated by residual plastic 
strains. Elastic strains are present as a result of kinematiclly imposed constraints between neighboring 
grains, but their magnitudes are small and hence ignored. The contour plot of the effective plastic strain 
in Figure 6-10 (a) shows that the distribution of accumulated plastic strain obtained after two cycles 
mirrors that of the xx strain in Figure 6-9 a, indicating that the axial xx strain dominates.   
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Figure 6-10 (a) Contour plot of effective plastic strain calculated between zero and two cycles. (b) 
BSE image taken after the fatigue loading. 

To elucidate the effect of local microstructure such as the large surrounding grains, fine grains, and 
agglomerate, on the development of deformation pattern, strains from these microstructural features 
(Figure 6-11 a) are plotted as a function of fatigue cycles in Figure 6-11 (b-c) at the locations 1 to 5 
shown. The strains in Figure 6-11 b are calculated based on correlations between the undeformed state 
and each deformed state and hence show total strain accumulation at the cycles shown. In contrast, 
those in Figure 6-11 c are incremental and calculated based on correlations between two consecutive 
images, thus referring to strains developed during 0-2, 2-20, 20-200, 200-1000, 1000-1600, and 1600-
1900 intervals, respectively. In Figure 6-11 (b), after the first two cycles, a localization close to the 
agglomerate (point 4) has considerably greater strain than those at the other interrogation points. Point 
5 (fine grain) has a strain of about 3.3%, a factor of two lower compared to the magnitudes calculated 
for the large surrounding grains (Point 1-3). Nevertheless, strains at all tracked points progressively 
increase with increasing number of loading cycles, indicating the establishment of local ratcheting. A 
strain concentration at the agglomerate is clearly observed after the first two cycles. Once a micro crack 
nucleated between 2-20 cycles, the strain increases sharply and a large contribution to the increase is 
made by the coalescence of cracks and the subsequent propagation.   
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Figure 6-11 Strain evolution at the inclusion agglomerate, large surrounding grains, and fine grain as 
indicated by the points marked in the EBSD map (a). Strains in (b) correspond to the differences 
developed since the initial measurement. Incremental strains in (c) correspond to the differences 

developed since the previous measurement.  

To provide a quantitative assessment of strain accumulation at the agglomerate/nickel interface, a line 
scan running from the agglomerate vicinity towards grain interior is implemented as shown in Figure 
6-12 (a), along which xx strains along the path are extracted and plotted in Figure 6-12 (b). The 
displayed strains are calculated based on correlations between the undeformed state and each deformed 
state and hence show total accumulated strain.  After two cycles of fatigue loading, considerable 
accumulation is observed not only at the agglomerate/nickel interface, but also near a Σ3 twin boundary 
as indicated by the dashed line in Figure 6-12 (a). The former appears to be associated with load transfer 
from the metallic matrix to the particles, while the latter can be attributed to whether or not the 
orientation is favorable for slip and grain boundary characteristics which prevent slip transmission. The 
strain accumulates at a much faster rate in the agglomerate vicinity than that in the grain interior and 
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near the twin boundary. This deformation pattern is established after the first two cycles and remains 
stable throughout the remaining cycles apart from a strain localization developed readily in the course 
of the test at a distance of 2 μm from the agglomerate. This corresponds to the strains indicated during 
coalescence of the micro cracks.    

 

Figure 6-12 (a) A line scan (black arrow) from agglomerate proximity towards a Σ3 grain boundary 
(dashed line). (b) The distribution of total strains along the line. The strains correspond to the 

differences since the initial measurement.   

After the first two cycles, the agglomerate/nickel boundaries remained undamaged and no cracking was 
detected at these locations using the electron microscope. With an additional 18 cycles, a micro crack 
was formed via interfacial decohesion. Further cyclic straining resulted in the formation of several micro 
cracks by both interfacial decohesion and fracture of oxide particles, which can be seen in Figure 6-13. 
Subsequently, after 1400 cycles, these cracks began to coalesce and propagate into surrounding nickel 
grains along a path that was macroscopically perpendicular to the x direction in Figure 6-2. Throughout 
the analysis, no fatigue crack nucleation was observed in any nickel grains.  
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Figure 6-13 Microstructural evolution of fatigue cracks in the agglomerate. Cracks first observed after 
2 cycles. (a) Cracking site after 1000 cycles. (b) The width of the cracks increases with insets showing 

interfacial decohesion and cracking of oxide particles after 1400 cycles. (c)  Coalescence and 
propagation of the interconnected cracks into surrounding nickel grains after 1600 cycles. The fine 

particles are colloidal silica and the inclusion oxide particles are marked by the dashed red line.  

6.4 Discussion  

The current work has investigated the evolution of plastic strain, residual stress, and GND density 
around a complex non-metallic inclusion in a polycrystalline Ni superalloy under cyclic loading by 
means of high resolution DIC and EBSD. The heterogeneously-distributed strain, stress, and dislocation 
density have been correlated with the underlying microstructures to understand the localization of strain 
and dislocation density and subsequently relate to the nucleation of fatigue cracks. The results are of 
importance for the development of damage nucleation models whose predictive potential depend on 
accurately capturing of the spatial and temporal evolution of local strain, residual stress, and dislocation 
density at the origin of damage [55, 56, 105, 106].  

The HR-EBSD technique employed in current study performs image cross-correlation of electron 
backscattered diffraction patterns in Fourier space, which allows high angular resolution (uncertainty 
of pattern shift of ~0.05 pixels in [77]) to be achieved. This high sensitivity differentiates the HR-EBSD 
from conventional EBSD analysis performed in Hough space, which only allows lower angular 
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resolution. The HR-EBSD itself is an off-line analysis process of the Electron Backscattered Diffraction 
Patterns obtained using conventional EBSD. Its spatial resolution depends on the size of the diffraction 
volume where the backscattered electrons originate. Usually, this size is of an order of tens of 
nanometers [107].      

The residual deformation as a consequence of the thermal loading history can have considerable effects 
on the damage evolution and failure mechanisms when subjected to the subsequent mechanical loading. 
The thermal loading from the annealing temperature to room temperature caused the onset of plasticity 
local to the agglomerate due to differing thermal expansivities. The sample was annealed at 1033 K for 
16 hours to reduce the residual stresses that were introduced during previous mechanical processing. 
Since the thermal expansivity of nickel is isotropic, it is reasonable to argue that the annealed sample is 
macroscopically stress-free [45]. However, at the agglomerate/nickel boundaries, cooling from the 
annealing temperature to room temperature results in the development of significant residual stress, 
lattice rotation, and most likely plasticity by virtue of the differing thermal expansivities. 

The initial GND densities near the agglomerate quantified by HR-EBSD are broadly consistent with 
other observations in similar materials. Karamched and Wilkinson [86] reported an average GND 
density of ~3×1014 m-2 at the carbide/nickel interface in a directionally solidified nickel alloy. Zhang et 
al [48] performed HR-EBSD analysis on non-metallic inclusions in a polycrystalline nickel and 
revealed a GND density of ~1014 m-2. In the Al matrix SiC reinforced metal matrix composite, Arsenault 
and Shi [108] used TEM to determine a GND density of ~1014 m-2 at the SiC/Al interface. The average 
GND density near the inclusion determined in current study is ~1014 m-2, though a dislocation band 
(circled in white in Figure 6-6 c) along a twin boundary with a magnitude of ~1015 are observed. It is 
likely that there is a correlation with the twin boundary, agglomerate, and perhaps the subsurface 
microstructure.  

Cooling from the aging temperature to room temperature leads to the development of strain localization 
(i.e. residual stress and plastic deformation) due to the difference in the coefficients of thermal 
expansion. It is expected to observe localized GND densities near the inclusion as a result of the strain 
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gradient. Therefore, the observed differences in detailed distributions of residual stress and GND 
density between grain 1 and 2 are largely due to the complex shape of the inclusion agglomerate and 
the distance away from it. Irregular geometries, such as sharp corners and small inter-particle spacing 
can significantly elevate the stress and strain magnitudes. Crystallographic orientations of the 
surrounding grains and grain boundary also play a role in the localization.      

The corresponding plastic strains and strain gradients resulted in the development of distributions of 
GND densities which can cause local hardening, as well as local stress elevations from the associated 
residual stress fields. The elevation of stress field potentially contributes to the interface decohesion 
and fracture of oxide particles. A grain with greater GND density is observed on the left of the 
agglomerate in Figure 6-6 c (circled in white) and a micro crack formed by interfacial decohesion was 
first observed at this location. In this context, the quantification of residual stress provided by the HR 
EBSD potentially aids the understanding of the crack nucleation in the agglomerate region.  

Under the low cycle fatigue condition, the investigated region experienced significant plastic 
deformation. The deformation mechanism for the nickel grains is crystallographic slip, which can be 
revealed by the presence of slip lines. A BSE image of the agglomerate region (Figure 6-10 b) shows 
the slip activity developed. In addition, regions of high residual stress and GND density at grain 
boundaries can be observed in grain 1 in the EBSD strain and GND density maps (Figure 6-6 b and d). 
Other grains show no apparent features associated with slip due to increased number of unindexed 
points as a result of the plastic deformation. 

Some regions with strain concentration in Figure 6-10 (a) exhibit no obvious correlation with 
microstructures. The highly complex microstructures in the investigated region and those underneath 
the free surface can have significant effects. The contribution from the fine grained region to the strain 
distribution in the large grains has not been experimentally and numerically studied. In Figure 6-10 (b), 
examination of the surface of the post-deformation sample reveals the development of slip lines in the 
surrounding grains. These slip activities are caused by the movement of individual dislocations and 
accumulation at the free surface. The pattern of effective plastic strain in Figure 6-10 (a) may indicate 
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some evidence of such slip activity. However, strain localization does not necessarily occur in regions 
near grain boundaries or triple junctions. HR-EBSD analysis in polycrystalline copper has demonstrated 
that patterns of GNDs are orientation dependent, regardless of proximity to grain boundaries [109]. 
Grains with different orientations exhibit distinct dislocation structures and therefore this can have an 
influence on strain distribution. Additional studies, such as 3D analysis to reveal the grain structures 
below the free surface, would benefit understanding the physical mechanisms.     

The cyclic deformation introduced a significant amount of plasticity (Figure 6-11 b and c) to the 
investigated region, resulting in the development of high level of heterogeneity of strain, and hence 
significant strain gradients and GND densities. Literature considering the development of GND density 
in uniaxially deformed Cu [82], Ti [80], and cyclically deformed Ti [110] up to similar strain amplitudes 
has reported high GND densities of order of 1015 m-2 or above at not only grain or/and twin boundaries, 
and triple junctions, but also grain interior. Grain and twin boundaries can inhibit dislocation motion. 
However, given the high remote strain applied, it is reasonable to observe a relatively homogeneous 
distribution of GNDs at a distance of a few grains from the agglomerate. A parallel study [111] 
considering the effect of inclusion on the localization of dislocations has suggests that GND density 
increases rapidly near the inclusion to an order of 1015 m-2. Further cyclic loading leads to an expansion 
of this high GND density region in microstructures to a few grains away from the inclusion. 

 
The strain pattern appears to be established at the beginning of the fatigue test, i.e. during the first two 
cycles and stabilizes until the crack has propagated into the surrounding nickel grains. Throughout 
Figure 6-9 (a-b) and (a’-b’), the strain distribution evolves to include an apparent localization (outlined 
by the blue square) at the agglomerate region, which progressively elongates in the direction 
perpendicular to the x direction and eventually propagates into the surrounding nickel grains. 
Microscopic examination of the agglomerate reveals that multiple cracks nucleated either by interface 
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decohesion or particle fracture in the course of the fatigue test. As a result, it is argued that the apparent 
strain localization and propagation is generated by the coalescence and growth of the micro cracks.  

Due to the nature of the force-controlled loading, the specimen experienced significant plastic straining 
during the first cycle and hardened rapidly, resulting in the development of smaller plastic strains in the 
subsequent cycles. The plastic strain ranges established at the very bottom of the specimen in the 
subsequent cycles have an average value of 0.25% or smaller. The remote strain amplitude is obtained 
by performing a macro DIC measurement on a large area comparable to the size of the beam. 
Nonetheless, at the microscopic level, local ratcheting with strain magnitudes above 10% can be 
observed in the nickel matrix as shown in Figure 6-11 and Figure 6-12. This observation provides direct 
evidence of the highly localised and heterogeneous strain fields at individual grain level even though 
the macroscopic applied strain is small. Microstructural features that control strain localisation, such as 
crystallographic orientations of grains and grain boundary characteristics, play an important role in this 
accumulation. 

The distribution of the GNDs is heterogeneous at individual grain level and also at intergranular level 
as shown in Figure 6-6 d. The formation of the GND substructures, i.e. the two dislocation bands in 
Grain 1, can be attributed to heterogeneous response and plastic strain gradients developed by the local 
applied stress state. Dislocations accumulate at or transmit through grain boundaries, depending on the 
grain boundary characteristics and residual Burger’s vector [76]. The agglomerate/nickel boundaries, 
however, inhibit dislocation transmission as the oxide phase experiences limited or no plastic slip. As 
a result, it is reasonable to expect dislocation pileup at such boundaries. However, it is in these regions 
where unknown GND densities (appearing white in GND map) are observed. This is related to the 
removal of unreliable cross correlations of the EBSD patterns near the agglomerate/nickel boundaries. 
Due to the significant deformation generated, blurring of the EBSD patterns obtained from these regions 
prevents the robust iterative fitting scheme from obtaining reliable solutions [103]. However, the 
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establishment of lattice rotations near the agglomerate (not shown explicitly) are anticipated to give rise 
to lattice curvatures and hence accumulation of GNDs towards the phase boundaries.  

In Figure 6-9 to Figure 6-12, some evidence has been provided that the strain accumulation at the 
agglomerate/nickel interfaces results in the crack formation by interfacial decohesion, which was 
initially observed after 20 cycles. Once the micro crack had formed, an apparent strain localization in 
the cracked region was observed, which facilitated further decohesion and cracking activities occurring 
in its vicinity. The considerable amount of strain localization shown in Figure A 2 is therefore attributed 
to the coalescence and propagation of these micro cracks. No damage nucleation has been observed in 
the nickel polycrystal during the test, indicating the fact that the agglomerate is more susceptible to 
fatigue crack nucleation. Both particle fracture and interface decohesion mechanisms have been 
observed in the test, indicating a competition which needs to be clarified to determine the conditions 
under which each mechanism dominates.  

The mechanistic process of crack nucleation at inclusion/matrix interface is often characterized by 
increasing interfacial separation; the traction, defined as force per unit area, across the interface 
increases, maximizes, and decreases eventually. After reaching a threshold value of separation, 
complete decohesion occurs. Constitutive equations for cohesive interfaces must take into account the 
deformation and failure mechanisms, which vary structurally depending on the phases present. The 
strength of the interface and the work of separation are decisive parameters for the decohesion process. 
Examples of constitutive equations for inclusion/matrix interface decohesion can be found in numerical 
parametric studies [41, 112, 113], in which cohesive interactions are formulated in an idealized cohesive 
zone finite element framework with periodic boundary conditions. In these studies, phenomenological 
interface constitutive equations are employed where the cohesive interactions are assumed to account 
for atomistically sharp planes only, whereas in reality cohesive interactions can be more complex. 
Defect nucleation criteria based on both critical stress and/or strain are reported in the literature, such 
as [37]. However, the critical values are related with respect to overall stress and/or strain states, 
necessitating local quantities at key interfaces to be assumed, within the heterogeneous distributions of 
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such quantities in polycrystalline materials. The present work provides direct measurements of residual 
stress and strain at the length scale controlling the damage nucleation process, and thus facilitating 
development of damage nucleation criteria.  

The plastic response of the matrix can have important influence on damage initiation mechanisms. An 
X-ray tomography study on metal matrix composites has reported that plastic properties of the metallic 
matrix surrounding an inclusion phase play an important role [36]. Particle fracture prevailed in 
precipitation-hardened Al matrix with high yield stress and work hardening rate, whereas the 
mechanism changed to interface decohesion in pure Al. An in-situ synchrotron tomography analysis on 
damage development in 2080 Al strengthened by SiC particles has revealed that particle fracture was 
the controlling damage mode [114].  

Returning to the present study, Figure 6-14 (a) shows the xx plastic strain map at the unloaded state 
after two cycles with EBSD-determined grain boundaries overlaid and the Schmid factor map assuming 
a macroscopic tensile xx stress for the initial state. In general, grains with larger Schmid factors 
(appearing brighter in Figure 6-14 (b)) exhibit higher strain levels, whereas areas with smaller Schmid 
factors tend to have lower strains. Lower strains at grain or twin boundaries compared to those at the 
interior are also observed, indicating that grain-to-grain compatibility and slip transmission across grain 
boundaries play a role in the development of strain localization.  
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Figure 6-14 (a) Map of strain x measured by DIC after 2 cycles. (b) Schmid factor map of the 
inclusion/matrix combination. Remote loading direction is horizontal, corresponding to the x direction 

in Figure 6-2. 12 fcc slip systems are considered.  

However, there are variances of the correlation, which manifest the incapability of predicating local 
deformation states using this crude global Schmid factor. Due to complex local stress fields, indicated 
in part by the residual stress fields measured with HR-EBSD, Schmid factor can vary significantly even 
within a single grain, making some areas which were badly orientated for slip become favorably 
orientated, and vice versa.    

After 20 cycles of straining, a micro crack was observed in the inclusion region and propagated upon 
further loading. The displacement fields associated with this crack nucleation and propagation give rise 
to strain accumulation, which can be clearly observed throughout the test as shown in Figure A 2 b-f. 
However, the displacement fields in the vicinity of the cracks are generated by rigid body displacement 
as a result of crack opening. This affects the DIC strain measurements near the cracks as shown in 
Figure 6-9, Figure 6-11, and Figure 6-12 and makes them difficult to interpret. A potential way to 
overcome this problem requires identification of the crack geometry and its size. However, the current 
DIC technique is not capable of masking the cracked region accurately and hence care must be taken 
when interpreting the strain measurements around the cracks.      
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The studied material is a polycrystalline nickel superalloy heat treated at a subsolvus temperature, 
resulting in a tri-modal distribution of gamma prime precipitate. No reliable data on the sizes of gamma 
prime precipitates are available in open literature. Instead, the size distributions in a comparable nickel 
superalloy (U720Li) are given as follows [115]. The primary gamma prime at the gamma grain 
boundaries has a mean grain size of 1-10 μm. The secondary gamma prime in gamma grains has a size 
distribution from 70-120 nm. Smaller tertiary gamma prime precipitates can be found in between the 
secondary gamma prime with tens of nanometers in size. The particle size of the speckle pattern (~250 
nm) is not sufficiently small to capture slip activities that occurred within these phases. At room 
temperature, the magnitude of each strengthening mechanism for the investigated alloy depends on 
microstructural constituents and heat treatment as shown in Figure 2-5. The effects of the gamma prime 
precipitates on slip activities will be investigated in future studies. 

6.5 Conclusions  

Fatigue damage nucleation and evolution in a powder metallurgy nickel base superalloy containing a 
non-metallic agglomerate inclusion has been captured by high resolution electron back scatter 
diffraction and high resolution digital image correlation. Micro crack formation via decohesion of 
agglomerate/nickel interface and fracture of oxide particles has been characterized using scanning 
electron microscopy. The thermal residual deformation from the manufacturing of the alloy led to early 
onset of plasticity local to the inclusion agglomerate as shown in Figure 6-6. The subsequent fatigue 
loading resulted in the establishment of significant plastic strain concentration at the agglomerate as 
measured by the HR DIC. Though the macroscopic strain was small, heterogeneously developed strain 
fields were observed with local strain magnitude of above 10%. The HR-EBSD observation indicated 
a dramatic elevation of GND density and residual stress in the nickel grains surrounding the inclusion. 
The mechanistic basis for fatigue crack nucleation involves slip accumulation and localization, the 
establishment of local high GND densities and consequent local stress, giving rise to both oxide particle 
cracking and particle/matrix decohesion. The damage nucleation mechanisms, oxide/nickel interface 
decohesion and fracture of oxide particle, are likely to be controlled by a combination of critical strain 
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and stress states, potentially coupled in terms of a local stored energy rate measure [55, 56]. The 
interface strength also remains a key parameter. Quantitative assessment of defect nucleation utilizing 
crystal plasticity modelling techniques will be demonstrated in the next chapter.   

In this chapter, the material characterisation and HR-EBSD were performed by Tiantian Zhang. 
Development of the DIC capability was done by Jun Jiang, Ben Britton, and Tiantian Zhang. Tiantian 
Zhang contributed to the calibration of the DIC system and establishment of the ex situ bending test.  
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7 Mechanistic basis of defect nucleation in polycrystalline nickel 
superalloy containing inclusions 

7.1 Introduction  

In this chapter, the mechanistic basis of defect nucleation in nickel superalloy RR1000 containing oxide 
particle inclusions is addressed. Concurrent crystal plasticity modelling is employed along with detailed 
high resolution DIC (for total strain measurement), EBSD (for elastic strain measurement) and 
micromechanical three-point beam testing with fully characterised microstructure in order to identify 
and quantify defects and their nucleation sites. In the next section, the overall methodology is 
summarised, detailing the experimental investigation, the multiscale modelling to establish appropriate 
sub-model boundary conditions, and the crystal plasticity sub-model explicit representation of the 
experimental beam microstructure. Comparison of computational and experimental results is presented 
to provide justification for, and confidence in the model. This is followed by a systematic analysis of 
the slip, strain accumulation, stress, and stored energy occurring at sites of defect nucleation, and the 
assessment of the mechanistic basis for fatigue crack, or defect nucleation. In so doing, the extracted 
interfacial strength between the nickel matrix and oxide particles forming the agglomerate inclusions 
in RR1000 is presented.     

7.2 Materials and methodology 

7.2.1 Experimental methodology 

7.2.1.1 Thermal treatment 
A RR1000 polycrystalline nickel-based superalloy sample was supplied by Rolls-Royce plc. The 
sample was produced via a powder metallurgy route, followed by extrusion, forging and a two-step heat 
treatment. First, sub-solvus heat treatment at 1393 K for 4 hours was carried out followed by forced air 
quench. The sample was then aged at 1033 K for 16 hours prior to slow cooling to room temperature. 
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A non-metallic inclusion was detected in the nickel sample, which was then machined to leave the 
inclusion on the free surface. Metallographic grinding and polishing were carried out to obtain a surface 
finish required for secondary electron microscopy (SEM) and electron backscatter diffraction (EBSD). 
This nickel/inclusion combination is shown in Figure 7-1 (a). Upon cooling from aging temperature to 
room temperature, the establishment of thermal residual strains and densities of geometrically necessary 
dislocations (GNDs) at inclusion/nickel matrix interfaces resulting from differing coefficients of 
thermal expansion was anticipated and studied using HR-EBSD in previous analysis [49].  

 

Figure 7-1 (a) EBSD map of inclusion agglomerate in polycrystalline nickel superalloy (b) Schematic 
of the three-point bending beam 

7.2.1.2 Mechanical cyclic three-point bend test 
The thermally-treated nickel sample was then subjected to three-point bend tests under force-controlled 
loading with a triangular R=0 wave form peaking at 2200N as shown in Figure 7-1 (b). The sample was 
removed from the loading rig for DIC measurement after selected intervals and then reloaded. Slip 
localisation and elastic straining were studied using HR-DIC and HR-EBSD. Heterogeneous 
distributions of plastic strains during the fatigue loading were quantified using HR-DIC [49]. The 
measurements of thermal residual (elastic) strains, GND densities, and cyclic plastic strains were related 
to observed fatigue crack nucleation in the tested sample. Decohesion of the oxide/matrix interface and 
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particle fracture were the two defect nucleation mechanisms observed, and under the loading considered 
were found to occur at a very early stage of the test (after 2 cycles). 

In the current study, the experimentally-assessed sample briefly reviewed above is revisited and a 
geometrically faithful crystal plasticity finite element model developed for its direct and explicit 
microstructural representation.  The microstructurally faithful model is subjected to identical heat 
treatment and subsequent cyclic loading conditions in order to enable direct comparison between the 
model predications and experimental measurements made. As will subsequently be shown, the model 
provides persuasive quantitative agreement with detailed microstructural measurements, thus providing 
the confidence to employ the model to investigate the mechanistic basis of defect nucleation and growth 
observed in the experimental sample. Grain-by-grain assessments of micromechanical quantities 
including slip, plastic strain accumulation, maximum principal stress, hydrostatic stress, and stored 
energy are presented in the context of the observed fatigue crack nucleation sites in order to address 
their mechanistic basis.  

In the following description of methodology, the thermo-elasto-plasticity kinematics used for the 
modelling of the thermal treatment and mechanical loading are first introduced. This is followed by 
identification of material properties and parameters based on uniaxial tensile test data for calibration of 
the crystal plasticity constitutive model. The development of a microstructurally faithful representation 
of the experimental sample in a finite element framework with crystal plasticity is then presented to 
study the establishment of thermal residual strains and dislocation densities as a result of the thermal 
treatment. Finally, representative strain-controlled loading was applied to the sub model, from which 
local grain-by-grain stress and strain behaviour may be extracted and compared against the HR-DIC 
measurements.  
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7.2.2 Crystal plasticity modelling  

7.2.2.1 Thermo-elasto-plastic crystal plasticity modelling  
In the crystal plasticity framework, the deformation gradient, F, is multiplicatively decomposed into 
thermal, F, elastic, Fe, and plastic, Fp, parts where the elastic contribution captures the lattice stretch 
and rigid body rotation and the latter plastic term governs dislocation movement on slip planes.    

 =  7-1 

The total rate of deformation, D, can be determined using 7-2 where the elastic rate of deformation, , 
can be obtained using Hooke’s law, and the plastic rate of deformation, , is specified by a slip rule. 

 = + +  7-2 

Isotropic thermal deformation is assumed in the formulation of flow kinematics such that the thermal 
rate of deformation, , is expressed as: 

 = αT  7-3 

where α is coefficient of thermal expansion, T the rate of change of temperature, and I is the identity 
matrix.  

The plastic rate of deformation is related to the plastic velocity gradient, , using 

 = sym( ) 7-4 
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and the plastic velocity gradient evolves as a result of dislocation glide on slip planes, the rate of which 
is governed by the slip rates of dislocations on all slip systems:  

 = γ (  ⨂  ) 7-5 

where γ  is the rate of dislocation slip on the ith slip system with slip direction, s, and slip plane normal, 
n. The physically-based slip rule accounts for dislocation motion overcoming pinning obstacles by 
means of thermal activation and has been well reported [51]. The slip rate is given in 7-6 where ρ  is 
the density of gliding dislocations, b magnitude of Burger’s vector, ν the frequency of jumps to 
overcome obstacle barriers, successful or otherwise, ∆H Helmholtz free energy, k the Boltzmann 
constant, T the temperature in Kelvin, γ0 the work conjugate to the resolved shear stress at the reference 
state, and ∆V the activation volume. 

 γ = ρ b v exp − ∆H
kT sinh (τ − τ )γ ∆V

kT  7-6 

Isotropic hardening based on Taylor’s dislocation model [116] is assumed in the constitutive equation 
and shown in 7-7 where G is the shear modulus, ρ  the density of sessile statistically stored 
dislocations, and τ  the initial critical resolved shear stress. The hardening rate on each of the 12 fcc 
slip systems is assumed to be the same.   

 τ = τ + Gb ρ  7-7 

The density of the statistically stored dislocations is determined using a phenomenological relation with 
effective plastic strain based on experimental observation of the evolution of dislocation density.  
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governs the rate at which the dislocation density evolves and thereby being material dependent and 
requiring calibration   

 ρ = λp 7-8 

where the rate of effective plastic strain is related to the plastic velocity gradient by 

 p = (2
3 : )  7-9 

7.2.2.2 Identification of material parameters and physical properties  
Uniaxial tensile tests on polycrystalline RR1000 samples without inclusions were carried out at Rolls-
Royce plc. Identification of the slip rule critical resolved shear stress and isotropic hardening parameter, 

, was carried out using the tensile test data. A 3D finite element model of a Representative Volume 
Element (RVE), consisting of 100 grains, was developed for the calibration. The RVE was subjected to 
the same loading conditions in the experimental tensile tests and the material parameters were adjusted 
such that the resulting macroscopic stress-strain curve matched each other. The full set of physical 
properties in the slip rule are listed in Table 3. The Helmholtz free energy H was chosen to generate 
undetectable rate sensitivity at the applied rate of loading (~4.82×10-3 s-1) whilst being physically 
reasonable. 

 



134 
 

ρ  0.05 μm-2 
b 3.51×10-4 μm 
v 1.0×1011 s-1 

∆H 3.456×10-20 J 
k 1.38×10-23 J K-1 

T 293 K 
γ  8.33×10-6 
τ  450 MPa 

 150  
Table 3 Material parameters and physical properties for the nickel-based superalloy slip rule 

7.2.2.3 Thermal modelling of heat treatment 
The backscattered electron (BSE) image of the investigated region is shown in Figure 7-2 (a), together 
with a magnified view of the inclusion agglomerate in Figure 7-2 (b). A full and explicit geometric 
finite element representation of the inclusion/polycrystal matrix combination was developed using 
~31,000 20-noded 3-D quadratic user-defined elements (UELs). To evaluate how the mesh size affects 
the distribution and development of the strain field, coarse and fine meshes were used with the coarse 
mesh having half and a third of elements in all directions. The final mesh size was obtained by gradually 
reducing the mesh size until a point where little difference in stress-strain behaviour was observed. The 
finite element representation of the agglomerate-containing microstructure is shown in Figure 7-2 (c) 
in which the agglomerate, comprising a distribution of oxide particles within a fine-grained nickel 
matrix region may be seen, together with the course-grained nickel matrix surrounding it. The colours 
in Figure 7-2 (c) represent the differing measured crystallographic orientations implemented in the 
crystal model detailed below. In the model shown in Figure 7-2 (c), the boundary conditions imposed 
are such that the left face is fixed in the x-direction, the bottom face fixed in the y-direction, and the 
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back face fixed in the z-direction. The boundary condition on the front free surface is therefore that of 
approximately plane stress in nature and reproduces the assumption made in the HR-EBSD 
measurement where the out-of-plane normal stress is reasonably taken to be zero. A simplification made 
is that the microstructures are assumed to be prismatic through the depth of the FE model due to the 
absence of information on the 3-D geometries of the inclusion/matrix combination. 

In Figure 7-2 (d), the large grains surrounding the inclusion agglomerate (coloured in green) are 
modelled using elastically anisotropic crystal plasticity (C11=225 GPa, C12=103 GPa, and C44=107 
GPa) with their orientations specified with the knowledge of the crystallographic orientations obtained 
by the EBSD. The oxide particles (coloured in blue) are assumed to be elastic only. The small nickel 
grains local to the oxide particles (coloured in orange) are modelled using elastically isotropic crystal 
plasticity. Largely due to their number, but also size, their crystallographic orientations are uncertain 
and as a result, they are assigned a reference crystallographic orientation (that is [100] parallel to the 
global x-direction and so on). This region is anticipated to be dominated by plasticity, so while the full 
inclusion of the elastic anisotropy is desirable, it is argued to be of second order importance. Outside of 
the course-grained region, the experimental microstructure shown in Figure 7-1 (a) shows the existence 
of another fine-grained largely untextured polycrystal nickel region. This region (coloured in red) is 
modelled using elastically isotropic crystal plasticity since it is reasonable to assume the random texture 
gives rise to isotropic elastic properties. Since the development of plasticity is anticipated to be 
significant such that many slip systems will be activated, the stress and strain response of this fine-
grained region can be homogenized and modelled using a reference crystallographic orientation. This 
outer region is also shown in red in Figure 7-2 (d).The oxide particles and nickel crystals have, of 
course, very different thermal and mechanical properties, and these are captured within the crystal 
plasticity model. In Figure 7-2 (e), the applied thermal loading is shown from 1033 K to room 
temperature which was applied to the model to reproduce the experimental cooling process imposed on 
the nickel sample.  
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Figure 7-2 (a) BSE image of nickel polycrystal containing an inclusion agglomerate with (b) a 
magnified view showing the oxide particles which were modelled explicitly in (c) 3-D crystal 

plasticity finite element model.  (d) front view of the CP model with colours indicating the oxide 
particles, fine-grained nickel, course-grained nickel and surrounding elastic medium. (e) the applied 
thermal loading, and (f) the calculated and experimentally-measured (HR-DIC) cyclically evolving 

average xx-strain obtained at the agglomerate region 

7.2.2.4 Cyclic mechanical beam modelling 
The agglomerate FE model was then subjected to subsequent cyclic loading in order to reproduce the 
experimental conditions. The FE model shown in Figure 7-2 (c) and (d), of course, a sub-region 
(containing the agglomerate) of the full three-point beam sample shown in  Figure 7-1 (b). Hence, it is 
necessary to establish the appropriate FE sub-model boundary conditions in order to replicate those 
developed in the experimental beam bending test. This is achieved by utilising a macrolevel Mises 
plasticity FE model of the three-point bending beam together with the crystal plasticity sub-model. 
Details relating to the development of the macrolevel model and sub-model and the determination of 
the appropriate sub-model boundary conditions are given in Appendix D. Here, in order to maintain 
clarity, only the resulting average xx-strain profile obtained from the microstructurally faithful crystal 
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plasticity sub-model and the corresponding xx-strain obtained from HR-DIC measurements (at cycles 
2 and 20 only) are shown. In both cases, the xx-strains are obtained by averaging over a suitable region 
near the agglomerate, as detailed in Appendix D. The results are shown in Figure 7-2 (f). Two sets of 
calculated results are shown for strain versus cycles which correspond to different sub-model applied 
mean stresses. The key result is that for applied mean stress A which replicates the experimentally 
obtained strain evolution with cycles. Note that the HR-DIC results are captured only at the beam 
unloaded state, so that the minimum strain peak in the calculation shown is to be compared with these 
measurements. The calculated result shown for mean stress B corresponds to results obtained with 
slightly different applied stress boundary conditions, and is included simply to indicate how the optimal 
sub-model boundary conditions were determined (by choosing the appropriate local mean stress 
loading, detailed in Appendix D). 

In the following section, the results of the crystal plasticity modelling together with experimental HR-
DIC and HR-EBSD measurements are presented for the preliminary thermal loading of the agglomerate 
sample, followed by the secondary cyclic mechanical loading. These results are then utilised in the 
assessment of the mechanistic basis of defect nucleation. 

7.3 Results  

7.3.1 Thermal residual strains 
During the final step of its manufacturing process, the nickel sample was cooled from its annealing 
temperature of 1033 K to room temperature. Thermal residual strains develop at the inclusion/matrix 
interface due to the difference in thermal expansivities. The thermal residual strains measured by HR-
EBSD are purely elastic. Therefore, dilatational strain and plastic strain have been removed from total 
strains in the CPFE predictions in order to make like-with-like comparisons. CPFE model predicted 
elastic strains local to the agglomerate region are shown in Figure 7-3 (a) - (c). Global field plots of the 
thermal strains demonstrate that compressive xx strains are observed near inclusion/matrix interfaces 
normal to the x-axis and tensile xx strains on interfaces parallel to the x-axis. The CPFE predicated yy 
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strains are compressive near interfaces normal to the y-axis and tensile on interfaces parallel to the y-
axis. In addition, shear strains with an anti-symmetric distribution are expected in Figure 7-3 (c).  

 

Figure 7-3 CPFE predicated elastic strain (a) xx, (b) yy, and (c) xy components 

A detailed comparison between the EBSD measurements and CPFE predictions is made by showing 
the elastic strains in three selected large grains near the inclusion agglomerate. In order to carry out 
these full field comparisons, it is necessary to note that the EBSD elastic strains are measured with 
respect to a reference point for each grain considered.  Hence direct reference shifting of the HR-EBSD 
strains to the corresponding point in the CPFE analysis has to be carried out. This technique is presented 
and justified elsewhere and full details are available in [16]. The HR-EBSD measured elastic strains 
prior to (Before) and after (After) direct reference shifting are displayed for completeness in the table 
in Figure 7-4 (a). Field plots of the elastic strains in the corresponding grains predicted by the CPFE 
model are displayed in Figure 7-4 (b). Qualitatively, there is good agreement between the directly 
shifted EBSD measurements and CPFE predictions. These elastic strains (and correspondingly, 
stresses) in fact constitute the initial residual stress state at the agglomerate inclusion for the beam 
sample prior to subsequent cyclic loading and are therefore potentially important in the defect 
nucleation process.  
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Figure 7-4 (a) HR-EBSD measured elastic strains before and after the direct reference shifting and (b) 
the corresponding elastic strains predicted by the CPFE model 

The effects of thermal residual strains and dislocation density on subsequent fatigue loading are 
evaluated next. Microstructure-representative models both with and without thermal loading history 
have been subjected to subsequent representative stress-controlled mechanical loading. Field plots of 
total xx strain and SSD density at F=0.79 Fmax in the loading are shown in Figure 7-5 and Figure 7-6, 
respectively. Loading histories are given as insets.    
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Figure 7-5 Field plots of total xx strain predicted by CPFE models with and without prior thermal 
loading at (a) F=0.59 Fmax and (b) F=0.79 Fmax in mechanical loading.  The model aggomerate region 

microstructure is provided as an inset. 

Incorporation of thermal loading clearly has significant effects on the distribution of strains at an early 
stage in the fatigue test. In Figure 7-5 (a), at F=0.59 Fmax, the distributions of xx strains in models with 
and without thermal loading are significantly different where strains are localised near the agglomerate 
in the former. Strain banding orientated at ~45 ° to the axial axis is formed within the agglomerate 
region in the model without prior thermal loading. The formation of such bands is due to the constraints 
imposed by the agglomerate oxide particles included in the model, and shown in Figure 7-2 (b) within 
the experimental sample microstructure, which are assumed to deform elastically, and act as nucleators 
of localised slip, and of slip bands. However, the thermal residual stresses are found to play a diminished 
role at the later stage of the cyclic loading. At F=0.79 Fmax within the first loading cycle, the effects of 
the thermal residual strains have been largely minimised by the subsequent applied cyclic loading, 
evident from Figure 7-5 (b). 
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Figure 7-6 Field plots of SSD density predicted by CPFE models with and without thermal loading at 
F=0.79 Fmax. 

This is also very apparent from the field plots of statistically stored dislocation densities at F=0.79 Fmax 
predicted by the CPFE models with and without thermal loading which are shown in Figure 7-6. 
Dislocation banding at ~45° to the axial direction can be observed in the agglomerate region in both 
models. Given that similar distributions of strain and dislocation density have been predicted for both 
thermal residual stress and its absence, it is therefore anticipated that upon further cyclic straining, the 
effects of prior thermal loading will become negligible, at least in the present conditions where bulk 
plasticity occurs at the agglomerate region. 

7.3.2 Low cycle fatigue modelling and experimental defect nucleation 
In the crystal plasticity modelling, plasticity occurs when the resolved shear stress on a slip system is 
equal to or greater than the slip system strength. In the context of low cycle fatigue, stress concentration 
and localization as a result of elastic anisotropy and geometric constraint can cause the onset of 
plasticity at regions with less propensity for macroscale slip based on Schmid factor. Therefore, it is 
useful to examine changes in distributions of slip on individual slip systems in the course of the 
subsequent fatigue loading. Figure 7-7 shows the temporal evolution of slip, γ, for a dominant slip 
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system (1) of the type (1 1 1) [1 1 0] with the other 11 slip systems for the fcc crystal numbered in the 
table included in the figure. The distributions of slip on slip system 1 are quite heterogeneous, and the 
level of heterogeneity increases progressively as a function of fatigue cycles. This observation is also 
seen for the other 11 slip systems, indicating that the heterogeneous strain distribution is established 
early during the LCF, and no additional slip systems were subsequently activated. Stress redistribution 
due to plasticity with elastic anisotropy and geometric constraints has not been observed to cause onset 
of secondary slip. Since the slip on each individual slip system contributes directly to the effective 
plastic strain, the localization of effective plastic strain is expected to become more pronounced, but the 
heterogeneous distribution is persistent after more cyclic loading is imposed.  

 

Figure 7-7 Field plots of slip on slip system 1 at times shown during the first two fatigue cycles. The 
inclusion agglomerate is shown in white. 

The total xx strains after two cycles predicted by the CPFE model and those measured by HR-DIC are 
shown in Figure 7-8 (b) and (c), respectively. Significant strain localization and heterogeneity is 
observed in the nickel grains in both the CPFE predictions and DIC measurements. For example, both 
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CPFE calculation and HR-DIC measurement demonstrate that the large grain identified in Figure 7-8 
by the arrow exhibits high strain levels in its interior in contrast to the regions close to the inclined grain 
boundary with low strain levels. Moreover, the strains measured by the HR-DIC are localised in bands 
orientated at ~50-60° with respect to the local axial loading direction.  

 

Figure 7-8 (a) Agglomerate inclusion and surrounding microstructure, (b) field plot of total xx strains 
after two cycles obtained by CPFE modelling and (c) total xx strains from DIC in the agglomerate 

region. Notice that there is no direct correspondance of colour in the field plots. 

In order to facilitate quantitative comparison, xx strains from the CPFE model and experimental 
measurement have been extracted along three paths shown in Figure 7-9 (a) and plotted in Figure 7-9 
(b) – (d). Localized strain bands are observed in both numerical and experimental results for paths 1 
and 2. However, along path 3 in a larger grain, the CPFE predicted pattern of strain localization is more 
uniform than that for the DIC measurements. The sharp gradients indicated by the DIC results may 
correspond to the formation of slip lines on the free surface which are therefore not captured by the 
CPFE model which is not able to capture the discrete nature of dislocation slip. However, in general, 
the detailed comparison of total strains developing from complex thermomechanical cyclic loading 
between model and experimental results at the local, microstructural level is outstanding both 
qualitatively and quantitatively. It is argued that the model provides a sufficiently accurate account of 
empirically obtained strain measurement to make it suitable for further systematic study of the 
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agglomerate inclusion, particularly in the context of understanding experimentally observed defect 
nucleation. 

 

Figure 7-9 (a) The agglomerate inclusion model and the corresponding paths 1, 2 and 3 along which 
xx strains are obtained by  HR-DIC and from the CPFE simulation extracted for (a) path 1, (b) path 2, 

and (c) path 3 at the end of the second cycle shown figure inset in (a) 

In chapter 6 [49], fatigue crack nucleation was experimentally observed to occur in the agglomerate 
sample considered in this paper via two mechanisms, namely decohesion of oxide/nickel interfaces and 
particle fracture. The full-field crystal plasticity modelling with qualitative and quantitative validation 
against experimental measurements is therefore utilised to provide a systematic study of the fatigue 
crack nucleation mechanisms in this sample. First, locations where interface decohesion were observed 
are identified and labelled in Figure 7-10. Maximum principal stress σ , hydrostatic stress σ , effective 
plastic strain p, incremental effective plastic strain ∆p (given by ∆p=p − p ), stored energy G, and 
stored energy per cycle G (defined in [56]) in the agglomerate region, calculated by the CPFE model, 
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at differing stages in the cyclic loading history, are assessed in association with the experimentally 
observed fatigue crack, or defect nucleation.   

 

Figure 7-10 BSE image of the agglomerate inclusion. Locations where oxide/nickel matrix interface 
decohesion occurred are identified and numbered by black markers. Locations indicated by white 

markers are at oxide/nickel matrix interfaces, but are examples of interfaces where decohesion does 
not occur. Scale bar is 2 µm. 

In Figure 7-11 (a) – (d), field plots of maximum principal stress and hydrostatic stress are shown for 
the unloaded states of the first and second cycles. The oxide particles are shown in white, and grain 
boundaries are overlaid where appropriate. The effects of the highly complex agglomerate inclusion on 
local distributions of maximum principal stress and hydrostatic stress are elucidated in the magnified 
field plots. It is noted from the global field plots that crystallographic orientation together with grain 
boundary constraint play an important role in the stress distributions. Discontinuous stress component 
distributions can be observed near grain boundaries due to the differing crystallographic orientations. 
In the agglomerate region, the local distributions of the stresses are strongly affected by the geometries 
of the agglomerate particles where oxide/nickel interfaces perpendicular to the axial loading direction 
are likely to generate high tensile stresses, whereas interfaces parallel to the axial loading direction are 
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likely to produce compressive stress states. It is noted that the complex local stress state near an 
interface, and the sometimes complex interface orientations, can generate maximum principal stress 
with a direction parallel to the tangent to the interface. An interface across which compressive normal 
stress has been established is considered to be infinitely strong, and therefore prohibit interface 
separation [117], and vice versa. For this reason, decohesion is observed to occur mostly at interfaces 
perpendicular to the axial loading direction. Smaller inter-particle spacing is found to cause an increase 
in stress. Considering the SEM image in Figure 7-10, interface decohesion occurs at locations with high 
stresses, but they do not unambiguously match the locations with the highest predicted stresses. The 
effects of the second cycle on maximum principal and hydrostatic stresses may be assessed by 
comparing Figure 7-11 (b) and (d) with Figure 7-11 (a) and (c), in which there are some visible changes 
in the distributions of the stresses between the first and second cycle. However, significant variations 
in stress very local to agglomerate particles can reach magnitudes of ~500MPa. The stress localization 
in the agglomerate region after the second cycle appears to be less pronounced than that after the first 
cycle due to the decrease in mean value of macroscopic stress. The above observations suggest stress 
is likely to be a necessary condition to cause interface decohesion.  
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Figure 7-11 CPFE field plots of hydrostatic stress and maximum principal stress (MPa) at the 
unloaded states of (a, c) the first cycle and (b, d) the second cycle with magnified views of the 

agglomerate regions in which experimentally-observed oxide/matrix interface decohesion sites are 
labelled.  

Two further quantities available from the crystal plasticity modelling are next considered with respect 
to interface decohesion. First, the accumulated plastic strain, p, calculated by integrating equation 7-9 
is assessed for the unloaded states after the second and fifth cycles as shown in Figure 7-12 (a) and (b) 
respectively. Second, the incremental effective plastic strain, ∆p , is evaluated and plotted in Figure 
7-12 (c) for possible correlation with fatigue crack or defect nucleation. Again, magnified views of the 
agglomerate region are provided for point-by-point comparison with the debonded locations labelled in 
Figure 7-10. The distributions of microplasticity in the course-grained agglomerate region are 
influenced strongly by the crystallographic orientation with respect to loading axis. The nickel grains 
to the left of the agglomerate are favourably orientated for slip and therefore exhibit higher effective 
plastic strains as seen in the magnified views in Figure 7-12 (a) and (b). The evolutions of effective 
plastic strains at locations where decohesion occurs are plotted in Figure 7-12 (d). Although the rate of 
increase of plasticity in the region of interest decreases significantly after the second cycle as seen in 
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Figure 7-2 (f), plastic ratcheting is still observed locally at the agglomerate region, emphasising the role 
of microstructural heterogeneities on development of localized microplasticity. The rates of 
accumulation of p are seen to be different from site to site. The effective plastic strain at site 8 is larger 
than at site 5 after the first cycle, but the rate of accumulation of p is larger at site 5 than at site 8. This 
results in greater plasticity at site 5 than at site 8 after five cycles. In sites 1, 3, 7, and 8, stabilization of 
p seems to have been achieved after just a few cycles. In relation to defect nucleation, a range of p and 
incremental ∆p values are found to coincide with the experimentally-observed decohesion sites, and 
therefore neither p nor ∆p appear directly appropriate as indicators for the prediction of location of 
interface decohesion in this nickel sample (though it is recognised that the mechanistic basis associated 
with oxide/nickel interface decohesion is likely to be different to that for fatigue crack nucleation).   

 

Figure 7-12 Field plots of accumulated plastic strain for the agglomerate region predicted by the 
CPFE model (a) after the 2nd cycle and (b) after the 5th cycle, and (c) incremental effective plastic 

strain developed within the 2nd cycle. Evolution of effective plastic strain at locations where 
decohesion occurs is plotted in (d). 
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A stored energy quantity associated with the establishment of dislocation structures as a result of slip 
proposed in [56] for the basis for fatigue crack nucleation is evaluated next. The stored energy per cycle, 
per unit area, G is given by: 

 G = ξ : d
ρ  7-10 

in which  and p are the stress and plastic strain tensors respectively, and ξ the fraction of the plastic 
dissipative energy stored, which is taken to be 0.05. The integration is carried out over a complete 
saturated fatigue cycle. In this study, the stored energy rate for the second cycle G  and the energy 
stored in the first two cycles G  are assessed and are shown in Figure 7-13. Interface decohesion is 
found not to coincide with either local peak value of G  nor G , with the exception of site 2. 
Regions and locations with higher values of G  and G  can be found in the large surrounding 
nickel grains.  

 

Figure 7-13 Field plots of the (a) energy stored in the first two cycles (b) stored energy rate for the 
second cycle. 

The field plots of hydrostatic stress, p, ∆p, G, and G considered above indicate that interface decohesion 
is unlikely to be controlled by any one of these quantities, since its occurrence is not predicted 
unambiguously at peak values of any of these parameters. A condition for defect nucleation through 
interface decohesion has been discussed in [41, 106], in which it is suggested interfacial strength and 
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separation energy should be accounted for concurrently. The mechanistic basis for interface decohesion 
is assessed further through assessment of relationships between the model predicted σ , p, and G. This 
is performed in Figure 7-14 where the blue points correspond to all nickel Gauss point data in the finite 
element model, whether at locations adjacent to an oxide interface or otherwise, with the exception of 
those points which coincide with those at which experimentally observed decohesion occurs.   

 

Figure 7-14 Hydrostatic stress as a function of (a) effective plastic strain and (b) stored energy with 
90% confidence ellipse overlaid. The blue points correspond to all nickel Gauss point data, and the 

red points are those within the nickel but at interfaces which show decohesion. All data correspond to 
unloaded state of second cycle. 

The points shown in red are also those within the nickel matrix, but directly at interfaces which show 
decohesion in the experiments. All data correspond to the unloaded state at the end of the second cycle. 
The ellipses shown in the figures indicate the 90% inclusion limit on all nickel points, and related to the 
ellipses, the covariance, which can be visualised as the angle between the x-axis and the ellipse major 
axis, is zero in Figure 7-14 (a) and (b), because the hydrostatic stress is found to be correlated with 
neither effective plastic strain nor stored energy. The figures indicate that high hydrostatic stress is 
likely at sites for which oxide/nickel decohesion occurs, but is not unambiguously necessary. They also 
show that at the sites of decohesion, the higher stresses occurring do so largely in the absence of, or 
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independently from, high levels of either the effective plastic strain or the stored energy after two 
loading cycles (with the possible exception of one decohesion site and the latter).  

As a consequence, the component of stress acting at oxide/nickel interfaces is assessed next where the 
effect of the stress normal to oxide/matrix interfaces on decohesion is studied. Normal stresses at the 
decohesion sites in Figure 7-10 were calculated and are plotted against the corresponding stored energy 
and effective plastic strain in Figure 7-15 (a) and (b), shown by the black filled symbols. Examination 
of Figure 7-10 shows that void formation occurred only at interfaces perpendicular to the axial direction. 
Given this, only those interfaces that are normal to the axial loading direction have been selected. 
However, not all perpendicular interfaces gave rise to decohesion, and those which did not are also 
shown in Figure 7-15 (a) and (b) for which the normal stresses were calculated and are plotted against 
the corresponding stored energy and effective plastic strain and are shown by the black unfilled 
symbols. The normal stresses were calculated from the full local stress tensors at unloaded states at the 
end of the second cycle. Figure 7-15 (a) and (b) reveal that all decohesion sites exhibit tensile normal 
stress even in the unloaded state, which clearly differentiates them from those locations at perpendicular 
interfaces where decohesion does not occur. Both the decohered (tensile normal stress) and non-
decohered (compressive normal stress) locations show broad ranges of stored energies and effective 
plastic strains, providing a strong indication that  tensile normal stress is required for decohesion, but 
that decohesion remains independent of stored energy and local effective plastic strain.    

In Figure 7-15 (c), normal stresses from the peak and unloaded states of the second cycle are plotted for 
all the marked locations in Figure 7-10 for sites on interfaces which are perpendicular to primary 
loading, for locations where decohesion occurs (D) and does not occur (ND), as indicated by the 
location. Average normal stresses were calculated and are shown as the broken line. It can be seen that 
normal stresses from the peak of the second cycle (blue columns) are all tensile. In contrast, at the 
unloaded state of the second cycle (red columns), only those normal stresses where decohesion occurs 
are tensile, whereas those at locations without cracking (ND1-ND9) are compressive. The average 
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normal stress at decohered locations is of magnitude ~500 MPa higher than that for which decohesion 
does not occur.  

 

Figure 7-15 Normal stresses extracted at the locations labelled in Figure 7-10 at the unloaded state of 
the second cycle plotted against the corresponding (a) stored energies and (b) effective plastic strains. 
(c) Normal stresses from peak (blue columns) and unloaded (red columns) states of the end of second 

cycle at at the locations in Figure 7-10. 

Interface strength can be estimated by considering the average normal stress associated with the 
interfaces which show decohesion (D1-D8) in Figure 7-15 (c) and the average stress for those which do 
not (ND1-ND9) under the conditions of peak loading. Hence, the former gives the decohesion strength 
as 1480 MPa and the latter, the lower bound on interface strength as 1270MPa. Hence it is concluded 
that the nickel/oxide interfaces have decohesion strength within this range.    
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7.4 Discussion  

The objective in this work is to utilise fully-integrated micromechanical test with HR-EBSD and HR-
DIC characterisation and microstructurally-faithful crystal plasticity modelling in order to extract new 
insights in to the mechanistic basis of fatigue crack, or defect nucleation in the context of polycrystal 
nickel alloy containing agglomerate inclusions. Experimental observations make clear that the primary 
and dominant mechanism of defect nucleation is interfacial decohesion between nickel matrix and oxide 
particles, and that it occurs almost exclusively at interfaces which are arranged to be near normal to the 
primary remote stress. Defect nucleation in this material system was not observed to occur within the 
bulk of the nickel, neither in the fine-grained nor course-grained regions associated with the 
agglomerate inclusion. The unambiguous conclusion is that the defect nucleation process is dominated 
simply by interfacial normal strength. The present studies addressing the role of local stored energy, 
local slip accumulation, and the development of slip localisation or banding revealed that the defect 
nucleation process in this material system remains independent of these quantities, often relevant in 
other fatigue studies, but not in the nickel-agglomerate inclusion system considered here. The combined 
experimental-modelling approach has enabled the interfacial strength of the nickel-oxide particle 
boundaries to be estimated to be 1480 MPa with a lower bound of 1270 MPa.      

The geometric finite element model established was developed by direct use of the EBSD orientation 
map. Since EBSD or other SEM-based electron microscopy is a surface characterization technique, 
microstructures in the out-of-plane direction are not easily accessible in a non-destructive manner and 
therefore they are assumed to be columnar during model creation. This assumption is appropriate for 
the large surrounding grains, since a post-mortem cross-sectioning of a similar agglomerate has 
indicated that the course nickel grains extend deeply through the depth [48]. However, the 
microstructures in the vicinity of the agglomerate particles are highly complex, resulting in difficulties 
in explicit characterization and modelling. In a similar manner, effects of hard agglomerate particles 
embedded underneath the surface are not observed, and so not considered in the current CPFE 
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modelling. There is little doubt that these simplifying assumptions contribute to the differences obtained 
between the CPFE modelling predictions and experimental DIC measurements.    

Incorporation of length scale effects by introduction of geometrically necessary dislocation density can 
have significant influence on local stress and strain distributions. HR-EBSD and CPFE modelling 
studies have demonstrated the establishment of GND densities at carbide/metallic matrix interfaces 
during thermal cooling in nickel superalloys [45, 86]. Although the distribution of the thermal residual 
strains are strongly influenced by the geometries of the carbide particles, the absence of incorporation 
of GND coupling in the CPFE model can lead to differences from HR-EBSD measurements at locations 
where significant strain gradients are expected. Additional hardening caused by the length scale effect 
would also have influence on local strain/stress response and consequently stored energy, and would 
ideally need to be included in the future.      

In relation to the experimental methodology, the sample was removed from the LCF test after two cycles 
for examination of interface decohesion using SEM. It is hypothesised that decohesion took place 
during the second cycle, but the significant deformation induced by the LCF loading test certainly led 
to decohesion occuring early in the cyclic loading history, followed by propagation and coalescence of 
the cracks. This generates some small ambiguity for determination of the key locations of the nucleation 
of interface decohesion.    

Interface decohesion has been demonstrated to correlate strongly with hydrostatic stress at the 
microstructural level. Independent to this study, investigation of void nucleation via decohesion of 
particle/matrix interfaces using in-situ tensile testing coupled with X-ray tomography in parallel with 
cohesive zone finite element modelling for metal matrix composites consisting of matrices of 
commercially pure aluminium and Al2124 alloy has shown that peak strains did not correlate with 
interface decohesion and hence that critical strain is not appropriate for the description of initiation of 
damage [36]. Critical normal and hydrostatic stresses in a range of 220-1060 MPa were implemented 
in their finite element analysis. Sensible strengths for ceramic/Al interfaces ranging from 200-750 MPa 
were suggested in [118] in connection with tensile deformation in a model composite. The present rich 
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data set obtained from the microstructure-sensitive crystal plasticity modelling allows for quantitative 
and unbiased analysis. Based on the experimental observations of all decohesion sites, decohesion was 
always found to occur at interfaces normal to the macroscopic loading axis, and a direct correlation 
with interface normal stress has been established in Figure 7-15. Tensile normal stress local to and 
across the oxide/nickel interface has been found to be essential for decohesion. However, the 
decohesion has been found to be largely independent of the local effective plastic strain and local stored 
energy.    

Since interface decohesion is the primary fatigue crack nucleation mechanism in polycrystalline nickel 
superalloy containing agglomerates, the oxide/nickel interface is brittle in comparison with other 
microstructural features, such as grain or twin boundaries. The CPFE modelling has provided the 
contributions of accumulated slip and stored energy at the interfaces (and elsewhere), as shown in 
Figure 7-14. The stored energy is associated with the accumulation of plasticity together with stress 
through the hardening resulting from the establishment of dislocation accumulation. In the current 
study, this occurs through accumulation of dislocations near the agglomerate oxide/nickel matrix 
interface. It has been demonstrated that decohesion shows no unambiguous correlation with either 
quantity. Atomistic studies on traction-displacement for separation of a Ni/Al2O3 interfaces have been 
carried out by means of density functional theory (DFT) in [44]. Upscaling of the tractions and the work 
of separation from the atomistic simulation was carried out and implemented in a macroscopic cohesive 
zone model. The atomistic traction/displacement relationship was used as the separation criterion. This 
required a critical normal or shear traction to be defined with the interatomic potential function playing 
the dominant role in determining interface separation. The present approach of direct CPFE modelling 
and micromechanical observation provides an alternative approach for the establishment of cohesive 
zone properties for decohesion, whilst having the very considerable advantage of being a direct 
measurement of real, as opposed to theoretical, interfaces.  

The study presented supports the argument that the mechanistic basis of oxide/nickel interface 
decohesion may be well-represented by use of cohesive zone models [41, 112], which take into account 
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interfacial strength and toughness. Recent examples, though not exclusive, include 
reinforcement/matrix interfaces in metal matrix composites [118], and in dual phase [119] steels.  

Complex chemistry local to agglomerate particle/nickel interfaces and coherency of the oxide/matrix 
interface at smaller length scales can have significant influence on the fracture behaviour of an interface. 
For example, the addition of Hf dopant on Ni/Al2O3 interfaces was assessed using first-principles DFT 
[120, 121]  and a solid-state de-wetting experiment [122]. Beneficial effects of Hf segregation to the 
Ni/Al2O3 interfaces have been reported in [120, 121] where the work of separation has been found to 
increase by a factor of three. However, Hf segregation did not occur in [122] due to limited solubility 
and local oxygen partial pressure, which are in favour of formation of HfO2. In this context, depending 
on thermodynamic driving forces, micro-segregation of differing alloying elements to the agglomerate 
particle/nickel interface can occur during heat treatment [123], leading to strengthening or weakening 
of the interface. There remains merit, therefore, in the indirect measurement approach presented, at least 
in the context of mechanistic understanding and in the establishment of engineering properties.      

7.5 Conclusions 

Fatigue crack, or defect nucleation through interface decohesion in a powder metallurgy polycrystalline 
nickel superalloy containing a non-metallic agglomerate inclusion has been studied using 
micromechanical test, HR-EBSD and HR-DIC characterisation, and crystal plasticity finite element 
modelling. Explicit representation of the full experimentally characterised microstructure of the 
agglomerate system has been developed. Crystal plasticity finite element models were used to predict 
local stress and strain conditions within the microstructure, and particularly local to the agglomerate 
inclusion. The residual (elastic) strains and dislocation distributions resulting from the initial heat 
treatment of the sample have been found to have negligible effect on subsequent LCF. The CPFE 
predicted distributions of plastic strains within the microstructure are in good agreement with the HR-
DIC measurements both qualitatively and quantitatively.  
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A range of micromechanical quantities (hydrostatic stress, effective plastic strain, and stored energy) 
are available from this microstructure-sensitive model. Direct comparisons of model results with 
experimental observations demonstrate that nickel/agglomerate interface decohesion is directly and 
unambiguously related to the normal tensile stress across the interface. Interfacial strength extracted 
from the coupled crystal plasticity – micromechanical test was found to be in the range 1270 MPa -  
1480 MPa. 

The crystal plasticity finite element model and the Mises plasticity model were developed by Tiantian 
Zhang under supervision of Prof. Fionn Dunne.  
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8 Conclusions  

A series of experimental and modelling studies has been conducted to understand fatigue crack 
nucleation from non-metallic inclusions in polycrystalline Ni-based superalloys. The important findings 
relating to each work are concluded individually.  

8.1 Preliminary inclusion characterization  

Microstructural and compositional characterization of inclusions were performed using wavelength 
dispersive X-ray spectroscopy, focused ion beam-secondary mass ion spectroscopy, and energy 
dispersive X-ray spectroscopy. Complex agglomerates of oxide particles in polycrystalline nickel-based 
superalloys were characterized by scanning electron microscopy and backscatter electron microscopy. 
Compositional heterogeneities have been quantified and linked to the complex microstructures near the 
inclusions. The formation of such inclusions are likely due to the reactions between the alloying 
elements and crucible lining.  

8.2 Thermal residual strain, lattice rotation, and dislocation density in 
polycrystalline nickel superalloy containing inclusions 

A complex agglomerate of small nickel grains and oxide particles in a polycrystalline nickel based 
superalloy was characterized using back scatter electron microscopy, energy dispersive X-ray 
spectroscopy, and electron backscatter diffraction. The difference in coefficients of thermal expansion 
of the oxide and metallic phases caused localization of residual strains and geometrically necessary 
dislocations at the inclusion/nickel interface which were measured by means of high resolution EBSD. 
A crystal plasticity finite element (CPFE) model with full and explicit geometric details of the 
nickel/agglomerate combination was developed to study the establishment of thermal residual strains 
and dislocations. Subjected to the same thermal loading, the model predicted results were compared 
with the experimental measurements and showed good qualitative and quantitative agreement.  
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A solution to the ‘reference pattern’ problem in high resolution EBSD was proposed based on inverse 
reference shifting. In full field strain mapping by high resolution EBSD, strains are measured with 
respect to a zero or known strain state within a grain. Therefore, the strains are given with respect to the 
strain at grain unique reference point. This makes comparisons across grains in polycrystals 
problematic. Using combined approaches of crystal plasticity finite element modelling and high 
resolution EBSD for reference shifting was presented in order to perform grain-by-grain comparisons 
and full field strain mapping. This methodology not only helps understanding of thermal residual 
deformation, but also quantifies residual elastic strain and density of geometrically necessary 
dislocation. This facilitates research in early fatigue crack nucleation from inclusions in nickel-based 
superalloys. 

8.3 Cyclic plastic strain and dislocation density in polycrystalline nickel 
superalloy containing inclusions 

High angular resolution EBSD and high spatial resolution DIC have been used to characterize the 
nucleation and evolution of fatigue damage in a polycrystalline nickel-based superalloy containing 
inclusion agglomerate. Fatigue crack nucleation via decohesion of inclusion/nickel interface and 
fracture of inclusion particles have been captured by scanning electron microscopy (SEM). Significant 
plastic strain concentration at the agglomerate was established by the subsequent fatigue loading as 
measured by the DIC. Although the macroscopic plasticity was almost small (~0.25%), heterogeneous 
distributions of strains have been observed with local strain of above 10%. The subsequent fatigue 
loading resulted in the establishment of elevation of GND density and residual stress near the inclusion 
as measured by the HR EBSD. The damage nucleation mechanisms, oxide/nickel interface decohesion 
and fracture of oxide particle, are likely to be controlled by a combination of critical strain and stress 
states. Quantitative assessment of defect nucleation utilizing crystal plasticity modeling techniques will 
be presented next.  
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8.4 Mechanistic basis of defect nucleation in polycrystalline nickel 
superalloy containing inclusions 

Micromechanical test, high resolution EBSD and DIC charaterisation, and CPFE modelling has been 
used to study fatigue crack nucleation via decohesion of agglomerate/nickel interface in a powder 
metallurgy polycrystalline nickel superalloy containing non-metallic inclusions. A full and explicit 
representation of the experimentally characterised microstructure of the agglomerate/nickel 
combination has been developed. The CPFE predicted residual strains and dislocation densitites have 
been found to be localised to the inclusion agglomerate and are in good agreement with those measured 
by HR-EBSD. The residual strains and dislocation distributions from the prior heat treatment have been 
found to have negligible effect on subsequent low cycle fatigue. Various micromechanical quantities, 
including hydrostatic stress, effective plastic strain, stored energy, and normal stress, available from the 
CPFE model have been assessed. Comparisons of model predictions with experimental observations 
demonstrate that decohesion of agglomerate/nickel interface is unambiguiously linked to the normal 
tensile stress across the interface, independently of effective plastic strain or stored energy, and the 
interfacial strength was determined to be in the range of 1270-1480 MPa.   
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Appendix  

A. Nominal composition of nickel-based superalloy RR1000 

element  Ni Co Cr Mo Ta Ti Al B C Zr Hf 

wt% bal. 18.5 15 5 2 3.6 3 0.015 0.027 0.06 0.5 

Table A 1 Nominal composition of RR1000 nickel superalloy [124] 

B. Validation of the inverse shifting methodology 

 

Figure A 1 A 2-D polycrystal (a) with reference point P and for grain  (b), the elastic strain 
difference (0) with respect to reference P measured by EBSD, (c) the CPFE-determined full-field 
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elastic strains and (d) the elastic strain profile showing equality of elastic strain between CPFE and 
EBSD after shifting. 

Consider the 2-D structure with multiple grains as shown in Figure A 1 (a) under uniaxial loading P in 
the y-direction. Suppose the strain profile in grain β is as depicted in Figure A 1 (b) where EBSD-
measured strains within the grain to be shifted (by ∆ 0) to ensure that the EBSD-measured ( ′) and 
CPFE-calculated ( ) elastic strains at the reference such that for linearity, the relationship between 
them can be expressed as: 

= + ∆  

Since the strains measured using HR-EBSD are purely elastic, the stress corresponding to the shifted 
elastic strain may be determined by 

= =D ( + ∆ )= D + ∆  

where  and  are the shifted and actual stresses respectively, and D is the elastic stiffness matrix. 

Also, for the actual stress,   

=   

so that  

 = + ∆ = + ∆  

where 

 ∆ = ∆ . 
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1. Pointwise equilibrium 
To satisfy conditions of static equilibrium, the surface traction exerted on a surface of an arbitrary 
volume must be zero. In the absence of body forces, the requirement for equilibrium may be written 

∇ ∙ = 0
0

σσσ = 000
 . 

This requirement may be imposed for both the actual and shifted stresses independently such that 

∇ ∙ = ∇ ∙ ( + ∆ ) = ∇ ∙ + ∇ ∙ ∆ . 

Because ∆  is constant and uniform over a given grain, so  

∇ ∙ =∇ ∙  

and hence for satisfaction of pointwise equilibrium, 

∇ ∙ = 0 

so that from above, if  satisfies equilibrium, then so does ′. 

2. Overall equilibrium  
Consider the y-direction internal force along line A through grains α, β, and γ, which here is considered, 
for simplicity, to have unit depth. The summation of internal forces over the grains must satisfy:  

σ dx = σ dx + σ dx + σ dx ≡ P
 

 

= (σ + ∆σ , )dx + (σ + ∆σ , )dx + (σ + ∆σ , )dx 
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= σ dx
 

+ ∆σ , dx + ∆σ , dx + ∆σ , dx 

Because ∆  is constant within each grain irrespective of location, this simplifies to 

σ dx = P −
 

∆σ , dx − ∆σ , dx − ∆σ , dx 

or equivalently, 

P = P − P − P − P . 

Hence the elastic strain shifting corresponds simply to the introduction of body forces, P , P , and P , 
associated with grains α, β, and γ which are constant and related to the local stress shift, ∆ , which 
demonstrates the linearity of the problem. 

3. Compatibility of strains 
Finally, compatibility relations in 2-D require that 

∂ ε
∂y + ∂ ε

∂x = 2 ∂ ε
∂x ∂y 

From above,  

ε = ε + ∆ε  

ε = ε + ∆ε  

ε = ε + ∆ε . 

Hence the requirement for compatibility becomes 

∂ (ε + ∆ε )
∂y + ∂ (ε + ∆ε )

∂x = 2 ∂ (ε + ∆ε )
∂x ∂y  
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which reduces to 

∂ ε
∂y + ∂ ε

∂x = 2 ∂ ε
∂x ∂y 

since ∆ε , ∆ε , and ∆ε  are simply constant terms. 

Hence if  satisfies compatibility, so does ′. 

C. Evolution plastic strains by HR-DIC 

 

Figure A 2 Field plots of incremental strains in the xx direction as a function of increasing number of 
fatigue cycles with insets showing details around the agglomerate marked by the white dashed lines. 

The propagation of the micro crack can be indicated by the progressive increase and elongation of the 
highly strained region. A more detailed investigation of how microstructures affect the plastic zone 



176 
 

ahead of the crack tip and the path of crack propagation would be valuable, but it is not explicitly 
addressed in current study. 

D. Mises and crystal plasticity modelling of the three-point beam 
bending 

It is computationally challenging to model the entirety of the three-point beam experiment using crystal 
plasticity with full representation of the details of the agglomerate and surrounding microstructure. As 
a result, a sub-modelling methodology is developed in which the crystal representation of the 
microstructure is faithfully implemented, but for a small region of the three-point beam test. In order to 
do this, it becomes necessary to establish the appropriate sub-model boundary conditions. This is the 
subject of this Appendix, which firstly outlines the Mises plasticity full-beam modelling, and secondly 
the parallel sub-model crystal plasticity representation in order to establish the correct local boundary 
conditions. 

1.  Mises plasticity modelling of the three-point beam bending 
A finite element model with isotropic hardening J2 plasticity was developed for the macrolevel beam 
which, with the applied boundary and loading conditions, is shown schematically in Figure A 1 (a) 
where 20 cycles of force-controlled cyclic loading in Figure A 3 (b) was applied to reproduce the 
loading history in the experiment.   
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Figure A 3 Schematic of the three-point bending beam modelled using Mises isotropic hardening 
plasticity, (b) the applied fatigue loading of 20 cycles with peak force of 2200N,  (c) stress and (d) 

strain response at the Point B during the first five loading cycles. 

The stresses and strains at point B predicted by the Mises FE model are plotted in Figure A 3 (c) and 
(d), respectively. The xx stress first increases linearly and then becomes plastic, followed by an elastic 
unloading. Analysis of the collective results demonstrates that point B is deformed effectively under 
uniaxial loading and that the effects of shear are negligibly small (as anticipated near the beam free 
surface). In addition, the area of the region of interest associated with the agglomerate inclusion at Point 
B is small enough such that over the region where local boundary conditions are to be imposed on the 
sub-model, the applied stress loading is uniform as well as uniaxial. 

Since the model employs Mises isotropic hardening, a load reversal does not cause translation of the 
yield surface and thus over predicts the elastic region during this load reversal. As a result, the isotropic 
hardening model generates constant positive mean stress as indicated in Figure A 3 (c) and no strain 
ratcheting is predicted. However, DIC strain measurement carried out in [49] has shown that the cyclic 
loading does indeed cause significant strain ratcheting at the microstructural level. This is because there 
exists a non-zero mean stress which, during cyclic loading, drives incremental plastic ratcheting. At 
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point B in the beam, the mean stress is unknown because of the stress relaxation which occurs over the 
first few cycles, though is bounded by the known tensile stress at peak loading and zero (which would 
reflect the applied R=0 loading). Hence, in order to determine the appropriate minimum stress, and 
hence mean stress, to apply, the experimentally (DIC) measured total strains at point B are utilised. A 
crystal plasticity sub-model, fully representative of the agglomerate microstructure at Point B, is 
subjected to cyclic stress-controlled loading with peak stress defined above. The minimum stress, 
however, is chosen in the sub-model to lead to the correct level of plastic ratcheting measured at Point 
B by DIC in the experiment. The sub-model is described next.             

2. Crystal plasticity sub-modelling  
In Figure A 4 (a), a sub-region of the three-point bending beam containing the inclusion agglomerate 
was modelled using crystal plasticity. The sub-model with its dimensions is shown in Figure A 4 (b). 
The sub-model is sufficiently small such that the applied stress variation from the beam bending across 
the region can be neglected. That is, uniform, uniaxial cyclic applied stress is appropriate. The boundary 
conditions applied to the sub-model are such that the left face is fixed in the x direction, the back face 
is fixed in the z direction, and the bottom face is fixed in the y direction. Cyclic stress loading is applied 
on the right face. 

In order to obtain the correct loading conditions for the sub-model as discussed above, uniaxial stress 
loading with fixed peak tensile stress but various different mean stresses were applied on the right face 
(coloured in red in Figure A 4 (a)) in the xx direction. Example resulting average strains from the sub-
model are plotted in Figure 7-2 (f), labelled Mean Stress A, and Mean Stress B, together with averaged 
DIC-measured xx strains over twenty cycles of stress controlled loading. Averaging of xx strains (at 
unloaded states of the second and twentieth cycles) was carried out in the DIC and CP sub-model as 
shown in Figure A 4 (b) and (c). In the CP sub-model, nodal x-displacements on the right face were 
averaged and converted into corresponding strains. In the DIC, maps of xx strains at unloaded states of 
the second and twentieth cycle were used for strain averaging as shown in Figure A 4 (c). The strain 
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map is identical to the CP sub-model in size. Average strain was calculated over the region on the far 
right of the map. Since the inclusion agglomerate has a relatively small size (~8 µm) compared to that 
of the map (100 µm), its contribution on the average strain is negligibly small and hence the average 
strain calculated is representative.  

The mean stress chosen to be applied to the sub-model was that which gives closest agreement with the 
experimentally DIC-measured ratchet strains, marked by the crosses in Figure 7-2 (f). The chosen 
boundary conditions correspond to the calculated strain evolution in Figure 7-2 (f) labelled Mean Stress 
A.   

 

Figure A 4 (a) Schematic of the macrolevel three-point bending beam. Regions over which xx strains 
were averaged in (b) the crystal plasticity sub-model of the macro model and (c) DIC strain map at the 

unloaded state of the end of cycle 20. (d) the magnitudes of the final peak tensile, compressive and 
mean stresses applied (to give the result in Figure 7-2 (f) for Mean Stress A). 

 


