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Abstract 
 

Ni superalloys are a class of alloys most often used for high temperature applications such as 

critical hot section engine components in aircraft gas turbine engines in aerospace industry. 

These materials are suitable for such applications due to their excellent high temperature 

properties such as strength, creep resistance, low cycle fatigue, oxidation and corrosion 

resistance. Such unique properties are mostly attributed to the microstructure arrangement: 

ordered L12 structured Ni3Al based intermetallic γ′ precipitates distribute in disordered γ 

matrix. It is known that the applied heat treatment can have a significant impact on the γ′ 

distribution and therefore the mechanical properties.  

The main objective of this research is aimed at finding a relationship between the 

microstructures and macro-mechanical properties in nickel based superalloys using various 

characterisation and computer simulation.  

Different cooling paths from a supersolvus temperature have been applied to FGH96, a 

polycrystalline nickel base superalloy for turbine disc applications, in order to simulate the 

different microstructures that exist through the thickness of a disc following an industrial heat 

treatment. The microstructures have been evaluated in terms of secondary and tertiary γ’ size 

distribution, morphology and volume fraction for the different heat treatments using SEM 

and post digital image software.  

Detailed compositional data for both γ’ precipitate and γ matrix that was obtained from APT 

analysis has been presented and compared to equilibrium compositions calculated by 

Thermo-Calc. For the heat-treatments studied, the secondary γ’ composition indicates a shell 

of differing composition to that towards the precipitate core. From sequential equilibria 

compositional calculations, it is suggested that the ‘shell’ forms at a lower temperature than 

the precipitate core. The fine tertiary precipitates do not show the core-shell compositional 
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differences on continuous cooling. W peaks are noted at the γ/γ’ interfacial region, which is 

of significance for retarding coarsening. A γ’ depletion zone surrounds the secondary 

precipitates, within which the γ matrix composition differs significantly to the γ far-field 

values. A precipitate nucleation and growth mechanistic model is also suggested based on the 

experimental data and Thermo-Calc calculations. 

Mechanical properties of this material were studied by means of nano-indentation and high 

temperature creep tests. The nano-indentation results show that the higher hardness and 

reduced modulus values for both secondary γ’ precipitates and γ matrix are found in faster 

cooling rate samples.  

Tensile creep tests show that the creep response is inversely proportional to secondary γ’ size. 

Tertiary γ’ volume fraction was also found having a great impact on the material’s creep 

properties. The TEM micrographs show that matrix dislocations could be the precursor of 

microtwin formation and creep deformation modes are closely related to tertiary γ’ 

precipitates. Tertiary γ’ size determines whether a/2<110> dislocations shear or dissociate 

before entering tertiary γ’ and the tertiary γ’ volume fraction determines how matrix 

dislocation dissociates.  

A CPFE model has been developed based on the experimental results. The simulation results 

showed that the modelled secondary stage creep rate is in very good agreement with the 

experimental results. In another attempt of applying this model to a turbine disc shows that 

different locations experience different creep strain rate which could potentially cause 

damage nucleation and component distortion. 

Finally, long term ageing experiments have been performed on this material with times up to 

3000 hours over temperatures ranging from 700 to 850°C. The coarsening data from each 

ageing condition was analysed and a coarsening model was proposed based on the data. 

Among the available theories, particle size distributions during ageing were found to agree 
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with BWEM model. Coarsening rate constants are acquired from measured secondary γ’ 

particle size. Both cube law (r
3
 vs. t) and square law (r

2
 vs. t) analyses have been attempted to 

describe the evolving particle radius as a function of ageing time. The rate constants derived 

from experimental data are compared with the calculation values from two models: volume 

diffusion and trans-interface diffusion through the γ/γ’ interface. The results indicate that 

both Al and/or Cr volume diffusion and Al trans-interface diffusion could be the rate limiting 

steps in coarsening process. 
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Chapter 1 

1 Introduction 
 

Materials for high temperature applications have the ability to endure extreme conditions and 

therefore are strong candidates for jet engines. The operating temperatures of these engines 

are often close to the melting points of these materials in order to reach higher efficiency. 

Nickel superalloys are a class of material suitable for these applications due to their excellent 

mechanical properties, resistance to oxidation and corrosion at high temperatures. Gas turbine 

engines usually are operated under complex stress conditions so that creep deformation is one 

of the biggest concerns for these materials as at such high temperature, the degradation builds 

up with time and is non-recoverable.  

The high strength of Ni superalloys depends primarily on the ordered strengthening 

intermetallic phase γ’ precipitates distributed in a disordered γ matrix. The size, morphology 

and distribution of γ’ precipitates affect significantly the materials mechanical properties. 

Heat treatment is a common way of manipulating the γ’ distribution, therefore it is crucial to 

find the relationship between heat treatment parameters and γ’ distribution so that optimum 

mechanical performance can be achieved for the industry. On the other hand, γ’ coarsening 

occurs during service, which changes the γ’ size, morphology, distribution as well as the 

mechanical properties.  

The main purpose of the project is aimed to explore the relationship between the heat 

treatment, γ’ distribution, chemical composition of γ and γ’ phases and the micro/ macro 

mechanical properties via various advanced characterisation techniques. This dissertation is 

divided into different chapters to address each of these issues. Chapter 2 is the literature 

review that introduces the fundamental physical and mechanical metallurgy of Ni superalloys 
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as well as previous research on related subjects, including the fabrication route via powder 

metallurgy, the influence of heat treatment on microstructure, elemental partitioning during 

phase separation, micro-mechanical properties of γ and γ’, strengthening mechanism and 

deformation modes during creep. The aim of reviewing these contents is to provide a detailed 

understanding as to what microstructures are presented in these alloys and how they can be 

changed to acquire desirable properties.  

In Chapter 3, the γ’ size, morphology and distribution corresponding to different heat 

treatments are presented, which is the foundation of this research. The following chapters are 

based on these heat treatments and microstructures discussing about related topics. In 

addition, the room temperature and high temperature tensile properties are discussed 

regarding the aforementioned heat treatments.  

In Chapter 4 and Chapter 5, the elemental partitioning and micro-mechanical properties of γ 

and γ’ phases are investigated respectively. The chemical compositions of γ and γ’ are 

obtained via Atom Probe Tomography (APT) and are compared in terms of the heat treatment 

applied. A thermodynamic model of elemental partitioning during phase separation is 

proposed based on the APT data. The micro-mechanical properties are investigated by nano-

indentation. In particular, the hardness and elastic modulus of γ and γ’ are studied and 

compared. 

The mechanical performance, the high temperature creep properties in particular, is 

investigated by tensile creep experiments and computer modelling in Chapter 6 and 7 

respectively. It has been found that the creep performance is directly related to γ’ distribution. 

The microscopic deformation behaviour was analysed by Transmission Electron Microscopy 

(TEM) as the deformation modes vary with different microstructures. Then crystal plasticity 

finite element (CPFE) model was applied to simulate creep rates of Ni superalloy with 

different microstructures based on the experimental data. 



3 
 

During operation at high temperatures, the microstructure of Ni superalloys changes in terms 

of γ’ size, morphology and volume fraction which is called coarsening. Although this process 

is relatively slow at the operating temperature, the long-time exposure is one of the main 

reasons causing material degradation. But such long-time ageing studies lack in this area. In 

Chapter 8, long term ageing studies are performed. The thermodynamic and kinetics are 

analysed for γ’ coarsening based on the experimental data. 
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Chapter 2 

2 Literature Review 

2.1 Introduction  
 

Modern aero engines are fabricated with many different types of materials, including 

aluminium, steel, titanium, nickel alloys and composites [1]. Titanium alloys are usually 

chosen for the fan and compressor sections due to weight consideration, however, due to their 

poor oxidation resistance, the applications of these alloys are limited to below 700°C [1, 2]. 

Nickel based superalloys, on the other hand, are capable of operating at higher temperatures, 

and have excellent high temperature properties such as strength, creep resistance, low cycle 

fatigue, oxidation and corrosion resistance. Therefore, they are often used in the combustor 

and turbine arrangements in the blades and discs sections. Turbine blades require great creep 

properties as they operate under very high temperature and pressure condition. The usage of 

single crystal nickel superalloys as blade material is becoming common due to the absence of 

grain boundary enhancing creep performance. Turbine discs, however, are usually 

polycrystalline materials. They connect with the shaft and provide fixturing for the turbine 

blades, which makes them very crucial parts. One example is FGH4096 (or FGH96 for short) 

which is a second generation disc alloy developed in China. Despite the good properties, the 

chemical composition as well as the applied heat treatments can change the microstructure of 

these alloys significantly and therefore alter their mechanical performance, hence, it is 

essential to fully understand these changes. 

The aim of the current chapter is to review nickel based superalloys in terms of physical 

metallurgy, chemical composition and strengthening mechanism in order to present a 

fundamental understanding of this particular type of material and why they are suitable for 
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high temperature applications. Four main areas will be focused on in the following approach 

for the purpose of evaluating the relationships among microstructure, chemical composition 

and mechanical properties. To begin with, the fundamental elements that fabricate nickel 

based superalloys as well as physical metallurgy of these materials will be reviewed in terms 

of the phases present in these alloys that contribute to their great mechanical properties. In 

particular, both γ and γ’ phases will be discussed since the combination of these two phases 

gives the strength to superalloys at high temperatures (Section 2.2). Also, Ni superalloys 

fabricated by powder metallurgy route will be compared in terms of elements, fabrication 

routes and working conditions. In particular, FGH96, the material used in this study will be 

introduced regarding elements, fabrication route and working conditions (Section 2.3). The 

second attempt will be looking at how heat treatment influence the microstructure as it affects 

the mechanical properties. In particular, the thermodynamics, kinetics and effect of cooling 

rate when cooling from relatively high temperatures (supersolvus and subsolvus) as well as 

ageing at relatively low temperatures will be discussed in Section 2.4 and 2.9 respectively. 

Thirdly, the elemental partitioning between γ and γ’ phases will be reviewed in Section 2.5 as 

it is important to understand the principle of γ’ formation and how it responds to the applied 

heat treatment. Thanks to the development of atomic resolution techniques such as Atom 

Probe Tomography (APT) and High Resolution Scanning Transmission Electron Microscopy 

(HRSTEM), it is possible to observe and compare elemental difference at the atomic scale. 

Lastly, the mechanical properties will be discussed regarding two categories. The first one is 

individual phases, to be exact, the mechanical properties of γ and γ’ measured by nano-

indentation will be reviewed in Section 2.6. The second category is Ni superalloys for high 

temperature applications. In particular, the strengthening mechanisms, especially the γ’ 

precipitation strengthening as it contributes the most to the materials overall strength. The 

relationship between microscopic characteristics and the macroscopic deformation behaviour 



6 
 

will also be established. Deformation modes such as γ’ shearing, superlattice stacking fault 

formation, anti-phase boundary (APB) formation and microtwinning will be discussed in 

Section 2.7 and 2.8. 

2.2 Physical metallurgy of Ni based superalloys 
 

Nickel based superalloys are a class of material often contains more than 10 different 

elements, which makes their chemistry complex. In many nickel based superalloys, large 

amounts of Cr, Co, Al and Ti are present. Small amounts of boron, carbon and zirconium are 

also included. Other elements from 4d and 5d block are also added, including Re, W, Ta, Hf, 

Mo, Ru and Nb, although not to all alloys [1]. Each element has its own particular role in 

terms of behaviour. Generally speaking, Cr and Al provide oxidation resistance, although Cr 

tends to partition to γ while Al partitions preferentially to the γ’. Refractory Elements such as 

Mo, W, Nb, Re and Ru provide solid solution hardening for the γ phase, in which Re and Ru 

are used in single crystal blade materials which are used for increasing γ/γ’ lattice mismatch 

and retarding γ’ coarsening [3]. The primary γ’ forming elements are Al and Ti, and to a 

lesser degree Nb. In single crystal superalloys, however, Ta replaces Ti to a large degree [1]. 

Co raises the solidus temperature as well as lowers stacking fault energy [1, 4]. C and B form 

carbides and borides with Ti, Cr, Mo and W and segregate to γ grain boundaries to improve 

both grain boundary strength and creep properties. Sometimes Hf and Zr are added in trace 

quantities for a variety of intended benefits including gathering sulphur at grain boundaries [5] 

and to prevent oxide scale spallation [6]. 

The microstructure of superalloys is complex with dispersed intermetallic and other phases, 

and it can vary significantly based on different alloy elements and heat treatments. The 

matrix is face-centred cubic γ phase which is shown in Fig. 2.1(a). It is a disordered phase 

with which both Al and Ni can occupy any position in the unit cell. There are several reasons 
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why fcc γ phase matrix is ideal for high temperature applications: It has optimal mechanical 

properties (creep, tensile, ductility, fatigue) due to the high modulus and multiple slip systems 

[7]; The fcc matrix allows precipitation of intermetallic compounds like γ’ and γ’’ for 

precipitation strengthening due to its broad solubility of secondary elements [7]; The densely 

packed fcc γ can be used at relatively high temperatures (T/TM) because of the low diffusivity 

of alloying elements.  

 

Figure 2.1 Crystal structure of disorder γ (a) and ordered γ’ (b) unit cells [8]. 

 

The gamma prime (γ’) phase, Ni3Al, is an ordered phase which displays the L12-type crystal 

structure with Al atoms occupy the cube corners while Ni atoms at the face centres, as is 

shown in Fig. 2.1(b). It exhibits a long-range ordered structure up to temperatures near its 

melting point of about 1380°C as shown in the binary Ni-Al phase diagram presented in Fig. 

2.2 [9]. The phase properties, however, can be modified by substituting alloying elements. 

The behaviour of the substitution elements depends rather strongly on its size relative to Ni 

and Al [1]. Therefore, elements with large atomic radius like Ti and Ta tend to substitute Al, 

whereas substitution of Ni is favoured by smaller atoms such as Co. The ordered nature of γ’ 

was observed by Hono [10] using ladder diagram taken from a <001> orientated Ni3Al single 

crystal generated by atom probe field ion microscopy (APFIM). Since both γ and γ’ exhibit 

(a) (b) 
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fcc structure with similar lattice parameters, the γ’ is usually coherent with the γ matrix in the 

Ni-Al system. The orientation relationship between these two phases is referred to as cube-

cube relationship, that is, {100}γ//{100}γ’ and <100>γ//<100>γ’. The γ/γ’ interfaces have the 

<001> directions as their plane normal and the γ’ precipitates often align along the elastically 

soft <001> directions [1]. This relationship is still maintained even with different elements 

being added, however, the lattice parameters of γ and γ’ are subjected to change and therefore 

changes the lattice mismatch which is defined as: 

 

Eq 2.1 

where aγ’ and aγ are the lattice parameters of γ’ and γ phase respectively. The change of this 

value can affect the γ’ morphology and coarsening behavior therefore alters the materials 

properties significantly.  

 

Figure 2.2 Calculated Ni-Al phase diagram [9]. 
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Carbides and borides phases can form in the presence of C and B with Cr, Mo, Hf, Ti or Ta 

which are usually found to reside at the γ grain boundaries. The existence of carbides and 

borides has been proven to be beneficial for the creep performance of the materials at high 

temperature, as their residence location allows them inhibiting grain boundary sliding. 

Carbon and boron are not added to single crystal blade alloy, because of the absence of grain 

boundaries. 

In nickel-iron superalloys that are rich in Nb such as IN718, γ’’ phase it the primary 

strengthening precipitate instead of γ’. This phase exhibits body-centred tetragonal (BCT) 

structure based on the composition of Ni3Nb.  Topologically close-packed (TCP) phases such 

as µ, δ, Laves can form at high temperature and service-aged condition [1]. These phases can 

vary in chemical composition and crystal structures and are usually detrimental to the 

material properties therefore their formation should be avoided. 

2.3 FGH96 for turbine disc application 
 

FGH96 is a second generation polycrystalline turbine disc alloy fabricated by powder 

metallurgy route. It was developed based on the first generation FGH95 (René 95) in order to 

provide better damage tolerance and fatigue crack growth resistance [11, 12]. Comparing to 

the first generation, FGH96 has lower Al, Ti and Nb content therefore lower γ’ phase 

percentage; but higher W, Mo and Co content so that the solution effect is enhanced. Cr 

content is also higher so that oxidation resistance is further improved. Although the ultimate 

tensile strength is 10% lower than FGH95, its fatigue crack growth rate is 50% lower. The 

maximum working temperature has been increased by 100°C [13]. Other second generation 

alloys include N18 (developed in France by SNECMA Company) and RR1000 (developed in 

England by Rolls-Royce Company). In both alloys, Hf has been added instead of W and Nb 

comparing to FGH96. 

http://www.renecaovilla.com/
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Nowadays, the third generation has been developed and put into application [14]. The United 

States developed alloys such as ME3 and Alloy10. France developed NR3 and NR4 based on 

N18. The tensile strength is higher than the second generation, but slightly lower than the 

first generation. The fatigue crack growth rate is even lower than the second generation. 

However, due to the high level of alloying degree and high γ’ volume percentage, fan-type γ’ 

tend to form at grain boundaries, which is detrimental for service temperature application 

[15]. The chemical composition, working temperature, density and γ’ percentage of several 

P/M superalloys have been listed in the Appendix B [13, 14, 16], the chemical composition is 

weighed by wt%. 

Powder metallurgy was first adapted for fabricating turbine discs in the 1970s. The high 

alloying degree of this kind of alloy makes traditional cast-and-wrought not applicable, since 

the composition segregation level increases during melting and the significant flow stress 

cause cracking during thermal mechanical working [13]. The advantages of powder 

metallurgy include providing a uniform property by eliminating macro-segregation and the 

development of a fine grain size. The disadvantages are the expensive cost and the complex 

processing. The powder metallurgy route for turbine disc alloy is shown in Fig. 2.3.  

 

Figure 2.3 The production process of turbine disc alloys by powder metallurgy route. 
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The formed FGH96 disc after isothermal forging is usually subjected to standard industrial 

heat treatment which involves two stages: the first stage includes solutionising the material at 

a temperature above the solvus line, usually at 1150°C for 30 to 60 minutes to dissolve all the 

γ’ phase including primary γ’ to allow grain growth, followed by continuous cooling to room 

temperature to produce a bi-modal γ’ (secondary + tertiary) distribution within grains. The γ’ 

precipitate size distribution and morphology is determined by the cooling rate. The second 

stage involves ageing the material at a certain temperature (usually 760°C) to refine the 

dispersion of the tertiary γ’ which has near spherical shape and is much smaller in size than 

secondary γ’.  

In recent years, dual-property discs have been extensively researched. Different heat 

treatments are applied to these discs through radius direction to maximise the mechanical 

properties. For instance, the temperature and pressure act on turbine discs are not uniformly 

distributed during service. At the rim of the disc, the operating temperature is high (650°C or 

higher) due to closer to turbine blade whose working temperature is usually higher than 

1000°C, and therefore requires large grain size, good creep property and high damage 

tolerance. At the bore area, on the other hand, the temperature is lower (usually 500°C or less) 

but the stress is high, which requires smaller grain size, higher yield strength and better low-

cycle fatigue resistance [17].  

2.4 The influence of cooling rate on γ’ precipitation 
 

The extraordinary performances at high temperature of nickel superalloys strongly depend on 

the ordered γ’ precipitation phase distributed in disordered γ matrix. It has been found that the 

microstructure of these alloys, especially in terms of γ’ precipitate size distribution, 

morphology and chemical compositions, significantly affects the materials’ mechanical 

properties [18, 19]. The γ′ content mostly relies on the chemical composition of the alloy. It is 
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usually 40-55% in turbine disc alloy, and over 70% in single crystal turbine blade [1, 3]. As 

for a certain type of alloy, the distribution of γ′ precipitate strongly depends on the 

manufacturing process, particularly the heat treatment.  

There are three types of γ′ precipitate exist in powder metallurgy (P/M) nickel superalloy. 

Primary γ′, usually has diameter of 1-5µm, is the remaining precipitate from previous 

processing that undergoes subsolvus heat treatment. When heated beyond alloy’s γ′ solvus 

line (supersolvus heat treatment), the primary γ′ precipitates are all dissolved. Secondary γ′ 

and tertiary γ′ are formed during cooling. The size of secondary γ′ varies with different alloys 

and heat treatment conditions, and tertiary γ′ precipitates have spherical shape and usually are 

less than 50 nm in diameter. 

The γ′ formation mechanisms involve solute diffusion (Al and Ti) in the matrix and therefore 

fall under the category of diffusional transformation. It has been well established that the 

precipitation of γ′ is a continuous process, and the conventional nucleation and growth 

process has been clearly demonstrated in binary Ni-Al alloys [3, 9]. It has also been 

suggested that for some Ni superalloys, γ′ precipitation may occur by spinodal decomposition 

under rapid cooling conditions [10, 20-24], however, such rapid cooling rates are rarely 

adapted in industry and therefore will not be discussed in the present study. 

In classical nucleation and growth mechanism, the total free energy changes due to the 

nucleation of new γ′ phase can be expressed as [25]: 

 
Eq 2.2 

where, ΔGv is chemical free energy per unit volume, which is the driving force of the 

nucleation; ΔGE is elastic strain energy per unit volume, which is induced by the lattice misfit 

between matrix and precipitate; σ is the interface energy between the matrix and the 
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precipitate; Vγ′ is volume of the nucleus of γ′ precipitate; Vγ′ = 4/3π⋅r3
; Aγ′ is the interface area 

between the matrix and the nucleus; Aγ′ = 4π⋅r2
. 

When the volume free energy becomes big enough to overcome the strain energy and 

interface energy, the nucleation occurs. However, the nucleation process needs to overcome 

an activation barrier ΔG
*
 to form precipitation of the second phase. In other words, the 

formed nuclei have to grow to a critical size. They are given as: 

 
Eq 2.3 

 

Eq 2.4 

When the nucleus size is larger than the critical size, the nucleus grows stably. The total free 

energy of the system decreases as the nuclei grow. Due to the very small lattice misfit 

between the γ and γ’ phases in nickel base superalloys, the precipitate nuclei are coherent 

with the matrix and the energy required for nucleation is low [4]. Therefore precipitation does 

not require a high degree of undercooling and occurs easily. The nucleation rate can be 

expressed as [25]: 

 

Eq 2.5 

in which, ν is the atom vibration frequency; ΔGm is atom active energy; k is Boltzmann 

constant; T is temperature; A
*
 is the number of the sites on the surface of the critical nucleus 

which can accept the atoms; nv is the number of the atomic site per unit volume which can 

form nucleus. 

A wide variety of precipitate morphologies can be observed when superalloys are cooled 

from above solvus temperature [26-29]. The morphology of the coherent precipitate in two-
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phase alloys is strongly influenced both by the elastic strain energy associated with the lattice 

mismatch between precipitate and matrix and by the interfacial energy of the particle to 

matrix boundary [30]. During continuous cooling, the strain energy contribution is minimal 

due to very small size of nuclei and therefore precipitates have spherical shape at early stages 

to minimize interfacial energy [10]. However, as they grow, the precipitates can develop into 

cube and more complex star-like shapes which have higher interfacial energy. They can be 

explained by the preferential growth of the cube corners, which are associated with higher 

local stresses [29], and reach out into zones of higher supersaturation. 

It has been found that rate of cooling and grain size have a huge influence on the mechanical 

properties and therefore study of cooling rate effect on the microstructural evolution becomes 

very important. The variation of microstructures under different cooling rate of different 

superalloys has been studied in the recent past. Formation of monomodal precipitate 

distribution has been achieved by cooling the uniform saturated γ phase at a high rate, i.e., 

quenching the material that has been fully solutionised above its supersolvus temperature [31-

37]. The particle density is high coming from the high nucleation density. When a relatively 

slower cooling rate is applied from a supersolvus temperature, bimodal γ’ distribution is 

presented. Relatively large secondary γ’ and small tertiary γ’ are distributed within grains. 

Numerous researches have proved that the size of secondary γ’ is inversely correlated with 

cooling rate, and the particle density increases with cooling rate. For instance, Jackson et al. 

[18] found out the precipitate size changed from 72 to 37nm when cooling rate changed from 

0.08 to 0.33K/s for U720Li alloy, and the particle number density increased with cooling rate. 

Mao [38] studied Rene88 DT alloy and concluded that the average secondary γ’ size 

decreased from 0.2 to 0.04 micron when the cooling rate increased from 11 to 167°C/min. 

Grosdidier [27] analysed two Ni superalloys, AM1 and CMSX-2 and found out that the γ-γ’ 

transformation temperature decreased with increasing cooling rate and the morphology of γ’ 
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changed from irregular to spherical with the increase in cooling rate. FGH96 has also been 

studied, Liu water quenched this material and acquired a monomodally distributed γ’ with 

spherical morphology [39]. Tian et al. [40] studied the γ’ behaviour after cooling from a 

supersolvus temperature at the speed range of 0.4 - 10.8°C/s and concluded that the average 

size of secondary γ’ precipitates changed from 179nm to 40nm. This size change with 

cooling rate followed a power law with an exponent of 0.449. In addition, the morphology of 

secondary γ’ changed from butterfly like to spherical with increasing cooling rate. 

Although these papers have reported the bimodal γ’ microstructure, not much attention has 

been paid on understanding the formation of bimodal/ multimodal γ’ distribution 

experimentally. Phase field modelling has been applied to understand this problem. Wen [36] 

simulated the microstructure change during continuous cooling in Ni superalloys and 

concluded that at intermediate cooling rates, the first nucleation burst is shut off by soft 

impingement or the interaction of the diffusion fields around the precipitates, whereas the 

second nucleation burst is due to the high undercooling and built-up supersaturation when 

temperature keeps decreasing. Simmons [41] had similar conclusions regarding non-

isothermal process and also concluded that soft impingement condition never arises and inter-

particle spacing never reaches the diffusion distance due to thermally activated processes like 

diffusion are restricted at very high cooling rates and therefore leads to monomodal 

distribution. 

However, due to the relatively large scale of turbine disc (about 40mm in thickness at the rim 

[42]) and the poor thermal conductivity for superalloys (~10 W/(mK) [43]), compared to 

aluminium about 200 W/(mK) and copper about 380 W/(mK) at room temperature [44], it is 

challenging to maintain a uniform cooling rate across the whole disc. When subject to oil 

quenching from a single γ phase solid solution above the solvus temperature (a typical 

industrial heat treatment for FGH96), layers of different γ’ size distribution can form across 
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the thickness direction due to uneven cooling rates [45]. As is shown in Fig. 2.4, the surface 

of disc is exposed to the cool oil directly and therefore the undercooling is rather high which 

leads to a fine γ’ distribution with high particle density (high nucleation driving force but low 

diffusion rate). Going inward the undercooling becomes lower due to the surface layer release 

latent heat, while at the central region, the undercooling is expected to be the lowest and 

therefore has a coarse γ’ distribution with low particle density (low nucleation driving force 

but high diffusion rate). Many researches revealed that coarser γ’ distributions generally have 

weaker creep response due to larger inter-particle distance which requires less energy for 

dislocation motion [19, 46-48]. Therefore this unevenness of γ’ distribution across the disc 

could potentially cause strain localisation and thus decrease the creep life of the component. 

Thus it is important to understand the mechanism of the microstructural change in terms of γ’ 

size distribution, morphology as well as chemical composition. 

 

Figure 2.4 Schematic of the layered microstructure across turbine disc subjects to 

industrial oil quenching. 

2.5 Element partitioning during ordering and phase separation 
 

How cooling rate affects γ’ precipitates size distribution and morphology have been discussed 

in Section 2.4, and extensive researches have been done using both scanning electron 

microscopy (SEM) and transmission electron microscopy (TEM) to observe the γ’ 

morphology and estimate precipitate size. However, very limited work in the past focuses on 

the mechanisms of γ’ precipitation based on experimental data. Thanks to the powerful APT 
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technology, atom resolution can be achieved, and therefore the elemental partitioning 

between γ and γ’ leading to different precipitate size distributions can be studied. Such 

elemental partitioning information and segregation to interfaces are important so that the 

composition and processing of the alloy can be optimized both in terms of the properties and 

also production costs [49]. Three-dimensional microstructural characterisation of nickel 

based superalloys at atomic scale via 3D APT as well as APFIM has been employed over the 

years [34, 49, 50].  

Babu et al. [31] studied the effect of cooling rate on composition changes between γ and γ’ 

phases by applying concentration profiles (or ladder diagrams) using conventional APFIM. 

Similar results on γ’ morphology, size and particle number density change with cooling rates 

have been found in accordance with other literatures regarding cooling rate. In addition, the 

changes in elemental partitioning were found to be minimal with cooling rate for large 

precipitates whereas changes in Al concentration were found in small precipitates.  

The most recent atom probe system, local electrode atom probes (LEAP
®
) incorporating a 

local electrode in close proximity to the specimen was first commercially introduced by Kelly 

and Miller in 2003 [51]. Compared to the more traditional APFIM, LEAP provides not only 

faster data acquisition and lower voltages due to the local electrode but also substantially 

larger field-of-view (FOV) over which high mass resolution can be achieved, which leads to 

data generation from larger volumes over the same time period [52, 53]. In modern atom 

probe equipment such as CAMECA’s LEAP 3000X
TM

 and LEAP 4000X
TM

, laser pulsing is 

used to assist generating pulsed field evaporation so that it produces a very low energy spread 

from the ions, which results in very high mass resolving power (MRP) for long flight times 

compared to voltage pulsing [52]. The major shortcoming of pulsed-laser APT, however, is 

the formation of a heat-affected zone at the specimens’ apex, which can cause undesirable 

effects such as interdiffusion of elements and surface shape evolution during analysis [54, 55]. 
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Minimizing the heat-affected volume can be achieved by reducing the laser spot diameter 

which also avoids an excessive temperature rise of the microtip by decreasing the relaxation 

time to the specimen’s cryogenic temperature [56]. This goal can be simply achieved by 

reducing the laser wavelength λ, for example, Yaron et al. [57] published a comparative 

study of APT analysis on Ni superalloys with green and ultraviolet lasers (λ = 532 nm and 

355nm respectively) in great details and demonstrated that UV laser pulsing yields better 

accuracy in compositional quantification than does green laser pulsing in terms of both higher 

single-to-noise ratio (SNR) and MRP.  

Several studies have been conducted on nickel superalloys using LEAP. Collins et al. [58] 

studied RR1000 and demonstrated that the tertiary γ’ size increased from 4.1nm to 5.9nm 

after ageing at 760°C for 16h. The compositions of the main elements also changed in both γ 

and tertiary γ’ after ageing: for γ phase Cr and Co concentration increased while Ni, Al and 

Ti decreased; γ’ phase showed the opposite trends for Cr, Co, Ni and Al, but Ti concentration 

slightly decreased. The γ’ compositions were averaged from 30-80 precipitates in this study 

but how γ compositions were calculated were not mentioned. In addition, no detectable 

change in composition was observed between different tertiary γ’ precipitates of different 

sizes. Hwang et al. [20] in a similar study analysed γ/γ’ composition change of water 

quenched Rene 88DT alloy. It showed that the γ’ precipitates presented monomodal 

distribution with spherical shape and remained spherical after ageing at 760°C for up to 100h. 

Compositional variation has been observed between small and large γ’ precipitates with the 

compositions of large precipitates closer to equilibrium, however, this variation reduces with 

increasing ageing time, while the compositional gradient across the γ/γ’ interface decreases. 

They also concluded that the undersaturation of Co, Cr and Mo and supersaturation of Al and 

Ti were removed during ageing which resulted in the increase of γ’ precipitates size. Hwang 

et al. [32] in their later study on the same alloy but a much slower cooling rate (24°C/min) 
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showed that the γ’ had bimodal distribution. Secondary γ’ precipitates formed at relatively 

high temperatures with irregular shape exhibit near equilibrium compositions and the 

following isothermal ageing at 760°C did not change their composition significantly; whereas 

tertiary γ’ precipitates have spherical morphology and exhibited non-equilibrium 

compositions with excess Co and Cr while depleted in Al and Ti content, but the composition 

drived towards equilibrium during ageing. Singh et al. [59] in a similar study found out that 

in addition to the compositional difference in different generations of γ’, a local 

compositional equilibrium appeared to have been achieved near the γ/γ’ interface for 

secondary precipitates, and a non-equilibrium long range diffusion profile in the γ matrix is 

retained during cooling. The order/ disorder interface evolution during isothermal ageing has 

also been studied in the past. Plotnikov [60] demonstrated that the values of the γ/γ’ 

interfacial width extracted from APT proxigrams decreases continuously with increasing 

ageing time for Ni-Al superalloy.  

These studies primarily focused on the changing of γ/γ’ during isothermal annealing after fast 

and/or slow quenching from the high temperature single γ phase resulting in either a 

monomodal or bimodal γ’ distribution. Although these studies are rather useful in 

understanding element partitioning as well as γ’ nucleation and growth, the applied heat 

treatments are quite different from industrial situations. Therefore, the current study will 

focus on the composition of secondary and tertiary γ’ precipitates generated from different 

cooling rates throughout the disc as well as the compositional partitioning between these γ’ 

precipitates and the adjacent γ matrix. 

 

2.6 Mechanical properties of γ and γ’ phase by nano-indentation 
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The excellent mechanical properties of nickel superalloy can be attributed to the very high 

effective restriction on dislocation motion from the ordered/ disordered microstructure, which 

can be altered by heat treatment. The strengthening mechanisms and how dislocation 

interacts with γ and γ’ will be discussed in later chapters. However, since heat treatment can 

alter both γ and γ’ composition as well as precipitate size, as illustrated in Section 2.4 and 2.5, 

it is not difficult to speculate that γ’ precipitates with different sizes have property 

discrepancies. Therefore, studying the mechanical performance of isolated phases under load 

from different cooling rate is crucial to understand the deformation behaviour of the 

component as a whole. Due to the tiny size of γ’ precipitates (usually < 1µm), however, it is 

usually impossible to machine tensile or other samples of a single phase out of a macroscopic 

sample, thus other methods need to be considered.  

In-situ nano-indentation with high lateral resolution is one of the techniques that can be 

applied. Nano-indentation tests can be performed in either load controlled or displacement 

controlled feedback mode, and a test is performed by applying a force to drive an indenter 

probe into a sample surface and then reducing the force to withdraw the probe. The applied 

load and indenter displacement into the sample are continuously monitored. Göken and 

Kempf [61] was one of the first researchers who applied in-situ nano-indentation on nickel 

superalloys CMSX-6 and Waspalloy for individual phases (γ’ precipitates and γ matrix). An 

atomic force microscopy (AFM) with a nano-indentation device mounted on the scanner head 

was used in their study, in such way that imaging and indenting could be performed by the 

same tip. They concluded that for both alloys the precipitates had higher hardness than the 

matrix, while the moduli of elasticity values were similar for both phases. In addition, both 

hardness and modulus decrease with increasing in indentation depth. The quantitative values 

of hardness and elastic modulus were extracted from the load-displacement curves using the 



21 
 

method that Oliver and Pharr [62] proposed in 1992. A typical load-displacement curve is 

shown in Fig. 2.5. The reduced modulus is defined by the equation [62]: 

A

S
Er

2


  Eq 2.6 

where A is the projected contact area and S, the unloading stiffness, which can be calculated 

by fitting the unloading curve, is defined by [62]: 

dh

dP
S   Eq 2.7 

The modulus of elasticity Es is related to the reduced modulus Er through the equation [62]: 
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  Eq 2.8 

where the subscript i corresponds to the indenter material, the subscript s refers to the 

indented sample material and v is the Poisson’s ratio. For a diamond indenter, Ei is 1141GPa 

and vi is 0.07. Poisson’s ratio varies from 0 to 0.5 for most materials. 

The hardness is defined by the ratio of the maximum load to the projected contact area: 

A

P
H max  Eq 2.9 

The contact area A is a function of the probe’s contact depth, hc. The area function A depends 

on the geometry of each probe and is determined through a calibration on a reference material. 

The contact depth is calculated from the load vs. displacement curve as [62]: 

S

P
hhc

max

max   Eq 2.10 

Equation 2.10 accounts for the fact that the contact depth is always less than the peak 

displacement due to deflection of the surface around the contact perimeter. ε is a geometric 

constant taken to be 0.75 for most common probe geometries. 
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Figure 2.5 Schematic of extracting hardness and reduced modulus from load-

displacement curve [62]. 

 

Schöberl et al. [63] performed nano-indentation on two ternary single crystal Ni superalloys 

and demonstrated that the elastic moduli showed no significant difference between γ and γ’ 

phases. As for the hardness, the γ’ phase was found to be harder up to 45% than the γ matrix, 

and in both phases the hardness values decreased with increasing indentation depth, which is 

known as indentation size effect. In addition, for the precipitate phase this decrease appeared 

independent of alloy composition and annealing time. The indentation size effect can be 

explained by large strain gradients inherent in small indentations which can be modelled by 

geometrically necessary dislocations (GND) [64]. Nix and Gao [65] proposed a simple model 

of GND which described the hardness dependence of crystalline materials, and it is in good 

agreement with several nano-indentation experiment results [66, 67]. Although there are 

several studies regarding nano-indentation on two-phase alloys like nickel and cobalt base 

superalloy [68-71], the influence of cooling rate on the micro-mechanical properties of γ and 

γ’ phases still remains open. 

2.7 Strengthening mechanisms in Ni base superalloys 
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In a simplistic interpretation, dislocation movement through the lattice is attributed to plastic 

deformation in crystalline materials and the obstacles or barriers to dislocation motion give 

rise to strengthening contribution. There are several strengthening mechanisms which can 

relate to Ni superalloys. The impediments can be in the form of solid solution atoms or 

clusters, dispersed oxides, carbides and/ or borides, grain boundaries, γ’ precipitates and other 

dislocations. 

2.7.1 Solid solution strengthening 
 

Solute elements in a solid solution cause lattice distortions due to their different lattice 

parameters. Dislocation motion can be hindered to some degree when dislocations encounter 

these strain fields. Some elements such as W, Mo, Cr, Co, Re and Ru are added to Ni base 

superalloys for this reason. A previous study by Dennison et al. shows that there’s a strong 

correlation between the creep-strengthening increment and the percentage difference in 

atomic size between the solute and solvent (nickel) atoms [72]. At elevated temperature, for 

example creeping above 0.6Tm, for most metals, dislocation climbing by lattice diffusion is 

the rate-controlling step. Therefore, solute elements with slower diffusing rates such as W 

and Mo become increasingly important in terms of providing solid solution strengthening 

[73]. In single crystal Ni superalloys, 4d and 5d block elements Ru and Re can form nano-

level clusters after heat treatment and thereby hinder dislocation at high temperature 

effectively [74]. Another research of Dennison et al. shows that the degree of creep 

strengthening increases with the concentration of solute added [75]. Of course, the amount of 

solute elements added needs to be balanced with other effects and considerations. The 

strength contribution of solid solution strengthening, however, is rather small compared to 

other strengthening mechanisms. 
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2.7.2 Oxide strengthening 
 

A fine distribution of oxides particles such as Y2O3, ThO2 and Al2O3 are sometimes alloyed 

to Ni superalloys through powder metallurgy process. These hard and brittle oxides have very 

high melting temperatures. They are stable at elevated temperatures and act as hard obstacles 

which hinder dislocation motion effectively during service. Howson et al. studied the creep 

and stress rupture of an oxide dispersion strengthened (ODS) Ni superalloy MA 6000E and 

found out that creep strength at high test temperatures (1093°C) was mostly attributed to the 

fine distributed oxides [76], as TEM image observation showed the dislocations bypass the γ′ 

precipitates but were effectively pinned by the oxides. This indicated that oxide dispersions 

benefit the strengthening at a relatively high temperature. 

2.7.3 Grain boundary strengthening 
 

In polycrystalline materials, grain boundaries act as effective barriers to dislocation slip. In 

the case of Ni superalloy, dislocations can be emitted from sources such as twin boundaries 

or carbides within grain interiors when sufficient stress is applied. These dislocations can 

propagate through the microstructure until they are either hindered by other features (for 

example: γ′ precipitates) or travel through the entire grain to grain boundaries. For the latter 

case, the dislocations can either pile up at the grain boundaries or transmit across the 

boundary to adjacent grains. It causes macroscopic yielding when dislocations slip onto 

adjacent grains. In general, carbides and/or borides form within grains and along grain 

boundaries in polycrystalline Ni superalloys. Those along grain boundaries act as barriers for 

dislocations transmission across grains and therefore stabilise the grain boundaries. In 

addition, they provide resistance to grain boundary sliding and therefore increasing creep 

rupture life [77]. However, carbides precipitation along grain boundaries can create γ′ 

precipitate free zone on each side of the grain boundary, which results in an easy dislocation 
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transmission through this precipitate free zone since no resistance to dislocation motion is 

presented [78, 79].  

The Hall-Petch [80, 81] equation can be used to describe the relationship between the yield 

strength and the grain size of a material: 

D

k y

oy    Eq 2.11 

where σy is the yield strength, σo is the flow stress, ky is the unpinning constant, and D is the 

grain size.  

Equation 2.11 shows that the yield strength of a material is inversely proportional to the 

square root of grain size. In addition, finer grain size means more grain boundaries act as 

barriers for dislocation motions in a unit volume. In a study carried out by Stoloff and Liu [82] 

shows that the Hall-Petch behaviour is obeyed for polycrystalline Ni3Al. In another study 

involving boron segregation, Liu stated that boron additions promoted grain boundary 

cohesiveness yet still follows the Hall-Petch relationship [83].  

2.7.4 Precipitation strengthening 
 

The precipitate strengthening, or order strengthening in most Ni superalloys outweighs other 

contributions. Mechanical properties such as yield strength are sensitive to the distribution of 

γ’ phase, in terms of γ’ precipitate size, γ’ volume fraction and γ/γ’ lattice mismatch. These 

are controlled by the chemical composition and processing conditions.  

Due to the γ/γ′ two-phase nature of superalloys, the slip in the disordered FCC matrix differs 

from slip in the ordered L12 γ′ precipitates. In the γ matrix, generally speaking, slip occurs via 

the glide of perfect dislocations on closed packed planes and in close packed directions 

(corresponding to the twelve {111}<110> slip systems) with burgers vectors of a/2<110>. 

This dislocation represents a perfect lattice translation in disordered γ phase, however, it 
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cannot enter the γ′ phase without leaving a high energy anti-phase boundary (APB) behind, 

which involves dragging one Ni atom to an Al site and vice versa, causing neighbouring 

violation and increasing the energy of the crystal. Therefore, the dislocations have to travel in 

pairs through the γ/γ′ structure, with the leading dislocation creating an APB and the trailing 

dislocation removing it, as is shown in Fig. 2.6 [18]. As a matter of fact, if particle cutting is 

to occur, the critical resolve shear stress (CRSS) τc that must be overcome is related to the γ’ 

distribution.  

 

Figure 2.6 Schematic diagram of dislocation travel in pairs through γ/γ′ microstructure: 

(a) weak pair coupling and (b) strong pair coupling [18]. 

2.7.4.1 Weakly and strongly coupled dislocation pairs 

 

In order to develop expressions for the strengthening expected from the volume fraction of γ’ 

precipitates, the case of ‘weakly coupled dislocations’ [84] is the first to be considered. 

‘Weakly coupled’ means that the average spacing between the two dislocation lines (leading 

and trailing) is larger than the precipitate diameter, see Fig. 2.6a. This situation is applicable 

(a) 

(b) 
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when particle size is small, in which case, the CRSS, τc, is determined by the necessary stress 

to move weakly coupled dislocation pairs is given by [1]:  
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  Eq 2.12 

in which 𝛾𝐴𝑃𝐵 is the APB energy, f is the volume fraction of γ’ phase, and r is the average 

radius of the precipitate. The constant line tension T may be estimated according to [85]: 

2

2Gb
T   Eq 2.13 

where G is the isotropic elastic shear modulus and b is the burgers vector. 

Based on pair-wise dislocation motion, Huther and Reppich proposed a modified 

precipitation hardening model in the cases of strongly paired coupling at relatively large 

particle sizes, as the schematic shown in Fig. 2.6b. When dislocations cut in strongly coupled 

pairs, the τc can be given by [86]: 
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  Eq 2.14 

where ω is a constant which accounts for the elastic repulsion between the strongly paired 

dislocations and which is of the order of unity. 

 

2.7.4.2 Kear-Wilsdorf locks 

 

Nickel base superalloys exhibit a magnificent characteristic: the yield stress increases with 

increasing temperature until about 800°C is reached. Beardmore et al. [87] studied the 

temperature dependence of the yield stress for a number of alloys with different amount of γ’. 

The result is shown in Fig. 2.7. It illustrates that the yield stress of pure γ phase shows a 
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decrease with increasing temperature, but 100% γ’ displays a strong positive dependence on 

the temperature until about 800°C. For a two-phase γ + γ’ alloy, the yield stress obeys a rule 

of mixtures, i.e. it corresponds to the weighted average of the values for γ and γ’. This 

contrasts strongly with the behaviour at low temperatures [1]. This phenomenon is rather 

different comparing to other materials subjecting deformation at elevated temperatures, in 

which the flow stress decreases with increasing temperature as dislocations becomes more 

mobile due to the thermal activation of climb and cross slip mechanisms. In Ni superalloys, 

however, the thermally activated γ’ superpartial dislocations are promoted to travel from the 

{111} octahedral slip plane cross slip to the {010} cube glide plane. The cross-slipped 

segments represent microstructural locks since they resist deformation – they cannot move 

without trailing APBs behind them and are thus immobile [88-90]. This is known as Kear-

Wilsdorf locks after the researchers who first found this phenomenon in the treatment of 

plastically deformed Cu3Al alloys [91]. This arrangement of cross slip is feasible because 

APB energy on the {010} plane is less than that on the {111} [92]. With increasing 

temperatures, this cross slip of superatials is promoted and therefore a concomitant increase 

in flow stress is achieved. After the peak stress, which often occurs around 800°C, the yield 

stress drops drastically with temperature due to the slip deformation mode is changed to the 

alternative cube slip system [93]. 

In addition to the strengthening mechanisms mentioned above, other factors such as Orowan 

looping [94], γ’ stacking fault energy, coherency strain and γ/γ’ modulus mismatch can all 

contribute to the strengthening. 
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Figure 2.7 The yield stress variation with temperature for different compositions of Ni-

Cr-Al ternary superalloy [87]. 

 

2.8 Creep behaviour and deformation mode 
 

The creep behaviour of Ni superalloys can be complicated. It depends on a number of 

interrelated microstructural parameters, including γ’ size distribution, volume fraction and the 

chemical characteristics of the γ’ precipitates which depends on the alloy composition, along 

with the grain sizes of both primary γ’ and γ matrix [7]. When subject to creep, the 

deformation modes of superalloys can change with temperature, stress and strain rate 

significantly [95]. Deformation mechanisms of superalloys at high temperatures have been 

extensively studied in the past. For polycrystalline superalloys, at lower temperatures 

(typically under 600°C) and high stresses conditions, γ’ shearing occurs via the movement of 
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weakly and/ or strongly coupled dislocation pairs. These are perfect matrix a/2<110> 

dislocations, shearing γ’ without leaving a planar fault in their wake as they are coupled by an 

APB in the γ’ [96, 97]. The details of this mechanism have been discussed in the previous 

section. In a recent study by Kozar et al. [98], this mechanism has been presented in 

modelling the yield strength in polycrystalline alloys combined with other strengthening 

mechanisms such as grain boundary and solid solution strengthening. At higher temperatures 

(higher than 800°C), the climb by-pass of γ’ by unpaired, single matrix dislocations 

dominates [99]. For disc applications, however, this high temperature is well beyond the 

practical service temperature and therefore this climb by-pass mechanism is unlikely to 

happen. At intermediate temperature regimes (about 650-800°C, depending on alloys), on the 

other hand, several other mechanisms have been identified, which involves different types of 

planar defects forming in the γ’ precipitates and/ or the γ matrix. It is emphasized that this 

temperature regime appears to correspond to the onset of more strongly thermally-activated 

deformation [100]. These planar faults are usually caused by the movement and interaction of 

dissociated dislocations (or partial dislocations). Therefore this section of the literature 

review is to review the deformation modes under intermediate temperatures that were 

observed in the previous studies.  

2.8.1 Dislocation dissociation in γ and γ’ 
 

In order to understand the creep deformation mode of Ni superalloys, it is important to review 

several concepts that will aid the γ’ shear and stacking fault formation. It has been briefly 

discussed in Section 2.7 that in the FCC γ matrix, slip generally occurs via the glide of 

perfect matrix a/2<110> dislocations on the close packed octahedral plane. The matrix 

dislocation can further associate into Shockley partials with burgers vector of a/6<112> 

which still glide on the {111} plane. This can be presented by the following reaction: 
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According to Frank’s rule, the square of the left side of Equation 2.15 is greater than the right 

side, i.e. 
662

222 aaa
 , therefore this dissociation is energetically favourable based on strain 

energy considerations. The passage of a single Shockley partial dislocation causes the 

introduction of an intrinsic stacking fault (ISF), which is removed by the action of the second 

[1].  

The dislocation dissociation in the L12 intermetallic phase is more complicated. A perfect 

dislocation in Ni3Al structure is in the form of a<101> and is called superdislocation. In fact, 

dislocations in such structure have ‘super’ as prefix for it is an ordered ‘super’ lattice crystal 

structure. A a/2<110> dislocation is called superpartial, a/3<112> is superlattice Shockley 

partial. Some often observed dissociation reactions in γ’ have been summarised by Sun et al. 

[101] and are presented below:  
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The perfect lattice of γ’ shearing by dissociated dislocations are schematically illustrated in 

Fig. 2.8 a-d [95]. Fig. 2.8a shows a perfect lattice following the stacking sequence of three 

consecutive (111) close packed planes along with common crystallographic slip directions. 

When the crystal is sheared at a/2[1̅10] direction, an APB is formed, as shown Fig. 2.8b, Al-

Al bonds are formed, causing nearest neighbour violation. If sheared by a/3[2̅11] super 

Shockley partial, superlattice intrinsic stacking fault (SISF) is formed (Fig. 2.8c), which 
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results in the Al atoms at the top layer lying directly above the ones below, but no nearest 

neighbour violation. Alternatively, the perfect lattice can be shifted by the shear displacement 

of a/6[1̅1̅2] so that a complex stacking fault (CSF) is formed (Fig. 2.8d). This arrangement 

not only produces a fault in stacking sequence but also changes nearest neighbour 

configurations. Superlattice extrinsic stacking faults (SESF), not presented in Fig. 2.8, can be 

created by shearing of a/3[2̅11] on two adjacent planes, which is equivalent of adding an 

extra {111} layer. Like SISF, no nearest neighbour violation is produced. From the energy 

needed to produce these arrangements criterion, a ranking of the relative fault and APB 

energies would appear as follows: CSF>APB>SISF~SESF [1]. The formation of superlattice 

stacking faults and precipitate shear have been observed extensively in the published studies 

regarding creep performance in Ni superalloys. 

2.8.2 Caron mechanism 
 

Caron et al. [102] proposed a mechanism that could create an SISF in the γ’ phase, in which a 

matrix a/2<110> dislocation dissociates into a Shockley partial and a superlattice Shockley 

partial at the γ/γ’ interface following the dissociation reaction: 
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The superlattice Shockley partial a/3[12̅1] enters and shears the γ’ precipitate, producing a 

SISF and the Shockley partial a/6[112̅] is left at the interface as a high energy APB would be 

created if the precipitate were sheared by the complete matrix dislocation. But according to 

Frank’s rule, this dissociation does not seem energetically favourable as b1
2
 < b2

2
 + b3

2
. It was 

presumed to be stimulated by the presence of γ’ phase [100]. A research was conducted by 

Milligan and Antolovich [103], the experimental evidence shows that for single crystal PWA 

1480 crept at 700 and 900°C a matrix a/2<110> dislocations presents in the γ matrix and a 
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a/3< 112 > superlattice Shockley partial shearing the precipitate within it. However, no 

evidence of Shockley partials present at the interface was provided. On the other hand, Veld 

et al. [104] studied MA 6000 superalloy creep tested at 760°C and 790°C and found out that 

this mechanism was operative. They identified a Shockley partial a/6<112> looped the γ’ 

precipitate at the γ/γ’ interface. Therefore, based on the experimental evidence, this shearing 

mechanism could be valid. 

 

 

Figure 2.8 Schematic of several fault formations in the L12 structure: (a) a perfect 

superlattice crystal with 3 consecutive layers; (b) Sheared by a/2<�̅�𝟏𝟎>, producing an 

anti-phase boundary (APB); (c) Sheared by a/3<�̅�𝟏𝟏>, forming a superlattice intrinsic 

stacking fault (SISF); (d) Sheared by a/6<𝟏𝟏̅̅̅̅ 𝟐>, producing a complex stacking fault 

(CSF) [95]. 
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2.8.3 Knowles and Chen mechanism 
 

Knowles and Chen [105] studied the creep behaviour of CMSX-4 at 750°C under 750MPa 

and observed SESF configurations in γ’ precipitates. They reported that the operation of two 

different superlattice Shockley partials a/3<112> on consecutive {111} plane are responsible 

for the initiation and propagation of the SESF formation in the γ’ precipitates. The 

dissociation reaction follows Equation 2.17 presented in the previous section. But the authors 

proposed that the superlattice Shockley partials arise from a pole mechanism, in which the 

perfect superlattice dislocation is originated from the interaction of two identical a/2<110> 

matrix dislocations. Since the superlattice Shockley partials preserve the ordered L12 

structure and produce no nearest neighbour violation, this SESF (or SISF) energy is very 

small – of order of 10 mJ/m
2
 [1], therefore the subsequent propagation of the partials is 

presumably rapid and not rate controlling. Another difficulty with this model is that it 

requires successive shear of {111} planes in directions that are necessarily of small Schmid 

factor [100]. 

2.8.4 Microtwinning and atomic reordering hypothesis 
 

Microtwinning in Ni superalloys has not been identified as a major deformation mechanism 

during creep at high temperature until recently, although early observations have been 

reported that evidence of extended stacking faults and deformation twins in Mar-M200 single 

crystal alloy [106]. It was postulated that a build-up of the faults on consecutive planes will 

lead to the formation of twins in γ’. As the build-up becomes larger, the array of Shockley 

partials that are present at the interface will create a high stress configuration. Annihilation of 

these partials within the γ channels will lead to the formation of continuous microtwins. 

Ardakani et al. [107, 108] were one of the first to show conclusively that twinning 

contributes significantly to the total creep strain at smaller strain levels in single crystals 
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SRR99 and CMSX-4. Their studies show that the diffraction patterns reveal twinned 

structures in the crystal and the twinning planes are of the {111} type and the twinning 

direction is of the <112> type, using TEM imaging and selected area diffraction. There have 

been many studies that attempt to explain the mechanisms of microtwin formation.  

Kakehi [109] proposed a mechanism that the γ’ precipitates are sheared by a/3<112> 

superlattice Shockley partials on adjacent {111} plane, which results in SISF formation on 

the first layer and SESF on the second, and therefore creating microtwins. This superlattice 

Shockley partial introducing microtwins proposal were also favoured by some other studies, 

but with some disagreement on the superlattice stacking fault formation [110, 111]. However, 

as illustrated in Section 2.8.3, although this configuration preserves the L12 structure, it is 

unlikely to be the rate controlling step. 

Shearing the γ’ by a/6<112> Shockley partials was not considered as a favourable 

mechanism because it destroys the ordered L12 structure and produces incorrect nearest 

neighbour atomic bonds. The scientific reasoning is valid as this high energy configuration 

creates a CSF with the order of ~250 mJ/m
2
 [1]. Kolbe et al. [112] performed in-situ TEM 

deformation experiments and observed that at high temperature (above 760°C), extended 

faults propagate continuously and viscously through both particles and matrix. These 

extended faults are associated with partials that move in a correlated manner as pairs. Kolbe 

[113] hypothesized that these partials might be a/6<112> Shockley partials of the same 

burgers vector travelling on parallel {111} planes. The a/6<112> Shockley partials are indeed 

twinning partials for γ matrix, however, passage of these partials on consecutive {111} planes 

in the L12 structure causes a ‘pseudo-twin’ with orthorhombic structure which has the issues 

illustrated above. But this energetically unfavourable CSF structure will be restored to a true 

twin via thermally activated reordering. This can be argued that this diffusion process is 

feasible at higher temperature such as those incurred during creep.  
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Experimental evidence was first provided by Viswanathan et al. [24, 114]. Their study shows 

that microtwin formation is caused by successive shear by a/6<112> Shockley partials on 

adjacent {111} planes using bright field and weak beam techniques. The a/6<112> partials 

were determined to be the same sign.  

2.9 The coarsening of  γ’ precipitates 
 

In nickel superalloys, the coherency between γ and γ’ is maintained by tetragonal distortion 

[3]. As a result, the nucleation of homogeneous precipitates with low surface energy and 

extraordinary long-time stability is possible [3]. However, γ’ strengthened alloys do face one 

disadvantage which is the service temperature and life of the component are ultimately 

limited by the coarsening and dissolution of the γ’ precipitates. The binary Ni-Al phase 

diagram (Fig. 2.2) shows that γ’ phase dissolves completely at approximately 1400°C. Yet 

much lower γ’ solvus temperature are observed, for instance, FGH96 has a γ’ solvus 

temperature of ~1120°C and C263 is about 925°C [99]. This is due to the presence of other 

elements in the alloy.  

Generally speaking, the stress necessary for dislocations to bow around the precipitates is 

inversely proportional to the inter particle distance which increases with particle size for a 

given precipitate volume fraction. During service, however, the dissolution and coarsening of 

γ’ lead to an increase in particle size and inter particle distance [115] and therefore, one of the 

important subjects for designing and developing new types of such precipitation-strengthened 

superalloys is the control of the morphology of γ’ particles to increase the creep resistance, 

because the overaged γ’ microstructure allows deformation to occur by particle by-passing 

[116]. Hence, it is crucial to understand how temperature affects the coarsening and to be 

able to predict the coarsening behaviour and subsequent creep response. 
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After the initial formation of a two-phase microstructure from a phase transformation, such as 

nucleation and growth of dispersed precipitates from a supersaturated matrix, the system may 

not yet have reached thermodynamic equilibrium. Typically the larger particles will grow by 

consuming smaller particles via diffusion of solute atoms through matrix to reduce the 

surface area to volume ratio reducing the interfacial energy, and the system's total energy. 

This process is referred to as coarsening, or Ostwald ripening [117]. 

An essential advance in Ostwald ripening theory was made by Lifshitz and Slyozov [118] and 

by Wagner [119] (LSW). Lifshitz and Slyozov developed three equations to describe the 

coarsening kinetics in a long time limit: a kinetic equation, a continuity equation and a mass 

conservation equation. LSW theory predicts that the cube of average particle radius is 

proportional to ageing time: 

�̅�3 = 𝑘𝑡 Eq 2.20 

where k denotes the rate constant that depends on several thermal physical parameters.  

The LSW model for precipitates coarsening is based on three assumptions: (i) the precipitates 

are spherical in nature; (ii) the precipitate volume fraction is close to zero and the inter 

particle distance is infinitely far so that there is no diffusion field overlap between 

neighbouring precipitates and (iii) there is no elastic stress exists between the two phases. 

However, none of the assumptions is applicable in the case of nickel superalloys. In the case 

of FGH96 alloy, the γ’ volume fraction is moderately high, about 35-40%. The morphology 

depends on cooling rate can be spherical, cuboidal and complex shape. Although the lattice 

mismatch between γ and γ’ is quite small (<0.05% [120]), elastic stress still exists. 

Due to these rigorous assumptions made by LSW theory, many researchers published other 

theories that relate to the LSW model. In chronological order, Ardell [121] first established 

modified LSW theory (MLSW) and later Brailsford and Wynbladt [122] developed BW 

theory. They both consider that the particle volume fraction influence on the particle growth 
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kinetics and particle size distribution. While Davies et al. [123] proposed the Lifshitz-

Slyozov encounter modified theory (LSEM) which considers neighbouring particle 

interactions leading to particle coalescence (“encounter” between growing particles) that 

increases the growth rate and broadens particle size distribution. Voorhees and Glickman 

[124, 125] developed the VG theory that provides a description of interpaticle diffusion 

interations based on a quasi-steady state approximation. Jayanth and Nash [126] developed 

the Braisford-Wynbladt encounter modified theory (BWEM) based on BW theory. Lund and 

Voorhees [127] considered elastic stress effect around particles. They concluded that the 

interfacial energy is dominant at the early stages of coarsening, while at longer times the 

elastic energy can control the coarsening rates.  

Although different predictions are expected from these different theories, the models do have 

some similarities: (a) the temporal power law exponent for particle growth with time is 

unaffected in all theories; (b) the rate constant k is function of the equilibrium volume 

fraction f, although the functions vary with theories; (c) k increases with f, but k rises fast at 

lower f and is followed by a slower increase with f; (d) the PSDs become broader and more 

symmetric with increase of f invariably. 

However, in 2005, Ardell and Ozolins [128] proposed a new model (TIDC: trans-interface 

diffusion-controlled) which is based on the diffusion through the interface between γ and γ’. 

It predicts that the particle growth rate follows a square law:  

�̅�2 = 𝑘′𝑡 Eq 2.21 

again, k’ is the rate constant depends on thermo physical parameters. In this approach, the 

coarsening kinetics and PSD are completely independent of the volume fraction as long as the 

inter particle distance is larger than γ/γ’ interface [128]. 

There have been many previous studies of γ’ coarsening on nickel superalloys in both single 

crystal [129] and poly crystalline [130-132] turbine blade materials. Tiley et al. [133] studied 
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short term γ’ coarsening of P/M Rene 88DT which is a very similar alloy with FGH96 using 

TEM on water quenched mono-modal distributed γ’ after up to 200 hours ageing. However, 

the study of long time ageing of powder metallurgy turbine disc material still remains open.  

2.10 Research motivation 
 

The research motivation presented in this dissertation is aimed at exploring the relationship 

between microstructures, micro-mechanical properties of different phases, the chemical 

composition and macro mechanical properties by means of various modern characterisation 

techniques and computer simulations for a second generation polycrystalline Ni superalloy 

designed for turbine disc applications in aero-engines where high temperature and high stress 

levels are expected during service.  
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Chapter 3 

3 Microstructure and Mechanical Properties 

3.1 Introduction  
 

Ni superalloys are a class of alloys most often used for high temperature applications such as 

critical hot section engine components in aircraft gas turbine engines in aerospace industry 

[7]. FGH96 is a polycrystalline Ni superalloy fabricated by powder metallurgy route for 

turbine disc applications. In this chapter, this material goes through different heat treatments 

and the microstructures are examined in terms of grain size, γ′ morphology, γ′ volume 

fraction and size distribution by various techniques. The γ′ precipitate distribution 

corresponding to different heat treatments (cooling rates in particular) is the foundation of 

this study. These samples that were subjected to different cooling rates will be examined and 

compared in terms of γ/γ′ chemical composition and mechanical properties in the following 

chapters. The tensile properties at both room temperature and service temperature are also 

researched in this chapter. This work has been brought to result by a collaboration of heat 

treatment equipment and various testing tools at different facilities at AVIC, Beijing Institute 

of Aeronautical Materials and Imperial College London as discussed in later sections. 

3.2 Experimental  
 

3.2.1 Material information and heat treatment 
 

The FGH96 material was provided by BIAM (Beijing Institute of Aeronautical Materials Co., 

AVIC) Company. Elementary substance materials with purity more than 99.9% were selected. 

The materials were then mixed and subjected to vacuum induction melting and vacuum arc 
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remelting. The formed alloy ingots were made into uniform sticks for powder producing. The 

powder was produce by PREP (plasma rotating electrode process). After sieving process, 

powder with diameter no more than 270 mesh (53 µm) was sealed in a stainless steel can and 

degassed for HIP (hot isostatic pressing) process. After hot extrusion process, the formed 

ingot was cut into billets which were undergone isothermal forging (ITF) process to discs 

with diameters of 200mm. In Table 3.1 the bulk composition of FGH96 is listed in both 

weight and atomic percentage. 

 

Table 3.1 The chemical composition of FGH96 superalloy. 

Element Al Co Cr Ti Mo Nb W Zr B C Ni 

Wt.% 2.1 12.9 15.9 3.7 4.0 0.7 4.0 0.05 0.03 0.05 Bal. 

At.% 4.6 12.9 17.8 4.5 2.5 0.4 1.3 0.01 0.5 0.7 Bal. 

 

For the cooling rate studies, a supersolvus solutioning temperature of 1150°C was applied for 

40 min to the samples to dissolve γ′ phase, then different continuous cooling rates of 25, 50, 

100 and 150°C/min were applied to these samples to room temperature. The cooling was 

controlled by compressed air and monitored by thermocouples embedded in the furnace. 

These chosen cooling rates are intended to simulate different undercoolings throughout the 

disc in thickness direction when subjects to oil quenching in industrial application (Fig. 2.4), 

the sample names are referred to as F25, F50, F100 and F150 respectively. Two other heat 

treatments were introduced as well: one was cooled from the same supersolvus solutioning 

temperature at the rate of 25°C/min to 1050°C followed by 150°C/min to room temperature 

which is referred to as IC (interrupted cooling), the other was subjected to a subsolvus 

solutionising at 1100°C for 40 min and then cooled at 150°C/min to room temperature which 



42 
 

is referred to as SUB (subsolvus treatment). All the 6 samples listed above were subjected to 

following ageing treatment at 760°C for 8 hours. The detailed heat treatment procedures are 

listed in Table 3.2. 

 

Table 3.2 Heat treatments of FGH96 alloy 

Sample ID 
Solution 

temperature 
Cooling path Ageing 

F25 

Supersolvus 

25 ℃·min-1 

760℃/8h 

F50 50 ℃·min-1 

F100 100 ℃·min-1 

F150 150 ℃·min-1 

IC 
25 ℃·min-1 to 1050 ℃ 

followed by 150℃·min-1 

SUB Subsolvus 150 ℃·min-1 

 

3.2.2 Experimental tools and sample preparation 
 

3.2.2.1 Mechanical cutting and polishing 

 

The samples used in this study were cut from the rim and bore of a disc by electro discharge 

machining (EDM) in the tangential direction, which is the force direction of turbine discs at 

service. For microstructural analysis, 6 cylinder samples with diameters of 8mm were 

prepared from different heat treatments listed in Table 3.2. These alloyed samples were first 

mounted in Bakelite, a thermosetting polymer, using a hot moulding machine METASERV 

in a compressed gas controlled semi-automatic mounting press. The mounted samples were 

then mechanically ground using Struers Tegramin-20 polishing machine and silicon carbide 

abrasive paper, varying from 500, 800, 1200, 2400 and 4000 grit. Fine polishing was carried 

out using OPS polishing liquid with particle size < 1µm on a polishing cloth until there were 

no visible scratch on the sample surface. The polished samples were then ultrasonically 
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cleaned in methanol to remove both organic and inorganic contamination from the surface. 

These samples were used for Scanning Electron Microscope (SEM) and Electron Backscatter 

Diffraction (EBSD) analysis. 

3.2.2.2 Chemical and electrochemical etching 

 

Kalling’s etching agent (5g CuCl2, 100mL Hydrochloric acid and 100mL ethanol) was used 

to etch the samples for 30 seconds at room temperature in order to observe grain structure and 

calculate average grain size. 

Prior to SEM analysis the mounted samples were broken free from mounting and cleaned 

using methanol and acetone. They were then electro-etched (sample as anode and conductive 

container as cathode) with an etchant solution consisted of 35ml H3PO4, 2ml H2SO4 and 3g 

CrO3 under the voltage of 2.5 - 3V for 1-2 seconds. This chromium containing agent attacks 

the γ phase with applied voltage and leaves anodic films on γ’ precipitates, which makes the 

precipitates appear with white edges under microscope and therefore easier and more 

accurate for the following digital analysis. 

3.2.2.3 Electron backscatter diffraction, scanning electron microscopy and image analysis 

 

EBSD analysis was conducted on a ZEISS Auriga using bruker software with accelerating 

voltage at 20 kV and a probe current of ~17 nA. The maps were scanned on a square array 

with step size of 0.5μm. 

SEM studies have been applied for both γ grain size and γ’ precipitate size distribution 

analysis. The microstructrual observation was performed on ZEISS LEO GEMINI 1525 field 

emission scanning electron microscope located in Imperial College London operating at 

20kV using SE (secondary electron) mode.  
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ImageJ
®
 software was applied for digital analysis, in which the γ’ average size, particle size 

distribution, volume fraction, particle density and roundness are determined. In order to 

assure the accuracy of statistical analysis, at least 200 particles were counted from each 

micrograph, and three images taken from different grains were analysed. The methodology 

and detailed procedures of applying this software is illustrated in Appendix A. 

3.2.3 Tensile test 
 

Samples for tensile tests were prepared by EDM have gauge lengths of 40mm and diameters 

of 3mm. They were heat treated as illustrated in Table 3.2 prior to tensile test. The tensile 

tests were carried out at BIAM centre, AVIC. Two different temperatures were studied: room 

temperature (25°C) and high temperature (700°C). Two tests were performed for each heat 

treatment, each temperature. The samples were named after heat treatment and experimental 

temperature. For example, F25-RT/HT stands for F25 after room/ high temperature tensile 

test. 

 

 

Figure 3.1 Bottom: Two half parts of a sample after tensile tested; Top: One half 

grounded and polished for EBSD analysis. 
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After tensile testing, one half of each broken sample was cut horizontally and then mounted 

along tensile direction, ground and polished as described in Section 3.2.2.1. For EBSD 

analysis, the samples were fixed on aluminium stubs using conductive glue, as shown in Fig. 

3.1.  

 

3.3 The influence of heat treatment on microstructure  
 

3.3.1 Grain size 
 

Two different methods have been applied to determine the grain sizes of the samples. One is 

the conventional method: after etching in Kalling’s etchant, the samples were taken images 

under SEM using SE mode, which are shown in Figure 3.2 (a) and (b). It can be seen that 

primary γ’ precipitates present at grain boundaries for sample SUB but not for F150. The 

average grain size was calculated from ImageJ software using equation: 


A
d

4
 , in which d 

is the average grain size in µm, A is the equivalent area in µm
2
. At least 100 grains were 

counted for each sample. The other method is from Brucker software after EBSD mapping, as 

is shown in Fig. 3.2(c) and (d), and the results are shown in Table 3.3. The data shows that 

the grain sizes for supersolvus heat treated samples (F25, F50, F100, F150 and IC) have 

similar grain sizes from both methods, but the subsolvus heat treated sample’s grain size is 

much smaller in both cases. However, the results from these two methods are rather different. 

In this study, the SEM results are adopted for further analysis. 

 

app:ds:area
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Figure 3.2 Grain structures of supersolvus and subsolvus heat treatments: (a), (b) F150 

and SUB under SEM after etching in Kalling’s etchent; (c), (d) F150 and SUB after 

EBSD scan. Both methods show subsolvus heat treatment have relatively small grain 

sizes due to the presence of primary γ’ precipitates. 

 

Table 3.3 Sample grain size examined by SEM and EBSD 

Sample ID  F25 F50 F100 F150 IC SUB 

Average grain 

size, µm 

SEM 21.6 17.6 17.3 17.0 17.1 7.9 

EBSD 11.0 9.2 10.0 9.2 9.2 3.2 

 

 

 

 

(a) (b) 

30 µm 30 µm 

(c) (d) 
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3.3.2 γ’ size, morphology and volume fraction 
 

 

Figure 3.3 The effect of heat treatment on γ’ precipitates size and morphology 

 

Fig. 3.3 shows the secondary electron (SE) images for the 6 samples studied. It can be seen 

that secondary γ’ precipitates are evenly distributed within grains in all the specimens, and 

tertiary γ’ precipitates present within the γ channels between secondary γ’ precipitates. For 

the continuous cooled samples, F25 to F150 (Fig. 3.3a-d), it is clear that secondary γ’ 

precipitates decrease in size with increasing cooling rate while the morphology of secondary 

(a) F25 (25 °C /min) (b) F50 (50 °C /min) 

(c) F100 (100 °C /min) (d) F150 (150 °C /min) 

(e) IC (25 °C/min to 1050°C then 150 °C/min) (f) SUB (150 °C /min) 

subsolvus 
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γ’ precipitates changes from butterfly like to near spherical. The statistical results of the 

above 6 samples are listed in Table 3.4, in which the particle density and roundness are 

values of secondary γ’ precipitates.  

Table 3.4 Statistical results of secondary and tertiary γ’ extracted from SEM images. 

Sample 
ID 

Secondary 
γ’ diameter 

(nm) 

Secondary γ’ 
volume 

fraction (%) 

Particle 
density 

(no./µm2) 
Roundness 

Tertiary γ’ 
diameter 

(nm) 

Tertiary γ’ 
volume 

fraction (%) 

Average 
particle 

distance (nm) 

F25 220.1 36.4 8 0.723 25.7 15.2 157 

F50 171.0 37.5 14 0.736 16.2 13.4 116 

F100 128.2 36.8 26 0.755 15.6 13.6 90 

F150 101.3 38.1 42 0.782 13.3 11.6 67 

IC 148.8 30.2 16 0.778 15.5 22.8 141 

SUB 88.1 36.3 55 0.793 13.2 7.7 64 

 

The mean diameters for secondary and tertiary γ’ precipitates as a function of cooling rate are 

plotted in Fig. 3.4. The diameter values are taken as 95% confident for secondary γ’, but 80% 

for tertiary γ’ particles due to the limitation of resolution of the images and processing ability 

of the digital software. Two power laws have been found to describe the correlation between 

cooling rate and average diameter of secondary and tertiary γ’ precipitates, with exponentials 

of -0.43and -0.33 respectively: 

𝑙𝑜𝑔 𝐷𝛾’ ＝ 2.95 – 0.43 ×  𝑙𝑜𝑔(𝑑𝑇 /𝑑𝑡), R
2
 = 0.99 Eq 3.1 

𝑙𝑜𝑔 𝐷𝛾’ ＝ 1.84 – 0.33 ×  𝑙𝑜𝑔(𝑑𝑇 /𝑑𝑡), R
2
 = 0.87 Eq 3.2 

In which the precipitate diameter Dγ’ is in nanometers, and the cooling rate dT /dt is 

in °C/min. Secondary γ’ volume fraction increases with cooling rate for the continuous 

cooled samples, but tertiary γ’ volume fraction decreases. However, as the continuous 

cooling rate study was limited to four heat-treatments, and with a difference of just 1.7% 
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secondary γ’ volume fraction between the slowest and fastest cooling rate studied, one cannot 

conclude this trend in secondary γ’ volume fraction conclusively without a broader study. 

Furthermore, the quantification of nano-scale tertiary precipitates is inherently difficult. It is 

at the limit of SEM resolution, and one cannot neglect experimental errors associated with 

etching depth and binary image thresholding. However, the scale of the precipitates relative 

to the TEM foil thickness complicates analysis by TEM, while analysis by APT is limited to 

small sampling volumes and is also dependent on the iso-surface concentration value defined.  

The particle density of secondary γ’ increases with cooling rate while their inter-particle 

distance decrease resulting from high nucleation driving force provided by high undercooling. 

Roundness values are used to describe the secondary γ’ morphology, for a perfect circle, the 

roundness value is 1, for a square, the value is 0.75. Secondary γ’ roundness increases with 

cooling rate, that is, for high cooling rate sample, the secondary precipitates are closer to 

spherical. A more detailed thermodynamic mechanism related study and explanation for the 

data shown in Table 3.4 will be demonstrated in Chapter 4. 

 

Figure 3.4 Mean diameters of secondary and tertiary γ’ as a function of cooling rate. 

Secondary: y = 888.11x
-0.43

, R
2
= 0.99 

Tertiary: y = 69.55x
-0.33

, R
2
= 0.87 
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For sample IC, its secondary γ’ diameter size is in the middle range of continuous cooled 

samples, the only outstanding feature of this sample is its high tertiary γ’ volume fraction, but 

the secondary γ’ volume fraction is relatively low which makes the total γ’ volume fraction 

still in the same range comparing to continuous cooled samples. Sample SUB, however, its 

tertiary γ’ volume fraction is low due to primary γ’ precipitates present at γ grain boundaries 

(Fig. 3.2). 

3.3.3 Particle size distribution 
 

Fig. 3.5 shows the histogram analysis of secondary γ’ precipitates size distributions for the 

continuous cooled samples. In the graph,  

𝑅𝑒𝑙𝑎𝑡𝑖𝑣𝑒 𝑓𝑟𝑒𝑞𝑢𝑒𝑛𝑐𝑦 ＝ 
𝑁𝑜. 𝑜𝑓 𝑝𝑎𝑟𝑡𝑖𝑐𝑙𝑒𝑠 𝑤𝑖𝑡ℎ 𝑑𝑖𝑎𝑚𝑒𝑡𝑒𝑟𝑠 𝑤𝑖𝑡ℎ𝑖𝑛 𝑎𝑛 𝑖𝑛𝑡𝑒𝑟𝑣𝑎𝑙

𝑇𝑜𝑡𝑎𝑙 𝑁𝑜. 𝑜𝑓 𝑝𝑎𝑟𝑡𝑖𝑐𝑙𝑒𝑠
× 100% Eq 3.3 

𝐶𝑢𝑚𝑢𝑙𝑎𝑡𝑖𝑣𝑒 𝑓𝑟𝑒𝑞𝑢𝑒𝑛𝑐𝑦 ＝ 
𝑁𝑜. 𝑜𝑓 𝑝𝑎𝑟𝑡𝑖𝑐𝑙𝑒𝑠 𝑤𝑖𝑡ℎ 𝑑𝑖𝑎𝑚𝑒𝑡𝑒𝑟𝑠 𝑠𝑚𝑎𝑙𝑙𝑒𝑟 𝑡ℎ𝑎𝑛 𝑎 𝑣𝑎𝑙𝑢𝑒

𝑇𝑜𝑡𝑎𝑙 𝑁𝑜. 𝑜𝑓 𝑝𝑎𝑟𝑡𝑖𝑐𝑙𝑒𝑠
× 100% Eq 3.4 

As the histograms show with increasing cooling rate, the secondary γ’ precipitates size 

towards a narrower distribution. The diameter of secondary γ’ precipitates ranges from 40 – 

480nm for F25 and 40 – 180nm for F150. Multiple peaks are found in F25. Furthermore, the 

shape of the histogram is closer to Gaussian-like or single peak distribution with increasing 

cooling rate. The size distributions of tertiary γ’ precipitates are not presented here due to the 

resolution limitation of SEM and experimental errors associated with etching depth. 
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Figure 3.5 Secondary γ’ precipitates size distribution of F25 to F150. Fast cooling rate 

results in a narrower secondary γ’ distribution. The size corresponding to the peak 

frequency moves toward a smaller value with the increase of cooling rate. 

 

3.4 The influence of heat treatment on tensile properties  
 

The tensile test results of room temperature and service temperature are listed in Table 3.5, 

each point is an average calculation of two tested specimens, in which SUB has the highest 

yield strength at both room and service temperature and ultimate tensile strength at RT due to 

its small grain size. For continuous cooled specimens, as the grain sizes of them are similar to 

each other, the variation of tensile strength could be attributed to secondary γ’ precipitate size: 

the data in Table 3.5 suggests that both ultimate tensile strength (UTS) and yield strength (YS) 

at room temperature are inversely proportional to average secondary γ’ size. At 700°C, UTS 

F25 F50 

F100 F150 
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follows the same trend – it increases with decreasing secondary γ’ precipitate size, but there’s 

an abnormal for YS at F50, the reason could be the small amount of experimental data and 

discrepancy of individual specimens. The variation of tensile strength and elongation with 

cooling rate are shown in Fig. 3.6.  

 

Table 3.5 Room temperature and service temperature (700°C) tensile test results 

  Room Temperature (25°C) Service Temperature (700°C) 

Sample ID UTS/ 

MPa 

YS/ 

MPa 

Elongation/  

% 

UTS/ 

MPa 

YS/ 

MPa 

Elongation/  

% 

F25 1526 1057 25.7 1242 997 21.1 

F50 1553 1093 25.1 1263 974 24.1 

F100 1596 1175 22.7 1310 1031 18.2 

F150 1602 1197 23.3 1313 1072 16.2 

IC 1577 1159 23.3 1319 1038 17.5 

SUB 1656 1331 21.8 1293 1152 11.4 

 

 

Figure 3.6 The ultimate tensile strength (a) and elongation (b) with cooling rate. 

 

The elongation at room temperature is higher than service temperature for all heat treated 

samples, which is unlike most metallic materials. That is due to the unique high temperature 

(a) (b) 
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strengthening mechanism of nickel superalloy: Kear-Wilsdorf lock [91], which has been 

briefly discussed in Section 2.7.4. The general trend of continuous cooling is the elongation 

decreases with the increase of cooling rate at both testing temperatures, although some 

variations can be spotted (For example: F50 at 700°C). Again, possible reason could be the 

limited number of tested specimens. The subsolvus heat treated sample has the lowest 

elongation value for both temperatures because of its small grain size. 

3.4.1 EBSD 
 

The pole figures of tensile tested samples at room temperature and service temperature near 

the fracture area are shown in Fig. 3.7, which illustrates that the texture observed from room 

temperature tensile test is stronger than service temperature. This is in accordance with the 

elongation result.  

 

 

Figure 3.7 EBSD pole figures of service temperature tensile tested sample (top row) and 

room temperature tensile tested sample (bottom row) both near fracture area. 

 

F150 

700°C 

25°C 
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3.4.2 Microstructure 
 

Fig. 3.8 shows the microstructures of the deformed samples after tensile testing at room and 

service temperature near the fracture area (Fig. 3.1). It can be seen from Fig. 3.8a that the 

secondary γ’ precipitates, irrespective of morphology, are elongated along the tensile loading 

direction (black arrow) for both room temperature and service temperature tensile tested 

samples. There was no such observation in the SUB sample in both cases. As mentioned in 

former text, SUB has the smallest grain and primary γ’ still exists at grain boundary, 

providing a pinning effect which inhibits grain rotation and elongation. Some voids are 

spotted along grain boundaries, indicating that crack initiation might start at grain boundaries 

(Fig. 3.8b). Occasionally, shearing of secondary γ’ could be observed (Fig. 3.8c). The size 

and volume fraction of secondary γ’ have been remained at similar level for both F25 and 

F150 comparing to as-aged sample, as is shown in Fig. 3.9. 
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Figure 3.8 Microstructure of tensile tested samples. Left: Room temperature tested, 

Right: Service temperature tested (700°C); (a) Elongated secondary γ’, (b) Voids at 

grain boundaries, (c) Sheared secondary γ’ particles (yellow arrow). 

 

Room temperature Service temperature 

(a) 

(b) 

(c) 
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Figure 3.9 Average size and volume fraction of secondary γ’ precipitates. (Age: as aged; 

HTT: high temperature tensile; RTT: room temperature tensile; 0.2C: creep test with 

0.2% residual strain; 3C: creep test with 3% residual strain.) 

 

3.4.3 Fracture surface analysis 
 

Fig. 3.10 and 3.11 show the fracture surface of samples tested at room temperature and 

700°C respectively. At room temperature, all the samples irrespective of heat treatment 

condition failed with a mixed fracture feature (Fig. 3.10a). That is, flat fracture in the centre 

and slant fracture surface around the edge. The flat fracture area could be due to plane strain 

conditions while the slant fracture part is because of plane stress conditions [134]. This 

feature usually suggests intermediate fracture toughness. A cleavage in Fig 3.10b indicates 

low toughness on the flat part. Crack propagation in a faceted mode is shown in Fig 3.10c. 

Occasionally, inclusions can be found at surface. The dimples suggest ductile fracture on the 

slant part (Fig. 3.10d). 
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Figure 3.10 The fracture surface of room temperature tensile tested sample. (a) mixed 

fracture feature with flat and slant parts; (b) cleavage on surface; (c) crack propagation 

in a faceted mode; (d) occasionally found inclusions and ductile dimple fracture. 

 

Samples tested at 700°C failed with a flat surface which is normal to the tensile loading 

direction (Fig. 3.11a). This type of feature is usually believed to be dominated by plane strain 

conditions and indicates poor fracture toughness [134]. Chevron shaped marking with ridges 

and valleys radiating from a site could be observed. Crack propagation proceeded in a 

transgranular fracture mode with a highly faceted surface (Fig 3.11c). And occasionally, large 

inclusions can be spotted on the surface (Fig 3.11d). As compared with the room temperature 

fracture, fracture at 700°C is more faceted which suggests the deformation at elevated 

temperature is more planar. 

 

(b) (a) 

(c) (d) 
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Figure 3.11 The fracture surface of service temperature (700°C) tensile tested sample. (a) 

chevron shaped markings with valleys and ridges; (b) cleavage initiating from surface; 

(c) crack propagation in a highly faceted mode; (d) occasionally found inclusions. 

 

3.5 Summary  
 

1. The influence of heat treatment on FGH96 alloy has been studied. The result shows 

that cooling rate plays an essential role in controlling the morphology, size and 

distribution of cooling γ’ precipitates. The size of secondary γ’ and its volume fraction 

are inversely correlated to cooling rate, while particle density is proportional to 

cooling rate. The shape of secondary γ’ precipitates change from butterfly-like to 

spherical as cooling rate decreases. The interrupted cooling sample has a secondary γ’ 

size between the samples that underwent the two cooling rates applied to it, but its 

(a) (b) 

(c) (d) 
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secondary γ’ volume fraction is larger. The secondary γ’ size of the sample underwent 

subsolvus heat treatment has the smallest secondary γ’ size.  

2. Solutioning temperature can change FGH96’s grain size significantly. All the samples 

underwent supersolvus heat treatment, no matter what their cooling rate was, have 

similar grain size, which is bigger than subsolvus heat treated specimen as SEM and 

EBSD results show. 

3. The ultimate tensile strength and yield strength at room temperature are both inversely 

correlated to the cooling rate. But the subsolvus heat treated sample has the highest 

value in both cases due to its small grain size. The same situation can be found for 

700°C yield strength. However, the ultimate tensile strength at 700°C doesn’t obey 

the same rule, which could be due to experimental error. The elongation at room 

temperature is higher than 700°C, which can be proved by EBSD analysis. 

4. After tensile test, secondary γ’ elongation, micro-cracks at grain boundaries and 

shearing of secondary γ’ can be seen in both testing conditions. In addition, the size 

and distribution of secondary γ’ precipitates are both very stable. 

5. FGH96 has an intermediate fracture toughness at room temperature, and the crack 

propagation is in a faceted mode. While at 700°C, the fracture toughness is low, and 

the crack propagation is in a highly faceted mode.  
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Chapter 4 

4 Atom probe analysis for chemical composition of γ/γ’ 

phase 

4.1 Introduction  
 

The nominal chemical composition of FGH96 has been listed in Table 3.1. The elements and 

composition are carefully tailored in order to obtain the required properties in nickel 

superalloys. For example, Al and Ti promote γ’ precipitate formation, the combined amount 

decides γ’ volume fraction; Cr provides excellent corrosion resistance; Co lowers the stacking 

fault energy; W improves the strength of the γ matrix, while Mo and Cr form carbides and 

borides with B and C and segregate to grain boundaries [1, 49]. 

In superalloys such as FGH96, the γ’ precipitate size distribution and morphology strongly 

depends on the applied cooling rate. When cooling rate is rapid, such as water quenching the 

alloy from a supersolvus temperature, a monomodal size distribution of fine γ’ precipitates is 

obtained [20, 31, 34, 40]. These precipitates are nanoscale in size with near spherical 

morphology and their number density is rather high. In industrial applications, however, such 

fast cooling rates are not usually applied because the thermal stresses induced by the 

quenching process can sometimes exceed the ultimate strength of the alloy, resulting in crack 

formation [135]. Slower cooling rates are generally applied in order to obtain a bimodal size 

distribution of γ’ precipitates [22, 31, 33, 40, 59, 136]. Multimodal size distribution are 

generally attributed to multiple distinct bursts of nucleation of precipitates at different 

undercoolings below the γ’ solvus temperature [59]. These multiple nucleation bursts in turn 

result from the complex interplay of: (i) continuously increasing thermodynamic driving 

force for nucleation (chemical free energy difference) due to increasing undercooling; (ii) a 
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reduction in this driving force due to previous nucleation events; and (iii) the rapidly 

declining diffusivity of alloying elements with decreasing temperature [59].  

Three-dimensional microstructural characterisation of nickel base superalloys at atomic scale 

via 3D atom probe tomography (APT) has been employed over the years [34, 49, 50]. The 

most recent atom probe system, local electrode atom probes (LEAP
®
) incorporating a local 

electrode in close proximity to the specimen was first commercially introduced by Kelly et al. 

in 2003 [51]. Recently, several studies have been conducted on both binary Ni-Al alloy and 

commercial superalloys [20, 23, 32, 58, 60, 133, 137] via APT. These studies primarily 

focused on the changing of γ/γ’ during isothermal annealing after fast and/or slow quenching 

from the high temperature single γ phase resulting in a either monomodal or bimodal γ’ 

distribution. Although these studies are rather useful in understanding element partitioning as 

well as γ’ nucleation and growth, the applied heat treatments are quite different from 

industrial situations. Compositional analysis of γ and γ’ in Rene 88DT from different cooling 

rates was conducted by Singh et al. [22] using green laser pulsing LEAP 3000. However, the 

accuracy in picking up the subtle change of composition across γ/ γ’ interface is not as good 

as UV laser, in addition, the applied water quenching was too extreme for industrial 

application in the study. 

Therefore, the current chapter focuses on the size distribution, morphology and composition 

of secondary and tertiary γ’ precipitates generated from different cooling rates throughout the 

disc as well as the compositional partitioning between these γ’ precipitates and the adjacent γ 

matrix. APT provides chemistry and structure information in nano-scale and therefore it is 

not suitable for analysing coarse γ’ precipitates morphology and distribution. Hence, SEM 

has been found to be a more suitable technique for better understanding of an overall coarse γ’ 

size distribution and morphological features over a larger scale. The three primary objectives 

of this chapter are as follows: 
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1. to understand the compositional difference between different generations of γ’ and the 

relationships with cooling rate as well as the near-field and far-field γ phase 

compositions carried out by APT analysis. 

2. to identify γ/γ’ interface width for both secondary and tertiary precipitates from 

different heat treatments based on the proxigrams obtained from APT experiment; 

3. to develop a model illustrating the mechanism for γ’ nucleation and growth and the 

elemental diffusion behaviour upon cooling. 

4.2 Experimental  
 

Samples for APT analysis were cut to 0.5mm×0.5mm×10mm match sticks with a slow speed 

cutting blade and electro-polished to a needle shape with tip diameter less than 100nm. The 

electro-polishing consisted of two steps: In the first step, the samples were immersed in an 

etchant of 25 vol.% HClO4 in butoxyenthanol at 20V (DC) for coarse polishing; Fine 

polishing for the second step was performed using a solution of 2 vol.% HClO4 in 

butoxyethanol at 7V.  

A new generation, LEAP 4000X Si high resolution three dimensional atom probe (3DAP) 

instrument, located at the Department of Materials Science and Engineering, Northwestern 

University was used for the analysis presented in this chapter. Both voltage and laser pulsed 

mode of evaporation are equipped in this 3DAP system. The advanced reflectron system 

allows high mass to charge spectrum resolution to be obtained.  

The specimens with tip radius of about 50-100nm after two step polishing are loaded to the 

specimen stage. The environment is then cooled to 40K removing the thermal energy to 

maximise the atomic structure sensitivity. Individual atoms are stimulated to field evaporate 

and ionized one at a time by applying a pulsed UV laser beam with a wavelength of 355nm in 

addition to an applied stead state standing voltage across an electrode and the sample. In the 
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laser mode, the evaporation rate is controlled between 0.3 and 1.0%, the laser pulse repetition 

frequency is 500 kHz and the laser pulse energy from 18 to 45pJ has been applied. These 

field evaporated ions are accelerated towards a detector which determines the elemental 

identity and the original position using time-of-flight mass spectrometry, a position sensitive 

detector and geometric reconstruction algorithms. The straight flight path 3DAP systems 

have an energy differential to the applied pulsing voltage. This causes a slight variation in the 

time of flight for elements because of a spread in the evaporation time of ions within a single 

pulse. This aberration leads to a reduction of mass to charge spectrum resolution. Hence an 

energy compensating electromagnetic lens assembly named as a reflectron lens is introduced 

to improve the mass to charge spectrum resolution [55, 138, 139]. 

IVAS 3.6 software was used for data analysis. Approximately 36 to 270 million atoms were 

collected for each APT sample. Mass spectrums of these samples were obtained after data 

collection, enabling the elements Al, Cr, Co, Ti, Ni, Mo, W, Nb, and Zr, C, B to be isolated.  

 

4.3 Results  
 

Cooling from a supersolvus temperature for FGH96 alloy results in a bimodal γ’ distribution 

has been mentioned in Chapter 3. Two categories can be defined based on average size, 

morphology, and number density: secondary γ’ precipitates with a relatively large size, 

irregular shape and low number density; and tertiary γ’ precipitates with a small size, 

spherical shape and high number density.  

The secondary γ’ particle size distribution (PSD) is shown in Fig. 3.5. It shows that for a slow 

cooling rate, the range of secondary γ’ precipitate diameter (about 40 – 480 nm for F25) is 

wider than that of the fast cooling rate (about 40 to 180 nm for F150), indicating that 

nucleation events occurred over a range of temperatures but the higher cooling rate restricted 
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precipitate growth, leading to a narrower size distribution. The tertiary γ’ precipitates (not 

presented in the PSD) are nucleated at higher undercooling due to the super-saturation of γ’ 

favoured elements (Al and Ti) provides a high thermodynamic driving force but the growth 

rate is limited due to a lower diffusivity rate at lower temperatures. 

4.3.1 Chemical composition analysis of γ’ phase 
 

4.3.1.1 Continuous cooling 

 

The chemical composition analysis for both γ and γ’ phases have been conducted using APT. 

The 3D reconstruction of F25 with 80 million atoms counted in total is shown in Fig. 4.1a. 

An iso-concentration surface value of 12 at.% Al+Ti, shown in red, has been applied to 

differentiate the γ and γ’ phases (a phase containing more than 12 at.% Al+Ti is considered as 

γ’, and γ otherwise). A background level of 5% Ni ions is shown in blue to highlight the 

geometry of the sample needles. A secondary γ’ precipitate is observed at the top left region 

of the needle, but due to the small scale of the sample only part of it has been measured. A 

tertiary γ’ depleted zone can be seen adjacent to the secondary γ’ precipitate. The tertiary γ’ 

in the vicinity of the depleted zone are smaller in size than those away from the depleted zone. 

Fig. 4.1b shows the 3D reconstruction of F150 with a total of 270 million atoms counted. 

Again, both secondary and tertiary γ’ precipitates are presented with an isoconcentration 

surface value of 12% Al+Ti shown in red and they are separated by depletion zones. Tertiary 

γ’ precipitates are again smaller close to the depletion zone and larger away from it. The size 

of tertiary γ’ can be extracted from the APT data. There is a slight decrease in mean size from 

approximately 12 to 9 nm ± 3nm for the continuous cooled samples, however, these nano 

particle size quantified by APT is dependent on the isosurface value used. 
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Figure 4.1 3D reconstructions of sample F25 (a) with 80 million ions detected and F150 

(b) with 270 million ions. The iso-concentration surface (or isosurface) value of 12 at.% 

Al + Ti is shown in red, both secondary and tertiary γ’ precipitates can be seen clearly 

and they are separated by depletion zones. 5% of Ni ions are shown in blue indicating 

sample geometry. 

 

Fig. 4.2 illustrates proximity histogram concentration profiles (proxigrams for short) with bin 

size of 0.1nm for the main alloying elements in FGH96 (Cr, Al, Co and Ti), across the γ/γ’ 

interfaces for 3 different cooling rates using the Al+Ti = 12 at.% isosurface. The proxigrams 

clearly reveal that the γ phase (represented as negative x values of each plot) is enriched in Cr 

and Co and depleted in Al and Ti, with the γ’ phase (positive x values of each plot) showing 

the opposite. The compositional data in these proxigrams were averaged from the detected γ’ 

precipitates (3-6 precipitates for secondary γ’ and 50-200 for tertiary γ’). The compositional 

difference has been found to be minimal between different tertiary γ’ precipitates in each 

individual measurement despite the variation in sizes for the same cooling rate.  

200nm 

160nm 

400nm 

(a) (b) 

70nm 



66 
 

 

Figure 4.2 Proximity histogram concentration profiles (proxigrams) of the main 

elements in at.% (Cr, Al, Co and Ti) for F25, F100 and F150 across γ/γ’ interface using 

an Al+Ti = 12% isoconcentration surface value. Left column proxigrams (a, c and e) 

show secondary γ’ and γ interface and right column (b, d and f) shows tertiary. For all 

the proxigrams negative x values represent γ phase and positive x values represent γ’. 

The composition data in these proxigrams represent data from the detected precipitates, 

about 3-6 for secondary and 50-200 for tertiary γ’. The black arrows highlight 

compositional gradients of Al and Ti within the secondary γ’ precipitates. The red 

arrows highlight compositional gradients from the γ phase towards the γ/γ’ interface. 

(c) 

(d) 

(a) (b) 

(c) (d) 

(e) (f) 

interface 
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The compositional profiles of the secondary γ’ contain gradients in Al and Ti concentration 

within the γ’ phase as is shown in Fig. 4.2a, c and e (arrowed in black); however, the tertiary 

γ’ does not show this behaviour. These composition gradients show that the Al concentration 

in the secondary γ’ decreases from the interface towards the core of the particle while that of 

Ti increases. No correlation has been found between cooling rate and these gradient changes 

for Al or Ti. This compositional change could be attributed to a ‘shell’ of far-from-

equilibrium composition deposited on the equilibrium secondary γ’ core upon cooling, that is, 

when secondary γ’ precipitates nucleate and grow at relatively high temperature, their 

compositions are close to equilibrium due to fast diffusion rates; when the temperature 

decreases to a point that tertiary γ’ precipitates begin to nucleate, the secondary precipitates 

continue to grow but the newly formed composition is close to that of the tertiary rather than 

secondary and therefore further away from equilibrium. So that on cooling, rather than the 

formation of a uniform secondary precipitate that has similar composition throughout the 

precipitate, a particle with near equilibrium composition at the core and increasingly 

deviating away from equilibrium composition towards the interface is formed. 

Table 4.1 shows the γ’ compositions for samples F25, F50, F100 and F150, along with the 

equilibrium composition calculated by Thermo-Calc software (database TCNI5). The 

compositions are in at.%. For each cooling rate, there are 3 categories: secondary-shell 

(calculated from 5-7nm away from the γ/γ’ interface centre into the precipitate in each 

proxigram), secondary-centre (calculated from 30-35nm away from the γ/γ’ interface centre 

into the precipitate in each proxigram) and tertiary γ’ composition (5-7nm away from the γ/γ’ 

interface centre). The errors are not plotted as they obscure the data, but are less than 1% of 

the data. The calculated equilibrium composition is at 25°C, the same hereinafter unless 

specified. 
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When compared to the equilibrium γ’ composition, the secondary-centre γ’ composition is 

closer to equilibrium for all the cooling rates studied, and the correlation between cooling rate 

and secondary-centre γ’ composition has been found to be minimal. Only the Cr and Co 

concentrations at the secondary-centre γ’ location tend to increase with a higher cooling rate. 

A possible reason could be a factor of 6 (150°C/min over 25 °C/min) difference in the 

cooling rate may not have been sufficient to observe a difference in the chemical ordering of 

secondary γ’ precipitates that occurs, and a much higher cooling rate would be required to 

observe any difference. Indeed, Singh et al. [22] compared the composition of secondary γ’ 

when water quenched (>300°C/min) and slow cooled (24°C/min), and the results clearly 

showed that the γ’ composition of the slow cooled sample was close to equilibrium but that of 

the water quenched sample was far from equilibrium.  

The secondary-shell compositions are similar for all the cooling rates studied and are further 

away from equilibrium compared to the secondary-centre compositions. For the tertiary γ’ 

compositions, there is no clear evidence of compositional difference in the range of cooling 

rates in the present study, this could be associated with the post 8h ageing at 760°C resulting 

in diffusion and diminishing the compositional difference for different cooling rates. When 

comparing secondary-shell and tertiary γ’ compositions for the same cooling rate, it appears 

that secondary-shell γ’ compositions are closer to equilibrium than those of tertiary 

precipitates, especially in terms of Al and Ti concentration. It is possible that the secondary-

shell compositions are affected by the near-equilibrium secondary-centre composition upon 

cooling so that the shell compositions change gradually towards the interface, observed as the 

negative Al and positive Ti composition gradients shown in Fig. 4.2 (a, c and e) in the γ’ 

phase (black arrows). Another reason could be the equilibrium compositional difference at 

different temperatures for γ’. The last column of Table 4.1 is the combined concentration of 

Al and Ti. It shows that Al+Ti content is similar for the γ’ phase (secondary-centre, 
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secondary-shell and tertiary γ’) for the same heat treatment. In order to maintain a similar 

level of Ni/(Al+Ti) ratio, the Al content is richer for tertiary γ’ and therefore further away 

from equilibrium compared to the secondary-shell value. A more detailed analysis is 

conducted in Section 4.4.2. 

 Fig. 4.3 shows the proxigrams of F25 and F150 for low content elements Mo, W and Nb. It 

can be seen that the γ phase is enriched in Mo and γ’ is enriched in Nb. Like Al, Nb also 

exhibits a declining concentration away from the interface in the secondary γ’ precipitates 

(see arrows), and this is not observed in the tertiary γ’ precipitates. W exhibits a unique 

partitioning behaviour: Clear W peaks have been found at the γ/γ’ interfaces for both 

secondary and tertiary γ’ as shown in Fig. 4.3. The equilibrium compositions of γ’ (Table 4.1) 

and γ phases (Table 4.3) calculated by Thermo-Calc suggest that W segregates to γ phase. 

The γ’ phase ejects W to the γ phase upon cooling, but due to the large atomic radius of W 

(W: 0.193nm, Ni: 0.149nm, Al: 0.118nm), its diffusivity is relatively slow, and therefore a 

peak of W is formed at the interface and its composition decreases towards the γ’ phase 

centre. This is reasonable as W is deliberately added to Ni superalloys such as FGH96 to 

slow down diffusion and retard coarsening at high temperature. The enrichment of W at the 

γ/γ’ interfaces has also been found in other commercial nickel superalloys analysed by APT 

[140]. The W enrichment at the interface is lowered with higher diffusion rates and/ or time. 

This is seen in Fig. 4.3, where the W enrichment at the interface of secondary γ’ in F25 is not 

as sharp as that of sample F150. 
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Table 4.1 Secondary γ’ particle compositions (at.%) of continuous cooling samples, 

determined from APT proximity histogram concentrations at (i) 5-7nm away from the 

center of the γ/γ’ interface, into the secondary precipitates, termed ‘secondary-shell’; (ii) 

the center of the tertiary precipitates; and (iii) 30-35nm away from the center of the γ/γ’ 

interface, into the secondary precipitates, termed ‘secondary-towards-center’. The 

compositional equilibrium of γ’ precipitate at 760
 o

C, is also presented, calculated from 

Thermo-Calc using the TCNI5 nickel-base superalloy database. 

Sample Location Ni Cr Al Co Ti Mo Nb W Al+Ti 

F25 

Secondary-shell 70.6 1.2 11.6 4.4 9.4 0.8 0.6 1.2 21.0 

Tertiary 70.0 1.4 12.2 4.3 8.6 1.0 0.7 1.6 20.8 

Secondary-centre 70.8 1.6 10.1 4.9 10.8 0.6 0.4 0.7 20.9 

F50 

Secondary-shell 69.4 1.3 11.6 4.8 10.4 0.7 0.6 1.0 22.0 

Tertiary 70.1 1.2 12.2 4.8 9.4 0.9 0.4 1.3 21.6 

Secondary-centre 68.8 1.8 10.8 5.4 11.4 0.5 0.6 0.7 22.2 

F100 

Secondary-shell 70.3 1.4 10.9 4.6 10.6 0.7 0.4 0.9 21.5 

Tertiary 69.6 1.5 11.9 4.3 9.6 0.9 0.5 1.4 21.5 

Secondary-centre 69.8 2.0 9.6 5.5 11.4 0.6 0.3 0.7 21 

F150 

Secondary-shell 70.7 1.3 11.3 4.5 9.8 0.7 0.5 1.1 21.1 

Tertiary 70.5 1.5 11.8 4.4 8.8 0.9 0.5 1.4 20.6 

Secondary-centre 69.8 1.9 10.1 5.4 11.2 0.5 0.4 0.7 21.3 

Equilibrium 

at 25°C 
FGH96 72.9 2.9 10 2.4 10.7 0.13 1 0.02 20.7 
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Figure 4.3 The proximity histogram concentration profiles (proxigrams) in at.% of Mo, 

W and Nb in samples F25 and F150 across the γ /γ’ interface using Al+Ti = 12% 

isoconcentration surface values. The left column proxigrams (a and c) show the 

secondary γ’ interface and the right column (b and d) shows tertiary. For all the 

proxigrams negative x values represent γ phase composition and positive x values 

represent γ’. The black arrows highlight compositional gradients of Nb within the 

secondary γ’ precipitates, that are not observed in the tertiary γ’ precipitates. 

 

4.3.1.2 Interrupted cooling 

 

The 3D reconstruction image from the sample IC is shown in Fig. 4.4. It shows that unlike 

the continuous cooled samples, the interrupted cooling path created 3 distinctive γ’ 

populations: secondary γ’, pseudo tertiary γ’ and tertiary γ’. The proxigrams of these three γ’ 

types are shown in Fig. 4.5. The Al concentration decreases in secondary γ’ away from 

interface, while Ti increases (Fig. 4.5a) in the same way as for the continuously cooled 

(c) (d) 

(a) (b) 
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samples (Fig. 4.2). Again, this trend for Ti and Al concentration was not found in the fine 

tertiary γ’ (Fig. 4.5e). The compositional change of Al and Ti for pseudo tertiary γ’, however, 

has similar trend to the secondary γ’ precipitates but the absolute values of the composition 

gradients are not as large. This is evident as a convergence of the Al and Ti concentration 

profiles in secondary γ’ (arrowed in black) while those of pseudo tertiary γ’ do not converge 

as shown in Fig. 4.5c. This suggests that the γ’ core for pseudo tertiary precipitates is further 

away from equilibrium composition compared to the secondary γ’ centre. The pseudo tertiary 

γ’ precipitates have characteristics between secondary and tertiary γ’ in terms of size and 

chemical compositions (based on the APT results) and therefore are named as pseudo-tertiary.  

 

Figure 4.4 3D reconstruction of sample IC with 208 million ions detected. The iso-

concentration surface (or isosurface) of 12 at.% Al + Ti is shown in red, 5% Ni ions are 

shown in blue indicating sample geometry. 3 distinctive populations of γ’ can be spotted: 

secondary on the right, pseudo tertiaries on the left and small tertiaries in the middle. 

 

The data shown in Table 4.2 is evidence of this phenomenon. Like the continuously cooled 

samples, the γ’ composition for the secondary-centre is closer to equilibrium with low Al and 

high Ti concentrations, while tertiary is away from equilibrium. Again, secondary-shell 

composition is somewhere between secondary-centre and tertiary. For the pseudo tertiary γ’, 

320nm 

160nm 
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the shell composition is close to tertiary γ’, but the centre is closer to equilibrium. The Mo 

and Nb participation behaviours are similar with continuous cooled samples. W peaks are 

also present at the γ/γ’ interface for both secondary and tertiary precipitates. 

 

Figure 4.5 The proximity histogram concentration profiles in at.% of Mo, W and Nb in 

the IC sample across the γ /γ’ interface using Al+Ti = 12% isoconcentration surface 

values. Left column proxigrams (a, c and e) show Cr, Al, Co and Ti and right column 

proxigrams (b, d and f) show Mo, Nb and W. For all the proxigrams negative x values 

represent γ phase composition and positive x values represent γ’. The black arrow 

highlights compositional gradients of Al and Ti within the secondary γ’ precipitates. 

The large tertiary precipitates also exhibit this trend in Al and Ti, but not as 

dramatically. 

 

(a) (b) 

(c) (d) 

(e) (f) 
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Table 4.2 γ’ particle compositions (at.%) of the interrupted cooling sample, determined 

from APT proximity histogram concentrations. The compositions are determined under 

three distinct precipitate-size categories: secondary, large tertiary and fine tertiary.  

Similar to Table 4.1, the secondary and large tertiary γ’ precipitates are separated into 

the compositions within the precipitate shell and towards the precipitate core, with the 

‘large tertiary towards-centre’ value determined 15-20nm away from the interface. The 

calculated compositional equilibrium of the γ’ precipitate at 760
 o

C from Thermo-Calc 

and the TCNI5 database is presented. 

Sample Location Ni Cr Al Co Ti Mo Nb W Al+Ti 

IC 

Secondary-shell 70.6 1.4 11.1 4.5 10.2 0.7 0.5 1.0 21.3 

Pseudo tertiary-shell 71.2 1.3 11.4 4.2 9.3 0.8 0.5 1.2 20.7 

Tertiary 70.9 1.3 11.7 4.2 8.8 0.9 0.5 1.3 20.5 

Pseudo tertiary-centre 70.9 1.4 11.0 4.2 10.4 0.6 0.5 1.0 21.4 

Secondary-centre 69.6 2.0 10.0 5.7 11.6 0.5 0.4 0.7 21.6 

Equilibrium 

at 25°C 
FGH96 72.9 2.9 10 2.4 10.7 0.13 1 0.02 20.7 

 

4.3.2 Chemical composition analysis of γ phase  

 

Not only have compositional differences in γ’ been found, the γ phase near these precipitates 

also exhibits local compositional variations. Composition gradients from the γ phase towards 

the γ/γ’ interface of the plotted 4 elements have been observed (Fig. 4.2, arrowed in red), in 

which the Cr and Co exhibit positive gradient slope values (concentrations increase towards 

the interface) while Al and Ti exhibit negative values (concentrations decrease towards the 

interface). When comparing between cooling rates, the gradients increase with cooling rate. 

For the same cooling rate, when comparing compositional gradients in the γ phase originating 

from secondary and tertiary γ’ precipitates, no difference is found for F25 and F50 (slow 
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cooling), but for F100 and F150, the compositional gradients within γ are greater from the γ 

to tertiary γ’ precipitates than from the γ phase to secondary γ’.  

Fig. 4.6 shows magnified proxigrams for Cr, Al and Ti in the γ matrix of F25 and F150 from 

the interface of the γ side (with secondary γ’ on the other side) to the precipitate free γ’ 

depletion zone of the γ to the left of each graph. Both near-field and far-field (up to -35nm) 

matrix compositions are presented in the plots. As can be seen from Fig. 4.6a, for both F25 

and F150, Cr compositions exhibit short-range near-equilibrium composition close to the 

interfaces (~ 28 at.%), and then decrease away from interface. Therefore as one probes away 

from secondary γ’ precipitates, the γ composition within the depletion zone also departs away 

from equilibrium, which is consistent with literature [59]. Compositional variations moving 

away from the interface in the γ phase are also observed in Al and Ti (Fig. 4.6b). The γ 

matrix is depleted in Al and Ti for both F25 and F150 next to the interface, with composition 

of ~1 at.% and ~0.5 at.% respectively. The Al and Ti compositions increase gradually away 

from the interface, as well as diverging from the calculated equilibrium composition. These 

observations are supported by the data in Table 4.3, in which the γ compositions for each 

sample have been listed based on 3 categories: γ near secondary γ’ precipitates (-7 to -5nm 

from the centre of the interface), γ far from secondary precipitates (-33 to -30nm from the 

centre of the interface) and γ near tertiary precipitates (-7 to -5nm from the centre of the 

interface). For each heat treatment, the γ compositions near secondary γ’ precipitates are 

closer to equilibrium (enriched in Cr and Co and depleted in Al and Ti) than those far from 

secondary γ’. The γ composition near tertiary γ’ also exhibits near-equilibrium compositions, 

however, no relationship has been found between near-secondary and near-tertiary γ 

compositions, with a possible reason being that the post ageing treatment compensated the 

near-field compositional difference between size distribution for each sample. Similarly, as 

shown in Fig. 4.5, near-field compositional gradients of these elements in the γ phase have 
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been found to be similar both near pseudo tertiary and tertiary γ’, indicating the γ phase 

composition change close to tertiary are similar, regardless of size difference. 

 

 

Figure 4.6 Magnified proximity histograms concentration profiles of the γ phase 

composition for F25 and F150 samples in the vicinity of secondary γ’ precipitates. The 

plots show the near-field and far-field matrix composition of Cr (a), Al and Ti (b) in the 

γ matrix. 

 

When comparing the far-field γ composition from different cooling rates, it is clear that the 

decrease of Cr composition and increase in Al and Ti compositions away from the interface 

and into the matrix are more dramatic for F150 than for F25, as is shown in Fig. 4.6. In other 

words, these element compositions deviate more rapidly away from equilibrium due to higher 

undercooling that limits the diffusion rate. Table 4.3 shows the compositional changes in 

detail. Slow cooling rates (F25 and F50) have far-field γ compositions closer to equilibrium 

(more Cr and Co content and less Al and Ti) compared to fast cooling (F100 and F150), 

indicating that a higher undercooling limits elemental diffusion rate and does not provide 

long-range equilibrium composition. For the near-field γ composition, no clear trend has been 

found between different cooling rates. 

 

(a) (b) 
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Table 4.3 Compositions of γ matrix (at.%) determined from APT proximity histogram 

concentration profiles for samples with different cooling histories. The matrix 

compositions are calculated at three locations: near secondary, far from secondary and 

near tertiary γ’ precipitates. Near secondary: 5 to 7nm from the interface centre, into 

the matrix; Far from sec: 33 to -30nm from the centre of the interface; Near tertiary: 5 

to 7nm from the interface centre. The calculated compositional equilibrium of the γ 

phase at 760oC from Thermo-Calc and the TCNI5 database is presented. 

  Ni Cr Al Co Ti Mo Nb W 

F25 

Near secondary 47.4 28.0 1.0 18.0 0.4 3.1 0.1 1.6 

Far from sec 49.5 25.8 2.0 16.5 1.2 2.9 0.2 1.6 

Near tertiary 47.4 28.2 1.0 17.7 0.4 3.2 0.1 1.7 

F50 

Near secondary 46.6 28.6 1.0 18.4 0.4 3.1 0.1 1.6 

Far from sec 51.4 24.0 2.7 15.8 1.6 2.7 0.2 1.5 

Near tertiary 47.4 29.6 1.1 17.8 0.4 3.0 0.1 1.5 

F100 

Near secondary 46.8 28.5 1.1 18.2 0.4 3.0 0.1 1.6 

Far from sec 51.5 23.5 3.2 15.2 2.0 2.5 0.2 1.6 

Near tertiary 47.3 28.4 1.1 17.8 0.5 2.9 0.1 1.6 

F150 

Near secondary 46.9 28.5 1.1 18.1 0.4 2.9 0.1 1.6 

Far from sec 51.3 23.9 2.8 15.7 1.8 2.6 0.2 1.6 

Near tertiary 47.4 28.2 1.1 17.9 0.5 2.9 0.1 1.6 

IC 

Near secondary 46.9 29.7 1.0 18.3 0.5 3.0 0.1 1.6 

Far from sec 51.7 24.2 3.0 15.5 2.1 2.6 0.2 1.5 

Near tertiary 47.5 29.5 1.1 17.9 0.5 3.0 0.1 1.5 

Equilibrium  FGH96 42.0 29.9 0.05 21.4 0.01 4.4 0.01 2.2 
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4.3.3 Interface width  
 

As illustrated before, the proxigrams were calculated based on an isoconcentration surface 

value of 12 at.% Al + Ti. It was noted that changing this value did not have a notable effect 

on either the steady-state γ’ or γ compositions, or the interface width. The only observable 

change was in the actual location of the interface (the zero position on the x-axis) [32]. It can 

be seen from Fig. 4.2 and Fig. 4.6, all the strong partitioning elements (Cr, Co, Al, Ti, Mo 

and Nb) present sharp interfaces across the two phases. In this study, the interface width for 

each case is calculated from the Cr composition profile (indicated with black dash lines in Fig. 

4.2) between γ and γ’ due to two reasons: (1) Cr is the primary alloying element in FGH96 

alloy and (2) Cr is a strong γ partitioning element and therefore presents the sharpest 

concentration gradient through γ and γ’ interface in the APT concentration profiles. The 

width of γ/ γ’ interface was determined using a 10-90% of the plateau (long-range γ and γ’ 

compositions) method [141, 142]. Table 4.4 shows that the particle/matrix interface width 

increases with cooling rate for both secondary and tertiary γ’ and that the interface width with 

the secondary γ’ particles is narrower than that of the tertiary γ’ particles for the same sample. 

The error bars associated with the interface width have been set as ±0.2nm based on the bin 

size used for computing the proxigrams.  

The results clearly illustrate that tertiary γ’ precipitates exhibit their less ordered nature due to 

the limited diffusivity at the temperature when they are formed and this lack-of-order nature 

increases with higher cooling rates. Secondary γ’, however, this difference is observed to be 

minimal, which could be due to the fast ordering at the temperature these precipitates are 

formed. Since sample IC has two tertiary γ’ populations, the interface widths for large and 

small tertiary are different: small tertiary γ’ has wider interface width. 
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Table 4.4 Interface width of γ/ γ’ for different heat treated samples. 

Heat treatment F25 F50 F100 F150 IC 

Width of secondary 

γ’/ γ (nm)  

3.4 ± 0.2 3.4 ± 0.2 3.7 ± 0.2 3.8 ± 0.2 3.7 ± 0.2 

Width of tertiary 

γ’/ γ (nm) 

4.2 ± 0.2 4.3 ± 0.2 5.1 ± 0.2 6.2 ± 0.2 

Large 5.3 ± 0.2 

Small 7.4 ± 0.2 

 

4.4 Discussion  
 

4.4.1 γ’ precipitation mechanism upon cooling  
 

Based on the detailed compositional analysis of γ and γ’ phases from APT experiments and 

the size and morphology analysis from SEM images, a mechanistic model can be proposed to 

explain the overall γ’ precipitation process upon cooling for the FGH96 superalloy. Fig. 4.7 

and Fig. 4.8 show the schematic diagrams of the proposed mechanism. When cooling from a 

supersolvus temperature, the chemical volume free energy, ΔGv, continues to increase with 

increasing undercooling once the temperature is below solvus (1120°C for FGH96), until the 

critical activation energy barrier ΔG
*
 for nucleation is low enough to be overcome, leading to 

the first burst of nucleation. In the case of the slow cooled sample F25 (orange line in Fig. 

4.7), a slow cooling rate results in nucleation and growth occurring at relatively high 

temperature (orange line a) where diffusion rates are relatively fast. This promotes rapid 

elemental partitioning between the secondary γ’ precipitates and the surrounding γ matrix; 

that is, Al and Ti partition to the ordered γ’ phase while Cr and Co partition to γ phase. These 

secondary γ’ precipitates grow rapidly due to fast elemental partitioning, and the precipitate 



80 
 

morphology develops from spherical shape to cuboidal or butterfly shape once the anisotropic 

elastic strain energy surpasses the isotropic interfacial energy (orange line b). Meanwhile, the 

driving force for nucleation is relatively low under low undercooling which results in a low 

particle number density (8/µm
2
, Table 3.4), and the precipitates are separated by large 

distances (average particle distance of 157nm, Table 3.4).  

As soon as the secondary precipitates are nucleated, the nucleation driving force built up by 

increasing undercooling is partially consumed and a local γ-γ’ equilibrium is achieved across 

the interface where near-field γ phase is depleted in Al and Ti while enriched in Cr and Co 

forming γ’-free depletion zones around the γ’ nuclei. These nuclei are enriched in Al and Ti 

whereas depleted in Cr and Co (Fig. 4.8a, composition data in Table 4.1 and Table 4.3). 

However, long-range γ equilibrium cannot be achieved due to a continuously decreasing 

temperature that limits atom diffusivity (compositional gradient in Fig. 4.6). New nuclei form 

with continuous nucleation driving force building up from increasing undercooling (broad γ’ 

size distribution in Fig. 3.5). As secondary γ’ precipitates grow in size, when the long range 

diffusion fields of two adjacent precipitates overlap (often referred to as soft impingement) 

[22], it is more energetically favourable for precipitate growth instead of new secondary γ’ 

nucleation within γ between these precipitates (Fig. 4.8b). Not until the γ’ forming elements 

Al and Ti in the far-field γ channel are super-saturated and the undercooling temperature is 

low enough with a critical energy barrier ΔG
*
 sufficiently low, does a second burst of 

nucleation occur, forming tertiary γ’ precipitates in γ channels between secondary γ’ 

precipitates, next to depletion zones, consuming part of the built nucleation driving force as 

well as eliminating elemental super-saturation. These tertiary γ’ precipitates are very small in 

size and high in number density due to limited diffusivity of atoms under such high 

undercooling coupled with a great thermodynamic driving force for nucleation. Also, they are 

relatively smaller in size close to the depletion zones and larger away from these zones (Fig. 
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4.1 and Fig. 4.8c), which could be because the driving force for nucleation in the γ matrix is 

higher away from the depletion zone (higher Al content and lower Cr as shown in Fig. 4.8b). 

At the same time, the growth of secondary γ’ continues despite tertiary γ’ forming, but the 

diffusivity is sufficiently low that a ‘shell’ of far from equilibrium composition is deposited 

on the secondary γ’ precipitates (Table 4.1, orange line c in Fig. 4.7 and black shell on 

secondary γ’ in Fig. 4.8c). This ‘shell’ composition is somewhere between secondary and 

tertiary γ’, but getting closer to equilibrium probing away from interface towards the 

precipitate core (Al and Ti gradients in γ’ in Fig. 4.2). 

 

 

Figure 4.7 Schematic diagram illustrating the effect of cooling path on γ’ morphology 

and size distribution. Orange, black, red lines represent F25, F150 and IC respectively. 

Blue dots represent tertiary γ’ and blue ‘shells’ with similar compositions are deposited 

on secondary precipitates. For IC, the red round dots represent pseudo tertiary γ’ that 

might have nucleated at higher temperatures than those of the small tertiary. 

 

a 

b 

c 
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For the fast cooled sample F150 (black line in Fig. 4.7), when it is cooled from the same 

temperature, due to higher undercooling and reduced atom diffusivity coupled with a high 

nucleation driving force, the secondary γ’ precipitates are high in number density (42/µm
2
, 

Table 3.4), small in size, remain near-spherical shape (Fig. 3.3 and roundness value in Table 

3.4) and are narrowly distributed (Fig. 3.5). The basic mechanisms for both secondary and 

tertiary γ’ formation are very similar with F25 and therefore can be explained by Fig. 4.8 as 

well. But the composition of secondary γ’ lies further away from the calculated equilibrium 

compared to F25 due to the faster cooling rate, as evidenced by more Cr and Co in 

secondary-centre γ’ in Table 4.1, although this difference is very small. Also, due to the high 

number density of secondary γ’ in F150, the γ channel between these precipitates are 

narrower (67nm average particle distance in Table 3.4), so that the tertiary γ’ size difference 

near and away from the precipitate depletion zones is not as apparent as in F25 (Fig. 4.1). No 

clear relationship has been found between the tertiary γ’ compositions and the cooling rate 

(Table 4.1), indicating that tertiary γ’ precipitates were formed over a relatively short 

temperature range and the compositions are far-from equilibrium and size independent. Singh 

et al. [59] studied the γ’ nucleation and growth in Rene 88DT alloy, which is a very similar 

alloy to FGH96, and found that at a cooling rate of 24°C /min, the tertiary γ’ nucleate 

between ~800 and 700°C. However, a monomodal distribution can be achieved provided the 

cooling rate is fast enough (for example water quenching) so that the second burst of γ’ is 

suppressed and these monomodal distributed precipitates might develop necked regions due 

to the overlap of their diffusion fields, their compositions are far from equilibrium due to 

limited diffusivity [22]. 

For F50 and F100, these two samples also exhibit bi-modal γ’ distribution and the γ’ growth 

mechanism are similar with F25 and F150, again can be explained by Fig. 4.7 and 4.8. The 
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secondary γ’ precipitates also exhibit near equilibrium composition at the centre and a far-

from equilibrium ‘shell’ with composition close to the tertiary γ’ precipitates.  

 

 

Figure 4.8 Schematic diagrams of γ’ nucleation and growth and chemical composition 

change in γ and γ’ phases during continuous cooling: (a) secondary γ’ nucleation, red 

dash line represents γ’-free depletion zone in γ which is enriched in Cr and depleted in 

Al and close to equilibrium of γ phase, black dash line represents far-field diffusion 

zone; (b) far-field diffusion zones grow with secondary γ’ particle size and partially 

cancel nucleation driving force in the γ  matrix while secondary γ’ maintains 

equilibrium composition; (c) no further precipitates nucleate between two secondary 

precipitates once the far-field diffusion zones overlap, but tertiary γ’ forms in γ channel 

and are separated by depletion zones when undercooling is high, and at the same time, a 

‘shell’ forms on the secondary γ’ phase that possesses a far-from-equilibrium 

composition. 

 

Finally, for sample IC, the interrupted cooling path resulted in 3 γ’ populations, with low 

secondary γ’ particle density and a wide secondary particle distance (Table 3.4). As the red 

line in Fig. 4.7 shows, the γ’ nuclei formed are as described for the F25 (Fig. 4.7 orange line 
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a). The change in cooling rate from 25 to 150°C/min inhibits the growth of these precipitates 

formed around the cooling-rate-changing temperature (1050°C), and these γ’ nucleated 

around this temperature is developed as pseudo tertiary γ’ instead of fully developed 

secondary. These pseudo-tertiary precipitates are relatively larger in size as compared to 

small tertiary (Fig. 4.4), have compositions close to equilibrium at the precipitate centre, 

though not as close as the centre of a secondary γ’, and a far from equilibrium composition at 

the shell (Table 4.2). The small tertiary γ’ are formed following the same mechanism as the 

continuous cooled samples and the compositions differ from equilibrium. 

 

 

4.4.2 Sequential equilibria 
 

Thermo-Calc (database TCNI5) has been applied to calculate the equilibrium compositions of 

γ and γ’ phases from 1120°C down to 500°C for every 5°C in order to see the equilibrium 

concentration change for the elements during cooling. Fig. 4.9 shows the Al and Ti sequential 

equilibria diagrams for the γ’ phase. It illustrates that the Al and Ti curves are rather 

symmetrical, Al equilibrium concentration increases with decreasing temperature while Ti 

decreases. This behaviour explains the Al and Ti compositional differences for secondary and 

tertiary γ’ in Table 4.1 and the compositional gradients of Al and Ti in γ’ in Fig. 4.2 (black 

arrows). At high temperature when secondary γ’ nucleates, the equilibrium concentration 

difference for Ti and Al is relatively large, for example (Ti - Al) ≈ 2 at.% at 1000°C, but this 

difference is much smaller at the lower temperatures where tertiary γ’ is formed, for example 

this value is ≈ 0.8 at.% at 700°C. In addition, the Al + Ti compositional value remains steady 

in the temperature range studied. Hence, Ti concentrations tend to be higher than Al for 

secondary γ’ and otherwise for tertiary γ’ as the data in Table 4.1 and Table 4.2 show. Also, 
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the secondary-shell γ’ is believed to be formed during continuous cooling and therefore Al 

and Ti gradients are formed where Al concentration increases and Ti decreases from the 

precipitate core towards the interface (Fig. 4.2) but Al + Ti remains stable (Table 3.1). 

Interestingly, both curves have inflection points around 970°C that are also symmetrical. This 

temperature could be the point at which secondary γ’ precipitates stop nucleating so that the 

nucleation driving force keeps building up and therefore affects the equilibrium composition 

at this temperature. This is in a good agreement with a previous study, the nucleation 

temperature range for secondary γ’ in Rene 88DT is found to be from ~1200 to ~1000°C [59].  

 

 

Figure 4.9 Sequential equilibria diagram of Al and Ti in γ’ phase from solvus 

temperature 1120°C to 500°C, calculated from Thermo-Calc. 
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4.5 Summary  
 

1. Based on the APT data reconstructions, γ’ free depletion zones are found adjacent to 

secondary γ’ precipitates in the γ matrix, and tertiary γ’ precipitates are found to be 

smaller in size near depletion zones and bigger away from these zones.  

2. Analysis of the APT data shows that the γ’ phase is enriched in Al, Ti, and Nb, while 

the γ phase is enriched in Cr, Co and Mo. Agreement is found between the γ’ 

equilibrium value determined by Thermo-Calc and the measured composition of γ’ at 

the centre of the secondary precipitates with minimum impact from cooling rates. The 

composition of the ‘shell’ of the secondary precipitates are far from the calculated 

equilibrium and are formed upon cooling on secondary γ’ precipitate cores (which are 

close to equilibrium in composition). The compositions of these shells deviate further 

from equilibrium towards the interface observed as compositional gradient of the 

main elements (Al, Cr, Ti and Co) in the proximity histogram concentration profiles. 

This deviation away from equilibrium composition was not observed for the tertiary 

γ’. There is no evidence that the cooling rate has influence on secondary-shell and 

tertiary γ’ compositions, although the post ageing treatment might affect the 

composition. 

3. Tungsten concentration peaks are found at the γ/γ’ interfaces, which is evidence of W 

retarding coarsening at high temperature. 

4. Local γ phase compositional variations show that equilibrium is achieved close to the 

γ/γ’ interface but deviates from equilibrium in the far-field matrix. This compositional 

deviation from equilibrium increases with cooling rate. For each sample this tendency 

is greater for the γ phase close to tertiary γ’ precipitates than the γ phase close to 

secondary precipitates. 
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5. A model explaining the γ’ nucleation and growth mechanism has been proposed based 

on the experimental data and analysis: local γ/γ’ equilibrium is achieved when the 

first burst of γ’ nucleation occurs (secondary γ’) upon cooling. This nucleation 

diminishes the built up nucleation driving force, but long-range γ equilibrium is not 

achieved so that new nuclei could form within the matrix. When the far-field diffusion 

zone of two secondary γ’ overlaps, no nuclei will form between them until the second 

burst of γ’ takes place (tertiary γ’) due to the high nucleation driving force. This 

releases the γ phase from the state of super-saturation with γ’ forming elements. At 

the same time, secondary γ’ continues to grow but due to the limited atomic diffusion 

rate under high undercooling, far-from-equilibrium composition shells are formed and 

the composition deviates further from equilibrium towards the interface away from 

the precipitate core. The tertiary γ’ precipitates are separated from the secondary 

precipitates by γ’-free depletion zones. The tertiary precipitates are small in size close 

to the depletion zones but larger away from these zones, as they form under different 

levels of super-saturation. 

6. This difference of Al and Ti compositions within secondary and tertiary γ’ 

precipitates, and the compositional gradient of Al and Ti from the γ/γ’ interface 

towards the core of the secondary γ’ precipitates, are rationalised in light of a 

sequential equilibria analysis calculated in Thermo-Calc, with good agreement shown 

between calculation and experimental data. 

 

 

  



88 
 

Chapter 5 

5 Nano-indentation on γ/γ’ phase 

5.1 Introduction  
 

In the last chapter, the compositional changes of the γ and γ’ phases from different cooling 

rates were investigated by APT. In this chapter, the micro-mechanical properties of secondary 

γ’ precipitates from different cooling rates as well as the γ matrix will be tested by in-situ 

nano-indentation based on Scanning Probe Microscope (SPM). In-situ nano-indentation 

based on scanning microscopy is a relatively new technique which allows mechanical testing 

on a micron or even nano scale, for instance, thin films and fine precipitates [62]. Göken and 

Kempf [61] was one of the first researchers who applied in-situ nano-indentation on nickel 

superalloys using AFM. In AFM, very high resolution images can be obtained as the tip 

radius of the probe can be very small (<15nm) so that very fine structures can be recognised 

by the system. However, the probe in AFM is attached to a cantilever and scans horizontally, 

while an extra module is needed on top of the probe for indentation by bending the cantilever. 

SPM, on the other hand, uses a rigid probe attached to the signal detector perpendicular to 

sample surface with which in-situ nano-indentation can be achieved. In Section 5.3, the 

hardness and elastic modulus of both γ and γ’ phases are investigated based on the load-

displacement curves generated from the nano-indentation tests. Possible error sources are also 

discussed including grain orientation (by the data from 300nm depth indentation 

experiments), surrounding matrix, indenter tip geometry, plastically deformed zone and the 

influence of tertiary γ’ precipitates. 
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5.2 Experimental  
 

The continuous cooled samples (F25 – F150, Table 3.2) were ground and polished then 

electro-etched as described in Section 3.2, so that a nano level surface roughness is achieved 

for the indenter tip to identify the γ and γ’ phases. Before scanning and/or indenting, the 

sample surface was cleaned with ethanol and cotton to remove contamination. Selected 

samples were scanned to obtain images on both AFM and SPM.  

Tapping mode was applied for AFM imaging which was performed with a Bruker Innova 

nano-indenter located in Imperial College. The probe used was a standard cube corner shaped 

Si tip with a tip radius of 15nm. The lateral solution was estimated to be 5nm and the vertical 

resolution is better than 1nm. The surface roughness or the height difference between γ and γ’ 

is about 10nm. Nano-indentation is not performed with AFM because in AFM system, 

indentation is performed by bending the cantilever where the tip is fixed on one end of it. 

Such arrangements are not suited to measure forces accurately as the tip scratches the surface 

and does not exactly indent the sample along the vertical [61]. 

In-situ nano-indentation experiments on the γ and γ’ phases were performed with Hysitron 

tribo-indenter in Technologiezentrum am Europaplatz, Hysitron, Inc. in Aachen Germany. 

This equipment allows topography scanning and indenting with the identical probe which is 

perpendicular to the sample surface. The nano-indentation tests in this study were performed 

in load controlled mode. The force resolution was < 30nN and the maximum force applicable 

was 100mN. A diamond cube corner shaped tip with tip radius of 80nm was applied and the 

indentation depth was 15nm. The loading function for the indentation tests was: 5 seconds 

loading to 15nm depth, 3 seconds holding at 15nm depth and 1 second unloading. For each 

phase on each sample, 8-15 indents were performed and average values were taken with 

errors of standard deviation divide by the square root of test number. Since the extremely 

small indents are rounded, this method has a limited accuracy and allows only qualitative 
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comparisons [143]. More accurate measurement of load-displacement data is needed for 

quantitative hardness and elastic modulus measurements. 

Displacement controlled nano-indentation test on F25 was performed at room temperature to 

300nm depth using a Berkovic diamond tip indenter to test the mechanical properties of 

different grains. In this way, the influence of grain orientation on nano-indentation tests can 

be studied. The experiments were carried out with Nanotest from Micro Materials Ltd. 

located in Imperial College. 100 indents were carried out in the arrangement of 10×10, with 

20µm spacing.  

5.3 Results and discussion 
 

5.3.1 Surface topography under scanning microscope 
 

Fig. 5.1a shows AFM and (b) shows SEM 2D images of F50. Large irregular secondary γ’ 

and small spherical tertiary γ’ precipitates can be seen from both images. Fig. 5.1c and (d) are 

the 3D images from AFM and SPM respectively. Tertiary γ’ can be seen from AFM image 

due to the fine probe tip.   

Fig. 5.2 shows the 3D SPM images of two indents on two γ’ precipitates from F50 (a) and 

F100 (b) respectively and the load-displacement curves (c) of these two indentation tests after 

applying displacement controlled test to 15nm depth. Notice that the scales of these two 

images are different, for (a) is 1 × 1 µm
2
, for (b) is 0.6 × 0.6 µm

2
.  

The load-displacement curves for both γ’ precipitates show pop-ins which illustrates the 

transition from elastic to plastic deformation, indicating proper sample preparation [61]. The 

fact that these two curves nearly overlap prior to pop-ins indicates very similar elastic 

properties. In fact, the reduced modulus values of these two indents are calculated as 172 and 

166 GPa respectively from the unloading parts of the curves. The Young’s modulus values 
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are calculated as 184 and 177 GPa respectively by using Equation 2.8, taking the Young’s 

modulus and Poisson’s ratio for diamond tip indenter as 1141GPa and 0.07 respectively, and 

the Poisson’s ratio for both γ and γ’ phase as 0.3 [62]. 

 

 

Figure 5.1 AFM 2D (a) and SEM (b) images of F50, showing bi-modal γ’ distribution; 

AFM 3D image (c) shows both secondary and tertiary γ’ precipitates due to high lateral 

resolution; SPM 3D image (d) shows secondary γ’ precipitates and γ matrix. 

 

(a) (b) 

(c) (d) 
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Figure 5.2 (a) Nanoindentation on a F50 precipitate; (b) Nanoindentation on a F100 

precipitate; (c) The load-displacement curves of these two indents, a higher force 

indicates a higher hardness. 

 

5.3.2 Elastic modulus and hardness of γ and γ’ phases 
 

Nano-indentation tests were performed on both γ and γ’ phases using cube corner shaped 

diamond tip. The precipitates chosen for all the samples were about 200nm in diameter, with 

error ± 20%, that is, 160 - 240nm range. The results are shown in Fig. 5.3. It illustrates that 

fast cooling rate have stronger precipitates and matrix, both the hardness and reduced 

modulus values are higher compared to slower cooling rates. For the same cooling rate, the γ’ 

phase has higher hardness and reduced modulus values than the γ matrix, although the 

reduced modulus values of γ and γ’ for F25 are very similar. 

 

F50 
F100 

(c) 

(a) 

(b) 
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Figure 5.3 The hardness and reduced modulus values of γ and γ’ phases (Mat indicates 

γ matrix). It shows fast cooling has stronger precipitates and matrix. For the same 

cooling rate, γ’ phase has higher hardness than γ. 

 

The reduced modulus values of γ’ phase for F25, F100 and F150 are 159, 203 and 228 GPa 

respectively which leads to an average Young’s modulus of 167, 225 and 258 GPa 

respectively, using Equation 2.8. The Young’s modulus values of F100 and F150 are in good 

agreement with the literature data from Göken et al., in which the Young’s modulus values of 

γ’ phase are 246 GPa for CMSX-6 and 275 GPa for Waspaloy [61]. In addition, in a recent 

publication, Gan et al. performed nano-indentation on CMSX-4 and the Young’s modulus of 

γ’ was measured as ~220 GPa [69]. Both studies used the load controlled process with load 

between 100 – 1000 µN. Although the size effect cannot be neglected [65], the measured 

Young’s modulus values are rather stable and vary little with applied loading force. The 

Young’s modulus value of γ’ for F25, however, is lower than the above literature. But a 

relatively low value was found in a previous study as well. Schöberl et al. researched nano-

indentation on two ternary nickel superalloys with indentation depth between 15 to 120 nm. 

The range of reduced modulus was between 142 and 158 GPa [63] which corresponds to 
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Young’s modulus values between 151 and 169 GPa. Therefore, the value of 167 GPa for F25 

is reasonable. It is clear from Fig. 5.3 that the γ’ phase is elastically stronger than the γ phase, 

however, the cube corner tip used in this study is not ideal for elastic property measurement 

and the elastically deformed volume, which in this case is over 1 micron, is a lot bigger than 

the γ’ precipitate size and the γ channel width (Table 3.4) so that the γ and γ’ phases do 

influence each other [71]. 

The hardness values of γ’ phase are 8.4, 9.2 and 19.8 GPa and the values for γ phase are 7.1, 

8.9 and 9.7 GPa for F25, F100 and F150 respectively. These values are also in good 

agreement with the literature in which the hardness of γ’ is in the range of 6 – 17 GPa and the 

hardness of γ is from 5 – 12 GPa [61, 63, 69].  

Due to the very small size of γ’ precipitates, the contact radii of the indents have to be 

considered as it is crucial to investigate whether the plastic deformed zone is small enough so 

that  the measured hardness values of γ and γ’ do not affect by each other. A previous study 

of Durst et al. [68] showed that the influence of a soft surround matrix on the hard particles is 

related to the contact radii. When the contact radius reaches 70% of the particle radius, the 

influence is 10% and it becomes negligible when contact radius is less than 55% of the 

particle. In the current study, taking the cube corner shaped tip radius as 80nm and 

indentation depth as 15nm, the contact radius is calculated as 46.6 nm from the Pythagorean 

theorem. This corresponds to 58% to 19% of the precipitate radius (80 – 120 nm). Therefore, 

the influence of surrounding matrix can be neglected for most of the tested precipitates. 

 

5.3.3 Possible errors 
 

The influence of surrounding matrix on γ’ hardness is discussed in the previous section. But 

there are other possible errors should not be neglected. To begin with, crystal orientation can 



95 
 

play a key role on the results. The slip deformation is due to dislocation glide on the a/2 <110> 

{111} system for γ phase in nickel suerpalloys [1]. Takagi et al. studied the Young’s modulus 

of a single crystal superalloy CMSX-4 over a range of temperatures from 298K to 1073K 

with nano-indentation. This study shows that at 298K the Young’s modulus values near to the 

<100> direction are 156 GPa; at the <110> direction, the values are 225 GPa [144]. 300 nm 

depth indentation tests were performed on F25 with a diamond Berkovic indenter at 298K, 

and the results are shown in Fig. 5.4, in which (a) shows the SEM image of the surface after 

indentation; (b) is the crystal orientation map at the normal direction. By overlapping Fig 5.4 

(a) and (b) then discarding the indents that hit grain boundaries or are between grains, the rest 

of the indents corresponding to each grain’s orientations are decided using the inverse pole 

figure (IPF) (Fig. 5.4d). The results show that for the 3 chosen orientations [100], [110] and 

[111], the hardness and reduced modulus values are very similar (each value is averaged from 

7 – 12 measurements), unlike in the literature. Possible explanations could be: (1) the grain 

size of this sample is relatively small (~20 µm), so that the elastically and plastically 

deformed zones in this study overlap among grains; (2) it is difficult to assure the measured 

grains are exactly oriented along the chosen directions on the poly-crystal surface. 

Nevertheless, the influence of grain orientation is assumed to be negligible in this study. 

Another error source comes from the indenter and the contact area. In indentation 

experiments, the plastically deformed zone is half a sphere with a radius about 3 times the 

contact radii [145] as is shown in Fig. 5.5a. The contact radius in this study is 46.6 nm as 

discussed in Section 5.3.2. Hence the plastically deformed zone has a diameter of 280 nm, 

larger than the tested precipitate size ~200 nm. According to Fig. 5.3, the average hardness 

value of the γ’ precipitates in F150 (19.8 GPa) is over two times larger than those in F25 (8.4 

GPa) and F100 (9.2 GPa).  Since the inter-particle distance for F150 is smaller than F25 and 

F100 (Fig. 3.2 and Table 3.4) and the measured plastically deformed zone is larger than a γ’ 
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precipitate, it is more likely the measured plastically deformed zone contains more than one 

secondary γ’ particle in F150 than the other two samples (narrow γ channel width). In 

addition, the SEM images (Fig. 3.2a - d) also show tertiary γ’ for fast cooling rate is higher in 

number density and smaller in size (Table 3.4) so that more tertiary γ’ precipitates are 

involved in the measured plastically deformed zone for F150. The size and volume fraction 

of tertiary γ’ precipitates have been proven to have a considerable impact on the mechanical 

properties [19, 114, 145-147]. This could increase the hardness value of γ’ for F150. 

The measured hardness values for γ phase is challenging because for one, tertiary γ’ 

precipitates are heavily distributed and it is nearly impossible to avoid as Fig. 3.2 and Fig 5.1 

suggest. For another, the plastically deformed zone for measured γ might contain secondary γ’ 

precipitates which are hidden beneath the surface as Fig. 5.5b illustrates. 

 

 

Figure 5.4 (a) SEM image of F25 after nano-indentation tests with indentation depth of 

300nm. (b) Crystal orientation map imaged on normal direction after EBSD scan. (c) 

The hardness and reduced modulus values of the 3 chosen orientation. (d) The inverse 

pole figure of the EBSD scan. 

(a) (b) 

(c) (d) 
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Figure 5.5 (a) Schematic of plastically deformed zone in indentation tests. (b) Schematic 

of indentation on γ matrix with the influence of tertiary γ’ and hidden secondary γ’ 

precipitates beneath the surface.  

 

5.4 Summary 
 

Scanning probe microscope based in-situ nano-indentation experiments were performed on 

selected heat treatments of FGH96 to investigate the influence of cooling rate on micro-

mechanical properties of γ and γ’ phases in terms of micro-hardness and reduced modulus. It 

has been found that γ’ phase is stronger than γ in the same specimen and the secondary γ’ 

precipitates and the γ matrix are stronger in fast cooled specimens. However, several errors 

might come into play and affect the results. Due to the indenter tip geometry, the plastically 

deformed zone is larger than the tested precipitates, which results in higher hardness and 

reduced modulus values for fast cooling rate. The existence of tertiary γ’ increases the 

hardness and reduced modulus of the γ matrix.  

 

  

(a) (b) 
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Chapter 6 

6 Creep properties of FGH96 superalloy 

6.1 Introduction  
 

Ni superalloys provide structural integrity during extreme operating conditions and resistance 

to creep deformation and fatigue especially at high temperatures. This is attributed to the 

precipitation strengthening provided by the ordered L12 type γ′ precipitates distributed in 

disordered FCC γ matrix. Due to the demands of saving fossil fuel and improved efficiency, 

higher operating temperatures are required for turbine engines. Creep deformation is of 

utmost concern for these turbine engine components. There have been several studies 

regarding creep deformation mechanism identified by detailed TEM characterisation 

indicating the macroscopic creep behaviour is related to test conditions as well as 

microstructures for both single crystal and polycrystalline superalloys in recent years [19, 24, 

105, 111, 114, 146, 147]. Microstructure can be manipulated through processing and heat 

treatment. Subsolvus heat treatment results in a tri-modal distribution, but for FGH96, 

supersolvus solutionising is generally applied so that a bimodal γ’ distribution is yielded. The 

rate at which the γ solid solution cools from the solvus temperature has a great influence on 

the γ’ size distribution and morphology.  

The deformation mechanisms in γ′ strengthened superalloys, including γ′ precipitate shearing, 

climb-by-pass, Orowan looping and cross slip, have been identified by post mortem TEM 

imaging and in-situ TEM observations in previous researches. Superalloys subjected to creep 

deformation give rise to defect structures such as dislocations, stacking faults and 

microtwinning. The characterisation techniques for such structures are available by means of 

weak beam dark field imaging (WBDF) and diffraction contrast. 
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Unlike tensile strength and low cycle fatigue life, as they require small grain size, creep 

properties are sometimes advantageous at large grain sizes. Previous studies for N18 alloy 

show that an increase in grain size brings a substantial improvement of the creep resistance at 

temperatures above 700°C, but at 650°C under high stress, this effect is less clear or even 

inverse [148, 149]. In another study, Dubiez-Le Goff performed subsolvus and supersolvus 

heat treatments on Udimet 720 superalloy and studied the effect on the material’s creep 

behaviour at 650ºC between 600-900MPa stress levels [150]. The subsolvus heat treated 

sample had fine grain size and trimodal γ′ distribution (primary, secondary and tertiary). The 

supersolvus heat treated sample, on the other hand, consisted of a coarse grained 

microstructure with bimodal γ′ distribution, that is, primary γ′ was dissolved at the 

supersolvus temperature. The results show that subsolvus heat treated sample present more 

creep resistant in all test conditions.  

Over ageing can lead to changes in γ′ precipitate size distribution which results in changes in 

deformation mechanism and therefore creep performance. Locq et al. [146] studied the creep 

behaviour of NR3 alloy at 700ºC and 650 MPa for several samples subjected to different heat 

treatments. The results showed that a monomodal γ′ size distribution crept more rapidly than 

bimodal γ′ distribution and the deformation mechanism was identified as a climb-by-pass of 

a/2<110> type dislocations. The dislocations were localised in the γ matrix and γ′ precipitate 

remained unsheared. The bimodal γ′ microstructure exhibited precipitate shearing which left 

stacking faults in the precipitate and/ or the matrix by TEM analysis. 

The rate of quenching from a supersolvus temperature has a great impact on γ′ distribution 

and affects the material’s creep deformation behaviour. The effect of cooling rate on creep 

behaviour of Rene 88DT has been conducted by Viswanathan et al. [19]. The studies showed 

that a faster cooling rate resulted in finer secondary γ′ distribution and showed much more 

creep resistance when subjected to the same test condition at 650ºC and 838 MPa. 
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Microtwinning was identified as the primary deformation mode for fast cooled microstructure. 

The slow cooled sample consisting of a coarser secondary and tertiary γ′ deformed in an 

isolated faulting mode where secondary γ′ precipitates were sheared in manner which resulted 

in superlattice extrinsic stacking faults (SESF) in the precipitate [19]. Unocic et al. [147] 

studied the creep performance of Rene 104 superalloy for turbine disc application. They 

chose microstructure from the rim and bore as they subject to different undercooling. The 

results indicated that the secondary γ′ precipitates are finer and less tertiary γ′ volume fraction 

existed for the rim microstructure, while the bore has coarser secondary γ′ precipitate and 

higher tertiary γ′ volume fraction. The rim and bore microstructures correspond to 1% strain 

were ~1200 and 2700h respectively when tested at 677ºC and 724 MPa. It was identified that 

the rim microstructure deformed via a/2<110> dislocation dissociation and a/6<112> 

Shockely partial decorrelation which resulted in matrix intrinsic stacking faults at low strain 

which transitioned into a microtwinning deformation mode at higher strain. The deformation 

of the bore microstructure, on the other hand, occurred via a/2<110> dislocation activity in 

the γ matrix which then transitioned into precipitate shearing by SISF related γ′ shearing 

mechanism [147]. 

The purpose of this chapter is to investigate how microstructure (to be more specific, both 

secondary and tertiary γ′ size scale, distribution, volume fraction and γ channel width) affects 

the creep behaviour and deformation mechanism of FGH96 via TEM characterisation of 

specimens that have different microstructures went through the same creep conditions. And 

to provide experimental data for computer modelling, which will be presented in the next 

chapter. 

 

6.2 Experimental  
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The FGH96 material was provided by BIAM (Beijing Institute of Aeronautical Materials Co., 

AVIC) Company. The heat treatment parameters of the samples for creep tests are listed 

Table 3.2. The creep tests were performed at BIAM centre AVIC, at constant tensile load of 

690 MPa at 700°C. Creep tensile test samples have gauge lengths of 27 mm and diameters of 

5 mm. For each heat treatment, two creep tests were performed. In one test, the samples were 

deformed to 3% total strain. In the other, the creep tests were interrupted at strain level of 

0.2%. The amount of creep strain was measured by averaging extensometer connected to two 

linear variable displacement transducers. The temperature was monitored and controlled by 

thermocouple attached to the specimen.  

After creep tests, the samples were cut for SEM and TEM analysis. For SEM analysis, the 

samples were ground and polished along the tensile loading direction, then electro-etched 

(sample as anode and conductive container as cathode) with an etchant solution consisted of 

35mL H3PO4, 2mL H2SO4 and 3g CrO3 under the voltage of 2.5 - 3V for 1-2 seconds. Then 

the microstructural observation was performed on ZEISS LEO GEMINI 1525 field emission 

scanning electron microscope located in Imperial College London operating at 20kV using 

SE (secondary electron) mode.  

EBSD analysis was conducted on a ZEISS Auriga using Bruker softwarewith accelerating 

voltage at 20 kV and a probe current of ~17 nA. The maps were scanned on a square array 

with step size of 0.5μm. 

For TEM analysis, thin foils were cut perpendicular to the gauge length direction, or cross 

section. After sectioning, the foils were mechanically polished to < 100µm in thickness then 

mechanically punched to 3mm diameter foils. Twin-jet polishing was performed using an 

electrolyte consisting of 100mL HClO4, 450mL 1-n butoxyethanol and 450mL acetic acid at -

30°C/ 20V. The polished foils were then characterised using JOEL 2100 Plus field emission 

gun  transmission electron microscope operating at 200kV. 
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6.3 The influence of heat treatment on creep properties  
 

The precipitate microstructure of the tested specimens showing the γ’ size scale and 

distribution have been shown in Fig. 3.2. Quantitative image analysis has been applied for 

measuring the average secondary and tertiary γ’ size, secondary and tertiary γ’ volume 

fraction and γ channel width. Slow cooling results in both larger secondary and tertiary γ’ 

precipitates, as well as wider γ channel. The γ’ volume fraction change regarding cooling rate 

is less clear as the results are within error range. Sample IC has high tertiary γ’ volume 

fraction and low secondary γ’ volume fraction due to its interrupted cooling path. More 

detailed analysis has been presented in Chapter 3 and 4. The average grain size change for 

each specimen is neglectable after creep test. The influence of grain size on creep properties 

will not be discussed as the supersolvus heat treated samples have similar grain sizes. 

The creep testing parameters (temperature and stress) were chosen as identical for all the heat 

treatments so that the influence of microstructure (or γ’ distribution in particular) on creep 

response can be evaluated. The testing temperature of 700°C is at or slightly higher than the 

actual operating temperature for turbine discs during service. The creep test results are 

presented in Fig. 6.1, in which the plastic strain is plotted against time. Fig. 6.1a shows the 3% 

creep strain. All the creep curves show clear transitions between secondary to tertiary creep 

stage. In addition, sample IC has the best creep response amongst all the tested samples. 

However, F150 and IC ruptured before reaching to 3% strain. Another series of creep tests 

that were interrupted after 0.2% plastic strain is presented in Fig. 6.1b. The trend of creep 

time corresponding to 0.2% strain is the same with that of Fig. 6.1a. The shortest time to 

reach 0.2% creep strain among the tested samples was 63h for F25, and the longest was 357h 

for IC. The coarser structures (F25 and F50) exhibit slight primary transients followed by 

gradual acceleration at larger strains. No clear primary creep stage can be found for other 

samples. For IC, the initial strain rate was very low, if not slightly negative, then it 
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accelerates over prolonged times. The creep curves indicate that for the continuous cooled 

samples, the creep property is clearly proportional to the applied cooling rate. For SUB, 

although it has the smallest secondary γ’ size, its creep response is weakened by the small 

grain size (Table 3.3). The good creep response of IC is probably due to the higher tertiary γ’ 

volume fraction comparing to other tested samples (Table 3.4). 

 

Figure 6.1 Experimental creep curves for all the heat treatments, tested in tension at 

700°C and 690MPa. (a) Up to 3% creep strain; (b) 0.2% creep strain. 

 
156h 297h 441h 299h 451h 514h 

63h 140h 260h 189h 279h 357h 

(a) 

(b) 
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Shearing of secondary γ’ precipitates are also found in creep tested samples, as is shown in 

Fig. 6.2. But unlike tensile tested samples, there are some changes in the particle size and 

volume fraction as Fig. 3.8 illustrates. For the fast cooling rate sample F150 both its 

secondary γ’ size and volume fraction increased after creep test. The reason is that during the 

long-time creep test, as the testing temperature is sufficiently high, the γ’ coarsening 

(Ostwald ripening) occurs where large particles grow as the expending of small particles, 

during which the γ’ composition approaches equilibrium. A detailed study of γ’ coarsening 

will be presented in Chapter 8. On the other hand, the slow cooling sample F25 remains at the 

same level due to its large sized, near equilibrium secondary γ’ precipitates and the relatively 

short testing period.  

 

 

Figure 6.2 Microstructure of F150 after creep test. Black arrow: loading direction, 

yellow arrows: sheared secondary γ’ particles. 

 

 

 

 

500nm 
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6.4 Deformation substructures and mechanisms 
 

A detailed TEM characterisation was conducted in order to identify the deformation 

mechanisms regarding different heat treatments applied on the specimens. For each specimen, 

the creep experiments were interrupted at 0.2% and 3% respectively. In the following section, 

the slow cooled (F25), fast cooled (F150) and interrupted cooled (IC) specimens will be 

presented. 

6.4.1 Slow cooling (F25) 

6.4.1.1 F25 – 0.2% plastic strain 

 

For this particular specimen, 0.2% plastic strain corresponds to the beginning of the tertiary 

creep stage according to Fig. 6.1. TEM analysis suggests that at this stage, both dislocations 

and stacking faults contribute to the deformation. Fig. 6.3a shows the observed bright field 

image of the deformation structure. It consists of a/2<110> matrix dislocations and highly 

planar stacking faults extend in both γ and γ’ phases. These stacking faults in the image 

appear as alternating bright and dark fringes. They are likely created by the dissociation of a 

perfect matrix dislocation. The nature of the stacking faults was examined by complementary 

BF/DF TEM imaging under a two beam diffraction condition. Fig 6.3a was taken near [011] 

zone axis while Fig 6.3b shows the dark field image under a two beam diffraction condition 

with g11̅1 direction showing in arrow. When the diffraction vector is placed at the centre of 

the stacking fault, the fault is extrinsic in nature when it points towards a bright outer fringe 

and intrinsic in nature when it points away from a bright outer fringe [151]. In order to 

determine the fault nature, the g vector was placed in the centre of the stacking fault in the 

DF image. As the g vector points away from the bright outer fringe, the stacking fault is 

determined to be intrinsic in nature, based on the two-beam dynamical theory. 
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Figure 6.3 Deformation structures of F25 after creep test at 700°C and 690MPa to 0.2% 

strain: (a) Bright field TEM image taken near [110] zone axis showing matrix 

dislocations and highly planar stacking faults extending in both γ and γ’ phases. (b) 

Dark filed image under a two beam condition with g vector showing in arrow. (c) BF 

TEM micrograph showing stacking faults only shear γ’ precipitates, leaving γ matrix 

unsheared. 

500nm 

 500nm 

(a) 

(b) 

 500nm 
11̅1 

(c) 
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In addition to the fact that the intrinsic stacking faults shearing both γ and γ’ phases, another 

interesting observation has been spotted. In some regions, the stacking faults only shear the γ’ 

precipitates, or isolated faults as shown in Fig. 6.3c. As the faults are within γ’ phase, they are 

superlattice intrinsic stacking faults (SISF). Locq et al. [146] in their study argued that this 

kind of configuration is due to the distances between the γ’ precipitates are relatively large. 

When the interparticle distance locally decreases, on the other hand, stacking faults extend in 

both γ and γ’ phases.  

6.4.1.2 F25 – 3% plastic strain 

 

When crept to 3% strain under 700°C and 690 MPa after 156 hours, for the coarse 

microstructure specimen, the dominant deformation mode was found to be microtwinning. 

Fig. 6.4a shows a BF TEM image indicating dislocations are rarely observed, instead, 

microtwins are presented shearing through both γ and γ’ phases and tend to travel the entire 

grains. The selected diffraction pattern taken when oriented along the [001] zone axis is 

shown in Fig. 6.4b. From the diffraction pattern, the fundamental reflections from γ matrix 

and superlattice reflections can both be observed, in addition, twin reflections are also 

presented (pointed with white arrows). This indicates that these highly planar fault structures 

are indeed microtwins. Viswanathan et al. [19] in their study proved that the characteristic of 

the microtwinning mechanism are highly planar shearing configurations by identical a/6<112> 

Shockley partial dislocations in adjacent {111} glide planes based on a series of detailed ±g 

contrast analysis conducted through tilting experiments in the TEM.  
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Figure 6.4 Deformation structures of F25 after creep test at 700°C and 690MPa to 3% 

strain: (a) BF TEM image showing highly planar stacking faults shearing through both 

γ and γ’ phases. (b) Selected area diffraction pattern showing fundamental γ phase 

reflections, superalttice reflections and twin reflections (marked by arrows). B = [001]. 

 

 

 

  2µm 

(a) 

(b) 
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6.4.2 Fast cooling (F150) 
 

6.4.2.1 F150 – 0.2% plastic strain 

 

The deformation substructure of fast cooled specimen that was crept to 0.2% strain varies 

from the slow cooled specimen (F25). Instead of highly planar deformation faults, relatively 

short faults features are presented in F150 only shearing one or a few γ’ precipitates. The 

faults are not homogeneously distributed, with multiple slip systems activated, as is shown in 

Fig. 6.5a. In addition, a high density of matrix dislocations is observed in the micrograph, 

which also differs from the observation from F25 deformation structure. These matrix 

dislocations tend to loop around or curve between particles, as is shown in a higher 

magnification image in Fig. 6.5b. 

 

6.4.2.2 F150 – 2% plastic strain 

 

The deformation mechanism changes when the plastic strain is increased to 2%. Both 

microtwins and matrix dislocations are presented in the TEM micrograph as Fig. 6.6 

illustrates. Another noticeable difference is that the density of matrix dislocations is 

considerably less comparing to the one interrupted at 0.2% plastic strain (Fig. 6.5). This 

phenomenon indicates that the matrix dislocations could be the precursor of microtwin 

formation. The nature of the stacking faults was examined by complementary BF/DF TEM 

imaging under a two beam diffraction condition using g202 reflection. Fig 6.6b shows the 

dark field image under a two beam diffraction condition with g202 direction showing in 

arrow. In order to determine the fault nature, the g vector was placed in the centre of the 

stacking fault in the DF image. As the g vector points away from the bright outer fringe, the 
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stacking fault is determined to be intrinsic in nature, based on the two-beam dynamical theory 

[151]. 

 

 

Figure 6.5 Deformation structures of F150 after creep test at 700°C and 690MPa to 0.2% 

strain: (a) BF TEM image with high density of matrix dislocations and stacking faults 

shearing one or a few γ’ precipitates in display. (b) BF image showing the matrix 

dislocations loop around or curve between γ’ precipitates. 

 

(a) 

(b) 
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Figure 6.6 Deformation structures of F150 after creep test at 700°C and 690MPa to 2% 

strain: (a) BF TEM image showing matrix dislocations and highly planar stacking faults 

extending in both γ and γ’ phases. (b) Dark filed image under a two beam condition 

with g vector showing in arrow. 

 

6.4.3 Interrupted cooling (IC) 
 

The deformation structure of the interrupted cooled specimen is similar to that of F25. Both 

matrix dislocations and extended stacking faults are presented within grains. Fig. 6.7a shows 

multiple slip systems are activated. Fig. 6.7b is a higher magnification image shows a 

relatively high dislocation density at grain boundary indicating the dislocations are initiated 

from grain boundaries. It also shows the stacking faults are initiated from a grain boundary. A 

202 

  200nm 

  200nm 

(a) 

(b) 
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noticeable difference from F25 is that the thickness of faults seems to be smaller for IC. The 

faults thicknesses are usually a fraction of precipitate size for IC (Fig. 6.7) while for F25, the 

thicknesses are sometimes the size of a precipitate (Fig. 6.3c). This makes sense as IC shows 

much more creep resistance than F25 (Fig. 6.1).  

 

Figure 6.7 Deformation structures of F150 after creep test at 700°C and 690MPa to 3% 

strain: Deformation structures of IC after creep test at 700°C and 690MPa to 0.2% 

strain: (a) BF TEM image showing matrix dislocations and stacking faults extending in 

both γ and γ’ phases. (b) Matrix dislocations and stacking faults originating from a 

grain boundary. 

  500nm 
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(b) 



113 
 

The nature of the stacking faults was examined by complementary BF/DF TEM imaging 

using g1̅11̅ reflection. Fig 6.8b shows the dark field image under a two beam diffraction 

condition with g1̅11̅ direction showing in arrow. The g vector was placed in the centre of the 

stacking fault in the DF image. As the g vector points away from the bright outer fringe, the 

stacking fault is determined to be intrinsic in nature, based on the two-beam dynamical theory 

[151]. 

 

 

Figure 6.8 (a) BF TEM image showing stacking faults extending in both γ and γ’ phases. 

(b) DF image under a two beam condition with g vector showing in arrow. 
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1̅11̅ 
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6.5 Discussion  
 

6.5.1 The influence of microstructure on creep mechanisms  
 

As illustrated in the previous section, microstructure has a great impact on creep deformation 

mechanisms. For specimens with coarse secondary γ’ precipitates (F25 and IC), 

microtwinning dominates the deformation mode in the form of stacking faults shearing both γ 

and γ’ phases with some a/2<110> dislocations present in the matrix at the same time. But for 

fine secondary γ’ microstructure (F150), matrix dislocations present in a much higher density 

while stacking faults only extend in one or a few γ’ precipitates when the plastic strain is 

small (0.2%), and the deformation mode alters to microtwinning dominating as plastic strain 

increases. Although the deformation mechanisms are similar for F25 and IC, the creep 

response for IC is over 5 times higher than F25 when reaching 0.2% plastic strain. Therefore, 

it is important to discuss the microstructural differences in order to interpret the differences in 

creep responses. In the following section, γ’ size distribution, γ’ volume fraction and γ 

channel width will be discussed. 

6.5.2 Tertiary γ’ precipitate size  
 

The influence of cooling rate on microstructure has been discussed in Chapter 3 and 4. When 

subjected to continuous cooling, higher cooling rate results in smaller secondary and tertiary 

γ’ size and narrower γ channel width due to the interplay of the thermodynamic and kinetics. 

Table 6.1 shows the selected quantitative data of microstructure from Table 3.4. It shows that 

F25 has larger secondary and tertiary γ’ precipitate size, higher tertiary γ’ volume fraction 

and wider γ channel width. As matrix dislocations have been observed in all the specimens 

tested to 0.2% plastic strain (Fig 6.3, 6.5 and 6.7) and the deformation mode of F150 changes 
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from dislocation to microtwinning as creep strain builds up, it is reasonable to believe that 

matrix dislocations dominate the creep deformation at the very beginning of the tests for each 

specimen.  

 

Table 6.1 Selected data from Table 3.4. 

Sample 
ID 

Secondary 
γ’ diameter 

(nm) 

Secondary γ’ 
volume 

fraction (%) 

Tertiary γ’ 
diameter 

(nm) 

Tertiary γ’ 
volume 

fraction (%) 

γ channel 
width (nm) 

F25 220.1 36.4 25.7 15.2 157 

F150 101.3 38.1 13.3 11.6 67 

IC 148.8 30.2 15.5 22.8 141 

 

There are several ways for a/2<110> matrix dislocations to continue deforming the material: 

by shearing, looping or bypassing γ’ precipitates. Shearing of γ’ particles by a single a/2<110> 

matrix dislocation produces high energy anti-phase boundaries (APBs) in the precipitates. 

Therefore, it is energetically unfavourable to shear large secondary γ’ precipitates. Tertiary γ’ 

precipitates, on the other hand, is possible for them to be sheared since dislocation debris 

loops around tertiary particles are not observed for F150. But for F25, loops around tertiary 

particles have been found, as Fig. 6.3c shows. The reasons behind this could be that there is a 

size limit of tertiary γ’ precipitate can be sheared by perfect matrix dislocations. Table 6.1 

shows the average tertiary γ’ size of F25 is considerably larger than that of F150. Thus 

a/2<110> matrix dislocations in F150 can shear through tertiary γ’ precipitates but loop 

around secondary γ’ precipitates and harden the material (Fig. 6.5b); on the other hand, these 

dislocations cannot cut through relatively large tertiary γ’ precipitates in F25, but have to 

dissociate at the γ/γ’ interface into a/3<112> super Shockley partial forming SISF in γ’ and 

a/6<112> Shockley partial looping around γ’ precipitates [152] via the dissociation reaction: 



116 
 




211
6

121
3

011
2

a
SISF

aa
 Eq 6.1 

Once the super Shockley partial shears through γ’, leaving SISF in its wake, it rejoins with 

the Shockley partial forming a perfect matrix dislocation again until it meets another γ’ 

precipitate. Viswanathan et al. [19] used g dot b analysis in their study and showed that these 

faults lie on the (111) plane and the precipitates are looped by identical Shockley partials 

with b = 1/6[2̅11]. 

6.5.3 Tertiary γ’ volume fraction 
 

It has been found that the deformation modes for F25 and IC are both matrix dislocations 

developing to microtwinning. But the creep response of IC is over 5 times longer than F25 

reaching 0.2% plastic strain. Comparing the data in Table 6.1, it can be seen that the tertiary γ’ 

volume fraction of IC is higher than F25 and F150. Also, due to the existence of relatively 

large pseudo tertiary γ’ precipitates (Fig. 4.4) as discussed in Chapter 4, a/2<110> matrix 

dislocations cannot shear through these precipitates but have to dissociate. However, due to 

the high volume fraction and high number density of tertiary γ’, the dislocation dissociation 

and decorrelation might be different from that in F25. Decamps et al. [153] proposed a 

mechanism that can produce stacking faults in both γ and γ’ phases. The process starts with 

an individual a/2<110> matrix dislocation dissociates into two a/6<112> Shockley partials 

(Fig. 6.9a). The leading partial bows between the γ’ precipitates, leaving intrinsic stacking 

faults in the γ matrix in {111} slip plane. A complex fault (CF) is created combining an APB 

and a superlattice stacking fault when this partial enters a γ’ precipitate [95] (Fig. 6.9b). The 

energy of this complex planar defect configuration is greater than an APB and above all than 

a superlattice stacking fault. A new a/6<112> partial with the exact opposite burger’s vector 
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is therefore nucleated from the entering partial forming a SESF and a a/3<112> superpartial 

(Fig. 6.9b) following the reaction:  

 112
3

112
6

112
6

a
SESF

aa
 Eq 6.2 

The a/3<112> super Shockley partial shears the γ’ precipitate, creating a SESF, and the 

a/6<112> partial loops around the precipitate (Fig. 6.9c). It is possible for this deformation 

mode to occur although it is energetically unfavourable, as it is evidence that firstly, the creep 

response of IC is much longer than F25 which means IC is harder to deform and secondly, 

the stacking faults width for IC are observed narrower than those of F25 when reaching 0.2% 

plastic strain, indicating the fault formation is slower and more difficult in IC. Therefore, how 

dislocations dissociate and how they react with γ’ precipitate could be the rate limiting 

process during creep in Ni superalloys. 

 

 

Figure 6.9 Model of γ’ precipitate shearing by a decorrelated Shockley partial from a 

single dissociated matrix dislocation [153]. 

 

Another possible reason that IC has the longest creep response among all specimens might 

worth discussing is the γ/γ’ interface width. As Section 4.3.3 discussed and Table 4.4 shows, 
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the interface width is wider across γ and tertiary γ’ than that of secondary γ’. The interface 

width measured by APT illustrates the chemical compositional change across the two phases, 

although it is not necessarily the same as structural interface width, it does somewhat relate to 

the level of amorphousness across the two crystalline phases. It is possible that when 

dislocations try to enter γ’ precipitates through the interface from γ, the dislocation motion is 

hindered by a wider amorphous region. If this were true, every time a dislocation encounters 

a tertiary γ’ particle on its path, its motion slows down so that the macroscopic creep 

response is improved. Since IC has a large tertiary γ’ volume fraction, this theory might be 

possible. However, to the author’s knowledge, no such research has been published regarding 

the relationships between creep response and the γ/γ’ interface width. Further research needs 

to be conducted in order to prove or disprove this theory. Nevertheless, this process is less 

likely to be the rate controlling step during high temperature creep. 

6.5.4 γ channel width 
 

There are several studies have shown that wider γ channel width promotes a/2<110> matrix 

dislocation motion [45, 146] as it provides less obstacles and the dislocations consume less 

energy to curve around or by-pass the precipitates. This is true, but the microstructures in 

these studies are often over aged in which the tertiary γ’ precipitates have very little amount 

or even no longer exist. In the current study, F150 does have smaller γ channel width, but it 

also has small tertiary γ’ size and volume fraction, which allows the matrix dislocations to 

travel through the γ phase cutting tertiary particles without creating stacking faults in the γ’ 

precipitates.  

Although the presence of dislocations at γ/γ’ interface has not been directly observed in this 

study due to the difficulty of resolving individual dislocations, the mechanism proposed by 

Chen and Knowles [105] (discussed in Section 2.8.3) might be occurring as high density of 
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a/2<110> matrix dislocations are observed in F150 (Fig. 6.5a) which can intersect with each 

other to create shearing configuration. As plastic deformation continues, γ’ shearing begins to 

dominate and the deformation mode changes to microtwinning. In addition, multiple stacking 

fault configurations were observed in the TEM micrograph. The shearing of the secondary γ' 

may therefore be an important recovery process that helps relieve the strain hardening in the 

matrix, enabling continued dislocation activity in the matrix [45].  

Certainly, the deformation mode upon creep or whether dislocation dissociation will occur 

and how dislocation dissociates are based on a combination of factors of experimental 

conditions such as stress, temperature, microstructure features including γ’ precipitate size 

distribution, volume fraction and γ channel width and alloy chemistry which decides stacking 

fault energy.  

6.5.5 Element segregation 
 

Suzuki segregation [154] might come into play and aid the dislocation dissociation process 

during high temperature creep as local stacking energy may decrease by increasing the 

separation distance between the leading and trailing partial dislocations [45]. It has been 

reported in previous studies that segregation of solute elements such as Co and Cr in Ni can 

lower the stacking fault energy in Ni superalloys [155]. Suzuki segregation is likely to take 

place during high temperature creep experiments as the solute element atoms can diffuse to 

the stacking faults. Han et al. performed energy dispersive X-ray spectroscopy (EDX) line 

profile analysis on a cobalt based superalloy. Experimental EDX line profiling of the stacking 

faults in this study has provided preliminary evidence of segregation of Co and Cr to the 

matrix stacking faults [156]. 
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6.5.6 Creep rate controlling process 
 

As discussed from Sections 6.5.1 to 6.5.5, there are several reasons that can affect the creep 

behaviour of nickel base superalloys. But the role of tertiary γ' precipitates could contribute 

the most to prolong the alloy’s creep response.  

Firstly, tertiary γ' size determines whether a/2<110> matrix dislocations dissociate into 

partials before entering γ' precipitates. When tertiary γ' size is small, it is possible for a 

perfect matrix dislocation to shear these particles creating APBs in its wake. But as a/2<110> 

dislocations accumulate in the matrix and the strain hardening builds up, at some point, these 

dislocations dissociate into partials, shearing secondary γ' in the form of stacking faults so 

that the strain hardening can be relieved. In the case of large tertiary γ' precipitates, the 

a/2<110> dislocations cannot shear these particles, but have to dissociate into partials, 

shearing γ' and leaving stacking faults in their wake. 

Secondly, tertiary γ' volume fraction decides how a/2<110> matrix dislocations dissociate. 

When the tertiary γ' precipitates are large enough not to be shear by a/2<110> matrix 

dislocations and are low in volume fraction (referring to F25), a perfect matrix dislocation 

dissociate into a Shockley partial and a super Shockley partial at the γ/γ' interface. The 

Shockley partial loops around the precipitate while the super Shockley partial enters the γ', 

leaving stacking faults in its wake and re-joins the Shockley partial forming a perfect matrix 

dislocation again. In the other scenario where tertiary γ' is high in volume fraction (referring 

to IC), the leading Shockley partial which was decorrelated by a perfect matrix dislocation 

enters the γ', creating a CF and an APB. Due to the high energy configuration, a new 

Shockley partial is created with the opposite burgers vector forming a super Shockley partial 

with the original partial, creating SESFs in the γ'. This is an energetically unfavourable 

configuration, which may take longer to process. Thus it could be the rate limiting process 

during creep. However, it is not possible at the present time to provide a thorough 
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explanation for the differences of creep mechanisms for these different microstructures due to 

the difficulty of resolving individual dislocations and the ex-situ nature of TEM micrograph 

study. 

Some other studies conducted by different groups have different findings. Atomic reordering 

was identified as the main rate limiting process during high temperature creep in these studies 

[19, 24, 114, 147]. However, creep mechanisms can vary significantly with applied 

temperature, stress and different alloys. Some of these studies were conducted at 650°C, 

while the current creep study was conducted at 700°C. It is a common knowledge that atomic 

diffusion rate has an exponential relation with temperature, hence with a 50°C difference the 

atomic reordering at 700°C might be fast enough to occur so that it contributes less to the rate 

limiting process. 

6.6 Summary  
 

The focus of this study is to explore how microstructures influence the materials macroscopic 

creep properties and to identify the mechanisms behind these differences. The same testing 

conditions were applied to various microstructures resulting from different heat treatments. 

The following conclusions can be draw from this chapter: 

1. The microstructure of FGH96 has a great impact on the alloy’s creep properties, in 

terms of γ' size, distribution and volume fraction. For continuous cooling, the creep 

response is proportional to the applied cooling rate from the supersolvus temperature. 

However the interrupted cooled sample (IC) has the greatest creep properties among 

all tested specimens.  

2. The grain size change is neglectable after creep tests, but secondary γ' precipitates 

grew in size for F150 after creep test due to Ostwald ripening occurred during long 

time exposure at high temperature. 
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3. Post mortem TEM micrograph studies revealed that the deformation mechanisms are 

different for different microstructures and the deformation mode can change during 

creep test (or with different plastic strain levels). 

4. The least creep resistant microstructure, F25, consisted of coarse secondary and 

tertiary γ' precipitate and moderate tertiary γ' volume fraction and had wide γ channel 

spacing. This arrangement resists shearing the γ' directly but promotes a perfect 

matrix dislocation dissociate a/2<110> dislocations into a a/6<112> Shockley partial 

which loops around the precipitate and a a/3<112> super Shockley partial, shearing 

the γ', leaving SISF in its wake.  

5. F150 had fine secondary and tertiary γ' precipitates, low tertiary γ' volume fraction 

and narrow γ channel. This combination allows a/2<110> dislocations shearing the 

fine tertiary γ' particles at low plastic strain and build up strain hardening in the matrix. 

But the strain hardening can be relieved by the dissociation of perfect matrix 

dislocations at larger strains, shearing γ' in the form of stacking faults and eventually 

develop into microtwins. 

6. IC showed the longest creep response. It consisted of moderate secondary and tertiary 

γ' size and high tertiary γ' volume fraction. This combination of microstructure resists 

the movement of a/2<110> dislocations and forces the decorrelated leading Shockley 

partial in the matrix enters the γ' creating a high energy CF combining an APB which 

results in the nucleation of a Shockley partial with opposite burgers vector forming a 

super Shockley partial, shearing γ' and leaving SESF in its wake. 

7. This work suggests that deformation mechanisms are connected to microstructures in 

Ni superalloys. Microstructures can be tailored and engineered to achieve optimal 

creep resistance. 
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Chapter 7 

7 CPFE modelling for creep behaviour 

7.1 Introduction  
 

The previous chapter studied how microstructure affects the deformation mechanisms at 

microscopic level and the corresponding macroscopic creep response. As discussed in 

Chapter 4, due to the large scale of turbine discs and poor thermal conductivity of Ni 

superalloys, layers of different γ' size distributions are created across the thickness direction 

when subjected to industrial quenching. Moreover, different locations of the same turbine 

disc experience different temperatures and stress levels during service. For instance, the rim 

of the disc is closer to the turbine blades therefore experiences relatively high temperature but 

low stress. The bore region, on the other hand, is high in stress but the temperature is low. 

Therefore, this unevenness of microstructure distribution and different temperature and stress 

levels can make the creep behaviour very complicated and hard to evaluate by experimental 

methods. Crystal Plasticity Finite Element (CPFE) modelling has been applied on superalloy 

creep behaviour at high temperatures over the years [99, 157]. In this chapter, the creep 

behaviour of FGH96 alloy will be studied using CPFE modelling. To begin with, the crystal 

plasticity model will be briefly described along with the deformation model used for the high 

temperature creep study. This model will then be applied on a single element and a poly-

crystal model to evaluate the method. Finally, this model will be applied to a whole disc 

experiencing different microstructure, temperature and stress level at different locations.  
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7.2 Methodology  
 

The methodology of the model used in this study was developed by Peng et al. [158] based 

on weakly and strongly coupled dislocation pairs model, which has been briefly illustrated in 

Section 2.7.4. In this model, all the precipitates (both secondary and tertiary γ’) are treated as 

spherical. For the case of weakly coupled dislocation pairs, the critical resolve shear stress 

(CRSS), τc, is given by [1]:  
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  Eq 7.1 

in which 𝛾𝐴𝑃𝐵 is the APB energy, the value is about 0.279 J/m
2
 at 700°C [18], f is the volume 

fraction of γ’ phase, and r is the average radius of the precipitate. The constant line tension T 

can be estimated according to [85]: 

2

2Gb
T   Eq 7.2 

where G is the isotropic elastic shear modulus which can be obtained from the known 

Young’s Modulus, E (199.8Gpa) and the Poisson’s ratio, ν (0.352) of FGH96 alloy and b is 

the Burgers vector, its magnitude is equal to √2𝑎/2 for {111} slip, in which a is the lattice 

parameter, taken to be 0.359nm for FGH96 and obtained from XRD. Assuming isotropic 

linear elasticity the shear modulus is obtained from: 
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For the case of strongly coupled dislocation pairs, τc can be given by [86]: 
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where ω is a constant which accounts for the elastic repulsion between the strongly paired 

dislocations and which is of the order of unity. 

The CRSS can be calculated from Equations 7.1 to 7.4, combining with the volume fraction 

and precipitate size data listed in Table 3.4. Fig. 7.1 shows the resulting CRSS versus 

precipitate radius for the two dislocation slip mechanisms. The volume fraction f is taken as 

0.05, 0.25 and 0.5 for the three cases shown. 
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Figure 7.1 Theoretical critical resolved shear stress versus precipitate radius 

relationships for the weakly and strongly coupled dislocation pairs cutting mechanisms 

[158]. 

 

Fig. 7.1 [158] illustrates that for a given γ’ volume fraction, there is an intersection between 

the two mechanism curves. At the intersection point, the CRSS from the two models are of 

the same value, and the particle radius at this point is defined as the critical precipitate radius 

rc, such that when precipitate radius r < rc, the dislocation movement is mainly controlled by 

the weakly-coupled model, and conversely when r > rc, the mechanism is such that the 

strongly-coupled model dominates. In this study, the shearing of secondary γ’ particles by 

dislocation pairs in all the studied samples are considered as strongly coupled due to their 

larger size.  
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As secondary and tertiary γ’ have different size and volume fraction values (Table 3.4), the 

CRSS for secondary γ’, τs, is different from that of tertiary τt. Peng and co-authors 

determined the total critical resolve shear stress by using an empirical equation [159]:  

𝜏𝑐 = (𝜏𝑠
2 + 𝜏𝑡

2)1/2 Eq 7.5 

The basis of the dislocation pair creep model utilises a creep rate equation for dislocation 

movement developed by Gibbs [85], which relates the shear creep strain rate �̇� to the mobile 

dislocation density, velocity and magnitude of the dislocations according to the following 

expression [160]: 

�̇� = 𝜌𝑔𝜈𝑔𝑏 Eq 7.6 

where ρg is the density of gliding dislocations with average velocity vg and b is the burgers 

vector. Obstacles such as impurity atoms, forest dislocations and precipitates, pin gliding 

dislocations requiring a local thermal activation event to enable the dislocations to overcome 

the energy barrier and escape. The product of the length of the thermal activation event, d, 

and the rate of escape, Γ (s
-1

), of pinned dislocations gives rise to the average velocity. The 

rate of escape was calculated statistically by Granato et al. [161], to give 

𝛤 =
𝜈𝑏

2𝑙
𝑒𝑥𝑝 (−

∆𝐺

𝑘𝑏𝑇
) Eq 7.7 

in which ν is the frequency of dislocations attempting to jump across the energy barriers, l is 

the pinned dislocation segment length, kb is the Boltzman constant, and T is the absolute 

temperature. The velocity can then be determined as: 

𝜈𝑔 =
𝐴

𝑙
𝛤 =

𝐴𝑏𝜈

2𝑙2
𝑒𝑥𝑝 (−

∆𝐺

𝑘𝑏𝑇
) Eq 7.8 

in which A is the area swept out by a dislocation segment released during thermal activation, 

and ∆𝐺 is the Gibbs free energy which, in the presence of a stress field, τ, is ΔF- τ ΔV. ΔF is 
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the Helmholtz free energy, and τ ΔV is the work carried out by the stess field.  ΔV is the 

activation volume and has magnitude lbd. Equation 7.6 then can be written as: 

�̇� =
𝜌𝑔𝐴𝑏2𝜈

2𝑙2
𝑒𝑥𝑝 (−

∆𝐹

𝑘𝑏𝑇
)𝑒𝑥𝑝 (

𝜏𝑒∆𝑉

𝑘𝑏𝑇
) Eq 7.9 

If both forward and backward activation events are considered, and the area swept out by a 

dislocation segment A is estimated as l
2
, then Equation 7.9 can take the form: 

�̇�𝑖 = 𝜌𝑔𝑏2𝜈𝑒𝑥𝑝 (−
∆𝐹

𝑘𝑏𝑇
)𝑠𝑖𝑛ℎ (

(𝜏𝑖 − 𝜏𝑐)∆𝑉

𝑘𝑏𝑇
) Eq 7.10 

For the simple case of purely uniaxial stressing, the resolved shear stress on a given slip 

system may be determined from Schmid rule as: 

𝜏 = 𝜎𝑐𝑜𝑠𝜃𝑐𝑜𝑠𝜑 Eq 7.11 

in which σ is the applied stress, θ the angle between the loading direction and slip direction, 

and φ is the angle between the loading direction and slip plane normal.  

The limitation of this model developed by Peng et al., however, is that it only predicts the 

secondary stage of the creep, as the authors mentioned in their report [158]. In the case of this 

study, this is not a major issue as the creep curves (Fig. 6.1) suggest primary stage is 

presumably very short. And the secondary stage is the rate control step since the strains 

increase rapidly after going to the tertiary creep stage. 

7.3 Results and discussion 
 

From Equation 7.10, τc is the critical resolve shear stress, which can be calculated from 

Equation 7.1 to 7.5. The parameters regarding the specimen’s microstructure in Equation 7.1 

– 7.5 are given in Table 7.1 which contains selected data from Table 3.4. The CRSS values 

for each heat treatment are then calculated and are presented in Table 7.1. 
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Table 7.1 Statistical results of secondary and tertiary γ’ extracted from SEM images. 

Sample 
ID 

Secondary 
γ’ diameter 

(nm) 

Secondary γ’ 
volume 

fraction (%) 

Tertiary γ’ 
diameter 

(nm) 

Tertiary γ’ 
volume 

fraction (%) 

Critical 
resolve shear 
stress (MPa) 

F25 220.1 36.4 25.7 15.2 156 

F50 171.0 37.5 16.2 13.4 181 

F100 128.2 36.8 15.6 13.6 191 

F150 101.3 38.1 13.3 11.6 197 

IC 148.8 30.2 15.5 22.8 210 

 

Notice that ρg is the density of gliding dislocations in Equation 7.10. If this quantity along 

with the appropriate magnitudes of the free energies for the various thermal activations 

regarding dislocation gliding can be determined, the creep rate can be found. Thus, a single 

element model was first applied by eliminating grain boundaries in order to simplify the 

problem as well as to find the magnitudes and value ranges of ΔF and ΔV. Then, it was 

applied to a polycrystalline hexagonal grain model with random texture and the values of ΔF 

and ΔV are subjected to change with the introduction of grain boundaries and various grain 

orientations. Finally, this model was applied to the cross section of a whole disc which has 

different microstructures throughout the thickness directions and experiences various 

temperature and stress states during service. 

7.3.1 Single element modelling 
 

A single element with the size of 1 × 1 × 1 µm
3
 was first applied to the model. For Equation 

7.10, the gliding dislocation density 𝜌𝑔 is taken as 1×10
10

m
2
 [162], the burgers vector b = 

0.254nm, the frequency of dislocations attempting to jump ν = 1×10
11

s
-1

 [158], Boltzman 

constant kb = 1.381×10
-23 

J/K, the temperature T = 973 K, the Helmholtz free energy ∆𝐹 and 

the activation volume ∆V are chosen as 3.71×10
-19 

J and 3.78×10
-28 

m
3
 respectively to fit the 
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experimental creep data. The single element was oriented along the (010) direction parallel to 

the tensile stress direction such that the slip occurs along the <110> direction, as is shown in 

Fig. 7.2a. The boundary conditions are shown in Fig. 7.2b, in which the bottom and left faces 

are fixed so that the material can only deform along the Y-Y direction or tensile stress 

direction. Fig. 7.2c shows the simulated secondary stage creep rate indicating the variations 

in creep rate with different γ’ size distribution and morphologies. The modelled creep strain 

rate results along with experimental results (extracted from creep experiment data) are 

presented in Table 7.2. The results indicate that the modelled creep rates for all the tested 

specimens are in the same magnitude with the experimental results, and they are in good 

agreement with each other.  

 

 

Figure 7.2 (a) The single element orientation and the slip system; (b) schematic of 

deformation with boundary conditions; (c) simulated single element creep strain rate. 

 

(a) (b) 

(c) 
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Table 7.2 The experimental and modelled creep rates at 700°C and 690MPa. 

Samples Experimental secondary 

stage creep rate s
-1

 

Single element uel s
-1

 Poly crystal uel s
-1

 

F25 5.92E-09 3.74E-09 3.54E-09 

F50 1.82E-09 1.84E-09 1.74E-09 

F100 1.46E-09 1.40E-09 1.27E-09 

F150 1.41E-09 1.17E-09 1.07E-09 

IC 0.42E-09 0.47E-09 0.46E-09 

 

7.3.2 Polycrystalline hexagonal grain modelling 
 

A polycrystalline hexagonal grain model was developed by Zhang et al. [163]. In this model, 

each grain is considered as hexagonal shape with the same grain size and the crystal 

orientation for each grain is random, as is shown in Fig. 7.3. This structure experiences 

tensile creep experiment at Y-Y direction. The 𝜌𝑔, b, ν and T are taken as the same with 

single element, the Helmholtz free energy ∆𝐹 and the activation volume ∆V are chosen as 

3.64×10
-19

J and 3.78×10
-28

m
3
 respectively which differ from single element as with the 

introduction of grain boundaries and random texture complicates the problem so that these 

two values are subjected to change. Fig. 7.3 is an example of Y-Y strain map after creep test 

in CPFE model (sample F100) showing inhomogeneous strain distribution. The simulated 

results are listed in Table 7.2. Again, the results show satisfactory agreements with the 

experimental creep strain. The modelled secondary stage creep curves are plotted in Fig. 7.4 

(dash lines) along with the experimental data (solid lines), indicating that the uel results are in 

good agreements with the experimental results. 

 



131 
 

 

Figure 7.3 Y-Y strain map for sample F100 after creep test in polycrystalline hexagonal 

grain model.  

 

 

Figure 7.4 The secondary stage creep curves for tested specimens. Solid lines represent 

experimental results, dash lines represent the CPFE modelling results. 
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7.3.3 Component modelling 
 

The previous results in both single element and polycrystalline models illustrate that CPFE 

modelling is able to predict secondary stage creep in Ni superalloys. Turbine discs experience 

complex stress and temperature levels at different locations in service. The core region 

experiences high stress levels but temperature is relatively low; the rim experiences high 

temperature but low stress. Fig. 7.5a is a graph of Ni superalloy turbine disc fabricated by 

powder metallurgy route. The schematic of the cross section from the front view of a disc is 

shown in Fig. 7.5b (only half is shown). Different colours represent different γ’ distributions 

generated after quenching process as illustrated in Section 2.4. In which, lighter colour 

represents finer γ’ distribution due to high undercooling close to the edge, and darker colour 

represents coarser γ’ distribution. F25 – F150 microstructures are used to simulate this 

different γ’ distributions across the disc thickness (Fig. 3.2). In order to study the creep rate 

of different locations in the disc, a thin slice is cut along the x axis as is shown in yellow in 

Fig. 7.5b. If observed from the top view, the layered γ’ distribution can be represented by Fig. 

7.5c. For the purpose of simplifying the problem, it is assumed that each heat treatment or 

microstructure (F25 – F150) has the same area/ volume and evenly distributed along the thin 

slice. That is, for the four heat treatments, each occupies a quarter of the volume from this 

slice, and they are symmetrically distributed along the x axis.  
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Figure 7.5 (a) Photo of a polycrystalline Ni base superalloy turbine disc; (b) Cross 

section (front view) of the disc showing the layered structure of γ’ distribution; (c) The 

top view of the thin slice cut from (b) showing simulated γ’ distribution along the x axis, 

each microstructure occupies a quarter of the slice and are symmetrically distributed. 

 

For a rotating disc, radial stress (σrr) and tangential stress (σθθ) coexist and pointing at 

different directions, as are shown in Fig. 7.5c. Timoshenko [164] proposed the equations of 

radial stress and tangential stress based on different locations of the disc, density, Poisson’s 

ratio and the angular speed of the rotating disc, which are given as: 

𝜎𝑟 =
3+𝑣

8
𝜌𝜔2(𝑛2 + 𝑚2 −

𝑚2𝑛2

𝑟2
− 𝑟2)  Eq 7.12 

𝜎𝜃 =
3+𝑣

8
𝜌𝜔2(𝑛2 + 𝑚2 +

𝑚2𝑛2

𝑟2 −
1+3𝑣

3+𝑣
𝑟2)  Eq 7.13 

in which ν is the Poisson’s ratio, ρ is the density, ω is the angular speed, m is the radius of the 

bore, n is the radius of the rim and r is the radius of the location to the rotation axis. The 

values of these parameters are listed in Table 7.3. 

 

 

(a) (b) 

(c) 

𝜀̇ = 8.3E-10/s 

𝜀̇ = 6.8E-12/s 
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Table 7.3 The experimental and modelled creep rates at 700°C and 690MPa. 

 ω ρ ν m n 

 15000 rpm 8200 kg/m
3
 0.288 5 cm 25 cm 

Location L1 L2 L3 L4 L5 

Microstructure F150 F50 F25 F100 F150 

T/ °C 500 550 600 650 700 

r/cm 5 11.2 15 21.3 25 

σrr/MPa 0 333 295 135 253 

σθθ/MPa 1049 585 493 356 268 

�̇�𝒓𝒓/s
-1

 -5.40E-11 1.27E-09 1.42E-09 1.18E-11 2.46E-10 

�̇�𝜽𝜽/s
-1

 1.03E-10 5.38E-10 5.56E-10 5.39E-12 4.72E-11 

�̇�/s
-1

 9.21E-11 7.4E-10 8.3E-10 6.8E-12 1.51E-10 

 

Five locations have been chosen along the x axis for the thin slice, named as L1 – L5, in 

which L1 and L5 are the two extremes represent the disc edge at the bore and the edge at the 

rim respectively. They both have the same microstructure of F150. L2, L3 and L4 correspond 

to the microstructure of F50, F25 and F100 respectively. From the data provided, the radial 

and tangential stresses can be calculated using Equation 7.12 and 7.13. The values are listed 

in Table 7.3. One exception is the radial stress value of L5. According to Equation 7.12, this 

value should be zero, but since the rim provides fixturing for the blade, the radial stress 

should be the same as the root of a blade during service. The stress at the root of a blade can 

be calculated from the following equation: 

𝜎 = 𝜌ℎ𝜔𝑟2 Eq 7.14 

in which h is the thickness of the disc taken as 0.05m.  
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Then the applied stress τ at each direction can be calculated by Equation 7.11. The τc (CRSS) 

values correspond to each microstructure can be found in Table 7.1. The temperatures are 

assumed as evenly distributed along x axis and are low to high from bore to rim, again to 

simplify the problem. The Helmholtz free energy ∆𝐹 and the activation volume ∆V are taken 

as 3.64×10
-19

J and 3.78×10
-28

m
3
 respectively, the same as those in Section 7.3.2. The radial 

creep strain rate 𝜀�̇�𝑟 and tangential creep strain rate 𝜀�̇�𝜃 can then be obtained from Equation 

7.10, and the results are listed in Table 7.3. 

The effective plastic strain rate �̇� which is used to describe the overall creep strain rate is 

given as below: 

�̇� =
√2

3
[(𝜀�̇�𝑥 − 𝜀�̇�𝑦)

2
+ (𝜀�̇�𝑦 − 𝜀�̇�𝑧)

2
+ (𝜀�̇�𝑥 − 𝜀�̇�𝑧)2]

1
2 Eq 7.15 

in which 𝜀�̇�𝑥  is the radial creep strain rate, 𝜀�̇�𝑦  is the tangential creep strain rate, 𝜀�̇�𝑧  is 

considered as zero. The results are also shown in Table 7.3. 

It can be seen from Table 7.3 that L3 has the largest effective plastic strain rate value while 

L4 has the lowest value among the 5 chosen locations, and they are about 2 magnitudes 

different as indicated in Fig. 7.5b (see arrows). This inhomogeneity of creep strain rate 

throughout the disc could potentially lead to spatially varying creep strain accumulations such 

that were creep void nucleation to occur, the locations with the highest creep strains would 

likely be those where voids developed such as L3. If this were the case then it could be 

catastrophic as it is difficult to detect defects in the centre of a component. In addition, 

inhomogeneous deformation may also cause component distortion, thus causing problems 

associated with disc and blade proximity to surrounding engine features, and ultimately 

resulting in overly distorted components. Thus, finding a proper heat treatment method to 

reduce the unevenness of microstructure across the disc can be beneficial and improve the 

creep life of turbine discs. However, the real situation is different and much more 
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complicated. To begin with, the simulation conducted in this study is under unconstrained 

condition, that is, the studied unit is free to deform. In reality, turbine disc as a rigid 

component can restrict the deformation. Nevertheless, it is still useful to study the change in 

creep rate due to morphology variation. In addition, several assumptions have been made in 

this work to simplify the problem, for example, ∆𝐹 and ∆V are considered as constants at 

different temperatures due to the lack of experimental data support. More work needs to be 

done in order for a complete explanation. 

7.4 Summary  
 

The study of this chapter was aimed to apply CPFE modelling to simulate the creep 

behaviour of FGH96 at high temperature. The simulation results on single element and poly-

crystal models both showed that the modelling results are in very good agreement with the 

experimental data, therefore CPFE model is able to predict secondary stage creep in Ni 

superalloys, although it cannot predict primary or tertiary stage of creep. This model was 

applied to a turbine disc experiencing unevenly distributed γ’ size, temperature and stress 

levels throughout the disc. The effective plastic strain rate was calculated indicating that the 

centre of the disc has the highest creep rate, which could potentially cause voids initiation at 

this location and component distortion. Therefore, heat treatment parameters and processing 

route need to be designed carefully to minimize the coarse structure formation at the centre of 

the discs. 
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Chapter 8 

8 The coarsening of γ’ 

8.1 Introduction  
 

Superalloys are often exposed in a high temperature environment. The long-time exposure 

can cause dissolution and coarsening of the γ’ precipitates (referred to as Ostwald ripening) 

resulting in an increase in particle size and inter particle distance thereby weaken the 

materials mechanical performance by reducing resistance to dislocation motion. LSW theory 

is an essential advance in Ostwald ripening theory made by Lifshitz and Slyozov [118] and 

by Wagner [119]. It predicts that the cube of average particle radius is proportional to ageing 

time: r̅3 = kt, therefore it is also referred to as cube law. The LSW model is based on three 

assumptions: (i) the precipitates are spherical in nature; (ii) the precipitate volume fraction is 

close to zero and the inter particle distance is infinitely far so that there is no diffusion field 

overlap between neighbouring precipitates and (iii) there is no elastic stress exists between 

the two phases. Many researchers developed their own theories based on LSW, such as 

MLSW, BW, BWEM and LSEM theories due to the rigorous assumptions made by LSW 

theory (see Section 2.9 for details). A new model referred to as TIDC (trans-interface 

diffusion-controlled) theory was propose by Ardell and Ozolins [128] in 2005 based on the 

diffusion through the interface between γ and γ’. It predicts that the particle growth rate 

follows a square law: r̅2 = k′t. Several previous studies have been focused on the long-time 

ageing of turbine blade materials, but the research for long time ageing of powder metallurgy 

turbine disc material still remains open. In this chapter, the γ’ size, volume fraction and 

morphology evolution corresponding to different ageing temperatures will be observed and 

analysed. The particle size distribution (PSD) will also be analysed and compared to the 
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available theories in terms of the skewness (ks) and excess kurtosis (kk). A coarsening model 

will be proposed based on the microstructure and PSD evolution. Finally, both the cube law 

and the square law will be evaluated based on the experimental data.  

8.2 Experimental  
 

The FGH96 material was provided by BIAM (Beijing Institute of Aeronautical Materials Co., 

AVIC – Aviation Industry Corporation of China). The chemical composition of FGH96 is 

provided in Table 3.1. The samples were all cut from the rim of a disc by electro discharge 

machining in a tangential direction, which is the force direction while turbine discs are in 

service. The samples had a cuboid shape of 8mm×6mm×6mm. 

A supersolvus solution heat treatment at 1150°C was applied for 40 minutes to the samples to 

dissolve γ′ phase, then samples were then air cooled to room temperature, followed by an 

ageing treatment at 760°C for 8 hours then air cooled, which is a typical industrial heat 

treatment for FGH96 alloy. A bimodal distribution of γ′ is shown in Fig. 8.1 indicating that 

secondary and tertiary γ′ are uniformly distributed within grains. The average radius of 

secondary γ′ precipitates is 30nm and tertiary γ′ radius less than 10nm. The samples were 

then subjected to long time ageing treatments with parameters listed in Table 8.1. The lowest 

temperature in the range, 700°C, is slightly higher than the service temperature for this alloy, 

and the higher temperatures used in this study are for different kinetic comparisons. After 

ageing, the samples were mechanically ground and polished then electro-etched with solution 

consisting of 35ml H3PO4, 2ml H2SO4 and 3g CrO3 with a voltage of 2.5V for 1 second. This 

chromium containing solution attacks the γ phase with applied voltage and leaves anodic 

films on γ’ precipitates, which make the precipitates appear with white edges when viewed 

with a microscope. This allows them easier to identify and allows for a more accurate outline 

for the subsequent digital image analysis. The γ’ precipitate size observation was performed 
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on LEO GEMINI 1525 field emission scanning electron microscope operating at 20kV using 

SE (secondary electron) mode. 

STEM imaging was performed using the JEOL 2100Plus at an accelerating voltage of 200kV. 

This instrument was equipped with an Oxford Instrument for EDX (energy dispersive X-ray) 

spectroscopy with a take-off angle of 20°.  

 

Figure. 8.1 SEM image of initial (t=0) FGH96 microstructure after industrial heat 

treatment, showing secondary γ’ ~ 30nm and tertiary γ’ ~ 7nm in radius. 

 

ImageJ
®
 software was used for digital analysis, in which the average γ’ size, particle size 

distribution, volume fraction, particle density and roundness are determined. In order to 

ensure the accuracy of statistical analysis, at least 200 particles were counted from each photo, 

and three images taken from different grains were analysed.  

Table 8.1 Experimental ageing treatments for FGH96, after the initial heat treatment. 

Ageing temperature/ °C Ageing time/ h 

700 100, 200, 500, 1000, 2000, 3000 

750 100, 200, 500, 1000, 2000, 3000 

800 25, 50, 100, 200, 500, 1000 

850 25, 50, 100, 200, 500, 1000 

200 nm 
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8.3 Results  
 

8.3.1 Precipitate size, volume fraction and morphology evolution 
 

Fig. 8.2 shows the microstructure evolution of γ’ precipitates for three of the ageing times at 

the four temperatures. At 700°C, tertiary coalescence can be observed after 1000 h and 

tertiary γ’ still exists after 3000 hours. Table 8.2 summaries the coalescence observations of 

the secondary and tertiary γ’ precipitates after ageing for all times at 700°C, along with the 

tertiary γ’ size and estimate of the volume fraction. It shows that secondary coalescence 

started to show after 2000 hours.  

Unlike at 700°C, the tertiary γ’ are all dissolved and the alloy has coarsened to a unimodal 

distribution after 100 hours at 750°C, and as such, analysis of tertiary γ’ is not applicable. 

Secondary γ’ particle coalescence is not obvious until 1000 h, although it can be detected 

after 100 h.  

It can be seen from Fig. 8.2 that at 800 and 850°C, the γ’ distributions become unimodal at 25 

hours due to the rapid coarsening kinetics at these temperatures. Particle coalescence is 

obvious after 25 h ageing at 850°C, and is 100 h for 800°C.  

At all temperatures, the dissolution of the tertiary γ’ and growth of the secondary γ’ suggests 

that Ostwald ripening is dominating the evolution of the gamma prime morphology. At 

700°C, this becomes apparent after 2000h, at 750°C at 500h while at 800 and 850°C it has 

already apparent in the microstructure after 25h and is clearly after 1000h. The growth of 

tertiary and secondary γ’ particles are plotted as �̅�3 versus ageing time in Fig. 8.3 and Fig. 8.4 

respectively. The R
2
 values in Table 8.5 suggest that the cube law describes the growth of 

tertiary γ’ better than secondary at 700°C, and secondary γ’ growth is in better agreement 

with LSW theory at higher temperature. A more detailed analysis will be presented 

subsequently below (refer to the discussion of Fig. 8.4).  
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Figure 8.2 The microstructures of FGH96 after ageing at 4 different temperatures. The 

pictures from the first column of 700 and 750°C were taken after 100h ageing while 800 

and 850°C were taken after 25h. 

 

 

 

100h /25h 

/25h 

1000h 3000h 

700°C 

750°C 

800°C 

850°C 

200nm 
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Table 8.2 Data of tertiary γ’ particles after ageing experiment at 700°C. 

T/ °C Time/h Average 

radius (nm) 

Volume 

fraction % 

Tertiary  

coalescence 

Secondary  

coalescence 

700 

100 7 5.1 × × 

200 8 1.6 × × 

500 8 1.1 × × 

1000 10 1.9 √ × 

2000 12 0.6 √ √ 

3000 14 1.6 √ √ 

 

Table 8.3 presents the analysis of the secondary γ’ after ageing at all temperatures and times. 

Considering 700°C, the general increase in the secondary γ’ and decrease of the tertiary γ’ 

volume fraction (Table 8.2) indicate Ostwald ripening took place, that is, the growth of 

secondary γ’ consumes tertiary γ’. At 750°C, γ’ volume fraction increases with time in 

general due to Ostwald ripening. While at 800°C, this value increases to a peak at 100 h and 

then decreases. In this case, coalescence may start to dominate the process at 100h and as 

coalescence level increases, the volume fraction drops. While at 850°C, as the coalescence 

level is already high at 25 h, volume fraction continues to decrease with ageing time. 

However, for a more accurate volume fraction determination, other methods could be applied, 

such as neutron diffraction [133] or synchrotron diffraction [165-167]. 
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Table 8.3 Data of secondary γ’ particles after ageing experiment at 700-850°C. 

T/ °C Time/h 
Volume 

fraction (%) 

Average 

radius (nm) 

P density 

(no./µm
2
) 

Roundness ρmax=rmax/rav 
Skweness 

(ks) 

Excess 

kurtosis (kk) 

700 

100 21.9 32 ± 2 103 0.79 1.55 -0.18 -0.51 

200 26.2 29 ± 1 151 0.78 1.63 0.20 -0.46 

500 28.4 30 ± 2 132 0.77 2.25 0.20 0.69 

1000 27.8 36 ± 2 100 0.77 1.58 -0.12 -0.52 

2000 32.0 34 ± 2 122 0.79 1.77 0.34 2.29 

3000 28.1 38 ± 2 87 0.79 2.09 0.06 -0.30 

750 

100 29.3 31 ± 2 139 0.79 1.64 0.22 0.07 

200 30.8 34 ± 2 114 0.81 1.86 -0.29 -0.56 

500 27.9 35 ± 2 102 0.82 1.99 0.11 0.83 

1000 31.9 34 ± 2 119 0.81 1.98 0.48 0.09 

2000 29.2 42 ± 2 73 0.83 2.44 0.47 0.46 

3000 32.9 45 ± 2 67 0.85 1.93 0.23 -0.32 

800 

25 28.8 35 ± 2 104 0.79 1.81 -0.03 -0.53 

50 29.9 38 ± 2 90 0.82 1.70 -0.13 -0.42 

100 32.9 40 ± 2 88 0.81 2.11 0.04 -0.04 

200 29.7 41 ± 2 78 0.84 2.26 0.53 1.09 

500 23.8 55 ± 3 35 0.89 1.94 0.11 -0.49 

1000 27.7 65 ± 3 26 0.87 3.65 1.16 5.56 

850 

25 32.2 37 ± 2 88 0.87 1.90 0.03 -0.41 

50 30.1 41 ± 2 70 0.88 1.97 0.13 -0.34 

100 29.1 51 ± 3 46 0.89 1.98 -0.02 -0.48 

200 27.6 66 ± 3 28 0.88 2.21 0.18 -0.37 

500 28.5 80 ± 4 20 0.85 2.14 0.19 -0.10 

1000 25.4 87 ± 4 16 0.87 2.94 0.61 1.91 

LSW 0% 

 

1.5 -0.92 0.675 

BW 42%[168] 1.6 -0.743 0.205 

LSEM 40%[123] 2.0 -0.036 0.0369 

BWEM 42% [168] 2.5 0.0894 -0.0741 

TIDC <100% 2 0.305 -1.46 

 

As Fig. 8.4 illustrates, the change in secondary γ’ size for 800°C is in good agreement with 

the cube power law, but for 850°C, there is an obvious slope change in the curve, that is, at 

this temperature, LSW theory can be represented only up to 500 h, and the coarsening rate 
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becomes slower after that. The reason could be attributed to secondary particle coalescence 

dominating the particle growth. Such phenomenon has also been discovered in other studies 

[131, 132].  

The roundness value that describes the precipitate spherical morphology (for a perfect circle 

this value is 1, for a square is 0.75) suggests that the shape of secondary γ’ is rather stable up 

to 3000 hours at 700°C ageing. At 750°C, the increasing of roundness value and the 

decreasing of particle density indicate that the total surface energy is minimising with time in 

order for the system to reach equilibrium. There is a slight drop of roundness at 1000 h, 

which could be due to a higher level of coalescence (Fig. 8.2). At 800 and 850°C roundness 

values for both temperatures increase first and then decrease, but the transient time for 850°C 

is 100 h, sooner than that of 800°C (500 h). This is clearly related to coalescence caused by a 

faster kinetics at a higher temperature.  

 

 

Figure 8.3 Coarsening behaviour of tertiary γ’ at 700°C. 

 

r
3 (n

m
3) 



145 
 

 

Figure 8.4 Plots of secondary γ’ size cube (in nm
3
) vs. ageing time at different 

temperatures. 

 

8.3.2 Particle size distribution 
 

Fig. 8.5 shows the changes of secondary γ’ particle size distribution (PSD) after ageing at 

temperatures between 700 and 850°C displayed as histograms. These graphs present relative 

frequency versus equivalent particle radius. Notice that the particle radius range is up to 

100nm for the first two rows (700 and 750°C), while is 200nm for the last two (800 and 

850°C). As can be seen from Fig. 8.5, for all the studied temperatures, the peak frequency 

(corresponding to particle radius) shifts to the right with ageing time. For a given temperature, 

the absolute value of the particle size range becomes larger, while the peak frequencies drop 

gradually during ageing. For instance, at the beginning of 750°C ageing, the peak frequency 

is approximately 14, and the particle radius range is from 15 - 50 nm, while after 3000 h, the 

peak frequency drops to about 8 and the size range widens to 16 - 90 nm. This results from a 

combination of Ostwald ripening and coalescence. 

r
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Figure 8.5 Comparison of secondary γ’ PSD from 700 to 850°C for the ageing times. 

Notice that the particle radius range is up to 100nm for 700 and 750°C, and 200nm for 

800 and 850°C. 
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Coefficients of skewness (ks), coefficients of excess kurtosis (kk) and the maximum 

normalised particle size (ρmax) shown in Table 8.3 provide a comparison of experimental and 

theoretical particle size distribution, although the parameters for the VG theory are not 

available. Skewness is a measure of the symmetry of the distribution; a normal, Gaussian 

distribution has a value of skewness equal to zero [129]. The coefficient of excess kurtosis is 

a measurement that compares the peakness of the experimental distribution to that of a 

Gaussian distribution. The value of excess kurtosis is zero for a Gaussian distribution, 

whereas a more peaked distribution with an excess density in the tails has a positive value of 

excess kurtosis [129]. The statistical parameters for LSW theory indicates that its PSD has a 

sharp peak (kk = 0.675), pronounced right hand tail (ks = -0.92), while TIDC shows a negative 

excess kurtosis and positive skewness (kk = -1.46, ks = 0.305). The maximum particle size cut-

off is 1.5 for LSW and 2 for TIDC.  

The skewness coefficients start with relatively small values (close to zero) at each of the 

studied temperatures. During ageing, they increase to more positive values, which reflect 

more skewed left hand tails. Furthermore, ks values at higher temperatures prone to be greater. 

Although ks values vary with temperature and time, most of them lie between -0.3 and 0.6. 

Moreover, most ks values are positive, indicating left hand tails are preferable (BWEM and 

TIDC). There is a similar pattern for ρmax, the value generally increases with ageing time, and 

at higher temperature, the values for each time tend to be larger. Most ρmax values are in the 

range of 1.5 to 2.5, within the ranges of the theories in Table 8.3, except for 800°C 1000h and 

850°C 1000h. However, no clear pattern has been identified for excess kurtosis change, 

although the values tend to be large for long times at high temperatures (800°C 1000h and 

850°C 1000h). Evaluating and balancing the factors discussed above, the coarsening model 

for secondary γ’ is best described by BWEM theory, rather than LSW or TIDC. 
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8.3.3 Chemical composition 
 

Table 8.4 presents the chemical composition of γ’ and γ phase analysed by EDX in atomic 

percentage. As expected the results show segregation of Ni, Al and Ti to the γ’ phase, while 

Cr, Co, W and Mo segregate to the γ matrix. Notice that in γ’ phase the atomic percentage of 

Ni to Al+Ti is approximately 3:1, consistent with the stoichiometry of Ni3(Al, Ti).  

 

Table 8.4 EDX results of chemical composition for γ and γ’ phases in at.%. 

Elements Ni Al Ti Nb Cr Co Mo W 

γ’ phase at% 66.0 12.5 10.6 1.2 3.4 5.0 0.36 1.0 

γ phase at% 50.7 2.8 2.2 0.1 23.8 14.8 4.2 1.4 

 

8.4 Discussion  
 

8.4.1 The coarsening model of γ’ precipitation 
 

The increase in the γ’ average particle size with time at different ageing temperatures is 

presented by power law equation �̅�3 = 𝑘𝑡  (Fig. 8.3 and Fig. 8.4). The coarsening rate 

constants and the corresponding coefficients of determination (R
2
) from 700 to 850°C are 

summarised in Table 8.5. The data demonstrates that for the coarsening of secondary γ’ 

precipitates the rate constant increases with temperature, which is due to higher diffusion 

rates of solute atoms.  
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Table 8.5 Rate constants calculated for the experimental conditions in FGH96, based on 

LSW model fitting. 

Ageing condition k (nm
3
 s

-1
) Coefficient of determination (R

2
) 

700°C 
0.00021 (tertiary) 0.97 

0.0024 (secondary) 0.59 

750°C 0.0053 0.81 

800°C 0.068 0.92 

850°C 0.28 0.97 (up to 500h) 

 

Secondary γ’ morphology has been described by roundness, as summarised in Table 8.3. For 

all the studied temperatures, this value increased with time until particle coalescence became 

dominant, and decreased as the coalescence level became higher. In some alloys, γ’ 

precipitates evolve to cuboid shape due to elastic interaction and lattice mismatch [130-132]. 

Lattice mismatch is defined as δ = 2(aγ’ - aγ)/(aγ’ + aγ), where aγ’ and aγ are the lattice 

parameters of γ’ and γ phase respectively. The mismatch influences the γ’ size at which the 

spherical-to-cuboidal transition occurs [169]. Ricks et al. studied a range of polycrystalline 

superalloys, and their lattice mismatches and the corresponding spherical-to-cuboidal 

transition sizes are listed in Table 8.6 [170]. The mismatch value must be greater than 0.1% 

at the ageing temperature in order for cubes to form instead of spheres [121]. The data 

compiled in Table 8.6 suggests that smaller mismatch causes the transition to occur at larger 

particle size. FGH96 has a lattice mismatch of 0.05% at room temperature, close to U 720 

and Ni 105 in the table, one can speculate this transition size should be about 0.7µm. 

Therefore even for the largest particle size shown in Table 8.3 (87nm), it is still too small to 

promote the formation of cuboid γ’. In addition, the study carried out by Ricks et al. used 

very slow cooling rate from supersolvus temperatures and followed by ageing at a relatively 

high temperature (20K below solvus) so that the effect of soft impingement is minimised 
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[170]. The secondary γ’ in the current study, however, is very high in number density, 

therefore soft impingement cannot be neglected. Ardell et al. [171] have suggested that the 

microstructure tends to be controlled by the overlap of diffusion fields between adjacent γ’ 

particles, and by the effect of high densities of coherent precipitates causing strain in the 

matrix. 

 

Table 8.6 Effects of lattice mismatch upon shapes of γ’ [170]. 

Aolly 

Room temperature 

misfits (%) 

Size at which γ’ shows great 

departures from spherical shape (µm) 

U 720 <0.02 0.7 

Ni 105 -0.04 0.7 

Ni 115 -0.18 0.5 

Ni 80A +0.32 0.3 

Ni90 +0.34 0.3 

 

Based on the observation and data analysis above, a γ’ coarsening mechanism can be 

proposed, and is summarised in Fig. 8.6. For the studied temperatures, all of the processes in 

Fig. 8.6 start simultaneously. For a given time for each temperature, one of these processes 

dominates. From the initial state, tertiary γ’ coarsening process dominates first to decrease the 

total surface energy of the system (Fig. 8.6b), following by tertiary coalescence (Fig. 8.6c), 

until tertiaries are all dissolved. Secondary γ’ size grows gradually during the time of tertiary 

particles dissolution (Table 8.3 700°C), during this time, its morphology changes, as it is 

evident in roundness values (Table 8.3, Fig. 8.6d and 8.6e). Not until secondary γ’ 

coalescence becomes dominant, does its size change drastically, and the roundness decrease 

at the same time (Fig. 8.6f and 8.6g). At the higher temperatures, tertiary γ’ dissolves very 

fast (<100 h at 750°C and <25 h at 800°C). At 850°C, the kinetics are so fast that less than 25 
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hours, secondary coalescence has already taken over the particle growth process (Fig 8.6g or 

8.6h). On the other hand, the kinetics are rather slow at 700°C, as the evidence of tertiary still 

exists after 3000h ageing (Fig. 8.2 and Table 8.2). But given enough time, the system will 

develop to final step (Fig. 8.6h). 

 

Figure 8.6 γ’ coarsening model based on the coarsening data. All the processes start 

simultaneously but one of the processes dominates at a certain time. 

 

8.4.2 Activation energy 
 

The rate constant k in LSW coarsening model depends on several parameters. An analytical 

expression for k is given by [121, 172-174]: 

RT

VDCA
k mei  Eq 8.1 

in which A is a constant dependent on particle distribution, γi is the precipitate-matrix 

interfacial energy, D is the diffusivity of solute in the matrix (m
2
s

-1
), Ce is the atomic 

   

  
 

 
   

  
 

 
   

  
 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

  

 

 
 

(a) Initial (b) Tertiary coarsening (c) Tertiary coalescence 

(d) Secondary sphericalise (e) Secondary coarsening 

(g) Coalescence dominate (h) High level coalescence 

(f) Secondary coalescence 
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concentration of solute in equilibrium with the precipitate, Vm is the molar volume of the 

precipitate (m
3
mol

-1
), R is the universal gas constant and T is absolute temperature (K). 

D is given below: 











RT

Q
DD exp0  Eq 8.2 

where D0 is the tracer diffusion coefficient, which denotes diffusion of dilute in uniform 

concentration. Q is the activation energy for γ’ coarsening. Assuming Ce/T does not vary with 

ageing temperature, then Q can be obtained by plotting log(k) versus 1/T. The plot is shown 

in Fig. 8.7, and the activation energy is calculated from the slope of this line which is 305 

kJ/mol. This value is greater than the nickel self-diffusion energy (257-283 kJ/mol [132]) and 

also greater than Al (260 kJ/mol [175]) or Ti (257 kJ/mol [176]) in the diluted Ni alloys. 

 

 

Figure 8.7 Coarsening rate constant k calculated by plot of ln(k) vs. 1/T. 

 

 

 

y = -36745x + 39.541 

R² = 0.957 

mol 
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Table 8.7 Activation energies of diffusion for nickel alloys. 

Alloy Q (kJ/mol) References 

Ni in Ni 280 [177] 

Al in Ni 260 [175] 

Ti in Ni 257 [176] 

Udimet 700 270 [178] 

Nimonic 80A 274 [179] 

Nimonic 90 257 [179] 

Nimonic 105 263 [179] 

IN939 265 [179] 

IN738LC 292 [180] 

René 80 

 

218 [132] 

René 80 

 

127 [131] 

FGH96 305 Present work 

 

Studies conducted on various binary and ternary nickel-base alloys have reported activation 

energy values in the range of 260-280 kJ/mol [181]. Table 8.7 presents a summary of 

findings for commercial nickel base superalloys, although consisting of multicomponent 

systems, the activation energy values still lie in this range. However, Rosenthal and West 

[180] studied IN738LC alloy and found an activation energy of 292 kJ/mol, which is beyond 

this range. Moreover, Hadjiapostolidou and Shollock [131] studied long term heat treatment 

up to 20,000 h on René 80 and found a much lower value: 127 kJ/mol. Even for the same 

alloy, René 80, different studies show large discrepancies. Safari et al. [132] reported Q = 

218 kJ/mol for René 80 alloy. On one hand, the analysis on data in Table 8.7 suggests the 

activation energy study may rely on various circumstances; on the other, the calculation itself 

is an approximation and based on the assumption of Ce/T does not vary with temperature. 

Thus the slightly high value of Q = 305 kJ/mol found in this study is acceptable. 

http://www.renecaovilla.com/
http://www.renecaovilla.com/
http://www.renecaovilla.com/
http://www.renecaovilla.com/
http://www.renecaovilla.com/
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8.4.3 LSW theory – the cube law 
 

The rate constants k values in Table 8.5 were determined from the slopes of the plots that 

obtained from experimental data. Equation 8.1 provides another way of calculating this value. 

The parameters have been extracted from the literatures in Equation 8.1 are used as follow: A 

= 8/9 [172], gas constant R = 8.314 J/mol/K, molar volume of the precipitate γ’ Vm = 2.716 × 

10
-5

 m
3
/mol and temperatures in Kelvin in this study, e.g. T = 973K for 700°C. D0 is taken as 

0.0001 m
2
/s and activation energy Q = 260 kJ/mol for Al (from 914 to 1212K) [175], so that 

diffusion coefficients D are calculated from Equation 8.2 at each temperature.  

No interfacial energy γi of FGH96 alloy has been reported, although Ardell reported that in 

Ni-Al binary alloy, this value varies from 0.0037 [128] to 0.0081 J/m
2
 [182]. Also, Jou 

determined interfacial energies from 4 commercial nickel-base superalloys [183]. They are: 

RR1000 (0.0225 J/m
2
), Alloy 10 (0.025 J/m

2
), ME3 (0.0275 J/m

2
) and LSHR (0.031 J/m

2
). 

Among these 4 alloys, RR1000 has similar alloying additions to FGH96, which has 5.5% 

more Co content, no W or Nb elements, but 2% Ta which FGH96 does not contain. The 

lattice mismatch of RR1000 is 0.1%, 2× FGH96 approximately, which is the smallest in these 

4 alloys. The results in Jou’s report also revealed that higher interfacial energy alloys tend to 

have higher lattice mismatch [183]. Considering the higher alloying degree in FGH96 than 

Ni-Al binary system, it is reasonable to assume that the interfacial energy for γ’ in FGH96 

lies between these two limiting values [133]. In this study, the average value of the highest 

binary value (0.0081) and the one with RR1000 (0.0225) has been chosen, which is 0.015 

J/m
2
. 

The last parameter Ce has been determined by EDX experiment. Several aged specimens 

were examined under a transmission electron microscope in STEM mode with an operating 

voltage of 200kV. The Al composition in γ phase varies little with different specimens. The 

Ce has been taken as 0.028 (2.8 at.%). Tiley et al. [133] studied the rate constant 
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determination in great details on René 88 DT alloy. They used 0.03 as Ce value as obtained 

by APT.  

The k values from calculation fit (Al) in Table 8.8 are obtained by substituting the values in 

Equation 8.1. It can be seen that the calculated k values are in reasonably good agreement 

with the experimental ones, with a maximum factor of ~3 for 850°C. This deviation may 

result from the rapid kinetics and high level of coalescence at this temperature. The above 

calculations and rationale suggest that Al diffusion in Ni could be the main coarsening rate-

control step.  

Tiley et al. [133] also considered the situation of Cr diffusion due to two reasons: (i) the 

primary alloying element is Cr and (ii) Cr presented the sharpest concentration gradient 

through γ and γ’ interface in APT compositional profile. They found that the calculated k is in 

better agreement with the experimental k value where they analysed unimodal distributed γ’ 

(water quenched) aged at 760°C for up to 200h. For the present work, the Cr fit has also been 

presented in Table 8.8. Taking D0 of Cr to be 1.1×10
-4

 at each studied temperature [175], 

activation energy Q of Cr diffusion as 272.6 kJ/mol [175] and Ce for Cr as 0.24 from EDX 

results, and the other parameters are kept identical. The Cr fit results do fit better with the 

experimental rate constant values than Al fitting even at 850°C, but except 750°C, which is 

rather interesting as Tiley’s results show this value agrees better than Al at 760°C [133]. 

However, the tracer diffusion coefficient D0 and diffusion energy Q for Cr are applicable 

from 1373 to 1541K, higher than experimental temperature, thus these two parameters should 

be lower than the ones applied. Nevertheless, the results suggest Cr diffusion in Ni could 

contribute to the coarsening rate.  

 

 

 

http://www.renecaovilla.com/
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Table 8.8 Cube law rate constants k from experiment and calculation fits in FGH96. 

Ageing condition Experimental k(nm
3
 s

-1
) Al fit k(nm

3
 s

-1
) Cr fit k(nm

3
 s

-1
) 

700°C 0.0024  0.0014 0.0027 

750°C 0.0053 0.0061 0.0135 

800°C 0.068 0.025 0.057 

850°C 0.28 0.089 0.21 

 

8.4.4 TIDC theory – the square law 
 

Most of the research have been based on LSW theory ever since it was published, but Ardell 

and Ozolins [128] proposed a model based on the notion that the rate-limiting step associated 

with the coarsening of γ’ precipitates in a γ matrix is the diffusion of solute elements through 

a non-abrupt, order-disorder γ/ γ’ interface in 2005. In this model the precipitate size 

evolution with ageing time follows a square law: �̅�2 = 𝑘′𝑡, in which k’ is the coarsening 

constant. The square of secondary γ’ particle size with time has been plotted in Fig. 8.8, and 

the rate constants from each temperature can be determined from the slopes, which are shown 

in Table 8.9. Comparing to the cube law, square law shows better fitting at lower 

temperatures (700 and 750°C) but not at high temperature (800 and 850°C) as the R
2
 values 

suggest. 

The expression of rate constant has been given by Ardell and Ozolins [128]: 

e

ri

X

lD
k




81

~
32

'  Eq 8.3 

where iD
~

 is the trans-interface diffusion coefficient, ΔXe is the difference in solute 

concentration between the equilibrium compositions of the precipitate and matrix, δ is the 

interface width, lr is the capillary length, which can be calculated by the following equation: 
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  Eq 8.4 

where V
*

m is the partial molar volume of Al in γ’ phase, G
’’

mγ is the local curvature of the 

molar free energy of  mixing of γ phase calculated with the Al composition in γ phase. The 

expression is given by Calderon et al. [172]. 

The parameter ΔXe is taken as Xγ’ – Xγ = 0.097 from the EDS results, V
*

m = 6.79×10
-6

 m
3
/mol 

[128] and k’ values from Table 8.9. The interface width value was taken from Table 4.4, δ = 

3.4nm. Hwang et al. [32] studied the interface width of secondary γ’ particle from slow 

cooled sample of René 88 DT using 3DAP tomography, which is 2.5nm, while Tiley et al. 

[133] obtained a value of 3.5nm from water quenched sample. So the value of δ = 3.4nm is in 

good agreement with the literature. 

The calculated iD
~

 values are summarized in Table 8.9. The values shown are close to the 

ones reported in the literature [128, 133], and lies between the diffusion coefficients in 

disordered γ and ordered γ’ extrapolated from the measurements of Janssen [184] and Ikeda 

et al. [185], although the temperatures studied were a bit lower in the literature. Consequently, 

the Al diffusion through the order-disorder interface could be the key role in the interface 

diffusion coarsening process. It is worth noticing that several approximations have been made 

in the calculation. The local curvatures of the molar free energy of mixing are calculated from 

Ni-Al binary system, which has been approximated in the complex multicomponent FGH96 

alloy. Furthermore, the interfacial energy was balanced from the literature instead of 

experimental values. Despite of the approximations made and the complicated composition 

comparing to binary or ternary nickel alloys, the results obtained are still in good agreement 

with the literature. The interface diffusion controlled process cannot be ignored in 

understanding the coarsening in nickel-base superalloys. More accurate experimental 

measurements and/or calculations from robust thermodynamic databases for relevant 

parameters such as the interfacial energy is required to further support this hypothesis. Since 

http://www.renecaovilla.com/
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both theories are in good agreement with experimental results, it is possible that the 

coarsening factor lies somewhere between 2 and 3 and might depends on alloy composition. 

 

Table 8.9 Rate constants k’ calculated for the experimental conditions in FGH96, based 

on TIDC model fitting, and the local curvatures of the molar free energy of mixing 

calculated from k’. 

Ageing condition k' (nm
2
 s

-1
) R

2
 

iD
~

(m
2 

s
-1

) 

973K 4.75×10
-5

  0.61 1.22×10
-20

 

1023K 9.9×10
-5

 0.86 2.60×10
-20

 

1073K 9.6×10
-4

 0.92 2.57×10
-19

 

1123K 0.0036 0.93 (up to 500h) 9.83×10
-19

 

 

 

 

Figure 8.8 Plots of secondary γ’ size square (in nm
2
) vs. ageing time at different 

temperatures. 

 

 

r
2 (n

m
2) 
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8.5 Summary  
 

1. A long-time ageing study on a commercial powder metallurgy Ni superalloy for 

turbine disc application FGH96 has been made. The γ’ microstructure after standard 

industrial heat treatment shows bimodal distribution with secondary γ’ radius of 30 

nm and tertiary radius of <10 nm. 

2. The samples underwent different ageing temperatures and times where coarsening 

data and microstructure for γ’ are experimentally determined. The results show that 

the secondary γ’ precipitate size increase with ageing time and follows a cube law, 

whereas higher temperature shows better agreement. Although at 850°C the rate 

decreased after 500 h due to high level of coalescence. The particle density shows a 

contrary trend with particle radius. The volume fraction of secondary γ’ increase with 

ageing time at 700 and 750°C, but decrease at 800 and 850°C. Roundness values 

increase with increasing coarsening level and still increase when coalescence domains 

the process but decrease until coalescence level becomes too high. A coarsening 

model has been proposed based on the detailed precipitate analysis. All the coarsening 

processes start simultaneously but different procedures dominate at different stages. 

Tertiary γ’ coarsens first to reduce the total surface and interfacial energy, followed 

by tertiary coalescence. Secondary γ’ grows and spheroidises gradually until 

coalescence procedure takes over the whole process. At high ageing temperature, the 

fast kinetics allow high level of coalescence to show early in the ageing. 

3. The particle size distributions corresponding to experimental ageing conditions are 

compared with several models. From the coefficient of skewness (ks), coefficient of 

kurtosis excess (kk) and maximum normalised particle size (ρmax) data acquired, the 

coarsening of secondary γ’ in FGH96 alloy fits the BWEM theory the best among the 

theories mentioned, rather than LSW or TIDC theories. 
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4. The cube law rate constants are determined from the slopes by plotting the 

experimental coarsening data from each ageing group. The activation energy was 

obtained from the rate constants which is 305 kJ/mol. This value is slightly higher 

than the former studies, but acceptable. The rate constants are also calculated from its 

definition by measuring compositional parameters from EDX and parameters from 

other literatures, such as interfacial energy, both Al and Cr diffusion have been 

considered. The results show that they are in good agreement with the experimental 

determined values, indicating that the rate-limiting steps in particle coarsening are 

possibly Al and/or Cr diffusion. 

5. An assessment of the more recent square law (TIDC) coarsening model has also been 

made. The rate constants k’ are determined from the slope of r
2
 versus t. These k’ 

values have been used to determine the trans-interface diffusion coefficient iD
~

. The 

calculated iD
~

 values lie between the inter-diffusivity values of Al in Ni and Al in 

Ni3Al, indicating that the solute atoms diffusion across the order-disordered interface 

could be a rate-limiting step in the coarsening. 

6. Since both cube and square law are in good agreement with experimental results, it is 

likely that the coarsening factor is somewhere between 2 and 3, and might depends on 

alloy composition. 
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Chapter 9 

9 Conclusions 
 

A systematic characterisation with various techniques and computer simulation from 

microstructure to macroscopic properties has been conducted on FGH96 superalloy. The 

initial investigation presented the change of γ’ size distribution, γ’ volume fraction and 

morphology with change in cooling path using SEM and post digital image analysis software. 

Conclusions have been made that with increasing cooling rate, secondary and tertiary γ’ 

reduce in size and secondary γ’ morphology changes from butterfly-like to spherical.  

It was also investigated that the composition variation of γ matrix and different generations of 

γ’ precipitates via APT. The investigation revealed that different generations of γ’ 

precipitates posses various elemental composition. Secondary γ’ nucleated at high 

temperature upon cooling and a local γ/γ’ equilibrium is achieved across the interface. 

However, far field equilibrium cannot be achieved due to continuous cooling, thus a non-

equilibrium shell is formed on equilibrium secondary core while the composition deviate 

away from equilibrium probing away from the interface in γ matrix. In addition, this tendency 

of driving away from equilibrium increases with cooling rate. Tertiary γ’ precipitates are 

formed at lower temperature when the super-saturation of γ’ forming elements (Al and Ti etc.) 

is high enough in order to release the built-up nucleation driving force. Further investigation 

on individual γ/γ’ micro-mechanical properties suggested that higher cooling rates result in 

stronger γ’ precipitates and γ matrix, although experimental errors could contribute to some 

degree due to the extremely small scale.  

The heat treated specimens subjected to different cooling paths were creep tested at 700°C 

and 690MPa and detailed TEM studies were conducted to identify the deformation 
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mechanisms. It has been found that a microstructure with smaller secondary γ’ precipitates, 

narrower γ channel width result in higher creep resistance. Tertiary γ’ volume fraction can 

also increase the creep resistance, but the deformation modes were found to be different. 

Tertiary γ' size determines whether a/2<110> matrix dislocations dissociate into partials 

before entering γ' precipitates. Small tertiary γ' can be sheared by perfect matrix dislocations 

while dislocations dissociate into partials when encounter large tertiary γ' precipitates 

creating stacking faults. Tertiary γ' volume fraction decides the way a/2<110> matrix 

dislocations dissociate. Low volume fraction leads to γ' shearing by a/3<112> super Shockley 

partial creating SISF in its wake while high tertiary γ' volume fraction leads to γ' shearing by 

a/6<112> Shockley partial creating SESF. A CPFE model was applied to simulate the creep 

behaviour of FGH96 at high temperature. The results show that CPFE model is able to 

predict secondary stage creep in Ni base superalloys. This model also illustrate that for a 

turbine disc experiencing unevenly distributed γ’ size, temperature and stress levels at 

different locations, the centre of the disc has the highest creep rate, which could cause crack 

initiation at this location. 

The coarsening kinetics of γ' in nickel base superalloy was studied by ageing the material at 4 

different temperatures for various periods of time. The results showed that the secondary γ' 

growth generally follows a cube law and the γ' size evolution can be best described by 

BWEM theory. The assessment of the rate constant for γ' coarsening were made for both 

LSW and TIDC theories. It was found that both volume diffusion and trans-interface 

diffusion could be the rate limiting step, therefore the rate constant could be somewhere 

between 2 and 3. 

The study presented in this thesis provides a thorough characterisation route for FGH96 alloy 

from atomic scale chemical information to macroscopic mechanical behaviours as well as 

deep understanding behind the discovered phenomenon. The research methodologies and 
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tools applied in this study could be adopted by other commercial superalloys in order for a 

thorough understanding. 
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Chapter 10 

10 Future work 
 

However, more research needs to be done in order to have a more solid understanding on the 

relationship between microstructure and macroscopic properties. Suggestions for future 

research are listed below: 

1.  For a factor of 6 regarding cooling rates (150/25 °C/min) is relatively small for a 

complete understanding. More extreme cooling rate could be applied to obtain a 

mono-modal γ' distribution. The following SEM, APT and creep analysis need to be 

conducted and compared with the existing results. 

2. An indenter with sharp tip/ smaller tip radius should be applied for nano-indentation 

experiments to minimise the experimental errors so that the micro-mechanical 

properties of γ and γ' phases can be measured more accurately. The relationship 

between cooling rate, compositional change and micro-mechanical properties can be 

clearly seen. 

3. High resolution scanning transmission electron microscopy (HRSTEM) experiment 

should be performed to observe the fault structure in both r and r' phases. In addition, 

creep experiments under diffferent temperatures and stress levels should be performed 

and analysed to have a complete understanding for creep deformation mechanisms. 

4. APT analysis should be conducted on selected aged specimens in order to gain better 

understanding of elemental partitioning during long-time ageing as well as providing 

more accurate information such as interface width and solute composition 

concentration to have a more accurate evaluation on the coarsening kinetics and 

coarsening factor.  
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Appendix A 

Image analysis of micrographs 

 

In this Appendix the methodology used to analyse SEM micrographs is described in detail.  

ImageJ
®
 software was applied to determine the secondary γ’ particles size, distribution, area 

fraction and particle density. In order to assure the accuracy of statistical analysis, at least 200 

particles were counted from each photo, and three pictures taken from different grains were 

analysed and average values were taken. 

An example of an SEM micrograph of a sample exhibiting unimodal distribution of γ’ 

precipitates is shown in Fig. A.1. An enlarged micrograph was used so that fewer precipitates 

were present for clarity. This sample was electro-etched in a chromium rich etchant. This 

etchant attacks the γ phase and leaves anodic films on the γ’ precipitates which appear “bright 

edges” under electron microscope. 

 

 

Figure A.1 Section of an SE SEM image of the sample aged at 850°C for 1000 h from 

Chapter 8. 

 

 

100nm 
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Step 1: Scale setting 

The first step is to set the scale in ImageJ in order to define the correct pixel to user unit (in 

this case is nm). This is done by drawing a line of the same length as the scale bar (red line in 

Fig. A.2a). Then the pixel of this line will be calculated and the length of this line is defined  

in nm in the “Known Distance” text box of the “Set Scale” window (Fig. A.2b). 

 

 

Figure A.2 (a) Draw a line of the same length over the scale bar; (b) Set the scale by 

inputting the value of this length and the unit in the “Set Scale” window.  

 

Step 2: Apply threshold 

This step involves adjusting the threshold of the greyscale (Fig. A.3a). The goal is to select as 

much of the precipitate outlines but the fewer number of random matrix points, which makes 

this step one of the most crucial steps and it depends greatly on the sample/image quality.  

Over thresholding leads to a high background noise (extra matrix points) while under 

thresholding may result in less precipitate recognition. The areas selected by the threshold 

appear in red colour, as shown in Fig. A.3b.  

  

 

(a) (b) 
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Figure A.3 (a) Threshold adjustment to select as much as of the precipitate outlines; (b) 

The resulting image. Red colour outlines the areas selected with this thresholding.  

 

Step 3: Precipitate separation 

After applying threshold, the image is in binary, and the γ’ precipitates are hollow with black 

outlines, as is shown in Fig. A.4a. The precipitates can be filled by selecting “Process-Binary-

Fill Holes” in the toolbar of ImageJ.  The resulting micrograph is presented as Fig. A.4b.  

  

 

Figure A.4 (a) The image shows in binary and the precipitates are hollow with black 

outlines after applying threshold; (b) The precipitates become solid after filling holes.  

 

(a) 

(a) 

(b) 

(b) 
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The brightness and contrast of the image is adjusted (Fig. A.5a) in order to separate the 

precipitates from the background noise. The image is in grey colour after applying the 

adjusted brightness and contrast, as is shown in Fig. A.5b. Then the γ’ precipitates are chosen 

manually by using the “Flood Fill Tool” in the toolbar so that the precipitates are in a 

different colour with the background noise (Fig. A.5c). 

  

 

Figure A.5 (a) Threshold adjustment to select as much as of the precipitate outlines; (b) 

The resulting image. Red colour outlines the areas selected with this thresholding.  

 

A threshold is then applied again to get rid of the background noise so that the γ’ precipitates 

are separated. Fig. A.6a and 6b show before and after applying the threshold respectively. 

 

(a) 

(b) 

(c) 
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Figure A.6 (a) Adjust the threshold; (b) Apply the threshold so that the precipitates are 

separated from the background noise. Red circles indicate some features that deviate 

from the original image.  

 

Step 4: Final adjustment 

Some adjustments might be needed before the precipitate analysing. For instance, some 

features deviate from the original image (Fig. A.1), which are shown in red circles in Fig. 

A.6b. The left circle indicates a “burr” on the precipitate. It can be erased by using the 

“Paintbrush Tool” in ImageJ. The middle and right circles are precipitates mis-shapened after 

the first thresholding, which can also be adjusted with the “Paintbrush Tool”. The resulting 

image is shown in Fig. A.7. 

 

Figure A.7 Final adjustment before particle analysing. The red circle indicates some left 

unwanted background noise.  

(a) 

  

(b) 
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Step 5: Particle analysing 

In the “Analyse Particles” window (Fig. A.8a), the user can choose to display the information 

they need. Some background noise might be left sometimes as the red circle indicates in Fig. 

A. 7. By selecting particle size range in the “Size” text box in the “Analyse Particles” 

window, these unwanted particles can be excluded. Fig. A. 8b and 8c show the summary of 

the analysed precipitates and the detailed information for each precipitate (area, aspect ratio, 

roundness etc.) respectively. The data can be output to an Excel file for further analysis, such 

as calculating the radius from the area by assuming the precipitates are circles. The displayed 

outlines are shown in Fig. A.9. 

 

 

Figure A.8 (a) The “Analyse Particle” window in ImageJ, several boxes can be ticked 

for particle analysing; (b) The summary of the precipitates analysed for the example 

image; (c) The individual information for each precipitate analysed.  

 

(a) (b) 

(c) 
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Figure A.9 The outlined particles that were analysed in ImageJ.  

 

One might notice from Fig. A.9 that the analysed particles are those without touching the 

frame edges. This is essential for analysing the precipitate size as the precipitates need to be 

integrated. The “Exclude on edges” box in the “Analyse Particles” window needs to be ticked 

for this reason (Fig. A.8a). But when area fraction, which means the percentage of total 

secondary γ’ precipitates area, is calculated, the edge particles are counted in. Particle density 

is defined as the number of particles per unit area, which is calculated by: 

ρ =  
∑ Ni +(∑ ni)/2

A
 × 100%  

where ΣNi is the number of particles in the image excluding those with touching edge; Σni is 

the number of particles with touching edge; and A is the total area. 
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Appendix B 
 

Information about some common turbine disc alloys, chemical composition in wt% [13, 14, 16] 

Gen Alloy Cr Co Al Ti Mo W Nb Ta Hf C B Zr Ni γ′ content/ % 
γ′ solvus  

temperature/ °C 

Density 

/ g·cm
-3

 

Service  

temperature 

/ °C 

1st 

Astroloy 15.0 17.0 4.0 3.5 5.3 — — — — 0.06 0.03 — Bal 52 1145 8.02 650 

MERL-76 12.4 18.6 0.2 4.3 3.3 — 1.4 — 0.35 0.05 0.03 0.06 Bal 64 1190 7.83 650 

Rene95 14.0 8.0 3.5 2.5 3.5 3.5 3.5 — — 0.15 0.01 0.05 Bal 54 1160 8.30 650 

U720Li 16.0 15.0 2.5 5.0 3.0 1.25 — — — 0.025 0.018 0.05 Bal — — — 650 

2nd 

Rene88 DT 16.0 13.0 2.1 3.7 4.0 4.0 0.7 — — 0.03 0.015 0.03 Bal 42 1250 8.36 750 

RR1000 15.0 18.5 3.0 3.6 5.0 — 1.1 2.0 0.5 0.027 0.015 0.06 Bal 47 — — 750 

N18 11.5 15.7 4.35 4.35 6.5 0.6 — — 0.45 0.015 0.015 0.03 Bal 61 1210 8.00 700 

3rd 

ME3 13.1 18.2 3.5 3.5 3.8 1.9 1.4 2.7 — 0.03 0.03 0.05 Bal 51.3 1161 — up to 800 

Alloy10 11.5 15 3.8 3.9 2.3 5.9 1.7 0.75 — 0.03 0.02 0.05 Bal — — — — 

NR3 11.8 14.7 3.65 5.5 3.3 — — — 0.03 0.024 0.013 0.024 Bal — — — — 
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