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Abstract

In this study, the effect of temperature on the cyclic deformation behaviour of a confined polycrystalline Nb
film is investigated. Micropillars encapsulating a thin niobium interlayer are deformed under cyclic axial
compression at different test temperatures. A distinct plastic hysteresis is observed for samples tested at
elevated temperatures, whereas negligible plastic hysteresis is observed for samples tested at room temperat-
ure. These results are interpreted using planar discrete dislocation plasticity incorporating slip transmission
across grain boundaries. The effect of temperature-dependent grain boundary energy and dislocation mo-
bility on dislocation penetration and, consequently, the size of plastic hysteresis is simulated to correlate
with the experimental results. It is found that the decrease in grain boundary energy barrier caused by the
increase in temperature does not lead to any appreciable change in the cyclic response. However, dislocation
mobility significantly affects the size of plastic hysteresis, with high mobilities leading to a larger hysteresis.
Therefore, it is postulated that the experimental observations are predominantly caused by an increase in
dislocation mobility as the temperature is increased above the critical temperature of body-centred cubic
niobium.
Keywords: Discrete dislocation plasticity; temperature; BCC; plastic hysteresis; cyclic deformation; thin
films.

1. Introduction

Confined thin film systems occur naturally in polycrystalline materials and in electronic devices. During
manufacture and in-service, such systems are expected to undergo cyclic loading making it necessary to
characterise their cyclic deformation behaviour. Conventionally, this is achieved by performing tension-
compression cycling to investigate the fatigue life of components [1, 2]. For sub-micron specimens, however,
there is increased difficulty in sample handling. Only a few studies exist investigating the cyclic deformation
of sub-micron samples, using only load-unload deformation [3, 4, 5, 6]. Small-scale samples exhibit much
stronger reverse plasticity compared to their bulk counterparts, demonstrating a Bauschinger effect upon
unloading alone [7], which makes such load-unload experimental investigations more feasible for small-scale
samples.
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In the field of sub-micron plasticity, the monotonic deformation behaviour of face-centred cubic (FCC)
[8, 9, 10, 11] and body-centred cubic (BCC) materials [12, 13, 14] has received significant interest in the past
few decades. Investigations into small-scale cyclic behaviour, however, have almost exclusively focused on
FCC materials with only recent work showing that confined single crystal BCC niobium demonstrates plastic
hysteresis at room temperature, similar to FCC materials [15]. Polycrystalline BCC materials, which are
more widespread in use as compared to single crystals, are yet to be investigated. Moreover, body-centred
cubic materials demonstrate deformation mechanisms with strong temperature and strain rate dependence
[16]. Cyclic loading in small-scale devices is frequently caused by thermal fluctuations, thus making it
necessary to investigate the temperature-dependent cyclic deformation behaviour of polycrystalline BCC
materials.

The temperature-dependent deformation behaviour of BCC materials has been linked to a non-planar
core structure of screw dislocations in the BCC lattice [17], leading to a high Peierls barrier that has to be
overcome by thermally-activated kink-pair nucleation [18, 19]. Screw dislocation mobility is thus strongly
influenced by temperature in BCC materials and has been shown to predominantly govern plasticity at high
strain rates [20]. In addition, of significance to polycrystalline materials, it has been found that the grain
boundary energy decreases with temperature [21, 22, 23]. The grain boundary energy barrier determines
the penetrability of grain boundaries to dislocations and the degree of slip transmission that occurs between
grains. Slip transmission leads to a reduced yield stress and strain hardening rate in polycrystalline specimens
[24]. Therefore, for polycrystalline BCC materials, both dislocation mobility and slip transmission need to
be considered in the context of temperature-dependent deformation.

In this study, the effect of test temperature on the cyclic deformation behaviour of highly confined
polycrystalline BCC niobium films is investigated. Micropillars encapsulating thin, polycrystalline niobium
films are deformed under cyclic axial compression and the size of plastic hysteresis compared at different test
temperatures. A discrete dislocation plasticity (DDP) model is then used to investigate the relative effects
of grain boundary energy and dislocation mobility on the cyclic response of the confined thin film system.
Since the majority of prior DDP studies assume impenetrable grain boundaries, the effect of dislocation
penetration is elucidated in detail. The simulation results together with the experimental findings are used
to offer plausible insights into the mechanism of temperature-dependent cyclic deformation in polycrystalline
BCC metals.

2. Experimental details

The encapsulated-film micropillar geometry is employed in this study [15, 25]. Magnetron sputtering was
used to deposit thin niobium (Nb) layers onto single crystal sapphire (Al2O3) substrates (purity > 99.99%)
at 500 °C, less than 10−5 Torr Ar gas pressure and 500 mA deposition current. Samples were then diffusion
bonded in a hot press furnace for 6 hrs at 1400 °C and a vacuum of less than 10−5 Torr, under a pressure of
30 MPa. Manual polishing was used to prepare samples sized 5 mm × 1 mm × 1 mm consisting of sapphire
substrates encapsulating Nb films at a 45° incline. Cylindrical micropillars bearing these 45° Nb interlayers
were prepared by focussed ion beam (FIB) milling in a dual beam Helios 600 Nanolab scanning electron
microscope (SEM). Final milling was done at a polishing current of 50 pA. The dominant niobium crystal
orientation was found to be Nb(111)||Al2O3(0001), which is also the crystal orientation leading to activated
slip systems that can be modelled in a planar context. The experimental data presented herein is for samples
with a polycrystalline Nb interlayer of 0.45 µm thickness at 45° to the pillar axis and a micropillar height of
~8.5 µm and diameter ~2.0 µm. A scanning electron micrograph of a representative as-prepared micropillar
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sample and transmission electron micrograph of the film cross section are shown in Fig. 1. The grain sizes
were found to be bi-modal with an overall mean grain size of approximately 150 nm.

Cyclic axial compression was applied to the top surface of the micropillar using pseudo-load control [26]
at a loading rate of 0.5 mN/s at three test temperatures: 25, 300 and 400 °C. Compressions were performed
using a customized Alemnis SEM Indenter [27] in situ inside a Zeiss DSM 962 SEM. The system was modified
for high temperature operation by adding watercooling to the system’s frame and independent tip and sample
heaters with thermocouple-controlled feedback loops. Due to the low thermal conductivity of the sapphire
sample, the surface temperature of the sample must be precisely determined in order to achieve the desired
test temperatures. This was done using a temperature shift minimization method [26], where the sample
temperature is adjusted during a series of tuning indents until the temperature of the calibrated indenter
is not altered by contact with the sample. This allowed the sample’s surface temperature to be matched to
the desired test temperature despite any thermal gradients between the sample surface and sample heater’s
thermocouple.

2 m

(a) (b)

Figure 1: (a) An as-prepared experimental sample with a polycrystalline niobium film encapsulated within sapphire substrates.
(b) Bright field transmission electron micrograph of the film cross-section showing grain structure.

2.1. Experimental results

The geometry of the samples leads to inhomogeneous strain distribution across the pillar length; how-
ever, engineering strain measures are reported in this study to facilitate easy comparison between samples
and between experiments and simulations. The engineering strain was obtained by normalising the punch
displacement by the initial pillar height and the engineering stress was obtained by dividing the experimental
load data by the initial pillar cross-sectional area. The experimental samples were compressed to a peak
load of 10 mN (~ 3200 MPa) and then unloaded to 1 mN (~ 340 MPa) to maintain contact. Two samples
were loaded at 25 °C and one sample each at 300 and 400 °C. The peak stresses achieved before unloading
are of the order of ~3 GPa, for which all samples are expected to be in the plastic regime, considering the
low yield strength of niobium [15]. Fig. 2 shows the experimental hysteresis curves obtained at different test
temperatures for the first deformation cycle. There appears to be negligible hysteresis at 25 °C compared
to the higher test temperatures where a clear hysteresis loop can be observed. The initial loading shown in
the inset indicates some degree of misalignment for all samples.

In order to observe the effect of temperature on deformation morphology, micropillar samples are also
compressed to failure to impose large strains on the samples. Samples tested at 25, 300 and 400 °C were all
observed to undergo failure at the interface. The observed deformation morphology is shown in Fig. 3. The
25 °C sample demonstrated a smooth surface morphology whereas samples tested at elevated temperatures
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showed slip steps on the thin film surface as shown in the inset in Fig. 3(b) for the 400 °C sample. These slip
traces are approximately perpendicular to the niobium-sapphire interface and correspond well with primary
slip activation observed later in the simulations.
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Figure 2: The experimental load-unload hysteresis curves at different test temperatures with the curves being offset for visibility.
Only one deformation cycle is shown. The inset shows initial loading for each micropillar.
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Figure 3: SEM images of micropillars compressed to failure at (a) 25 °C and (b) 400 °C. The higher magnification inset for (b)
shows slip steps formed at the Nb surface.

3. Model

For the temperature range considered experimentally, two effects are likely to occur with increasing
temperature: an increase in dislocation mobility [16] and a decrease in grain boundary energy [23]. The
effect of these properties on plastic hysteresis in the confined thin film system is investigated using the
plane-strain discrete dislocation plasticity (DDP) model developed by Waheed et al. (2017) [15] for the
encapsulated film-micropillar geometry. The method of O’Day and Curtin (2004) [28] is implemented to
account for material heterogeneity in the sample and slip transmission across grain boundaries is included
using the formulation of Li et al. (2009) [24]. The detailed formulation of a DDP model incorporating
material heterogeneity for a BCC film encapsulated within ceramic substrates is given in [15] and for slip
transmission in a DDP context in [24, 29]. Therefore, only a brief description of the methods is provided
here.
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3.1. Planar discrete dislocation plasticity

Initially, it is assumed that the experiments are performed at temperatures above the critical temperature
TC of BCC niobium which is close to room temperature [30]. Thus, it is assumed that both edge and
screw dislocations have similar mobilities and glide occurs along defined slip planes [12, 14, 19]. Only edge
dislocations, not screw dislocations, are represented in a plane-strain DD context; however, it should be noted
that the mechanism elucidated will be relevant regardless of the exact dislocation fields being modelled.
Therefore, we proceed with a conventional DDP framework in which edge dislocations are modelled as
straight line defects in a linear-elastic material and plasticity arises from the motion of a large number of
dislocations gliding along defined slip planes. Small strain conditions and material isotropy are assumed and
plasticity is only allowed to occur in the niobium interlayer.

Rice’s condition for plain-strain plastic deformation in a BCC lattice [31] is utilised to define the slip
systems in niobium. The slip system orientations relative to the material interface are shown in Fig 4.
Parallel slip planes for each slip system are placed dplane = 200|b| apart where b is the dislocation Burgers
vector. Point sources representing planar Frank-Read sources are randomly distributed on these slip planes
with a source density ρnuc = 50 µm−2 in the niobium thin film. The source nucleation strength, τnuc, is
prescribed from a Gaussian distribution with mean τnuc = 50 MPa and standard deviation 0.2 × τ̄nuc. A
dislocation dipole is nucleated if the resolved shear stress on a source exceeds τnuc for the duration of the
nucleation time tnuc = 10 ns. A linear mobility law is used to calculate the dislocation glide velocity with a
velocity cut-off implemented at 20 m s−1 to resolve the dislocation dynamics as in prior DDP studies [11, 29].
Oppositely signed dislocations on the same slip plane are annihilated when the spacing between them is
less than 6|b|. Obstacles to dislocation glide apart from grain boundaries and material interfaces are found
not to significantly influence the mechanical response of the confined volume and are hence disregarded.
Loading is applied in an incremental manner. The micropillar top surface is compressed at a strain rate of
ε̇ = 2000 s−1 with a time step of ∆t = 0.5 ns between increments. The same specimen dimensions as the
experimental samples are used and, for simplicity, a uniform grain size of 150 nm is assumed. For each set of
parameters investigated in the model, three DDP realizations are used to obtain the average response. The
model parameters are summarised in Table 1.
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(121)[111]

(101)[010]

54.7°
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(111)Nb||(0001) Al2O3

(101) Nb

Figure 4: Niobium slip system orientations for plane-strain plastic deformation.
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µAl2O3 (GPa) νAl2O3 µNb (GPa) νNb Bo (Pa s) |b| (nm)
183.2 0.16 47.2 0.36 2× 10−4 0.286

τnuc (MPa) ρnuc (µm−2) Grain size (nm)
50 50 150

Table 1: Model parameters used unless otherwise stated.

Based on linear superposition, the method of O’Day and Curtin [28] is implemented to model the bima-
terial specimen as shown in Fig. 5. Each elastically homogeneous region is considered as a separate DD
subproblem with generic boundary conditions, and a finite element subproblem for the entire specimen is
then superimposed to correct for the applied boundary conditions. The finite element mesh consists of 1200
bi-linear, trapezoid elements. The complete solution is obtained as the sum of all DD subproblems and the
FE subproblem as follows:

u =
∑

uDD + uFE (1)

where u is the displacement field; the superposition expressions for the strain and stress fields are similar.
The individual DD subproblems are solved using the conventional plane strain DD formulation of Van
der Giessen and Needleman (1995) [32]. From each DD subproblem, a traction T∗

i is obtained along the
corresponding boundary between the DD subproblems, which is input into the overall FE subproblem and
represents the corrective image fields obtained from that particular DD subproblem. Full details of the
superposition method as applied to the encapsulated-film micropillar geometry can be found in [15].
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Figure 5: The superposition scheme for the encapsulated-film micropillar geometry. Displacement U0 is applied to the boundary
Su, traction T0 applied to ST and the boundary between the DD subproblems is labelled Sb.

3.2. Slip transmission across grain boundaries

The effect of slip transmission is investigated by considering impenetrable and penetrable grain boundaries
in the discrete dislocation model. The formulation introduced by Li et al. (2009) [24] for grain boundary (GB)
penetrability in a DDP model is utilised. Criteria are set for dislocation transmission across GBs and the
re-emission of accumulated residual dislocations based on energy minimization and geometric considerations.
The GB energy per unit area γGB is determined from the type of grain boundary and degree of misorientation
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between adjacent grains. As dislocations approach and form a pile-up at a grain boundary, a stress build-up
occurs at the leading dislocation. The leading dislocation penetrates the GB when the work done on this
dislocation exceeds the combined GB energy and the strain energy of the residual debris dislocation. Let
the Burgers vector of the incoming dislocation be b and of the dislocation debris ∆b, then slip transmission
occurs when:

τ |b|2 > γGB |b|+ µ|∆b|2 (2)

where τ is the resolved shear stress acting on the leading dislocation and µ is the shear modulus. Only
slip planes from each slip system in the outgoing grain which are geometrically closest to the end of the
incoming slip plane are tested and the dislocation is transmitted onto the first plane that fulfils the energy
criterion. The residual dislocation debris is then placed at the midpoint of the incoming and outgoing slip
planes. There is an accumulation of dislocation debris as the number of transmission events increases. A full
dislocation is re-emitted from the debris if the projected debris Burgers vector is greater than or equal to
one Burgers vector and if the re-emission is energetically favourable. Mathematically, the energy criterion is
represented as:

µ|∆B|2 >
[
µ|b|2 + µ|δb|2 +D

n∑
i=1

ln(R/xi)
]

(3)

where ∆B and δb are the Burgers vector of the accumulated debris before re-emission and the residual
debris remaining after re-emission respectively, D = µ|b|2/[2π(1− ν)], R is the dislocation screening length
and xi is the distance between the debris and the ith dislocation on the outgoing slip plane. The right
hand side of the expression includes the energy of the re-emitted dislocation and remaining debris, with the
last term on the right hand side representing an energy cost of the elastic interaction between the emitted
dislocation and all dislocations already on the outgoing slip plane. The slip planes from each slip system
in the adjacent grains that are geometrically closest to the dislocation debris are tested against this energy
criterion. If two slip planes meet the energy criterion, then the dislocation is re-emitted on the slip plane
encountered first.

3.3. Temperature-dependent grain boundary energy

Experimentally, grain rotations might be expected to occur about the axis normal to the Nb-Al2O3

interface, i.e. the <111> axis in niobium, whereas only in-plain grain rotations about the <110> axis can be
modelled in the DDP framework. Symmetric tilt grain boundaries (STGB) in the polycrystalline niobium
film are therefore considered about both of these axes. Grain boundary energies at 0K are computed
for different grain misorientations using the conjugate-gradient method in the molecular dynamics code
LAMMPS [33] with a bicrystal computational cell and 3D periodic boundary conditions. The embedded
atom method (EAM) interatomic potential [34] is utilised which has been demonstrated to reproduce the
elastic behaviour and thermal expansion of niobium reasonably well [35]. Several 0K GB structures were
obtained by utilising successive rigid body translations followed by an atom deletion technique introduced
by Tschopp and McDowell [36]. More than 70,000 initial configurations were relaxed for each misorientation
to determine the minimum grain boundary energy. The results are shown in Fig. 6. Rotations about the
<110> axis lead to higher grain boundary energies as compared to the <111> tilt axis. Therefore, the lower
<111> tilt axis grain boundary energies are used in these simulations as a conservative estimate (so more
slip transmission can occur) and because they represent the experimentally relevant grain boundaries. In
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this case, it can be seen that γGB varies almost linearly with misorientation angle ∆θ for 0° 6 ∆θ < 15° and
45° < ∆θ 6 60° and remains approximately independent of the misorientation angle for 15° 6 ∆θ 6 45° .
The solid line represents the piece-wise linear approximation used to simplify the γGB vs. ∆θ relationship
with the maximum GB energy being defined as γmax .

Foiles (2010) has shown that for T < 0.75TM, the change in GB energy with temperature scales directly
with the change in c44×a, where c44 is the cubic shear modulus and a the lattice constant [23]. This has been
rationalised with a dislocation based model of grain boundaries [37]. Assuming that GBs are an ensemble
of dislocations arranged in a particular structure [38], it follows that the energy of the GB is related to the
energy of the dislocations comprising it which is directly proportional to the shear modulus [39]. Thus, as a
first estimate, it is assumed here that the lattice constant remains unchanged and the maximum GB energy
γmax changes with temperature in proportion to c44, i.e. γmax ∝ c44. To the best of our knowledge, a first
principle investigation into the elastic constants of niobium against temperature has not been carried out so
it is assumed here that these evolve in the same proportion as the elastic constants of BCC W as given in
[40]. Thus, estimates for the shear modulus and γmax of Nb are obtained corresponding to 25, 300 and 400
°C given in Table 2 (see Appendix for more details). It can be seen in Table 2 that there is only a small
change in µ and γmax with changing temperature. Similar results were obtained by Shibuta et al. (2008)
who found using molecular dynamics that there is a negligible effect of temperature on symmetric tilt grain
boundary energies in α-Fe for temperatures up to 0.5TM [41]. The grain boundary energy results are then
input into the polycrystalline encapsulated-film micropillar DDP model to simulate the penetrable grain
boundaries. The results for these penetrable GBs are also compared to perfectly impenetrable GBs with no
dislocation penetration to elucidate the effect of slip transmission on plastic hysteresis.

0 30 60 90 120 150 180
0

400

800

1200

1600

Tilt axis <110> Tilt axis <111> Approx.

°

Figure 6: The GB energy γGB of symmetric tilt grain boundaries in a niobium bicrystal about the <110> and <111> tilt axes
as calculated from atomistic simulations performed at 0K.

3.4. Temperature-dependent dislocation mobility

In BCC materials, the mobility of screw components is strongly temperature-dependent, with low mo-
bilities below the critical temperature TC and mobilities approaching those of edge components above TC
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-273 °C (0K) 25 °C 300 °C 400 °C
µ / GPa 47.2 46.7 45.9 45.5

γmax / mJ m−2 950 933 917 900

Table 2: Shear modulus µ and maximum grain boundary energy γmax used in simulations corresponding to different test
temperatures.

[16]. This has generally been attributed to a high Peierls barrier which is overcome by thermally activated
kink-pair nucleation at low temperatures [39]. As the temperature increases, there is an increase in the rate
of nucleation of kink-pairs leading to an increase in dislocation mobility. A number of studies have focussed
on establishing phenomenological mobility laws for BCC materials [42, 43, 44]. It is, however, difficult to
determine accurate dislocation mobility relationships experimentally and also to reconcile experimental ob-
servations with simulation results (see [45] for a review of withstanding issues). Therefore, in this study, only
a simplistic first estimate of varying dislocation mobility is considered. In order to calculate the dislocation
glide velocity v, a linear mobility law v = f/B is used where f is the glide component of the Peach-Koehler
force acting on a dislocation and B is the drag coefficient, initially chosen to be Bo = 2 × 10−4 Pa s−1, the
same as the drag coefficient of edge dislocations in BCC Fe [46] and Mo [47] at 293 K. By varying the drag
coefficient over a wide range 1 ≤ B/Bo ≤ 5000, different dislocation mobilities are represented e.g. edge
component mobilities by B/Bo = 1 and low dislocation mobilities by larger B/Bo. It is important to note
that the drag coefficients used in this work are not fixed material parameters but specific for the plane-strain
model and linear mobility law used here.

4. Simulation results

4.1. Grain boundary barrier

Sputter-deposited columnar thin films have been shown to have small variations in grain orientation from
the mean value [48, 49]. Here, a maximum grain misorientation of ∆θ = 2.5° is assumed such that each
grain is randomly assigned a value between ±1.25° from the mean direction. All planar discrete dislocation
plasticity simulations are run to a peak stress of 1000 MPa and samples are then unloaded to zero macroscopic
stress. A lower peak stress than the experiments was employed because the small-strain assumption was
found to be violated at higher peak stresses; this does not effect the mechanistic basis of the simulated effect.
Fig. 7 shows the schematics for the measurement of reverse plasticity. The conventional Bauschinger effect
measurement is shown in Fig. 7(a) where the plastic strain upon total unloading is compared to purely elastic
unloading. However, since the experimental samples in this study were unloaded to a non-zero macroscopic
stress to maintain contact, the size of the hysteresis loop utilised as an equivalent measurement as shown in
Fig. 7(b). The height of the plastic hysteresis loop ∆σp is measured at the midpoint of the maximum strain
and the plastic strain at unloading, i.e. (εp + εmax)/2. Since the simulations and experiments are loaded to
different peak stresses σmax, in order to make a quantitative comparison of the size of the hysteresis loop,
∆σp is normalised by σmax − σf where σf is the stress at which the first dipole is nucleated and σmax − σf is
a measure of the plastic proportion of loading. Thus, a normalised size of plastic hysteresis is defined as:

Λp = ∆σp
σmax − σf
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(b)

= 0.2%

(a)

Figure 7: (a) The Bauschinger effect generally measured as ΓB = εB/εY . (b) Measurement of normalised plastic hysteresis for
cyclic loading employed in this study.

Simulations are first run for values of µ and γmax as listed in Table 2 to represent the effect of temperature
on these properties. Fig. 8(a) shows the nominal stress-strain curves for impenetrable and penetrable GBs
for the different temperature representations. The impenetrable stress-strain response is shown only for 25
°C since there was no difference observed at the other temperatures. Indeed, even for penetrable GBs, the
stress-strain response for all temperature representations are only plotted to demonstrate how similar they
are. For a quantitative comparison, the normalised size of the hysteresis loop is plotted in Fig. 8(b) together
with the experimental results. The connecting lines are only shown as an aid to the eye, not as trend lines.
For each temperature, the hysteresis loop is larger for penetrable GBs than impenetrable GBs. It can be
seen that the higher temperature plastic hysteresis observed experimentally can only be reproduced when
slip transmission is considered, demonstrating the importance of including grain boundary penetrability in
the DDP model. For both penetrable and impenetrable GBs, there is negligible change in the size of the
hysteresis loop for the different values of µ and γmax employed. This is because the grain misorientation
angle is assumed to be small here (∆θ = 2.5°), giving a small grain boundary barrier for slip transmission to
occur. Therefore, for the temperature range investigated, there is only a small decrease in the already low
grain boundary energy which leads to no appreciable effect on the mechanical response of these samples.
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Figure 8: (a) Stress-strain results with impenetrable and penetrable grain boundaries at different temperature representations.
(b) Normalised plastic hysteresis at different temperature representations as a comparison between experiments and simulations.
The connecting lines are shown as a visual aid only.
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It is possible, however, that for large grain misorientations, the increase in temperature causes the
grain boundary barrier to suddenly fall below a critical value, significantly increasing slip transmission as
compared to the lower temperature. Therefore, the effect of temperature for different grain misorientations
is worth investigating. Only 25 and 400 °C simulations are considered since if an effect is to occur, it should
manifest between these two temperatures. Fig. 9(a) shows the stress-strain response with increasing grain
misorientation for µ and γmax values representing 25 °C. Zero grain misorientation, ∆θ = 0°, with penetrable
grain boundaries implies γGB = 0. In this case, assuming perfect connection between slip planes in adjacent
grains, the behaviour is equivalent to that of a single crystal film with a large plastic hysteresis. For low
misorientations, penetrable GBs lead to much lower hardening rates and larger hystereses than impenetrable
GBs. However as the misorientation angle increases causing slip transmission to decrease, the hardening
rate for penetrable GBs increases such that by ∆θ = 10°, the stress-strain responses for the penetrable and
impenetrable cases are nearly identical.

The normalised plastic hysteresis against grain misorientation is shown in Fig. 9(b). The size of the
hysteresis initially decreases sharply with misorientation, then plateaus for ∆θ > 10°. Importantly, the
results for the 400 °C temperature representation for penetrable grain boundaries are also shown on the
figure. It can again be seen that there is negligible difference between the 25 and 400 °C results (hence the
stress-strain response shown only for one temperature representation in Fig. 9(a)). Thus, the change in
grain boundary barrier with temperature regardless of grain misorientation does not contribute significantly
to the observed experimental results and some other mechanism is more likely to be at play.
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Figure 9: (a) Effect of grain misorientation on the stress-strain response with impenetrable and penetrable grain boundaries at
25 °C temperature representation. (b) The normalised plastic hysteresis against grain misorientation angle for 25 and 400 °C
temperature representations.

4.2. Dislocation mobility

Next, the effect of dislocation mobility on the size of plastic hysteresis is investigated. The shear modulus
and grain boundary energy for the 25 °C temperature representation are used with maximum misorientation
between grains ∆θ = 2.5° as before. Fig. 10(a) shows the stress-strain response and Fig. 10(b) the normalised
plastic hysteresis for different drag coefficients B/Bo where Bo = 2 × 10−4 Pa s−1 is the edge dislocation
mobility at room temperature. It can be seen that, with increasing drag coefficient i.e. decreasing dislocation
mobility, the yield stress increases for both GB types. When dislocation mobility is high (B/Bo = 1),
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penetrable grain boundaries have a lower hardening rate than impenetrable GBs as slip transmission from
pile-ups causes back stresses on dislocation sources to relax, allowing more dislocations to be nucleated.
However, as dislocation mobility decreases, penetrable and impenetrable GBs lead to similar responses.

Considering the normalised plastic hysteresis shown in Fig. 10(b), for dislocation mobilities between 5 <
B/Bo < 250, the size of the hysteresis loop increases for impenetrable grain boundaries whereas it remains
roughly constant at a higher value for penetrable GBs. The in-set in Fig. 10(b) shows the corresponding
normally defined measure of the Bauschinger effect ΓB (see Fig. 7(a) for definition) against drag coefficient.
It can be seen that the Bauschinger effect itself is similar for both penetrable and impenetrable grain
boundaries throughout the mobility regime investigated, with penetrable GBs having a slightly larger ΓB at
each drag coefficient. Thus, it is postulated that the difference in the size of plastic hysteresis for penetrable
and impenetrable GBs is due to the difference in convexity of the stress-strain curves, not due to the overall
extent of reverse plasticity or Bauschinger effect. For impenetrable GBs, there is an increase in the convexity
of the hysteresis loop with increasing drag coefficient because a higher Peach-Koehler force is required for
forward dislocation glide to occur against the back stress induced by pile-ups. Whereas for penetrable GBs,
dislocations are able to transmit and an equilibrated pile-up stress exists, allowing dislocation glide to occur
at lower applied stresses.
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Figure 10: (a) Effect of drag coefficient on the stress-strain response with impenetrable and penetrable grain boundaries. The
perfectly elastic response is also shown for comparison. (b) The normalised plastic hysteresis against drag coefficient. The inset
shows the corresponding Bauschinger effect ΓB at different drag coefficients. The experimental plastic hystereses obtained at
different test temperatures are also shown to compare with the simulation results and to obtain estimates of the experimental
drag coefficient values.

Lastly, in the high drag coefficient regime (B/Bo > 250), the size of the hysteresis loop decreases for
both GB types. The dislocation mobility is low enough that very few dislocations reach a GB and form
a pile-up, such that the difference between penetrable and impenetrable GBs is negligible and both have
similarly sized small hystereses. To demonstrate this effect further, the total distribution of slip for high and
low dislocation mobility is plotted in Fig. 11. The resolved shear strain is given by γ(α) = s

(α)
i εijn

(α)
j where

s
(α)
i is the slip direction and n(α)

j is the slip plane normal to the slip system α. The total slip ζ at a point is
given by the summation of the resolved shear strain γ(α) at that point on all slip systems ζ =

∑3
α=1 |γ(α)|

[11]. Impenetrable GBs (Fig. 11(a)/(b)) predominantly demonstrate slip traces in the most favourable slip
direction, whereas in the case of penetrable GBs (Fig. 11(c)/(d)), slip transmission leads to continuous
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secondary slip bands across multiple grains. Importantly, much stronger slip bands are observed for high
dislocation mobility for both GB types as compared to their respective low dislocation mobility case. This
effect is more pronounced for penetrable GBs where a large number of continuous slip bands are observed in
Fig. 11(c) as compared to only a few in Fig.11(d). As mentioned previously, the primary slip bands on the
(1̄21̄) <111> slip system in Fig. 11 correspond to the surface slip steps observed in the high temperature
experimental deformation morphology in Fig. 3(b), justifying the crystal orientations assumed in the model.

The critical temperature of Nb is generally assumed to be in the range TC = 20 − 80 °C [12, 30].
Below TC , screw dislocations have low mobility due to a high Peierls barrier commonly attributed to a
non-planar dislocation core structure [17]. At temperatures above TC , it has been suggested this barrier can
be entirely overcome by thermally activated kink-pair nucleation and glide such that the mobility of screw
components approaches that of edge components [14, 19]. The discrete dislocation plasticity results have
shown that low dislocation mobilities lead to fewer dislocations reaching and penetrating grain boundaries and
a smaller plastic hysteresis, whereas high dislocation mobilities lead to a large plastic hysteresis. Therefore,
it is postulated that the change in plastic hysteresis with temperature observed experimentally is primarily
caused by the effect of temperature-dependent dislocation mobility in BCC niobium. The room temperature
experimental samples correspond to samples being tested below TC and higher temperature samples above
TC , resulting in a change from low to high dislocation mobility as the temperature is increased above the
critical temperature of niobium. The experimentally observed normalised plastic hysteresis is also plotted on
Fig. 10(b) giving estimates of drag coefficients at 25, 300 and 400 °C as B/Bo = 1200, 500 and 1 respectively.

Previous work using the encapsulated film-micropillar experimental set-up has shown that single crystal
niobium demonstrates a plastic hysteresis even at room temperature [15], in contrast to the experimental
findings here for polycrystalline niobium. This may be explained by the critical temperature of niobium being
close to room temperature such that minute differences in preparation conditions may lead to a hysteresis
either being observed or not at room temperature.
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Figure 11: Distribution of total slip ζ in thin films with (a)-(b) impenetrable, and (c)-(d) penetrable grain boundaries. The
dislocation mobility is high (B/Bo = 1) in (a)/(c) and low (B/Bo = 1000) in (b)/(d).

The confined thin film model can also be used to investigate the effect of dislocation mobility on the grain
size effect in this BCC system. Simulations are performed for grain sizes ranging from 0.2 − 0.8 µm while
keeping the film thickness constant and the yield stress σY is measured at 0.2% applied strain. Since the grain
aspect ratio changes, the length of the grain diagonal d is used as a more appropriate measure of the mean
free path for dislocations in a Hall-Petch type relation. However, it should be noted that for penetrable
grain boundaries, the grain diagonal gives a more conservative value than the actual mean free path for
dislocations. Fig. 12 shows the results for three dislocation mobilities with the solid lines representing the
best fit lines for σY � dn, where n is the power-law exponent particular for this system. It can be seen
that slip transmission leads to a lower yield stress at each grain size as compared to impenetrable grain
boundaries and to a smaller grain size effect for each drag coefficient. More importantly, it is observed that
for both impenetrable and penetrable grain boundaries, the magnitude of the power law exponent increases
with increasing dislocation mobility, i.e. there is a larger grain size effect with higher dislocation mobilities.

Recently, a number of studies have investigated the specimen size effect in BCC materials [12, 13, 14].
Torrents Abad et al. (2016) investigated in detail the effect of temperature on the specimen size effect in
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BCC metals, showing that the size effect is larger at higher temperatures approaching power law exponents
commonly observed for FCC materials [13]. Above TC , the deformation morphology of BCC micropillars has
also been shown to be similar to FCC materials with localised slip on a few slip planes observed [14]. These
effects are commonly associated with the temperature-dependent dislocation mobility in BCC materials. In
addition to a stronger specimen size effect, it is shown here that high dislocation mobilities also lead to a
stronger grain size effect and larger plastic hysteresis for BCC metals at temperatures above TC .
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Figure 12: Log-log plot of yield stress at 0.2% total strain for different grain sizes of the polycrystalline Nb film with (a)
impenetrable grain boundaries and (b) penetrable grain boundaries. The lines of best fit are also shown for σY � dn where d
is the grain diagonal and n the power law exponent.

5. Conclusions

The effect of temperature on the cyclic axial compression of micropillars containing thin polycrystalline
Nb films has been investigated experimentally and using discrete dislocation plasticity. The experimental
samples showed a negligible plastic hysteresis at room temperature and a large plastic hysteresis at elevated
temperatures of 300 and 400 °C. The deformation morphology at large strains demonstrated surface slip
steps only at higher temperatures. Planar discrete dislocation simulations were used to investigate the
influence of micromechanical factors, namely grain boundary energy, grain misorientation and dislocation
mobility, on the deformation of the corresponding thin film system in the presence and absence of penetrable
grain boundaries. It is found that the decrease in grain boundary energy barrier caused by the increase in
temperature leads to no appreciable change in the mechanical response of the thin film for the temperature
range considered. Rather, dislocation mobility is found to have a significant effect on the size of the hysteresis
loop with low dislocation mobilities leading to smaller plastic hystereses. Thus, it is hypothesised that the low
temperature samples are tested below the critical temperature TC of Nb such that screw components have
low dislocation mobilities, whereas high temperature samples are tested above TC . Finally, it is also shown
that a larger grain size effect is expected in BCC materials at higher temperatures due to high dislocation
mobility. These results provide important insights into the temperature-dependent cyclic response of BCC
materials.
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AppendixA. Estimation of γmax and µ with temperature

The values of c11,c12 and c44 for BCC W are obtained from ref. [40] at the relevant T/TM. The melting
points are taken to be TM = 4000 °C for W and TM = 3020 °C for Nb, and the maximum grain boundary
energy and shear modulus values at 0K for Nb are taken to be γmax = 950 mJ m−2 and µ = 47.2 GPa.
It is then assumed that the elastic constants of Nb evolve in the same proportion from their 0K values
as the W elastic constants, and that γmax evolves in proportion to c44. It should be noted that here
µ = (c11 − c12 + c44)/3 which is the shear modulus in the <111> direction, the primary slip direction for
the assumed Nb crystal orientation.

T/TM
W Nb

c11 / GPa c12 / GPa c44/ GPa µ/ GPa γmax / mJ m−2 µ/ GPa
0 512.5 195 142.5 153 950 47.2

0.11 505 190 140 152 933 46.7
0.21 495 185 137.5 150 917 45.9
0.24 490 180 135 148 900 45.5

Figure A.13: Derivation of µ and γmax for Nb used in simulations corresponding to -273 (0K), 25, 300 and 400 °C.
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