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Abstract

Titanium alloys traditionally lack a nm-scale intermetallic precipitate that can be exploited for age-hardening from
solid solution. Here such a strengthening concept is developed in the Ti-Fe-Mo system, with it being found that a
high temperature β (bcc A2) single-phase field for homogenisation can be obtained, which following ageing (750 ◦C
/ 80 h) precipitated B2 TiFe <100 nm in size. The orientation relationship was found to be <100>A2//<100>B2,
{100}A2//{100}B2, with a misfit of -6.1%. The alloy was found to be very hard (HV0.5= 6.4 GPa) and strong (σy, 0.2 =
1.9 GPa) with a density of 6.68 g cm−3. TEM observation and micropillar deformation showed that the precipitates resist
dislocation cutting.
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Nickel based superalloys that comprise an fcc (A1) struc-
tured matrix reinforced with fcc superlattice precipitates
(i.e. L12) are famed for their combination of strength,
plasticity and creep resistance over a wide temperature
range [1, 2]. The microstructure concept of a disordered
matrix with an ordered superlattice precipitate has also
been applied to bcc (A2) materials [3, 4]. For example,
ferritic steels reinforced with B2 NiAl and/or L21 Ni2TiAl
precipitates have been found to have attractive creep per-
formance [5, 6]. The attempt to develop a similar strength-
ening concept in Ti-rich alloys has principally focused on
the eutectic reaction between A2 Ti and B2 TiFe [7]. De-
velopments of these alloys using ternary additions of Sn,
Co [8] and Nb [9] have been successful at producing both
higher strengths as well as increased ductility, which has
been attributed to microstructural refinement.

An alternative microstructural production strategy to
the eutectic reaction in the Ti-Fe binary system is the
precipitation of B2 from within an A2 Ti matrix super-
saturated with Fe, which may allow a nanoscale, rather
than a microscale, microstructure to be produced. This
would allow for precipitation strengthening at a more ap-
propriate lengthscale, enabling ductilisation strategies to
be developed. The precipitation strategy would also allow
for hot forgeability in the single phase field and therefore
grain refinement and low cost net shaping in thick sec-
tions. In the Ti-Fe binary system the solubility for Fe
within A2 Ti is known to change markedly with temper-
ature [10, 11]. However, Ti alloys rich in Fe are prone
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to ω formation [12], which can embrittle the material [13].
Ternary additions of Mo, which is a potent β stabilser [14],
>15at.% [13, 15] were envisaged to reduce the prevalence
of athermal ω and so improve ductility. Studies have been
made on phase equilibria in the ternary Ti-Fe-Mo sys-
tem [16–18], with recent work demonstrating that A2+B2
microstructures could be formed, which have high hard-
ness, but also possessed an unavoidable micron scale in-
termetallic phase [19]. From the solvus position deter-
mined in previous studies [19, 20] a new alloy has been
designed that can be solution heat treated within the A2
single-phase field and subsequently aged at a lower tem-
perature to form B2 precipitates within the A2 Ti matrix.
Here, the microstructure of this new alloy with composi-
tion Ti-17Fe-23Mo (at%) is discussed and its mechanical
behaviour examined.

A 40g sample was prepared by arc melting of pure (>
99.9%) elements under Ar (see Figure 1 in [21] for as-cast
microstructure). Scanning electron microcopy (SEM) was
performed on a Zeiss Auriga operated at 20 kV equipped
for energy-dispersive X-ray spectrometry (EDX) as well as
having a Bruker electron backscatter diffraction (EBSD)
detector with ARGUSTM forescattered electron (FSE) de-
tectors. The bulk composition of the alloy was evaluated
by averaging five 200× 400µm area measurements, at the
top, bottom, centre and at either side of a section. It was
found to be (62.7±2.5)Ti – (15.4±1.0)Fe – (21.9±1.6)Mo
(at.%), indicating a small amount of macrosegregation,
whilst some casting porosity was also observed in the in-
got.

After casting, the alloy’s solidus was found to be 1180 ◦C
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by differential scanning calorimetry (DSC) using a Net-
zsch 404 DSC. The alloy was solution heat treated in a
quartz ampoule backfilled with Ar at 1170 ◦C for 16 h and
then water quenched, after which second phases were not
observed in the SEM (see Figure 1b in [21]). The alloy
was then re-encapsulated and aged at 750 ◦C for 80 h and
then water quenched. The density, determined by the
Archimedes method, was 6.7 g cm−3. Grain sizes were de-
termined by the linear intercept method [22] using FSE
ARGUSTM images, from the top to bottom of the bar.
The average grain size was found to be 160± 30µm.

X-ray diffraction (XRD) was performed to determine
the phases present in the alloy and their lattice parameters
using CuKα radiation on flat samples ∼ 8 mm in diameter.
Transmission electron microscopy (TEM) was performed
using a JEOL 2100F microscope. TEM foils were prepared
by mechanical thinning to 150µm followed by eletropolish-
ing using 10 vol.% perchloric acid in methanol at −30 ◦C
and 18 V. Final thinning used a GATAN precision ion
polishing system operated at 3 kV.

Microhardness indents using a 500 g load held for 10 s
were made, averaging ten measurements. Macroscopic
compression tests were performed on sub-sized 3 mm di-
ameter, 5 mm high cylinders [23, 24]. These were tested
at a strain rate of 10−3 s−1 between SiC platterns lubri-
cated with PTFE spray. Micropillars were prepared in
a FEI Helios focused ion beam (FIB)-SEM, after Jun et
al. [25]. These were square cross-section pillars 2µm in
width with height to width ratios of 1.9–2.6:1 [25]. The
FIB micropillars were compressed in situ at a strain rate of
10−3 s−1 using an Alemnis nanoindenter in displacement
control with a 10µm diameter diamond punch tip in a FEI
Quanta SEM.

After ageing (750 ◦C / 80 h), 29± 2% area fraction of
fine lamellar precipitates could be observed with a width
of ∼ 40nm (41 ± 14 nm, n = 20), spaced 70 nm apart
(68± 20 nm, n = 30), Figure 1a. The lamellae had darker
backscattered electron (BSE) contrast when compared to
the surrounding matrix, indicating a lower average Z. The
XRD pattern collected from the alloy in the solution heat
treated condition was found to contain A2 reflections with
a lattice parameter of 3.14 ± 0.01 Å (see Figure 1b), with
an additional peak noted at 42.5◦. In the aged condi-
tion, reflections were observed from an A2 phase as well
as a B2 phase, with lattice parameters of 3.18 ± 0.01 Å
and 2.98± 0.01 Å respectively. These represented a misfit
δa = −6.1%, where δa = (aprecipitate− amatrix)/amatrix [3].
In both conditions it was observed that each of the A2 re-
flections had shoulders at lower angles, which is indicative
of the presence of ω phase [16]. In the aged alloy, the sole
42.5◦ peak in the solution heat treated condition may have
been related to a low volume fraction of B2 or a reflection
from the ω phase. TEM was employed to investigate fur-
ther.

In the solution heat treated condition, bright field TEM
and scanning TEM (STEM) imaging found no secondary
features larger than 5 nm. Selected area diffraction pat-
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Figure 1: (a) Microstructure observed by SEM BSE after ageing
at 750 ◦C for 80h. (b) X-ray diffraction patterns obtained in the
solution heat treated and aged condition (Cu Kα).

terns (SADPs) (with a 200 nm aperture) from a sample
in the solution heated condition identified A2 reflections,
Figure 2a. Additional reflections consistent with incom-
mensurate ω phase were observed, as previously reported
in Ti-Fe alloys and Ti-Fe-Mo alloys [12, 16]. No B2 re-
flections were observed, indicating that the 42.5◦ peak
observed in XRD (Figure 1b) was due to ω. However,
B2 may have been sampled by XRD owing to macroseg-
regation, but not present in the small areas examined
by TEM. Previous work on similar alloys has identified
that ω occurs as ∼ 1 nm domains formed on cooling [16].
SADPs (200 nm aperture) collected in the aged condi-
tion are shown in Figure 2b, with the A2 and B2 re-
flections identified, the B2 reflections corresponding to a
smaller lattice parameter than the A2. An orientation re-
lationship of <100>A2//<100>B2, {100}A2//{100}B2 was
found. However, the axes of the B2 lamellae were not
found to relate to fixed crystallographic directions. This
suggests that the nucleation of the B2 precipitates is orien-
tation dependent, but that their growth is not orientation
confined. The microstructure and orientation relationship
were suggestive of a (pseudo)spinodal decomposition or
discontinuous precipitation. However, study of interrupted
heat treatments would be required to confirm the forma-
tion reaction. The multiplicity of the higher order spots
was due to double diffraction from the lamellae and matrix
channels being of similar width to the foil thickness [26]
(see Figure 2 in [21]) as well as some foil bending. From
the diffraction spots a misfit of −6.1% was found. Adjust-
ment of the exposure time and contrast, Figure 2c, iden-
tified additional diffuse reflections from the incommensu-
rate ω phase. The lower intensity of the ω reflections when
compared to the solution heat treated condition suggested
that the aged condition may have a lower volume fraction
of ω [27]. The streaking of the ω reflections indicates a
structure change between the conditions, which may also
influence their intensity [27].

High-angle annular dark-field (HAADF)-STEM imag-
ing in the aged condition, Figure 1d, indicated that the B2
precipitates had similar Ti content but were enriched in
Fe and contained minimal Mo, Figures 1e and f. This was
consistent with near equilibrium compositions at 750 ◦C of
(62.8±0.6)Ti – (6.4±0.4)Fe – (30.8±1.0)Mo (at.%) for A2
(Ti, Fe) and (52.4± 0.6)Ti – (44.6± 1)Fe – (2.9± 1.0)Mo
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for B2 TiFe [20]. The reduction in Fe and enrichment in
Mo of the bcc (A2) matrix could be expected to lower the
propensity for ω formation [13, 27], as observed.

The alloy microhardness was found to be HV0.5 = 5.8±
0.1 GPa in the solution heat treated condition, and 6.4 ±
0.2 GPa after aging. Cracking was not observed at the
indent corners, as in brittle materials [28]. Macroscopic
compression testing found that the homogenised alloy had
a yield strength of σy,0.2 = 1335±85 MPa, which increased
to 1890 ± 80 MPa upon ageing (see Figure 3 in [21]). In
both conditions some plasticity was observed, but only
minimal (< 2%) ductility.

In both conditions the presence of ω can be expected
to contribute to the hardness and to the lack of ductil-
ity [13]. The pronounced increase in the microhardness
and strength on aging was anticipated due to the intro-
duction of the B2 TiFe precipitates. The strength of the
aged alloy is higher than that of A2-B2 Ti-TiFe binary
eutectic alloys that have compressive yield strengths of
1538 MPa [7, 29] and up to 1800 MPa in ternaries [8, 9],
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Figure 2: TEM SADPs from the alloy in (a) the solution heat treat
condition, (b) the aged condition showing A2 and B2 reflections with
(c) having increased exposure to reveal the omega reflections and B2
superlattice reflections. Aged alloy (c) HAADF-STEM micrograph
as well as EDX elemental maps for (e) Fe, and (f) Mo.

with similar ductility. Ti-Fe-Sn A2-B2 eutectic alloys [7, 8]
and Ti-Fe-Nb alloys [9] exhibit higher ductilities than bi-
nary Ti-Fe eutectic alloys, owing partly to a refined mi-
crostructure but also due to the presence of primary β (A2)
dendrites. However, these eutectic alloys require cooling
rates of around 10 K s−1 [29] that may be unsuitable for
larger castings, while the lack of a single-phase field means
they cannot readily be thermo-mechanically processed.

Micropillar compression testing was employed to probe
the precipitate strengthening contribution, in a condition
where ductility would be observed and similarly-oriented
single crystals could be examined, avoiding the effect of
grain size. From an EBSD map of the solution heat treated
alloy a grain was identified with Euler angles (φ1=120.0,
Φ=39.4, φ2=275.6◦) that were similar to a grain in the
aged condition with (φ1=122.0, Φ=42.7, φ2=280.8◦). FIB
milling was used to produce sets of 2µm square pillars [25]
in each condition, Figure 3. In the solution heat treated
condition the average 0.2% proof stress was 2.2 GPa, while
in the aged condition it was 2.8 GPa, a similar increase to
that observed in macroscopic testing. The greater overall
strength observed is consistent with the size effect com-
monly observed in the micropillar testing of bcc materi-
als [30]; indications of dislocation starvation such as pop-
ins were not observed.

In situ imaging of the pillar faces indicated that in the
solution heat treated condition the alloy tended to deform
with clear slip traces across the pillars, Figure 3. In con-
trast, in the aged condition the pillars tended to bulge with
a slip trace visible only at higher strains than were seen in
the solution heat treated condition, with the slip traces at
the final 10% strain less clearly defined and the pillars more
visibly bulged (for videos see Supplementary material in
[21]). This behaviour suggested that the precipitates could
not be easily cut by dislocations. The slip systems with
the highest Schmid factors for the solution heat treated
pillar were (132)[111] = 0.489, (121)[111] = 0.484, and
(011)[111] = 0.374, which were similar to those in the aged
condition of (132)[111] = 0.495, (121)[111] = 0.497 and
(011)[111] = 0.366 (see Table 2 in [21], method after [25]).
Therefore, the (121)[111] and (132)[111] slip systems had
very similar Schmid factors, which were markedly higher
than for (011)[111] slip. The slip traces observed on each
of the faces [31] indicated that slip on {132} was active in
both microstructural conditions, most likely with a <111>
Burgers vector. On the ‘front’ face of each pillar the slip
trace was not linear, indicating activity on two slip sys-
tems. The continuity of the trace on this face of the pillars
implied that the step was formed due to cross-slip of screw
dislocations on two slip planes. Analysis of the edges of
this band indicated that the trace could be formed from a
combination of the primary (132)[111] slip system as well
as secondary (121)[111] slip.

To further investigate the deformation behaviour of the
A2-B2 aged alloy, deformed samples were studied by TEM.
An electropolished sample prepared from a 3 mm com-
pression tested sample macroscopically loaded to the 0.2%
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Figure 3: Micropillar compression testing of (a) the solution heat treated condition and (b) the aged condition, showing the post-deformation
pillar faces, slip traces and load displacement curves to 10% strain as well as the slip systems identified

proof stress is compared to a FIB-milled sample from the
micropillar deformed to 10% strain in Figure 4. Within
the sample deformed to a small strain, single dislocations
were observed in the bcc A2 matrix channels. At the A2-
B2 boundaries thickness fringes were observed, owing to
the interface being inclined in the foil. In addition, bend
contours were seen from top to bottom across the A2 do-
mains. Vanishingly few dislocations were observed within
the B2 precipitates at various tilts and no dislocations were
observed crossing the precipitates, suggesting that the pre-
cipitates were not sheared. Regions of the foil were also
observed to contain fine A2 subgrains ∼ 200 nm in diame-
ter with ∼ 3◦ misorientation in addition to the B2 lamel-
lae, Figure 4b. These are surmised to have formed as a
consequence of the recovery of the misfit dislocations in-
duced during the precipitation of the B2 phase, and would
be an additional source of strengthening of the material.
Using EBSD, partial recrystallisation was also observed as
a consequence of the aging heat treatment.

In the foil removed from the aged micropillar [32, 33],
a clear slip trace was not observed, Figure 4c. Bright field
imaging and tilting to suitable diffraction conditions re-
vealed a network of dislocations within the matrix inter-
acting with a B2 precipitate, Figure 4d. The dislocations
were unable to cut through the B2 precipitate to the A2
matrix on the other side. This blocking of dislocations is
consistent with the pronounced precipitation strengthen-
ing in the alloy as well as the pillar bulging observed due
to the difficulty of slip on a single plane.

In summary, a bcc β Ti-Fe-Mo alloy has been developed

that is strengthened by ordered B2 TiFe precipitates pro-
duced by ageing from a single-phase solid solution. The
precipitates were lamellar with width of ∼ 40 nm, inter-
lamellar spacing of ∼ 70 nm, an orientation relationship
of <100>A2//<100>B2, {100}A2//{100}B2 and misfit of
-6.1%. An apparent lowering of the ω volume fraction in
the matrix in the aged condition compared to the solu-
tion heat treated condition was attributed to the lower
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Figure 4: Aged alloy macroscopic 0.2% proof stress sample (a) bright
field of A2 dislocations (arrows), SADP inset, (b) multiple A2 sub-
grains with misorientations from SADPs identified. Aged alloy mi-
cropillar sample (c) HAADF-STEM of the FIB lamellae, indicating
the area analysed in (d) a bright field image of dislocations blocked
by a B2 precipitate, SADP inset.
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Fe and higher Mo content of the matrix. The aged alloy
had a compressive proof stress of 1.9 GPa and 4.9% strain
to failure, with a density of 6.68 g cm−3. Shearing of the
precipitates by dislocations was not observed using TEM,
with deformation being confined to the matrix phase. In
both macroscopic and micropillar testing, ageing produced
an increase in the proof strength of over 550 MPa.
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