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ABSTRACT

Aluminium-lithium alloys are attractive candidate materials for aerospace 

applications but they suffer from inadequate fracture toughness properties due to the slip 

localising nature of the strengthening 8 ' (AI3O ) precipitates. The present research has 

involved the incorporation of Zirconium and Chromium as ternary additions to the Al-Li 

system in an effort to improve the fracture toughness properties. Several compositions in 

the rapidly solidified Al-Li-Zr and Al-Li-Cr systems have been studied. Material was in 

the form of fine spherical powder produced using argon gas atomisation. The powders 

were consolidated by a processing route consisting of cold compaction followed by hot 

extrusion. In some of the powders, the nature of the surface oxide on the powder 

particles was studied, and for one of the Al-Li-Zr powders, the influence of degassing 

prior to hot consolidation was also investigated. The effect of various heat treatments on 

the mechanical properties of the alloys was also studied.

Maximum 0.2% proof strength values were found to vary in the range 500 - 600 

MPa, though this was accompanied by low ductilities of ~ 6 % and fracture toughness 

values of ~ 6 MPaVm. The Zr addition seemed to result in slightly greater strengthening 

(by ~ 50 MPa), though the Cr addition resulted in marginally better ductility and fracture 

toughness properties. Homogeneous matrix precipitation of 5' (AI3LO particles was 

identified as the main source of strengthening in both alloy systems. A  prior solution 

treatment of 540°C/0.5h resulted in greater ageing response and strengthening in most of 

the alloys. In the Al-Li-Zr alloys, precipitation of A ^Z r particles also made a significant 

contribution to the strength properties. The substantial decrease in the ductility and 

fracture toughness properties of both alloy systems upon 190°C ageing was also mainly 

attributed to the slip-localising effect of homogeneous 8 ' precipitation. Neither 

heterogeneously precipitated AI7O  particles, nor the composite A l3(Li,Zr) particles 

which precipitated out abundantly at processing temperatures above 400°C, had any 

substantial effects on dispersal of slip. In some alloys, the presence of 8 (AlLi) particles 

at subgrain boundaries also contributed to the poor fracture toughness properties.

The powders became hydrated and oxidised when left exposed to the atmosphere. 

Li2CC>3 and thick Y-AI2O3 which formed on the powder surfaces were deleterious to the 

consolidation and mechanical properties of the alloys. It was not determined whether 

vacuum degassing of the powder prior to consolidation would result in better mechanical 

properties. However, water vapour was found to be given off during vacuum degassing 

of both exposed and unexposed powders. Proper handling and storage of the powders in 

inert and moisture-free atmospheres was found to result in preservation of the powder 

surfaces, this being beneficial in their future consolidation.
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CHAPTER 1

INTRODUCTION

In the last 15 years the ever increasing need for more efficient airframes and 

improved materials for construction in the aerospace industry has caused a massive 

surge of research and development into the lighter and stronger aerospace materials. 

Consequently, two classes of materials, namely Aluminium-Lithium alloys and Carbon 

Fibre Composites (CFC), have emerged as the leading contenders. Both of these 

materials satisfy the criteria of economic (i.e. fuel savings) and performance (high 

strength/density ratio) factors required from aerospace materials. The composites show 

greater promise in terms of specific strength and modulus properties, as shown in Table

1.1 where the main properties of these materials are given together with those of 

existing aerospace materials. However, the long-established production technology of 

aluminium alloys makes Al-Li alloys more economically viable for development as an 

advanced material for aerospace applications.

Aluminium alloys that contain Li as a primary constituent, offer great potential 

for improving the structural efficiency of aircrafts due to the dramatic increases in 

modulus (E), and the decrease in density (p) associated with the addition of lithium. 

Since an addition of 1 wt% Li decreases the density of A1 by 3% , great savings in 

operating costs will be obtained by replacing existing aircraft materials by Al-Li alloys. 

In terms of specific modulus (E/p), the 6% increase in modulus per weight percent of 

Li added improves the resistance to buckling, this being particularly important in wing 

skin panels which are subjected to compressive stresses during flight.

Aluminium-lithium alloys were initially investigated in the 1920's as candidate 

aerospace materials, but it was not until 1957 that they were first used in the U.S.A in 

the form of alloy X2020 (an Al-Li-Cu-Mn-Cd alloy) in the wing skins of Navy RA-5C  

Vigilante aircraft. However, the alloy exhibited low ductility and fracture toughness 

properties in the maximum temper and was eventually withdrawn in 1969. This low 

fracture toughness appeared to be an inherent property of Al-Li alloys and was 

attributed to slip localisation which arises from the shearable nature of the strengthening 

6 ' (A^Li) precipitates. The development of alloy 01420 (an Al-Li-Mg alloy) in the 

U.S.S.R in 1967, however, gave further impetus to the development of Al-Li alloys in 

the U.K and the U.S.A. Both powder metallurgical (PM) and ingot metallurgical (IM)
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alloys were investigated, with the IM alloys emerging as leading contenders. Lital 

alloys (later designated as 8090 and 8091 alloys) were developed, which had adequate 

fracture toughness properties (see Table 1.1) and could be produced by the IM route as 

commercial aerospace alloys. These alloys are based on the quaternary Al-Li-Cu-Mg 

system, displaying improved fracture properties due to the presence of the S 

(A^CuMg) phase which has been instrumental in reducing the tendency towards slip 

coplanarity. Alloy compositions and thermomechanical treatments have been optimised 

to encourage widespread precipitation of the S phase thus leading to improvement in 

toughness.

Table 1 . 1  Properties of Al-Li Alloys and Other Existing Alloys 
used for Structural Aerospace Applications

M a t e r ia l Y ie ld  T e n s ile  
S t r e n g t h  S tr e n g t h  

(M P a )  (M P a )

E lo n g a t io n

(% )

E

(G P a )

D e n s i t y  S p e c i f i c  
S t r e n g t h  

(g /c m * * )  (M P a .c m ^ g

S p e c i f i c
M o d u lu s

1) (G P a .c m 3 g*1)

L ital A  
(Sh eet T6) 365 460 6 .25 7 9 .5 2 .5 4 144 31

(Extrusion T 651) 444 515 5 .25 175

L ital B 
(Sh eet T6) 445 512 5.75 7 9 .9 2 .5 5 175 31

(Extrusion T 651) 481 545 3 .75 189

20 1 4 420 470 7 7 2 .4 2 .8 0 150 26
(T6)

7075 505 570 10 7 1 .0 2 .8 0 180 25
(T6)

E  - GFRP — 550 — 3 0 .0 1 .70 325 18

C F R P .H M — 1280 — 192 .0 1 .60 800 120

Since dispersal of slip is considered to improve the fracture toughness 

properties, addition of dispersoid-forming elements (e.g. transition metals) such as Co, 

Fe, Ni, Zr, Ti and Cr, to Al-Li alloys is thought to result in improved fracture 

toughness properties. However, these elements have relatively small solubilities (< 0.3 

wt%) in aluminium, and in order to incorporate sufficiently large amounts into the Al-Li
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alloys, rapid solidification techniques such as atomisation have to employed. Rapid 

solidification not only affords extended solid solubilities, but through its other inherent 

characteristics such as refinement of the microstructure, production of metastable 

phases, and suppression of precipitation of deleterious equilibrium phases, leads to 

unique alloy systems with great potential for improved mechanical properties. Also, 

greater amounts of Li (> 3 wt%) can be incorporated into rapidly solidified PM alloys, 

thus making them more competitive compared to the current IM Al-Li alloys through 

further reductions in density. In addition, the refined structures of these PM alloys are 

thought to result in further improvement of the fracture toughness properties, since the 

slip length (i.e. the grain size) is reduced.

This study is concerned with the development of PM Al-Li-Zr and Al-Li-Cr 

ternary alloys, with Li contents between 2.5 and 4.0 wt%, and varying levels of the 

ternary addition. Zirconium and chromium have been chosen as ternary additions since 

they give rise to the coherent A ^Zr and the incoherent AI7G* precipitates respectively, 

that are thought to aid homogeneity of deformation. Extrusion processing has been 

used to consolidate these materials, thereby allowing the structure and properties of the 

two alloy systems to be characterised. The effect of extrusion parameters and heat 

treatment conditions have been investigated in detail in an effort to obtain optimised 

thermomechanical processing procedures which will result in desirable properties in the 

alloys.

In addition, the role of 'vacuum degassing' as a processing step prior to 

consolidation has been investigated, in order to identify the causes of fracture even 

further. The degassing procedure is widely believed to improve the toughness 

properties of powder alloys by dehydrating the tenacious oxide film present on powder 

particles. The hydrated oxide films are thought to break down when the material is 

subjected to heat treatments, giving rise to the evolution of hydrogen and water vapour 

and adversely affecting the transverse ductility and fracture toughness properties. A  

detailed study of vacuum degassing and its effects on mechanical properties has been 

carried out, paying particular attention to the role of storage and handling of the 

powders and their effects on the powder surface oxides.



CHAPTER 2
LITERATURE SURVEY



21

CHAPTER 2

LITERATURE SURVEY

2.1 Rapid Solidification and Powder Metallurgy

2 .1 .1  R a p id  Solid ifica tion  Technology

Rapid solidification (RS) technology has shown the potential for achieving new 

goals in improved material properties ever since the pioneering work of Pol Duwez on 

splat quenching from the molten state (Duwez et al. 1960). The term rapid solidification 

nowadays applies to rapid quenching of a material from an initial liquid state involving 

cooling rates greater than 102 K/s. This usually results in the formation of both 

crystalline and non-crystalline (amorphous) solids. RS technology offers a wide range 

of possibilities for material production and processing, from more effective processing 

of conventional alloys to manufacture of quite novel materials and the resulting product 

forms. The two major ways in which rapid solidification processing provides improved 

structures and hence properties are :

i) Production of refined structures and more homogeneous materials e.g. through 

production of fine dendrites and eutectics, or through reduction or elimination 

of inter-cellular and inter-dendritic alloy segregation (Microstructural effects);

ii) Production of new alloy compositions, microstructures and phases e.g. through 

extended solid solubility, new phase reaction sequences (i.e. new non

equilibrium phases), and the formation of metallic-glass (amorphous) 

structures (Constitutional effects).

Numerous processes and technologies have been developed for the achievement 

of rapid solidification, details of which are well-documented (Jones 1982 ; Savage &  

Froes 1984 ; Liddiard 1984). These can be classified into three main categories 

depending on the mode of cooling : a) solidification of small droplets by cooling in a 

fluid (as in atomisation); b) splat quenching of liquid melts against a metal substrate; 

and c) in-situ melting and solidification of thin surface layers with directed high energy 

sources (e.g. lasers). The extent of the structural improvements achieved depend on 

inter-related solidification phenomena such as :
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a) the rate of heat extraction during both liquid and solid state cooling;

b) nucleation undercooling prior to solidification ; and

c) solidification interface velocities (involving conditions of local interfacial

equilibrium/non-equilibrium).

2 .1 .2  M icrostructural M anifestations o fR S

The microstructural consequences of rapid cooling from the molten state are 

summarised in Figure 2.1. The three categories of microstructures depicted here must 

be regarded as very approximate, since these will depend not only on the cooling rate, 

but also on compositional and process variables (see Section 2.1.5).

In passing from ordinary casting practice to cooling rates greater than 102 K/s, 

the microstructural features (including the scale of microsegregation) become refined 

because the time for coarsening during solidification is reduced. Nevertheless, for both 

the conventional and refined microstructures, conditions of local equilibrium are 

thought to prevail at the solid/liquid interfaces. This means that the microstructural 

refinement in question results from differences in the 'growth process’ rather than from 

undercooling at the nucleation stage.

At higher undercoolings, however, nucleation can be depressed to temperatures 

well below the liquidus temperature, resulting in novel microstructures coming into 

existence. These are shown in Figure 2.1 and include extended solid solutions, 

microcrystalline structures, metastable crystalline phases, and amorphous solids. In this 

regime, there can be large departures from local equilibrium at the advancing 

solid/liquid interfaces, with the solid phase entrapping supersaturated concentrations of 

solute and impurity atoms such that, in the limit, the solid may have exactly the same 

(segregationless) composition as the parent liquid.

To gain a better appreciation of how these microstructures come into existence, 

it is worth taking a brief look at the various factors (listed at the end of the above 

section) governing and contributing to the attainment of these unique microstructures.
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Figure 2.1 Microstructural Consequences of Rapid Solidification 
(after Cohen et al. 1980)
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2 .1 .3  H ea t E xtraction  during R apid  Solidification

It is important to note that there are limitations in attainable cooling rates in the 

rapid solidification processes, imposed by attainable heat-transfer coefficients and/or 

useful melt thicknesses and powder size. Among the three categories of rapid 

solidification processing, atomisation is more limited than either surface melting or splat 

quenching in achieving high rates of heat extraction. During splat quenching, heat 

transfer coefficients of 105 -  106 Wm-2K _1 can be attained, while for surface melting 

techniques these are even higher (theoretically tending to infinity) as melt and substrate 

are in intimate contact (Mehrabian 1982). During atomisation, however, the heat 

transfer coefficient may vary between 10 Wm'2K _1 for the pure ’radiation’ case, to 

significantly less than 106 Wm-2K _1 for ’convection’ under the most favourable 

experimental conditions (Levi &  Mehrabian 1980). The external cooling during some 

atomisation processes, therefore, may not be sufficiently high to achieve rapid 

solidification. Consequently, it is often desirable to reach substantial undercoolings 

before nucleation in order to enhance the rapid solidification effects. Large metastable 

effects can indeed be obtained under slow-cooling conditions by suppressing the onset 

of nucleation (Levi &  Mehrabian 1982).

Levi &  Mehrabian (1982) have analysed the solidification of undercooled 

spherical droplets using both a Newtonian and a non-Newtonian (enthalpy) model. The 

important parameters in the model were identified as : a) the initial undercooling, b) 

the particle size, c) the combined convective and radiative heat-transfer coefficient, and

d) a kinetic relationship between undercooling and interface velocity. The ’thermal 

history’ of powder solidification was described on an enthalpy-temperature diagram, as 

shown in Figure 2.2. The region of interest in the diagram is that between the ’liquid’ 

line and the ’solid’ line, known as the ’supercooled' region, where solidification takes 

place. Nucleation can take place anywhere on the liquid line, starting at the nucleation 

temperature (0n < 0), and ending at some point on the solid line. At the limits, the 

liquid droplet can solidify either ’isothermally’ following a vertical path (path 1 ), or 

’adiabatically’ (i.e. isenthalpically) along a horizontal path (path 2). A  realistic situation 

is depicted by path 3, where the liquid droplet solidifies under a combination of the two 

solidification regimes. The first stage involves ’rapid solidification’, where nucleation 

in the supercooled droplet entails ’recalescence’ (i.e. release of latent heat). This results 

in the droplet absorbing most of the liberated heat of fusion, thus rendering the heat 

loss to the surroundings more or less irrelevant. Consequently, the solidification 

follows a more or less horizontal path, resulting in an increase in the droplet average 

temperature while the heat of fusion is being absorbed. The second stage develops after
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( = x l(T-Tm ) /AHm)

Figure 2.2 Enthalpy-Temperature Diagram showing Possible Solidification Paths;
9n is dimensionless temperature at moment of nucleation 
(after Mehrabian 1982)
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DIMENSIONLESS TEMPERATURE G(=xL(T-TM)/AHM)

Figure 2.3 Effect of the K/Bi Ratio on Thermal History of Undercooled Aluminium
Droplets for a Fixed Nucleation Temperature 
(after Mehrabian 1982)
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droplet undercooling has been largely relieved, thereby limiting the progress of 

solidification to the conditions imposed by the 'external heat flow'. This regime which 

denotes 'slower growth' usually involves temperatures close to the melting point of the 

metal and is roughly isothermal.

The slope of the \\r -  0 curve reflects the competition between the external rate 

of heat extraction (e.g. by atomising gas) and the recalescence rate (which is 

proportional to the solidification rate). If the recalescence rate predominates, a shallow 

negative slope exists for the \|/ -  0 curve in the rapid solidification stage. As the heat- 

extraction rate increases, the slope of the curve becomes steeper (i.e. more negative) 

and eventually positive when the external heat flow becomes dominant. Levi &  

Mehrabian (1982) also described the thermal history of the droplet in terms of the ratio 

of a kinetic coefficient, K, to the Biot number, Bi, where Bi = Jito/Kl  ; h = heat transfer 

coefficient; ro = droplet radius; Kl  = liquid thermal conductivity (Figure 2.3). They 

concluded that for typical atomisation conditions (i.e. K/Bi > 100), external cooling is 

not able to slow down recalescence to a significant extent. Curves for K/Bi > 103 

closely approach the limiting case of adiabatic rapid solidification followed by an 

isothermal slow-growth regime at the melting temperature.

2 .1 .4  Solidification Interface

The growth kinetics of the solid-liquid interface are extremely important in 

determining the morphological stability of the interface and hence the resulting 

microstructures in the final solidified material. The solidification front morphologies are 

controlled by two main factors, namely a) the temperature gradient (G) in the liquid 

phase just ahead of the advancing interface, and b) the interface velocity or 

solidification rate (R). (The attainable solid-liquid interface velocities are a function of 

the initial undercooling, the heat transfer coefficient at the droplet/environment 

interface, and the growth kinetics of the interface.).Depending on the interplay of the 

above two factors, the solidification front is either stabilized or destabilized giving rise 

to any of the three solidification front morphologies of planar, cellular or dendritic 

interfaces. This is shown schematically in Figure 2.4. The stability parameter is the 

ratio of G/R, with greater stability being achieved by an increasing G/R ratio. A  steep 

temperature gradient tends to stabilize plane-front growth, resulting in a 'planar' 

interface displaying no segregation. This type of solidification is also termed 

'partitionless solidification' since no equilibrium partitioning of the solute and solvent 

atoms appears to occur, resulting in a featureless microstructure. On the other hand, if a
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COOLING R A f E . t  = G-R 
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Figure 2.4 Dependence of Solidification Morphology on
Temperature Gradient (G) and Solidification Rate (R) 
(after Cohen et al. 1980)

Figure 2 .5  Regimes of Homogeneous Plane-Front Growth vs Segregated 
Cellular and Dendritic Growth for an Al - 0.1% Cu Alloy 
(after Cohen et al. 1980)
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steep solute gradient exists at the solidification front due to rejection of solute by the 

growing solid, the shape of the interface becomes unstable, leading to the formation of 

cells or dendrites that protrude from it.

The growth conditions that result in unstable interfaces can be adequately 

determined by the classical theory of ’constitutional supercooling’ which applies 

thermodynamics to determine if the liquid ahead of a moving interface is undercooled 

with respect to its composition. For small amounts of constitutional supercooling, the 

’cellular' interface is stable. This morphology reduces the constitutional supercooling 

ahead of the main interface by rejecting solute between the cells. With still larger solute 

gradients (due to faster solidification rates relative to the operative temperature 

gradient), greater segregation occurs leading to the 'dendritic' growth morphology.

Some of the assumptions and simplifications of the constitutional supercooling 

theory, however, are not valid for rapid solidification. For example, the stabilising 

effect of solid/liquid 'surface energy' which becomes important with respect to the 

destabilising effect of the solute gradient at high growth rates, is ignored. Therefore, it 

is more appropriate to use the theory of 'morphological stability’ (Mullins &  Sekerka 

1963,1964), since it considers the time dependence of a general sinusoidal perturbation 

of the interface with respect to solute and heat-diffusion fields and surface tension. 

Since both surface tension and evolution of latent heat have a stabilising influence, the 

morphological stability theory predicts far greater stability during rapid solidification 

than that predicted by the constitutional supercooling criterion. This is illustrated in 

Figure 2.5, where it can be seen that morphological stability can be attained if the 

interface velocity is sufficiently fast. Furthermore, this limiting velocity becomes 

insensitive to the temperature gradient such that G,R combinations of morphological 

stability actually extend around a dome-shaped region. The G,R combinations lying 

within the dome-shaped region lead to cellular or dendritic growth along with the 

associated compositional partitioning.

In the G,R space of Figure 2.4, the product G.R is a measure of the average 

cooling rate during solidification. Therefore, moving out to larger G.R values i.e. 

shorter local solidification times (as indicated by the sloping arrow), corresponds to the 

'finer' microstructures obtained during rapid solidification processing. With increasing 

cooling rate, the G,R combinations for avoiding microsegregation increase. This is also 

illustrated in Figure 2.6 where increasing cooling rates result in a reduction in segregate 

spacing which is particularly significant from the stand-point of reaching compositional 

uniformity by homogenisation treatments. However, the conditions under which plane-
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front solidification prevails, become more restricted with increasing solute content (see 

Figure 2.5). Complete solute trapping only occurs if the interface velocity significantly 

exceeds the diffusive velocity.

Figure 2.6 Dependence of Secondary Dendrite Arm Spacing on Cooling Rate 
(after Cohen et al. 1980)

2.1 .5  Atomisation

Atomisation is the primary process for manufacturing aluminium powder, 

though other techniques such as splat quenching are also used to produce aluminium 

alloy powders of particular interest for high strength aerospace structural materials 

(Tietz &  Palmer 19 8 1; Froes & Pickens 1984). In terms of cooling rates and hence the 

microstructural refinements attained, atomisation falls somewhere between splat 

quenching and rapid casting techniques, the cooling rates achieved varying according to 

the type of atomisation (see Figure 2.6). Of the numerous atomisation techniques that 

exist, ’twin fluid’ atomisation is the most widely used. The process employs a nozzle 

assembly where jets of high-pressure gas are used to impinge on and disintegrate a 

continuous stream of molten metal, dispersing it into fine liquid droplets which solidify 

during flight. Since the droplets solidify without any interactions with any 

heterogeneous nucleation sites such as substrates or mould walls, the undercoolings 

achieved prior to nucleation are high. The rapid heat extraction by the cooling fluid also 

provides rapid post-solidification cooling, thus inhibiting solid state decomposition. 

Typical cooling rates achieved during gas atomisation are in the range 103 - 106 K/s.
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The variables which affect the liquid droplet size and resultant cooling rate and 

hence the characteristics of the atomised particles include :

i) Atomising gas

ii) Melt Temperature

iii) Melt composition and properties such as surface tension, viscosity and 

density

iv) Gas pressure

v) Ratio of melt flow to gas flow

vi) Nozzle geometry and design

Of these, the 'atomising gas' and 'melt temperature' are the most crucial in determining 

the cooling rate and hence the resultant microstructure of the powder particles. An 

atomising gas of higher thermal conductivity will result in higher cooling rates and 

hence a finer microstructure (Unal 1986). The choice of the atomising gas also affects 

the morphology of the powder particles produced. Relatively smooth, spherical 

powders are produced when using 'inert-gas' atomisation. However, during 'air' or 

'water' atomisation, a relatively thick and tenacious oxide layer forms on the liquid 

droplet before full solidification has taken place, resulting in distortion during cooling 

to produce irregular-shaped particles (Otto 1976).

In addition to the cooling rate (i.e. rate of heat extraction), the degree of 'liquid 

undercooling' (determined by the melt superheat) and factors affecting nucleation 

behaviour, all play important roles in determining the extent to which segregation-free, 

microcrystalline structures exhibiting extended solid solubilities and metastable phases 

can be obtained (Tietz &  Palmer 1981).

It must be noted that by varying the process variables for a given atomisation 

facility, various 'particle size distributions’ can be produced. The size of powder 

particles is extremely important in that it greatly affects the powder microstructure and 

influences powder consolidation and processing. Cooling rate and nucleation 

undercooling vary with the size of the liquid droplet during atomisation (Levi &  

Mehrabian 1982), the smaller particles having undergone a higher solidification rate and 

hence exhibiting finer microstructural features. Generally, finer starting particles 

provide enhanced strength and improve other properties, since the size of 

grains/subgrains and the second phase particles, as well as their dispersion, are largely 

affected by the size of the powder particles. The powder particle size also affects the
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processing of the powders, as both compaction and extrusion pressure requirements 

have been found to be dependent on powder particle size (Sheppard &  Chare 1972).

2 .1 .6  P o w d e r  M eta llu rg y  o f  A lum inium  A Hoys

Rapid solidification has been applied to A1 alloys to improve both individual and 

combinations of properties in conventional wrought-ingot alloys, as well as to achieve 

greater thermal stability and elastic modulus by means of non-conventional alloying 

additions that are actually detrimental at normal rates of solidification (Jones 1982). For 

conventional compositions, rapid solidification has been beneficial through refining the 

metallurgical microstructures by suppressing equilibrium reactions, leading to a final 

product that can have a finer grain size, smaller constituent particle size, and a novel 

dispersion of fine intermetallic particles (Pickens 1981). RS often produces grain sizes 

that are significantly finer (1 - 2  fim) than those developed in conventional casting, this 

having beneficial effects on ductility and fracture toughness (Lyle &  Cebulak 1972). 

Rapid solidification also eliminates the coarse dispersion of metallic inclusions (often 

containing Fe and Si) which can limit formability, fracture toughness, and other 

material properties, either by fully retaining them in solid solution or by dispersing 

them on a sufficiently fine scale to render them innocuous or even beneficial (Jones 

1982).

The extension of solid solubility of alloying additions afforded by rapid 

solidification has led to the development of new alloy compositions with improved 

properties, especially for A1 alloys where only 8 elements (Mg, Si, Li, Cu, Zn, Ga, 

Ge, Ag) show equilibrium solid solubility of greater than 1 at%. For age-hardenable 

alloys in particular, higher levels of alloying additions can be incorporated into the alloy 

to achieve higher strength levels by increasing the volume fraction of fine second-phase 

particles during ageing. In addition, rapid solidification promotes greater chemical 

’homogeneity' which greatly reduces segregation-related problems usually associated 

with IM material (such as non-uniform dispersion of coarse intermetallic precipitates), 

and increases the tolerance to higher levels of tramp elements in feedstock material.

Due to the improvement of mechanical properties of A1 alloys as a consequence 

of rapid solidification, the development of PM aluminium alloys has been proceeding in 

three main areas (Tietz &  Palmer 1981 ; Froes &  Pickens 1984) : a) high strength/ 

corrosion resistant alloys; b) high temperature alloys; and c) low density/ high 

modulus alloys. Most of the high strength/ corrosion resistant PM alloys are based on
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the chemistry of IM 7X X X  series (Al-Zn-Mg-Cu) alloys with relatively small additions 

of transition metal elements such as Fe, Co, or Ni. The rapidly solidified approach is 

used to obtain a fine grain size which is stabilised by these fine dispersoid particles. 

Alcoa's 7090 and 7091 PM alloys have shown improved fatigue initiation resistance 

and enhanced resistance to stress corrosion cracking (Lyle &  Cebulak 1972). High 

temperature alloys refer mainly to A1 alloys containing alloying elements of low 

solubility and diffusion rates (such as Fe, Ni and Co), which keep their strength up to 

150 - 200°C due to a fine dispersion of stable dispersoids. RS extends the solid 

solubility of these elements, resulting in a higher volume fraction of dispersoids than 

possible in conventional ingot alloys. Subsequent thermomechanical treatments can 

result in significant refinement in the dispersoid particle size, and the precipitation of 

dispersoids of non-equilibrium composition. As a result, improvements in elevated 

temperature strengths have been shown by a number of PM alloys such as Alcoa's 

CU78 (A1 - 8Fe - 4Ce) alloy (Tietz &  Palmer 1981).

High modulus/ low density aluminium alloys mainly comprise of Al-Li alloys 

which are the family of alloys studied in this investigation. PM techniques were 

originally applied to Al-Li alloys in an effort to overcome the problems with melting 

and casting, and deficiencies in mechanical properties experienced with conventional 

ingot cast alloys (Starke et al. 1981). These problems were reflected in the poor 

ductility and fracture toughness of these alloys, the deficiencies being attributed to 

strain localisation and impurity element effects (e.g. hydrogen). The PM approach was 

therefore used to refine the grain size and the dispersoid particle size, both of which 

should promote more homogeneous slip and minimise slip localisation. However, 

despite some promising results for various PM Al-Li alloys, development of IM Al-Li 

alloys seemed better suited for supplying materials in all the required sizes and forms, 

leading to the development of Alcan's Lital i.e. DTD X X X  alloys (Peel et al. 1984) 

and the 8090 alloys as commercial Al-Li alloys. Due to the extended solid 

solubility afforded by the rapid solidification technique, however, development of PM 

Al-Li alloys has continued since it is possible to incorporate Li contents in excess of the 

maximum 4.0 wt% possible for IM alloys, leading to greater density reductions while 

improving the strength. In fact, it has been suggested that further density reductions 

affordable by PM techniques (e.g. 4 - 5  wt% Li additions) are the only way of making 

PM A l-Li alloys competitive with their IM counterparts (Meschter et al. 1986). 

Moreover, enhanced property improvements unique to PM, such as reduced anisotropy 

and improved corrosion resistance, make it rather attractive for developing light-weight 

alloys for future aerospace applications.
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2 . 2  Processing of Rapidly Solidified Aluminium Powders

In order to gain maximum benefits from RS processing, it is important that the 

novel RS powders are translated by suitable processing conditions into materials of 

desirable properties. The processes most commonly used for consolidation of 

aluminium alloy powders include at least three separate primary steps :

i) Cold compaction

ii) Vacuum degassing

iii) Consolidation (usually by hot working) to a fully dense final product form

Different routes for consolidation of A1 alloy powders are shown in Figure 2.7. 

The powder is cold compacted or canned, vacuum degassed for a suitable time and 

temperature, then mechanically hot pressed for a given time, temperature, and pressure 

to full density, and finally decanned and consolidated to the final product form using 

conventional techniques such as extrusion or forging. In the case of Al-Li alloys, the 

final consolidated product is also given a suitable heat treatment in order to cause the 

precipitation of the strengthening S' (Al3Li) phase, thereby rendering a material with 

acceptable engineering properties as regards to aerospace applications.

POWDER

Figure 2 .7  Consolidation Processes Used for Aluminium Alloy Powders 
(after Tietz & Palmer 1981)
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2 .2 .1  P o w d e r  C om paction

The aluminium alloy powder is normally cold compacted to between 50 and 

80% of theoretical density by either unidirectional or isostatic means, to produce a billet 

of sufficient green strength for easy handling (Tietz &  Palmer 1981). Compaction to 

these densities leaves an interconnection of porosity to allow efficient degassing, while 

providing the necessary inter-particle contact required for a satisfactory response to 

induction heating. (Morgan et al. (1982) found a 77%  theoretical density to be 

sufficient for the X7091 RS alloy.)

Compaction of powders has been extensively studied and its various 

characteristics are well documented (Shapiro &  Kolthoff 1947; Easterling &  Tholen 

1973 ; Hewitt et al. 1974 ; James 1977a,b ; Sheppard &  McShane 1980 ; Paramanand 

&  Ramakrishnan 1984). A  popular relationship between compaction pressure and 

density has been found by Shapiro and Kolthoff (1947) which adequately represents 

the compaction process over a limited range of pressures :

In (1/1-D) = KP + Constant

where: D = Density

P = Compaction pressure 

K = Constant

Powder compaction has been described as involving three stages which include: 

(i) rearrangement of particles; (ii) progressive flattening by elastic and plastic 

deformation to produce overall densification; and (iii) closing of pores, strain 

hardening of the material and an increase in the contact area between the particles. 

Green strength is developed by mechanical interlocking of particles, and where shear 

stresses are developed as a consequence of axisymmetrical loads, by friction welding of 

freshly exposed surfaces.

Geometrical features as well as the structural (metallurgical) characteristics of a 

metal powder will determine how well it compacts. Irregular-shaped particles produce 

coherent compacts at pressures within stage (i) the pressures being approximately 1/3 

of the initial yield stress of the material. With spherical particles, however, plastic 

deformation is required, with the particle shape changing from spherical to polyhedral, 

and formation of coherent compacts requiring pressures greater than the yield stress of 

the material (Hewitt et al. 1974). A  wide-ranging particle size distribution ensures
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filling in of gaps between particles and thus plays an important part in influencing 

strength of powder compacts (James 19 7 7a ; Sheppard & McShane 1980; Paramanand 

&  Ramakrishnan 1984), The important metallurgical factors influencing the compaction 

behaviour of powders include the nature of the powder surface (Easterling &  Tholen 

1973) as well as its hardness, modulus, and response to work hardening (James 

1977b).

2 .2 .2  Vacuum Degassing

Rapidly solidified aluminium alloy powder particles usually exhibit a thin, but 

tenacious, surface oxide layer because of the reactivity of aluminium with oxygen. 

These surface oxides are hygroscopic and thus become easily hydrated by absorbing 

the moisture from air (Kim et al. 1985 ; Kearns et al. 1987; Schlich et al. 1987). The 

thickness of the oxide layer reportedly varies between 1 - 2 0  nm (Kim et al. 1985 ; 

Schlich et al. 1987), and after consolidation the surface oxide content in the wrought 

product is usually < 0.6 vol%. Properties of the wrought product, however, may be 

detrimentally affected by the particle surface oxide layers if they are incompletely 

broken up and non-uniformly distributed during the consolidation process (Kim et al. 

1985 ; Kearns et al. 1987). Additionally, the dispersed hydrated oxides will break 

down when the consolidated product is subjected to heat treatments, giving rise to 

blistering as a result of evolution of gases such as hydrogen and water vapour (Kim et 

al. 1985 ; Schlich et al. 1987). The transverse ductility and toughness will also be 

adversely affected by the level of residual hydrogen (Ackermann et al. 1982; Morgan et 

al. 1982).

The incomplete break up of the surface oxides has been attributed to the 

tenacious nature of the 'amorphous' hydrated oxide which is not easily ruptured during 

the consolidation process. The oxide particles therefore end up as semi-continuous 

stringers at the prior particle boundaries along the extrusion direction. Furthermore, 

incomplete break-up of the surface oxides results in less fresh metal surface being 

exposed for bonding to occur, resulting in poor inter-particle bonding. This, coupled 

with their non-uniform distribution, leads to fracture being dominated by cracking 

along the oxide decorated boundaries.

Dehydration of the oxide layer is believed to change its nature to that of a brittle 

'crystalline' Y-AI2O3 which will then break up more effectively and be dispersed more 

uniformly within the consolidated product. Removal of the physisorbed (adsorbed)
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moisture and the products of the breakdown of the hydrated oxide film are effected by 

vacuum degassing of the powders, a process which has been traditionally used as a 

processing step prior to consolidation by hot working. Several methods are available 

for degassing the simplest of which involves heating the powder under vacuum 

conditions, normally in a can which can be sealed prior to subsequent consolidation. 

Vacuum degassing involves exposure of the powder to relatively high temperatures (~ 

400 - 500°C) -  usually greater than any seen during subsequent processing -  in order to 

decompose the hydrated oxides effectively (Kim et al. 1985 ; Schlich et al. 1987). A  

vacuum (< 10  2 torr) is used during the process in order to remove the evolved gases, 

as well as to avoid high temperature oxidation of the powders. The desorption of gases 

from the powder particle surfaces and the dehydration of the oxide/hydroxide skin 

which take place during degassing, both improve the weldability of the powder 

particles during consolidation. Hence strength, ductility, fracture toughness and the 

fatigue properties of the consolidated material are improved. Also, blistering during 

extrusion and heat treatment may be avoided. However, long exposures of the powder 

to the high temperatures involved during degassing often result in a coarsening of the 

refined microstructure produced by rapid solidification. Precipitation reactions may also 

be affected, and as such degassing might decrease the strength properties of the alloy. 

The degassing conditions used, especially the temperature, are therefore critical and 

must be determined correctly.

In recent years, an increasing number of workers have studied the kinetics of 

the degassing process in detail in an effort to find the optimum conditions required for 

effective degassing (Ackermann et al. 1982 ; Morgan et al. 1982 ; Kim et al. 1985 ; 

Couper et al. 1987; Kearns et al. 1987; Miller et al. 1986). They have mostly used 

'mass spectrometric analysis' (M SA) to monitor the species given off during 

degassing, although other techniques such as 'thermogravimetric analysis’ (TGA) have 

also been employed (Morgan et al. 1982). Mass spectrometric analysis gives rise to 

thermodesorption spectra, a typical example of which is shown in Figure 2.8. The main 

degassing products have been identified as H2O and H2, while other gases such as CO 

and CO2 and other (sublimable) species (e.g. Mg and Zn) have also been detected. A  

summary of these studies, highlighting the temperature ranges at which the main 

species are given off, together with the temperatures at which maximum liberation of 

these species occurs, is given in Table 2.1.

It is apparent from Table 2.1 that water vapour is given off at lower 

temperatures up to 350°C, while hydrogen evolves in the temperature range 200 - 

500°C. These results are in agreement with the findings of Litventsev and Arbuzova
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Table 2 .1 Degassing Temerature Ranges for Evolution of Gaseous Species

Alloy Condition

h 2o H2

Other
Species

ReferenceTemp.
Range
(°C)

Temp, of 
Max 

Species

Temp.
Range

(°C)

Temp, of 
Max 

Species

X7091 Air-atomised 80 - 325°C Double peak 
~ 150°C 

and 220°C

200 - 490°C 380°C Mg & Zn 
sublimate 

above 500°C.
CO & co2
given off

Morgan 
et al. 

(1982)

7091 He- atomised 
Air-atomised

100 - 350°C 
80 - 350°C

200°C
220°C to

 to
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A
0

 o 1 
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4̂ 00
 0
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n
 o 400°C 

Four peaks: 
230,300, 

365, 390°C

MgO formed 
at high 
temps.

Ackermann 
et al. 

(1982)

7091 Air-atomised Up to 
~ 300°C

Double peak 
~ 150°C 
& 220°C

200 - 520°C Double peak 
350°C 
400°C

MgO 
formation 
favoured 

above 350°C

Kim 
et al. 

(1985)

Al-Cr-Zr-Mn

Al-Fe
Al-Fe-Ce
Al-Fe-Y

Air-atomised 
Ar- atomised 
Ar- atomised 
He- atomised 
Ar- atomised

120 - 390°C 
130 - 340°C 
60 - 370°C 
60 - 340°C 
60 - 350°C

200°C 
180°C (low) 

130°C 
140°C 
140°C

260 - 540°C 
280 - 450°C 
160 - 540°C 
180 - 500°C 
180 - 500°C

440°C 
380°C 
380°C 

~ 380°C (br) 
400°C

Schlich 
et al. 

(1987)

Al-Fe-V Oxygen-
containing
atmosphere

80 - 400°C ~300°C Above
400°C

500°C — Couper 
et al. 

(1987)

>
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Figure 2.8 Mass Spectrometric Analysis of Degassed Species
from 7091 Cold-Compact 
(after Kim et al. 1985)
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(1967) who determined the stability and dehydration ranges of the hydrated surface 

oxide, showing that the decomposition reactions proceed as follows :

175 - 310°C 530 - 550°C
A120 3 .3H20  -------------------►  a i 2o 3.h 2o  ------------------ ►  y-Al20 3

(150°C) (310 - 500°C) (600 - 900°C)

At low temperatures (up to 350°C), adsorbed (physisorbed) water is given off and the 

hydrated oxide decomposes according to the following reactions :

A120 3 .3H20  ------ ►  A120 3 .H20  + 2H20

A120 3 .3H20  ------ ►  A120 3 + 3H20

a i 2o 3 .h 2o  — ►  a i 2o 3 + h 2o

Above 200°C, the water thus given off reacts with the metal at the oxide/metal interface 

resulting in the evolution of hydrogen :

2A1 + 3H20  ------ ►  A120 3 + 3H2

2A1 + 6H20  ------ ►  A120 3.3H20  + 3H2

( Ackermann et al. (1982) found the evolution of hydrogen to occur via two sets of 

reactions. The first set, which was only observed in air-atomised powders, occurred at 

temperatures below 390°C according to the above reactions, and was irreversible 

apparently being controlled by a kinetic process (which is a function of temperature). 

The other reaction, which occurred above 390°C, was observed for both inert gas and 

air-atomised powders, and was a result of the reaction between water and the alloy after 

break-up of the oxide film at higher temperatures.)

In alloys containing a reactive element such as Mg (e.g. 7091), the additional 

formation of MgO is favoured over that of A120 3, due to more favourable free energy 

considerations (Otto 1976 ; Kim et al. 1985):

Mg + H20  ------ ► MgO + H2

At temperatures above 530°C, the amorphous aluminium oxide layer changes its nature 

to crystalline y-A^Os :

a i2o 3 *  y-Al20 3
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In all the above studies, it was concluded that the temperature used is the critical 

degassing parameter. Schlich et al. (1987) stressed that complete degassing could only 

be achieved if the powder was heated to the 'maximum temperature' at which the 

degassing products were detected by M SA. They maintained that a lower degassing 

temperature combined with a longer degassing time does not lead to complete 

degassing. As regards to the 'degassing time', no proper study has been made, but this 

generally seems to be less critical. It is believed that the degassing time should be 

sufficiently long to allow adequate degassing while being short enough so that the 

refined microstructure of the powders are reasonably preserved. It is important, 

though, that degassing is performed immediately before the consolidation process, to 

avoid reheating of the powder (Froes &  Pickens 1984). Schlich et al. (1987) found that 

degassed powder should be handled without contact to air until it is completely 

consolidated, otherwise gases from the environment would again be absorbed onto the 

surface of the powder particles.

Despite the traditional use of vacuum degassing on most Al alloy powders, 

there are mixed reports as to its usefulness in improving the mechanical properties of 

alloys. A  study carried out by Parkinson and Sheppard (1985) on a 7050 powder alloy, 

concluded that the vacuum degassing of Al powder alloys is not necessary. In a study 

on forgings made from 7091 powder, however, Ackermann et al. (1982) detected a 

dramatic loss of ductility and fracture toughness in the non-degassed condition. They 

correlated these poor properties to a high hydrogen content (> 1 2  ppm compared to ~

1.3 ppm for degassed material). In another study on vacuum hot-pressed (VHP) 7091 

alloy, Morgan et al. (1982) found that degassing prior to VHP eliminated porosity in 

the product and resulted in a 10 MPa increase in strength during compression testing. 

Schlich et al. (1987) found an improvement of 20% in the yield strength of an extruded 

Al - 6Fe powder when degassing was used prior to consolidation. They also noticed an 

improvement in ductility upon degassing and observed that the mode of fracture in the 

degassed specimen was 'transgranular' compared to 'intergranular' fracture observed in 

the non-degassed specimen. Kearns et al. (1987) found improvements in tensile 

properties of degassed 7010  powder, especially in the solution treated and aged 

conditions. The tests were all made in the 'longitudinal' direction which is generally 

regarded as the direction least sensitive to microstructural defects, thus showing the 

benefits of degassing even at the low degassing temperatures (300°C) which they 

employed. They also found that the degassed material displayed thin and more 

fragmented oxides compared to the non-degassed material which had a thick continuous 

oxide layer at the inter-particle boundaries.
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2.2.3 Powder Extrusion

Compaction techniques can produce billets with up to 100% density but further 

consolidation is required to optimise the mechanical properties. For full consolidation to 

a final product, the tenacious oxide 'skin' of the powder particles must be broken up by 

shear deformation, and finely dispersed within the product to achieve acceptable levels 

of ductility and other mechanical properties (Froes & Pickens 1984). Hot extrusion is 

usually employed to achieve this, since during the process the powder material is 

subjected to large compressive stresses in an enclosed container which result in 

continual shearing, breaking up and welding together of the particles. As the material 

traverses the deformation zone, the surface area of the welded particles increases such 

that after exiting from the deformation zone, the material is 100% dense. An extrusion 

ratio of at least 6 : 1 is required to produce fully dense material (Gumey et al. 1974).

The main variables with regard to a material property investigation are the initial 

billet temperature, ram speed and extrusion ratio, although other factors such as 

lubrication and tooling temperature can also affect extrudability and the resulting 

microstructure. Like other mechanical working operations, extrusion exhibits a 

characteristic load-displacement locus showing a rapid initial rise to a peak pressure, 

followed by a load drop to give a steady state region.

Extrusion produces a structure with marked directionality (Forsyth &  

Stubbington 1975), with powder particles and prior particle boundaries elongated 

parallel to the extrusion direction. If the hot worked structure is retained, the presence 

of a marked fibre texture will give a strength contribution in the longitudinal direction 

and can lead to substantial anisotropy of the mechanical properties. In addition, the 

distribution of deformation across the section is not uniform, since the surface layers 

undergo considerably higher strains. This can provide a driving force for static 

recrystallisation in these regions, giving rise to a recrystallised annulus. Therefore, it 

may be important to stop the recrystallisation process and its possible deleterious effect 

on properties.

It should also be noted that during extrusion, virtually all the work done during 

deformation is converted to heat, leading to a rise in the temperature of the material. 

This temperature rise is not uniform across the section but can be expressed in terms of 

a rise in the mean temperature of a cross-section. The magnitude of this temperature rise 

is important and can have substantial effects on the structure and hence properties of the 

product. It is therefore apparent that since the final structure is often strongly related to
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the process conditions, a careful control of these can result in the attainment of desirable 

mechanical properties in the final extruded material.

2 2  A  Hot Working of Aluminium Alloys

The term 'hot working' usually applies when the deformation takes place above

0.5 Tm (Tm is the melting temperature of the material in °K). It is characterised by a 

steady state flow stress, a f, which allows very large strains to be achieved since a 

simultaneous hardening and softening of the material, caused by generation and 

annihilation of dislocations, is taking place. This is in contrast to cold working 

operations where only work hardening of the material is encountered. A  general 

relationship has been established relating the flow stress to the strain rate and 

temperature during hot working (Jonas et al. 1969 ; McQueen 1968 ; Sellars &  McG 

Tegart 1972), the steady state hot working rate being given by :

e = A  [ sinh (aaf)j n exp (-Q/RT)

where: 8 = average strain rate

T = temperature 

R = universal gas constant 

Q = activation energy

A,a, n are temperature-independent constants (determined experimentally)

The use of an Arrhenius term indicates that hot working is a thermally activated process 

where Q is the activation energy of the rate-controlling mechanism. To combine process 

variables in a single term when investigating material properties, this equation can be 

rewritten in terms of 'Z', the temperature-compensated strain rate, originally proposed 

by Zener and Hollomon (1944):

Z  = e exp (Q/RT) = A  [ sinh (aaf)] n

As pointed out earlier, the steady state is a result of dislocation generation (i.e. 

work hardening) being balanced by dynamic softening processes. These softening 

processes involve rearrangement and annihilation of dislocations such that their 

numbers are reduced, whereby 'dynamic recovery' occurs. If during the deformation 

process new grains nucleate and grow in the deforming material, then the material is 

said to have undergone 'dynamic recrystallisation'. In materials of high stacking fault
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energy, such as aluminium, dynamic recovery is the dominant softening mechanism 

(Jonas et al. 1969). The steady state hot-worked structures of these materials are 

characterised by the formation of well-defined subgrains of fixed dimension, shape and 

misorientation, made possible by cross-slip and climb leading to repolygonisation 

(McQueen 1977). The substructure is sensitive to the changes in temperature and strain 

rate, with smaller subgrains being formed at higher Z  values. The relationship between 

the subgrain size, d , and Z  values is given by the following equation :

d -m = a + b In (Z)

where m is a constant in the range 1 - 2 ,  and a &  b are constants. The subgrain size 

has a direct effect on the room temperature yield strength of the material, Gy, with Hall- 

Petch type relationships involved (Jonas et al. 1969 ; McElroy &  Szkopiak 1972):

Gy = Ga + k. d _m

where : Gy = room temperature yield stress

Ga = yield strength of coarse-grained material 

k = constant

Thus, control of conditions during thermomechanical processing can be used for grain 

refinement and hence obtaining better mechanical properties.

The other aspect of the substructure, namely the stored strain energy after 

deformation, provides a driving force for 'static' restoration processes which may 

destroy the hot worked structure if the product is not quenched. This can proceed by 

recovery and recrystallisation but the final structure is often still related to the process 

conditions. Alloying additions can affect the stacking fault energy and in high strength 

alloys appear to lower the stacking fault energy due to a changed electronic structure. A  

low stacking fault energy increases the susceptibility to recrystallisation.

Plastic working characteristics of multi-phase alloys depend on the microscopic 

distribution of the phases. The presence of a high volume fraction of hard uniformly 

dispersed particles, greatly increases the flow stress and makes working difficult. 

Working characteristics of the alloy can be affected if it undergoes a strain-induced 

precipitation (or phase transformation). If a precipitation reaction occurs in a metal 

while it is being formed, it will produce an increase in the flow stress, but more 

importantly, there will be an appreciable decrease in ductility, which can result in
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cracking. This usually happens when working is carried out at a temperature just below 

the solvus line.

2 . 3  Physical Metallurgy of A l-Li Alloys

2.3.1 Al-Li Binary System

A  recent equilibrium Al-Li binary phase diagram is shown in Figure 2.9. The 

principal phases in the system are the equilibrium a-Al solid solution and the 8 (AlLi) 

intermetallic phase, as well as the metastable 8 ' (Al3Li) phase (Williams 1981). A  

simple eutectic reaction i.e. liquid —►  a-A1 + 8  (A lL i), takes place at about 600°C. At 

this eutectic temperature, the solid solubility of Li in aluminium is 4.2 wt% (14.4 at%), 

but this decreases rapidly with decreasing temperature, thereby providing the necessary 

thermodynamic criteria for age hardening. Compositions with Li additions greater than

1 .6  wt% can be heated in the single phase region and then quenched and aged in the 

a  + 8 field. Alloys of commercial interest are confined to the region of the phase 

diagram containing up to 4 wt% Li, since above this, total Li solubility cannot be 

maintained in the solid state. The precipitation sequence has been found to be as 

follows (Jones &  Das 1959-60):

Supersaturated solid solution —►  8* (Al3Li) —►  8 (AlLi)

The 8 ' (Al3Li) phase is the most important since it confers the basic 

precipitation hardening capability on Al-Li alloys. The existence of 8 ' was first reported 

by Silcock (1959-60) who observed superlattice reflections upon ageing an Al-Li-Cu 

alloy in the temperature range 100 - 190°C (especially at 165°C). Silcock determined 

that 8 ' (AhLi) was an ordered phase, having a face-centred cubic L l 2 (Cu3Au) type 

structure. She determined that 8 ' was coherent, having a small lattice misfit of 0.2% 

(a0(8 ’) = 4.038 A ; a0(Al) = 4.049 A). Silcock also determined that the equilibrium 

phase 8 (AlLi) which formed upon ageing at 240°C, was cubic with a B32 (NaTl) type 

structure and a lattice parameter of 6.37 ±0 .0 1  A. This large lattice parameter implies 

that the a/8 interface should be at best semi-coherent, the orientation relationship with 

the matrix being as follows, with a { 1 1 1 } habit plane :

(100)5 // (HO)cc ; (011)5 // ( I l l ) a  ; (011)8 // (112 )a
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Figure 2.9 The Al-Li Binary Phase Diagram 
(after Mondolfo 1976)
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A  variety of techniques including electrical resistivity measurements, 

transmission electron microscopy, thermal analysis and small angle X-ray scattering 

have been used to determine the 8  and 8* solvus lines (Williams 1981). The resulting 

phase diagram is shown in Figure 2.10. The 8 solvus is according to the work of 

Costas and Marshall (1962), Levine and Rapperport (1963), and Nozato and Nakai 

(1977), whose results agreed reasonably closely. The 8 ’ solvus was first defined by 

Noble and Thompson (1971), later redefined by Williams and Edington (1975), Nozato 

and Nakai (1977), and Ceresara et al. (1977), and finally extended by Cocco et al. 
(1977) to define the miscibility gap over the full range of the 8’ phase field to ~ 25 at% 

lithium. However, Gayle and Vandersande (1986) pointed out that such a miscibility 

gap involving two distinct crystal structures (disordered a  and L l 2 ordered 8 ') violates 

thermodynamic restrictions. They explained that since L l 2 ordering is a first order 

transformation, it is necessary that the two phase regions be bordered by the two single 

phase fields. They therefore proposed a metastable phase diagram as shown in Figure 

2 . 11.

The metastable 8 ' (A^Li) phase invariably forms homogeneously within the 

matrix as coherent, spherical particles, but the mechanism of its formation is still 
disputed. The presence of the miscibility gaps suggest that the 8' phase is formed either 

by spinodal decomposition or by classical coherent nucleation and growth. Williams 

and Edington (1975) have reported that because of the absence of X-ray side-band 

structures and satellite spots on electron diffraction patterns, the mechanism of 

decomposition is most likely homogeneous nucleation. However, the predicted side

band intensity might be too weak to be detected and the apparent absence does not 

constitute definite proof that 8 ' precipitation does not occur by spinodal decomposition. 

Baumann and Williams (1985) proposed that because of the close match between the 

lattice parameters (i.e. small coherency strains), the particles tend to be spherical and a 

homogeneous distribution of coherent 8 ' (A^Li) particles results. The formation of 8 ' 

is usually considered to be unaffected by the presence of defects (Williams 1981), 

though Williams and Edington (1976) had found heterogeneous precipitation of 8 ' on 

dislocations and the absence of homogeneously precipitated matrix 8 '. Presence of fully 

ordered A ^L i in the as-quenched condition has been reported (Williams &  Edington 

1975 ; Trofimova &  Chuistov 1978), with the earliest stages of particle formation 

varying between 140 and 240°C depending on the variation of Li content in the range

2.3 to 3.3 wt% (Noble &  Thompson 1971 ; Williams & Edington 1975). Rapid 

quenching, however, may initially suppress the formation of 8 ’, a fact that has been 

exploited by 'rapid solidification' technology in trying to produce alloys which are 

supersaturated in the solid state (Williams & Edington 1975).
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Figure 2 .10  Al-Li Phase Diagram showing the Metastable Solvus Lines 
(after Williams 1981)

WEIGHT % Li

Figure 2 . 1 1  Al-rich Comer of the Al-Li Phase Diagram 
showing the Metastable S’ Solvus Lines 
(after Gayle &  Vandersande 1986)
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The size distribution of 8’ particles has been found to follow a Weibull density 

function, the shape of the particle size distributions changing as a function of Li content 

(Gu et al. 1986b). During artificial ageing, coarsening of 8 ' occurs by Lifshitz-Wagner 

kinetics (Williams &  Edington 1975 ; Gu et al. 1986a,b), the growth of the 8 ' 

precipitates following classical (time) 1/3 kinetics. This is indicative of the transport of 

lithium by bulk diffusion (Noble &  Thompson 1971 ; Williams &  Edington 1975). 

Also, 8 ' coarsens at structural defects such as dislocations and grain boundaries by 

rapid pipe diffusion of Li or by discontinuous coarsening reactions (Williams &  

Edington 1975, 1976). Preferential coarsening at lattice defects usually results in 

precipitate free zones (PFZ's) at these features, due to enhanced diffusivities of Li 

along grain boundaries and dislocations. For the discontinuous coarsening reaction, the 

major driving force is the reduction in the a/8 ' surface energy which has been reported 

to vary between 0.025 - 0.24 J/m2 (Noble &  Thompson 1971 ; Williams &  Edington 

1976). Clearly such a weakly driven reaction is susceptible to disturbance by external 

factors, and ternary additions have been reported to help in suppressing the reaction.

The equilibrium 8 (AlLi) phase, on the other hand, precipitates on grain 

boundaries and heterogeneously within the matrix after relatively long ageing times. 8 

precipitates are invariably surrounded by dislocations and a 8 ' precipitate free zone, the 

former arising due to the large 8 lattice parameter (Williams 1981). Although there is 

dispute about the mechanism of formation of this phase, it is generally believed that 

dissolution of 8 ' is involved (since 8 is more stable than 8 '). Schegoleva and Rybalko 

(1976) proposed that the formation of 8  phase consisted of the rearrangement of fee to 

NaTl type structure by collective shears of groups of { 1 1 1 }  fee planes similar to the 

martensitic transformation process. However, Sanders and Balmuth (1978) and 

Williams (1981) have shown evidence in favour of the 8 nucleation independent of 8 ’, 

with growth of 8 phase particles accompanied by dissolution of the surrounding 

metastable 8 '. The equilibrium 8 (AlLi) phase is reactive (Williams 1981) and has a 

hardness of 100 VPN (Noble et al. 1982b), and due to its brittle nature is detrimental to 

the mechanical properties of Al-Li alloys (Jones &  Das 1959-60 ; Dinsdale et al. 1981). 

In addition, its presence at the grain boundaries, and the PFZ's associated with it, make 

it deleterious to the mechanical properties due to its weakening effect on the grain 

boundary (Vasudevan & Doherty 1987).
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2.3.2 Property Advantages of Al-Li Alloys

Lithium is the lightest metallic element and the addition of each weight percent 

of it to aluminium results in a 3% reduction in density. This addition also results in a 

6% increase in modulus, leading to a considerable increase in the 'specific modulus' of 

the alloy (Starke et al. 1981).

There is some dispute as to the origin of the increased elastic modulus of Al-Li 
alloys. Some studies have attributed this increase to the high intrinsic modulus of the 5' 

(A^Li) particles (Sanders 1979 ; Webster 1979). However, Noble et al. (1982a) found 

that the modulus of Al-Li alloys of commercial interest (i.e. 2 - 3  wt%) varied in the 

range 79 - 83 GPa, the actual value depending on the heat treatment condition. They 

attributed this 20% increase over the modulus of aluminium (66  GPa) to the lithium in 

solid solution, its influence being to modify the electronic structure of the alloy. They 

thus successfully explained the observed decrease in stiffness during ageing in terms of 

the precipitation of lithium out of solid solution. They also determined a value of 96 

GPa for the elastic modulus of 5', and 105 GPa for that of 5 (AlLi). The observations 

of Noble et al. (1982a) were confirmed by Fox and Fisher (1988) who showed the Li 

in solid solution to be responsible for the increase in modulus by doing calculations on 

the 'Debye temperature' which gives direct information about the specific modulus of 

the alloy.

The precipitation of S' causes large increases in the strength of Al-Li alloys 

(Sanders &  Balmuth 1978 ; Noble et al. 1982b) which, coupled to their low densities, 

provides the material with high 'specific strengths’ (Peel et al. 1984). Sanders et al. 

(1980) explained the strengthening mechanisms in these alloys in terms of 8 ' precipitate 

size and spacing as a function of artificial ageing conditions. They showed that 

dislocations shear the particles in the early stages of ageing when the particles are small 

and closely spaced, whereas, as the precipitates grow and their spacings increase with 

ageing, less force is required for the dislocations to bow and loop around the 

precipitates.

Noble et al. (1982b) examined the strengthening mechanisms in Al-Li alloys 

and concluded that strengthening is caused by a combination of 'order- hardening’ and 

'modulus hardening', with order-hardening being the dominant mechanism (Figure 

2.12). The increase in strength is brought about by the interaction of the ordered 

coherent 5' particles with the moving dislocations. In an ordered lattice such as 8 ', the 

passage of a single dislocation through the lattice creates a disturbance in the order,



SH
EA

R 
ST

RE
SS

 
(M

Pa
)

49

wt %

Figure 2 .12  Contribution of Different Strengthening Mechanisms in the 
Al-Li System after Ageing to Near Peak Strength 
(after Noble et al. 1982b)
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resulting in an antiphase boundary (APB). The extra energy associated with the APB is 

an impediment to dislocation motion. This is important as a strengthening mechanism 

when coherency strains are small, as encountered in the a/8' system. Modulus 

hardening arises from the difference in elastic moduli between 8' precipitates and the 

matrix. Noble et al. (1982b) also found that coherency strains around the 8', or the 

increased area of the sheared precipitate, contribute very little to the observed strength. 

(These are due to the small 'lattice mismatch' and the low a/8' interfacial energy.) They 

also investigated the possibility of additional strengthening due to Li in solid solution, 

but found very little solid solution strengthening, attributing this to the low atomic size 

factor that exists between an aluminium atom and a lithium atom. They therefore 

portrayed the different strengthening contributions with increasing lithium content as 

shown in Figure 2.12.

2.3.3 Fracture Toughness of Al-Li Alloys

One of the inherent characteristics and major drawbacks of binary Al-Li alloys 

has been their poor fracture toughness properties which has limited their commercial 

application (Palmer et al. 1981 ; Sanders 1981). The main causes of this problem have 

been identified as the following :

i) Slip localisation due to coplanar slip caused by the ordered nature of 8'

ii) Intergranular failure encouraged by PFZ's

iii) Grain boundary intergranular failure due to grain boundary intermetallic 

precipitates (e.g. 8)

iv) Embrittlement of grain boundaries due to segregation of tramp elements 

(e.g. Na , P and K)

v) Hydrogen embrittlement

The shearable nature of 8’ precipitates is a primary factor in the loss of 

toughness in Al-Li binary alloys, since it results in slip localisation during deformation 

(Sanders 1981; Sanders & Starke 1982 ; Gregson &  Flower 1985). Plastic deformation 

occurs by glide dislocations shearing the particles, leading to the formation of antiphase 

boundaries (APB). Since the passage of a second dislocation will restore the order, it is 

attracted to the particle and thus the dislocations tend to move in pairs as 'super

dislocations’ (Hull 1975). Once a super-dislocation pair has cut the precipitate, the 

effective radius of the obstacle on the slip plane is reduced, making it easier for 

following dislocations to move on that plane. In this way, slip is confined to a few
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widely spaced, narrow, planar bands, since cross-slip is not normally a viable process 

for super-dislocations (Hull 1975). The long dislocation pile-ups, together with the 

planar nature of slip, result in high local stress concentrations at grain boundaries. 

Crack nucleation can occur at the intersections of slip bands with grain boundaries, and 

subsequent propagation can occur resulting in intergranular failure (Sanders 1979). 

Several workers have suggested that this slip coplanarity is the major cause of poor 

ductility and fracture toughness in Al-Li alloys (Sanders &  Starke 1982 ; Gregson &  

Flower 1985).

Some workers (Sanders et al. 1980 ; Sanders 1981) have also suggested that 

intergranular failure may be encouraged by precipitate free zones (PFZ's) which form at 

the grain boundaries during ageing. These PFZ's occur as a result of preferential 

ripening of 8' precipitates at the grain boundaries by enhanced diffusion in these 

regions. Deformation can occur preferentially in these areas since they are softer than 

the neighbouring matrix. Consequently, slip builds up at grain boundary triple points 

with subsequent crack nucleation and intergranular propagation occurring within the 

PFZ.

Recent studies have shown that besides the inherent problem associated with 

slip coplanarity, the grain boundary precipitates are additionally responsible for the 

premature intergranular failure of Al-Li alloys. In a recent study on binary Al-Li alloys, 

Vasudevan and Doherty (1987) concluded that low ductility was caused by the 

formation of 8 particles at the grain boundaries. A  change in the fracture behaviour was 

observed, from classical ductile transgranular failure in the as-quenched condition to an 

intergranular (ductile) failure in overaged samples which were given a 8' reversion 

treatment. The latter microstructure was accompanied by a 50% drop in the toughness 

value. In Al-Li-M g (Harris et al. 1984) and Al-Li-Cu alloys (Starke et al. 1981), 

formation of coarse and brittle Al2LiMg and A l6CuLi3 (T2) particles at the grain 

boundaries resulted in lower ductility. Owen (1987) also concluded that the change in 

fracture mode with ageing in Al-Li-Cu-Mg alloys was primarily associated with the 

increase in grain boundary precipitation of the I-phase (a copper-rich phase similar to 

T2) which causes embrittlement of the grain and subgrain boundary structures. The iron 

and silicon impurities also give rise to coarse constituent phases at the grain boundaries, 

resulting in lower toughness (Owen et al. 1986). Problems arising from these 

constituents can be circumvented by keeping the Fe and Si levels to a minimum during 

the manufacture of the alloy. Furthermore, for rapidly solidified Al-Li powders, the 

problem is thought to be reduced due to the more homogeneous structures and the 

greatly reduced segregation of these impurities to the grain boundaries.
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Since the grain boundary precipitates in Al-Li alloys are almost always 

accompanied by a soft PFZ, it is difficult to quantify the effect due to each of them 

individually. However, since voids at grain boundary particles appear to be formed by 

stress concentrations even in the absence of a PFZ (Kikuchi et al. 1981) and have also 

been reported in a sample showing homogeneous strain (Crooks et al. 1983), the 

phenomenon of grain boundary ductile fracture may still occur in the absence of a soft 

PFZ. The presence of a PFZ, however, is thought to decrease the toughness further.

Poor fracture properties in Al-Li alloys have also been attributed to the presence 

of tramp elements such as P, Na and K  which are usually present as impurities in 

lithium. Due to their insoluble nature, they segregate to grain boundaries as films and 

can cause liquid phase embrittlement, though there is some dispute about their real 

effect. Detection of relatively large concentrations of these elements on fracture surfaces 

has led to the conclusion that grain boundary segregation of these trace elements can 

cause embrittlement and subsequent intergranular failure (Vaynblat et al. 1976 ; 

Vasudevan et al. 1984). Increasing the bulk Na concentration was shown to adversely 

affect the ductility of an Al-Li binary alloy (Vasudevan et al. 1984). However, such a 

relationship has not been conclusively established, since Webster (1979) indicated from 

his results that there was no correlation between sodium content and ductility in either 

ingot or powder source material.

Hydrogen pick-up has also been suggested to cause embrittlement by formation 

of lithium hydride or hydroxides, leading to premature failure of the material (Hill et al. 

1984). Though the results are inconclusive, this can be a problem during atomisation of 

Al-Li powders, if substantial amounts of hydrogen dissolve in the melt at the high melt 

temperatures (~ 950°C) involved.

From the above analysis, it appears that the size, volume fraction and 

distribution of the hardening 8' phase and that of the brittle 8 (AlLi) phase within the 

alloy, can have serious effects on the ductility of Al-Li alloys. These can be controlled 

to a large extent by choosing an appropriate combination of alloy composition and heat 

treatment conditions. It has been shown that combinations which do not dissolve all the 

Li, and leave brittle 8 (AlLi) constituent particles in equilibrium with the matrix, cause 

degradation of the ductility of the peak-aged alloys (Meschter et al. 1986). For 

significant ductility, a suitable combination that will yield less than 5 vol% of the 8 

(AlLi) phase is required.
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2 .3 A Heat Treatment of Al-Li Alloys

In precipitation hardened alloys, such as Al-Li alloys, extrusion is usually 

followed by a heat treatment in order to achieve the best strength properties possible in 

the alloy. The heat treatment given usually involves 'solution soaking' at a temperature 

within the single phase region to achieve a supersaturated solid solution (with a high 

vacancy concentration), followed by quenching and subsequent 'ageing' at a 

temperature just below the solvus of the two-phase region to get an even distribution of 

the hardening phase. More complex thermomechanical treatments, involving several 

ageing steps and intermediate cold or warm working, are sometimes given to achieve 

optimum, or a special (e.g. bimodal), distribution of precipitates, especially in more 

complex alloys which display several different precipitates. Cold-stretching the material 

by 1 - 4% in the plastic region, to promote further dislocations as heterogeneous 

nucleation sites, is a popular treatment prior to ageing or after solution soaking. A  

stretch of 1 - 2%  prior to ageing of an Al-Li-Cu-M g alloy, has resulted in 

improvements in both tensile strength and ductility of the alloy (Kar et al. 1984).

In the case of dispersoid-containing Al-Li alloys, it is possible to achieve good 

combinations of strength and ductility by using appropriate heat treatments that result in 

a bimodal distribution of fine, coherent, strengthening S' (AI3LO, and uniform, 

incoherent, slip-dispersing dispersoids (Sankaran et al. 1981). For PM Al-Li alloys 

containing up to 3 wt% Li, the solution soak is usually carried out in the temperature 

range 530 - 560°C for 0.5 - 1 hour, to achieve optimum results (Sankaran et al. 1981 ; 

Palmer et al. 1984 ; Meschter et al. 1986). In some instances, the solution treatment can 

be detrimental to the final properties of the alloy. Surface oxidation of the material may 

occur during this exposure to high temperatures, and intergranular oxidation resulting 

in failure has been observed in some alloys (Palmer et al. 1984).

For Al-Li alloys which have Li contents less than 3 wt%, artificial ageing 

usually results in the highest strength levels, the ageing temperature varying between 

160°C and 190°C depending on the composition and processing history of the alloy 

(Palmer et al. 1981 ; Sankaran et al. 1981 ; Palmer et al. 1984). However, selective 

oxidation of Li has been reported to take place, especially in sheet material (Fox et al. 

1986), resulting in Li-depleted surface layers. Lithium depletion results in a reduced 8 ’ 

volume fraction and inhomogeneous precipitate dispersions, as well as being associated 

with stage I type fatigue.
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Natural ageing usually occurs in Al-Li alloys of high Li content (i.e. 4 - 5  wt%) 

(Meschter et al. 1986). In these high-Li alloys, however, it is more important to control 

the extent of the precipitation reactions since the optimum mechanical properties depend 

on the balance of 5 (AlLi) and 8 ' (Al3Li) precipitates. It has been found that less than 

5 vol% of 8 (AlLi) is required for good ductility of the alloy, and optimum peak-aged 

Al - 4Li alloys have been obtained by ageing at 160°C for 32  hours after a solution soak 

of 1 hour at 560°C (Meschter et al. 1986).

2 .4  Alloying Additions to Al-Li Alloys

The addition of alloying elements to binary Al-Li alloys have been effective in 

improving the properties (especially ductility) of these alloys by modifying the 

microstructure (Palmer et al. 1981 ; Starke et al. 1981 ; Sanders &  Starke 1984). The 

main aim has been slip-dispersion and modification of ductility and fracture toughness 

properties, though some alloying additions have been used to improve the strength and 

other properties. The different types of alloying elements added usually fall into one of 

the following categories:

i) Solid solution elements (which increase strength)

ii) Elements which co-precipitate with 8 ' (and/or incorporate lithium to form 

ternary or more complex phases) which also control strength and toughness

iii) Elements which manipulate the a/S' lattice parameters (to increase mismatch 

and thereby reduce planar slip)

iv) Dispersoid forming elements (which control recrystallisation and affect 

strength)

Magnesium additions are the most useful for solid solution strengthening, and 

they also decrease the density further. The most famous commercial Al-Li-Mg alloy 

was the 01420 alloy developed in the USSR in the 1960's, which had a composition of 

Al-5Mg-2Li-0.5Mn. Mg additions, however, slightly reduce the modulus by 0.5 GPa 

for every weight percent added, though this does not adversely affect the specific 

modulus of the alloy (Noble et al. 1982a).

Copper has also been a useful addition to Al-Li alloys. Cu additions 

considerably increase the strength of Al-Li alloys through age-hardening, without 

decreasing the ductility. However, it appears that when coupled with the addition of
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Mg, a better combination of strength and ductility is obtained (Miller et al. 1984). 

Recent studies have indicated that the toughness improvements are achieved through 

co-precipitation of the S (Al2CuMg) phase with 6 ' and its effect on the distribution of 

slip (Peel et al. 1984 ; Miller et al. 1984). A  combination of Cu and Mg, therefore, has 

been the most promising addition to the A l-Li system to date, leading to the 

development of commercial Al-Li-Cu-Mg quaternary alloys (Peel et al. 1984).

A  number of investigations have involved alloying additions which might 

increase the matrix/5’ misfit, and/or encourage dislocation cross-slip by the formation 

of dispersoid particles or other second phases. Gayle (1981) investigated several 

alloying additions (e.g. Cu, Mg, Mn, Fe, Sc, Ga and Ag) for this purpose, but 

observed no significant increase in toughness. Similarly, in an investigation on the 

effect of ternary additions (such as Cu, Mg, Mn, Ag, Zn, Cr, Si and Zr) on the a/8’ 

misfit and the solvus line, Baumann and Williams (1984) observed no substantial 

change in the slip localisation behaviour.

Introduction of (incoherent) non-shearable dispersoid particles will harden the 

active slip planes during deformation, causing transfer of slip to adjacent planes by 

Orowan bypass or Hirsch cross-slip (Sankaran et al. 1981). This results in lateral 

spreading of the slip bands, hence reducing the stress concentrations at the head of the 

slip bands. Effective slip dispersal can be achieved only if the dispersoids formed are 

fine and uniformly distributed, and do not coarsen during elevated temperature 

processing. In a fine-grained alloy, the fine dispersoids must have spacings 

significantly smaller than the subgrain diameter, in order to disperse the slip effectively 

(Meschter et al. 1984). Additionally, dispersoid-forming elements serve the following 

functions :

i) Provide thermal stability

ii) Inhibit recrystallisation

iii) Affect the solid solubility of Li in Al

iv) Affect modulus and density

v) Improve mechanical properties such as fatigue life

vi) Improve resistance to environmental effects

(i.e. prevent stress corrosion cracking and improve corrosion resistance)

Transition metals, such as Co, Fe, Ni, Mn, Ti and Zr, are the most commonly 

used dispersoid-forming additions in aluminium alloys (Mondolfo 1976). Addition of 

Fe and Ni to rapidly solidified alloys stabilises the fine grain size produced by the RS
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technique (Lyle &  Cebulak 1975 ; Palmer et al. 1981). Mn additions result in the 

formation of A l6Mn dispersoids which have been found to cause nucleation of stable 

phases within the matrix in Al-Li alloys (Sanders et al. 1980). However, dispersoids 

formed from the Mn additions also promote formation of unwanted 8  (AlLi), and as 

such little attention has been given to Mn additions in the later stages of commercial 

development of Al-Li alloys. Zr has been found to be very effective as a grain refiner 

(Gardner &  Grimes 1979 ; Starke et al. 1981) and recrystallisation inhibitor, and small 

additions have improved the strength and ductility of Al-Li-Mg alloys (Dinsdale et al. 

1981).

The low solid solubilities of the transition metals in Al prevents their extensive 

use in conventional IM alloys. However, they can be incorporated as alloying additions 

in large amounts with the use of ’rapid solidification' technology. The fine grain sizes 

produced by RS will also improve the fracture properties of Al-Li alloys by reducing 

the slip length. Similarly, additions of elements such as Zr which inhibit 

recrystallisation should be beneficial since they would effectively result in a finer grain 

structure. However, Peel et al. (1984) reported that in strongly textured Al-Li-Cu-Mg 

sheet, slip bands were able to penetrate several grain boundaries, indicating they are 

ineffective barriers to slip. Starke and Lin (1982) observed the same effect in an 

unrecrystallised 2 0 2 0  type alloy, but regarded it as being beneficial to ductility by 

removing the grain boundary stress concentrations.

2.4.1 Zirconium Addition

Traditionally, zirconium has been added to Al alloys in small quantities (0.08 to

0.3 wt%) to form a fine dispersion of intermetallic particles that inhibit recovery and 

recrystallisation (Hatch 1984). Increases of up to 100°C in the recrystallisation 

temperature have been reported (Mondolfo 1976), the effect being most pronounced 

when the Zr is in a finely precipitated form. Zr additions are widely used for the Al-Zn- 

Mg family of alloys, where they also reduce the quench-sensitivity of these alloys 

(Conserva et al. 1971).

The invariant reaction at the Al-end of the Al-Zr binary phase diagram, is a 

peritectic by which the liquid containing 0.11 wt% Zr reacts with Al3Zr to form a solid 

solution (Figure 2.13). This occurs at a temperature of 660°C with the equilibrium solid 

solubility limit of Zr in aluminium being 0.28 wt%, decreasing to 0.05 - 0.06 wt% Zr 

at 425°C. It is worth noting the steep rise of the liquidus from 0 .11 wt% Zr, as it
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implies very high melting temperatures (> 1000°C) during atomisation, if large amounts 

of Zr (~ 2 wt%) are to be incorporated into the melt

It has been established that the improved metallurgical properties of the Zr- 

bearing alloys are due to a high density of precipitate particles of a 'metastable' cubic 

A l3Zr phase (Ryum 1969). The dispersions are very stable at the solution treatment 

temperatures mainly due to a small lattice misfit and slow diffusivity of Zr (Nes 1972). 

During the migration of a grain boundary, the A ^ Z r particles must change from 

coherent to incoherent and the energy involved in this process would account for the 

very high recrystallisation temperature associated with Zr additions to aluminium 

(Starke et al. 19 8 1; Rystad &  Ryum 1977). The metastable A ^Z r is different from the 
'equilibrium' A l3Zr phase which is tetragonal in structure (Ryum 1969). The 

equilibrium tetragonal A l3Zr usually forms during slow cooling from the melt in 

hyperperitectic (> 0.28 wt% Zr) Al-Zr alloys and has a melting point of 1580°C. The 

metastable phase, however, has been found to form with sufficiently high Zr contents 

during faster cooling rates, and is nucleated easily in the melt (Nes &  Billdal 1977a). 

Relevant details about the two phases are given in Table 2.2.

In general though, the metastable cubic Al3Zr phase forms during precipitation 

from a supersaturated solid solution as an intermediate phase which eventually leads to 

the formation of the equilibrium tetragonal Al3Zr (Ryum 1969 ; Mondolfo 1976 ; Nes 

&  Billdal 1977b). The precipitation sequence can be summarised as follows :

Supersaturated Solid ----- ►  Metastable Cubic ------►  Equilibrium Tetragonal
Solution Al3Zr Al3Zr

(Spherical or Rod-shaped) (Plates)

The metastable Al3Zr has an ordered L l 2 structure, with a lattice parameter which has 

been reported to have a value between 4.05 and 4.08 A  (see Table 2 .2 ). It has a 

cube/cube orientation relationship with the Al matrix as follows :

(001)Al3Zr // (001)ai ; [100]Al3Zr / /  [IOO Ia i

This cubic phase has been reported to form either as small rounded particles (Thundal 

&  Sundberg 1969 ; Sundberg et al. 1971), or as rod-shaped precipitates (with a 

diameter of 10 nm and a separation of 40 -10 0  nm) which are arranged in a fan-shaped 

pattern (Ryum 1969 ; Nes &  Billdal 1977b).
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Phase Crystal Structure M orphology Properties

Metastable Al3Zr Cubic
Space Group Pm3m 
4 atoms to a unit cell

a = 4.05 - 4.08 A

Spherical Particles

Fine Needles 
(10 nm diameter, 
100 nm separation)

Equilibrium A^Zr Tetragonal
Space Group I4/mmm 
16 atoms to a unit cell

a = 4.013 -4.015 A  
c = 17.32 - 17.35 A

Plate-like
(0.5 pm diameter:
2 -3  pm separation)

Hv = 4270 - 7400 MN/m2 
Density = 4.1 g/cm3 
Resistivity = 17 x 10'8 Qm 
Thermal Conductivity

= 4.2 x lO’3 W/m/K 
Expansion Coefficient

= 12.1 x 10-6 m/m/K 
Hall Coefficient

= 2.3 x 107 mm3/K

Diffusion Coefficient of Zr in Al ~ 10'11 cm2/sec at 460°C (Nes 1972)

At %  Zr
2 5 10 20 30

Figure 2 .1 3  The Al-rich comer of the Al-Zr Binary Phase Diagram 
(after Mondolfo 1976)
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Izumi and Oelschlagel (1969) have shown that the fan-shaped arrangement of 

the rod-like particles is only a second step in the precipitation sequence, this being 

preceded by a fine dispersion of small round particles which are statistically distributed 

within the structure. Nes (1972) has observed both rows of spherical particles and 

small rod-shaped precipitates in an A1 - 0.18wt% Zr alloy to be aligned and oriented in 

< 10 0 > crystallographic directions, with the precipitation appearing to be 'continuous' 

and diffusion-controlled. Nes and Ryum (1971), however, associated the fan-shaped 

precipitates with a migrating boundary, concluding that the fan-shaped precipitates 

formed by a 'discontinuous' precipitation mechanism : the moving grain boundary 

served as an extremely efficient agent to enhance the diffusion of the slow-diffusing Zr 

in solid solution. They concluded that the discontinuous precipitation process required a 

highly supersaturated Al-Zr solid solution. Nes and Billdal (1977b) characterised the 

rod-shaped precipitates as growing normal to the grain boundary, with the nature of the 

matrix-particle interface being of a semi-coherent type. They concluded that the 

dominant driving force for the discontinuous precipitation reaction was the pull exerted 

by the growing discontinuous Al3Zr phase, which resulted in precipitation-induced 

recrystallisation.

It must be noted that the formation of the metastable A l3Zr is largely 

dependent on the degree of supersaturation which is a direct consequence of rapid 

solidification (Ryum 1969). Sahin and Jones (1978) found extended solid solubility of 

Zr in A1 up to 8.6 wt% by chill-casting (resulting in a decrease in grain size from 3.6 

\xm to 0.6 |im), while Chaudhury and Suryanarayana (1984) obtained supersaturated 

solid solutions containing 9.4 wt% Zr using melt quenching. The latter authors found 

that the solid solution was quite stable up to a temperature of 320°C. Above this 

temperature, discontinuous precipitation of the metastable cubic A ^ Z r occurred 

resulting in extremely fine rod precipitates (diameter ~ 15 nm, spacing ~ 40 nm) which 

were stable up to about 500°C. Above 520°C, large dark precipitates (80 - 100 nm in 

size) of the tetragonal Al3Zr became predominant, such that after long annealing times 

at 630°C, only these precipitates were present within the Al-matrix. This was in 

agreement with the work of Sahin and Jones (1978) who observed three sequential 

steps in the isochronal ageing of a chill-cast A1 - 1.5at% Zr alloy : (i) modular 

separation within the solid solution, followed by (ii) discontinuous precipitation of 

metastable cubic A^Zr, and finally (iii) transformation to coarse plates of equilibrium 

tetragonal Al3Zr. The temperature ranges of these transformations were roughly the 

same as those found by Chaudhury and Suryanarayana (1984).
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Upon long annealing, four unit cells of the metastable cubic Al3Zr become one 

unit cell of the tetragonal Al3Zr. In all the above work, the presence of the equilibrium 

tetragonal Al3Zr phase was observed after long annealing times (~ 300 - 400 hours) and 

at higher temperatures (> 500°C). The precipitates occurred as plate-like particles of 

approximately 0.5 jam size lying on {100) planes (Nes 1972 ; Nes &  Billdal 1977b). 

The plates arrange themselves in this way, with the plate-edges of the precipitates lying 

perpendicular to the <001> Al3Zr direction, in order to reduce strain and surface energy 

to a minimum. They thus maintain a definite orientation relationship with the A1 matrix :

< 00 1> A b Zr // <001>A1 ; (100)Al3Zr // d 0 0 )A1

When Zr is added (even as a minor alloying addition) to Al-Li alloys, it has a 

significant influence on the microstructure of the wrought alloy, being especially 

effective in inhibiting recrystallisation (Sanders 1981). In addition, it has been observed 

that the presence of zirconium in Al-Li alloys profoundly affects strength and ageing 

kinetics (Gu et al. 1985, 1986a). The increase in strength has been attributed to the 

retained substructure afforded by Zr addition in the wrought product. The accelerated 

ageing kinetics are due to an amount of heterogeneous precipitation of 8 ' on A l3Zr 

particles. Al-Li-Zr alloys have thus been found to consist of two distributions of 8 ' : 

one homogeneously nucleated, and one heterogeneously nucleated on existing A l3Zr 

particles to form ’composite' particles.

There have been several investigations dealing with the development of 

’composite’ precipitates in Al-Li-Zr based systems, with some conflicting conclusions 

about the nature of the core precipitates. The discrepancy lies in the nature of any 

interaction or interdiffusion of Al3Li and Al3Zr within the composite precipitate, and 

this is brought about mainly by the unexpected TEM  contrast shown by the particles. 

Gayle and Vandersande (1984a,b) suggested that weak contrast of core particles in dark 

field images was due to the interdiffusion of Li into the Al3Zr dispersoid, giving rise to 

a 'composite' particle of approximate composition A l3(Li0 6 Zr0 4). They attributed this 

to the similar L l 2 structure of both the Al3Zr and A l3Li (8 ') phases, and their small 

lattice misfit with the a-A l matrix (~ -0.08% for Al3Li ; +0.8% for Al3Zr). They 

postulated that because of the highly resistant nature of Al3Zr to dislocation shear, the 

composite ternary phase based on Al3Zr -  Al3Li would be expected to be more resistant 

to shearing than 8', thus decreasing slip localisation in these alloys. On the other hand, 

Makin and Ralph (1984) claimed that there was little interaction between Li and Zr in 

solution, and that the structure of the core particles was essentially A l3Zr. They 

concluded that the A l3Zr precipitation characteristics in a ternary Al-Li-Zr alloy
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resembled those reported in an Al-Zr binary of similar Zr content. Thus it was 

postulated that the behaviour of the ternary alloy could be considered as an 

amalgamation of the behaviour of the two constituent binary alloys. In a more recent 

investigation, Makin et al. (1985) confirmed the above observations by showing that 
the coarsening of A l3Zr prior to ageing resulted in an increase in the size of the 

'composite* particles. This proved that the 'composite' particles were a consequence of 

heterogeneous precipitation of 8 ' on Al3Zr precipitates. In line with the work of Gu et 

al. (1986a), Makin et al. (1985) found that the 8 ' in the ternary system, occurred both 

homogeneously in the matrix, and heterogeneously on the Al3Zr/matrix interface in the 

temperature range 160 - 280°C. However, this information together with chemical 

analysis, did not negate the possibility of alloying in the composite particles. Gu et al.

(1985) had proposed that some Li was incorporated in the A ^Zr precipitates, citing this 

as the reason for a greater effective volume fraction of A l3Zr to retard the 

recrystallisation process. However, they had not considered the possibility that Li may 

modify the solubility of Zr in Al, thus producing a higher volume fraction of Al3Zr.

In a study of rapidly quenched ribbons of Al-Li-Cu-Mg-Zr alloys (Li contents ~ 

3.10  - 3.22 wt% ; Zr contents ~ 0.45 - 0.83 wt%), Kim et al. (1986) showed that the 

presence of A l3Zr dispersoids in as-solution treated alloys was not the necessary 

condition for the formation of 'composite' precipitates, and different nucleation/growth 

mechanisms may operate for different ageing conditions. They suggested that diffusion 

of Li and Zr played the important role in the formation of the 'composite' precipitate at 

certain ageing temperatures, such as at 170°C. A  detailed mechanism of 'composite' 

precipitation during low temperature ageing was not given, but the precipitation was 

attributed to the existence of clustered Zr in as-solution treated alloy which, during 

ageing, reacted with Li atoms to form precursor type Al3(Li,Zr) precipitates.

Kim et al. (1986) reported improvement in both strength and ductility due to 

promotion of 'composite' precipitates by double-ageing treatments, whereby a large 

number of 'composite' precipitates which were formed at low ageing temperatures (~ 

170°C) were allowed to grow to substantially larger sizes (to effectively disperse slip) 

by ageing at a higher temperature (190°C). They showed by transmission electron 

microscopy that the ’composite' precipitate was indeed effective in inducing dislocation 

bypassing. Gayle and Vandersande (1984a) also proposed that the 'composite' phase 

was responsible for enhancing the properties of Al-Li-Zr alloys, making them attractive 

replacements for the 2024 alloy. They concluded that through the 'composite' 

Al3(Li,Zr) phase, it is possible to retain the benefits of Li additions in Al alloys, while 

promoting a 8 ' precipitate which is more resistant to dislocation shear and slip
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localisation. In another study, Gayle et al. (1986) showed that larger and more uniform 

AI3&  dispersions inhibit dislocation cutting of particles in the matrix as a consequence 

of the high antiphase boundary associated with A^Zr. They also found that A ^ Z r  

resulted in strengthening of 8 ' PFZ's, thus giving rise to an improvement in both 

strength and toughness of Al-Li alloys. Also, in an Al-3Li-l.5Cu-0.5Co-0.2Zr alloy, a 

10 0 -13 0  MPa increase in the peak-aged yield strength and a small increase in ductility 

from 4.6 to 5.2% were reported, these being attributed to the ’substructure refinement' 

caused by the Zr addition (Meschter et al. 1984).

2.4.2 Chromium Addition

Chromium is added to numerous commercial aluminium alloys in small 

amounts (< 0.35 wt%), usually to raise the creep strength or the recrystallisation 

temperature (Hatch 1984). It is also added as a corrector for iron, and to produce a 

golden colour in anodizing (Mondolfo 1976). The solid solubility of Cr in Al is quite 

low, decreasing from 0.8 wt% at 660°C to 0.3 wt% at 430°C. This is clearly seen at the 

Al-rich end of the binary Al-Cr phase diagram, shown in Figure 2.14. Above 0.4 wt% 

Cr, a constituent corresponding to the formula Al7Cr reacts peritectically with a liquid 

of 0.35 wt% Cr (at 660°C) to form the Al-rich solid solution. A l7Cr ceases to be 

primary at about 2.5 wt% Cr and 790°C, being replaced by a constituent having the 

formula A ln Cr2 via the reaction : Al7C r—► liquid + A ln Cr2 (Mondolfo 1976 ; Hatch 

1984). At 10 1 1°C , another phase, Al4Cr (32.5 wt% Cr), has been predicted to form 

(Hansen 1958 ; Vengrenovich & Psarev 1970).

Substantial solute retention can be achieved by using rapid solidification (i.e. 

cooling rates of 106 - 107 K/s), giving rise to 'supersaturated solid solutions' with up 

to 5.5 wt% Cr (Bendersky et al. 1986). Even with more than 10 wt% Cr, monophase 

alloys are produced, which frequently lead to the formation of metastable compounds 

upon heat treatment (Mondolfo 1976). Larger concentrations cause formation of multi

phase Cr-rich spherulites within the matrix, the spherulites consisting of A l7Cr, 

A ln C r2 and AL^Cr phases (Bendersky et al. 1986). These spherulites have been 

reported to influence the mechanical properties of the alloy, causing increases in tensile 

strength for alloys with compositions higher than 8 wt% Cr (Yakunin et al. 1983). In 

contrast to normal supersaturated solid solutions (produced by solution treatment), 

these highly supersaturated solid solutions (produced by quenching from the liquid 

state) disintegrate at higher temperatures of around 400 - 550°C. This stability is due to 

the increase of the atomic forces upon the formation of the solid solutions, as a
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Ah % Cr
2 5 10

Figure 2 .14  The Al-rich comer of the Al-Cr Binary Phase Diagram 
(after Mondolfo 1976)
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result of which diffusion processes are greatly hindered. The decomposition of the solid solution 

involves two steps, the second of which has an activation energy of 2.4 eV [55,000 

cal/mole] (Burov 1966).

Age-hardening above 400°C results in a fine dispersion of needle or plate-like 

precipitates of the equilibrium Al7Cr phase being formed heterogeneously at grain 

boundaries (Bendersky et al. 1986) or within grains at quenched-in dislocation loops 

(Furrer &  Warlimont 1977). Both continuous and discontinuous precipitation have 

been observed to occur during cooling in the solid state, the volume fraction 

transformed increasing with the Cr concentration (Warlimont et al. 1976). These 

particles show great resistance to coarsening during ageing. Pontikakos and Jones 

(1982) have shown that after ageing for 1000 hours at 500°C, the particle diameter of 

A l7Cr precipitates increases only by a factor of 2, compared to 3- and 4-fold increases 

for AI3M  and A ^Fe precipitates. Most of this coarsening appears to be due to grain 

boundary diffusion between the particles while they reside at grain boundaries. Solute 

diffusion through the matrix appears to contribute only a factor of 0.3 to the 

coarsening. ( According to this observation, it seems possible to obtain fine dispersions 

of Al7Cr particles within the grains by using more rapid cooling rates (e.g. 104 - 106 

K/s), thus minimizing grain boundary coarsening and creating a more thermally stable 

alloy.)

Heat treatment of supersaturated solid solutions, in which the Cr in solution is 

well above the limit, results in properties of the order of 1000 MN/m2 for Vickers 

hardness and 600 MN/m2 yield strength for a 5.7 wt% Cr alloy (Mondolfo 1976). Cr 

additions are also reported to increase the modulus of Al, the increase for every weight 

percent Cr being of the order of 3.3 GPa for annealed material and 2.7 GPa for as-cast 

material (Mondolfo 1976). The main phase of interest within the system, Al7Cr (21.6 

wt% Cr), has been found to have four different structures, shown in Table 2.3. Other 

properties of this phase are given in Table 2.4. In the Al-Li-Cr system, the incoherent 
A l7Cr forms as discrete particles separate from 8 '.
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Table 2.3 Crystallographic Data of Different Types of AI7G* Phase
(after Mondolfo 1976)

Type Space
Group

Parameters 

a b

(A)

c 3

Atoms 
per unit 
lattice

Density
(g/cm3)

Orthorhombic 20.30 35.31 12.75

Monoclinic 20.43 7.62 25.31 155° 10’ 3.05

Orthorhombic 24.8 24.7 30.2 ~ 1100

Monoclinic C2/m 25.196 7.574 10.949 128° 43’ 104 3.18

Table 2.4 Properties of AI7G* Phase

Property Value

Hardness 5000-7000 MN/m2

Tensile 14 MN/m2 max. strength } at 630°C 
with 0.6% elongation }

Magnetic Susceptibility 17 x 10'3 mm3/mole

Resistivity 5 x 10‘8 Dm at limit of equilib. solubility 
9 x 10"  ̂ Dm when 2% Cr is in solution

Heat of Formation 13 kJ/gr-at.

Density 3.18 g/cm3

Diffusion coeff. of Cr in temp, range 250 - 605 °C = 3.01 x 10~^ exp(-15,000IRT) 
(Agarwala et al. 1964)
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CHAPTER 3

EXPERIMENTAL PROCEDURE

3 .1  Introduction

This investigation has involved evaluation of the 'processing-structure- 

property' relationships for the Al-Li-Zr and Al-Li-Cr powder alloy systems as a 

function of a wide range of processing variables. To this end, assessment of the 

mechanical properties of the fabricated product has been carried out together with 

microstructural characterisation of the alloys starting from the powder material through 

to the extruded and heat treated product. Details of the experimental techniques used for 

the characterisation and processing of the powder alloys, together with the analytical 

techniques used to obtain the necessary structural and material property information 

about the two alloy systems, are given below.

3 .2  Materials

The various powder alloys used during the course of the project were all 

produced by 'inert gas’ atomisation, using an up-draught atomiser with a maximum 

capacity of 10kg. Details of this atomiser which is situated at Imperial College are given 

elsewhere (Unal &  Robertson 1986). Argon was used as the atomising gas with a 1% 
mixture of oxygen in order to produce powders of median size < 25 Jim (Unal 1986). 

Details of the various atomisation parameters are given in Appendix 1.

Four different batches of Al-Li-Zr alloys and one batch of Al-Li-Cr alloy were 

produced. The exact chemical composition of these alloys, together with their nominal 

composition, their atomisation temperature and the amount produced, are given in Table 

3.1. Each alloy has been coded according to its ternary addition, its batch number, and 

the atomisation run in which it was produced. Alloy ZR4 was produced by mixing the 

ZR 4-1, ZR4-2 and ZR4-3 powders, so as to give a large amount of the same powder 

with a homogeneous composition. The mixing was carried out for 4 hours in a 

specially lined drum on rollers.



Table 3 .1  Chemical Composition of the Al-Li Powders

N o m in a l  A llo y  C o m p o s it io n C o d e C h em ica l C o m p o sit io n (w t% ) A t o m i s i n g
T e m p .

A m o u n t

L i Z r C r F e S i N a K P A 1 (° C ) ( k g )

A1 - 3Li - 0.75Zr ZR1 3 .09 0 .78 < .05 .021 .070 .0 0 6 <  .005 <  .005 Bal. 925 3

A1 - 3Li - 0.75Zr ZR2-1 2 .8 0 0.81 <  .05 .013 .050 .005 < .005 < .005 Bal. 950 6

Z R 2-2 2 .73 0 .69 <  .05 .016 .020 <  .005 < .005 < .005 Bal. 925 6 .6

A1 - 3L i - 2Zr ZR3-1 3 .00 2.01 <  .05 .050 .080 .0 0 6 < .005 < .005 Bal. 1150 2.1

Z R 3-2 1.93 1.96 < .05 .050 .080 <  .005 < .005 .005 Bal. 1150 1

ZR 3-3 2 .34 2 .0 0 < .05 .037 .160 .0 0 6 < .005 <  .005 Bal. 1169 0 .03

A1 - 4L i - 0.75Zr ZR 4 4 .0 8 1.05 0 .020 .200 < .005 <  .005 < .005 Bal. — 11.7

ZR 4-1 3 .95 1.11 0 .030 .300 < .005 < .005 < .005 Bal. 975 4 .1

Z R 4-2 4 .01 0 .9 2 0 .020 .100 < .005 < .005 < .005 Bal. 975 4 .5

ZR 4-3 3 .87 1.15 0 .010 .100 < .005 < .005 < .005 Bal. 975 3.1

A1 - 3L i - lC r C R1-1 2.73 < .0 5 1.06 .026 .050 .0 0 6 < .005 <  .005 Bal. 900 6 .2

C R 1-2 2 .5 2 < .05 1.03 .032 .060 < .005 <  .005 < .005 Bal. 900 4 .5
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With the exception of alloy ZR1, all the powders were stored in an inert (argon) 

atmosphere with minimum exposure to air. Most of the powder alloys were cold- 

compacted into 75mm diameter billets within 3 to 4 hours of atomisation, and 

subsequently stored, with any loose powder, in sealed plastic bags inside drums 

containing silica gel and phosphorus pentoxide (P20 5). The drums were filled with 

argon, and tightly sealed using special tape so as to minimise any risk of the powders 

being contaminated by the moisture or oxygen in the atmosphere.

3 .3  Powder Characterisation

3.3.1 Particle Size Distribution

A  M ALVERN 3600 Particle Size Analyser with a laser beam and the necessary 

instrumentation and computational facilities for giving a direct reading of the size 

distribution of the powders was used. A  small amount of the powder particles (< lg), 

in suspension in ethanol, was put in the path of a laser beam causing diffraction of the 

beam. The smaller the particle size the greater the angle of diffraction, and the intensity 

of the diffracted light at any given angle was related to the proportion of the particles of 

that size in the sample. The particle size distribution computed, was based on the 

assumption that the particles are spherical in shape. For each powder alloy, three 

samples were tested, each twice, so that a credible average could be obtained.

3.3.2 Particle Morphology

The shape of the powder particles was observed using a JEO L T-200 Scanning 

Electron Microscope. Specimens were prepared by sprinkling the powder onto an 

aluminium stub covered with Pritt glue, followed by depositing a 10  A  gold film to 

avoid electrical charging.

3.3.3 Structural Examination

The various structural aspects of the powder particles were examined by a 

combination of optical and electron microscopy, and X-ray diffraction. Specimens for 

optical microscopy were prepared by mixing the powder in cold-setting transparent 

epoxy resin, followed by grinding, polishing and etching in either Keller's or Graff- 

Sargent reagents. The specimens were then either observed under a light microscope or 

in a JEOL T-200 Scanning Electron Microscope.
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The microstructure of the powder particles was also examined using 

transmission electron microscopy. Two methods were used for specimen preparation. 

In one, TEM foils were prepared by incorporating the powders in a nickel matrix using 

a novel embedding technique. This involved electroplating from an anode of ultra-pure 

nickel onto a highly polished horizontal austenitic stainless steel cathode to which Ni 

will not adhere. Discs of 3mm diameter were punched from these foils and carefully 

ground to a thickness of 50 p.m. The discs were then ion-beam thinned using a 

G A TA N  model 600 machine. The foils thus prepared were examined using an AEI 

EM 7 High Voltage (IMeV) Transmission Electron Microscope. Difficulties were 

involved with this technique since the powder particles seemed to fall out from the 

nickel foil. The reason for this poor bonding was thought to be due to the nature of the 

oxide layer on these powder particles. Only limited success was achieved by this 

technique. Details of this technique are given elsewhere (Tan 1984).

The other method involved 'ultramicrotomy' of the powders, which were pre

set in an epoxy resin, into very thin slices. The powders were embedded in a EPON 

812  (hard mixture) resin which was polymerised overnight at 60°C. Thin sections of 

thickness 500 - 700 A  were then prepared using a LKB III ultramicrotome. The 

samples thus prepared were supported on a 400 mesh formvar-carbon coated grid and 

examined in a JEOL 1200 E X  transmission electron microscope operating at 80kV. 

This technique also entailed problems since only the smaller particles (< 10 pm 

diameter) seemed to be retained in the resin, while the larger particles fell out.

The nature and presence of the various phases within the powder alloys was 

investigated using X-ray diffraction, details of which are given in Section 3.8.

3 .4  Consolidation of Powders

3.4.1 Cold Compaction

After atomisation, all the powders were sieved to below 75 pm with minimum 

exposure to the atmosphere, in order to remove any large or irregular particles (e.g. 

flakes) produced during atomisation. The powders were then cold compacted 

unidirectionally into 72 mm diameter billets using a hardened-steel ram and die 

assembly in conjunction with a 1.5 MN hydraulically operated TANG Y E  press. The 

die was tapered and its walls were lubricated with a stearic acid/chloroform mixture in 

order to facilitate the exit of the compacted billet from the die, thus minimising
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unnecessary friction stresses from the die walls that might break the compacted billets. 

’Double-action’ compaction (i.e. unidirectional pressure being exerted from both top 

and bottom of the billet) was used to ensure more homogeneous compaction, and hence 

less chance of cracking within the billets on ejection. Pressures ranging from 330 to 

440 MPa were used to produce billets ranging from 70 to 85 mm in length and 600 to 

850g in weight.

3.4.2 Extrusion

Extrusion was carried out on an ENEFCO  5MN vertically mounted press 

equipped with heated containers and a fast approach ram facility. Full details of the 

press are described elsewhere (Raybould 1971).

The cold-compacted billets were preheated in a medium frequency BAYNARD  

M ETA LH EA T induction furnace located adjacent to the press. The furnace was 

pneumatically moved to permit billet transfer to the extrusion container. Typical heating 

up times were between 2 to 10 minutes. All extrusions were carried out at an extrusion 

ratio of 20 : 1, the ram speed varying between 3 and 9 mm/s. All the extrusions were 

of round bar section and were performed unlubricated using square shoulder dies with 

a constant bearing length of 6mm. Initial billet temperatures varied between 250 - 500 

°C, with the container temperature being maintained at 25 - 50 °C  below the billet 

temperature to allow for the temperature rise during extrusion. All extrudates were 

water-quenched upon exit from the die in order to retain the hot-worked structure.

The extrusion data in the form of load-displacement curves were recorded using 

a D ATALAB DL2800 multichannel transient recorder and an IBM microcomputer.

3 .5  Vacuum Degassing

Alloy ZR4 was processed via a vacuum degassing route in addition to normal 

processing through cold-compaction and extrusion. This involved compacting the 

powder inside aluminium cans made from 2014 alloy, using a hand press to give a 

controlled pressure of 55 MPa. The cans were constructed from 100mm lengths of 

70mm O/D, 62mm l/D tube, welded to 3mm thick discs (of 70mm diameter) using filler 

wire. The spout material which was fillet welded onto the lid of the can (another 3mm 

thick disc), was made from a 180mm length of 3mm bore 20 14  tube. K-type
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thermocouples for monitoring the inside temperature of powder during degassing, were 

passed through the spout and placed in a drilled hole in the compacted powder in the 

centre of the can, before welding the spout and lid assembly onto the filled cans. A  

similar thermocouple was attached to the outside of the can using nichrome wire, in 

order to monitor the outside temperature of the can.

The apparatus used, and the experimental set-up for carrying out the vacuum 

degassing, is schematically shown in Figure 3.1. The main part of the apparatus 

consisted of an EDWARDS High Vacuum System equipped with a diffusion pump and 

a backing rotary pump, capable of producing reasonably high vacuums of the order of 

10 '5 torr. A  fine filter (< 5 pm) was incorporated in the vacuum line in conjunction with 

a needle valve, to prevent any powder entering the system. The vertical furnace used 

was well-insulated, exhibiting little thermal fluctuation and capable of reaching 

temperatures up to 800°C. The sealed cans were connected to the vacuum system by a 

short length of high vacuum silicone rubber tube, using vacuum grease at either end. A  

water cooling-jacket made from wound copper tube was placed around the spout near 

the can before connecting the vacuum tube.

The procedure for vacuum degassing was as follows. Initially, the can, while 

outside the furnace, was slowly subjected to the vacuum generated by the rotary pump 

(~ lO2 torr) using the needle valve. Great care was taken to open the valve very slowly 

while monitoring the pressure gauges (not going above 1 torr) to avoid any powder 

getting sucked through the vacuum line. When evacuation of air within the can was 

complete, the can was placed inside the vertical furnace which was preheated to the 

required degassing temperature. During the degassing, the outside temperature of the 

can and the inside temperature of the powder, as well as the vacuum within the can 

were monitored and recorded on a 4-way chart recorder. The degassing time used was 

'one' hour, after which the diffusion pump was brought into operation for about 10  

minutes to achieve the maximum vacuum possible. The degassed can was then 

removed from the furnace, disconnected from the vacuum line, and the spout cut off 

and sealed as close to the lid as possible using bolt-croppers. The degassed can was 

immediately transferred to the extrusion press, which was preset at the required 

temperature, and extruded. Extrusion of the powder with the can was found to be 

satisfactory as the canning material acted as a lubricant and a protective skin of almost 

constant thickness, which was later machined off. Thus the troublesome de-canning 

procedure was circumvented.
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P re ssu re
Gauges

Figure 3 .1  Vacuum Degassing Apparatus
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3 .6  Heat Treatment

Due to the precipitation hardening nature of the alloys, all the extrudates were 

subjected to various combinations of solution heat treatments and artificial ageing 

treatments. The former were carried out in a large EFCO air-circulating furnace, while 

smaller fan-driven ovens were used for the ageing treatments.

Solution heat treatments were carried out at 420°C/lh and 540°C/0.5h, the latter 

temperature being used to completely solutionise the Li within the material. The 420°C  

solution treatment was used as a comparison to the higher solution treatment 

temperature, as well as to investigate the precipitation behaviour of Al3Zr in the Zr- 

containing alloys. A  solution treatment of 560°C/0.5h was additionally used for the 

high Li-bearing ZR4 alloy to achieve complete solutionising for th s alloy.

A  detailed artificial ageing study of alloy ZR2-1 was carried out at temperatures 

of 150, 170 and 190°C. Based on this study, the 190°C ageing treatment was adopted 

as the standard for the rest of the alloys, the ageing time being up to lOOh. Natural 

ageing of some of the alloys was also investigated in the as-extruded condition, as well 

as in the differently solution treated conditions, for times of up to 1 0 ,000h.

3 .7  Microscopy

Samples were taken from the middle portion of the extrudates to ensure that the 

structures obtained were representative of the steady state regime.

3.7.1 Optical Microscopy

Both longitudinal and transverse samples were prepared by grinding with 

silicon carbide papers and polishing with 6pm and 1pm diamond paste. For etching, 
both a standard Keller's reagent (2ml HF, 3ml HC1, 5ml H N 03 and 190ml H20), and 

Graff-Sargent reagent (0.5ml HF, 15.5ml H N 03, 3.0g C r03 and 84ml H20 ) were 

used, the latter showing the powder structures better.

3.7.2 Scanning Electron Microscopy (SEM)

A JEOL T-200 Scanning Electron Microscope was used in both the secondary
electron imaging (SEI) and back-scattered electron imaging (BEI) modes to characterise



75

the morphology and structure of the powder particles, and the fracture surfaces of 

tensile and short rod test specimens.

3.7.3 Transmission Electron Microscopy (TEM)

TEM  specimens from the extrudates were prepared by grinding a longitudinal 

slice to a thickness of 250 pm and punching out 3mm diameter discs. The discs were 

thinned electrolytically using a STRUERS TENUPOL jet-polishing machine with a 

solution of 30% nitric acid and 70% methanol (by volume), operating at -3 0 °C  and 

100mA (~ 20V). The thin foils were observed using a PHILIPS EM  301 transmission 

electron microscope operating at 10 0  keV.

3 .8  X-ray Diffraction Analysis

A  PHILIPS X-ray Diffractometer, equipped with a PW 1050/25 model 

goniometer and using CuKa radiation, was employed to carry out phase analysis on 

both the powder and extrudate samples. The solid extrudate specimens were prepared 

from longitudinal sections by grinding to a 1200 SiC finish. The samples were 'spun' 

during X-ray diffraction to avoid intensity reflections due to preferred orientations 

attributed to the extrusion process.

3 .9  Differential Scanning Calorimetry (DSC)

Thermal analysis of solid extrudate samples was carried out by DSC using a 

PERKIN ELM ER DSC2 calorimeter. Experiments were carried out at a heating rate of 

20 °C/min over the temperature range 40 - 640 °C, with the sensitivity ranging between 

5 to 15 mcal/sec. Sample sizes of approximately 45 mg were used, with aluminium of 

five 9's purity as reference. Aluminium crucibles were employed with a graphite wafer 

between the sample pan and the furnace. A  baseline, obtained with only the aluminium 

reference in one side and the other side empty, was subtracted from the data. The DSC  

traces given were a direct graphical representation of the data, giving the difference in 

energy needed to maintain the reference and the unknown sample at the same 

temperature. A nitrogen purge gas was flowing around the crucibles to stop oxidisation 

of the samples.
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3 .10  Surface Chemical Analysis

X-ray Photoelectron Spectroscopy (XPS), also known as E S C A , was 

employed to obtain some idea of the surface chemistry of the powder particles. A  V.G. 

Scientific ESC A  3 MKII and a V.G. Scientific ESC A LA B  electron spectrometer were 

used in conjunction with computational facilities for analysis of the data. A lK a 

radiation was used as the main X-ray source. The experimental conditions were as 

follows :

Samples were prepared by either dusting the powders onto double-sided 

adhesive tape, or mounting them on 'indium' foil. The samples were prepared shortly 

before analysis and under very 'clean' conditions, to minimise contamination of the 

surface layers by the atmosphere. For each specimen, a survey (1000 eV) spectrum, 

together with high resolution (20 eV) spectra for the elements of interest, were 

recorded.

3 .11  Mass Spectrometric Analysis

Mass spectrometric analysis of powders for determination of the kinetics and 

products of degassing, was carried out using a V.G. A N A LY T IC A L (MICROMASS) 

7070E mass spectrometer consisting of a 2-stage analyser. About 0.5g of the powder 

samples were placed in a narrow bore (~ 1 mm) silica capillary tube closed at one end, 

and placed in the specimen chamber of the mass spectrometer. The specimen chamber 

was equipped with a variable ramp heating stage, and evacuated to a high vacuum of 

approximately lO 7 torr. The specimens were heated at a uniform rate of 20 °C/min in 

the temperature range 20 - 400 °C, and spectra of the liberated species obtained at every 

100 - 200 seconds were recorded by the computerised analyser. The total ion current 

monitored was normalized to the mass of the specimen and plotted against the 

temperature of the powder. Since the normalised ion current is related to the partial 

pressure of the gases evolved, the thermodesorption spectra obtained give an idea of the 

nature of the gases given off and their rate of desorption as a function of increasing 

temperature.

X -ray: AlKa hv 

Analyser Pass Energy 

Analyser Entrance Slits 

Vacuum

1486.6 eV 

50 eV

4 pm

5 x 10 ' 10 torr
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3 .12  Material Property Determination

Only the portion of extrudates which corresponded to steady state conditions 

(i.e. discarding 100mm from the front-end and 300mm from the back-end of the 

extrudates) were used for the following tests.

3.12.1 Density Measurements

The density of the extrudates were determined using an Archemedian fluid 

displacement method. Machined cylindrical specimens were suspended from an 

accurate balance, firstly in air (dry weight A), and then immersed in distilled water 

(weight B) of specified density (0.997800 g/cm3 at 22°C). The density of the 

specimens were calculated from the following relationship :

A
Palloy — Pwater * A  - B

3.12.2 Hardness Tests

For rapid determination of the ageing behaviour of the alloy, hardness 

measurements were carried out on flatly ground transverse sections of the extrudates. A  

VICKERS Hardness machine with a pyramidal diamond indenter was used with a 30kg 

load, the hardness values being obtained from an average of 5 indentations.

3.12.3 Tensile Tests

An INSTRON Universal Testing machine was used to determine the room 

temperature tensile properties of the extrudates in both the as-extruded and heat treated 

conditions. Standard Hounsfield No. 13  specimens were machined from longitudinal 

sections of the round-bar extrudates, heat treatments having been carried out prior to 

machining into test-pieces. Duplicate samples were used for each test, using a cross

head speed of 0.2 mm/min (giving an initial strain rate of 1.8 x 10-4 sec-1). Elongation 

values were obtained from the load-displacement traces, and proof stress values were 

quoted for a 0 .2 % offset.
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3.12.4 Notch-Tensile Tests

These tests were performed only on a selected number of the alloys, again using 

Hounsfield No. 13 specimens and the above testing conditions. A  60° notch, with a 

diameter equal to 0.7 times that of the actual specimen, was machined in the middle of 

the gauge length according to E602-81 specification.

3.12.5 Modulus Measurements

Modulus measurements were carried out using a 'clip extensometer' driving a 

linear transducer. The test sample geometry corresponded to Hounsfield No. 14 test- 

pieces but with an extended gauge length of 60 mm.

3.12.6 Fracture Toughness Tests

A measure of the fracture toughness of the alloys was determined by the 

TERRATEK Short Rod Fracture Toughness indicator test (Cieslak 1985). The short 

rod specimens were machined from longitudinal sections of round-bar extrusions 

according to the specifications shown in Figure 3.2. The specimens were loaded in a 

special 'Frackjack' mechanism which was mounted on an INSTRON Universal Testing 

machine. The lines of contact in the Frackjack grip are designed such that the effective 

load remains unchanged as the specimen mouth is forced open under tensile load. The 

fracture toughness is calculated from the load (F) required to fracture the specimen, 

according to the following formula :

Kv (ksWin) = A  . F  (lb) . B J/2  (in)

where B = specimen diameter (0.5 inches in this case); A  = calibration constant = 22, 

a value unique to the specimen geometry and Frackjack grip design; and Kv (MPaVm) 

= 1.0991 x Kv (ksWin).

Two specimens were used per test, using a cross-head speed of 1 mm/min. 

This test was not found to be strain-rate sensitive since a cross-head speed of 0.2 

mm/min appeared to give similar results. The fracture toughness value measured by this 

test is indicative of the transverse direction (which is the same as the short-transverse 

direction in case of the round-bar extrudates), since the specimen geometry is such that 

the load applied is at 90° to the extrusion direction.
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Figure 3.2 Short-Rod Fracture Toughness Specimens
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CHAPTER 4

THE Al-Li-Zr SYSTEM

4 .1  Introduction

This chapter gives a detailed account of the processing, structure and properties 

of the Al-Li-Zr alloys investigated. In total, five alloys were studied, the first three of 

which had a similar nominal composition of A1 - 2.5Li - 0.75Zr (alloys Z R 1, ZR2-1 

and ZR2-2). The first alloy, ZR1, was produced in small amounts to give an idea of the 

feasibility of producing powders of this composition, while allowing comparison to be 

made with a similar alloy studied by Gayle and Vandersande (1984a,b ; 1986). Alloys 

ZR 2-1 and ZR 2-2 which had a similar composition to Z R 1, were produced in larger 

quantities and were used to carry out an in-depth study of the alloy system and its 

processing behaviour. These alloys were produced in two separate atomisation runs 

from the same batch of material. The fourth alloy, ZR 3-1, had a Li content similar to 

ZR2-1, but a much higher Zr content of ~ 2 wt%. The last alloy, ZR4, had a Zr content 

similar to ZR 2-1, but a much higher Li content of ~ 4 wt%. The latter two alloys were 

used to investigate the effects of high Zr and Li additions respectively, as well as 

showing the effect of different Li : Zr ratio in these alloys. Details of the alloy 

compositions and atomisation conditions can be found in Table 3.1 and Appendix 1 

respectively.

The study of the alloys involved characterisation of the powders, investigation 

of their processing (extrusion) behaviour, and evaluation of their structure and 

properties under different heat treatment conditions. Each major area of investigation is 

dealt with in a separate section in this chapter, detailing the results obtained and 

describing their significance in the context of characterisation of the alloys.

4 .2  Powder Characterisation

Characterisation of the powders is extremely important since their processing 

characteristics, such as powder compaction and vacuum degassing, depend largely on 

the powder particle morphology, size distribution and the nature of the powder surface 

oxide. The extrusion characteristics and mechanical properties of the final fabricated 

material are also largely determined by the quality of the powder microstructure.



82

The powder alloys were analysed by atomic absorption at the ALCOA Technical 

Centre in Pittsburgh, USA. The chemical compositions found for the alloys are given 

in Table 4.1.

4.2.1 Chemical Composition

Table 4 .1 Chemical Composition of Al-Li-Zr Powders

N o m in a l  A l lo y  
C o m p o s i t i o n

C o d e C h e m ic a l C o m p o s it io n (w t% )

L i Z r C r F e S i N a K P A l

A l - 3L i - 0 .75Z r ZR1 3 .09 0 .7 8 < .05 .021 .070 .006 < .005 <  .005 Bal.

A l - 3L i - 0.75Z r ZR2-1 2 .8 0 0.81 < .05 .013 .050 .005 < .005 <  .005 Bal.

Z R 2-2 2 .73 0 .6 9 < .05 .0 1 6 .020 <  .005 < .005 <  .005 Bal.

A l - 3L i - 2Zr ZR3-1 3 .00 2.01 < .05 .0 5 0 .080 .006 < .005 <  .005 Bal.

A l - 4 L i - 0 .75Z r ZR4 4 .0 8 1.05 0 .0 2 0 .200 <  .005 <  .005 <  .005 Bal.

4.2.2 Morphology of Powder Particles

Typical morphologies of the Al-Li-Zr powders studied are shown in Figure 4.1. 

It is apparent that all the powders have a highly spherical morphology characteristic of 

inert-gas atomisation, indicating that solidification has taken place during flight (Ricks 

et al. 1986). Inert gas atomisation usually results in spherical particle morphologies 

since the very low oxidation rates involved allow surface tension forces to form the 

droplet into a regular (spherical) shape before solidification takes place. Some evidence 

of 'satelliting' (i.e. very small particles impinging on larger ones) can be seen in all the 

powders, showing that in-flight collisions had taken place during atomisation. Another 

feature worth noting is that smaller particles (1 0 - 2 0  pm diameter) generally exhibit a 

smooth surface whereas the larger ones (> 25 pm diameter) have somewhat rougher 

surfaces which at times appear 'grooved'. This surface relief is due to shrinkage of the 

last liquid to solidify in the inter-dendritic regions.



Figure 4.1 Particle Morphologies of Al-Li-Zr Powders

(a) ZR1 powder (b) ZR2-1 powder
(c) ZR3-1 powder (d) ZR4 powder
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The cumulative size distribution of the powder alloys is shown in Figure 4.2. 

Measurements indicating the median particle size and the percentage of particles below 

50 pm are given in Table 4.2. All the powders exhibit a 'log-normal' distribution and 

appear to have similar size distributions with a median particle size of about 22 pm. 

This is a consequence of similar atomisation conditions (see Appendix 1), and is 

consistent with the SEM  observations of the powders (Figure 4.1) where no 

discemable differences in angularity and size distribution between the different alloys 

were observed. 90% of all the powders (except ZR 2-1) are below 50 pm in diameter, 

indirectly suggesting relatively fine microstructures (Ricks et al. 1986). All the powders 

show very few ultrafine particles i.e. less than 5% of the powder particles are below 5 

pm in size. It is worth noting that higher metal flow rates (see Appendix 1) give rise to 

coarser powders (e.g. ZR2-1 powder), as has been established by other workers (Unal 

1987). Full details of the particle size data are given in Appendix 2.

4 .2 .3 Particle Size Distribution

4 .2 A  Microstructure of Powder Particles

Scanning electron microscopy of transverse sections of powder particles 

showed them to have 'cellular' microstructures (Figure 4.3a). Refinement of cell size 

was found with decreasing particle size, this being due to the effectiveness of the 

convective heat transfer in generating high cooling rates for smaller particles. As an 

example, the cell size for the 45 pm diameter particle shown in Figure 4.3a was found 

to be approximately 4 pm, roughly in line with the results found by Ricks et al. (1986) 

for argon-atomised aluminium powders.

Closer examination of the powder microstructure was achieved by transmission 

electron microscopy (TEM), though great difficulties were encountered in sample 

preparation (see Section 3.3.3). For larger particles (i.e. > 20 pm diameter) which were 

prepared by the Ni-foil technique, TEM confirmed the nature of the microstructure to be 

cellular (Figure 4.3b). Cell interiors were precipitate-free, and only minute amounts of 

segregation and precipitation were observed at the cell boundaries. It was difficult to 

analyse which elements had segregated to the cell boundaries.

Smaller particles (i.e. < 1 0  pm diameter) were embedded in a resin and 

sectioned by 'ultramicrotomy', before being examined by TEM (see Section 3.3.3). 

The microstructures observed by this technique had a different appearance, displaying
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Table 4.2 Particle Size Distribution Data for Al-Li-Zr Powders

Powder
Alloy

Median Size 
(inn)

90%
Undersize

Percentage 
below 50jim

ZR1 21.5 43 jxm 9 2 %

ZR2-1 25 68 |im 8 0 %

ZR2-2 21 42 jim 9 4 %

ZR3-1 23 51 |im 8 8 %

ZR4 23 50 (im 9 0 %

Figure 4.2 Particle Size Distribution of Al-Li-Zr Powders
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bend contours as a prominent feature. A  typical micrograph for the ZR2-1 powder 

is shown in Figure 4.3c. The bend contours seen (marked X  on Figure 4.3c) are 

mainly contrast effects which arise due to bending of the very thin sections produced by 

ultramicrotomy. These features also arise due to solute segregation during 

solidification, though there is an additional contribution from deformation caused 

during ultramicrotomy. Although the presence of cells is not apparent in these 

micrographs, cell boundaries could be seen by TEM  upon tilting the specimen.

These microstructures clearly show the capability of rapid solidification to 

extend the solid solubility limits of Li and Zr in aluminium. However, the thermal 

gradients and interface velocities attained in these Ar-atomised powders are not 

sufficient to prevent solute segregation. Solute rejection occurs at the head of the 

advancing boundaries during solidification, resulting in cellular structures with solute 

enrichment at the cell boundaries. Because of the small amount of precipitation, these 

powder alloys will undergo mechanical working relatively easily (i.e. have relatively 

low flow stress). Subsequent heat treatment of the extruded products should then result 

in precipitation of the appropriate phases required for strengthening. It is also possible 

that simultaneous action of heat and deformation during the mechanical working 

process will result in the formation of a fine distribution of precipitates.

4 .2.5 Constitution of Powder Particles

X-ray diffraction was carried out on as-atomised powders to identify the phases 

present. The diffraction traces were found to be almost identical for all the Al-Li-Zr 

powders, with A1 peaks being the prominent feature. A  few very small and broad peaks 

were also present, but they could not be properly identified. These results confirm the 

microstructural observations that very few precipitates were present in the as-atomised 

powders.
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1 .  All Al-Li-Zr powders were found to have highly 'spherical' morphologies, with the 

larger particles (> 2 0  pm diameter) displaying somewhat rougher surfaces than the 

smaller particles.

2. All the powders had similar 'log-normal' distributions with an average median 

particle size of 22 pm. 90% of the powders were below 50 pm in diameter, with less 

than 5% below 5 pm diameter.

3. The powders displayed 'cellular' microstructures with cell sizes typically less than 4 

pm. The microstructure of as-atomised powders was generally 'precipitation-free', 

only displaying minute solute segregation at the cell boundaries.

4.2 .6  Summary

4 .3  Extrusion Processing of Powders

All powders were processed to fully consolidated material by a route consisting 

of initial cold compaction followed by hot-extrusion. A  large amount of the ZR4 

powder was also processed via an initial canning and vacuum degassing step in order to 

investigate the effectiveness of vacuum degassing during processing. Full details of this 

investigation are given in Chapter 6 .

This section is primarily concerned with providing the relevant background 

information on the processing of the various Al-Li-Zr powders. The experimental 

programme was carried out mainly to produce material for structural and mechanical 

property investigations, so that the properties of the alloys and their relationship to the 

structures involved (i.e. effects of alloy design) could be characterised. However, the 

close relationship between the processing history and the resulting microstructure, 

make the study of the processing parameters a necessity in furthering the understanding 

of the processing-structure-property relationships. Only important aspects of 

processing, such as compaction behaviour, billet preheating, extrusion temperature and 

breakthrough pressure, are discussed. The variables associated with each extrusion 

run, covering nearly all aspects of processing, are tabulated in Appendix 3.
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4.3.1 Powder Compaction

The powders were cold compacted unidirectionally into 72mm diameter billets 

of sufficient green strength for handling. Details of the cold compaction process are 

described in Section 3.4.1. Pressures in the range 330 to 440 MPa were used to 

produce billets of approximately 90% theoretical density. The data on the density of the 

compacts is given in Appendix 3.

Alloys ZR 2-1, ZR2-2 and ZR4 compacted well, except for some of the longer 

billets which exhibited circumferential cracking at the top end. This was mainly due to 

the longer billets extending into the straight (rather than tapered) part of the die, and 

hence being subjected to greater frictional stresses upon exit from the die. Alloys ZR1 

and ZR 3-1, however, exhibited severe breakage and cracking, such that in the case of 

the latter no proper compacts could be obtained. Poor compaction of alloy ZR3-1 was a 

consequence of the high Zr content (~ 2 wt%) of the alloy, the powder particles being 

too hard to undergo the necessary deformation during compaction to adhere sufficiently 

to one another. Alloy ZR 1, on the other hand, was thought not to compact because of 

being left exposed to the atmosphere for a long time (~ 2 months). This had resulted in 

the formation of tenacious hydrated oxides on the surface of the powder particles, 

making the cold-welding, or embedding of the particles in one another, extremely 

difficult during compaction.

4.3.2 Preheating of Compacts

The compacts were all preheated prior to extrusion by an induction heater 

mounted adjacent to the extrusion press. The induction heater generates an alternating 

magnetic field which causes formation of eddy currents within the compacted billets. It 

is these eddy currents which result in rapid heating of the compacts.

The compacts heated up to temperature quite rapidly, with average heating up 

time being about 3.5 minutes. The heating rates varied between 30 and 250 °C/min, the 

average rate being about 100 °C/min (see Appendix 3). These rapid heating rates help in 

preservation of the novel microstructure of the powder alloys, and reflect the high 

density of the compacts. Uniaxial compaction has been shown to result in good 

response to induction heating (Robinson 1987) since it creates regions of high density 

and high shear at the surface of billets where heat generation occurs most readily. The 

high relative densities achieved during compaction, together with adequate shear
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deformation to rupture the oxide layers on the surface of particles, result in good inter

particle contact and hence good conductivity within the compacts. Since the powders 

had received minimum exposure to the atmosphere, the thickness of the surface oxide 

layers would have been sufficiently small to allow relatively easy rupturing under the 

compaction pressures applied.

It was surprising that the ZR3-1 compacts, which were wrapped in Al-foil prior 

to induction heating (to hold the broken compacts together), still managed to heat up 

rather quickly (~ 8 minutes). This shows that the Al-foil did not hinder the conduction 

of eddy currents to the compacts, probably because it had good contact with it. 

However, a glance at the heating times and rates achieved (see Appendix 3) indicates 

that the more highly alloyed ZR3-1 and ZR4 powders underwent less rapid heating 

(average heating rate ~ 50 °C/min). This could well be due to the greater amount of 

alloying additions in these alloys, as it has been shown that alloying additions in 

general increase the electrical resistivity of aluminium while decreasing its thermal 

conductivity (Mondolfo 1976). In the case of the high lithium (~ 4 wt%) alloy ZR4, the 

lower heating response could be due to internal oxidation within the compacts, similar 

to that found by Robinson (1987) in his Al-Li alloys.

The longest heating up time recorded (15 mins), was for the D400°C compact of 

alloy ZR2-1. This was in marked contrast to the similar temperature 400°C compact 

which only took 1.5 minutes to heat up to temperature. Slow heating within the D400°C 

compact was due to circumferential cracking, i.e. a fracture transverse to the 

compaction direction. Such macroscopic cracking, or even internal microcracks, greatly 

diminish the effectiveness of the induced eddy currents in generating heat within the 

compacts. Consequently, a very low heating rate of ~ 27 °C/min was achieved, 

possibly resulting in greater microstructural transformations within the compact, and 

hence the extrudate, as there is more time for equilibrium diffusion-related reactions to 

take place.

4 3 3  Extrusion Pressure-Displacement Curves

The essential features of extrusion processing as characterised by pressure- 

displacement curves, are shown in Figure 4.4 for the four Al-Li-Zr alloys. Variation of 

extrusion pressure during ram stroke results from a combination of the alloy's 

structural characteristics and the external effects imposed by the process. The main 

variables that affect the extrusion pressure during direct extrusion are (a) the extrusion
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ratio, (b) the speed of deformation, (c) the processing temperature, and (d) frictional 

conditions at die and container wall (Dieter 1986).

All the alloys in this investigation were extruded at a constant extrusion ratio of 

20:1 from a round die. A  constant ram speed of 9 mm/s was intended for all extrudates 

(except one : ZR2-2 / 250°C at 3mm/s), but this varied in reality between 5.8 and 8.5 

mm/s for different extrudates due to the practical restrictions present during processing. 

All the billets were extruded with no lubrication, but the ZR 3-1 billets had to be 

wrapped in Al-foil to hold the broken compacts together. The strain and strain rate 

effects, therefore, were roughly constant for all the alloys throughout processing. Only 

the extrusion temperature varied widely, the alloys being extruded at 50°C or 100°C 

intervals between 250 and 500°C. Consequently, the main differences in the pressure- 

displacement diagrams are due to the processing temperature and the alloy composition.

The initial stage of the curve which comprises a rapid rise in pressure during 

initial ram travel, is usually non-linear and denotes the compacts being crushed and 

then compressed to fill the extrusion container. During this stage, the billet is effectively 

'hot-compacted', with 10 0 % densification occurring before the peak pressure is 

reached. (Examination of the billet dimension data and the data on ram displacement to 

peak pressure (see Appendix 3) clearly shows that 100% densification is reached on or 

about the peak pressure.) After this stage, the consolidation of the material takes place 

by continuous breaking and re-welding of particle contacts such that the original 

identity of the powder particles is destroyed. It has been shown that fully consolidated 

material is not produced until well into the deformation zone (McShane 1978), and the 

actual volume of material where the final properties are developed is a small fraction of 

the total deformation zone. A  little metal flows through the die before the maximum 

value of pressure, known as 'peak' or 'breakthrough' pressure, is reached. The initial 

80 - 10 0  mm of the extrudate, therefore, usually consists of material which is not fully 

consolidated and as such should be discarded.

The breakthrough pressure is dictated by the material's flow stress which is 

governed by dislocation dynamics and thermally activated restoration mechanisms. The 

occurrence of the peak pressure in 'direct extrusion' has been considered in terms of 

friction conditions (Johnson &  Kudo 1962), temperature differentials between the billet 

and tooling, and dead metal zone (DMZ) formation (McShane 1978). Ziegler and 

Siegert (1973), however, have shown that peak pressures also occur in 'indirect' 

extrusion where friction is almost zero and there is no DMZ. The effects of temperature 

differentials between the die and tooling (Ashcroft &  Lawson 1960-61) and the die
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entrant angle have also not been shown conclusively, hence only an explanation 

involving structural aspects seems likely. Castle and Sheppard (1976) have associated 

the peak with an extra amount of energy required to form a quasi-static deformation 

zone within which most of the material is plastically deformed.

The peak region of the load-displacement curve is immediately followed by a 

'steady-state' regime where the extrusion pressure remains almost constant with 

increasing ram travel. In this region, a dynamic equilibrium situation exists between the 

deformation (i.e. dislocation generation and interaction) processes and restoration 

processes (e.g. recovery), such that pressure requirements for the flow of material 

through the die remain roughly constant (Dieter 1986). The pressure required to 

maintain flow may decrease as the billet extrudes through the die, since friction forces 

between the billet and container wall decrease as the billet length decreases. However, it 

must be pointed out that the steady-state pressure is not really a regime of steady state, 

as during direct extrusion the billet length is decreasing and so pressure requirements 

due to friction at the billet/container interface are decreasing. Depending on the 

temperature rise achieved, the steady-state pressure can rise or fall, and indeed in the 

case of the higher temperature ZR 2-1 extrudates, the curve seems to slope gently 

upwards due to heat losses from the billet to the tooling. In this alloy, it is also worth 

noting that the D400°C extrudate exhibits lower pressure requirements than the 

corresponding 400°C extrudate. This is simply due to to the very long heating period 

that this billet experienced, lowering the flow stress such that pressure requirements 

were even less than those for the 450°C extrudate. The increase in pressure observed at 

the end of the ram stroke for all the alloys, is due to interference of the pressure pad 

with the deformation zone when the material flow is inhibited. Pressure increases 

rapidly as the material tries to flow almost perpendicularly to the direction of extrusion. 

Extrusion ram stroke is usually terminated before this occurs.

The trends observed with increase in initial billet temperature include a 

decreasing peak pressure (Figure 4.5) and a corresponding decrease in 'steady-state' 

extrusion pressure (Figure 4.6), the latter following a slightly steeper decline than the 

breakthrough pressure. The slope of the line is approximately the same for most 

alloys, indicating that increasing the initial billet temperature has the same net effect of a 

linear decrease in pressure for all the alloy compositions investigated. With increasing 

temperature, restoration processes are accelerated and hence pressure requirements for 

the flow of material are lowered. This is particularly significant in the case of the 

breakthrough pressure, since if this cannot be achieved by the capacity of the press, the 

material cannot be processed under given extrusion conditions. Alloy ZR2-1 exhibits
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Initial Billet Temperature (°C)

Figure 4.5 Variation of Peak Pressure with Initial Billet Temperature 
for Al-Li-Zr Alloys

Initial Billet Temperature (°Q

Figure 4.6 Variation of Steady State Pressure with Initial Billet Temperature
for Al-Li-Zr Alloys
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the lowest pressure requirements, the pressure increasing with additional alloying 

additions. Li additions (e.g. alloy ZR4) seem to have greater potency in achieving this 

than Zr additions (e.g. alloy ZR3-1). The low pressures for alloy ZR 3-1, however, 

may have been due to the lubrication effect of the Al-foil. Surprisingly, alloy ZR2-2, 

which has a similar composition to alloy ZR2-1, exhibits similar pressure requirements 

to the more Li-rich (by ~ 2 wt%) alloy ZR4. This is difficult to explain at this stage , 

except possibly in terms of the frictional effects, and could simply be due to the lack of 

sufficient experimental data or the scatter of the results. The ZR2-2 extrudate (250°C) 

which had been extruded at a lower ram speed (3 mm/s) exhibited a lower peak 

pressure, as expected since smaller strain rates were involved.

4.3.4 Temperature Rise during Extrusion

The frictional effects, together with the work of deformation involved in 

extrusion of the powders, result in generation of heat within the material. Some of this 

heat is lost through conduction to the tooling while the rest is accumulated within the 

extruded material, causing its temperature to rise. The magnitude of this temperature 

rise is extremely important as it greatly affects the deformation characteristics and the 

microstructural evolution of the alloy during processing. In addition, controlling this 

temperature rise is important since at high extrusion temperatures (i.e. > 450°C), the 

temperature rise might result in incipient melting of a low melting temperature phase 

within the material, and hence cause 'hot-shortness* within the extrudate which will 

result in surface cracking. To have better control over the processing temperature, the 

extrusion container in this investigation was heated to 25 - 50°C below the temperature 

of the billet so that most of the heat generated during extrusion could be absorbed by 

the tooling.

A  number of factors, in particular the initial billet temperature and the container 

temperature, as well as the deformation parameters such as extrusion ratio, ram speed, 

and the magnitude of the peak and steady-state pressures determine the temperature rise 

obtained. A  number of computer models have been devised on the basis of these 

variables, in order to estimate the magnitude of the temperature rise under various 

conditions. In this investigation, an 'Integral Profile Method', originally derived by 

Sheppard and Raybould (1973) and later modified by Cooper (1985), has been used.

The temperature rises calculated by this method for the Al-Li-Zr alloys are listed 

in Table 4.3. The accuracy of the model has been determined as ± 10 °C  (Cooper 1985),
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Table 4.3 Temperature Rise Data for Al-Li-Zr Alloys during Extrusion

Alloy Extrudate
In itia l

Billet Temp.
(°C)

Final
Temp.

(°C)

Temp.
R ise
(°C)

ZR2-1 500°C 500 513.2 13.2
450°C 450 495.3 45.3

D400°C 400 434.2 34.8
400°C 400 434.8 34.8
350°C 358 432 74
300°C 300 437.3 137.3
250°C 250 357.8 107.8

ZR2-2 450°C 449 496.6 47.6
250°C 254 442.5 188.5

250°C - 3 255 403.6 148.6

ZR3-1 400°C * 403 450.2 47.2
300°C 305 454 149

ZR4 500°C 495 557.1 62.1
400°C 408 489.2 81.2
300°C 300 479.8 179.8

Initial Billet Temperature (°C)

Figure 4.7 Variation of Temperature Rise with Initial Billet Temperature 
for Al-Li-Zr Alloys
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but this in turn depends on the accuracy of values used as input for the model. A  plot of 

the temperature rise as a function of initial billet temperature (Figure 4.7), shows the 

magnitude of the temperature rise decreasing with increasing billet temperature. This is 

because at lower extrusion temperatures, a greater amount of work is required for 

deformation, and hence the heat generated is much greater. At higher extrusion 

temperatures (i.e. > 400°C), however, the rate of heat loss to the tooling is greater since 

more heat is lost from the tooling to the surrounding environment. As extrusion 

proceeds, the work done on the material decreases as the billet length decreases so that 

in some cases even a drop in temperature is observed. This is illustrated by plotting the 

variation of billet temperature during extrusion as a function of ram displacement 

(Figure 4.8), i.e. similar to load-displacement curves. It is apparent that the greatest 

temperature rises occur during the early stages of extrusion when the deformation zone 

is being set up and the billet/container friction is greatest. These plots also show the 

trend of decreasing temperature rise with increasing extrusion temperature.

Figure 4.7 also shows trends in temperature rise as a function of alloy 

composition. Since all the processing conditions, such as extrusion ratio (20:1), ram 

speed (9 mm/s) and the initial billet temperatures were the same for all the alloys, the 

differences seen in Figure 4.7 can only arise as a consequence of the difference in the 

composition of the alloys. The Li-rich ZR4 alloy seems to achieve the highest 

temperature rises whereas the low-lithium ZR 2-1 alloy achieves final temperatures 

approximately 50°C lower. This result is very similar to the trend observed in peak 

pressures for the alloys (Figure 4.5), with alloy ZR2-2 again appearing anomalous as 

far as its composition (similar to ZR2-1) is concerned. However, the same trend of 

temperature rise as a function of initial billet temperature seems to exist for all the 

alloys, implying that the mechanism of temperature generation within all the Al-Li-Zr 

alloys is similar. The 250°C  ZR2-2 extrudate processed using a lower ram speed of 

3mm/s shows a lower temperature rise compared to its counterpart (250°C - 9mm/s) 

because of the smaller rates of deformation involved.

As a final note, the 'usefulness' of the values obtained must be considered. It is 

thought that the temperature rises calculated using this model may be larger than the 

actual temperature rises attained within the extrudates. This is because the model used 

has been devised for cast materials and does not take into account the reduced pressure 

requirements, and hence smaller heat generations, involved in the extrusion of powders 

(Sheppard et al. 1983). It also does not take into account the initial reduced thermal 

conductivity of the powder compacts at the beginning of extrusion before they are 

pressed to 100% density in the extrusion container. The model has further limitations
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and the ±10 °C  accuracy quoted by Cooper (1985) may be optimistic since accuracy is 

further hindered by the accuracy of the values (e.g. peak pressure) fed into the model. 

However, the temperature rise data obtained from the model are valuable in that they 

give some idea of the final temperatures reached by the extrudates, and as such are a 

better guide as to the microstructures obtained.

4.3.5 Extrudate Surface Quality

In general, the extrudates had a dull and scored surface, with none of the alloys 

exhibiting a smooth surface. The first 100mm of most extrudates had a 'fir-tree* 

appearance, showing that proper consolidation had not taken place at the start of 

extrusion. Towards the back-end of some extrudates, some evidence of 'die-lines' and 

'die pick-up' could be observed, though this did not appear to have any effects on the 

extrudate properties.

4.3.6 Summary

1. All powder alloys, except for alloy ZR1 and the high-Zr alloy ZR 3-1, were found 

to compact well under pressures of 330 - 440 MPa, to approximately 90% theoretical 

density.

2. Induction heating resulted in rapid preheating of compacts, the average heating up 

time and rate being 3.5 minutes and 100 °C/min respectively.

3. All the alloys extruded well with breakthrough pressures in the range 330 - 1100  

MPa. The more heavily alloyed ZR4 and ZR 3-1 powders required greater extrusion 

pressures (by ~ 100 - 200 MPa). Extrusion pressure of all alloys decreased fairly 

linearly, and at the same rate, with increasing initial billet temperature.

4. The magnitude of temperature rise for the alloys decreased from about 150°C  to 

50°C with increasing initial billet temperature from 250°C to 500°C. The trends with 

initial billet temperature were similar to those observed for the extrusion pressure.

5. All the extrudates exhibited surfaces that were in general scored and dull in 

appearance.
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4 .4  Constitution of A I-Li-Zr Extrudates

The constitution of as-extruded Al-Li-Zr alloys and the effect of heat treatment 

on the phase transformations within them, were investigated by differential scanning 

calorimetry (DSC). The results were recorded in the form of thermograms which 

display the difference in energy needed to maintain the sample and a pure A1 reference 

at the same temperature, as the temperature of the sample is increased. An endothermic 

reaction, such as dissolution of precipitates, is therefore denoted by a peak since energy 

has to be supplied to the sample to keep it at the same temperature as the A1 reference. 

Conversely, exothermic reactions are denoted by troughs, representing transformations 

such as precipitation reactions, recovery and recrystallisation, where heat is given out 

(Howe 1986). The baseline should be horizontal where no reaction occurs, but 

equipment characteristics and differences in heat capacities between the sample and the 

reference, result in a shallow upward curve.

The results obtained for the various alloys are briefly described below. Some 

attempt was made to validate these results by using X-ray diffraction and transmission 

electron microscopy, but a proper study could not be carried out. The D SC results 

given here, therefore, are by no means complete or fully interpreted, but they provide 

some background information on the constitution and phase transformations within 

these alloys, especially as a function of heat treatment.

4 .4 J  Alloy ZR2-1

DSC thermograms resulting from heating the different temperature extrudates of 

alloy ZR2-1 at 20 °C/min, up to 640°C, are shown in Figure 4.9. It is apparent that all 

the extrudates undergo similar reactions though the extent of the reactions (i.e. the area 

bound by the peaks and troughs) increase with increasing initial billet temperature. An 

endothermic reaction takes place at around 135°C , which has been associated with the 

dissolution of fine 5 ’ precipitates formed during press-quenching (Balmuth 1984 ; 

Parson 1985). However, other workers have shown that this endothermic reaction is 

due to the dissolution of certain GP zones which form upon long-term (~ 3 months) 

natural ageing of Al-Li alloys as a consequence of condensation of quenched-in 

vacancies (Papazian et al. 1986 ; Mukhopadhyay et al. 1987). The credibility of either 

of these allegations was not investigated by XRD or TEM in this study, but the trend of 

the peak increasing with increasing initial billet temperature, seems to suggest that the
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Figure 4.9 DSC Thermograms for As-Extruded Alloy ZR2-1 Extrudates
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reaction involved is more likely to be related to the quenched-in vacancies which 

increase with increasing billet temperature.

Immediately after the endothermic peak, an exothermic trough occurs at ~ 190 - 

200°C. This is followed by a broad exothermic reaction peak covering the temperature 

range 230 - 280°C. This pair of trough and peak have been attributed to the precipitation 

and subsequent dissolution of the strengthening S’ phase (Nozato &  Nakai 1977 ; 

Balmuth 1984; Mukhopadhyay et al. 1987). The magnitude of both the 8 ' precipitation 

trough and the subsequent 8 ' dissolution peak appear to increase with increasing 

extrusion temperature. Since the area bound by a peak (or trough) is representative of 

the extent of the reaction, it appears that an increase in the extrusion temperature has a 

'solutionising' effect with respect to Li. Greater supersaturation of Li in solid solution 

with aluminium seems to occur with increasing temperature, resulting in a greater 

amount of 8 ' being precipitated during the DSC heating cycle.

Another trough occurs in the 300 - 330°C temperature range, which is observed 

for all the extrudates and is associated with the precipitation of the equilibrium 8 (AlLi) 

phase (Balmuth 1984). Since the 8 phase forms by dissolution of 8 ’ phase (see Section

2.3.1), it is not surprising that the magnitude of this trough increases with the extrusion 

temperature. However, the asymmetrical nature of the trough suggests that it is caused 

by the superposition of two or more reaction curves. Another reaction could possibly 

involve the Zr content of the alloy since A ^Z r precipitation has been reported to occur 

at temperatures above 350°C. An endothermic flat peak follows in the temperature range 

390 - 450°C, which is thought to be representative of 8 (AlLi) dissolution. Again this 

peak seems to increase in magnitude with increasing extrusion temperature.

It is worth noting that most features of the thermograms have been explained in 

terms of the Al-Li phase transformations, with hardly any transformations being 

associated with the Zr content of the alloy. This is partially because DSC studies of the 

Al-Li system have been more extensive in comparison to the Al-Zr system. In addition, 

the explanation given is thought to be viable since Al-Li phase transformations take 

place much quicker due to the fast diffusion of Li, while transformations associated 

with the Al-Zr system are more limited. However, as pointed out earlier, at 

temperatures above 350°C  some of the peaks and troughs may be associated with 

transformation reactions involving Zr.

The effect of different heat treatments used in this investigation on the phase 

transformations, were investigated on the 250°C and 450°C extrudates of alloy ZR2-1
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Figure 4.10 DSC Thermograms for Heat Treated Alloy ZR2-1 Extrudates
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(Figure 4.10). Figure 4.10a clearly illustrates that the heat treatments at 420°C/lh  

(denoted STL) and 540°C/0.5h (denoted STH) result in greater supersaturation of Li in 

the matrix such that a greater amount of 5' is precipitated during the DSC heating cycle 

in the 190 - 200°C temperature range. This feature does not exist for the 450°C  

extrudate (Figure 4.10b), confirming earlier observations that the increase in extrusion 

temperature itself has a solutionising effect with respect to Li. In fact the thermograms 

for the different heat treated samples of the 450°C extrudate are very similar, with the 

behaviour of the as-extruded sample being more similar to that of the sample heat 

treated at 540°C/0.5h than to those of samples heat treated at 420°C/lh.

The fact that the shape of the thermograms for similar heat treatments are 

roughly the same for both the 250°C and 450°C extrudates, indicates that the heat 

treatments given have an equilibrating effect on the phase transformations of the 

extrudates regardless of their extrusion temperature. This illustrates the potency of the 

heat treatments in affecting the phase transformations within this alloy. It is interesting 

to note, however, that for both the 250°C (Figure 4.10a) and 450°C (Figure 4.10b) 

extrudates, the samples heat treated at 420°C differ slightly from those heat treated at 

540°C, especially with regards to the temperatures at which the peaks and troughs 

occur. It is also worth noting that prolonging the heat treatment at 420°C from 1 hr to 

10 0  hrs hardly results in any changes in the phase transformations involved.

4.4 .2  Alloy ZR2-2

DSC thermograms for alloy ZR2-2 in the as-extruded condition are shown in 

Figure 4.11. The thermograms for the 250°C and 450°C (front) extrudates appear to be 

similar to those of their respective ZR 2-1 extrudates, indicating that similar phase 

transformations are occurring as a function of the initial billet temperature. This is 

somewhat expected since the two alloys have similar compositions. However, it is 

interesting to note the large difference in the thermograms obtained from different 

positions (i.e. ’front’ and ’back’) of the same 450°C extrudate. This clearly shows the 

variations existing in the structure and constitution of the alloy along the extrudate 

length and is due to the temperature variations involved within the material as it is being 

extruded. For this reason, samples for the D SC investigation were taken, as far as 

possible, from similar positions along the length of the extrudates.
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Figure 4 .1 1  DSC Thermograms for As-Extruded Alloy ZR2-2 Extrudates 

4.4 .3  Alloy ZR3-1

DSC thermograms of alloy ZR 3-1 in both the as-extruded and heat treated 

conditions are shown in Figure 4.12. Again, similar peaks and troughs which have 

been explained in terms of Al-Li phase transformations (e.g. for alloy ZR2-1 in Section

4.4.1) can be observed, except for the peak occurring above 450°C which appears 

different in shape. Another different feature of these thermograms is that the as- 

extruded 400°C extrudate does not show more pronounced peaks and troughs 

compared to the lower temperature 300°C extrudate (Figure 4.12a), as was observed 

for the previous two alloys. The results are not sufficient at this stage to explain these 

differences, though they are thought to be related to the high Zr content (~ 2 wt%) of 

the alloy. The trough occurring at ~ 330°C could be due to the precipitation of A^Zr, 

since this peak cannot be seen for the as-extruded (AE) 400°C extrudate, or the 300°C 

extrudate solution treated at 420°C/lh, i.e. when most of the A ^ Z r is already 

precipitated out and little is left to be precipitated out during the DSC heating cycle.
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Figure 4.12 DSC Thermograms for Alloy ZR3-1 Extrudates
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4.4.4 Alloy ZR4

DSC thermograms for as-extruded and heat treated samples of alloy ZR4 are 

shown in Figure 4.13. The main features of the thermograms are again similar to those 

found for alloy ZR 2-1, except for the large plateau occurring in the temperature range 

400 - 500°C, which contains a small peak at about 500°C, and is followed by a 

pronounced trough at about 580°C. Unfortunately, these features were not identified by 

XRD or TEM, but are likely to be a consequence of the high Li content (~ 4 wt%) of 

the alloy. The large trough at 320 - 330°C, which is more pronounced for the extrudates 

after heat treatment at 540°C/0.5h (Figure 4.13b), is due to the precipitation of the 

equilibrium 8 (AlLi) phase which is more likely to form in this alloy (cf. alloy ZR2-1) 

due to its very high lithium content.

4 .4.5 Summary

1. Most of the phase transformations detected by DSC in the Al-Li-Zr alloys could be 

explained in terms of phase transformations associated with the Al-Li system. These 

included an endothermic reaction at ~ 130°C  associated with the dissolution of GP 

zones formed during long-term natural ageing; precipitation and dissolution of the 

strengthening 8 ' (A^Li) phase at temperature ranges of 190 - 200°C and 230 - 280°C  

respectively; precipitation of the equilibrium 8 (AlLi) phase in the range 300 - 330°C; 

and its subsequent slow dissolution in the temperature range 390 - 450°C.

2. Nearly all the alloys displayed a trend of increasing amounts of transformation 

reactions (i.e. increasing peaks and troughs) with increasing initial billet temperature, 

thus indicating that the extrusion temperature had a solutionising effect with respect to 

Li.

3 . Solution treatments were found to result in the same trends of increasing the amount 

of phase transformations, while having an equilibrating effect on the amounts of phase 

transformations in different temperature extrudates.

4. Alloys ZR2-1 and ZR2-2, which had similar compositions, displayed similar DSC  

thermograms, compared to alloys ZR 3-1 and ZR4, which exhibited some different 

features mainly due to their high Zr and Li contents.
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Figure 4.13 DSC Thermograms for Alloy ZR4 Extrudates
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4 .5  Microstructural Investigation

Structural examination of the alloys was performed using transmission electron 

microscopy (TEM). The main features of the microstructure were characterised, and an 

attempt was made to determine microstructural evolution and various solid state 

reactions as a function of the processing conditions and alloy compositions used. The 

main findings as regards to the solid state transformations involved, together with 

typical structures observed for all the alloys, are discussed below.

4 .5 .1  A llo y  Z R 2-1 (A l - 2 .8 0  L i - 0.81 Zr)

As-Extruded Structures

Typical ’as-extruded' microstructures of alloy ZR 2-1 at different extrusion 

temperatures, are shown in Figure 4.14. In general, the microstructure consists of 

fairly well-defined subgrains produced by dynamic recovery during extrusion. The 

structure appears unrecrystallised and fibrous, with subgrains elongated to some extent 

along the extrusion direction. These subgrains have an aspect ratio of about 3 : 1 ,  and 

an average diameter of 1 - 2 pm. The fact that no signs of recrystallisation are visible is 

to be expected since recrystallisation does not usually occur in aluminium powder 

extrudates.

It should be noted that for these PM structures, very little evidence of prior 

particle boundaries (PPB’s) was observed. This indicates that good consolidation of the 

powder particles had taken place, such that the original nature of the particles had been 

destroyed. In addition, little evidence of 'oxide debris' scattered along the extrusion 

direction could be seen, showing that the amount of surface oxides on the particles was 

very small. This is due to the extremely clean handling and storage of the powders, 

such that contamination by the atmosphere was kept to a minimum. Consequently, the 

amount of oxide stringers within the structure would be too small to affect the 

mechanical properties in any way.

From Figure 4.14  it is apparent that the extrudate microstructure varies with 

initial billet temperature. This occurs both in terms of substructural development and 

precipitation within the alloys. In general, subgrains tend to become smaller and more 

equiaxed as extrusion temperature increases. This is mainly due to the precipitation of 

A ^ Z r  particles at higher extrusion temperatures, which restrict the subgrain size. 

Dislocation tangles and untidy boundaries are present in the 250°C  extrudate (Figure



Figure 4 .14  As-Extruded Microstructures of Alloy ZR2-1

(a) 250°C Extrudate (c) 400°C Extrudate
(b) 350°C Extrudate (d) 450°C Extrudate
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4.14a), but the walls and interiors of the subgrains become progressively cleaner with 

increasing extrusion temperature. This happens because recovery processes involving 

dislocation glide and climb occur more readily at higher temperatures.

The nature of precipitation within the extrudates also appears to change with the 

initial billet temperature. In the 250°C and 350°C  extrudates (Figures 4.14  a &  b), 

precipitates of the equilibrium 5 (AlLi) phase are seen in some places along the subgrain 

boundaries (marked in Figures 4.14 a &  b). This phase which has reportedly been 

associated with a surrounding dislocation structure due to its misfit with the lattice 

(Williams & Edington 1975), was positively identified by X-ray diffraction (XRD). 

This phase, however, is hardly observed in the extrudates processed above 400°C 

(Figures 4 .14  c &  d). For the higher temperature extrudates (> 400°C), a fine 

dispersion of small spherical precipitates, arranged in rows parallel to the extrusion 

direction are observed instead. These were identified by XRD as the metastable cubic 

A ^Z r phase which reportedly forms due to the decomposition of the supersaturated Al- 

Zr solid solution at temperatures above 400°C (Nes 1972 ; Izumi &  Oelschlagel 1969 ; 

Ryum 1969). These precipitates, which are about 20 - 30 nm in diameter, are much 

more numerous and evenly distributed than the similar but somewhat larger (~ 50 nm) 

metastable A ^Zr precipitates observed in the 250°C and 350°C extrudates (Figures 4.14 

a &  b). It is believed that the profuse precipitation of these coherent particles is 

responsible for the much greater initial hardness (by ~ 30 VHN) of the higher 

temperature (i.e. > 400°C) extrudates (see Section 4.6.2). Thus, a clear distinction 

seems to exist between the microstructure of extrudates processed above 400°C and 

those processed below 400°C.

The nature and distribution of the metastable A ^Zr precipitates as a function of 

initial billet temperature is better shown in Figure 4.15. The larger (~ 50 nm) A ^Z r  

precipitates which occur in very few numbers in the low temperature 250°C and 350°C  

extrudates (Figures 4 .15  a & b), hardly seem to interact with the dislocation 

substructure, apparently due to their small number and large inter-dispersoid distances 

(~ 1 - 2 pm). At temperatures above 400°C, however, greater density and smaller size 

(~ 20 - 30 nm) of these particles appears to affect the dislocation and subgrain boundary 

motion within these extrudates to a large extent (Figure 4.15c). The very small inter

particle distances (~ 50 - 100 nm), together with the small size and large seemingly 

homogeneous distribution of these particles, ensures a large amount of interaction with 

dislocations and subgrain boundaries, resulting in smaller subgrain sizes and the 

observed increase in hardness (see Section 4.6.2). The difference in the nature and 

abundance of precipitation within the two extrusion temperature regimes, clearly



Figure 4 .15  Precipitation in As-Extruded Alloy ZR 2-1

(a) 250°C Extrudate (c) 400°C Extrudate
(b) 350°C Extrudate (d) 450°C Extrudate
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illustrates the importance of the processing conditions on the kinetics of spherical AI3Zr 

precipitation. It is thought that this precipitation reaction is a continuous transformation, 

and as such is diffusion-controlled. Closer examination of A ^Z r precipitation in the 

400°C and 450°C extrudates (Figures 4.15 c &  d) shows a small difference in the nature 

of the precipitation in the two extrudates. In the higher temperature 450°C extrudate, the 

precipitates appear to be arranged in more ordered parallel rows when compared to the 

400°C extrudate. This is thought to be a consequence of the higher processing 

temperature such that an increase in the mismatch between the lattice and the precipitate 

occurs as the temperature increases, resulting in the precipitates aligning themselves in 

rows in order to minimise their coherent strain fields within the matrix (Nes 1972).

In the as-extruded microstructures, hardly any sign of quenched-in dislocation 

defects, such as dislocation loops or helices, was seen, even at higher temperatures. 

This shows that even if there were a number of quenched-in vacancies within the 

structure, they were not released or did not interact with dislocation defects within the 

matrix. In addition, no imaging of press-quenched 5' (A^Li) could be obtained. In the 

diffraction mode, however, very fine superlattice reflections could be observed 

indicating that extremely fine 8 ' particles were present in the as-extruded structures.

Heat-Treated Structures

Solution treated structures of alloy ZR2-1 are shown in Figure 4.16. The effect 

of the low temperature solution treatment (420°C/lh) on the extrudate structures 

belonging to the two different temperature regimes (i.e. extrudates processed above 

400°C, represented by the 450°C extrudate, and extrudates processed below 400°C, 

represented by the 350°C  extrudate), is shown in Figures 4.16  a - c. For the low 

temperature extrudates, the solution treatment results in 'discontinuous' precipitation of 

a fine dispersion of rod-shaped A ^Z r precipitates (Figure 4.16a). The rods are very 

fine (~ 10 nm) in diameter with a separation of 50 - 100 nm, and are more or less 

evenly distributed within the matrix. This type of discontinuous precipitation has been 

observed by many workers upon heat treatment (at temperatures above 400°C) of 

supersaturated Al-Zr alloys with a Zr content of > 0.2 wt% (Ryum 1969 ; Izumi &  

Oelschlagel 1969 ; Nes &  Billdal 1977b). The A ^Z r is still of the coherent metastable 

type, but forms by a discontinuous precipitation mechanism from the supersaturated Al- 

Zr solid solution by the movement of the subgrain boundary. The mechanism of this 

discontinuous precipitation, as described by Nes and Billdal (1977b), apparently 

associates this type of precipitation reaction with recrystallisation, since the precipitates 

form behind the advancing subgrain boundary which aids the diffusion of Zr from the 

supersaturated solid solution to the precipitate. In the heat treated structures, however,



Figure 4.16  Solution Treated Microstructures of Alloy ZR2-1

(a) 350°C Extrudate — ST420°C/lh
(b) 450°C Extrudate —  ST420°C/lh
(c) 450°C Extrudate — ST420°C/100h
(d) 250°C Extrudate — ST 540°C/0.5h
(e) 350°C Extrudate —  ST 540°C/0.5h
(f) 450°C Extrudate — ST 540°C/0.5h
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no evidence of recrystallisation was observed. The relatively large size (~ 4 Jim) of the 

subgrain observed in Figure 4.16a could be due to subgrain growth, though it is also 

possible that the subgrain observed is an amalgamation of smaller subgrains whose 

boundaries are not clearly seen.

In contrast to the above, the extrudates processed above 400°C did not show 

any sign of this discontinuous type of precipitation. The heat treated structures 

consisted mainly of the small ’spherical' Al^Zr precipitates (~ 20 - 30 nm diameter) 

observed in the as-extruded condition (Figures 4.16 b & c). The absence of the rod

shaped precipitates could simply be because there was not enough Zr in solid solution 

to precipitate out discontinuously, since most of the Zr had already precipitated out as 

spherical A ^Z r particles during extrusion. This observation highlights the effect of 

simultaneous deformation and temperature experienced during extrusion on the 

precipitation of the 'spherical' A ^Zr particles. Prolonged heat treatment at 420°C (i.e. 

up to 10 0  hrs), only resulted in a greater degree of coarsening of the spherical A ^Z r  

precipitates within the structure, as observed in Figure 4.16c. The interaction of these 

relatively coarse particles with the dislocations and subgrain boundaries is apparent, 

pointing to the effectiveness of these precipitates in limiting sub-boundary motion.

Heat treatment of the extrudates at a higher temperature (540°C/0.5h), resulted 

in similar structural transformations to the ones observed above (Figures 4.16 d - f). 

The lower temperature extrudates (i.e. extrudates below 400°C) again displayed an even 

distribution of the discontinuously precipitated fine rod-shaped A ^Z r precipitates, as 

seen for the 250°C  and 350°C  extrudates in Figures 4.16 d &  e. The 'fan-shaped' 

appearance of this type of precipitation, as described by other workers (e.g. Ryum 

1969), is clearly seen in Figure 4.16d. The nature of the discontinuous precipitates in 

the heat treated 350°C extrudate (Figure 4.16e) is similar to that of the 250°C extrudate 

(Figure 4.16d). For the extrudates above 400°C, however, no sign of this 

discontinuous precipitation was observed. The heat treated structure of the 450°C  

extrudate (Figure 4.16f) again shows the spherical type A ^Zr precipitates arranged in 

rows, as observed to a large extent in the as-extruded alloy (Figure 4.15d).

The effect of these heat treatments as regards to the Li-containing precipitates 

within the material could not be observed to any degree in these solution treated 

structures. It could be concluded that as well as leading to 'cleaner' structures (i.e. 

lower dislocation density), the heat treatments given resulted in dissolution of the Li 

within the material, since hardly any 8 ' (A^Li) or 8 (AlLi) precipitates could be 

observed within these structures.
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Peak-Aged Structures

The effect of 190°C peak-ageing (~ 2 - 3 hrs) on the extrudates solution treated 

at 540°C/0.5h, is shown in Figure 4.17. For all the extrudates, general appearance of 

the subgrain structure appears relatively unchanged upon peak-ageing (Figure 4.17a). 

However, a closer look at some of the subgrains, indicates a 'mottled' (finely 

peppered) appearance, characteristic of a fine homogeneous distribution of the 

strengthening 5' (A^Li) phase. In both the low temperature (i.e. <  400°C) and the high 

temperature (> 400°C) extrudates, these 5' particles precipitate out as a fine 

homogeneous distribution of spherical particles within the matrix, with particle sizes of 

about 5 - 1 0  nm and inter-particle spacings of the same order (Figure 4.17d). In low 

temperature (< 400°C) extrudates, however, they also precipitate out heterogeneously 

on pre-existing A ^ Z r precipitates, which have a similar lattice parameter and L I 2 

structure (see Section 2.4.1). This heterogeneous precipitation occurs on both the 

spherical and the rod-shaped cubic A ^Z r precipitates, resulting in formation of the so- 

called 'composite' Al3(Li,Zr) precipitates observed by many workers (Gregson 1983 ; 

Gayle &  Vandersande 1984a,b ; Makin &  Ralph 1984). There is dispute as to whether 

the formation of these precipitates is purely heterogeneous, or whether any diffusion of 

Li from the 5' envelope into the A ^Z r core takes place, rendering these precipitates 

unique properties (see Section 2.4.1). The investigation could not determine this, but 

clearly showed that in these heat treated low temperature extrudates, 8' forms in both 

the homogeneous form and the heterogeneous composite form, as seen by the dark- 

field image in Figure 4.17c (obtained by centering the beam on the superlattice 

reflections).The equilibrium 8 (AlLi) precipitates are also observed in these samples at 

subgrain boundaries (Figure 4.17a). This observation is in agreement with the findings 

of Jensrud and Ryum (1984) about the slow dissolution rate of 8, such that all the Li 

within the alloy had not been taken into solution by the heat treatment. The presence of 

these equilibrium 8 (AlLi) precipitates at subgrain boundaries reportedly results in poor 

fracture properties in Al-Li alloys (Vasudevan &  Doherty 1987), being responsible for 

the so-called 'grain boundary ductile fracture'.

In contrast to the above structures, hardly any 'composite' precipitation was 

observed during peak-ageing of the high temperature (> 400°C) extrudates (Figures 

4.17 d - f). Again, a general homogeneous distribution of 8' was seen throughout the 

material (Figure 4.17d), though precipitation of spherical A ^ Z r in rows was also 

apparent (Figure 4.17e). Closer inspection of these A ^Zr precipitates revealed that they 

were enveloped by 8' (Figures 4.17 e &  f). Thus heterogeneous precipitation of 8' on 

pre-existing A ^ Z r precipitates also takes place for higher temperature extrudates, 

though apparently not to the extent observed in the lower temperature (< 400°C)



Figure 4.17 P eak -A ged  M icrostructures o f  A llo y  ZR 2-1

( a ) , (b) & (c) 2 5 0 °C  Extrudate (S T 5 4 0 ° C /0 .5 h )  
( d ) , (e) & (f) 4 5 0 °C  Extrudate (S T  5 4 0 °C /0 .5 h )
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extrudates (Figures 4.17 d &  c). This observation raises the question as to the nature of 

the 'composite' precipitate, and to some extent reinforces allegations by Kim et al.

(1986) about the special conditions required for precipitation of the 'composite' 

precipitate (see Section 2.4.1).

4.5.2 Alloy ZR2-2 (Al - 2.73 Li - 0.69 Zr)

Microstructures of alloy ZR2-2 were found to be similar to that of alloy ZR2-1 

both as a function of initial billet temperature and heat treatment conditions. This 

similarity in microstructure is reflected in the similar D SC thermograms observed for 

the two alloys (see Section 4.4.2). This is hardly surprising since the compositions of 

the two alloys are very similar. However, the differences observed for the two alloys 

during processing may have some effects on the properties of the two alloys, which are 

not reflected to a large extent in the microstructures of the two alloys.

4.5.3 Alloy ZR3-1 (Al - 3.00 Li - 2.01 Zr)

The microstructure of this high-Zr alloy for the 300°C extrudate is shown in 

both the as-extruded and heat treated conditions in Figure 4.18. The as-extruded 

structure is observed to consist of rather small (~ 0.7 - 1 Jim) 'equiaxed' subgrains, 

with hardly any sign of subgrain elongation.along the extrusion direction (Figure 

4.18a). The structure also contains a significant amount of coarse (~ 50 - 100 nm) 

spherical precipitates which have been identified by X-ray diffraction as the metastable 

coherent A ^Z r phase. In view of the low diffusivity of Zr in the solid state, some of 

these are thought to have been present in the as-atomised powder. However, since little 

A ^ Z r was detected in the powder microstructure and during X-ray diffraction of the 

powders (see Sections 4.2.4 and 4.2.5), most of these particles must have formed from 

decomposition of the supersaturated solid solution during extrusion.

With solution treatment, the small size and equiaxed nature of the subgrains 

hardly change, probably due to the effect of A ^ Z r precipitates on inhibiting grain 

growth (Figures 4.18 b - d). The size and density of the A ^Zr precipitates, however, is 

increased, mainly as a consequence of further decomposition of the supersaturated solid 

solution. The distribution of small spherical A ^Zr particles (~ 0.05 pm) appears to be 

more dense and evenly distributed throughout the matrix for the sample solution treated 

at 540°C/0.5h (Figures 4.18 c &  d). It should also be noted that hardly any



Figure 4 .18  M icrostructure o f  A llo y  ZR3-1

(a) A s-E xtruded  (c) ST  5 4 0 °C /0 .5 h
(b) S T  4 2 0 ° C /lh  (d) S T  5 4 0 °C /0 .5 h
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discontinuous rod-shaped A ^Zr precipitation was observed in this alloy after the given 
solution treatments. Also, hardly any sign of subgrain boundary 8  (AlLi) precipitation 

was seen. In the peak-aged condition, a fine homogeneous precipitation of 8 ' (AI3LA) 

was observed throughout the matrix.

In both the low temperature (420°C/lh) and the high temperature (540°C/0.5h) 

solution treatments, rather large (0.2 - 0.5 Jim) globular particles were observed 

(marked X  in Figures 4.18 b & c). Such particles were also seen to some extent in the 

as-extruded condition. These particles are too large to be the equilibrium tetragonal 

A ^ Z r phase and were found by ED X analysis to consist mainly of silicon (~ 20 - 30 

at%) and aluminium. They are thought to be formed by contamination from the 

crucibles into the melt during atomisation. This problem arises with ’old' quartz 

crucibles which tend to lose their integrity, especially at high temperatures, resulting in 

the Si-rich particles (which are used as binding materials within the crucibles) 

dissolving into the melt and hence being incorporated into the atomised powder.

4.5.4 Alloy ZR4 (Al - 4.08 Li - 1.05 Zr)

The typical as-extruded microstructure of alloy ZR4 is shown for the 400°C 

extrudate in Figure 4.19a. The structure is seen to consist of relatively small (~ 1 - 1.5 

Jim) subgrains, with a substantial amount of the equilibrium 8  (AlLi) precipitates (0.1 -

0.3 Jim diameter) at the subgrain boundaries. Also, some large spherical particles (0.1 - 

0.3 Jim diameter), similar to those observed for alloy ZR 3-1, are observed within the 

matrix. These were identified as the Si-rich particles which must have been 

incorporated within the material during atomisation. The large amount of equilibrium 8 

(AlLi) precipitates, which was strongly substantiated by X-ray diffraction analysis, is 

due to the high Li content (4.08 wt%) of the alloy. This level of Li is apparently too 

high to be fully retained in solid solution, since even at high extrusion temperatures (> 

400°C), it precipitates out at heterogeneities (e.g. subgrain boundaries) in the form of 

the equilibrium 8 (AlLi) phase. The high Li content of the alloy is thought to cause 

supersaturation of the matrix to such an extent that it causes rejection of Zr atoms from 

the solid solution, resulting in the formation of some A^Zr particles.

Upon heat treatment at 540°C/0.5h, the amount and distribution of the 

equilibrium 8  (AlLi) precipitates at subgrain boundaries, and the amount of the coarse 

globular particles, remain relatively unchanged (Figure 4.19b). The equilibrium 8 

(AlLi) precipitates are still present and have not fully dissolved because at this
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Figure 4 .19  M icrostructure o f  A llo y  Z R 4

(a) A s-E xtruded (c)
(b) ST 5 4 0 °C /0 .5 h  (d)

S T  5 4 0 °C /0 .5 h  + PA  
S T  5 4 0 °C /0 .5 h  +  PA
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temperature (i.e. 540°C), the binary Al-Li phase diagram indicates that a composition of 

4 wt% Li still lies in the two phase (a + 8) region. However, the large amount of the 8 

(AlLi) precipitates could be additionally due to the modification of the a/8 solvus by the 

high Zr content, causing the a /8 solvus to shift to the left. Still a number of small 

spherical (~ 0 .1  pm) A ^Zr precipitates are seen within the microstructure.

Peak-ageing these solution treated structures at 190°C results in profuse 

homogeneous precipitation of the coherent metastable 8 ' (A^Li) phase (Figure 4.19c). 

The 8 ' precipitates appear relatively large in size (~ 20 nm), and on closer inspection 

look irregular in shape rather than spherical. The irregular shape of 8 ' particles is a 

consequence of the large amount of particles coalescing together in order to reduce their 

surface area, and has been observed by Gu et al. (1986a) in high-Li binary alloys. 

Figure 4.19dshows the still significant presence of the equilibrium 8 (AlLi) precipitates 

at subgrain boundaries which will be deleterious to the fracture toughness properties of 

the alloy (Vasudevan &  Doherty 1987). Jensrud and Ryum (1984) have shown how 

the growth of the equilibrium 8 (AlLi) precipitate in this system is facilitated at subgrain 

boundaries, since the 8 phase is very much less soluble than the strengthening 8 ' 

(A^Li) phase.

4.5 .5  Summary

1. All the alloys were found to have a microstructure consisting of dynamically 

recovered subgrains, in both the as-extruded and heat treated conditions. The subgrains 

were elongated in the extrusion direction in most alloys, though alloy ZR 3-1 consisted 

mainly of equiaxed subgrains.

2. The subgrain structure was stable in all the alloys, with little change in the subgrain 

size with solution treatment. The subgrain sizes were of the order of 0.7 - 2 pm, 

varying little with the alloy composition or the heat treatments given.

3. Alloys ZR 2-1 and ZR2-2 exhibited considerable precipitation of the 'spherical' 

metastable (cubic) A ^ Z r particles at extrusion temperatures above 400°C. These 

precipitates hardly changed upon solution treatment. However, the low temperature 

(i.e. < 400°C) extrudates which consisted of very few A ^ Z r precipitates in the as- 

extruded condition, exhibited precipitation of 'rod-type' (fan-shaped) A ^Zr precipitates 

upon solution treatment at temperatures of 420°C and 540°C.
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4. Peak-ageing the alloys at 190°C, resulted in homogeneous matrix precipitation of 

the metastable cubic 5' (A^Li) particles. These precipitates were very fine in size (~ 10 

nm) with a small interparticle spacing (~ 20 nm). In alloys which contained fine 

spherical or rod-shaped A ^Z r precipitates, 5' also formed heterogeneously on these 

particles, giving rise to ’composite' Al3(Li,Zr) precipitates.

5. Low temperature (i.e. < 400°C) extrudates of alloys ZR2-1 and ZR2-2 were found 

to have a small amount of the equilibrium 5 (AlLi) precipitates present at the subgrain 

boundaries in the as-extruded condition. The higher temperature (i.e. > 400°C) 

extrudates did not contain these precipitates.

6 . Alloys ZR 2-1 and ZR2-2 displayed similar microstructures as a function of 

extrusion temperature and heat treatments given. This was principally due to the similar 

composition of the two alloys.

7. Alloy ZR 3-1 displayed more profuse AfjZr precipitation (~ 50 - 100 nm) due to its 

high Zr content (~ 2 wt%). The alloy also exhibited more equiaxed subgrains with a 

smaller average size of ~ 1 pm.

8 . Alloy ZR4 exhibited a great amount of the equilibrium 8 (AlLi) precipitates in both 

the as-extruded and solution treated conditions. These precipitates were mainly present 

at subgrain boundaries, and were due to the very high Li content (~ 4 wt%) of the 

alloy. This alloy also showed very profuse homogeneous precipitation of 8 ' (A^Li) 

upon ageing at 190°C, though little evidence of the composite Al3(Li,Zr) precipitates 

was observed.

9. Small amounts of rather large (~ 0.2 - 0.5 pm) globular Si-rich particles were found 

in alloys ZR 3-1 and ZR4. These had been inadvertently incorporated into the powder 

microstructure from the crucibles during atomisation.
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4 .6  Response to Heat Treatment

The effects of heat treatment over a wide range of conditions were initially 

investigated by hardness testing as this is a rapid method for characterising the alloy 

behaviour. From this study, the most promising heat treatments were selected for 

mechanical property investigation, so that the associated levels of strengthening could 

be determined.

The heat treatment programme consisted of solution treatment and subsequent 

artificial ageing of the extrudates. Details of the heat treatments used are given in 

Section 3.6. The effect of cold-working (in the form of stretching) on the precipitation 

behaviour of one of the alloys (ZR2-2), was also investigated to a small extent. An idea 

of the errors involved in the hardness values is provided in Appendix 4 by the 190°C  

ageing data of alloy ZR4.

The artificial ageing curves obtained were similar in shape, displaying 

’classical' ageing behaviour for a system producing metastable coherent precipitates. 

Early stages of ageing showed a rapid increase in initial hardness, due to nucleation and 

growth of the coherent, ordered 8’ (AI3LA) precipitates, and their interaction with glide 

dislocations by a shearing mechanism. With the progress of ageing, coarsening and 

gradual loss of coherency with the matrix occurs. In addition, the interparticle spacing 

increases, changing the deformation mechanism to that of dislocation (Orowan) 

looping. This is accompanied by a gradual loss in hardness. The main points of this 

study are discussed below.

4.6.1 Effect of Ageing Temperature

The influence of 150, 170 and 190°C ageing temperatures on the ageing 

response of all ZR 2-1 extrudates in the 'as-extruded' condition, is shown in Figure 

4.20. The effect of these ageing temperatures on the 'solution treated’ ZR 2-1  

extrudates, and the extrudates of alloy ZR 1, were found to be similar and are shown in 

Figures A4.1 - A4.3 in Appendix 4. The ageing curves clearly show that the lowest 

ageing temperature (150°C) results in a greater ageing response, the least response 

being displayed by the highest ageing temperature (190°C). This behaviour is expected 

since at lower ageing temperatures, there is an increased driving force for the nucleation 

of 8 ', resulting in a finer dispersion of 8 ' precipitates. Moreover, the potential 

maximum volume fraction of 8 ' is increased at lower ageing temperatures giving rise to
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larger ageing responses. However, peak hardnesses are achieved after longer periods, 

since diffusion rates which control the precipitation process are slower at lower ageing 

temperatures.

Peak ageing for ZR 2-1 extrudates seems to occur after lOOh at 150°C, 

compared to 3 - 8 hours at 190°C. However, the increase in peak hardness achieved at 

the lower ageing temperature is only between 5 - 1 0  VHN for the higher temperature 

extrudates (i.e. > 400°C), and 1 0 - 1 3  VHN for the lower temperature extrudates 

(Figures 4.20 d - f). This rather small increase in hardness does not justify the 

unreasonably long ageing times. Even for the 170°C ageing, relatively long peak ageing 

times of 10 - 15 hours are required (Figure 4.20). Therefore, for the rest of the alloys, 

190°C ageing was adopted as standard treatment so that peak hardnesses could be 

achieved in practical times without a significant sacrifice in strength. In addition, this 

ageing temperature was extremely useful for comparison of our results with those of 

other workers (Parson 1985 ; Mukhopadhyay 1988) who had adopted 190°C ageing in 

a number of similar investigations.

It is worth emphasizing the relatively short times (3 - 8 h) required to reach peak 

age at 190°C. These short ageing times are typical of 'powder' Al-Li alloys (Robinson 

1987) and are in marked contrast to the relatively long ageing times of 20 hours 

reported by Parson (1985) and Mukhopadhyay (1988) for 'cast' Al-Li-Mg-Cu alloys.

4.6.2 Effect of Solution Treatment Temperature

The effect of solution treatment on 190°C ageing behaviour of the various Al-Li- 

Zr alloys is shown in Figures 4.21 - 4.24. The results of a similar investigation on the 

150 °C  and 170°C  ageing of alloy ZR 2-1, are shown in Figures A4.4 and A4.5 in 

Appendix 4.

Solution treatments of 420°C/lh and 540°C/0.5h were used throughout the 

investigation for all the alloys as no property improvements were found by exceeding 

540°C. This is because for most of the alloy compositions investigated (2.5 - 3.0 wt% 

Li), this temperature lies well inside the single phase a  region and thus allows complete 

solutionising of the Li content of the material. However, for the higher Li (4 wt%) ZR4 

alloy, the solvus between the single and two-phase regions lies at a temperature of 

about 565°C, and therefore an additional soaking temperature of 560°C was used for 

this alloy to see the effect on supersaturation of the extra Li present. The 420°C/lh
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solution treatment was used for two reasons. Firstly, as a comparison with the 540°C  

solution treatment to determine the effect on degree of supersaturation of Li within the 

material. Secondly, it was used to promote precipitation of A ^Z r particles within the 

alloys, which could enhance the ageing response (see Section 2.4.1). Solution soaking 

times of 30 minutes were found to be adequate at the high temperatures (i.e. 540°C and 

560°C) to ensure even soaking within the 16 mm diameter extrudates. Solution 

treatment for longer times did not appear to change the hardness properties to any 

noticeable degree. For the 420°C solution treatment, a longer soaking time of one hour 

was used because of the slow diffusion of Zr. The solution treatments were carried out 

in air, though this reportedly results in depletion of lithium in the surface layers due to 

oxidation (Fox et al. 1986 ; Parson 1985). This did not pose any problems as the 

lithium-depleted layer was quite thin (~ 0 .2  mm) and as such could easily be ground off 

before taking any hardness measurements.

Figures 4.21 - 4.24, clearly illustrate that the solution treatments given had the 

expected effect on the ageing response of all the alloys with regard to supersaturation of 

Li. The higher temperature solution treatment (540°C/0.5h) resulted in the highest 

ageing responses (of ~ 40 - 50 VHN) for the alloys. The 420°C/lh solution treatment 

yielded shallower ageing curves as expected from the binary Al-Li phase diagram (see 

Section 2.3.1), the ageing response being between 25 - 30 VHN for the various alloys 

(see Table 4.4). These observations are quite different compared to the hardness 

properties in the as-extruded condition (Figures 4.21a - 4.24a). The solution treatments 

had resulted in more similar initial hardness and ageing response among the different 

temperature extrudates. This illustrates the great potency of solution treatment in 

determining the final properties of these alloys.

Solution treatment at 540°C appears to result in an initial hardness of 105 - 115  

VHN for the Z R 2-1 and ZR2-2 alloys, and 130 - 140 VHN for the more heavily 

alloyed ZR 3-1 and ZR4 alloys. The 190°C ageing response for this solution soak is 

fairly constant (between 40 - 50 VHN) for all the alloys. However, it is surprising that 

despite the much higher Li content of alloy ZR4 (i.e. 4 wt% compared to 2.5 wt% in 

the other alloys), its ageing response is in fact smaller than that observed in the other 

alloys (Figure 4.24). Even solution treatment at the higher temperature of 560°C, which 

should result in greater Li supersaturation, does not appear to increase the ageing 

response greatly (see Table 4.4). These observations suggest that the extra lithium in 

this alloy is not readily available in solid solution to be precipitated out as 8 ’ (A^Li) 

particles during ageing, and should therefore be tied up in some other form. 

Transmission electron microscopy of the alloy (Section 4.5.4) in fact revealed that the
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extra lithium is present in the form of the equilibrium 8 (AlLi) phase. This explains the 

slight decrease in initial hardness and the increase in ageing response (except for the 

400°C extrudate) as the solution treatment temperature is raised to 560°C, as this higher 

solution treatment temperature results in further dissolution of 8.

The 420°C/lh solution treatment, on the other hand, results in generally higher 

'initial hardnesses' of 110  - 130 VHN for the low-Zr (~ 0.7 wt%) ZR 2-1 and ZR4 

alloys, and 150 - 155 VHN for the high-Zr (~ 2 wt%) ZR3-1 alloy. In this respect, it is 

apparent that the 420°C/lh treatment results in the precipitation of A ^Z r particles 

within the alloys, causing greater initial hardness, especially in alloy ZR3-1 which has a 

greater amount of Zr. For alloy ZR2-1, it is interesting to note that the initial hardness 

of the low temperature (i.e. < 400°C) extrudates, increases dramatically (by ~ 30 VHN) 

upon solution treatment, while that of the higher temperature (> 400°C) extrudates is 

hardly changed (Figures 4.21 a &  b). This is because in the low temperature extrudates 

(which were virtually devoid of A^Zr precipitates) the 420°C solution treatment causes 

discontinuous precipitation of A^Zr, while resulting in little change in the precipitation 

of the high temperature extrudates which already had A ^Zr precipitates present within 

their structure (see Section 4.5.1). For all the alloys (Figures 4.21 - 4.24), the initial 

hardness observed for the 420°C/lh solution treatment are greater than those observed 

for the 540°C/0.5h solution treatment. This indicates that the A ^ Z r precipitates 

redissolve at temperatures above 500°C, as indeed found by other workers (see Section

2.4 .1).

It is evident from the hardness properties that the precipitation reactions within 

these alloys are the greatest source of property determination, while substructure 

strengthening and other effects afforded by processing are only minor contributory 

factors. The variation in initial hardness of the extrudates after solution treatment, 

however, is an indication that the substructure is not greatly affected during solution 

treatment, and still has some effect on the final properties of the material. This is shown 

by the larger variation in initial hardnesses of the extrudates at the lower solution 

treatment temperature (420oC/lh).

A  very notable feature highlighted in the ageing curves is the variation of times 

to reach peak-ageing as a function of solution treatment temperature (see Table 4.4). 

Peak-ageing at 190°C is reached in shorter times (~ 1 - 2 h) at the 420°C solution soak 

temperature compared to the higher solution treatment temperatures (~ 3 - 4 h). This is 

clearly seen in Figure 4.24 (for alloy ZR4), where solution treatment at a higher 

temperature of 560°C (Figure 4.24 d) gives rise to even longer peak-ageing times ( 4 - 5



Table 4.4 Peak-Ageing Data for the Al-Li-Zr Alloys

A llo y Extrudate As-Extruded ST 420°C /lh ST 540°C/0.5h ST 560°C/0.5h

Ho Peak H AHv
Time to 

Peak Ho Peak H A H v
Time to 

Peak H o Peak H AHv
Time to  

Peak H o Peak H AHv
Time to 

Peak

Z R 2 -1 500°C no 153 4 3 2h 30m 109 137 2 9 2h 15m 105 146 4 1 2h 15m
450°C 120 157 3 7 2h 50m 119 142 2 3 2h 15m 108 149 4 1 3h 15m — — — —

D400°C 113 154 4 1 3h 112 140 2 8 2h 106 147 4 1 3h — — — —

400°C 102 138 3 6 2h 30m 124 147 2 3 lh 05m no 150 4 0 2h — — — —

350°C 90 132 4 2 5h 30m 121 139 1 8 3h no 151 4 1 3h 30m — — — —

300°C 89 125 3 6 6h 30m 124 141 1 7 2h no 152 4 2 3h 45m — — — —

250°C 91 132 4 1 5h 30m 126 142 16 2h 30m 117 152 3 5 2h 20m — — — —

Z R 2 -2 450°C 107 143 3 6 2h 30m 112 155 4 3 2h 30m
250°C 93 139 4 6 2h 20m — — — — 119 160 4 1 lh 55m — — — —

250°C (3) 93 133 4 0 2h 05m — — — — 117 160 4 3 2h 05m — — — —

Z R 3 -1 400°C 142 174 3 2 lh 15m 151 169 1 8 lh 25m 127 171 4 4 lh 15m
300°C 142 168 2 6 lh 15m 155 171 1 6 lh 05m 138 175 3 7 lh 20m — — — —

Z R 4 500°C 128 157 2 9 2h 132 155 2 3 lh 135 169 3 4 2h 126 171 4 5 3h
400°C 113 150 3 7 2h 131 153 2 2 lh 10m 133 168 3 5 2h 30m 146 173 2 7 4h 30m
300°C 110 149 3 9 lh 30m 131 155 2 4 50m 138 170 3 2 2h 30m 127 174 4 7 3h 30m
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hrs). This effect has also been observed by other workers (Gu et al. 1985 ; 1986a) and 

has been attributed to the presence of the small A ^Z r precipitates. As discussed earlier, 

a greater amount of A ^Z r precipitates are formed and exist at the 420°C solution 

treatment temperature. These are generally about 20 nm in diameter and act as 

heterogeneous nucleation sites for 5* during ageing. Since peak-ageing occurs when a 

'critical' particle size is reached, the 5' formed on the A ^ Z r precipitates reach the 

critical size in a shorter time than homogeneously precipitated S’. Consequently, alloys 

solution treated at 420°C  achieve peak-ageing rather quickly. Peak-ageing times 

increase with increasing solution treatment temperature as more and more of the A ^Zr  

particles dissolve at temperatures above 500°C. The effect is evidently enhanced by the 

presence of more Zr in the alloy, as observed for the Zr-rich alloy ZR 3-1 which shows 

very short peak-ageing times ( 1 - 1 . 5  h) even for extrudates solution treated at 540°C. 

Surprisingly, alloy ZR4 which has a relatively low Zr content (~ 1 wt%), also displays 

very short peak-ageing times after the 420°C solution treatment (~ lh), suggesting that 

possibly a substantial amount of A ^Z r is precipitated within this alloy. The extrusion 

temperature also has an effect in this respect as it affects the precipitation reactions 

occurring during processing.

Oxide debris distributed as stringers along the extrusion direction from the 

break-up of particle surface oxide layers, may have an effect on the hardness 

properties. However, due to the very small amount, size and distribution of oxides, 

their contribution to strengthening is thought to be so small as to be negligible.

4.6.3 Effect of Initial Billet Temperature

A  look at the 'as-extruded' hardness properties of the alloys (Figures 4.21a - 

4.24a), shows the significance of the initial billet temperature on the ageing behaviour 

of the various extrudates. Generally, it appears that the higher the temperature at which 

the material is extruded, the higher is its peak hardness. However, a closer look at the 

ageing curves and the ageing data in Table 4.4, shows that the ageing response of the 

alloys varies rather haphazardly with extrusion temperature. Only the initial hardness of 

the extrudates is observed to be a strong function of the initial billet temperature. This 

suggests that for hardness properties, an increase in the extrusion temperature has little 

'solutionising' effect with respect to the Li content of the material. Its main effect, 

apparently, is on 'substructure strengthening' or 'precipitation' of second phases (such 

as A^Zr) during processing. Since the initial hardness (Ho) of the lower temperature 

extrudates (which should theoretically have a greater amount of substructure) is
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generally lower than that of the higher temperature extrudates (see Table 4.4), it can be 

deduced that either the substructure strengthening effected is very small or that its effect 

is completely overshadowed by the strengthening attained by precipitation of second 

phases at higher extrusion temperatures. The precipitation which gives rise to this 

increase in initial hardness with extrusion temperature, could either be the fine 8 ’ 

particles formed upon press-quenching or the metastable A ^Z r phase (both observed 

by TEM  in Section 4.5.1). The press-quenched 8 ' has little effect on increasing the 

initial hardness, as shown by the lower initial hardness observed upon solution 

treatment at 540°C, compared to the higher initial hardness obtained by the 420°C  

solution treatment. (This observation also suggests that the 540°C solution treatment 

causes dissolution of the A ^Z r particles.) However, the dramatic increase in initial 

hardness which occurs at extrusion temperatures above 400°C, suggests that the 

precipitation of A ^Zr (as a function of initial billet temperature) is the main contributory 

factor. This effect is best observed in the 'as-extruded' alloy ZR 2-1 (Figures 4.21a), 

where a gap of ~ 30 VHN exists between the ageing curves of extrudates processed 

above 400°C and those below 400°C (see Table 4.4), with the three extrudates in each 

temperature regime following each other very closely.

The results for the 190°C ageing are replotted in Figure 4.25 to highlight this 

relationship. Figure 4.25 clearly shows that at extrusion temperatures above 400°C 

(Figures 4.25 a - c), maximum peak-ageing response is obtained in the 'as-extruded' 

condition, the 420°C solution treatment giving the poorest response. At processing 

temperatures below 400°C (Figures 4.25 d - f), however, the initial hardness in the as- 

extruded condition is much lower than that achieved in the same specimens after 

solution treatment at either 420°C or 540°C. The only plausible explanation for these 

observations is that at processing temperatures above 400°C, it is the precipitation of the 

metastable A ^Z r particles which results in a substantial increase of 30 VHN in initial 

hardness (which is maintained throughout the ageing process). The fact that this 

reaction, which occurs to its maximum extent at 420°C, also appears to take place at 

high extrusion temperatures (i.e. above 400°C), suggests that it must be a relatively 

rapid (total heating-up and extrusion time ~ 5 mins) thermally assisted reaction which is 

aided by strain during deformation. The 400°C extrudate, shown in Figure 4.21a, 

which is different from the D400°C extrudate in that it was heated at a faster rate (see 

Section 4.3.2), clearly marks the boundary between the two regimes, showing 400°C 

as the critical processing temperature. Obviously, a transformation has started in this 

extrudate (heated for 1.5 mins), which has increased its initial hardness by 15 VHN, 

but the transformation has not advanced to the same extent as the D400°C extrudate 

which was heated for a much longer time (15 mins) before extrusion.
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Figure 4.25 Effect of Initial Billet Temperature on 190°C Ageing Behaviour
of Alloy ZR2-1
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It is interesting to note that alloy ZR 2-2 (Figure 4.22), which has a similar 

composition to alloy ZR2-1, does not display as great a difference between the ageing 

response of its 250°C and 450°C extrudates, though the observed trend is apparent. The 

more heavily alloyed ZR3-1 (Figure 4.23a) and ZR4 (Figure 4.24a) alloys also display 

the trend, but again not to quite the same extent as alloy ZR2-1.

4.6.4 Effect of Stretching

Extruded products are usually given a cold stretch of a few percent in order to 

straighten them and relieve the residual stresses, as well as to aid precipitation within 

the material. The latter is particularly true in the case of age-hardenable alloys, where 

the cold stretch is often incorporated into the heat treatment cycle prior to ageing, this 

being termed the T 8 temper (see Appendix 5). The dislocations and point defects 

introduced in this way can affect the precipitation kinetics by providing extra sites for 

heterogeneous nucleation of precipitates, or enhance the mechanical properties of the 

material through substructure strengthening (McElroy &  Szkopiak 1972).

In this investigation, only one of the extrudates, namely the 250°C (3mm/s) 

extrudate of alloy ZR2-2, was examined for the effect of stretching. This was due to the 

unavailability of material from the other alloys. Extrudate lengths, either in the as- 

extruded condition or solution treated at 540°C/0.5h, were given a 2 %  stretch using a 

DENISON tensile testing machine, before further solution treatment or ageing. The 

standard solution treatments employed throughout this investigation and an ageing 

temperature of 190°C were used. The results obtained are shown in Figure 4.26.

As observed in Figure 4.26a, a straight-forward stretch does not seem to 

enhance the maximum hardness of the material and in fact reduces it (by 5 - 1 0  VHN), 

whereas if the alloy is solution treated prior to stretching, the peak-hardness obtained is 

greater (~ 30 VHN higher). Upon closer inspection, however, it can be seen that the 

'ageing response’ (i.e. AHV) of the solution treated and stretched (STH + Str. 2%) 
material, is similar to that of the unstretched length (Figure 4.26a). This suggests that 

the stretching has had no effect on the precipitation characteristics of the material. Only 

the ’initial hardness* of the solution treated and stretched material has increased by 30 

VHN. This could not have been due to work-hardening, since the as-extruded and 

stretched (Str. 2%) material only shows an increase of ~ 5 VHN in initial hardness 

upon stretching. The high initial hardness of the STH + Str. 2% sample may therefore
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be attributed to the solution treatment prior to stretching. Solution treatment of the 

'stretched' material (Figures 4.26 b &  c) seems to have the previously observed effect 

on Li supersaturation, with the 420°C/lh solution treatment giving rise to a smaller 

response compared to the 540°C/0.5h solution treatment.

From this brief investigation, it can be concluded that a 2% stretch prior to heat 

treatment does not affect the precipitation hardening of this alloy. However, it has been 

shown that solution treatment at 540°C/0.5h prior to the stretching is more beneficial 

than simply stretching the as-extruded material.

4.6.5 Natural Ageing

Natural ageing response of the alloys in a variety of initial conditions (as- 

extruded, solution treated, stretched) is shown in Figures 4.27 and 4.28. All the curves 

show that regardless of alloy composition or the heat treatment given, no natural ageing 

apparently occurs up to ageing times of 6000 hours (~ 8 months). The very small 

response of the high-lithium (~ 4 wt%) alloy ZR4, additionally implies that increasing 

the Li content has little effect on the kinetics of natural ageing. These results are 

contrary to that of other workers (e.g. Mukhopadhyay 1988) who found substantial 

natural ageing in 'cast' Al-Li-Mg-Cu-Zr alloys. The absence of natural ageing in our 

alloys is thought to be due to the high binding energies of both Li and Zr atoms to 

vacancies. Li has a binding energy of 0.26 eV (Mondolfo 1976), and Zr a binding 

energy of 0.24 eV (Ozbilen &  Flower 1989) to vacancies. Therefore, upon quenching 

from a high temperature (i.e. after extrusion or solution treatment), the Li and Zr atoms 

bind themselves strongly to the vacancies within the material. Although the 

lithium/vacancy conglomerates may cluster together at room temperature, as observed 

by the DSC results at a temperature of 130°C  (see Section 4.4.1), the high binding 

energy of the lithium atoms to vacancies prevents the vacancies being released, hence 

preventing the Li atoms from forming 8' (A^Li) particles. Therefore, these alloys will 

not naturally age, even up to the very long times used here. The Al-Li-Mg-Cu-Zr alloys 

studied by other workers (Mukhopadhyay 1988), on the other hand, display natural 

ageing since their Cu and Mg contents which have low binding energies, help in the 

formation of GPB zones, which give rise to natural ageing in these alloys.
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4.6.6 Summary

1. 190°C was found to be an optimum ageing temperature, at which peak-ageing could 

be achieved within 2 - 8  hours. Decreasing the ageing temperature to 150°C, prolonged 

peak-ageing times to 100 hrs while increasing the hardness by only ~ 8 VHN.

2. Solution treatment of the extrudates resulted in generally higher 'ageing responses'. 

Solution treatment at 540°C/0.5h resulted in all the Li being taken into solution for the 

low-Li (~ 2.7 wt%) alloys (e.g. Z R 2-1, ZR2-2, ZR3-1), giving maximum ageing 

responses of ~ 40 - 50 VHN. A  higher temperature of 560°C was found to be more 

beneficial for the high Li (~ 4 wt%) ZR4 alloy. The solution treatment at 420°C/lh gave 

the lowest ageing responses (of ~ 25 - 30 VHN) for the alloys.

3. Solution treatment at 420°C/lh resulted in the highest 'initial hardness' values (~ 

120 - 150 VHN depending on the Zr content). This was due to the maximum 

precipitation of fine metastable A ^Z r precipitates. Increasing the solution treatment 

temperature to 540°C resulted in partial dissolution of these precipitates, hence lower 

initial hardnesses (of 105 - 135 VHN).

4. Time to peak-ageing at 190°C was lowest for extrudates given a prior 420°C/lh  

solution treatment. This was due to the heterogeneous precipitation of 8 ' (A^Li) on the 

existing A ^Z r particles, leading to shorter times to reach the critical size essential for 

peak-ageing.

5. Initial billet (extrusion) temperature was found to cause variations in the 'initial 

hardness' properties of the 'as-extruded' alloys. This was mainly due to the 

precipitation of A ^Z r at temperatures above 400°C, rather than due to 'substructure 

strengthening’ at the lower temperatures (which was found to be minimal).

6 . Alloy composition was found to result in variations in the hardness properties. The 

high Zr content (~ 2 wt%) of alloy ZR3-1 resulted in very high 'initial hardness' values 

( 140 - 155 VHN, compared with 110  - 130 VHN for other alloys), though the much 

higher Li content (~ 4 wt%) of alloy ZR4 only resulted in slightly higher 'ageing 

responses’ (~ 45 VHN) compared to the low-Li (~ 2.7 wt%) alloy ZR2-1 (~ 40 VHN).

7. A  2% stretch prior to heat treatment, had hardly any effect in enhancing the 

precipitation hardening of alloy ZR2-2.
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8 . All the alloys showed hardly any 'natural ageing', due to the high binding energy of 

Li to vacancies.

9. The most influential factors in increasing the hardness properties of these Al-Li-Zr 

alloys were the precipitation hardening afforded by A ^Z r (giving an increase of ~ 30 

VHN) and A ^ L i (giving an increase of ~ 40 VHN) particles. Substructure 

strengthening as a consequence of lower extrusion temperatures (i.e. dislocation 

substructures), was found to contribute very little (~ 5 VHN) to the hardness 

properties, though the small subgrain size in general was the main basis of hardness 

(accounting for ~ 90 - 100 VHN).

4 .7  Mechanical Properties

The mechanical properties of the alloys, such as tensile and short rod fracture 

toughness, as well as the physical properties of modulus and density, have been 

determined. These are discussed below under separate headings. The effect of the heat 

treatments given, particularly the ageing treatments, on the tensile and fracture 

toughness properties have been highlighted.

4.7.1 Tensile Properties

The tensile properties of the Z R 2-1, ZR2-2, Z R 3-1 and ZR4 alloys as a 

function of the heat treatments given, are shown in Figures 4.29 - 4.32 respectively. 

Double-shouldered (Hounsfield No. 13) tensile specimens machined from fully 

consolidated parts of the extrudates were tested using a strain rate of 1.8  x 10 '4 sec-1. 

Two specimens were used per test, to give some idea of the scatter of the results. 

Values for 0.2% proof stress are quoted because in many of the testing conditions, no 

yield point was obtained. The ductility was obtained from load-extension curves, and is 

quoted in terms of percentage elongation of the test specimen prior to fracture. The 

results are plotted as a function of the heat treatments given (including the as-extruded 

condition), since for these precipitation-hardened alloys, the tensile properties were 

found to vary substantially as a function of heat treatment. For each heat treatment 

condition, the tensile properties of each individual extrudate is shown, so that the 

variation in properties with the processing condition, in particular the initial billet 

temperature, can be observed. Details of the results obtained are given in Appendix 6 .
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Alloy ZR2-1

Tensile properties of alloy ZR 2-1 in the as-extruded (AE) condition and as- 

extruded and peak-aged (AE + PA) condition, as well as solution treated at 540°C/0.5h 

(STH) and subsequently aged condition (at 190°C), are shown in Figure 4.29. The 

underaged (UA) and overaged (OA) conditions correspond to ageing times required to 

achieve 80% peak hardness. The 'as-extruded* 0.2% proof stress properties of the 

alloy (Figure 4.29a), clearly show the effect of the initial billet temperature on the room 

temperature properties of the alloy. Samples extruded below 400°C have a proof 

strength of 50 - 100 MPa lower than those extruded above 400°C. These overall trends 

are in close agreement with the hardness results obtained for the alloys (Section 4.6). 

This increase in strength is thought to be due to the precipitation of small spherical 

metastable A ^Zr precipitates in samples extruded above 400°C (see Section 4.5.1).

However, variations still exist among the as-extruded proof stress properties 

which cannot be explained solely by the dispersion strengthening effect of the A ^Z r  

precipitates. These variations are not due to the scatter in the results since the errors 

involved are smaller than the property variations observed (see Table 4.5). Other 

factors which affect the the 'as-extruded' tensile properties include substructure 

strengthening (i.e. effects of subgrain size and dislocation density), as well as 

precipitation hardening due to press-quenched 8 ’ and the equilibrium 8  (AlLi) 

precipitates. As discussed in the previous section (Section 4.6.2), there will be very 

little press-quenched 8 ' to have any effect. The 250°C extrudate exhibits a slightly 

greater proof stress than the 300°C or 350°C  extrudates, mainly due to the greater 

substructural strengthening in this sample, and possibly due to the small presence of 8 

particles (see Section 4.5.1).

Table 4.5 Tensile Properties of Alloy ZR2- 1  in various Heat Treated Conditions

Alloy Extrudate Condition 0.2% PS UTS Elongation

Value
(MPa)

Error
(±MPa)

Value
(MPa)

Error
(±MPa)

Value
(%)

Error
(±%)

ZR2-1 500°C AE 351 ± 2.0 384 ± 1.4 13.9 ± 0.4
450°C AE 400 ± 0.7 411 ±6.6 13.4 ±0.2

D400°C AE 352 ± 3.9 388 ± 1.7 15.4 ± 0.3
400°C AE 285 ±4.7 371 ± 0.4 14.8 ±0.0
350°C AE 267 ±0.9 357 ± 0.7 15.8 ± 0.9
300°C AE 261 ± 3.3 347 ±0.8 15.2 ±0.0
250°C AE 275 ±4.3 353 ±2.2 11.8 ± 1.2
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Solution treatment of the extrudates at 540°C/0.5h (STH), results in an increase 

of ~ 100 MPa in the proof stress of low temperature (i.e. < 400°C) extrudates. This is 

in agreement with the hardness results obtained (Section 4.6.2) and is due to the 

precipitation of the rod-shaped metastable A ^Z r discussed in Section 4.5.1. The proof 

strength of the high temperature (> 400°C) extrudates, however, appears to drop by 30 

- 50 MPa, probably due to recovery effects and loss of any 5' present in the extruded 

structures. The difference between the strength levels of the solution treated low 

temperature (< 400°C) and high temperature (> 400°C) extrudates is too little to indicate 

whether the 'morphology' of the metastable A ^Z r phase (i.e. rod-shaped or spherical) 

has any effect in increasing the strength of the alloy.

190°C ageing of the solution treated extrudates results in a substantial increase 

in the strength properties of all extrudates. The peak-aged (STH + PA) strength 

properties are nearly twice that found in the as-extruded (AE) condition, demonstrating 

the importance of ageing and the prominent role of 5' (AI3O ) precipitation in the 

strengthening of these alloys. The strength levels of the underaged (STH + UA) and 

overaged (STH + OA) extrudates are about 90% that of the peak-aged (STH + PA) 

extrudates : somewhat surprising since these samples were heat treated to give 80% of 

the peak hardness. The underaged extrudates have on average strength levels of 20 - 30 

MPa higher than the overaged condition. These observations tend to suggest that 

'hardness' and 'strength' properties do not correlate exactly with one another. It is very 

interesting to note the effect of solution treatment on the peak-aged properties (i.e. STH 

+ PA), when compared to peak-ageing the as-extruded material (i.e. A E + PA). 

Solution treatment seems to result in slightly higher (~ 20 MPa) strength properties than 

simply ageing the as-extruded material. This is particularly true in the case of the low 

temperature extrudates (i.e. < 400°C), which respond substantially when solution 

treated, while showing the same trend of much smaller strength levels (of ~ 100 - 150 

MPa) than the high temperature (> 400°C) extrudates when peak-aged from the as- 

extruded condition (Figure 4.29a). This observation clearly shows that for maximum 

tensile properties in this alloy, a 540°C solution treatment prior to ageing is necessary to 

promote formation of large amounts of both the A ^Zr and the 8' (AI3U ) phases.

The observed differences of 20 - 50 MPa between the 0.2% proof strength of 

different temperature extrudates, even after solution treatment and ageing, indicate the 

importance of the initial structural differences of the as-extruded material in determining 

the final strength properties. These differences are not due to the scatter in the results 

(as observed by the errors shown in Appendix 6), and can only be put down to the 

structural effects arising from initial extrusion conditions. This is particularly evident
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for the 250°C  and the 350°C  extrudates which display the highest strength among the 

extrudates, in the STH + PA condition.

The ultimate tensile strength (UTS) values are generally higher (by ~ 20 - 80 

MPa) than the 0.2% proof strength values, but the trends as regards to initial billet 

temperature and the heat treatment conditions are the same as those for the 0.2% PS 

values. Only the low temperature (< 400°C) extrudates in the as-extruded condition 

display a significant increase in their UTS values compared to their 0.2% PS values.

Elongation values (Figure 4.29c) of the extrudates are reasonably good in the 

'as-extruded' condition, averaging at 13 - 14%. This decreases slightly (by 1 - 2%) 

upon solution treatment, probably due to loss of substructure, or precipitation of the 

A ^Zr particles. Upon 190°C ageing, the elongation values drop to much lower levels (5 

- 7 %), the worst overall properties being obtained in the solution treated and peak-aged 

(STH + PA) condition. This demonstrates that the homogeneous matrix precipitation of 

the strengthening 5' (A ^Li) phase, has a bad influence on ductility of the alloy, 

probably due to its well-documented effect on slip localisation (Sanders 1979 ; Sanders 

&  Starke 1982). Peak-ageing the 'as-extruded' samples (AE + PA) appears to result in 

slightly better ductility (by ~ 1  - 2  %) than those obtained in the solution treated and 

aged condition. This, to a large extent, refutes the claims of Gayle and Vandersande 

(1984a ; 1986) and Kim et al. (1986) about the slip homogenising effect of the 

composite Als(Li,Zr) precipitates present in these structures (see Section 4.5.1). The 

results seem to indicate that despite their presence, the composite Al3(Li,Zr) precipitates 

have hardly any effect on the dispersion of slip in this Al-Li-Zr alloy.

Alloy ZR2-2

The tensile properties of alloy ZR2-2 shown in Figure 4.30, are comparable in 

magnitude and trend (as a function of heat treatment) to those of alloy ZR2-1. This is 

mainly due to the similar composition (see Table 4.1) and microstructure (see Section

4.5.2) of the two alloys. Again, the 'as-extruded' strength properties show a 

substantial increase (of -  40 MPa) with extrusion temperature. In the case of the low 

temperature 250°C  extrudate, decreasing the ram speed from 9 to 3 mm/s appears to 

result in a small decrease (~ 5 - 1 0  MPa) in the strength of the material. Though this is 

somewhat expected since a higher ram speed will cause greater strengthening of the 

material due to strain rate sensitivity, this result shows that ram speed effects are rather 

small compared to the effects of initial billet temperature. The ductility values for alloy 

ZR2-2 in the as-extruded condition are slightly lower (by ~ 2 - 3 %) than those of alloy
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Figure 4.30 Tensile Properties of Alloy ZR2-2



ZR 2-1, and at 10 - 12%  are only just above the acceptability level (8%) for Al-Li 

alloys.

Solution treatment of the extrudates at 540°C/0.5h (STH) results in a substantial 

increase of 40 - 60 MPa in strength levels of the low temperature 250°C extrudate, 

while causing a slight decrease in strength of the high temperature 450°C extrudate. 

These results are similar to those obtained for alloy ZR2-1 and can be explained in the 

same way. The ductility of this alloy, however, seems to have improved to some extent 

(by ~ 3 - 4%) by the solution treatment, contrary to the small decreases observed for 

alloy ZR2-1.

Peak-ageing the solution treated extrudates at 190°C (i.e. STH + PA) again 

results in greater (~ 20 - 50 MPa) strength levels and slightly smaller ductility levels (by 

~ 1- 2%) than peak-ageing the alloy in the as-extruded (AE + PA) condition. This is 

similar to the results obtained for alloy ZR2-1, even in terms of the magnitude of the 

properties obtained. Strength levels of around 550 MPa are reached upon solution 

treatment and peak-ageing, while ductility is substantially reduced to unacceptable 

values of 4 - 5%. Stretching the sample by 2% prior to solution treatment and ageing 

(Figure 4.30), hardly caused any change in the strength properties of the 250°C  

(3mm/s) extrudate. These results are in close agreement with the hardness data obtained 

(Section 4.6.2). The ductility appears to have improved slightly (by ~ 1%), though this 

is within the scatter of the results.

Alloy ZR3-1

The as-extruded 0.2% proof strength of alloy ZR 3-1, shown in Figure 4.31a, 

indicates very high (~ 410 MPa) as-extruded properties. This is in agreement with the 

high as-extruded hardness properties observed for this alloy (see Section 4.6.2), and is 

attributed to the high volume fraction of the metastable A^Zr. A  difference of 100°C in 

the initial billet temperature appears to make hardly any difference in the as-extruded 

properties, probably because the final temperature of both extrudates was similar after 

extrusion (see Section 4.3.4). The alloy even shows rather good ductility of 10 - 14%  

in the as-extruded condition.

Solution treatment of the 300°C extrudate at 540°C/0.5h seems to increase both 

the 0.2% proof strength (by ~ 20 MPa) and the ultimate tensile strength (by ~ 70 MPa) 

(Figure 4.31b). However, these values do not reflect the true potential strength of this 

alloy, since the specimen broke longitudinally before its maximum strength could be 

achieved (see the load-elongation curves in Figure 4.33). This was due to a longitudinal
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hair-line crack which existed within the extrudate, and was responsible for the very low 

ductility (~ 3%) of this extrudate in the solution treated condition.

Peak-ageing the solution treated alloy (STH + PA) causes only a relatively small 

increase of 100 MPa in 0.2% proof strength above that achieved in the as-extruded 

(AE) condition (cf. increase of 150 - 250 MPa for alloy ZR2-1), while the ductility is 

considerably lowered to 3% (being comparable to the solution treated condition). This 

result indicates that there are too many fracture-promoting constituents present in the 

aged condition to allow the potential strength of the alloy to be realized, as they cause it 

to fracture prematurely. Based on the above results and the load-elongation curves 

(Figure 4.33), it is believed that this alloy will display its best combination of strength 

and ductility properties in the solution treated (540°C/0.5h) condition.

Alloy ZR4

The ‘as-extruded' strength properties of alloy ZR4, shown in Figure 4.32, are 

somewhere in between those of alloy ZR 2-1 and alloy ZR 3-1. This high-Li alloy 

shows an increase of 70 MPa in as-extruded proof strength over alloy ZR 2-1, mainly 

due to the increase in the Li content from 2.80 to 4.08 wt%, though the Zr content is 

also higher by 0.24 wt%. In comparison to the high-Zr alloy Z R 3-1, however, it 

displays a proof strength 70 MPa lower. These two observations suggest that in the 

'as-extruded' condition, increasing the Zr content from 1 to 2 wt% has a greater effect 

on increasing strength than an increase in the Li content from 2.8 to 4.1 wt%. The 

extrusion temperature also seems to have a significant effect on the strength properties 

since the 500°C extrudate shows an 'as-extruded' proof strength comparable to alloy 

Z R 3-1, being 70 MPa higher than its corresponding 400°C and 300°C extrudates 

(which show similar properties). As in the case of alloy ZR 2-1, the critical processing 

temperature for this improvement in properties appears to be 400°C, suggesting that 

certain reactions or transformations take place above this temperature, even at the short 

times involved during processing (~ 5 - 1 0  mins). Such reactions involve the Zr content 

of the alloy, most probably as the metastable A^Zr. The 500°C extrudate appears to 

show a reasonable as-extruded ductility of 10 % despite its higher strength, compared to 

the very poor ductility of 5% displayed by the lower temperature 400°C and 300°C  

extrudates. Although this may be an unrepresentative value, the small scatter (± 0.9) 

involved in the results for the two samples tested from this extrudate, support the fact 

that properties of this alloy are improved as a consequence of this high processing 

temperature. The higher processing temperature probably gives rise to greater A ^Zr  

precipitation and less 8 (AlLi) precipitates, resulting in better ductility and strength 

properties in the 'as-extruded' material.
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Peak-ageing the as-extruded material seems to lower the ductility (by an average 

of 1%  ; but by ~ 7%  for the 500°C extrudate), indicating that the homogeneous 

precipitation of 5 ’ (AI3U ) particles results in poorer ductility. The strength in this 

condition (i.e. A E  + PA), however, only increases by 60 - 90 MPa, which is rather 

small considering the much higher Li content of this alloy, compared to alloy ZR2-1 

which displayed a rise of ~ 150 MPa upon peak-ageing. If peak-ageing is carried out 

after solution treatment (i.e. STH + PA), much higher strength levels are obtained, 

approaching 600 MPa. These observations prove that the Li content of the alloy in the 

’as-extruded' condition is tied up in the form of 8 (AlLi) precipitates (observed by TEM  

in Section 4.5.4), leaving little Li in solid solution to be precipitated out during ageing. 

The substantial increase in strength properties upon solution treatment and peak-ageing 

is unfortunately accompanied by a large drop in ductility (to 2 - 3%), showing the 

deleterious effect of the high volume fraction of 8 ' (A^Li) precipitates on the ductility 

of these alloys. Not enough material was available to test the properties of this alloy in 

the solution treated (STH) condition.

Because of the high Li content of alloy ZR4, the effect of a higher solution 

treatment at 560°C/0.5h prior to ageing (denoted STV  + PA) on the tensile properties 

was also investigated. Surprisingly, the strength levels obtained after this treatment 

were comparable to, or even slightly less than, those obtained by the 540°C/0.5h 

solution treatment (STH + PA). This is contrary to the hardness results obtained 

(Section 4.6.2) which clearly showed a large increase in hardness as a consequence of 

this treatment. Also, the ductility values obtained after this treatment were slightly 

higher (by ~ 1 - 2 %) than the STH + PA samples. These observations are thought to 

be due to greater dissolution of the existing equilibrium 8 (AlLi) precipitates at the 

higher solution treatment temperature. However, it is also possible that the 560oQ0.5h 

solution treatment additionally results in modification of some other phase or other 

transformations within the alloy (e.g. composite precipitate).

Load-Elongation Curves

It is worth considering the shape of the 'load-elongation' curves obtained 

during tensile testing of these alloys, to get some idea of the structural contributions to 

strengthening. Typical curves for a variety of heat treatment conditions are shown for 

each alloy in Figure 4.33. The shape and magnitude of the load-elongation curve of a 

metal depends on its composition, heat treatment, prior history of plastic deformation, 

and the strain rate, temperature, and state of stress imposed during testing. Since the 

testing conditions were kept constant, the changes observed among the load-elongation
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curves for the different alloys are a function of their composition and heat treatment 

condition. Figure 4.33 shows that nearly all the alloys display fairly large elongations 

and no yield point in the as-extruded (AE) or the 540°C/0.5h solution treated (STH) 

condition. Upon ageing (PA, etc.), however, the samples display a considerable 

increase in strength, showing a definite yield point, but rather poor elongations as the 

ductility of the specimens is reduced due to homogeneous matrix precipitation of the 

coherent 5' (AI3O) particles.

4 .7.2 Fracture Toughness Properties

The fracture toughness properties of the Al-Li-Zr alloys in various heat treated 

conditions, as obtained by the 'short-rod' fracture toughness test (see Section 3.12.6), 

are shown in Figures 4.34 and 4.35. This test has been shown to be a quick and easy 

method of testing the fracture properties of relatively brittle materials of small section 

(Cieslak 1985), giving a reasonably good correlation with the more conventional 'plane 

strain' fracture toughness test (specified by A STM  E399). The test specimen 

geometries employed in this test give a measure of the fracture properties in the 

'transverse' direction which in the case of round bar extrudates is the same as the 'short 

transverse' direction. Thus, the fracture properties of the alloy in the weakest direction 

within the extrudate have been determined.

Fracture properties of the ZR 2-1 extrudates are shown in Figure 4.34a. The 

errors for the fracture toughness values of ZR 2-1 extrudates are given in Table 4.6, 

showing the scatter in the results. It can be seen that the 'as-extruded' (AE) fracture 

properties vary between 7 and 17 MPaVm, with an average value of about 10 MPaVm. 

These values are well below those for the aluminium alloys commercially used in 

aircraft (between 25 - 35 MPaVm) and even lower than those of commercial Al-Li 

alloys (e.g. 20 MPaVm for alloy 2091), indicating that this alloy is rather brittle. Upon 

solution treatment at 540°C/0.5h (STH), the fracture properties are slightly enhanced, 

averageing about 13 MPaVm. 190°C ageing of the extrudates in either the solution 

treated (STH + PA) or the as-extruded (AE + PA) conditions, however, results in a 

large decrease in the fracture toughness properties, to a value of approximately 6 - 7  

MPaVm. In all these variously 'aged' conditions, the fracture values are more or less 

the same, and clearly smaller than those in the as-extruded or solution treated 

conditions. These results indicate that the precipitation reactions and other structural 

changes which occur during 190°C ageing, have adverse effects on the fracture 

properties of this alloy. Since precipitation of the strengthening 8 ' (AI3U ) particles is
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the principal precipitation reaction observed during 190°C ageing, slip localisation 

promoted by these 5' precipitates (well-documented and explained in Section 2.3.3) 

seems to be the main cause of the poor fracture properties. However, other 

precipitation, or solute segregation, reactions might also have taken place during the 

190°C ageing, contributing to the poor fracture properties in this condition. Although it 

is hard to ascertain the effects of the A ^Zr and the composite Al3(Li,Zr) precipitates in 

dispersing slip within the alloys, the results indicate that they have little effect in 

enhancing the fracture properties.

Similar trends of fracture properties as a function of heat treatment, are 

observed for alloy ZR2-2 (Figure 4.34b). In this alloy, however, the as-extruded (AE) 

fracture properties are much higher, varying between 18 and 28 MPaVm. These values 

decrease slightly to an average of 22 MPaVm upon solution treatment at 540°C/0.5h 

(STH), though judging by the haphazard trend among the extrudates, this change is 

probably due to the scatter in the results. These fracture values are halved to about 9 - 

10 MPaVm upon ageing at 190°C, again showing the deleterious effect of 5' 

precipitation on the fracture properties of these alloys. Although some small variations 

in fracture values are observed upon changing the ram speed or incorporating a 2 % 

stretch, they are too small to indicate anything significant and are most probably due to 

the scatter of the results. Generally, however, the fracture toughness values recorded 

for this alloy in every heat treated condition, are higher than those for alloy ZR2-1 

which has a similar composition. The reason for this is difficult to ascertain at this 

stage.

Table 4.6 Short-rod Fracture Toughness Properties of Alloy ZR2-1 
in various Heat Treated Conditions

Extrudate AE AE + PA STH STH f- PA

Kv
(MPaVm)

Error Kv
(MPaVm)

Error Kv
(MPaVm)

Error Kv
(MPaVm)

Error

500°C 16.1 ± 0 .5 7.4 ±  0 .3 7.9 ±  0 .2 7.4 ± 0 . 3
450°C 10.4 ± 0 .5 6.2 ±  0 .2 14.5 ±  0 .2 6.2 ± 0 . 8

D 400°C 8.4 ±  0 .4 6.9 ±  0 .5 18 ±  0 .9 6.9 ± 0 . 5
400°C 7.1 ±  1.0 5.6 ±  0 .8 — — — —

350°C 10.5 ± 0 . 9 10.2 ± 1.9 — — 4.7 ± 0 . 1
300°C 11.5 ± 1.4 — — — — 5.8 ± 0 .4
250°C 8.7 ± 0 . 1 4.8 ± 0.2 — — 4.5 ± 0 . 3
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Figure 4.35a shows the fracture properties of the high-Zr alloy ZR 3-1. This 

alloy was found to display rather poor fracture toughness properties in most conditions, 

with an average toughness value of ~ 6 MPaVm. The relatively high value of ~ 16 

MPaVm obtained for the 400°C extrudate upon solution treatment (STH), however, 

shows solution treatment to have some effect in improving the fracture properties, but 

is rather inconclusive since it was obtained from a single specimen. The rather low 

toughness values of ~ 6 MPaVm in the as-extruded condition are not encouraging and 

peak-ageing the material (AE + PA) only decreases the fracture properties further. The 

solution treated and peak-aged samples (STH + PA) show slightly better properties 

compared to the as-extruded samples. These observations suggest the 540°C/0.5h 

solution treatment to be very beneficial in enhancing the fracture properties of this alloy, 

as it was for the tensile properties. This could be due to an optimum precipitation of 

A ^Zr particles after this solution treatment.

The high-Li alloy ZR4 displays equally bad fracture properties in all conditions 

(Figure 4.35b). The best fracture properties are achieved in the as-extruded (AE) 

condition, averageing about 9 MPaVm. There is a gradual decrease in fracture 

properties upon solution treatment at 540°C/0.5h (STH) and subsequent peak-ageing 

(PA). As with other low-Zr alloys (i.e. ZR2-1 and ZR2-2), peak-ageing halves the as- 

extruded fracture properties to ~ 5 MPaVm, with the extrudates which were solution 

treated prior to ageing (STH +PA and STV  + PA) displaying slightly higher (by ~ 1 - 2 

MPaVm) toughness values. The poor fracture values in this alloy not only arise from 

the slip localisation effects of 5' particles, but also due to weakening of the subgrain 

boundaries by the 8 (AlLi) precipitates present there (see Section 4.5.4) (Vasudevan &  

Doherty 1987). The high alloy content of alloy ZR4 does not allow full dissolution of 

the slow dissolving 8 (AlLi) precipitates present at subgrain boundaries, hence the 

poorer toughness values upon solution treatment at 540°C/0.5h compared to the as- 

extruded condition. The reduction in fracture properties upon peak-ageing, however, 

indicates that precipitation of 8 ’ (A^Li) is more potent in reducing the fracture 

properties of the alloy than the precipitation of the equilibrium 8 (AlLi) precipitates at 

the subgrain boundaries.

As in the case of tensile properties, the results show a variation with the initial 

billet temperature, which is observed throughout for all the alloys and heat treatment 

conditions. Since for each result two specimens were used, the scatter of the test results 

for one of the alloys, ZR2-1, is shown in Table 4.6. This table indicates that, to some 

extent, the variations in fracture toughness properties between different extrudates are 

due to the scatter in the results. However, the table also shows that some of the
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variations observed are a consequence of the processing temperature used. Since no 

discernible trends exist in these variations for the various heat treatment conditions, it 

can only be deduced that the variations observed are due to a combination of the scatter 

of the results and the individual microstructures of each extrudate as a consequence of 

their initial billet temperature.

In conclusion, it can be said that all these Al-Li-Zr alloys display rather poor 

fracture toughness properties which are considerably less than those of the 

conventionally processed aluminium alloys (e.g. 7050 T4 temper) or other Al-Li alloys 

(e.g. 8090) in commercial use in aircraft structures. The fracture properties of the alloys 

decrease with increasing alloying content (both Li and Zr) and with 190°C ageing. 

Within each alloy system, 190°C ageing is found to halve the toughness values to 

between 5 and 10 MPaVm, compared to the as-extruded condition. This is thought to 

be mainly due to the homogeneous matrix precipitation of 8 ' and the slip localisation 

associated with this phase which ensues during deformation, though solute segregation 

or precipitation of other phases which might occur during the ageing treatment could 

also be responsible for the poor fracture properties of the alloy. Precipitation of 8 ' is 

thought to be more potent than the effect of subgrain boundary weakening due to 

precipitation of the equilibrium 8 (AlLi) precipitates, considered by Vasudevan and 

Doherty (1987) as being the principal cause of lowering toughness in Al-Li alloys. 

Also, oxide particles usually associated with PM structures (which were hardly 

observed by transmission electron microscopy in Section 4.5), are thought to have little 

effect on decreasing the fracture properties of these alloys, since these would have 

remained constant in all the alloys in all heat treated conditions, while the greatest 

variation in fracture properties were observed upon ageing. The metastable A ^Z r  

particles and the so-called ’composite’ Al3(Li,Zr) phase have been found to have little 

effect in improving the fracture properties of these alloys contrary to the allegations by 

Kim et al. (1986) and Gayle and Vandersande (1984a ; 1986) that these composite 

precipitates give rise to substantial improvements in the toughness properties.

4 .7.5 Modulus Properties

The elastic modulus (E) of the various alloys in the 'as-extruded' condition is 

given in Table 4.7. For alloy ZR2-2, the modulus values were obtained in the 

540°C/0.5h solution treated (STH) condition. The values appear to vary between 70 

and 82 GPa, with hardly any systematic trend with the lithium content, extrusion 

temperature, or heat treatment condition of the alloy. These results are somewhat
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Table 4.7 Elastic Modulus Properties of the Al-Li-Zr Alloys

Alloy Extrudate Condition E
(GPa)

Error 
(± GPa)

Li Content 
(wt.%)

Z R 2 - 1 500°C AE 82.3 ±4.8 2.80
450°C AE 76.5 ± 1.1D400°C AE 79.2 ± 1.0
400°C AE 77.0 ± 3.1
350°C AE 80.8 ± 1.4
300°C AE 79.1 ± 0.4
250°C AE 78.2 ± 1.5

Z R 2 - 2 450°C STH 74.8 ± 4.2 2.73
250°C STH 71.7 ± 0.9

Z R 3 - 1 400°C AE 69.9 ± 2.4 3.00
300°C AE 74.1 ± 0.7

Z R 4 500°C AE 73.2 ± 1.5 4.08
300°C AE 76.3 ± 4.0

Table 4.8 Density Values of the Al-Li-Zr Alloys

Alloy Extrudate Condition Density
(g/cm3)

Theoretical 
Density 
(g/cm3 )

Li
Content
(wt.%)

Zr
Content
(wt.%)

Z R 2 - 1 400°C AE 2.53 2.43 2.80 0.81
350°C AE 2.53
250°C AE 2.53

Z R 2 - 2 450°C STH 2.51 2.44 2.73 0.69
250°C AE 2.51

STH 2.51
STH + Str. 2.51

Z R 3 - 1 400°C AE 2.53 2.43 3.00 2.01
STL 2.53

300°C AE 2.52
Z R 4 500°C AE 2.44 2.33 4.08 1.05

STV + PA 2.43
400°C STL 2.43
300°C AE 2.42
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different from the findings of Noble et al. (1982a) who found that after solution 

treatment at 20°C above the solvus temperature, cast Al-Li alloys of up to 4 wt% Li 

achieved a modulus of up to 86 GPa, with alloys of commercial interest ( 2 - 3  wt% Li) 

exhibiting a modulus in the range 79 to 83 GPa. They concluded that the actual value of 

the modulus depended on the heat treatment conditions, and attributed the major 

contribution to this increased modulus to the lithium in solid solution which they said 

modified the electronic structure of the alloy, thereby increasing its modulus. Our 

results were mainly obtained in the as-extruded condition and as such cannot be 

compared with those of Noble et al. (1982a). However, Noble et al. (1982a) 

maintained that some contribution to the modulus was due to the 8 ' (A^Li) and 8 (AlLi) 

precipitates within the alloy, with the contribution of the former increasing from 14% to 

30% as the Li-content of the alloy increased from 2 to 3 wt%. Webster (1979) also 

observed increases in the modulus of some Al-Cu-Li-Mg alloys upon ageing. The 

results, however, do not appear to show an increase in modulus with an increasing Li 

content, and no modulus measurements were carried out in the aged condition.

The errors associated with the modulus values (Table 4.7) show the limited 

accuracy of the results obtained. Each of the modulus values quoted in the table, is an 

average of four measurements carried out on 'one' extended (60 mm gauge length) 

Hounsfield No. 14  specimen, using a transducer driven extensometer. The 

extensometer was attached to a 'double knife-edge set up which clipped unto the test 

specimen. It is possible that the knife edges had not fully gripped the specimen during 

testing, and might have slipped by minute amounts thus affecting the extensometer 

reading. The limited number of tests carried out and the fact that only one specimen was 

used per extrudate, also limits the accuracy of the results. Therefore, our results only 

give an indication of the range of moduli possessed by these Al-Li-Zr alloys, and for a 

more detailed study, a more accurate technique and a greater number of specimens are 

required.

4.7.4 Density Measurements

The results of the density measurements performed by an Archimedean 

displacement method (see Section 3 .12 .1)  for all the alloys at various extrusion 

temperatures and heat treatment conditions, are given in Table 4.8. The theoretical 

density of these alloys, calculated by a rule of mixtures principle from the density of the 

constituent elements in each alloy, are also given in Table 4.8.
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It can be seen that the value of density measured for each alloy remains 

unchanged with the processing (i.e. extrusion temperature or heat treatment) condition, 

showing that it is an unchangeable physical property of each alloy. The high-Li alloy 

ZR4, exhibits the smallest density as expected. Alloy Z R 3-1, which has a slightly 

higher Li content than alloy ZR2-1, displays an identical density to ZR 2-1, due to its 

much higher Zr content. It is somewhat surprising that alloy ZR2-2 which has a slightly 

lower Li content (by ~ 0.07 wt%) than alloy ZR 2-1, should exhibit a lower density, but 

the higher density of ZR 2-1 is most probably due to its slightly higher Zr content. The 

calculated theoretical density values are generally lower (by ~ 0 .1  g/cm3) than the 

experimentally obtained density values. This is mainly because the theoretical density 

calculations do not take into account the small amount of impurities (see Table 4.1) 

which are also present in the alloys.

The densities of our alloys compare well with those of the commercial Lital A  

(2.54 g/cm3) and Lital B (2.55 g/cm3) alloys, the high-Li alloy ZR4 showing a 

significantly better density. When comparing the densities of these alloys with that of 

pure aluminium (2.70 g/cm3), we find that on average we get a decrease of 2.3%  in 

density per weight percent of Li added. This is a little less than the often-quoted 3%  

decrease in density of binary Al-Li alloys, probably because of the relatively high Zr 

(p = 6.49 g/cm3) content of these alloys.

4.7.5 Summary

1 .  The alloys exhibited typical 'as-extruded' 0.2% proof strength properties ranging 

from 250 - 420 MPa with reasonable ductilities of 6 - 15 % in this condition. Peak

ageing at 190°C resulted in the strength of the alloys increasing to between 480 and 600 

MPa while decreasing the ductility to values of 3 - 7 %. Nearly all the Al-Li-Zr alloys 

displayed poor fracture properties, with as-extruded properties ranging from 5 to 25 

MPaVm decreasing to 3 - 9 MPaVm upon peak-ageing.

2. Initial billet temperature had a noticeable effect on the tensile properties of the 

alloys, which was not only displayed in the 'as-extruded' condition, but carried 

through even to the heat treated conditions.

3. A  processing temperature of 400°C appeared to be critical in determining the 'as- 

extruded' properties of the alloys. Extrusion above this temperature seemed to result in
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certain transformations within the structure which resulted in generally better strength 

and ductility properties in the as-extruded alloys.

4. Contribution to strengthening from precipitation of the metastable cubic A ^Zr phase 

was about 70 - 130 MPa. It is difficult to ascertain whether the morphology of this 

precipitate (i.e. rod-shaped or spherical) has any bearing on its strengthening effect.

5. Precipitation of the coherent metastable 8 ' (A^Li) particles during 190°C ageing, 

provided the strongest contribution to the strength properties of the alloys, increasing 

the strength by about 150 - 250 MPa (in some cases doubling it). However, this 

precipitate was deleterious to the ductility and fracture toughness properties, reducing 

the values obtained in the A E or STH conditions by half.

6 . The homogeneous dispersion of 8 ' (A^Li) is thought to be more deleterious to the 

fracture properties of these alloys (by promoting slip localisation), than the equilibrium 

8 (AlLi) phase which is mainly present at the subgrain boundaries (promoting 

intergranular fracture).

7. It was hard to ascertain the effect of the composite Al3(Li,Zr) precipitates on the 

fracture toughness properties, but it was thought that they do not greatly improve the 

fracture toughness properties.

8 . The composition of the alloys had a considerable effect on their as-extruded and 

heat treated mechanical properties. Increasing the Zr content resulted in an increase in 

the as-extruded strength properties while maintaining the ductility at the same level. 

Increasing the Li content of the alloy had some effects on the ’as-extruded' strength 

properties, but it mainly caused strengthening in the solution treated and peak-aged 

condition. Increasing the alloy content (i.e. Li or Zr) generally resulted in a decrease in 

the transverse fracture properties.

9. The modulus of the alloys was found to be in the range 70 - 82 GPa, this large 

variation being due to the measurement errors involved.

10. The density of the alloys was found to be rather promising, ranging from 2.34  

g/cm3 for the high-Li alloy ZR4, to 2.51 g/cm3 for alloy ZR2-2, and 2.53 g/cm3 for 

alloys ZR2-1 andZR3-l.
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4.8 Fractography

Fractography was employed to characterise the fracture surfaces of the tensile 

and short-rod specimens in an attempt to identify the origins and mechanisms of 

fracture in the Al-Li-Zr alloys. The fracture surfaces appeared to vary more as a 

function of heat treatment than as a function of the extrusion temperature or the alloy 

composition. The main findings of this investigation are given below for each type of 

specimen.

4.8.1 Tensile Specimens

For the tensile specimens, the mode of fracture seemed to change with ageing 

condition, varying from predominantly ’45° shear' fracture in the as-extruded condition 

to a ’cone and socket type' containing longitudinal splits in the variously aged 

conditions. The macroscopic appearance of the fracture surface was similar for the aged 

specimens, a typical example being given in Figure 4.36a. The mixture of the operative 

fracture modes, namely (a) 45° shear susceptibility, and (b) longitudinal splitting, is 

apparent from the fracture surface. The evidence of 'massive splitting' (i.e. long 

filament-like features) and 'transgranular dimpling', giving rise to 'cliff-like' features, 

can be better seen at higher magnifications (Figure 4.36b). The portions of the fracture 

surface which had undergone transgranular fracture, all had a 'dimpled' appearance 

which looked similar in both the as-extruded and aged specimens (Figure 4.36c). This 

dimpled fracture surface is indicative of transgranular 'micro-void' coalescence usually 

associated with aluminium alloys. In some specimens, second-phase particles appeared 

to be present within the dimples.

4.8.2 Short-Rod Specimens

The fracture surfaces of the short-rod specimens, shown in Figure 4.37, had a 

somewhat different appearance to that of the tensile specimens. They exhibited mainly 

elongated (filament-like) fracture surfaces aligned along the extrusion direction. There 

was some difference between the as-extruded and aged specimens, in that the as- 

extruded specimens exhibited a more dimpled appearance. The aged specimens showed 

a relatively smooth surface, as shown for alloy ZR2-1 in Figure 4.37a. At higher 

magnifications (Figure 4.37b), this surface appeared quite featureless, as if the 

grains/subgrains had separated along their boundaries. For more brittle alloys such as



Figure 4 .3 6  T en sile  Fracture Surfaces o f  A l-L i-Z r A llo y s

(a) U n d er-A ged  ZR 2-1
(b) P eak -A ged  ZR 2-1
(c) P eak -A ged  Z R 2 -1



Figure 4 .3 7  Short-R od Fracture Surfaces o f  A l-L i-Z r A llo y s

(a) P eak -A ged  Z R 2-1 (b) P eak -A ged  ZR2-1
(c) A s-E xtruded ZR 3-1 (d) P eak -A ged  ZR3-1
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alloy Z R 3-1, very smooth elongated filament-like surfaces were observed in the as- 

extruded condition (Figure 4.37c), as well as in the peak-aged condition. Examination 

of the peak-aged condition at high magnifications revealed the presence of numerous 

fine features on the elongated fracture surface (Figure 4.37d). This suggests that 

particles had been present on the grain/subgrain boundaries and facilitated their 

separation. These particles could be oxide dispersions or intermetallic particles. 

Additionally, solute atoms could have segregated and formed films at the grain/subgrain 

boundaries which would have encouraged separation between the elongated grains 

when the specimen was under tension.

4.8.3 Summary

1. Fracture surfaces in both the tensile and the short-rod specimens changed 

considerably upon ageing, rather than as a function of extrusion temperature or the 

alloy composition.

2. In tensile specimens, fracture varied from predominantly ’45° shear' mode in the as- 

extruded specimens, to a mixture of 'filament-type' splitting of grains/subgrains (along 

the extrusion direction) and transgranular 'micro-void coalescence' (with dimpled 

surface) in the aged conditions.

3. In short-rod specimens, fracture surfaces changed from a more dimpled appearance 

in the as-extruded condition (for alloys ZR2-1 and ZR2-2) to relatively smooth fracture 

surfaces in the aged condition.

4. In the aged condition, the presence of fine features on the relatively smooth fracture 

surfaces indicated the presence of second-phase particles or solute segregation at the 

grain/subgrain boundaries. These would ease separation of the grains and thus be a 

major source of fracture in these alloys.
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CHAPTER 5

THE Al-Li-Cr SYSTEM

5.1 Introduction

The characteristics, structure and properties of the Al-Li-Cr powder alloys 

investigated are discussed in this chapter. Details of the composition and atomisation 

characteristics of the two powders, C R 1-1 (A1 - 2.73 Li - 1.06 Cr) and C R 1-2 (A1 - 

2.52 Li - 1.03 Cr), are given in Section 3.2 and Appendix 1 respectively. The format 

of this chapter follows that of the previous chapter on the Al-Li-Zr alloys, thus making 

comparison between the two systems easier. The introductory remarks of each section 

in the previous chapter are not repeated here, and are simply referred to in the previous 

chapter. Details of characterisation of the powders, followed by aspects of their 

processing, structure and finally properties of the two alloys, are discussed below.

5.2 Powder Characterisation

5.2.1 Chemical Composition

The chemical compositions of the powders, which were obtained by atomic 

absorption analysis at the ALCOA Technical Centre, are given in Table 5.1.

5.2.2 Morphology of Powder Particles

Both C R 1-1 and CR1-2 powders were found to have highly spherical particle 

morphologies characteristic of inert-gas atomisation, similar to that found for the 

Al-Li-Zr powders (Section 4.2.2). A  micrograph of the C R 1-1 powder indicating this 

is shown in Figure 5.1. As in the case of Al-Li-Zr powders, the smaller particles (5 - 

15 pm diameter) exhibited smooth surfaces, while rough surfaces indicative of 

solidification shrinkage were observed for the larger (> 25 pm diameter) particles.



Figure 5 .1  Particle M orp h o logy  o f  C R 1-1 P ow d er

t

Nominal Alloy 
Composition

Code Chemica Composition (wt%)

Li Cr Zr F e S i Na K P A 1

Al - 3Li - lCr CR1-1 2.73 1.06 <.05 .026 .050 .006 <.005 <.005 Hal.

C R 1-2 2 .52 1.03 < .05 .032 .060 < .005 < .005 < .005 Bal.

Table 5 .1  C h em ica l C om p osition  o f  A l-L i-C r Pow ders
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5 .2 .3 Particle Size Distribution

The particle size distribution of the two Al-Li-Cr alloys is shown in Figure 5.2. 

These powders display log-normal size distributions very similar to each other, with the 

C R 1-2 powder being slightly smaller in size. Statistics regarding the median particle 

size and the percentage of particles below 50 pm diameter are given in Table 5.2. The 

powders are found to be relatively fine, their median diameter being 20  jam with 90% 

of the particles below 40 pm in size. In comparison to the Al-Li-Zr powders (Section

4.2.3), these Cr-containing powders have similar size distributions but are slightly 

finer. This could have been caused by the differences in operating conditions 

(especially the metal flow rate) used in atomisation (see Appendix 1). Full details of the 

particle size distributions are given in Appendix 2.

5 .2  A  Microstructure of Powder Particles

Optical microscopy of the Cr-containing powders revealed a cellular structure 

similar to that of the Al-Li-Zr powders (see Section 4.2.4). This cellular microstructure 

was also observed by transmission electron microscopy, shown in Figure 5.3 for the 

C R 1-2 powder. For larger powder particles (i.e. > 25 pm diameter), gross segregation 

was observed in the inter-cellular regions (Figure 5.3a). Closer examination of these 

regions revealed the presence of second-phase particles at these solute-rich cell 

boundaries (Figure 5.3b). These particles were identified by EDX analysis to be A^Cr. 

For smaller powder particles (i.e. < 10 pm diameter), however, the structures observed 

were somewhat segregation-free, exhibiting few cell boundaries (Figure 5.3c). Upon 

closer examination, considerably less solute segregation was seen at the inter-cellular 

regions, with subsequently less precipitation of second-phase particles (Figure 5.3d). 

The relationship between the powder particle size and the amount of solute segregation 

(and second-phase precipitate size), indicates that the second-phase particles were 

formed when the powder particles (in the form of liquid droplets) were solidifying 

during atomisation, the size of the precipitates being dependent on the solidification 

rate. For larger powder particles, solidification rate is slower, hence there is more time 

for the excess solute to be rejected from the liquid at the solidification front, resulting in 

a greater amount of cell formation and more solute segregation at these cell boundaries. 

Consequently, nucleation of the equilibrium second-phase precipitates takes place at the 

solute-rich cell boundary regions.
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Table 5.2 Particle Size Distribution Data 
for Al-Li-Cr Powders

Alloy Median Size 90% Percentage
Powder (gm) Undersize below 50|im

CR1-1 20 41 |im 94%
CR1-2 19 40 fim 96%

Figure 5.2 Particle Size Distribution of Al-Li-Cr Powders
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The powder samples which were prepared by ultramicrotomy (Figures 5.3 e &  

f), again displayed the bend contours typical of this technique (marked X  on 

Figure 5.3e), as was observed for the Al-Li-Zr powders (see Section 4.2.4). Even in 

these samples, the AI7G* second-phase precipitates (~ 0.3 - 0.5 |im diameter) could be 

seen within the matrix (Figure 5.3f). Comparison of these microstructures with those 

of the Al-Li-Zr powders shows that there is a greater presence of the second-phase 

precipitates in the Al-Li-Cr powders. However, the majority of the microstructures 

shown in Figure 5.3 are for relatively large (i.e > 20 Jim diameter) particles, and 

according to the median size of the powders (~ 20 jim), more than 50% of the powder 

particles should have little or no second-phase precipitates present within their 

microstructure.

Since Cr has an extremely low solid solubility in A1 (~ 0.8 wt% at 660°C), 

presence of equilibrium phases (e.g. AI7GO within the cell or at the cell boundaries will 

not be eliminated by exposure to elevated temperatures. Such an exposure (i.e. as 

experienced during extrusion or heat treatment) may only result in a removal of matrix 

supersaturation with respect to Cr, causing further precipitation or coarsening of the 

equilibrium precipitates. However, the very slow solid state diffusivity of Cr in 

aluminium, would cause these transformations to occur only at a very slow rate. If 

these precipitates are present in large numbers in the powder microstructures, it is 

hoped that mechanical working would distribute them into favourable dispersions in the 

consolidated material.

5 .2 .5  Constitution of Powder Particles

Similar to the Al-Li-Zr powders, X-ray diffraction analysis of the as-atomised 

Al-Li-Cr powders indicated only the presence of aluminium. This may appear slightly 

surprising when A ^C r precipitates could be observed by TEM within the powder 

microstructure (see above). However, the XRD results indicate that the amount of 

A ^C r precipitation within the powders is so small that it is hardly registered by X-ray 

diffraction.



Figure 5.3 Microstructure of the Al-Li-Cr Powders

(a) and (b) Large P a n ic les  
(c) and (d) Sm all Particles 
(e) and ( 0  U ltram icrotom ed S ection s
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5 .2 .6  Sum m ary

1. Both of the Al-Li-Cr powders were found to have highly 'spherical’ morphologies 

with relatively smooth surfaces.

2 . The powders displayed a 'log-normal' size distribution with a median diameter of 

20 jam. 95% of the powder particles were below 50 jam in diameter.

3 . The 'physical characteristics’ of the Al-Li-Cr powders were similar to those of the 

Al-Li-Zr powders since the same conditions were employed in their production. This 

indicates that good control of the physical aspects of the powders is possible by 

manipulating the appropriate 'atomisation conditions' (e.g. type of gas used, gas 

pressure, etc.)

4. The powders displayed a 'cellular' microstructure with equilibrium A ^ C r  

precipitates present at cell boundaries and within the cells. The number of cells and 

amount of A ^C r precipitation were found to decrease with decreasing powder particle 

size. In general, the Al-Li-Cr powders had a more pronounced cellular structure and a 

much greater amount of precipitation in comparison with the Al-Li-Zr powders.

5 . 3  Extrusion Processing of Powders

Both powders were fully consolidated by cold compaction followed by hot 

extrusion. The data concerned covering all aspects of processing are tabulated in 

Appendix 3. In this section, a brief description of all the important aspects of 

processing which affect the ensuing microstructure and hence properties of these 

alloys, is given.

5 .3 .1  P o w d er  C om paction

The powders were cold compacted unidirectionally using a 72 mm diameter ram 

and die assembly in the same way as for the Al-Li-Zr powders (see Section 3.4.1). 

Both alloy powders compacted well to approximately 90% theoretical density, the 

compact densities being about the same as those for the ZR 2-1 and ZR2-2 alloys (see 

Appendix 3). Some circumferential cracking occurred for the longer billets (i.e. longer
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than 85 mm) due to their extension into the non-tapered part of the die. In general, the 

compaction behaviour of these Al-Li-Cr powders was similar to that of the Al-Li-Zr 

powders, especially the ZR2-1 and ZR2-2 alloys.

5 .3 .2  Preheating o f  C om pacts

The compacts were preheated by induction heating in the same way as the Al- 

Li-Zr powder compacts. The heating up times were roughly the same as those for the 

Al-Li-Zr alloys (see Appendix 3), the average heating time being 3.5 minutes. The 

heating rates varied between 70 and 160 °C/min due to variations in compact density 

and presence of internal cracks, the average heating rate being 110  °C/min. These 

heating rates were comparable to those of the Al-Li-Zr alloys, especially the low- 

alloyed ZR 2-1 and ZR 2-2 alloys, showing that similar Zr and Cr additions are 

comparable in affecting heating up characteristics of low-Li powder compacts.

5 .3 .3  Extrusion P ressure-D isp lacem en t C urves

Compacted billets from both alloys were extruded at a constant extrusion ratio 

of 20 : 1 using a round die. A  constant ram speed of 3 mm/s was intended for all the 

extrudates, (except one : C R 1-2 / 300°C at 9 mm/s), but in reality the ram speed was 

about 2.6 mm/s. The ram speed was lower than that used for the Al-Li-Zr alloys in 

order to see whether a better extrudate surface quality could be obtained. All the 

processing conditions were constant for both Al-Li-Cr alloys, except for the extrusion 

temperature which varied between 250 and 500 °C, usually at 50°C or 100°C intervals.

The pressure-displacement curves obtained for the two alloys are shown in 

Figure 5.4. In both alloys, the extrudates displayed a breakthrough pressure, the 

magnitude of which decreased with increasing initial billet temperature. This decrease in 

peak pressure is observed to be almost linear for both C R 1-1 and C R 1-2 alloys when 

the peak pressures are plotted as a function of the initial billet temperature (Figure 5.5). 

The rate of decrease appears to be similar for both alloys, with the C R 1-2 alloy 

displaying slightly lower pressure requirements. The 300°C C R 1-2 extrudate which 

was extruded at a higher ram speed of 9 mm/s displayed a slightly higher peak pressure 

(by ~ 40 MPa) than its equivalent (300°C extrudate) extruded at 3 mm/s. This result is 

expected since larger strain rates are involved at higher ram speeds. However, this 

extrudate exhibited a lower 'steady state pressure’ (see Figures 5.6 and 5.4b), probably
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Initial Billet Temperature (°C)

Figure 5.5  Variation of Peak Pressure with Initial Billet Temperature 
for Al-Li-Cr Alloys

Figure 5.6 Variation of Steady State Pressure with Initial Billet Temperature
for Al-Li-Cr Alloys
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because the higher temperature rise achieved due to the higher strain rate (see Table 5.3) 

resulted in a lower steady state flow stress.

The variation of steady state pressure with initial billet temperature (Figure 5.6) 

was not as linear as that observed for the peak pressures (Figure 5.5), but the trend of 

decreasing pressure with increasing temperature was similar. The displacement to peak 

pressure also seemed to decrease with increasing extrusion temperature (Figure 5.4).

All the above observations regarding the load-displacement curves and peak 

pressures, are similar to the results obtained for the Al-Li-Zr alloys (see Section 4.3.3). 

The pressure requirements of C R 1-1 extrudates seem to exceed those of alloy ZR2-1, 

but are in keeping with the other Al-Li-Zr alloys investigated. This is due to the 

presence of AI7G* precipitates within the powder microstructure. The pressure 

requirements of alloy CR1-2, which has slightly lower Li (by ~ 0.21 wt%) and Cr (by 

~ 0.03 wt%) contents, are slightly lower probably as a consequence of the lower 

alloying content. It is difficult to ascertain which of the ternary alloying additions has a 

greater effect on increasing the pressure requirements for extrusion. It can only be 

concluded that the two alloy systems have similar pressure requirements which are 

increased by increasing the alloy content.

5 .3 A  T em perature R ise  during Extrusion

As discussed in Section 4.3.4, a rise in the temperature of the extrudates occurs 

as a consequence of frictional effects and the work of deformation involved during 

extrusion. The same computer model described in Section 4.3.4 was used to calculate 

the temperature rises involved during the extrusion of C R 1-1 and C R 1-2 alloys. 

Detailed results are given in Appendix 3, but the main values computed for the final 

temperatures reached are given in Table 5.3.

As expected, the magnitude of the temperature rise is greater at the lower 

extrusion temperatures where a greater work of deformation is expended. This is 

clearly illustrated in Figure 5.7 where the actual temperature rises involved are plotted 

as a function of the initial billet temperature. For alloy C R 1-1, a temperature rise of 

approximately 170°C is attained for the 250°C extrudate, while the 500°C extrudate only 

achieves a rise of 50°C. The decrease in temperature rise with increasing billet 

temperature is roughly linear for both C R 1-1 and CR1-2 alloys. This linearity indicates 

that the temperature rises are directly dependent on the initial billet temperatures
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Table 5.3 Temperature Rise Data for Al-Li-Cr Alloys 
during Extrusion

Alloy Extrudate
Initial 

Billet Temp.
(°c>

Final Temp.
(°c>

Temp.
Rise
(°C)

CR1-1 500°C 502 547.2 45.2
450°C 452 502.6 50.6
400°C 402 483.5 81.5350°C 352 462.7 110.7300°C 298 440.1 142.1
250°C 255 426.1 171.1

C R1-2 400°C 407 471.8 64.8
300°C 308 427.4 119.4

300°C - 9 308 442.6 134.6

Initial Billet Temperature (°C)

Figure 5.7 Variation of Temperature Rise with Initial Billet Temperature
for Al-Li-Cr Alloys
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involved. This is hardly surprising since other processing conditions were kept 
constant. Alloy CR1-2 showed a smaller temperature rise than alloy CR1-1, probably 
due to the lower breakthrough pressures required to extrude this alloy. The CR1-2 
extrudate which was extruded at a higher ram speed (9 mm/s) displayed a greater 
temperature rise due to the larger strain rates involved.

The variation of temperature rise as a function of ram displacement during 
extrusion is shown for the two alloys in Figure 5.8. It can be seen that for both alloys, 
the main rise in extrudate temperatures occurs after the breakthrough point is reached at 
a ram displacement of approximately 20 mm (cf. Figure 5.4). This clearly shows that it 
is during this stage of extrusion (where much of the deformation work is expended) 
that the temperature o f the extrudate increases substantially. The magnitude o f this 
increase is lower for billets of higher initial temperature since the amount of work used 
in creating the deformation zone is smaller. Also, increasing the ram speed for the 
300°C CR1-2 extrudate is found to result in a substantial rise in temperature (Figure 
5.8). These observations indicate that the main contribution to the rise in temperature of 
the extrudates is the work expended in setting up the deformation zone during 
extrusion.

As regards to the accuracy o f these results and their usefulness, a few points 
have to be noted. The accuracy of the computed temperature rise values obviously 
depends on the accuracy of the values used as input for the model. In order to 
determine the extent o f this dependency, the effect of a 2 0 % decrease in each input 
value (to constitute an error) on the temperature rise values calculated was investigated. 
This was only carried out for the two extreme extrudate temperatures (i.e. 250°C and 
500°C) of alloy CR1-1. The 'percentage' decrease in the value computed for the 'final 
temperature' following a 2 0 % change in each o f the main input values, is shown in 
Table 5.4.

From the table, it can be seen that a large (20%) error in most of the input 
values has little effect on the value of final temperature computed for the 500°C 
extrudate. Only the error in the 'container temperature* value has a fairly substantial 
effect (of an 8 % decrease) on the computed temperature rise value. For the low 
temperature 250°C extrudate, however, the error in quite a few values, in particular the 
'billet length' and 'ram speed', has a corresponding (~ 2 0 %) error effect in the value 
computed for the final temperature. It is clearly apparent that for lower initial billet 
temperatures, an error in the input values has a greater erroneous effect on the 
computed final temperature values. Some input values (e.g. billet temperature,
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minimum pressure, ram displacement to peak pressure), however, seem to have little 
erroneous effect (see Table 5.4), indicating that the 'sensitivity' of the model as regards 
to these values is rather low.

Table 5.4 Variation of Error in the Computed 
Temperature Rise Values

2 0 %
Variation in : —►

% Change In 
Temperature

Predicted 
Rise F o r :

2 5 0 ° C
E x tru d a te

5 0 0 °C
E xtru d ate

Billet
Length

19% 2 %

Billet
Temperature

2 %. 2 %

Container
Temperature

9 % 8 %

Ram
Speed

2 2 % 2 %

Maximum
Pressure

8 % 2 %

Minimum
Pressure

1  % 1  %

Dispacement 
to Peak

6 % 1  %

This error analysis shows the computed final temperatures to be reasonably 
accurate even if some of the input values are not 100% accurate. However, this is 
different from the accuracy of the model itself which cannot be established since there is 
no convincing way of experimentally checking the actual values of temperature rise 
obtained during extrusion. In this respect, therefore, the usefulness of the results is 
questionable. In conclusion, however, it is believed that the values obtained by the 
model are, at the very least, a good indication of the relative magnitude of the 
temperature rises involved within the extrudates.
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5 3 .5  Extrudate Surface Quality

The surface quality of these Al-Li-Cr extrudates was better than that obtained 
for the Al-Li-Zr alloys. The extrudates exhibited a near smooth surface with few signs 
of scoring. However, it was not apparent whether this improvement was due to the 
slower ram speed or the Cr content of this alloy, as the CR1-2 extrudate which was 
extruded at 9 mm/s also exhibited a fairly smooth surface.

5 3 .6  Summary

1. Both alloys displayed reasonable powder compaction behaviour, similar to the 
Al-Li-Zr alloys.

2. Compacts from both alloys displayed very rapid preheating times of 3.5 mins 
during induction heating, achieving average heating rates of 110 °C/min. In this respect, 
the alloys were similar to the Al-Li-Zr alloys.

3. The Al-Li-Cr alloys displayed large breakthrough pressures comparable to the more 
highly alloyed Al-Li-Zr alloys. The breakthrough and steady state pressures required 
for the extrusion of these alloys were found to decrease linearly with increasing initial 
billet temperature.

4. The values computed for the temperature rise during extrusion were found to 
increase linearly with decreasing initial billet temperature. The 250°C extrudate 
exhibited a large temperature rise of 170°C, while the temperature of the 500°C 
extrudate only increased by 50°C.

5. The computed temperature rises values were found to be fairly accurate, though the 
accuracy of the model itself could not be determined. The temperature rise values 
obtained were thought to be a good indication of the magnitude of the actual 
temperature rises involved.

6 . The extrudates exhibited relatively smooth surfaces.
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5 .4  Constitution of Al-Li-Cr Extrudates

In a similar way to the Al-Li-Zr alloys (see Section 4.4), differential scanning 

calorimetry (DSC) was used to investigate the effect of temperature on the phase 
transformations involved in both the as-extruded and heat treated CR1-1 and CR1-2 
alloys. Description o f the DSC thermograms and significance of the common features 
observed, can be found in Section 4.4. In this section, only the results obtained for the 
two Al-Li-Cr alloys, and an explanation of their unusual features, are given.

5 .4 .1  A llo y  C R 1-1

DSC thermograms for different extrudates of alloy CR1-1 in the as-extruded 
condition are shown in Figure 5.9. The peak occurring at 130°C corresponding to GP 
zone dissolution, followed by the 180 - 190°C trough characteristic of S’ precipitation 

and the broad 250 - 280°C peak representing 8 ' dissolution, are similar to those found 
for the Al-Li-Zr alloys. The trough at 330°C corresponding to 8 (AlLi) precipitation is 

also a common feature for the two alloy systems, indicating that the main phase 
transformation reactions in both alloy systems involve the Li content of the alloys. The 
trend of an increase in the magnitude of these peaks and troughs with increasing initial 
billet temperature, are also similar to that observed for the Al-Li-Zr alloys, illustrating 
the solutionising effect of the extrusion temperature. However, the peak occurring 
above 390°C is much broader (up to 490°C) and in the form of a 'plateau' in the CR1-1 
alloy, and seems to consist of two peaks (as observed in the 250°C and 400°C 
extrudates). This broad peak is thought to be the result of superposition of two or more 
peaks, its second component (above 450°C) being due to a dissolution type reaction 
involving the Cr content of the alloy.

Another noticeable difference in Figure 5.9 is that the 250°C and 350°C 
extrudates do not display the features (i.e. peaks and troughs) associated with 8 ' 
precipitation and dissolution and 8  precipitation reactions. The absence of the pair of 
trough and peak associated with 8 ' precipitation and dissolution is evidence that the Li 

in these as-extruded samples is not present in solid solution at all. The Li must therefore 
be tied up in some other form i.e. as another type of precipitate with A1 or as a 
precipitate with Cr. The most plausible explanation seems to be that the Li is tied up in 
the form of the equilibrium 8  (AlLi) phase (in the as-extruded condition), since the DSC 

thermograms also do not exhibit the exothermic trough at 300 - 320°C associated with 8 

precipitation. However, the 8  dissolution peak occurring at 400°C is seen to be present,
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Figure 5.9 DSC Thermograms of Alloy CR1-1 in the As-Extruded Condition
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confirming the presence of 5 (AlLi) within the material. If the extrudates already contain 
substantial amounts of 8  (AlLi), little Li will be left within the matrix to precipitate out 
and subsequently no 8  precipitation peak will be observed. Considering the temperature 
rise involved during extrusion (see Table 5.3), the presence of the 8  phase in the 250°C 

and 350°C extrudates can be explained since the alloy is within the 300 - 465°C 
temperature regime of 8  precipitation during processing. However, the same 

temperature rise argument does not explain the behaviour of the 300°C extrudate which 
should show a trace similar to that o f the 250°C and 350°C extrudates. A possible 
explanation is that the DSC specimen for the 300°C extrudate was not representative of 
the extrudate as a whole, i.e. temperature variations occur along the length of the 
extrudate, as indeed observed for the ZR2-2 alloy (see Section 4.4.2).

The effect of solution treatment on DSC thermograms is shown for the 250°C 
extrudate in Figure 5.10. Comparison of the thermograms from samples solution 
treated at 420°C/lh (STL) and 540°C/0.5h (STH), clearly shows the greater amount of 
Li supersaturation achieved at the higher temperature. It is also worth noting that, 
similar to the results for alloy ZR2-1 (Section 4.4.1), the 8 ' precipitation reaction 

occurs at a lower temperature (~ 40°C lower) for the sample solution treated at 
540°C/0.5h, indicating a greater driving force for the 8' precipitation reaction due to the 

greater degree of Li supersaturation. Another significant feature, is the absence of any 
S' precipitation troughs for the peak-aged (at 190°C) samples in both the as-extruded 

(AE + PA) and 540°C/0.5h solution treated (STH + PA) conditions. This has two 
implications. Firstly, it is further evidence that the exothermic trough at 200°C is 
representative of 8 ' precipitation. In the peak-aged specimens all the 8 ’ is already 

precipitated out within the material, leaving no Li in solid solution to be precipitated out 
during the DSC heating cycle. The other implication is that it substantiates the 

explanation given in the previous paragraph about the anomaly of the as-extruded 
250°C and 350°C extrudates. In these peak-aged samples, the large 8 ' dissolution peak 
(at 200 - 250°C) indicates that the material consists of a large amount of 8 ', which is 
dissolving during the DSC heating cycle. The 8 ' dissolution peak, however, was 
absent in the as-extruded 250°C and 350°C extrudates, showing that the equilibrium 8 

phase is present within the matrix, as justified by the 8  dissolution peaks at 400°C.
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Figure 5.10 DSC Thermograms of the 250°C Alloy CR1-1 Extrudate in 
Various Heat Treated Conditions

Figure 5.11 DSC Thermograms of Alloy CR1-2 in the As-Extruded Condition
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5 .4 .2  A llo y  C R 1-2

DSC thermograms of alloy CR1-2 in the as-extruded condition are shown in 
Figure 5.11. The thermograms are very similar to those o f alloy CR1-1 extrudates, 
except that they hardly exhibit the small peak at 130°C. Since these samples were 
analysed by DSC relatively shortly after extrusion, compared to the CR1-1 extrudates 
which were analysed after a few months, this could be further evidence that the 130°C 
peak is associated with GP zones which form after long natural ageing (i.e. ~ 3 
months). Other peaks and troughs are larger in magnitude for the 400°C (3mm/s) 
extrudate compared to the 300°C (3mm/s) extrudate, as expected due to the 
solutionising effect of the higher extrusion temperature (see Section 4.4.1).

5 .4 .3  Sum m ary

1. As-extruded CR1-1 and CR1-2 alloys displayed similar DSC thermograms which 
were broadly similar to those of the Al-Li-Zr alloys. This indicates that the main phase 
transformations observed by DSC for the two alloy systems involve the lithium content 
of the alloys.

2. A trend of an increasing extent of phase transformations with increasing initial billet 
temperature was observed for the as-extruded alloys. This was also observed for the 
Al-Li-Zr alloys and indicates the solutionising effect of the extrusion temperature.

3. The lower temperature 250°C and 350°C extrudates were shown to consist of a 
substantial amount of equilibrium 8 (AlLi) particles in the as-extruded condition. In this 

respect, DSC was found to be a quick and useful method for determining whether the 
Li content within the material is present as precipitates or in solid solution with 
aluminium.
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5 .5  Microstructural Investigation

5.5.7 O ptical M icroscopy

Optical microscopy of both transverse and longitudinal sections of the highest 
and lowest temperature extrudates was carried out for CR1-1 and CR1-2 alloys. In 
general, both alloys exhibited an unrecrystallised microstructure with a fibrous texture, 
the grains being elongated in the extrusion direction. Typical micrographs of 
longitudinal and transverse sections o f the 250°C CR1-1 extrudate in both the as- 
extruded and solution treated (540°C/24h) conditions, are shown in Figure 5.12. The 
structures of the higher temperature CR1-1 extrudates and those of the CR1-2 
extrudates were found to be similar.

From Figure 5.12, it is apparent that the structure of the extrudates is extremely 
fine, with little evidence of prior particle boundaries. This is in agreement with previous 
work (Sheppard & Chare 1975) where it was shown that particle welding in the 

deformation zone destroys the original powder identity. The structure was 
macroscopically homogeneous up to the surface of the extrudate with no evidence of 
recrystallisation. It therefore appears that at all extrusion temperatures investigated, the 
restoration mechanism was dynamic recovery, with possibly static recovery occurring 
after the extrusion process.

Figures 5.12 c & d show the 250°C CR1-1 extrudate after solution soaking at 
540°C for 24 hours. No evidence of recrystallisation can be seen in these structures 
indicating that the structure is quite stable. The stabilising influence is thought to come 
about from the presence of fine dispersoids within the material. Some of the 
dispersoids are thought to be Cr-bearing, the others being fine debris of broken-up 
powder surface oxides. Lack of prior particle boundaries indicate the surface oxides to 

be adequately broken up and dispersed within the structure. The lack of recrystallisation 
of the fine microstructure, even after long solution treatments, indicates that in terms of 
the grain structure, the extrusion temperature and heat treatments given will not have 
any detrimental effects on the mechanical properties o f these alloys.

It is worth noting that the micrographs in Figure 5.12 exhibit an apparently 
homogeneous precipitation within the structure. The majority of these are considered to 
be etching artefacts (due to attack on original particle boundaries), since such apparently 
dense precipitate distribution has also been observed in commercially pure (CP) 
aluminium powder extrudates examined optically using Keller's reagent (Chare 1972).
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Despite this misleading density of precipitation, the micrographs obtained are useful in 

portraying the fibrous and unrecrystallised nature of the fine microstructure of these 

extrudates.

5 .5 .2  Transmission Electron Microscopy

Transmission electron microscopy was employed to investigate the main 

microstructural features of the extruded alloys. Both CR1-1 and CR1-2 alloys 
exhibited similar microstructures, displaying similar variations in features with initial 
billet temperature and heat treatments given. The essential microstructural features of 
these Al-Li-Cr alloys are therefore only discussed with reference to alloy CR1-1.

As-Extruded Structures
'As-extruded' microstructural features and their variation with initial billet 

temperature and heat treatments given, are shown in Figure 5.13. The microstructures 
of the two extreme extrusion temperatures (i.e. the 250°C and 500°C extrudates) have 
been shown since the variation in structure was seen to vary gradually with the 
extrusion temperature. It is apparent from Figure 5.13 that over the complete extrusion 
range, a dynamically recovered structure is produced. The subgrains are mostly 
elongated in the extrusion direction and form a banded structure giving a ’brick-like' 
appearance to the structure. This elongated structure indicates a somewhat limited 
dislocation mobility during the recovery processes since a more equiaxed subgrain 
structure is not achieved. The substructure is reasonably clean with little sign of 
dislocations even in the low temperature 250°C extrudate (Figure 5.13a).

The main difference between the 'as-extruded' structures of the 250°C (Figure 
5.13a) and the 500°C (Figure 5.13b) extrudates seems to lie in the degree and nature of 

precipitation. The 250°C extrudate seems to consist of a noticeable amount of globular 
(light-coloured) precipitates which appear at subgrain boundaries and smaller more 
spherical (grey-coloured) particles that appear mainly within the subgrains. Based on 
the DSC results, the former are thought to be 5 (AlLi) precipitates, while XRD results 

and past work (Bendersky et al. 1986 ; Pontikakos & Jones 1982) show the smaller 
particles to be A^Cr. The higher temperature extrudate (Figure 5.13b), however, 
appears to contain a significantly higher amount of the A^Cr second-phase particles 
with little evidence of 8 (AlLi) at subgrain boundaries. This variation in precipitation 

behaviour seems to be purely a temperature effect, especially as regards to the 
precipitation characteristics of AI7G*. The diffusivity of Cr in aluminium is relatively
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Figure 5.13 M icrostructure o f  A llo y  C R 1-1 Extrudates

(a) 2 5 0 °C  Extrudate —  A s-E xtruded
(b) 5 0 0 °C  Extrudate —  A s-E xtruded
(c) 250°C  Extrudate —  ST  4 2 0 ° C /lh
(d) 2 5 0 °C  Extrudate —  ST  5 4 0 °C /0 .5 h



195

low (~ 3 x  10-14 m2/s at 400°C, Agarwala et al. 1964), but at temperatures above 400°C 
decomposition of the metastable solid solution of Cr in aluminium takes place more 

readily resulting in the formation of A^Cr precipitates (Furrer & Warlimont 1977 ; 
Pontikakos & Jones 1982 ; Bendersky et al. 1986). This is demonstrated extremely 
well by the solution treated structures of the 250°C extrudate, shown in Figures 5.13 c 
& d. The as-extruded 250°C structure which showed very little AI7O  precipitation 
(Figure 5.13a), appears to acquire a large number of A^Cr precipitates after solution 
treatment at 420°C for 1 hour (Figure 5.13c). Solution treatment at 540°C for 0.5 hour 
(Figure 5.13d) results in even greater precipitation of AI7O  such that the structure 
becomes very similar to that of the 'as-extruded’ 500°C extrudate (Figure 5.13b). The 
amount of AI7O  precipitation, therefore, seems to be simply a function of temperature.

AFCr Precipitates
The Cr-bearing precipitates in Figure 5.13, however, are seen to be non- 

uniformly distributed, often exhibiting a 'bimodal' distribution. Coarse 'globular' 
particles of about 0.3 jim diameter appear largely at sub-boundaries and especially at 
subgrain junctions (marked on Figure 5.13d). These coexist with much finer (~ 0.05 - 
0.1 pm diameter) 'plate-like' particles within the subgrains. The exact composition of 
these finer particles is difficult to ascertain since their size dictates that they are not 
amenable to standard analyses. However, based on previous work (Nagahama & Miki 
1974), they are thought to be A^Cr precipitates. This kind of bimodal distribution of 
AI7Q* precipitates has been previously observed for an Al - 0.5 wt% Cr alloy 
(Nagahama & Miki 1974), and has been attributed to the effect of temperature and 
degree of deformation on the precipitation of these particles. Nagahama and Miki 
(1974) explained that the large 'globular' particles nucleate at relatively low 
temperatures (~ 300°C) at lattice defects which help to accommodate the strain produced 
by the differences in crystal structure and the size of the unit cell between the matrix and 
the AI7G: precipitates. The precipitates consequently take a globular form to reduce the 
interfacial energy between themselves and the matrix. At higher temperatures (~ 
500°C), however, the strain energy between A^Cr precipitates and the matrix becomes 
considerable since lattice defects disappear in a short time and therefore cannot 
accommodate the resulting strain. As a result, the precipitates adopt a 'needle-like' or 
'plate-like' form to balance the strain energy and the interfacial energy. During 
prolonged heating, however, the plate-like precipitates which formed originally at 
dislocations and point defects, do not grow appreciably mainly due to the very slow 
bulk diffusion of Cr in aluminium.
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This variation in size and distribution of AI7G: particles is thought to give rise to 
a very prominent microstructural feature within these alloys, which is strongly depicted 
by Figure 5.13d. In both CR1-1 and CR1-2 alloys, distinct regions which show a 
significant variation in subgrain size and precipitation behaviour are observed in both 
the as-extruded and heat treated conditions. The region of small subgrains contains 
many small precipitates whereas the region of large equiaxed subgrains only consists of 
few large globular precipitates which are mainly situated at the subgrain boundaries. 
Such a dual character in microstructure was not observed in the Al-Li-Zr alloys, 
confirming that the AI7G* particles are responsible for this feature. This dual subgrain 

feature is thought to arise as a result o f welding of different size powder particles, 
which by virtue of the cooling conditions during atomisation have different subgrain 
sizes and precipitates within them (see Section 5.2.4). A lack of precipitates in one 
region results in greater dislocation mobility, hence larger and more equiaxed 
subgrains. The region with a large number of small precipitates which restrict 
dislocation motion attains smaller elongated subgrains.

The coarsening behaviour of the AI7O  particles and their interaction with the 
rest of the structure is best shown in Figure 5.14. The micrographs illustrate how a 

prolonged solution treatment at 540°C for 24 hours affects the size and morphological 
characteristics of the AI7Q  precipitate. The degree of this coarsening is relatively small 
due to the low diffusivity of Cr in aluminium (Pontikakos & Jones 1982). Comparing 
the coarsening behaviour of AI7G* in the 500°C extrudate (Figures 5.14 a & b) with that 
in the 250°C extrudate (Figures 5.14 c & d(dark field)) reveals the coarsening rate to be 
the same regardless of the initial billet temperature. Evidence of a substantial amount of 
interaction between mobile dislocations and the AI7G* precipitates (Figures 5.14 a & b) 
is seen in all samples, illustrating the effectiveness of this precipitate in stabilising the 
microstructure. The nature of the bimodal distribution of AI7G* precipitates is best seen 
in Figure 5.14b. This bimodal distribution of the A^Cr precipitate particles arises due 
to differences in the diffusion rate of Cr within the subgrains compared to that at the 
subgrain boundaries. Originally, AI7G* particles nucleate heterogeneously both at 
subgrain boundaries and within the subgrains (at dislocations or point defects such as 
vacancies). During heat treatment at 540°C, the Cr in solid solution diffuses more 
rapidly at subgrain boundaries (due to grain boundary diffusion) than within the 
subgrains. This results in accelerated growth and coarsening o f the precipitates at 
subgrain boundaries, and has also been observed by Pontikakos and Jones (1982).

Close inspection of the bimodal distribution of precipitates shows that both the 
small plate-like and the large globular particles do in fact have the same 'streaked'



Figure 5.14 M orphological Characteristics o f  the A I7O  Precipitate

(a) & (b) 2 5 0 °C  Extrudate (S T  5 4 0 °C /2 4 h )
(c) & (d) 50 0 °C  Extrudate (S T  5 4 0 °C /2 4 h )
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morphology characteristic of AI7O  precipitates. This 'streaked' feature is best seen in 
Figures 5.14 c & d, the dark-field image showing the nature of this streaking clearly. 
This streaking could be due to the precipitate containing a high proportion of twin type 
defects or stacking faults, probably as a consequence of the strains it experiences within 
the matrix.

The variable size and morphology of the AI7Q  particles, together with their 
non-homogeneous distribution, is believed to have little impact on improving the 
mechanical properties of these alloys. The variation in subgrain size observed in certain 
regions could also be an important factor in determining the fracture characteristics of 
the alloys, since a concentration of deformation is likely to occur in the region of large 
subgrains which is softer than the surrounding matrix. The region of larger subgrains 
has an average size of 1.4 pm compared to the region of smaller subgrains where 
subgrain sizes average at about 0.6 pm. This variation, however, is not a consequence 
of heat treatment or the extrusion temperature since such features are seen in all the 

extrudates in all conditions. In fact the subgrain structure of these alloys is extremely 
stable and seems to vary very little with either the extrusion temperature or the heat 
treatment condition. This is shown very well by Table 5.5, where the subgrain sizes of 

the 250°C and 500°C CR1-1 extrudates in various heat treated conditions, are shown. 
The subgrain sizes were measured by the mean linear intercept method, each value in 
the table being an average of 15 measurements. The average subgrain size seems to be 
between 0.6 - 0.9 pm for both extrudates regardless of the heat treatment condition.

Table 5.5 Subgrain Size of Alloy CR1-1 in 
Various Heat Treated Conditions

Condition Subgrain Size (pm)

250°C
Extrudate

500°C
Extrudate

AE 0.76 0.71

AE + PA 0.61 —

ST 420°C/lh 0.61 —

ST 540°C/0.5h 0.72 0.66

ST 540°C/24h — 0.84

ST 540°C/0.5h + PA 0.68 0.95
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Peak-Aged Structures
The effect of 190°C ageing on the microstructure o f these alloys is seen in 

Figure 5.15. Peak-ageing (i.e. 190°C/2h) the ’as-extruded' 250°C extrudate does not 
outwardly appear to alter the microstructure, as the micrograph in Figure 5.15a looks 
very similar to the 'as-extruded' structure observed in Figure 5.13a. The same kind of 
substructure exists, with the equilibrium 8  (AlLi) precipitates present at the subgrain 

boundaries. There is little evidence of AI7Q* precipitation, though some signs of solute 
segregation and formation of AI7O  nuclei are evident within the microstructure. 
However, closer inspection of the microstructure at higher magnifications reveals the 
presence of a homogeneous dispersion of fine 8 ' (A^Li) precipitates (Figures 5.15 d &

e) which cause considerable strengthening in Al-Li alloys (see Section 2.3.2). These 

precipitates are best observed in dark field imaging mode when the beam is centred on a 
superlattice spot corresponding to the cubic 8 ' (Figure 5.15e). Solution treatment 

(540°C/0.5h) and peak-ageing the 250°C extrudate also results in this homogeneous 
precipitation of 8', as seen by the mottled appearance of the larger subgrains in the right 

hand side of Figure 5.15b. The solution treatment also results in pronounced formation 
of AI7O  particles (left hand side of Figure 5.15b). All other extrudates show similar 
precipitation characteristics during 190°C ageing, but in the higher temperature (> 
400°C) extrudates such as the 500°C extrudate, the AI7G* precipitates are already 
present within the 'as-extruded' structure and peak-ageing only results in homogeneous 
precipitation of 8 ' particles (Figure 5.15c).

It is interesting to note that in these Al-Li-Cr alloys, the precipitation of 8 ' and 

AI7O  apparently take place independently of one another, with neither having much 
influence on the kinetics of nucleation and growth of the other. This is somewhat 
expected due to the large difference in crystal structures of the two precipitates (see 
Sections 2.3.1 and 2.4.2), but nevertheless underlies the fact that the chromium 
addition has little effect on modifying the precipitation reactions in the Al-Li system. 
This is in stark contrast to the Al-Li-Zr alloys studied (Section 4.5), where the similar 
crystal structure and lattice parameter of the A^Zr and A^Li (8 ') precipitates dictated a 

certain amount of interaction between these two precipitates. The best example o f this 
was the formation of the composite Al3 (Li,Zr) precipitate (A^Zr core with A^Li 
envelope) which was found to have some effects on the mechanical properties of those 
alloys.

It is worth noting that in all the micrographs shown (Figures 5.13 - 5.15), there 
is little evidence of prior particle boundaries or oxide stringers being present. Some 
unidentified particles were observed in the as-extruded specimens (e.g. marked P in
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Figure 5.13b), which might be mistaken for oxide particles, but these disappeared on 
solution treatment. This clearly demonstrates that these particles were not oxide 
stringers.

5.5.3 Summary

1. Both CR1-1 and CR1-2 alloys were found to have similar microstructures. Both 
alloys exhibited fine, fibrous, unrecrystallised structures at all extrusion temperatures 
with little evidence of prior particle boundaries. Over the complete extrusion range, the 
structure was dynamically recovered with subgrains elongated in the extrusion direction 
to form a banded (brick-like) structure. In this respect, the Al-Li-Cr alloys were similar 
to the Al-Li-Zr alloys.

2. The main Cr-bearing precipitate was found to be AI7G:. Precipitation of this phase 
seemed to increase at temperatures above 400°C, where substantial amounts were 
present even in the as-extruded material. The AI7O  precipitate was found to vary in 
size and morphology from small (~ 0.05 - 0.1 pm) 'plate-like' particles to large (~ 0.3 
pm) 'globular' particles. Both types nucleated heterogeneously, the smaller ones within 
subgrains at dislocations and point defects, the large globular ones at subgrain 

boundaries. This bimodal distribution was thought to arise due to different 
interfacial/strain energy conditions at different nucleation sites.

3. The different AI7Q* precipitates did not coarsen significantly even upon long heat 
treatments (e.g. 540°C/24h) due to the slow diffusion rate of Cr in aluminium.

4. The variation in size and morphology of AI7G* precipitates resulted in a dual 
character microstructure where distinct regions with significant variation in subgrain 
size existed. This is thought to have unfavourable effects on the fracture properties of 
the Al-Li-Cr powder alloys.

5. The AI7G: particles were found to stabilise the microstructure, even after long 
solution treatments (540°C/24h). The average subgrain size of the extrudates was very 
small (0.6 - 0.9 pm), remaining fairly stable with variation in either extrusion or heat 
treatment conditions.
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6 . The precipitation of AI7G* and Li-bearing precipitates (e.g. equilibrium 8  and the 
metastable 8’) seemed to take place independently of one another, indicating that the Cr 

content of these alloys had little effect on modification of Li-bearing precipitates.

7. 8  (AlLi) was present in noticeable amounts at subgrain boundaries in the low 

temperature (i.e. 250°C - 350°C) extradates. Upon heat treatment, this precipitate was 
found to dissolve within the material. At higher initial billet temperatures, this phase did 
not form within the material.

8 . Upon 190°C ageing, substantial amounts of the metastable 8 ’ (A^Li) phase were 

formed within all the extrudates. This precipitate was very fine (diameter ~ 20 nm) and 
was distributed homogeneously within the matrix.

9. Very little evidence of prior particle boundaries or oxide stringers was found within 
the matrix.

5 .6  Response to Heat Treatment

As in the case of Al-Li-Zr alloys (Section 4.6), hardness testing has been used 
to study the solution treatment and ageing response of these Al-Li-Cr alloys. Since the 
effect of different ageing temperatures has already been shown (for alloy ZR2-1) in 
Section 4.6.1, only the effect of 190°C ageing was investigated for these alloys. The 
results obtained, highlighting the effects of solution treatment, initial billet temperature, 
stretching and natural ageing, are discussed below.

5 .6 .1  Effect o f  Solution Treatment Temperature

The effect of solution treatment at 420°C/lh and 540°C/0.5h, together with the 
response of the as-extruded material to 190°C ageing for alloys CR1-1 and CR1-2, are 
shown in Figures 5.16 and 5.17 respectively. These solution treatments were chosen 
not only to show the effect of differing solution treatment temperatures on the ageing 
response of these alloys, but also to allow a direct comparison with the Al-Li-Zr alloys 
(Section 4.6.2). Similar to alloy ZR2-2, alloy CR1-2 was not treated at 420°C/lh  
except in the stretched condition (see Section 5.6.3).
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Figure 5.16 Effect of Solution Treatment on 190°C Ageing Behaviour
of Alloy CR1-1 Extrudates
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of Alloy CR1 -2 Extrudates
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The effect o f these solution treatments on the Cr-containing alloys is fairly 
similar to that observed for the Al-Li-Zr alloys. The 540°C/0.5h solution treatment 

results in the highest ageing response of ~ 60 VHN for alloy CR1-1 and ~ 50 VHN for 
alloy CR1-2. The lower temperature solution treatment (420°C/lh) results in a smaller 
ageing response of ~ 40 VHN. These differences can be easily explained in terms of the 
amount of supersaturation of Li achieved by each solution treatment in accordance with 
the binary Al-Li phase diagram (see Section 2.3.1). The 540°C solution treatment 
results in complete dissolution of Li within the matrix, while the 420°C solution 
treatment achieves only partial dissolution. The difference in vacancy concentration 
achieved by each solution treatment also has an effect since the greater amount of 
quenched-in vacancies attained at higher solution treatment temperatures results in 
greater Li supersaturation. The two different solution treatments result in more similar 
ageing responses among different temperature extrudates, showing that, in terms of 
microstructural features which determine hardness properties, the solution treatments 
give rise to similar features in the different extrudates. This effect is more noticeable in 

these Al-Li-Cr alloys than in the Al-Li-Zr alloys. The ageing responses are much higher 
than those for the Al-Li-Zr alloys of similar Li content (e.g. alloy ZR2-1 : ~ 40 VHN 
for ST540°C/0.5h; ~ 20 - 30 VHN for ST420°C/lh). This comparison of the two alloy 
systems suggests that the A^Zr precipitates present in the Al-Li-Zr alloys affect the 
precipitation of 5' (A^Li) in such a way that does not allow the maximum potential 

strength to be achieved from the Li content.

Ageing response of the as-extruded CR1-1 samples (Figure 5.16a) can also be 
broadly explained by the supersaturation effect mentioned above. The highest 
temperature extrudate (500°C) exhibits the highest ageing response (~ 50 VHN), the 
response decreasing more or less with decreasing initial billet temperature. This effect is 
also seen to a lesser degree for alloy CR1-2 extruded with a ram speed of 3 mm/s.

One important feature worth noting for both alloys, is that the initial billet 
temperature and the solution treatment temperatures have very little effect on the initial 
hardness of the extrudates. The 'initial hardness’ of the alloys remains in the range 90 - 
97 VHN in both the as-extruded and solution treated conditions. This is in stark 

contrast to the results obtained for the Al-Li-Zr alloys which showed initial hardness 
values of ~ 1 0 - 2 0  VHN higher upon solution treatment or at extrusion temperatures 
above 400°C. In the Al-Li-Zr alloys, (especially for the 420°C/lh solution treatment) 
these large increases in initial hardness (of ~ 30 VHN) were due to the precipitation of 
metastable A^Zr particles. In these Al-Li-Cr alloys which do not contain A^Zr 
precipitates, however, the observed variation in initial hardness is very small. The



Table 5.6 Peak-Ageing Data for the Al-Li-Cr Alloys

Alloy Extrudate As-Extruded ST 420°C/lh ST 540°C/0.5h

Ho Peak H AHv
T im e to  

P e a k Ho Peak H AHv
T im e to  

P e a k Ho Peak H AHv
T im e to  

P e a k

C R 1 - 1 500°C 90 140 50 2h 30m 87 128 41 2h 05 m 89 151 62 2h 15m
450°C 92 141 49 2h 10m 90 128 38 lh 30m 94 153 59 2h 05m
400°C 93 131 38 lh 40m 92 130 38 lh 30m 92 154 62 Ih  40m
350°C 91 122 31 lh 50m 92 130 38 lh 50m 91 152 61 2h
300°C 97 133 36 lh 55m 95 131 36 lh 50m 94 152 58 lh  30m
250°C 96 126 30 lh 50m 95 131 36 lh 40m 94 153 59 lh  45m

C R 1 - 2 400°C 88 134 46 2h 90 142 52 2h 30m
300°C 95 133 38 lh 30m — — — — 94 143 49 2h

300°C (9) 95 141 46 2h 10m — — — — 95 154 59 2h 15m
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initial hardness properties are a consequence o f a number o f factors such as 
substructure strengthening (i.e. subgrain size & dislocation density), Li-containing 
precipitates (e.g. 5' and 8 ), and Cr-containing precipitates (e.g. AI7G*). The lower 

temperature extrudates should have greater substructure strengthening, though as 
displayed by the Al-Li-Zr alloys (see Section 4.6.3), the effect of this in increasing the 
hardness is not very large. The higher temperature extrudates should have a greater 
amount of fine press-quenched S' (AI3U ) precipitates, and hence higher hardness, but 

as mentioned in Section 4.6.5, the high binding energy of Li to vacancies prevents the 
formation of these precipitates to any substantial degree in these alloys. The slight 
increase in initial hardness of as-extruded alloys with decreasing initial billet 
temperature (Table 5.6), is therefore mainly due to substructure strengthening and the 
small amount of 8  (AlLi) precipitates (present in lower temperature extrudates). This is 

observed to a smaller degree when the extrudates are solution treated. These 
observations suggest that the contribution of substructure to hardening is fairly stable 
and not substantially diminished by the solution treatments. The AI7Q  precipitates 

formed at higher extrusion temperatures (i.e. > 400°C) and after solution treatments 
(see Section 5.5.2), apparently have little direct effect in enhancing the hardness 
properties in these alloys.

Another important feature o f the ageing behaviour of these alloys is that 
regardless of the extrusion temperature or the solution treatment given, the variation in 
'time' to reach peak-age is quite small. This is apparent from Figures 5.16 and 5.17, 
but can be more clearly seen in Table 5.6. Times to peak-age are in the range of 1.5 -
2.5 hours and seem to change very litde with differing heat treatment conditions. These 
times are noticeably lower than those for the Al-Li-Zr alloys (Table 4.4), which range 
from 1 - 2.5 h for the 420°C/lh solution treated condition, to 3 - 4 h for the as-extruded 
and 540°C solution treated conditions. This suggests that the Cr addition has an even 
greater effect in increasing the kinetics of 8 ' (A^Li) coarsening than the Zr addition (in 

the form of A^Zr precipitates). This is hard to explain, especially with a view to the 
fact that precipitation of 8 ' (A^Li) appears to occur separately from any precipitation 

involving the Cr-content of the alloy (see Section 4.6.2).

5 .6 .2  Effect o f  Initial B illet Temperature

The effects of the initial billet temperature have been highlighted in the above 
section. However, the effect of the initial billet temperature on ageing response can be 
viewed in another way by comparing, for each individual extrudate, the as-extruded
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Figure 5.18 Effect of Initial Billet Temperature on 190°C Ageing Behaviour
of Alloy CR1-1
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response with that obtained after solution treatment. The results displayed in this way 
are shown for alloy CR1-1 in Figure 5.18. If it is noted that the response for each of 
the solution treatments (540°C/0.5h (STH) and 420°C/lh (STL)) is more or less 
constant for all the extrudates, then the variation of the as-extruded (AE) response, 
which is a direct consequence of the initial billet temperature, can be clearly seen. The 
500°C and 450°C extrudates exhibit the highest ageing responses, their response being 
higher than that obtained after the 420°C solution treatment, but lower than obtained 
after the 540°C solution treatment. The 400°C and (surprisingly) 300°C extrudates show 
similar responses to each other, having a response similar to that observed for all the 
extrudates after the 420°C/lh solution treatment. The 250°C and surprisingly the 350°C 
extrudates show the lowest responses, these being somewhat lower (by -  5 -15  VHN) 
than the response obtained after the 420°C solution treatment. These observations can 
be explained to a large extent in terms of the higher initial billet temperatures remitting 
solutionising, though this does not explain the anomalies observed for the 300°C and 
350°C extrudates. The anomalies could be due to AI7G: precipitation or 5 (AlLi) 

precipitation (see Section 5.4.1).

Comparison of these curves with those o f alloy ZR2-1 (see Figure 4.25), 
shows them to be steeper after peak-ageing, indicating that these Al-Li-Cr alloys 
'overage* faster. This reinforces the observation in the previous section that the Cr 
addition increases the kinetics of 8' (A^Li) formation and coarsening in these alloys.

5 .6 .3  Effect o f  Stretching

The effect of a 2% stretch on the ageing response of one of the CR1-2 
extrudates, namely 300°C (9mm/s), was investigated. The results obtained for different 
starting conditions, are shown in Figure 5.19. As in the case of the 250°C (3mm/s) 
ZR2-2 extrudate, the effects of both a straight-forward 2% stretch on the as-extruded 
material, and one given after solution treatment at 540°C/0.5h, were studied. Both these 
treatments resulted in a 10 VHN increase in the initial hardness of the extrudate (Figure 
5.19a), this increase being solely due to the work-hardening resulting from the 2% 
stretch. A further solution treatment at 540°C/0.5h (Figure 5.19c), however, decreased 
this initial hardness back to the usual values of 90 - 95 VHN typical for this alloy. This 
indicates that the work-hardening afforded by the 2 % stretch is in a form (such as 
dislocations) which can be easily wiped out by solution treatment. This observation in 
turn suggests that the substructure strengthening in these alloys is mainly due to the 
small subgrain size, which hardly changes with solution treatment (see Table 5.5).
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The ageing responses in both the as-extruded (Figure 5.19a) and the two 
solution treated conditions (Figures 5.19 b & c), show that the sample given a solution 
treatment prior to stretching (i.e. STH + Str. 2%) displays a superior ageing response 

(by as much as 20 VHN) compared to the as-extruded and stretched (Str. 2%) sample. 
This is similar to the results obtained for the 250°C (3mm/s) ZR2-2 extrudate (Section
4.6.4). The as-extruded and stretched (Str. 2%) sample not only shows poorer ageing 
response but also seems to overage faster. This poorer ageing response indicates that 
the stretching did not have the desired effect of producing more nucleation sites for 8’ 

precipitation, which would have resulted in a larger ageing response. The faster 
overageing can be explained in two ways. In the as-extruded material, the 
heterogeneities (e.g. dislocations) produced by stretching, probably interacted with 
existing 5* (A^Li) particles by shearing them, thus making these better sites for 8 ' 

growth due to their increased surface area. Hence more rapid coarsening of these 
sheared 8 ' particles occurred, leading to faster overageing. However, this does not 

explain the faster overageing observed for the STH + Str. 2% samples which did not 
have any initial 8 ' to interact with the heterogeneities produced during stretching (since 

all the Li is taken into solution). These samples aged faster probably as a consequence 
of enhanced diffusion (e.g. pipe diffusion) afforded by the heterogeneities (especially 
dislocations). Although solution treatment prior to stretching (STH + Str. 2%) may at 
first seem to provide more nucleation sites (and hence a higher ageing response), 
comparison o f Figures 5.19 a & c, shows the enhanced response to be mainly a 
consequence of the solution treatment given. On the whole, it appears that the 2% 
stretch has no beneficial effects in terms of enhancing the ageing response of this alloy.

5.6.4 Natural Ageing

The natural ageing response of alloy CR1-2 in various initial conditions is 

shown in Figure 5.20. As in the case of Al-Li-Zr alloys, hardly any substantial natural 
ageing was observed for this alloy, despite ageing times of up to 10,000 hours (~ 14 
months). Only the extrudate which was stretched by 2% (Figure 5.20b) showed a 
maximum increase of 6  - 7 VHN after natural ageing for 6000 h. It can therefore be 
concluded that in this system, either no natural ageing occurs or that it occurs after very 
long times (i.e. > 1 year). As in the case of the Al-Li-Zr alloys, the explanation for this 
lies in the high binding energy of Li atoms to vacancies, resulting in Li atoms not 
releasing the vacancies at room temperature. This explanation is compatible with the 
observation of the lack of 8 ' (A^Li) precipitation upon press-quenching o f these 

extrudates.
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5.6.5 Summary

1. Solution treatment at 540°C/0.5h resulted in maximum ageing responses (of 50 - 60 

VHN), compared to responses of 40 VHN for solution treatment at 420°C/lh. The 

responses are a direct consequence of the degree of supersaturation of Li and can be 

explained by the binary Al-Li phase diagram. These responses were greater than those 

obtained for the Al-Li-Zr alloys.

2. The initial billet temperature had a somewhat similar effect in terms of 

supersaturation of Li as the solution treatments given, the ageing response increasing 

with increasing initial billet temperature.

3. Initial hardness of both alloys varied only slightly with either initial billet 

temperature or solution treatment, remaining at ~ 90 - 97 VHN. The main contribution 

to initial hardness in these alloys was from the subgrain size (which remained stable at 

high temperatures), the slight variation being due to other forms of substructure 

strengthening (e.g. dislocation tangles) as a consequence of initial billet temperature.

4. The Cr content of the alloys was found to have little or no effect on either 

modifying the precipitation reactions involving Li, or the overall hardness properties of 

these alloys (e.g. through AI7O  precipitation). This leads to the conclusion that the 

precipitation reactions of Cr and Li occur independently of one another, and that the 

hardness properties of these alloys are essentially determined by the Li content of the 

alloys.

5. The average peak-ageing times were very rapid (~ 2h) and remained relatively 

unchanged with solution treatment. These times were slightly faster than those obtained 

for the Al-Li-Zr alloys of similar Li content.

6 . The Al-Li-Cr alloys overaged faster than the Al-Li-Zr alloys, indicating that the Cr 

addition has a greater effect in increasing the 8* growth kinetics.

7 . 2 % stretching was found to have no beneficial effects in enhancing the ageing 

response of these alloys.

8 . Similar to the Al-Li-Zr alloys, these Cr-containing alloys did not display any natural 

ageing due to the high binding energy of Li atoms to vacancies.
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5 .7  M echanical Properties

Tensile properties in the longitudinal direction and fracture toughness properties 

in the transverse direction, have been determined for alloys C R 1-1 and C R 1-2 in a 

variety of heat treatment conditions. The modulus and density of these alloys were also 

determined and are described below. Full details of the tensile and fracture toughness 

results are given in Appendix 6.

5.7.1 Tensile Properties

The tensile properties of alloys C R 1-1 and C R 1-2 are shown in Figures 5.21 

and 5.22 respectively. Variations of the tensile properties with heat treatment conditions 

were similar to those observed for the ZR2-1 and ZR2-2 alloys (see Section 4.7.1). 

Maximum strength properties of alloy C R 1-1 were obtained after solution treatment (at 

540°C/0.5h) and peak-ageing at 190°C (i.e. STH + PA condition), where 0.2% proof 

strength levels of ~ 500 MPa were achieved. This amounted to a doubling of the ’as- 

extruded’ (AE) proof strength properties. However, as in the case of the Al-Li-Zr 

alloys, this increase in strength was accompanied by a substantial loss in ductility, this 

value decreasing from an average of 13%  in the as-extruded condition to ~ 6% in the 

STH + PA condition (Figure 5.21c). The underaged (STH + UA) and overaged (STH 

+ OA) conditions which were selected on the basis of 80% peak hardness values, did in 

fact prove to have strength levels between ~ 70 to 90 % of the properties in the STH + 

PA condition. The ductilities in these conditions were similar to each other (~ 9%), 

being slightly higher than the ductility in the STH + PA condition.

The as-extruded (AE) 0.2% proof stress properties of alloy C R 1-1 were found 

to increase slightly with decreasing initial billet temperature (Figure 5.21a). This trend 

was in accordance with the trend observed for the as-extruded hardness properties 

(Figure 5.16a), indicating an approximate 10 MPa increase for every 50°C drop in 

initial billet temperature. Such a trend with initial billet temperature, however, was not 

quite observed for the as-extruded ultimate tensile strength or ductility properties. Peak

ageing the as-extruded alloy (i.e. AE + PA), resulted in strength levels which were ~ 

100 - 150 MPa lower than those achieved with a prior 540°C/0.5h solution treatment 

(i.e. STH + PA condition). The ductility values, on the other hand, were slightly higher 

(by ~ 3 - 4 %) than those achieved in the STH + PA condition. The solution treatment 

itself (i.e. STH condition), had little effect on either the strength or ductility of the 

extrudates compared to the as-extruded (AE) condition. Thus it appears that the AI7O



215

o.2% PS 
(MPa)

600

500

400

300

200

100

(a) 0.2% Proof Strength

AE STH UA AE + PA STH + PA 
Heat Treatment Condition

OA

■  500°C
g3 450°C 
ffl 400°C 
0  350°C
□  300°C
□  250°C

UTS
(MPa)

600

500

400

300

200

100

0
AE STH UA AE + PA STH + PA OA

Heat Treatment Condition

|  500°C
Eg} 450°C 
M 400°C 
0  350°C
□  300°C
□  250°C

20

%

Elongation 10

0
AE STH UA AE + PA STH + PA OA

Heat Treatment Condition

B  500°C 
E3 450°C 
H  400°c
m 35o°c
□  300°C
□  250°C

F ig u re  5.21 Tensile Properties of Alloy CR1-1



216

0.2% PS 
(MPa)

600

500

400

300

200

100

0

. (a) 0.2% Proof Strength

g
g
g
g
g
g
%
g
g
I

|  400°C - 3mm/s

AE + PA STH + PA OA
Heat Treatment Condition

UTS
(MPa)

600
. (b) Ultimate Tensile Strength

500 -

400

300

200 -

100

0 L

400°C - 3mm/s 
300°C - 3mm/s 
300°C - 9mm/s 
300°C - 9 (Str. 2%) 
300°C - 9 (STH+Str. 2%)

AE STH UA AE + PA STH + PA 
Heat Treatment Condition

30

20

%

Elongation

10

0

(c) % Elongation |  400°C - 3mm/s
E3 300°C - 3mm/s 
Is! 300°C - 9mm/s 
^  300°C - 9 (Str. 2%)
□  300°C - 9 (STH+Str. 2%)

AE STH UA AE + PA STH + PA OA 
Heat Treatment Condition

Figure 5.22 Tensile Properties of Alloy CR1-2



217

particles precipitated upon solution treatment (see Section 5.5.2) have little effect in 

enhancing the strength properties of these alloys. The results, however, indicate that the 

solution treatment causes total dissolution of the Li in the matrix such that more Li is 

available for precipitation as 5' (AI3LO particles during peak-ageing. This further 

implies that some of the Li in the as-extruded material is tied up in some form other than 

8 ' -  probably as the equilibrium 8 (AlLi) -  especially since the as-extruded alloys 

achieve strength levels nowhere near that of STH samples upon peak-ageing.

Alloy C R 1-2 showed similar trends with initial billet temperature and the heat 

treatments given (Figure 5.22). The strength levels obtained in each heat treatment 

condition were very similar to those for alloy C R 1-1, though the ductility values were 

in general slightly higher (by ~ 3 - 4 %). The effect of a 2% stretch, which was only 

investigated for the STH + PA condition due to unavailability of material, appeared to 

be negligible for both the strength and ductility properties. This was in agreement with 

the hardness results obtained (see Section 5.6.3).

In comparison to the Al-Li-Zr alloys, the trends observed with varying heat 

treatment conditions are similar for these Al-Li-Cr alloys. However, the strength levels 

achieved in the Cr-containing alloys are generally lower by ~ 50 MPa, while the 

ductility values are approximately the same as (or only slightly higher than) those of the 

Al-Li-Zr alloys (in particular ZR2-1 and ZR2-2 alloys). The Cr content of the alloys 

does not seem to directly contribute to either the strength or the ductility, in contrast to 

the A ^Z r precipitate which was found to contribute quite substantially to the strength 

properties of the Al-Li-Zr alloys (see Section 4.7.1). In both alloy systems, however, it 

appears that it is the Li content which largely determines the tensile properties.

5 . 7 . 2  Fracture Toug hness Properties

Fracture toughness of the extrudates in the transverse direction, as determined 

by the short rod fracture toughness test (see Section 3.12.6), is shown for the two 

alloys in Figure 5.23. The trends observed as a function of heat treatment are similar to 

the trends for the ductility of the alloys (Figures 5.21c &  5.22c). In the as-extruded 

condition, C R 1-1 extrudates show relatively low toughness values of 12 - 18 MPaVm, 

while CR 1-2 extrudates display rather acceptable values of 24 - 32 MPaVm. Solution 

treatment at 540°C/0.5h results in little change in these properties for alloy CR1-2, 

while the toughness properties of alloy C R 1-1 are considerably increased to 23 - 28 

MPaVm. These results indicate that absence of any Li-containing precipitates (i.e. either
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metastable 8 ’ or the equilibrium 8) within the matrix, has favourable effects as regards 

to improving the fracture properties of the alloys.

During 190°C ageing, which causes considerable precipitation of the metastable 

8 ' (AI3O ) phase, the fracture toughness properties decrease substantially to 

approximately 6 9 MPaVm. This clearly shows that homogeneous matrix precipitation 

of 8 ’ (AI3LA) has adverse effects on the fracture toughness properties of these alloys, 

especially since all the extrudates, regardless of their initial billet temperature, show 

similar poor fracture properties in any of the aged conditions. For alloy C R 1-1, the 

peak-aged fracture properties of the as-extruded samples (i.e. A E + PA) are slightly 

better (by ~ 3  - 4 MPaVm) than those achieved after a prior solution treatment (i.e. STH 

+ PA), but the values are still only half of those obtained in the as-extruded condition.

On the whole, the fracture properties of these alloys are similar to those of the 

Al-Li-Zr alloys, being largely determined by the Li-containing precipitates, especially 

by the homogeneous matrix precipitation of the 8 ' (AI3O  ) particles. However, alloy 

C R 1-2 displays quite respectable as-extruded fracture properties (similar to ZR2-2) in 

the as-extruded (AE) or solution treated (STH) conditions, though these are 

accompanied by rather poor strength levels. The two alloy systems seem to be 

compatible in terms of the trends and magnitude of the transverse fracture properties, 

showing similar variations with heat treatment.

5 .7 .3  Modulus Properties

The elastic modulus of alloys C R 1-1 and C R 1-2 in the 'as-extruded', and heat 

treated, conditions are shown in Table 5.7. The modulus of the two alloys appears to 

be similar, ranging between 73 and 75 GPa in value. This variation can be easily 

explained in terms of the errors (about ±  2 GPa) associated with these values (see Table 

5.7). Congruent with the results obtained for the Al-Li-Zr alloys (Section 4.7.3), these 

modulus values hardly seem to change with initial billet temperature or the heat 

treatment condition. The average modulus of 74 GPa obtained for these alloys is very 

similar to the average value of 76 GPa obtained for the Al-Li-Zr alloys. This shows that 

the Cr content of these alloys, which should supposedly enhance the modulus of 

aluminium by 3 GPa for every wt% Cr added (Mondolfo 1976), has apparently no 

effect on the modulus properties of these Al-Li alloys. Also, solution treatment of the 

alloys (especially CR1-2), does not seem to increase the elastic modulus over that
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Table 5.7  Elastic Modulus Properties of the Al-Li-Cr Alloys

A lloy Extrudate Condition
(GPa)

Error 
(± GPa)

Li Content 
(wt.%)

C R 1 -1 450°C AE 75.0 ±3.9 2.73
350°C AE 73.5 ± 1.2

AE + PA 73.3 ±0.7
250°C AE 75.4 ± 2.9

C R 1 -2 400°C AE 74.2 ±2.0 2.52
STH 74.7 ± 1.5

300°C AE 73.1 ± 1.3
STH 73.6 ± 4.6

Table 5.8 Density Values of the Al-Li-Cr Alloys

A lloy Extrudate Condition Density
(g/cm3)

Theoretical
Density
(g/cm3)

Li
Content
(wt.%)

Cr
Content
(wt.%)

C R 1 -1 450°C AE 2.52 2.44 2.73 1.06
350°C AE 2.52
250°C AE 2.52

500°C AE + PA 2.52
450°C AE + PA 2.52
400°C AE + PA 2.52
350°C AE + PA 2.52
300°C AE + PA 2.52

500°C STH + UA 2.53
450°C STH + UA 2.53
400°C STH + UA 2.53
350°C STH + UA 2.53
300°C STH + UA 2.53
250°C STH + UA 2.53

C R 1 -2 400°C AE 2.54 2.46 2.52 1.03
STH 2.54

300°C AE 2.54
STH 2.54



221

found in the as-extruded condition. This is in agreement with the results obtained for 

the Al-Li-Zr alloys (see Section 4.7.3).

5.7.4 Density Measurements

The density values of various C R 1-1 and C R 1-2 extrudates, measured in a 

variety of heat treated conditions, are given in Table 5.8. As expected, the density of 

both alloys remains unchanged with changing initial billet temperature or heat treatment 

condition. Alloy C R 1-1 is found to have a density of 2.52 g/cm3 compared to 2.54 

g/cm3 measured for alloy CR1-2. This difference could be due to experimental scatter, 

but is more likely to be due to the higher Li content (~ 0.21 wt%) of alloy C R 1-1, 

since the Cr level in both alloys is approximately the same. The density of these alloys 

is about the same as those of Z R 2-1 and ZR2-2 alloys which have similar lithium 

contents. The theoretical density calculated for these alloys was again less than the 

measured density values, since the impurity elements have not been taken into account 

(see Section 4.7.4).

5.7.5 Summary

1. Both longitudinal tensile properties and transverse fracture toughness properties 

were found to vary mainly with the heat treatment condition. Maximum strength 

properties of ~ 500 MPa were obtained for both alloys in the solution treated 

(540°C/0.5h) and subsequently peak-aged (190°C/2h) condition, though the ductility 

and fracture toughness properties were at their lowest in this condition (7% elongation 

and ~ 7 MPaVm).

2. The best ductilities (~ 15% ) and fracture toughness properties (15 - 28 MPaVm) 

were obtained in either the as-extruded (AE) or 540°C/0.5h solution treated (STH) 

conditions, though the associated proof strength values of ~ 250 MPa were not 

encouraging.

3. The initial billet temperature was found to have some effect on the as-extruded 

properties, though this was rather small at ~ 10 MPa increase for every 50°C decrease 

in the initial billet temperature.
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4. The main source of strengthening was determined to be the metastable 5' (AI3O) 

precipitate, though this was also considered to be the main cause of the poor fracture 

toughness properties.

5. The elastic modulus of these Al-Li-Cr alloys was about 74 GPa, a value similar to 

that of the Al-Li-Zr alloys. The Cr content did not appear to have any effect in 

increasing the modulus of these alloys.

6 . The densities of the alloys were mainly determined by the Li content. The densities 

of the alloys (2.52 g/cm3 for alloy C R 1-1 and 2.54 g/cm3 for alloy CR1-2) were 

similar to those of the ZR2-1, ZR2-2 and ZR3-1 alloys.

5 .8  Fractography

5.8.1 Tensile Specimens

Similar to the Al-Li-Zr alloys (see Section 4.8.1), the fracture surfaces of the 

Al-Li-Cr tensile specimens were found to vary mainly as a function of heat treatment. 

Typical examples of fracture surfaces of aged specimens at different magnifications, are 

shown in Figure 5.24. The macroscopic appearance of the fracture surface of as- 

extruded, or solution treated, specimens was similar to that of the aged specimens 

shown in Figure 5.24a, but with less jagged (i.e. smoother) features. At higher 

magnifications (Figures 5.24 b &  c), the 'dimpled' nature of the fracture surface was 

apparent, indicating transgranular 'microvoid coalescence'. Presence of particles within 

the dimples could be clearly seen in some areas (Figure 5.24c). In addition, evidence of 

longitudinal splitting, which was manifested by 'cliff-like' features on a macroscopic 

level (Figure 5.24a), could also be seen on a microscopic level (Figure 5.24b).

5.8.2 Short-rod Specimens

Fracture surfaces of the short-rod specimens (which show fracture in the 

transverse direction) illustrated the difference in the fracture properties of the heat 

treated specimens more clearly (Figure 5.25). In the as-extruded samples (Figure 

5.25a) and specimens which were solution treated at 540°C/0.5h (Figure 5.25b), the 

fracture surface appeared dimpled, indicating a ductile fracture where fracture had taken
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a tortuous path. In the aged specimens (Figures 5.25 c &  d), however, the fracture 

surface looked relatively smooth and featureless, having taken place along the grains 

elongated in the extrusion direction. Little evidence of dimpling was observed in the 

aged samples, though small ductile features could be seen on the fracture surface. This 

difference in the fracture surfaces is reflected in the fracture toughness properties, 

where relatively high toughness values (of ~ 15 - 25 MPaVm) in the as-extruded and 

solution treated conditions, drop considerably to rather low values (of ~ 8 MPaVm) 

upon ageing (see Section 5.7.2).

It can clearly be seen that in respect of the variation of fracture surfaces with 

heat treatment conditions, these Al-Li-Cr alloys are very similar to the Al-Li-Zr alloys 

(Section 4.8). These fracture surfaces give some idea of the origins of fracture in these 

alloys. The dimpled transgranular fracture surfaces imply particles being associated 

with the fracture. These could possibly be 'oxide particles' or 'intermetallics', though 

little evidence of the former was found during microstructural examination (see 

Sections 4.5 and 5.5.2). The pronounced susceptibility to splitting along the extrusion 

direction indicates that these must be embrittled at the grain/subgrain boundaries. As 

mentioned before, this may be associated with precipitation at the boundary and/or 

solute segregation. S (AlLi) precipitates were found at the subgrain boundaries in some 

specimens, mainly in the as-extruded low temperature (i.e. 250 - 350°C) extrudates, 

though not to a large extent in the aged condition (except for alloy ZR4). Presence of 

these 8 particles at grain/subgrain boundaries has been found to be a major cause of 

fracture in Al-Li alloys, leading to 'grain boundary ductile fracture' (Vasudevan &  

Doherty 1987). The very high toughness decrease and the large change in the fracture 

surfaces upon ageing, however, suggest that the embrittling species develop during the 

ageing process. These could include solute segregation or precipitation of some second- 

phase particles not detected by transmission electron microscopy. The other factor 

which can contribute to the embrittlement in these alloys is the inhomogeneous slip 

which arises from homogeneous matrix precipitation of 8 ' (A^Li) particles. When such 

slip bands encounter the embrittled grain boundary, the very high local stress 

concentration is sufficient to cause separation along the grain boundaries. From the 

fracture surfaces, it can be deduced that in the aged specimens, fracture possibly starts 

with splitting along the elongated grain boundaries, and progresses by transgranular 

fracture, giving rise to the jagged features observed in Figure 4.36a. The material 

finally fails around the edges by 45° shear fracture. The ternary addition of Cr, similar 

to the Zr addition, seem to have little effect on changing the mode of fracture in these 

Al-Li alloys.
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5.8.3 Summary

1. Both tensile and short-rod fracture surfaces seemed to change mainly upon 

’ageing*.

2. The variation in the short-rod fracture surface was very noticeable, changing from 

highly dimpled surfaces in the as-extruded and solution treated conditions, to smooth 

featureless fracture surfaces aligned along the elongated boundaries in the aged 

specimens.

3. The change in the tensile fracture surfaces was observed to a smaller degree, the 

fracture surface consisting mainly of ’cliff-like* features (denoting ’splitting’ along the 

elongated grain boundaries in the extrusion direction) and ’dimples' (denoting 

'transgranular micro-void coalescence’).

4. The large changes in fracture surfaces upon ageing indicated that the embrittling 

species develop during the ageing process. Homogeneous matrix precipitation of 8 ' 

(A^Li) leading to localised planar slip, is thought to be the main cause of fracture, 

though the smooth fracture surfaces indicate that additional factors such as second- 

phase precipitation or solute segregation, must also have been present to have 

weakened the grain/subgrain boundaries, to result in massive splitting along the 

boundaries.

5. As regards to enhancing the fracture toughness properties of these PM Al-Li alloys, 

both the Cr and Zr additions were found to have little effect on modifying the mode of 

fracture.
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CHAPTER 6

POWDER SURFACE OXIDES 
& VACUUM DEGASSING

6 .1  Introduction

The role of powder surface oxides in determining the inter-particle bonding, and 

hence the final mechanical properties of extruded PM material has been described to a 

large extent in Section 2.2.2. It has been illustrated that vacuum degassing of the 

powders, which involves heating the powders in order to modify the surface oxides, is 

a beneficial processing step prior to consolidation by extrusion. Many improvements in 

mechanical properties, especially in the transverse direction, have been obtained when 

using the degassing step. However, the vacuum degassing process is still an additional 

expensive step in the fabrication of PM aluminium alloys which makes them less 

economically viable than the conventional cast and wrought IM aluminium alloys. 

Furthermore, the prolonged heating cycles involved in the degassing process are 

thought to detrimentally affect the fine and unique microstructure of the powders 

(especially that of precipitation or dispersoid hardened alloys), thereby destroying the 

benefits attainable by rapid solidification.

The purpose of the investigation described in this chapter is to gain a better 

understanding of the degassing process, and to determine the usefulness of this step for 

the Al-Li alloys used in this study. Particular attention has been paid to the following :

a) the origins of oxidation and understanding the formation of 'hydrated 

oxides’ on powder surfaces

b) ways of determining the optimum conditions for effective degassing

c) whether deteriorated (i.e. poorly-stored) powder can be 'restored' 

by degassing

d) the extent of the effect of vacuum degassing on the final properties of 

Al-Li alloys

e) whether the degassing step can be circumvented by simply taking more 

care in handling and storage of the powder
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6 .2  Nature of Surface Oxides on Powder Particles

The nature of the oxide film on aluminium alloy powders largely determines the 

techniques that must be used to consolidate the powder and the subsequent thermal and 

mechanical processing that is necessary in order to achieve satisfactory properties. 

Many studies have been carried out on the nature of surface oxides present on 

aluminium alloy powder particles. It has been found that the amount and nature of these 

films are dependent on the oxidising conditions which prevail during atomisation and 

afterwards during the storage and handling of the powders, as well as on the 

composition of the alloy (i.e. elements more prone to hydration).

Ackermann et al. (1982) and Schlich et al. (1987) have shown that the surface 

oxide layer may be hydrated to some extent during atomisation, the nature of the oxide 

film being very dependent on the atomising conditions. They have shown that inert-gas 

atomisation in helium or argon results in the formation of a 'dry' oxide whereas 

atomisation in air is associated with generation of 'hydrated' surface oxides. Moreover, 

the atomising atmosphere affects powder particle morphology as well as the 

composition and thickness of its surface layer. The particle shape is related to the 

amount of oxygen in the atomising gas. Air-atomised powder is irregular in shape 

(compared to the near-spherical inert-gas atomised powders) and hence has a greater 

surface to volume ratio. Therefore, air-atomised powders not only display thicker and 

more hydrated surface oxides, but contain more surface oxide as a percentage of the 

volume of the powder. Therefore, it appears that degassing of inert-gas atomised 

powders is generally easier, due to a reduced moisture content of the inert gas and the 

smaller overall surface area of the more spherical powder particles. As regards to the 

type of inert atomisation gas used, Schlich et al. (1987) found this to have only a minor 

effect on the degassing behaviour.

Post-atomisation handling of the powders is also extremely important in 

determining the nature of the surface oxide. If the powders are left exposed to a humid 

atmosphere after atomisation, surface oxides are likely to become hydrated in addition 

to moisture being adsorbed on the particle surfaces. The amorphous nature of the 

surface oxide is such that it allows the moisture in the atmosphere to react with the 

metal through the porous oxide layer. This is particularly true of alloy powders which 

contain reactive species. Schlich et al. (1987) found that 'reaction milling' of argon- 

atomised Al-5Cr-2Zr-lMn powder in air resulted in much greater hydrogen evolution 

during degassing, since an increase in the amount of oxides and hydroxides had 

occurred when freshly exposed surfaces reacted with the milling atmosphere.
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In the case of Li-containing aluminium powders, which are studied in this 

investigation, problems not only arise during post-atomisation handling of the 

powders, but also during the atomisation process. The reactive nature of Li and the 

high melt temperatures (> 900°C) involved, make it relatively easy for hydrogen to be 

dissolved in the melt even before atomisation takes place in an inert atmosphere. In a 

study on arc- and induction-melted Al-Li-M g 'cast' alloy (Hill et al. 1984), the 

hydrogen contents found were much higher than those encountered in conventional 

aluminium alloys, resulting in significantly lower ductility and toughness. A  study by 

Field (1982) showed that high temperature oxidation of aluminium alloys containing 

lithium results in the production of thick, friable, non-protective oxide films after 

relatively short oxidation periods. In the case of PM Al-Li alloys, the situation is likely 

to be worse due to the extremely large surface areas involved. A  study by Robinson

(1987) on Al-Li powders, showed rapid deterioration of the powder upon exposure to 

the atmosphere, resulting in formation of oxides which greatly hindered compaction of 

the powders.

This section attempts to characterise the surface oxides found on the Al-Li 

powders investigated, using a number of analytical techniques which may provide a 

better understanding of the formation and nature of these oxides. It is hoped that this 

characterisation provides the basis for determination of more appropriate degassing 

procedures, or alternative storage and handling procedures.

6 .2 .1  O xide C on ten t o f  P o w d ers

Total oxygen contents of some of the powders were determined by a Leco 

analyser at ALCOA laboratories. The results of the analysis are given in Table 6.1.

Table 6.1 Oxygen Content of the Al-Li Powders

Alloy Condition Oxygen
Content

(%)

Error Li
Content
(wt%)

Zr
Content
(wt%)

Cr
Content
(wt%)

ZR1 Exposed 1.32 ±0.016 3.09 0.78 —

ZR3-1 As-atomised 0.36 ± 0.006 3.00 2.01 —

CR1-2 As-atomised 0.34 ± 0.006 2.52 — 1.03
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The oxygen content of ZR1 powder appeared to be considerably higher (in fact 

nearly 4 times higher) than that found in the other alloys. The composition of these 

alloys indicates that the oxygen content observed was not a function of the alloying 

elements. Also, all the powders were atomised under similar conditions using argon 

gas, which contained approximately the same amount of oxygen (~ 1 %) to pacify the 

powders. This amount of oxygen is needed in the atomising gas to form a thin 

protective oxide layer on the powder particles, and is completely different from 

atomisation in air. For example, Ackermann et al. (1982) found a large increase in the 

oxygen content of 7090 powder alloy when atomising in 'air' (3210 ppm) compared to 

atomisation using 'helium' gas (1350 ppm). The high oxygen content of ZR1 powder, 

therefore, can only be attributed to its long exposure (~ 3 months) to the atmosphere 

after atomisation, since the other powders were all stored in a sealed container under 

argon in the presence of moisture-removing agents such as silica gel and phosphorus 

pentoxide (P2O5) immediately after atomisation. This result indicates the importance of 

post-atomisation handling in the prevention of oxidation of Al-Li powders. Although 

the ZR4 powder, which was used for the degassing investigation, was not analysed for 

oxygen, it is believed that it would have shown similar oxide contents and oxidation 

characteristics to the powders mentioned in this section.

6.2.2 Surface Morphology of Powder Particles

When the powders were left exposed to the atmosphere for a length of time 

(e.g. about a month), they seemed to agglomerate together in clumps and turn darker in 

colour. This 'deterioration' of the powder (which was thought to be due to 

oxidation/hydration) also affected the cold-compaction behaviour of the powders. This 

was portrayed mainly by the ZR1 powder which compacted perfectly well shortly after 

atomisation, but could not be satisfactorily compacted (i.e. without breaking into 

pieces) when exposed to the atmosphere for three months. These observations, led to 

an SEM investigation of the surface of exposed powder particles.

Particle surfaces of ZR4 powder in both the 'as-atomised' and 'exposed' 

conditions are shown in Figure 6.1. It can be seen that in the 'as-atomised’ (i.e. 

unexposed) condition, the smaller particles (< 10  pm diameter) exhibit a relatively 

smooth surface (Figure 6.1a), while the larger particles (> 30 pm diameter) appear to 

have rougher surfaces (Figure 6.1b). After exposure to the laboratory atmosphere for 

one month, extra surface features seem to appear on the powder particles (Figures 6.1 c
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- e). These features are smaller and present to lesser extents in the smaller (< 10 pm) 

particles (Figure 6.1c), while they appear as gross 'vein-like' surface relief in the larger 

(> 30 pm) particles (Figure 6 . Id). Closer examination of these 'vein-like' surface 

features, indicates secondary growth of oxidation/hydration products, appearing as 

small 'speckles' or 'flakes' between the large 'vein-like' features (Figure 6.1e). These 

'speckles' are similar to the oxidation/hydration products observed in the smaller 

particles (Figure 6.1c).

It should be pointed out that the ’unexposed' powder samples studied (Figures

6 .1  a &  b), were not studied immediately after atomisation, but many months 

afterwards, while being stored in sealed containers under argon gas and in the presence 

of moisture-removing agents such as silica gel and phosphorus pentoxide (P2O5). This 

study of the surface morphology of powders, therefore, not only gives an idea of the 

morphology of oxidation/hydration products, but more importantly shows the 

importance of storage and handling practices in preserving the powder surfaces (i.e. 

avoiding oxidation/hydration).

6.2.3 Surface Chemical Analysis of Powders

Surface chemical analysis of the various powders in the 'as-atomised' and 

'exposed' conditions was carried out using X-ray Photoelectron Spectroscopy (XPS). 

Details of sample preparation, instruments, and experimental conditions used are given 

in Section 3.10. With this technique, powder samples are held under vacuum and 

bombarded with monoenergetic X-rays. This penetrates the surface region to a 

particular depth and by the process of photoionisation, excites electrons from energy 

levels of component atoms within the 'sampling depth'. This sampling depth is 

dependent on the energy of the exciting X-rays and the angular orientation of the 

sample, and varies from 10  to 40 A. If information from a greater depth is required, an 

eroding ion beam is used to remove the upper layers. Many of the excited electrons 

within the sampling depth are then ejected from the surface with an energy characteristic 

of a particular energy level (known as the 'binding energy') in their parent atoms, such 

that measurement of the energy distribution of these electrons permits elemental 

identification. Information is normally collected from an area of 1 cm2, but this can be 

reduced to 0.75 mm2 for analyses where information from only a very specific area is 

needed.



234

The results obtained were mainly in the form of survey spectra which display 

the percentage intensity of elemental electrons as a function of increasing binding 

energy. The survey spectrum of as-atomised ZR4 powder is shown in Figure 6.2. The 

survey spectra of all other powders used in this investigation are shown in Figure A7.3 

in Appendix 7. The most outstanding features of these spectra are the large carbon and 

oxygen peaks which are present at binding energies of 288 eV and 535 eV respectively. 

The presence of these peaks is mainly due to contamination by adsorbed gases and 

vapour, the level of contamination by the oxygen being much less (about 2 0 %) than 

that of carbon. Carbon contamination is a very common feature in XPS analysis (see 

Appendix 7) and its presence can overshadow the signal of other constituent species 

present on powder surfaces. However, some of the contribution towards these peaks 

can be accounted for in terms of charged constituents, namely oxides and carbonates, 

present at the surface of powder particles. In addition to C and O, the surface layers 

were found to consist mainly of A1 and Li, and in some instances Si. The Si detected 

was purely from the double-sided tape which was used to hold the powder specimens 

onto the specimen holder in the spectrometer (see Section 3.10). The A1 and Li species 

detected arose from the powder specimens.

In order to gain a better understanding of the peaks corresponding to the species 

present at the surface, 'high resolution spectra' of each individual species (e.g. C, O, 

Li, etc.) were obtained. The high resolution spectra of the species detected for as- 

atomised ZR4 powder are shown in Figure 6.3. For reasons of comparison, high 

resolution spectra for commercially pure (CP) aluminium powder are given in Figure

6.4. These clearly show the presence of O, C, Li (and Si) on the surface of ZR4 

powder, and that of O, C, A1 (and Si) on the CP powder. No Zr was detected for ZR4 

powder, indicating that it does not diffuse to the surface of the powder particles. The 

high resolution spectra of ZR4 powder are fairly typical of the other Al-Li powders 

investigated (see Figures A7.4 and A 7.5 in Appendix 7). The surface chemical 

composition data thus obtained can also be quantified as atomic percentage of species 

present on the surface of the powder particles by applying relevant correction factors 

(Briggs & Seah 1983). In this investigation, however, it was found that the quantified 

values were not reproducible, and hence not very meaningful. This is because exact 

conditions for analysis are difficult to duplicate, and the curved surfaces of the powders 

also render the quantification inaccurate. Therefore, the results obtained have only been 

used for a qualitative analysis of the chemical make-up of the powder surfaces.

The A12p high resolution spectrum in Figure 6.3b does not show any 

discernible (wide) aluminium peak in alloy ZR4. In the CP powder (Figure 6.4),
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Figure 6.3 XPS High Resolution Spectra for As-Atomised ZR4  Powder
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Figure 6.4 XPS High Resolution Spectra for As-Atomised 
Commercially Pure (CP) Aluminium Powder
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however, this A12p peak can just be seen at 75 eV, though it is overshadowed by the 

peak at 78 eV which corresponds to the 'aluminium oxide' (AI2O3). This peak can be 

observed due to a XPS chemical shift phenomena for the A12p peak, and allows us to 

distinguish between AI2O3 and Almetai. Through this shift phenomena it is also 

possible to estimate the thickness of the oxide film approximately by a 'depth-profiling' 

technique, described in Appendix 7 (Nyborg et al. 1989). From the measurements 

carried out at Surrey University, it has been estimated that for the CP powder, the 

thickness of the oxide layer is not homogeneous and varies between 2 and 5 nm. The 

absence of either A lmetai or AI2O3 (oxide) peaks on the surface of ZR4 powder, 

strongly suggests that the aluminium oxide layer on the surface of this powder is 

covered by a layer of some other compound thick enough to hinder detection of AI2O3. 

This absence of A12p peaks was also observed in the other Al-Li powders investigated 

(see Figures A7.4 and A7.5 in Appendix 7).

The presence of a strong Li signal for ZR4 powder (Figure 6.3d) indicates that 

Li is present on the surface of the powder particles in large quantities. However, due to 

its reactive nature, it is unlikely to be present as Li metal and should therefore be 

present as a compound. The C ls high resolution spectrum for ZR4 powder (Figure 

6.3a), reveals the presence of a small carbonate (CO32_) peak (at binding energy of 293 

eV) to the right of the C ls peak (binding energy 288 eV), this carbonate peak being 

absent in the CP powder (Figure 6.4a). Referring to the survey spectra in Figure A 7.3 

in Appendix 7, it can be seen that in fact a 'double peak’ for carbon (corresponding to 

C ls and CO32 ) exists for all the Li-containing alloys, while only a single C ls peak is 

observed for the CP powder. The carbonate peak together with the large Li peak, seem 

to suggest that lithium carbonate (Li2CC>3) has formed on the surface of the ZR4 

powder particles and the other Li-containing powders investigated. The formation of 

such a carbonate is very likely even if only very small traces of oxygen and CO2 are 

present in the flue gases during atomisation. However, the direct reaction between Li, 

O2 and CO2 to form Li2CC>3 is unlikely on kinetic grounds, but the diffusion of lithium 

into the amorphous layer can lead to the formation of Li2<3 as an intermediate step. This 

is shown by a calculation for the free energy of formation of Li2CC>3 from Li2 0  and 

CO2 (see Appendix 8), where it is seen that a CO2 partial pressure of only 10"30 is 

required for the reaction to take place. In fact the atomisation gas had an oxygen content 

of 1% and argon gas bottles usually contain trace elements of CO and CO2 gases. (Otto 

(1976) also found large carbon contents in flue gas-atomised PM M A87 alloy (Al-Zn- 

Mg-Cu-Co) powders compared to air-atomised powders and concluded that this was 

due to absorption of CO and CO2 from the flue gas during atomisation.) According to 

this proposed mechanism oxidation proceeds via the outward diffusion of lithium, and
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the reaction itself occurs within the oxide layer or at the oxide surface. The formation of 

O 2CO3 as the principal reaction product on the surface of an extruded 8090 (Al-Li-Cu- 

Mg-Zr) alloy has been reported by Ahmad (1987), after heating at 530°C for up to 30 

minutes. Gregson (1983) also observed X-ray evidence of a mixed oxide of Li2 0  and 

Li2CC>3 on the surface of a sheet Al-Li-Mg-Cu-Zr alloy heated at 520°C for 15 hours, 

with Li2CC>3 being the main product of oxidation. From the work of these authors, it 

appears that Li2C0 3  is more likely to form at high temperatures and thus the Li2 0 O3 

probably forms during atomisation, and not afterwards in the handling stage.

The surface composition data can also be used to estimate the types and 

amounts of oxide present on each particle surface, assuming that all surface elements 

are present as oxides. However, as pointed out before, the quantified data were not 

found to be very accurate and as such would not provide meaningful estimates of the 

oxides present on particle surfaces. Moreover, it is not certain whether in addition to 

formation of AI2O3 and Li2C 0 3 , any other oxides (such as Li2 0 , y -L iA l O2 or 

LiAlsOg) are formed on the powder surfaces. These oxides cannot be detected by X-ray 

diffraction if they are present in very small amounts. In a study of high temperature 

oxidation characteristics of a sheet Al-Li-Mg-Cu-Zr alloy, Gregson (1983) found that 

y-LiA 1 0 2  (tetragonal oxide) and LiAlsOs were formed on the surface of the sheet, in 

addition to Y-AI2O3, Li2 0  and Li2CC>3. Field (1982) had also found these oxides to 

exist for Al-Li alloys after heating for relatively short periods at temperatures above 

300°C. However, it is not certain whether these oxides which had formed during high 

temperature oxidation of wrought Al-Li alloys, would also form on the surface of the 

powder particles at room temperature. Even if it were known which oxides had formed, 

a meaningful estimate of the amount of the oxides could not be calculated since it is not 

known what proportion of the carbon (Cls) signal arises from the Li2CC>3 and what 

proportion from carbon contamination.

From this investigation, therefore, only the following points can be concluded :

i) The Zr or Cr content of Al-Li powders does not segregate to the surface of 

the powders;

ii) Li2C0 3  forms on the surface of the powders due to the outward diffusion of 

Li to the surface of powders ;

iii) The main constituents of powder surfaces are oxides (mainly Y-AI2O3) 

and Li2CC>3.
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6 .3  Determination of Vacuum Degassing Conditions

The main parameters involved in the vacuum degassing process are : (i) the 

degassing temperature ; (ii) the degassing time ; and (iii) the vacuum used. Of these, 

the first two are more important since the vacuum used must only be sufficiently high to 

remove the liberated gases, thus minimising any chances of a back-reaction (see Section

2.2.2). As discussed in Section 2.2.2, the temperature used for degassing must be 

sufficiently high to allow effective degassing of the powder while being low enough 

such that it does not adversely affect the microstructure of the powder. Similarly, the 

degassing time must be long enough for effective degassing while causing only 

minimum changes in the powder microstructure. Obviously, the combination of the 

degassing temperature and time depend on the composition of the powder (i.e. what 

elements it contains, in what quantities), as well as the condition of the powder (i.e. 

whether stored in an inert atmosphere or left exposed to moist air for a long time). An 

alloy powder consisting of many readily-oxidisable elements (such as Li and Mg), 

which has been left in a humid atmosphere may require higher degassing temperatures 

and longer degassing times to effectively remove the accumulated oxidation and 

hydration products.

6.3.1 Mass Spectrometric Analysis

From previous work (see Section 2.2.2), it has been found that Mass 

Spectrometric Analysis (MSA) is extremely useful for establishing the degassing 

conditions for a particular powder. The temperature for effective degassing can be 

determined initially by heating the powder at a constant rate in the temperature range 20 

- 500°C. The amount of each species liberated as a function of temperature is measured 

to give a ’thermodesorption spectrum’ which indicates the temperature ranges at which 

particular species (e.g. H2 gas or H2O vapour) are liberated. The time needed to degas 

effectively at that temperature will then be determined by heating a fresh sample of the 

powder ’isothermally’ at the established degassing temperature, and obtaining the 

corresponding spectra of the amount of species liberated as a function of time.

In this investigation, only samples of ZR2-2 powder and commercially pure 

(CP) aluminium powder were studied by this technique. Details of specimen 

preparation and the mass spectrometer used can be found in Section 3 .11 . The 

thermodesorption spectra obtained are shown in Figure 6.5. Species such as O2, N2 

and CO2 gases were monitored in addition to H2 and H2O. In both the CP and ZR2-2
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powders, the only species that appeared to be desorbed over the temperature range 

investigated was water vapour. For the CP powder (Figure 6.5a), this occurred in the 

temperature range 20 - 200°C, decreasing gradually from a peak at 20°C to a steady 

value at 200°C. For the as-atomised ZR2-2 powder (Figure 6.5b), the H2O was given 

off in the range 40 - 300°C, with two peaks occurring at 80°C and 220°C respectively. 

The ZR2-2 powder which was exposed to the atmosphere for one week (Figure 6.5c), 

also displayed H2O desorption over the range 20 - 330°C, with a peak at 220°C similar 

to the ’as-atomised’ powder, but also showing the very large (decreasing) peak at 20°C  

exhibited by the CP powder. This exposed powder also exhibited CO2 liberation in the 

temperature range 200 - 300°C, peaking at ~ 250°C. These results seem to indicate that 

exposure of the powders to the atmosphere results mainly in water being adsorbed onto 

their surface, this ’adsorbed’ water evaporating at relatively low temperatures (i.e. 

below 100°C). This is apparent by the much greater amount of H2O given off for the 

CP powder (~ 1400 mV) and the 'exposed' ZR2-2 powder (~ 2700 mV) compared to 

the 'as-atomised' ZR2-2 powder (~ 800 mV). The smaller amount recorded for the CP 

powder is a consequence of the powder being stored in a drum which was not tightly 

sealed, such that the powder was not directly exposed to the atmosphere. The ZR2-2 

powder, however, seems to give off both adsorbed water (at temperatures below 80°C) 

and water vapour from decomposition of hydrated oxides (peak at 220°C) in both the 

as-atomised and exposed conditions. These observations indicate that the CP powder 

did not contain hydrated oxides. Moreover, the presence of H2O peaks for the ’as- 

atomised’ ZR 2-2 powder suggest that not only the oxides on this powder were 

hydrated despite atomisation in argon, but that the short exposure to the atmosphere 

during transferring the powder to a tightly sealed drum, resulted in moisture being 

adsorbed onto the powder particles. The H2O desorption of ZR2-2 powder is typical of 

aluminium alloy powders and has been observed by other workers (Ackermann et al. 

1982 ; Morgan et al. 1982).

Surprisingly, no hydrogen peaks were observed for either powder, implying 

that hydrogen is not liberated from the powders during degassing. This is in stark 

contrast with the findings of other workers, who found hydrogen as a major desorbed 

species in the range 200 - 500°C for 7091 and Al-Fe powder alloys (Ackermann et al. 

1982 ; Morgan et al. 1982 ; Kim et al. 1985 ; Schlich et al. 1987 ; Kearns et al. 1987). 

This observation suggests that the secondary reactions involving the liberated H2O and 

the metal (or metal oxides) which result in formation of H2 gas (see Section 2.2.2) do 

not take place in these powders.
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6.3.2 Thermo gravimetric Studies

Other approaches for determining degassing conditions have involved 

measuring the weight loss of the powder as a function of temperature (Morgan et al. 

1982 ; Miller et al. 1986). In a study on degassing kinetics of X7091 powder, Morgan 

et al. (1982) obtained data using thermogravimetric analysis (TGA) to support the 

information gathered by MSA. They found that the TG A results correlated very closely 

with those obtained by M SA, especially the temperature for the stability limit of 

AI2O3 .3 H2O. The TG A  results seemed to be particularly useful for detection of the 

oxidation of alloy constituents (e.g. Mg and Zn) at high temperatures (i.e. > 400°C), as 

these were always accompanied by great changes in the weight of the sample.

Although TG A  studies are quite useful for determining the degassing 

conditions, it is thought that M SA is a more accurate technique for this purpose since it 

identifies the various species of gas liberated from the powder at various temperatures. 

For this reason TGA was not used in this investigation.

6 .4  Investigation o f Effectiveness of Vacuum Degassing

6.4.1 Plan of Investigation

In order to determine the effect of the degassing process on the final mechanical 

properties of a consolidated powder alloy, the degassed material has to be compared to 

material extruded in a conventional manner. To take into account the effect of prolonged 

heating during degassing as well, it was decided that the following 'starting conditions' 

of compacts should be investigated:

i) vacuum degassed (i.e. in a can under degassing conditions determined 

by MSA)

ii) outgassed (i.e. compact receiving the same thermal treatment as above but 

without a vacuum)

iii) cold-compacted (i.e. in the conventional manner followed by extrusion)

The major comparison is drawn between the vacuum degassed billet (i) and the 

non-degassed one which is compacted in the usual manner (iii). However, to monitor 

the effects of the thermal treatment received by the degassed powder, a cold-compacted
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billet receiving the same thermal cycle as the degassed material (ii) was also 

investigated. This latter comparison has the added advantage of showing whether the 

application of a vacuum is indeed necessary for effective degassing. All the above 

billets were then consolidated under identical extrusion conditions so that only the 

effects arising from degassing could be determined.

The above plan is only useful in assessing the effect of degassing on a particular 

initial condition of the powder, under particular degassing and extrusion conditions. To 

get a fuller picture, the following variables should also be investigated using the above 

plan:

i) Initial condition of the powder (i.e. well-kept under Ar or exposed to 

the atmosphere)

ii) Degassing temperature

iii) Degassing time

iv) Extrusion temperature (above/below the degassing temperature)

The initial condition of the powder (i), is of particular importance to the Ai-Li alloys 

used in this investigation, since they have a very reactive nature. Therefore, the 

immediate programme of investigation will be as shown in Figure 6 .6 .

6 A.2 Tests Used to Monitor the Effects of Degassing

The following tests have been proposed to give a good idea of the effects of 

vacuum degassing on the properties of the alloy :

i) Short-rod fracture toughness

ii) Notch-tensile

iii) Tensile

iv) Density

All of these tests were carried out on the materials in the ’as-extruded* and 

’solution treated and peak-aged' conditions, since degassing has been reported to be 

particularly effective for the heat treated condition of the material (Kearns et al. 1987).

The short-rod test was given priority over the other tests since it gives a 

measure of the fracture toughness in the transverse direction which is reportedly the one 

most affected by vacuum degassing (see Section 2.2.2). This is because the effects of



PM Alloy

Exposed Kept Under Ar

n
Damp

I------------
Vacuum Degassed Compacted in 

Normal Way

Same Heating 
Conditions as 
Degassing 
(ie. Outgassed)

Vacuum Degassed Same Heating
Conditions as 
Degassing 
(ie. Outgassed)

Vacuum
Degassed

Compacted in 
Normal Way

Same Heating 
Conditions as 
Degassing 
(ie. Outgassed)

Extruded 20 : 1 
9 mm/s

Figure 6.6  Outline of Vacuum Degassing Plan

245



246

incompletely-broken oxide layers and liberated hydrogen are most strongly displayed in 

this direction. The notch-tensile test gives some idea of the longitudinal fracture 

properties, and the tensile test a measure of the effect of degassing on the longitudinal 

tensile properties. Moreover, the 'NTS/YS' ratio derived from the two tests gives a 

useful measure of the fracture susceptibility of the material (Dieter 1986). This test has 

been found to show a good correlation with plane-strain fracture toughness values 

(Kjc). The measurement of density, especially in comparing the ’as-extruded’ and 

'solution treated and peak-aged' conditions also gives a quantitative indication about the 

existence of micro-porosity within the materials.

6.5 Vacuum Degassing of Powder Alloy ZR4

The only alloy which was available in sufficient quantities for a degassing 

investigation was the ZR4 (A1 - 4.08 Li - 1.05 Zr) powder. Even this alloy was not 

available in large enough quantities to allow a full investigation (as outlined in the plan 

above) to be carried out. Among the alloys studied, however, this powder was thought 

to be the most useful for this investigation, as it had a very high lithium content (~ 4 

wt%) and as such was the most vulnerable to oxidation and hydration effects. A  full 

history of the degassing programme carried out on this powder, together with the 

results obtained, are given below.

6 .5 .1  Plan o f  Investigation

Only enough material was available for four cans and the corresponding four 

'thermal control' billets. In order to gain the maximum possible information about 

vacuum degassing from the material available, it was decided to investigate the 

following:

i) the effect of degassing temperature ;

ii) the effect of extrusion temperature ;

iii) the effect of initial condition of the powder (i.e. exposed and unexposed ).

The degassing time was kept constant at one hour since it was thought that such a time 

was sufficiently long to allow moderately effective degassing, while being short 

enough to minimise the chances of microstructural changes. During the actual
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investigation, 'one' hour was found to be just long enough to allow the inside 

temperature of the canned powders (i.e. at the centre of the cans) to reach the required 

degassing temperature. The vacuum was also kept constant at approximately 10 3 torn 

The degassing temperatures were chosen on the basis of the M SA  results obtained for 

the ZR2-2 powder (see Section 6.2.1), and in line with the extrusion temperatures that 

resulted in the best properties for normally-extruded ZR4 powder (see Chapter 4).

Details of the degassing investigation for alloy ZR4 are outlined in Table 6.2. 

The first degassing sequence was carried out at a temperature of 400°C followed by 

extrusion at 400°C. The second sequence involved degassing at 500°C followed by 

extrusion at 400°C. This was done to see the effect of a high degassing temperature on 

a lower extrusion temperature. Both these extrudates could be compared with the 400°C 

ZR4 extrudate discussed in Chapter 4. The third sequence consisted of degassing at 

500°C followed by extrusion at 500°C. This degassed extrudate could be compared 

with the normally extruded 500°C ZR4 extrudate. The powders used in the first three 

sequences had minimal exposure to the atmosphere and were only used to determine the 

effects of the degassing temperature and the subsequent extrusion temperature. In order 

to determine the effect of degassing on 'exposed' powder, the last (4th) sequence 

involved ZR4 powder being left exposed to the laboratory atmosphere for one month 

before being degassed at 500°C and extruded at 500°C. This could then be compared to 

the extrudate produced in the third sequence. The extrudates in this investigation were 

suitably 'coded' for easier identification.

Table 6.2 Degassing Investigation Plan for Alloy ZR4

Sequence T ype Code C o n d itio n D eg assin g
T em p.

(°C)

E x tru s io n
T em p .

(°C)

D e g ass in g
T im e

(h)

1 - Degassed
- Thermal

Control
- Normal

B
BC

400°C

Unexposed 
(Kept Under Ar)

400°C 400°C 1

2 - Degassed
- Thermal

Control

A
AC

Unexposed 
(Kept Under Ar)

500°C 400°C 1

3 - Degassed
- Thermal

Control
- Normal

C
CC

500°C

Unexposed 
(Kept Under Ar)

500°C 500°C 1

4 - Degassed
- Thermal

Control

D
DC

Exposed to lab. 
atm. for 
1 month

500°C 500°C 1
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Each of the degassed materials described above had a corresponding 'thermal 

control' specimen which was heated and extruded under the same conditions described 

for each sequence. All the billets were extruded at a ratio of 20 : 1 and a ram speed of 

9 mm/s.

6 .5 .2  Degassing Apparatus and Procedure

A  description of the degassing apparatus and the procedure used, ranging from 

the canning of the powders through to the conditions employed during the degassing 

process, is given in detail in Section 3.5. The canned powder was extruded straight 

after vacuum degassing with the canning material left on. The 'thermal control' billets 

received the same thermal treatment as the degassed cans, and were subsequently 

extruded under similar conditions.

6 .5 .3  Vacuum D egassing Traces

A  typical example of the vacuum degassing traces obtained, is shown in Figure 

6.7a. The trace is a representation of the output from the 4-way recorder obtained 

during the degassing runs, showing the variation of vacuum, and inside and outside 

temperatures of the can as a function of degassing time. Initially, the inside temperature 

of the powder at the centre of the can is observed to lag quite considerably (by ~ 300 

°C) behind the outside temperature of the can. The gap narrows with time as the heating 

continues, but even after one hour at the degassing temperature, the inside temperature 

of the powder does not quite reach the outside temperature. This illustrates the poor 

heat transfer within the compacted powder when under vacuum, especially when 

compared to the 'thermal control’ billets which were heated under the same conditions 

but without a can or a vacuum (Figure 6.7b). The inside and outside temperatures of 

the 'thermal control' billets clearly seem to follow each other closely.

The 'heating rates' involved for both the 'degassed' and the 'thermal control' 

billets, however, were approximately the same (~ 7 °C/min). Judging by the line 

denoting the 'vacuum' (Figure 6.7a), this slow rate of heating is quite useful in the 

degassing process as it allows the different species to be outgassed at a sufficient rate 

within the relevant degassing temperature ranges. Two vacuum troughs were detected, 

one in the temperature range 150 - 330°C, and the other (less pronounced) in the 

temperature range 270 - 490°C. These temperature ranges varied slightly from can to
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can (see Table 6.3) and were dependent on the degassing temperature. The first trough 

corresponded mainly to outgassing of the physisorbed moisture on the surface of 

powder particles (and some from the decomposition of hydrated oxides), while the 

second outgassing occurring in the temperature range 270 - 490°C was almost entirely 

due to the decomposition of the hydrated oxide (AI2O3 .3 H2O). Summary of the 

temperature ranges and times for these troughs is shown for each can in Table 6.3, and 

the results seem to be in good agreement with that of other workers (see Section 2.2.2).

Table 6.3 Degassing Temperature and Time Data for Alloy ZR4

Can 1st trough 2nd trough

Start
Temp.

F inish
Temp.

Time
Range

(m ins.)

Start
Temp.

F inish
Temp.

Time
Range

(m ins.)

A 184 °C 333 °C 13 367 °C 450 °C 22

B 147 °C 254 °C 15 262 °C 298 °C 8

C 234 °C 368 °C 11 400 °C 485 °C 16

The exposed ZR4 powder, codenamed 'D', did not show this 2-stage 

outgassing response, the vacuum line dropping off scale (i.e. to a very poor vacuum) at 

~ 250°C, and hardly recovering until near the end of the degassing process. This was 

most certainly due to the overwhelming amount of moisture absorbed both physically 

and chemically on the surface of the powder particles. This hydration was physically 

visible, since the exposed powder appeared darker in colour and agglomerated into 

clumps (see Figure 6.1). From the results obtained, it appears that the vacuum 

degassing traces (as typified by Figure 6.7a) are a very good indication of the 

degassing process actually taking place.
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6 .5 .4  Processing Background

A  summary of the most important parameters involved in the processing of the 

degassed ZR4 alloy, together with relevant information on the ’normally-extruded' ZR4 

alloy, are given in Table 6.4. Fuller details of the processing data can be found in 

Appendix 3. The billet temperatures quoted for the degassed material are an average of 

the final inside and outside temperatures reached. The 'final temperature' of the 

extrudates, computed by the temperature-rise model (see Section 4.3.5), is also given 

in Table 6.4 for comparative purposes, as a good indication of the processing 

temperature of the extrudates.

Table 6.4 Main Processing Data for the Degassing Investigation of Alloy ZR4

Type Powder
Condition

Extrudate
Code

Degassing/ 
Billet Temp.

(°C)

Extrusion
Temp.

(°C)

Final
Extrudate
Temp.*

(°C)

Extrusion
Peak
Load
(MPa)

Target Actual

Degassed Kept Under 
Ar

A 500 495 400 495 395

B 400 380 400 490 605

C 500 530 500 545 325

Exposed D 500 530 500 545 335

Thermal
Control

Kept Under 
Ar

AC 500 590 400 590 370

BC 400 455 400 480 475

CC 500 585 500 585 300

Exposed DC 500 570 500 570 400

Normal
Extrusion

Kept Under 
Ar

500°C — 495 500 555 505

400°C — 410 400 490 600

300°C — 300 300 480 1030

* Calculated from the 'Temperature Rise’ Model (see Appendix 3)
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Figure 6 .8 Extrusion Pressure-Displacement Curves for
the Degassed and Degassing Control Materials
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Both the degassed and 'thermal control' billets seemed to extrude rather well at 

reasonably low (~ 330 - 600 MPa) extrusion pressures. The load-displacement curves 

for these extrudates are shown in Figure 6 .8. The degassed billets (Figure 6 .8a) 

apparently extruded at lower peak pressures than the normally-extruded ZR4 alloy (see 

Table 6.4 and Figure 4.4d) mainly due to the lubricating effect of the can material. The 

'thermal control’ billets (Figure 6 .8b), however, required even less pressure for 

extrusion probably because of their higher initial billet temperature which was 

inadvertently caused by maladjustment of the furnace.

6 .5 .5  H eatTreatm entR esponse

The ageing curves for 190°C ageing of the 'degassed' and their corresponding 

'thermal control' extrudates are shown in Figures 6.9 and 6.10 respectively. The as- 

extruded response together with that of solution treatments at 540°C/0.5h and 

560°C/0.5h were investigated. As previously shown for normally-extruded alloy ZR4 

(Section 4.6.2), the 560°C solution treatment results in the highest responses (~ 45 

VHN) while lowest responses (~ 30 VHN) are encountered in the as-extruded 

condition. The initial hardness values for the degassed extrudates (Figure 6.9) vary 

between 110  and 130 VHN in all conditions, the variation arising chiefly from the 

processing (including degassing) conditions rather than the heat treatments given. In 

general, the thermal control billets (Figure 6.10) show slightly lower initial hardness 

values while displaying a slightly greater response (by ~ 10 - 20 VHN) in all 

conditions.

The trends for the thermal control extrudates (Figure 6.10) are slightly different 

to those observed for the degassed extrudates (Figure 6.9), probably because of the 

different heating conditions experienced by the two sets of extrudates (see Table 6.4). 

For both sets of extrudates, the degassed 'B' and thermal control 'BC' extrudates 

which were heated at 400°C and then extruded at 400°C seem to achieve the highest 

hardnesses, mainly due to the precipitation of A ^Z r at this temperature (which gives 

rise to a high initial hardness). Surprisingly, the degassed 'exposed' powder (D) which 

was processed at 500°C shows the lowest initial hardness (~ 110  VHN) while its 

corresponding 'unexposed' powder 'C' (which underwent identical degassing and 

extrusion conditions) shows the highest initial hardness (~ 130 VHN). This could be 

because a substantial amount of the lithium in the 'exposed' powder 'D' was oxidised 

to Li2CC>3 (see Section 6.2.3), thus leaving less Li in the alloy (compared to the
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unexposed powder C) for 5' (A^Li) precipitation and hence strengthening during 

ageing.

In general, the ageing characteristics of these extrudates are similar to those of 

the normally-extruded ZR4 extrudates (i.e. Figure 4.24 in Section 4.6.2). This can be 

best seen in Figure 6 .1 1  where the initial hardness values and hardness responses of all 

the ZR4 extrudates are shown. In terms of hardness, therefore, it can be concluded that 

the degassing process itself, or prolonged heating of the billets, has little effect in 

changing the properties of this alloy.

6 .5 .6  Mechanical Properties 

Tensile Properties

The tensile properties of the 'degassed' and 'thermal control' extrudates are 

shown in Figures 6 .12  and 6.13 respectively. Due to the shortage of material, the 

tensile properties could only be obtained in the as-extruded (AE) and the peak-hardness 

(STV  + PA) conditions. However, no specimens could be obtained from the 

'degassed' extrudates in the STV + PA condition since a central longitudinal crack 

existed along the length of the extrudates. Since such a crack was not encountered in 

the 'as-extruded' condition, it can be concluded that the crack arose as a consequence of 

the solution treatment. Such cracking was also encountered in the 'thermal control' 

extrudate of the 'exposed' powder (DC). It was very unfortunate not to obtain any 

tensile results in the STV  + PA condition, as it is generally believed that benefits of the 

degassing process are best shown in this condition (since it is usually upon solution 

treatment that decomposition of surface oxides takes place).

The as-extruded 0.2% proof strength of the 'unexposed' degassed material (i.e. 

extrudates A, B and C), shown in Figure 6.12a, is about 400 MPa while that of the 

exposed extrudate 'D' is considerably lower at 300 MPa. This is in agreement with the 

ageing results (Section 6.5.4) and seems to indicate that long exposure of the powder to 

the atmosphere is not only deleterious to its strength properties, but that vacuum 

degassing does not appear to restore this. The as-extruded 0.2% proof strength levels 

of the thermal control extrudates (Figure 6.13), on the other hand, are in general 

considerably lower at ~ 250 MPa, with only the B C  extrudate which received the 

lowest temperature treatment (i.e. 400°C outgassing, 400°C extrusion) showing a proof 

strength of around 400 MPa. It therefore appears that long (~ 1 hour) exposures at high 

temperatures above 400°C results in gross oxidation of the alloy (mainly its Li content)
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giving rise to rather poor tensile properties. This is confirmed by the strength levels 

obtained upon solution treatment (at 560°C/0.5h) and peak-ageing (i.e. STV  + PA  

condition), where strength levels of only ~ 500 MPa are achieved. These values are too 

low for this alloy, as strength levels of 600 MPa could be achieved when the alloy was 

extruded normally (Figure 4.32 in Section 4.7.2). The ductility of the degassed material 

is only slighdy better than that of the thermal control extrudates, but at an approximate 

value of 1 0 % in the as-extruded condition indicates no improvements compared to 

normal (i.e. cold-compaction and extrusion) processing.

In general, the as-extruded strength levels and ductility of the degassed material 

(Figure 6.12) are similar to those of the normally-extruded ZR4 alloy (Figure 4.32 in 

Section 4.7.2) indicating that the degassing procedures used do not improve the as- 

extruded tensile properties. Unfortunately, no results could be obtained for the 

degassed material in the STV + PA condition but, judging by the results for the thermal 

control extrudates (Figure 6.13), it is thought that vacuum degassing will not cause 

much improvement in this condition either. However, the behaviour of the vacuum 

degassed 'exposed* powder (D) and the longitudinal cracking of the degassed 

extrudates upon heat treatment definitely show that some effects are associated with the 

degassing process, but as to the nature of these, further work is required to clarify the 

matter.

Fracture Touehness

Short-rod fracture toughness properties of the degassed and thermal control 

extrudates, together with that of the normally-extruded ZR4 alloy, are shown in Figure 

6.14. Surprisingly, the degassed material (Figure 6.14a) displays very poor fracture 

toughness values of approximately 6 MPaVm in the as-extruded condition. This is half 

the value of that obtained for either the thermal control (Figure 6.14b) or the normally- 

extruded ZR4 alloy (Figure 6.14c). The consistency of these results seems to suggest 

that the vacuum degassing process, at least under the conditions used in this 

investigation, not only is not beneficial but rather damaging to the short-transverse 

fracture properties of this alloy. Judging by the trend shown by both the thermal control 

and normally-extruded alloys (Figures 6.14 b &  c), solution treatment and peak-ageing 

of the degassed material would deteriorate its toughness properties even further. This is 

to some extent confirmed by the occurrence of the longitudinal crack along the length of 

the extrudates upon solution treatment.
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A few notch-tensile specimens were also prepared from the various samples, 

and the values obtained for the NTS/YS ratio in different conditions are shown in 

Figure 6.15. It can be seen that for both the as-extruded (AE) and the STV  + PA 

conditions, the NTS/YS ratio seems to vary between 0.8 and 1.3 (averaging at 1.0) for 

all the extrudates. As such, this value does not appear to be too indicative of the 

toughness of the extrudates in different heat treatment conditions. It is believed that 

many more notch-tensile tests are required to provide meaningful results. In addition, 

the sensitivity of the NTS/YS ratio as a measure of the fracture toughness cannot be 

determined due to the limited number of tests.

6.5.7 Density Measurements

Due to the cracking of the degassed specimens in the solution treated condition, 

no density measurements were carried out. However, judging by the density results 

obtained for the different Al-Li-Zr alloys in various heat treated conditions (see Section

4.7.4), it is thought that little variation would be seen for the densities of the degassed 

specimens in various heat treated conditions.

6.5.8 Summary

1. The vacuum degassing traces indicated that degassing of ZR4 powder takes place 

over two temperature ranges of 150 - 330°C and 270 - 490°C.

2. The degassed powders, which were extruded with the can material left on, extruded 

well at fairly low pressures (~ 330 - 600 MPa), the can material having a lubricating 

effect.

3. The ageing characteristics of the degassed extrudates were found to be similar to 

those of the normally-extruded ZR4 alloy, showing no improvements.

4. The 'as-extruded' tensile properties of the degassed material were similar to the 

normally-extruded ZR4 alloy.

5. The 'as-extruded' short-rod fracture toughness properties of the degassed material 

were lower than that of the normally-extruded ZR4 alloy, indicating deterioration of 

short-transverse fracture properties upon degassing.
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6 . The NTS/YS ratio for both degassed and normally-extruded ZR4 alloy varied 

between 0.8 and 1.3 in various heat treated conditions, showing no trends with heat 

treatment.

7 . The powder which was exposed to the atmosphere for 1 month, displayed generally 

poorer ageing characteristics and mechanical properties even after vacuum degassing.

8 . Upon solution treatment (560°C/0.5h), longitudinal cracks running along the length 

of the extrudates developed for the 'degassed' material. This was also observed for the 

'exposed' thermal control billet 'DC'.

6 .6  Discussion

The results of the degassing investigation on alloy ZR4 seem to suggest that 

vacuum degassing has little beneficial effects in improving the fracture toughness 

properties of the PM material. However, mechanical properties of the degassed 

extrudates could not be determined in the solution treated and peak-aged condition 

(when degassing is believed to have the most effect), since longitudinal cracks 

developed along extrudate lengths after solution treatment. In addition, other aspects of 

the degassing investigation, such as (i) presence of troughs on the vacuum degassing 

traces, and (ii) the poor mechanical properties of the 'exposed' powder after 

consolidation, indicate that the degassing process is having some effects on the 

characteristics of the extrudates. The fact that these are not registered to a very 

noticeable degree in the mechanical properties, could be due to a number of reasons, 

mainly due to insufficient material to carry out a proper study. Also, the lack of any 

improvements upon degassing could simply be due to the short degassing times 

involved, this not allowing adequate degassing to take place.

The investigation on the nature of the powder surface oxides, described in the 

first part of this chapter, clearly shows the effects of the environment and powder 

handling on the nature of the surface oxides. The oxide content of the powders was 

observed to increase upon exposure to the atmosphere, the signs of oxidation/hydration 

products being visible (by scanning electron microscopy) on the surface of the powder 

particles. Surface chemical analysis of the powders indicated formation of Li2C0 3  and 

possibly other oxides on the powder particle surfaces, while mass spectrometric 

analysis showed the temperature ranges at which decomposition of the hydrated oxide
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occurs. All these results indicate that the nature of the surface oxides changes upon 

exposure to the atmosphere, with deleterious consequences to the final properties of the 

consolidated powder. The much poorer mechanical properties of the 'exposed' powder 

'D' in our degassing investigation, seem to support this view.

This deterioration of the powders upon exposure to the atmosphere, clearly 

indicates the importance of proper 'storage and handling' procedures in preserving the 

powder surfaces. Our results show that storage in sealed containers in the presence of 

moisture-removing agents such as silica gel and phosphorus pentoxide (P2O5) is clearly 

sufficient to preserve the powder surfaces for long periods of time. The additional 

effect of an inert atmosphere (e.g. argon) in the sealed container has not been 

determined, but it is thought that it will be beneficial in further preserving the powder 

surfaces. Good storage of the powders appears to be necessary (and relatively 

inexpensive) for preserving the powder surfaces, ensuring their proper compaction and 

consolidation. It has not been determined whether proper storage procedures will 

eliminate the degassing step altogether, especially since some of the inherent properties 

of the powder surface oxides arise during atomisation. However, it is generally 

believed that good storage and handling procedures will be beneficial in shortening the 

degassing time and even lowering the degassing temperature. In addition, since the 

'exposed' powder 'D' did not appear to be 'restored' by the degassing process, it 

seems that good storage and handling of the powders are indispensable if the maximum 

property potentials of the powder are to be attained.

In conclusion, it can be said that in view of our limited results on alloy ZR4, the 

benefits of the vacuum degassing process remain questionable. It has been observed 

that for 'unexposed' powder no property improvements were achieved upon vacuum 

degassing. Also, it was observed that the 'exposed' powder showed poorer properties 

(compared to the ’unexposed' powder) which could not be improved by the degassing 

process. However, it is believed that a more in-depth study is required in order to 

clarify the role of vacuum degassing. Our brief investigation has mainly raised 

questions, but it has also provided some guidelines regarding investigation of the 

vacuum degassing process. In particular, it has been shown that oxygen analysis, 

SEM, XPS and M SA  are invaluable methods of assessing surface characteristics of 

powder particles, providing guidelines as to whether or not a powder will require 

vacuum degassing.
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CHAPTER 7

CONCLUSIONS &
RECOMMENDATIONS FOR FUTURE WORK

The results on the A l-Li-Zr and Al-Li-Cr systems and the degassing 

investigation have been described and discussed in detail in Chapters 4 to 6 . The main 

findings have been summarised at the end of each section in each chapter. In this 

chapter, only the most significant points have been highlighted.

7 . 1  Conclusions

1. The as-atomised powder particles exhibited a cellular microstructure with 

segregation of solute atoms to the cell boundaries. This segregation was more apparent 

in the case of the Al-Li-Cr powders, the larger particles (i.e. > 25 pm diameter) 

consisting of some A ^C r intermetallic precipitates. The cell sizes and amount of 

segregation and precipitation increased with increasing powder particle size, showing 

that slower solidification had taken place in these particles.

2. All the powders were found to compact well straight after atomisation (i.e. when 

still not contaminated by the atmosphere). The compacts heated up quickly by induction 

heating prior to extrusion, average heating rate being 100 °C/min. All alloys extruded 

well, the Cr-containing alloys generally requiring greater extrusion pressures than the 

Zr-containing alloys with equivalent Li content.

3. The extruded alloys were all found to have a microstructure consisting of 

dynamically recovered subgrains in both the as-extruded and heat treated conditions, 

the subgrains having an average size of 1  - 2  pm.

4. In addition to 8 ' (A^Li) and 8 (AlLi) precipitates, the main precipitate in the Al-Li- 

Zr system was the metastable cubic A ^Zr, and in the Al-Li-Cr system it was the 

equilibrium A ^C r phase. In both systems, an extrusion temperature of 400°C seemed 

to be critical, since above this temperature, profuse precipitation of both spherical A^Zr 

and AI7G: intermetallics seemed to occur during the extrusion processing alone. At
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lower temperatures (i.e. < 400°C), these precipitates were present only in small 

quantities.

5. Heat treatment of the low temperature extrudates in the Al-Li-Zr system resulted in 

the precipitation of rod type (fan-shaped) metastable A ^Zr, particularly at 420°C, 

though these precipitates were also present to a smaller degree upon solution treatment 

at 540°C. Heat treatment of the Al-Li-Cr extrudates resulted in further precipitation of 

AI7O , the amount of this increasing with temperature. The AI7O  precipitate nucleated 

heterogeneously and did not coarsen significantly even upon long heat treatments (e.g. 

540°C/24h). This precipitate was found to vary in size and morphology, from small (~ 

0.05 - 0.1 jam) ’plate-like’ particles to large (~ 0.3 |im) 'globular' particles.

6 . The equilibrium 8 (AlLi) phase was present in small quantities at the subgrain 

boundaries in the as-extruded low temperature extrudates (i.e. <  350°C), but this 

dissolved upon solution treatment. This precipitate was absent in the as-extruded high- 

temperature extrudates (i.e. > 400°C) except for the high-Li (~ 4 wt%) alloy ZR4, in 

which it did not dissolve fully even after solution treatment.

7. The metastable 8 ' (AI3U ) precipitate was hardly present in the as-extruded 

condition in both alloy systems (i.e. very little was formed upon press-quenching). 

However, peak-ageing the alloys at 190°C resulted in substantial homogeneous matrix 

precipitation of this phase, which was present as fine (~ 10  - 20  nm diameter) spherical 

particles. In the Al-Li-Zr alloys, 8 ’ was also found to form heterogeneously on pre

existing A ^Z r particles, giving rise to composite Al3(Li,Zr) precipitates. In the Al-Li- 

Cr system, however, 8’ formed separately from A ^C r particles.

8 . Solution treatment at 540°C/0.5h was found to be adequate in causing total 

dissolution of Li within the matrix in all the alloys having Li contents less than 3 wt%. 

Alloy ZR4 (~ 4 wt% Li) needed a higher temperature solution treatment (560°C/0.5h) 

for more total Li supersaturation. Solution treatment at 420°C was extremely useful for 

the Al-Li-Zr alloys, as it caused substantial precipitation of A ^Z r which gave rise to 

increased strength properties. 190°C was found to be an optimum ageing temperature 

for these alloys, resulting in peak-ageing within 2 - 6  hours, with the Al-Li-Cr alloys 

displaying generally shorter peak-ageing times. The alloys did not naturally age, and a 

2 % stretch prior to heat treatment did not have any effect in enhancing precipitation 

hardening in these alloys.
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9. Both longitudinal tensile properties and transverse fracture toughness properties 

were found to vary mainly with the heat treatment condition for both alloy systems. 

Maximum strength properties were obtained in the solution treated and subsequently 

peak-aged condition, though ductility and fracture toughness properties were at their 

lowest in this condition. Maximum 0.2% proof strength properties of the Al-Li-Zr 

alloys varied in the range 500 - 600 MPa (depending on the alloying addition), though 

this was accompanied by low ductilities of ~ 5% and fracture toughness values of ~ 5 

MPaVm. In the Al-Li-Cr alloys, lower maximum strength values were obtained (~ 500 

MPa), though the relevant ductilities (~ 7% ) and fracture toughness properties (~ 7 

MPaVm) were generally higher. In the as-extruded condition, the Al-Li-Cr alloys 

displayed higher ductilities and fracture toughness values (~ 15%  and 1 5 - 2 8  MPaVm) 

compared to the Al-Li-Zr alloys (6 - 15%  and 5 - 2 5  MPaVm), though the 0.2% proof 

strength properties were generally lower (~ 250 MPa for Al-Li-Cr alloys compared to 

250 - 420 MPa for Al-Li-Zr alloys).

10. Homogeneous matrix precipitation of 8 ' (A^Li) particles was identified as the 

main source of strengthening in both alloy systems, resulting in strength increases of 

150 - 250 MPa depending on the alloying content. However, in the Al-Li-Zr alloys, 

precipitation of coherent metastable A ^ Z r precipitates was also found to have a 

significant contribution to the strength properties. This was best illustrated in the as- 

extruded condition for alloys extruded above 400°C, which displayed strength increases 

of ~ 100 MPa over the alloys extruded below 400°C, while showing similar ductilities 

and transverse fracture toughness properties.

1 1 .  Ductility and fracture toughness properties for both alloy systems were found to 

decrease substantially upon 190°C ageing, suggesting that homogeneous matrix 

precipitation of 8 ' is the main factor responsible for the poor fracture toughness 

properties of these alloys. However, the evidence from fractography (i.e. longitudinal 

splitting and subgrain separation) indicated that other factors, such as solute segregation 

or precipitation of unidentified precipitates at the grain/subgrain boundaries, may also 

be occurring during 190°C ageing in these alloys, enhancing the slip localisation effect 

of 8’ particles. Neither heterogeneously precipitated AI7O  particles, nor the composite 

A l3(Li,Zr) particles, seemed to have any substantial effects on the dispersal of slip. 

Presence of 8 (AlLi) particles at subgrain boundaries (especially in alloy ZR4) was also 

found to contribute to the poor fracture toughness properties.
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12 . Both alloy systems seemed to exhibit similar modulus values of ~ 75 GPa, with 

densities in the range 2.51 - 2.54 g/cm3 depending on the alloying (especially Li) 

content.

13 . Vacuum degassing of 'as-atomised' ZR4 powder (Al-4.1Li-l.lZr) did not indicate 

any property improvements compared to normally-extruded alloy ZR4. However, the 

extrudate obtained from 'exposed' ZR4 powder displayed generally poorer properties 

even after vacuum degassing, indicating that the degassing conditions used were not 

sufficient to 'restore' the powder.

14. The investigation on the nature of the powder surface oxides, showed that proper 

storage and handling of the powders will result in the preservation of powder surfaces, 

being beneficial in their future compaction and consolidation. Powder exposed to the 

atmosphere was found to become hydrated and oxidised on its surface, leading to the 

formation of Li2CC>3 and thicker Y-AI2O3 (and possibly other oxides), which grew on 

the powder surfaces and were evidently deleterious to future consolidation and 

mechanical properties of the powder alloys.

7 . 2  Recommendations for Further Work

Since the vacuum degassing investigation was rather brief and gave rise to 

mixed conclusions, it is proposed that a more detailed study of this processing step 

should be carried out to clarify the importance of vacuum degassing as regards to the 

final mechanical properties of the consolidated powder material. Such a study could be 

carried out along the lines of the investigation discussed in Chapter 6 , making particular 

use of the various analytical techniques which characterise the nature of the surface 

oxide and determine the degassing conditions. The investigation should also include a 

study to see whether the vacuum degassing step can be circumvented altogether if the 

powder is properly stored and handled after atomisation.

The extrusion and heat treatment 'temperatures' were found to be the most 

critical processing parameters in deciding the mechanical properties of these alloys. If 

the material properties in these alloy systems are to be improved, the combination of 

extrusion and heat treatment procedures have to be optimised. In particular for the Al- 

Li-Zr system, a 2-stage heat treatment consisting of an initial treatment at 420°C to 

encourage widespread A^Zr precipitation, followed by a short 540° C solution treatment
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to cause total Li dissolution in the matrix, may result in the most favourable 

combination of properties.

Among the alloys studied, the high-Zr alloy ZR 3-1 (Al-3Li-2Zr) appeared to 

have the most favourable combination of properties, especially in the solution treated 

(540°C/0.5h) condition. Further study of the mechanical properties and precipitation 

reactions within this system are recommended to see whether very high levels of 

ternary additions (e.g. ~ 2 wt%) will overcome the poor fracture properties in these PM 

Al-Li alloys.
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APPENDIX 1

ATOMISATION DATA

A llo y
Inert
Gas

Melt
Temp.

(°C )

B low
Rate

(kg/min)

Gas Line 
Pressure 

(bar)

Batch
Mass
(kg)

Z R 1 Ar 950 1.037 20.5 -  22.5 3

Z R 2 - 1 Ar 950 1.296 20.5 -  22.5 6

Z R 2 - 2 Ar 950 0.795 20.5 -  22.5 6.6

Z R 3 - 1 Ar 1150 0.573 20.5 -  22.5 2.1

Z R 3 - 2 Ar 1150 0.5 20.5 -  22.5 1

Z R 3 - 3 Ar 1150 Failed 20.5 -  22.5 0.03

Z R 4 - 1 Ar 1000 0.794 20.5 -  22.5 4.1

Z R 4 - 2 Ar 1000 0.44 20.5 -  22.5 4.5

Z R 4 - 3 Ar 1000 1.058 20.5 -  22.5 3.1

C R 1 - 1 Ar 950 0.539 20.5 -  22.5 6.2

C R 1 - 2 Ar 950 0.529 20.5 -  22.5 4.5
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PARTICLE SIZE DISTRIBUTION DATA

APPENDIX 2

S iz e  B a n d  

U p p e r

(H m )

L o w e r

W t. % o f  P o w d er in  B a n d

Z R 1 Z R 2 - 1 Z R 2 - 2 Z R 3 - 1 Z R 4 C R 1 - 1 C R 1 - 2

188.0 8 7 .2 1.4 5 .4 0 .2 2 .0 1 .0 0 .3 0 .2

8 7 .2 53 .5 8 .0 18.2 7 .9 12 .0 10.9 6 .8 5.3

53 .5 3 7 .6 16.3 12.1 15 .0 17.2 18.2 13.4 12.1

3 7 .6 28 .1 16.5 17.3 17.5 15.4 17.5 17.1 16.4

28 .1 2 1 .5 16.9 10.1 14.9 14.2 16.9 15 .6 15.4

2 1 .5 16.7 12.8 8 .7 12 .5 10.7 11.9 13.3 12.6

16.7 13.0 8 .0 10.9 10 .2 7 .8 8 .4 11.9 11.7

13 .0 10.1 8.3 6 .9 9 .0 8.3 7 .2 10.1 11.8

10.1 7 .9 5 .2 4 .1 5.5 4 .9 3 .6 5.3 6.4

7 .9 6 .2 2 .7 4 .7 4.1 2 .8 2 .0 3 .8 4 .5

6 .2 4 .8 3 .6 1.6 3.1 4.1 2 .3 2 .4 3 .6

4 .8 3 .8 0 .3 0 0.1 0 .6 0 .1 0 0

3 .8 3 .0 0 0 0 0 0 0 0

3 .0 2 .4 0 0 0 0 0 0 0

2 .4 1.9 0 0 0 0 0 0 0
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EXTRUSION PROCESSING DATA

APPENDIX 3

A l l o y E x tr u d a te R
A im

T e m p .
(° C )

I n i t i a l
B i l l e t

T e m p .
( ° C )

C o n ta in e r
T e m p .

( ° C )
V

( m m /s )

S tr a in
R a te
( / s e c )

D is p la c e m e n t  
to  P ea k  

(m m )

C R 1 - 1 500°C 20 500 502 47 8 2 .6  (3) 1.64 13.00
450°C 20 450 452 4 2 9 2 .6  (3) 1.64 13 .60
400°C 20 400 402 375 2 .6  (3) 1.64 13 .40
350°C 20 350 352 328 2 .6  (3) 1.64 16.20
300°C 2 0 300 298 277 2 .6  (3) 1.64 18.40
250°C 2 0 250 255 227 1.9 (3) 1.2 17.70

C R 1 - 2 400°C -3 20 400 407 374 2 .7  (3) 1.7 10.20
300°C-3 20 300 308 275 2 .7  (3) 1.7 16.90
300°C -9 20 300 308 2 7 6 7 .5  (9) 4 .7 2 16.10

Z R 2 - 1 500°C 20 500 500 445 7 .2  (9) 4 .53 13.00
450°C 20 450 450 4 0 2 7 .6  (9) 4 .7 8 15.71

D 400°C 20 400 400 3 5 0 7.3 (9) 4 .5 9 14.80
400°C 20 400 400 3 5 0 6.8  (9) 4 .28 10.02
350°C 20 350 358 300 7 .2  (9) 4 .53 2 0 .0 0
300°C 20 300 300 300 7.3  (9) 4 .5 9 18.30
250°C 20 250 250 2 0 0 5.8  (9) 3 .65 16.90

Z R 2 - 2 450°C -9 20 450 449 41 9 7 .6  (9) 4 .7 8 9 .5 0
250°C -9 2 0 250 254 224 8 .2  (9) 5 .16 18 .70
250°C -3 20 250 255 225 3.8  (3) 2 .39 16.70

Z R 3 - 1 400°C 20 400 403 373 6.3  (9) 3 .97 8 .7 0
300°C 20 300 305 2 7 2 7.9  (9) 4 .9 7 17 .70

Z R 4 500°C 20 500 495 4 6 5 7.8 (9) 4 .91 12.70
400°C 20 400 408 375 7.9  (9) 4 .9 7 15 .00
300°C 20 300 300 27 2 8.5 (9) 5 .35 19 .40

Z R 4 A 20 400 495 373 5.4 (9) 3 .4 18.11
D e g a s B 20 400 380 369 8.5 (9) 5 .35 17.70

C 20 500 530 4 7 0 7.5 (9) 4 .85 15.00
D 20 500 530 46 9 7.8  (9) 4.91 15.00

Z R 4 A C 20 400 590 372 6.9  (9) 4 .3 4 3 0 .0 0
D e g a s BC 20 400 455 372 7.5  (9) 4 .7 2 15.00

C o n t r o l C C 20 500 585 4 6 0 7.1 (9) 4 .4 7 2 6 .8 6
D C 20 500 570 4 6 0 7.4  (9) 4 .6 6 10.00
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A l l o y E x tr u d a te
M a x .
L o a d

( t o n s )

M a x im u m
P r e s s u r e

(M P a )

M i n .
L o a d

( t o n s )

M in im u m
P r e s s u r e

(M P a )

F i n a l
T e m p .

( ° C )

T e m p .
R i s e
( ° C )

T e m p , a t  
P e a k  P r e ss .

( ° C )

C R 1 - 1 500°C 165 372 .16 150 338 .33 5 4 7 .2 4 5 .2 511 .7
450°C 202 455.61 174 39 2 .4 6 5 0 2 .6 50 .6 4 6 4 .6
400°C 299 674 .4 143 548 .09 4 8 3 .5 81 .5 421 .8
350°C 347 782 .66 173 6 15 .75 4 6 2 .7 110.7 377 .1
300°C 4 3 6 983.4 167 60 2 .2 2 44 0 .1 142.1 334 .3
250°C 525 1184.14 368 830 .03 426 .1 171.1 300 .4

C R 1 - 2 400°C -3 2 6 2 590.94 2 2 7 .9 514 .03 4 7 1 .8 64 .8 4 1 9 .6
300°C-3 387 872.88 2 6 7 .2 602 .67 4 2 7 .4 119.4 337 .7
300°C-9 404 911.23 2 4 5 .9 554 .63 4 4 2 .6 134.6 338 .8

Z R 2 - 1 500°C 148 333 .82 100 2 25 .55 5 1 3 .2 13.2 509.1
450°C 193 435.31 175 .4 3 95 .62 4 9 5 .3 4 5 .3 4 6 3 .7

D 400°C 193 435 .31 123 27 7 .4 3 4 3 4 .2 34 .8 411 .7
400°C 22 0 496.21 177 399 .23 4 3 4 .8 34 .8 41 4 .6
350°C 251 566.13 2 3 2 .8 525 .08 43 2 74 382 .2
300°C 305 687.93 2 5 2 568 .39 4 3 7 .3 137.3 328 .4
250°C 374 843 .56 2 8 2 6 36 .05 3 5 7 .8 107.8 2 8 4 .6

Z R 2 - 2 450°C -9 214 4 82 .68 168 .9 3 80 .96 4 9 6 .6 4 7 .6 4 5 8 .9
250°C -9 522 1177.38 194.1 43 7 .7 9 4 4 2 .5 188.5 300 .4
250°C -3 48 7 1098.43 183 .6 414 .11 4 0 3 .6 148 .6 293 .9

Z R 3 - 1 400°C 224 505.23 163 .9 3 69 .68 4 5 0 .2 4 7 .2 414 .7
300°C 4 0 8 920 .25 257 .1 579 .89 454 149 342.7

Z R 4 500°C 224 505.23 157.4 3 55 .02 557 .1 62 .1 509
400°C 265 597.71 2 0 5 .9 464 .41 4 8 9 .2 81 .2 427 .8
300°C 4 5 5 1026 .26 295 .1 6 6 5 .6 4 7 9 .8 179.8 343 .3

Z R 4 A 175 394.71 159 358 .63 495 0 511.3
D e g a s B 268 604 .48 2 0 0 451.1 4 8 7 .7 107.7 404 .3

C 145 327 .05 130 2 9 3 .2 2 5 4 3 .9 13.9 541.1
D 149 336 .07 134 .4 3 03 .14 545 15 541.5

Z R 4 A C 163 367 .65 86 .9 196 590 0 616 .4
D e g a s BC 2 1 2 47 8 .1 7 173.8 392 .01 4 7 7 .2 2 2 .2 470 .8

C o n t r o l C C 133 29 9 .9 8 7 3 .8 166 .46 585 0 604.8
D C 177 399.23 103 .9 23 4 .3 5 570 0 579 .3
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A l l o y E x tr u d a te
B i l l e t

D i m e n s i o n s  
I x  d (m m )

B i l l e t  
L e n g th  in  
C o n ta in e r  

(m m )
W e ig h t

( g )

C o m p a c t
D e n s i t y
( g / c m 3 )

H e a t in g -u p
T im e

( m in s )

H e a t in g
R a te

( ° C /m in )

C R 1 - 1 500°C 9 1 .2  x  7 2 .0 7 5 .0 0 845 2 .3 0 8 4m 29s 111
450°C 89 .0  x 71 .6 74 .03 834 2 .3 2 7 3m 52s 116
400°C 82.3  x 72 .5  x 70.2 6 8 .7 9 775 2 .3 5 5 3m 30s 114
350°C 91 .4  x 72 .9  x 70.3 7 6 .3 4 860 2 .3 3 7 5m 20s 66
300°C 89 .5  x 72 .8  x 70.3 7 5 .1 8 847 2 .3 5 4 lm 56s 155
250°C 83 .4  x 7 2 .4  x 70 .2 69 .77 786 2 .3 6 3m 4 0 s 68

C R 1 - 2 400°C -3 8 5 .0  x  7 2 .8  x  70.5 7 2 .4 7 818 2 .3 8 7 2m 30s 160
300°C -3 8 8 .6  x 7 2 .9  x 70.3 7 5 .0 4 847 2 .3 7 4 4m 15s 71
300°C -9 87 .5  x 7 2 .4  x  70 .2 7 2 .0 3 813 2 .3 2 7 2m 10s 138

Z R 2 - 1 500°C 86 .0  x 7 1 .6 7 1 .7 6 810 2 .3 3 9 2m 30s 200
450°C 9 1 .9  x 7 1 .6 7 5 .4 8 852 2 .3 0 3 6m 75

D 400°C 101.1 x  71 .7 83 .45 942 2 .3 1 4 15m 27
400°C 6 0  .0 x  71 .3 51 .47 581 2 .4 0 5 lm  30s 267
350°C 8 4 .0  x 71 .6 70 .61 797 2 .3 5 6 2m 175
300°C 80 .0  x 7 2 .0  x  70 .0 6 6 .9 8 756 2 .3 8 7 5m 60
250°C 7 3 .0  x 72 .5  x 70 .0 62 .1 9 702 2 .4 1 2 3m 30s 71

Z R 2 - 2 450°C -9 83 .7  x 72 .8  x 70.3 7 0 .1 7 792 2 .3 5 3 6m 30s 69
250°C -9 86 .4  x 72 .8  x 70.3 7 1 .6 7 809 2 .3 2 9 4m 63
250°C -3 8 4 .0  x 72 .8  x 70.3 71 .2 3 804 2 .3 8 lm  15s 200

Z R 3 - 1 400°C 69 .8  x  72 .5  x 70.5 56 .88 642 2 .291 8m  . 50
300°C 7 5 .0  x 72 .5  x 70.5 6 5 .2 0 736 2 .4 4 4 8m 45s 34

Z R 4 500°C 88 .8  x 7 2 .8  x 70.5 69.01 779 2 .1 7 6 9m 56
400°C 9 1 .6  x 7 3 .0  x 70.5 6 8 .4 8 773 2 .0 8 7 6m 30s 62
300°C 92 .5  x 7 2 .6  x  70.3 6 9 .4 6 784 2 .1 1 4 10m 30

Z R 4 A Can 6 6 .4 4 - 8 0 0 _____ 89m
D e g a s B Can 66 .45 -8 0 0 — 69m

C Can 6 6 .4 6 -8 0 0 — 69m
D Can 6 6 .5 0 -8 0 0 — 62m

Z R 4 A C 8 5 .0  x 72 .5  x 70.4 6 3 .1 4 709 2 .0 8 67m
D e g a s BC 9 2 .0  x 72 .5  x 70.3 6 8 .3 5 767 2 .0 8 2 52m

C o n t r o l C C 8 2 .0  x 71 .5 6 1 .3 6 689 2 .0 9 3 65m
D C 8 3 .2  x 7 2 .5  x 70 .3 6 5 .1 0 730 2 .191 60m
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Figure A 4.1 Effect of Ageing Temperature on the Ageing Behaviour
of Solution Treated (420°C/lh) Alloy ZR2-1 Extrudates
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Figure A4.2 Effect of Ageing Temperature on the Ageing Behaviour
of Solution Treated (540°C/0.5h) Alloy ZR2-1 Extrudates
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Fi gure A4.3 Effect of Ageing Temperature on the Ageing Behaviour of Alloy ZR1
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Figure A4.4 150°C Ageing Curves for Alloy ZR2-1
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DESIGNATION SYSTEM FOR ALUMINIUM ALLOYS

APPENDIX 5

A standard system of 4-digit numbers is used for designating wrought 
aluminium alloys. The first digit indicates the alloy series, as shown below :

The second digit in the designation, indicates alloy modifications. I f  the second 

digit is zero, it indicates the original alloy; integers 1 through 9, which are assigned 

consecutively, indicate modifications of the original alloy (i.e. minor changes in alloy 

and/or impurity limits). The 3rd and 4th digits identify the different aluminium alloys 

within the group or indicate the A1 purity. Experimental alloys are also designated in 

accordance with this system, but they are indicated by the prefix 'X'.

System for Heat Treatable Alloys

The temper designation system for cast and wrought aluminium products that 
are strengthened by heat treatment, employs a T  designation consequent to the alloy 

designation. The ’T  is followed by a number from 1 to 10, each number indicating a 

specific sequence of basic treatments, as follows :

T1 - Cooled from an elevated temperature shaping process and naturally aged 
T2 - Cooled from an elevated temperature shaping process, cold-worked, and 

naturally aged

Designation Major Alloying Elements
2X X X
3X X X
4X X X
5X X X
6XXX
7X X X
8XXX
9X X X

Copper (Cu) 
Manganese (Mn) 
Silicon (Si) 
Magnesium (Mg) 
Mg + Si 
Zinc (Zn) 
Lithium (Li) 
Unused Series
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T3 - 
T4 - 
T5 - 
T6 - 
T7 - 
T8 - 
T9 - 
T10 -

Solution heat treated, cold-worked, and naturally aged 

Solution heat treated and naturally aged
Cooled from an elevated temperature shaping process and artificially aged
Solution heat treated and artificially aged
Solution heat treated and stabilised
Solution heat treated, cold-worked, and artificially aged
Solution heat treated, artificially aged, and cold-worked,
Cooled from an elevated temperature shaping process, cold-worked, and 

artificially aged

When it is desirable to identify a variation of one of the ten major'T' tempers, 
additional digits, the first two of which cannot be zero, may be added to the 

designation. The following specific sets of additional digits have been assigned to 

stress-relieved wrought products :

Tx51 Stres s relieved by stretching
Tx510 Applies to products that receive no further straightening after stretching 

Tx511 Applies to products that may receive minor straightening after stretching to 

comply with standard tolerances
Tx52 Stress relieved by compressing (permanent set of 1 - 5%)
Tx54 Stress relieved by combining stretching and compressing
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MECHANICAL PROPERTY DATA

APPENDIX 6

Alloy Extrudate Condition 0.2% PS 
(MPa) Error

UTS
(MPa) Error

Elongation
(%) Error

Kv
(MPaVm) Error

Z R 2 - 1 500°C AE 351.0 ± 2.0 383.9 ± 1.4 13.9 ± 0.4 16.1 ± 0.5
450°C 400.0 ± 0.7 410.5 ± 6.6 13.4 ± 0.2 10.4 ± 0.5
D400°C 351.5 ± 3.9 387.5 ± 1.7 15.4 ± 0.3 8.4 ± 0.4
400°C 284.6 ± 4.7 371.1 ± 0.4 14.8 ± 0.0 7.1 ± 1.0
350°C 267.4 ± 0.9 357.2 ± 0.7 15.8 ± 0.9 10.5 ± 0.9
300°C 260.8 ± 3.3 346.8 ± 0.8 15.2 ± 0.0 11.5 ± 1.4
250°C 275.0 ± 4.3 353.1 ±2.2 11.8 ± 1.2 8.7 ± 0.1

500°C AE + PA 512.3 ± 5.4 512.3 ± 5.4 4.8 ± 0.1 7.4 ± 0.3
450°C 526.4 ± 1.2 526.4 ± 1.2 5.8 ± 1.3 6.2 ± 0.2
D400°C 527.5 ± 0.5 527.5 ± 0.5 4.8 ± 0.1 6.9 ± 0.5
400°C 411.4 ± 12.1 426.4 ± 10.2 6.2 ± 0.4 5.6 ± 0.8350°C 387.4 ± 5.2 417.4 ± 7.0 5.6 ± 1.2 10.2 ± 1.9300°C — — — — — _ _ _
250°C 355.2 ± 0.8 369.4 ± 5.8 0.6 ± 0.1 4.8 ± 0.2

500°C STH 253 ± 8.6 342.6 ± 3.1 12.9 ± 2.4 7.9 ± 0.2
450°C 367.5 ± 1.1 397.6 ± 1.7 6.4 ± 0.1 14.5 ± 0.2
D400°C 296 ± 2.2 375.7 ± 1.3 14.3 ± 1.1 18 ± 0.9400°C — — — — — _ — _
350°C — — — — — _ _ _
300°C 328.4 ± 2.4 402.1 ± 1.9 11.5 ± 0.1 _ _
250°C — — — — — — — —

500°C STH + UA 512.7 ± 4.9 512.7 ±4.9 6.9 ± 0.3 8.1 ± 1.3
450°C 520.2 ± 1.1 520.2 ± 1.1 6.2 ± 0.6 6.9 ± 0.3D4CX)°C 502.8 ± 1.6 502.8 ± 1.6 6.4 ± 0.2 6.8 ± 0.1
400°C 486.3 ± 9.2 502.1 ± 9.0 6.4 ± 0.2 _ _
350°C 532.3 ± 3.3 535.7 ± 0.2 3.3 ± 0.5 5.6 ± 0.7
300°C 485.4 ± 8.0 498.9 ± 6.1 4.9 ± 0.1 5.7 ± 0.9
250°C 481.1 ± 1.1 497.4 ± 1.3 4.2 ± 0.6 6.8 ± 1.4

500°C STH + PA 7.4 + 0.3450°C — — — — — _ 6.2 ± 0.8D400°C — — — — — — 6.9 ± 0.5400°C 492.8 ± 5.7 507.3 ± 5.4 5.6 ± 1.4 _ _
350°C 542.3 ± 1.1 543.2 ± 0.2 4 ± 0.9 4.7 ± 0.1
300°C 526 ± 0.2 536.5 ± 0.5 4.8 ± 0.7 5.8 ± 0.4250°C 553.3 ± 1.0 554.2 ± 0.2 4 ± 0.3 4.5 ± 0.3

500°C STH + OA 466 ± 1.3 466.2 ± 1.3 6.2 ± 0.2 8.3 ± 1.0450°C 488 ± 9.1 488 ± 9.1 5 ± 1.1 5.7 ± 1.7D400°C 458.2 ± 1.7 465.3 ± 2.3 8 ± 0.1 7.7 ± 0.2400°C 422.8 ± 0.6 470.5 ± 0.5 7.5 ± 2.1 — _
350°C 459.8 ± 1.5 478.7 ± 0.6 6.3 ± 0.4 4.8 ± 0.1300°C 434.9 ± 4.5 464.7 ± 3.1 5.5 ± 0.6 5.7 ± 0.2250°C 463.3 ± 0.2 481.8 ± 0.2 5 ± 1.0 6.5 ± 0.3
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A l l o y Extrudate Co nd i t i o n 0.2% PS 
(MPa) Error

U T S
(MPa) Error

E lo n g a t i o n
(%) Error

Kv
(MPaVm) Error

Z R 2 - 2 450°C - 9 AE 3 1 7 ±  3.6 4 0 2 . 6 ±  1.4 1 0 . 9 ± 2.6 1 7 . 3 ±  0.1250°C - 9 2 7 6 . 5 ±  0.4 3 5 5 . 8 ± 0.6 1 0 . 1 ± 0.7 2 8 . 4 ± 2.5250°C - 3 2 6 7 . 7 ± 0.6 3 4 5 . 1 ± 0.0 1 2 . 4 ± 0.8 2 5 . 4 ± 0.6
450°C - 9 AE +  PA 4 9 0 . 3 ±  0.3 5 0 8 ±  0.7 6 . 8 ±  0.1 6 . 7 ± 1.5250°C - 9 4 6 7 . 4 ±  4.1 4 7 4 . 7 ±2.7 4 . 9 ± 0.1 9 . 2 ±  0.0
450°C - 9 STH 3 1 0 . 6 ±  0.9 3 9 1 . 6 ±  0.5 1 3 . 9 ±  0.9 2 3 . 3 ±  1.3250°C - 9 3 4 3 . 5 ±  0.7 4 1 5 . 1 ±  0.8 1 2 . 4 ± 0.2 2 0 . 6 ± 1.0
450°C - 9 STH + PA 5 1 0 . 4 ±  1.1 5 2 7 . 7 ±  1.4 5 . 9 ±  0.8 1 0 . 1 ± 0.5
250°C - 9 5 5 3 . 6 ± 0.6 5 5 4 . 8 ± 0.2 4 ± 0.3 9 ± 0.2250°C - 3 5 4 6 . 9 ± 0.6 5 5 2 . 1 ± 0.1 3 . 4 ± 0.2 9 . 2 ± 1.8250°C (3)+ Str. 2% 5 4 6 . 9 ± 2.5 5 5 1 ± 0.7 3 . 6 ± 1.4 1 0 . 7 ± 1.1250°C (3)+ STH +Str. 2% 

________1________ 1
5 3 3 . 9 ± 1.5 5 4 4 . 6 ± 0.5 4 . 2 ± 0.1 8 ± 0.3

Z R 3 - 1 400°C
300°C

AE 4 1 5 . 2  ±5.5 
4 2 9 . 6  —

4 4 8 . 9  ±  0.2 
4 5 1 . 1  —

1 4 . 5  ±0.1 
9 . 9  —

6 . 7  ±0.6 
6 . 1  —

400°C
300°C

AE + PA —  — —  — —  — 5 . 1
4 . 1

± 1.2 
±  0.2

400°C
300°C

STH
3 9 6 . 3  — 5 1 8 . 2  — 3 . 1  —

1 6 ±  0.1

400°C
300°C

STH +  PA 5 0 5 . 5  ± 6 . 2 5 2 2 . 4  ±  0.8 3 . 2  ± 0 . 7 5.4
8 . 1

± 0.2 
±  0.1

Z R 4 500°C AE 4 1 1 . 9 ± 0.2 4 7 3 . 4 ±  1.1 1 0 . 1 ±  0.9 1 0 . 2 ±  0.3
400°C 3 3 8 . 4 ±  0.3 4 2 3 . 6 ±  4.8 5 . 3 ±  0.7 1 0 . 9 ± 0.8
300°C 3 3 9 . 6 ±  7.1 4 1 3 . 9 ±  2.4 5 . 3 ±  0.4 8 . 4 ± 0.9

500°C AE + PA 4 7 3 . 6 ± 19.3 4 9 3 . 1 ± 12.2 2 . 7 ± 0.1 4 . 4 ± 0.6
400°C 4 2 3 . 9 ± 6.9 4 5 8 . 2 ±  4.6 4 . 2 ±  0.6 4 . 4 ± 0.6
300°C 4 3 8 . 9 ±  31.7 4 7 9 . 8 ±  23.9 4 . 6 ±  0.1 4 ± 0.3

500°C STH _ _ - - _ _ 7 . 2 ± 0.5
400°C — — — — ■_ _ — -
300°C — — — — — — 7 . 8 ± 0.7

500°C STH +  PA ■_ _ _ _ _ 4 . 9 ± 0.1
400°C 5 8 4 . 5 ±  0.7 5 8 6 . 2 ±  0.8 2 . 1 ±  0.1 6 . 6 ± 0.0
300°C 5 9 0 . 1 ±  0.8 5 9 1 . 4 ± 1.8 2 . 4 ±  0.1 6 . 4 ±  0.3

500°C STV +  PA _ _ ..

400°C 5 6 6 . 4 ± 4 .9 5 7 0 . 4 ±  8.2 3 . 7 ±  0.5 6 ± 0.1
300°C 5 8 2 . 8 ±  1.4 6 0 0 . 8 ± 3.0 4 ± 0.3 5 . 3 ± 0.1
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A  l l o y Extrudate C on d i t i on 0.2% PS  
(MPa) Error

U T S
(MPa) Error

E lo n g a t i o n
<%) Error

K v
(MPaVm) Error

D e g a s s e d A AE 4 1 5 + 1.7 4 6 7 . 5 ± 3.7 9 . 1 ± 0.9 5 . 7 ± 0.6
Z R 4 B 4 0 0 . 4 ± 1.6 4 3 4 . 9 ± 0.4 7 . 7 ± 0.2 5 . 8 ± 0.1

C 3 7 9 . 9 ± 6.0 4 3 0 . 5 ±  7.9 8 . 9 ± 1.1 4 . 5 ±  0.2
D 3 0 2 . 8 ±  0.9 3 6 4 . 7 ± 1.4 8 . 5 ± 0.3 5 . 9 ± 0.1

D e g a s AC AE 2 3 5 . 3 ± 1.4 3 2 2 . 6 ± 10.7 4 . 6 ± 1.7 9 . 7 ± 3.7
C o n tr o l BC 4 2 7 . 3 ± 0.6 4 6 9 . 8 ± 0.5 8 . 9 ± 1.0 6 . 7 ± 0.7

Z R 4 CC 2 9 3 ±25.9 3 6 4 . 3 ± 0.3 9 . 1 ± 0.6 7 . 9 ± 0.2
DC 2 6 7 . 4 ± 1.6 3 6 2 . 4 ± 1.2 7 . 8 ± 0.5 11 ± 0.1
AC STV + PA 5 0 8 . 8 _ 5 0 9 . 7 _ 1 . 4 _ 5 . 1 ± 0.1
BC 5 4 8 . 5 ± 2.1 5 6 8 . 5 ± 3.1 4 . 7 ± 0.3 5 . 2 ± 0.2
CC 4 9 9 . 8 ± 10.9 5 0 0 . 9 ± 10.9 1 . 8 — 4 . 4 ± 0.2
DC

-
— _ —

Alloy Extrudate Condition 0.2% PS 
(MPa) Error

U T S
(MPa) Error

Elongation
(%) Error

Kv
(MPaVm) Error

C R 1 - 2 400°C - 3 AE 2 4 2 . 6 ± 2.2 3 4 6 . 4 ± 1.6 2 0 . 3 ± 1.1 3 1 . 7 ± 0.6
300°C - 3 2 7 0 . 3 ± 2.3 3 5 3 . 8 ± 0.7 1 3 . 4 ± 1.4 2 4 . 6 ± 0.1
300°C - 9 2 7 2 . 5 ± 0.6 3 6 7 . 6 ± 0.2 1 4 . 9 ± 2.4 2 4 . 3 ± 0.8
400°C - 3 AE + PA 4 3 8 . 9 ± 1.1 4 5 6 . 9 ± 0.3 1 0 . 5 ± 0.4 1 1 . 7 ± 0.2
300°C - 3 4 4 6 ± 13.2 4 6 5 . 1 ± 0.7 7 . 4 ± 0.3 1 2 . 6 ± 1.5
400°C - 3 STH + PA 2 1 7 . 1 ± 0.8 3 3 9 . 3 ± 0.6 1 6 . 7 ± 0.6 2 8 . 4 ± 0.1
300°C - 3 2 2 6 . 5 ± 1.9 3 4 3 . 1 ± 0.4 1 6 . 5 ± 0.3 2 7 . 4 ± 0.9
400°C - 3 STH + PA 4 2 6 . 5 ± 2.1 4 6 0 . 3 ± 0.5 8 . 9 ± 1.4 1 4 . 4 ± 1.3
300°C - 3 4 4 9 . 6 ± 0.1 4 7 0 . 1 ± 0.2 8 . 3 ± 0.4 1 3 . 5 ± 0.2
300°C - 9 4 8 2 . 6 ± 2.5 5 0 4 . 7 ± 2.1 7 ± 0.5 8 . 2 ± 2.0

300°C (9) + Str.2% 4 9 3 . 2 ± 0.3 5 1 3 . 7 ± 0.2 6 . 9 ± 0.3 1 2 . 5 ± 2.7
300°C (9) + STH + Str. 2% 4 8 1 . 2 ± 0.4 5 0 5 . 3 ± 0.6 7 . 3 ± 1.0 9 . 8 ± 0.2
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A l l o y Extrudate Co nd i t i o n 0.2% PS 
(MPa) Error

U T S
(MPa) Error

E l o n g a t io n
(%) Error

K v
(MPaVm) Error

C R 1 - 1 500°C AE 2 1 9 . 4 ±7.5 3 6 7 . 1 ±  2.1 1 4 . 2 ±  0.2 1 6 . 5 ± 0.2
450°C 2 3 4 . 6 ± 2.7 3 6 4 . 3 ± 2.1 1 5 . 2 ± 0.6 1 8 . 2 ± 0.4
400°C 2 4 2 . 5 ± 1.5 3 4 7 . 5 ± 1.6 1 5 . 2 ± 0.5 1 1 . 6 ± 0.1
350°C 2 2 8 . 3 ± 2.6 3 1 6 . 2 ± 2.7 1 5 . 2 ±  0.1 1 1 . 9 ± 0.7
300°C 2 5 2 . 2 ± 0.7 3 4 1 ±  2.2 1 2 . 7 ±  0.3 1 3 . 4 ± 0.0
250°C 2 8 0 . 5 ±  4.9 3 4 4 . 5 ±  1.3 1 1 . 6 ±  2.0 1 3 . 6 ± 0.6

500°C AE + PA 3 3 2 . 7 ±  11.0 3 7 7 . 3 ±  7.7 9 . 1 ±  0.6 7 . 1 ±0.5
450°C 3 7 7 ±  5.2 4 0 9 . 2 ±  2.6 8 . 8 ±  1.0 9 ± 0.7
400°C 4 0 7 . 7 ±  9.9 4 2 9 ±  11.7 8 . 7 ±  0.1 9 . 7 ±  1.8
350°C 3 2 1 ±  12.6 3 5 5 . 8 ±  14.1 9 . 6 ±  1.2 1 0 ± 1.5
300°C 2 8 2 . 9 ±  3.1 3 2 4 . 2 ±  1.1 1 2 . 3 ±  0.5 1 5 . 2 ±  1.5
250°C — — — — — — — —

500°C STH 2 2 1 . 9 ±  0.1 3 5 9 . 4 ±  0.5 1 5 . 3 ± 0.7 2 7 . 7 ± 0.0
450°C — — — — — — — —
400°C — — — — — — 2 3 . 1 ± 0.4
350°C — — — — — — — —
300°C 2 4 4 . 7 ±  0.0 3 6 6 . 9 ±  1.8 1 5 . 3 ±  0.7 2 5 . 7 ± 1.2
250°C — — — — — — — —

500°C STH + UA 3 8 7 . 5 ±  1.3 4 8 3 . 8 ±  0.3 8 . 9 ± 0.5 8 . 1 ± 0.2
450°C 4 1 0 . 6 ±  0.3 4 8 0 . 7 ±  0.1 8 . 2 ± 1.3 6.2 ± 1.0
400°C 4 4 6 . 8 ± 0.3 4 9 6 . 5 ± 0.2 8 . 8 ± 0.5 8 . 4 ± 0.8
350°C 4 3 6 . 9 ± 7.0 4 8 7 . 7 ± 0.1 9 ± 0.1 8 ± 0.2
300°C 4 5 8 . 4 ± 0.4 4 9 8 . 9 ± 0.1 8 . 5 ± 0.8 8 . 9 ± 0.5
250°C 4 5 2 . 3 ± 1.2 4 9 0 ± 0.2 5 . 4 ± 0.1 9 . 6 ± 0.1

500°C STH + PA 4 7 5 . 4 ± 0.3 5 1 6 . 5 ± 0.9 6 . 5 ± 0.8 6 . 7 ± 0.4
450°C 4 6 8 ± 1.6 5 0 1 . 4 ±2.5 5 . 3 ± 1.5 5 . 4 ± 1.6
400°C 4 9 6 ± 1.1 5 2 2 . 9 ± 0.7 5 . 6 ± 0.2 6.8 ± 0.3
350°C 4 9 1 . 9 ± 0.8 5 1 8 . 4 ± 0.6 6 . 2 ± 0.6 6.2 ± 1.7
300°C 5 0 4 . 6 ± 1.4 5 2 5 . 3 ±  0.5 5 . 9 ±  0.6 6 . 4 ± 1.5
250°C 5 0 0 . 9 ±  0.0 5 1 9 . 9 ±  0.0 6 . 1 ± 0.5 6 . 4 ± 1.6

500°C STH + OA 3 6 9 . 5 ±4.5 4 4 0 ± 0.4 1 0 ± 1.5 6.6 ± 0.4
450°C 4 0 2 . 5 ±  5.4 4 6 0 . 2 ±  0.6 9 . 1 ±  0.6 6 . 7 ± 0.3
400°C 3 8 6 . 5 ±  3.1 4 4 0 . 3 ± 1.3 1 0 . 1 ± 2.0 5 . 4 ± 1.1
350°C 3 7 5 . 1 ± 2.2 4 3 5 ±  0.8 8 . 6 ±  0.1 7 . 5 ±  0.4
300°C 4 1 3 . 9 ± 2.8 4 6 2 . 5 ± 0.8 7 . 6 ±  1.2 7 . 2 ±  0.6
250°C 4 0 2 . 7 ±2.5 4 4 4 . 7 ±  0.4 9 . 5 ±  0.3 7 . 5 ± 0.2
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CARBON CONTAMINATION & DEPTH PROFILING 
IN X-RAY PHOTOELECTRON SPECTROSCOPY

APPENDIX 7

1 . Carbon Contamination

Unless specimens are prepared for analysis under carefully controlled 

atmospheres, their surfaces generally suffer from adventitious contamination (Briggs &  

Seah 1983). This is particularly noticeable for powder samples where the exposed 

surface area is relatively large. Once in the spectrometer, further contamination can 

occur by adsorption of residual gases, especially in instruments with oil diffusion 

pumps.

Carbon is the element which is most commonly detected in contamination 

layers, and the photoelectrons from the Cls atomic energy level (which have a binding 

energy, Eb of 284.8 eV) are most generally registered in the survey spectra. Since it is 
highly likely that the carbon contamination layer may originate from the pump oil, it is 

generally assumed that Cls electrons originate from saturated hydrocarbon components 

(i.e. C -H  bonds). The degree of carbon contamination can vary with a number of 
factors, some of which are listed below :

i) Particle size
ii) History of the machine (i.e. whether any C-containing materials 

were in it before-hand)
iii) Length of time the specimen was left in the pump-down chamber
iv) Vacuum conditions

A carbon level of 30 at% indicates a relatively clean specimen.
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Some of the carbon signal, however, may be due to the presence of 'carbides' 
and 'carbonates' present on the surface layers of the material. Since these contain 

charged constituents, they cause a shift in the Eg values of the Cls spectra and 

therefore may be visible as peaks adjacent to the Cls peak. However, if  they are 

present in very small quantities, they generate a very weak signal compared to that of 
the Cls peak and as such may be 'buried' by the much stronger Cls peak. Therefore, 
in order to detect them, curve-fitting techniques must be applied to the high resolution 

scans in the Eb range 280 - 300 eV and consequent results analysed. An example of 
this is shown in Figure A7.1, where the application of curve-fitting techniques is seen 

to show the presence of a 'buried' carbide and a C -0  peak, as well as positively 

identifying the peak associated with a carbonate.

2. Depth Profiling

Ion bombardment is used extensively in conjunction with surface analysis as a 

method of obtaining information as a function of depth below the surface. The sample 

is successively abraded and analysed, the information about the chemical nature of the 

surface as a function of depth being built up step-wise after alternate cycles of 
bombardment and analysis. The information depth is of the order of lnm, and the 

influence of the matrix on the elemental detection sensitivity is small.

In the case of A1 powders, such analysis cannot be carried out meaningfully, 
since uniform removal of the surface material by ion sputtering cannot be attained due 

to the spherical nature of the powder particles. However, it is possible to obtain depth 

profiles from a flat piece of an A1 alloy of similar composition. To find the surface 

oxide thickness, analysis of the A12p peak (Eb range 66 - 88 eV) of the alloy should be 

carried out after successive removal of given thicknesses of material from the surface. 
At the end of the analysis, the variation of the A12p peak with depth would be plotted 

on a graph as shown in Figure A7.2.

Such a plot could be used as a 'master curve' for estimating the thickness of the 

surface oxide film. In the case of a powder alloy, an estimate of the surface oxide layer 
thickness can be obtained by comparing the high resolution scan of the A12p peak 

obtained for the powder, with the 'master curve'.
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Figure A7.2 Master Curve (obtained by Depth-Profiling) used for
Estimating the Thickness of the Oxide Layer on A1 Alloys
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Figure A 7 .3  XPS Survey Spectra of All As-Atomised Powders used in the Investigation
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Figure A7.5 XPS High Resolution Spectra for As-Atomised C R 1-1 Powder
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APPENDIX 8

FREE ENERGY OF FORMATION OF Li20 3 FROM Li20

Field et al. (1984) have shown that in Al-Li alloys, Li2 0  forms as a result of Li 

diffusing to the surface of the alloy and reacting with the Y-AI2O3 already present at the 

surface according to the following equation :

4Li + IY -A I2O3 ----- ►  2Li20  + |  Al AG° =  -75,000 + 32.5 T  JmoH

AG^8ook ~ -4 9  kJmol-1 O2

This oxidation reaction is interface controlled and not limited by bulk Li diffusion. At 

about 350°C  and above, L i2 0  appears to transform to Li2CC>3 by a further secondary 

transformation reaction (Field et al. 1984), the Li2CC>3 phase being the principal stable 

compound following in-situ reaction in ’dry' air at temperatures between 350 to 450°C :

Li2 0  + CO2 ----- ►  Li2C>3 AG°800K = —98 kJmol"1 CO2

However, it is also feasible for the Li2 0  to react with the carbon dioxide (CO2) 

present in the atmosphere at room temperature, the free energy of formation for this 

reaction being :

A G ° = -16 7 .4  kJmol-1 C 0 2 at25°C  (Turkdogan 1980)

For this reaction it is known that:

AG° = -R T  InK where K = _a.Lil C03.. (l)
aLi20-pC02

Therefore: -16 7 .4  x 103 = -8 .3 14  x (273 + 25) InK

In K  = 67.55

From (1 ) :  assuming an203 = aLi20 =  1 ; K = ——
Pco2

Therefore : pco2 eq. = exp (67.55)

i.e. pco2 eq* = 4.6 x 10-30

If pco2 in the atmosphere > pco2 eq., Li20 3  will form.
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In the above analysis, the following points have to be noted :

(i) If au20 < 1 due to 'solubility' of U 2O, then pco2 = g - . y (where 'y' is > 1)

i.e. p co 2 eq. for the reaction will be greater than 1 0 -30 (e.g. IO 29). Therefore, 

for species 'activities' o f less than T ,  the formation o f U 2C O 3 is still likely to occur.

ii) The feasibility of the reactions depend on 'kinetic' as well as 'thermodynamic' 

considerations.
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