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ABSTRACT 

The microstructure and tensile properties of Ti-15Mo have been 

investigated in the solution treated and aged conditions. 	Solution 

treated material exhibited a transformation induced ductility peak at 

low temperatures. 	This is attributed to inhibition to necking 

caused by deformation twinning which occurred on {332} <111> system. 

The microstructure and hardness changes were investigated in samples 

aged in the temperature range 623 - 1023K for times up to 10,000 

minutes. 	The tensile properties of selected aged samples were 

determined. The time taken to reach the ageing temperature was found 

to significantly affect the ageing characteristics and tensile 

properties in samples aged in the temperature range 723 - 823K. 	This 

is attributed to a greater degree of w formation during the slower 

heating. 	Low temperature ageing resulted in a small, but significantly 

rapid increase in hardness. It is proposed that this hardness increase 

was caused by precipitation of a fine dispersion of the w phase on a 

vacancy defect, the existence of which was controlled by interstitial 

diffusion. 	Three morphological variants of the a phase were identified 

in this alloy, these being star, ellipse and lenticular. 	The 

nucleation site for the star and ellipse forms are discussed. 	Two step 

ageing treatments were investigated with the aim of utilizing controlled 

dispersions of w to influence subsequent a formation. 	Greater hardness 

values were obtained after double ageing treatments and superior strength 

and ductility combinations were obtained, providing the higher ageing 

temperature developed a Widmanstatten arrangement of lenticular a. 

High volume fractions of ellipsoidal w and w + a precipitates caused 

embrittlement. 	SEM fracture surfaces are discussed in relation to the 

microstructure and tensile properties. 

The "thinning transformation" product reported in the literature is 

shown to be caused by formation of plate-like crystals of titanium 

hydride, which formed during electrothinning and subsequently reverted 

at room temperature. The hydride was fct and internally twinned, and 

formed by a shear transformation mechanism. 	Interpretation of phase 

transformations in aged specimens using TEM was hindered by hydrogen 

contamination. 
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'CHAPTER' 1 

INTRODUCTION 

The past thirty years has seen an immense amount of research 

carried out on titanium and its alloys, in developing and improving 

their general mechanical properties, and in investigating the deformat- 

ion and phase transformation characteristics (1,2,3). 	Demand has come 

mainly from the aerospace sector of industry, where the high strength 

to weight ratio of titanium alloys, coupled with their good mechanical 

properties at high temperatures, and excellent corrosion resistance, 

have made these alloys attractive candidates in this field. 	More 

recent developments have seen the application of these alloys in 

alternate areas, such as corrosion resistant chemical processing equip-

ment, as electrodes in the electrochemical industry, in medical 

' prostheses and in desalination plants. 

Titanium is a transition metal, which, in its unalloyed form under-

goes an allotropic transformation at 1155K from the body centred cubic 

(bcc) phase, $, to the low temperature a phase which is hexagonal 

close packed (hcp). 	Alloying additions to titanium stabilize either 

the a or $ phases, or form titanium compounds (4). 	Aluminium is the 

most effective a phase stabilizer, causing the 0/a + g transus 

temperature to increase (Figure la), together with the interstitials 

carbon, oxygen and nitrogen. Vanadium, niobium and molybdenum are 

three important $ stabilizing elements, which form substitutional 

solid solutions, and hydrogen, which is an interstitial a stabilizer; 
these additions all cause a decrease in the $/a + S transus temperature 

(Figure lb). Additions of zirconium and tin do not significantly 

effect the stability of either the a or s phases. A third important 
group of alloying additions form intermetallic compounds, for example 

copper, silicon and chromium (Figure lc). 

The structure and properties of the various commercial alloys can 

be grouped into the following categories (2a). 	The single phase 

a alloys, usually contain aluminium with perhaps small amounts of tin, 

zirconium and oxygen; they exhibit low to medium strength values when 

compared to other titanium alloys, are weldable, thermally stable and 

offer good high temperature strength and creep resistant properties. 
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Figure 1. Classification of binary phase diagrams for ticanium (4). 

(a) a stabilizing, (b) 8 isomorphous, (c) S eutectoid. 

The near a alloys contain small amounts of $ stabilizing or compound 

forming elements, which improve the cold formability and increase 

strength levels via _ 	and also exhibit good creep 

resistance, for example IMI 685, which is Ti-6A1-5Zr-0.5Mo-0.25Si*, 

and Ti-8A1-1V-1Mo. The a.+ R alloys constitute the largest group of 

commercial alloys, Ti-6A1-4V being the most extensively investigated 

example. The largest additions of S stabilizing elements in these 

alloys allow high strength levels to be attained (up to 1400 MN m-2), 

either by martensitic transformation (denoted by Ms in Figure lb) and 

fine precipitation of the 8 phase, or by retention of the $ phase in 

a metastable state such that subsequent ageing causes precipitation 

hardening. Further additions of .B stabilizers allow complete retention 

of the S phase after quenching from temperatures above the S transus, 

to form a group of metastable S alloys. The advantage of these alloys 

over stable S alloys is their superior strength to weight ratio and 

ability to undergo extensive cold working, after which they may be 

heat treated to high strength levels. Together with the a + $ group 

of alloys, the metastable S alloys offer a good range of mechanical 

properties, particularly toughness and corrosion resistance. 

Commercial alloys in this system include Ti-11.5Mo-6Zr-4.5Sn (referred 

to as 
$III which is equivalent to Ti-12Mo alloy), Ti-11Cr-7Mo-3A1 

(i.e. VT15) and the binary Ti-15Mo (i.e. IMI 205•(5)). 

*All compositions are in weight percent, unless stated otherwise. 



Ti-1SMo is normally supplied in sheet or rod form, and after solution 

treatment and quenching from the P. field, can be aged to produce the 

metastable w and equilibrium a phases. 	This alloy is normally used 

in strip form in an aged condition for small brackets, and in a 

solution treated condition for rivets. 

The main objectives of the work reported here were to study in 

detail the structural features of the solution treatment and ageing 

processes of the metastable a phase in this alloy system, using mainly 

transmission electron microscopy (TEM) techniques. This information 

was then to be correlated with hardness and tensile properties, with 

the aim of exploring the possibility of improving the combination of 

strength and ductility through control of the microstructure by ageing 

processes. 
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CHAPTER 2 

LITERATURE SURVEY 

2.1. Phase Diagram 

The complete phase diagram for Ti-Mo is shown in Figure 2.1 

(1a,6,7). 	It is seen that molybdenum has a far higher melting point than 

titanium, and this leads to difficulties in homogenization after 

casting. 	Also apparent from Figure 2.1 is the complete miscibility of 

molybdenum in the 0 allotrope of titanium, thus forming a a isomorphous 

system. 	The results of Duwez (8) show a slightly higher 0/a + 8 

transus temperature, but this is generally considered to arise from 

oxygen contamination, which has been shown to raise the transus 

temperature (9,10). Molybdenum stabilizes the 8 phase to progressively 

lower temperatures, causing the equilibrium transus temperature to 

decrease. Attainment of equilibrium is slow at temperatures below 

approximately 95OK and for this reason the transus temperature is 

shown as a broken line. 

2.2. Athermal Transformations 

A martensitic transformation occurs on quenching solute lean alloys 

from the 8 phase field to temperatures below the martensite start 

temperature, Ms. 	It is seen from Figure 2.1 that Ms  decreases with 

increasing molybdenum content (la). The structure of the martensite 

is hexagonal close packed (hcp) in alloys containing up to approximately 

4% molybdenum, and orthorhombic above this concentration (11); the 

martensites are referred to as a' and a" respectively. 	The orientation 

relationship between the a' and a phase conforms with that determined 
by Burgers for zirconium martensites (12), i.e. 

(110)0  // (O0O1)a, 

[111]0  // [1120]x, 

The habit plane is close to {33410  (2b). 

Complete retention of the a phase in a metastable form occurs on 
quenching alloys containing more than approximately 11% molybdenum. 

The metastable 8 phase in Ti-Mo and many other Ti, Zr and Hf alloys 

can undergo partial decomposition on quenching into a metastable phase 

known as w (13,14,15,2b). 	This athermal w phase is thought to form 

by a reversible diffusionless transformation (7,13,15), which is caused 

by instability in the bcc lattice to an elastic displacement wave, 

11 
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Figure 2.1. Phase diagram for the Ti-Mo system (6). 	Temperatures 
corresponding to the start of the martensitic transformation, 
M , are taken from Huang et al (la), and for the formation 
of the athermal w phase, w, from de Fontaine et al (7). 
Broken lines indicate extrapolated results. 
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which is generated by lattice vibrations (7,17). 	The resulting 

athermal w phase is hexagonal, although there are reports of trigonal 

distortions in Ti-Cr systems (13). and in high solute Ti-Nb (15) and Zr-Nb 

(18) systems, which DeFontaine et al (7) suggest is an effect caused 

by strain at the w/6 interface. 	The w phase bears a close crystallo- 

graphic relationship with the $ matrix, which is shown in Figure 2.2 

(2c). 	The orientation relationship is seen to be 

(111)0 // (0001)16 

[011] 8 // [1210]w 

and 

(1010)w // (1010)a 

[0001] // [1210]a 

which gives-four variants of the w phase. 	The ideal unit cell parameters 

for the w phase are aw = /2 a and cw = /3 a~/2, where as is the $ 
phase lattice parameter (19). 	In the Ti-V (21), Ti-Nb (20), Zr-Nb 

(18) and Zr-Ti (17) systems the athermal w phase has been shown to 

form as small equiaxed particles, 10-22A in diameter, which tend to 

align in rows lying parallel to the <111>
a 

directions; the rows are 

observed to cluster together to form w "domains", the domain size 

decreasing with increasing solute content. 	Recent direct lattice 

imaging techniques have shown that the larger w domains in Zr-Nb 

systems comprise of subvarionts of the w phase (21). 	The'same authors 

present micrographical evidence for the time dependent existence of 

small w "regions" (which are smaller than the w phase unit cell), which 

it is suggested are atoms/rows of atoms displaced on the opposite 

sides of a vacancy along <ll1>s directions (22). 	A vacancy-atom 

interchange along <111>
0
, similar to the a w transformation, is also 

proposed to explain the anomalously high diffusion rates found at low 

temperatures, i.e. " 1000°Kabove the S 4 w transformation temperature 
in a Ti, Hf and Zr alloys (23). 

Much interest and discussion has been associated with the various 

models formalizing the a * w transformation (7,17,22,24) and with the 
origin of the diffuse intensity streaks that are observed in electron 

diffraction patterns of w forming systems. 	The intensity streaks lie 

on {111} planes in reciprocal lattice (rel) space (17), or on the 

spheres which can be inscribed in the octahedra formed by the {111} 

rel planes in high solute content systems (7). 	Chang et al (21) and 

Kuan and Sass (22) suggest that these various phenomena can be explained 

by the <111> linear defect mentioned above. 
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The temperature below which the athermal w phase forms is defined 

by the ws  line, which is shown in Figure 2.1 (7) for the Ti-Mo system. 

The athermal w phase is expected to form within the cross-hatched region 

between Ms  and ws. A peak in the hardness of the as-quenched alloys 

is associated with a maximum in the volume fraction of the athermal w 

phase, both the hardness and volume fraction decreasing with increasing 

solute content (11,15,25). 	Reports in the literature for the upper 

limit of formation of the athermal w phase varies from 15 to 28% 

molybdenum (2d,25-27). 	Part of this variation may originate from the 

differing oxygen contents in the alloys, -200 - 300 ppm by weight 

has been shown to retard athermal w phase in Ti-V alloys by lowering 

ws  (28), or from the different methods used to detect the w phase; 

detection of a small volume fraction of fine particles is limited in 

the Debye-Scherrer X-ray method, and-it is possible that the diffuse 

intensity maxima observed in electron diffraction patterns has been 

mistakenly taken as evidence for the athermal w phase. 

2.3. Heat Treatment of the Metastable S Phase  

The metastable S  phase can be aged at temperatures below the 

a + 0/0 transus temperature to give the equilibrium a + S  phases, if the 

system is 8 isomorphous. 	The 8 } a transformation is, however,, 

rather difficult to achieve, and precipitation of several intermediate 

metastable phases occurs (2b). 	Low temperature ageing can produce 

the w phase, or phase separation of the 8 phase into S  + 8', 

whereas high temperature ageing can produce different morphological 

and crystallographically orientated forms of the a phase. 	The 

precipitation products depend on the type and concentration of the 

solute, and the ageing time and temperature. The following paragraphs 

briefly summarize the salient features of the various phases. 

2.3.a The aged form of the w phase  

The metastable w phase can form in alloys containing intermediate 

concentrations of the B stabilizing elements during ageing up to ti823K. 

This phase has been the subject of considerable investigation, initially 

because of its severe embrittling effect. The aged form of the w 

phase is isomorphic to the athermally formed w phase (14) and forms 

as small, coherent precipitates, with a high particle density (29). 

The precipitates assume an ellipsoidal morphology in low misift systems, 

e.g. Ti-Mo and Ti-Nb (20,30,31), the long axis of the ellipse being 

parallel to <111>8  direction (29). 	In high misfit systems the w phase 
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is cuboidal, e.g. Ti-V, Cr, Mn, Fe (31) and Zr-Nb (32), the cube faces 

lying parallel to {100}s  planes to minimize strain energy effects in 

the matrix. 	The relative size of the solute and solvent atoms 

determines the maximum misfit once metastable equilibrium is attained. 

The w phase rejects solute during ageing, and reaches a terminal 

metastable equilibrium composition which is independent of the starting 

alloy concentration and ageing temperature (4.0 at%for Ti-Mo alloys 

(27,31,33,34)). 	The volume fraction is governed by supersaturation 

effects and can reach 0.9 in the fully aged condition (14,35,36). 

The precipitate remains coherent throughout its stability range in all 

misfit systems (14). 	It is claimed (29) that the stability and 

particle size of the w phase is governed by the mismatch between the 

8 and w phases, precipitates reachine 300 nm (major axis) in size in the 

Ti-Mo system and 45 nm in the Ti-V system. Solute rejection occurs at 

constant volume fraction, without particle coarsening in the Zr-Nb (32) 

and Ti-V (37) systems, which are both high misfit systems, whereas 

Gysler et al (26,36) find that Ostwald ripening occurs in high solute 

Ti-Mo alloys. Ternary additions of oxygen (10,000 atomic ppm) have 

been shown to limit the volume fraction and to reduce the time of 

stability of the w phase in Ti-25V (atomic) alloy (33), but smaller 

additions, 400 - 1850 atomic ppm, do not affect precipitation in a 

Ti-6.SMo (atomic = 12.2 weight %) alloy (34). 

The nucleation site for the aged form of the w phase has met with 

some discussion. 	Most of the literature reports that the w phase 

is homogeneously distributed throughout polycrystalline samples. 

Deformation prior to ageing, in those systems which produce deformation 

twins, initially retards the formation of the w phase (40,41), and it 

is suggested (40) that the destruction of the athermal w phase within 

the twinned regions removes the nucleation sites for the aged form of 

the w phase. The athermal w phase has indirectly been shown to act as 

a nucleating site for the aged form of the w phase in Zr-Nb alloys 

(16,32); i.e. incubation periods were observed in specimens which were 

directly quenched to the ageing temperature whereas rapid hardening was 

observed in water quenched and aged specimens - providing both the 

quenching and ageing temperatures were below w. 	Jon et al (42) also 

suggest that the athermal w phase acts as a nucleating site for the 

thermal w phase in the 
13III alloy, because the number of w phase particles 

remains constant during ageing. 	The nucleation and growth of the aged 
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form of the w phase is controlled by vacancy controlled diffusion rates, 

which was inferred from experiments in which the solution treatment 

temperature and quench rate were varied (14). 	Polkeiuet al (2e) also 

report a greater hardness, ''l00 VHN, at all ageing times in their Ti-15Mo 

alloy on increasing the solution treatment temperature from 1073 to 

1373K. The volume fraction of the w phase formed in quenched and aged 

specimens is significantly affected by the quench rate in the SIII alloy 

because the nose of the time-temperature-transformation (TTT) curve 

for the formation of the w phase occurs at very short ageing times (1b,39,47). 

The nucleation site for the thermal w phase in high solute systems which 

do not form the athermal w phase, is less clear; Gysler et al (36) report 

that precipitate free zones, ti0.2 um wide, occur in his Ti-14Mo 

(atomic E. 24.6 weight percent) alloy aged in the w phase region. 	It 

should be noted that a phase precipitation had also occurred on the 

grain boundary, which probably prevented nucleation of the w precipitates 

by increasing the solute concentration in the grain boundary region beyond 

the stability limit for the w phase. The same authors report an 

initial increase in both the number of particles and the volume fraction 

of the w phase in this alloy with increased solution treatment 

temperature and prior deformation, which produced slip in their alloys. 

It has also been suggested that a phase separation of the 8 matrix into 

solute rich and solute lean regions is a necessary precursor to the 

precipitation of the w phase (29,40). 	Phase separation is, however, 

only reported to occur at temperatures too high to produce the w phase. 

Recent experiments have shown a two stage ageing process occurs 

during the precipitation of the w phase in 
8III  and Ti-15Mo alloys. 

At temperatures less than ti573K, serrated yielding is observed in 

stress-strain curves (43), hardness curves show a small, rapid increase 

in hardness followed by an incubation period, such that a 'plateau' effect 

is produced (3a,b, 44), and measurements of the changes in elastic 

modulus of aIII (46) suggest that significant w phase precipitation 

occurs during this period, which involves a low activation energy for 

nucleation. 

A summary of the hardness response and TTT curves for Ti-15Mo 

reported in the literature is shown in Figure 2.3a and b (1b,47,48). 

Direct quenching dilatometry measurements were used to determine the 

TTT curves in references lb and 47, whereas hardness and X-ray 

techniques were used in reference 48 for specimens that were probably 
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water quenched before ageing. The hardness response shown in Figure 

2.3a are in approximate agreement with those found by Bowen (3a), in 

which specimens were water quenched before ageing; the ageing response 

at 623K was found to coincide with that at 673K reported in reference 

48. 	Nevertheless, the results shown in Figure 2.3a serve to indicate 

that a considerable and rapid hardening can be obtained in this alloy 

by ageing at temperatures within the w phase region. The cross-

hatched region in Figure 23b indicates the limit of the athermal w 

phase formation (7). The time and temperature for the upper limit of 

stability for the thermal w phase agree with the reversion temperature 

of the w phase in the SIII  alloy (49); it is expected that the latter 

temperature would be higher (16) because of the lower solute content 

in the III system and also because solute depletion occurs in the 

w phase during ageing. 

2.3.b Phase separation  

The possibility of the metastable S phase separating into solute 

rich and solute poor regions during low temperature ageing has been 

thermodynamically considered by Koul and Breedis (30). They calculated 

a positive heat of mixing for Ti-V, Nb and Mo alloys using a regular 

solid solution model. 	Phase separation has been reported in Ti-Mo-Al/Sn, 

Ti-V and Ti-V-Zr (33), Ti-20Mo (50), Ti-13V-11Cr-3A1 (51) and Hf-Nb/Ta 

(52) alloys. 	In all cases the conditions were such that the aged 

form of the w phase did not form, i.e. the alloys were all rich in the 

0 stabilizing element. The matrix and precipitate phase have been 

respectively designated 01  and $2, but Williams (2b) suggests that a 

0 + 0' nomenclature be adopted to differentiate from the ordered 82  
phase, Ti2  (MoA1). 	Future references in this work will use Williams' 

nomenclature. The 8' precipitate is a bcc phase and can form as thin, 

coherent discs on {100}S  planes. 	The associated electron diffraction 

patterns do not show extra reflections but higher order S reflections 

may be split and X-ray diffraction lines of the g phase broaden. , 

The precipitate distribution and size is susceptible to solution treatment 

temperature, quench rate and ageing temperature and forms precipitate 

free zones at the grain boundary (51), although Williams et al (2b,33) 

report that the phase distribution is homogeneous. 

A proposed schematic phase diagram for the various metastable and 

equilibrium phases is shown in Figure 2.4 (33). 	The solute rich limit 

at room temperature for the 0 + w aged form being approximately 55% for 
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the Ti-Mo system (7). The other limits have already been defined in 

Figure 2.1. 

2.3.c The equilibrium a phase  

The equilibrium a phase is a solute lean hcp phase which forms 

during ageing either from the 0' and w phases, or directly from the 0 

phase, its morphology and distribution depending on the mechanism 

involved. A recent report (58) also suggests that the athermal w phase 

acts as a precursor to a phase precipitation. 

2.3.c(i) w -'- a 

Precipitation of the a phase from the aged form of the w phase is 

reported to depend on the misfit between the w and 0  phases (29,30,31,53). 

In high misfit systems such as Ti-V, the a phase is reported to 

nucleate on misfit dislocations that_form at the w/0 interface at the w 

phase stability limit. 	In the low misfit Ti-Mo system, the a phase 

has been observed to form by a separate heterogeneous nucleation and 

growth process, generally at prior grain boundaries (1b,2b,2O,29). 

More recent evidence has been presented which contradicts this description, 

i.e. a uniform distribution of the a and w phases is observed in the 

low misfit SIII and Ti-Mo systems (2b,3b,4O,54,55); ageing was carried 

out at temperatures corresponding to the upper temperature limit for 

the stability of the w phase, and the w and a phases co-exist in close 

proximity to each other. The morphology of the a phase in both cases 

resembles that of the prior w precipitates, i.e. ellipsoidal a is found 

in the Ti-Mo system and cuboidal a is found in the Ti-V system (29). 

The a precipitates coarsen into needles at the expense of the w phase 

on continued ageing. 	It should be noted that direct evidence of the 

w -} a nucleation process using transmission electron microscopy is very 

difficult because of the small size and high volume fraction of the w 

phase particles. 	Ganesan et al (56) claim to show nucleation of 

ellipsoidal a phase on dislocations which surround the w precipitates 

in their SIII alloy. They compare dark field micrographs using 

(1O11)a  reflections and (1O11)a + (O111)w  reflections: such comparisons 

clearly do not give any information on the nucleation site of the a 

phase. The exact mechanism of the w -} a transformation is not clear, 

and the atomic movements required to form a from w. do not appear to be 

any simpler than those required to form a from 0(41). 	The aged w phase 

does however form solute poor regions which would favour a precipitation. 
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The co-existence of ellipsoidal a and w phases is taken as indirect 

evidence of the w/0 interface acting as a nucleation site for a precip-

itation in low misfit systems. 

2.3.c(ii) S' -} a  

The a phase can be nucleated from within the S' regions on 

continued ageing of those alloys which have undergone S  + a' phase 

separation (2b,33,50,51). 	Two types of a morphology have been 

identified; fine needles of a grow with their long axes parallel to 

{110}
0
, the different variants emanating from the prior 0' region to 

give a "star"-like appearance to the precipitate, and "rafts" of a(2b) 

which have no distinct morphology, and are made up of many small 

precipitates of the different variants of the a phase. 	It is not 

clear in the literature whether the a nucleated from either the a' 

or. the aged w phases is Burgers related to the S phase. 	Williams et al 

(33) state that the a formed from 0' is Burgers related, but Williams 

states the opposite in his review (2b). 

2.3.c(iii) 	-}'a 

The a phase can form directly from the a phase at temperatures 

above the stability limit of both the S' or aged form of the w phase. 

The a phase precipitates either on the grain boundary (1b,58) or on 

dislocations within the grain (2b). A further two types of a can form 

under these conditions, which differ both in crystallography and 

morphology (59-63). 	Williams (2b) has designated these phases as 

Type 1 and Type 2 a. Type 2 a corresponds to the transition a phase, 

at,  referred to by Carpenter and Liu (63). Type 1 a forms as plates 

or needles depending on the alloy composition, with the long axis 

parallel to <110>
0 
 directions, and is Burgers related to the S phase. 

Type 2 a forms as small plate-like colonies consisting of many different 

variants, which generally, but not necessarily, surround the Type 1 a - a 

interface, hence this form of a has sometimes been referred to as the 

interface a phase (60,62). Type 2 a has been separately reported as 

twin related to the Burgers a, on either the {1011} (62), such that a 

Burgers orientation relationship with the matrix is still maintained, 

or on the {1012} <1011> mode (59,61), which is not related to the S matrix. 

In addition the Type 2 a can be hcp or fcc (59,60). 

The mechanism by which the Type 2 phase forms is not clear; it is 

suggested that it can form by a diffusion controlled growth process (59) 
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or by mechanical twinning (62), the driving force in each case being 

respectively compositional variations, or relief of bulk constraints 

created by the larger a phase unit cell. 	Type 2 a is considered to be 

the more stable form, and is observed after long ageing times to 

partially or completely replace the Type 1 a (59). 	Vigier et al (39) 

have also reported two types of a in the a
III alloy, which is denoted 

as ai  and ap; ai  is found on ageing at temperatures greater than 863K 

and is considered to be an incoherent phase, whereas a is found on 

ageing below 863K and is considered to be semi-coherent. 	The findings 

are based on growth rate equations, and micrographical evidence is 

not presented. 	Unnikrishnan et al (58) also differentiate between a 

phase formed at temperatures above and below 873K in Ti-6Cr alloys. 

Their conclusions are based on differences in the growth rate and 

microstructure of the grain boundary a precipitate. 

The distribution of the a phase in those alloys in which direct 

precipitation of the a from the s phase occurs is inhomogeneous and 

the plate or needle size is relatively coarse when compared to the a 

precipitates formed during lower temperature ageing. The various ways 

of refining the a precipitate are discussed in Section 2.5.d(ii). 

2.4. Thin Foil Artefacts 

In any study involving transmission electron microscopy of thin 

foil specimens it is important to be aware of the possibility of 

misleading information which may arise from thin foil artefacts. 

titanium alloys the occurrence of certain thin foil artefacts can 

severely complicate microstructural analysis and in some instances 

had led to erroneous conclusions regarding the structure and nature of 

transformation products (2b,57,64). 	For instance, the absorbtion of 

hydrogen in a-titanium alloys during chemical and electropolishing can 

cause the precipitation of hydrides, which have a plate-like morphology 

with an fcc or fct structure (65). 	The solubility of hydrogen in 

8 titanium alloys is far greater than in a titanium and hydride 

precipitation is therefore not expected in these alloys. 	Recent 

publications however, report the formation of spontaneously transformed 

hydrides in the a phase of alloys of Nb-Zr (66) and Ti-Mo (57) during 

preparation of thin foils. 	(A copy of reference 57 is included at 

the back of this thesis). The hydride forms by a shear mechanism in 

the thinnest regions of the foil, and also has an fcc (66) or fct (57) 

structure. These structures are consistent with literature on the 



non-stoichiometric transition metal hydrides using bulk specimens, in 

which tetragonal distortions occur at higher hydrogen contents and at 

low temperatures (65). A recent paper by Abe et al (67) suggests 

that hydrogen contamination of tantalum, vanadium and niobium occurs 

during grinding, and that electropolishing merely concentrates the 

hydrogen into the thin regions, thus causing hydride precipitation. 

Many transformation effects that have been observed in thin foils 

of metastable S titanium alloys and which have been interpreted in a 

number of ways, can all be attributed to the pick up of hydrogen by 

the foil during electropolishing, which are adequately described in 

reference 57. 	The interfacial dislocations observed by Ganesan et al 

(56), which are mentioned in section 2.3.c(i) with respect to the 

w -} a precipitation process, are probably a further example of thin 

foil artefacts caused by hydrogen contamination, as dislocations form 

. as the hydride plate reverts in single phase alloys (57). 

Techniques involving electropolishing in which a platinum electrode 

is used (68) or pulsed-voltage techniques (69) or ion beam thinning 

(57,64), have all recently been shown to produce foils which are free 

of such contamination. 

2.5. Mechanical Properties  

2.5.a Tensile testing  

Tensile testing provides a quick and easy method of assessing a 

material's ability to deform homogeneously under various conditions 

of strain rate, temperature and environment. 	The ductility of a 

material is usually assessed by the measurement of the uniform strain. 

Total strain values are not easily compared as they depend on the 

specimen geometry and gauge length, and reduction in area values are 

usually used to indicate the total strain at fracture. The macroscopic 

and microscopic features of the fracture surface of a tensile specimen 

also give insight into the ductility of a material. 	In round bar tensile 

tests involving ductile fractures of materials, uniform elongation 

continues until the rate of work hardening is insufficient to counteract 

the decreasing load bearing area, and necking occurs at the point where 

da 
de 	Q 

where a and e represent the true stress and strain respectively. 

The neck acts like a mild notch and concentrates all further deformation 

in the necked region, thus causing a triaxial state of tension to develop 
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(72), which will depend on the specimen size and geometry. 	(Hence 

the origin of the difference in the strain at fracture for different 

geometry specimens which was mentioned earlier.) As deformation 

continues small voids develop at the centre of the necked region where 

the plane strain conditions are at a maximum. 	These small voids 

develop into cracks which concentrates the applied load into regions of 

high shear stress ahead of the propagating crack, i.e. at approximately 

45°  to the tensile axis. Local work hardening at the crack tip prevents 

catastrophic crack propagation along this direction and the fracture 

crack moves back to the region of maximum applied load, which exists 

at the smallest cross-sectional area. 	Thus slow crack growth occurs 

on a microscopically zig-zag path through those regions which offer the 

least resistance to crack propagation, which can be either trans- or 

intergranular. On a macroscopic scale the fracture path is perpendicular 

to the tensile axis. 	This region is referred to as the fibrous zone. 

Eventually the concentration of stress at the tip of the growing fracture 

crack is sufficient to cause rapid shear and complete failure along the 

remaining circumferential rim surrounding the fibrous zone. 	This 

region is called the shear lip zone. The combined fibrous and shear 

lip zones give rise to the cup-cone features observed in round bar 

tensile specimens. 

2.5.b Microscopic details of fracture surfaces  

The microscopic details of the various zones described above will 

depend on the local stress states and on the structural properties of 

the material. 	In ductile materials the characteristic feature is the 

"dimpled" surface. These dimples originate from the growth and 

co-alescence of microvoids (73). 	In the absence of grain boundary 

cracking, the formation of the microvoids is generally associated with 

second phase particles and inclusions. The size and shape of the 

dimples will depend on the state of stress, the precipitate size, shape 

and number, and on the ability of the matrix to plastically deform. 

General observations of fracture surfaces of titanium alloys do not 

reveal a nucleating particle, in either single or multiphase systems 

(74,75). As titanium dissolves most impurities, inclusions are rare 

but not unheard of (26), and some other form of void nucleation site is 

to be expected in single phase systems. However, it has been pointed 

out (74) that observation of an inclusion is limited by the sampling 

problem involved when the widely spaced inclusions on a fracture surface 
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are viewed in a transmission electron microscope. 	Alternatively 

it is suggested that particles are lost during fracture and subsequent 

handling. 	The other obvious sites for void nucleation in single 

phase systems are within regions of sufficient stress concentration, 

such that lattice decohesion occurs, i.e. at the intersection between 

twins, grain boundaries, dislocation pile-ups or vacancy clusters, or 

any combination of these (76). 	Rack (75) and Carter et al (77) have 

observed cracks at twin/twin and twin/grain boundary interfaces 	in 

single phases1II  and Ti-15Mo alloys. Gysler et al (26) have observed 

cracks at intersections of dislocation bands with other dislocation 

bands and with grain boundaries in Ti-Mo alloys containing the aged 

form of the w phase. 	Gardner et al (76) have recently presented 

direct evidence, using high voltage electron microscopy, of void 

nucleation at dislocation cell boundaries in single crystals of iron 

and of beryllium. 

In transgranular brittle fractures the crack front follows well- 

defined crystallographic planes. 	Such fracture usually occurs at 

low temperatures or under conditions of high triaxial tension, such 

as at a stress concentration in a high strength material, and are thus 

not necessarily representative of the material properties. 	The 

primary fracture features in transgranular fracture are "river patterns". 

These are steps formed in the crack front caused by segments of the 

crack propagating on parallel cleavage planes which are at different 

levels. As the crack propagates the segments of the crack join 

together to form the river pattern. 	The precipitation of a second 

phase along a grain boundary can also lead to brittle fracture along an 

intergranular path. The fracture surface in the.regions exhibiting 

grain boundary decohesion is generally smooth and featureless. 

2.5.c Solution treated condition 

Deformation of the metastable $ phase in alloys containing between 

approximately 8-16% molybdenum causes a stress induced transformation 

to occur which has been separately reported as twins and as martensite. 

The room temperature properties of these alloys exhibit low 0.2% proof 

stress values, corresponding to the low critical resolved shear stress 

for the stress induced product, and high uniform elongations. 

Increasing the concentration of the molybdenum above 16% further stabilizes 

the S phase, and slip becomes the dominant deformation mode. 	The 

distribution of the dislocations changes from an inhomogeneous to a 



homogeneous array (26), which reflects the decrease in the volume 

fraction of the athermal m phase. 

During low temperature tensile testing, i.e. 77-300K, enhanced 

ductility is observed (75,77). 	The stress induced product is identified 

as twin deformation which occurs in preference to slip as the test 

temperature is lowered below 320K (ti0.2 TM), which is typical of bcc 

systems. The increase in the volume fraction of deformation induced 

twins causes an increase in the uniform and total elongation values, 

the latter reaching a peak value of approximately 60% at test temperatures 

of ti200K. High elongations, occurring as a result of deformation 

induced twinning, have also been observed in polycrystalline titanium 

and zirconium at 77K, and in polycrystalline vanadium, niobium and 

manganese (92). 	The high uniform elongations are associated with a 

linear true stress - true strain relationship in the region exhibiting 

large volume fractions of deformation induced twinning. 

These results imply that the enhanced uniform elongation is a 

direct consequence of the twin deformation, which results in a constant, 

and hence high, work hardening rate. Recent discussions of these 

results have been concerned with the contribution made by deformation 

twinning to the observed high strains, and to maintaining the high work 

hardening rates (77,92,93). 	Calculations for the value of et, the true 

strain contribution of twinning, have been estimated, either by using 

the maximum shear developed when a single crystal twins completely (77), 

(which will be higher than that observed in tensile tests (80)), or by 

measuring the twinned volume fraction at a given strain (92). 	The 

results of these calculations show that the twin strain accounts for 

only a small portion 0l9% in Ti-15Mo (70)) of the total strain. 

It is suggested that a constant work hardening rate is obtained by 

the increased amount of dislocation interaction which arises from the 

formation of deformation twins (77,92). 	The exact role played. by the 

twinning in the formation and interaction of the dislocations is not 

clear, but several possibilities present themselves: firstly, the 

formation of a twin boundary breaks up the structure and effectively 

creates boundaries which can inhibit dislocation motion, and hence 

raise the flow stress; secondly, the twin contains a high dislocation 

content which will be greater than that found in the surrounding matrix, 

and the flow stress will be higher within the twins; thirdly, the twin 

reorientates the lattice which is either more, or less conducive to slip, 
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such that the average true strain is no longer homogeneous; fourthly, 

the formation of twins creates dislocations in the matrix to accommodate 

the strains set up by the twin; and lastly, a point which is more 

relevant to the metastable $ titanium alloys containing the athermal 

form of the w phase, is the effect on the work hardening rate within 

the twinned regions, of the possible partial destruction of the w phase 

by the deformation twinning (40,75); it is expected that the twin would 

soften towards further slip deformation in this instance. 

Considerable controversy has arisen in connection with the 

crystallographic nature of the stress induced product occurring in 

metastable $ titanium alloys. 	In some alloys evidence has been 

presented for mechanical twinning (29,40,81-84), while other workers 

report that a stress induced martensite is formed (10,30,79,85,86), or 

even a stress induced form of the w-phase (86,87). 	It appears from 

the variety of alloys studied that the type and concentration of solute, 

percentage deformation and the presence of the athermally formed w 

phase all influence the nature of the stress induced product. 	Williams 

(26) points out that certain of the discrepancies involved in the 

specification of twins/martensite, might be explained by their 

similarity in appearance when only light microscopy is used (10,86), 

or alternatively that the stress induced product was in fact an ' 

orthorhombic martensite as observed by other workers (40,85,88). 

This suggestion is based on the resolution of the fine splitting of the 

hcp X-ray lines which are a necessary consequence of the formation of 

an orthorhombic structure. 	It is to be expected that orthorhombic 

martensite formation is a more favourable mode than hexagonal martensite 

formation in the metastable Ti-Mo alloys, because the as-quenched 

martensite in dilute alloys changes from hexagonal to orthorhombic 

as the solute content is increased above 4%. However, observations of 

the deformation mode in $
111 alloys have shown that stress induced 

orthorhombic martensites form only after considerable twin deformation 

has occurred (40), or in single crystals which are unfavourably 

orientated for twinning (88). 

Apart from the disagreement in the earlier work on the nature of 

the deformation product, current discussions are concerned with the 

type of twin deformation that occurs. Normally bcc materials will 

twin on the {112} <111> system, and this has been observed in Ti-V 

and $III alloys; in both systems the athermal form of the w phase was 
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also present (29,81,82,84). 	The deformation product comprises of a 

complex system of fine twins and slip; a bct distortion is also reported 

(29), but it is possible that this is a consequence of hydride contamination 

(57). 	Recent observations by Roberson et al (88) have found that 

twinning occurs on {110}, {332} and {2 4.8 4.8} planes in single crystals 

of III' 
depending on the orientation and mode of deformation, i.e. 

tension or compression. 	The {332} <113> mode has also been observed 

in polycrystalline specimens of SIII  (83) and Ti-15Mo (77) and 

Ti-V and Ti-Mo alloys (91) tested in tension. 	This twin system is 

formed by a process involving shuffles as well as shears (89). 	It has 

been suggested (83) that the simple shears in the {112} <111> system 

involve the non-cooperative movement of atoms in the w phase, and this 

has been diagramatically shown by Paris et al (81). 	Thus the {332} <113> 

mode is favoured by those systems containing the athermal w phase. 

This explanation does not however explain the results mentioned earlier 

(29,81,82,84) in which the {112} mode was observed in alloys containing 

the athermal w phase. 

2.5.d Aged condition  

(i) w+ 

Precipitation of the w phase during low temperature ageing produces 

marked increases in strength, with concommittant severe loss of ductility 

(2b,26,35,40,44,90). 	Recent publications on Ti-V, Mn and Mo alloys 

have shown however that some macroscopic ductility is retained, e.g. 

up to 5-6% (35) in a Ti-10Mo (atomic = 18.2 weight percent) and 13.5% 

in Ti-15Mo (44), whilst still causing an increase in strength. 	It is 

necessary that the volume fraction of the w phase, is sufficiently low, 

i.e. between 0.25 to 0.6 (26,35,44,49,81), and the size of the to 

precipitates was observed to be less than 100A (35,44). 	Unfortunately, 

it was also reported that deformation only occurred in the necked 

region (44) . 

Several workers have attempted to ascertain the specific role 

played by to precipitates in rendering the alloy brittle. 	Practical 

difficulties are encountered when using transmission electron microscopy 

to study the failure mechanisms in these structures (35) - thin foils 

are very brittle and particle overlap limits the observable image 

detail when the volume fraction of the to phase is high, and for small 

particles, direct observation of particle - dislocation interactions 

are precluded. 
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The slip direction in bcc titanium alloys is <111> on a variety of 

slip planes. 	This is parallel to the [0001] direction in the w phase. 

Silcock (41) was the first to point out that <111> slip through an 

omega hardened beta matrix required rupture of the nearest neighbour 

bonds in the w structure, which are presumably strong bonds, and also 

that a particular <111> slip direction in the matrix coincided to 

irrational slip directions for three of the four possible w particle 

orientations. 	Such barriers to slip could therefore cause embrittlement, 

depending on volume fraction and relative moduli of the beta and omega 

phases. 	It is considered that the modulus of the w phase is very 

high and has been estimated at 165-200 MNm-2  (44 and 26 respectively), 

which is considerably greater than that of the 8  matrix (81-85 MNm-2). 

Such estimates were made using the law of mixtures, which is probably 

invalid when the w particle volume fraction is ;0.5. 

Several workers (35,40,44,90) have suggested that the w phase acts 

as a non-deformable particle such that void nucleation occurs at the 

w/S interface, although it is also suggested that particle shearing 

may occur at small particle sizes (35). 	Recent work on w hardened 

systems in Ti-Mn (78) and Ti-Mo (26) alloys using high resolution dark 

field electron microscopy has shown that the w phase is reduced within 

slip bands when the precipitate size was small; precise values for the 

precipitate size are not quoted, but it is estimated at 4,100A. 

The reported volume fraction of the w phase varies from 10 (26) to 

70 (78) percent. 	X-ray examination by Bowen (44) however, showed 

no broadening caused by strain of the w phase diffraction lines in 

heavily deformed sections of an w age-hardened Ti-15Mo alloy, which 

supports the suggestion that the w phase precipitates behave as hard 

elastic particles in a soft plastic matrix. 	The precipitate size 

and volume fraction were respectively <150A and 0.5. 

Although the macroscopic ductility of specimens aged to give the w 

phase is usually very low or non-existent, the fracture surfaces 

exhibit extensive dimpling. 	The dimples are very small and shallow, 

but nevertheless, their presence indicates that microscopic ductility 

exists in the 8 + w aged condition. 	The void nucleation site which 

leads to the formation of the dimples has been the object of some 

discussion as this gives some insight into the embrittlement mechanism. 

Although no correlation exists between the dimple and particle sizes, 

dimples become finer as the volume fraction of the w phase increases (26,35). 



Chandrasekaren et al (79) suggest that void nucleation occurs within 

"clusters" of single variants of the w phase, which they report to 

occur in their alloy. 	This idea is not universally applicable, as 

such clustering has only been identified in the Zr-Nb system after 

prolonged ageing. 	Gysler et al (26) suggest that the dimple size 

corresponds to the spacing of intersecting dislocation bands, which is 

the mode of deformation inthis alloy system. 

2.5.d (ii) a + $ 

The a + $ aged structures exhibit mechanical properties intermediate 

to the as-quenched and w aged structures. Heat treatments for the 

metastable g alloys have been aimed at avoiding the precipitation of 

the w phase, which has led to recommendations of single ageing treatments 

for extended periods of time in the a + g field (960 minutes at 833K 

for Ti-15Mo (5)). 	Equilibrium, or near equilibrium structures are 

attained and a high solute concentration is produced in the S matrix 

which guards against further precipitation of the w phase during the 

working life of the alloy. 

Recent developments have been concerned with improving the strength 

of the metastable $ alloys by a variety of thermomechanical treatments 

involving single and multiple ageing treatments and/or deformation 

prior to ageing. Most of this work has been carried out,on the RIII 

alloy system. 	It has been found that ageing metastable $ alloys at 

the upper temperature limit for the stability of the w phase, to 

produce a fine dispersion of ellipsoidalw and a phases in the $ matrix 

(3a,10,54,71,94), leads to improved strengths over the ageing treatments 

which produce the lenticular form of the a phase. The catastrophic 

brittleness found in the w aged structures is avoided providing the 

volume fraction of the w phase in conjunction with the a phase is small, 

but quantitative assessments have not been made. 

Reducing the volume fraction of the w phase has been attained by 

prior cold deformation such that the a phase precipitates in preference 

to the w phase on dislocation sites (40,49,55,95,95). 	Alternatively, 

the solute concentration in the $ matrix is increased by forging or heat 

treating in the a + a region, before precipitating the finer a phase 

together with a reduced amount of the w phase, by lower temperature 

ageing (3a,35,54,71,94,98). 	An alternative duplex ageing treatment 

that has been used to limit the amount of the w phase involves first 

precipitating the w phase by low temperature ageing, which is then 
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partially reverted by a higher temperature ageing treatment, during which 

a refined a phase precipitates (49). 	Increased volume fractions and 

refinements of the a phase precipitate size in the absence of the w phase, 

also leads to improved strength levels and can be achieved by deformation 

prior to ageing in the a + a region (54,55,95,96,99,100), and by 

lowering the ageing treatment (96). 

Unlike the w phase the a phase is considered to be softer than 

the a phase(2a,f,g,40,101-104) but the larger unit cell of the a phase 

causes strain in the 6 matrix thereby raising the yield stress. 	An 

improved yield to ultimate strength ratio reduces the capacity of the 

matrix to undergo plastic deformation, and ductilities are concomittantly 

reduced (105,106). 	Ductilities are.however improved over w aged structures, 

and Mendiratta et al (98) suggest this is as a result of the homogeneous 

deformation that occurs in the a aged structures. Other improvements 

to the ductility and toughness of the a + a aged structures have been 

concerned with refinement of the grain size (2h,104). 	It is also 

suggested (2g,101,105) that precipitation on the grain boundary of a 

continuous film of the a phase, which occurs during heat treatment in 

the a + a phase field, is a more important parameter affecting the 

ductility and toughness of the aged material. This film formation can 

be avoided by room temperature deformation which produces dislocation 

nucleation sites for a precipitation, which are competitive with the 

grain boundary sites and therefore reduce the latter's dominant role. 

The fracture path is observed to change from an inter- to a trans-

granular mode as the continuous film of grain boundary a precipitation 

is broken up (55). A coarsened a is precipitated by a high temperature 

ageing treatment after deformation (55,99,100), and finely dispersed a 

is precipitated by subsequent low temperature ageing. Much work has 

been done on this latter type of heat treatment, particularly in the 

a + 6 group of alloys, in •which it has been shown (105,106) that 

the morphology of primary a phase (i.e. that produced during high 

temperature thermomechanical treatments) is an important parameter in 

controlling the toughness and ductility of these alloys. Void nucleation 

has been shown to initiate at the a/s interfaces of the large primary a 

precipitates (101,107), and thus lenticular a precipitates, with a 

large aspect ratio, allow long cracks to extend further at equivalent 

stresses, which reduces the ductility. 	Fracture toughness is improved 

as the fracture crack continually alters direction, which follows the 



distribution of the a/0 interfaces of the lenticular a precipitates, 

as a greater work to fracture is involved in creating the larger 

surface area. 
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CHAPTER 

EXPERIMENTAL PROCEDURE  

3.1. 'Experimental Techniques  

The general experimental techniques used in heat treatments, hardness 

measurement, and microscopy are described below. 

a. Heat Treatments 

The oxide layer that so readily forms on titanium and its alloys 

at high temperatures was always removed before any heat treatment using 

200 grade silicon carbide paper. 	Heat treatments above 1023K were 

carried out under a protective inert atmosphere of high purity argon; 

large specimens were suspended in a vertical crusilite furnace through 

which argon was passed, whereas small specimens were wrapped in 

molybdenum foil and sealed in argon filled silica capsules, which 

had been previously purged with argon. The argon pressure inside 

the capsules was slightly below atmospheric to allow for gas expansion 

and prevented volatilization of the titanium. 	The molybdenum foil 

prevented the specimens from sticking together at high temperatures and 

from reacting with the silica. 	After heat treatments the capsules were 

broken under water to ensure a rapid quench, This caused a thin oxide 

layer to form. Argon-filled pyrex capsules were used for heat 

treatments below 973K, and molybdenum foil was not needed. 	These 

heat treatments were made in a horizontal furnace which was accurate 

2 to ±5K. All temperatures were checked with a calibrated chromd-alumel 
thermocouple. Certain low temperature heat treatments were made in a 

salt bath. The oxide layer formed on quenching these specimens after 

heat treatment was not removed before salt bath ageing, as it provided 

a protective layer. 	The salt bath was a mixture of 45 parts (by 

weight) sodium nitrite and 55 parts potassium nitrate, which gave a 

possible range of temperatures from 423 to 853K. 	Ageing temperatures 

were accurate to ±0.5K. 

b. Hardness Measurement 

The oxide layer formed on quenching was removed before hardness 

testing. 	The specimens were ground to give two flat, parallel surfaces, 

with a water cooled rotary grinding wheel, successively using 200 and 

600 grade waterproof silicon carbide paper. 	Tests were made using the 

Vickers diamond pyramid method, typically ten indentations being made 

across the specimen. A load of 10 Kg was used and indents were at least 
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two indentation diameters apart. 	After solution treatment one 

specimen from each capsule was hardness tested. 	These indentations 

were completely ground away to remove the locally deformed regions 

before making further hardness measurements on aged specimens. 	The 

hardness values obtained were reproducible and considered to be 

representative of the physical changes brought about by the heat 

treatments. 

c. Microscopy  

The majority of foils that were used for TEM were prepared by the 

window technique. The specimens were first ground down to approximately 

0.2 mm in thickness using 200 grade paper, and then very carefully 

ground to 0.08 mm using 600 grade paper, ensuring that the surfaces 

were both flat and parallel. 	The specimens were held in a cylindrical 

grinding block made from a mild steel (see Figure 3.1), the surface 

tension of water being sufficient to retain the specimen on the central 

rod. 
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Figure 3.1. Block for grinding specimens (dimensions cros). 

The specimens were then clamped in stainless steel tweezers, and 

the tweezers and specimen edges were coated with "Lacomit", which is 

a protective lacquer. The Lacomit touching the specimen was not allowed 

to harden before electropolishing, as this hindered subsequent removal 

after electrothinning. The specimen was electrothinned in an electrolyte 

consisting of 5% (by volume) perchloric acid (S.G. 1.54), 35% n-butanol 

and 60% methanol, which was held in a stainless steel beaker as 

cathode, at a potential of 30V. 	This solution is a modification of 

that used by Blackburn and Williams (108). The beaker and contents 

were left at a constant temperature of less than 233K in a bath 

containing methanol, which was cooled with liquid nitrogen. 	The specimen 

was allowed time to reach the temperature of the electrolyte before 
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applying the voltage, thus preventing oxidation of the specimen. 

The electrolyte was continuously circulated using a magnetic stirrer. 

The rapid flow of solution across the specimen helped in profiling 

and in cooling the specimen. 	The sense of flow across the specimen 

surface was reversed every 5 minutes by moving the specimen to the 

opposite side of the beaker. 	This procedure usually caused perforations 

to occur near to both leading edges of the specimen after '40 minutes. 

When this took place the temperature of the electrolyte was lowered to 

223 to 218K for a further 5 minutes, and the specimen was vertically 

agitated (taking care not to remove it from the electrolyte) until the 

perforations had extended sufficiently to provide ample thin areas of 

material. At this point the specimen was removed from the electrolyte 

and both the specimen and tweezers were immediately thoroughly washed 

with methanol, the Lacomit peeled off, and the specimen again washed 

with methanol to remove all traces of electrolyte from beneath the 

Lacomit, which would otherwise cause etching. The specimen was 

carefully dried between tissue paper and small thin areas were cut from 

the edge regions between the perforations with a scalple blade. 

The same electropolishing conditions were used to prepare light 

microscopy specimens, although one surface was Lacomited and the other 

electropolished for approximately ten minutes. 	Specimens were 

subsequently etched in a solution of 4% (by volume) hydrofluoric acid 

(40% strength), 16% concentrated nitric acid and 80% distilled water. 

Specimens for scanning electron microscopy (SEM) were mounted on 

aluminium stubs with durofix glue, which had been mixed with graphite 

powder for good electrical contact. A Cambridge Instruments "stereoscan" 

was used for SEM work. Light microscopy was cartied out using a 

Vickers M41 microscope, and TEM using a Philips EM301, 100 KV instrument. 

3.2. As-received and Solution Treated Material 

The Ti-15Mo alloy (oxygen content 2050 ppm) used in this work was 

supplied in the form of plate 7.5 mm thick by IMI Ltd. 	The exact 

history of the plate was not known, but it was received in a warm 

rolled condition. Approximately 0.25 mm of scale was removed from the 

surface of the plate before any thermomechanical treatment was carried 

out. 	The rolling direction (RD), which was determined using light 

microscopy, is shown in Figure 3.2c. 	Figure 3.2a shows how the 

various specimens were prepared from the original plate. 	Strip was 

prepared by cutting 1 cm wide sections from the plate and rolling these 
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at 923K to 1.1 mm in 0.8 mm passes, in a direction parallel to RD. 

The strip was further cold rolled at room temperature to 0.8 mm (i.e. 

ti 30% reduction) and cut into 1 cm lengths using an automatic guillotine. 

The grain size and hardness of both the as-received plate and rolled 

strip was measured after solution treatment of 60 minutes duration in 

the temperature range 1073-1163K, after which the specimens were water 

quenched. The effect of solution treatment for 24 hours at 1473K 

prior to rolling was also investigated. 	In this case a cold reduction 

of 54% was made, the final thickness being 0.8 mm. 	The grain size, d, 

was determined from light micrographs using the linear intercept method 

(109), where 

• 
d = NM 

L = length of line 

N = Number of intercepts 

M = Magnification. 

Measurements were made on all three faces of the specimen, and an 

average value taken. Delineation of all the grain boundaries was often 

impossible because of preferred orientation effects, and the calculated 

values are therefore slightly larger than the true grain size. 

3.3. Aged Material  

The ageing response of the thin strips of material was determined 

using hardness, light, TEM and X-ray techniques. 	The strips were 

solution treated at 1073K for. 60 minutes duration and aged in a furnace 

in the temperature range of 723-1023K for times ranging from 10-10,000 

minutes. The effect on the ageing response of a faster heating rate 

was also investigated by heat treatments in a salt bath. Temperatures 

in the range 573-823K were used with ageing times from 2-1,000 minutes. 

It was estimated that specimens took approximately 4 minutes to reach 

the temperature of the furnace, and less than 1 minute to reach the 

temperature of the salt bath. 	The ageing response was also determined 

for a higher solution treatment temperature of 1163K. All specimens 

were water quenched after ageing. 

The lattice parameters and phases present after prolonged ageing 

times were determined from X-ray measurements using the Debye-Scherrer 

technique (110). 	The camera radius was 7.18 cros, and CuK radiation 
a 

was used. The exposure times ranged from 8-24 hours at 20 KV and 20 pA. 

Considerable high angle fluorescence occurred using CuK
a 
 radiation, but 
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in most cases this did not prevent measurement of the darker high 

angle lines, so that film shrinkage corrections were possible. 

Aluminium foil can be used to reduce effects due to fluorescence, but 

it was found that the intensity of both the diffracted lines and the 

background were reduced such that no improvement was obtained. 

Each line was measured to ±0.05 mm and the 6 phase lattice parameters 

determined using the Nelson-Riley extrapolation function (111). 

The samples for X-ray analysis were cut from the strip material using 

a carborundum slitting wheel cooled with a water soluble oil, thus 

minimizing any damage. 	Specimens were individually clamped in a pair 

of flat nosed tweezers and the sides carefully ground to ti0.4mm using 

600 grade paper. 	Each specimen was finally electropolished to a fine 

needle, ti0.15 mm in thickness. 

3,4. Tensile Specimens  

Sections of suitable width for flat tensile specimens were cut 

and rolled from the original plate. 	It was necessary to soften the 

strip before stamping out tensile specimens. 	This was accomplished 

with a 20 minute annealing treatment. at 1073K in flowing high purity 

argon. The surfaces were then ground clean after stamping and the 

tensile test pieces given a final solution treatment at 1073K for 

a further 40 minutes in evacuated capsules as described in section 3.1a. 

Tensile tests on these specimens proved to be unsatisfactory, giving 

considerable scatter in the tensile properties. 	Fracture frequently 

occurred at the shoulder or across the head of the specimen, especially 

during low temperature tests. This was mainly attributed to the 

non-parallel surfaces which developed after the successive grinding 

operations involved in the preparation of these test pieces. 	The 

specimen geometry was also unsuitable for some of the high strength 

conditions of this alloy, despite attempts to reduce the stress 

concentration effects by increasing the radius of curvature at the shoulder. 

This specimen geometry was therefore discarded. British Standard 

number 12 round bar tensile specimens, having a gauge length of 16.0 mm 

and cross-sectional area of 16.1 mm2  (113) were machined from the 

original plate so that the gauge length was parallel to RD. 

The specimens were tested in an Instron machine after heat treatment 

at a cross-head speed of 0.01 cm min-1, i.e. an initial strain rate of 
-4 	

-1 1.04 x 10 sec, where strain rate, e = crosshead speed/gauge length. 



Elongation, 0.2 (or 0.5) % proof stress and ultimate tensile stress 

(UTS) values were all determined from the load-elongation chart. 

Reduction in area was measured using a reduction in area gauge. 

The tensile properties of specimens solution treated at 1163K 

for 60 minutes followed by water quenching, were determined as a 

function of temperature in the range 77 to 293K. 	Low temperature 	baths 

of liquid nitrogen (77K), ethanol + liquid nitrogen (153 and 190K) 

and solid carbon dioxide + methanol (210 and 231K) were used for the 

low temperature tests. Room temperature tests were also made on 

specimens aged in either the salt bath or the furnace for selected 

times and temperatures. 	Standard number 11 round bar tensile 

specimens were used for these tests in which high strength values 

and limited elongations were expected. 	These tensile test pieces 

have a reduced cross-sectional area-over the gauge length. 

The effect of two step ageing on the hardness and tensile properties 

was also investigated. The hardness measurements were made on strip, 

solution treated at 1063K and aged at 673K for 10, 30 and 100 minutes 

and then at 773 or 823K for 10, 30 and 100 minutes. The ageing times 

for tensile specimens were selected from these hardness results. 	All 

double ageing treatments were carried out in the salt bath. 	The 

hardness values were also determined from the head of tensile specimens 

to compare with values obtained on strip material. The morphology 

and distribution of the phases present were investigated using TEM 

and the fracture surfaces examined using SEM. 

40 



CHAPTER 4  

RESULTS  

4.1. Thinning Transformation Effects  

Certain transformation effects are frequently observed during 

observation of thin foils of quenched metastable S alloys and partially 

transformed S structures, which are attributed to the thinning 

process involved in foil preparation. The results and discussion 

of this work can be found in reference 57, but for clarity and 

convenience, a brief description of the main results are now presented. 

During the standard electrothinning process involved in foil 

preparation of solution treated material, the thin edges of the foil 

often become wrinkled, and light microscopy revealed that a plate- 

like structure formed in these regions (Figure 4.1a). 	Corresponding 

interference micrographs showed that the plates exhibited surface 

tilting characteristic of a shear transformation product (Figure 4.1b). 

This transformation product invariably reverted either before, or 

during subsequent TEM examination, leaving behind a bcc structure which 

consisted of plates separated by low angle boundaries and containing 

dislocation debris and surface striations (Figure 4.2). 	A thinning 

technique involving electrothinning, brief etching and a further 

low temperature electropolish at <213K produced a similar plate-like 

morphology which was internally twinned, but which was no longer a 

bcc structure (Figure 4.3). 	The matrix reflections were often 

distorted and higher order reflections were sometimes split. 

Analysis of selected area diffraction data established the 

transformation product as anfct hydride phase (see Figure 4.4 and 

caption for explanation), with a c/a ratio of 0.88, which generally 

contained twins on 0111 fct planes(Fig.4.6). It is concluded that (57) 

hydrogen contamination of thin foils occurs during electropolishing 

and/or etching, which is retained in the foil by the formation of a 

thin oxide layer which developed during the final low temperature 

electropolish. 	Reversion of the retained fct hydride was implemented 

by heating the foil with a focused electron beam (Figure 4.5a and b) 

which established that the fct plates reverted to the bcc 'thinning 

transformation product' previously observed. Analysis of the electron 

diffraction patterns taken from both the reverted matrix and the fct 

plates established the orientation relationship to be about 8°  from 
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[101]fct // [111]bcc  
and (111)

fct '''// 
(110)

bcc  

which is the Kurdjumov-Sachs relationship (112). 	Further diffraction 

evidence across a partially reverted plate using a [001] O zone axis 

showed that the orientation relationship was closer, (i.e. 2°  

rotation about [001] 8) to the Bain relationship:- 

[001]bcc // [001]fct 

(110)bcc r'// (010)fct 
Low magnification TEM on hydrided foils showed that the hydride 

plates often thinned preferentially during foil preparation., 

Hydrogen contamination of aged foils also produced misleading 

information; the aged form of the w phase was often destroyed during 

preparation of thin foil specimens, which is in agreement with the 

observations of Blackburn and Williams (29). For example, Figure 

4.7a is a SADP from a foil of a specimen which was aged at 723K in 

the furnace for 2825 minutes, which shows only weak w phase reflections, 

although the corresponding bright field (BF) micrograph, Figure 4.7b, 

shows a large volume fraction of precipitates and X-ray diffraction 

clearly showed narrow, well-defined w and O phase lines (see Table 4.2). 

Such foils were extremely brittle and fragile, and imaging of the w 

precipitates was not obtained using the (1011) w phase diffraction 

spot, which was very weak. Tilting to a nearby <111> Ozone axis, 

Figure 4.7d, allowed HRDF analysis of the precipitates to be made 

(Figure 4.7c). 	Such analysis would not be possible if the accepted 

structure and orientation relationship between the w and O  phases 

applied, as the diffraction maxima from both these phases in this 

zone overlap. Analysis of the SADP showed that the precipitates 

were in fact fcc in structure and not hexagonal. The orientation 

relationship between the "precipitate" and matrix was 

[111]bcc /1 [011]fcc 
and (110)

bcc // (100)fcc  
which is consistent with the Kurdjumov-Sachs relationship. 

4.2. Solution Treated Material 

4.2.a. Effect of solution treatment temperature and cold rolling  

The microstructure of the as-received plate as determined by 

light microscopy is shown in Figure 3.2c. TEM of a foil that was 
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Figure 4.1. (a) Light micrograph of the edge of a foil after 

electrothinning, and (b) the corresponding interference contrast 

micrograph showing the surface tilts associated with the plate-

like structure. 
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Figure 4.2. BF micrograph showing the dislocation debris and surface 

striations in the S phase of a foil after electrothinning. 

Figure 4.3. BF micrograph of twinned plates of the fct hydride. 
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Figure 4.4. 	SADP's of the fct hydride phase (a) an untwinnod [101] 

fct (b) and (c) the adjacent [211] and [112] zones respectively. 

The c/a ratio was determined from (a) using the formula for inter-

planar angles for the tetragonal system, given in Appendix 1. 

Figure 4.5. (a) BF micrograph of a -finely twinned fct hydride region 

which has partially reverted to the bcc phase after heating the foil 

in the electron beam, leaving behind dislocation debris (left hand 

side of the micrograph) which is similar to that observed in the 

thinning transformation product of Figure 4.2. (b) on further 

heating the fct region completely reverts to the bcc phase. 

Figure 4.6.  (a) BF showing twinning within a single hydride plate.• 

CO the corresponding SADP showing the (111) fct twin relationship. 





Figure 4.7.  (a) SADP of a foil from a specimen aged in the w phase 
field (723K for 3,000 minutes in a furnace) showing weak w reflections 

and streaked s reflections, (b) the corresponding BF micrograph showing 
a high volume fraction of precipitates, (c) HRDF of (a) after tilting 

to a nearby <111> 6 zone, (d) which is indexed as [111] bcc//[011] fcc. 

The (111) fcc reflection was used for the dark field in (c). 
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sectioned parallel to face 2 (see Figure 3.2c) showed a small volume 

fraction of small a precipitates and a large number of sub-grains, 

that were elongated parallel to the rolling direction, together with 

dislocations. 	It was concluded from these observations that the 

plate was warm rolled at a temperature very close to the a/0 

transus temperature. Weak w phase reflections were also observed in 

SADP's. 	The grain size. values after solution treatment at various 

temperatures of both plate and strip material are presented in Table 

4.1. 	Strong w phase diffraction maxima were noted in SADP's of 

the solution treated material. 	The grain size of the solution 

treated strip was smaller than that of the solution treated plate 

at all solution treatment temperatures. 

Preferentially etched bands, which were straight and ran parallel 

to the rolling direction between recrystallized grains, were observed 

in both strip and plate specimens after solution treatment at 1073K. 

The bands were 1.O.2 cms apart and ti0.02 mm wide in plate material, and 

approximately an order of magnitude smaller in strip material, and 

were only observed on faces 2 and 3 (see Figure 3c); face 1 invariably 

showed recrystallized grains, but occasionally strip samples showed 

that incomplete recrystallization had occurred. 	It is considered that 

the incompletely recrystallized regions corresponded to the bands 

observed in faces 2 and 3. The preferentially etched bands showed 

up under crossed polars in the light microscope, implying that the 

structure was not cubic. Electron microscopy of strip material 

showed that the bands consisted of the a phase which had precipitated. 

on low angle grain boundaries. 

Only a small amount of banding was observed after solution treat-

ment at 1103K, and a "ghost-banding" effect was still observed after 

an 1163K treatment, which is shown in Figure 4.8. The "ghost-banding" 

effect was emphasized in aged material after short ageing treatments, 

i.e. ti30 minutes at 773-823K, by the inhomogeneous distribution of a 

precipitates. The bands and "ghost-banding" effect were not observed 

in the strip specimens which were given a high temperature solution 

treatment at 1473K prior to rolling and further solution treatment. 

Equiaxed grains were observed after solution treatment at 1163K, 

except for the as-received plate, which still exhibited a few grains 

that were elongated along the rolling direction. There were one or 

two such grains in a cross section of til cm2,  each spanning three to 
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Table 4.1. Grain size of strip and plate material as a function of 

solution treatment temperature. 

solution treatment 
• 

$ grain size (um) 

temperature time as-received strip, cold rolled 
(K) plate 30% 	54%* 

1473 24 hrs 0.4 - 	- 

1073 60 mins 34 30 	12 

1103 " 53 40 	36 

1133 It  71 45 	40 

1163 H 71 	. 63 	60 

*Plate was solution treated at 1473K for 24 hours prior to rolling 

into strip. 
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four recrystallized grain diameters, and which contained a fine sub-

grain boundary structure. 

Grains containing sub-grain boundaries were not observed in rolled 

strip after solution treatment using light microscopy, although 

preferential precipitation of a occurred within certain grains on 

ageing in the a + 8 region (see Figure 4.9). 	Low magnification light 

microscopy emphasized the grouping of these grains into bands, which 

followed a rolling texture, as shown in Figure 4.10. 	This preferential 

precipitation was not associated with the incompletely recrystallized 

grains as can be seen from Figure 4.9 and 4.10. 	TEM showed that 

the 8 matrix was slightly misorientated, til0, across the lines of 

preferential a precipitation. 	The inhomogeneous precipitation of 

the a phase depicted in Figures 4.9 and 4.10 was not observed in 

plate solution treated at 1163K and then aged, or in strip which was 

given a high temperature solution treatment at 1473K prior to rolling 

and further solution and ageing treatments. 

The hardness after solution treatment at 1073K was 280 ± 10 VHN, 

whereas that of material solution treated at 1163K was 270 VHN and 

showed very little scatter. The hardness after solution treatment 

was not affected by the thickness of the specimen, i.e. 7.5 mm thick 

for plate and 0.8 mm for strip material. 

4.2.b. Tensile properties  

In view of the inhomogeneities observed at the lower solution 

treatment temperature of 1073K, the higher solution treatment temperature 

of 1163K was chosen for all tensile specimens. 

The tensile properties of the solution treated plate as a function 

of test temperature were determined in order to confirm the results of 

an earlier work in which flat tensile specimens were used (70), as 

it was felt that exaggerated elongations were obtained by extension 

of the loading• holes of the flat specimens. The results of both 

sets of data are presented in Figure 4.11, and it can be seen that 

both strength and elongation values are in good agreement; that the 

total elongations are similar is surprising in view of the two totally 

different specimen geometries. 	The ultimate tensile stress and 0.5% 

proof stress values showed a smooth decrease as the test temperature 

was raised from 77 to 293K. The total elongation was seen to increase 

from a room temperature value of 44 to 52% at 230K and considerable 

elongation was still observed at 153K, at a tensile stress of 1211 MNm-2. 
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Figure 4.9. Light micrograph 

showing the preferential precipitation 

of the a phase within recrystallized 

grains. 	Note also the star shaped 

morphology of the a and the grain 

boundary precipitation. 	Specimen 

preparation as given in Figure 4.10. 

Figure 4.8. Light micrograph of 

the ghost banding effect observed 

in solution treated material 

(1103K, 60 minutes). 	The arrow 

indicates the rolling direction. 

Figure 4.10. Low magnification light micrograph emphasizing the 

grouping of grains which exhibit preferential a precipitation. 

Strip was cold rolled 30% prior to solution treatment at 1073K and 

aged at 823K in the salt bath for 10 minutes. 	Rolling direction 

of strip indicated by the arrow. 
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It is also apparent that both uniform and necking strains increase 

in the region of enhanced ductility. Only the 0.2% proof stress 

value was obtained in the present work involving round bar tensile 

specimens for the test at 77K, owing to the fracture of the collettes 

during testing, but it is expected that the ductility would be low in 

agreement with the earlier work (70). Reduction in area showed a 

small increase from 75 to 82% as the test temperature was lowered 

from 295 to 190K, and was measured as 74% after testing at 153K. 

Light microscopy of specimens tensile tested almost to fracture 

and sectioned diametrically showed that an extensive plate-like 

transformation occurred (Figure 4.12) which was identified as {332} 

<113> twins using TEM, as shown in Figures 4.13 and 4.14. 	SADP's, 

e.g. Figure 4.15b, also showed weak w phase reflections. 	Figure 

4.15a shows that a high density of -dislocation substructure existed 

within the twins and at the matrix-twin interface. The enhanced 

ductility, which has been discussed in section 2.5c and in reference 

77, is considered to be caused by the greater volume fraction of twin 

formation, and associated dislocation substructure, resulting in a 

higher work hardening rate and consequent inhibition of necking (77). 

The increase in work hardening rate can clearly be seen in Figure 4.16, 

which is a true stress - true strain diagram for specimens tested at 

191 and 295K. 	(The true stress and strain values are only plotted 

to the onset of necking.) Specimens that were room temperature 

tested to failure or almost to failure, were sectioned parallel or 

perpendicular to the fracture surface. Unfortunately no cracks 

were found when specimens were examined using light microscopy. 

This was probably because of the difficulty involved in accurately 

sectioning the small fibrous region in the fractured specimen. 

Carter, however noted in his work that crack nucleation occurred at 

twin/twin interfaces in specimens tested at 77K (70). 

• All specimens that were tested to fracture exhibited ductile cup- 

cone fracture modes. 	Figure 4.17 is a light micrograph of a 

specimen tested to fracture at 191K, and shows that fracture has led 

to two cup-cone fracture modes 	mirrored across the plane of smallest 

cross-sectional area; the small region exhibiting double cup features 

was completely detached at fracture and has a hole through the centre. 
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Figure 4.12. Light micrograph of stress induced transformation in 

necked region of tensile specimen solution treated at 1163K and 

tested at room temperature. 	Direction of tensile axis is 

indicated by the arrow. 
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Figure 4.13. (a) SADP showing twin related [001] and [111] zone axis. 

Subscripts M and T refer to matrix and twin reflections respectively. 

(b) corresponding HRDF micrograph of [111] twin. 	Specimen was 

solution treated at 1163K, water quenched and tensile tested at 

room temperature. 

Figure 4.15. (a) BF micrograph of deformation twin showing fine 

internal structure and dense dislocation network (b) corresponding 

SADP showing twin related [131] and [111] zone axes. 





110 
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Figure 4.14. Stereographic projection showing [111] and [001] cubic projections 
superimposed. The [111] poles are underlined. The relations 
[111]//[001] and [110]//[110] are derived from figure 4.13. 
The relationship [111]//[131] of figure 4.15 is also predicted 
by this stereograph. 	Note how the various planes are reflected 
about the trace of the (332) pole. 
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Figure 4.16. Comparison of true stress versus true strain curves for solution 
treated and aged specimens. X aged 210 minutes, 773K in the 
salt bath, I solution treated 1163K, 4. denotes fracture. 



Figure 4.18a and b are SEM micrographs of specimens tested at 

295 and 211K showing mainly the fibrous zones. 	In both micrographs, 

the central fibrous zone is characterized by the larger dimples, 

which clearly delineates the fibrous zone from the shear lip zone 

which contains only small, rather equiaxed, dimples (Figure 4.19). 

Figure 4.18a and b show that the fibrous zone decreased in area as 

the ductility of the specimen increased at the lower test temperature. 

The dimples within the fibrous zone are predominantly large and conical, 

with small dimples between them. The small dimples are both parabolic 

and equiaxed in shape. Details of these dimples are shown in 

Figure 4.20, which also emphasizes the absence of a nucleating 
particle within the conical dimples. The number of conical dimples 

per unit area of fibrous zone is less in the more ductile condition, 

as can be seen by comparing Figures 4.18a and b; in fact, only one 

of the larger dimples shown in Figure 4.18b is conical in shape. 
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Figures 4.17 - 4.20. are micrographs of tensile specimens solution 

treated at 1163K for 60 minutes and water quenched. 

Figure 4.17. Light micrograph (a) showing the two cup-cone fracture 

modes and (b) the central double cup region, showing the hole through 

the middle. 	Test temperature = 191K. 

Figure 4.18. SEM micrographs of fibrous regions. Test temperatures 

(a) 295K and (b) 211K. 	Note the completely dimpled nature of the 

fracture surface and the decrease in area of the fibrous region at 

peak ductility (b). 

Figure 4.19. SEM micrograph 

comparing the dimples in the 

fibrous and shear lip zones. 

Figure 4.20. SEM micrograph 

of the fibrous region showing 

deep conical dimples contain-

ing surface rippling and 

smaller, parabolic dimples. 

Note the absence of any 

nucleating particles within 

the dimples. 
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4.3. Aged Condition  

The section on the ageing response of strip and plate material 

will be divided into two parts. The first section is concerned with 

the hardness response and microstructure of strip material. A 

comparison is made of the hardness and precipitation products in 

specimens after heating at different rates in the salt bath and in 

the furnace. Details of the distribution, growth and crystallography 

of the precipitation phases and their relationship to the hardness 

curves are presented. The second section is concerned with the 

tensile properties of aged material. A comparison is made between 

the microstructure and hardness observed in strip material and those 

produced in the plate material used for tensile specimens. 	The 

tensile properties are presented for specimens given single ageing 

treatments in either the salt bath or the furnace, and for specimens 

given double ageing treatments in the salt bath. 	Light and TEM 

micrographs of the precipitate distribution found in tensile specimens 

are presented together with SEM micrographs of the fracture surfaces. 

of selected tensile specimens. 

4.3.a. Ageing response  

4.3.a. (i) Hardness changes  

The hardness changes found after ageing strip material, which has 

been solution treated at 1073K and water quenched, are shown in Figure 

4.21 for salt bath heated specimens and Figure 4.22 for specimens 

heated in the furnace. Ageing in the salt bath at the low temperatures 

of 573 and 623K produced a small but significant increase in hardness 

of ti40-50 VHN within the first 2 minutes of ageing. 	Further increases 

in hardness are not observed for times greater than 100 minutes, thus 

producing a plateau effect in the hardening response. A less extensive 

plateau is observed over the first 10 minutes of ageing at 673K. A 

further substantial increase of over 200 VHN is obtained on continued 

ageing at this temperature, reaching a peak value of 505 VHN. Heat 

treatments at 723 and 773K produce smaller increases in hardness of 

ti30 VHN in the plateau region, whilst a plateau is not observed in 

specimens aged at 823K. The peak hardness and the time to peak 

hardness both decrease as the ageing temperature is increased above 

673K, although substantial increases in hardness are still observed 

after ageing at 723K and 773K. 

56 



101  102  103  
TIME 	minutes 

Figure 4.21. Hardness curves for Ti-15Mo after ageing in the salt bath. 
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Furnace treated specimens (Figure 4.22) show completely different 

hardening responses from the salt bath treated specimens after ageing 

treatments in the temperature range 723-823K. 	For the same ageing 

temperature, the slower heating rate of the furnace aged specimens 

causes a greater age hardening effect, and the peak hardness is 

attained sooner. This difference is particularly marked for ageing 

treatments at 773K. Ageing at temperatures greater than 823K produces 

a negligible hardening, or even a slight softening effect. 	The 

hardness curves of the furnace treated specimens (Figure 4.22) are 

in better agreement with the curves shown in Figure 2.3a than salt bath 

treated specimens. The ageing response at 623 and 673K of the salt 

bath treated specimens is far lower than that of Polkin and Kasporova 

(2e).  

4..3.a. (ii) X-ray data 

Table 4.2. lists the data obtained by X-ray examination of 

solution treated and aged specimens. The w phase was not detected 

in the as-quenched specimens. Most of the a phase lines, and the 

high angle a phase lines, were split. This splitting was compatible 

with the resolution of the al  - a2  doublet of the CuKa radiation, 

and the lines were indexed accordingly. 	Both the a and phase lines 

were very broad in specimens aged at the lower temperatures in the 

a + a phase region, and the calculated value for the lattice parameter 

of the S  phase is only given to 2 decimal places in these specimens, 

at an estimated error of ±0.01A. The identification of the w phase 

in specimens aged at 573 and 623K was based on the presence of the 

broad (0002) and (1122) w phase lines. 	These are the strongest low 

angle lines, based on structure factor calculatiōns, that are not 

coincident with p phase lines (19) . 

The values for the interplanar spacings, d, of the a and w phases 

in the overaged specimens are in good agreement with the published 

data (34, 41, 114) and are given in Appendix 2, together with the 

interplanar spacings of the 8 phase in the as-quenched specimen-. 

The value of the 8 phase lattice parameter for the as-quenched specimen 

varied considerably, depending on whether the specimen was ground or 

ground and electropolished. 	Both the values shown in Table 4.2 are 

far higher than the reported value of 3.263A for Ti-1SMo alloy (8.1 

atomic percent, see Appendix 3 (115)). 	The S phase lattice parameter 

for the specimen aged at 923K and for some of the specimens in which 
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Table 4.2. Summary of X-ray Results 

Heat treatment 
Identified a phase lattice 

parameter (A) F or SB1  temperature (K) time (mins) phases 

F 1073 60 a 3.2742  

F 1073 60 R 3.311 

F 1023 1000 0,,a 3.265 

F 973 1000 $, a 3.261 

F 923 1800 0, a 3.260 

F 873 1200 $, a 3.249 

F 823 1000 0, a 3.25 

SB 823 1120 S, a 3.25 

F 773 1000 a, a, w 3.26 

*SB 773 1000 a, a 3.24 

F 723 4180 0, w 3.262 

SB 723 1000 0, a 3.24 

F 673 4785 s, 	to 3.255 

SB 673 1000 0, 	to 3.260 

SB 623 1000 B, 	to 3.256 

SB 623 100 0, 	to 3.268 

SB 573 10,000 a, 	to 3.2572  

1F and SB stand for furnace and salt bath treatments respectively. 

2These specimens were only ground and not electrothinned to their 

final dimensions. 
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the w phase was identified are also high. 	The S phase lattice 

parameters of specimens aged between 723-823K to give the a and 0 

phases do, however, agree with published data (71). 

It can be seen from Table 4.2 that the phases present after 

prolonged ageing treatments in the salt bath differed from those found 

in furnace treated specimens over the temperature range 723-773K, 

i.e. the furnace treated specimens showed the presence of the w phase 

at these ageing temperatures, whereas the salt bath treated specimens 

did not. The phases present after salt bath treatments are in agree-

ment with Ageev et al (48) and those of furnace treated specimens with 

Ohtani et al (47) and Hickman (34) . 

4.3.a.(iii) Light and transmission electron microscopy  

The light and TEM evidence of the microstructural changes that 

occurred during the ageing of strip material are presented in this 

section. The precipitation sequences found in specimens treated in 

the salt bath in the temperature range 573-823K will be dealt with 

first. A comparison is made of the precipitation sequences found in 

the furnace treated specimens, and a brief description of the precipitate 

distribution which occurred after higher temperature ageing is presented. 

Salt bath treated specimens 

TEM showed that w phase precipitation occurred after ageing at 

lc 673K in the salt bath, and during the very early stages of ageing 

that corresponded to the plateau region for ageing temperatures of 723 

and 773K. The w precipitates which formed in the plateau region after 

ageing for times up to 10 minutes duration were very small, ti20-30R, 

and hence it was not possible to determine their morphology. Figure 

4.23a is a HRDF micrograph of these precipitates. The corresponding 

SADP and key (Figure 4.23b 	) show reflections from a [113]3 zone 

and from two <1123> w zones corresponding to 2 of the 4 possible w 

variants. The very weak reflections in the SADP arise from double 

diffraction effects, as do the 1010 reflections which are forbidden 

by the structure factor conditions (19), which can be summarized as: 

h - k = 3n, 

R = even, IFI2 = 9 

= odd, IFI2 = 1 

h-k# 3n, 

I 	even, 

£ = odd, 

~F ~ 2 

~ 	2 F~ 

= 

= 

0 
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Two other w variants from different zones can also be indexed (18) 

but the reflections coincide with the S reflections, and are therefore 

not included in the key. 	It is seen from the HRDF micrograph that 

the number of w phase precipitates is quite high, especially when it 

is considered that particles from only one of the four possible w 

phase variants are imaged. The exact number was not determined 

because of particle overlap. 

Ageing at the higher temperature of 723K for 10 minutes duration 

also showed the presence of the w phase in thin foil specimens. 

In this instance, however, the w particles were of two sizes; in 

addition to the small precipitates, which were similar to those shown 

in Figure 4.23a, large ellipsoidal w phase precipitates had formed. 

These larger particles are shown in Figure 4.24, which is a BF micro-

graph tilted off zone to bring all -four variants of the w phase into 

contrast. The precipitates were ti360-400A along their major axis, 

growing to ti1200A after 100 minutes (Figure 4.27). The major axis was 

found to be parallel to the [0001] w directions using trace analysis. 

The density of the larger precipitates was considerably lower than 

that of the small w phase particles, and the distribution varied 

considerably. Approximately 3-4 x 1015  cm_
3 
 particles were observed 

in a fairly wide region next to the grain boundaries, but none were 

observed in BF micrographs of the central region of the grains. 

The large w precipitates were not observed in the grain boundary regions 

of foils of specimens aged in the salt bath at 773 and 823K for more 

than 10 minutes. 

It was, however, apparent from the strain contrast effects that 

some other form of precipitation had occurred in the central region 

of the grains, which is shown in the BF micrograph of Figure 4.25. 

The density of these "precipitate" regions was between 5-8 x 1013  cm-3. 

SADP's from these central regions showed weak w phase and distorted S 

phase diffraction maxima and considerable diffuse intensity, which 

was consistent with the streaking expected from {ill} planes of 

diffuse intensity in rel space (17). 

Continued ageing of specimens at temperatures .673K caused further 

growth of the small w precipitates. The w precipitates were ti350A in 

size at peak hardness after ageing at 673K. Determination of the 

nature of precipitates present in specimens aged to the post-peak 

condition (Figure 4.21) was not made. 
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Figure 4.23(a). HRDF micrograph of one variant of the w phase taken 

using a (1011) w reflection. (b) the corresponding SADP showing 

reflections from the [11318 and two <2113> w zones. 	Ageing 

conditions: 573K/10 minutes/salt bath. 

Figure 4.24. BF micrograph of 

four w variants. Ageing 

conditions: 723K/10 minutes/ 

salt bath. Zone axis ti <110> S. 

Figure 4.25. BF micrograph of 

strained regions in the central 

part of a grain. Ageing 

conditions: 723K/10 minutes/ 

salt bath. Zone axis = <111> 8. 
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Figure 4.26. HRDF micrograph showing early stages of a precipitation 

obtained by using two {1010} a reflections. Ageing conditions: 

723K/30 minutes/salt bath. Zone axis = <110> B. 
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Figure 4.27. BF micrograph showing non-uniform distribution of 

a and w precipitates in the grain boundary region after ageing at 

723K for 100 minutes in the salt bath. 

Figure 4.28. BF of star shaped a precipitates. Ageing conditions: 

773K/30 minutes/salt bath. 	Zone axis = <111> S.. 
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Ageing at >723K for more than 10 minutes caused precipitation 

of Burgers related a phase (Figure 4.26). The a phase formed from 

within the highly strained areas shown in Figure 4.25, and thus the 

distribution was not uniform throughout the grains. The a phase 

initially formed as thin needles, the long axis of the needles being 

parallel to the <110> S directions, but continued ageing at higher 

temperatures and/or longer times caused "star" shaped precipitates 

to form (Figure 4.27and 4.28). 	Stereo microscopy of the star 

precipitates was obtained by tilting two BF images through q,8°  relative 

to each other, whilst retaining the same diffracting condition. 

The superimposed images showed that the precipitates comprised of thin 

plates which radiated out to give the star appearance. _ HRDF analysis 

revealed that the plates contained alternate layers of the a and S 

phases along their growth direction. 

Continued ageing at 723 and 823K produced further precipitation 

of a non-Burgers related a phase which gave the same diffraction 

maxima as the type 2 a reported by Rhodes and Williams (59), which 

is shown in Figure 4.29b. A brief description of the type 1 and 2 a 

SADP's is now presented. The key to Figure 4.29b shows the position 

of the a phase diffraction maxima which are obtained from the two 

Burgers related <1120> a zone axis patterns, which are nearly parallel 

to the <100> pattern. 	It is seen that these zones are characterized 

by the strong (1011)a diffraction maxima which fall between the (002) 

and (110) a diffraction maxima and by the forbidden (0001) a diffraction 

maxima which fall between the (000) and (110) 0  diffraction maxima. 

The other spots marked in the SADP key show the positions of the 

4 <1.011> Burgers related a zones which are also close to the [100] a 
zone. 	(although the a phase zones depicted in the key are not 

exactly parallel to the S  zone axis, it is possible that diffraction 

maxima are visible in SADP's because of reciprocal lattice streaking 

effects which arise from a small precipitate size (59).) 	It is seen 

that most of the extra diffraction maxima and arcs in Figure 4.29b 

(which were in fact made up of many small spots) do not correspond to 

the Burgers relationship; in fact,only reflections marked as '2' in 

the SADP could be Burgers related. Rhodes and Williams (59) have 

shown that the non-Burgers diffraction maxima can be generated by 

twinning about {l012} <1011> a mode. 

In the present work it is seen that the lenticular a precipitates 

lie parallel to <110> S directions and are internally structured 
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Figure 4.29. Series of micrographs showing the morphology of a 

precipitates. 	Specimen was aged at 823K in the salt bath for 

1000 minutes. (a) BF (b) corresponding SADP and key (f). 

(c), (d) and (e) are HRDF micrographs using reflections marked 

as 1, 2 and 3 respectively in the SADP. 	These reflections 

correspond to a 1010 a spacing, of which only '2' could be 

Burgers related. 	Ringed region in key o(f), corresponds to 

position of objective aperture in reference 125 (see Section 

5.3.a(iii)). • 
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(Figure 4.29a). 	HRDF analysis (Figures 4.29c-e) showed that each 

region comprised of more than one a variant. Close examination of 

Figures 4.29d and c, illustrates that one variant surrounds the other, e.g. 

at A. 	It is possible that the central regions are Burgers related 	whilst 
the peripheral regions are non-Burgers. 

A variation in precipitate morphology was also noted in different 

areas of thin foils of overaged specimens. This is seen in Figures 

4.30a and b. Diffraction maxima from the Burgers related a phases 

were observed in Figure 4.30b but not in Figure 4.30a. 	From their 

location and morphology it is inferred that the a precipitates shown 

in Figure 4.30b originated as the. star shaped precipitates described 

earlier. 

Furnace treated specimens  

The type, size, distribution and morphology of the precipitates 

observed in furnace treated specimens differed from those described 

above for the salt bath treated specimens after equivalent heat treat- 

ments, which accounts for the differences observed in hardness and 

X-ray results. TEM showed that ageing to post-peak hardness at 673 

and 723K produced a uniform distribution of w phase precipitates. 

a phase precipitates were not observed in the specimen aged at 723K 

as was observed in salt bath treated specimens. This result is 

consistent with the X-ray results in which only S and w phases were 

identified (Table 4.2). The maximum size of the w phase precipitates 

was measured as ti740A. Ageing at 773K for 10 minutes also produced 

a uniform distribution of w phase precipitates, which were ti180A in 

size, which was not observed in the salt bath treated specimens. 

Increasing the ageing time to 20 minutes produced ellipsoidal precipitates 

of the a phase which were Burgers related to the S  phase, (Figure 

4.31a and b) whereas salt bath treated specimens produced an 

inhomogeneous distribution of star shaped a precipitates. Overageing 

at this temperature produced a mixture of ellipsoidal and small lenticular 

shaped a phase precipitates in different regions of the foil. The 

lenticular precipitates (Figure 4.32a) were not as well defined 

as those found in salt bath specimens after equivalent ageing treatments 

(Figure 4.30a) and star shaped precipitates were not observed in the 

furnace treated specimens during any stage of ageing at this temperature. 

The corresponding SADP and key (Figure 4.32b and c) shows a mixture 

of Burgers and non-Burgers related a diffraction maxima. 



Figure 4.30.  Showing the variation in morphology of a precipitates 

from different regions of a foil. 	Specimen was aged at 773K for 

1000 minutes in the salt bath. (a) BF micrographs of needle shaped 

a precipitates. The corresponding SADP showed non-Burgers related 

a reflections. 	<111> S zone axis operating. (b) BF micrograph of 

star shaped a precipitates. 	SADP showed both Burgers and non- 

Burgers related a reflections. 	<113> 0  zone axis operating. 

68 

Figure 4.33.  BF micrographs showing variation in size of lenticular 'a 

precipitates after identical heat treatments in (a) the salt bath and 

(b) the furnace. 	<110> a and <113> S zone axis operating 

respectively. Ageing treatment: 823K/30 minutes. 





Figure 4.31. (a) HRDF micrograph of ellipsoidal a precipitates, 1011 a 

reflection operating, (b) the corresponding [100]S zone. SADP with spots 

from <1120> and <1011> a zones superimposed (see Figure 4.29.(f)). 

Most of the extra weak reflections arise from double diffraction effects 

(129). 	Ageing treatment: 773K/20 minutes/furnace. 

Figure 4.32. (a) BF micrograph showing dense tangle of lenticular a 

precipitates, (b) the corresponding <111> $ zone SADP showing diffraction 

maxima from three <1120> Burgers related- a zones and additional non-

Burgers related a reflections (59). Ageing treatment: 773K/1120 

minutes/furnace. 
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Figure 4.34. Light micrograph 

showing coarse plates of a 

emanating from the grain boundaries 

and distributed within the central 

regions of the grains. Ageing 

treatment: 973K/30 minutes/furnace. 

Figure 4.35. Light micrograph 

of a specimen aged at 1023K for 

1000 minutes in the salt bath, 

showing globular shaped a 

precipitates in the central 

regions of the grains and a less 

continuous a phase precipitation 

on the grain boundaries. 





Ageing at 823K for 30 minutes duration produced lenticular. a 

which gave both Burgers and non Burgers related diffraction maxima 

(Figure 4.336). 	These 	were not as well defined or large as 

those observed in salt bath treated specimens after equivalent ageing 

treatments (Figure 4.33a). The furnace treated specimens also showed 

a mixture of ellipsoidal a and w phases in the grain boundary region, 

which was not observed in salt bath treated specimens. 

Ageing at temperatures greater than 823K was only carried out in 

the furnace. A brief description of the distribution and morphology 

of the a precipitates produced at these higher ageing temperatures will 

now be presented. 	Star shaped Burgers  related a precipitates were 

observed during the early stages of ageing at 873K. The volume 

fraction of these precipitates was considerably lower than observed 

in salt bath treated specimens aged- at 823K, and the precipitates were 

much larger. Overageing at 873K produced coarse Widmanstatten 

pattern of non-Burgers related a precipitates. The grain boundary 

regions were depleted of precipitates during all stages of ageing. 

Only Widmanstatten a precipitates were observed in light microscopy 

at all ageing times on ageing at temperatures greater than 923K, 

Figure 4.34. The precipitates coarsened with increased ageing time 

and temperature and the volume fraction of precipitates decreased as 

the ageing temperature increased. The Widmanstatten appearance was 

almost lost after the highest temperature ageing treatment (Figure 4.35). 

Extensive a precipitation occurred on grain boundaries at all 

the higher ageing temperatures. After ageing at 823K the grain 

boundary a precipitates formed as colonies of parallel needles, which 

had a high aspect ratio. A Widmanstatten arrangement of grain 

boundary precipitates was also observed in specimens after ageing at 

873K and 973K. The aspect ratio decreased as the ageing temperature 

increased. Ageing at the highest temperature of 1023K produced a 

continuous film of a along grain boundaries which spherodized with 

increased ageing time. 

4.3.b Properties of tensile specimens  

4.3.b.(i) Hardness and microstructure 

Before presenting the tensile properties of the aged specimens it 

is relevant to compare the microstructure and hardening responses of 

strip and plate material solution treated at 1163 and 1073K 

(Table 4.3). This comparison is made as tensile specimens were 
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Table 4.3. Comparison of hardness values for aged tensile specimens 

and strip material. 

Heat treatment 

SB or F * temperature 
K. 	. 

time 
.mins. 

VHN after solution treatment at 

1163K 	1163K 	1073K 
strip 	. 	plate 	strip 

SB 673 10 371 367 342 

30 410 406 385 

100 470 452 430 

F 723 200 500 480 

SB 340 • 453 450 

F 773 40 459 450 

100 461 430 

SB . 30 336 325 • 

100 410 365 

210 397 380 

F 823 35 373 355 

240 383 345 

SB 15 327 325 

30 355 355 

240 • 351 320 

*SB and F represent salt bath and furnace treatments respectively. 
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solution treated at 1163K, whereas the hardness response and micrographs 

presented in section 4.3a were made on strip material solution treated 

at 1073K. 	It is seen that the hardness values are generally higher 

in both the aged plate and strip material solution treated at the. 

higher temperature, although the effect is not so pronounced after 

ageing at 823K in salt bath treated specimens. 	(Insufficient data 

is available to make a comparison of hardness and microstructure of 

aged strip and plate material solution treated at the same temperature.) 

Light microscopy showed that the higher solution treatment temperatures 

produced a slightly finer and denser dispersion of a precipitates, 

and less precipitation of the a phase in the form of long needles was 

observed on the grain boundaries. A greater hardening was observed 

after furnace as opposed to salt bath treatments in tensile specimens 

which agrees with results on strip material. 

Figure 4.36 compares the hardening response of strip material 

solution treated at 1163K after duplex ageing treatments in the salt 

bath with single aged strip solution treated at 1073K. 	The hardness 

values after a second age at 773K(Figure 4.36a) are significantly 

greater than single age treatments in the salt bath, and are approximately 

the same as furnace treated specimens after 30 minutes ageing at the 

higher temperature; hardness values after a second age at 823K for 

10 minutes produce a small increase in hardness compared to the single 

ageing treatments (Figure 4.36b). 	It is also seen that the hardness 

increases after a second age of 10 minutes duration at 773K and 

decreases after a second age at 823K; thereafter an increase in the 

ageing time produces only small changes in the hardness. 	Comparisons 

of the relevant data for plate material after single ageing treatments 

(Table 4.3) with the hardness values after duplex ageing treatments 

(which are shown in parenthesis in the lower half of Table 4.4, together 

with the tensile properties) shows that the hardness values are also 

greater in the duplex heat treated specimens. 

The microstructures found in tensile specimens using TEM after 

the various ageing treatments (the details of which are given in 

Table 4.4) are now briefly outlined. Ageing at 673K in the salt bath 

and at 723K in the furnace caused precipitation of the w phase, which 

is in agreement with work on strip material. An estimation of the 

volume fraction and size of the w phase was not possible using TEM 

because of the destructive influence of hydrogen contamination to 

thin foils but estimations of the values can be made from the work of 



Figure 4.36. Hardness curves for strip specimens pre-aged at 673K for 10 minutes +, 30 minutes 0, 
and 100 minutes X, water quenched and further aged at 773 or 823K. 
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Table 4.4. Room Temperature Tensile Properties of Aged Ti-15Mo 

(solution treated at 1163K) 

Ageing Treatment Hardness. Tensile Properties 

F or SB Temp. 
K 

Time 
mins 

0.2% 
P.S. MNm-2 

UTS_ 
MNm  

Elongation 

Uniform Total 

RA 
% 

SB 673 340 <peak 0 

F 723 200 peak 

SB 723 340 peak 1454 1526 - 1.5 - 

F 723 100 overaged 

F 773 35 ''peak 

SB 773 210 peak 1256 1425 - 7.4 20 

SB 773 100 speak 1234 1359 4.6 4.6 7 

1219 1347 4 4.6 7 

F 823 35 peak 1083 1210 - 4.0 7 

F 823 240 overaged 1213 1289 - 3.4 - 

SB 823 30 peak 1024 1161 7.8 10.0 16 

1006 1048 7.8 7.8 16 

SB 823 240 overaged 964 1067 9.8 10.3 16 

SB 10,30 (436) * 673) 
$ 100 

rouble 
aged (440) 

773 100 J (453) 

SB 673 10 rv 1216 (380) 1337 8.0 10.2 10 
823 30 1246 1319 5.0 7.3 10 

SB 673 30 11 1216(383) 1295 8.7 9.5 14 
823 30 1216 1278 7.7 8.8 15 

SB 673 100 1I 1106(383) 1189 7.8 8.2 16 
823 30 1131 1188 7.4 8.0 15 

*numbers in parenthesis refer to VHN. 

°a dash indicates brittle behaviour. 
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Bowen (44) as greater than 0.5 and 3008 respectively. 

Ageing at 773K in the furnace for 200 minutes produced precipitation 

of ellipsoidal a and w phases, which were both continuous to the 

grain boundaries. 	(The ageing time was too short to develop 

lenticular regions of a as shown in Figure 4.32a). 	Similar micro- 

structures were observed in specimens given a duplex ageing treatment 

with the second age at 773K. Ageing at 723K in the salt bath produced 

a dense tangle of lenticular a .in the central regions of the grain. 

The lenticular nature of the a precipitates was not as well developed 

in the grain boundary region, where a mixture of ellipsoidal a and to 

precipitates was observed. These results are consistent with the 

microstructures observed during shorter ageing times in strip 

material (Figure 4.27). 

Ageing at 773K in the salt bath produced larger a precipitates 

than ageing at 723K which were continuous to grain boundaries. A 

thin film of a precipitation was observed on grain boundaries, but 

the colonies of precipitates that were observed in strip material were 

not distinguished from the general tangle of precipitates. 	Weak w 

reflections were observed in one area of the foil near to a grain 

boundary where the lenticular 	morphology of the a phase was not 

as well developed. 

The important feature observed in TEM micrographs of foils of 

tensile specimens aged at 823K in the furnace and in the salt bath, 

was the variation in precipitate distribution and size, especially in 

the grain boundary region, which was more pronounced in furnace treated 

specimens. 	Ellipsoidal a and to phases were also observed in the grain 

boundary region of the furnace treated specimens which is consistent 

with results of strip material. The important difference observed 

between single and duplex ageing treatments at 823K was the more 

uniform distribution of the a precipitates in the latter, which was 

particularly marked in the grain boundary region, although the size 

of the a precipitates in the grain boundary region was still larger 

than the a found in the central regions of the grain. 

The fracture path in the tensile specimens was determined using 

light microscopy (Figure 4.37). All the exposed cracks occurred at 

grain boundaries, and it can therefore be assumed that the fracture 

crack predominantly followed an intergranular fracture path. 	TEM 

showed that slip deformation occurred in the aged specimens. 
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4.3.b.(ii) Tensile data  

The room temperature tensile properties for the aged plate 

material are presented in Table 4.4. The ageing times for the tensile 

specimens given a single ageing treatment (upper half of the table) 

were selected to correspond to the peak hardness positions shown in 

Figures 4.21 and 4.22 for strip material. 	It is realized that higher 

solution treatment temperatures can cause a more rapid hardening 

and attainment of peak hardness. The hardness condition specified 

in Table 4.4. must therefore be considered as approximate. 

As the temperature of ageing was raised from 723 to 823K the tensile 

strength decreased from a maximum of 1526 MNm-2  to a minimum of 1067 

MNm-2  with an attendant increase in total elongation of 1.5 to 10.3%. 

Premature failure occurred before the 0.2% proof stress was reached 

at• the shoulder of the test piece in several specimens, despite the 

use of standard number 11 round bar test pieces. This occurred in 

specimens given a single low temperature age at 673K in the salt bath, 

in specimens aged in the furnace at 723 and 773K and in specimens given 

duplex ageing treatments when the second ageing temperature was 773K. 

All these brittle specimens contained the ellipsoidal w and/or a 

phases. The tensile properties of those specimens that were aged 

to give lenticular a all exhibited some macroscopic ductility, which 

decreased as the size of a diminished 	with concomittant increases 

in strength. No significant improvement was found in the strength 

values of specimens aged to peak as opposed to half-peak hardness at 

773K in the salt bath, but a small improvement in the total elongation 

value resulted. No such difference was observed in peak and overaged 

specimens aged at 823K. Specimens aged at 823K in the salt bath 

showed better elongation and percentage reduction in area values than 

furnace treated specimens. 

The best combination of strength and ductility with a single ageing 

treatment was obtained after ageing at 773K for 210 minutes in the 

salt bath. 	(The rather high value for the percentage reduction in 

area obtained for this condition is not consistent with the other 

results and possibly arose through inaccurate determination of the 

minimum cross-section, as cup-cone fractures did not occur in many 

of the aged specimens.) The improvement in the 0.2% proof stress 

value of this aged condition over the single phase material containing 

the metastable 8 and athermal w phases, can be seen from Figure 4.9, 

as can the reduced fracture strain. 
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Pre-ageing for 10 minutes before ageing at 823K showed an 

increase in the tensile strength whilst retaining a reduction in area 

of 10%, as compared to 16% for the single ageing treatments. 	Pre- 

ageing for longer times at 673K produced slightly lower tensile strength 

values, which were still slightly higher than single ageing treatments, 

with the elongation and reduction in area values being approximately 

the same. 

4.3.b.(iii) Fracture surfaces  

The specimens which fractured at the shoulder before the 0.2% 

proof stress was reached all showed similar fracture surfaces. 	In 

these specimens the fracture crack followed a macroscopically flat 

path which ran perpendicular to the tensile axis, although on a 

microscopic scale, the fracture surface exhibited step-like features, 

Figure 4.38a. The direction, width and height of the steps generally 

depended on the grain orientation, and parallel steps were sometimes 

seen to run across several grains. Higher magnifications showed that 

the step-like surfaces were not smooth, but exhibited very fine 

equiaxed dimples, ti0.3um across, which were observed to cover both 

sides of the steps (Figure 4.38b). 

The specimen aged at 723K in the salt bath broke at the shoulder 

of the test piece after the 0.2% proof stress had been reached. 	The 

fracture crack followed a macroscopically flat path that was predominantly 

perpendicular to the direction of the applied load, although circumfer-

ential "cusps", corresponding to a shear lip region, had also formed. 

On a microscopic level the crack followed an irregular intergranular 

path and the fracture surface was extensively dimpled, although the 

size and shape of the dimples varied considerably from one area to 

another (Figure 4.39). 	Extensive dimpling also occurred in the shear. 

lip region. 

The fracture surfaces of the remaining tensile specimens which 

exhibited a greater elongation at fracture, did not exhibit symmetric 

cup-cone morphologies although fibrous and shear lip zones could be 

delineated (Figure 4.40). 	A detailed study of the relative sizes of 

the fibrous and shear lip zones as a function of ageing temperature 

was not made. 

The fibrous zones of the fractured tensile specimens that were 

given single ageing treatments in the salt bath at 773K showed extensive 

dimpling, although a few isolated regions exhibited flat surfaces with 
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no dimpling (Figure 4.41), whereas furnace treated specimens failed 

prematurely, i.e. before the 0.2% proof stress was reached. 	The 

fracture surfaces of specimens aged at 823K in either the salt bath or 

furnace exhibited a mixture of dimpled and featureless areas (Figure 

4.42). There were far more featureless areas in the specimens aged 

at the higher temperature of 823K than in the specimens aged at 773K. 

High magnifications of the flat areas did not reveal any fine dimpling. 

The fracture surfaces of the specimens aged in the salt bath at 823K 

after pre-ageing at 673K showed a similar mixture of apparently 

featureless and dimpled areas, although close examination of the former 

at higher magnifications showed that these regions were not completely 

featureless, as can be seen from Figure 4.43. 

All the specimens exhibiting macroscopic ductility showed 

extensive dimpling in the shear lip region. A typical example is 

shown in Figure 4.44a. The direction of viewing for this micrograph 

is approximately perpendicular to the surface of the shear lip. 	It 

is apparent from this micrograph that crack propagation through 

certain regions has occurred with less void formation, as evidenced 

by the lack of a dimpled relief. 	It is reasonable to assume from 

their size and shape that these denuded regions correspond to grain 

boundaries. High magnifications showed that some of these regions 

contained small, shallow dimples (Figure 4.44b). 	This finer dimpling 

was more extensive in the double aged specimens than in the single 

aged specimens. The effect shown in Figure 4.44 was not so apparent 

in the specimen aged in the salt bath at 773 and 723K. 	It is of 

interest to note that the shape of the simples in this shear lip 

region is rather equiaxed, a point that was noted in the fracture 

surfaces of the shear lip region of the as-quenched specimens 

(see Figure 4.20). 
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Figure 4.38 - 4.43 are SEM micrographs of fracture surfaces of aged 

specimens tensile tested at room temperature. 
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Figure 4.37. Light micrograph of 

fracture cracks in specimen tensile 

tested to failure. 	823K/35 minutes/ 

furnace. 

Figure 4.40. Low magnification 

micrograph showing shear lip 

(arrowed) and fibrous regions, 

typical of all aged specimens 

which exhibited macroscopic ductility. 

673K/30 minutes + 823K/30 minutes. 

Figure 4.38. 673K/280 minutes/salt bath. 

(a) showing step-like fracture features and (b) higher magnification 

of above showing extensive dimpling on the steps. 	Specimen fracture 

at shoulder of tensile test piece. 

Figure 4.39. 723K/100 minutes/salt 
	

Figure 4.41. 773K/100 minutes/ 

bath, showing variation in dimple 	salt bath, showing extensive 

size. 	 dimpling and one isolated, 

featureless region. 
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Figure 4.42. 823K/30 minutes/salt 

bath, showing dimpled and smooth, 

featureless regions. 

Figure 4.43. Duplex aged at 

673K/30 minutes + 823K/30 

minutes,, 11~ j- 	C--aFure ws& 

teigionSofd f 9ut'e 4, 421 
1 c)t. cser ued 

Figure 4.44. Duplex age at 673K/100 minutes + 823K/30 munites. 

(a) Low magnification of shear lip zone (see Figure 4.40) showing 

variation in dimple distribution. (b) Higher magnification of 

the above showing the finer dimpling and the smooth surface that 

results from crack propagation in the grain boundary region. 





CHAPTER 5 

Discussion 

5.1. Chemical Inhomogeneity  

The banding effect observed in solution treated and aged specimens 

is thought to be caused by molybdenum segregation. This could have 

arisen by a coring process during cooling of the original ingot. 

Rolling subsequently produced bands of molybdenum depletion in which 

the 0/a+13 transus temperature was higher than the reported value of 

1073K (5, 56). 	Homogenization of the molybdenum is difficult because 

of the slow diffusion rates. Thus precipitation of a occurred in 

regions of molybdenum depletion during a annealing at 1073K, on 
heterogeneities such as dislocations and sub-grain boundaries. 	This 

precipitation could have occurred ahead of the moving grain boundaries 

effecting recrystallization (i.e. tp < tR,  where tp  and tR  are 

respectively the time to form a precipitate and start recrystallization 

(116, 117). 	Some precipitation Of a may also have occurred during 

warm working of the as-received plate. 	In either case the a precipitates 

subsequently inhibited recrystallization in the solute depleted bands 

by pinning sub-grain boundaries. 	It is apparent that high temperature 

solution treatment eliminates the inhomogeneity as banding was not 

observed in specimens homogenized at 1473K, but this would need to be 

done prior to rolling because extensive grain growth occurs. 

The preferential precipitation of the a phase observed in certain 

recrystallized grains of strip material (Figures 4.9 and 4Jo) is 

also thought to be associated with chemical inhomogeneity, although the 

mechanism involved in producing recrystallized grains which contain a 

substructure, is unclear. 	It is possible that the volume fraction of a 

precipitating on sub-grain boundaries in the solute depleted zones, 

either during rolling at 923K or during recrystallization, varied 

depending on the degree of inhomogeneity. Thus a smaller volume 

fraction of a precipitates would occur in certain regions such that the 

pinning effect was insufficient to prevent the passage of grain boundaries 

during the recrystallizing anneal. The a precipitates either persisted 

or redissolved as the moving grain boundary effecting recrystallization 

passed through (116) leaving behind either a defective recrystallized 

grain or rows of a precipitates. 

If the a precipitates redissolved, the passage of the grain boundary 

would need to be sufficiently fast to prevent the redistribution of 
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the solute atoms, such that subsequent ageing at a lower temperature 

would cause heterogeneous precipitation of the a phase in the solute 

depleted regions. 

It is not clear why the network of a precipitates in Figure 4.9 

and 4.10 was not observed in plate material after 1.\ea 	treatments 

at the same temperatures as strip material. 	It is probable that the 

warm working of the plate material was carried out at a higher temperature 

than that used to form the strip (923K), such that very little 

precipitation of a occurred. This was in fact found in TEM studies of 

the as-received plate (Section 4.2a). 	Alternatively, if precipitation 

of a occurred during recrystallization in the strip material, it is 

possible that the faster rate of recrystallization observed in plate 

material (as evidenced by the larger grain size, see Table 4.1) 

allowed recrystallization to occur before precipitation of the a, such 

' that a network of a precipitates would not form in plate material. 

The network formation of a precipitates has been noted in the 

literature (118, 119). The authors suggest that high oxygen contents 

(118), percentage deformation and temperature of deformation prior to 

solution treatment (119) all influence the distribution of a. 	The 

latter effect has already been discussed. A high oxygen content would 

have the same effect as chemical inhomogeneity in raising the S/a+S 

transus temperature (9, 10), but subsequent precipitation of the a phase 

would not be confined to bands since oxygen diffuses very rapidly. 

The above section emphasizes the need to investigate the structure 

of a material at low magnifications. 	It also demonstrates the difference 

in microstructure and grain size of plate and strip material that 

occurred as a result of cold or warm working. 	It is also apparent that 

the distribution of the a phase was inhomogeneous, particularly after 

short ageing times. 

5.2. Tensile  Properties of Solution Treated Material. 

The discussion of the mechanical properties of the solution treated 

material will be concerned with a comparison between the room temperature 

tensile properties and those quoted in the literature, and the elongation 

values of bar and sheet specimens (Figure 4.16). 	Observations on the 

deformation mode and the fracture surfaces will also be discussed. 

The development of the enhanced ductility peak has already been discussed 

in the literature survey (Section 2.5c) and will not be expanded upon. 
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The room temperature tensile properties are in very good agreement 

with those of Rack (75). 	The values for the UTS are generally q,5% 

higher than those reported in the literature (2d,3a,47,54). 	This 

difference is small, and Bowen (3a) has shown that decreasing the solution 

treatment temperature and increasing the grain size (with the same 

solution treatment temperature) causes reduced strength levels, as 

can a lower oxygen content (10, 85). 	Elongation values are in agree- 

ment with those of Ohtani et al (2d) and Rack (75) but are greater than 

most reported values by up to 10% (3a, 10, 40, 44, 54). 	This,is partly 

attributed to the varying specimen size and geometry. Reduction in 

area values give better agreement with the literature (2d, 3a, 44, 75), 

although values reported for specimens which were air cooled (54), are 

smaller. The slower cooling rate used in other work could cause 

precipitation of a on the grain boundaries, or at least molybdenum 

depletion, as reported by Rack (120), although Khaled (121) did not find 

grain boundary segregation of titanium, oxygen or molybdenum during 

quenching (121). Grain boundary embrittlement would result with grain 

boundary segregation such that fracture would occur preferentially along 

these paths. Under these circumstances a larger grain size would 

lead to longer crack development under equivalent stresses, which 

would result in decreased reduction in area values. 

It was noted in the results that a general agreement existed 

between the total strain values of sheet and bar specimens despite their 

different geometry. The total strain can be separated into a uniform 

and necking strain. The former, is a material property, and should 

therefore not differ. Figure 4.16 shows that sheet specimens have 

slightly higher values for the uniform elongation. 	It is suggested 

that this arose from the specimens slipping in the grips, as the strain 

was measured from the chart and not by an extensometer on the gauge 

length. The difference is small, but it is important to be aware of 

its possible occurrence during tensile testing. The necking strain 

depends on the specimen geometry and Figure 4.16 shows that this is 

greater in bar than in strip material, which is expected as the larger 

cross-sectional area of bar specimens is able to support a greater 

amount of slow crack growth. Thus the good agreement in total 

elongation values between bar and strip specimens is fortuitous. 

Good correlation also exists between the 0.5% proof stress values 

in both the bar and strip material despite the difference in grain sze 

(see Table 4.1). 	Calculations based on the Hall-Petch relationship 
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using the relevant published data (122) showed that the difference in 

yield stress expected from this grain size variation was of the order 

of scatter in data for the flat tensile specimens. 

The deformation mechanism involved both slip and twinning on the 

{332}<113> mode. 	This twin mode has been reported in reference 77, 

83 and 91, but the {112}<111> twin mode was identified in references 29, 

81, 82 and 84, and an hcp martensite has also been reported (30). 

It is possible that preferred orientation or mode of deformation, i.e. 

tensile or compressive, affected the twin deformation mode, as reported 

by Roberson et al (88). 

The SEM micrographs, figures 4.18-4.20, emphasize the completely 

ductile nature of the fracture mode in specimens tested at low temperatures. 

These micrographs also show that void nucleation does not appear to be 

associated with impurity inclusions (74, 75), although Gysler et al (26) 

report that the dimple spacing correlates with inclusions that were 

observed in their light micrographs. No such inclusions were observed 

in the present system. 	Cracks have been observed at twin-twin (75) 

and twin-grain boundary (70) intersections and void nucleation observed 

at the intersection between dislocation bands and at dislocation band- 

grain boundary intersections (26). 	It is reasonable to assume that 

void nucleation can occur at one or more of these sites in the present 

work. 

The first voids that form in the region of maximum stress concentrat-

ion that exists at the centre of the necked region, develop into the 

large conical dimples. 	A. triaxial state of stress develops because 

the neck acts as a mild notch which concentrates the applied stresses 

into two solid cones (with their apexes at the centre of the smallest 

cross-sectional area), such that a relatively large hoop of unstrained 

material surrounds the cones. As the central region is stressed, it 

attempts to contract laterally (because of the Poisson effect) but is 

constrained by.the unstressed hoop, and a triaxial stress system develops. 

The growth of the fibrous zone in the present system requires the 
u~ld+rt trio.s.5; }EkS~Ofl 

simultaneous formation and growth of the large dimpleskin order that 

their conical shape developed. These were subsequently joined together 

by a predominantly shear rupture mechanism resulting in the formation of 

parabolic dimples. Thus a smaller number of void nucleation sites 

would result in a smaller fibrous zone, and a smaller number of conical 

voids per unit area of fibrous zone, which was observed (see Figure 4.18). 
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Normally the increased ductility and the associated increased work 

hardening rate (shown in Figure 4.16) would delay the onset of unstable 

shear formation by causing the fracture crack to grow by a zig-zag 

process, as described in section 2.5a. 	This would lead to the develop- 

ment of a larger fibrous zone. The reduced number of void nucleation 

sites is associated with the greater ratio of twin to slip band formation 

reported for this alloy in the temperature range of enhanced ductility (70). 

Some parabolic dimples also appear as a result of the conical dimples 

intersecting voids beneath the fracture surface. 	Plastic deformation 

beneath the unrestrained fracture surface of the cones has also led to 

the "ripple" effect (Figure 4.20). 	This is similar to the "orange 

peel" effect observed on the free surface of heavily deformed tensile 

test pieces. 

' The smaller dimples that formed in the shear lip zone were rather 

equiaxed, although this is not strictly demonstrated in Figure 4.19, as 

the viewing direction is not perpendicular to the fracture surface. 

The development of dimples in this region normally occurs under conditions 

of a predominantly shear stress component, so that parabolic dimples 

form. 	Rack (75) has also reported that dimples were somewhat equiaxed 

in fracture surfaces of tensile specimens of 
the13111  alloy tested at 

77K, in which failure occurred by rupture at ,45°  to the tensile axis, 

i.e. a neck did not form. Beacham (73) suggests that the presence 

of. a propagating crack disrupts the local stress field at the crack tip 

so that a pure shear situation is unlikely to exist, for example, in 

the shear lip zone. He points out that some vertical motion, requiring 

a tensile stress, must be present to open up the voids in the shear lip 

zone. 	This is diagrammatically represented in Figure 5.1. 	(Figures 

5.1 and 5.2 are _ 	taken from reference 73). 	The combination of 

stresses shown in Figures 5.1b, c and d can lead to the development of 

mating dimples of different shapes, which is explained in detail in 

Figure 5.2 for.condition (b). 	At position A the load-bearing paths to 

the left of the voids have been ruptured and no stress is available to 

further elongate the voids, while the load bearing paths to the right 

have not been interrupted, so that the voids momentarily continue to 

grow. Thus, long parabolic dimples are formed at positions B and 

shorter parabolic dimples are formed on the mating fracture surface, 

i.e. at positions A. 	Increasing the component of tensile stress can 

lead to equiaxed dimples on the upper fracture surface and parabolic, 

tear dimples on the lower surface (Figure 5.1c). 
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(a) 
	

(b) 	(c) 	(d) 
	

(e) 
Figure 5.1. A series of sketches showing the different combinations of 

tensile (mode I) and shear (mode II) stresses on dimple formation 

(taken from reference 73). The effect of tearing (Mode I) increases 

from left to right. The cross-hatched areas are meant to be rigid 

volumes of material moving in the directions of the larger arrows 

contained within them, the arrows representing shear and tensile stresses. 

The smaller arrows represent the viewing direction of the fractured 

surfaces. 	(a) Pure mode II void formation (the crack tip is crossed 

out as this introduces a tearing component to the stress at the crack 

tip). (b) (c) and (d) show the effect of decreasing shear and increasing 

tearing motion and (e) shows the condition when no shearing is present. 

Figure 5.2. Detailed schematic diagram of microvoid coalescence under 

combined modes I and II, corresponding to Figure 5.1(b). Lorg dimples 

form at positions B and short dimples at positions A. al  and T1  are, 

respectively, the local maximum tensile and shear stresses (taken from 

reference 73) . 
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By carefully mating dimples from both fracture surfaces, Beacham 

has confirmed that mating dimples can have different shapes in centre 

cracked specimens broken in tension and in single edge notched specimens 

broken as a cantilever beam. 	It appears therefore, that the somewhat 

equiaxed dimples that were observed in the shear lip zone in the present 

work (Figure 4.19), can be explained on the above model, although 

careful examination of both fracture surfaces is required to confirm this. 

Beacham's description also infers that the lower side of the fracture 

surface is longer (condition shown in Figure 5.1b and c), and that the 

upper fracture surface is perpendicular to the tensile stress at the 

crack tip in the situation producing equiaxed dimples (Figure 5.1c). 

In the present work, the fracture surface was not perpendicular to the 

macroscopic tensile axis, but this does not negate the possibility that 

the stress distribution in the necked region caused a local tensile 

stress at the crack tip that was not parallel to the applied load. 

An alternative explanation for the somewhat equiaxed nature of the 

dimples in the shear lip zone might be that the dimples formed throughout 

the necked region before failure of the test piece occurred at ti45°  to 

the tensile axis. This mechanism however, would require a high density 

of uniformly distributed void nucleation sites. 

It is not clear how the double cup-cone fracture shown in Figure 4.17 

formed. 	It appears that simultaneous fracture has occurred along both 

cones of maximum stress that develop ahead of the central fibrous zone 

crack. 	It is difficult to visualize a stress distribution that would 

account for this. 

5.3.. Aged Material  

(a) Structure (i) Comparison of X-ray and TEM.  

The study of the precipitation process in strip and plate material 

after salt bath and furnace heat treatments has involved light and TEM, 

hardness measurement and X-ray examination. This first section is 

concerned with the differences and anomalies observed in X-ray and TEM 

results, caused by detection limitations of the X-ray technique and by 

hydrogen contamination. 

Taking the first of the above two categories it was noted that the 

w phase was not detected in the as-quenched specimens using X-rays, in 

agreement with other X-ray work (27,34), but was detected in thin foils using 

TEM which disagrees with de Fontaine et al (7). The most probable reasons for 

the observed absence of diffraction lines on X-ray films are line 
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broadening and insufficient diffracted intensity. A small particle 

size can cause line broadening (110p99) which is estimated to be 3.5 mm 

from the Scherrer equation: 

k a _ 
t 	A 

B cos AB 
 

where K is a constant (' 0.9), AB  is the Bragg angle (= 25.5°  for 

the (1121) w line), A is the wavelength (1.54178A), B the line broadening 

in radians caused by a small precipitate of size t (25A). A 

concomittant spreading of the diffracted intensity is also encountered 

thereby making detection of the line more difficult. 

The diffracted intensity also depends on the volume fraction of 

precipitate, which is reported to be approximately 15% (36) in the 

present system. 	It is estimated (reference 110p395) that a minimum of 

5-10 volume percent is needed when filtered radiation is used, although 

this value will be greater when relying on the naked eye to differentiate 

between background and diffracted intensity. 

It was also noted in the X-ray results that the S phase lattice 

parameter was too high in the as-quenched and certain aged specimens. 

The values were too high for this difference to be caused by inhomogeneity. 

It is thought that hydrogen contamination occurred during grinding (67) 

and electropolishing (57) causing an expansion of the R lattice (123). 

The a phase lattice parameters of specimens containing a high volume 

fraction of the a phase were more realistic and agree with the literature 

(27, 71). 	It could be that hydrides precipitated out on the a/0 inter- 

faces, which act as preferential sites (65), although diffraction maxima 

corresponding to an fcc or fct hydride phase were not detected in SADP's 

of thin foils using TEM. 	(The volume fraction of hydride is expected 

to be too small for detection using X-rays.) 

A fcc structure was not observed in X-ray patterns of specimens 

containing a high volume fraction of the w phase, which conflicts with 

TEM results in which an apparently fcc w phase was identified. (see 

Figure 4.7). 	It is thought that the w shears to an fcc structure only 

when the hydrogen is concentrated into the thin edges of a foil and when 

bulk constraints no longer exist. Thus diffraction maxima from the w 

phase would be weak, as observed in Figure 4.7a. This is consistent 

with the results of Spurling et al (64) in which w precipitates were 

only destroyed in the thin edges of the foil and in the plates of 

hydride. 
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It should be noted that the weakness of the w phase reflections 

shown in Figure 4.7b could have resulted from the ageing treatment: 

this particular specimen was aged for 2825 minutes, which corresponds 

to post-peak hardness (Figure 4.21b), and it is possible that precipitat-

ion of a occurred causing reversion of the w. However, a phase 

reflections were not observed in SADP's in this specimen, and X-ray 

diffraction lines from a specimen aged for 4180 minutes (Table 4.2) 

showed only well defined w phase lines and no a phase lines. 

5.3.a. (ii) 5+w Condition 

The "plateau" hardening effect which was observed after low 

temperature ageing in the temperature range 573-773K (Figure 4.21) has 

been reported (see Figure 2.3a and references 3a,b, 44 and 48) but 

no significance was attached to the results. 	In the present work the 

5 and w phases were identified after these heat treatments. 	Displacement 

fringe contrast effects were, however, observed in TEM studies on 

specimens aged for 310 minutes at 723K and 773K; a secondary hardening 

also began at this point, indicating that some other form of precipitation 

was occurring. The plateau hardening response was smaller by up to 

38 VH than that found during short ageing times at the lower temperatures. 

It is suggested that an increase in the volume fraction and/or size of 

the w precipitates was responsible for the initial rapid increase in 

hardness. The precipitate size, measured from HRDF micrographs, was 

in the range 20-30A, which is approximately the same as that reported in 

the literature for the athermal w phase (36). 	It therefore appears that 

an increase in the volume fraction of the w phase is responsible for 

the increased hardness. This agrees with work on the 
5111 alloy by 

de Vigier et al (46) in which an increase in the elastic modulus was 

noted after low temperature ageing. This was attributed to an increased 

precipitation of the u phase. w phase precipitation was also thought 

to be responsible for the serrated yielding that was observed in load-

elongation curvesduring tensile testing in the temperature range 

473-573K (2d, 43). 

The question arises as to the mechanism involved in the rapid format- 

ion of the precipitates at such low temperatures. 	Long range diffusion 

by a vacancy interchange method is expected to take too long although 

diffusion data is not available in the literature forthese temperatures. 

However, it is possible that interstitial diffusion (e.g. that of oxygen) 

might play a part in producing w precipitation. For example it is 
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suggested that interstitials might pin vacancies such that the number of 

quenched in vacancies was increased (23), which would lead to enhanced 

diffusion rates at low temperatures. However, this idea was discarded 

as the estimated binding energy was too high (l,30 K cal mol-1 E 126 kJ mol-1). 

An alternative explanation for the increased precipitation of the w 

phase could involve the vacancy defects suggested by Sass in explanation 

of the <111> linear fault and associated diffuse intensity on {111} rel 

planes (22). The number of linear defects increases as the temperature 

and solute concentration increase above the stability limit for the w phase; 

(the number is limited at high temperatures by thermal vibrations that 

tend to destroy the faults (23) and by higher solute concentrations 

which stabilize the bcc lattice with respect to the structural instability). 

A concomittant increase in the diffuse intensity occurs as the number 

of defects increases. Reference td Figure 2.1 shows that Ti-15Mo lies 

on the border line for the production of the athermal w phase, and it 

is therefore possible that a number of these linear defects are retained 

in the bcc matrix on quenching. Enhanced diffusion could then occur 

via the vacancy-atom interchange mechanism along the <111> S directions 

as proposed by Sanchez and de Fontaine (23) such that movement/diffusion 

of juxtaposed linear defects could lead to development of w precipitates. 

The driving force for the vacancy movement would thus be a combination 

of thermal activation and the structural instability that causes the 

S w transformation, leading to a lowering of the strain energy 

associated with the linear defect. Thus an increased concentration of 

oxygen would depress ws  and inhibit w formation, as reported in the 

literature (28); the formation of the w phase would be limited by oxygen 

diffusion which would occur quite rapidly at the low temperatures. 

Thus the nucleation sitesfor the w phase that develop- during the 

low temperature ageing already exist in the as-quenched structure. This 

agrees with the low pre-exponential factor found in nucleation rate 

equations by de Vigier et al (46),accounts for the high density of thermal. 

w precipitates and explains the rapid plateau hardening response. 

This mechanism also provides the connecting step for the 

nucleation site for the thermal w phase between those systems that form 

the athermal w phase and those that do not, and provides an alternative 

explanation for the observed depletion of the w phase in the grain 

boundary region of the Ti-24.6Mo alloy (36) mentioned in Section 2.3a 

i.e. that the vacancy defect is lost to the grain boundary. 
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The density of the larger w precipitates (Figure 4.24), ,,1015 cm-3, 

is quite high when compared to a value of ,,1017  cm-3  for homogeneous 

nucleation (124) and implies that some of the smaller w precipitates 

act as a nucleation site for the thermal w phase. 	Other workers (16, 

32, 39, 40, 42) have also suggested that the athermal w phase acts as 

a nucleation site for the thermal w phase on the basis of their experimental 

results (see section 2.3a). 	It is suggested (7), however, that nucleation 

of the thermal w phase in those systems which do not form w during 

quenching from temperatures , 673K (39) occurs by chance, compositional 

fluctu.ations that create a solute lean S embryo; the embryo has a good 
chance of encountering the appropriate displacement lattice vibration to 

effect the a } w transformation, as the relaxation time for a compositional 
fluctuation is much longer than that of a lattice vibration. 	At higher 

temperatures, when the w phase is no longer stable, the compositional 

fluctuation leads to a phase precipitation. 	Thus it is implied that a 

phase separation reaction precedes both w and a phase precipitation. 

Precipitation of the thermal w phase was observed to occur in a 

wide region next to the grain boundary whilst precipitation of the a 

phase occurred in the central regions of the grain (see Figure 4.27). 

This may be explained in terms of interstitial diffusion to the grain 

boundary. 	This would lower the interstitial content in the grain 

boundary region and allow formation and growth of the w phase before 

precipitation of the a phase could occur, thus illustrating the competing 

thermodynamic and kinetic effects involved in the process of precipitation. 

If interstitial diffusion is the rate controlling factor involved in 

the precipitation and growth of w in the grain boundary region then the 

width of this zone is expected to be quite large in comparison to that 

in which vacancy diffusion is the controlling factor, as the latter 

exhibits slower diffusion rates. 	Rack et al (120) report segregation of 

oxygen to the grain boundary during quenching the BIII alloy, in their 

Auger spectroscopy study of fracture surfaces, although contamination 

effects cannot be discounted. 	Khaled et al (121) also report that 

oxygen segregates to the grain boundary in their Ti-Mo alloys after 

prolonged ageing. 	These observations lend support to the above discussion 

concerning the precipitation cf the w phase in the grain boundary region. 

The present discussion also implies that a lower oxygen concentration 

would increase the volume fraction of the w phase produced on ageing, 

as reported by Williams et al (33) and Froes et al (3b) in Ti25V 

(atomic percent) and BIII alloys respectively. 	Bowen (34), however, 
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reports that the volume'fraction of the w phase in a Ti-12Mo alloy 

was not affected. 	This discrepancy may be associated with the very 

small amounts of oxygen investigated in the latter case. 

It is seen from Figure 4.21 that the maximum rapid hardening that 

occurs in .2 minutes did so at an ageing temperature of 623K. 	This 

is consistent with the above discussion: ageing at 573K provided less 

thermal energy for oxygen diffusion and hence fewer quenched in <111> 

linear defects became unpinned and grew, whereas more defects were 

thermally unstable with respect to formation of the w phase at the 

higher temperatures, i.e., 673K. 	The higher temperatures also provide 

an increased amount of energy for bulk diffusion such that significant 

precipitation of the thermal w and/or a phases is possible, leading to 

further increases in hardness with increased ageing time. 

The above discussion has mainly been concerned with the mechanism 

involved in the B } w transformation on quenching and during the very 

early stages of low temperature ageing. 

The suggestion is made that the transformation involves a short 

range diffusional mechanism, which results in a structural alteration 

to the lattice, and possibly a change in oxygen content, which is, 

therefore, not athermal. 	DeFontaine et al (7) also describe the g } w 

transformation ,as thermally activated, but only in the sense that 

localized transformations rely on the chance combination of a compositional 

variation and lattice instability. 	The present discussion implies 

that the volume fraction of the as-quenched w phase depends on the 

solution treatment temperature, quench rate and interstitial concentration. 

The literature is very limited concerning the effect of these variables 

on the formation of the w phase during quenching. 	Bagaryatskii and 

Nosova (13) report that increasing the quench rate from %600-1000°  sec-1  

to ti8,000-11,000°  sec-1  suppressed the formation of w during quenching 

in their Ti-8Cr alloys, whereas alloys containing between 5.5 to 8 

percent chromium all contained w on quenching at the lower rates. 

Sass (15) also reports that decreasing the solution treatment temperature 

from 1273K to 1173K caused formation of a" martensite as opposed to w 

in Ti-Nb alloys containing 18-22 atomic percent niobium. 	He suggested 

that the effect might be explained by a slight increase in the quench 

rate, but it may be that the increased number of vacancies formed at the 

higher solution treatment temperature was responsible. 	An increase in 

the as-quenched hardness was not found after higher temperature solution 



93 

treatment in the present results, although this may have been counter-

acted by the larger grain size. 

5.3. a(iii) 0 + a condition 

The results presented in this work have shown that ageing Ti-15Mo 

produced three morphological variants of the a phase. 	These being 

star, ellipse and lenticular-shaped. 	The following discussion considers 

the nucleation, distribution, crystallography and growth of these three 

variants, which dependel on the ageing time and temperature, rate of 

heating and position in the grain. 

Star shaped a  

The star shaped a precipitates were observed during the early stages 

of ageing in the salt bath between 723-823K and after furnace treatment 

at 873K, in specimens solution treated at either 1073 or 1163K. 

Fewer precipitates were observed in the regions adjacent to the grain 

boundaries than in the central regions of the grains. 	Heterogeneous 

nucleation of a on grain boundaries and on structural defects within 

the grains (see Figure 4.9) was also observed after these ageing 

treatments. 	Regions of star-like a precipitates were occasionally 

observed in overaged specimens (Figure 4.30b). 

This morphological variant has been reported in the literature in 

Ti-Mo-Al alloys, water quenched and aged at 623K (33), and in a Ti-11Mo 

alloy directly quenched to an ageing temperature of 973K (58). 

The a is reported to be Burgers related (2b, 33) in agreement with the 

present work, although the crystallographic variants of a constituting 

the star shape are described as needles (2b) or thin platelets that 

develop into needles (33), as opposed to the thin needles (see Figure 4.26) 

that develop into thin plates (Figure 4.28) observed in the present work. 

The morphology of the variants constituting the star shape is, however, 

not clear in BF micrographs of the earlier works. 	The direction of 

maximum growth is the same as in previous work (2b, 33) being parallel 

to <110>
5
. Many possible nucleation sites for a precipitates are 

reported in the literature. These depend on the ageing sequence and alloy 

concentration and include the athermal (58) and thermal w phase (3b,29,31, 

40,53-56), S' (30, 33, 50-52), a metastable a phase (125), dislocations 

and other heterogeneities (lb, 20,28-30, 40, 49, 51, 58) or direct format-

ion of a from the metastable s matrix (61). A general summary of 
phase transformations in titanium alloys is given by Williams (2b). 
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The only reference to the nucleation site for the star shaped a precip-

itate found in the literature suggests the solute lean s' phase (2b, 33). 

Despite the volume of literature claiming nucleation of a (not necessarily 

the star form) on S' in various titanium and hafnium based alloys, it 

is felt that the supporting evidence for the existence of B' is weak. 

The arguments against the existence of B' are listed below. 

Thermodynamic considerations predict both a clustering and an ordering 

tendency in Ti-Mo (30,50). 	It has however, been reported that oxygen 

enhances clustering in the Zr-Nb system (see Reference 30, discussion). 

The fact that X-ray and electron diffraction patterns only contain B 

phase diffraction maxima is the main reason why it is concluded that S' 

is a bcc solute lean particle. 	Splitting of the matrix reflections is, 

however, generally not observed (29, 30, 33, 52, 61, 121, 125, 126) and 

when it is reported (50, 51) the effect is not reproducible (51). 

Evidence of the thinning transformation effect is either apparent (50) 

or reported (51) in these works. 	The present work has shown that this 

effect can arise from hydrogen contamination, which caused broadening 

and splitting of the s phase diffraction maxima. 

Broadening of the X-ray diffraction lines is also reported (33,51). 

This is interpreted (33) in terms of compositional differences between 

the matrix and the S' precipitates. 	Coherency strains produced by 

precipitation, can however, also cause broadening of diffraction maxima 

(110) and Carpenter et al (52) use this interpretation. 	Displacement 

fringe contrast effects, which are indicative of coherency strains, 

were observed during TEM examination in these works (33, 51, 52), and 

supports this proposal. 

The absence of a phase diffraction maxima is inconclusive regarding its 

existence (30). The diffraction maxima may also be hidden by other 

effects such as broadening of the a phase lines (33, 51) and diffuse 

intensity maxima (33, 40, 61, 121). 	Indeed, Headly and Rack (125) have 

recently imaged precipitates by placing tle aperture in a position close 

to that for a phase diffraction maxima (see Figure 4.29c), which implies 

that the precipitates may be strained or faulted a. 

As both a and to reflections superimpose on a phase diffraction maxima, 

then DF images obtained by using off-zone matrix reflections (33, 50) 

. are inconclusive concerning the crystallography of the precipitates. 

It is unusual that the precipitation products charge from hexagonal m 

to solute lean bcc a to hcp a as the ageing temperature is raised. 
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The morphology of the-bcc E' precipitates suggest a greater misfit 

than the hexagonal w phase, which is surprising. 

Other possible nucleation sites for the star a morphology will now 

be considered with reference to the present results. 

Star a was only observed to occur under conditions where the thermal w 

phase did not form, i.e. in the central regions of the grains after 

salt bath treatments at temperatures greater than 723K, and furnace 

treatments greater than 873K. 	It is therefore considered that star a 

does not nucleate on the thermal w phase. 

Homogeneous nucleation is not likely as the density of star shaped a 

precipitates is much lower (1013  cm-3) than typical homogeneous nucleation 

densities (1017  cm-3  (122)). 	Also, the precipitate size, and thus the 

rate of nucleation, is comparable to that of heterogeneously formed 

precipitates (see Figures 4.9 and 4.27). 

Heterogeneous nucleation of a is possible, but this usually results 

in the formation of only a few variants of a precipitate (124) as 

with lenticular a (28, 29, 40, 51) and does not account for the large 

number of a variants which apparently nucleate together to form the 

star morphology. 

An alternative site which might accommodate simultaneous nucleation 

of many variants of a is a vacancy cluster which is reported for Al-1.2Si 

and Fe-0.23C in the review by Kelly and Nicholson (124). 	This explanation 

is consistent with the earlier discussion (Section 5.3a(ii))concerning 

the vacancy defect which, it is proposed, is stabilized by interstitial 

pinning, and would also account for the observed diffuse intensity 

distribution on {111} rel planes reported in the present work and in 

the literature (33, 40, 61, 121). 	There is an objection concerning 

the existence of such a defect which was mentioned earlier, i.e. the 

estimated binding energy between the vacancy and interstitial was too 

high (23). 	It is thought that interstitial movement increases at the 

higher ageing temperatures such that vacancy clusters are no longer 

stable, which accounts for the formation of lenticular a at these ageing 

temperatures. 

TEM analysis revealed that the habit plane of the plates was close 

to {112}
0
, which was predicted by Silcock (41) and observed by Flower 

and  Swann (2c) for a nucleated on stacking faults in w. 	Paemel et al (128) 

consider that vacancies cause instabilities in the 13 lattice. 



They estimate that the following sequence can lead to a lowering of 

the internal energy in 6 Cu-Zn.' Vacancy clusters form, and adjacent 

{111} planes collapse to form dislocation loops. 	Stacking faults 

develop by shearing on {112} planes along <111> directions. 	These 

stacking faults are crystallographically equivalent to the w phase. 

A similar description is given by Sass (22). 	It is quite possible 

that the shears could' form stacking faults in the w structure that are 

crystallographically equivalent to the a phase. 	This description is 

consistent with that of Silcock (41) and provides an explanation for 

the formation of a with a {112}
0 
 habit in terms of a vacancy stabilized 

defect. 	It is felt that thermodynamic considerations for the present 

system need to consider the effect of interstitials on the stability 

of both vacancy clusters and stacking faults (124). 

Finally, the growth mechanism -of the star shaped a deserves some 

consideration. 	It is thought that the simultaneous growth of the many 

variants of a which create the star morphology, reduces the strain 

energy. 	The individual variants grow as very thin plates which also 

reduces misfit strains, whilst presumably maintaining coherency to 

minimise the surface energy. 	The mechanism by which needles develop 

into plates is unclear and requires clarification, as does the mechanism 

by which the alternate a/s structure develops. 	It is possible'that the 

thin plates develop by a process of repeated nucleation on dislocations 

(122). 

Lenticular shaped a  

The lenticular regions of a observed in the present work are often 

referred to as needles in the literature, but as only elliptical sections 

were observed in the present TEM work (Figure 4.29) it is felt that 

lenticular is a more accurate term, although the structural nature of 

the a makes an exact description difficult. 

The morphology and growth mechanisms of the Widmanstatten arrangement 

of a observed in the present work exhibit two characteristics: the 

lenticular regions are internally structured or striated and develop 

non-Burgers (i.e. Type 2) a at the expense of the Burgers related a during 

ageing. These features have been observed in ion beam milled thin foils 

(59, 60, 126) and are therefore considered to be representative of bulk 

specimens, and not artefacts caused by hydrogen contamination. 

In high solute content alloys aged at low temperatures, the lenticular 

regions of non-Burgers (2b, 61, 126) or strained a (63) consist of many 
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small particles of more than one variant which grow by a process of 

sympathetic nucleation. 	The perfection of the regions improves after 

prolonged ageing and at higher ageing temperatures. 

The structural details of the Type 2 a implies growth difficulties 

caused by a high interfacial and/or strain energy. As the lenticular 

regions are observed to consist of small precipitates, it is considered 

that strain energy limits growth, because interfacial energy is lowered 

when the precipitates grow in size. 	Strain energy results from volume 

constraints caused by precipitation of the a phase which has a larger 

specific volume than $(60, 62). 	Thus strain energy is lowered either 

by sequential growth of small aligned precipitates, or by development of 

a Burgers twin relationship. An incoherent interface develops as the 

precipitates grow (39, 46), thus lowering the strain energy. 	Those 

alloy systems which contain high proportions of $ stabilizers are 

'therefore expected to exhibit the greatest difficulty in forming in the 

absence of coupled growth because of the greater mismatch between the a 

and $ phases which is consistent with observations reported in the 

literature (2b, 61, 126). 	Rhodes and Williams (59) however, consider 

that twins develop by a nucleation and growth process driven by 

compositional differences between the Type 1 and Type 2 a, but they were 

unable to prove this. 	Also, this description does not account for the 

growth limited morphology of Type 2 a. 

Finally, it should be noted that both star and lenticular shaped a 

did not form in the region adjacent to the grain boundaries. 	It is 

apparent from the earlier discussion (Section 5.3 a(ii)) that nucleation 

of the w phase was kinetically favourable in these regions. 	This 

necessarily inhibited nucleation of both star and lenticular forms of a 

by raising the solute content of the matrix and possibly by removing the 

defects on which the star shaped a forms. At higher ageing temperatures, 

extensive precipitation of a occurred on the grain boundaries which 

raised the solute content in the matrix in the region adjacent to the 

grain boundaries and thereby inhibited formation of the a phase. 

Thus a more homogeneous distribution of a might be obtained by prior 

deformation (54, 55, 95, 96, 99, 100). 	The a nucleates on dislocations 

which exhibit high densities adjacent to twin interfaces. 	Homogenization 

of the star form of a does not seem possible in view of the proposed 

nucleation site. 	Other works (33, 126) have, however, reported a 

uniform distribution of both $' and star a. 
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Ellipse shaped a 

This section will be concerned with the salient features of the 

ellipse form of a and its relationship to the thermal w phase. 	A 

comparison of microstructures obtained after salt bath and furnace 

heat treatments, and after double ageing, is also presented. 

Earlier work (29, 31, 53) indicated that a was heterogeneously 

nucleated at grain boundaries or dislocations in low misfit systems 

containing the thermal w phase. 	Subsequent micrographical evidence, 

however, has illustrated the co-existence of ellipsoidal a and w phases 

in specimens aged at the upper temperature limit of stability for the 

w phase (2b, 3b, 39, 40, 54-56, 71), which suggests that w is converted 

into a. The present work also shows that the distribution and occurrence 

of this morphological variant depended on the rate of heating. 	The 

distribution corresponded to that of the previously precipitated w phase, 

and was therefore observed to form only in the grain boundary region 

after ageing at 723 and 773K in the salt bath and at 823K in the furnace 

(as discussed in Section 5.3.a(ii)), whereas a homogeneous distribution 

was observed in furnace and duplex heat treated specimens aged at 773K. 

The different phase transformations observed in salt bath and furnace 

treated specimens can be explained by the slower heating rates involved 

in the furnace treated specimens. 	This arose because the salt bath 

specimens were in direct contact with the heating medium, whereas 

furnace heated samples were encapsulated in pyrex, and heat transfer 

occurred through the glass via air and argon in the capsule. 	As the 

nose of the TTT curve for the w phase occurs at very short ageing times, 

significant nucleation and growth of this phase took place during 

heating to the ageing temperature in furnace treated specimers, whereas 

star and lenticular shaped a formed in salt bath treated specimens. 

This difference was particularly marked at ageing temperatures between 

723 and 773K. Similar differences in microstructure can be found for 

the SIII alloy after single ageing treatments at 755K for 480 minutes: 

Kalish and Rack (55) reported ellipsoidal a + w phases, whereas Froes et al 

(3b) observed a fine Widmanstatten a. Differences in heating rate may 

also explain other anomalies in the hardening response reported in the 

literature (3b, 40, 54). 

The formation of the ellipse a from the thermal w phase took longer 

than the formation of the star, and possibly lenticular a morphologies 

which developed in the central regions of the grain. 	Eventually, however, 
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the ellipse a also grew intoa lenticular morphology, which was 

associated with the development of non-Burgers a reflections. 

The rate of conversion of the thermal'w phase into ellipsoidal a 

depended on the ageing temperature, the volume fraction and the size of 

the w particles. 	The effect of size and volume fraction will be 

considered first. 	A comparison is made of the development rate of a 

in the grain boundary region of salt bath treated specimens with that 

formed in furnace treated specimens after the same heat treatment. 

For example, in the overaged condition w and w+ ellipse a particles were 

present after ageing in the furnace at 723 and 773K respectively, whereas 

ellipse and lenticular a developed in salt bath treated samples. 	The w 

in the grain boundary region after salt bath treatments reached ti1200R 

(Major axis) in 100 minutes at 723K, whereas the maximum size of w in 

the furnace treated specimens was r740A after 4,000 minutes. 	The volume 

fraction of w is expected to be greater in furnace treated specimens and 

consequently the size of the precipitates will be smaller. 	This is 

illustrated by reference to the schematic TTT curve in Figure 5.3. 
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Figure 5.3. Schematic TTT illustrating the larger volume fraction 

of w phase that is formed during a slower heating rate. 
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x1  < x2  < x3,  represent the fraction of w phase. 	The straight lines 

represent the heating and cooling rates and not the volume fraction 

of w phase. 	Note also the implication that a small amount of thermal 

w phase forms during water quenching. This forms as a result of 

interstitial diffusion, and is therefore represented as a broken line 

to distinguish it from w phase formed by bulk diffusion. 

Thus, a high volume fraction of small w precipitates was more stable 

with respect to formation of the ellipse a phase than a low volume 

fraction of large precipitates during low temperature ageing. 	The 

work -of Blackburn and Williams (29) also shows that a high volume fraction 

(estimated to be 0.60 from the work of Hickman (27)) of large w precipitates 

(3,000 A along their major axis) was stable with respect to formation 

of the ellipse a phase. 	The reason for the greater stability is 

possibly related to the concentration of molybdenum in the a matrix, as 
formation of a from w requires further rejection of molybdenum into 

solid solution, the equilibrium and metastable equilibrium concentrations 

of molybdenum in the a and w phases being '0.8 and 7.7 weight per cent 

respectively (6, 27). 	Thus the reduction in bulk free energy achieved 

by nucleation of the a phase will be less in the situation with a 

higher volume fraction of the w phase because of the greater concentration 

of solute in the matrix. 	It is also possible that reversion of the w 

phase is necessary before precipitation of the a phase can proceed: 

reversion would lower the solute content of the matrix and therefore 

increase the driving force for precipitation of a. The rate of w - a 

transformation would be limited by bulk diffusion which is very slow at 

low ageing temperatures. Heterogeneous nucleation of a at grain 

boundaries and isolated dislocations is then kinetically favourable, 

as observed in the literature (2b, 20, 29, 31, 40). 

A significant increase in hardness was obtained on ageing at 773K 

after pre-ageing in the w phase field for 10 and 30 minutes (Figure 4.36a). 

This was probably caused by further growth of the w and/or a phases 

during heating. 	Reports in the literature (3b, 49) show a decrease in 

hardness after a second higher temperature ageing treatment which is 

attributed to reversion of the w phase and precipitation of the ellipse a 

phase. 	The initial ageing treatments were considerably longer in 

these works (3,000 and 6,000 minutes), which would result in higher 

volume fractions of the w phase, such that further growth of the w phase 

at higher temperatures was limited. 	Such is the case for the specimen 
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pre-aged for 100 minutes in the present work, which exhibits little or 

no change in hardness after a higher temperature age. 	It is also of 

significance that the pre-ageing time makes very little difference to 

the peak hardness value, which indicates that a long pre-ageing treatment 

is not necessary. 	The slower heating rate of a furnace also results 

in similar peak hardness values: slow heating at temperatures >773K is, 

however, expected to cause variations in microstructure across the 

section of thick specimens. 

The efficiency of the w -} a transformation is reduced at the higher 

ageing temperature of 823K because of the rapid reversion of the w phase, 

the reversion temperature for w being 773-823K (3b, 49). 	This is 

illustrated in the present work by the loss in hardness to values 

approximately the same as those found after single ageing treatments 

(Figure 4.36b). 	Similar effects are reported in the literature for 

these ageing temperatures (3b, 44, 49, 54). 	TEM confirmed that complete 

reversion of the w phase occurred after 30 minutes ageing at the higher 

temperature. Any ellipse a formed from the w rapidly developed into 

a lenticular morphology at this ageing temperature (Figure 4.33b). 

Thus pre-ageing, or slow heating treatments that cause precipitation 

of the thermal w phase and lead tc the development of the ellipsoidal 

a phase result in higher hardnesses (Figure 4.36). 	During the early 

stages of ageing at 773K this increase is associated with a higher 

volume fraction of very fine, uniformly distributed, ellipsoidal a, 

compared to a low volume fraction of star a (Figures 4.28 and 4.31). 

In the overaged condition lenticular regions of a developed in both 

furnace and salt bath treatments, although the development was far slower 

in furnace and duplex heat treated specimens. 	Thus the precipitate 

size was finer after equivalent ageing treatments (compare figures 4.30 

and 4.32). 	The presence of the w phase, as evidenced by the presence of 

weak diffraction maxima in both X-ray (Table 4.2) and TEM work on 

furnace and double aged specimens, also contributed to the higher hardness 

values. 

Ageing at 823K did not result in such significant differences between 

furnace and salt bath treatments, although some refinement of a was 

apparent (Figure 4.33). 	Ellipse w and a phases, however, persisted in 

the grain boundary region of furnace treated specimens, probably because 

the time at 823K was less in these specimens than in those given a salt 

bath treatments. An important difference noted in the microstructure of 



102 

duplex heat treated samples was the increased amount of precipitation 

that occurred in the grain boundary region and the reduced amount of 

coarse a precipitated on the grain boundary, both of which resulted from 

prior precipitation of the w phase. 	The effect was also apparent after 

single ageing  treatments in the salt bath for specimens aged at 723 

and 773K when compared to those aged at 823K. 

The present results illustrate the care that must be exercised in 

using  TTT curves for quenched and aged specimens, especially when the 

phase transformations are rapid, as is the case for the w phase. 	The 

Quench rate, heating  rate, specimen size and possibly the interstitial 

content are all expected to influence the phase transformations in Ti-15Mo 

at a given ageing  time and temperature. 	The distribution of the phases 

across a section of a grain can also vary considerably in this alloy. 

. The exact mechanism by which a-nucleates in the g + w microstructures 

is not known. 	It is not likely that nucleation occurs in the f3 matrix, 

which contains a high concentration of molybdenum rejected from the w 

precipitates: also, homogeneous nucleation of a from 13 is crystallograph- 

ically difficult. 	Nucleation of a at the 0/6) interface is also not 

expected as Ti-Mo is a low misfit system, although interfacial dislocations 

(29, 31), are reported to occur in the high misfit Ti-V alloys at the 

point where cuboidal w transforms to a. 	Fringe contrast effects are 

reported in ellipsoidal w precipitates at the point of a phase precipitation 

(3b), which are considered to arise from a thin layer of a surrounding  

the w precipitates. 	Similar effects were observed in the present work. 

Ellucidation of the problem is complicated by the high volume fractions 

and small particle sizes involved, apart from the destructive influence 

of the hydride transformation. 	The morphology, size and volume fraction 

of the ellipsoidal a precipitates is the same as that of the prior w phase 

(3b). Thus many workers consider that a forms directly from the w phase 

(3b, 31, 37, 53-55, 71). 	The fact that the volume fraction of the 

ellipsoidal a is diminished when samples are aged above the w reversion 

temperature, also suggests that the nucleation of a depends on both the 

solute content, and structural properties of the w phase. 	It is 

probable, therefore, that a nucleates on stacking  faults in the w phase 

(41) as observed by Flower and Swann (2c) in Ti-Zr alloys. 	This may 

also account for the structural features noted in the literature (3b,29, 31). 

In summarizing  this section on the microstructure of the a + S 

condition, it can be said that the three different morphological variants 
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of the a phase occur in Ti-15Mo as a result of nucleation at different 

sites. A lenticular morphology is expected to ultimately replace 

both the star and ellipse forms with continued ageing. 	It is the only 

morphology to develop a non-Burgers relationship with the 8  matrix. 

Refinement of a is obtained by prior precipitation of the thermal w phase 

which also results in a more homogeneous distribution of a and a reduced 

amount of a precipitation on the grain boundaries. 

5.3.b. Strength  

5.3.b. (i) Hardening mechanisms  

The hardness curves in Figures 4.21 and 4.22 have provided a 

reasonably sensitive means of following the sequence of precipitation as 

a function of ageing. 	The plateau hardening response led to discussions 

(See section 5.3(a) (i)) concerning the development of w by movement of 

interstitials, whereas differences in hardness between salt bath and 

furnace heating led to investigations that revealed variations in 

microstructure. No change in hardness was, however, apparent when needle 

shaped a replaced the star morphology. 

In general, the change in hardness caused by precipitation depends 

on a number of factors, all of which increase the resistance to move a 

dislocation through the matrix (124). 	Both the degree of hardening, 

and the mechanism of dislocation-particle interaction (i.e. a cutting 

or by-pass mechanism) depend on the volume fraction and size of precipitates, 

which in turn depend on the ageing treatment (122, 124). 	The precipitate 

properties affecting dislocation movement include coherency strains 

(caused by differences in the matrix and precipitate unit cell volumes 

or thermal expansion coefficients), the coincidence of slip planes, the 

value of the interfacial energy, and differences in the crystal 

structures and elastic moduli. Microstructural analysis of dislocation 

interactions with either a or w phases is very limited in titanium based 

alloys, except for large, primary a particles, mainly because the nature 

and size of precipitates limits investigation. 	This information is 

summarized below, which gives an indication of the mechanism by which the a 

and w phases increase the strength and cause loss of ductility. 

The elastic modulus of the phases increases in the order a, a, w(3b, 

26, 41, 44, 96, 97). 	The w phase is considered to remain coherent to 

the point when it is replaced by the a phase in Ti-Mo alloys (29), whereas 

the a phase is reported to be coherent (126) or semicoherent (39, 46, 58) 
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only during the early stages of ageing at low temperatures. 	Mendirrata 

et al (98) however, claim that the fine, Widmanstatten a is incoherent 

in their Ti-Nb alloys. 	Both phases raise the solid solution strength- 

ening of the a matrix by rejecting molybdenum (3b, 35, 40, 49, 96) which 

also causes a decrease in the lattice parameter of the $ matrix and 

hence an increase in the mismatch between the a and a phases. 

The volume/atom ratio of both the a,and w phases is greater than that of 

the $ matrix (lb, 79, 126), which causes strain. 	The combined effect 

of a composition change and volume constraint caused by w phase 

precipitation however, results in a macroscopic contraction (lb, 82). 

Silcock (41) was the first to point out that w might behave like 

a hard, inpenetrable barrier, depending on its size and volume fraction, 

such that a dislocation by-pass mechanism operated. 	TEM evidence has 

been presented (26, 35) which substantiates this. 	Embrittlement is 

considered to arise from the resulting high work hardening rate, leading 

to void nucleation at the w/$ interface (35, 90). 	A poor correlation 

exists between the dimple spacing and the particle size and spacing 

(40, 79) although an increase in the volume fraction of the w phase leads 

to smaller, shallower dimples (26, 40). 	Other works also consider that 

dislocations by-pass the w phase particles (44, 90) although the results 

are more consistent with a dislocation cutting mechanism, in that intense 

slip band formation is observed (44, 90) together with a low work 

hardening rate (35, 44, 71). 	Intense localised slip band formation is 

associated with the onset of embrittlement in Ti-Mo, Mn, V, Cr, and Nb 

alloys containing a high volume fraction of w precipitates, i.e. X0.5 

(26, 78, 81, 79 and 98 respectively). 	These bands form because further 

resistance to slip is lowered after the passage of the first dislocation, 

which is consistent with the low work hardening rate reported in other 

works (35, 44, 71). 	Both Gysler et al (26) and Levine et al (78) 

report that a large number of w precipitates are destroyed within the 

more intense slip bands, presumably by a particle cutting mechanism. 

Embrittlement is considered to occur as a result of the high stress 

concentrations that develop ahead of the slip bands, which cause cracks 

to develop between intersecting slip bands or slip bands and grain 

boundaries. 	In summarising the literature on embrittlement by the w 

phase it appears that a dislocation by-pass mechanism operates when a 

low volume fraction of large w particles exists: at higher volume 

fractions and smaller particle sizes, a dislocation cutting mechanism 

operates. 
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One of the anomalies in the deformation characteristics of the w 

hardened systems is the observation of wavy slip bands. 	Cross-slip, and 

consequently wavy slip is associated with pure metals and solid solutions 

in bcc systems, but only on a microscopic scale. 	It occurs because 

the Burgers vector of the slip dislocation lies in <111> S directions, 

which are not confined to a single slip plane. 	A dislocation cutting 

mechanism also involves co-planar slip, which contradicts the development 

of wavy slip. 	It is possible that the interaction of slip bands might 

cause cross-slip on a macroscopic scale. 

The hardening mechanism and dislocation interactions with a particles 

is even less well understood, and obviously further complicated by the 

variety of morphological forms. 	It is not possible to obtain similar 

volume fractions and sizes of the various forms of a, and therefore a 

comparison of their relative hardening ability is difficult. 	It is 

clear from the hardening response (Figures 4.21 and 4.22) that the 

degree of hardening is less than that produced by the w precipitates, 

although ellipsoidal a does produce significant hardening (for example, 

specimencaged at 773K in the furnace or in the salt bath after a pre-

ageing treatment, Figure 4.36), as does a very fine dispersion of star 

and Widmanstatten a (723K, salt bath aged). 	These results agree with 

other work, in which maximum hardness is found in systems containing 

ellipsoidal a (40), raft a (2b, 125) or small particles of Type 2 a 

(59, 126). 	Thus significant increases in strength are obtained by 

precipitation of a fine dispersion of a, which is consistent with 

accepted theories (122). 	Rhodes and Paton (126) found that particle 

size effects alone could not account for the observed strength levels by 

the Orowan hardening mechanisms (i.e. particle looping) in their Ti-3A1- 

8V-6Cr-4Mo-4Zr alloy. 	Better agreement was obtained between calculated 

and experimental strength levels when they accounted for coherency 

strains. 	These effectively increase the diameter of the precipitates and 

therefore caused greater hardening. 

Very little work has been carried out on the dislocation interactions 

in an a hardened S matrix. 	It is claimed (102, 103) that large, 

primary a particles in a + a alloys deform before the 8 matrix because a 
is the softer of the two phases (2a,f,g, 40, 78, 96, 101-104), but this 

mechanism is hardly likely to apply in the a isomorphous alloys, because 
the particles are far smaller. 
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Mendirrata et al (98) observed dislocations in the 8 matrix 

of undeformed specimens containing small, incoherent a particles in 

their Ti-Nb alloys. 	They suggested that the S matrix deforms as a 

result of volume constraints caused by precipitation of the a phase. 

They assumed that dislocations also by-pass a particles in deformed 

specimens. 	These results must be treated with caution as their foils 

were contaminated with hydrogen, which will affect the microstructure 

of the S, but not that of the a phase. 

It is possible that the dislocation particle interactions may be 

affected by the different crystallographic variants of the a, as 

coincidence of slip systems is only, to be expected with the Burgers 

related a(126). 	Margolin et al (62) however, report that the Type 2 

interface a does not produce a significant barrier to dislocations 

passing from large, primary a particles into the a matrix. 	Rhodes 

and Paton (126) consider that dislocations only encounter the coherency 

strains that surround small particles, i.e. the crystallography of the 

precipitates is unimportant in these circumstances. 

A considerable amount of work has been concerned with the effect on 

ductility and toughness when a is precipitated on grain boundaries. 

This is discussed further in the next section. 

5.3.b. (ii) Structure-strength relationships  

This section will be concerned with the relationship between the 

tensile properties, fracture characteristics and microstructures of 

tensile specimens. 	Firstly, some general points are made. 	It should 

be noted that the tensile data (Table 4.4) were obtained from only 

one or two specimens in each test condition, but, where duplicate specimens 

were tested, the scatter was small. 	It is therefore considered that 

the results are representative of the tensile behaviour of the aged material. 

The microstructures presented in this work are of strip material 

solution treated at 1063K whereas tensile specimens were machined from 

plate material solution treated at 1163K, which resulted in a larger 

grain size (Table 2.1). 	Thus, plate material exhibited a reduced amount 

of precipitation on the grain boundaries compared to strip material. 

The higher solution treatment temperature also resulted in a finer 

dispersion of precipitates and higher hardness values (Table 4.3.). 
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Macroscopically brittle behaviour  

Specimens containing the aged form of the w phase all exhibited 

extreme brittle behaviour on a macroscopic scale (Table 4.4). 	This 

agrees with other literature on many titanium alloys (3b, 26, 35, 40, 

44, 54, 49, 71, 81, 94), although proof stress values (which corresponded 

to the fracture stress) were obtained in many of these works from both 

compression and tensile specimens. 	The proof stress values obtained 

ranged from 1104 to 1381 MNm-2  for Ti-Mo based alloys containing various 

volume fractions of the w phase (26, 35, 40, 44, 54, 71, 127). 

Some ductility is however, retained when the volume fraction and size 

of precipitates are less than 0.5 and 100A respectively (35, 44). 

Gysler et al (26) however, report brittle behaviour even under these 

circumstances, although the grain sizes were much larger (250pm) in 

their work than in other studies (20-30pm) (40, 44, 54, 71, 127). 

The presence of dimples on the fracture surfaces (Figure 4.38), 

demonstrates that crack propagation occurs in a ductile manner on a 

microscopic scale. 	The fracture mechanism in other work is observed 

to change from microvoid coalescence of dimples, similar to that reported 

in section 5.2. for solution treated material (26, 35, 79), to an 

intergranular mode (26) as the volume fraction of the w phase increased. 

Gysler et al (26) consider that the dimple spacing in the former 

instance corresponds to the spacing between slip bands. 	The stepped 

regions are a characteristic feature on fracture surfaces of specimens 

containing a high volume fraction of the w phase when tested in compression 

(26, 40) or in the tensile overload region of pre-cracked fracture tough-

ness specimens (71, 127), and in tensile specimens that break at the 

shoulder (as in the present work) (90). 	Crack propagation occurs along 

slip bands under these circumstances (26, 71); the steps form when the 

slip bands are non-planar, and it is suggested that the dimples develop 

from voids caused by intersecting slip bands that form within the plastic 

zone ahead of the propagating crack (26). The reason for the brittle 

behaviour of w hardened systems reported by Gysler et al (26) 

mentioned earlier, can now be explained in terms of the larger grain size. 

Stress concentrations develop when slip bands meet an obstacle such as 

a grain boundary or other slip bands. The stress will build up as the 

number of dislocations trapped behind the obstacle increases, and will 

therefore be greater in specimens with a larger grain size, causing 

reduced ductilities. 
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Fracture at the shoulder of a tensile test piece is typical of 

high strength materials in which a limited amount of plastic deformation 

is possible. 	The shoulder acts as a mild notch which develops high 

stress concentrations such that premature failure occurs before macroscopic 

yielding. 	Fractographic and tensile data obtained under these 

conditions should strictly be discarded, as deformation and crack 

propagation are a characteristic of -the stress concentration at the 

radius of the shoulder of the test piece, which does not necessarily 

reflect the mechanical properties of the microstructure. 	This is 

illustrated elsewhere in the present work by comparing the mode of 

crack propagation in the shear lip (Figure 44a - transgranular fracture) 

and fibrous regions (Figure 4.2 - intergranular fracture). 	Thus it 

may be misleading to consider that w hardened tensile specimens would 

also fracture in a transgranular mode along slip bands. 	It is expected 

"that the grain boundaries would be weaker because of segregation (120, 

121) and preferential precipitation effects (38, 121). 	Indeed several 

areas of the fracture surface exhibited smooth intergranular fracture in 

the present work, which presumably depended on grain orientation. 

The other type of microstructure that exhibited very high strengths, 

causing brittle failure before macroscopic yielding, contained adcnn, 

homogeneous distribution of the ellipsoidal a and w phases (Figure 4.31). 

These specimens were aged at 773K in the furnace, or in the salt bath 

after pre-ageing at 673K. 	(The weakness of the w phase reflections 

reported in Section 4.3.b(i) is thought to be caused by hydride 

contamination as discussed in Section 5.3.(i), as well as the low volume 

fraction of w phase). High proof stress values, "1104 to 1333 MNm-2  are 

reported for these microstructures (3b, 54, 55, 71, 127) which are 

obtained by either ageing at the upper temperature limit of stability 

for the w phase (54, 71, 127) or by pre-ageing (3b). 	Elongation-to- 

fracture values ranging from <1 (54, 71, 127) to n4% (3b, 55) have been 

obtained, with reduction inuarea values between 5 (54, 71, 127) and 13% 

(3b) which is at variance with the present results in which brittle 

behaviour was observed. However, it is not clear that w precipitates 

persisted after the second high temperature age in the work of Froes et 

al (3b). 

Most of the results for the Ti-Mo alloy (54, 71, 127) were obtained 

from material solution treated below the a transus (resulting in 
precipitation of a on the grain boundaries) prior to lower temperature 

ageing. The grain size, microstructure after ageing and fracture 
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characteristics were reported to be identical to material solution 

treated above the a transus (71, 127), although a close examination of 

the micrographs in reference 127 shows that a significant volume fraction 

of a particles had nucleated within the grains as a result of the lower 

solution treatment. 	A comparison of the work on the SIII alloy 

containing ellipsoidal a and w phases, shows that smaller, partially 

recrystallised grains (3b) exhibited higher proof stress values, as a 

result of the increased precipitation of the Widmanstatten a on sub 

grain boundaries, but elongation values did not differ significantly. 

It therefore appears that differences between the present work and that 

reported in the literature are not associated with a precipitation on the 

grain boundaries. 	It is thought that the brittle behaviour exhibited 

in the present work was caused by a higher volume fraction of w and/or 

ellipsoidal a phases, causing much higher strength levels to be attained, 

which resulted in premature failure in a similar manner to that found 

with w aged structures. 	It is expected that the larger volume fractions 

of ellipsoidal a + w phases would result from the higher solution treat-

ment temperature used in the present work and from the two step ageing 

process. 	The larger grain size (70um compared to 20-30um) would also 

contribute to reduced ductilities, as described earlier. 	Estimations 

of the volume fraction of the w phase could not be made from TEM 

micrographs in the present work because of difficulties caused by the 

high volume fraction of small precipitates, and hydrogen contamination. 

Bowen (54) states that the volume fraction of precipitates for the w, 

w + a or a aged condition were all tv0.5 after ageing between 748-833K, 

although he states elsewhere (71, 127) that the volume fraction of the 

a + w aged condition cannot be determined with any degree of certainty 

from the changes that occur in the phase lattice parameter, because 

of the presence of three phases. 

Bowen (54) found that the 0.2% proof stress values for the micro-

structures containing ellipsoidal a and w phases were higher than for 

both the a + w and 0 + a (Widmanstatten morphology) conditions. 

Values of E (Young's modulus) were slightly greater than for the material 

containing Widmanstatten a, but far lower than in the aged w condition. 

As the yield stress is affected by both the volume fraction and size 

of precipitates, whereas E is mainly affected by the volume fraction, 

Bowen considered that the higher ay/QUTS value was caused by a reduction 

in the size of a precipitates. 	Although a reduction in the size of the a 

precipitates may well contribute to an increased ratio, it is felt that 

coherency strains are more important, (see Section 5.3.b(i)). 



110 

Macroscopically ductile behaviour  

This section will be primarily concerned with the structure - 

strength relationships of specimens aged at temperatures >723K in the 

salt bath. 	Firstly the tensile properties (Table 4.4) are compared 

to those reported in the literature for the aIII and Ti-15Mo alloys. 

Strength levels after ageing at 823K are approximately the same 

(3a, 3b, 5, 54, 71, 96) despite differences in quench rate, solution 

treatment temperature, grain size and ageing time. 	Ductility parameters, 

such as uniform and total elongations and reduction in area, are somewhat 

more variable. 	The elongation values of Bowen (3a, 54, 71) correlate 

with furnace treated specimens in the present work, although reduction 

in area values are generally higher, til6 to 32%, whereas Froes et al (3b) 

report values of approximately 60% for SIII, although the age temperature 

was considerably higher, 866K. 	A comparison of strength levels after 

ageing close tc 773K suggest a significant sensitivity to small variations 

in ageing temperature, although the present results illustrate that the 

heating rate is also important. 	For example, ageing at 798K for 

960 minutes results in considerably lower proof and ultimate tensile 

stress values, 1059 and 1124 MNm-2  respectively, (54, 71) compared to 

1256 and 1425 MNm-2  values for the present work. 	Total and uniform 

elongation values are also generally higher in the present work, 4.0 

and 7.4% compared to 0.7 and 2.5%. 	Reduction in area values show 

considerable scatter in the present work, and are therefore not compared. 

The microstructures in the above mentioned specimens are reported 

to contain a Widmanstatten arrangement of a needles, whereas specimens 

aged at 723 and 773K in the present work initially formed as a fine 

dispersion of star a. This developed into a dense tangle of predominantly 

Type 2a needles, although the morphology of a precipitates was more 

ellipsoidal in the grain boundary region. 	It is interesting to note 

that the proof stress value obtained from this microstructure (1454 MNm-2) 

is far higher than that reported for either the a + w or ellipsoidal 

S + w  + a structures. 	It is felt that these microstructures can 

provide a superior combination of strength and ductility than that 

reported in the literature for the ellipsoidal w + a condition. 

The fracture surfaces of these microstructures will now be discussed 

in relationship to the microstructure and strength. All specimens 

exhibited intergranular fracture. 	The details on the facets of the 

fracture surface reflected the underlying microstructure. 	For instance, 
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the fracture surface of specimens aged at 723K exhibited a mixture 

of shallow dimples and cleavage-like features (Figure 4.39); very 

few facets were smooth, like those shown in Figure 4.42 for specimens 

aged at the higher temperature of 823K. 	Precipitation of a on the 

grain boundaries occurred in both specimens, although the plates were 

finer at the lower ageing temperatures. 	It is also possible that the 

precipitates formed at the higher ageing temperatures were incoherent, 

whereas those formed at lower ageing temperatures were coherent. 

The region adjacent to the grain boundary also contained a far higher 

volume fraction of precipitates after the lower temperature ageing. 

It therefore appears that the ease of crack propagation, as illustrated 

by the percentage of dimpling, is governed by the size and nature of 
the grain boundary precipitates and by the density of precipitates in 

the regions adjacent to the grain boundaries. 	Pre-ageing treatments 

at 823K reduce the amount of coarse a precipitation on the grain boundary 

and increase the amount of precipitation in the matrix adjacent to the 

grain boundaries; this results in a greater amount of dimpling. 

The cleavage features in the specimen aged at 723K are thought to be 

associated with the more ellipsoidal morphology of a found in certain 

grain boundary regions. Maximum dimpling was found in specimens aged 

at 773K. This corresponds to a fine dispersion of grain boundary 

precipitates and a high volume fraction of a in the grain boundary. 

This a developed from the w phase, but was more needle shaped and 

presumably of a lower volume fraction than in specimens aged at 723K, 

thus cleavage-like features were absent in fracture surfaces. 

Ductility, as determined by elongation and reduction in area values, 

generally decreased as the strength levels increased, although the 

ductilities were far lower in specimens aged at 823K in the furnace 

compared to salt bath treated specimens, even though the strength 

levels were similar. The reason for this is not understood, especially 

in view of the good ductilities of the double aged specimens, which 

underwent the same precipitation sequence, i.e. S +w -} S + a. 

The volume fraction of a precipitates was lower in the grain boundary 

region of the furnace treated specimens, where ellipsoidal a and w 

precipitates persisted, probably because the time at 823K was less than 

in the specimens subjected to a pre-ageing treatment. 	This explanation 

does not, however, explain the low ductilities of the overaged specimens. 

A general feature of the fracture surfaces of the specimens exhibiting 
some tensile ductility, was the variation in dimple size. 	This may be 
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partly attributed to incomplete recrystallisation (see Section 4.2.a), 

such that the fracture crack deviated along a precipitated on sub-grain 

boundaries to form elongated dimples. 
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6. CONCLUSIONS 

6.1. SUMMARY 

1. The material used in this work was found to be chemically inhomogen-

eous, resulting in bands of incompletely recrystallized grains in which 

a preferentially precipitated on ageing. 

2. Electrothinning resulted in the formation of a plate-like titanium 

hydride by a shear transformation. 	The hydride was fct, c/a = 0.88 

and generally twinned on {111} fct planes. 	It was shown to revert on 

warming to room temperature to the "thinning transformation" effect. 

w precipitates were sheared into an fcc structure by the hydride. 

Hydrogen also caused expansion of the a phase lattice parameter. 

3. Deformation in tension of solution treated material produced 

mechanical twins on {332} <113> system. 	Enhanced ductility was observed 

in the temperature range 180-293K. 	This was attributed to inhibition 

of necking due to strengthening from a higher work hardening rate which 

resulted from the twin formation. 	Fracture occurred by ductile failure 

involving microvoid coalescence and growth to form dimples. 

4. A plateau hardening effect is observed after low temperature ageing 

which is thought to be associated with the formation of a fine dispersion 

of w particles. 	It is proposed that the particles form from a vacancy 

defect, the existence of which is controlled by interstitial diffusion. 

5. The rate of heating to the ageing temperature was found to significantly 

affect the ageing characteristics and tensile properties of material 

aged in the range 723-823K. A greater hardening and a more rapid 

attainment of peak hardness resulted from furnace heating, which was 

attributed to a greater degree of w formation with the slower heating, 

and to the existence of the w to longer times. 

6. Ageing produced three morphological variants of the a phase, these 

being star, ellipsoid and lenticular. 	The star a comprised of thin 

plates of different variants which were Burgers related to the $. 	The 

ellipsoid form of a was also Burgers related, whereas the lenticular 

form exhibited non-Burgers diffraction maxima. 	It is proposed that the 

star form of a nucleates on stacking faults that develop from vacancy 

clusters, and that the ellipse form of a nucleates on stacking faults 

that develop within the thermal w phase. The growth mechanism of the 

lenticular form of a is thought to be restricted by volume constraints. 
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7. Two step ageing treatments, involving ageing at 673K prior to 

ageing at 773 or 823K, achieved a greater hardening than single ageing 

treatments; at 823K, the strength and ductility were also superior, 

but at 773K, embrittlement resulted. 	The size of a precipitates was 

refined by nucleation of a within the previously precipitated w phase. 

Pre-ageing also reduced the amount of precipitation on the grain 

boundaries and increased the volume fraction of precipitates formed in 

the region adjacent to the grain boundary. 	This was achieved in 

short ageing times. 

8. Embrittlement was associated with microstructures containing a high 

volume fraction of ellipsoidal w or w + a precipitates. 	Fracture 

surfaces, nevertheless, exhibited a very fine dimpling, which showed that 

failure occurred in a microscopically ductile manner. 

9. Ductile behaviour was associated with the development of a Widmanstatten 

arrangement of lenticular a particles. Higher strength values were 

obtained with finer dispersions of a, although ductility was lower. 

Prolonged salt bath ageing treatments at 773K produced high strengths 

and reasonable ductility. Fracture occurred along an intergranular path. 

6.2. RECOMMENDATIONS FOR FUTURE WORK 

It is suggested that a procedure for homogenization is developed 

before commencing the following recommendations for further studies on 

Ti-15Mo. Microprobe analysis may be used to ellucidate the nature of 

the chemical inhomogeneity. Recommendations for future work are 

listed below. 

1. In view of the substantial modifications to microstructure produced 

by hydrogen contamination an investigation should be made into other 

thinning techniques which might avoid the problem. 	Ion beam thinning 

is not considered a satisfactory alternative as displacement damage 

masks the presence of small precipitates such as w or ellipsoidal a. 

Anhydrous polishing solutions are suggested as the present work has shown 

that water is a major source of contamination. 

2. It would be of practical interest to see how a fine dispersion of w 

formed at low ageing temperatures (plateau region) affected the tensile 

properties when compared to as-quenched material. 	The effect of oxygen 

content should also be studied in view of the proposed influence of 

interstitials on w formation. 	Also, it would be of academic interest 
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to investigate the reason for the equiaxed nature of the dimples 

observed in the shear lip zone. 

3. A TEM study of the early stages of formation of the star a would 

determine the validity of the suggestion made in this work that these 

precipitates nucleated on stacking faults. 	Similar studies are also 

required for the ellipsoidal w -* a transformation. 	It is suggested 

that the specimens are first aged to give a low volume fraction of large 

w precipitates (e.g. at 673-723K in the salt bath) which is subsequently 

reverted at a higher ageing temperature (e.g. 773K) to produce a. 

4. It is felt that further improvements to the mechanical properties 

could be achieved with duplex heat treatments. 	Investigations should 

consider lowering the volume fraction of the ellipsoidal a + w 

precipitates. 	This might be simply achieved by slightly raising the pre- 

ageing treatment temperature to above the nose of the TTT curve for 

the w phase. 	Alternatively, a fine dispersion of small lenticular 

shaped a may provide a better combination of strength and ductility. 

In this respect, it is recommended that the second higher temperature 

ageing treatment is between 773-823K. 	Attention should be paid to the 
wd 

heating rate (i.e. use a salt bath)Lto the interstitial content of the 

alloys. 

5. It has been demonstrated that heterogeneous dispersions of a on the 

grain boundaries in this alloy system provide easy paths for crack 

propagation during tensile failure. 	Cold work prior to ageing eliminates 

these heterogeneous dispersions. 	A future study could therefore 

investigate the effect of cold work on the tensile properties. 	It 

would also be useful to determine the fracture toughness behaviour of 

selected specimens. 	In this respect, further possible improvements 

should be considered in terms of varying the grain size, and the degree 

of recovery and recrystallization; the effect of precipitating large a 

particles by a high temperature age prior to low temperature ageing 

should also be considered. 
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APPENDIX 1  

Determination of the c/a ratio for the tetragonal system. 

The formula for the interplanar angle, 0, in the tetragonal system 

is given by 

Cos 0 = h1h2 
+ kik2 	

1
2.
2  

a 
2 

c
2  

(h2  + ki 	kl2  ) (h2 .± .k2 	k2 

2 	 + 2 	2 	+ 
a 	c 	a 	c 

. 

which can be simplified by putting c = a/x. 
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4 

APPENDIX 2 

Measured interplanar spacings for the a, 0 and to phases. 

0 phase 

1073K, 60 mins 

a phase 

873K, F, 1200 mins 

w phase 

723K, F, 4180 mins 

hkl d A .hkl 	 d A 	hkil. d A 

0001 2.825 

1010 2.555 

110 2.308 0002 2.344 1011,1120+  2.300 

1011 2.243 

1121 1.790 

1012 1.727 

200 1.635 _ 2021+  1.631 

1120 1.474 

0002 1.412 

211 1.337 1013 1.334 2.131+  1.333 

2000 1.278 

1122 1.248 

2021 1.233 

1122,3031 1.205 

0004 1.172 

220 1.156 2240+  1.150 

2022 1.123 

1014 1.064 

310 1.035 3141,1232+  1.031 

2023 0.989 

3032 0.971 
222 0.945 2131 0.947 0003,4041+  0.941 

1124 0.919 1013,2350 0.918 

2132 0.894 2242 0.895 

321 	• 0.847 2351+  0.872 

3000 0.853 2023 0.852 

1451 0.835 

2133 0.822 

3032 0.801 1233 0.800 

+w phase reflections which superimpose on the S phase lines. 

N.B. The a phase lines are for a heat treatment at 1073K and therefore 
the relative position of the a,.0 and to phase lines as observed on the 
X-ray film will not correlate exactly with the d values as shown in the 
table. 
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APPENDIX 3 

.Q 

ā )3.26 
a, 
E v 
ci a 
a) 

0 3.25 

3.27 

3.24 
6 7 8 9 10 11 12 13 14 15 16 

atomic percentage molybdenum 

Lattice parameter of a phase as a function of 

molybdenum concentration. (Data taken from 

Hake et al, ± 0.O05R (115), line from Bowen (71)) . 
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The Thinning Transformation in p Ti—Mo Alloys 

G.M. PENNOCK, H.M. FLOWER, AND D.R.F. WEST 

Department of Metallurgy and Materials Science, Imperial College of Science and 
Technology, London, SW7 2AY, UK 

An investigation has been made of the thinning transformation that occurs in a Ti-
ISwt%Mo alloy during the preparation of foils for electron microscopy using electropolish-
ing. This transformation was manifested by the presence in the foils of plate-like crystals, 
together with dislocation debris and surface striations. Foils were prepared by electropol-
ishing at subzero temperatures using conditions selected so as to examine the influence of 
hydrogen contamination. Ion beam thinning was also employed. It is concluded that the 
thinning transformation arises from the formation of plate-like crystals of fct titanium 
hydride by a shear reaction, followed by the reversion of this hydride to bcc /3 as the foil 
temperature is raised after electropolishing. It is also concluded that this mechanism 
explains observations previously reported in the literature concerning electropolished foils 
of various /3-titanium alloys. 

1. Introduction 

It is well known that artifacts can be introduced into thin foils of 
titanium alloys during their preparation for electron microscopy. In «-
titanium alloys, the formation of oxide films and/or the introduction of 
hydride precipitates has been observed, [1, 2]. In metastable bcc /3 
alloys a wide range of structures has been reported and variously 
interpreted as artifacts or transformations induced by the removal of 
bulk constraints on thinning. 

Three broad categories of such microstructures have been reported in 
p alloys: 

1. An fcc or distorted fcc phase formed as plates and internally 
twinned on {11 11 planes [3-8]. This has been observed in the Ti—Mo, Ti—
Mn, Ti—Or, and Ti—Al—Mo—V systems and has been variously inter-
preted as a hydrogen-stabilized martensite [6], a martensite related to 
TiCr2  [7], a martensite produced by the release of surface constraints [3, 
4, 7], or a true bulk martensitic product [5, 8]. 

Floc irr Nu,rth -Ho,l:,nd. Inc.. 1971' 
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2. A martensite-like product consisting of plates which exhibit the 
diffraction maxima of the /3 phase only, but may contain twins or 
stacking faults [9, 10]. In some cases the structure is not stable under the 
electron beam in electron microscopy and exhibits distorted /3 reflec-
tions [ 10-12]. 

3. A dislocated structure associated with surface striations present in 
the Q phase [5, 13, 14]. 

It is the purpose of the present paper to show that these features can 
be produced in a binary Ti-15wt%Mo alloy (IMI 205) simply by varying 
the thinning conditions and that all three categories of microstructure are 
attributable to the pickup of hydrogen by the foil during preparation. 

2. Experimental Method 

Samples of commercial IMI 205 sheet 7.5 mm thick, containing 
15wt%Mo and 2050 ppm 0, were rolled at 650°C down to 1.3 mm, and 
further cold rolled at room temperature to 0.9 mm prior to sealing in 
silica capsules, filled with an inert atmosphere of argon, and solution 
treated at 800°C for 1 hr. The samples were then water quenched to 
prevent transformation of the / phase on cooling. The structure con-
sisted of equiaxed /3 grains showing some decomposition into /3 + w 
during quenching, since diffuse co reflections were apparent in the 
electron diffraction patterns. The samples for electron microscopy were 
ground to approximately 0.1 mm thickness. 

A series of experiments on foil preparation for electron microscope 
study were carried out in order to obtain a reproducible thinning 
transformation previously reported in this alloy [14], with the aim of 
elucidating the reason for its occurrence. This transformation involved 
the formation of plates, dislocation debris, and striations. The tech-
niques, and reasons for their employment are summarized below: 

1. A reference point for the other experiments was provided by 
standard electrothinning at --40°C, using the technique described by 
Blackburn and Williams [11]. 

2. As electropolishing solutions tend to pick up water during use, the 
effects of gross contamination were studied by adding 10% distilled 
water to the standard solution prior to electrothinning. 

3. Etching is known to cause hydrogen contamination; therefore 
standard electrothinning was carried out to the start of perforation, and 
then the foil was slightly etched at room temperature to allow this effect 
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to be studied. An etching solution of 5% hydrofluoric acid, 25% nitric 
acid, and 70% distilled water was used. 

4. The effect of the coherent oxide layer (which develops during 
eletropolishing) on the retention of hydrogen in the thin foils was 
investigated. The foil was first electrothinned and etched as in method 3, 
and then electropolished at a very low temperature, ~-60°C. In this 
way a thin coherent oxide layer was produced. 

5. As ion beam thinning has been reported [12] to produce artifact-
free specimens of /i alloys, this method was used to make thin foils so 
that the subsequent effect of cooling the foils to subzero temperatures 
could be investigated. The foils were immersed in liquid nitrogen and 
retained at a low temperature by using the cold stage on the electron 
microscope. If the thinning transformation produced by electrothinning 
is caused by a martensitic reaction at subzero temperatures, then this 
should be detected using this method. 

All the foils were examined in a Philips EM301 electron microscope. 
Light and interference microscopy was carried out using a Vickers M41 
microscope. 

3. Observations 

The standard electrothinning technique produced foils in which the /3 
grains were broken up into plates separated by low angle boundaries: the 
plates contained dislocations and dislocation loops together with a series 
of parallel surface striations (Fig. 1). However, the entire foil consisted 
only of the /3 phase. The standard Burgers vector determination indi-
cated that the loops consisted of 1/2 (111) glide dislocations, but some 
contrast was associated with the interior of the loop itself, suggesting 
some small dilation normal to the {110} slip plane. Neither ion-beam 
thinning (in agreement with Spurling et al. [12]) nor the immersion of 
ion-beam thinned foils in liquid nitrogen, and subsequent retention at 
low temperatures, produced the thinning transformation. The addition of 
water to the electropolishing solution produced a plate structure in 
which the majority of the plates were internally twinned. This structure 
was very unstable under the heating effect of the electron beam, and the 
twinned plates quickly reverted leaving behind surface striations and 
dislocation debris similar to that produced by standard electrothinning. 
In etched foils, a greater volume of the foil was occupied by the twinned 
structure which was again unstable. However, the final low-temperature 
electropolish after etching provided a method of producing stable 
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FIG. 1. Foil produced by standard electropolishing technique. Transmission electron 
micrograph (TEM) showing dislocation debris and surface striations in the /3 phase. (x 
20,000) 

twinned regions, thereby allowing further investigation of the transfor-
mation to be made. 

In all cases the thinning transformation was limited to the thinnest 
regions of the foils. The micrographs which follow were all obtained 
from foils prepared by method 4 unless otherwise stated. A typical 
example of the extent and morphology of the transformation product is 
shown in Fig. 2. The structure appears similar to that of Fig. 1, except 
that no dislocation debris is present. However, electron diffraction 
indicates that the foil is no longer bcc. Figures 3(a), 3(b), and 3(c) show 
an SA DP of a single plate together with two diffraction patterns of 
adjacent zones. Analysis of this information established that the struc-
ture was fct with a c/a ratio of 0.88. Figure 4(a) is a micrograph of a 
twinned plate and the corresponding SA DP [Fig. 4(b)] shows that the 
twin plane is {111} fct. 

The similarity in morphology between Figs. 1 and 2 suggests that the 
thinning transformation consists of the production of the fct phase, and 
its subsequent reversion to bcc structure. The sequence shown in Fig. 5 
was effected by careful focusing of the beam to heat the foil and shows 
that reversion of the twinned fct to bcc produces the structure of the 
"thinning transformation." The interface between the bcc and fct 
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Flu. 2. Foil produced by electropolishing, and etching and final polishing at <-60°C 
(i.e., technique 4). TEM showing twinned, plate-type crystals of fct hydride structure. (x 
20,000) 	 - 

regions was highly glissile and reversible as the foil was either heated or 
removed from the electron beam. 

In partly reverted specimens such as shown in Fig. 5, it was possible 
to determine the orientation relationship between the fct and bcc 

c 	 a 	 b 
Fig. 3. Foil produced by technique 4. SADP of fct hydride 
phase. (a) an untwinned [lot] fct, (b) and (c) the adjacent 
<211> fct patterns. 
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FIC. 4. Foil produced by technique 4. (a) TEM showing twinning within a single fct 
hydride plate x 40,000; (b) the corresponding diffraction pattern: zone axis [110],x,. 

phases.This is within two degrees of the Bain relationship: 
(111)bcc  II (101)kt  
[110]x, II [l1Ī]tct  

No habit plane determinations were possible since no original p phase 
was present in electron transparent regions containing the fct phase, and 
the glissile fct/bcc interface produced by electron beam heating did not 
adopt a consistent orientation. 

Figure 6(a) is a light micrograph of the edge of a foil. During 
electrothinning the edges of the foil became wrinkled, as has been 
previously reported [4]. Figure 6(b) is the corresponding interference 
micrograph and shows that the thin plates produced on thinning exhibit 
uniform surface tilting characteristic of a shear transformation product. 
Cracking on the edge of the foil [Fig. 6(a)] suggests that large strains had 
developed at some stage during electrothinning. It was further observed 
that the surface tilt relief was reduced at room temperature over a period 
of time ranging from 30 min to 2 hr. It was also noted that chemical 
etching at room temperature produced similar reversible surface tilting. 

4. Discussion 
The fact that ion beam thinning followed by liquid nitrogen cooling did 

not produce a transformation implies that the thinning transformation 



FIG. 5. Foil produced by technique 4 .. TEMs x 22,000. (a) A twinned fct hydride region is seen which has partially reverted to 
bee fJ phase on heating in the electron beam, leaving behind dislocation debris (left-hand side of micrograph): (b) on switching otT 
the electron beam the becJfct interface (arrowed) has moved to the left as the hydride reformed on cooling; (c) on reheating in the 
electron beam the foil has fully reverted to the f3 phase. 
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Fic. 6. Foil produced by technique 4. Light micrographs of the edge of the foil x 190. 
(a) Normal illumination showing hydride plates and cracks (arrowed) in the foil; (b) 
interference contrast showing uniform surface tilts associated with the hydride plates. 

was not a martensitic reaction inhibited only by the bulk constraints of 
the material as suggested by Erikson et al. [4, 7]. The addition of water 
to the electropolishing solution to be used at subzero temperatures or 
etching the foil at room temperature both produced an fct thinning 
product. This implies that the transformation was not solely related to 
temperature, and that the constituents of the electrothinning solution 
were a requisite for the transformation to occur. It is known that both 
water and hydrofluoric acid can cause hydrogen pickup in titanium 
alloys, and contamination by hydrogen in thin-foil regions of a alloys has 
been reported [1, 2]. This implies that the observed transformation in the 
all /3 alloy Ti-15Mo was caused by hydrogen contamination, occurring 
during electropolishing and/or etching, and resulting in the formation of 
a hydride. The crystallographic observations are in agreement with the 
literature on titanium hydrides, which reports that an fct structure exists 
in the region TiH190  to TiHi.99,  with a c/a ratio <1 [15-17], and the 
orientation relationship of the hydride is in agreement with that reported 
by Silcock [19]. It also explains why a thinning transformation was not 
produced with ion beam thinning and subsequent cooling of the foil. 

Regardless of the method of foil preparation, the hydride phases were 
metastable at room temperature. In foils which had either been electro- 
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polished by techniques 1 or 2, or had been etched, the hydride was 
rapidly lost, while similar foils given a final low-temperature electropol-
ish retained the hydride for some hours. This irreversible elimination of 
the hydride indicates that hydrogen is lost to the atmosphere at room 
temperature but that the rate of loss depends critically upon the nature 
of the surface oxide film. Work by Grossbeck and Birnbaum [18] 
showed that a coherent oxide layer is required to prevent loss of 
hydrogen from foils of niobium. This is in agreement with the present 
work in which porous oxides were produced by etching (or electropol-
ishing in electrolytes contaminated with water): subsequent electro-
polishing produced a continuous, coherent oxide film and led to the 
retention of the hydride at room temperature. In addition to the loss of 
hydrogen through the oxide film, hydrogen can be removed from the 
thinnest areas of the foils by diffusing into the thicker areas where it will 
exist in solution. 

The various changes occurring during the different specimen prepara-
tion methods can be illustrated using a schematic phase diagram for /3 
Ti-15%Mo--H (Fig. 7). The numbers indicate the processes involved in 
the foil preparation, viz., (1) "standard" low-temperature electropolish-
ing causing some hydrogen contamination and hydride formation associ-
ated with surface tilting; (2) reversion of the hydride as the foil is 
returned to room temperature as hydrogen is both lost from the foil and 
enters solid solution; (3) gross hydrogen contamination by room temper-
ature etching; and (4) final low-temperature electropolishing to seal the 
hydrogen in the foil and (5) reheating above room temperature in the 
electron beam. 

The observation of uniform surface tilting using interference micros-
copy and the reversible motion of the bcc/fct interface illustrates that the 
transformation from bcc /3 to fct hydride was accomplished by a shear 
mechanism controlled by the hydrogen content of the foil. The orienta- 

FIG. 7. Schematic representation of section 
of the phase diagram for the Ti—Mo-H system 
at 15%Mo showing metastable equilibria. (I) 
Standard,  electropolishing causes hydrogen 
contamination, and hydride formation (2) re-
version of hydride occurs as the foil is returned 
to room temperature; (3) hydrogen contamina-
tion by room-temperature etching; (4) final 
low-temperature polishing; (5) retention of hy-
drogen as the foil is heated above room tem-
perature in the electron beam. 

RT 

a 
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lion relationship was very close to that expressed in the Bain relation-
ship for such a bcc to fct transition. Since exact lattice parameters and 
habit plane were not determined, further elucidation in terms of the 
phenomological theories of martensite reactions cannot be made. How-
ever, it is suggested that the observed twinning occurred in order to 
accommodate the shape change involved in the transformation from bcc 
to fct. 

On losing hydrogen the fct structure was irreversibly transformed 
back to the bcc structure, and movement of the reverting matrix/hydride 
interface was accompanied by the production of dislocation debris. 
Bands of dislocations were left behind in the bcc matrix and the surface 
traces were parallel to both the (l10),,e", plane and to the {111}kt  twin 
plane. The reverted regions contained dislocation loops with b = 1/2 
(111), and in view of the weak contrast associated with the loop interior 
it is possible that the regions within the loops still contained hydrogen. 

The observed thinning transformation caused by hydrogen contamina-
tion during foil preparation seems to explain the features previously 
observed in foils of /3 alloys as listed in the introduction to this paper. 
Hydrogen contamination, in addition to producing anomalous micro-
structures, may also influence other properties of metastable /3 alloys. 
For example, it was found [20] that tensile specimens of Ti-15Mo alloy, 
solution treated at 800°C for 1 hr and water quenched, showed an 
unexpected decrease in ductility when electropolished as opposed to 
polishing with grade 600 silicon carbide paper; this was possibly caused 
by hydrogen embrittlement. 

5. Summary 
1. Hydrogen contamination of thin foils of Ti-15% Mo alloy occurs 

during preparation by electrothinning. 
2. The hydride is fct with c/a = 0.88, and generally contains twins on 

{111ka  planes. 
3. The orientation relationship and uniform surface tilting are consist-

ent with hydride formation by a shear reaction. 
4. The oxide layer formed during low-temperature electropolishing is 

necessary to retain hydrogen in foils for electron microscopy. 
5. The thinning transformation is dislocation debris remaining after 

the hydride has reverted to a bcc structure. 
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of research facilities, and to Imperial Metal Industries (Kynoch) Ltd. for 
the provision of the alloy. One of the authors (G.M.P.) acknowledges 
the award of an S.R.C. research studentship. 



Hydrides Formed During Foil Preparation 	 53 

References 

I. G. Sanderson and J. C. Scully, TMS-AIME 239, 1883 (1967). 
2. J. D. Boyd, Trans. Asm 62, 977 (1969). 
3. M. J. Blackburn, Trans. ASM 59, 877 (1966). 
4. R. H. Erikson, R. Taggart, and D. H. Polonis, TMS AIME 239, 124 (1967). 
5. J. C. Williams and M. J. Blackburn, Trans. ASM 60, 373 (1967). 
6. C. Hammond and P. M. Kelly, in Titanium Science and Technology (R. I. Jaffee and 

N. Promise!, Eds.), Pergamon Press, London (1970), p. 659. 
7. R. H. Erikson, R. Taggart, and D. H. Polonis, TMS AIME 245, 359 (1969). 
8. J. C. Williams, in Titanium Science and Technology (R. I. Jaffee and H. M. Burke, 

Eds.), Plenum Press, New York, London (1973), Vol. 3, p. 1433. 
9. M. J. Blackburn and J. C. Williams, TMS AIME 242, 2461 (1968). 

10. G. A. Bochvar, N. M. Semenova, and L. M. Utevskiy, Phys. Metal Metallog. 28, (6), 
82 (1969). 

11. M. J. Blackburn and J. C. Williams, Trans. AIME 239, 287 (1967). 
12. R. A. Spurling, C. G. Rhodes, and J. C. Williams, Met. Trans. 5, 2597 (1974). 
13. H. J. Rack, D. Kalish, and K. D. Fike, Mat. Sci. Eng. 6, 181 (1970). 
14. G. Carter, H. M. Flower, and D. R. F. West, unpublished work. 
15. L. D. Jaffee, Trans. AIME 206, 861 (1956). 
16. B. Stalinski, C. K. Coogan, and H. S. Gutowsky, J. Chem. Phys. 34, (4), 1191 (1961). 
17. P. E. Irving and C. J. Beevers, Met. Trans. 2, 613 (1971). 
18. M. L. Grossback and H. K. Birnbaum, Low temperature hydrogen embrittlement in 

niobium, p. 30 Tech. Rep. No. N00014-67-A-0305-0020, Dept. Met & Min. Engrs., 
Univ. Illinois, Urbana, Ill. 

19. J. M. Silcock, Acta Met. 6, 481 (1958). 
20. G. M. Pennock, unpublished work. 

Received September, 1975 



JOURNAL Or AIATFRIALS SCIENCE 12 (197'7)2149-2153 

The deformation characteristics of 
metastable R  -phase in a Ti-15 wt % Mo alloy 

G. CARTER*, H. M. FLOWER, G. M. PENNOCK, D. R. F. WEST 
Department of Metallurgy and Materials Science, Imperial College of Science and 
Technology,. London, UK 

An investigation has been made of the deformation characteristics of metastable 13-phase 
in a commercial Ti-15 wt % Mo alloy within the temperature range —196 to + 146°  C. 
Deformation occurred by slip, and by mechanical twinning on the {33 2} (1 1 3) system. 
Twinning occurred preferentially with decrease in deformation temperature. Enhanced 
ductility in tension, observed in the range —94 to + 20°  C, was attributed to the 
inhibition of "necking" resulting from strengthening by twin formation. A thinning-
induced transformation occurred during foil preparation for electron microscopy. 

1. Introduction 
Titanium-based alloys, containing substantial 
amounts of /3-stabilizing elements, and in which 
metastable R  can be retained at room temperature, 
are of current practical interest; they offer attrac-
tive combinations of mechanical properties with 
good formability and weldability. The transfor-
mation of metastable 0-phase to martensite and/or 
omega phase is a sensitive function of alloy com-
position and of thermal and mechanical treatment. 
The response of 13-phase to deformation involves 
both slip and twinning. The present work is an 
investigation of the deformation characteristics, 
with the associated structural changes, of meta-
stable /3-phase in a Ti-15 wt%Mo alloy, within the 
temperature range —196 to + 146°  C. 

2. Experimental procedure 
Ti-15 wt%Mo alloy (oxygen content 1750ppm) 
was supplied by Imperial Metal Industries Ltd. as 
plate 0.7 cm thick; this was rolled to strip of 1 mm 
thickness at 650°  C, and then cold-rolled to 
0.75 mm thickness. A further sample of plate 
(oxygen content 2050 ppm) was also used for 
the preparation of round bar tensile specimens. 
Heat treatments were carried out with the samples 
sealed in argon-filled silica capsules, followed by 
water-quenching with the capsules being broken 
under water. From microscopical examination of 

25% cold worked specimens after annealing at 
725, 750 and 775°  C the a + J3//3 transus was 
found to be close to 750°  C, in good agreement 
with phase diagram data [ 1 ] . 

The standard treatment adopted for annealing 
the strip specimens in the (3 range was 1 h at 
800°  C. Tensile specimens (14 mm gauge length, 
4 mm gauge width, 0.75 mm thickness), were 
tested after this treatment; an Instron machine was 
used at a strain rate of ^ 1 x 10-4  sec-1  at various 
temperatures in the range —196 to + 146°  C. A 
further series of tensile tests was carried out using 
round bar specimens (gauge length 16.0 mm, cross-
sectional area 16.1 mm2 ) machined from plate 
material and solution treated for 1 h at 890°  C; 
this higher solution treatment temperature was 
used to reduce chemical heterogeneity effects 
observed in the plate after solution treatment at 
800°  C. 

The preparation of thin foils for electron micro-
scopy was carried out by the window technique, 
using an electrolyte consisting of 7 parts perchloric 
acid, 80 parts butanol and 125 parts methanol, 
and a voltage of 24 V, at a temperature of <-40°  C. 
Specimens for light microscopical examination 
were electropolished using the same conditions as 
for foil preparation; etching was carried out in a 
solution of 5% HF, 10% HNO3  and 85% distilled 
water. 

*Formerly Imperial College. 
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Figure 1 Variation of 0.5% proof stress, tensile strength 
and % elongation with testing temperature in the range 
—196 to + 146°  C. Data points for individual specimens 
are shown (both for thin strip and round bar specimens). 
Particular difficulty was experienced in tensile testing at 
—196°  C because of the brittle behaviour, and for this 
temperature the reported values are less accurate than 
those for the higher temperatures; the point marked with 
an askerisk is a 0.2% proof stress value for a round bar 
specimen. 

3. Experimental results 
3.1. Tensile test data 
The tensile strength and 0.5% proof stress values 
(Fig. 1) showed a smooth decrease as the testing 
temperature was raised from —196 to + 146°  C. 
The 0.5% proof stress was relatively low at — 0.65 
of the tensile strength. However, there was a broad 
peak in the plots of total and uniform elongation 
versus temperature between —94 and +20°  C. The 
uniform elongation was —30 to 40% over this 
range compared with only ^-15% at —196°  C and 
5%at+146°C. 

The data from the two series of tests on thin 
strip specimens and on the round bar specimens 
respectively were generally in good agreement. 
However, results of other tests on strip specimens 
showed, in some instances, lower ductility values 
in the low temperature range of testing; it appears 
that in such specimens of small cross-sectional 

area, there is the possibility of "premature" 
fracture, due probably to non-uniformities of 
specimen thickness along the gauge length, and/or 
to "notches" from surface preparation. 

3.2. Structural features 
A thinning-induced transformation occurred in the 
thin areas of all the foils prepared for electron 
microscopy, attributable to hydrogen entering the 
foil during preparation; details of the structural 
effects and their origin are reported elsewhere [2] . 

Examination of solution-treated material by 
selected area diffraction revealed b c c reflections, 
with streaking effects and faint spots due to hex-
agonal omega phase (formed during quenching 
from the a  range). 

The deformation structure of the uniformly 
strained sections of the strip tensile specimens was 
examined by light and electron microscopy after 
fracture of the specimen. 

A stress-induced transformation product was 
observed in the form of lenticular plates; these 
could be clearly distinguished from the much finer 
thinning transformation product. Selected area dif-
fraction showed that both the "plates" and the 
matrix were of b c c structure. Stereographic 
analysis showed the plates were twin related to the 
matrix, the operative twinning system being (3 3 2 } 
(1 13 ). Thus, the plates were mechanical twins. 
They contained a high dislocation density, and 
many had regions of high dislocation density 
alongside their edges (Fig. 2). 

The twins formed at —196°  C (Fig. 3a) tended 
to be long and thin, terminating at grain boun-
daries, or at other twin boundaries. Multiple 
twinning had occurred in only a few grains. Defor-
mation in the range between —94 and + 20°  C, 
where the ductility was greatest, produced a large 
increase in twin formation with more extensive 
multiple twinning (Fig. 3b). Testing at higher tem-
peratures produced a greatly reduced twin density 
with an increased twin thickness compared with 
the lower temperatures (Fig. 3c); the twins tended 
to- form in "clusters", separated by large regions of 
untwinned material. 

Over the temperature range —196 to + 146°  C 
the dislocation structure observed in the untwinned 
regions changed from widely spaced dislocation 
bands at the lowest temperature (Fig. 4a) to a high 
density of complex tangled dislocations at the 
highest temperature (Fig. 4b). 

TOTAL STRAIN 
UNIFORM STRAIN 
a 
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Figure 2 Electron micrograph showing mechanical twins formed by tensile deformation at —196°  C. There is a high 
density of dislocations at the edges of the twins, but relatively few dislocations in the rest of the matrix. 

Figure 3 Light micrographs showing twin formation in specimens deformed in tension at various temperatures. The 
temperatures and deformations are as follows: (a) —196°  C, ^ 15%; (b) —40°  C, 37%; (c) + 146°  C, 5%. The twin width 
is greatest at 146°  C, and the twin density is greater at —40°  C than at the other temperatures shown. 

4. Discussion 
4.1, Structural features of the deformation-

induced transformation product 
The deformation transformation product was 
found to be mechanical twinning on the {3 3 2 } 
(1 1 3) system. Analysis of 10 sets of diffraction 
patterns confirmed the twinning relationship to 

within 2°  in each case. When comparing this result 
with those obtained by previous workers on other 
alloys [3-8] , differences in alloy composition (in-
cluding interstitial elements) should be borne in 
mind. The result agrees with those of Blackburn 
and Feeney [5] , who first observed {3 3 2 } 
twinning in the "Beta III" alloy. 
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Figure 4 Electron micrographs showing structure in 
slipped regions of specimens (a) deformed - 15% at 
—196°  C, and (b) deformed 5% at 146°  C; (a) shows 
bands of dislocations and (b) shows a high density of 
uniformly dispersed dislocations. 

Both matrix and twins showed dislocated 
structures, produced by dislocation glide, and also 
by the thinning-induced transformation and the 
effects of mechanical twinning. 

The regions of high dislocation density along-
side the edges of the twins (Fig. 2) are attributable 
to reversion (relaxation) of the twins as previously 
reported by Blackburn and Feeney [5] ; this is due 
either to the reduction of applied stress after  

fracture of the tensile specimen, or to the relief of 
stress during foil preparation (or possibly to a 
combination of both). 

4.2. Deformation mechanisms and their 
temperature dependence 

The increased ductility between —94 and + 20°  C 
is associated with an increase in twin formation in 
the uniform strain region. Two variables are in-
volved, namely temperature and amount of strain, 
since the uniform strain varies with temperature. 

As the temperature is reduced progressively 
from the highest temperature studied (i.e. 146°  C), 
slip becomes more difficult and twinning occurs 
preferentially. However, at —196°  C, relatively 
few twins formed as compared with the situation 
at —94 and —40°  C. This is attributable to the 
reduced capacity of the alloy to deform by slip (as 
evidenced by the structure shown in Fig. 4a), and 
to accommodate the shear strains set up in the 
matrix when twinning occurs. Thus, although 
twinning is the major deformation mode at 
—196°  C, twin growth is inhibited and hence the 
total elongation is reduced. The increase in twin 
width with increasing temperature reflects the in-
creased ease of dislocation glide, allowing easier 
accommodation of the twinning shear strain. 

The observations show that the enhanced 
ductility in the range —94 to + 20°  C results from 
a combination of slip and twinning; it is clear that 
twinning alone cannot explain the effect since in a 
single crystal the maximum strain produced by 
{3 3 2) twinning is only —19%. The enhanced 
ductility is similar in nature to that previously ob-
served in a-titanium (h c p) and in niobium and 
vanadium (b c c) [9, 10] . It may also be compared 
with that associated with transformation-induced 
plasticity in ferrous alloys between MS  and Md. In 
ferrous alloys the ductility is increased by the for-
mation of strain-induced martensite in any region 
of incipient "necking", resulting in work-hardening 
which prevents further localized deformation in 
the "necked" region. In the Ti-15% Mo alloy it 
may be inferred that the mechanical twinning pro-
duces a local strengthening effect. The twins will 
be of higher strength than the matrix, because of 
their dislocation density. Also local strengthening 
may originate both from twin boundaries acting as 
barriers to dislocation movement, and from 
"accommodation slip" in the matrix accompanying 
twin formation. Deformation by twinning also 
accounts for the high values of impact strength at 
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sub zero temperature previously reported for 
Ti 11.7i( Mo and Ti--I5.6`"'. Mo alloys 11 11. 

5. Conclusions 
(1) Deformation of a Ti-15%Mo alloy in tension 
produced mechanical twinning on the {3 3 2 } 
(1 1 3) system. The twin morphology varied with 
deformation temperature, the twin width being 
greatest at higher temperatures. 

(2) Twinning became more favourable with 
respect to slip as a deformation mode with decrease 
in temperature. The number of twins formed 
during deformation up to fracture was greatest 
between —94 and + 20°  C. 

(3) Enhanced ductility, associated with twin-
formation, was observed in the temperature range 
—94 to '-'20° C, and this effect was attributed to 
the inhibition of "necking" due to strengthening 
resulting from twin formation. 

(4) The a + Q/Q transus temperature for the 
alloy was close to 750°  C in agreement with pub-
lished phase diagram data. 
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