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The adaptation of additive manufacturing (AM) for Ni-based superalloys has gained significance in aero-
space and power-generation industries due to the ability to fabricate complex, near-net-shape compo-
nents on-demand and with minimal material waste. Besides its advantages, challenges remain in
metal AM, especially for printing complex alloys such as superalloys. These challenges are often linked
to heterogeneity in the as-fabricated parts and continue to limit the practical applications of AM prod-
ucts. A thorough understanding of the relationship between the complex AM process and the resulting
microstructure heterogeneity needs to be established before mitigation strategies can be developed.
The ability to fabricate more homogeneous Ni-based superalloy parts is expected to unlock not only bet-
ter mechanical properties but also additional fields of applications.
This review aims to summarize the current understanding of heterogeneities in the microstructure and

mechanical properties of AM Ni-based superalloys. Microstructure heterogeneities discussed include
heterogeneity in the chemical composition, phase constitution, porosity, grain and dendrite morphology,
and solid-state precipitates. Related heterogeneities in hardness, tensile, creep, fatigue, and residual
stress are discussed to represent mechanical properties, and mitigation strategies are summarized. The
origins of heterogeneity in the as-fabricated parts are linked to the variations in AM thermal conditions
caused by the complex thermal histories.
� 2022 The Authors. Published by Elsevier Ltd. This is anopenaccess article under the CCBY-NC-ND license
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1. Introduction

1.1. AM of Ni-based superalloys and the resultant microstructure

The pursuit for higher performance turbine engines has neces-
sitated the development of alloys that can endure the mechanical
stresses during service at temperatures as high as 650 �C and
beyond [1]. Ni-based superalloys are ideal candidates for such a
purpose, owing to the exceptional combination of high strength,
creep resistance, corrosion properties, and microstructural stability
they offer at elevated service temperatures. They are, therefore,
widely used in aircraft turbines, rocket engines, and nuclear power
plants [2–7]. For example, they make up>30 % of the total weight of
modern aircraft engines as they are used in many critical areas
such as supporting structures, rotating structures, rotating parts,
pressure vessels, and airfoils [8,9]. The common and established
manufacturing methods for these parts are casting, forging, and
powder metallurgy [10]. The microstructure of Ni-based superal-
loys consists of a face-centered cubic (FCC) c-matrix with various
solute elements. Depending on the composition and processing
route, precipitates such as ordered intermetallic c0- (Ni3(Al, Ti))
and c0 0- (Ni3(Nb)), Laves, d, and various carbides can be formed in
the matrix [11]. Standard heat treatments techniques such as
homogenization, solution treatment, and aging are often employed
to eliminate compositional segregation and achieve the appropri-
ate c0 and/or c0 0 nanoscale precipitates distribution in order to opti-
mize mechanical properties for any particular application [12,13].
Despite the excellent properties imposed by the unique
microstructure, machining of these alloys is challenging owing to
their high strength and significant rate of work hardening, which
causes low material removal rates and excessive tool wear. This
has made fabrication of part with complex geometries via conven-
tional manufacturing techniques of casting and forging time-
consuming or sometimes even impractical [14].

3D printing which is also known as additive manufacturing
(AM), nowadays allows manufacturers to produce complex, near-
net-shape objects from a variety of alloys with minimal material
waste in relatively short periods [15]. It is an advanced manufac-
turing technique that permits fabricating 3D components in a
layer-by-layer manner using powder or other types of feedstocks.
Different AM methods, namely directed energy deposition (DED),
electron beam powder bed fusion (PBF-EB), and laser powder bed
fusion (PBF-LB), have been used to print various types of alloys
[5,16–23]. For simplicity reasons, the acronym E-PBF and L-PBF
will be used throughout the manuscript for PBF-EB and PBF-LB
(as defined in ASTM standards), respectively. The increased inter-
est in metal AM in the aerospace, nuclear, and power generation
industries is due to its many advantages over conventional manu-
facturing techniques [15,24]. Although incredible progress has
been made in metal AM field to date, a complete understanding
of the microstructural evolution of additively manufactured metals
is currently lagging. Obtaining optimized and reproducible
microstructures that consistently offer the desired in-service
mechanical performance remains a significant challenge [24,25].
The majority of the as-built microstructures are often heteroge-
neous owing to the variation in thermal conditions (thermal gradi-
ent and cooling rates) in the build during the deposition of several
layers upon each other [26–28]. For instance, there are significant
variations in the non-equilibrium solidification microstructure and
the solid-state phases along the build direction of parts [29–32],
which may lead to heterogeneities in other properties such as
mechanical, corrosion, and oxidation. Several studies have shown
the heterogeneity in solidification microstructure (grain and den-
drite morphologies) of AM processed Ti-6Al-4V [33–35], CoCr
[36,37], 304L stainless steel [38], and IN718 [39,40]. The
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microstructures were generally finer at the top region compared
to the bottom of builds. Heterogeneity in solid-state phase mor-
phologies is also frequently reported. Various comprehensive stud-
ies have recently shown a heterogeneity in the distribution of
nanoscale precipitates in IN738 by some of the current authors
[41,42], IN718 [43], and CMSX-4 [31,44] superalloys during E-PBF
which is due to thermal cycle variations. Also, for martensitic steel
produced by L-PBF, the microstructure investigated consisted of a
fully martensitic structure in the upper layers, while the middle
and bottom regions had a high fraction of retained austenite
[45]. Similar microstructure heterogeneity in phase distribution
(e.g., a and b phases) has also been reported in titanium alloys
[33,34].

The heterogeneity in an as-built microstructure leads to several
uncertainties in the resultant mechanical and other properties.
This includes non-uniformity in the distribution of strength, hard-
ness, creep, fatigue, wear, and corrosion properties throughout a
build [44,46–48]. For example, certain areas of a build will have
higher strength or hardness than others. Heterogeneity in AM parts
is therefore a crucial issue, limiting the widespread application of
AM in fabricating critical engineering parts. Hence, a detailed
insight into the mechanism of microstructure heterogeneities is
needed to advance knowledge on how AM can be leveraged to fab-
ricate parts with homogeneous and reproducible properties, and to
unlock new fields of applications for AM.
1.2. Aim and structure of the review

So far, extensive effort has been made in investigating AM of Ni-
based superalloys and there have been several papers reviewing
this field. Most of these review papers focused on the processabil-
ity of the alloys in various AM systems [5,49,50], the resulting
microstructure [5,51], mechanical properties [5,8,52], defect for-
mation [50,53], post-AM heat treatments schedules [8,51], and
the effect of the AM processing parameters on the microstructure
and mechanical properties [54,55]. The most comprehensive
review by Attallah et al. [5] centers on the critical issues (e.g., resid-
ual stress, defects formation, and anisotropy) in AM fabricated Ni-
based superalloys by discussing the key challenges, proposing mit-
igation methods, and outlining directions of using AM to tailor the
microstructure. This valuable review, however, has not looked at
the heterogeneity in microstructures and their impact on the
mechanical properties. In most other reviews, the most common
Ni-based superalloy, IN718, has been the sole focus of attention
where authors have investigated its microstructural features, fol-
lowed by a summary of the mechanical properties (tensile
strength, fatigue strength, hardness, and high-temperature creep
behavior) of AM IN718 for different types of AM techniques and
various process and post-processing conditions [8,54,56,57]. Simi-
larly, the heterogeneity in microstructures, which is also of critical
importance, is discussed in less detail. To the best of our knowl-
edge, the only reviews available on this important aspect of AM
have focused on titanium alloys [58,59] and stainless steels [59]
with a limited comprehensive evaluation of heterogeneity cur-
rently existing on Ni-based superalloys. Hence, the current review
intends to fill this gap by summarizing recent studies on AM Ni-
based superalloys to fully understand the heterogeneity in
microstructure and its corresponding effect on mechanical proper-
ties. This paper mainly concentrates on the heterogeneity in
microstructure properties such as the dendritic structure, grain
morphology, porosity, chemical composition, phases formed dur-
ing solidification, and the solid-state precipitates. The heterogene-
ity in mechanical properties discussed includes hardness, tensile,
creep, and residual stress where there are enough data in the liter-
ature. Anisotropy in mechanical properties such as creep, tensile,
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and fatigue is also discussed since the microstructure of AM Ni-
based superalloy is significantly different in directions parallel
and perpendicular to the build direction. However, the detailed
effects on properties such as corrosion, oxidation resistance, and
wear are not covered in this review.

The current review begins with a brief introduction on the gen-
eral microstructural features of different types of Ni-based superal-
loys and their applications. It is followed by a brief overview of the
techniques used for AM of metals, with particular focus on DED
and PBF processes. A detailed assessment of published literature
concerning the heterogeneity in microstructure and mechanical
properties of AM Ni-based superalloys, and a case study will be
provided. The review is concluded with a chapter on strategies to
minimize heterogeneity.
2. Ni-based superalloys

2.1. Overview

Ni-based superalloys belong to a unique class of metallic mate-
rials that can maintain an exceptionally high strength, creep, fati-
gue, and corrosion resistance at elevated temperatures (usually
in the range of 540–1000 �C) [5]. They are typically composed of
Ni as the base element alloyed with typically 30–40 wt% of a com-
bination of at least eight other major and minor alloying elements.
Polycrystalline Ni-based superalloys are traditionally produced via
casting and forming routes or via powder metallurgy. Based on the
processing method, they may exhibit a variety of microstructures
and, in turn, mechanical and other technological properties. Single
crystal Ni-based superalloys are produced via directional solidifica-
tion methods whereby the final part ideally contains only a single
grain. The absence of grain boundaries gives the alloy a superior
creep and thermal fatigue resistance compared to polycrystalline
superalloys [60]. Ni-based superalloys are extensively used in
high-temperature applications such as gas-turbines, jet engines,
and other challenging environments such as chemical processing
and nuclear power plants [5,61].
2.2. Constituents of Ni-based superalloys

Ni is the primary alloying element and the main constituent of
the face-centered cubic (FCC) matrix phase (c). Fig. 1a displays the
elements typically alloyed with Ni to create a superalloy. Al and Ti
provide the potential for precipitation hardening mechanism as
they contribute to forming a coherent intermetallic phase, Ni3(Al,
Ti) (c0), with an ordered L12 crystal structure [62]. When present,
Ta can replace Al in c0 and serve as a c0 strengthener [63]. Examples
of c0-strengthened alloys include CM247, Rene148, IN738, CMSX-4,
Rene N5, and Mar M247. Nb is added to some Ni-based superalloys
(e.g. IN718 and IN625), where it plays a similar role as Al and Ti
through the precipitation of the Ni3Nb (c0 0) intermetallic phase
with a D022 structure [64,65]. High-volume fractions of either or
both phases in their respective alloys are desirable for high tem-
perature strengthening.

During aging treatments, the precipitation of c0 and c0 0 occurs in
the solid-state upon cooling of the supersaturated solid solution of
c–matrix below the respective equilibrium solvus temperature
[66]. This indicates that the rate at which the alloy cools will deter-
mine the precipitation and growth kinetics of c0 and c0 0. A higher
cooling rate results in a unimodal distribution of fine c0 or c0 0 pre-
cipitates, whereas a slower cooling rate promotes the precipitation
of multiple populations of these precipitates. c0 form mostly in
spherical shape and transform into cuboidal during aging, whereas
c0 0 form as plate-like particles. The precipitation kinetics of c0 is
faster than that of c0 0. Also, c0 are stable up to temperatures close
3

to the melting temperature of the alloy compared to c0 0, which
are metastable and may transform to d with an orthorhombic
D0a structure at elevated temperatures (>850 ℃) [11,62].

Additions of Al, Cr, La, Y, Ce, and Mo typically enhance the oxi-
dation and corrosion resistance by forming protective oxide layers
[3]. Cr, Fe, Co, V, and Mo are usually added as solid solution
strengtheners. Other elements may be introduced in small
amounts to control the grain structure, which may improve
mechanical properties at elevated temperatures. These include B,
C, Ta, Ti, Mo, Hf, W, and Cr, which form borides and carbides and
tend to segregate at the interfaces [67,68]. These secondary phases
are formed during solidification and aging treatments and must be
carefully controlled since they can lead to cracking and other issues
under certain circumstances (e.g., hot tearing). Adding excessive
refractory elements such as Nb, Mo, Re, and W promotes the pre-
cipitation of hard intermetallic Topologically Closed Packed (TCP)
phases (e.g., l,r, and Laves) and the d phase [69–71]. These phases
are primarily formed in the aged condition and large fractions of
them are generally considered detrimental to mechanical proper-
ties because they consume c0 and c0 0 precipitation elements from
the c-matrix, and serve as a source for crack-initiation during cyc-
lic loading [72–74]. Fig. 1b shows a schematic of the microstruc-
ture of a typical Ni-based superalloy depicting c0, c0 0, and d phase
after direct aging as reported in [75] by some of the current
authors.

2.3. Types of Ni-based superalloys

Some of the most common Ni-base superalloys discussed in this
review, along with information on their composition and selected
applications, are listed in Table 1 [1,2,10,77,78].
3. Metal additive manufacturing

Metal additive manufacturing (AM) is an advanced manufactur-
ing technique enabling the fabrication of metallic components
with intricate geometries from three-dimensional (3D) model data.
It is also known as 3D printing, freeform fabrication, rapid proto-
typing, layer-based manufacturing, digital fabrication, or auto-
mated fabrication [15]. AM has recently gained substantial
interest in both industry and academia, with its global market
value forecast to grow at a rate of 14.4 % from $8.35 billion in
2019 to reach $23.75 billion in 2027 [79]. For leading aerospace
and automobile manufacturers such as Mercedes, Airbus, and
Volkswagen, AM is remarkably-well adopted for producing small,
complex, and lightweight components [80]. Among the first
researchers who developed AM were Brown et al. [81] in 1979
and Chuck Hull [82] in 1983. They describe AM as a process for
depositing successive layers of material, one on top of another fol-
lowing a certain design pattern. A computer-aided design (CAD)
program is used to draw the design pattern, which is then trans-
lated into model data. The model data is transferred to the 3D prin-
ter, which slices it into several finite layers with instructions on
where to deposit material in each layer. The feedstock material is
usually metallic powder or wire, which is melted or sometimes
sintered using a highly focused heat source, and metallurgically
bonded to the previous layer [83]. The heat source can be an elec-
tron or laser beam.

3.1. Metal additive manufacturing techniques

Metal additive manufacturing can be categorized into several
methods based on the feedstock used for the manufacturing. Two
of the most versatile methods include the powder bed fusion
(PBF) and directed energy deposition (DED) processes. The PBF

http://corrosion+resistance


Fig. 1. (a) Alloying elements present in Ni-based superalloys. (b) Schematic showing the distribution and morphology of typical phases in the microstructure of a typical Ni-
based superalloy (e.g., IN718) after aging. (a) is adapted from Ref. [76] and (b), from Ref. [75] with permission.
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route is currently the most widely used in the AM industry. In a
PBF process, parts are manufactured by depositing thin layers of
fine metallic powder on a platform or substrate using a distribution
mechanism such as a rake [84]. A laser or electron beam source
scans across this layer and melts or sinters the powder, comprising
the build’s first layer. Then, the building platform is lowered one
layer height to spread the next layer of powder to be melted on
top of the previously deposited layer. This process is repeated until
the required shape is completed. A schematic of a PBF machine is
shown in Fig. 2a. The common types of PBF process are Electron
Beam Powder Bed Fusion (E-PBF) and Laser Beam Powder Bed
Fusion (L-PBF). In the E-PBF process, an electron beam is used to
melt and fuse the powder particles under a vacuum atmosphere.
A powder bed temperature, depending on the material, is pre-set
and maintained during deposition. Preheating is primarily used
to prevent build failure caused by charging of electrons, reduce
residual stresses, and to achieve sintering between the individual
powder granules [85,86]. For Ni-based superalloys, this tempera-
ture is around 1000 �C [16]. The preheat causes a reduction in
4

the cooling rate of the so-called melt pool, leading to a decrease
in the residual stress in the final part. However, preheating has
been reported to reduce the recyclability of the remaining powder
[87]. The L-PBF process, also referred to as selective laser melting
(SLM), uses a high power-density laser to melt and fuse metallic
powders under an inert atmosphere. It does not employ a high pre-
heat temperature to the powder bed and hence, the process gener-
ally has a higher cooling rate than E-PBF. There are other PBF
processes (e.g., Direct Metal Laser Sintering (DMLS) and selective
laser sintering) which are less common and not discussed further
in this review.

In the DED process route, parts are created by the simultaneous
melting and fusing of feedstock material during deposition. The
feedstock metallic material is either a powder or wire passed
through a feed nozzle, which is melted by a laser, electric arc, or
electron beam source. In the current review, unless explicitly spec-
ified, the metallic feedstock used in the DED process is powder. The
melted material is added onto the build platform while following
the building path directed by the CAD model. Both the feed nozzle
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and heat source are mounted onto a robotic arm. The DED process
is ideal for repairing high-value components with little material
wastage [88]. In comparison to the PBF process, the particle size
of the powder feedstock is relatively coarse to enable the smooth
flow of the powder which result in much bigger melt pool size.
Fig. 2b shows a schematic of the DED machine. DED processes
can be categorized to laser beam-directed energy deposition (L-
DED), electron beam-directed energy deposition (E-DED), and
arc-directed energy deposition (A-DED).
3.2. AM processing parameters

During metal AM process, various key process parameters play
a role including beam power, scan speed, scan strategy, spot size,
pre-heat temperature, and energy density. These parameters vary
with the material and the AM technique. During fabrication, they
need to be controlled as they affect the process outcomes such as
build quality (lack of fusion, porosity, defects formation),
microstructure, and mechanical properties [58,89–95]. For exam-
ple, the size and shape of the molten region in the build (melt
pool), cooling rate, and thermal gradient during fabrication mostly
depend on the scan speed, beam power, hatch spacing, powder
particle size distribution, spot size, and scan strategy [96]. At the
same time, the material’s properties such as the thermal conduc-
tivity also play a role, for example by changes in the melt pool
shape. The next paragraph briefly introduces some of these key
processing variables.
3.2.1. Beam power
The beam power is a measure of the amount of energy input per

unit time. For the E-PBF process, the energy input rate is measured
by the input beam current (mA). The energy input rate in L-DED
and L-PBF processes is the laser power and is measured in W.
3.2.2. Scan speed and scan strategy
These parameters are highly critical parameters of the AM pro-

cess in terms of manipulating microstructures. Scan speed is the
speed at which the energy source moves over the build platform.
It has a unit of m/s or mm/s. When the scan speed is high, the
energy source does not get adequate time and this may cause
incomplete powder melting [15,97]. Scan strategy defines the
route of the energy source in the build platform. Examples of scan-
ning strategies used in DED and PBF include bi-directional, raster
scanning, contour scanning, hybrid, rotational, and checker box.
3.2.3. Hatch spacing
It is the spacing between the centers of two adjacent beams. It is

also called scan spacing or hatch distance and is expressed in units
of length. During fabrication, a high hatch spacing increases the
production rate as it takes less time for the beam to scan each
layer.
3.2.4. Energy Density
The energy density is the total energy delivered, divided by the

length, area, or volume (energy per unit length, area, or volume). It
is typically expressed in J/m3, J/m2, and J/m, and calculated using
two or more of the above-listed parameters [98].
3.2.5. Spot size
Laser or electron beam spot size is the width of the beam and is

roughly proportional to the beam current. It is also called ‘‘beam
diameter.”.



Fig. 2. Schematic of examples of (a) PBF and (b) DED processes. Adapted from Ref. [88] with permission.
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3.2.6. Preheat temperature
This is the temperature of the powder bed immediately before

the deposition is started, and it is kept constant until the end of
built fabrication. In E-PBF, the temperature can be as high as
1200 �C dependent on the material.

3.3. Advantages and challenges of metal additive manufacturing

The advantages of AM processes include producing complex
geometries close to the desired final shape, which are sometimes
impossible to manufacture by the conventional manufacturing
process. The rapid heating and cooling cycles further enable the
fabrication of parts with refined microstructures which is some-
times laborious or even impossible to achieve via traditional man-
ufacturing methods [99,100]. In addition, the processing steps and
amount of resources needed to produce components are signifi-
cantly reduced, which leads to a reduction in material wastage
6

and eventually saves cost [15]. This also results in an increased
speed of production via enabling on-demand printing of parts.
Metal AM techniques, especially the E-PBF process, can act as
intrinsic heat treatment and cause in-situ phase transformations
in Ni-based superalloys, thus eliminating traditional heat treat-
ments needed for precipitation of strengthening phases
[16,41,42]. Also, the manufacturing process is flexible, and the
technique can produce functionally graded materials which is ideal
for the rapid exploration of new alloys [101,102].

Despite the above advantages, the AM process comes with chal-
lenges and is therefore not yet widely adopted by many industrial
sectors. The challenges include the relatively low deposition rate
that limits industrial adaptations for producing a high volume of
parts. This is specific to PBF processes, as DED processes can over-
come this limitation. Furthermore, the wide range of process
parameters such as laser power, scan pattern, scan speed, and pre-
heating makes it challenging to specify comparable experimental



N. Kwabena Adomako, N. Haghdadi and S. Primig Materials & Design 223 (2022) 111245
conditions for different materials [103]. Also, the metallic powders
used for printing are still relatively expensive. Another issue with
AM is the difficulty in controlling and eliminating defects such as
lack of fusion defects, inclusions, and porosities. These defects
are caused mainly by the inappropriate control of the AM process
parameter and the fabrication technique [104]. Also, the presence
of residual stress is another challenge faced by AM components.
The residual stress generation in printed components results from
the large thermal gradients due to the highly localized and rapid
heating and cooling [105]. The buildup of residual stress is respon-
sible for the distortion and even failure of parts in cases where the
yield strength of the material is approached. However, it has been
shown that advanced scanning strategies can be used to control
the thermal gradient during printing which reduces residual stres-
ses in printed parts [106–108].

Lastly, the microstructure and resulting mechanical properties,
especially in as-built Ni-based superalloy parts, are generally ani-
sotropic and heterogeneous, which is undesirable in most applica-
tions. Anisotropy in AM refers to situations where the properties of
components vary in different directions mainly due to the rapid
solidification and the vertical direction of heat flow towards the
substrate [109]. Regarding microstructure heterogeneity, the prop-
erties of the fabricated components most frequently vary along the
deposition (build) direction. This means that important mechanical
properties such as the yield and tensile strength, young’s modulus,
creep resistance, and ductility in an as-built component are inferior
in certain regions of the built compared to others. Due to these
challenges, researchers have developed a high interest in better
understanding the processing-structure–property relationship in
AM to improve the printing strategy and in turn the quality and
reproducibility of the products to gain industry acceptance. As
microstructure heterogeneity remains a critical factor in this
regard, the following sections contribute to this effort by address-
ing the various heterogeneities and their source in the printed
component of Ni-based superalloys.
4. Heterogeneity in AM Ni-based superalloys

As mentioned above, the adaptation of AM as a suitable manu-
facturing method for Ni-based superalloys is limited by hetero-
geneity in the microstructure along the build direction, which
leads to heterogeneities in mechanical properties throughout a
part. The microstructure heterogeneities observed in printed Ni-
based superalloys include differences in the chemical composition,
phase constitution, dendrite and grain morphology, and the mor-
phology of the solid-state precipitates across a built. Variations in
hardness, residual stress, creep, fatigue, and tensile properties are
prominent mechanical heterogeneities observed in AM fabricated
Ni-based superalloys. These heterogeneities are caused by the
complex thermal cycle characteristics of different AM processes
[2,5,26,27]. Additionally, the type of Ni-based superalloy plays a
prominent role in these heterogeneities as certain alloys exhibit
higher extents of heterogeneities compared to others, even when
the same AM technique is used. The following sub-section briefly
introduces the complex AM thermal cycle characteristics and
how they affect the microstructure evolution.
4.1. Influence of thermal cycle characteristics on the microstructure
evolution

The complex thermal cycle in AM starts with the melting and
solidification of the first layer on a substrate. The heat source that
accompanies the deposition of the second layer causes the previ-
ous layer to re-melt partially [110]. The previous layer is, therefore,
thermally affected (and in turn subjected to a short heat treat-
7

ment), which may cause solid-state phase transformations. This
process is repeated for several cycles until the final layer is depos-
ited. AM components experience non-equilibrium solidification
owing to the fast-cooling rates [111]. The high cooling rate in AM
is due to the small melt pool size, which leads to a shorter solidi-
fication time compared to other fusion joining processes such as
welding. The solidification microstructure of AM Ni-based superal-
loys therefore generally consists of fine dendrites, micro-
segregated elements, and solidification phases such as Laves and
carbides [99,100,112]. The dendrite arm spacing is a critical
microstructure feature that affects the segregation behavior and
the precipitation of secondary phases within interdendritic
regions. It is mainly determined by the extent of heat emission at
the solidification interface during solidification [113]. A faster heat
emission, equivalent to a high cooling rate, promotes small den-
drite arm spacing. A small dendrite arm spacing is characterized
by fine or discrete secondary phases, low elemental segregation,
and fine precipitates, which are beneficial to mechanical proper-
ties. In contrast, large dendrite arm spacing under a low cooling
rate produces a coarser microstructure.

Due to differences in the operation condition, the microstruc-
tures of AM Ni-based superalloys are process dependent. For
example, during solidification, cooling occurs rapidly at a high rate
of 103 to 104 K/s for L-DED, 104 to 106 K/s for E-PBF, and 105 to 108

K/s for L-PBF in a small localized volume [15,26,114]. The higher
cooling rate of the PBF processes compared to DED is due to the
more rapid scanning and smaller melt pool size. Therefore, the
solidification microstructure in DED is coarser than that of PBF pro-
cesses. A coarser dendritic structure (large dendrite arm spacing),
Laves phase, and micro-segregation of elements are usually
observed in these microstructures [115]. Within PBF processes,
the high preheat temperature in E-PBF leads to a much lower cool-
ing rate than that of L-PBF [15,26]. In E-PBF, due to the elevated
preheat temperature (>1000 �C), parts usually undergo longer
aging at high temperatures, which promotes the dissolution of sec-
ondary phases such as Laves, micro-segregated element, and
homogenization of elemental distribution [116].

The upward layer-wise deposition leads to a variation in the
thermal conditions within a build. This is responsible for most of
the heterogeneities in as-built Ni-based superalloys. For instance,
the cooling rate during deposition varies along the build height.
A higher cooling rate and thermal gradient are usually achieved
for the bottom layers than for the top layers [117]. This is due to
the direct contact of the bottom layers with the build substrate
plate, leading to a faster heat transfer rate at the bottom. An
increase in distance from the substrate increases the difficulty of
heat transfer from the melt pool into the substrate. This result in
a larger melt pool and high peak temperatures at the upper layers
leading to a slower cooling rate. Therefore, the top layers exhibit
coarser microstructures with coarser dendrites, a higher percent-
age of Laves phase, a thick and continuous Laves network, and a
higher degree of segregation of elements in comparison to those
of the bottom layers. It should also be noted that the uppermost
layer of some printed materials may experience a faster cooling
rate than the middle layers [40].

There is a transition of dendrite and grain morphology from
columnar at the bottom to equiaxed at the top [118]. The above-
mentioned heterogeneities mainly occur in DED due to slow cool-
ing rate and high deposition rate. This has also been occasionally
seen in L-PBF, but only to a very limited extent in E-PBF. The high
preheat temperature in E-PBF causes a slight change in cooling rate
and thermal gradient along the build. Intentional variation of
parameters which influence the thermal condition, such as scan
speed, scan strategy, and beam power during deposition, have
been reported to cause such variations in E-PBF microstructures
[39,92]. The high susceptibility of the DED process to columnar
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to equiaxed transitions can also be attributed to the high deposi-
tion rate, leading to inadequate melting of feedstock (powder or
wire). This causes heterogenous nucleation within the melt pool,
promoting fine equiaxed grains alongside the columnar grains.
Among the DED processes, wire-based DED is likely to exhibit high
heterogeneity due to the very high deposition rate, forming a large
melt pool and slow cooling rate [119].

After solidification, previously deposited layers are thermally
affected by the heat introduced during the deposition of several
successive layers, causing a complex thermal history in each voxel.
The thermally affected layers undergo a solid-state transformation
if the temperature and exposure time fall within the solid-state
phase transformation window. The bottom layers are exposed to
more thermal cycles than the layers at the top, leading to a gradi-
ent along the build height. In Ni-based superalloys, this gradient in
thermal exposure of layers leads to a gradient in the size and dis-
tribution of strengthening c0 and c0 0 precipitates [31,32]. For DED
and L-PBF, there is a variation in the volume fraction of strengthen-
ing c0 and c0 0 precipitates. However, in certain conditions such as a
low deposition rate and high cooling rate for DED and L-PBF
respectively, no significant phase transformation occurs [120].
For E-PBF, the intense thermal cycle due to the elevated build tem-
perature leads to a significant variation in the morphology and size
distribution of c0 and c0 0 [121,122]. Extent of heterogeneities is also
influenced by the type of Ni-based superalloy, which is discussed
later in the manuscript.

The following sections provide an overview of the existing
observations of heterogeneities in the microstructure and mechan-
ical properties of Ni-based superalloys fabricated with AM.
4.2. Microstructure heterogeneity

The heterogeneity in the as-fabricated microstructure of Ni-
based superalloys is usually manifested by the heterogeneity in
the dendritic structure, grain morphology, chemical composition,
porosities, and phases formed during solidification, and the solid-
state precipitates:
4.2.1. Dendrite structure
Additively manufactured Ni-based superalloys and other alloys

commonly form a fine dendritic solidification microstructure,
although cellular and planar front solidification have also been
reported based on solidification conditions [16]. The dendritic
structure, which is also observed in welding and casting processes,
may be equiaxed, columnar, or of a mixed morphology depending
on the AM processing parameters such as laser/electron beam
power, scan speed, scanning strategy, spot size, powder feed rate,
and preheat temperature [90–93]. A sub-grain cellular structure,
defined by segregation of alloying elements and a network of dis-
locations at their boundaries, can be found within the dendritic
structure [29,123–125]. The generally accepted mechanism for
its formation is via thermal stress, which develops due to the local
rapid heating/cooling cycles. Fig. 3a shows a solidification map,
which is made using a combination of thermal gradient (G) and liq-
uid (L)-solid (S) interface velocity (R= _T/G) [126]. _T is the cooling
rate. The solidification map is used to decide what structures can
form during solidification. The mode of solidification is defined
by the ratio G/R while the scale of the solidification microstructure
is governed by the product G�R [127].

Fig. 3b-h depicts the different modes of solidification (i.e., pla-
nar, cellular, and dendrite) of a typical Ni-based superalloy. The fig-
ure shows the quenched S/L interface morphologies of CMSX-10 at
various solidification rates during directional solidification. Planar
S/L interface forms at the slowest solidification rate and high tem-
perature gradient. With a gradual increase in solidification rate
8

(decrease in G/R value, Fig. 3a), the S/L interphase morphology of
the alloy changes from planar to cellular, and from cellular to den-
drite. A further increase in the solidification rate leads to a den-
dritic structure with well-developed secondary dendrite arms.
Cellular and dendritic microstructures are obtained over most
commercial directional solidification processes. There has been
no significant commercial interest in plane front superalloys due
to their high processing cost [128]. In AM, due to the fast cooling,
the planar solidification front is unstable, and the solidification
structure is mainly dendritic or cellular. This is proven in the work
of Blecher et al. [129], where it is shown that the G/R values during
AM are far below that of the lower limit for planar solidification to
occur. They calculated the G/R values at mid-length and mid-
height along the longitudinal mid-section of L-PBF IN718 in the
range of 20 Ks mm to 100 Ks mm�2. The minimum G/R value nec-
essary for planar solidification to occur is estimated by Kou [126]
as 7000 Ks mm�2. Increasing G�R values leads to coarser
microstructures [15].

Fig. 4a and b show typical microstructures of AM IN718 with
fine columnar dendritic morphologies [131] and sub-grain cellular
dislocation structures [132]. This microstructure is much finer than
an as-cast microstructure which is attributed to the rapid cooling
rates [111]. In general, during solidification, local changes in the
cooling rate and thermal gradient will alter the dendritic structure,
which can affect the size and morphology of phases such as Laves
and the distribution of micro-segregating elements. A coarser den-
dritic structure is mainly observed at lower cooling rates, while a
more refined dendritic structure is observed at higher cooling rates
[112]. The dendritic microstructure of AM fabricated Ni-based
superalloys will therefore exhibit substantial heterogeneity due
to different solidification or cooling rates at various locations
throughout the AM build (especially along the build height).

Wang and Chou [117] confirmed this by comparing the
microstructure of the top layer of IN718 during L-PBF to the middle
and bottom layers. They report an increase in the dendrites’ width
with build height due to this cooling rate variation. A comparably
high cooling rate is usually reported during the initial stage (layers)
of the fabrication process, which decreases with build height. The
high cooling rate at the initial layers results from the higher heat
conduction between the substrate and melt pool. Fig. 4c shows a
typical variation of cooling rate vertically throughout the build of
L-DED IN718, which is computed from the primary dendrite arm
spacing in [115]. The cooling rate decreases with an increment in
build height. In another study, it has been shown that the primary
dendrite arm spacing of IN718 fabricatedwith E-PBF increases along
thebuildheight, as seen in Fig. 4d,which is also due to the faster heat
conduction at the bottom compared to the top layers [43]. Similar
observations are also reported in [133,134] for L-DED. In instances
where the uppermost layer experience a faster cooling rate com-
pared to the immediate middle layers, a change in the dendrite
structure transition occurs. An example is depicted in [40], where
the average width of the dendrite in the middle layers of a printed
Ni-based superalloy decreases from 147 lm to 113 lm at the top-
most layer due to its faster cooling rate compared to the middle.
The width of the bottom layer is 75 lm. The top layers are in direct
contactwith the chamber environment since they are formed closer
to the end of the deposition process. Therefore, direct exposure to
the environment contributes to the higher cooling rate.

The reason for these variations has been explained by Kumara
et al. [112] during their investigation of the effect of cooling rate
and thermal gradient on the dendritic structure and Laves phase
formation in IN718 alloy fabricated with L-PBF. They hypothesize
that increasing the cooling rate causes the amount of undercooling
encountered by the liquid within each period to increase. A high
undercooling will generate a high excess free energy in the liquid
that is eventually used up by the created liquid–solid (L-S) inter-



Fig. 3. (a) Effect of G and R on the morphology and size of solidification microstructure. The S/L interface morphologies of CMSX-10 quenched at various solidification rates
with an increase in solidification rate from (b) to (h). The solidification rate is (b) 0.5 lm/s, (c) 1.0 lm/s, (d) 5.0 lm/s, (e) 10 lm/s, (f) 25 lm/s, (g) 50 lm/s, and (h) 100 lm/s.
The morphologies of the interface changed from (b) planar to (c) cellular, and to (d) – (h) dendritic with an increase in solidification rate. (a) is adapted from Ref. [15,126] and
(b-h) adapted from Ref. [130] with permission.
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face through nucleation or growth. The continuous increase in
extra free energy progressively creates more L-S interfaces per unit
area, resulting in a finer dendritic structure. An opposite sequence
occurs for a comparably slower cooling rate.
9

The columnar to equiaxed transition (CET) of dendritic struc-
tures is another source of microstructure heterogeneity in AM
Ni-based superalloys. This transition usually takes place due to
the variations in solidification conditions with build height. An



Fig. 4. (a) Microstructure of IN718 showing fine dendrites after L-DED, (b) sub-grain cellular dislocation structures in L-PBF IN718. (c) The computed cooling rate along the
build of IN718 showing a decreasing trend. (d) High magnification scanning electron microscopy (SEM) images of the primary dendrite arm spacing in the top and bottom
layer of IN718 build fabricated with E-PBF. (a) is adapted from Ref. [131], (b) is adapted from Ref. [132], (c) is adapted from Ref. [115], and (d), adapted from Ref. [43] with
permission.
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example of such transition or non-uniform microstructure can be
seen in Fig. 5 for a high Cr Ni-based superalloy fabricated with L-
DED [118]. The microstructure consists of epitaxially grown
columnar dendrites at the middle and bottom regions in both lon-
gitudinal and transverse directions, whereby the top area consists
of equiaxed dendrites. The columnar to equiaxed transition occurs
due to the lower temperature gradient in the upper layer, resulting
in a smaller G/R value.

4.2.2. Grain morphology
In metal AM, unique grain morphologies are created due to the

layer-by-layer material deposition, rapid solidification, and heat
loss towards the substrate (thermal gradient direction) [5]. Grains
are mostly columnar and extend across many re-melt layers
[51,135,136]. Single crystal type microstructures are desirable for
components operating at elevated temperatures. However, such
parts are susceptible to cracking, especially during laser-based pro-
cessing, where minimal preheating is applied [24,137]. Also,
columnar grains are responsible for the anisotropy in the tensile
and creep behavior of some printed DED components using a wire
feedstock [109]. This is similar to the tension/creep behavior of
directionally solidified Ni-based superalloys like DS200 + Hf
[138]. Alongside columnar grains, fine equiaxed grains may be
embedded within columnar grain regions depending on the solid-
ification conditions, such as the cooling rate ( _T), thermal gradient
10
(G), and liquid–solid interface velocity (R= _T/G) [91,92,126]. This
is similar to that of the dendritic structure.

During AM, there is a spatial variation of G and R in the melt
pool since the heat source is moving, which may lead to a variation
of solidification mode [139,140]. This variation implies that some
regions, especially at the melt pool surface, will experience a low
G/R ratio inducing equiaxed grain formation besides the primary
columnar grains formed in high G/R regions. This microstructure
heterogeneity, i.e. the presence of both columnar and equiaxed
grains, has been witnessed in several AM studies. For example, in
an L-PBF fabricated CM247LC Ni-based superalloy (Fig. 6a), growth
of columnar grains towards the melt pool and along the build
direction is reported while some regions show equiaxed grains
[18]. Also, the use of a chessboard scanning strategy during L-PBF
of CM247LC resulted in equiaxed grains embedded within the
regions of primarily columnar grains [135]. This heterogeneity in
grain morphology is also observed in other both L-PBF and E-PBF
fabricated Ni-based superalloys, and is attributed to local alter-
ations in the solidification conditions during deposition
[92,93,135,141,142].

Further, significant differences in the size and width of colum-
nar grains along the build direction is another microstructural
heterogeneity usually observed in the microstructure of AM fabri-
cated Ni-based superalloys. A typical example is observed in a non-
weldable Ni-based superalloy fabricated with E-PBF, where the



Fig. 5. SEM images of L-DED K648 superalloy at the transverse and longitudinal directions indicating dendritic structure changes along the build height. (a), (b) Equiaxed
dendrites at the top of the build while (c), (d) and (e), (f) reveal columnar dendrites at the middle and bottom region, respectively. Adapted from Ref. [118] with permission.
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width of the epitaxially grown columnar grains increases along the
build direction and across several layers [44]. This is shown in
Fig. 6b where the width of the columnar grain increases
from � 30 lm at the bottom to 150 lm at the middle of the build.
At the top layer, a substantial increase in the grain width
to � 1 mm is observed. Correspondingly, the grain boundary den-
sity has been reported to decrease from the bottom to the top of
the build, as shown in the plot in Fig. 6c. The regions with higher
grain boundary density are characterized by a reduction in the
degree of compositional segregation, while the lower grain bound-
ary density regions exhibit an increase in the degree of composi-
tional segregation during solidification. The gradient in the width
of the columnar grains is similar to that observed in Bridgman’s
technique for single crystal growth, which is solely based on direc-
tional solidification [143]. In the AM microstructure in Fig. 6b, the
relatively small columnar grains in the first few layers result from
the initial melting of powders and heat flow away from the melt
pool, through the substrate [135]. The deposition of subsequent
layers causes the columnar grains to grow epitaxially and compet-
itively across several layers [144]. Also, it should be noted that
each previously melted layer acts as a seed for the subsequently
deposited layers to grow and expand further epitaxially [44]. Sim-
ilar heterogeneity in columnar grain size along the build is seen in
11
a study by Helmer et al. [129] using E-PBF, which authors attribu-
ted to the growth competition between grains with different
orientations.

The columnar grain microstructure formation observed in [44]
(Fig. 6b) has also been attributed to the applied printing parame-
ters. Chauvet et al. [145] were able to produce fine equiaxed grains
or columnar grains with smaller width (<100 lm) in the same alloy
simply by changing the build parameters [145]. Manipulating the
AM processing parameters may significantly influence the solidifi-
cation conditions and affect the grain morphology. This is proven
in the study by Raghavan et al. [93], who developed a plot of the
spatiotemporal variation of the G vs R on the solidification map
of IN718 for different values of processing parameters. These plots
were attained based on the analytical model for the columnar to
equiaxed transition in casting processes by Hunt [146], which
was extended by Gäumann et al. [27] using the Kurz-Giovanola-
Trivedi (KGT) model for rapid solidification processes. The sensitiv-
ity of G and R with respect to different processing parameters is
shown in Fig. 7. Increasing the pre-heat temperature, beam cur-
rent, spot-ON time, and beam diameter moves the microstructure
from the columnar towards the equiaxed region in the map by
reducing the temperature gradient. Based on this, several authors
have reported heterogeneities in grain morphology of Ni-based



Fig. 6. (a) Electron backscatter diffraction (EBSD) maps of as-fabricated CM247LC showing columnar grains growing towards the melt pool along the build direction with
regions of equiaxed grains. (b) Optical micrograph and EBSD inverse pole figure (IPF) maps of an as-built high c0 superalloy showing the columnar grain size evolution along
the build direction. (c) Evolution of the columnar grain width and grain boundary density along the build direction of (b). (a) is adapted from Ref. [18], and (b), (c) from Ref.
[44] with permission.
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superalloys fabricated with E-PBF by simply changing process
parameters. Fig. 8a shows the microstructure of E-PBF fabricated
IN718, where a significant variation of the grain structure is
observed [39]. It changes from columnar to equiaxed and back
when the scanning strategy changes after the 40th layer. This
alters the direction of the thermal gradient during solidification.
In another study, Popovich et al. [17] used L-PBF to fabricate func-
tionally graded IN718 by changing the laser scanning strategy and
laser source parameters. As seen in Fig. 8b, these authors report a
12
transition from fine grains to coarse grains. Also, during E-PBF of
IN718, changing the scanning strategy from raster to a multi-
spot melting strategy, changes the grains from columnar to
equiaxed morphology (Fig. 8c) [92]. The melting of adjacent
domains with different strategies leads to the development of
interfaces with a sharp microstructural transition [92].

Another transition in grain morphology has been observed in L-
DED fabricated K465 Ni-based superalloy where columnar grains
are reported in both the middle and bottom regions of the build,



Fig. 7. Change in G and R of the melt pool as a function of (a) preheat temperature, (b) spot ON time, (c) beam diameter, and (d) spot beam current. Adapted from Ref. [93]
with permission.
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while equiaxed grains are seen in the top layer [147]. Fig. 8d shows
a similar columnar to equiaxed grain transition for a Ni-based sin-
gle crystal superalloy fabricated with L-DED [148]. The grain tran-
sition from columnar to equiaxed in the top layer is attributed to a
change in solidification conditions during deposition. In the top
layer, there is a decrease in temperature gradient and an increase
in the interface velocity. Also, in fabricating a single crystal
CMSX-4 Ni-based superalloy using L-DED, Gäumann et al. [27]
observed a transition from columnar to equiaxed at the top of
the build owing to a certain change in solidification conditions
caused by non-remelted powder particles therein. In an L-PBF
IN718 build, Liu et al. [149] used a multiscale phase field model
to study the mechanism that govern CET. They attributed CET in
the build to the heterogeneous nucleation due to the constitutional
supercooling at the end of the melt pool and a lower G/R value. It
should be noted that columnar grains generally have planar, cellu-
lar or columnar dendritic substructures while equiaxed grains have
equiaxed dendritic substructures [15,59].

4.2.3. Chemical composition
Chemical (compositional) heterogeneity is a common

microstructural feature witnessed in AM Ni-based superalloys. Its
occurrence in AM builds is significant as it might degrade the
mechanical properties and corrosion resistance, especially when
the elemental loss or variation is in Cr, Nb, Al, and Ti [150,151].
Compositional heterogeneity in AM build originates mainly from
the processing condition during solidification or, under certain cir-
cumstances, heat induced by the high preheat or substrate temper-
atures. The following paragraph elaborates on these three sources
of chemical composition heterogeneity in AM builds:

In an AM build, there is a high possibility for the loss of certain
elements during deposition, which depends on the processing con-
dition or the type of alloying element in the fabricated material. In
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cases where a high vacuum atmosphere is created, highly volatile
elements tend to evaporate [87], leading to an elemental loss in
AM builds. In addition, a high laser power density or deposition
rate, coupled with the several re-melting cycles, could lead to
evaporation. The evaporation of elements is quite common in Ni-
based superalloys due to the wide melting range created by multi-
ple alloying elements [152,153]. Fig. 9 shows the vapor pressure as
a function of temperature for various elements in Ni-based super-
alloys. It shows that Al, Cr, Fe, and Co are prone to vaporize first in
the superalloy system. Mukherjee et al. [154] reported Cr as the
element to evaporate significantly in IN625 using the Langmuir
equation model for DED. Panwisawas et al. [155] used inductively
coupled plasma optical emission spectroscopy (ICP-OES) alongside
combustion techniques to measure the elemental loss of different
Ni-based superalloys after AM. Al, Co, and Cr were found to vapor-
ize easily in the build with individual loss of up to 1.2 at% com-
pared to other elements.

As different regions across a build each experience a unique
thermal history, it is expected that the variation in chemical com-
position due to vaporizationwill be location-specific and vary along
the build height. The use of optimized processing parameters such
as the scanning speed and laser power density during AM will help
alleviate the vaporization of highly volatile elements. Also, another
possible solution is to adjust the feedstock composition by adding
excess of highly volatile elements [158]. The compositional hetero-
geneity that occurs during solidification of AMNi-based superalloys
is based on the degree of elemental segregation. During solidifica-
tion, the degree of segregation of alloying elements is based on each
element’s partition coefficient in the matrix, and is alloy specific
[159,160]. Fig. 9b shows a plot of the partition coefficient of ele-
ments in the matrix of various Ni-based superalloys such as
IN738, WASPAOY, IN718, and CMSX-4. Elements with partition
coefficients lower than one are mostly enriched in the liquid,
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Fig. 8. (a) Local variation of the grain structure from columnar to equiaxed grains and back in a L-DED IN718. (b) EBSD analysis of a graded IN718 sample featuring a single
coarse columnar grained zone embedded into a fine-grained matrix. (c) EBSD map showing local variations in grain structure in E-PBF IN718 by changing the scanning
strategy (from raster to multi-spot melting strategy and back). (d) Cross-section view of the columnar to equiaxed grain transition of a Ni-based single crystal superalloy
fabricated with AM. (a) is adapted from Ref. [39], (b) is adapted from Ref. [17], (c) is adapted from Ref. [92], and (d), adapted from Ref. [148] with permission.
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whereas those with values higher than one or close to one are
enriched in the solid during solidification. For example, in IN718,
elements such as Mo, Nb, and Ti tend to segregate into the liquid,
whereas Co, Al, Cr, and Ni get trapped in the c–matrix.
14
Figure 10a-j shows SEM images and electron probe microanal-
ysis (EPMA) maps of the dendritic regions of IN718 fabricated with
L-DED [161]. EPMA reveals the segregation of Nb and Ti to the
interdendritic regions, whereas the Ni, Cr, and Fe are concentrated

http://single+crystal+superalloy


Fig. 9. (a) Vapor pressure as a function of temperature for major elements of Ni-
based superalloys. (b) A plot of the partitioning coefficients of alloying elements in
the matrix phase of a few selected Ni-based superalloys. (a) is adapted from Ref.
[155], and (b) from Refs. [156,157] with permission.
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in the core of each dendrite. The degree of elemental segregation or
chemical partitioning is highly dependent on the local solidifica-
tion conditions, such as the cooling and solidification rates. A rapid
solidification or cooling rate causes more solute to be trapped in
the core of the dendrites since there is insufficient time available
for diffusion from the solid to the liquid phase. This results in a
lower degree of elemental segregation in the interdendritic
regions. As the cooling rate during fabrication varies with build
height, the degree of elemental segregation will also change. This
has been confirmed in [117], where authors measured the volume
fraction of Laves phase along the build height of IN718 after L-PBF.
They observed an 1 at.% increase in the volume fraction of Laves in
the top of the build compared to the bottom, which is mainly
ascribed to the much higher degree of Nb segregation to the inter-
dendritic regions in the top section compared to the bottom. A sim-
ilar case is also observed for a L-DED IN718 build where the Nb
content in the dendrite core decreases along the build direction
[115]. The Nb content decreases from � 4 wt% in the bottom
to � 2.8 wt% in the top layer. The distribution of Mo in the build
is expected to behave similarly as it is also segregated to interden-
dritic regions and contributes to Laves phase formation.
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The in-situ heat treatment that the material experiences during
E-PBF may also cause chemical heterogeneity in the microstructure
of Ni-based superalloys. During E-PBF, the powder bed tempera-
ture is usually kept at or above 1000 �C, hence each layer of the
build is exposed to a specific heat treatment. This elevated temper-
ature may change the elemental composition of the solidified
microstructure through the melting of various primary phases
with low melting points such as Laves in alloys such as IN625
and IN718. The melting of such phases releases elements back into
the matrix which may be used for solid solution or precipitation
strengthening. A typical example of compositional heterogeneity
caused by an in-situ heat treatment is observed by Deng et al.
[162], where authors measured the weight percentage of Nb in
the center of dendrite cores at various distances from the top sur-
face of the build to the bottom of E-PBF IN718. Fig. 10k shows the
measured weight percent of Nb in the dendrite core (dendrite core
is shown in Fig. 10l) from the top surface of the sample. A decrease
in Nb content from the bottom of the build towards the top is
observed. This variation is attributed to the extent of trapped Nb
in the Laves phase released back into the dendrite during the in-
situ heat treatment. The bottom region underwent extensive
homogenization as it is directly exposed to the elevated substrate
temperature when compared to the middle and top regions. The
Nb content at the topmost layer (between 0 and 200 lm) is higher
even though it experienced a less pronounced in-situ heating
effect. This is due to the increase in solidification velocity at the
top, which trapped more elements, especially Nb, inside the den-
drites with lower segregation to interdendritic regions.

It should be noted due to the fast solidification rate, most E-PBF
Ni-based superalloys have no secondary dendrite arms, and the
primary dendrite arm spacings are about two orders of magnitude
finer than in standard solidification microstructures [26]. A small
equiaxed dendrite arm spacing (DAS) is beneficial for forming dis-
crete Laves phase particles, while large columnar DAS tends to pro-
duce continuously distributed coarse Laves phase particles. This
makes it possible for the build to undergo shorter homogenization
heat treatments due to the elevated build temperature. However,
the microstructural changes during E-PBF in-situ heat treatment
are much more subtle than during traditional (post-AM) homoge-
nization and solution heat treatments of AM Ni-based superalloys,
which are much longer and cause uniform dissolution of the Laves
phase, and redistribution of elements in a build. One should also
consider that subjecting the build to longer hours of heat treat-
ment may deteriorate some of the unique features of the AM
microstructure, such as the elemental segregation and high dislo-
cation content in the sub-grain cellular structure.
4.2.4. Porosities
Two types of pores (spherical and non-spherical) are generally

associated with AM of Ni-based superalloys. The formation of these
pores is attributed to several mechanisms, including processing gas
entrapped during deposition, shrinkage during solidification, pre-
existing voids in the powder, inadequate melting, and lack of
fusion (LOF) between layers [163,164]. Many studies have reported
the presence of these porosities in L-DED [9,165,166], L-PBF [167–
169], and E-PBF [170,171] fabricated Ni-based superalloys. Spher-
ical pores form because of gas entrapped in the powder particles
during deposition or pre-exist in the powder feedstock. These
gases are released during melting and get locked in the melt pool
during solidification. Non-spherical pores, also referred to as LOF
pores, are irregular-shaped and usually form owing to insufficient
laser or electron energy density to completely melt the powder [9].
A high energy density, however, can lead to a keyhole-induced
porosity that can either be spherical or irregular. Pores in AM
builds are detrimental to the mechanical performance by acting



Fig. 10. (a-j) Microstructure and elemental distribution in an as-built IN718 showing elemental segregation. (k) Nb content measured at the dendritic cores of IN718
fabricated with E-PBF as a function of distance from the top surface. (l) SEM image showing a dendritic region and dendritic core where Nb was measured. (a-j) are adapted
from Ref. [161] and (k) and (l), adapted from Ref. [162] with permission.
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as stress concentrators. A schematic of formation of typical pores is
illustrated in Fig. 11a.

The distribution of pores within AM builds is usually inhomoge-
neous. Spherical pores are mostly located closer to the interior of
the melt pools, while LOF pores or irregular-shaped pores are
found on the fusion lines between layers and at the boundaries
of individual melt pools [172]. A typical example is shown in
Fig. 11b, where LOF and spherical pores are distributed along the
fusion boundaries and within the melt pool of a L-PBF IN718 build,
respectively [163]. A similar occurrence can also be seen in
[173,174]. Also, along the build height, the pore distribution is
reported to vary, with the extent of variation being linked to the
processing parameters. This was also seen in a study by Parmini
et al. [166], where they observed a slight increase in porosity level
from the top to the bottom of a L-DED IN718 build. It was ascribed
to the cold substrate that led to untimely freezing of the melt pool,
causing several unmelted powders at the bottom. A similar result
was reported by Holland et al. [175]. However, a contrasting result
is shown in [176], where the authors observed a decreasing trend
in porosity towards the bottom of the build with no solid explana-
tion for this observation.
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Interestingly, the distribution of pores along the edges of builds
is reported to be muchmore pronounced in some studies [169] and
minimal in others [166], when compared to the middle. This is rea-
soned considering the applied laser toolpath during deposition
where the application of an inside and outside contour strategy
leads to regions of high porosity between the contours [169].
When using a hatched tool path, the build’s edges usually remain
hotter, which promotes bonding compared to the center.

4.2.5. Phase constituents
This section discusses the solid-state phase transformation and

phases that form during solidification of Ni-based superalloy fabri-
cated with AM and the various heterogeneities observed in the
phase distribution in the build. The main solidification phase
examined here is Laves which is mostly observed in IN718 super-
alloy. The nanoscale precipitates are the phases mainly observed
during solid-state phase transformations. This section is concluded
with a review of thermal cycles in AM of Ni-based superalloys.

4.2.5.1. Phases formed during solidification. AM processed samples
undergo a predominantly non-equilibrium solidification process



Fig. 11. (a) Schematic of the formation of gas-induced, lack of fusion, and keyhole pores during L-PBF. (b) SEM micrographs showing the different types and distribution of
defects of L-PBF IN718. (a) is adapted from Ref. [177], and (b) is adapted from Ref. [163] with permission.
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due to the high-speed cooling after deposition. For most Ni-based
superalloys,multiple phase transformations occur during solidifica-
tion. First, the primary c phase is formed as the temperature drops
below the liquidus temperature. In conditions where oxidation
occurs during solidification, oxide particles might nucleate before
the c–matrix is fully solidified. This is detrimental to the properties
[51,178]. Following this, TCP phases such as the Laves will precipi-
tate in the interdendritic liquid regions of alloys such as IN718,
IN625, and othersmainly due to the presence of Nb. In addition, var-
ious carbides and sometimesborides form in thegrainboundary and
inter-dendritic regions [50,86,179]. As the solidification proceeds,
most particles coarsen, and some small ones may dissolve.

The distribution of secondary phases, especially Laves, in the
build after solidification is mostly heterogeneous, either within a
grain or along the build height. Several authors report a high vol-
ume fraction of Laves phase in the middle of the build when com-
pared to the bottom and top layers during L-DED, L-PBF, and
plasma A-DED of IN718 and IN625 [180–183]. This microstructure
17
heterogeneity is different from that of a typical as-cast microstruc-
ture during traditional manufacturing. Fig. 12a shows an example
of this phenomenon where authors report a high volume fraction
of Laves in the middle region compared to the top and bottom
[181]. This microstructure observation is mainly attributed to the
high cooling rate at the bottom and top layer compared to the mid-
dle, since the evolution of Laves phase formation depends on the
local thermal history, especially the cooling rate. Also, aside from
the volume fraction, the size distribution of Laves phase in a build
has been reported to coarsen with the build height
[19,134,183,184]. It should be noted that a higher volume fraction
of Laves phase in the build tends to deteriorate the mechanical
properties [185,186]. Laves phase is brittle and its formation also
depletes beneficial alloying elements like Nb, Mo, and Ti. However,
it is to be noted that a small amount of Laves phase in a granular
morphology may improve the mechanical properties at elevated
temperatures by promoting a pinning effect on cell and grain
boundary migration [125,187–190].



Fig. 12. (a) Laves phase fraction variation along the height of IN718 fabricated with L-DED. (b) Typical morphology and size of Laves at different distances from the top surface
of IN718 fabricated with E-PBF. (c) Laves volume fraction found in the corresponding regions shown in (b). (a) is adapted from Ref. [181] and (b) and (c), adapted from Ref.
[162] with permission.
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The substrate preheating associated with E-PBF may also cause
heterogeneity in phase distribution after solidification if the build
temperature is high enough to cause melting or dissolution of
selected phases. Fig. 12b-c shows the gradient in Laves morphol-
ogy and volume fraction of E-PBF fabricated IN718 in different
regions of the build height [162]. The Laves phase has a fine and
blocky morphology of lower volume fraction close to the top sur-
face. The size and volume fraction of Laves phase particles
increases at a distance closer to the middle layers exhibiting a
chain-like morphology. The chain-like Laves morphology becomes
more fragmented within 500–1000 lm away from the bottom
regions, and its volume fraction decreases. At the bottom where
no more chain-like particles are found, the volume fraction of
few blocky precipitates approaches zero. These authors attributed
the gradient in Laves morphology to the corresponding gradient in
in-situ annealing history induced by the elevated build tempera-
ture (1200 �C) of the E-PBF process. The region closer to the sub-
strate undergoes significant homogenization compared to the
regions away from the substrate. At the very top surface, the lower
volume fraction is due to the increase in solidification velocity,
which resulted in trapping more elements inside the dendrites,
thereby reducing the formation of Laves at interdendritic regions.

A different trend in Laves phase distribution has been reported
by Chandra et al. [191] in the build of an E-PBF Ni-based superalloy
with a first-generation single crystal re-free composition. The
authors show the precipitation of Ta-rich C14 Laves along the grain
boundaries and interdendritic regions, which decrease in popula-
tion density along the build direction. This phase precipitates after
solidification while the layers are exposed to elevated tempera-
tures. The higher volume fraction of the Laves phase at the bottom
of the build is due to the extended periods of exposure to the high
substrate temperature compared to the top. Also, in an E-PBF
IN718 where the substrate temperature is set at 945 �C, a higher
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amount of detrimental Laves and d phase particles is observed at
the bottom compared to the middle and top of the build [192].
The low substrate temperature (945 �C), which is below the solvus
temperature of Laves and d phases, favored their precipitation. The
extended periods of exposure of the bottom region to the substrate
temperature led to the higher volume fractions observed at the
bottom.

So far, and to the best of our knowledge, there has not yet been
any report on the heterogeneity of primary phases such as carbides
throughout the build. Most studies, including one by some of the
current authors, show carbide distributions in AM Ni-based super-
alloys seem to be homogenous throughout the builds [16,42,122].

4.2.5.2. Solid-state precipitates. Immediately after the solidification
of Ni-based superalloys, solid-state phase transformations occur
as the temperature continues to decrease. The main phases precip-
itated during solid-state phase transformations are c0 and/or c0 0

nanoscale precipitates as shown in various previous studies includ-
ing by some of the current authors [10,123,193]. These solid-state
phase transformation processes are diffusion-controlled. In AM,
the precipitation and distribution of these phases in the build is
complex and heterogeneous, mainly determined by the amount
of time the deposited layer spends in the nanoscale precipitates
precipitation temperature window [2,5,112]. A longer holding time
in a precipitation window leads to a higher phase fraction of the
precipitates.

The most common microstructure heterogeneity observed after
solid-state phase transformations is an increase in the volume frac-
tion of the nanoscale precipitates away from the dendrite core,
towards the area closer to the interdendritic regions
[7,25,166,194]. During cooling, the nanoscale precipitates that first
nucleate in the interdendritic regions grow at much higher rates
compared to those within the dendritic core [112,195]. Fig. 13a-d



Fig. 13. (a-d) Morphology of precipitates in an IN718 fabricated with DED. (a) Low-magnification image of the top layer. (b) High-magnification image of precipitates in (a).
These precipitates surround the Laves phases (lightest grey particles). (c) Low-magnification image of the bottom region showing bright contrast regions existing both near
eutectic products and along interdendritic boundaries. (d) High-magnification image of the boundary between the interdendritic region and dendritic core of (a), showing a
gradual decrease in particle size from the interdendritic region to the dendritic core. (e-g) Typical microstructures of L-DED fabricated IN718 samples from (e) top, (f) middle,
and (g) bottom. The middle and bottom regions show higher volume fractions of c0 and c0 0 precipitates than the top. (a-d) are adapted from Ref. [25] and (e),(f) from Ref. [32]
with permission.
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shows an example of the microstructure of L-DED IN718 where the
nanoscale precipitates are distributed mainly next to the eutectic
products (Laves phase in this case) (Fig. 13b) and at the interden-
dritic regions (Fig. 13d), compared to the core of the dendrite
[25]. This microstructural feature is attributed to the high avail-
ability of c0 and c0 0 forming elements (e.g., Ti, Al and Nb) in the
interdendritic and adjacent regions compared to the dendrite core.
This is due to the multiple thermal cycles that causes remelting
and dissolution of Laves phase.

Further, a gradient in the volume fraction of nanoscale precipi-
tates occurs along the build direction of printed superalloys due to
thermal cycle variations. For the DED process, the variations in the
thermal cycles through the build lead to a variation in the time a
component or section spends in the nanoscale precipitates win-
dow. Li et al. [32] verified this by comparing the microstructure
of the top layer of L-DED IN718 to that of the middle and bottom
layers. As shown in Fig. 13e-g, these authors observed a high-
volume fraction of c0 and c0 0 precipitates in the bottom and middle
regions of the built, while the top region exhibited a lower volume
fraction of c0 0 precipitates only. The high-volume fraction of c0 and
c0 0 in the bottom and middle is attributed to the comparably long
holding time (>904 s) where the thermal cycle curve remained in
the c0/c0 0 precipitation window, which is far greater than the min-
imum required holding time for c0 (124 s) and c0 0 (57 s) to precip-
itate. For the upper region, a shorter holding time (88 s), which is
slightly greater than the minimum holding for c0 0 precipitation, is
recorded, which explains the much lower degree of precipitation
and growth of c0 0. In the case of the c0 precipitates, the holding time
is shorter than the minimum for c0 precipitation initiation, which
explains the absence of this phase. This shorter holding time is a
result of the lower number of thermal cycles in the top layer. Sim-
ilar results are observed in [24,25,196,197].

Additionally, the thermal cycle caused by the elevated build
temperature during E-PBF is known to cause a variation in the size
of nanoscale precipitates distribution along the build direction.
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Some examples have been reported in our own previous study
by Lim et al. [42] (Fig. 14 a-c), the studies by Rampsperger et al.
[31] (Fig. 14 d-g), and Chauvet et al. [44], who measured the size
variation of c0 precipitates along the build direction in E-PBF-
manufactured high c0 Ni-based superalloys. In all these studies,
the authors reported an increase in c0 size from the build top to
bottom due to the in-situ aging treatment from the thermal cycle
where layers closer to the substrate experience longer exposures.
This leads to slower cooling rates and longer aging times, enabling
significant coarsening of the precipitates. A similar heterogeneity
in c0 size distribution has also been reported in [121,122] after E-
PBF. However, in the build of E-PBF Ni-based superalloy with a
first-generation single crystal re-free composition, an opposite
trend in c0 size distribution has been reported [191]. An ultra-
fine c0 size (�20 nm) is observed at the bottom layers compared
to the top or subsequent layers (�100 nm) even though the bottom
layers are subjected to longer re-heating times and have more pre-
heat temperature exposure. This is ascribed to the higher cooling
rate at the initially deposited layers during solidification compared
to subsequent layers. The initial deposited layer is different from
subsequent layers as it represents the fusion zone between the
stainless-steel substrate and the build, and hence, the large volume
of the substrate plate causes better heat dissipation from the first
layer in comparison to the consecutive layers [191]. Also, the
nanoscale precipitate distribution in most E-PBF IN718 decreases
in volume fraction from the build bottom to the top [24,43,198].
This behavior is similar to that of the DED process.

Further, the thermal cycle during E-PBF is reported by some of
the current authors to develop a multimodal size distribution of c0

(sizes in the range of 5–50 nm and 400–600 nm) at the middle and
bottom sections of IN738 with the upper layer showing a unimodal
distribution [41,42]. The formation mechanisms of these features
are attributed to the occurrence of a eutectic reaction and multiple
nucleation, growth, coarsening, and dissolution bursts during ther-
mal cycling [41]. It should be noted that this same alloy (IN738)



Fig. 14. Microstructures of c/c0 in (a,d) top, (c,e) middle, and (c,f) bottom cross-sections of (a-c) IN738 and (d-f) CMSX-4 builds fabricated with E-PBF respectively. (e) Size and
volume fraction of c0 as a function of the build height in CMSX-4. (a-c) are adapted from our own previous study Ref. [42] and (d),(e) from Ref. [31] with permission.
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during L-PBF process shows no traces of c0 precipitates in the as-
fabricated state owing to the rapid-cooling rates and small thermal
cycles with short duration of the L-PBF process [120].

4.2.5.3. AM thermal cycles in Ni-based superalloys. As obvious from
the results discussed above, the multiple thermal cycles experi-
enced by Ni-based superalloys during AM are responsible for the
microstructure evolution, especially the solid-state phase transfor-
mation and related heterogeneities [2,5,18,25,31,32,44,112,118,
121,122,133,134,162,181]. Hence, this section introduces the typi-
cal thermal cycles that Ni-based superalloys experience during AM
and elaborates further on how they influence the solid-state trans-
formation process.

Fig. 15a shows a schematic diagram of three different thermal
cycles encountered during L-DED [112], and Fig. 15b illustrates
typical thermal cycles for an E-PBF process [7]. In the L-DED pro-
cess, thermal cycle A portrays a condition where the deposition
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of subsequent layers is done such that the deposited material does
not experience an increase in overall temperature or heat accumu-
lation. This means that an adequate waiting time is available for
the previously deposited layers to cool down to close to room tem-
perature before subsequent layers are deposited. Therefore, no sig-
nificant phase transformation occurs in such a condition, although
the temperature profile during deposition passes through the c0

and c00 precipitation windows. This is ascribed to the short holding
time in the precipitation window. This type of thermal cycle has
been observed in [199,200].

Compared to thermal cycle A, thermal cycle B does not experi-
ence an adequate waiting time between successive layers. There-
fore, the deposited material’s overall temperature increases due
to heat accumulation from previous layers that does not have
enough time to cool down. As the temperature of the thermal cycle
is within the precipitation window, the previously deposited mate-
rial undergoes an in-situ aging heat treatment, and with time, c0



Fig. 15. Thermal cycles usually observed in (a) L-DED process and (b) E-BPF process for IN718. In the L-DED process, deposited material with thermal cycle A (shown in red)
experiences little heat accumulation due to longer waiting times between successive layers. Materials deposited with thermal cycle B (shown in black) do not experience an
adequate waiting time between successive layers and hence, experience higher heat accumulation. Thermal cycle C (shown in blue) experiences the highest heat
accumulation due to a much higher deposition rate and lower waiting time between layers. (c) First seven cycles thermal history comparison between numerical results and
experimental measurement of L-PBF IN718. (a) is adapted from Ref. [112], (b) is adapted from Ref. [7], and (c) is adapted from Ref. [210] with permission.

N. Kwabena Adomako, N. Haghdadi and S. Primig Materials & Design 223 (2022) 111245
and c00 begin to precipitate in the material. The growth of these
precipitates depends on the duration of in-situ aging. The first 10
cycles in the work of Tian et al. [25] resembles this thermal cycle.

Thermal cycle C elucidates a scenario similar to B, with the dif-
ference being an increase in overall temperature resulting from
considerable heat accumulation. A DED process with a high depo-
sition rate usually results in such a thermal cycle. The overall tem-
perature is kept above 1000 �C, which decreases slowly during the
subsequent printing process, crossing the precipitation windows of
both c0 and c00 precipitates. The experimentally measured temper-
ature profile in the bottom and middle regions in a build by Li et al.
[32] resembles this kind of thermal cycle. The gradual drop in tem-
perature is due to the conduction of heat.

Thermal cycles for electron beam processes begin with the ini-
tial heating of the substrate to its outgassing temperature, which is
then maintained for about 15–30 min [7,162,201]. After out-
gassing, heating resumes until the desired temperature for sinter-
ing is reached. Melting and deposition of materials then begin. The
value for the outgassing and sintering temperature used is depen-
dent on the alloy being fabricated. For most Ni-based superalloys,
an outgassing temperature of 750 �C and a sintering temperature
of 975–1200 �C are commonly used. Fig. 15b shows a typical ther-
mal profile of IN718 fabricated with E-PBF. The heating process
uses a diffuse beam that undergoes an oscillating thermal cycle
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to maintain the temperature. This is followed by melting of the
powder and melt post-heating. Upon melting of the last deposit
layer, all processes stop, and the machine starts to cool down.
The E-PBF process takes a long time (5–80 hrs) to cool to room
temperature after final melting [7]. It can be seen in Fig. 15b that
during the deposition process, the overall temperature is high
and kept close to constant value by the substrate preheating.
Therefore, the melted material undergoes an in-situ heat treatment
for a longer time than during a DED process. Also, it should be
noted that the bottom layers that are closer to the substrate expe-
rience additional heating and spend a longer aging time in the
desired precipitation temperature window than top layers.

Temperature measurement techniques are used to capture the
discussed AM thermal cycles during printing, often for research
purposes. This includes thermocouples and IR temperature sensors
[202]. The thermocouple is usually connected to the substrate and
has been used by different authors to measure the thermal history
across AM builds [200,203–205]. For example, Segerstark et al.
[200] monitored the thermal profile of L-DED IN718 by implanting
thermocouple wires in the substrate. Also, the E-PBF thermal pro-
file in Fig. 15b and thermal cycles A and B in Fig. 15a were exper-
imentally measured using a thermocouple. IR temperature sensors
perform a contactless temperature measurement of an object
based on the principle that the object’s infrared radiation varies
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with its temperature [206]. In AM research, IR sensors have been
used to monitor the melt pool behavior and the temperature distri-
bution across a build. For example, Lane et al. [207] incorporated a
commercial L-PBF machine with a thermal camera, a high-speed
visible camera, and a photodiode to study the melt pool behavior
of IN625.

An alternative method to obtain AM thermal cycles is through
thermal modeling. This involves using various mathematical,
numerical, and finite element techniques to predict the thermal
cycles of AM builds [208,209]. A typical example of a study where
a thermal model is used to simulate AM thermal cycle is reported
in the work of Promoppatum et al. [210]. These authors used a
three-dimensional finite element analysis package, COMSOL, to
simulate the thermal profile and melt pool dynamics of IN718 fab-
ricated with L-PBF. Fig. 15c shows the simulated thermal profile for
the first seven cycles compared to the experimental measurement.
A good correlation can be seen with slight differences, especially in
the first few layers, attributed to the detachment of the thermo-
couple during deposition as melting occurred. A similar result
can also be seen in [211], where a thermal model named simula-
tion of additive manufacturing processes (SAMP) was used to
obtain the thermal profile of a L-DED IN718. Further, thermal cycle
C in Fig. 15a was acquired by performing a three-dimensional tran-
sient thermal analysis [32].

4.3. Heterogeneity in mechanical properties

The mechanical properties of AM Ni-based superalloys are
strongly influenced by the resulting microstructure (such as den-
dritic structure, grain morphology, dislocation cell structures,
porosities, chemical composition, phases formed during solidifica-
tion, and solid-state precipitation) [8,18,55,57]. As heterogeneities
are observed in these as-fabricated microstructures, the mechani-
cal properties in the build are also expected to be heterogeneous.
The following sub-sections summarize reports from publications
on the heterogeneities observed in the mechanical properties of
Ni-based superalloys fabricated with AM. The mechanical proper-
ties discussed here include hardness, tensile, Young’s modulus,
creep, and fatigue behavior. Residual stress is also addressed. The
section is concluded with a case study. Most of these results are
based on alloy IN718, which is the most used alloy in metal AM
due to its high weldability.

4.3.1. Hardness
The hardness of AM fabricated Ni-based superalloys has been

explored in numerous studies, e.g., after DED [25,32,118], L-PBF
[46,212–216], and E-PBF [42–44,47,162]. Most of these studies
have attributed the hardness evolution to the presence of strength-
ening nanoscale precipitates, the grain and dendrite morphology,
and the dislocation cell structures. Also, the addition of nanoscale
oxides or inoculants to AM microstructures can enhance the hard-
ness [217].

The distribution of strengthening nanoscale phases contributes
significantly to the high hardness in AM fabricated superalloys.
Several studies report hardness values in the ranges of 300–500
HV in an as-fabricated Ni-based superalloy with in-situ precipita-
tion of c0 particles across the build [42–44,47]. This hardness is
higher than most builds without in-situ precipitated c0 particles
after fabrication [215,216]. The hardness increases by � 30 % when
the as-fabricated component is subjected to post-processing aging
treatment, owing to the precipitation of more and finer c0 and c0 0.
In most builds with in-situ precipitated nanoscale particles, the
hardness is observed to vary throughout the build height, mainly
due to heterogeneity in the microstructure, as elaborated above.
Table 2 shows a summary of typical hardness distributions of var-
ious AM Ni-based superalloys. For builds fabricated by L-DED and
22
L-PBF, the hardness decreases with increasing build height. The
higher hardness at the bottom of the build is ascribed to the high
fraction of nanoscale precipitates. The increased precipitation rate
at the bottom layers compared to the top is the result of the
numerous continuous thermal cycles experienced by the bottom
layers as discussed in section 4.2.5.2. Different trends in hardness
evolution have been reported in other L-DED and L-PBF studies,
whereby only minor changes in hardness throughout the build
are observed [118,120,213,214]. This is attributed to the applica-
tion of high cooling or low laser deposition rate during printing
which triggers a shorter holding time in the nanoscale precipitates
temperature window [30]. Builds with thermal cycle close to cycle
A (Fig. 15a) usually exhibit such microstructure morphology and
hardness distribution.

The average hardness of a Ni-based superalloy processed by the
E-PBF process is usually higher than that of the same material pro-
cessed by DED and L-PBF. This is due to the more pronounced pre-
cipitation hardening caused by the thermal cycles [16]. This means
that evolution of hardening precipitates in E-PBF build is more pro-
gressed than that of L-DED and L-PBF (see Table 2). Along the build
height, the hardness distribution for some E-PBF studies increases
from the bottom to the top of the build. This trend in hardness is
similar to that of the L-DED process discussed previously. Exam-
ples are depicted in the Refs. [24,43,198] for E-PBF IN718, where
several authors report a higher hardness in the bottom regions of
builds, which decreases gradually towards the top. This is ascribed
to the greater degree of c0 and c0 0 precipitation at the bottom com-
pared to the top. Interestingly, in other cases [42,44,47], increases
in hardness with build height have been reported. This is mainly
seen for high c0 Ni-based superalloys and is attributed to the differ-
ence in c0 morphology across the build height. An example is elab-
orated in [47], where the authors investigated the hardness
distribution in a CMSX-4 superalloy fabricated with AM. They
report a lower hardness in the bottom layer, which gradually
increases with the build height. This was ascribed to the larger size
of c0 precipitates at the bottom compared to upper or top layers.
Similar results have been reported in [44,218] and our own previ-
ous study [42]. Coarser c0 morphologies are usually characterized
by a wider interparticle spacing facilitating plastic deformation of
the matrix. This explains the bottom region’s lower hardness
[219,220]. The coarsening of c0 precipitates at the bottom area
result from the longer time exposed to the elevated build temper-
ature. The nano-hardness distribution within a specified region,
grain, or melt pool may also vary in AM Ni-based superalloys
[221]. For example, in the dendrite core, the hardness may be
lower than that of the interdendritic region owing to the lower vol-
ume fraction of c0 and c0 0 precipitates therein.

The grain or dendritic size distribution in AM builds is reported
to influence the hardness distribution. According to the well-
known Hall-Petch relationship, fine-grained components usually
possess higher hardness owing to the higher number of grain
boundaries, which hinder dislocation slip [222]. Ni-based superal-
loy builds with distributions of fine grains or dendrites, achieved
by tuning processing parameters, exhibit higher hardness than
coarser grained components. Jia et al. [223] reported an increased
hardness in L-PBF IN718 after increasing the laser energy density.
The main contributions to enhancing microhardness were the
grain and dendrite refinement and densification upon increasing
the laser energy density. A similar result can be seen in [224]. In
another study, Xia et al. [124] attributed the increase in hardness
in L-PBF IN718 to the finer dendritic microstructure upon increas-
ing the scan speed. As such, heterogeneities in grain and dendritic
structure due to changes in AM process parameters or solidifica-
tion conditions during deposition will cause hardness variations
[17,40,46,134]. The functionally graded IN718 with regions of
fine- and coarse-grained microstructure observed in [17] and dis-
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Table 2
Summary of hardness properties of various AM fabricated Ni-based superalloys.

Superalloy AM Process Load Position of Measurement Vickers Hardness (HV) Reference

IN718 L-DED 200-g Top
Bottom

250
400

[25]

Non-weldable Ni-based superalloy E-PBF 1-kg Top
Middle
Bottom

475 ± 15
425 ± 9
380 ± 10

[44]

IN718 E-PBF 500-g Top
Middle
Bottom

360 ± 5
385 ± 2
405–420 ± 5

[43]

CMSX-4 E-PBF – Top
Middle
Bottom

460 ± 20
415 ± 15
400 ± 5

[47]

IN718 L-PBF 200-g Top
Middle
Bottom

325 ± 5
330 ± 10
340 ± 15

[46]

K648 Superalloy L-DED
500 g

Top
Middle
Bottom

No variation in hardness
(220–240)

[118]

IN718
L-DED 500 g

Top
Middle
Bottom

298
381
385

[32]

IN738

E-PBF 500 g

Top

Middle

Bottom

4.25 ± 0.06 (GPa)
4.04 ± 0.04 (GPa)
3.96 ± 0.04 (GPa)

[42]

IN718 E-PBF – Top
Middle
Bottom

370 ± 5
380 ± 10
410 ± 5

[198]

Rene-N5 E-PBF 500 g Top
Middle
Bottom

450 ± 3
420 ± 5
405 ± 5

[218]

IN718 L-PBF 100 g Top
Middle
Bottom

250
320
355

[196]
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cussed in section 4.2.2 (Figure 8b) demonstrates this effect. The
authors report a lower hardness (�280 HV) in the coarse-grained
regions, while a higher hardness (�320 HV) is observed in the
fine-grained zones. Additionally, in the melt pool of L-PBF IN718,
as shown in Figure 16a-d, a variation in hardness distribution
has been observed where authors attribute it to the local grain
and dendrite morphology [225]. The top of the melt pool shows
a higher average hardness of 388 HV, whereby the microstructure
is dominated by fine, cellular dendrites and equiaxed grains
Fig. 16b). The hardness decreases to about 335–340 HV at the bot-
tom of each melt pool, whereby the microstructure is composed of
unidirectional columnar dendrites (Fig. 16c). The edge of the melt
pool averages a hardness of 341–350 HV, with the microstructure
mainly characterized by the presence of multidirectional columnar
dendrites, as seen in Fig. 16d.

The dislocation cell networks also contribute to the hardness
enhancement in as-printed Ni-based superalloys by acting as
obstacles for dislocations. This contribution is mainly recognized
and appreciated when the build contains little if any c0 or c0 0 pre-
cipitates in the as-fabricated state. For example, Deng et al. [226]
attributed the hardness in L-PBF IN718 which was free of strength-
ening c0 and c0 0 phases to the high density of dislocation cell net-
works. Also, the hardness observed in new grades of Ni-based
superalloys fabricated with L-PBF was attributed to solid-solution
hardening and substructural hardening as few c0 precipitates were
found in in these builds owing to their sluggish precipitation in this
alloy [227]. For a solid-solution forming Ni-based superalloy such
as Hastelloy X, the hardness observation in the build after deposi-
tion is due to the domination of dislocation and subgrain structures
in the microstructure [215,216].

The distribution of porosity in AM builds was believed to affect
the hardness in some studies, while others found no direct rela-
23
tionship. Few papers have attributed the lower hardness in builds
to the high porosity as pores easily collapse upon loading. Choi
et al. [213] observed a decrease in hardness as porosity increased
in an L-PBF IN718, and attributed it to the collapse of the relatively
large and irregular-shaped pores under loading. Also, as shown in
Fig. 16e, Marchese et al. [228] found that the hardness in an
IN625 fabricated with L-PBF and L-DED slightly decreased in
regions with a high level of porosities. A similar trend is also
observed in [229], but the authors attributed the hardness decrease
to coarsened microstructure. In E-PBF IN718, no direct correlation
between the hardness and porosity was found [230].

4.3.2. Tensile properties
Several studies have investigated the general (macro-scale) ten-

sile behavior of AM Ni-based superalloys at room temperature and
have shown these properties to be comparable to their cast and
wrought counterparts [16,32,46,173,192,198,231–233]. Similar to
hardness, the reported tensile properties have been attributed to
the strengthening of nanoscale precipitates, dislocation cell struc-
tures, grain morphology, dendrite morphology, and nanoscale oxi-
des present. Also, defects (cracks and pores) and the build
orientation which result in anisotropy greatly influence the tensile
properties. The high-temperature tensile properties of AM have
been studied in several investigations as these alloys, by nature,
are used in high-temperature environments. Some of these studies
were conducted at temperatures of 538 �C [234], 650 �C [235],
750 �C [137,236], 760 �C [237], and 850 �C [238]. Generally, all
studies reported extraordinary strength at the above-mentioned
high temperatures which was mainly attributed to the presence
of nanoscale precipitates, the ultra-fine solidification microstruc-
ture, and the presence of thin and long needles of d phase at the
grain boundaries.



Fig. 16. (a) Typical hardness profile within the melt pool of L-PBF-processed IN718 parts. (b), (c), and (d) show the corresponding microstructure evolution of the hardness
positions labeled as 7, 12, and 17, respectively. The inset image in (a) shows the cross-section of the melt pool profile. (e) Hardness vs porosity distribution in L-PBF and L-DED
IN718. Inset image shows typical pore sizes. (a-d) are adapted from Ref. [225] and (e), from Ref. [228] with permission.
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Precipitation hardening from nanoscale precipitates in the as-
built components contributes significantly to their high tensile
strength. Several studies report higher tensile strength values in
as-built parts with a high percentage of in-situ precipitated nanos-
cale particles than in those with no or fewer precipitates. For
instance, in IN718, most E-PBF fabricated components exhibit
higher strength than L-DED or L-PBF components [239]. This is
attributed to the higher processing temperature of the E-PBF pro-
cess, which causes in-situ precipitation of c0 and c00 phases. Also,
builds subjected to full post-processing heat treatments exhibit
higher strength and lower ductility than those in their as-
fabricated state [30,214,240]. This is due to the significant increase
in precipitation of nanoscale phases during aging heat treatments.
Since most of the builds with in-situ precipitated nanoscale precip-
itates exhibited heterogeneities in their morphology and distribu-
tion, heterogeneities in the local tensile properties may exist along
the build direction. Studies on the heterogeneity in the tensile
behavior are limited due to the relatively small size of printed sam-
ples, which makes machining tensile specimens from selected
regions along the build difficult or sometimes impossible. Table 2
shows a summary of the tensile properties reported along the build
direction of typical AM Ni-based superalloys. In Ref. [32], the
24
higher yield and tensile strength at the bottom and middle com-
pared to the top is ascribed to the higher fraction of nanoscale pre-
cipitates at the bottom and middle. This trend is similar to that of
the hardness observed in the previous section. The study in Ref.
[46] attributes the observed variation in yield and tensile strength
to the variation of the columnar grain structure in size along the
build direction, as no nanoscale precipitates were present. The
top region with coarser grains recorded a lower yield and tensile
strength than the bottom, which had much finer grains. Generally,
the reasons for the observed trend in hardness along the build
height for most DED, L-PBF, and E-PBF printed Ni-based superal-
loys may also apply to the tensile properties.

Further, for alloys such as IN718 and IN625, the presence of
Laves and d phases may influence the tensile properties. For exam-
ple, in the E-PBF process, Kirka et al. [192] report an increase in
tensile and yield strength, along with the ductility of IN718 from
the bottom of the build to the top (Table 3). An opposite trend in
tensile strength along the build is reported in Refs. [32,46]. The
lower tensile strength in the bottom region is ascribed to the coars-
ening of c0 and c00 precipitates, together with the presence of a
higher amount of detrimental d phase at the bottom of the build
due to over-aging and slower cooling rate induced by the elevated



Table 3
Summary of room temperature tensile properties along the build height of various as-built Ni-based superalloys.

Superalloy AM
Process

Position of
Measurement

Tensile axis orientation to build
direction

Yield Strength
(MPa)

Ultimate tensile strength
(MPa)

Elongation
(%)

Ref.

IN718 DED Top
Middle
Bottom

Perpendicular
464 ± 44
752 ± 12
745 ± 5

821
1074
1050

34
22
31

[32]

IN718 L-PBF Top
Bottom Parallel

603 ± 2
650 ± 9

985 ± 2
1023 ± 10

38 ± 1
33 ± 1

[46]

IN718 E-PBF Top
Middle
Bottom

Perpendicular
920
900
875

1148
1075
950

21
12
5

[192]

IN625 PPAD Top
Bottom

Perpendicular 380
500

680
755

49
47

[134]
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build temperature (945 �C). Alongside the Laves phase, the mor-
phology of dendrites can also influence the tensile properties. In
the build of IN625 fabricated with an AM technique called pulsed
plasma arc deposition (PPAD), the tensile strength throughout
build was non-uniform [134]. The yield and tensile strength
decrease from the bottom to the top owing to the variations in
the size distribution of the precipitates and dendrites. At the bot-
tom, fine columnar dendrites and fine Laves phase particles are dis-
cretely distributed in the interdendritic areas and around grain
boundaries, which is beneficial to the mechanical properties. How-
ever, coarse columnar dendrites are observed in the top region, and
the morphology of the Laves phase is coarse and interconnected,
leading to a deterioration in tensile properties. It should be noted
that no c0 and c0 0 phases are precipitated in the build owing to
the low deposition rate during printing which causes a short hold-
ing time in the precipitation temperature windows. This accounts
for the overall low tensile strength of the build compared to those
in other studies [32,46,192].

Other studies have attributed the tensile properties to the dislo-
cation cell network present in the microstructure. An example can
be seen in [231], where the authors attributed the superior tensile
properties of L-PBF Hastelloy X compared to their wrought coun-
terparts to the fine cellular dislocation structure. A similar result
can also be seen in [216,241,242], where the cellular dislocation
structure enhanced the strength by limiting the slip of dislocations
and obstructing the formation of deformation bands. The presence
of nanoscale oxides or inoculants is reported to further enhance
the tensile properties by promoting grain refinement and hinder-
ing dislocation movements. For instance, the intentional addition
of TiC nanoparticles in L-PBF Hastelloy X improved the yield and
tensile strength [173]. Similarly, the tensile strength of L-PBF
IN718 specimens was enhanced by adding TiC nanoparticles
Table 4
Summary of room temperature anisotropic tensile properties of various as-built Ni-based

Superalloy AM Process Tensile axis orientation to build direction Yield

IN738LC
L-PBF

Parallel 765 ±
Perpendicular 853 ±

IN718 L-PBF Parallel 711 ±
Perpendicular 858 ±

Nimonic 263 L-PBF Parallel 653 ±
Perpendicular 818 ±

IN718 L-PBF Parallel 1240
Perpendicular 1300

IN718 DED Parallel 1215
Perpendicular 1290

IN718 L-PBF Parallel 572 ±
Perpendicular 643 ±

IN718 E-PBF Parallel 924
Perpendicular 771

IN718 E-PBF Parallel 822 ±
Perpendicular 744 ±
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[243]. Studies on the strengthening effects of other nanoparticles
or inoculants can be found in [217,244,245].

Another critical factor affecting AM Ni-based superalloys’ ten-
sile properties is the build orientation (vertical or horizontal). As
shown in Table 4, many studies have reported a higher ductility,
and lower yield/tensile strength for samples loaded parallel to
the build direction. Such anisotropy has been attributed to the
columnar grain orientation, crystallographic texture, and process-
ing defects such as LOF defects. In an L-PBF IN718, Ströbner et al.
[246] reported a higher yield strength, higher ultimate tensile
strength, and lower ductility for samples loaded perpendicular to
the build direction than those loaded parallel to it. The anisotropy
in strength was ascribed to the usual h001i texture and the colum-
nar grain morphology of AM IN718. Similarly, Ni et al. [247] found
that a transversely built IN718 possessed better strength than its
longitudinal built counterpart. The Schmid factor of the transverse
samples was much smaller than that of the longitudinal samples,
explaining the higher yield strength. Similar findings were
reported in [169,248]. The anisotropy of ductility has been attribu-
ted to the higher tendency of columnar grain boundaries to delam-
inate (long axes of grains submitted to mode I opening tension)
when loads are perpendicular to the columnar grain boundaries
than when they are parallel. The directionality of defects such as
LOF and cracks play an important role in the anisotropy in an
AM builds’ tensile properties. The trend in tensile anisotropy
behavior is opposite to what was previously discussed. Loaded
samples perpendicular to the plane of defects enables crack prop-
agation along the tip of the defect. Several papers have reported a
significant reduction in strength in the transverse direction of build
owing to LOF pores or cracks with planes aligned parallel to the
longitudinal or build direction [116,171,232,239,249,250]. Aniso-
tropic tensile behavior is found to also exist at elevated tempera-
superalloys.

Strength (MPa) Ultimate tensile strength (MPa) Elongation (%) Ref.

10 – – [253]
16 – –
14 1110 ± 11 24.5 ± 1.1 [247]
12 1167 ± 10 21.5 ± 1.3
11 860 ± 8 70 ± 1 [29]
8 1085 ± 11 24 ± 4

1400 – [254]
1510 –
– – [169]
– –

44 904 ± 22 19 ± 4 [255]
63 991 ± 62 13 ± 6

1113 31.51 [116]
1002 40.35

25 1060 ± 26 22 [171]
44 929 ± 20 5.5
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tures, which was related to the anisotropic texture evolution
[122,251,252].
4.3.3. Young’s modulus
The Young’s or elastic modulus (E) depends mainly on the local

texture/crystallographic orientation distribution in the build. Like
anisotropy in yield strength, the elastic modulus will vary with
build orientation as the texture/crystallographic orientation of
AM Ni-based superalloys are different for directions parallel and
perpendicular to the build direction.

Some authors have studied the anisotropy in the elastic modu-
lus of AM Ni-based superalloys [256]. Their observation mainly
indicated a lower elastic modulus for samples loaded parallel to
the build direction. In L-PBF of IN738, Kunze et al. [257] reported
a lower elastic modulus at elevated temperatures for samples
loaded parallel to the build direction than perpendicular to it. Also,
Tayon et al. [258] showed a change in the elastic modulus of E-PBF
IN718 with respect to the deposition direction. Samples loaded
parallel to the build direction recorded a lower elastic modulus
than perpendicular to it. In the build direction, many grains were
preferentially aligned with the low-modulus h100i direction in
the deposition direction [258]. Similarly, Körner et al. [259] attrib-
uted the lower elastic modulus in the build direction to the colum-
nar grain elongation in the crystallographic [100] direction.

Although the elastic property of a material mainly depends on
the local texture/crystallographic orientation distribution, a study
by some of the current authors on E-PBF INC738 reports a gradient
in elastic moduli along the AM build direction while no changes in
texture as well as grain size or morphology was observed through
the build [42]. This was attributed to variations in c0 chemistry,
morphology, and c/c0 interface densities. In the same report, the
authors used nano-indentation test and SEM micropillar compres-
sion tests to measure the elastic moduli in the top and bottom
region of AM INC738 specimens. Fig. 17 shows the engineering
stress–strain curves of the three pillars from {100} grains from
the top and bottom layers (x-y) used to measure the elastic moduli.
As seen in the plot, the slope of the strain burst regions of the pil-
lars from the top of the build is higher than that of the bottom. This
implies a higher elastic modulus at the top of the build compared
Fig. 17. Engineering stress–strain curves of the three pillars from {100} grains in IN738
some of the current authors. Top/Bottom-pillar 1/2/3 were denoted as T/B-1/2/3. SEM mi
from Ref. [42] with permission.
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to the bottom. This is in line with the nano-indentation results
showing a 145 % increase in the elastic modulus from the bottom.
4.3.4. Creep
The creep behavior of AM Ni-based superalloys has been inves-

tigated in several studies [20,21,121,171,238,257,260–263]. Most
of these studies revealed superior creep responses for various rea-
sons, including process-induced subgrain formation, build orienta-
tion effects, the small and thin morphology of d-precipitates
(especially in IN718 and IN625), and the presence of a higher num-
ber density of finer nanoscale precipitates. Pore formation and sur-
face defects are the main factors that account for the poor creep
response in other reports [171,260].

While several studies have been devoted to the response of AM
Ni-based superalloys to creep, the studies on heterogeneity in
creep behavior in various regions of the build is limited. Similar
to tensile testing, this is also attributed to the relatively small size
of most printed samples. As the creep rate is reported in most lit-
erature to increase with c0 precipitate size, it is expected that the
response to creep along the build in AM Ni-based superalloy will
be heterogeneous [264–266]. A critical study on the heterogeneity
in creep behavior is reported by Burger et al. [121], where they
investigated the response of the middle and top section of a
CMSX-4 Ni-based superalloy build to creep after E-PBF. The top
of the build showed higher rupture strains and slightly longer rup-
ture lives than the middle, which was attributed to a finer c/c0

microstructure in the top part than close to the middle and bottom.
Anisotropy of creep performance of AM Ni-based superalloys

has been widely studied. Most of these studies showed a better
creep response for samples loaded parallel to the build directions
[171,257,260,267,268], whiles others show no significant change
in creep behavior with build orientation [262]. Kunze et al. [257]
reported a superior creep behavior of L-PBF IN738 specimens
loaded parallel to the build direction than specimens perpendicu-
lar to the build direction. The improved creep behavior in the build
direction was due to the application of stress primarily parallel to
the elongated columnar grains. This phenomenon is similar to the
creep resistance strengthening mechanisms in directionally solidi-
fied and single crystal superalloys [269]. Similarly, for E-PBF IN738,
under creep conditions, Kirka et al. [270] showed that transversely
from the top and bottom layers which were used to measure the elastic moduli by
crograph of T-1 before and after compression loading is shown on the right. Adapted
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oriented samples exhibited higher deformation rates and
decreased rupture strength relative to the longitudinal counter-
parts. This was attributed to the fact that an externally imposed
stress engages more grain boundaries in the transverse orientation,
which promotes diffusion along grain boundaries rather than in
the longitudinal orientation. In addition, most of the grain bound-
aries in the transverse orientation were perpendicular to the
applied load, which promoted intergranular fracture and decreased
the rupture resistance. Most columnar grained specimens exhibit a
higher creep resistance than equiaxed grained specimens, espe-
cially when the specimen is loaded parallel to the columnar grain
growth direction. This explains why most vertically oriented AM
samples have superior creep properties compared to their wrought
counterparts [238,271]. In IN718, some authors have pointed to
the presence of coarser interdendritic d-phase precipitates to jus-
tify the inferior creep life of specimens loaded perpendicular to
the build direction [171,260]. These precipitates are mostly per-
pendicular to the stress axis and, hence, act as sites for rapid creep
cavity nucleation and propagation during loading.
4.3.5. Fatigue
The fatigue performance of as-fabricated Ni-based superalloys

is generally inferior to those exhibited by wrought samples, caus-
ing growing concerns about their applicability in some critical
components [272–274]. This is mainly attributed to process-
induced pores, lack of bonding between layers, non-equilibrium
phases, and rough build surfaces. These features have the potential
to increase the local stress level to the point where plastic strains
occur. In most L-DED and L-PBF IN718 builds, the inferior fatigue
endurance was attributed to AM defects which affected the fatigue
crack initiation via stress concentration [273,275]. Residual stres-
ses also affect fatigue performance as they might promote crack
initiation and propagation [276]. Post-processing techniques such
as heat treatment, hot isostatic pressing, and surface machining
can improve the fatigue strength. For instance, a high-cycle fatigue
testing on machined L-PBF IN718 behaved similarly to its wrought
counterpart plate, but testing with as-fabricated surfaces led to a
reduced fatigue life [275]. Also, the use of post-processing heat
treatment significantly improved the high-temperature fatigue life
of L-PBF IN718 through Laves phase dissolution and formation of
fine d needles at the grain boundaries [277].

Like tensile and creep properties, the effect of build orientation
on the fatigue performance of AM Ni-based superalloys has been
investigated [249,278–280]. For an L-PBF IN718 build, Konečná
et al. [276] and Carter et al. [274] reported a higher fatigue endur-
ance in samples loaded transversely to the build direction (hori-
zontal) than those loaded parallel to it (vertical). Also, the best
fatigue strength in L-PBF Hastelloy X was reported for samples
loaded perpendicular to the build direction [268]. In terms of fati-
gue life, L-DED IN718 samples oriented 45� (diagonal) to the build
direction had a longer life than samples oriented perpendicular
(horizontal) [279]. Authors attributed this to grain shape effects
relative to the loading direction. The 45� oriented sample had a
longer mean free path for dislocation slip than the horizontal sam-
ple. The grain morphology impact on fatigue performance of L-PBF
Ni-based superalloys is also revealed in [281], where the authors
observed anisotropic low-cycle fatigue properties in columnar
grained samples while no noticeable sensitivity to the orientation
was exhibited in equiaxed grained samples. The columnar grains
oriented parallel to the build direction exhibited on average the
highest life when compared to the transverse columnar material.
Similar observations can be found in the work of Kirka et al.
[249] who studied the impact of texture (columnar/equiaxed grain
structure) and material orientation on the low cycle fatigue in E-
PBF IN718.
27
4.3.6. Residual stress
Residual stress in AM parts is undesirable and may lead to a

part’s distortion and eventual failure. Residual stress is introduced
due to the large thermal gradients from localized rapid heating and
cooling during the layer-by-layer processing [105,137]. The origins
of residual stress in AM is schematically shown in Fig. 18a [282].
During deposition, the already deposited layer restricts the expan-
sion of the subsequent layer, leading to compressive plastic defor-
mation of the new layer at high temperatures. Upon cooling, the
newly deposited layer contracts, but it is restricted by the previous
layer resulting in tensile residual stress in the new layer [283]. The
residual stresses in AM components are studied by numerical sim-
ulations and experimental techniques such as X-ray and neutron
diffraction as well as Vickers hardness indentation.

In AM Ni-based superalloys, several studies have shown the
residual stress distribution to be inhomogeneous and influenced
by the AM process parameters such as scan speed/strategy, layer
thickness, overlap rate, hatch spacing, and heat input
[61,284,285]. These parameters alter the thermal gradient during
deposition. Ahmad et al. [206] reported higher compressive resid-
ual stress in the central region of L-PBF IN718 and high tensile
residual stress at the free edges. This was attributed to the differ-
ence in heat dissipation at the center and edges of the build. Lu
et al. [107] investigated the effect of the island scanning strategy
on the residual stress of IN718 fabricated with L-PBF using differ-
ent island sizes (3x3, 5x5, and 7x7 mm2). The residual stress
increased with the following sequence: 5x5 < 7x7 < 3x3 mm2.
The smallest island size with a shorter scan vector experienced a
larger temperature gradient due to the previous scan pass’ higher
residual heat. Also, Liu et al. [286] used X-ray diffraction tech-
niques to study the influence of laser energy input and scanning
vector on the residual stress distribution on IN718 in different
directions. They reported a higher tensile residual stress along
the laser scanning direction than in the build direction. Also, apply-
ing a shorter scanning vector length and a lower energy input
decreased the residual stress at the free edges.

In another study (Fig. 18b), the impact of four different scan
strategies (x, y, alternating, and rotational) on residual stress
development in L-PBF IN718 was investigated [287].
The � strategy exhibited the highest stress, followed by the y
and alternating scan strategies, with the rotating strategy showing
the lowest. The � scan strategy sample observed a gradient in
stress distribution from the top towards the middle of the sample
(along the hatching direction). A gradient in stress distribution was
also found for the y strategy but was observed along the width of
the build. This can be attributed to the different scanning strategies
that result in different local thermal cycles and constraint condi-
tions during the solidification process [108]. Further, in a L-DED
fabricated IN718, the adjacent track overlap area, which is deter-
mined by the hatch spacing, was reported to affect the residual
stress distribution significantly. An increase in the overlap area
increased the residual stress. Also, different residual stress distri-
butions were observed in the overlap and inner-pass areas due to
different reheating temperatures. The residual stress in the overlap
area was much higher than in the inner-pass area. The peak values
of the residual stress were located at the overlap area and closer to
the previous pass. The hatch spacing influence on residual stress
distribution is further seen in [288], where authors reported a
change and gradient in the residual stress profile with a change
in hatch length in L-PBF IN718. Along the scanning direction, sam-
ples with longer hatch length exhibited large gradients in residual
stress than those with shorter ones. Also, a change in stress state
from tensile in the middle to compression towards the edge was
observed with the short hatch length samples being highly com-
pressive. Changes to the thermal gradient due to the hatch length
variation affected the residual stress distribution [288].

http://tensile+residual+stress


Fig. 18. (a) Stress and plastic strain formation mechanism during heating and cooling of a new layer in AM. (b) Von Mises equivalent stress in the top surface for L-PBF IN718
fabricated using different scan strategies; X, Y, alternating, and rotational scan strategy. (a) is adapted from Ref. [282], and (b) is adapted from Ref. [287] with permission.
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The evolution of cyclic thermal stresses during AM can also lead
to the accumulation of localized plastic strain gradients in a build
[289–292]. The accumulation of plastic strain during AM is
reported to significantly affect the response of a material, leading
to changes in the local microstructure and properties. A typical
example is seen in the work of Foster et al. [293], where the hetero-
geneity in the hardness of L-PBF fabricated IN718 alloy was
ascribed to the accumulated plastic strain that occurred during
the transient thermal stress evolution. Also, the presence of cellu-
lar networks of dislocations in the dendritic and interdendritic
structures of most superalloys are attributed to cyclic thermal
stresses [29,125]. Wang et al. [294] have attributed the origin of
residual high-density dislocations in AM metals (Ni-based superal-
loys, stainless steel, high entropy alloys) to several cycles of
compression-tension in the build. In other studies, the residual
28
stress development in builds is reported to be the driving force
for static recrystallization during a heat treatment which can lead
to heterogeneities in the grain structure [240,295,296]. For exam-
ple, during heat treatment of AM IN718, overlapping regions with
higher residual stress had finer recrystallized grains than adjacent
areas [240,295].

Cyclic thermal stress-induced plastic strains could also signifi-
cantly influence the solid-state phase transformation kinetics as
confirmed in some AM studies [279,297,298], and most traditional
thermo-mechanical processes such as creep, fatigue, and hot defor-
mation. Lopez-Galilea et al. [279] reported that residual stresses
generated during L-PBF of CMSX-4 led to a high dislocation density,
which affected the nucleation of TCP phases. Also, Lass et al. [297]
demonstrated that the application of a stress-relief heat treatment
protocol of 1 h at 870 �C promoted the inhomogeneous formation

http://high+dislocation+density
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of d-phase in L-PBF IN625. d-phase precipitation was enhanced
during the relief of the accumulated residual stress in the build.
For traditional thermomechanical processes, a study by Semiatin
et al. [299] showed that the concurrent cooling and straining of a
low solvus high refractory (LSHR) Ni-based superalloy gives rise
to coarse, secondary c0 precipitates compared to those of similar
cooling conditions under no straining or deformation. Also, Rada-
vich and Fort [300] and Mataveli Suave et al. [78] reported faster
d precipitation in IN625 and IN718 after prestraining, respectively.
The morphology and spatial occurrence of c0 precipitates (inter/in-
tragranular) during hot deformation are mainly determined by the
strain rate [301,302]. Concerning the dissolution kinetics of c0 pre-
cipitates, plastic strain accumulation greatly enhanced their disso-
lution rates. This is evident in the work of Giraud et al. [60] in their
study of the c0 dissolution kinetics of CMSX-4 as a function of tem-
perature and applied stress. The morphology of c0 precipitates
under thermomechanical loading may evolve from cubic to plate-
like shape in a process known as rafting or directional coarsening.
This rafting or coarsening behavior is influenced by the plastic
deformation around the c/c0 interfaces [303,304]. Engler-Pinto
et al. [305] revealed the elongation of c0 microstructure into rafted
platelets while studying the creep and thermomechanical fatigue
behavior of CM247LC.
4.3.7. Case study
This section is closed with our own schematic (Fig. 19), summa-

rizing the main microstructure heterogeneities observed along the
build height in AM Ni-based superalloy and the relating mechani-
cal properties. Fig. 19a describes the variation in thermal history
across an E-PBF build where each region experiences different
amount of heat accumulation from the elevated build temperature.
The bottom region shows the highest heat accumulation, followed
by the middle, and the top. The resulting microstructure in terms
of the morphology of nanoscale precipitates along the build is
shown in Fig. 19b and c. Different behavior of precipitate is seen
in both Figures, and it is mainly dependent on the type of the Ni-
Fig. 19. A schematic summarizing the main microstructure heterogeneities observed in E
(a) Typical variation in thermal histories across an E-PBF build which strongly influence
the nanoscale precipitates, which depends mainly on the type of the Ni-based superallo
significant variation in the volume fraction. (b) is mainly seen in high c0 Ni-based superall
(c) is commonly seen for most E-PBF IN718 builds, and other Ni-based superalloys fabric
also shows instances where the grain morphology changes from columnar to equiaxed.
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based superalloy. Fig. 19b shows an increase in nanoscale precipi-
tates size from the build top to bottom. This is mostly seen in high
c0 Ni-based superalloy in which there is no significant variation in
the volume fraction of c0 [31,42,44,47]. The tensile strength, creep,
and hardness decreases from build top to bottom. In Fig. 19c, a
decrease in volume fraction from the build bottom to the top is
shown. The tensile strength, creep, and hardness increases from
build top to bottom. This is commonly seen for most IN718 build
[24,43,198]. Also, most L-DED and L-PBF Ni-based superalloy
builds exhibit this kind of behavior [25,32,46,196]. The resulting
microstructure in terms of the grains and dendrites morphology
is shown in Fig. 19d. The width of columnar grain and dendrites
increases along the build for some cases [43,44,117,133,134],
whereas for others, grain morphology changes from columnar to
equiaxed [118,147,148].
5. Mitigating heterogeneity

5.1. Susceptibility of Ni-based superalloys to heterogeneity

Besides processing, the microstructure and mechanical proper-
ties of Ni-based superalloys are determined by the elemental com-
position. Precipitate strengthened alloys with high Al, Ti, or Nb
contents usually exhibit more complex microstructures compared
to those that gain their strength through solid solution [62,64,65].
Due to the complexity of the microstructure of precipitate
strengthened Ni-based superalloys, they are highly susceptible to
heterogeneity in AM. Among the precipitation strengthened alloys,
those with high Nb content exhibit a greater degree of microstruc-
ture heterogeneity due to the high amount of solidification phases
and a high degree of elemental segregation [180,183].

For instance, the presence of Laves phase, d-phase, and Nb seg-
regation at certain interfaces are mostly seen in alloys such as
IN718 and IN625 due to their high Nb content. As a result, these
alloys are susceptible to heterogeneities in terms of Laves phase
distribution, Nb segregation, and Nb content in the matrix. A
-PBF Ni-based superalloy and the corresponding gradient in mechanical properties.
the microstructures shown in (b), (c) and (d). (b) and (c) show different behavior of
y. (b) Variations in the size of nanoscale precipitates along the build height with no
oys. (c) Variation in volume fraction of nanoscale precipitates along the build height.
ated with DED and L-PBF. (d) Variation in width of columnar grains and dendrites. It
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higher volume fraction of Laves phase is usually observed at the
top of IN718 and IN625 builds compared to the bottom. In addi-
tion, thick and continuous Laves networks are also seen at the
top [19,134,183,184]. These are attributed to a higher amount of
Nb segregation at the interdendritic regions at the top, which is
equivalent to the decrease in Nb content in the dendrite core along
the build direction [115]. In terms of the c0 and c0 0 phases in the
matrix, typical volume fractions of � 4 and 16 %, respectively, are
usually observed after a complete heat treatment. In the as-
fabricated state, the volume fraction is usually lower, and the most
observed heterogeneity is a decrease in volume fraction along the
build height [24,25,32,196,197]. These are generally observed for
DED and L-PBF processes. However, there are instances where a
lower deposition rate or faster cooling rate is utilized, and no c0 0

forms after deposition [199,200]. c0 0 has slow precipitation kinetic
and can be suppressed by using a fast cooling rate or a low depo-
sition rate. In E-PBF IN718, due to the low solvus temperature of
c0 0, the distribution normally depends on the preheat temperature.
A preheat temperature above the solvus temperature causes disso-
lution during deposition, from which upon cooling, fine c0 0 precip-
itates form. Accordingly, in some cases, the volume fraction of c0 0

decreases along the build [112,116,162]. A low preheat tempera-
ture causes heterogeneity in c0 0 size distribution along the build
and the precipitation of secondary phases such as Laves and d
[192].

For solid-solution strengthened, high c0 and medium c0 Ni-
based superalloys with no or limited amounts of secondary phases
and low degree of elemental segregation, the heterogeneity in the
solidification microstructure is usually limited to the variations of
the dendritic and grain structure along the build [135,147]. No c0

precipitation is observed in solid solution strengthened alloy such
as Haynes X during cyclic layer deposition [215,216,231] and
hence no heterogeneity. For high c0 Ni-based superalloys such as
IN738, CMSX-4, CM247LC, and Rene N5, c0 is distributed through-
out the build for most AM processes in the as-fabricated state. This
is due to its fast precipitation kinetic, and the higher amounts of Al
and Ti. The heterogeneity in c0 morphology is usually dependent on
the AM process. Most DED and some L-PBF fabricated alloys show a
decrease in c0 volume fraction along the build with a slight varia-
tion in size, while for E-PBF, there is a decrease in c0 size along
the build with a negligible change in volume fraction [31,42]. It
should be noted that the high cooling rate of L-PBF results in c0-
free parts in some alloys [120]. For medium c0 Ni-based superalloy
such as Haynes 282 and Rene 41, owing to the sluggish c0 forma-
tion kinetics, no sign of c0 formation is usually seen during L-PBF
or DED [306,307]. E-PBF however will cause precipitate c0 with a
gradient in size or volume fraction along the build [48].

The dependence of microstructure heterogeneities on the type
of Ni-based superalloy implies that designing new alloys or modi-
fying the composition of current alloys may help to control hetero-
geneities. To design an alloy with minimum heterogeneity in the
as-fabricated state, it is necessary to consider if any hetero-
geneities can be controlled during printing by changing the print-
ing method and process parameters. Process parameter
optimization to control heterogeneities has been reported in sev-
eral studies [58,90–93,163,308–310]. Altering the scan speed,
beam power, build temperature, and interlayer dwell time, which
tends to control the thermal condition, can reduce heterogeneities
in the solidification phase, micro-segregation of elements, dendrite
and grain morphology, and sometimes c0 0 precipitates [58,90–
93,163,308]. This is elaborated in the next section. However, if pro-
cess parameter control is insufficient, the composition must be
altered, necessitating the design of new alloys.

The optimization of traditional Ni-based superalloys for AM
techniques has been widely studied [311]. Most of these studies
focused on improving the crack resistance of non-weldable alloys
30
during AM by modifying the alloy chemistry [227,312]. The hetero-
geneity in c0 size distribution for high c0 Ni-based superalloys dur-
ing E-PBF can be difficult to control via process parameter
variation. Unlike c0 0 in IN718, which requires a preheat tempera-
ture of 1000 �C to cause the dissolution during printing and uni-
form re-precipitation during cooling, high c0 would require a
much higher process temperature. This is due to the high solvus
temperature of c0. Increasing the preheat temperature can, how-
ever, lead to extensive grain growth, high c0 coarsening, and incip-
ient melting. It is therefore necessary to suppress the c0 solvus via
alloy modification whilst retaining a reasonable volume fraction
which is needed for the high-temperature properties [227].
5.2. Strategies to minimize microstructure heterogeneity

This section discusses various strategies, such as heat treat-
ment, hot isostatic pressing (HIP), and processing parameter opti-
mization that can be used to minimize microstructure
heterogeneity in AM Ni-based superalloys. Heat treatment and
HIP are post-deposition treatments, whereas processing parameter
optimization is done during deposition.

AM Ni-based superalloys are generally subjected to post-heat
treatment processes to improve builds’ microstructure and
mechanical properties [212,233,313,314]. The typical post-heat
treatments include solution annealing, followed by double aging,
the heat treatment condition (temperature and time) of which
mostly depends on the alloy. For example, AM IN718 undergoes
solution annealing at 1000–1080 �C for 1 h followed by double
aging at 720 �C for 8 h + 620 �C for 8 h [240]. The standard heat
treatment for IN738 involves solution annealing at 1120 �C for
2 h, followed by cooling to 650 �C, and aging at 845 �C for 4–8 h
[315]. For additional details about heat treatments of AM Ni-
based superalloys, readers are pointed to the AMS2774 standard
for heat treatment of wrought Ni-based superalloy alloy compo-
nents [171], as the heat treatment operation for conventional cast
and wrought Ni-based superalloys are usually employed for AM,
currently. The purpose of solution annealing is to dissolve solidifi-
cation phases such as Laves, d, and other micro-segregate phases
and the homogenization of Al, Ti, and Nb distribution in the matrix.
This helps eliminate or reduce heterogeneity, e.g., in the distribu-
tion of Laves and micro-segregation in the build. Particles such as
carbide, nitride and borides are not significantly affected.

Several studies have effectively eliminated the heterogeneity in
solidification phases and chemical composition of AM Ni-based
superalloy via post AM solution annealing [165,316,317]. A typical
example is seen in the work of Xu et al. [317] who reported a com-
plete dissolution of Laves phase and uniform distribution of Nb,
thus preventing the formation of Nb-rich regions after employing
an AMS 5383 standard heat treatment of cast IN718 on AM. Similar
observations can also be seen in Fig. 20a-d, where Zhang et al.
[160] achieved compositional homogenization across the
microstructure of IN625 by subjecting the build to a heat treat-
ment at 1150 �C for 1 h. Nb and Mo segregation were effectively
homogenized. It should be noted that the extent of homogeniza-
tion, especially for IN718, depends on the particle size (Laves, d,
and other micro-segregates), dendrite arm spacing, heat treatment
temperature, and time. c0, c0 0, and d do not precipitate during
homogenization as the temperature is higher than their precipita-
tion windows [112]. After solution annealing, the subsequent aging
treatment ensures the adequate precipitation and uniform distri-
bution of fine nanoscale precipitates throughout the build. This
eliminates or reduces heterogeneity in the distribution of nanos-
cale precipitates. Kirka et al. [316] employed solution treatment,
followed by aging that effectively led to the dissolution of Laves,
d phase, and homogeneous precipitation of nanoscale precipitates



Fig. 20. (a), (b) SEM image and elemental X-ray maps of as-built IN625 sample. (c), (d): SEM image and elemental X-ray maps after homogenization treatment of as-built
IN625 at 1150 �C for 1 h. (e) Hardness variations along the build height of an as-built and heat-treated E-PBF IN718. (f), (g) L-PBF CM247LC Ni-based superalloy before and
after post-fabrication HIP treatment. (h) Effect of the laser energy input and powder size on the resultant porosity of L-DED IN718. (i-k) Sensitivity of porosity level versus
powder type (GA vs PREP) and size of L-DED IN718. (a-d) are adapted from Ref. [160], (e) is adapted from Ref. [198], (f), (g) is adapted from Ref. [328], and (h-k) are adapted
from Ref. [9] with permission.
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throughout the height of the build of IN718. Similar results have
been reported by other authors [214,318,319].

The improvement in the build’s overall microstructure during
the post-process heat treatment techniques is reflected in the
resulting mechanical properties. Several papers have reported an
improvement in various mechanical properties such as tensile
[9,318], hardness [198], creep [262], and fatigue [272,277] after
post-heat treatment of builds. As shown in Fig. 20e, Sun et al.
[198] reported a higher hardness, which was uniformly distributed
across the build of E-PBF IN718 after the heat treatment. This was
attributed to the homogeneous microstructure from the dissolu-
tion of Laves and d-phase during the homogenization treatment,
and uniform precipitation of a more significant volume fraction
of fine c0 and c0 0 precipitates during the subsequent aging treat-
ment. Also, in an L-PBF IN718, Pröbstle et al. [262] reported an
increase in creep performance after subjecting the build to a heat
treatment and attributed it to the uniform distribution and higher
volume fraction of strengthening c0 and c0 0 phases, and the absence
of the d phase. In terms of tensile properties, Zhang et al. [240]
reported that heat treated (homogenization + aging) L-PBF manu-
factured IN718 yielded superior tensile strength to its as-
fabricated counterpart, while the ductility exhibited the reverse
31
trend. This was also explained by the higher volume fraction of
strengthening c0 and c0 0 phases and dissolution of Laves and d
phases. Heat treatments are also reported to reduce the residual
stress in the build. A typical example can be seen in the work of
An et al. [320], where most of the residual stress in an L-PBF
IN625 was relieved after a heat treatment. In another study, the
maximum absolute compressive residual stress of L-PBF IN718
dropped from 378 to 321 MPa after homogenization of the
microstructure [321].

HIP is one of the material processing methods that combines
high temperature and pressure simultaneously to eliminate defects
such as pores, voids, and internal cracks in solids [322]. It is widely
used in the casting and powder metallurgy industry to improve the
quality of metal parts. In AM, it has been a crucial process in the
production line for aerospace applications [323]. The HIP tempera-
ture for Ni-based superalloy ranges from 1150 to 1280 �C, and the
pressure, usually within 100–200 MPa [324]. Several authors have
reported the effective reduction of pores, voids, and internal cracks
in AM builds after HIPing [86,325–327]. Marchese et al. [327]
observed the efficacy of using a standard HIP treatment to close
the internal cracks and reduce residual porosity in an L-PBF Hastel-
loy X. Das et al. [326] reported the reduction in average porosity of
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L-PBF IN625 after HIPing. A similar observation is reported in
[215], where HIP improved the relative density of L-PBF Hastel-
loy X from 99.2 % to 99.9 %. Another study reports the successful
use of HIP to close internal cracks in L-PBF CM24LC using X-ray
Computerized Tomography scans [135]. Similar observations can
also be seen in Fig. 20f and g, where authors reported eliminating
internal cracks after a HIP treatment of CM24LC [328].

In addition to eliminating defects and improving build density,
such a high-temperature treatment (>1100 �C) for a long duration
(�4h) can effectively cause the dissolution of second phases (Laves,
d, c0/c0 0, and other microsegregates) back into the matrix phase
[8,316,329]. This leads to a highly homogenized chemical compo-
sition of the matrix. Additional standard aging steps will then
cause the precipitation and uniform distribution of c’/c00 phases.
As a result of the homogenized composition state of the c-matrix
after HIP treatment of E-PBF IN718 build, Goel [330] observed a
uniform distribution of c0 and c0 0 after additional aging steps.
Another example is seen in the work of Lopez-Galilea et al. [331],
where the alloy was completely homogenized with no segregation
upon quenching after HIP treatment of L-PBF CMSX-4. Subsequent
aging steps of the HIPed samples resulted in a fine and uniform c/c0

microstructure. Similar results can also be seen in [332,333], where
authors applied HIP with an integrated heat treatment on an E-PBF
CMSX-4. Both observed a homogenized chemical composition in
the matrix with no segregation, and a fine and uniform c/c0

microstructure.
The impact of HIP on the mechanical properties of Ni-based

superalloy builds is widely accepted to be beneficial. Ormastroni
et al. [333] observed superior high cycle fatigue properties in E-
PBF CMSX-4 after HIP [333], which was attributed mainly to the
absence of crack initiation defects such as large pores, stray grains,
and non-metallic inclusions. Likewise, the fatigue lifetime of the
sample observed in [332] was significantly higher than that of
as-built material, owing to an almost defect-free part after HIP.
Allowing the alloy to cool slowly after HIP is reported to cause a
uniform distribution of nanoscale precipitates. For example, in an
E-PBF IN718, during cooling after a HIP treatment, these authors
observed a higher hardness than when quenched after HIP or in
the as-fabricated state [112]. The increase in hardness is a result
of the precipitation and uniform distribution of strengthening c0

and c0 0 phases. In another study, a HIP treatment of an IN738 build
led to massive precipitation and uniform distribution of nanoscale
precipitates which accounted for a 23 % increase in hardness [334].
In this study, the HIP treatment of the IN738 build lead to the clo-
sure of several pores and caused chemical homogenization through
melting of segregates at the melt pool boundaries. This facilitated
the precipitation of a higher amount of c0 and its uniform distribu-
tion during cooling after HIP treatment. Similar phenomena can
also be seen in the work of Sentyurina et al. [335] for a HIP treated
Ni-based superalloy with comparable Ti and Al contents.

It should be noted that heat treatment at a high temperature
(>1100 �C), especially for homogenization and HIP, may result in
significant grain growth and significant changes to the original
AM microstructure, such as elimination of cellular dislocation cell
structures and deposition layer boundaries [336]. These may dete-
riorate the mechanical properties achieved via AM. On the other
hand, a high temperature may remove the preferential h100i tex-
ture along the build direction, leading to a reduction in the aniso-
tropy of microstructure and mechanical properties [337].

Process parameters such as beam power, interpass temperature,
idle time, preheat temperatures, scan speed, and scan strategies
strongly influence solidification conditions such as thermal gradi-
ent and cooling rate during fabrication [58,90–93]. As the
microstructure of AM Ni-based superalloy is generally determined
by the thermal gradient and cooling rate, careful processing
parameter optimization is the key to ensuring effective microstruc-
32
ture control to reduce heterogeneity. For example, experimentally,
it is shown that decreasing the energy density by manipulating
various parameters leads to a refined equiaxial grain structure
throughout the build of Ni-based superalloy [168,223]. Also, by
modifying the melting strategy of E-PBF for a non-weldable Ni-
based superalloy, Kontis et al. [145] altered the geometry of the
melt pool, which changed the coarse-grained columnar heteroge-
nous microstructure into a homogeneous microstructure with
equiaxed grains (grain width � 20 lm). In the same study, the
authors produced another homogeneous microstructure with fine
columnar grains (grain width approximately 50 lm) using a rela-
tively low power and slow scan speed. The low power ensures a
reasonably small melt pool that impedes grain growth and limits
grain selection [145]. This shows that the melting strategy is criti-
cal in determining the microstructure of builds. The raster scan
strategy produces builds with coarse columnar grains throughout,
whereas a spot melt-scan strategy achieves fine, columnar grains
[310]. Similarly, by taking control of the melting strategy, Chauvet
et al. [309] grew single crystals of non-weldable Ni-based superal-
loys by E-PBF without using a crystal selector or a seed, as the
melting parameters were suitable to cause the intensification of
the competitive grain growth.

Optimizing process parameters such as increasing the heat
input to a reasonable level during fabrication has been reported
to reduce the porosity level in AM Ni-based superalloys
[163,308]. Using a high energy input causes a larger melt pool with
lower viscosity and better wettability. This reduces the probability
of lack of fusion defect formation. It also reduces the risk of spher-
ical gas-contained pores formation through the increase in the
time of the molten metal for gas to escape [8]. An example is seen
in Fig. 20h, where the porosity in a L-DED IN718 decreased with
higher laser energy input [9]. However, an extremely high energy
input may lead to several keyhole porosities [338,339]. The use
of plasma rotating electrode processed (PREP) powder rather than
gas atomized (GA) powder is also reported to reduce the porosity
distribution in AM Ni-based superalloy builds [9,165,170]. This is
due to the fact that the degree of entrapped gas in GA powders
are significantly higher than in PREP powders; hence, during solid-
ification, most of these pores in the GA powders get locked in the
melt pool and form spherical pores [165]. An example of the sen-
sitivity of the powder type (GA vs PREP) and size to porosity forma-
tion in AM Ni-based superalloy build is shown in Fig. 20 i, j and k
for L-DED IN718 [9]. The powder size may also influence the poros-
ity level in builds, as reported by Qi et al. [9]. As shown in Fig. 20h-
k, builds with finer GA powder size have less porosity than those
fabricated with coarser powder.

Adding inoculants or nanoparticles to the feedstock powder
before printing is another method that can help to reduce
microstructure heterogeneities in grain morphology. Nanoparticle
additions to superalloys are primarily used in traditional processes
such as casting and welding to improve the mechanical properties
via grain refinement and via promoting the precipitation of fine
carbides [340]. The added particles act as nucleation sites during
solidification for the heterogeneous crystallization of the c phase.
In AM of Ni-based superalloys, several authors have reported a
remarkable grain refinement that improved the mechanical prop-
erties upon introducing nanoparticles such as TiC [341], graphene
nanoparticles [342], CoAl2O4 [217,343], and WC [224] to the pow-
ders. One example can be seen in [217], where Ho et al. studied the
effects of CoAl2O4 inoculants on microstructure and mechanical
properties of IN718 processed by L-PBF. The addition of nanoparti-
cles enabled a higher proportion of fine, equiaxed grains and a
reduction in the degree of crystallographic texture.

With regards to controlling the chemical composition homoge-
nization and distribution of strengthening c0 and c0 0 particles in the
build, the preheat temperature plays an important role. For
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instance, in E-PBF IN718, using a high preheat
temperature � 1000 �C may cause chemical composition homo-
geneity in the build through segregate dissolution [112,116,162].
As higher preheat temperatures are above c0 0 solvus, c0 0 will not
nucleate until after the final layer deposition, where cooling of
the build to RT begins. Slow cooling of homogenized builds to RT
will result in a uniform distribution of c0 0. A study by Deng et al.
[116] where a preheat temperature of 1000 �C was used confirmed
this. They observed a highly homogeneous chemical composition
whereby applying a solution treatment seems redundant. Also,
no c0 0 formed during deposition until after deposition of last layer,
where cooling to RT resulted in a homogenous distribution of c0 0

across the build height with high hardness. It should be noted that
processing at such high temperatures may result in a heavily sin-
tered powder surrounding the build [344]. Using lower preheat
temperatures (slightly below 1000 �C) is reported to cause c0 0 pre-
cipitation with size and morphology being a function of the build
height [192].

The control of other parameters, such as the interlayer dwell
time (idle time) and interpass temperature within a reasonable
range, can also help mitigate heterogeneity. The strategy for con-
trolling these parameters is to reduce heat accumulation in layers,
reduce thermal gradients, and ensure constant thermal conditions
(e.g., cooling rate) along the build height. A shorter or no interlayer
dwell time usually causes a high thermal gradient and a high vari-
ation in thermal conditions along the build compared to a longer
time [345]. This is attributed to the increase in heat accumulation
of layers with build height as no sufficient time is available for pre-
vious layers to cool before deposition of the next layer. A strong
influence of interlayer dwell time is observed in themelt pool depth
of alloys and reported to increase along the build height for short
interlayer dwell time [346]. The dwell time also influences the grain
morphology and orientation. During L-DED, Guévenoux et al. [347]
compared the microstructure of IN718 with and without interlayer
dwell time. They reported a highly textured microstructure with a
sharp gradient, which consisted of large columnar grains across lay-
ers for samples without dwell time. The application of dwell time
caused a negligible gradient in microstructure and a fine grain that
did not cross the layers. Increasing dwell time is also reported to
decrease the residual stress and defect formation in L-DED IN625
[204] and CM247LC [348], respectively.

The interpass temperature is crucial for wire-based DED pro-
cesses. Like the preheat temperature in E-PBF, it can reduce the
thermal stresses during wire-based DED. Zhao et al. [349] showed
that decreasing the interpass temperature via increasing the idle
time causes a reduction in residual stress of the wire-based DED
process. Also, using the interpass cooling strategy to reduce the
interpass temperature has been proven to refine the microstruc-
ture. Zhang et al. [350] used interpass cooling to reduce the inter-
pass temperature in IN718 fabricated with wire-based DED. The
reduced temperature eliminated the heat influence of the previ-
ously deposited layer which ensured a consistent heat input in
the top, middle and bottom of the build. This led to a constant
solidification rate causing a uniform size distribution of fine den-
drite arm spacing along the build. However, it should be noted that
adding a dwell time increases production time and cost and hence
is not a sustainable option for the industry.

In addition to post-processing heat treatment techniques and
process parameter optimization, the use of ultrasonic vibration
during AM can help reduce heterogeneity in the microstructure.
Ultrasonic vibration is a vibratory treatment technique mainly
used in traditional metal solidification processes such as arc weld-
ing and casting to refine the microstructure, and decrease porosity
and micro-segregation [351,352]. In Ni-based superalloys, this
technique has been used by several researchers to control hot crack
problems via grain refinements, eutectic phase reduction, and
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increase in chemical homogeneity [353,354]. However, very few
studies have been reported using this method in AM. Li et al.
[355] introduced ultrasonic micro-forging treatment (UMFT) dur-
ing L-DED of GH3039 Ni-based superalloy to achieve homogeneous
microstructure, reduce porosities and cracks, and enhance
mechanical properties. Additionally, Ning et al. [356] investigated
the microstructure of IN718 fabricated by an ultrasonic
vibration-assisted L-DED. They reported a reduction in defects,
grain and dendrite spacing, fragmentation of detrimental phases,
and homogeneous distribution of chemical content. These features
enhanced the microhardness of the fabricated parts.

5.3. Potential advantages of heterogeneities

Although the heterogeneities in AM structures tend to limit the
extensive use of AM parts for structural purposes without further
post-processing techniques, it must be mentioned that hetero-
geneities may also have some potential benefits. The concept of
functionally graded materials (FGMs) is one example where
microstructural heterogeneities may be desirable [357]. FGMs are
materials that exhibit a variation in properties due to the gradual
changes in microstructure (or composition). In AM, this concept
has recently gained attention as it can be used to replace sharp
interfaces in dissimilar welded structures with gradient interfaces
that permit smooth transitions of properties [358,359]. An as-
fabricated Ni-based superalloy with a gradient in hardness and
strength may be able to replace dissimilar structures requiring
higher surface hardness and a softer core. High surface hardness
can provide adequate wear resistance, whereas a soft core can
absorb stresses without cracking, leading to high fracture resis-
tance. In aerospace, this may be used as a turbine blade to prolong
fatigue life as high surface hardness will impede fatigue growth of
surface cracks.
6. Concluding remarks

The main conclusions from the comprehensive review of the
existing literature on the heterogeneities in the microstructure
andmechanical properties of AM Ni-based superalloys can be sum-
marized as follows:

6.1. Microstructural properties

� Microstructural heterogeneities are usually reported to occur
throughout the build height of AM Ni-based superalloys. The
heterogeneities in the as-fabricated microstructure include the
heterogeneity in the chemical composition, phase constitution,
porosities, grain and dendrite morphology, and the morphology
of the solid-state precipitates.

� The primary reason for the heterogeneity in the as-fabricated
parts is the variation in thermal conditions in the build caused
by the complex thermal histories of AM. The complex thermal
histories experienced in the build may involve rapid heating,
cooling, and high thermal gradients that trigger a variation in
solidification rates and multiple melting and reheating cycles.

� The heterogeneities are alloy and AM process dependent.
Precipitation-hardened superalloys exhibit a higher degree of
heterogeneity compared to solid solution strengthened alloys.
The high deposition and low cooling rate in DED cause higher
heterogeneity in the solidification microstructure compared to
PBF. The elevated build temperature in E-PBF is responsible
for the high heterogeneity in nanoscale precipitates.

� The main heterogeneity in the dendritic structure is an increase
in the dendrite width with build height and a transition from
columnar to equiaxed dendrite along the build. These are attrib-

http://microstructure
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uted to the changes in solidification conditions where a higher
cooling rate and steeper thermal gradient are experienced in
the bottom of the build compared to the middle and top.

� AM Ni-based superalloys are characterized by heterogeneous
grain structures, including competitively grown columnar
grains alongside equiaxed grains, a significant increase in size
and/or width of the columnar grains along the build height,
and a transition in grain morphology from columnar to
equiaxed. The typical epitaxially grown columnar grain struc-
ture is due to the rapid solidification rate, high thermal gradi-
ents, and heat loss towards the substrate. The changes in
solidification conditions during deposition is responsible for
the heterogeneity in the morphology of grains.

� Heterogeneity in composition originates either from the AM
process condition during solidification, or the in-situ heat treat-
ment mainly triggered by the substrate’s elevated temperature.
The process condition-induced heterogeneity involves the ele-
mental loss in the build via evaporation during deposition upon
using a high beam power density. The compositional hetero-
geneity that occurs during solidification consists of the variation
in elemental segregation in the interdendritic regions along the
build as it depends on the solidification condition. The elevated
substrate temperature in E-PBF acts as in-situ heat treatment
and changes the matrix composition (especially Nb content)
along the build direction of as-fabricated IN625 or IN718
through the melting of phases with low melting points such
as Laves.

� Porosities in AM builds are inhomogeneously distributed.
Irregular-shaped pores are located along the fusion lines
between layers and at the melt pools boundaries, while spher-
ical pores are mostly found closer to the interior of the melt
pools. Pore distributions across the build (from edge to edge)
and along the build height are inhomogeneous and mainly
influenced by the AM process parameters.

� Solidification phases such as Laves in AM builds of IN718 and
IN625 are distributed heterogeneously. The Laves phase volume
fraction is higher in the middle than the bottom and top layers,
and the particles coarsen with the build height. These phenom-
ena are attributed to the high cooling rate at the bottom and top
layer compared to the middle, and the intrinsic heat treatment
from the elevated build temperature during E-PBF.

� The precipitation and morphology of nanoscale precipitates in
the build is heterogeneous and mainly determined by the
amount of time each deposited layer spends in the precipitation
temperature window during deposition or cooling. A longer
holding time in the precipitation window means a high phase
fraction and/or larger size of the precipitates. The hetero-
geneities observed include the increase in the volume fraction
of nanoscale precipitates away from the dendrite core, towards
the interdendritic regions, and an increase in volume fraction
and size along the build direction.

6.2. Mechanical properties

� The mechanical properties of AM Ni-based superalloys are
determined by their microstructural features, such as dendritic
structure, grain morphology, dislocation cell structure, porosi-
ties, chemical composition, phases formed during solidification,
solid-state precipitates, and presence of nanoscale oxides.

� The heterogeneity in microstructure causes heterogeneity in the
mechanical properties currently limiting the practical applica-
tions of the as-fabricated parts. The heterogeneities in the
mechanical properties include a gradient in hardness, tensile
and yield strength, elastic modulus, and creep behavior along
the build height.
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� The hardness for most builds fabricated with DED, L-PBF, and E-
PBF (especially for IN718) decreases along the build direction.
This is attributed to the higher amount (volume fraction) of c0

and c0 0 precipitates at the bottom compared to the top. This
hardness gradient has also, in part, been attributed to a varia-
tion in grain size distribution or dendrite width along the build.
The hardness in high c0 Ni-based superalloy such as CMSX-4
and IN738 fabricated with E-PBF increases along the build
direction due to the larger size of c0 precipitates at the bottom.

� A gradient in yield strength, tensile strength, and elastic modu-
lus exists throughout the build direction of AM Ni-based super-
alloys. The variation of these properties for most Ni-based
superalloys is similar to that of the hardness distribution, which
correlates with c0/c0 0, grain, and dendrite heterogeneity. Also, in
IN625 and IN718, the variation of the fraction of detrimental
Laves and d phase along the build strongly influence the tensile
property heterogeneity such that regions with a higher fraction
of these phases show lower strength.

� The creep behavior of AM Ni-based superalloys changes along
the build height in correlation with c0 heterogeneity wherein
region with finer c0 precipitates creep faster than those with
coarser precipitates.

� The anisotropy in mechanical properties such as creep, tensile,
and fatigue for AM Ni-based superalloys is caused by the signif-
icantly different microstructural evolutions in directions paral-
lel and perpendicular to the build direction. For most AM Ni-
based superalloy samples loaded perpendicular to the build
direction, higher tensile strength and elastic modulus, inferior
creep behavior, and a higher fatigue endurance were typically
observed. Under certain circumstances, such as the presence
of string-like pores and coarser interdendritic d-phase precipi-
tates aligned parallel to the build direction, a different aniso-
tropy behavior, with significant reduction in strength, is
observed when loaded perpendicular to the build direction.

� The residual stress distribution in AM Ni-based superalloys is
inhomogeneous and mostly influenced by AM process parame-
ters such as scan speed/strategy, hatch spacing, heat input, and
build temperature. Its presence, which affects the mechanical
property integrity, also leads to heterogeneities in the grain
structure by serving as a driving force for static recrystallization
during subsequent heat treatments. Residual stress also signifi-
cantly influences the solid-state phase transformation kinetics
by enhancing the nucleation of TCP and other phases in the
build.

In conclusion, the heterogeneity in AM Ni-based superalloys
remains a major challenge that, if not resolved, will down the more
widespread adoption of AM for producing critical parts. So far, the
use of post-processing techniques such as heat treatments, hot iso-
static pressing (HIP), and processing parameter optimization dur-
ing deposition have helped to overcome some of the discussed
challenges. The post-processing heat treatments employed include
solution annealing, followed by double aging. Solution annealing
causes the dissolution of several solidification phases such as
Laves, d, and other micro-segregate phases and ensures composi-
tional homogenization. The subsequent aging treatment promotes
the adequate precipitation and uniform distribution of fine
strengthening nanoscale precipitates throughout a build. HIP elim-
inates defects such as pores, voids, and internal cracks in the build.
It also enables compositional homogenization and, depending on
the alloy, may promote the precipitation and uniform distribution
fine strengthening nanoscale precipitates throughout the build.
Better control of AM processing parameters such as beam power,
preheat temperatures, interlayer dwell time and temperature, scan
speed, and scan strategies can be used to avoid (or even custom-
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design) heterogeneities in the microstructure, such as the grain
morphology and reduce porosity and residual stress in the build.
The addition of inoculants or nanoparticles to powder and the
use of vibratory treatment technique such as ultrasonic vibration
can help mitigate microstructure heterogeneities. In the design of
functionally graded materials for structural purposes is a potential
field where heterogeneity in AM Ni-based superalloys may unlock
new properties if it can be harnessed to engineer microstructural
gradients.
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